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ABSTRACT

In recent years, decreasing greenhouse gas emissions and improving fuel
efficiency have been growing issues in the automotive and defense sectors. To
achieve this goal, the development of advanced high-strength steels
(AHSSs), such as dual-phase (DP) and transformation-induced plasticity (TRIP)
steels has been long pursued for automotive applications. However, as the
strength of steel increases, it gets more difficult to reduce the thickness due to
the deterioration of structural stiffness, causing poor crashworthiness. In that
sense, alternative concept of designing AHSS has been proposed mainly by
lowering the density of steel while maintaining its high specific strength. Based
on this concept, “low-density steels” have been developed containing light
substitutional elements such as aluminum and/or silicon, which provide a
density reduction effect by means of substitution and lattice expansion.

Low-density steels can be categorized into ferrite-based and austenite-
based (including multiphase-based) alloys, depending on their constituent
phases. Among them, the austenite-based low-density steels show superior
mechanical properties and weight reduction rates. After these steels are aged at
adequate temperature and time periods, many kinds of micro/nano-scale

precipitates or intermetallic compounds are formed, such as k-carbide, ordered



bce phases, and B-Mn. These precipitates have a profound effect on the
mechanical properties of the low-density steels. However, there is still a paucity
of characterization research on the B-Mn phase in terms of the formation
behavior, microstructural evolution, and its effects on mechanical and fracture
properties of austenite-based high-Mn low-density steels. Therefore, this
research investigates the microstructure and mechanical behavior of high-Mn
low-density steels after processing treatments, by using complementary
microstructural and mechanical characterization.

Firstly, the microstructure and the intrinsic mechanical behavior of an
austenite-based low-density steel containing 11.4 wt.% Al under aging heat
treatment were investigated with respect to B-Mn precipitation. Lattice
expansion of austenite and k-carbide after B-Mn precipitation was observed by
X-ray diffractometry (XRD) peak shift and electron probe micro-analyzer
(EPMA). The Vickers hardness increased dramatically after an aging time of
1,000 minutes. The singular aging behavior also proceeded from precipitation
of the B-Mn phase. The intrinsic mechanical property of austenite phase, which
was obtained by nanoindentation, was correlated with the increase and
inhomogeneous distribution of carbon in the austenite matrix.

Secondly, the B-Mn formation behavior of high-Mn low-density steels was
investigated in terms of the morphological characteristics and alloying element

distribution after aging treatments. A dramatic difference in the formation
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kinetics and morphology of B-Mn was observed depending on the addition of
Al, which may increase the driving force for 3-Mn formation. In addition, the
effects of the aging process on the fracture behavior were examined in uniaxial
tensile tests combined with microstructural observations. A severe loss of
ductility resulted from the B-Mn formation and ordering of ferrite into the DOs
phase, which was transformed before the 3-Mn formation process.

Thirdly, the aging behavior and orientation relationships among
constitutional phases and precipitates in Fe-31.4Mn-11.4Al1-0.89C low-
density steel were studied. The misorientation-angle distribution, Rodrigues—
Frank vector space, and orientation relationship stereogram (OR stereogram)
are used to elucidate the orientation relationships across y-matrix/p-Mn and f3-
Mn/o-precipitate interphase boundaries. The orientation relationships obtained
from the OR stereograms were clarified by checking the deviation angle
distributions of interface segments from the ideal orientation relationships, as
well as the TEM diffraction patterns at the interface boundaries. In addition,
from both orientation relationships for y-matrix/B-Mn and 3-Mn/a-precipitate
interfaces, the interface character between y-matrix and o-precipitate is
examined and compared to conventional fcc/bec orientation relationships.

Lastly, the deformation behavior of duplex low-density steel was analyzed
by correlation between macro-scale uniaxial tension and nano-scale indentation.

A dramatic difference in the tensile behavior was observed between two
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specimens obtained under specific heat-treatment conditions, despite the same
chemical composition and similar microstructures. In order to understand this
difference, the intrinsic mechanical properties of each phase were analyzed
based on nano-indentation results considering Hall-Petch relationship. In
addition, the mechanical stability of retained austenite was investigated by in-
situ electron backscattered diffraction.

From this study, the B-Mn phase in austenite-based high-Mn low-density
steels was described well, in terms of the formation behavior, microstructural
evolution, orientation relationships, and its effects on mechanical and fracture
properties. In addition, the dramatic differences of the macroscopic tensile
behavior regarding the yield strength, yield point phenomenon, and strain

hardening in the two duplex low-density steels was successfully explained.

Keywords: Metals and alloys, Low-density steel, Aging, Beta-manganese,
Vickers hardness, XRD, EPMA, EBSD, TEM, Morphological characteristics,
Uniaxial tensile test, Fracture, Orientation relationship, Orientation relationship
stereogram (OR stereogram), Nano-indentation, Hall-Petch relationship,
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Chapter 1

Introduction

1.1 Low-density steels

In recent years, decreasing greenhouse gas emissions and improving fuel
efficiency have been growing issues in the automotive and defense sectors. To
achieve this goal, the development of advanced high-strength steels
(AHSSs), such as dual-phase (DP) and transformation-induced plasticity (TRIP)
steels has been long pursued for automotive applications [1-3]. However, as the
strength of steel increases, it gets more difficult to reduce the thickness due to
the deterioration of structural stiffness, causing poor crashworthiness [4, 5]. In
that sense, alternative concept of designing AHSS has been proposed mainly
by lowering the density of steel while maintaining its high specific strength.
Based on this concept, “low-density steels” have been developed containing
light substitutional elements such as aluminum and/or silicon, which provide a
density reduction effect by means of substitution and lattice expansion.
Quantitative density reductions according to aluminum concentration under Fe-
Al-Mn-C alloy system are shown in Fig. 1.1 [6].

Indeed, several studies of alloying a considerable amount of aluminium in

the Fe-Mn-C-base alloy were conducted for various applications, such as



cryogenic alloys, oxidation resistance alloys at high temperature, and corrosion
resistance alloys [7-11]. Especially in the corrosion resistance application,
many researchers studied the Fe-Al-Mn-C alloy system in order to replace more
expensive Fe-Cr-Ni-C stainless steels up to 1980°s [12-14]. Since the early
2000’s, interests in the low-density steels with high strength and toughness are

activated again for structural, automotive, and military applications.
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Mn-C alloy system with varying manganese contents (14 to 28 wt.%) [6].



1.2 Classification of the low-density steels

Low-density steels can be categorized into ferrite-based and austenite-
based (including multiphase-based) alloys, depending on their constituent
phases. Ferrite-based Fe—Al alloys containing Al contents up to ~10 wt.% and
some microalloying elements such as Ti, Nb and V show a good strength-
ductility balance with density reduction to ~7.0 g cm™ [15, 16]. However,
aluminum addition in ferrite-based Fe—Al alloys was reported to increase
the ductile-to-brittle transition temperature, and induced the cleavage
fracture in ferrite matrix even at the room temperature with Al contents
of approximately 7 wt. % [17]. Austenite-based alloys, which contain
manganese contents at rates normally exceeding 15 wt.% as well as added
aluminum up to ~12 wt.%, exhibit outstanding mechanical properties (tensile
strength: 0.8—1.5 GPa, elongation: 30-80 %) as well as density reduction to ~
6.7 g cm™ [2, 6, 18-23]. Compared to the ferrite-based Fe—-Al alloys, the
austenite-based low-density steels show superior mechanical properties and
weight reduction rates. Several representative low-density steels, which were
developed until a recent date, are summarized in Table 1.1 exhibiting norminal

chemical composition and mechanical properties.



Table 1.1 The representative low-density steels with norminal chemical

composition and mechanical properties.

Matrix C Mn Al Other UTS
El (%)  Ref.
Phase (wt.%) (wt.%) (wWt.%) (wt.%) (MPa)
<0.03 0.03~0.2 5~9 - 300~500  20~30 [15]
Ferritic
<0.2 <35 2.5~10 - 400~600  20~30 -
0.02~0.04  15~25 3 Si 3 600~1100  60~90 [2]
0.5~2.0 18~35 8~12 (Si3~6)  600~1100  25~70 [6]
Austenitic  0-3-0.4 3~4 5~6 - 700~800  27~34 [18]
& Mult-
phase 0.15~05 6~12 5~6 Si0.05~0.5  700~1000  35~60  [19, 20]
0.8~0.9 15~17 8~10 Ni 4.9 1300~1500  20~35 [21]
0.7~1.1 28~32 9~12 (Si 1.0) 800~1100  30~70  [22,23]
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1.3 Motivations of the thesis

After austenite-based high-Mn low-density steels are aged at adequate
temperature and time periods, many kinds of micro/nano-scale precipitates or
intermetallic compounds are formed, such as k-carbide ((Fe,Mn);AlCy) [6, 18,
24], ordered bee phases (B2 or D03) [21, 25], and -Mn [22, 23, 26, 27] inside
austenite matrix or ferrite grains. These precipitates have a profound effect on
the mechanical properties of the low-density steels. Therefore, many studies
especially in k-carbide and B2 have performed in order to investigate their
precipitation phenomena and its correlation with the mechanical properties [6,
21, 24, 25]. With regard to B-Mn, some reports showed that the 3-Mn phase
significantly deteriorates the mechanical properties of high-Mn alloys, causing
brittle fractures and decreasing impact energy [24, 28]. However, there is still
a paucity of characterization research on the B-Mn phase in terms of the
formation behavior, microstructural evolution, and its effects on mechanical
and fracture properties of austenite-based high-Mn low-density steels.
Therefore, this research investigates the microstructure and mechanical
behavior of high-Mn low-density steels after processing treatments, by using
complementary microstructural and mechanical characterization such as X-ray
diffractometry (XRD), scanning electron microscopy (SEM), electron-back
scattered diffraction (EBSD), transmission electron microscopy (TEM),

uniaxial tensile test, and nanoindentation. The detailed research results are



structured in the thesis as follows.

Firstly in Chapter 2, the microstructure and intrinsic mechanical behavior
of constitutional phases of an austenite-based low-density steel containing 11.4
wt.% Al were investigated with respect to B-Mn precipitation by aging heat
treatment for various periods of time. Lattice expansion of austenite and k-
carbide induced by carbon diffusion due to 3-Mn precipitation was examined
by combined experimental techniques using XRD and an electron probe micro-
analyzer (EPMA). The intrinsic mechanical properties of microstructural
constituents including B-Mn were obtained by nanoindentation.

Secondly, in Chapter 3, B-Mn formation behavior of high-Mn low-density
steels after aging treatments were investigated with samples containing
different contents of Al and Si. The morphological characteristics and alloying
element distribution of the B-Mn phase are systematically analyzed depending
on the chemical composition of the steels. In addition, the effects of aging
process on the fracture behavior are examined in uniaxial tensile tests combined
with microstructural observations.

In Chapter 4, the aging behavior and orientation relationships among
constitutional phases and precipitates in Fe-31.4Mn—11.4A1-0.89C low-
density steel were studied. The misorientation-angle distribution, Rodrigues—
Frank vector space, and orientation relationship stereogram (OR stereogram)

are used to elucidate the orientation relationships across y-matrix/B-Mn and [3-



Mn/a-precipitate interphase boundaries. In addition, from both orientation
relationships for y-matrix/-Mn and p-Mn/a-precipitate interfaces, the
interface character between y-matrix and a-precipitate is examined and
compared to conventional fcc/bee orientation relationships.

In Chapter 5, a dramatic difference in the macroscopic tensile behavior
regarding yield strength, yield point, and strain hardening was introduced to
two specimens of duplex low-density steel with the same nominal chemical
composition, obtained under specific heat-treatment conditions. In order to
understand the difference in the macro-scale mechanical behavior despite the
similar microstructures, the intrinsic mechanical properties of each phase were
measured by nano-indentation and analyzed by a combination with Hall-Petch
relationship. In addition, the mechanical stability of retained austenite was
investigated by in-situ EBSD and energy-dispersive X-ray spectroscopy (EDX)
in TEM.

Lastly, total conclusion is addressed in Chapter 6.
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Chapter 2
Effect of aging treatment on microstructure and
intrinsic mechanical behavior of Fe-31.4Mn—-11.4Al-

0.89C low-density steel

2.1 Introduction

The demand for reduced weight in transportation systems has been
growing in the automotive and defense sectors, to reduce greenhouse gas
emissions and improve energy efficiency. Much research within the steel
industry has been focused on lowering the density of steel while maintaining
its high strength for automotive applications; hence, many kinds of low-density
steels having excellent specific strength and ductility have been developed [1-
17]. Low-density steels can be categorized into ferrite-based and austenite-
based steels, depending on their constituent phases. Among them, austenite-
based low-density steels based on the Fe-Al-Mn-C system, which have higher
Mn and Al additions than ferrite-based steels, show superior mechanical
properties and weight reduction rates [1, 8-17].

After these steels are aged at adequate temperature and time periods,

micro/nano-scale precipitates or intermetallic compounds are formed, such as
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k-carbide ((Fe,Mn)3AICx) [8-12], B2 (FeAl) [13-15], and B-Mn [16-18]. These
precipitates have a profound effect on the mechanical properties of low-density
steel. Therefore, many studies on x-carbide and B2 have already been
conducted in order to investigate their effect on macroscopic deformation
behavior [8, 10, 12, 14, 15]. With regard to B-Mn, some reports showed the
precipitation of a-ferrite and B-Mn with a lamellar-type structure along
austenite grain boundaries in austenitic alloys containing about 9 wt.% Al [16-
18]. However, there is still a paucity of characterization research on the
microstructural evolution and intrinsic behavior of constitutional phases
including B-Mn, especially in low-density steel with a high Al content above
11 wt.%.

In the present study, the microstructure and intrinsic mechanical behavior
of constitutional phases of an austenite-based low-density steel containing 11.4
wt.% Al were investigated with respect to f-Mn precipitation by aging heat
treatment for various periods of time. Lattice expansion of austenite and k-
carbide induced by carbon (C) diffusion due to B-Mn precipitation was
examined by combined experimental techniques using X-ray diffractometry
(XRD) and an electron probe micro-analyzer (EPMA). The intrinsic
mechanical properties of microstructural constituents including B-Mn were
obtained by nanoindentation. In addition, nanoindentation results were

correlated with age hardening and C diffusion of the low-density steel with
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consideration for 3-Mn precipitation.
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2.2 Experimental procedure

Steel with a chemical composition of Fe—-31.4Mn—11.4A1-0.89C (wt.%)
was fabricated by vacuum induction melting using electrolytic iron (>99.9 %
Fe), electrolytic manganese (>99.9 % Mn), aluminum (>99.5 % Al) and
graphite (>99.9 % C). The alloy also contains 0.014 wt.% Si, 0.010 wt.% S and
0.003 wt.% P which were originated from the materials used for melting. The
ingot was soaked at 1,200 °C for two hours and hot-rolled to an 8 mm thickness,
with a final rolling temperature above 900 °C. The total reduction in thickness
by hot-rolling process was 90%. After hot rolling, the plate was cooled to room
temperature by water spraying. The plate was solution-treated at 1,050 °C for
two hours and quenched by water. Test coupons cut from the solution-treated
plate were aged at 550 °C for various periods of time including 300, 1,000 and
10,000 minutes. For convenience here, the specimen which was solution-
treated at 1,050 °C is referred to as ST, and the specimens aged at 550 °C for
300 minutes, 1,000 minutes, and 10,000 minutes are referred to as A300, A1000
and A10000, respectively.

The samples for microstructural observation and nanoindentation tests
were prepared by mechanical grinding followed by electropolishing with a
solution of 20% perchloric acid, 10% ethylene glycol monobutyl ether and 70%
ethanol. The microstructure was observed on the longitudinal section, including

the rolling and normal directions of a specimen, by utilizing an electron
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backscatter diffraction (EBSD) system equipped with a field emission scanning
electron microscope. A critical misorientation angle of 150 was taken for grain
identification. Constitutional phases in the microstructure of the specimens
were identified by XRD using Cu Ka radiation with a graphite monochromator.
The lattice parameter of the austenite phase was measured using Cohen’s
method [19]. In the case of k-carbide, most reflections overlap with those of
austenite, and therefore its lattice parameter was determined simply by
averaging the lattice parameter values obtained from the positions of (100), and
(110) reflections which do not overlap with reflections of other phases. The
specimens for transmission electron microscopy (TEM) were prepared in a
twin-jet electrolytic polishing apparatus using a solution of 10% perchloric acid
and 90% methanol at -25 °C. Partitioning of alloying elements in a region
including -Mn and austenite phase in the A1000 specimen was analyzed using
EPMA. The EBSD scanned area of 33.15 x 33.15 um was analyzed with a

spacing of 0.13 um between each point. Quantitative line scanning was also

conducted across the interphase boundaries between 3-Mn and austenite matrix.

Vickers microhardness measurements were performed under a load of 1
kgf maintained for 10 seconds. Nanoindentation tests were carried out in load
control mode, applied at a constant loading rate of 1 mNs-1 to a maximum of 5
mN. A Berkovich-type diamond tip with a centreline-to-face angle of 65.3° was

used. To investigate the change of intrinsic mechanical property of each phase
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during heat treatment, 100 indentations were made in a 10 x 10 rectangular
array at intervals of 10 um between each indentation for the ST and A1000
specimens. To exclude any grain boundary effect on the indentation results,
only those indentations located inside the grains sufficiently far away from the
grain boundaries were selected for analysis, guided by a scanning probe
microscope (SPM). This made it possible to evaluate grain morphologies and
precisely identify the areas where the indentation was performed [5, 20-23].
Statistical information about nano-hardness of constitutional phases was

obtained using indentation data of at least 11 points for each phase.
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2.3 Microstructural analysis

Figures 2.1(a-d) show EBSD phase maps of the ST, A300, A1000 and
A10000 specimens, respectively. The ST specimen is mostly composed of an
austenite phase with some ferrite, whose volume fraction measured by EBSD
is 16.4%. The B-Mn phase indicated in green nucleates at both ferrite/austenite
phase boundaries and austenite/austenite grain boundaries as shown in Figure
2.1(b). This means that both boundaries may be suitable for the nucleation site
of the B-Mn phase. Figures 2.1(c, d) present that B-Mn grains grow extensively
into the austenite matrix with lath-type morphology during further heat
treatment. The microstructural morphology of the B-Mn phase is clearly
different from those in alloys having similar chemical composition except for a
lower Al content of about 9 wt.%, which showed a lamellar-type co-
precipitation of the 3-Mn phase with a-ferrite [16, 17]. The distinction of the
precipitation behavior might originate from the Al content being higher than 9
wt.%, which renders the austenite phase less stable and then the driving force
for B-Mn precipitation bigger. This precipitation behavior especially in terms
of morphological characteristics is quite similar to that of Widmanstétten ferrite,
which nucleates and grows at a lower transformation temperature and with a
relatively higher driving force than polygonal ferrite [24].

The grain size and volume fraction of each phase in the specimens

measured by EBSD are listed in Table 2.1. As the B-Mn phase grows
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exclusively into the austenite matrix during aging treatment, the volume
fraction of austenite decreases clearly, whereas the ferrite fraction is almost
maintained without significant change. The average grain size of the ferrite
phase in A10000 specimen is dramatically reduced, which can be attributed to
precipitation of microscopic body-centered cubic (bcc), as shown in the
magnified phase map inserted in Figure 2.1(d). The fine bcc phase might be an
ordered structure such as B2 or D03, which are hardly distinguishable from a
disordered bce (A2) phase by EBSD pattern.

TEM observations were carried out on the A1000 specimen. Figure 2.2(a)
shows a bright-field image of a region including 3-Mn grains. The 3-Mn grains
present a lath-type shape which has a narrow and sharp end of growth front.
This morphology has an advantage for fast growth because alloying elements
can diffuse for partitioning in all directions at the tip of the phase boundary
during phase transformation. A selected area diffraction pattern of a 3-Mn grain
is shown in Figure 2.2(b). The lattice parameter of the f-Mn phase measured
from the diffraction pattern is 6.293 A, which is close to a published value of
6.315 A [25]. Figure 2.2(c) shows a bright-field image of the matrix region.
Nano-sized k-carbides are formed within the austenite matrix. Formation of
fine coherent k-carbides within austenite grains during aging or cooling from
high temperature is typical of austenitic alloys having high C and Al contents

[8, 10-12, 16-18]. The selected area diffraction pattern of the matrix region
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presented in Figure 2.2(d) exhibits superlattice reflections such as {100} and
{110} spots due to the ordered characteristic of E2; perovskite crystal structure
of k-carbide.

XRD profiles of the specimens which were solution-treated and aged are
shown in Figure 2.3. The XRD profile of the ST specimen reveals that the bec
ordered phase (B2 or D03) indicated by (100)s2 or (200)pe3 reflection coexists
with the austenite and ferrite phase before aging treatment. It might be
attributed to partial ordering in ferrite solid solution due to high Al content [8].
The diffraction peaks of k-carbide appear after aging for 30 minutes. After
aging for 300 minutes, (310) reflection of B-Mn start to show up and the
intensity of the diffraction peaks of B-Mn increases with further aging, which
corresponds with the microstructural observation by EBSD as shown in Figure
2.1. Notably, the diffraction peaks of austenite and k-carbide show a shift to a
lower diffraction angle as indicated by the red arrows in Figure 2.3 after aging
for 300 minutes, when [-Mn starts to precipitate at austenite grain boundaries.
Figure 2.4(a) presents sequential changes in (220), reflection located at around
72° of 20 angle, which clearly shows the peak shift of the austenite phase. The
lattice parameters of austenite and k-carbide simultaneously increase after
aging for 300 minutes, as shown in Figure 2.4(b). The increase of lattice
parameters implies that partitioning of alloying elements occurs due to the

formation of 3-Mn.
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To investigate the partitioning of alloying elements, EPMA analysis on
the A1000 specimen was conducted with respect to the phase boundaries
between B-Mn and austenite phases. Figure 2.5(a) shows the EBSD phase map
of the region where EPMA analysis was carried out. Figures 2.5(b-e) present
quantitative EPMA elemental maps of C, Al, Mn and Fe, respectively. It is
clearly seen that Al is partitioned in the ferrite grains on the right side of the
quantitative map, while Mn is concentrated in the austenite and 3-Mn phases.
These partitioning might occur during the solution heat treatment prior to aging
treatment [14]. The region of the austenite phase presents a higher C content
than the B-Mn and ferrite phases. Furthermore, the C content becomes higher
at the region closer to the phase boundaries between austenite and 3-Mn. On
the contrary, the other substitutional elements such as Al, Mn and Fe show little
partitioning between the f-Mn and austenite phases.

For quantitative analysis of the difference in C composition, EPMA line
scanning including the interphase boundaries was performed. The C content
profile along the sky-blue line shown in Figure 2.5(a) is displayed in Figure
2.5(f). It can be confirmed that a significant gradient of C concentration exists
inside the austenite grain. The maximum and minimum values of the C content
of the austenite grain are 1.519 wt.% and 0.660 wt.%, which are located near
the phase boundary and the center region, respectively. It is known that the C

solubility of B-Mn in the binary Mn-C system is lower than 0.002 wt.%, which
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is the equilibrium C solubility at 1,095 K [26]. Thus, it is conceivable that C
atoms are expelled from B-Mn, and diffuse into austenite including the fine
coherent k-carbides during formation of B-Mn. Because of the C diffusion, the
austenite region adjacent to B-Mn shows enriched C contents compared to the
center region of the austenite grain.

As solute C atoms make expansion of austenite lattice [22, 25], the
inhomogeneous C distribution can affect inhomogeneity in lattice parameter of
austenite phase, which cause broadening of XRD peak profile. The measured
full width at half maximum (FWHM) value of (220), reflection shows
remarkable increase from 0.680° (A300) to 1.324° (A1000), which can be
attributed to the inhomogeneous C distribution evolved in austenite due to
formation of B-Mn. Prolonged aging over 1000 min reduced the FWHM value
of (220), reflection to 0.369° (A10000). It is conceivable that C distribution
becomes more homogeneous in austenite after aging over 1000 min, which is
probably due to reduced grain size of austenite and reduced rate of -Mn
volume increase (Table 1).

The amount of C enrichment in the austenite phase can be estimated from
the increase of lattice parameter measured by XRD, using an empirical equation

for the lattice parameter of austenite [27]:
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a(A) = 3.578+0.033[wt.% C]+0.00095[wt.% Mn]

1
+0.0056[wt.% Al] M

where a is the lattice parameter of austenite. As there is no significant
partitioning of Mn and Al during 3-Mn formation, as shown in Figure 2.5, it is
assumed that only the C enrichment contributes to the expansion of the lattice
parameter of austenite. The lattice parameter of austenite phase increases from
3.706 A (ST) to 3.761 A (A10000). The estimated difference of C content
between the ST and A10000 specimens is about 1.67 wt.%. The C content in
austenite in the ST specimen might be higher than the nominal C content of
0.89 wt.%, due to the presence of ferrite; then the C content in austenite in the
A10000 specimen might be higher than 2.56 wt.%. This is a very high value
compared with the maximum C solubility of 2.11 wt.% in austenite of the Fe-
C system [28]. The estimated high C content in austenite of the A10000
specimen can be attributed to the existence of k-carbide in austenite and the
expanded lattice due to the high Al content. The C enrichment stabilizes the
austenite phase; therefore, it probably slows down further 3-Mn transformation.
In addition, the high C content may facilitate further formation of k-carbide

within austenite grains or at grain boundaries.
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Figure 2.1 EBSD phase map of the: (a) ST; (b) A300; (c) A1000, and; (d)
A10000 specimens (I FCC; BCC; B B-Mn). The horizontal direction

is a normal direction of the specimen. The inserted EBSD phase map with
magnification in (d) represents microscopic bce ordered phases (B2 or D03)

precipitated in the A10000 specimen.
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Table 2.1 Grain size and volume fraction of each phase in the specimens

obtained from EBSD.

Grain size (um)

Volume fraction (%)

Sample
Austenite  Ferrite B-Mn  Austenite  Ferrite B-Mn
ST 27.5 28.6 - 83.6 16.4 -
A300 26.0 19.0 4.3 85.7 13.2 1.1
A1000 22.0 25.0 15.7 443 12.4 433
A10000 9.1 9.4 14.8 30.6 13.2 56.2
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Figure 2.2 TEM micrographs and diffraction patterns of the A1000 specimen.
(a) Bright-field image including B-Mn grains. (b) Selected area diffraction
pattern showing [001] zone of the B-Mn phase. (c) Bright-field image of matrix
region. (d) Selected area diffraction pattern showing [011] zone of the austenite

and k-carbide.
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2.4 Intrinsic mechanical properties: Nanoindentation

analysis

To obtain the intrinsic mechanical properties of microstructural
constituents, nanoindentation tests were carried out on the ST and A1000
specimens. Figure 2.6(a) shows an EBSD phase map of some indented areas in
the A1000 specimen after nanoindentation tests. Based on the EBSD phase map,
indentation results are classified according to each constituent phase. Figures
2.6(b-d) present SPM images with an indentation mark of each phase in the
same area indicated by triangles in Figure 2.6(a). Figures 2.6(e, f) give load—
displacement curves obtained by nanoindentation of all constituent phases in
the ST and A1000 specimens. Notably, the load—displacement curves of the
A1000 specimen show that the 3-Mn phase is quite mechanically hard from
shallow indentation depths despite the same maximum load in comparison with
the other constituent phases. Nano-hardness is calculated from the load—

displacement curve, and it is given as follows:

P
H: max 2
4 2

where Pmax is the maximum load and 4 is the projected contact area, which is a
function of the contact depth with the sample, /.. The nano-hardness of each

phase in the ST and A1000 specimens is shown in Table 2.2. The nano-hardness
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of B-Mn in the A1000 specimen is 13.28 + 0.16 GPa. The hardness of the
austenite phase and its standard deviation remarkably increase with heat
treatment. On the contrary, the ferrite hardness is maintained without any
appreciable change during aging treatment.

In order to examine precisely the correlation between the age hardening
behavior and the intrinsic mechanical properties of each phase, the Vickers
hardness of the overall specimens is shown together with the nano-hardness as
a function of aging time in Figure 2.7. Until the aging treatment for 300 minutes,
the Vickers hardness increases gradually above 300 HV, which stems from the
effect of mixture of austenite and k-carbide formed by spinodal decomposition
[12]. After an aging time of 1,000 minutes, the specimens show dramatic
secondary hardening, with hardness higher than 700 HV. In consideration of
both the microstructural analysis and nano-hardness results of the A1000
specimen, the dramatic increase of the Vickers hardness is certainly due to -
Mn precipitation.

The average value of the nano-hardness of the austenite phase increases
from 4.93 GPa (ST) to 7.67 GPa (A1000). The increase of nano-hardness
originates from the increase of C content inside austenite grains caused by [-
Mn precipitation during aging treatment. The standard deviation of nano-
hardness in the austenite phase increases from 0.19 GPa (ST) to 1.30 GPa

(A1000). To investigate the increase in the standard deviation, the nano-

30



hardness results of the austenite phase in the A1000 specimen are classified as
boundary and center region, based on a distance of 7 pum between a
nanoindentation spot and grain boundary. The nano-hardnesses of the boundary
region and the center region are 8.11 £ 0.28 GPa and 5.53 + 0.09 GPa,
respectively. Therefore, the increase of the standard deviation is attributed to
an inhomogeneous distribution of C content in the austenite phase, as shown in
Figure 2.5(f). Consequently, the B-Mn precipitation affects not only the age
hardening of low-density steel in itself but also the intrinsic properties of the

austenite matrix due to C diffusion.
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Figure 2.6 (a) EBSD phase map of the A1000 specimen (Il FCC; BCC;
B [-Mn) after indentation. SPM image of the indents in the same area marked
with triangles shown in (a): (b) ferrite grain; (c) B-Mn grain, and; (d) austenite

grain. Nanoindentation load-displacement curves of all constituent phases in

the (e) ST and (f) A1000 specimens.
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Table 2.2 Nano-hardness calculated from the load—displacement curves

(numbers in parenthesis are the standard deviation).

Sample  Austenite (GPa) Ferrite (GPa) -Mn (GPa)
ST 4.93 (0.19) 4.67 (0.41) -
A1000 7.67 (1.30) 4.73 (0.31) 13.28 (0.43)
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2.5 Conclusion: Effect of aging treatment on

microstructure and intrinsic mechanical behavior

In this study, the change of the microstructure and intrinsic mechanical
properties of Fe—31.4Mn-11.4A1-0.89C low-density steel under aging heat
treatment was studied by nanoindentation combined with complementary
microstructural characterization using XRD, EBSD, TEM, and EPMA. From
the microstructural evolution, the f-Mn phase nucleated at both ferrite/austenite
phase boundaries and austenite/austenite grain boundaries after aging for 300
minutes at 550 °C, and grew deeply into the austenite matrix by further aging
treatment. The XRD analysis indicated the lattice expansion of austenite and «-
carbide from the peak shift. This result was instantiated with C diffusion to the
austenite matrix due to 3-Mn precipitation, which was examined by EPMA
analysis. The Vickers hardness increased dramatically, to more than 700 HV
after an aging time of 1,000 minutes. The secondary aging behavior originated
from the precipitation of the f-Mn phase whose nano-hardness was measured
as 13.28 + 0.16 GPa. In addition, the average value and standard deviation of
the nano-hardness of the austenite phase increased after 1,000 minutes of aging
from the solution-treated state. It arose from the increase and inhomogeneous
distribution of C content caused by B-Mn precipitation, which corresponded to

the results of microstructural characterization.

35



2.5 References

[1] G. Frommeyer, U. Brux, P. Neumann, IS1J Inter. 43 (2003) 438-446.

[2] S.S. Sohn, B.J. Lee, S. Lee, J.H. Kwak, Met. Mater. Int. 21 (2015) 43-53.

[3] R. Rana, C. Liu, R.K. Ray, Acta Mater. 75 (2014) 227-245.

[4] S.J. Park, B. Hwang, K.H. Lee, T.H. Lee, D.W. Suh, H.N. Han, Scripta
Mater. 68 (2013) 365-369.

[5]K. Lee, S.J. Park, Y.S. Choi, S.J. Kim, T.H. Lee, K.H. Oh, H.N. Han, Scripta
Mater. 69 (2013) 618-621.

[6] S.J. Park, Y.U. Heo, Y.H. Choi, K. Lee, H.N. Han, D.W. Suh, JOM-US. 66
(2014) 1837-1844.

[7]1J.B. Seol, D. Raabe, P. Choi, H.S. Park, J.H. Kwak, C.G. Park, Scripta Mater.
68 (2013) 348-353.

[8] G. Frommeyer, U. Brux, Steel Res. Int. 77 (2006) 627-633.

[9] K.G. Chin, H.J. Lee, J.H. Kwak, J.Y. Kang, B.J. Lee, J. Alloy Compd. 505
(2010) 217-223.

[10] R.A. Howell, D.C. Van Aken, Iron Steel Technol. 6 (2009) 193-212.

[11]J. Jeong, C.Y. Lee, 1.J. Park, Y.K. Lee, J. Alloy Compd. 574 (2013) 299-
304.

[12] L.N. Bartlett, D.C. Van Aken, J. Medvedeva, D. Isheim, N.I. Medvedeva,
K. Song, Metall. Trans. A 45A (2014) 2421-2435.

[13]M.S. Chen, H.C. Cheng, C.F. Huang, C.Y. Chao, K.L. Ou, C.H. Yu, Mater.

36



Charact. 61 (2010) 206-211.

[14] M.C. Ha, J.M. Koo, J.K. Lee, S.W. Hwang, K.T. Park, Mat. Sci. Eng. A
Struct. Mater. 586 (2013) 276-283.

[15] S.H. Kim, H. Kim, N.J. Kim, Nature 518 (2015) 77-79.

[16] K.H. Han, W.K. Choo, Metall. Trans. A 20 (1989) 205-214.

[17] K. Sato, K. Tagawa, Y. Inoue, Metall. Trans. A 21 (1990) 5-11.

[18] L.S. Kalashnikov, O. Acselrad, A. Shalkevich, L.D. Chumakova, L.C.
Pereira, J. Mater. Process Tech. 136 (2003) 72-79.

[19] M.U. Cohen, Rev. Sci. Instrum. 6 (1935) 68-74.

[20] T.H. Ahn, K.K. Um, J.K. Choi, D.H. Kim, K.H. Oh, M. Kim, H.N. Han,
Mat. Sci. Eng. A Struct. Mater. 523 (2009) 173-177.

[21] T.H. Ahn, C.S. Oh, D.H. Kim, K.H. Oh, H. Bei, E.P. George, H.N. Han,
Scripta Mater. 63 (2010) 540-543.

[22]].Y. Kang, D.H. Kim, S.I. Baik, T.H. Ahn, Y.W. Kim, H.N. Han, K.H. Oh,
H.C. Lee, S.H. Han, ISIJ Inter. 51 (2011) 130-136.

[23] D.D. Zhu, D. Dong, C.Y. Ni, D.F. Zhang, Z.Z. Zhou, H.W. Wang, Z.J.
Wei, Mater. Charact. 99 (2015) 243-247.

[24] H.K.D.H. Bhadeshia, R.W.K. Honeycombe, Steels : microstructure and
properties, 3rd ed., Elsevier, Butterworth-Heinemann, Amsterdam ; Boston,
2006.

[25] W.B. Pearson, A handbook of lattice spacings and structures of metals and

alloys, Pergamon Press, New York,, 1958.

37



[26] D. Djurovic, B. Hallstedt, J. von Appen, R. Dronskowski, Calphad 34
(2010) 279-285.

[27] D.J. Dyson, B. Holmes, J. Iron Steel Inst. 208 (1970) 469-474.

[28] G. Krauss, Steels : heat treatment and processing principles, ASM

International, Materials Park, Ohio, 1989.

38

¥

.-"\.\.I

2-T]

-
o

11



Chapter 3
B-Mn formation and aging effect on the fracture

behavior of high-Mn low-density steels

3.1 Introduction

Low-density steels have drawn increasing amounts of attention in recent
years due to their promising mechanical strength, crash-worthiness, and
extensive ductility, together with a reduced specific density [1-14]. The
excellent properties of these steels can enable applications in lightweight
automotive vehicles and military armor. The low-density steels usually contain
aluminum as a substitutional light element, which provides a density reduction
effect by means of substitution and lattice expansion. There are many types of
the low-density steels based on constitutional phases, such as ferrite-based and
austenite-based (including multiphase-based) alloys. Among them, austenite-
based alloys, which contain manganese contents at rates normally exceeding 15
wt.% as well as added aluminum up to ~12 wt.%, exhibit outstanding
mechanical properties (tensile strength: 0.8—1.5 GPa, elongation: 30-80 %) as

well as density reduction to ~ 6.7 g cm™ [8-14]. These alloys can have k-carbide

and B-Mn phases in their microstructure depending on the chemical
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composition and heat-treatment condition. After k-carbides are precipitated
within the austenite matrix at the early stage of isothermal aging, the B-Mn
formation occurs by overaging treatment [9, 14-19]. In respect of the B-Mn, it
is known that the B-Mn phase significantly deteriorates the mechanical
properties of high-Mn alloys, causing brittle fractures and decreasing impact
energy [9, 15, 16].

To verify the mechanical reliability and durability of austenite-based high-
Mn low-density steels, it is necessary to examine the formation and growth
behavior of the B-Mn phase. Several microstructural studies for the p-Mn
formation process in high-Mn alloys were conducted some time ago [17-19].
However, these studies did not examine the influence of additions of alloying
elements such as aluminum and silicon on the formation behavior of the 3-Mn,
as they were limited to a specific alloy system. In contrast, this research
investigates the B-Mn formation behavior of high-Mn low-density steels after
aging treatments with samples containing different contents of Al and Si. The
morphological characteristics and alloying element distribution of the 3-Mn
phase are systematically analyzed depending on the chemical composition of
the steels. In addition, the effects of aging process on the fracture behavior are
examined in uniaxial tensile tests combined with microstructural observations
using scanning electron microscopy (SEM), electron-back scattered diffraction

(EBSD) and transmission electron microscopy (TEM).
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3.2 Experimental procedure

Three alloys were cast in a vacuum induction furnace. Their chemical
compositions are presented in Table 3.1. The 9AI-1Si alloy has additional
silicon content of 1 wt.% based on the composition of the 9Al alloy. The 11Al
alloy has a higher content of aluminum than the others. The contents of carbon
and manganese in the three alloys are nearly identical. The ingots were soaked
at 1200 °C for two hours and hot-rolled to a thickness of 8 mm (~90% reduction)
at a final temperature exceeding 900 °C. The hot-rolled plates were then cooled
to room temperature by water spraying. After cooling, they were solution-
treated at 1050 °C for two hours and subsequently quenched in water. The test
specimens cut from the solution-treated plates were aged at 550 °C for various
periods of time, including the maximum aging time of 10000 min. Vickers
hardness measurements were carried out at 7~10 points for each specimen by
applying a load of 1 kgf for 10 s. Using the measured hardness data, arithmetic
average value and 95% confidence interval were calculated for each specimen.
The microstructure was observed on the plane containing rolling and normal
directions by means of optical microscopy and SEM equipped with EBSD and
energy dispersive X-ray spectroscopy (EDS) systems. The specimens for the
microstructural observations were prepared by mechanical polishing, followed
by chemical etching with a 10% nital solution. For the EBSD measurements,

the specimens were polished with a colloidal silica suspension at the final
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polishing stage. TEM characterization was performed to analyze the ordered
phase with a specimen prepared by a focused ion beam (FIB) system. Tensile
tests were conducted with sub-sized specimens based on ASTM E8M at a
crosshead speed of 2 mm/min. The fracture surface and the microstructure of
the cross-sectional area adjacent to the fracture surface after the tensile test were
observed using SEM and EBSD to investigate the occurrence of cracks and the

crack propagation behavior.
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Table 3.1 Chemical composition of the investigated alloys. (wt.%)

Alloy C Mn Al Si Fe
9Al 0.80 31.52 8.73 0.01 bal.
9AI-1Si 0.89 31.62 8.74 1.01 bal.
11Al 0.89 31.35 11.39 0.01 bal.
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3.3 Influence of alloying elements on the formation

behavior of the k-carbide and B-Mn

Figure 3.1 shows the Vickers hardness results of the 9Al, 9AI-1Si, and
11Al alloys as a function of the aging time at 550 °C. The microstructures of
solution-treated (ST) specimens of the investigated alloys are shown in Figures
3.2(a-c), respectively. The ST specimens of the 9Al and 9AI-1Si alloys show
the microstructure of the austenite single phase, while the ST specimen of the
11Al alloy shows a microstructure composed of an austenite matrix and a
number of ferrite grains aligned along the rolling direction. The formation of a
two-phase structure stems from the higher contents of aluminum, which acts as
a ferrite stabilizer [6, 8, 9]. At the beginning of the aging treatment (< 30 min),
the Vickers hardness of the 9Al-1Si and 11Al alloys increases more rapidly
than that of the 9Al alloy. This primary age hardening response indicated by
blue arrows in Figure 3.1 originates from the formation of nano-sized -
carbides within the austenite matrix, as shown by TEM micrograph and
selected-area diffraction pattern in the 9Al specimen aged for 1000 min inserted
in Figure 3.1. The k-carbide formation during aging treatment can be found
readily in austenitic alloys having high C and Al contents [8-11, 17, 18],
including the aged 11Al alloy [14]. Given that the addition of Al or Si leads to
an increase of the chemical driving force for k-carbide precipitation [10, 18],

the primary hardening was accelerated in the 9AI-1Si and 11Al alloys.
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After aging for 300 min, dramatic secondary hardening occurs in the 11Al
alloy with the hardness exceeding 700 HV, while the 9A1 and 9Al-1Si alloys
show an additional shallow increase of the Vickers hardness after aging up to
10000 min. The microstructures of the aged specimens at which the secondary
hardening indicated by red arrows in Figure 3.1 starts are shown in Figures
3.2(d-f). The 9Al and 9AI-1Si specimens aged for 10000 min show colonies of
a-ferrite and 3-Mn phases formed at the austenite grain boundaries. It had been
reported that the similar types of colonies was observed by using SEM and
XRD in Fe-31.7Mn-8.9A1-0.74C and Fe-31.6Mn-8.9A1-0.98C alloys aged at
550 °C [17]. The size and number of the colonies are greater in the 9AI-1Si
alloy (Figure 3.2(e)) compared to those in the 9Al alloy (Figure 3.2(d)).
Meanwhile, in the 11Al specimen aged for 1000 min which is shorter than the
9Al and 9AI-1Si alloys, the B-Mn phase nucleates and grows extensively into
the austenite phase with a lath-shaped morphology (Figure 3.2(f)) as shown in
a previous study by the current authors [14]. Considering the faster formation
kinetics of the 3-Mn phase and its lath-type morphology in the 11Al alloy, it is
conceivable that the addition of Al increases the driving force for B-Mn
formation. Thermodynamic calculation using the commercial software
MatCalc with mc_fe2.045 database predicts that the driving force for -Mn
formation, the difference between the free energy of austenite and 3-Mn phases,

will increase with increasing nominal Al content. Taking the hardness change
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and microstructure evolution into account, the secondary hardening behavior of
the 11Al alloys can be attributed to formation of the 3-Mn phase.

To investigate the redistribution of the alloying elements during the 3-Mn
formation process, EBSD and EDS measurements were performed for a colony
in the 9A1-1Si specimen aged for 10000 min. Figures 3.3(a, b) correspondingly
show an SEM micrograph and EBSD phase map of a colony composed of
ferrite and B-Mn phases. The microstructure indicates that ferrite has formed
along the austenite grain boundary and that the 3-Mn phase surrounds the ferrite.
Thus, it is conceivable that ferrite nucleates at the austenite boundaries initially,
and then 3-Mn forms at ferrite/austenite phase boundaries. The EDS elemental
profiles along the sky-blue line in Figure 3.3(a) are displayed in Figure 3.3(c).
The ferrite grain has relatively high levels of Fe, Al and Si than the other phases,
while the Mn content is lower in ferrite. It is conceivable that the
ferrite/austenite phase boundaries become more favorable for f-Mn formation
due to the higher content of Mn that has migrated from the ferrite region during
the ferrite nucleation process. Comparing the austenite and -Mn, it is clearly
observable that the C content in austenite is higher than that in 3-Mn, while
there is little partitioning of other elements. This partitioning tendency of
alloying elements between austenite and 3-Mn is identical to that in the 11Al
specimen aged for 1000 min, as confirmed by the EPMA analysis in a previous

study by the present authors [14].
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pattern showing the [001] zone of the k-carbide in the austenite matrix of the
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3.4 Tensile and fracture behavior

Yield strength and total elongation of the 9Al, 9AIl-1Si, and 11Al alloys
obtained from tensile tests are shown in Figure 3.4(a) as a function of aging
time at 550 °C. It can be observed that the yield strength of three alloys
increases with the increase of aging time due to the formation of k-carbide. The
9AIl-1Si and 11Al alloys show more rapid increase of yield strength than the
9Al alloy. Although the total elongation decreases with increasing aging time,
the 9Al and 9AI-1Si alloys have appropriate total elongation over 20% before
B-Mn formation occurs at aging time of 10000 min. On the other hand, the total
elongation of the 11Al alloy decreases remarkably even before aging time of
300 min at which the B-Mn formation starts, indicated by the red arrow in
Figure 3.4(a).

For a detailed analysis of the tensile behavior of the 11Al alloy, Figure
3.4(b) displays the engineering stress-strain curves of the 11 Al specimens aged
at 550 °C. The ST specimen and aged specimens for 30 and 100 min show
yielding and plastic elongation, whereas the specimens aged for 300 and 1000
min show the occurrence of fractures even before the yield point. The ST
specimen and aged specimen for 30 min have excellent mechanical properties
with tensile strength levels of 876 and 970 MPa and total elongation of 63.4
and 36.4 %, respectively. The specimen aged for 100 min shows a remarkable

reduction in its total elongation compared with the specimen aged for 30 min,
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while it shows slight increase in the yield and tensile strength. Considering [3-
Mn phase has not formed at this point, this degradation of the ductility may
originate from other factors, except for the 3-Mn phase.

To clarify the fracture modes of the 11Al specimens aged at 550 °C
correlated with their tensile properties, the fracture surfaces after the tensile test
are observed by SEM, with fractographs shown in Figure 3.5. The ST specimen
with considerable ductility exhibits dimples on the fracture surface, indicating
that the formation and coalescence of micro-voids are the main mechanisms
causing the fracture (Figure 3.5(a)). The specimen aged for 100 min shows both
a dimpled structure as indicated by the white circles and a smooth surface
region that may be former grain or phase boundaries (Figure 3.5(b)). For the
specimen aged for 300 min, the fracture surface is composed of smooth surfaces,
very similar to typical intergranular fractographs (Figure 3.5(c)). The specimen
aged for 1000 min shows smooth surfaces with several fragments on the
fracture surface. Considering the fractographs, the fracture of the 11Al alloy
changes from the ductile mode to the intergranular or interphase mode
according to aging treatment, which may be related to the formation of the 3-
Mn phase.

Figure 3.6 shows the microstructures of the cross-sectional area near the
fracture surface after the tensile test of the 11Al specimens aged at 550 °C. The

ST specimen, as shown in Figure 3.6(a), indicates that both austenite and ferrite
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grains are uniformly elongated along the loading direction. However, for the
specimen aged for 300 min, crack propagation along the austenite grain
boundaries and ferrite/austenite phase boundaries can be observed (Figure
3.6(d)). The crack propagation along the boundaries explains the intergranular
fracture mode, which can be attributed to the formation of a brittle 3-Mn phase
at the boundaries, as shown in Figure 3.6(e). For the specimen aged for 100 min,
several cracks are observed inside the ferrite band (Figure 3.6(b)) or at the
ferrite/austenite phase boundaries (Figure 3.6(c)), as indicated by the white
circles. In this specimen, the B-Mn phase has not formed at this point at the
boundaries according to the EBSD measurement (Figure 3.6(c)). Note that
crack propagation in the ferrite band is arrested at the ferrite/austenite phase
boundaries and that some cracks show blunt tips (Figure 3.6(b)). These findings
indicate that the austenite can be plastically deformed; however, the ferrite has
lost its ductility. A possible explanation for this observation is the ordering of
the ferrite phase during the aging treatment. Figure 3.6(f) presents a TEM
micrograph and a selected-area diffraction pattern of a ferrite region in the
specimen aged for 300 min. The diffraction pattern shows the presence of a D03
phase with an ordered structure. The DOz phase is a common ordered phase in
Fe-Al- and Fe-Si-based alloys [7, 19-21], as confirmed also in the aged 11Al
alloy by XRD [14]. In a study of precipitate growth in ferrite grains, Wu et al.

showed that D0s particles were observed by TEM at an early stage of isothermal
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aging at 550 °C in an Fe-28.6Mn-10.1A1-0.46C alloy [19]. Therefore, it is
conceivable that the reduced ductility of ferrite phase originates from partial (or
full) ordering into the D03 phase during the aging treatment. Considering the
ductility of each phase and the crack propagation behavior in the specimen aged
for 100 min, the smooth surface region in Figure 3.5(b) may be a boundary
between austenite or ferrite grains or cleavage surfaces formed inside the ferrite

grains. The dimpled structure must have formed in ductile austenite grains.
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Figure 3.5 SEM fractographs after the tensile test of the 11Al specimens aged

at 550 °C for (a) 0 min (ST), (b) 100 min, (c) 300 min, and (d) 1000 min.
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Tensile direction

Figure 3.6 SEM micrographs and EBSD phase maps (ll FCC; BCC; &
[-Mn) near the fracture surface after the tensile test of the 11 Al specimens aged
at 550 °C for (a) 0 min (ST), (b,c) 100 min, and (d,e) 300 min. y and o represent
the austenite and ferrite, respectively. (f) TEM micrograph and selected-area

diffraction pattern showing the [011] zone of the D0; phase in the ferrite of the

specimen aged for 300 min.
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3.5 Conclusion: B-Mn formation and aging effect on the

fracture behavior

This study investigated the formation behavior of the f-Mn phase in high-
Mn low-density steels with different chemical compositions after aging at 550
°C. From the Vickers hardness change and microstructure evolution, the Si and
Al additions accelerated the primary hardening induced by «-carbide
precipitation. For 9Al-base alloys, colonies composed of a-ferrite and B-Mn
phases were formed along the austenite grain boundaries after aging for 10000
min, and their size and number were greater in the 9AI-1Si alloy than those in
the 9Al alloy. For 11Al alloy, the B-Mn phase which led to the dramatic
secondary hardening was seen to have a lath-shaped morphology without the
co-precipitation of a-ferrite after 1000 min of aging. These morphological and
kinetic differences of the B-Mn formation were attributed to the higher Al
content, which increased the driving force for f-Mn transformation. In addition,
the effects of the aging process on the tensile and fracture behavior were
analyzed in the 11Al alloy. A loss of elongation was observed in the specimens
aged for 100 min; moreover, they ruptured before the yield point after aging for
more than 300 min. The fractography analysis revealed that the B-Mn formation

was the main cause of severe ductility loss of the low-density steel. In addition,
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the ordering of ferrite into the DO3; phase acted as additional factor of ductility

loss especially before the B-Mn formation.
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Chapter 4
Investigation of the aging behavior and orientation
relationships in  Fe-31.4Mn—11.4A1-0.89C low-

density steel

4.1 Introduction

There are known several crystallographic orientation relationships among
constituent phases in steels during phase transformation and precipitation due
to thermomechanical processes. Many crystallographic studies on the
transformation of steels, where face-centered-cubic (fcc) austenite grains
transform to body-centered-cubic (bcc) ferrite, bainite, or martensite phases,
have been reported with respect to the Kurdjumov—Sachs (KS) or Nishiyama—
Wassermann (NW) relationship [1-6]. In high carbon steels, the Pitsch
orientation relationship between cementite precipitate and austenite matrix [7]
and the Bagaryatski orientation relationship between cementite precipitate and
ferrite matrix [8] were observed at low transformation temperatures. Dyson et
al. [9] reported the orientation relationship between molybdenum carbide
(Mo,C) precipitate and ferrite matrix, as well as the growth direction of the

Mo, C in tempered molybdenum steels using transmission electron microscopy.
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Since these orientation relationships take a crucial part in the microtexture
analysis and morphology prediction of the product phases, the study on such
crystallographic relationships is necessary to design the microstructure with
optimum mechanical properties of advanced high-strength steels.

Recently, low-density steels with outstanding strength and ductility have
been developed in which aluminum or silicon is alloyed as a substitutional light
element [10-23]. Among those, austenite-based high-Mn steels containing
manganese over 15 wt.% and aluminum up to 12 wt.% have attracted increasing
attention due to excellent mechanical properties and density reduction rates [ 14-
23]. After aging treatment at appropriate temperature and time, these steels
feature micro/nano-scale precipitates, such as k-carbide [14-18], B-Mn [17, 18,
20-22], and ordered bce phases (B2 or D0s) [18, 19, 24] inside austenite matrix
or ferrite grains. Because these precipitates have a strong impact on the
mechanical behavior of the low-density steels, many studies have been
performed in order to investigate their precipitation phenomena and its
correlation with the mechanical properties. Especially, the f-Mn phase is
known to cause severe ductility loss and brittle fracture in the high-Mn low-
density steels, leading to decrease of impact energy [18, 20]. On the formation
of the B-Mn during aging treatment of austenite-based high-Mn low-density
steels containing 11.4 wt.% Al, K. Lee et al. [17] showed that the lath-shaped

B-Mn phase were nucleated and extensively grew into austenite matrix. Also
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by a TEM study on the aged ferrite-based high-Mn low-density steels, 3-Mn
grains were formed inside o-ferrite, having a specific crystallographic
orientation relationship with o-ferrite matrix [25]. However, it was not reported
whether the B-Mn phases have a preferred orientation relationship with the
austenite matrix in the high-Mn low-density steels, or not.

In many previous studies where the orientation relationships between two
phases were examined, diffraction patterns at interface boundaries from TEM
observations were used. Although the TEM analysis offers a closer look on the
region of interest at atomic/nano-scale, it lacks statistical verification due to the
significant limit of observation area. Meanwhile, as electron backscatter
diffraction (EBSD) technique has been improved on both hardware and
software systems for nearly two decades, it is now much more reliable in
quantitative measurements of local orientations, large numbers of interfaces,
and microstructural evolution [26]. With local orientation information from
EBSD measurements, local interface orientation relationships between two
phases can be analyzed using the orientation relationship stereogram (OR
stereogram) [27]. The OR stereogram between two phases is constructed by
plotting simultaneously selected low index poles on a stereographic projection
using the orientation information across the interfaces between two phases.
Then, one can examine the preferred orientation relationship between two

phases by analyzing the overlapping set of poles.
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In the present research, we investigate the aging behavior and orientation
relationships among constitutional phases and precipitates in high Mn low-
density steel containing 11.4 wt.% Al The microstructure evolution and
mechanical response during aging treatment are characterized by Vickers
hardness measurement combined with microstructural observations from
EBSD and TEM. The misorientation-angle distribution, Rodrigues—Frank
vector space, and OR stereogram are used to eclucidate the orientation
relationships across y-matrix/B-Mn and [B-Mn/o-precipitate interphase
boundaries. The orientation relationships obtained from the OR stereogram
analysis are verified by checking the distribution of deviation angle from the
predicted ideal orientation relationships, as well as the TEM diffraction patterns
at the interface boundaries. In addition, from both orientation relationships for
y-matrix/B-Mn and p-Mn/a-precipitate interfaces, the interface character
between y-matrix and a-precipitate is examined and compared to conventional

fce/bec orientation relationships.
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4.2 Materials and methods

4.2.1 Microstructure observation and interface

characterization

The specimen solution-treated at 1,050 °C before aging is referred to as
ST, and the specimens aged at 550 °C for 1,000 minutes, 10,000 minutes,
30,000 minutes, and 100,000 minutes are referred to as A1K, A10K, A30K,
and A100K, respectively [17]. For each specimen, Vickers microhardness was
measured on at least 7 points using an 1 kgf load applied for 10 s. Longitudina
|1 plane (i.e, the plane containing rolling and normal directions) of each
specimen was prepared for EBSD measurements by mechanical grinding,
followed by electropolishing using a solution of 20% perchloric acid, 10%
ethylene glycol monobutyl ether, and 70% ethanol.

Before identifying the interphase boundaries from EBSD maps, a grain
dilation clean-up process was applied in the TSL-OIM software in order to
clean ambiguous or badly-indexed pixel data. Segmentation, smoothing, and
extraction of the interphase boundaries from the cleaned EBSD maps were
accomplished using 2D boundary segmentation code based on both the
marching square algorithm and the feature preserving smoothing algorithm,
which was originally developed to analyze the heterophase interface character
of Cu-Nb multilayer composites [5]. From the approximated boundary

geometry together with neighboring phase and orientation data, the
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misorientation-angle distribution, and Rodrigues—Frank vector space [28, 29]
were calculated for y-matrix/B-Mn, B-Mn/o-precipitate, and y-matrix/o-
precipitate interphase boundaries, respectively. To investigate the local
interface orientation relationships of y-matrix/B-Mn and [-Mn/a-precipitate
boundaries, the OR stereogram was constructed for two phases by plotting low
index poles such as 100, 110, 111, 112, 012 and 122 families on a stereographic
projection. The sample coordinate system of the EBSD measurements was
taken as the reference frame of the OR stereogram [27]. If there are coincident
poles of the two phases on the OR stereogram, this means there exists a specific
orientation relationship between them. We selected five pairs of two points,
which are adjacent across the interphase boundary, having strong peaks in the
misorientation-angle distribution and Rodrigues—Frank vector space. Euler
angles (¢, @, @2) at each point of two grains/phases across interphase
boundaries were obtained from EBSD maps and then used to draw the OR
stereogram.

TEM characterizations were carried out to analyze the ordering of matrix
phase and orientation relationships in the A30K specimen. In particular, in
order to confirm the orientation relationships obtained from the OR stereogram
practice, the FIB milling was conducted on the y-matrix/3-Mn and B-Mn/a-
precipitate phase boundary regions to be examined under TEM. For 3D EBSD

analysis, mechanical serial sectioning based on repetitive chemical-mechanical
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polishing was introduced on the A1K specimen with an automatic polisher.
Four microhardness indents were made on the specimen for indicating the
region of interest (~79 X< 79 pm?) and measuring the thickness of a removed
layer during serial sectioning. The specimen for 3D EBSD analysis was
polished with a colloidal silica suspension in every cycle of polish. The removal
depth at each step was obtained by means of confocal microscopy measuring
surface profiles of the microhardness indents. We collected 70 parallel layers,

each separated by 0.34 £ 0.08 um, which is almost same with EBSD step size

of 0.3 um.
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4.2.2 Calculation of the deviation angle from the ideal

orientation relationship

In order to verify statistically the orientation relationships obtained from
the OR sterecograms, the distributions of deviation angle from the ideal
orientation relationship were calculated from the interface segmentation data.

The deviation angle is calculated as follows. The orientation matrices of the

parent and daughter phases (g, and g, respectively) across the interface
segments are determined from the Euler angles. Given g, and g, the

measured misorientation matrix (M ...) between the parent and daughter

cas

phases is calculated as

‘}\4meas:gd'g;1 (1)

Likewise, the ideal misorientation matrix ( M, ) is defined based on

theoretical orientation relationship obtained from the OR stereograms. Then,
the deviation matrix ( D ) between the ideal and measured misorientation matrix

is derived as:

o,-M_ "0, )

i,j = ideal ~ i meas J
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Here, O and Oj are the symmetry operator for cubic crystals, which is

1

taken from the set of 24 elements (i, j = 1, . . ., 24). The deviation angle for
each deviation matrix is calculated, and the smallest is chosen as the deviation

angle from the ideal orientation relationships.

S(D. )-1
szin{cos’l[—( i)

Ik )

S(D) = D11 +D22 +D33 “4)

Then, the distributions of deviation angle were computed from the
segmentation data of the interphase boundaries.

In addition, the distributions of deviation angle for randomly oriented
pairs were calculated for comparison with the measured interface segments.
The randomly oriented pairs were generated by partitioning the Euler space of
misorientation matrix into a finite number of elements of equal volume, based

on following equation [30, 31]:

dg = sin @dp,dddp, Q)

2
T

is the

where dg is the misorientation elements in the Euler space, 5
V4
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normalization factor, and SIn® is an invariant measure which remains the
volume of each element unchanged after an arbitrary transformation.
Considering the symmetry of cubic structure, the misorientation parameters
represented by the Euler angles range from zero to 90° for ¢, @, and @a,
respectively. With a resolution of 2°, 91,125 random pairs were obtained for

calculation.
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4.3 Microstructural evolution and aging behavior

To identify equilibrium phases of the investigated alloy as a function of
temperature, the equilibrium phase fractions were calculated using phase
diagram (CALPHAD) method [32]. The thermodynamic database for high Mn-
high Al steels based on Fe-Mn—Al-C quaternary system was used for
calculation [33]. Figure 4.1 shows the volume fractions of equilibrium phases
in Fe-30Mn—12A1-0.9C alloy. The alloy presents two-phase region consisting
of austenite and ferrite at 1,200 °C. As the temperature goes down from about
1,050 °C, the fraction of austenite decreases abruptly, while the amount of
ferrite increases rapidly and k-carbide starts to precipitate. At 800 °C, the f-Mn
phase begins to precipitate and its fraction increases monotonically up to about
46.5% at 500 °C, while ferrite phase starts to disappear. Since the aging
treatment was conducted at 550 °C, it is estimated from the equilibrium phase
diagram that k-carbide and f-Mn are formed within the matrix phase during
aging process.

EBSD phase maps of the ST, A1K, A10K, and A100K specimens are
shown in Fig. 4.2(a-¢), respectively. The ST specimen consists of a y-austenite
matrix with some o-ferrite grains elongated along the rolling direction. The
phase fraction of these a-ferrite bands is 10.0%, measured from EBSD. The
amount of the a-ferrite bands from the EBSD measurement is much lower than

the calculated fraction (~ 42.8%) at around 1,050 °C in Fig. 4.1. The p-Mn
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phase, colored in green in Fig. 4.2(b-¢), has grown extensively into the y-matrix
after aging for 1,000 min. In order to analyze the morphology of the f-Mn, 3D
EBSD microstructure from the A1000 specimen was obtained by the
mechanical serial sectioning, and it is shown in Fig. 4.3. 3D reconstruction
process and morphology analysis were applied in the DREAM.3D software
[34]. It is assumed that all grains including 94 B-Mn grains in 3D representative
volume elements (RVE) have the morphology as ellipsoid. Under this
assumption, the principal axis and their length of “best fit” B-Mn ellipsoids
were calculated. Figure 4.4 shows distribution of B-Mn plate lengths, and plots
of width against length and thickness against length of B-Mn plates. Also, the
principal axis length and aspect ratios of the 94 3-Mn grains are listed in Table
4.1. Considering the aspect ratios, which are 2.3 and 5.2 for Length/Width and
Length/Thickness, respectively, the B-Mn grains are formed in the y-matrix
with a lath- or plate-type morphology.

After B-Mn phase forms, a new microscopic bce phase was precipitated
inside and at grain/phase boundaries of the B-Mn phase by further aging
treatment, as shown in the magnified EBSD phase maps in Fig. 4.2(d,e). These
small-sized precipitates are considered to be the ordered bcc phase (B2 or D03)
due to high Al content in the investigated alloy [18, 19, 24]. The microstructural
evolution and precipitation behavior during the aging treatment of this alloy are

different from the austenitic alloys containing about 9 wt.% Al, in which co-
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precipitation of f-Mn and a-ferrite forms a lamellar-type morphology along y-
austenite grain boundaries [21, 22]. The kinetics and morphological differences
of the B-Mn and a-ferrite precipitation in two alloy systems are due to the
difference in Al content, such that higher Al content increases the driving force
for the 3-Mn formation, as verified by thermodynamic calculation in a previous
study by the present authors [18].

Figure 4.2(f) shows the Vickers hardness on all specimens as a function
of the aging time at 550 °C. At the incipient stage of the aging treatment within
300 min, the gradual increase of the Vickers hardness is observed, indicating
the primary age hardening by the formation of the nano-sized k-carbide within
the y-matrix, as previously confirmed by TEM observation [17]. After aging for
300 min, a dramatic increase in hardness up to 700 HV is found. This secondary
hardening behavior is due to the formation of the B-Mn phase, as clearly noticed
from microstructural evolution in Fig. 4.2(b). After aging for 10,000 min, the
Vickers hardness is maintained without considerable changes.

In order to confirm the crystal structure and ordering of nano-sized
precipitates in matrix phase, TEM characterizations were carried out on the
A30K specimen. Figures 4.5(a-b) show a bright-field image and a selected area
diffraction pattern along [011] zone of the austenite matrix. As mentioned
earlier, fine coherent k-carbides are formed within y-austenite grains, indicated

by superlattice {100} and {110} reflections. Again, this k-carbide precipitation
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seems to occur at the early stage of the aging treatment as indicated by the age
hardening in Fig. 4.2(f). A TEM micrograph and a selected-area diffraction
pattern of an a-precipitate region inside the -Mn grains are presented in Fig
4.5(c-d). The diffraction pattern indicates the presence of partial D03 order
inside the a-precipitate, as usually observed in ferritic alloys having high Al or
Si contents [18, 24].

The previous study [17] reported that interstitial carbon atoms merely
diffused from B-Mn into y-matrix during the f-Mn formation, while the other
substitutional elements such as Al, Mn and Fe showed little partitioning
between the B-Mn and y-matrix. In contrast, during the formation of the a-
precipitate at the 3-Mn interior or grain/phase boundary, the redistribution of
substitutional elements is required. Therefore, together with the current
observations on microstructural evolution, the precipitation sequence in the
investigated alloy is y-matrix—-Mn— o-precipitate and can be explained by
the redistribution of the alloying elements in addition to the increase of the
driving force for the B-Mn formation due to the higher Al content. For
convenience, from now on, the austenite matrix containing nano-sized coherent
k-carbides is referred to as “y-matrix”, and the bcc precipitate phase including

both a disordered bee (A2) and an ordered DO0s is referred to as “o-precipitate”.
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Figure 4.1 The equilibrium phase fractions as a function of temperature of Fe—

30Mn-12A1-0.9C alloy, calculated with CALPHAD method.
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Figure 4.3 3D-reconstructed EBSD microstructure after aging at 550 °C for

1,000 mins: (a) Phase map (ll FCC; BCC; B [-Mn), (b) Austenite

orientation (TD) map, (c) f-Mn orientation (TD) map.
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Figure 4.4 (a) Distribution of -Mn plate lengths from 3D EBSD RVE in Fig.

4.3, assuming the B-Mn morphology as an ellipsoid. Plots of (b) width against

length, and (c¢) thickness against length of B-Mn plates.
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Table 4.1 The principal axis length and aspect ratios of the 94 3-Mn grains from

3D RVE.
Value
Length (um) 6.7+1.3
Width (um) 3.1+£0.6
Thickness (um) 1.5+03
Length/Width 23
Length/ Thickness 5.2
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Figure 4.5 TEM micrographs and diffraction patterns after aging at 550 °C for
30,000 mins. (a) Bright-field image and (b) selected area diffraction pattern
showing [011] zone of the y-austenite and k-carbide. (c¢) Bright-field image and
(d) selected area diffraction pattern showing [011] zone of the a-precipitate

including partial D03 order.
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4.4 Orientation relationship between y-matrix and f-Mn

Figure 4.6 shows the magnified EBSD maps of phase, orientation
(transverse direction, TD), and image quality (IQ) of the A1K specimen, in
which the B-Mn grows sufficiently into the y-matrix. Some small-sized o-
precipitates, colored in yellow in phase map, are observed in the interior or at
the grain/phase boundaries of 3-Mn. The misorientation-angle distribution of
y-matrix/B-Mn interphase boundaries is presented in Fig. 4.7(a) and compared
with the Mackenzie distribution [35]. Note that a relatively large fraction of
misorientations ranging between 17° and 21° shows up, and the corresponding
y-matrix/pB-Mn interphase boundaries are colored in red in Fig. 4.6(c). Figure
4.7(b) shows the Rodrigues—Frank vector space R(R1, Rz, R3) for y-matrix/-M
n interphase boundaries. The space is represented as a series of Ry X R,
sections at different R3 (from the bottom “section a at R3 = 0.000” to the top
“section g at R3 = 0.315”) of two different phases having cubic crystal structures
[29]. It is found that the y-matrix/B-Mn interphase boundaries have strong p
eaks at around R = (0.157, 0.033, 0.033) and R = (0.033, 0.157, 0.03
3), as indicated by white arrows in Fig. 4.7(b). These are equivalent to the
strong peaks found in the misorientation-angle distribution, signifying
that a stable preferred orientation relationship exists between y-matrix and 3-
Mn phase.

To determine the y-matrix/B-Mn orientation relationship, five different
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regions having misorientation angles from 17° to 21° are selected as marked in
Fig. 4.6 and the corresponding OR stereograms are shown in Fig. 4.8(a-¢),
respectively. It is apparent that coincidence of {111} y-matrix and {122} 3-Mn
poles is found for all cases. Perpendicular to this coincident poles, another
overlapping pair of coincidence poles is found for all cases indicating
consistently {110} y-matrix // {012} p-Mn. Thus, the y-matrix/$-Mn
orientation relationship obtained by the OR stereograms is summarized as

follows:

(111), /1221 > (O1T),//012)y > (211), /(542 s, (6)

and the equivalent axis-angle pair of this relationship is calculated to be <3.1
2.2 10.6>/19.6°, which characterizes the peaks in the misorientation-angle
distribution and in the Rodrigues—Frank vector space in Fig. 4.7.

For further quantification of the y-matrix/B-Mn interface characteristics,
the distributions of deviation angle from the ideal orientation relationship
obtained by the OR stereograms were calculated from the segmentation data of
the y-matrix/B-Mn interphase boundaries in Fig. 4.6, and the results are shown
in Fig. 4.8(f). Also, the distribution of deviation angles for randomly oriented
pairs of y-matrix and B-Mn grains is presented in black line in the figure. It is

clearly seen that nearly 40% of the interface segments are within 5° of deviation
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from the ideal orientation relationship, implying that the majority of the f-Mn
grains have the orientation relationship with y-matrix as predicted by the OR
stereograms. In addition, TEM observations were conducted on the A30K
specimen with respect to the y-matrix/[3-Mn phase boundary, in order to clarify
the orientation relationship. Figure 4.9 shows a bright-field image and a
selected area diffraction pattern of circular area in Fig. 4.9(a). The [011] zone
axis of the y-austenite and k-carbide matches well with the [012] zone of the [3-
Mn phase, which shows the same pair of coincident poles in the orientation
relationship. Further, the selected area diffraction pattern exhibits a coincidence
of {111}, and {221}p.ma reflections, indicating another predicted pair in the
orientation relationship. Therefore, one can confirm that the preferred
orientation relationship is found between y-matrix and -Mn phases as in
equation 6.

The previous study [5] reported that the {111} has the lowest free surface
energies for fcc crystal, which was verified by using the nearest neighbor
broken bond model. Similarly, assuming that the {111} y-matrix plane has the
lowest energies for the y-matrix in the investigated alloy, {111}, // {221}p-mn
interface might be a possible habit plane having the preferred orientation
relationship. To confirm the coherency of the {111}, // {221}p.ma interface, the
atom arrays between {111}, and {221 }p.mn planes are overlaid and presented in

Fig. 4.10. The lattice parameters of y-matrix and -Mn were 3.761 and 6.310
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A, respectively, based on X-ray diffraction measurements on the A10K
specimen [17]. The coherent matching between {111}, and {221} .M. planes is
observed on the region surrounded by blue dashed line. Surprisingly, the
coincident area is quite small compared to overall boundaries presented in the
figure. However, the fraction of coherent region is known to be increased by
introducing crystal defects such as misfit dislocations and ledges around the
“real” interface [36]. Thus, it is reasonable to conclude that the y-matrix/B-Mn
interface with the predicted orientation relationship is dominant in the

investigated alloy.
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Figure 4.6 Microstructure after aging at 550 °C for 1,000 mins.: (a) EBSD phase
map (Ml FCC; BCC; M B-Mn), (b) Orientation (TD) map, (¢) IQ map
highlighting misorientation angles for y-matrix/B-Mn interphase boundaries in
the range 17° < red < 21°, which corresponds to the dominant orientation
relationship (see next figure). The horizontal direction is a normal direction of

the specimen.
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measurements in Fig. 4.6. The black curve in (a) indicates the MacKenzie

distribution.
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Figure 4.9 TEM micrographs and diffraction patterns at the y-matrix/pB-Mn
interphase boundaries after aging at 550 °C for 30,000 mins. (a) Bright-field
image and (b) selected area diffraction pattern showing [011] zone of the y-
austenite and k-carbide and [012] zone of the 3-Mn phase, showing overlapped

111 y-matrix and 221 -Mn poles.
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4.5 Orientation relationship between B-Mn and a-

precipitate

On the orientation relationship between a-ferrite matrix and B-Mn
precipitate, Liu et al [25] showed that the orientation relationship was
(001) 1(012)g_y, - (010)

a—ferrite o—ferrite //(OZT)B—Mn ’ (1 Oo)a—ferrite //(1 Oo)ﬁ—Mn in a Fe_

29.9Mn-9.1A1-2.9Cr ferritic alloy by TEM observation. In addition, Baker et
al [37] reported that the identical orientation relationship was observed between
B2 matrix and B-Mn precipitates in a bcc-based, spinodally formed
FessNijsMnasAlys (in at. %) alloy. While the 3-Mn was precipitated within a-
ferrite or B2 matrix in the case of both the bce-based alloys, on the contrary,
the a-precipitates were formed at the 3-Mn interior or grain/phase boundary in
the currently investigated alloy after aging for 10,000 min, as shown in Fig. 4.2.
To identify the B-Mn/o-precipitate orientation relationship, EBSD and TEM
measurements were conducted on the A30K specimen, again.

The magnified EBSD maps of phase, TD orientation, and IQ of the A30K
specimen are shown in Fig. 4.11. Compared to the A1K specimen exhibited in
Fig. 4.6, the a-precipitates grow inside B-Mn grains after further aging
treatment. Interestingly, preferred orientation of the a-precipitates was fairly
observed depending on each B-Mn parent grain. Figure 4.12(a) shows the

misorientation-angle distribution of 3-Mn/a-precipitate interphase boundaries
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with the Mackenzie distribution. It is apparently seen that higher frequencies of
the interphase boundaries are distributed to the range between 24° and 28°,
which are colored in red in Fig. 4.11(c). Figure 4.12(b) exhibits the Rodrigues—
Frank vector space R(R, Rz, R3) for 3-Mn/a-precipitate interphase boundaries.
The strong peaks are found at around R = (0.232, 0, 0) and R = (0, 0.232, 0),
indicated by white arrows in Fig. 4.12(b). It is equivalent to a <1 0 0>/26.6° in
the axis—angle pair convention, which corresponds to the axis-angle description
of the orientation relationship between bcc matrix and B-Mn precipitate as
confirmed by the previous studies [25, 37]. Thus, it seems that the B-Mn grain
and o-precipitate in the investigated alloy can have the same orientation
relationship as observed in both the bce-based alloys.

Figures 4.13(a-¢) show the OR stereograms for PB-Mn/a-precipitate
interphase boundaries in the A30K specimen. Five different regions having the
misorientation angles between 24° and 28° are selected as marked in Fig. 4.11.
The overlap of {012} B-Mn and {001} a-precipitate poles appears for all cases.
Perpendicular to this coincident poles, another pair of {012} B-Mn and {001}
o-precipitate poles is overlapped, and further, {001} pole in B-Mn coincides
with {001} pole in a-precipitate for all cases. Therefore, the orientation
relationship between PB-Mn phase and o-precipitate obtained by the OR

stereograms is summarized as follows:

91



(012, /(001), . (02T, //(010),. (100),.,,, //(100), (7)

and this is identical orientation relationship as observed in ferritic [25] and bee-
based spinodally formed alloy [37].

Figure 4.13(f) presents the distributions of deviation angle from the ideal
B-Mn/a-precipitate orientation relationship obtained by the OR stereograms.
The deviation angles were calculated from the segmentation data of the [3-
Mn/a-precipitate interphase boundaries. Compared the distribution of
deviation angles for randomly oriented pairs, the low deviation angle section
below 5° has a relatively large fraction. Therefore, it is conceivable that the
orientation relationship predicted by the OR stereograms is valid for the [3-
Mn/a-precipitate interphase boundaries from a quantitative aspect. TEM
characterizations were also carried out on B-Mn/o-precipitate phase boundary
in the A30K specimen. Figure 4.14 shows a TEM micrograph and a selected
area diffraction pattern of circular area in Fig. 4.14(a). The a-precipitate [001]
zone axis coincides with the f-Mn [012] zone axis. These coincident zone axes
correspond to a pair of coincident poles in the orientation relationship. On the
selected area diffraction pattern, {021}g.mn reflections are consistent with
{020} o+po3 reflections. Furthermore, a coincidence of {200} g-mn and {200} o-+po3

reflections are observed on diffraction pattern. Therefore, it is certainly proved
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that the preferred orientation relationship between B-Mn and a-precipitate

phases exists in the investigated alloy as in equation 7.
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Figure 4.11 Microstructure after aging at 550 °C for 30,000 mins.: (a) EBSD
phase map (ll FCC; BCC; M B-Mn), (b) Orientation (TD) map, (c) IQ
map highlighting misorientation angles for B-Mn/a-precipitate interphase
boundaries in the range 24° < red < 28° which corresponds to the dominant
orientation relationship (see next figure). The horizontal direction is a normal

direction of the specimen.
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EBSD measurements in Fig. 4.11. The black curve in (a) indicates the
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Figure 4.14 TEM micrographs and diffraction patterns at the B-Mn/o-
precipitate interphase boundaries after aging at 550 °C for 30,000 mins. (a)
Bright-field image and (b) selected area diffraction pattern showing [012] zone
of the B-Mn phase and [001] zone of the a-precipitate phase including partial

D03 order, showing overlapped 021 B-Mn and 221 a+D0s poles.
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4.6 Interface character distribution of y-matrix/a-

precipitate phase boundaries

During the aging treatment, the precipitation sequence in the investigated
alloy is summarized as follows: the lath-shaped B-Mn grains are firstly formed
inside the y-matrix, and then the a-precipitate is subsequently precipitated in
the interior or at the grain/phase boundaries of 3-Mn phase (y-matrix—3-Mn
—a-precipitate) after further aging. In fact, this precipitation process is similar
to multiple martensitic transformations (y-matrix—g-martensite—o.’-
martensite) in TRIP-aided steels [38, 39]. During these martensitic phase
transformations, the Shoji—Nishiyama(S—N) orientation relationship between y-
matrix and e-martensite ({111},//{0001}¢, <110>,//<1120>¢) [40] and the
Burgers relationship between g-martensite and o’-martensite ({0001}:/{110},
<1120>¢//<111>4') [41] were observed. The fcc y-matrix and bee o’-martensite
were found to follow the KS orientation relationship [1]. Also, besides the KS
relationship, there were several orientation relationships found between fcc and
bce structure, such as the Bain [42], NW [2], and Pitsch [7] relationships. In
light of those, the interface character between y-matrix and a-precipitate in the
investigated alloy is examined and compared to the well-known fcc/bee
orientation relationships as mentioned above.

Based on two ideal orientation relationships for y-matrix/B-Mn and B-
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Mn/a-precipitate interfaces obtained by the OR stereograms, respectively, the
misorientation matrix between y-matrix and o-precipitate is calculated. This
idealized misorientation matrix is illustrated in Fig. 4.15, indicated by red stars
around one Bain variant among three possible variants on a {100} ,.cc pole
figure. For comparison, all other variants of the KS, NW, and Pitsch
relationships are represented together using different symbols and colors. Four
variants of the ideal y-matrix/a-precipitate misorientation matrix surround one
Bain variant in common with the NW and Pitsch, while eight KS variants are
located between the NW and Pitsch variants, respectively. The crystallographic
misorientation angles between each variant, including y-matrix/o-precipitate
relationship, are also addressed on the pole figure. Notably, the y-matrix/o.-
precipitate variant has lower misorientation angle with the NW variant (3.19°),
compared to the Bain (6.55°), KS (6.16°), and Pitsch (6.89°) variants. This
means that the idealized y-matrix/a-precipitate interface character developed
through B-Mn transformation is closer to the NW relationship than other
conventional fcc/bee relationships.

As shown in the EBSD phase map (Fig. 4.11(a)), y-matrix/o-precipitate
interphase boundaries were also formed in the A30K specimen. To investigate
the interface character from actual experimental results, the y-matrix/o-
precipitate interphase boundaries were segmented and extracted from the

measured EBSD map. Figure 4.16(a) presents the misorientation-angle
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distribution of the y-matrix/a-precipitate interphase boundaries with the
Mackenzie distribution. The interphase boundaries are clearly concentrated in
the range between 42° and 46° misorientation angles. The Rodrigues—Frank
vector space R(R1, R», R3) for the y-matrix/a-precipitate interphase boundaries
are shown in Fig. 4.16(b). The y-matrix/a-precipitate interphase boundaries
have strong peaks at around R =(0.414, 0, 0) and R = (0, 0.414, 0), as indicated
by white arrows in Fig. 16(b), which is equivalent to a <1 0 0>/45° in the axis—
angle pair convention. This signifies that most of the y-matrix/a-precipitate
interfaces in the A30K specimen have the specific fcc/bee interface character
including the Bain, KS, NW, and Pitsch relationships.

In order to distinguish more clearly, which relationship is closest to the
measured y-matrix/o-precipitate interfaces, the distributions of deviation angle
from each ideal fcc/bee orientation relationship were calculated with the
distributions for randomly oriented pairs, respectively, and they are shown in
Fig. 4.17. Compared to the deviation angle distributions of the Bain and Pitsch
relations (Fig. 4.17(a,d)), the majority of the interface segments have a
relatively low deviation angle below 5° with the KS and NW relations (Fig.
4.17(b,¢)). In particular, the fraction of the deviation angles below 2.5° in the
NW (32.8%) is relatively higher than that in the KS (25.7%). Consequently,
considering the aspects of not only the misorientation obtained from two ideal

orientation relationships (y-matrix/B-Mn and B-Mn/a-precipitate) but also the

100



measured EBSD results, the y-matrix/a-precipitate interface character through
B-Mn transformation is more like the NW relationship among the possible

fcc/bee relationships.
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4.7 Conclusion: Investigation of the aging behavior and

orientation relationships

This research investigated the aging behavior and orientation
relationships in Fe-31.4Mn-11.4A1-0.89C low-density steel with respect to
constituent phases and precipitates, including y-austenite matrix, f-Mn, and o-
precipitate. From the microstructural changes and corresponding mechanical
response during aging at 550 °C, the primary age hardening at the incipient
stage of aging below 300 min was induced by nano-sized «-carbide
precipitation within the y-matrix. After aging for 300 min, a dramatic secondary
hardening response was found, which was attributed to formation of the lath-
type B-Mn phase. The a-precipitates with partial D03 order were subsequently
formed inside and at grain/phase boundaries of the B-Mn phase by further aging
treatment.

The misorientation-angle distribution and Rodrigues—Frank vector space
for both y-matrix/B-Mn and p-Mn/a-precipitate interphase boundaries
calculated from EBSD measurements indicated that the preferred orientation
relationships obviously existed for both interphase boundaries, respectively.

From the OR stereograms for the y-matrix/B-Mn interphase boundaries, the

preferred orientation relationship was represented as  (111), //(221), , -

(011), /(012) y, » (211),//(542), , » and the axis-angle description of the
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disorientation is <3.1 2.2 10.6>/19.6°. Also, the OR stereograms revealed that
the orientation relationship between B-Mn phase and a-precipitate showed up
as (012),,, //(00D), , (021),,,/010), , (100), ., //(100), , which is in
excellent agreement with the previous TEM studies. Both orientation

relationships obtained from the OR stereograms were clarified by checking the

deviation angle distributions of interface segments from the ideal orientation

relationships, as well as the TEM diffraction patterns at the interface boundaries.

Based on the y-matrix/3-Mn and p-Mn/o-precipitate orientation
relationships, the interface character between the y-matrix and a-precipitate
was examined and compared to conventional fcc/bee orientation relationships.
A majority of the interphase boundaries followed the specific fce/bee
orientation relationships including the Bain, KS, NW, and Pitsch relationships.
The deviations from misorientations associated with idealized orientation
relationships, as well as measured EBSD results indicated that the y-matrix/o.-
precipitate interface character through -Mn transformation was closer to the

NW relationship among the possible fcc/bece relationships.
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Chapter 5
Dual-scale correlation of mechanical behavior in

duplex low-density steel

5.1 Introduction

Recently, decreasing carbon dioxide emissions and improving fuel
efficiency have been global issues in the automotive industry. Accordingly,
much research has been performed to develop many kinds of advanced high-
strength steels (AHSSs), such as dual-phase (DP) and transformation-induced
plasticity (TRIP) steels, in order to reduce the weight of automotive parts [1-4].
Interest in low-density steels with high strength and toughness is emerging in
automotive applications, and many kinds of low-density steel have been
developed [2, 5-8]. Among the low-density AHSSs, duplex low-density steels
containing light substitutional elements have drawn attention to obtain a
balance between strength and ductility [2, 5-7]. These duplex steels, which are
composed of ferrite and retained austenite, show complex deformation behavior,
which arises from the interactions among the different microstructural
constituents. To ensure reliable alloy and processing designs of the duplex low-
density steels, it is necessary to understand the influence of the intrinsic

behavior of their microstructural constituents on the macro-scale deformation
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behavior, including the plastic yielding and deformation-induced martensitic
transformation (DIMT) of retained austenite [5, 9].

In this study, a dramatic difference in the macroscopic tensile behavior
regarding yield strength, yield point, and strain hardening was introduced to
two specimens of duplex low-density steel with the same nominal chemical
composition, obtained under specific heat-treatment conditions. In order to
understand the difference in the macro-scale mechanical behavior despite the
similar microstructures, the intrinsic mechanical properties of each phase were
measured by nano-indentation and analyzed by a combination with Hall-Petch
relationship. In addition, the mechanical stability of retained austenite was
investigated by in-situ electron backscattered diffraction (EBSD) and energy-
dispersive X-ray spectroscopy (EDX) in transmission electron microscopy

(TEM).
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5.2 Experimental procedure

An alloy with a chemical composition of Fe—0.23C-8.1Mn—-5.3A1-0.01Si
(wt.%) was prepared by vacuum induction melting. The specific process
condititions of the alloy have been presented in our previous work [6]. Two
low-density steel specimens were preprared for experiments by cold-rolling and
annealing at 800 °C (T800) and 900 °C (T900) for 2 minutes in an infrared
heating furnace. Macroscopic tensile behaviors of both steels were measured
with sub-sized specimens according to ASTM-E8M at a crosshead speed of 2
mm/min with a gauge length of 25 mm. For statistically reliable analysis of
microstructure, the phase fractions and grain size distributions were measured
at three different regions in both specimens using EBSD. Misorientation angle
of 5° was taken as a threshold value for grain definition.

Nano-indentation tests were performed using a Hysitron Tribolab nano-
indentation system in load control at a constant loading rate of 200 uNs-1. A
Berkovich-type indenter with a half angle of 65.3° was used. To investigate the
intrinsic mechanical properties of each phase in T800 and T900 without the
grain boundary effect, two different indentation methods were applied for each
phase in two specimens. For a-ferrite, which has a large grain size compared
to the size of indentor tip, a total of 100 indentations were performed ina 10x10

rectangular array with a spacing of 5 um between each indentation. To exclude

the grain boundary effect, only the indentation marks located inside the o-
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ferrite grains with sufficient distance from the grain boundaries were selected
for the analysis, based on the EBSD band contrast map of nano-indentation
regions [10]. In the case of a-ferrite and austenite grains with smaller grain size,
a scanning probe microscope (SPM) was used in the nano-indentation system,
which made it possible to evaluate the grain morphologies and to precisely
identify the areas that had been previously analyzed by EBSD [11]. Guided by
the EBSD and SPM images, individual o-ferrite and austenite grains were
selected for nano-indentation.

The stability of the retained austenite grains in both specimens during
tensile deformation was analyzed using in-situ EBSD. The microstructure
change along with DIMT phenomena was measured during tensile deformation
inside a scanning electron microscope (SEM) chamber [12]. The chemical
composition in the retained austenite phase was measured by EDX in TEM

from 10 to 20 austenite grains, and average values were selected.
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5.3 Macroscopic  tensile behavior and initial

microstructure

Engineering stress-strain curves and true stress-strain curves with
corresponding strain hardening rate of T800 and T900 are shown in Figure 5.1.
Although both alloys have the same nominal chemical composition,
dramatically different macro-scale tensile behavior was shown in both steels.
The yield strength of T800 is 718 MPa, which is quite higher than the 561 MPa
obtained for T900. While T800 shows a distinct yield point phenomenon, there
is no yield point phenomenon in the stress-strain curve of T900. A point of
inflection indicated by red arrow is observed in the strain-hardening rate curve
of T900, which might have been caused by the DIMT of the metastable
austenite. In addition, the elongation of T900 is much higher than that of T800.

Figure 5.2 shows one of EBSD phase maps of T800 and T900, respectively.
Both steels contain d-ferrite with layered structure along the rolling direction,
small sized a-ferrite, and metastable austenite (y). The bimodal size distribution
in ferrite grains is caused by aluminum which stabilizes ferrite to remain stable
even at high temperature where hot-rolling was performed. The remaining
elongated coarse one is O-ferrite, while small o-ferrite forms by annealing after
cold-rolling. The grain size of each phase and the volume fraction of austenite
in specimens obtained from the EBSD measurements are listed in Table 5.1.

The grain size of d-ferrite is about 10 um, and the grain sizes of a-ferrite and
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austenite are less than 1 pm in both specimens. T900 has larger grain sizes of
a-ferrite and austenite, a smaller grain size of d-ferrite, and a larger austenite

fraction compared to T800.
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Figure 5.1 (a) Engineering stress-strain curves and (b) true stress-strain curves

with corresponding strain hardening rate as a function of true strain for T800

and T900 specimens.
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Figure 5.2 EBSD phase map of cold-rolled and annealed specimens: (a) T800;

(b) T900 (M FCC;  BCC).
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Table 5.1 Grain size of each phase and austenite fraction of the alloys obtained

from EBSD.
o-ferrite o-ferrite Austenite
£y
Sample o
Grain size (um) (%0)
T800 10.90 0.68 0.54 36.7
T900 8.62 0.79 0.70 414
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5.4 Correlation between macro-scale uniaxial tension and

nano-scale indentation

Figure 5.3 shows the load-displacement curves obtained from the nano-
indentation of each phase in the specimens. The dashed lines on the curves are
the theoretical Hertzian elastic solution, assuming that the indenter tip is

spherical at shallow depths [13]:

P=§Er RS’ (1)

where P is the load applied by indenter, J is the corresponding indentation depth,
R is the radius of indenter tip, and £, is the effective modulus. R was determined
to be 200 nm from a calibration using standard fused quartz. £, can be obtained
from the unloading curve in the load-displacement curve fitted to the power law
[14]. In the loading curves of &- and a-ferrites of both specimens, sudden
displacement excursions called “pop-in” are observed for most indentations.
Before the pop-ins, the experimental loading curves match the theoretical curve
well, indicating an elastic response before pop-in. Clear pop-in is not detected
in the loading curve of the austenite phase in both specimens. It is known that
this pop-in phenomenon is closely related to the dislocation nucleation at the
elasto-plastic transition, and the difference in pop-in phenomenon between

ferrite and austenite arises from the different mechanism of dislocation
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nucleation in BCC and FCC structure [15, 16].

With regard to the initial yield strength of each phase, the maximum shear

0

m °

stress underneath the indenter, 7, , at the elasto-plastic transition might

become a parameter to compare the macro-scale mechanical behavior with the

nano-scale indentation. It can be calculated from Hertzian analysis [13]:

2

6p E>)"
7Z. ]

70 =0.31( s

where P, is the first load beyond which Hertzian elastic behavior is not

observed. The 2'2 values of all phase in the specimens were determined to be

in the range of 4.9 to 8.3GPa, which corresponds to G/10 to G/16, where G, the

shear modulus of steel at room temperature, is about 80 GPa [17]. These values

of 2'31 are within the range of values for the theoretical strength of a crystalline

material [18], indicating that the elasto-plastic transition in the specimens are
likely not the result of movement of the existing dislocations, but of dislocation

nucleation. T800.

. 0 . .. .
Since 7, was determined from measurements inside of each grain, the

effect of grain size on the yielding should be considered to evaluate the
substantial initial yield stress of each phase from the viewpoint of nano-

indentation scale. The well-known Hall-Petch relationship was combined with
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the intrinsic Z'z at the elasto-plastic transition measured by nano-indentation

as follows:

7, =10 +0.5bk, /\/d 3)

where 7,,, d, and k, are the maximum shear stress reflecting the grain size

effect, the mean grain size, and Hall-Petch constant, respectively. Since the
Hall-Petch constant is normally obtained under uniaxial stress state, a
conversion factor of 0.5 was applied to the shear stress state based on Tresca
yield criterion. The constant b reflects the almost tenfold difference between
the maximum shear stress for a single grain (4.9-8.3 GPa) and the yield stress
of polycrystalline material (561 MPa and 718 MPa in Figure 5.1). Actually, the
value of b should depend on indenter radius due to size-dependent pop-in
stresses [19]. Here, b is assumed to be 10. It is generally known that austenite
has a little higher ky values than ferrite in steel [20, 21]. &, values reported for
duplex stainless steels of 0.21 MPa m®° for ferrite and 0.32 MPa m” for
austenite were used [20]. The above equation is valid under the assumption that
the plastic yielding is mostly controlled by dislocation nucleation rather than
movement of existing dislocations. Since the specimens are well-annealed, Eq.
(3) is expected to work effectively.

Figures 5.4 shows the maximum shear stresses underneath the indenter
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upon initial yielding for each phase in T800 and T900, respectively. The solid

and hatched marks indicate 2'31 and 7 _, respectively, for each phase. All

m?

values of 2'31 for all phases in T800 are higher than those in T900. From the

viewpoint of T,Z values without consideration of the grain size effect, a-

ferrite is the stiffest phase, and austenite is the weakest phase in both T800 and

T900. However, when the effect of grain size on the initial yielding for each

phase is considered using 7, , while o-ferrite is the softest phase in T800,

m?

austenite is still the softest phase in T900. As listed in Table 5.1, -ferrite has a
relatively large grain size compared with other phases, and the grain size of
austenite is the smallest in both T800 and T900. However in comparison with
austenite in both specimens, the different annealing temperature causes that the
grain size of austenite in T900 is much larger than that in T800. Therefore, in
the macro-scale tensile test, it can be said that the initial yielding arises at &-
ferrite in T800 and at austenite in T900, respectively, from the dual-scale
correlation between macro-scale tensile behavior and nano-indentation results.

It is well known that the yield point phenomenon is normally observed in
tensile tests of ferritic steels, but not of austenitic steels. In addition, since the
large pop-ins in the nano-indentation load-displacement curves of d-ferrite in
Figures 5.3(a,b) could be closely correlated with yield drops in the macro-scale

tensile stress-strain curves [10], the distinct yield point phenomenon in only
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T800 shown in Figure 1 (a) also demonstrates that d-ferrite is the dominant
phase in the initial yielding of T800. In contrast, T900 has lower yield strength
than T800, and does not show the yield point phenomenon. This implies that

the initial yielding in T900 is controlled by the austenite phase. These results

are in full accord with the analysis of 7, based on nano-scale indentation

measurement, that 7, of the d-ferrite in T800 is larger than that of austenite

in T900.
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5.5 Deformation-induced martensitic transformation

As mentioned in the description of Figure 5.1(b), the inflection point in
the strain-hardening rate curve in T900 might be related to the DIMT of
metastable austenite in the T900 specimen. In order to directly observe DIMT
in both specimens, EBSD phase maps at the same locations of specimens during
stepwise uniaxial tension were obtained, as shown in Figure 5.5. To trace the
microstructure of the same area on the specimen during deformation, four
rectangular micro-indentation marks were placed on the specimen surface
before loading. A sub-grain boundary, defined by misorientation angle from 2°
to 5°, is exclusively observed in a small number of d-ferrite in T800. This comes
from the slightly insufficient recovery of T800 during the annealing process in
comparison with T900.

Figure 5.5(e) shows that DIMT is detected in T900 at only 3.9% strain,
and increased as the macroscopic strain is increased, whereas DIMT could not
be observed in T800 at up to 12.4%. The differences in microstructural changes
during the deformation of two specimens can be explained by the mechanical
stability of retained austenite in both specimens. The mechanical stability of
retained austenite is usually ascribed to its size and shape [22], chemical
composition [23], partitioning of strain [24, 25] and crystallographic orientation
[7, 26]. Among these, the crystallographic orientation could be a minor factor

in this research, because the austenite phases in both specimens have similar
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texture distributions. The grain size of the retained austenite in T800 is smaller
than that in T900, so T800 has higher mechanical stability of the austenite phase

with respect to grain size. In addition, since the initial yielding in T900 is

controlled by the retained austenite phase according to the analysis of 7, , the

strain might concentrate in the retained austenite phase in T900 during tensile
tests, resulting in the DIMT at an early stage of the deformation of T900.
However, since the weakest phase in T800 is d-ferrite, the strain of austenite in
T800 is smaller than that of o&-ferrite. Therefore, T800 could have more
advantages in protecting austenite grains by strain partitioning than T900.

The difference in austenite stability between T800 and T900 can also be
understood in terms of the difference in chemical composition. TEM/EDS and
XRD analyses resulted in 0.551 wt.%C-9.18 wt.%Mn and 0.451wt.%C—-8.99
wt.%Mn in T800 and T900, respectively. It is confirmed that the austenite phase
in T900 has a lower content of C and Mn compared to T800, which are well-
known austenite stabilizers [27]. It indicates that intrinsic mechanical property
of austenite in T900, which is relatively dilute, are softer than that in T800 as
shown in Fig. 5.4. In addition, the lower C and Mn content of the austenite in

T900 makes the austenite less stable than that in T800.
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Figure 5.5 EBSD phase maps of T800 at true strains of (a) 0%, (b) 5.5%, (c)

12.4% and T900 at true strains of (d) 0%, (e) 3.9% and (f) 10.5%. (ll FCC;
BCC; == misorientation angle> 5°; == misorientation angle 2~5°) Blue

arrows indicate martensite transformed from retained austenite.
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5.6 Conclusion: Dual-scale correlation of mechanical

behavior

In this study, the dual-scale correlation between macro-scale tensile test
and nano-scale indentation of a duplex low-density steel was carried out, in
order to explain the dramatic differences in macro-scale tensile behavior in two
specimens obtained under specific heat-treatment conditions, despite the same
nominal chemical composition and similar microstructures. From nano-
indentation, first, the maximum shear stress at the elasto-plastic transition for
each phase in both specimens was determined. The effect of grain size on the
yielding was considered to evaluate the substantial initial yield stress of each
phase from the viewpoint of nano-indentation scale using Hall-Petch
relationship. In addition, DIMT was observed by in-situ EBSD in order to
compare the mechanical stability of retained austenite in two specimens. Based
on these approaches, the dramatic differences of the macroscopic tensile
behavior regarding the yield strength, yield point phenomenon, and strain

hardening in the two specimens was successfully explained.
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Chapter 6

Total conclusions

Low-density steels with outstanding specific strength and ductility while
reducing the density have newly been developed based on novel alloy systems
containing aluminum or silicon as a substitutional light element. Among the
low-density steels, austenite-based high-Mn steels based on the Fe-Al-Mn-C
system have attracted increasing attention as these offer excellent mechanical
properties and density reduction rates. After aging treatment at appropriate
temperature and time, these steels can form micro/nano-scale precipitates, such
as k-carbide, B-Mn, and bcc ordered phases (B2 or D03), inside austenite or
ferrite matrix. Since these precipitates have far-reaching effects on the
mechanical behavior of the low-density steels, many studies have devoted
much effort to investigate their precipitation behavior and correlate with the
mechanical properties.

Especially, the B-Mn phase is known for causing severe ductility loss of
the high-Mn low-density steels, leading to brittle fractures and decrease of
impact energy. However, there is still a paucity of characterization research on
the 3-Mn phase in terms of the formation behavior, microstructural evolution,
and its effects on mechanical and fracture properties of austenite-based high-

Mn low-density steels. Therefore, in this research, the microstructure and
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mechanical behavior of low-density steels were investigated by means of
complementary microstructural and mechanical characterization.

Firstly, the change of the microstructure and intrinsic mechanical
properties of Fe-31.4Mn—11.4A1-0.89C low-density steel under aging heat
treatment was studied by nanoindentation combined with complementary
microstructural characterization. From the microstructural evolution, the 3-Mn
phase nucleated at both ferrite/austenite phase boundaries and
austenite/austenite grain boundaries after aging for 300 minutes at 550 °C, and
grew deeply into the austenite matrix by further aging treatment. The XRD
analysis indicated the lattice expansion of austenite and k-carbide from the peak
shift. This result was instantiated with carbon diffusion to the austenite matrix
due to B-Mn precipitation, which was examined by EPMA analysis. The
Vickers hardness increased dramatically, to more than 700 HV after an aging
time of 1,000 minutes. The secondary aging behavior originated from the
precipitation of the f-Mn phase whose nano-hardness was measured as 13.28
+ 0.16 GPa. The average value and standard deviation of the nano-hardness of
the austenite phase increased after 1,000 minutes of aging from the solution-
treated state. It arose from the increase and inhomogeneous distribution of
carbon content caused by -Mn precipitation.

Secondly, the formation behavior of the (3-Mn phase in high-Mn low-

density steels was investigated with different chemical compositions. From the
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Vickers hardness change and microstructure evolution, the Si and Al additions
accelerated the primary hardening induced by «k-carbide precipitation. For 9Al-
base alloys, colonies composed of o-ferrite and B-Mn phases were formed
along the austenite grain boundaries after aging for 10000 min, and their size
and number were greater in the 9Al-1Si alloy than those in the 9Al alloy. For
11Al alloy, the B-Mn phase, which led to the dramatic secondary hardening,
was seen to have a lath-shaped morphology without the co-precipitation of a-
ferrite after 1000 min of aging. These morphological and kinetic differences of
the B-Mn formation were attributed to the higher Al content, which increased
the driving force for B-Mn transformation. In addition, the effects of the aging
process on the tensile and fracture behavior were analyzed in the 11Al alloy. A
loss of elongation was observed in the specimens aged for 100 min; moreover,
they ruptured before the yield point after aging for more than 300 min. The
fractography analysis revealed that the 3-Mn formation was the main cause of
severe ductility loss of the low-density steel. In addition, the ordering of ferrite
into the DO; phase acted as additional factor of ductility loss especially before
the 3-Mn formation.

Thirdly, the aging behavior and orientation relationships in Fe-31.4Mn—
11.4A1-0.89C low-density steel were investigated with respect to constituent
phases and precipitates, including y-austenite matrix, f-Mn, and a-precipitate.

The misorientation-angle distribution, Rodrigues—Frank vector space, and OR
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stereogram from EBSD measurements were employed for analyzing y-
matrix/B-Mn and 3-Mn/a-precipitate interphase boundaries, respectively. The
OR stereograms showed that the preferred orientation relationships were

represented as (111), //(221);y, » (011),/(012),, » (211),//(542),.,,, fOT Y-
matrix/B-Mn  interface, and  (012),,, //(001), .  (021),,,//(010), .
(100);_, //(100),  for B-Mn/o-precipitate interface, respectively. In addition,

from orientation relationships of both y-matrix/B-Mn and B-Mn/a-precipitate
interfaces, the interface character between y-matrix and o-precipitate was
examined and compared to conventional fcc/bec orientation relationships.
Lastly, the dual-scale correlation between macro-scale tensile test and
nano-scale indentation of a duplex low-density steel was carried out, in order
to explain the dramatic differences in macro-scale tensile behavior in two
specimens obtained under specific heat-treatment conditions, despite the same
nominal chemical composition and similar microstructures. From nano-
indentation, the maximum shear stress at the elasto-plastic transition for each
phase in both specimens was determined. The effect of grain size on the
yielding was considered to evaluate the substantial initial yield stress of each
phase from the viewpoint of nano-indentation scale using Hall-Petch
relationship. In addition, DIMT was observed by in-situ EBSD in order to

compare the mechanical stability of retained austenite in two specimens.
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From this research, the B-Mn phase in austenite-based high-Mn low-
density steels was described well, in terms of the formation behavior,
microstructural evolution, orientation relationships, and its effects on
mechanical and fracture properties. In addition, the dramatic differences of the
macroscopic tensile behavior regarding the yield strength, yield point
phenomenon, and strain hardening in the two duplex low-density steels was

successfully explained.
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