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1trrW)' phase dil.gr.... l\al; bfofn "",poNd.
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microstrudUre;TEM-IFLg=(112O~

c. Ti-l6AI-1Si - ~Gefor8 da}s;hetero~eoussiliddep-eaptation alongpior,
apn b:>undariesiSfMBEI;

d. Ti-l6AI-lSi - ~Ge for 8 daYSi heteIOfJ!Ileous a2 p-eaptation along prior a

wam lDundaries;g=(
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g=(1011>a1;

b. Ti-l6AI-3$i- ~Gefor8da}SiTisSi3p-eripitates; TEM-DH: B=[4513lI'iSSia

andg=(O112JrisSi3;

c. Ti-16AI-3$i - ~Ge for 8 days; a2 preciptation along pior alI'iSSiS

interfa<ES;TEM:-rFI:B=[ll23h2andg={1011>o2;

d. Ti-Z2Al-3$i - ~G e for 8 da}Si a2su~; TEM-DH: B=[I210h2 and

g=(101t>az

e. Ti-16AI-3$i - ~oC for 8 days; TisSi3 praiptales; TEM-DFI: B=PmlI'isSia

andg=(10lOJriSSi:>
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a. Ti-16AI-1Si - sxre for 14 days; displaamlent fringJ! mntrast showing

homo~eousa2pu1ides;TEM-BFI:B=£1546h2;

b. Ti-l6AI-1Si - 8X)°e for 14 da}Si hom~eous and hetero~eous a2
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c. Ti-16AI-lSi - 8X)°e for 14 days; homowneous and hetero~eous a2

pecipitation;TEM-DH B=toolh2andg=(2t tOka;
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a. Ti-16AI-lSi - 8xte for 14 days; detail of homowneous a2 predptation;

TEM-DH: B=l1010h2andg=(1120>a2;

b. Ti-16Al-1Si - 8lJ°C for 14 days; detail ofhomowneous a2 p-edpitation;

TEM-DH:B=too1h2andg={112O)a2;

c. Ti-l6AI-3$i - 8X)Ge for 14 days; heterowneous and homowneous a2

predptationiTEM-DFl: B=Pmh2andg=(112O>a.2;

d. Ti-16AI-35Si - fro° e for 14days;TisSiJpredptate;TEM-DFl: g=(1121)TisSia
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Chapter1

Introduction .
. .-----------------

,

Silicon is an important alloying element for developing creep

resistance near-a alloys which have been progressively developed over the

past thirty years. Alloys such as the British IMI 685, 829 and, most recently,

834 have been developed and have increased the maximum temperature of

service in gas turbine engines to about 600·C. Most recently alloys based on

the aluminides Ti3AI and TiAI have been the subject of intense

development effort in the hope of further increasing the service temperature

to between 700 and 900·C. Silicon is again viewed as important in the Ti3AI

based alloys for improving creep resistance and in TiAI for enhancing

oxidation resistance. Furthermore, in the development of titanium based

metal matrix composites containing SiC fjl>res the reaction between matrix

and fibres to produce titanium silicides is of considerable concern because of

the deleterious effect of the reaction.

In all these cases the constitution of titanium alloy-silicon systems

is of central importance but has not been systematically studied. In the

present work the Ti-rich comer of the ternary AI-Si-Ti system is examined

over the composition range of interest for the development· of near-a. and

aluminide alloys.
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Chapter2
Literature Review

21. General aspects of titanium and titanimnalloys

,

Titanium is the fourth most abundant metal on earth and the
prevalent processes for the production of titanium sponge is the reduction of
titanium tetrachloride by magnesium or sodium (Kroll and Hunter
processes). The energy requirement for the production of the primary
titanium is rather high when compared to steel (approximately 15 times) or
aluminium (approximately twice), but there is considerable room for to
improve the energy efficiency of the refinement process UAF 80].

The proportionate share of titanium usage in the military aerospace
industry fell from 94% in 1955 to 13% in 1992 UAF SO][PEA 95b]. In contrast to
this fall, the non-aerospace sector grew to approximately 42% of the world
market in 1992 [PEA 95b]. Efforts are still being made to develop new large
non-aerospace markets to overcome a serious overcapacity worldwide in the
titanium industry, caused by the--shrinkage of both military and commercial
aerospace markets [PEA 95]. There is still growing use of Ti alloys in the oil
and gas industry, petrochemicals, power generations, civil engineering &

building construction [NUR 95] and even the automotive market is
considered to be a strong candidate [BAN 93]. For instance, temperature
resistant materials dictate breakthroughs in the thermal efficiency of power
generation industry by allowing an increase of the firing temperature of gas
turbines (....1500°C) and compressors (....500°C), so that titanium alloys might
be found useful for parts expo'sed up to 600·C [GIL 95][PET 95]. The search for
alternative markets is, however, not new. Potentially large markets have
been pursued for decades but only with limited success and one possible
explanation for this scenario is the attempt to fit expensive aerospace alloys
into non-aerospace applications, where cost is by far the number one obstacle.
Development of low cost alloys would stand a better chance of opening such
a large new market for titanium [PEA 95]. The same approach should be
applied to develop cost~effective processing of Ti alloys and casting
technology might be a route to be considered. Casting products might replace,
with advantages, forged and machined parts (hot isostatic pressing is said to
make castings technically competitive with forgings but 40% cheaper) [NUR
95][PET 95]. Furthermore, Ti castings of valve and pump components for
chemical plants have been reported elsewhere [NUR 95][PET 95].
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The principal virtues of Ti and its alloys are high strength/weight
ratio, good corrosion resistance, high service temperature and non-toxicity
(body implant market) [NUR 9S]. Pure titanium has a high melting point .
(1660·C), low density (4.5 g/cm3):and undergoes an allotropic transformation
at 882.S·C: Ti-a(hcp) <=> Ti-I} (bee). Titanium is a transitional metal with an
electronic structure represented as 3d2 4s2. This structure enables Ti to form,
solid solutions and compounds with metallic, covalent and ionic chemical
bonds, depending on the similarity or difference of the atomic radii and the
electronic structure of the alloying elements [KOR 70]. This wide range of
chemical bonds causes the alloying elements to affect Ti differently: Elements
like AI. O. N. C and Ga tend to stabilise the a vhase; the I} stabilisers are
generally the transition metals, which can be further divided into 13
isomorphous elements (V, Zr, Hi, Re, Nb and Ta) and I} eutectoid elements
(W, Cr, Mn, Fe, Co, Ni and Cu). Figure 2.1.1 shows five types of systems
formed by binary Ti-alloys systems.

Commercial alloys are usually classified in three groups: near {X..

metastable II and a+jl alloys. ex phase (hcp) is less ductile and more difficult
to deform than the non close-packed I} phase. Additionally the diffusion
coefficient of a phase is about two orders of magnitude lower than that of 13,
favouring creep and oxidation resistance, so that near a alloys are preferred
elevated temperature materials. Metastable aalloys can be processed at m~ch
lower temperature due to its cubic structure (some can be formed at room
temperature). They can be hardened to the overall highest strength levels of
Ti alloys and still reveal high toughness.~ present well balanced
mechanical properties. The microstructures of Ti-alloys are usually a result of
thermo-mechanical treatments, which might be separated into three steps:
deformation, solution heat treatment and ageing. The various
microstructures substantially j influence.,.. mechanical behaviour: equiaxed
microstructures have a potential for high strength, ductility, fatigue strength
and super plasticity; lamellar microstructures have better creep and fatigue
crack growth resistance and reveal higher toughness; while bimodal
microstructures, consisting of equiaxed primary a in a lamellar a+J3
microstructure, show a well balanced set of engineering properties [PET 95].

Although oxidation and hot salt stress corrosion may limit the service
temperature of a Ti alloy in some applications, the mechanical limitation is
generally imposed by high-temperature creep [COL 84]

There are, however, many more microstructural possibilities for the
development of new Ti alloys and they might include the presence of:
aluminide vhases such as a2 and y; ordered 112 phase; and second phase

vrecivitation of other intermetallics and, or silic~des. Titanium aluminide
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alloys might push the temperature limit from 600 to 800·C. The operative
strengthening mechanisms in more complex alloys include: solid solution;
second phase precipitation; short and long-range ordering strengthening.
More specific challenges to be; overcome for the development of new
commercial Ti-aluminide alloys are the room temperature brittleness of
TiAl and Ti3Al; and the poor oxidation resistance of Ti3Al.

f
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2.2.The TI-rkit mmel of the AI-TIsyslem

More than 40 years on from the pioneering works of H.R.Ogden et .
al. [OGD 51] and E.S.Bumps et at: [BUMP 52] there are still some uncertainties
concerning the nature of the phase relationships in" the AI-Ti system. Figure

2.2.1 shows the most recent version of the AI-Ti phase diagram. The phases,
present are the solution phases: Ti(a)-hcp, Ti(~)-bcc and AI-fcc; the ordered
intermetallic phases: Ti3AI(a2)-hcp, TiAl(r)-fcc and TiAl3; the stoichiometric

phases: TiAl2-fcc and Ti2AI5-fcc; and the liquid phase. The invariant

equilibria of Ti-rich corner of the AI-Ii system are given in the table 2.2.1.

TrC) reaction
-1490 Peritectic: liquid + J3(Ti)-> aCTO

-1462 Peritectic: liquid + a (TO-> y(TiAl)

-1165 Congruent: a (Ti)-> a2(TiJAI)

or

-1200 Peritectoid: J3(Ti) + a (Ti)-> a2(TiJAI)
-1150 Peritectoid: (3(Ti) + a2(Ti3AI) -> aCTO

-1120 Eutectoid: aCTO -> a2(Ti3Al) + '}'(TiAI)

TaHe221. Invariant equililria of tre TI-rich romer
of tre AI-Ti System[I<AT92].

Ever since the first investigation [OGD 51] there have been

numerous attempts to explore the phase equilibria in this system. The

existence of the intermetallic ordered phase Ti3AI, also known as a2; was
first observed and confirmed around 1960, and from then on much research

has been concentrated on determining the position and extent of the a2

phase field. R.D.Shull et al. [SHU 841 mentioned that the problem, which has
remained the same for more than 40 years, has been how to add the ordered

phase 0.2 into Bump's diagram. They listed some of the difficulties faced by

investigators to determine the exact position and extent of the 0.2 phase field:

the phase coherency and composition similarity between a and 0.2 make

metallography unreliable; 0.2 phase sometimes forms during quenching

while low temperature equilibrium between a and a2 phases is sometimes

difficult to obtain; the ease with which Ti-alloys are contaminated by gases

causes large phase boundary shifts, resulting in inaccurate comparisons of

results from different investigators.

Oxygen and nitrogen are both a-stabilisers and therefore affect the

shape and the position of the phase fields in the AI-Ti system.

Contamination by gases can occur during 'production and heat treatment of
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Ti-alloys. The presence of even small amounts of these contaminants may
lead: to a broadening of the cx+P phase field; to a rise of the p-transus; to a

... , reduction of the solubility of aluminium in a phase; and finally to the .

formation of a2 phase [CRO 69] lARD 95]. Most of the investigations, up to
the revolutionary paper by M.J.Blackburn [BLA 67bJ seem to be the result of

suspect or inadequate methods of investigation, which indicated, for

instance, the presence of more than one intermetall1c phase in the Ti-rich
corner of the phase diagram or a miscibility gap within Ti3AI phase field.
Table 2.2.2 presents a historical survey over the papers dealing with the Ti

rich corner of the Ti-AI phase diagram prior 1966 while figure 2.2.2 shows

some of the phase diagrams proposed over this period.
M.J.Blackburn [BLA 67b] criticised the rather infrequent use of thin

foils during previous investigations and the limitations of the investigation

techniques used up to that point:

• X-ray diffraction: This technique is limited by the low intensity of the
superlattice reflections of TiJAl. An additional question arises when these

superiattice reflections are observed: Whether the ordered phase TiJAI

was stable at the heat treatment temperature or its formation occurred

during quenching.

• Light microscopy: This technique is limited: by the spatial resolution of

this equipment; by the coherency and composition similarity between

Ti3AI and a; and by the hydrogen contamination of the samples during
etching. Titanium hydride is responsible for certain types of striated

lamellar structures observed under light and electron microscopy [MAR
68];

• Measurements of physical properties: Changes indicate the presence of
phase transformations, b~t are usually inadequate to identify the

transformations.

Blackburn [BLA 67bl used transmission electron microscopy and

electron diffraction techniques to study the ordering reaction of Ti3Al. The
structure of the Ti3AI phase was confirmed as ordered hexagonal, D019 type,

with a and c parameters varying with AI content. He showed that care must

be taken during thin foil preparation to avoid hydride formation, as these

hydrides completely obscure the true microstructure in thin foils.

The ordering reaction might occur either during isothermal heat

treatment, long range ordering, or during quenching, short range ordering.

When the ordering reaction cannot be suppressed by rapid quenching from

22



~'::..

single phase a or ~, one observes the presence of small domains of ordered
phase (from 30 to 70 A in diameter) [BLA 67bl.

Finally M.J.Blackburn [BLA 67b] presented his version for the Ti- _

rich corner of the AI·Ti phase diagram between 0-25at% Al and 50D-ll00·C

(see figure 2.2.3.). The boundaries between the a/a+a2 phase fields have been
taken as the limit of resolvable a2 particles by the dark field technique. A

r
resolvable thickness of disordered material between ordered domains has

been taken as the boundary between a2/a+a2. He considered the possibility of

the existence of a peritectoid reaction (~a2->a), as proposed by T.Tsujimoto
et al. [TSU 66] but he stated that this reaction had not been specifically
investigated. Two years later, M.J.Blackburn [BLA 70] extended his
investigation to 45at%AI in order to study the continuity of the a+a2
boundaries. He could not find evidence for the existence of the peritectoid
reaction (a2+~->a). He detected instead the presence of the disordered a
phase field between a+~ and a+a2 fields.

P.I.Ash [ASH 73] three years later examined the AI-Ti system
between 22 and 50at%Al. He proposed a peritectoid reaction (a+y->a2) at
about 1200·C and 42at%AI as the invariant reaction in which a2 is formed
(figure 2.2.4.). At that stage all the efforts had been directed to solve the

uncertainties related to the shape and extent of the a+a2 phase field.
The position of the al a+a2 and a+a2/ a2 boundaries were

investigated again by E.W.Collings [COL 79] who studied the AI-Ti system

between 30 and 57at%Al. He employed a different technique, magnetic

susceptibility, to distinguish more clearly the position of the boundaries. His
results were in reasonable agreement with Blackburn's data [BLA 67a,b]

despite the use of highly contaminated Al alloy for the production of his
binary alloys (wt%Cu+wt%Sj+wt%Fe=5). Additionally, he proposed and
estimated the temperature (-132S·C) of another peritectoid reaction (~+y->a)

occurring at -45.2at%AI(see figure 2.2.5).
L.].Swartzendruber et al. [SWA 81] applied similar technique to

study the extension of a+a2 boundaries in the Al-Ti system. Their results

show that:

XAI =0.11 and xA~ =0.20 at 500 ·C; and

xAl =0.18 and xAf =0.255 at noo·c.

where x~ and x1I are, respectively, the mole fraction of aluminium

soluble in a and a2 (see figure 2.2.7.).
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These values were in good agreement with the results of
T.Tsujimoto et a1. [TSU 66] but showed, when compared to M.J.Blackburn's
results, a wider «+«2 phase field at above 700·C. Work by J.Y.Huh et a1.
[HUH 90] studied the coherent ana incoherent «+«2 phase equilibria in a Ti
16.64at%AI using analytical electron microscopy. They obtained the
composition, in weight percent, of the coexisting a matrix and «2 particles at
800"C for both coherent and incoherent states: '

wAI = 14.15 ± 0.32 and wAr = 19.80 ± 0.61 for coherent particles; and

wAI =14.79±O.32 and wAI = 20.82±O.42 for incoherent particles

Both the matrix and precipitate compositions were shifted to the Ti
rich side of the diagram as a result of the coherency stresses (see figure 2.2.6.).

The results for the incoherent precipitation agree with the previous work of
M.J.Blackburn [BLA 67b]. It is believed that some of the disagreement in the

literature concerning the «+a2 region in the AI-Ti phase diagram could also
be due to coherency effects.

In 1984 R.D.Shull et a1. [SHU 84t employing TEM and DTA; and
taking extra care to avoid gaseous contamination, determined a very

important experimental version of the binary phase diagram (see figure 2.2.8)
showing that the a phase field extends continuously into aluminium
contents greater than 37.5at%Al at temperatures of approximately 1200·C.

They proposed the existence of a congruent transformation (<<2->a) at
approximately 1180·C for 30at%AI; and an eutectoid transformation (<<->
a2+)') at approximately 1160·C and 39.5at%Al. The latter disagreed with
Ash's proposal of a peritectoid reaction («+)'-><<2) at about 1200·C and
42at%Al [ASH 73]. Shull's contributions for the AI-Ti phase diagram
concerning the existence of bdth congruent and eutectoid transformations
have remained unchallenged since then.

In 1987, J.L.Murray [MUR 88] published an optimised version of the

Ti-AI phase diagram using thermodynamic modelling to fit the selected
experimental data [BUM 52][COL 79][SHU 84][BLA 67b]. Some uncertainties

were still present in the pUblished diagram (see figure 2.2.9), such as the
position of the a2/a2+)' boundary and the existence of an eutectoid reaction
(a->a2+)') at approximately 1125C and 39.5at% AI. Additionally, her

calculated version of the binary diagram indicated the presence a peritectic
reaction (liquid+~->)') at 1470·C for 35at%AI and a peritectoid reaction (~+'Y

->a) at 112S·C for 45at% AI. The existence of these two reactions was,

however, challenged almost simultaneously. J.J.Valencia et al. [VAL 87] used
TEM, SEM and XRD to examine the morphological features of a shrinkage
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cavity of a binary alloy with SOat% AI cooled at modest cooling rates. They
observed that the dendritic arms were not orthogonal, as <one would expect
for Ti(~)·bcc (this phase had been considered stable during solidification by
Murray's diagram [MUR 88]); They noticed instead that the dendrites
generally lay at 60 degrees with respect to each other, resembling very much
dendrites of a hcp crystal. This observation was interpreted as an evidence of
the presence of primary dendrites of a phase. Finally, a"new" phase diagram,
based on a previous version [WIL 73] showing two peritectic reactions
(liquid+Jl->a and liquid+o.->y) was proposed (figure 2.2.10.).

In 1988 J.J.Valencia et al. [McC 88] published another investigation
employing extra experimental techniques such as containerless solidification
and high temperature X·ray diffraction to establish the nature of the reactions
occurring during solidification. This work confirmed the presence of a

peritectic reaction (liquid+~->o.) and suggested the existence of a second
peritectic reaction (liquid+a->y). The latter (liquid+a->y) was confirmed

subsequently by J.J.Valencia et al. [VAL 89] using electromagnetic levitation
melting to study the effect of supercooling and cooling rate on the
microstructural evolution of Ti-AI alloys with Al content between 45 and
55at%Al. These same reactions, liquid+Ji->a and liquid+a.->y, were latter
observed by J.C.Mishurda et al. [MIS 89] using DTA and light microscopy.
Their new calculated version of the binary phase diagram (see figure 2.2.11),
obtained by thermodynamic modelling featured the two cascading peritectics
(liquid+(l->a and liquid+o.->y) between 30 and 55at%Al. Additionally, they

proposed: a discontinuous a single phase field; a peritectoid reaction «(l+a
->0.2) at ,.,. 1230°C for 34at%Al; a peritectoid reaction ()3+o.2->o.) at -1080·C
for 21at%AI; and a eutectoid reaction (o.->a2+y) at - 1140·C for 41at%Al.
Another investigation by J.C.Mishurda et al. [PER 93] established the phase
boundaries for the a+y phas~s field by using DTA analysis and diffusion
couple experiments (see figure 2.2.12). These results were in good agreement
with the data obtained by C.McCullough et al. [McC 89].

In 1992, H.A.Lipsitt et al. [BAR 93] investigated the central region of
the Ti-Al phase diagram and confirmed the eutectoid reaction at 1115°C (a
>a2+y) for 39,6at%Al. His version of the central part of the binary is shown in

figure 2.2.13. The same eutectoid reaction had been previously confirmed by
A.Hellwig et al. [HEL 92] as shown in figure 2.2.14.

Finally, U.R.Kattner et al. [KAT 92] published his new calculated

version of the Al-Ti phase diagram. The proposed diagram agrees well with

the experimental data within the given experimental uncertainties and it

does not show the a. phase field as discontinuous. However, they admitted

that effort is still needed to define the type I of the i~variant reaction in which
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Ti3A1 is formed: either congruent (a->a2), as shown in his optimised
version, or peritectoid (lJ+a->a2). The latter would, produce a second
peritectoid reaction <J3+a2->a) at lower temperatures, as shown in the
calculated phase diagram proposed by J.C.Mishurda and J.H.Perepezko [MIS
89].
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*If. LM= lIght microscopy; XRD= X-ray diffraction;
HARD= hardness test; EM= electron microscopy.
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2.3.The r ..rich romer of the Si-n system

The Si-Ti phase diagram has been investigated since 1952, when
M.Hansen et al. [HAN 52] first studied this system by using incipient melting
detection, thermal analysis, metallography and X-ray diffraction (figure 2.3.1).

Almost 20 years later V.N.Svechnikov et al. [SVE 70] made another
comprehensive study of the Si-Ti system by using thermal analysis,
metallography and X-ray diffraction. Their proposed phase diagram (see '.
figure 2.3.2), when compared to the previous one, contained three extra

intermetallic phases: Ti3Si, Ti6SiS and TiSS4. The intermetallic Ti3Si was first
observed by W.Rof3teutscher et al. [ROS 65].

Additionally, the two phase diagrams predicted different phases
appearing in as-east and heat treated alloys over, a wide temperature an.d



composition range [MUR 87b]. For instance, V.N.Svechnikov et al. [SVE 70]

indicated the following cascades of peritectic reactions: at' I920·C (L+TiSSi3
>TisSi4); at 1760·C (L+TiSSi3->TiSi); and at 1570·C (L+TisSi4->TiSi), while
M.Hansen et aI. [HAN 52] prese~ted only one peritectic reaction, at·1760·C
(L+TisSi3->TiSi).

In 1979, L.Kaufman [KAU 79] published his first thermodynamic
assessment of the Ti-Si system, complementing an earlier version [KAU 73]
of a portion of this binary (see figure 2.3.3.). His version was based on
Hansen's experimental data [HAN 52] and the silicide Ti3Si is not considered
in his calculation. The silicide TisSi3 was treated as a stoichiometric
compound, so the diagram does not show the solubility range of Si.

In 1987 J.L.Murray [MUR 87b] published a calculated version of the
Si -Ti phase diagram (see figure 2.3.4). On her critical survey of past
ex erimental data, she concluded that:

• There was good agreement (ATeut::' I5·C) among all studies on the
position of the eutectic reactions, (Liq-> J3(Ti) + TisSi3; Liq -> TiSi + TiSi2;
and Liq-> TiSh + Si);

• Concerning phase equilibria, there was some disagreement involving
the existence of the intermetallics Ti3Si and TisSi4 [HAN 52][SVE 70].

J.L.Murray [MUR 87b] decided to base her assessment on

Svechnikov's data [SVE 70]. J.L.Murray assumed, for the thermodynamic

calculation of the phase diagram, the intermetallic phases Ti3Si, TiSi2, TiSSi3
and TisSi4 as stoichiometric compounds without any solubility range. Table
2.3.1 lists the crystal structure and chemical composition of the equilibrium
solid phases of the Ti-rich comer of the Si-Ti system.

"

phase composition crystal
at.%Si structure

Ti(a) oto 0.5 hcp

Ti(~) oto 3.5 l:xr

Ti3Si 25 teb'afpnal5velU]
a= l.<Y2Oi nm
c= 05CY:9 nm

TiSSi3 35.5 to 39.5 hcp
a= 0.7431 nm
c= l:877nm

Tal:le23.1. Thases of the Ti-rich romeroftheSi-Ti systernLMUR87bl

C.Vahlas et al. [VAH 89] also produced a calculated version of the
Si-Ti phase diagram. The fit between this optimised version and the selected
experimental results was considered satisfactory, except for the temperature

,/
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of invariant reaction Ti(~)+Si3Ti5->SiTi3, calculated at 1506·C while the

experimental data [SVE 70] pointed it at 1443±10·C. C.Vahtas et al. [VAH 89]

considered the accuracy given by the experimental result "too weak", but it
seemed rather difficult to understand what they exactly meant by that. Figure
2.3.5 shows their calculated version, which does not present any significant
difference from the previous version proposed by J.L.Murray [MUR 87b].
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24. The TI-rm romerof the Al-Si-n system

The understanding of the Al-Si-Ti system is of vital importance for
the development of new intermetallic alloys based on Ti3AI and TiAI with

f

silicon additions [WU 90]. However, there are only very few investigations

published up to now [CROS 53][CROS 58][SCH 62][WU 90] and most of them

are either based on outdated versions of the binaries Ti-AI and Ti-Si or do

not deal with the Ti-rich comer of the ternary system.

F.A.Crossley [CRO 55][CRO 58] studied the Ti-AI-Si system between

600-1200°C, 2-8wt%Al and 0.1-2.0wt%Si by means of light metallography

along with extrapolations of the binaries Al-Ti [BUM 52] and Si-Ti [HAN 52].

The isothermal and vertical cross sections are shown in figure 2.4.1. He

observed that aluminium decreased the solubility of silicon in ~ phase but

had little effect on the solubility in ex phase.

In 1962/ Von O.Schob et al. [SHC 62] published an isothermal at

1200°C of the Ti-rich corner of the ternary system (see figure 2.4.2). In this

version, it is shown that Si addition reduces the solubility of Al in

intermetallic Ti3-2AI (Mg3Cd type also called Ni3Sn type and equivalent to

the structure type of TiJAl). Other important observation is that Si presents

higher solubility in the intermetallic phase than in ~. The ternary diagram

also proposes the existence of a two phase field 13+ Ti3-2Al.

].S.Wu et al. [WU 90] studied the eutectic reaction in the Ti-AI-Si

system. The microstructure and phase relationships were characterised by
'"metallography, X-ray diffraction and electron microscopy (SEM and TEM).

Matrix compositions were determined by point analysis using an EDX-SEM.

The phase transformations were obtained via DTA. They proposed the

existence of a eutectic reaction (L->~+TiSSi3). The course of the eutectic line
across the two phase region [a2-Ti3(AI,Si) + Ti5(Si,Al)3] is shown in figure

2.4.3. projected over Schob's isothermal at 1200°C. They also observed that

the melting points of the eutectic alloys decreased, in general, along the

direction of the arrow in figure 2.4.3 (lower AI and higher Si content). For the

alloy Ti-30at%AI-6.5at%Si, they suggested the following solidification

sequence:

eutectic: Liq. -> ~-Ti{Al/Si) + Ti5(Si/tJ.>3 at 1515°C

allotropic: ~-Ti(AI/Si) -> a-THAI/SO at 1218°C
ordering: a. -Ti{Al/SO -> a2-Ti3(~Al) at 1172°C
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This sequence, however, did not agree with' the isothermal at
1200·C [SCH 62], which suggested the existence of a [a2-Ti3(~AI) +
TiS(Si,Al)3] instead of [a+Tis(Si,.Al)3] two phases field

Z.Zhang et al. [ZHA 91] observed that addition of Sat%Al coarsened
the eutectic silicides; slowed the precipitation of secondary silicides ; and, due
to solid solution of Al in TisSi3 phase, reduced the Si content in the silicide.
The effect of Al on the morphology of the eutectic silicide was not discussed,
but the coarsening of Ti3SiS might indicate that the addition of Sat%AI

increases the eutectic temperature. This outcome agrees with the previous
observation by J.S.Wu et al [WU 90].

D.J.Arrell et al. [ARR 93] proposed that Si acts as an eutectoid

forming element <13->a+TiSSi3) in the binary Ti-Si and that the addition of Al
transforms this into a ternary peritectoid (13+TisSi3->ex.) at Al contents greater
than 2wt%. Their investigation of quaternary alloys Ti-20AI-11Nb-XSi,
provided evidence that this effect remains the same when a2 replaces Ti(ex.).
As a whole, Si was suggested to replace Al in the intermetallic and to increase
the fraction of ex.2 in the quaternary alloys on an isothermal basis.

S.H.Manesh et al. [MAN 94] published a partial liquidus projection
of the Ti-Al-Si ternary system (see figure 2.4.4.). They suggested the following

reactions along the lines TP, POP and ON:
Liq->13+TiS(Si,Al)3
Liq->a+TiS(Si,Al)3

Liq->1+TiS(Si,Al)3

It was also suggested the existence of a maximum point on the
eutectic line around 30at%Al. At points P and 0 they suggested, respectively,...
two peritectic reactions:
Liq+~->a+TiS(Si,Alh
Liq+ex.->1+TiS(Si,Al)3

Their results were qualitatively consistent with the calculated
portion of the Ti-AI-Si phase diagram (Thermo Calc Data-Bank). It should be

noted that the thermodynamic data available for the calculation treated
TiSSi3 as a line compound and did not consider substitution of Al for Si in
the silicide. Other factors not taken into account in the calculated portion
were the binary AI-Si and ternary interactions in ex. and 13 phases; and Si
solution in 1-TiAl phase. The authors pointed, however, that these factors

were unlikely to materially alter the calculated partial diagram, at least in the
temperature and chemical composition range investigated.
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25.A1ase transronnatiom in the II-rich romer of theIr~Si S}5tem

The understanding of tne various reactions, which occur in the Ti
rich corner of the Ti-Al-5i system such as decomposition of f} phase during
quenching, silicide precipitation and ordering of Ti3AI titanium, is very
important for the study and determination of the lernary phase diagram.
This assists the correct metallographic characterisation of the quenched
samples, allowing, for instance, the identification of the transformed P from
the phases, which were stable at the heat treatment temperature, and the
distinction between Ti3Al stable and Ti3Al formed during quenching.

25.LDeromposmn of lr.&...pha_se ----,- _

Besides the study of phases diagram, the understanding of the
possible mechanisms for the decomposition of p-phase might also be helpful
for the microstructural control and optimisation of as-cast Ti-aluminide
based alloys. For example H.B.Aanon and H.I.Aaronson [AAN 71] studied the
effect of the type of nucleation sites of the prior microstructure on the
morphology of the precipitation of ferrite, and they concluded that
modifications on the quantity and structure of the boundaries of the prior
microstructure alter both the kinetics and the morphology of precipitation
during posterior heat treatment. In this sense, the transformed P
microstructure produced by the allotropic reaction TiP(bcc)->Tia(hcp) during
quenching, seems to be one of the variables available for the microstructural
design of (a+a2) alloys, asa2 may present heterogeneous nucleation under
certain heat-treatment and chemical composition conditions.

However, the full comprehension and control of the morphology of
,transformed P is not an easy task, specially in Ti-AI based alloys. These alloys
present (p/p+a) and (p+a/a) transus, To and Ms temperatures very close to
each other and at considerably high temperatures. So, in practice, a clear
boundary separating nucleation and growth and martensitic process is
generally not possible and a series of quenching structures extending from
lath martensite through acicular martensite and massive to the
Widmanstatten structure can be observed [COL 84].

Furthermore, investigators [BHA 90][AAR 90][HAL 94][AAR
94][CHR 94][DAH 94][FUR 95] are still discussing the roles of shear and
diffusion on the formation of plate-like precipitates in systems where the
temperature range for the occurrence of different types of morphology during
quenching is comparatively much wider. G.R.Purdy and M.Hillert [PUR 84]
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following this approach, emphasised that the lower the reaction temperature,
the more significant the effect of the lattice strain energy'on the kinetics of
nucleation and growth. In this sense, the martensitic reaction was defined
just as a lower limit where diffu~ion is inoperative. l.W.Christian [CHR 94]
has recently proposed a new category of phase transformations, designated as
"diffusional-displacive", for reactions where composition changes do not
exclude concomitant shape changes. So, it seems very imlikely, for the case of
Ti-Al "martensites", that diffusion is inoperative. The same discussion on
nature of reaction seems to apply for the massive transformation.

25.1.1.MaSve transformamn

Transitions between phases in the solid state may occur by a
number of different mechanisms. One apparently simple class includes those
transformations such as martensitic reactions, order-disorder transitions and
massive transformations, which involves change in crystal structure
without changes in composition. The present debate on the massive
transformation is related to: the type of interface between parent and
daughter phases (coherent versus incoherent); the presence of an orientation
relati0I!-ship (OR) between matrix and massive product; the mechanism of
growth of the massive product (ledge mechanism versus random transfer of
atoms across interfaces); the possible presence of sub-boundaries; to the
presence of invariant plane strain surface relief; and fmally to the semantics
of massive product.

H.I.Aaronson and co-workers [MEN 88]lPLI 84] suggested that
growth by the ledge mechanism is a reasonable possibility for the massive
transformation and that invariant plane strain surface relief can be generated
during massive transformation when reaction occurs at sufficiently large
undercoolings so that anisotropic growth, involving large areas of partially
coherent interphase boundary with a constant boundary orientation, is
feasible. Under this view, for instance, many other morpholo&ies, such as
plate-shaped and other anisotropic forms, resulted from a no-composition
chan&e reaction have been defined as massive. Followin& this approach, the
transition between massive and martensite can also become very unclear
indeed.

T.Massalki [MAS 84] does not completely disagree with the possible
existence of OR between parent and daughter phases massively transformed, .
but he states that" Thus, it seems that while massive transformations are
composition invariant at least on macroscopic scale, all composition
invariant (diffusional) transformations should not be regarded as massive., ,
The problem is, and remains, one of arbitrary definitions". Massalki and co-
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workers [PLI 77][PER 84][MAS 84] observed that the massive transformation

can be fundamentally defined by a combination of characteristic features such

as: absence of compositional differences between parent phase and massive.
product (composition invariance); crossing of the grain boundaries of the
parent phase; preferential formation at the grain boundaries of the parent

phase; and presence of irregular interfaces with the parent phase (either very
irregular; smoothly curved; or strongly faceted). r

J.H.Perepezko [PER 84] mentioned that during the massive
transformation a new structure forms and grows through a noncooperative

transfer of atoms across relatively high energy incoherent interfaces. A single

massive grain can grow at speeds exceeding 10 mm/s and absorb several

parent phase grains during transformation. Massive transformations exhibit
nucleation and growth characteristics and are thermally activated. T.Massalki
[MAS 84] mentioned that "in the past" the massive transformation presented

sufficient distinctive features to make it distinguishable from other types of
transformation. He added that with increased new data, improved methods
of investigation and changing emphases, some of the distinguishing features

have become somewhat blurred. He pointed out that disputes can arise

depending "on how one regards the massive transformation features such as

the speed of the transformation interfaces, its ability to cross prior parent

grain boundaries, the appearance of the resulting microstructure, the nature
of the nucleation, the mechanism of atomic transfer at the interfaces, and the

details of possible orientation relationships".

For instance, it has been long accepted that the thermodynamic

condition that must be satisfied for the occurrence of a massive

transformation is that the free energy of the new phase must be lower than

the parent phase, both phases having the same composition, and this
condition is satisfied for temperatures below ToIt [PER 84][PLI 78]. M.Hillert

[HIL 84], however, reported that a review of the experimental information

available indicates strongly that the solvus line, rather than the Tg,line, is the

natural limit condition for the massive mode of growth. This observation

reinforced previous observations that massive transformation occurs inside

two-phase fields at temperatures much closer to the solvus than To.

M.Hillert [HIL 84] explained that when a transformation takes place

at the solvus temperature, the a phase can grow with the same composition
of the parent phase (f3). However, there will be a local solute redistribution in

front of the advancing interface according to the local equilibrium concept
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and all the driving force available for the transformation would then be
absorbed by the process of diffusion, so that the rate of composition-invariant
reaction would be negligible. By reducing the temperature into the a one·
phase field, some net driving :force would then be available for the
composition invariant transformation itself. Hillert introduced another
factor which might also affect the driving force available for the
transformation and explain the observation of massive products inside the
two-phase fields: the coherency strains in the solute concentration spike
formed by solute redistribution into the parent phase ahead of the growing
disordered interface. Providing that the region of p phase presenting the
concentration profile, called the spike (see figure 2.5.1.1.1.), is coherent with
the rest of the parent phase, the spike would present coherency strains caused
by the difference in atomic sizes of the two components. By including this
strain energy in the Gibbs energy, Hillert obtained a new equilibrium
between a and p. The coherency strains were shown: to increase solute
solubility in the daughter phase (a); to decrease solute solubility in the parent
phase (~); and to displace slightly the ala+p transus to higher temperatures.
This would explain the occurrence of massive transformation inside "two
phase field". He concluded that the solvus line is the natural limit for the
massive transformation and that the condition of local equilibrium may be
established very well during the massive transformation. Menon et al. [MEN
88] arrived to the same conclusion on the role of solvus temperature on the
massive transformation, but they added that this transformation can occur
inside a two-phase fields when the ratio between To: and the solvus
temperature is sufficient low so that solute distribution cannot occur during
growth.

Concerning the nature of nucleation, T.Massalki and co-workers
[MAS 84][HAW 70] indicated that nucleation of massive grains most likely
occurred at heterogeneous sites without any obvious low index orientation
relationship between the parent and the product phase (incoherent nuclei).
This explained the fact that massive grains could grow at high speeds and
across several parent grains, as the growth involved incoherent interfaces
and no OR. H.I.Aaronson and co-workers [PU 84][PLI 80], however, proposed
the formation of coherent nuclei at parent grain boundaries to explain the
high nucleation frequency under conditions of rather low activation energy
(AGlt) present in Ti-X alloys. T.Massalki [MAS 84] counter-argued by stating
that coherent faceting would imply an orientation relationship of the
massive product with the' parent grain, which would constitute an
impediment to subsequent grain growth across many parent grains. He added
that in Ti-based systems, the very large n~cleation ,rate observed for the fine
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massive grains, of the order of tOO to 101 nuclei/mm2 inside fairly large
parent grains [PLI 78][PU SO] might suggest that many of the nuclei may have
formed through volume nucleation and without association with the grain
boundary. Nevertheless, T.Massalki [MAS 84] agreed that it is possible to
envisage a growing massive crystal as being bounded in some areas by
disordered interfaces,. and in the remaining areas, by ledged, partially
coherent interfaces. Clearly, more detailed work on OR and nucleation is
needed [MAS 84][PU 84].

Other example of disagreement concerns the definition of the
massive product in numerous (macroscopically) composition-invariant
transformations: The ordering reaction CuAu->CuAuII requires atomic
diffusion, its transformation process is slow and involves strictly
crystallographic relationships; and the precipitates present a plate like
microstructure with coherent interfaces and invariant plain strain relief
[MAS 84]. H.I.Aaronson et al. [AAR 77] argued that since the CuAuII phase
formation "does not involve a change in composition and yet cannot take
place by shear" it must be termed massive transformation. Following the
same approach, E.S.K.Menon et al. [MEN 88] stated that it would seem more
appropriate to identify bainitic ferrite, present in almost pure iron, as simply
a different morphology of ferrite such as equiaxed and massive ferrite. These
morphological variations seem to be products of the same massive
transformation of austenite to ferrite and they should develop from the
orientation-dependencies of growth kinetics, which themselves vary with
reaction temperature.

The main point behind all this discussion about the definition of
massive transformation is very similar to the debate on the roles of shear
and diffusion on the formation of plate-like precipitates. Is the spectrum for
phase transformations continuous or not? As the transformation
temperature decreases, the anisotropy of the interfacial and strain energies,
and the activation energy for the diffusion across the interphase boundary
occupy a more decisive role on the nucleation and growth of a precipitate.
Supposing that the spectrum is continuous, it seems very straightforward to
assume that those variables will also act on the massive transformation and
affect its nucleation and growth. Following this approach, it is not difficult to
hypothesise the existence of transitional microstructures between "typical"
massive grains and martensite plates presenting. A semantic question,

however, seem to arise in this hypothetical situation: How to classify this
microstructure? In this sense, Massalki [MAS 84] was very "perceptive" in
his remark "The p-oliem is, and remains, one of artitrary<E£nitions". This problem
would be partially solved by classifying thE; microstructure by its morphology
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without imposing any mechanism of formation. The dispute on the roles of
. To and solvus temperature on the thermodynamics of massive reaction

demonstrates how much development is still needed for better.
understanding of this trans/ormation. Furthermore, the operating
mechanisms at atomic level (composition invariant versus local solute
redistribution; and type of reacting interface) are not dear and experimental
evidence is still very limited and conflicting. r

Few investigators [PLI 77][PLI 78][PLI 79][PLI 80][RUC 90][WAN 92]
have studied the occurrence of massive transformations in Ti-based alloys.
M.R.Plitcha and H.I.Aaronson [PLI 77][PLI 78] studied and confirmed the
existence of massive transformation in three Ti-based eutectoid systems, Ti
Ag; Ti-Au; and TFSi, out of the fourteen Ti-X systems examined. Among
other possible Ti-based systems presenting massive transformation, they
suggested Ti-AI and Ti-V. TEM examination showed that the massive
product presents low dislocation density and does not present internal
boundaries as those associated with the individual laths in the martensite.
They reported that three basic requirements must be satisfied to make a
massive transformation possible:

• The massive transformation can only take place when the To
temperature is high enough so that atomic jumps across the interface are
still feasible at reasonable rates (note that this early investigation is
considering TO and not solvus temperature as parameter);
• The kinetics of any competing precipitation reaction must be relatively
slow. In this context, it was deduced that a narrow interval between the
transus and the To temperature, i.e., a narrow nearly horizontal two phase
field in the phase diagram, is favourable to massive transformation. This
results in the small driving force for precipitation at To temperature. The
massive reaction tends to be inhibited as the two-phase field becomes
wider and more nearly parallel to the temperature axis;
• The product phase must have a reasonably wide range of existence to
favour the massive transformation.

Metallographic examination [PLI 78] [PLI 77] revealed that the
predominant constituent of samples cooled at rates less than about 800°C/s is
massive a. In Ti-Si and Ti-Au alloys, the massive product was found to be
replaced by martensite as the cooling rate and solute content were increased.
In addition, the massive grains were observed to decrease in size with
increasing cooling rate and their boundaries to become more irregular in
appearance. The martensite morphology in these alloys is that of "packet"
martensite, also known as lath martensite. The martensite plates were
separated by small angle boundaries and the dislocation density in the

47



interiors of these plates was relatively high. In the Ti-Si- system, the massive
reaction was observed only in hypo-eutectoid alloys (Si< 1.3 at%) and the
critical cooling rate for martensite formation was estimated around l()3·C/s.

West et al. [ABB 91] observed the presence of massive product in the
Ti-Al system. This system showed an increase in the proportion of massive
product with increasing Al content from 17 up to 36 at%. The authors
explained the increase in the proportion of massive product by the increase

in the Ms temperature caused by Al addition.

Massive transformation from a to 'Y phase has been reported in
quenched Ti-48at%Al alloys [WAN 92]. This study indicated that 'Y phase
forms from a in three different morphologies depending on the cooling rate.

At low rates, a lamellar morphology prevailed; at slightly higher rates, the
Widmanstatten structure appears; and at very high rates, the massive

morphology was prevalent. This investigation suggests that typical massive
morphology occurs at higher undercoolings than Widmanstatten structure.

Additionally, the presence of massive morphologies was favoured by the
refinement of the prior grain size. Widmanstatten morphology is favoured

in relation to massive and martensitic products when solute diffusion
coefficient is large, either because of the intrinsically large frequency factor,

Do; or because the reaction takes place at high temperatures, where long

range diffusional process competes with short-range diffusional and
diffusionless transformations during the quenching of (i-Ti-alloys [COL 84].
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.25.1.2 Martensiic transfonnamn
Martensitic transformation presents cooperative movement of

atoms resulting in a microscopi~ally homogeneous transformation of one
crystal lattice into another. The ideal martensitic process itself is not
thermally activated and takes place at high speeds, which are independent of
temperature. The phenomenological theory of martensite crystallography is

r
based on the observation that the habit plane is an invariant plane in which
all lines in it are neither distorted nor rotated by the displacement vector of
the invariant plane strain [WAY 94]. The invariant plane-strain surface-relief
effect formed where a plate-shaped transformation product intercepts a free
surface polished flat prior to transformation has long been accepted as a
defining characteristic of shear or martensitic phase transformation, but it
has been noted in the literature that diffusional transformations are also
capable of producing such relief [HAL 94][HOW 94]. U.Dahmen [DAH 94]
stated that "in fact, a number of common precipitation systems forms plate
shaped inclusions, similar to those of martensitic transformation products,
which offer themselves readily to application of the concepts of martensite
crystallography, regardless of its formation mechanism". Recently,
r.W.Christian [CHR 94] introduced a new category of transformation called
"diffusional-displacive" to deal with such transformations.

In practice, for Ti-alloys a clear boundary separating displacive and
diffusional transformations are generally not possible, and a series of
quenching structures extending from lath martensite through acicular
martensite and massive grains to the Widmanstatten structure can be
observed [COL 84]. There are two types of Ti martensites, the hexagonal a',
which is the most prevalent type and is generally presented in two different
types of morphology: lath and acicular; and the orthorhombic a"[WIL 70].
The lath martensite consist of colonies of approximately parallel platelets, all
of which belonging to the same variant of the orientation relationship. The
plates are separated by small angle boundaries and present internal
distribution of dislocations [FLO 72]. With increasing solute concentration,
the coherence between the plates of the lath martensite is lost. The result of
this isan array of individual platelets referred as acicular martensite [COL 84].
The acicular martensite occurs as an intimate mixture of individual plates,
each having a different variant of the orientation relationship.

M.K.McQuillan [McQ 63] mentioned in his review on phase
transformations in Ti and its alloys that "although Widmanstatten
morphology can be readily distinguishable from the inter-woven needles of a
"typical" martensite structure, transformed ~ can shade imperceptibly from
one morphology to the other without it being possible to observe a change in
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· the mechanism involved". He suggested that this wide range of
morphologies of a obtained after quenching, including retained Ji between
parallel a plates, could be explained by the initial formation of a plate via
shear mechanism plus the subs~quent operation of atomic diffusion. He
evoked then an analogy between the martensitic reaction in Ti-alloys and the
bainitic reaction in steels to explain the surface rumpling associated with
atomic diffusion. He finally proposed that the martensitic transformation in

Ti-alloys is a mixed athermal-isothermal transformation.
G.Parr and M.Bibby [BIB 63] showed that, for pure Ti, the Ms

temperature was dependent on the cooling rate. They defined the presence of
martensitic transformation by the presence of a rumpled surface on the pre
polished faces of the quenched samples (surface-relief-criterion). For pure Ti

they established the critical cooling rate for the occurrence of martensitic
transformation as 200·C/sec . This value when compared to -10£ C/sec

suggested for Ti-Si alloys [PLI 77][PLI 781 is paradoxical as it goes against the
general principle that increasing the solute content reduces the critical
cooling rate (JEP 70]. G.Parr and M.Bibby [BIB 63] observed that, even for
cooling rates faster than 200·C/sec., the effective TJi->a' decreased with faster
cooling rates. The transformation temperature vs. cooling rate curve
obtained was continuous, not showing therefore the onset of the martensitic
transformation. K.S.Jepson et al. [JEP 70] stated that the concepts of
martensitic transformation lead to the presence of some discontinuity in a
transformation temperature vs. cooling rate curve. This discontinuity should
characterise the onset of the martensitic transformation. Using the surface
rumpling-criterion and varying the cooling rate for Ti-Nb and Ti-Al alloys,
they observed that the Ms temperature decreased with the increase in the
cooling rate. They concluded then that the martensitic transformation in the
alloys studied appeared to be t;hermally activated. Schematic C-curves for the
martensitic transformation were then proposed for Ti-Nb alloys.

It should be noticed that all the studies mentioned above used the
surface-rumpling-criterion for identifying the martensite. Some recent
studies [HOW94][HAL 94][DAH 94] on the roles of shear and diffusion on the
formation of plate products proved that surface relief effects can be associated
with diffusional transformations. H.Lee and H.I.Aaronson [LEE 88] observed
for Ti-Cr alloys surface relief effect in the transformation 13->a+TiCr2 at

temperatures above To. Furthermore, E.S.K.Menon et al. [MEN 88]

mentioned that the absence of invariant plane strain surface relief effects is
not general during massive transformation and does not seem to be a
fundamental characteristic of this reaction. They added that investigations of
surface relief effects associated with mass~ve tran~formation are needed in
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alloys where growth is not uncontrollably rapid' and pronouncedly
anisotropic massive morphologies are able to develop: Assuming that a
surface relief criterion cannot be used to identify uniquely the operation of a .
shear transformation mechanism, it is suggested that some of the above
studies were not dealing with a martensitic transformation at all.

Changes in the morphology of a' with increasing cooling rates have
been observed in the literature. K.S.Jepson et al. UEP 70] showed evidence for
the alloy Ti-5at%Nb of a morphological change from colony of parallel plates
to acicular with an increase on the cooling rate (from 1500·C/sec. to 52000
·CIsec). This variation on the morphology of a: was neither mentioned nor
discussed in this work. S.Banerjee et al. [BAN 73] observed the same
morphological change in a' between the surface (acicular) and the interior of
(lath) a quenched sample (Ti-5at%Zr). Once more no discussion on the
possible effect of the cooling rate on the morphology of the martensitic
reaction was presented.

H.M.Flower et al. [FLO 72] suggested that the transition in a'
morphology with the addition of alloying elements is due to shear
interactions. Lath martensite would form when slip occurs in the ~-phase

ahead of the a'-plate to reduce the shape strain. When solid-solution
strengthening and lowering of the Ms sufficiently strengthen the (3-phase to
prevent slip, plate like martensite is obtained. H.M.Flower et al. [FLO 74]
suggested that diffusion may contribute to the reduction of the shape strain
during water quenching from the (3-field of very dilute Ti-Mo alloys. This
effect of diffusion could also explain the transition from lath to acicular
martensite with increasing cooling rates. R.Davies et al. [DAV 79] observed
the presence of secondary a' plates with lath morphology located between
primary acicular a' plates. The formation of lath morphology was explained
by the local decrease in the coc;>ling rate due to the release of latent heat as the
primary plates were formed.

In 1973, H.M.Flower et al. [NIC 73] showed for quenched samples
that the addition of 0.5 and 1.0at%Mo to a Tilat%Si resulted in retention of a
thin discontinuous layer of !i-phase between the a'crystals and that this 13
phase was enriched in Mo. In 1974, H.M.Flower et al. [FLO 74] proposed a
mechanism to explain the formation of retained l3-phase, using dilute Ti-Mo
alloys quenched from (3-phase field at different cooling rates. For the highest
cooling rate, the quenched microstructure presented predominantly large
primary acicular martensite a'-plates, which presented uniform surface tilts,
high internal dislocation density, and OR between adjacent plates consistent
with the Burgers relationship. These features were considered and the
allotropic transformation (3->a was assu,med to .be of displacive4 type. At
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smaller cooling rates [FLO 74] the amount of colony product (lath martensite)
increased and larger amounts of retained fJ were associated with the
boundaries between adjacent plates. Since no Ji-retention occurred in
association with large acicular martensite a'-plates, but only within lath
martensite, it was assumed that a change of mechanism (shear-:>diffusional)
occurred during quenching. Additional evidence for a change in growth
mechanism was afforded by the observation that some primary acicular
plates broke up into colony structures (lath martensite), maybe due to local
decrease in cooling rate due to release of latent heat as the primary plates
were formed [DAV 79]. The presence of p layers between the a' plates present
in the colony product [FLO 74][DAV 79J clearly demonstrated that diffusion
occurred, at some stage, during their growth. These P phase layers were
formed as a result of Mo segregation to the Ji-phase ahead of the advancing a'
plate interface, stabilising the ~·phase. The colony areas of lath martensite
exhibited extensive surface tilting, but the tilting was much less regular than
in acicular martensite a' plates. It was also proposed that diffusion following
the initial growth by shear of the acicular martensite plates relieved the
shape strain and resulted in low dislocation density in the colonies, fact
which was observed experimentally. Since it is well established [FLO 74J[DAV
79) that the a' formed in ~ by shear or diffusion both have the same

orientation relationship, (OOOl)a'/ /(011)~ and <1120>a'-//<111>p. and habit
plane, near {334}p}i it is possible that the transition from shear to diffusional
growth. and vice-versa. is not sharply defined and the relative contributions
of shear and diffusion to the growth of a' plates cannot be distinguished. The
precise effect of the diffusional component on the martensite transformation
is not known, but must playa part in the nucleation and growth when the
diffusional curve is crossed first. For slightly faster cooling rates, the Ms is
crossed first, but the diffusional curve may be crossed before Mf is reached, so
there would be a diffusional component of the transformation following the
martensite nucleation (see figure 2.5.1.2.1). Increasing the Mo content
decreases both the Ms and the critical cooling rate and, therefore, completely
shear transformations can happen.

C.Jourdan et a1. [JOD 91J studied, in situ, the nucleation, variant
selection and the orientation memory effect during the ~ <=> a. martensitic
transformation in pure Ti. They observed, via synchrotron X-ray topography,
the presence of shape defonnation for the a<=>p transformation . At the onset
of the a->13 transformation P crystals are isolated in the parent phase. As the
transformation progresses, new 13 crystals appear between the original ones.
The nucleation of new acrystals induces deformation of the ft phase initially
formed. They conclude that this deformation might be induced by mutual
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shape deformation (between alp) and by the fact that adjacent little J3 crystals
have nearly the same orientation (the common grain boundaries are low
angle grain boundaries which possess long range stress field). For 13-><X, they
deduced that the development o{a phase follows a similar procedure, so that
one would expect deformation of both the <x' plates and of the 13 phase.
Additionally, they did not observe either the presence of homogeneous or
autocatalytic nucleation, and they defined the nucleation of martensite as
heterogeneous. In previous papers aOU 87][JOU 89] they had showed that the
nucleation of martensite was induced by the stress field associated with

. .
crystalline defects. After nucleation, the growth of a new phase involves the
deformation of the surrounding matrix and, generally, this shape
deformation is relaxed by the nucleation of new variants so that the mutual
deformations are self compensating [JOU 91). In pure Ti this effect seemed
inoperative as they observed the presence of only one a single crystal after a
a<=>13 cycle (the P(bcc)->a(hcp) transformation can produce 12 variants,
while the reverse reaction hcp->bcc can generate 6 variants). One of the
possible explanations given by the authors [JOU 91) to explain this severe
selection of variants is that the stability of the crystal lattice seems to be
closely related to its elastic anisotropy. The large softening of the shear elastic
constants at the transformation temperature (Ms) along certain preferential
directions should induce the martensitic transformation. It has been shown,
for instance, that the C66 shear modulus in the <x phase, which represents the

active shear system {1010}<1120>in the a->p transformation, is the most
temperature sensitive. The structural forces ( shape deformation and
interfacial surface energy) opposing to a phase transformation are directly
related to the shear moduli and they are expected to decrease rapidly around
Ms. This differential dependence of the shear moduli with the temperature
was also observed for p -> a transformation [FrS 69].

FIGURE 2.5.1.2.1- SCHEMATIC ITT CURVE FQR DlLUT~ TI-MO ALLOY [FLO 74).
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25.1.3. Formamn of a plates by diff1.&>n .

At only modest undercootings (-lO·C) below transus ~/a+~

temperature, the pro-eutectoid reaction in Ti-X alloys produces a sideplates,
and, at somewhat larger undercoolings, intragranular ,plates also appear. Far
more so than in the proeutectoid ferrite reaction in steel, sideplates and
intragranular plates are the predominant morphology during the
proeutectoid reaction in Ti-X alloys at all but th~ smallest undercootings
[FUR 90].

H.I.Aaronson et al. [FUR 90] analysed the interfacial structures of
proeutectoid a plate formed by diffusion. They investigated the interfacial
structure of a plates formed from a ~ matrix in Ti-Cr, Ti-Fe and Ti-Co.
Partially coherent a/~ interphase boundaries were shown to be present at
both the broad faces and the edges of a plates. The OR between a and Pwas
given by:

(OOOl)a/ /(Olt)p, [1120]a! /[l1l]p.

Ledges and misfit dislocations were observed on the broad faces of a
plates in Ti-7.2wt%Cr alloys (TO between 200-340°C) and Ti-5.2wt%Fe (To
smaller than 100°C) reacted at respectively 585°C and 550°C, so that the
isothermal reactions took place above To. They concluded that there are
increasing indications that the migration of the a/~ interface in the
diffusional proeutectoid transformation takes place by means of the
formation and lateral spreading of growth ledges.

Two works tried to prove that growth by diffusion can also occur at
temperatures lower than To. Enamoto et al. [ENO 90] analysed the
composition of a plates formed isothermally in Ti-binary alloys. They
reported for a Ti-5.4at%V alloy (To-730-73S·C and Ms-630-700·C) and a Ti

2.6at%Fe alloy (TO-580-660·C and Ms-SI0-630·C) that solute partitioning

occurred between g plates and the ~ matrix during the growth of a. plates in a
wide temperature range. even at temperatures more than one hundred
degrees below To, the maximum temperature at which the composition
invariant transformation is thermodynamically possible.

The solute concentration in the a plates was measured using a
STEM (Hitachi 700H equipped with KEVEX X-ray analyser at 200KV, with
beam diameter not larger than 50 nm and presenting a lower detectable limit
of solute concentration between 0.3 and O.4at%). They observed that the
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solute concentration in the a plates was already close to equilibrium- after
ver.y short reaction times at temperatures below TO and even below Ms, as for
instance:

• after 30 seconds at 680·C and after 3 minutes at S40·C : Ti-5.4V alloy
• after 20 seconds at 540·C and after 2 minutes at 340·C: Ti-2.6Fe alloy.

f

No evidence of partial partitioning of solute, Le., the partitioning
halfway toward equilibrium, was observed along a plates, suggesting
diffusional nucleation and growth.

In other work, following a similar fashion, M.Enomoto et al. [ENO

91] studied the solute partitioning during the proeutectoid a transformation
in ternary Ti-5at%AI-(2.5at%Fe or 2.5 at%Cr) and Ti-4at%V-(2.5at%Fe or
2.5at%Cr). Isothermal heat treatment following solution treatment in the Jl
field, with no quenching in between, was applied to the samples. The
alloying element concentration in the a grain boundary allotriomorph, a
sideplates and intragranular a plates formed from the Jl matrix between 500
and 700 ·C was measured by STEM-EDX. The Ti-5at%AI-2.5at%Fe alloy
(T0=583·C and Ms-560-680 ·C) reacted for 30 seconds at 500·C presented a
microstructure composed of thin long intragranular a. plates lying in one or
two crystallographic directions and presenting a small amount of retained Jl
between the plates. The alloying elements concentration in the a particles
were observed to be close to the a/(a+p) phase boundary composition. On the
other hand, the concentrations in the Pmatrix were mostly within the (a+p)

two phase region. They explained that this is obviously because the
measurements were made before the final equilibrium was achieved and
that these data points for the matrix are seen to move towards J3/(~+a)

boundary as the reaction time is increased. If these a particles were formed
with the full supersaturation of solute, a phase would present concentration
gradient perpendicular to alp interface. They concluded that the massive or
martensitic transformation is unlikely to be the major transformation mode
in the substantial temperature range below TO in these alloys.

At the end of this section on decomposition of ~ phase, it is worth
quoting Z.Nishyiama [NIS 78] "Although the martensitic transformation
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occurs by the rearrangement of atoms by cooperative motion, some atoms
involved in the transformation may move independently. There remains
the question how to combine the. cooperative motions with the independent.
movements of atoms in the theoretical treatment of the transformation. If

we succeed in answering more detailed crystallographic observations in the
thermomechanical and kinematic treatment, a more complete theory of
martensitic transformations will have been established". Some recent
progress has been made on the roles of shear and diffusion on,. the formation
of plate-shape precipitates. Christian [CHR 94] remarked that even when
atomic mobility is high, some ordered products or precipitates still exhibit
shape changes with appreciable shear components. He suggested the
existence of a new category of transformations, called diffusional-displadve,
to deal with this transitional situation. It seems worth mentioning that this
model would help to establish a thermomechanical treatment for the
martensitic reaction itself. His recent suggestion very much resembles the
comments made by M.K.McQuillan [McQ 63] in 1963 about the morphologies
of (X I formed during quenching of Ti-alloys. Diffuslon seems to occupy
indeed a very important part in the thermodynamics of ~->(X transformation
in Ti-alloys either by changing the conditions for further nucleation and
growth of (x' plates by shear or by controlling the nucleation and growth of (x'

plates. This appears to make Ti-alloys a fruitful class of alloy to study as a
source of further important developments in the theory of phase
transformation.
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.2.5.2Ordering reacmn of TiJAl
In a binary solid solution AB which presents preferential atomic

bonds, the heat of mixing of the system is primarily due to the bond energies
between adjacent atoms. If the heat of mixing is endothermic. the atoms in
solution will prefer to be surrounded by atoms of the opposite type,
generating, therefore, a certain degree of ordering in !the system in '·order to
maximise the number of A-B bonds. Furthermore, a parameter s (short
range order) can be defined to quantify the degree of ordering achieved in a
particular system. If each kind of atom in the solution ideally occupies only
predetermined sites of a particular lattice, the solution is considered to be a
ordered phase and a long-range order parameter (L) can then be defined to
quantify the degree of order of this phase, whose lattice is defined as a
superlattice [POR 81]. Increase in temperature causes a continuous decrease of
the long-range order until, above a certain critical temperature, there is no
long-order at all. This phenomena occurs because the effect of entropy on
free energy becomes increasingly more important at higher temperatures. In
order to increase the entropy of mixing, some atoms interchange positions
and end up located on wrong sites [BRA 34].

There are two possible mechanisms for creating an ordered
superlattice from a disordered solution: either by a continuous increase in
short-range order by local rearrangements occurring homogeneously
throughout the crystal, which finally leads to long-range order (in a
mechanism equivalent to spinodal decomposition and operative in second
order transformations or at very high supercoolings below Tc), or by the
formation of ordered domains in a process of nucleation and growth. The
second mechanism is believed to be most common. When domains meet
during growth, their respective sublattice occupancies are either in phase or
out of phase. The latter defines the existence of a boundary called thermal
antiphase boundary (APB), which presents an APB energy associated with
"wrong" nearest neighbour bonding.

The AI-Ti system presents four ordered aluminide phases[GOL
61][GEH 70] [MUR 87a]: Ti3Al, an ordered D019 hexagonal structure based on
Ti(a), and also designated a2 with a P63/mmc space group; TiAl, an ordered
L10 fcc phase of homogeneity range approximately 48 to 68at%AI; TiA12, an
ordered fcc phase; and TiA13 -(cal, a stoichiometric phase with 0022 ordered

fcc structure.
The ordering reaction a->Ti3Al was studied by M.J.Blackburn [BLA

67b] and by S.M.L.Sastry and H.A.Lipsitt [SAS 77]. In both studies the reaction

was found to be by nucleation and growth. The reaction is so rapid that
sometimes, depending on chemical composition, 'it cannot be suppressed
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during quenching from a disordered single phase field '(a or 13), generating

small ordered domains of a2,whose diameter varies from 30 to 70A [WIL
72][BLA 67b][5A5 77]. Isothermal treatment in the a+«2 phase region

produces a microstructure consisting of ordered a2 phase dispersed in a
disordered « matrix. The size, distribution and morphology of the ordered

phase depend strongly on the heat treatment, on the type of nucleation sites

(heterogeneously nucleated (12 particles have diameters two to three times
larger than average) and aluminium content (the size and volume fraction
of the a2 particles increase with AI content) [WIL 72][BLA 67b][SAS 77].

In duplex a+a2 alloys, the microstructure consists of either a
uniform dispersion of coherent a2 precipitates, homogeneously nucleated, or

a heterogeneous dispersion of larger a2 precipitates, nucleated at grain
boundaries and sub-boundaries, and smaller a2 precipitates, formed

intergranularly [WIL 72]. The type of precipitation is controlled by the

chemical composition and heat treatment temperature, so that, if the ageing
temperature is higher than the coherent solvus, the precipitation is
heterogeneous [LUT 70] (see figure 2.5.2.1). The morphology of «2 particles

varies from spherical to ellipsoidal as the particles become larger. The major
axes of the ellipsoids are seen along [0001](1 while the minor axes lie in the

basal plane. The faces of these ellipsoids tend to be parallel to the (1010)a and

(1120)« planes. Up to a size of - 120nm these particles are still coherent with
the matrix and strain contrast can be observed [BLA 67b].

The isothermal heat treatment of the small domains obtained on
quenching in the single a2 field produces domain growth, separated by a

metastable array of APB's. The size of these small ordered domains increases

with the square root of the annealing time. With prolonged ageing it is

possible to reach a situation where each grain becomes a single ordered

domain. As the AI content is reduced, the APB's become more stable [BLA
67b]; For a constant ageing temperature, the higher the AI content, the higher

the ordering temperature. 50, it seems reasonable to assume that both the

long range order parameter and the APB energy increase with the Al content

for a given temperature. As the driving force for the growth of ordered

domains is determined by the APB energy, it is not surprising that binary
alloys containing lower Al present more stable APB'S. The growth of the

small ordered domains minimise the APB ~nergy per unit volume, while

the morphological change from spherical to ellipsoidal, caused by the
preferential growth of the particle along [OOOl]a direction, occurs to minimise

the elastic strain energy related to the aJa2 interface [WIL 72][BLA 67][SA5

77]. The a2/a misfit is 0.35% parallel to [0001] and 0.83% perpendicular to

[0001]. Ternary additions can alter the morphology ,of 0.2 precipitation, more
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$pecifically the precipitate aspect ratio and particle size. For instance, Sn
causes the a2 misfit to become more isotropic whereas Ga causes it to become
more directional and larger along [0001]. As a result, the former promotes a
nearly equiaxed precipitation, with; some precipitates showing irregular semi
coherent aJa2 interfaces [WIL 85].

J.C.Williams [WIL 85] mentioned that in the Ti-AI system
containing from 22 to 27at%Al, since the nucleation Ota2 during quenching
is homogeneous, there appears to be little or no effect of the martensitic
substructure on the a->a2 ordering reaction or subsequent domain
coarsening. In contrast, the ternary addition of ~-stabilising elements such as
Mo, Nb and W results in a significant gradient in antiphase domain size
from edge to centre of the martensite plates. In addition, the domains near
the boundaries are elongated, which suggests heterogeneous nucleation of
a2. He also pointed out, in a rather generic way, that increasing amounts of
ternary alloying elements leads to a reduction in the volume fraction of the
a2-phase in quenched alloys. He proposed that this effect could be
understood by the decrease in Ms, so that the disordered a-phase would exist
for less time at temperatures where atomic mobility is high enough to permit
the short range diffusion. He obviously ignored the effect of ternary addition
on diffusion coefficients and also the 'hypothetical situation where the
ternary addition promotes a peritectoid reaction (~+a2->a), which would
allow a2 to form during quenching at temperatures higher than Ms.
Additionally, ternary additions may favour heterogeneous nucleation of a2,
enabling the reaction to occur at lower undercoolings.

The Ti-aluminides are being considered as potential replacement
materials for Ni-superalloys and conventional Ti-alloys [ARR 93] . Low
ductility and fracture toughness properties near room temperature are the
main obstacle to the use of Ti3Al based Ti-alloys. Other major problem for a2
based alloys is their relative poor oxidation resistance at temperatures of
650°C and above [PEN 93]. Although better than conventional titanium
alloys, the a2 titanium aluminide alloys do not have the required oxidation
resistance to challenge the supremacy of Ni-based super-alloys in the hotter
parts of a gas turbine engine [CHA 93]. H.A.Lipsitt [LIP 85] stated that
intermetallics are particularly suited to high temperature application due to
the modulus retention with temperature and the high activation energy
required for diffusion. Both properties derive from the ordering of the
structure, caused by the strong chemical bond between unlike atoms.
However, in many intermetallics this strong bond also causes the low
ductility at room temperature.
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Many studies have been carried out to identify the deformation
mechanisms of Ti3Al and to explain why the ductility 'of Ti3AI at low
temperatures is rather low when compared to others hcp systems. Generally,
the hcp systems slip on {OOOl} (basal), {to10} (prism), and {1121} (pyramidal)
planes in directions <1120>, <0001> and <1123> respectively [HUL 81]. 0019
systems are expected to slip on the same planes and directions (care must be
taken once one of the lattice parameters of 0019 system is twice the hcp,
aoo19-2xahcp, and although the indexes are the same, the directions and
planes are not always equivalent). Activity of dislocations having Burgers
vector other than 1/3<1120> for hcp systems, or 1/6<1120> for hcP-D019
systems, is necessary to satisfy the requirement of five independent slip
systems for complete slip transmittal across arbitrary grain boundaries [KER
84]. Deformation studies on Ti3Al have shown that the brittleness of Ti3Al at
low temperatures (T<700°C) is explained by the inactivity of 1/6<1123> and
1/2<0001> dislocations [KER 84]:

• The <1120>(l010} slip system is the dominant mode of deformation
[SAS77][LIP 80][LIP 85]. H.A.Lipsitt [LIP 85] explained that the highest
density of dislocations was on the prism planes because such movement
produced no wrong first near neighbours;
• The transition brittle->ductile of Ti3AI, occurring around 700°C, is due
to the presence of 1/6<1123> dislocations on the pyramidal planes [SAS
77][LIP SO].

H.A.Lipsitt [LIP 85] suggested that the first step on the development
of a2-based alloys must focus on lowering the temperature at which the
"non-basal" slip appeared in quantity. A.I<hataee et al. [KHA 88] noted that
enhanced ductility may be achieved through modification of slip systems by
using alloying elements, and/or the production of fine scale microstructures
to disperse the slip. Several possibilities for this refinement were listed by
P.L.Martin et al. [MAR 80]: grain refinement by cold working; microstructural
control via heat treatment; and precipitation of second phase particles. The
ideal aluminide alloy should present room temperature ductility;
microstructural stability at working temperatures besides its usual properties
of strength and creep resistance at high temperatures.

G.Liitjering et al. [LUT 70] studied the interaction between moving
dislocations and the ordered particles in a+a2 alloys mechanically tested at
room temperature. They showed that:

• For samples heat treated at temperatures below the coherent solvus (see
figure 2.5.2.1), the interaction mechanism between dislocations and

ordered particles was by a cutting mechanism, which caused premature
failure. The slip was shown to be pre40minan~ly of <1120>{lOlO} type.
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Shearing of grain boundaries resulting from the high stress concentration
at the head of dislocation pile-ups were also observed; .

• For alloys heat treated shortly below line B in figure 2.5.2.1, the particles .
were by-passed by dislocations, which formed loops around the particles.
The distribution of dislocations in these samples was remarkably
homogeneous. The slip systems operating for this condition were
identified as <1120>{1010} and {OOOI} and the sahlples presented better
elongation to fracture;

• The highest increase in elongation was obtained for the alloy Ti
16.5at%AI-1.5%Si, which after an annealing treatment at 900°C for 100h
showed a total plastic elongation of about 7% at room temperature (see

table 2.5.2.1). The slip systems operating in all alloys which presented a
total plastic elongation higher than 2% were identified as (00J2) 1/3<1120>;
{l010} 1/.3<1120>; {lOll} 1/3<1120>; and {l01<l1/3<1123>. No evidence of the

presence of silicides particles was observed.

02 CJ2 inteqmtide volume
.

alloy ~ ~

(at%)
diameter~ dicitance fradion £(%)treatment (nnd (nm) (om) ofa2 (%)

Ti-18Al ~XrGI(Xh 130 600 200 20 ·3.0
Ti-I8Al-1Zr " 140 400 200 20 5.8

Ti-165Al-1.$i .. 160 550 225 18 7.0

Table 2.5.2.1. Relationship between size and distribution of a2 particles &
the total plastic elongation at room temperature for a+a2 alloys [LUT 70].

It is concluded that the influence of the dislocation-particle

interaction on the strength properties of these alloys did not appear to

depend on the type of slip system which is operative, but on the type of

dislocation distribution. A m0r.e uniform distribution could be achieved by
controlling the particle size and distribution in order to induce a dislocation
by-pass mechanism. It can be suggested from the results shown above that a
smaller length/diameter ratio might cause a more uniform dislocation
distribution. Other suggestion is that Si is more effective than Zr, as a ternary
addition, in increasing the stress field (around the a2 particles) which

interacts with the dislocations.
S.M.L.Sastry and H.A.Lipsitt [SAS 77] studied the influence of Nb on

the microstructure and properties of Ti3AI alloys. They showed that the
addition of Nb induced a change of morphology on the quenched samples
from lath martensite to a very fine acicular martensite refining therefore the
slip length. The alloying with Nb also slowed down the domain growth
kinetics, promoting a more refined domain size after ageing in the single

I ,
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phase a2 field. The analysis of dislocation structures of unalloyed and alloyed
specimens deformed at 700·C showed that:

-A high degree of planarity of slip and the absence of extensive slip with

vectors other than <1120> are responsible for the limited ductility
observed in unalloyed specimens;

• There was an indication of the presence of "c+a" dislocations in alloyed

samples, but no detailed dislocation analysis couid be carried out. The

decrease in the degree of planarity of slip and the significant activity of

non-basal slip vectors were considered responsible for the improved
ductility of these samples.

P.L.Martin et al. [MAR 80] reported a similar study, but adding W

along with Nb. The quenched sample showed a rather refined martensitic

microstructure. Annealing the quenched sample at 900·C caused

heterogeneous nucleation of 13 phase, which is stabilised due to the

partitioning of Nb and W. Tensile tests showed a modest increase in ductility

and a significant increase in strength for the quaternary alloy. They
concluded that additional slip length refinement can be obtained through the
secondary precipitation of stable p phase. The design of alloys with some

room-temperature ductility has centred around stabilising the ductile high

temperature phase p, into equilibrium with the a2 structure [THO 93]. Nb has

found favour as a P-sblbiliser, since it also increases the non-basal slip activity

in the a2 phase. Additionally, Nb enhances oxidation resistance of Ti3AI

[VER 93] [CHA 93]. So, it is not surprising the fact that Ti3Al-Nb alloys form

the basis of current research into a2-based titanium aluminides. Two

commercial alloys have been produced: Ti-24AI-11Nb, and Ti-25AI-IONb-3V
IMo (Super (2). They show a good balance of elevated temperature rupture

strength and room temperature ductility [CHA 93]. The addition of p
stabilisers leads to the formati~ of a two phase microstructure consisting of
the ordered phases a2 and 132(bcc). In this case of super-a2 alloys, bi-modal

microstructures, consisting of equiaxed primarya2 in a lamellar matrix of a2

and P2, are supposed to present the best combination of strength, room

temperature ductility and creep resistance [PRO 93].

Deviation from stoichiometry is another one of the parameters that
may enhance the plasticity of a2 ordered phase, as the introduction of lattice

defects may change the deformation mechanism and therefore the fracture

behaviour. The improvement in ductility of sub-stoichiometric Ti3AI+V

a2+Jj2 alloys was mainly attributed to an increased activity of "c+a"

dislocations on {l121} pyramidal planes. It was assumed that deviation from

perfect order in sub-stoichiometric Ti3AI+V may reduce lattice frictional
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stresses thereby ~nhancing dislocations mobility and improving plasticity
[EHR93].

D.J.Arrell et al. [ARR 93] studied the role of silicon in Ti3Al+Nb
based alloys. They concluded that addition of O.9at%Si to the Ti-20Al-llNb

alloy significantly enhanced its ductility at room temperature. This result was
explained by the formation of an orthorhombic phase (0 phase) replacing the
ordered bcc phase «(30). At silicon levels of 1.2at% and above, the precipitation
of titanium silicide particles produced degradation in both tensile strength
and ductility [ARR 93]. Finally, Thomas mentioned that the determination of
the «2+(3«(32)/13«(32) transus in Ti3AI-based alloys with increasing Nb content
from 5 to 17at%Nb has been very useful for determining both the
thermochemical and heat treatment conditions required to optimise the

microstructure. For a successful development of new Ti3AI based alloys, the
knowledge of the phase boundaries should be extended to Ti-Al-X (X=Mo, V,

Ta, Fe, etc.) alloys systems other than Ti-Al-Nb.
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25.3.Precipitamn of siJicides

Silicon is a common a~loying addition to Ti-alloys destined for
elevated temperature applications. It is an effective strengthening agent in

solid solution and, at high temperatures, it appears to segregate to mobile
dislocations, reducing their mobility and improving creep resistance [CHU

t
88]. Additionally, the precipitation of sUicides from the supersaturated matrix
may result in dispersion strengthening and microstructural stability at
elevated temperatures [CHU 88].

H.M.Flower et al. [FLO 71] studied silicide precipitation during
ageing of quenched samples the Ti-Si, Ti-Al-Si, Ti-Zr-Si, Ti-Zr-AI-Si and
Ti-Zr-AI-Mo-Si systems. The silicide precipitation of the binary alloy was

extremely slow and entirely heterogeneous. The titanium sUicides seemed to
nucleate preferentially on [0001] dislocations and in martensite plate
boundaries, and to grow as rods along the <1120> directions. The silicide
distribution was found to be basically two dimensional. The silicides were

identified, through electron diffraction, as TiSSi3 (hcp with a=4.29A and
c=5.139A) with the following orientation relationship:

(0110)a' / / (01 10)TisSi3

(2110)a' / / (2111)TiSSi3

Increasing ageing temperature, from 550 to 650°C, produced coarser
precipitation of TisSi3 particles, which were formed more rapidly. Increasing
silicon content increased the nucleation of TisSi3 particles and produce more

homogeneous distribution of precipitates. The latter was explained by the
increase of supersaturation of the matrix, which caused an increase in both
the dislocation density of the quenched samples and the driving force for
TisSi3 precipitation [FLO 71]. They also observed that ternary addition of Al

slowed down the kinetics of silicide precipitation and accentuated the
nucleation heterogeneity. Ageing the alloy Ti-5Al-1Si at 550°C for two weeks
produced the precipitation of very few silicide particles confined almost
entirely to grain boundaries. Some hypotheses were considered to explain the
effects of aluminium on silicide precipitation:

• Aluminium would increase the solubility of silicon in a phase.
• Aluminium would reduce the atomic mobility, either by being
incorporated into the precipitate or by reducing the atomic mobility of
silicon in the matrix.

Finally, they observed that the ternary addition of zirconium (Ti
5Zr-tSi alloy) produced a finer and more tridimensional dispersion of
(TiZr)sSi3, which grew more slowly. The Z1 additiQn changed the orientation
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relationship between silicide and matrix and induced the precipitation of a
second silicide precipitate (hcp with a=7.0A and c=3.6), which was present
together with (TiZr)5Si3 in the ternary alloy. At temperatures below 550·C, .

this ternary addition produced a homogeneous nucleation of coherent
precipitates.

The presence of TisSi3 instead of Ti3Si (the stable phase in the Ti-Si
phase diagram, see figure 2.3.4) seems to be caused by the rather slow
precipitation of the latter. M.Pajunen et al. [PAJ 89] made some
thermodynamic and kinetics considerations of Ti-Si diffusion couples. He
observed the formation of Ti3Si, in a sample made of commercial purity

titanium, after 32 hours annealing at IIOOC. For samples made of high purity
titanium, Ti3Si phase could not be observed even after 100 hours annealing.
N.H.Salpadoru et al. [SAL 95] observed formation of Ti3Si in Ti-Si binary
alloys after 99 days at SOO·C, while Svechnikov et al [SVE 70] observed Ti3Si
precipitation after 115h at 10OO·C, but not after 200h at SOO·C. These results

show that the precipitation of Ti3Si is sluggish and dependent on the
presence of impurities

L.S.Chumbley et al. [CHU 88] studied the crystallography of TiSSi3 in
Ti-Si alloys over the range of ageing temperatures. He observed two

morphologies of "stable" silicides: rod like, as reported by H.M.Flower [FLO

71] for temperatures above 700·C; and hexagonal-shaped plates at lower
temperatures (500-600 ·C). The latter showed:

• An orientation relationship differing from that responsible for the rod
morphology;

• Preferred heterogeneous nucleation on c[OOOl]a' and a/3< 1210>a'

dislocations, both within the tempered martensite a '; and at both lath and
grain boundaries.

They concluded that the lattice parameter ratio a/ao (a= lattice
parameter of silicide; a o= lattice parameter of a' matrix) determines the
extent of the lattice misfit along key parallel directions in precipitate and

matrix lattices. Figure 2.5.3.1. shows that a large initial value of a/ao would
favour the adoption of the hexagonal plate morphology, while lower values
of this ratio would favour precipitate rods.

So, in order to optimise the creep resistance of aluminide alloys, it
seems that a coherent-type silicide precipitation, completely homogeneous
and widely dispersed, with a rather sluggish coarsening rate would be
tempting. To achieve this ideal precipitation, it is likely that additions of Nb
and Zr should be used.
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MORPHOLOGIES OF TisSi3 [CHUM 88l

26Thertmdynamic tmdelJing of phase diagram;

Thermodynamic calculations of phase diagrams have become a
very useful tool for checking the validity of proposed phase boundaries, or
for predicting portions or whole phase diagrams of many systems. As
computer programs become more sophisticated and accessible,
thermodynamic modelling is performed more often. This leads to attempts
to adjust or check experimental phase boundary data [OKA 91]; and even to
construct a general thermodynamic data bank to produce phase diagrams and
a large variety of thermodynamic quantities [HIL 86]. These computer
techniques also allow a more rational way of devising sets of critical
experiments for the accurate determination of phase diagrams. It must be
realised that the complete experimental investigation of even a simple
ternary system may cost several man-years. Hence, a combination of
computation and critical experiments is crucial in the determination of
ternary and higher order phase diagrams [LUP 83].

Computer programs permit the derivation of thermodynamic
functions of phases by optimising the input data of some of their measured
thermodynamic properties available in the literature; and/or by making use
of experimental data of portions of the phase diagram[OKA 91]. It is not rare,
however, to find thermodynamic models that involve functions with
parameters of inconceivable magnitude. Such functions would not be
appropriate if they were used for purposes other than phase diagram
modelling, as, for example kinetic ,calculat,ions or prediction of



thermodynamic properties [OKA 91]. M.Hillert [HIL 86] warns that one

should be cautious when using the adjustable parametets of a particular
model for the prediction of thermodynamics properties. He explains that, for
instance, it is possible that sometimes more than one model can successfully
describe the experimental information on a certain system. This situation
would not produce any insight in the physical nature of the solution.
Nevertheless he points that it is legitimate to use a purely "mathematical"
model opposed to a physical model as long as it is capable of describing the
experimental information and it can be used to predict further information
under conditions not studied directly by experiments.

H.Okamoto [OKA 91] emphasises that the simpler the
thermodynamic model, the easier the examination of the thermodynamic
and physical properties associated with the system under examination will
be. M.Hillert [HIL 86] concludes that the sounder the physical model
underlying the mathematical model, the safer the predictions will be. The
essential property of the models is the ability to describe experimental
information and allow extrapolation from these data. In a not so recent
review of alloys modelling, B.Sundman [SUN 90] stated that a large number

of thermodynamic models have been developed for alloys and related

systems. He adds that these models are, however, very similar to each other,

and that in the near future the number of models used will be quite small.
This would improve the cooperation towards a generally applicable
thermodynamic database and would allow the development of new
materials with better properties and at a lower cost.

Among the difficulties found for the formation of a general
thermodYnamic data bank, M.Hillert [HIL 86] reported: the definition of the

thermodYnamic function to be used for the data storage; the self-consistency
of all information contained in the database in order to assess higher order

. systems; the compatibility of mathematical models so that it is possible to
combine them in order to describe a higher order system; the choice of a
simple but effective model which does not grow very complex for higher

order systems; and finally the fact. that any new. information or
improvement of a model may justify the revision of a lower order system,
and, as a consequence, the reassessment of all the higher order systems.
There are, however, few thermodynamic databanks and software available

at the market at the moment that were constructed with a high degree of

generality in mind to deal with computer modelling of phase diagrams or,
more appropriately defined computer modelling of thermodynamic
properties of phases. These softwares and databases are available for use
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either on on-line access through modem or on a personal computer version.
Among the software and database packages one could menlion:

• ChemSege, developed by :the Institute of Theoretical Metallurgy,
Technical University, Aacheni .
• LUKAS [LUI< 77] developed by Hans Leon Lukas, Max-Planck-Institute,
Stuttgart;
• THERMO-eALC [SUN 85] developed by the Department of Materials
Science, Royal Institute of Technology, Stockholm, Internet home page
address- http://balrog.met.kth.se/tc/i
• FACT [PEL 86] developed by the Centre de Researche en Calcul
Thermodynamique, Ecole Polytechnique, Montreali
• MTDATA, developed by the Division of Materials Metrology, National
Physical Laboratory, Middlesex.

There is also a consortium of centres, Scientific Group Thermodata
Europe (SGTE), engaged in the development of thermodynamic data banks
in Europe. One of the aims of the SGTE group is the cooperation in a broader
international effort to unify thermodynamic data and assessment methods.

Once all the selected experimental data have been inputted into the
programme and all the parameters of the thermodynamic functions of the
phases under investigation have been calculated and optimised, one must
decide when the assessment of a particular phase diagram is finished.
B.Sundman [SUN 90] concluded that there are no finished assessments in the
literature and that all the results presented from such practice represent the
situation when the assessor had to stop work either through lack of funding
or interest.

26.LThermodynamic tmdeti for solid solutDn

Theoretical methods for the prediction of phase diagrams mean, in
a rigorous sense, the quantum mechanical calculation of thermodynamic
functions on the basis of well-defined parameters of the constituent
elements. However, even for binary system, there is no way to use such
theoretical methods for every binary combination of elements. So, the
theoretical methods must be used more in a sense of qualitative and
quantitative representation of measured data for extrapolation procedures
[HEN 79]. These analytical representations may be based on models, such as
regular solution, sub-regular solution and cluster variation method, or on
purely mathematical expressions using different kinds of power series.
Differences in representations are not really in the physical meaning of the
coefficients but more in the prior limitation of the number of coefficients
used [HEN 79]. In the development of a model, many assumptions have to be
made. A model with too many simplifying assumptions may not represent
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the data adequately. On the other hand, a model that is' too realistic is often
mathematically intractable or introduces too many parameters, so it seems
that a compromise is usually necessary [LUP 83]

During modelling, each phase of a system must be modelled
separately as well as each compound. As most solid solution phases are stable
only within a limited composition range, it is often necessary to make
assumptions of its properties outside its stability range [SUN 90]. Once one or
more models have been chosen to describe thermodynamically each phase
and component of the system, one starts the calculation by applying a set of
arbitrary values for the parameters of the Gibbs free energy of each phase.
These parameters should then be optimised by means of iterative techniques,
such as least-square method, to give the best fit between the calculated
equilibrium and all the experimental information available [HIL 79][HEN 79].

The first model to be investigated is the ideal solution one. This
model corresponds to a statistical model in which the atoms are distributed at
random on lattice sites and there is no energy change associated with a
rearrangement of the atoms [LUP 83]. So, using this model one may describe
any particular ideal solution phase as shown by equation 2.6.1. The first term
of the equation corresponds to a mechanical mixture of components and it

can also be defined as the Gibbs free energy of reference, as it defines a level of
reference ( line, plane or surface) according to the order of the system. The
second term corresponds to the ideal entropy of mixing [PEN 93][HIL 86). In
the ideal solution there is neither heat nor change of volume dUring the
mixing process [LUP 83].

m m
G(phase) = LXi .G? + RTLxi' lnx j eq.2.6.1

i=l i=l

Where: m is the number of components; G(phase) is the Gibbs free energy
of mixing of the a particula.r phase; GO is the Gibbs free energy of the pure
component i in the same structure as that of the phase under
consideration; Xi is the mole fraction of the component i ; T is the

temperature; and R is the universal gas constant.

In order to account for the interaction between elements one must
use a model that considers the existence of a so called excess Gibbs energy.
The excess contribution is the difference between the real and the ideal
solution and its value depends on the chosen model. For binary systems,
however, all these excess models produce the same result. The Gibbs free
energy of mixing of a particular solution phase can be described as shown in
equation 2.6.2. [SUN 90).
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m m
G(phase) = 2,Xi .G? + RT2,Xi ·lnxi + Gexcess : eq.2.6.2

i=t i=t

So, it seems worthwhile to start describ~ng some of the models
which regard the excess term. The first one to be considered is the regular
solution model. This model tries to account for the non-ideality of a phase by
introducing terms in the excess Gibbs free energy that depend on mole
fractions. The model assumes the atoms are distributed at random on the
sites of a three-dimensional lattice (Sexcess = zero); there are no vacancies;

the energy of the system may be calculated as a sum of pairwise interactions
[LUP 83). The excess term is mathematically described as a function of
concentration and it depends on the model used to describe the
thermodynamic properties. The simplest description is by a polynomial of
the concentration. Table 2.6.1 shows some polynomials which are often used

to describe the excess term. Redlich Kister has the advantage that it can be
more easily handled [LUI< 82)

type of polynomial analytical expression for the
binary excess term **

Margules 0
GI ,2 - 2,L(i) ( )iexcess - Xl .x2 . 1,2' x2

i=O
Redlich and Kister n

GI,2 - 2,L(i) ( )iexcess - Xl .x2 . 1,2' xl - x2
i=O

Borelius 0
G1,2 =X • X . 2,L(i) (X )(0-1). (x )iexcess 1 2 1,2' 1 2

i=O

··L~)2 istheroeffidentoftincuyinteradion ofordern;,
andn is the &weeofthe polynomial.

TaHe26.1.T~ of p:>lyromials for l:inaryex(l;l$ term; [llJI<82].

The number of terms in the polynomial can be arbitrary high and
.. the greater the number of coefficients, the higher the fit to the experimental

data. It is appropriate, however, to point out that increasing the number of

coefficients will decrease the significance of each coefficient and that there is
an advisable limit. If it is not possible to obtain fit within this limit one
should reconsider the model used to describe the phase. In multicomponent
systems, for instance, one can introduce an interaction between each pair of

constituents and the excess free energy can be obtained as the sum of all
binary contributions as shown by the following equation using the Redlich
and Kister polynomial [SUN 90):

70



m·I m
G excess = L LXi 'Xj' {L(Xi -xj)n.LY,j}..· :···eq.2.6.3.

i=l j>i n

Where n is the degree of the polynomial, Li,j is the coefficient of binary

interaction between the constituents i and j and m is the number of
components.

When the species or atoms are different in size, shape,
electronegativity, etc., it may be a good approximation to assume non

random mixing of the atomic species and, as consequence, the solution will
not have an ideal entropy of mixing. For instance, the quasi-regular solution

model [LUP 83] retains the simplicity of the regular model but no longer

assumes that the excess entropy is equal to zero, so that the constituents are

not mixed randomly. This assumption leads to an equation of the following

type:
rn-I m

Gexcess = L LXi' xj" {L(Xi - Xj)n. LY,j·[1-(T/tij)]} eq.2.6.4.
i=l j>l n

Where T is temperature and tij is a parameter linking enthalpy and

entropy contributions.

A practical example of phase description seems very useful at this

stage. U.R.Kattner et al. [KAT 92] used a regular solution-type model the
Redlich and Kister polynomial to describe the disordered solution phases:

liquid, Ti-f3, Ti-a and AI of the AI-Ti binary system (equation 2.6.5).

G(phase) = xTi*G~i +XAl*G~1 + RT{XTi InxTi +xAllnxAI} +
+XTi*xAtlGO+ Gt*(XTi -xAl)}·····eq.2.6.5.

Where Xi is the mole fraction of i; G? is the reference state of i; and GO and

Gl are coefficients of the excess Gibbs energy.

As discussed in the beginning of this section, differences in

representations of regular-type solutions are not really in the physical

meaning of the coefficients but more in the limitation of the number of

coefficients used for the optimisation [HEN 79]. The equation 2.6.5 uses the
coefficients, GO and GI, as adjustable variables. These variables can be

represented by either a constant or a function of temperature. Table 2.6.2
displays the values of the coefficients, GO and GI,to show how regular

solution-type models differ only on the number and type of adjustable

variables.
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model coefficient values
Quasi-subregular Go~O.andGl~o;

Go and Glare represented by a function.

Quasi-regular GO'l:OandGl =0;
GO is represented by a function.

Subregular GO 'I: 0 and Gl ~ 0;

are both represented by a constant.

Regular GO 'I: 0 and Gl = 0;
GO is represented by a constant.

Tatle26.2. Regular sohltion-t}pe tmdels.

In the modelling of a ternary solution phase, the description of the
adjacent b~nary solution phases must appear, so it seems useful to consider
the properties of the ternary solution as the sum of binary and ternary
contributions. Very often it is necessary to modify the binary subsystems
when assessing a ternary system. However if a binary subsystem has been
used in other ternary assessments, one may not change it without reassessing
also these systems, specially when one is developing a general
thermodynamic database [SUN 90]. One may describe qualitatively the excess
Gibbs free energy for ternary regular-type solutions, as:

2 3
G excess = L LXi' Xj' Li,j + Xl' x2' x3' Ll,2,3·················· eq.2.6.6.

i=l j>i

Where Li,j,k and Li,j are, respectively, the ternary and the binary

interaction parameters.

There are many ways to develop the description of ternary and
higher order systems, and among them there are two formalisms which
seems worth mentioning: Muggianu's and Kohler's. In a ternary solution
with A,B and C-neighbours, Kohler's treats the C-neighbours like A (if A
neighbours are predominant), otherwise they are treated like B. Muggianu's
treats C-neighbours like an equal mixture of A and B. H.L.Lukas [LUK82]
however, admitted that there is no strong reason to prefer one or other
formalism. So, considering the Redlich and Kister polynomial, the two
different formalisms when applied for binary systems are shown in table
2.6.3.
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formalism mathematical expression
Kohler's

G~~= = XI·X2i:L\~~.«XI-X2)/(Xl +X2»i
i=O

Muggianu's n .
Gbinary - . I L(n) ( _ )i

excess - Xl x2 1,2' xl x2
i::;:;O

TalE26.3. M uggianu'saroKohler'sformalismfora 1:inaryS}Stem[llJK82t

For the description of ordered intermetallic compounds, a more
sophisticated approach is usually needed. The Bragg-Williams
approximation uses the bond-energy model and has been widely used for
description of ordering. In the bond-energy model it is usually assumed that
the total energy of the system may be regarded as the sum of the energies of
bonds between atoms. W.L.Bragg and E.J.Williams [BRA 34][BRA 35] applied
the bond-energy model to ordering by using sublattices and assuming that
each sublattice presents random mixing of atoms. The configurational
entropy is calculated for each sublattice and the total entropy is then
calculating by summing up the contributions of each sublattice multiplied by
its site fraction. The site fraction gives the fraction of each component on
each sublattice and the fraction of each sublattice in the phase. Only the
interaction of species within the same sublattice is usually considered, but
interaction between species on different sublattices is also possible and can be
described [LUK 82]. The distribution of atoms amongst the sublattices may
vary continuously without change of phase, from being random at high
temperatures to being partially regular at low temperatures [BRA 34].

Difficulties with the Bragg-Williams approximation arise when this
model is applied to a case where the atoms in' the two sublattices have a
different coordination number [AND 86]. J.a.Andersson et al. [AND 86]
concluded that the bond-energy model must be modified in some way. It has
also been argued elsewhere [KAT 92] that difficulties also arise when this
approximation is used for modelling ordering based on close-packed
structures. In fcc ordering reactions, for instance, the Bragg-Williams
approximation (considering near neighbour pair-wise interactions) gave a
completely unrealistic phase diagram, which remained unaltered by
considering higher neighbourpait-wise energy [eAH 79]. To overcome these
difficulties with the Bragg-Williams approximation, M.Hillert et al.[AND 86]
developed a new model, called compound-energy, which assumes that the
energy of a system is mainly given by a weighted average of the energy of
compounds. This model when applied to a case with sublattices presenting a
consblnt coordination number, is formally identical to the bond-energy
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G(phase) =1',PI(Y>*Cf + RTl',asLy~*ln(yf) + Gexcess eq.2.6.7.
lsi

f

Where I is a constituent array which specifies one constituent in each
sublattice; Y is the matrix with all constituent site fractions. PI(Y) is the

product of the site fractions of the constituents specified by I, one from

each sublattice, so that P1(Y) =IIyf; yi is the fraction of constituent i on

sublattice s. Gf is the Gibbs energy of a compound with the constituents

given by I. as is the relative number of sites on sublattice s.

The first term of the equation 2.6.8 is the state of reference for the
Gibbs energy and it might include the energy of formation of hypothetical
compounds like BaAb. Because of the existence of such compounds in this

term, M.Hillert and co-workers [HIL 86][AND 86] referred to this sublattice
model as a compound-energy model. The second term expresses the ideal
entropy of mixing, which is due to the random mixing on each sublattice,
and the last term represents the excess Gibbs energy. The excess Gibbs energy
(Gexcess) in this model is mainly composed of the interaction energy

between different components in the same lattice. The interactions between
neighbouring atoms in different sublattices are essentially described by the
first term of the equation 2.6.8. B.Sundman [SUN 80] defines mathematically

the excess Gibbs energy as:
Gexcess = L LPIZ(Y)* LIZ eq.2.6.8.

Z>OIZ
Where IZ are high order component arrays and LIZ is the interaction

parameter.

It is appropriate to exemplify at this stage the thermodynamic
modelling of an ordered phase using sublattices. J.P.Gros et al. [GRO 88]

calculated the Ti-rich corner of the Al-Ti binary using a computer-operated

optimisation procedure called PARROT and developed by B.Jansson [JAN 84]
and an optimisation procedure developed by H.L.Lukas et al. [LUK 77). The
liquid and Ti-(3 phases were described as quasi-regular solutions, where:

Gexcess =XAI.XTi.L(AI,Ti;O)
Ti-a (hep) and Ti3A1(hcp) were described with the sublattice model

developed by M.Hillert et al [AND 86] as one single phase undergoing an
order-disorder transition. J.P.Gros et al. [GRO 88] considered the Al-Ti system
as: having two sublattices (l and 2); presenting site fractions given by 0.75
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G(Ti3Al) =

· and 0.25 respectively; and with the components Ti andAl randomly mixed

in each lattice, so that this solution phase could be represented as
(Ti,Al).7S(Ti,Al).2S. They finally ~escribed the ordered phase Ti3A1 and the

disordered phase Ti-a as:

120 12GO
YTj . YTi* GTi.7STi.2S + YAI' YAl* AbsAl.25 +

+ yh ·yit*G~i.75AI.25+ yL ·yii*G~I.7STi.25 +

+ R.T.{ O.75*(yh.ln Ytj + y1·ln yil) + O. 25*(yii.ln yii + yil·ln yil) } +

+ Yil.y}i* (yii. L(AI,Ti: Til + yil. LCAl,Ti: AI)} +

+ yii·yil* {y}i L(Ti: Al,Til + y1· LeAl: Ti,An } +

+ yh·y1·yii·yil· L(Ti,Al: Ti,Al) ..........•.•..•.....•...••eq.2.6.9.

Where yf is the site fraction of component i on sublattice sand LA,B : C is

the interaction between components A and B of the first sublattice in

relation to the component C of the second sublattice. Notice that: the
component array is written with a comma "," between components in the

same sublattice and a colon ":" between components on different

sublattices; a component must not be contained more than once for the

same subIattice.
Additionally, the interaction parameters, L(A,B:C) can vary with the

temperature and may be given different kinds of composition dependency
(Redlich and Kister polynomial under Muggianu's formalism).

L (A,B:C) =L (A,B:C;O)+L (A,B:c:1)*<yl-y1>+L (A,B:C;2)*<yl-yh>2eq.2.6.1o.

IWhere L(A,B:C;n) is the term of n!h order of the polynomial expansion.

The same equation (2.6.9) was used for the disordered hcp phase,

just assuming that the site fractions of Al and Ti on the sublattices was the

same. The equation became identical to a regular solution formed by only
"one sublattice". In order to favour the stability of the disordered phase in
certain temperature or composition ranges it was necessary to impose some

constraints on the interaction coefficients shown in equation 2.6.9. Such

constraints can be derived either by considering nearest and next-nearest

bond energies or by mathematical considerations lANS 88]. J.P.Gros et al.

[GRO 88] found reasonable agreement between experimental and calculated

values for the Ti~aand Ti3ALphaseboundaries (see figure 2,6.1.1.). The

authors also verified that the congruent transformation of the Ti-o.(hcp)

>Ti3AI would be substituted by a peritectoid reaction {Ti-~(bcc)+Ti3Al->Ti

o.(hcp)} if the Gibbs energy for the Ti-a(hcp) phase had been decreased by

170J/mole. Another possibility for the modelling is to describe Ti3AI and Ti

a(hcp) separately as proposed by M.Hillert [liIL 86]. I
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U.R.Kattner et al. [KAT 92] also thermodynamically assessed and
calculated the binary AI-Ti using the optimisation and calculation program
developed by H.L.Lukas et al. [LU~ 77]. The disordered solution phases fJ and

.:: Ct were described as, respectively, quasi-regular solution and quasi-subregular
solution (equation 2.6.5 and table 2.6.2). As the ordered intermetallic
compound Ti3AI exhibits an appredable wide range of homogeneity, it was,
considered to consist of two sublattices. Random mixtures of Ti and AI on
each lattice was assumed, and the analytical description given by:

( • AI) - GO GO AGf 2 G2 I 1G T13 - xTi* Ti + xAl* Al + il + nTi* Ti + nAl*GAI +

+ RT*{ nti lnn:h + nlllnnll + nfi lnnfi + n~llnn~1 - NIlnN1 - N2 lnN2}+
I 1 {GI G1 (I 1) } 2 2 {G2 2 (2 2) }+ nTi*nAl 0 + 1* nTi -nAl + nTi*nAl 0 +GI * nTi -nAI

+ nfi*n~I*G12 eq.2.6.11

. h 1 2 1 2 1 lIdN2 2 2WIt : xTi =nTi +nn, xAI = nAl +nAl, N =nn +nAl an =nTi +nAl

Where nh,nll,n~land nT-i are mole fractions of Ti and Al atoms on

sublattices 1 and 2; and N1and N2are the site fractions of sublattices 1 and

2; G~i and G~l are the reference states; AGf is the Gibbs energy of perfectly

ordered phase at stoichiometric composition, referred to one mole of

atoms, Gfi and G1I are the Gibbs energy of formation of one mole of

substitutional Ti or Al atoms on sublattice 2 and 1, respectively, and

GA, G}, Gfi and Gt are coefficients of polynomial interaction between

atoms on the same sublattice, and G12 is the coefficient of an interaction
term between the substitutional atoms on the different sublattices. The

quantities n~'i,nlI,nitand nti are calculated by minimising the Gibbs
energy for given XTi and XA!.

In the literature [SUN 81][LUK 82] eq,2.6.11 is often called sublattice
mod e 1. This equation can also be used for the Bragg-Williams
approximation. In this case, constraints for the numerical values of

G f 2 1 GI I G2 2 d 12 b . d f ./!,;. ,GTil GAl, 0, GI, 0, Gt an G must e denve rom summmg the

nearest-neighbour interactions of the ordered and disordered structures in
question. In the analytical description of the ordered intermetallic
compounds, substitution of both eleml:!!1ts~asClssumed to ,?ccur on both
sublattices, allowing these compounds to exist over the entire composition
range. At complete substitution, the degree of order in these compounds
must be zero, and the Gibbs energy of these compounds must be equal to the
Gibbs energy of the pure elements with the corresponding crystal structure,
so that the Gibbs energy of formation of substitutional Ti and Al atoms

1 ,

cannot be adjusted independently and:
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G~ =-AGf
/ N 2 and G~l =-AG f / Nt

The calculated phase diagram obtained by U.R.Kattner et al. [KAT
92] agreed well with the critically evaluated data from literature (see figure
2.2.1). The optimisation process revealed that the phase relationships
obtained from the calculation of the AI-Ti phase diagram were extremely
sensitive to small changes in the Gibbs energy. The fas:t that small changes in

Gibbs energy result in different phase relationships may help to explain the
experimental difficulties in determining an accurate phase diagram for the
AI-Ti system. For instance, at -1100·C for 25at%AI the differences in the
calculated relative Gibbs energy for Ti3AI, Ti(a) and Ti(I}) were very small
and very likely to be smaller than the uncertainties usually found in
experimentally determined thermodynamic data. This might explain the
uncertainty of the existence of two peritectoid reactions: J3(Ti) + n (Ti)->
a2(Ti3AI) at-1200·C and as ~(Ti) + a2(Ti3AI) -> n(Ti) at-1150·C; as

proposed by J.C.Mishurda et al. [MIS 89] instead of the congruent reaction: n
(Ti)-> a2(Ti3Al).

In contrast to the compound-energy model proposed by M.Hillert et
al. [AND 86] and described by equation 2.6.10, the sublattice model used by

U.R.Kattner et al. [KAT 92] does not present any term representing the Gibbs
energy of hypothetical compounds (see equation 2.6.12). At the same time, a

closer look at the mathematical formalism of these models reveals that they
are, in general, mathematically identical and differ only in the number of
independently adjustable parameters [KAT 92]. These models have both
ignored the short range order contribution for the Gibbs free energy,
underestimating, thus, the stability of the disordered phase [SUN 90].

M.Hillert [HIL 86] mentioned that the modelling of the critical temperature
for ordering is still difficult and that the SGTE group has not been able to
make any suggestion for a unified treatment of the ordered and disordered

states in a system. He concluded that it seems better to describe the two states
(ordered and disordered) as two completely different phases.

A more elaborate model for ordering, called the cluster variation
method (CVM) has been developed by R.Kikuchi [KIK 51). In this model one

does not only take pairwise bonds into account, but also "clusters" containing
more than three atoms. Each of these clusters will have a Gibbs energy of

formation from the number of AB bonds it contains. The entropy expression

has a correction term to take into account the fact that dusters share surfaces,

edges and corners. This method has been shown to be a very convenient
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approach to study long and short range in binary and multicomponent
systems [CAH 79][I<IK 74).

J.L.Murray [MUR 88] 'pointed out that in CVM calculations,
attention had been paid primarily to the order-disorder equilibrium, and not
so much to the consistency of the Gibbs energies with those of the other
structurally dissimilar phases of the systems. On her talculation of the AI-Ti
phase diagram, she sacrificed the greater accuracy of CVM for the ordered
states to make use of optimisation techniques for fitting Gibbs energies to
experimental data. So she applied the sublattice model as treated by
H.L.Lukas at al [LUI< 77] to the ordered phases. Ti(a,)-hcp was described as a
quasi-regular solution (equation 2.6.5 and table 2.6.2). The predicted Ti-a,(hcp)
plus Ti3AI phase field was considerably narrower than observed and had a
lower congruent point. Besides this minor discrepancy, her assessed version
was in good agreement with the available experimental data.

Although CVM approximation is supposed to have better accuracy
than other models, as it can calculate the probabilities of atom configurations
affected by interactions between atoms in the same and different sublattices,
recent modelling [ONO 94][AST 93] of the Ti-AI phase diagram using this
method have shown rather unsatisfactory results (see figure 2.6.1.2.),

suggesting that there is still a lot of refinement to be performed. However,
Asta et ale [AST 93] where studying first-principles of phase stability of Ti-Al
intermetallic compounds (heat of formation and other zero-temperature
properties of intermetallic compounds as well as of elemental fcc and hcp Ti

and Al) to calculate thermodynamic and structural properties and to perform
an abinitio study of phase stability. As a first attempt, it must be agreed that
the general topology of the phase diagram at lower Al is in reasonable
agreement with Kattner's ve~sion [KAT 92], specially if one ignores the
temperature axis and recognises that they did not include ~ phase in the
calculations). Almost the same observation applies for Onodera et al. [ONO
94], suggesting that CVM approximation might be a useful tool for a more
fundamental modelling the Ti-Al system. It is hoped that in near future, one
can use the basic information available for instance for pure A and B, such as

electronic structure, bulk modulus, melting points and allotropic transition
temperatures, to con~t~l1ct~~e corresponding A-B phase diagram with no
additional alloy data, in other words, an interpolating scheme for predicting
stable and metastable alloy equilibria using as input only pure element
parameters [KUM 90].
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FIGURE 2.6.1.1. TI-AL PHASE DIAGRAM CALCULATED VIA

REGULAR-SUBLArnCE MODEL [ANS 88].
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Chapter3

Experimental Procedure

3.1A11oys preparation
f

The alloys used in this study (see nominal chemical compositions
in table 3.1.1.) were prepared from high purity melted titanium sponge
(99.7%), high purity silicon granules (99.9999%), electrolytic aluminium
(99.99%), niobium powder (99.9%, 40mesh) and zirconium sponge (99.7wt%).
The melted titanium buttons had their hardness measured to monitor the
interstitial content. Low interstitial content was assured by choosing buttons
whose measured hardness were between 94 and 115 VHN [AHM 92].
Aluminium was washed in dilute sodium hydroxide solution to remove
scale.

The raw materials were, in order: weighed; washed in acetone and
dried (to avoid contamination); and then loaded into an argon arc furnace. A
titanium getter was also loaded into the furnace. The argon arc furnace was

equipped with a water cooled copper hearth, a non-eonsumable tungsten
electrode, a device for injection of gases and a vacuum pump. After loading
the raw materials, the furnace was evacuated and flushed with high purity
argon four times before melting the raw materials in a low pressure argon
atmosphere.

nominalm •• n
alloy at%Al at%Si at%Nb at%Zr

at%Ti
code (±o.I) (±o.OI) (±o.OI) (±o.OI)

1 16.0 0 - ~ bllance

2 16.5 0.97 "- -
3 16.5 3.5 ~ "-
4 22.1 0 "- -
5 22.1 0.97 - "-
6 22.1 3.5 "~ ~

2N ·14.2 ··0.88 0.89 ~

It

2Z 14.4 0.87 0.90 "-
5N 20.4 0.86 0.87 ~

It

5Z 20.3 0.86 0.87 "-

Talie3.1.1.Nominal rompositionsofallo}5 p-eprred
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The melting process consisted. of the initial melt of the titanium
getter, which would be melted again during the melting of the raw materials
to pick up residual oxygen and ni~ogen still present in the atmosphere of the
furnace. Following this initial step, the arc was brought in contact with the
raw materials, causing them to melt. After approximately 3 minutes of
fusion, the alloy produced was allowed to solidify into a button by moving
the electrode back to the getter. The alloy button was turned over and melted
again. This procedure was repeated four times to ensure chemical
homogeneity. The button was then moved into the rod-shaped mould,
where the melting procedure was applied twice, producing the final ingot
(length =5cm vs. diameter =lcm). The ingot was then weighed, so that the
weight losses could be obtained. If the weight loss was more than 1%, the
alloy had to be reprepared.

3.2 Heat treatment

Both extremities of the rod-shaped ingots were cut off to examine
the as-cast structures and to ensure that the remaining material was
macroscopically homogeneous in terms of microstructure. The ingots were
then: ground using lubricating SiC paper to remove any oxide layer, which
could cause contamination of the alloys during heat treatment; wrapped in
molybdenum foil and put inside silica glass tubes. The Molybdenum foil
prevents the alloy from reacting with the silica tube. The silica tubes
containing the alloys were then evacuated and flushed with high purity
argon several times. The pressure of argon (-0.3 atm at room temperature)
inside the silica tube was chosen so that the internal pressure at the heat
treatment temperature would slightly higher than 1 atm to avoid
vaporisation of aluminium and contamination by oxygen and nitrogen.

All alloys were homogenised at 1300·C for 4 hours and quenched.
The samples were quenched into an ice-water bath, and care was taken to
make sure that the silica tube had been broken as soon as they reached the
bath. The homogenised alloys were then cut into samples, whose thicknesses
were kept around 8mm, descaled, encapsulated (using the same procedure
previously described) and, finally, isothermally heat treated following the
cycles shown table 3.2.1 . Heat treatments above lOOOGC were carried out
under a high purity argon atmosphere and in a vertical furnace.
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code temp. rC) time (h) comment
± S·C

<

initial condition: as-cast;
A 1300 :4 ..quenched in iced water

initial cOrldition: A
B 1200 24 ~quenched in iced water

initial condition: A
C 1100 42 -quenched in iced water

initial condition: A
D 1000 72* rquenched in iced water

I-initial condition: A
E 900 8 days" rquenched in iced water

initial condition: A
F 800 14 days" ~quenched in iced water

I-initial condition: A
G 700 36 days" -quenched in iced water

TaHe3.21.Heat treat:rrent <.)des U3ed

hardness oxygen content in
codell- (VHN) solid solution

±30 (ppm)

1 327 -
lA 348 1700
2 310 -

2A 339 1400
2Z 310 -

2ZA 358 -
2N 343 -

2NA 350 1450
4 325 ·

4A 343 1800
5 360 ·

SA 381 1600
SZ 346 ·

5ZA 421 1200
5N 333 -

SNA 418 ........ 2150
*code=XXY, where XX IS the chemIcal composItion (table 3.1.1.)

and Y is the heat treatment (table 3.2.1.)

Ta1:ie3.3.1. Hardress arrl oxygen in solid solution
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3.3. Hardness

Hardness measurement~of as-cast and as-quenched were used to
monitor the interstitial content, which was aimed below 2200ppm. Hardness
was measured by using Vicker diamond pyramid indenture on flat and

parallel surfaces of polished samples. An average, of six readings were
considered for the calculations of the average value and standard deviation.
Some of the homogenised alloys were sent to Inco Test to have their oxygen
checked by LECO analyser. Table 3.3.1. shows the values for hardness and
oxygen content. The results for hardness were considered satisfactory and the
alloys were generally assumed as having oxygen content between 1200 and
2200ppm.
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3.4 Metallographic characterisation

Metallographic characterisation was carried out in the following
microscopes: light microscopy using a Nikon EPIPHOT, scanning electron
microscopy in lEOL JSM-T200 and JSM-35CF, transmission electron
microscopy in a JEOL TEMSCAN 120CX (lOOKV) and JEOL 2000FX (200KV)

Heat treated samples were descaled and mechanically ground with
water lubricated 220 to 1200 grit SiC papers. The samples for light and

scanning electron microscopy were either electropolished or mechanically
polished and etched. The latter was carried out with 14, 6, 3 and 1 Jlm
diamond paste using lubricant. The polished samples were then lightly
etched with Kroll's reagent, consisting of 3% HF and 10% HN03 in distilled
water by volume. Electropolished samples were mechanically polished up to

3 Jlm diamond paste and then electropolished at temperatures between -40
and -30°C, voltage between 10 and 20V, and using a solution of 10%
sulphuric acid in methanol by volume. Electropolished samples that did not

present any contrast under either light or scanning electron microscope (BEl

mode) had to be lightly etched with Kroll's reagent.
The preparation of thin foils for the transmission electron

microscopy should be carried out very carefully to avoid unwanted reactions
such as hydride formation and spontaneous transformations [AHM 92][BLA
67a J[MAR 68][BAN 88]. Heat treated samples were cut into 1-2 mm thick

slices, which were ground to 250 Jlm thick using water lubricating SiC papers.
Discs presenting diameter of approximately 3 mm were spark eroded from

these 250 Jl m thick slices. The discs were then ground from 250 to

approximately 100 Jlm using 1200-grit SiC paper, washed with water and then
methanol, and finally placed on a holder, for the ,electrochemical thinning.



The electrochemical thinning was carried out by Struers Tenupol twin jet·
apparatus with an electrolyte composed of either 10% sulphuric acid in
methanol by volume or 6% perc~loric acid and 35% n-butanol in methanol
by volume. The electrolyte temperature was kept within the range of -50 to
-40·C and the voltage was selected from the range of 10 to 30V. Some of the
thin foils prepared had to be further ion-milled for va,rious times to improve
the amount of thin area available.

3.5 Microanalysis

Microanalysis using energy dispersive x-ray (EDX) spectroscopy was
employed to determine the chemical composition of.equilibrated phases.
Depending on the size of the precipitates" either scanning crEOL JSM35-CM
attached to a Link Systems ZAF4 software) or transmission electron
microscopy (JEOL 2000FX equipped with a Link Systems ANIOOOO analytical
software) was employed. The former presented a spatial resolution limit for
X-ray analysis around 2J1m, while the latter presented a spatial resolution
around 10nm. In both cases, correction factors between experimental and
nominal composition for each element had to be determined by analysing
the chemical composition of standard samples, whose nominal composition
had been previously obtained by classical wet analytical chemistry.

For SEM-EOX analysis, depending on the contrast, unetched
samples in BEl mode and slightly etched samples in SEI mode were used for
EDX readings. A minimum of ten EOX readings on each phase was adopted
and a life time of 100 seconds was used. Most of the measurements were
carried out in the spot mode (-lJlm). Only six results for each element were
considered for the calculation of average and standard deviation (the two
highest and two lowest values were discharged). Care was taken to analyse
precipitates larger than the spatial resolution limit for titanium ("':2Jlm).

For TEM-EOX analysis; conditions of the microscope had to be
optimised to obtain adequate x-ray counting statistics (several thousand
counts each peak!) to analyse small a2 particles, specially concerning silicon
content, whose concentration was around 1 at% in some alloys. A
compromise between beam spot size, x-ray collection time and x-ray output
had to be made. The following working conditions were chosen for the
analytical work: condensor aperture number one, lifetime =3005, tilt angle =
zero, spot size either number four (160 nm) or five (70 nm).

The analysed composition in Ti-AI alloys can be affected by
absorption (mass absorption coefficients for the Al-Ka peak are much larger
than those for the Ti-Kapeak in Ti-AI alloys) even when conditions such as
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the setting of the microscope and the take-off angle are kept constant through

out the analysis. So, to correct for mass absorption, it was necessary to obtain
the value of the foil thickness ~f each analysed point. There are various
methods available to measure the foil thickness [KEL 7S][HEI 64][AHM
92][HUH 90], but considering the errors involved, the stereographic analysis

~, of the misfit dislocations present at some a/a2 interfaces seemed to be the
~;~ most reliable technique to measure the foil thickness (trace method).

Initially, 4 points were chosen and had their thickness measured. These
initial measurements were then used for the calibration of thickness against
the total x-rays out-put, so that the thickness could be obtained onwards by
indirect measurement [HUH 90]. Foil thickness measurements were carried

out in a JEOL TEMSCAN 120CX (lOOKV). The four a2 precipitates used for
the measurement of foil thickness were marked by the contamination spot

technique and also by photographic recording. These areas were later

localised in a JEOL TEM 2000FX, and had their x-ray out-put count analysed
(total area) against diverse working conditions such as condensor aperture,
spot size, phase. Equations (eq.3.4.1.) were obtained using the chosen working
conditions. After calibration, for each point analysed the total area (A) was

read and converted into foil thickness (t). This value was then inputted into
the software, which corrected the mass absorption and gave corrected values
for the concentrations of AI, Si and Ti.
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• spot size 4:

• spot size 5:

phase-a2 : t(nm) = 46.5 + 1.7e-04xA
phase-a: t(nm) = 52.8 + 1.2e-04xA

phase-a2: t(nm) =49.2 + 6.2e-04xA

phase-a: t(nm) =49.1 + 4.9e-04xA

eq.3.4.1.

Samples 2A, 2NA'12ZA, SA, SNA and SZA whose nominal
composition were obtained by classical wet analytical chemistry, were used to
obtain the scaling factor (Kx) between nominal and experimental results. The

scaling factors were checked regularly. Some of the values are shown below:

- SEM' K Cl -1 fY'7. K Cl2 -111' K Cl -01Y7· K Cl2 -OIY7·. Al - .VI, AI -. , Si - .;n, Si - .;n,

-TEM:KCl -12'A'KCl2 -l""L'KCl -07l:'KCl2 -077:'KCl,Cl2 -10;KCl,a2 -O~AI - ~ Al -.al, Si - , Si - . , Nb -., Zr -.I~

Other important precaution that should be taken in quantitative X

ray analysis of a precipitate phase dispersed in a matrix is to ensure that the

precipitate extends through the thickness of the foil. For the case of coherent
a2, most of the analyses were performed near {OOOl]a2. For a2 precipitates

wrapped by misfit dislocations, this condition was assured by observing these



..::

.;:

',~'.

dislocations being cut by both foil surfaces [HUH 90). For the chemical
analysis of TisSi3 care was taken to ensure that the readings were performed
on very thin areas of the precipita~e. Unfortunately the analysed spots could
not have their thickness measured. The trace method did not seem to
account for the strong thickness gradient observed within a silicide particle
(sometimes a small perforation of the foil was observed within a precipitate)
and the error in the foil thickness by the spot contamination method can be
greater than 100%. So, for the Tis5i3 analysis, the thickness was considered
invariable and equal to 100nm.

3.6. X-ray diffracmn

Polished samples were examined in a Philips X-ray diffractometer
(CuK-a radiation at 40 KV and 40 rnA, graphite monochromator, sample
spinner and connected to a Philips PC-APD software) to identify the phases
present and calculate their lattice parameters. The diffractometer was
calibrated by using a polycrystalline silicon standard, which was scanned five
times at the beginning of each session. Titanium alloys were scanned at a rate
of 0.033 degrees per second, using a sampling interval time of 1.50 seconds
and examined in the range from 24 to 124 degrees. In some special cases a
different scan velocity (0.016 degrees per second), sampling interval (3.00
seconds) and scan range (from 10 to 68 degrees) were employed to obtain a
more detailed analysis of the silicides.

Additionally, step scan mode using step size ("28) = 0.020, time per
step = 12 s, start angle ("28) =25 and end angle ("28) =95 was used to calculate
the lattice parameters of a and a2 phases. These two phases have the same
hcp structure, with e parameter very close to each other and aa2 ,.. 2 x aa, so

that it can be very difficult to differentiate most of a and (12 peaks.
Partitioning of ternary and quaternary alloying elements between a and a2,

however, is known to alter the lattice parameters of these phases and might
enable a better distinction of these peaks. Low scan rate was therefore used in

order to detect possible presence of double peaks «(1+(12) very close to each
other.

The peaks and related planes were identified by comparison of the
results with the JCPD5 powder diffraction file and Diffract.v.l.2 software. For
the calculation of lattice parameters (a and e), the procedure described
elsewhere [CUL 59] for the precise lattice parameter measurements was used.
Firstly, all the planes of the type (h,k,O) of a particular phase were used for the
determination of the parameter a. As the true value of a occurs at 180°(28),

, 1

plots of a versus f(28) were employed to extrapolate the value of a at
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180·(29). Using the calculated value of a, the remaining planes (h,k,l) with I

» (h and k) could have their values of c calculated employing similar
extrapolation procedure.

3.7.Thenm.Cak datahtnk
,

The Thenno.Calc [SUN 85] databank was developed at Division of
Physical Metallurgy of The Royal Institute of Technology, Sweden, and it is
an attempt to provide a single software system for all thermodynamic
calculations. The software is interactive and operated by sets of commands.
The system is composed of several application programs, modules, which
cooperate through defined software interfaces and utilise a database of
assessed thermochemical parameters. One of the application programs is
called Therm-optimiser (TOP). This program was first released in 1988 and
its different modules, including PARROT, allows: the creation of an
experimental data file; the thermodynamic description of the phases under
investigation and the calculation of the parameters used to describe the
phases through a mathematical optimisation method. The former employs
the sublattice model, where the excess term is expressed by a Kister-Redlich
polynomial developed under Muggianu's formalism.

The assessment procedure follows an interactive process. It allows
one: to introduce start values for the parameters used for the
thermodynamic description of a particular phase; to edit, read, select and set
weight to the experiments; to calculate equilibria on selected experiments; to
perform optimisation (via least-square method [LUK 77]) on the initial
values for the parameters and to produce optimised values for them.

The relative standard deviation of the parameters should be as low
as possible. A high value implies that the uncertainty is too high, so it is
possible that either there is not enough data to describe the phase or that too
many parameters have been used. The sum of squares and the reduced sum
of squares are used to compare the calculated and experimental values for
the equilibria. A value equal to one for the reduced sum of squares is usually
satisfactory and to decrease this value one has to increase the number of
parameters. A constant compromise between number of variables, number
of selected experimental equilibria, weight of each equilibrium and error
analysis is needed for a good fit between experimental and calcul~tedvalues.

When the optimisation is finished, the phase diagram can be
calculated by the Newton Raphson technique [LUK 82]. This iterative
method needs for starting a set of approximate values of all the parameters to
be calculated. The better the approximatio~ the faster is the interaction. Also,
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. the possibility to jump to another metastable branch of the same equilibrium
is diminished by a better approximation. The equilibria between specified
phases are calculated, regardless }'Vhether they are stable or not. Afterwards
the different equilibria are compared and the stable one can be defined.

The phases identified in the ternary Ti-Al-Si alloys in the present
work and considered for the thermodynamic modelling were: Ti(a); Ti{Ii),,
ThAl(a2) and TisSi3. The next step was the choice of a suitable database,
which described accordingly the binary phase diagrams (Ti-AI and Ti-Si). For
compatibility reasons, the same database should be used for both binaries.
The choice (SSOL versus KP database) was based on the Ti-AI binary: KP
proposed the existence of a peritectoid reaction f3+a.2->o., which has not been
confirmed [KAT 92]; SSOL proposed the conventional congruent reaction a
->a2. Additionally, KP presented for the Ti-Si diagram the eutectoid reaction
~ -> a + TisSi3, while SSOL indicated f3 -> a+ ThSi. SSOL was selected as a
database for the calculation of the ternary diagram.

As one of the stable phases (Ti3Si) present in the Ti-Si binary had
not been identified in the present work, it had to be suspended from the
calculations_ A metastable phase diagram (Ti-TiSSi3) was then calculated
using the selected database (SSOL). This version of the binary diagram,
however, was not considered satisfactory (the solubility of Si in Ti-a was
rather low) and this binary had to be reassessed. This new assessment used,
for compatibility reasons, the phase descriptions as proposed by SSOL
database but considered, as experimental input, the TisSi3/J3 and TisSi3/a
phase boundaries as obtained by KPls database.

In the assessment of the ternary diagram, few binary interaction
parameters between Al and Si in the first sublattice and the vacancies
described in the second sublattice were missing, such as L(bcc,Al,Si:Va),
L(hcp,Al.Si:Va). In this notation "," separates elements in the same sublattice
and n:" separates the different sublattices. Additionally, few other interaction
parameters had to be considered to account for the solid solution of Si in
Ti3AI such as L(TiJAllTi:l\Si), Wi3Al,PJ,Ti:Si) I.(T~1i:.AISiTn and
l.(Ti.3AlAl.Al,Si,TV. The phase equilibria data produced in the present work
were used as input so that these parameters could be determined and the
ternary phase diagram finally calculated. No solid solution of Al in TisSi3
has been considered in the present modelling to simplify this initial
calculation of the ternary diagram. Although simplistic, this assumption is
not realistic: AI is known to be soluble in this phase [ZHA 91][MAN 94][WU
90], so it is suggested that at some stage this contour condition should be

relaxed.
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Chapter4

Results& DiscIssion

4.1.~casl: samples

The as-east microstructures are shown in' figure 4.1.1.a-k. The
micrograph of alloy 1 (Ti16Al) shows large grains (-400J.Lm) of transformed ~

(figure 4.1.1.a). The grains have a rather irregular shape presenting straight,
0( serrated and curved boundaries, which strongly resembles decomposition
t via a massive type transformation [PLI 77][RUC 90]. Some grains presented

elongated colonies of parallel (X plates. The microstructure of alloy 2
(Ti16AI+l.0Sn shows the same features of alloy 1 except that it appears more

, refined (massive grains -200J.Lm) (figure 4.1.1.b). Precipitation of silicides has
not being observed in this ternary alloy, indicating either complete solubility
of silicon due to the rapid cooling or the presence of very fine precipitation of
sUicides, unresolvable under SEM.

Alloy 3 (Ti16Al+3.5Si) shows a (ghost) dendritic structure composed
of primary phase, probably ~, and a lamellar structure, present
interdendriticaly and composed of primary phase and silicides (figure 4.1.1.c
d). In some other areas the presence of sUicides along grain boundaries of ~

phase (figure 4.1.1.e) suggests both recrystallisation of (3 phase and
precipitation of sUicides along previous (3 grain boundaries. The matrix is
mainly composed of elongated colonies of parallel a plates. Additionally,
some featureless and irregular shaped grains, resembling a massive product
(grain size -20Jlm), could also be observed. The observation of massive
product in this ternary hypo-eutectic alloy suggests that AI promotes the
massive transformation. Plitcha et al. [PLI 77] did not observe formation of
massive product in Ti-Si hypo-eutectic alloys. Further precipitation of silicide
along (XI a. interfaces, caused by the supersaturation of the (X matrix in silicon
during cooling, would be expected but no evidence has been found,
suggesting that (X phase is supersaturated in solute.

Alloy 4 (Ti22~I) shows the same features as alloy 1 (Ti16Al): large
grains (-500J.Lm) presenting irregular and faceted boundaries (figure 4.1.1.g);
and sporadic presence of colonies of parallel (X plates (figure 4.1.1.0. Alloy
5(Ti22Al+l.0SD does not present any evidence of silicide precipitation. The
matrix is composed of two different types of transformed fi: irregular-shaped
grains (-120J,lm) (figure 4.1.1.h), principally observed in the middle of the

, I
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.specimen and along previous ~ grains ; and small colonies of parallel C1

plates.

Alloy 6 (Ti22Al+3.5Sn shows a (ghost> dendritic structure similar to

alloy 3, but presenting a higher volume fraction of lamellar eutectic product

(figure 4.1.1.i). This feature enabled a better analysis of the solidification path,
for this alloy, and consequently for alloy 3. The angle between secondary

branches and primary dendrites is very close to 90·, suggesting that the

primary phase for ternary alloys containing up to 22at%AI and 3.5at%Si is

f3(bcc) and not a(hcp). X ray diffraction of samples 3 and 6 identified the

silicide as TisSi3. Table 4.1.1. presents the calculated lattice parameters for

TisSi3. The addition of AI slightly increased the lattice parameters of TisSi3,

confirming previous work by Z.Zhang and H.M.Flower [ZHA 91].

TiSSi3

alloy a (±o.004A) C (±o.OOSA)

3 7.458 5.158

6 7.468 5.169

Ta1ie4.1.l.lattire prrarreters for TJ5Si3-

The lamellar interdendritic product (figure 4.1.1.j-k) indicates the

existence of an eutectic reaction given by (L -> f3 + TisSi3), confirming

solidification path proposed by S.H.Manesh and H.M.Flower [MAN 94].

Additionally, the eutectic microstructure of alloy 6 was observed to be coarser

than alloy 3, suggesting an increase of the eutectic temperature with the

increase in Al content. This observation is in agreement with works by

S.H.Manesh et. al. [MAN 94] and J.S.Wu et al. [WU 90]. The transformed J3
matrix is apparently composed of elongated and equiaxial ex grains,

suggesting that Al addition promotes the formation of "more diffusional"

microstructures. The next section will study with more detail and under

more controlled cooling rates the effect of alloying elements on the

morphology of the product of allotropic reaction J3->ex.

90



Figure4.1.1. Arcast microstructures for 1:inaryani ternaty alloys:

a) alloy 1 (Ti·16Al): massive grains; SEM (scanning electron

microscope) - SEI (secondary electrons image);
b) alloy 2 (Ti-16Al-l.OSi): massive grains; SEM-BEI (backscattered

electrons image);

c) alloy 3 (Ti·16Al-3.5Si): dendritic microstructure; SEM-BEI;

d) alloy 3 (Ti-16Al-3.5Si): eutectic microstructure; SEM-BEI;

e) alloy 3 (Ti-16AI·3.5Si): transformed ~ microstructure; LM
(light microscope);

f) alloy 4 (Ti-22.0Al·3.5Si): massive grains

and colony of parallel ex plates; SEM-SEI;
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Figure4.1.1. h-cast microstruct:tn"es for linaIyand ternary alloys:

g) alloy 4 (Ti-22.0Al): massive grains; LM;

h) alloy 5 (Ti-22.0Al-l.OSi): massive grains

and colonies of parallel a plates; LM;

i) alloy 6 (Ti-22.0Al-3.5Si): dendritic microstructure; LM;

j) alloy 6 (Ti-22.0Al-3.5Si): dendritic microstructure; SEM-BEI;

k) Alloy 6 (Ti-22.0Al-3.5Si): eutectic microstructure SEM-BEL

92



••
,.'" •



Th ampl were held t 1300'C for four hour and then water

quenched foil wing the procedur described in chapter 3. ight and I etton

microscopy x miMtions showed at least four microstructural feature f,
lran'formed p which wer m rphologkalJy '·distincl". The e include:

• massive cx: Fea~ur I s grains presenting irregular interfaces under
Ii ht microscopy. TEM observation of some of Ih se areas show d absence

o sub-boundari and presence of disloeali n and stolcking faul. EM·

microanalysis t blished that !her wa no detectable di£( rence in

chemical composition bl;!lween rna rve grains and oloni s of parallel

plates, usually tile morphology adjacent 10 massive grains.

• colonies of parallel ex plates: Pr ence of colonie ob erv d under
Ii ht microscopy, TEM observation of these area 'how d that one

singular pla~ m y be composed 0 many aligned 5u1>-unilS (shl!dves);

• primar 0. plates: Larg r 1 olated plate, u ually presenting two

variants of S wth. Between adjacenl primary pI I s there were usually

found colani of parallel secondary a. plates. Anothe.r pos 'ibility is the

,presence of a zig'z microstruclur (3 variants of gr wth). Primary plates

h wed internal pr J'\ of dislocations and a faceted bound T •

• econdary ex plate: They were usually found eith r colonies of
parall el a. pia t ,r a a zig-zag micro tructure (3 varian of growth).

The micr lTu ura of sample JA (Ti16AI) (figure 4.2.1.01) shows

laJ' e grains (-600I-lm) of transformed ~. The grains hav rather irregular

hape with boundaries nling variou f rm such as irr gular urves or

numerous facets Cfigu.r 4.Z.l.aand 4.Z.1.e, resembling trongl), a

d .:omposition via ma i e pe tramformation [PLY 77J(PLI 78] [PLI 79][PL

][MA 84J[RUC O][W 92]. The rna IV gl".llns when examined under

TEM, presented a low d ity of dislocation (fjgur 4.2.1.e). [n me areas of

th ample the pre5enc f Z variants of colonie of parallel plllt is observed

(e fi ure 4.2.1.b), sugg ting the existence of at least two ompeting

manL IDS for the formati n of a. phase. Figure <l.2.l.d. show that the

prall 1 plates are compo d internally of parall 1 subunits, and the arrows

point a~ Ihe po sible pre en e fledges, sugg ting that the growth oJ

colonie of pralle' plales occur by ledge mech nism. bscrvation of ~he

areas near the urface of the sample ,ll p ed to higher oUng rales, sh ''''.
predominant pr nee of colonie f parall@) a. plat ,which indicale that

this morpholo is formed under high r 4I1dercooling . It is suggest d that
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during quenching the morphological transition for the allotropic product is:
massive a -> colonies of parallel a plates. SADP and XRD of sample lA did
not show any 0.2 superiattice ,reflections, suggesting that there is no
resolvable formation of ordered phase 0.2 dwing quenching from Pfield.

The microstructure of sample 2A (Ti16AI+1.0Sn resembles very
much the microstructure of sample lA, but the for~er shows more refined
massive grains of approximately 200J,lm (figure 4.2.2.a.). The boundary
between two adjacent massive grains seemed much more irregular, with the
formation of acicular facets along one preferential direction (figure 4.2.2.b.).
The decrease of both To and solvus temperature with silicon addition
indicates that the allotropic transformation occurred at lower temperatures,
suggesting that OR might play a more important role on the massive
transformation at lower temperatures. Areas presenting a higher proportion
of colonies of parallel a plates were also observed in this alloy (figure 4.2.2.c).
Small colonies of parallel secondary a plates, formed between the primary
plates, were noticed in some of these areas (figure 4.2.2.d). The secondary
plates presented another variant of growth when compared to the primary
ones. SAPD and XRD of sample 2A did not show any 0.2 superlattice
reflections suggesting that there is no resolvable formation of ordered phase
0.2 during quenching. Precipitation of silicides was not observed in
XRD/SEM/TEM work.

In the sample 2ZA (Ti14AI+1.0Si+ l.OZr), the addition of Zr
inhibited completely the formation of large massive grains. The
microstructure presented grain boundary a sideplates (figure 4.2.3.a) and
primary a plates presenting 3 variants of growth at 60· from each other
(figure 4.2.3.b). The secondary, plates are present either as colonies of parallel
plates or in zig-zag microstructure. The former was presented in areas
adjacent to two primary a plates (figure 4.2.3.c). Additionally, this
micrograph shows that the primary plates present a faceted interface with the
colony of parallel plates. The primary a plates presented high density of
dislocations (figure 4.2.3.d.). XRD and SADP examination of sample 2ZA did
not show any 0.2 superlattice reflections, suggesting that there is no
resolvable formation of ordered phase 0.2 during quenching. Very scattered
precipitation of a hexagonal.;;shaped silicide (-1.5 Jlm diameter) was observed
in TEM work, although its identity will be discussed only during studies of
aged quaternary alloys (figure 4.2.3.e.)
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In the sample 2NA (Ti14AI+1.0Si+1.0Nb),the addition of Nb .
inhibited the massive transformation. Compared to sample 2ZA, this
microstructure presents a much. smaller proportion of grain boundary a
sideplates and larger portions of'colonies of parallel a plates. Additionally,
some former f3 grain boundaries presented a product which resembles very
much either a GB allotriomorph or a massive grain (as it seems to cross ~

f

grain boundaries) (figure 4.2.4.a). TEM examination showed the presence of
primary faceted a plates with colonies of secondary parallel a plates (figure
4.2.4.b) and presence of colonies of parallel a plates (figure 4.2.4.c).
Additionally, the presence of retained ~ along the internal boundaries of the
colonies of parallel a plates (but not along the boundaries of primary a
plates) was observed (figures 4.2.4.d). TEM-EDX analysis confirmed the
chemical stabilisation of ~ phase by partitioning of solute between a and ~

(see table 4.2.1.), with ~-stabiliser elements distributing preferentially into the

f3 phase and a-stabiliser into a phase. These partitioning coefficients were,
however, underestimated because the EDX-analysis of the thin layer of ~

phase was very likely to contain a contribution from the matrix (used spot
size -70nm). Furthermore, the plates belonging to the colonies of parallel

plates appear to be composed of smaller plates, defined in this work as sub
units.

chemical rompositbn

alloy '!fO FIJ)(;mal}Sis phase al%Si at%Al al%Nb al%TI

2NA 1300 TEM ex l.0±0.2 14.8±Oh 0.9:1:02 1::Blance

p 1.1±o.2 lo.6±05 28±03 "

TaHe4.21. Solute putitioning in as-qElChedTi-l4Al-ISi-lNballoy.

Sample 3A (Ti16AI+3.5S0 shows colonies of parallel a plates

formed during quenching and the presence of eutectic and secondary

silicides, the latter heterogeneously precipitated along previous f3 grain
boundaries and during quenching along ala plate boundaries (figure 4.2.5.a
b). The eutectic silicides presented in the as-cast condition seem to have

undergone a process of spheroidisation' to minimise the TisSi3/f3 interfacial
area. XRD and electron 5ADP indicated the presence of a2 superlattice
reflections (figure 4.2.5.d-e) and confirmed the presence of TisSi3-type

sUicides.
Sample 4A (Ti22Al) presents large grains with irregular and faceted

boundaries, characteristic of a massive type decomposition of ~ occurred
during quenching (figure 4.2.6.a.). Some ,of these boundaries· presented a
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ledge-like structure, indicating the existence of preferential OR and possible
growth by ledges (figure 4.2.6.b.). Additionally, there is a noticeable presence
of colonies of parallel a plates pr~senting the same variant of growth (figure
4.2.6.c-d). Figures 4.2.6.e-f. present boundaries between massive grains and
indicated by arrows. Besides the presence of internal dislocations, one can
notice the variety of boundaries: planar and curved. One of the massive

!

grains ( grain pointed by arrow A in figure 4.2.6.e.) resembles a large primary
a plate, suggesting that the transition of mechanism from massive to
martensite might be very blurred indeed for this alloy. Additionally, massive
grains are shown to present internally stacking faults (figure 4.2.6.g.). Small
APDs formed during quenching are seen in figure 4.2.6.h.

Sample SA (Ti22AI+l.0Sn did not present any evidence of silicide
precipitation. The microstructure is composed of two different morphologies
of transformed 13: massive type irregular shaped grains along prior 13 grain
boundaries and colonies of parallel a plates (see figure 4.2.7.a-b). Figures
4.2.7.c-d shows 2 variants of growth for the colonies of parallel ex plates. The
chemistry and hardness of the two areas mentioned above has been checked

by microanalysis and no measurable differences have been found.

massive ex grains: AI =20.5±O.7 at%; Si =1.0±0.1 at%; Ti = balance
hardness = 380 VHN
colony of parallel a plates: AI =20.9+1.1 at%; Si =1.0+0.2 at%; Ti = balance
hardness = 400 VHN

TEM examination (figures 4.2.7.e-f.) showed that the large primary
plates contain a moderate dislocation density. Additionally some areas of the

primary plates are composed of aligned sub-units along (1010)a' Figure 4.2.7.g
shows in more details the interfacial structure of the sub-units where ledges
of growth can be observed (see arrows A and B in figures 4.2.7.g). XRD
indicated the presence of 0.2 superlattice reflections and TEM examination
confirmed the presence of small APB domains formed during quenching
(figure 4.2.7.h.).

Sample SZA (Ti20AI+1.0Si+1.0Zr) is composed mainly of coarser
faceted primary a plates, some of them presenting mid-ribs (figure 4.2.8.b).

The facets present an angle of approximately 120 0 and the primary plates
present 3 variants of growth lying 60 0 of each other. Along previous 13
boundaries featureless areas resembling massive grains are observed (see

crossing of prior 13 grain boundaries indicafed by a~rows A and B); and grain
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I
~~~..~_c.;.~:~:,.,,:.~.•,\ :::.:,;::e~~:s;~::.~ ~~:·~~::~~e:2~:::e:"':Ii::en:;~S::
~ morphologies are less faceted an~ more irregular than the ones seen before
1:..;;':"-i (figures 4.2.3.c. and 4.2.4.b.), resembling massive interfaces observed
~: previously (see figures 4.2.6.f. and 4.2.1.c.). Secondary a plates are usually
~. presented as colonies of parallel plates and they als? present aligned sub-
i.:i units (see arrows in figure 4.2.8.d). Figure 4.2.8.e. shows a large a plate (or an

acicular massive grain) adjacent to a featureless area presenting a2 APDs.
Once more it is suggested that the morphological transition between massive
and martensitic products is very blurred.

Sample 5NA <Ti20AI+l.0Si+1.0Nb) is composed of grain boundary
a sideplates (figure 4.2.9.a.); primary a plates with faceted interfaces and
colonies of secondary parallel a plates (figures 4.2.9.b); and some massive
grains (see arrows in figure 4.2.9.c.). Figure 4.2.9.d shows faceted (arrow A)
and curved (arrow B) boundaries between two massive grains. Figure 4.2.9.e.
shows the boundary between a massive grain and a colony of parallel plates.
Note the presence of facets. Figure 4.2.9.f shows irregularly faceted almost

curved boundaries of a primary a "plate", which resembles a small massive
grain. The plates belonging to the colony are composed of parallel sub-units
presenting low-angle sub-boundaries (figure 4.2.9.g). The presence of retained
~ along the boundaries of parallel a plates, but not along the primary a
"plates", was observed (figures 4.2.9.h.). Additionally no 13 phase was found
along the plate internal sub-boundaries, which might suggest that the
subunits are formed with supersaturation of solute. TEM-EDX analysis
showed partitioning of solute between a and 13 (see table 4.2.2.), with 13
stabiliser elements distributing preferentially into 13 phase, while a-stabiliser
into a phase. The partitioning coefficients are, however, underestimated
because the EDX-analysis of the thin layer of 13 phase was very likely to
contain a contribution from the matrix (used spot size -70nm). Finally, small
a2 domains were observed (figure 4.2.9.i.)

chentkalro ..
n

alloy TfO IDX-i1Ila1}Sis ~ al%Si at%A1 at%Nb at%TI

SNA 1300 TEM a l.l±o2 20.3±0.6 1.0±02 l:alan<E

Ji 1.1±02 15.9±O5 32±03 "

Ta1:ie4.22 Solute putitioning in as-querd'mTl-22Al-lSi-lNb alloy.
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Sample 6A(Ti22AI+3.5SD is composed of colonies of parallel a

plates and eutectic plus secondary silicides (figure 4.2.10:a-b). The parallel

plates found in this sample se~m comparatively coarser than the ones
observed in sample 3A, and additionally they are composed of elongated
subunits oriented along the same direction (figures' 4.2.10.d-e). The silicides
present in the as-east condition appear to have undergone a process of

f

spheroidisation. A few secondary sUicides were formed during the
homogenisation heat treatment and quenching (figure 4.2.10.c) to relieve the
supersaturation of the matrix in silicon, but preferential precipitation of
silicides along ala boundaries has not been as widespread as observed in
sample 3A. XRD confirmed the presence of TisSi3 type silicides. The
precipitation of silicides has a much coarser distribution than the one found
in sample 3A. XRD also indicated the presence of a2 superlattice reflections.
TEM examination of this sample confirmed the presence of small APDs

formed during quenching. These small a2 domains are shown to present
heterogeneous nucleation (or preferential growth) at certain a plate
boundaries and sub-boundaries (figure 4.2.10.f-j.). In some cases, these'

elongated domains are shown to grow normal to the interface and along

(1210)«2 and (1010)«2. The intragranular precipitation of a2 is shown to be
equiaxial and more refined and it is interesting to point out that the sub-unit
plate boundaries also promoted formation of elongated a2 APDs .
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Figure4.21.Ti-16Al anoyas-quenchedfrom1300'C-4rours:

a) massive grains; LM;

b) colonies of parallel a plates; SEM-SEI;

c) irregular interface between massive grains; TEM (transmission

electron microscope) -BPI (bright field image);

(arrows AandB point at the interfare);

d) detail of a colony of parallel a plates; SEM-SEI;

(arrows AandB show p-esenre of ledg:!s of growth);

e) low density of dislocations inside a massive grain;

TEM-BFI and SADP (selected area diffraction patern): B=[l210]a

(SADP given below)
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Figure4.2.2. 1-16A1.-1Siall ya~ from

il) massive grains; LM;

100

b) deWI 0 interface betw n massive grains; LM;

(arrows A and B fOrnl al IXeferEntially oriented adrular-like );

c) col nie of paraUel <l pLt ; EM-SEI;

d) small colonie 0 secondary <l plates; SEM·SEI;





t

Figure4.23. Ti-l4PJ-lSi-lZr alk>yas-~
fr em13OO"C l-v\JTS.

a) grain boundary u sideplatEi5; SEM-SEl;

b) et plate pr~enting3 variants of gr wth; SEM-SEI;

c) detail of the fac ted bound of a primM 11 plate; TEM-BF1;

d) high dim ity of dislocation inside a prifllary a plate;

T -BFl and SAD _B..[12101et;

) h -agonal-shaped silicide; TEM-Bf1.
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Figur 42.4.Ti-l4Al-lSi-lNb alloyas-q.mrlm
fr m 1300 -4hours:

a) primary a plates and colonj of p railel plat ; SEM-SEI;

(arro\\oSA andB!X>intal:ma.~ve grains~g Frior 13~ roundaries);

102

b faceted primary a. plat and olQn)' of
plates; TEM-BFJ;

onda.ry parallel a

c) colony of parallel (t pI tes showing retained 13; TEM-BFI;

d) retained p alon bQundari of raUeI tt plate ;
TEM-DFI: B=IOOIJp and 8-(010 j3 (SADP given bel w) I





Figur 4..25. Tl-l6Pl-3.$i alloy ~
from 13Xlt::-4rours.

a) a sideplates and secondary sUicides (precipitated along prior 13
grain bowuiaries and IX plate boundaries); SEM·B I;

b) detail of a plates and secondary Hi jd ; T M-BFI;

) TiJAl APD ; TEM-D : B=[5416Jca and g-(1011)a2 (SADP

given blow)

• (101 n
• •

(000 ,) (I :::112)
•

d) TEM-BFI of prior micrograph.
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,

a} masiv~ grain ;lM;

b) detail 0 lh boundary between ma ivegrain; EM-BEl;

(arrD\VS A and II show 1 d es)

c) pr nee of coloni . of par, U I (t plales; SEM-BEI;

d) de ta il of 'IhE' coloni showing pa mIle! a pia t ; SEM-SEI;
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Figure4.2.6_ Tr22J"t alloyas--~ from 'C-4hoUIS.

105

e) presence of ";I ul, r" massive grain (arr w A); TE l-BF[;

o detail of irregltlar bounda.ry between rna ive grains (arrow A);

TEM-8Ft;

g) stilcking-faul pr nt in ma.ssive grains; T M-RA;

h) Ti3AJ APDs ; DF! f pri r micrograph: B [54J la2 lind

g- l0l1)1l2

t





Figur>4.27. 1-22Al-1.ffiialJoya~ ml 'C-4hours:

a) I1'l35sive gr in pT ipitaloo along prior ~ grains bound, ry; tM;

b) transition from m si e to colony of parallel C1 plate;
-SEI;

c) colonies of parallel a plates; 5 -SEJ;

d) dCl:ail of a col l'1y of paralll!l n plate; ·M· E.I.
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igure4.27. TI-22Al-HBi alloyas-~rnl300 -4rours:

e) primary Cl plate (right); adjacent colony of paraUel a plates

presenting ub-units (centre); and faceted Ct "grain" (left); EM-BFI;

TEM-DFl of prior micrograph: g=(0220la; B=[21l3Ja (SADP giv n

blow);

(°'70)

Co ~t ()/J (2 f)

(O~CO) (I~I f)

(1 ~O I)

g) interfa '..1 . lru ture of u -uni (arrm~s A and B fXlinl at lOOp of

grov.1h); TEM·Dn g..(1011la and B [21 i3)a;

h) Ti3AJ AP '; TE -DFI: g.,(101 l)et2.
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Fi 4.28. Tr2QAl-lSi-lZr alloy as""

from1 "C-4OOUl'S:

a) presence of mas ive grains (arro""'S A and Bli primary a plate

(upp!I'lef1); and grain boundary ex sideplat (1o\\,(!rCEIltre); SEM-SEI;

b) d tail of primary 11 plates and colonies of econdary parallel e;t.

plates; SEM-SEl;

c) deta.il of primary u plates and colonies of s condary paraU!!1 a

plates (arrows A andB FOmlal irregl.lJar in , ; TEM-BFI;

d) detail of a colony of secondary parallel ex plat s (arrows A and B

intal b-uni ; rEM-B ;

e) ~acicular" massive grain presenting Ti3AI APD's;

TEM-DFl: g=(l21O)ct2 and B=[1010]0.2 (SADP iven below)

1





Figure4,29.T...20M-l ·-1Nba1byas-~

from -4hours:

a grain boundary a sideplates; EM· Eel;

b) facet d primary a plates and coloni of parallel s CO dary a
plat ; SEM-SEJj

c pr eltce of mOl sive grains; EM-SEl;

d) fO\c:eted (azrow A) and rnrv d (an-ow fl) boundary etween tWO

mOl iv grains; TEM-BFI;
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Figure4.29.Tl-'2OPl-1Si-1Nballoyas-~

from13OO'C-4rours:
e) facetOl!d boundar b tw en a massivE' SIarn and a colon}' of

parallel II pi I ; TEM·BFTi

primary a plate presen ting irregular boundary witb colonies

of para Hel a pia tes, the la tter fl!a luring pre~nce of su b-uni IS;

TEM-BP[j

g) int rf dal tructure of the sub-units (arrowsAandB); TEM.BFIi

hJ pre ence of retained ~ along lIla plal{! boundaries;
TEM-DFI: g=(l10)~

11(1

,

i) presence of Ti)AJ APD's;



.'



,

igur 4.210. TI-22Al-3.:Bi alloyas-cpei.um
from 13Xlt::-4ro .

a silicide prec:ipltati n; SEM-BEl;

b) a plates, massive grains (anow A) ,nd silicide pr lpit tion;

LM;

) hexa on.<'\I-!;h,lped silicide; TE -BR;

d) elongated "ub-uni inside an II pIal (<ITO\V AandB);

EM-BFI; B=[l21 ]02

III



,



Figure421Q. Tl-22Al-3..$i alloyas-~
froml 'C-4hours:

e} detail of a sub-unit; BFt-TEM;

f) Ti.vu APD's (arI'Q",~AandBfXlint at l!Ionl¥!I'd mains nrn"O'lallo the

subWundary); T M-DFl of prior micrograpn: g-(I010)a.2 and

B..[OOOl]a2

112

g) elongal d TiJAJ domains;

D={lOlOJa2

M- FI: s-021O)n2 and
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Figte4.21o.T..22AI:<3.$iaIbyas-<pnim
from13OO~4lnJrs:

h) detail of interfacial structure of a plate; BFI-TEM;

i) elongated Ti3Al APDs; TEM-DFI of prior micrograph:
g==(Ol11)a2 and B:::[l2131a2 (SADP given below)

~
~.•. e.

o .•

. • IO!I~J., • •
• (IT9'~O\ •

• • 0 •• •

•

j) elongated Ti3A1 domains; TEM-DF!: g=(OiU)a2
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4.2.1. I>B:ussI>n on a~cpenchedalbys ,

_____·_s_il_i_c_id_e_~itation
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Comparing samples Ti-16AI-3.5Si and Ti-2~Al-3.5Si (figures 4.2.5.a.

and 4.2.10.a-b.), it is suggested that Al addition promotes less widespread

precipitation of silicide along a/a boundaries and co~rser secondary silicide
precipitation (0.6 Jlm in sample 3A versus 1.4 J.1m in sample 6A), In

agreement with previous work [ZHA 91}. Additionally, the results of

microanalysis of matrix and eutectic silicides (see table 4.2.1.1.) show that:
• the solubility of Si in J3 phase decreased with Al addition, a fact in
agreement with previous work [eRO 58], so that the J3 matrix of sample Ti
16Al-3.5Si presents more silicon in solution before quenching than sample
Ti-22AI-3.5Si;

• addition of Al increases the solubility of Al and decreases the solubility
of Si in the silicide, in agreement with previous work [ZHA 91], suggesting

that AI replaces Si in the sublattice(s) of TisSi3.

• addition of Al increases the ratio Ti/(AI+Si) of the silicide from 1.64±.14
to 2.02±o.32, suggesting a possible change in the stoichiometry of the
silicide. Such a change is not completely unexpected as Al presents a bigger
atomic radius (table 4.2.1.2.); is less electronegative than Si (table 4.2.1.2.)

and presents less electrons (+3) in the valence shell than Si (+4) [VAN 70].

Therefore, Al might alter the site occupancy of Ti, Si and vacancies in the
different sublattices of the TiSSi3 crystal; decrease the number of covalent
(TI-Si); and increase the number of metallic-type bondings (n-AI) in the

silicide crystal. The present work, however, did not consider the solubility

of Al in TisSi3 during the thermodynamic modelling of the ternary phase

diagram, so that no quantitative information is available. Additionally, it

is suggested that a much more precise model than the sublattice model

would be needed to deal with the effect of variables such as atomic radius,

electronegativity and valence in the stoichiometry of TisSi3·

chentXal rompositDn

alloy nOC) sample phase at%Si at%A1 at%TI

Ti-16Al-3.5Si 1300 SEM J3 1.9±O.1 17.0±02 bllan<E
Tis(Si,AD3 .. 34±-1 4±1 "

6A 1300 SEM J3 1.4.±0.1 23.7±0.6 "

TJ5{Si,AD3 25±2 9±2 "

Talie4.21.1.SEM-EDX analysisofas-quencOOia1Ioys.



Considering the partial vertical sections of the Ti-Al-Si system as
proposed by Crossley [CRO 58] (figure 2.4.1.), there are two points to be
considered to explain the morph~logical observations. Firstly, Al addition
increases the eutectoid temperature, a fact which would explain the coarser

silicide precipitation. Secondly, Al addition reduces the solubility of Si in 13
phase and has very little effect on the solubility of Si in a phase. This fact

. f

would promote more intense silicide precipitation during homogenisation

heat treatment and reduce, therefore, Si supersaturation in a phase formed
from 13 during quenching, so that precipitation of Ti5(Si,Alh along ala

boundaries would be inhibited. Furthermore, Al addition inhibits silicide
precipitation during quenching [FLO 71], so this scarce precipitation of

sUicides along ala boundaries would be further inhibited by kinetic reasons.

atomic e1edronegmvity melting
element ZOO density radius valena! ~ ratio temp.

00 <gan3»
(A)

strudure (ex' en> fa

AI 26.98 2.70 1.431 3+ fa: 0.94 660.2

Si 28.09 2.40 1.176 4+ diamond 130 1430
adic

Ti 47.90 4.54 1.458 4+ hQJ 1.00 1820

Zr 91.22 6.50 1.580 4+ hQJ 1.00 1750

Nb 92.91 8.57 1.429 5+- hI: 130 2415

Tal:ie4.21.2Talieofelerre1fs data IVAN" 70]

• formation of a2 domains

All binary, ternary and quaternary alloys with Al content close to
22at% presented a2 APD formation during quenching. In the alloys with

lower Al content, only the ternary Ti-16AI-3.5Si alloy presented APDs. It is

suggested that the addition of 3.5 at% Si favoured a2 precipitation, in

contrast to suggestions by J.e.Williams [WIL **] that "increasing amounts of

ternary additions lead to a reduction in the volumetric fraction of ordered
domains". He related his explanation to the effect of ~ stabiliser elements on

lowering of Ms temperature and, therefore, reducing the ordering

temperature and delaying the onset of the ordering reaction. This contrary

result obtained for the ternary Ti-Al-Si alloy shows that factors other than Ms

temperature should also be considered to explain the kinetics of a2 ordering

during quenching. The relative positioning of a, ~ and (X2 phase fields and

the effect of ternary additions on the diffusion coefficients seem important

parameters to be considered along with Ms 'for the kinetics of ordering.
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The ternary sample Ti-22Al-3.5Si exhibited formation of columnar
domains, either formed by heteroieneous nucleation of a2 at low energy ala

boundaries (for instance the ala s~b boundaries observed at the interior of
larger primary a plates, see figure 4.2.10.£.) or by the preferential growth of a2

domains adjacent to ala boundaries and sub-boundaries or alp interfaces. In
the latter, the ordering reaction would occur concomitantly with the
migration of a./P interfaces. !

The formation of elongated 0.2 domains was also observed by
e.H.Ward [WAR 93] in his review on Ti-Al-Nb 0.2 intermetallics: in Ti24AI
I1Nb columnar 0.2 domains were shown to be formed, during cooling, from
the martensite midribs, which were identified lying approximately parallel to

the {1010}a2 plane. No explanation for the presence of columnar 0.2 domains

was presented. J.e.Williams [WILU] observed elongated a2 domains near
the martensite plate boundaries in a Ti-25at%AI-5at%Mo-lat%W alloy
quenched from 1200·e. He suggested the occurrence of heterogeneous
nucleation of ordered domains to explain the presence of this columnar
morphology of 0.2.

In the present work, the elongated 0.2 domains where observed to

grow along different directions such as <1120>0.2 (figure 4.2.10.g.), <1010>0.2

(see figure 4.2.10.f.) and <2131>0.2 (see figure 4.2.10.i). The hypothesis of

formation of elongated domains by ordering occurring as alp interface
migrates is rejected by the existence of elongated domains on both sides of a
sub-boundary (figure 4.2.10.£.). Furthermore, it seems very unlikely that this

low-angle boundary would present any lateral growth other than by ledges.
The low proportion (high selectivity) of a boundaries presenting elongated
domains (figure 4.2.10.j) also rejects the operation of any other mechanism of

preferential growth. It is suggested that these elongated domains were
heterogeneously nucleated at certain low-angle ala boundaries, where by
balance of interfacial energy it can be expected an anisotropic nucleation and
growth of 0.2 APDs. The exclusive presence of heterogeneous nucleation in

the alloy Ti-22Al-3.5Si can be better understood by considering factors other
than Ms temperature:

• Si addition changes the relative positioning of a, p and 0.2 phase fields
and promotes a peritectoid reaction p+a2->a in the Ti-AI-Si system at
approximately 22at%Al (see figure 4.3.2.4.d.). This change would alter the

thermodynamic and kinetic conditions for ordering, increasing the
driving force of the reaction a->a+a2 and allowing this reaction to start

inside the a+a2 or a+a2+13 phase field during quenching;

• Si addition does not decrease the atomic diffusivity;
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• Si addition alters the lattice parameters of a and a2 (see table 4.3.1.3.) and
increases the misfit along <OOOl>a2 and <1010>a2. This" condition would,

favour the heterogeneous nuc~eation of a2 at ala boundaries and sub
boundaries.

sample
. reflecting APB sizezoneax~

plane (ron)

Ti-16Al-3.$i 5146] (1101) 10

Ti-22Al JXX}ll 01(0) 20

" [1011J (1101) 28

" 0213] (l11l) 22

Ti-22Al-lSi [1120J (1100) Z2

" [1216] (1010) 17

" IIDll (1210) 18
" [1012] (1210) 17

Ti-~-lSi-1Nb - - 15

Ti-2OAl-1Si-lZr - - 10

Ti-22A1--3.$i 0100] (1120) 54

" " " 40
.. " " 48
to " 11 W'= 40 andl= 200

(alTAltedAPD)

Ta&4.21.3.a2 dorrain size of as-quencJ:malloys

The remaining alloys presented only equiaxial APDs. The matrix of

the binary Ti-22AI alloy pres,ented stacking faults, where no presence of
columnar a2 domains was observed (figure 4.2.5.g-h.). Table 4.2.1.3. shows
the measured values of 0.2 domain size. Although these measurements
should not be taken as very precise, it shows qualitatively that intragranular

APD did not lie in any preferred plane and that the network is similar to that
formed in other superlattices with an isotropic variation of APB energy with
orientation [BLA 67b][BLA 67 c]. Quaternary additions of Zr and Nb inhibited

the growth of APD's domains as these elements diffuse more slowly than Ti
or AI.
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_________________e_a_I_1o_tro_pic transformation

This discussion will show how variables which can be obtained
through thermodynamic modelling of phase diagrams might help to control

f

the morphology of as-quenched microstructures. Assuming a constant
cooling rate and disregarding possible variations on the interstitial contents
(e, 0, N), it will be shown how Tptp+a, To, Tp+ala and Ms temperatures and
the solute diffusivity control the morphology of a phase, formed by the
allotropic reaction ~->a. It is emphasised that these morphologies produced
on quenching will control the quantity and quality of the nucleation sites for
the subsequent solid state reactions (a2 and silicide precipitation). The
control of the amount of ala interfacial area via heat treatment (without any
prior mechanical deformatio~) along with available data on phase equilibria
and microstructure/mechanical properties relationship might enable
microstructural design of cheaper titanium aluminide alloys. Two step
processing (homogenisation and isothermal heat treatment) is of special
importance in the foundry industry, where generally rio mechanical work
can be used to alter the starting microstructure.

A summary of the morphological observations is given in table
4.2.1.4. Increase in AI content promoted massive-type transformation and the
formation of coarser microstructures composed of a transitional
massive/martensite primary a plates and colonies of parallel plates

presenting sub-units. The addition of AI increases the TO, TptjH-a, T~+ala. and
Ms temperatures (see tables 4.2.1.5. and 4.2.1.6.) and these effects, especially on
Tp+ala [HIL 84][MEN 88] explain the favouring of massive products: the
kinetics of diffusional decomposition of ~ is favoured at higher
temperatures, and as long as the ternary addition does not increase the
extension of the two phase field (given by Tp/p+<x -Tp+ala) [PLI 77][PLI 78], a
larger proportion of massive product will be expected. Under these
circumstances isothermal heat treatment between Tp+ala and Ms following
homogenisation (similar to an austempering) might produce large massive
grains. Such transformed ~ microstructure would promote:

• homogeneous nucleation of a2 during heat treatment inside a+a2 field
[ARK 95].

e possible formation of very large a2 grains during treatment inside a2

phase field [BLA 67b].
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morpmlogicalobiervamns
alloy O<&ll <Xmts rJaJ// Oaiaiesa lint. rooa~ Opimuy. Sthrits

dates //dates -date

Ti-l6Al
;. XXX · X · · · -

Ti-l6Al-lSi - XX · XX · - XX ·
Ti-l4AI-lSi-lNb X . - XX X P XX ·
Ti-l4AI-lSi-lZr

(

- . XX XX - · XX ·
rTi-l6Al-3.:Bi . - XX XXX · - · ·
rri-22Al - XXX - X · · · ·
iTi-22Al-lSi XX · XX - · XX Y

Ti-2OAl-lSi-lNb - X XX XX X P XX Y

Ti-20Al-lSi-lZr X X XX XX · - XX Y

Ti-22Al-3.$i - XX - XX - · XX Y

legend
amalIa.= grain l:x>undaIyallotriomOlph;
arras.= masSve~s;

am/tliates= grain l:x>unduypmillelsidepates;
<Jaiaies/hiates= ooloniesofpu-allelpates;
~= p-ese11<Eofretained13;
P~ soluteprrtitioningl::'elween a and13
CXpim.p1ates= a pimcuyplate5;

X = molJilologyobierved:
xx= moqilologype;entin subilantial area;
XXX = p-edominantmoq::bology

Submits:: J%eSeIl<E ofsu1::unitswithin rolonyof/ / a pale.

TaHe4.21.4 Summary of Irorphologkal o1Eervations.

Si, Zr and Nb inhibited the massive-type transformation, especially
in the alloys with lower Al content. All these alloying elements decreased

T~+ala (see tables 4.2.1.5. and 4.2.1.6) and inhibited the formation of massive
products. Si is seen to be the weakest massive-type transformation inhibitor,
and its addition was shown to decrease the massive grain size and increase
the irregularity of the interface, producing a massive product typically

formed at higher undercoolings. Figure 4.2.2.b. shows that Si addition
promoted a much more faceted and acicular massive interface, suggesting
that at higher undercoolings the OR plays an important role on the growth

of massive product, in agreement with Aaronson and co-workers [MEN

88][PLI 84]. The observation of a massive product typical of higher

undercootings [PLI 77][PLI 78] agrees with the suggested effect of Si on T~+ala

and [Ta+~/a - Ms] (see table 4.2.1.6.). This widening of [Ta+~/a - Ms] would
allow more time at lower temperature for the massive product to form
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before the competing martensitic reaction could occur. Additionally, Si
addition did not affect [Tp/(:H-a -T(:H-a/al, which indicates thaf this addition does
not promote ~ decomposition inside the a+fi phase field; and did not
decrease the atomic diffusion. .

linary T~::a$ Tjkt-::a To Ms f

Tmelt
aDoy<at%) fO ("0 fO ("0 ("0

Ti tm@ tm @ tm @ 871 t 1670 @

Ti-16Al 1<ro @ 1013 @ 10iU © 1026 & 1710 @

Ti-22Al 1135 @ 1110 @ 1120 © 1ai8 & 16.:0 @

Ti-1Si PiJ7 @ ~
@ f!B7 ® 814 @ 1660 @

Ti-1Nb 870@ 78) @ 842 © Kl) & 1675 @

Ti-1Zr 878@ 870 @ 812 © 83) Ii'J 1660 @

~end

@= datafrom MRHitd1.aetaL lPU78]

+=datafrom M.Bi~eta1.lBm 63J
&= datafrom K5Jepson etaL 1JFP70]
®= datafrom MRHitchaetaL[FU78]

© = calculated using availalie thermodynamic data I.MUR 87.J and imp>sing:
G(a,XAI):::G(l3XA1)

0=data from Y.CHuan~ etal.lHUA 70J

TaHe4.21.5. TeIIlp&ature puaIreters for SOIre linaIyTl-alloys.

The effect of Zr on decreasing Ta+p/a and widening [Ta+J}la - Ms]
without affecting [Tj3Ij»a -Tp+aJa] (see table 4.2.1.6.) indicates that this addition
would also promote the formation of high undercooling massive 0.. The
experimental results, however, showed otherwise. 2r was very effective,
indeed, on inhibiting the formation of massive product, specially in the Ti-·
14AI-1Si-1Zr, and on promoting the formation of martensitic

microstructures. This result shows clearly the effect of the low diffusivity of
Zr on inhibiting the diffusional formation of a typical massive product. For
Ti-20AI-lSi-lZr alloy, it is suggested that the increase in AI, which increased

both solvus and Ms and shifted [Ta+~/a - Ms] to higher temperatures,

favoured the diffusional decomposition of fi and the formation of
transitional massive/martensite microstructures.
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TrAl-Si-X Tl=T~-iji rr2=T~ Ms Tt-T2 TrMs
alloy (at%) ro ro ro ro ro

Ti-16Al 1m:> 100 1026 ZJ '5l

Ti-16Al-1Si 1W5 1046 ~ 29 77
Ti-16AI-1Si-lNb 10Cll 944 W8 116 16

Ti-16Al-1Si-lZr 1071 1004 ~ '5lt CJ7

Ti-22Al 1135 1110 lOiS 25 32

Ti-22Al-1Si 1m l<ro Ian ZJ 72

Ti-20Al-1Si-lNb 1103 m ~ 117 11

Ti-2OAl-1Si-lZr 1116 1031 1<XD 35 81

extrapolamnmetmd

ternary alloys:

TO> - Tm ATm AT(i)Ti-Al-Si - Ti + Ti-Al + Ti-Si
quaternary alloys:

(0 _ (i) (i) (i) (i)
TTi-Al-Si-X - TTi +6TTi- Al +ATTi- Si +ATTi- X

where

TO> d . l\Tm .. bl 4 2 3Ti an vanous Ti-X are gtven m ta e ...

Ta~4.21.6.ExtrafOlatedten~ture prrametersforTi-.Al-Si- X allo)&

Nb addition also decreased Ta+~/a and Ms (see table 4.2.1.6.) without

affecting [Ta+fila - Ms]. Additionally, Nb addition showed a singular effect,

among the investigated additions: it drastically widened [Tp/fi-Hx -Tfi+a1al. This
effect indicates the decomposition of J3 inside the two phase field would be
promoted. This reaction would occur with solute partitioning during
nucleation and growth (diffusional mechanism) in case Ms is below Tfi+a1a.
The experimental work confirmed the solute partitioning and the presence
of stabilised 13, although no conclusive evidence concerning the mechanism
of reaction could be established. Also inconclusive is the fact that the

extrapolated value of Ms for Ti-16Al-1Si-1Nb and Ti-20Al-1Si-lNb (see table

4.2.1.6.) lie below Ta+p/a, suggesting that solute partitioning after nucleation
by shear is not thermodynamically feasible for this alloy. The addition of Al
also promoted the formation of more diffusional products like GB sideplates
and GB allotriomorphs.

The results have shown that the morphology of a formed during

quenching can vary profoundly and almost continuously from relatively
featureless "massive" grains to a combination of primary and secondary

acicular plates presenting dislocations with the addition of Si, Nb and more
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effectively Zr. Primary and secondary colonies of parallel plates have also
been observed adjacent to the massive grains, primary plates and to
transitional massive/martensite ;microstructures. These colonies may
present solute enriched f3 phase retained along adjacent plates when Nb is

added. Additionally each plate within the colony may be composed of
parallel sub-units, especially the ternary and quaternary alloys with AI

!

content close to 22at%.

One peculiarity of the allotropic reaction in Ti-alloys is the presence
of a very narrow interval of temperature separating all the possible ct'

morphologies which might result from quenching. Additionally, there is no
difference in the crystal structure, orientation relationship and habit plane
between the diffusional (hcp) and martensitic (hcp) product in dilute Ti
alloys [DAV 79]. Data from Wilson [WIL 79] for Fe-0.Ol5%C-0.005%N alloy
shows, in a schematic TTT curve, that the morphological transition (eq.riaxed.
ferrite ->m~ve ferrite ->bliniticferrite -> lath martensite -> twinned martensite) for a Fe
0.Ol5%C-0.005%N alloy exists over a temperature interval of approximately

490°C. Following this argument, one would expect that a similar
morphological transition would exist for the formation of a' phase in Ti

alloys, but over a much narrower temperature interval (T~/a+~ - Ms) of
approximately 60·C for Ti-AI, around lOO°C for Ti-AI-Si and around l20°C

for Ti-AI-Si-X (X= Nb or Zr) (see table 4.2.1.6.). It is also important to note that
diffusion can be a very competitive mechanism around Ms for some Ti
alloys. The formation of ex2 APDs during quenching is a good proof of the

presence of short range diffusion in these alloys around Ms. Additionally,
the ratio between homologous temperatures· can be used as a rough

indicator of the atomic diffusivity around Ms. For instance, the
recrystallisation temperature is usually within the range 0.33-0.50 [VAN 70].
For the Fe-0.015%C-0.005%N alloy [WIL 79], the massive morphology occurs
around 0.48, the bainitic ferrite around 0.43, the lath martensite around 0.35
and finally the twinned martensite, whose appearance defined the Ms
temperature, around 0.27. For the Ti-AI-Si-X alloys studied, at Ms the

homologous temperature is usually higher than 0.50, reaching values
around 0.60 for the binary Ti-AI (see table 4.2.1.7.). This high atomic
diffusivity of Ti-AI-Si-X alloys around Ms and the narrow temperature range
(see table 4.2.1.6.) available for the morphological transitions resulting from a
transition in the mechanism of ex' formation (diffusion versus shear) suggest

that small variations in the thermodynamic and kinetic conditions in the
parent phase might account for changes in the mechanisms of nucleation

,.defined as the ratio retween T and the oolidus telnfS'ature.
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and growth of a I phase in Ti-AI alloys. This morphological changes in a'
formation could be observed, experimentally, not only throughout the
quenched samples, but also withi~ a single prior ~ grain.

~ .

alloy (at%) M9'Tsnlidus

Ti-16Al 0.60

Ti-16Al-lSi 0.57

Ti-l6Al-lSi-lNb 0.54

Ti-l6Al-lSi-lZr 0.56

Ti-Z2Al 0.64

Ti-Z2Al-lSi 0.61

Ti-22Al-1Si-lNb 0.58

Ti-Z2Al-1Si-lZr 0.60

f
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Full understanding of the mechanisms involved during these
morphological changes is, however, still a big challenge for the theory of
phase transformations. As seen in the literature survey, there is still intense
debate on the roles of diffusion and shear on the formation of plate-like
precipitates; and on the mechanism of growth of massive products:
disordered interfaces without any OR controlling the growth versus semi
coherent interfaces respecting OR and presenting ledges of growth, whose
riser would present a glissile disordered interface; and the roles of To and
solvus temperatures on the thermodynamics of massive transformation.
Even semantic discussions on the definitions of a massive product are still
happening: is the term massive a type of morphology (irregular interfaces,
grain boundary crossing, no QR) or a type of solid state reaction presenting
short-range diffusional growth along disordered interfaces [MAS 84][HIL
84][PLI 84J[PER 84][MEN 88]. The latter approach does not define a typical
massive morphology and. does not divide the solid state morphological
transitions into spectra.

The present investigation observed few interesting morphological
features of massive products which confirm this latter approach, such as:
presence. of anisotropic growth (figure 4.2.2.b); ledges of growth (figure
4.2.6.b), "acicular" massive grains (figures 4.2.6.e. and 4.2.8.e.), dislocations
(figures 4.2.6.e-f), and transitional massive/primary plate morphologies
(figures 4.2.8.c. and 4.2.9.e-f). This very blurred transition between massive
and primary a plates was observed in some of the Ti-AI-Si-X alloys with
higher Al content. It is suggested that the transition between diffusional and
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shear mechanism is also diffuse and would account for the transitional
massive/primary plates morphologies observed:

• considering initially the transition massive -> martensite, it has been
proposed that massive interface moves by individual jumps of atoms
across an incoherent interface [HIL 84][MAS 84], but growth by ledges is a
reasonable possibility for the massive transformatibn under increasing
undercooting [MEN 88]. Under this circumstances the riser, presenting

incoherent interface, would be the moving alp interface and the resulting
massive microstructure would be more anisotropic in character, featuring,
for instance, "acicular" massive grains (figure 4.2.6.b. and 4.2.9.c.) and

faceted interfaces (figures 4.2.2.b.; 4.2.6.b.; and 4.2.9.d). Furthermore, it is

stated that invariant plane strain surface relief can be generated dUring
massive transformation when reaction occurs at sufficiently high
undercoolings [MEN 87] due to the larger proportion of partially coherent
interface areas.

• considering now the transition martensite -> massive, it has been
discussed previously that there is no difference in the crystal structure,
orientation relationship and habit plane between the diffusional (hcp) and
martensitic (hep) product in dilute Ti-alloys [DAV 79]. Additionally, the

high atomic diffusivity of Ti-Al-Si-X alloys around Ms and the narrow
temperature range (see table 4.2.1.6.) available for the morphological
transitions suggest that small variations in the thermodynamic and

kinetic conditions in the parent phase might account for changes in the
mechanisms of nucleation and growth of at phase in Ti-Al alloys. Under

this conditions, an a plate could initially nucleate by shear and grow by
diffusion, generating a final plate exhibiting not-50-faceted interfaces
(figures 4.2.8.c and 4.2.9.f) and lower dislocation density. The final product
would resemble very much a massive products.

In both cases mentioned above, it is possible to produce transitional

microstructures resembling the ones observed experimentally. The model
proposed by Aaronson and co-workers [MEN 87] for the massive
transformation was very. useful to explain some of the transitional
morphologies observed in the present investigation. The morphological
observations agreed with his views on the formation of more anisotropic

massive products with increasing undercoolings. Such morphologies,
however, have not been observed in alloys with lower Al content,

confirming that small variations in the homologous temperatures might
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account for changes in the mechanisms of nucleation and tp'owth of a phase
in Ti-Al-Si-X alloys investigated.

The previous discussion dealt with the some of the "blocky
acicular" morphologies, so the following discussion will concentrate on the
roles of diffusion and shear on the formation of colonies of parallel a plates.

Far more so than in the proeutectoid ferrite reaction'in steel, sideplate and
intragranular plate are the predominant morphologies during the
proeutectoid reaction in Ti-X alloys at all but the smallest undercoolings
[FUR 90]. The experimental results show that colonies of parallel plates
formed during quenching presented moderate dislocation density; low-angle
ala plate boundaries; presence of internal aligned subunits presenting small
angle sub-boundaries {figures 4.2.7.e., 4.2.7.g., 4.2.8.d., 4.2.9.g., 4.2.10.d and
4.2.10.e) and, in Ti-AI-Si-Nb alloys, the additional presence of retained Ll
(with solute partitioning) along ala parallel plates boundaries (figures 4.2.4.d
and 4.2.9.h. and tables 4.2.1. and 4.2.2.).

The presence of subunits has been described in the literature as an

example of sympathetic nucleation [AAR 56][MEN 87][BHA 95]. Clusters of
lattice defects, with possible local variations in the chemical composition due
to (solute)-(Iattice defects) interaction [AAR 56], and heterogeneous

nucleation of sub-units on the terraces of plate shaped precipitates (replacing
a low energy alJ3 interface by low energy ala interface) have been considered

to explain the diffusional nucleation of these subunits [MEN 87], although
H.Margolin et al. proposed that these sub-units are formed by twinning
[MAR 77]. Menon et al. [MEN 87] mentioned in their investigation on the

morphology, crystallography and kinetics of sympathetic nucleation in Ti-Cr
and Ti-Mn alloys that the strain energy that accompanies the "purely
diffusional transformations" considered (Ti-6.6at%Cr reacted at 700°C for 2
hours, TO between 200 and 300°C, and Ti-8.6at%Mn reacted at 700°C for 1000

seconds) can playa significant role in the kinetics of sympathetic nucleation.
It is also worth mentioning that Bhaskaran et al. [BHA 95] observed these
sub-units in some rapidly quenched Ti-eutectoid alloys such as Ti-4%Cu and
Ti-2.8%Co. Furthermore, the lack of observation of retained J3 along these
sub-boundaries in the literature and in this experimental work suggest that

these subunits are supersaturated in solute, indicating either initial
formation by shear or partitioning of solute under paraequilibrium
conditions (partitioning of fast diffusers).
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Previous investigations on solute partitioning during the
proeutectoid a transformation in Ti-alloys [ENO 90](ENO"91] observed that
solute concentration in the a plat~s was close to the aI(a+~) phase boundary
composition just after few seconds of isothermal heat treatment above and

below To. On the other hand, the concentrations in the ~ matrix were mostly

within the (a+~) two phase region. They concluded that the massive or
martensitic transformation is unlikely to be the major transformation mode

in the substantial temperature range below To in these alloys: and that the
plates had been formed by a diffusional. If these a plates were formed with
the full supersaturation of solute, a phase would present concentration
gradient perpendicular to all} interface. Considering that the partitioning of

solute occurred after the transformation by shear, one can estimate the width

of the zone in a phase presenting concentration gradient of solute. This

tentative calculation was made for the Ti-16AI-1Si-lNb alloy to check
whether EOX-TEM analysis would be a capable tool to identify the existence
of such zones after transformation by shear. For this calculation the
following parameters have been employed:

• Tj}/Cl+P and TCl+j}/a temperatures from table 4.2.1.6.; and cooling rate of
200°C/second [DAV 79](FLO 74] have been assumed. Under these

circumstances the estimated time available for the solute partitioning

(inside a+f3 phase field) is around 0.6 seconds;
• assuming that the diffusion time is 0.6 seconds and using the diffusion
coefficient of AI in Ti-a [oue 80], the value of ";O.t at T=Tj}/Cl+p=1060°C is

approximately 30 nm.
•

This estimated value of 30 nm for the width of the diffusion
affected zone indicates that the beam spot size used by the previous works
[ENO 90][ENO 91], whose diameter is SOnm [ENO 90], is not small enough to

detect possible concentration gradients in a caused by solute partitioning

after shear transformation. This suggests that the works by Enomoto and co

workers [ENO 90][ENO 91] concluding that the massive or martensitic

transformation is unlikely to be the major transformation mode in the

substantial temperature range below To are not conclusive. Also
inconclusive is the fact that the extrapolated value of Ms for Ti-16Al-lSi-lNb
(see table 4.2.1.6.) lies below TCl+j}/a, suggesting that solute partitioning after

nucleation by shear is not thermodynamically feasible for this alloy.

The presence of ledges of growth (figure 4.2.7.g.) appears to be the

only evidence of diffusional growth of ~he colo~ies of parallel plates in
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.quenched Ti-22Al-5i alloys. This evidence, however, does not refute the
initial formation of the a plate by shear. As the hypothesis 'of nucleation of a
plates by shear followed by solute. partitioning is not unrealistic the following
discussion will emphasise how 'diffusion can playa visible role on the

nucleation and growth of a' plates via shear.

As mentioned by C.Jourdan et al. ijOV 87jijOU 89]ijOV 91], the
nucleation of martensite can be induced by residual stresses associated to
complex defects. So, as a result of the presence of these crystalline defects
induced by the shear transformation, in some areas the stress field might
induce further transformation via shear by reducing .6.G*shear. In other areas

the stress field might just oppose such type of transformation by increasing
the AG*shear for the nucleation of at [NI5 78]. Considering now that

diffusion and shear mechanisms are competing for the nucleation of a, it
does not. seem very unlikely that, in some of the areas opposing the shear
mechanism, diffusion might become the operative mode for the nucleation

of a' ( .6.G*dif.<AG*shear) and growth of a plates. The release of latent heat
during the formation of primary a'plates by shear, under the assumption of
martensite formation as an adiabatic process [KAU 92], might as well alter
locally the nucleation conditions of secondary plates by increasing

temperature of the areas adjacent to this primary plate [DAV 79]. This
increase in temperature is expected to increase AG*shear , reduce AG*dif. and
promote diffusional nucleation of a plates.

Additionally, it seems valid to suggest for Ti-AI-Si-X alloys (see table
4.2.1.7.) that the lattice strain energy generated at the start of the allotropic
reaction via shear can be relieved by diffusion [FLO 72][FL074][DAV 79].
Solute partitioning between a and ~ (if Ms > Ta+~/a) and solute drag

phenomenon (such as solute segregation to and away from alJ3 interfaces and
dislocations, and resulting from the interaction of the strain field of solute
atoms in the martensite lattice with the stress field of the moving
martensitic interface [OWE 92] ) are among the diffusional processes which

may relieve the strain energy and increase AG*shear (as the nucleation of

martensite can be induced by residual stresses associated to defects). The
diffusion is likely to, at least, alter locally the thermodynamic conditions for
further nucleation and growth of the at phase via shear. In that sense,

M.Hillert and L.Kaufman [KAU 92] suggested that an increase in .6.G"'shear

might induce a nucleus formed initially by shear to grow by a diffusion

controlled mechanism, such as growth by ledges. This suggestion might

explain the morphological change found fn figur~ 4.2.7.e-f, which shows a
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colony of parallel a plates presenting sub-units just adjacent to a primary a
plate. Note that the parallel plates, in this case, lie almost parallel to the
primary plate boundary, suggesting a transition of mechanism during the
growth of the primary plate. For a constant cooling rate, the higher the Ms
temperature, the more effective the role of diffusion on the nucleation
and/or growth of a' plates. This statement is confirmed by the presence of

f

ledges and sub-units in the alloys with higher Al content.
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4.3. Isothermally heat treated samples

This section will firstly present the results obtained for the
isothermally heat treated ternary alloys regarding the phases identified; EDX·
analysis; and experimental Ti-Al-Si phase diagram: The discussion of the
ternary diagram will be presented along with the results of the

r
thermodynamic modelling. This section ends with the presentation of the
results obtained for the isothermally heat treated quaternary alloys regarding

the phases identified and EDX-analysis, followed by a brief discussion on 0.2
and silicide precipitation in ternary and quaternary alloys.

4.3.L Ternary alloys

The following section will describe the microstructures in terms of
phases in equilibria during the isothermal treatment. So the morphology of
precipitation, especially of transformed ~ microstructures, whose allotropic
transformation was discussed in the previous section, will not be taken into

account unless it is necessary.
Sample 3B (Ti·16AI-3.5Si - T =1200°C for 24 hours, figure 4.3.1.I.a.)

is composed of transformed (3 and a bimodal distribution of sUicides: larger
spheroidised eutectic silicides and silicides precipitated during isothermal

heat treatment; and smaller silicides precipitated during quenching. XRD and
EDX-analysis (see table 4.3.1.1.) identified the silicides as TisSi3" . Sample 6B
(Ti-22AI-3.5Si - T =1200 C for 24 hours, figure 4.3.1.I.b.) shows the same

microstructure as sample 3B, but without any evidence of silicide

precipitation during quenching. The silicide particles of sample 6B presented,
additionally, an increase in the proportion of Al in solution and a small
change in the stoichiometry (see tables 4.3.1.1. and 4.3.1.2.). The proportion
between Ti and Si plus Al atoms is seen to increase with an increase in AI.

Sample 3C (Ti16Al-3.5Si - T =1100°C for 42 hours), figure 4.3.1.1.c

shows sUicides finely precipitated during quenching along a. plate
boundaries. Figure 4.3.1.1.d. shows primary a. plates formed during

quenching, indicating that the stable phases during isothermal heat
treatment were TisSi3 and ~ (see table 4.3.1.1. and 4.3.1.2.). By contrast, figure
4.3.1.3.c. shows recovered/recrystallised a. grains, which indicate that a. (and
not (3) is one of the stable phases for the alloy Ti-16Al-3.5Si reacted at lOOO°C
for 42 hours.

QQQOQQQQQQQQOgOOggggQQggggQQgOQQQOOOQOOQQg
I

.. TisSi3 refers to Tis(Si,Alh for the ternary alloys.
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T chenlkalro
, ...

FDX n
alloy ro sample phase dSi at%A1 at%TI

Ti-16Al-3.!:6i 1200 SEM ~ 1.6±O.1 16.7±o.3 II

T15Si3 33±2 4+1 "

Ti-Z2.Al-3.95i '1200 SEM ~ 1.4±o.1 23.7±o.3 "

TJ5Si3 27±2 8±2 "

Ti-16Al-3.!Ei 1100 SEM 13 1.4±o.1 17.2±O.5 "
TJ5SiJ 32±2 5+1 "

Ti-22Al-1Si 1100 SEM/IEM a2 1.2±0.1 22.9±o.2 tt

13 0.8±o.1 20.1±o.2 II

Ti-Z2.Al-3.95i 1100 SFM/IFM a2 1.4±o.1 24.5±o.3 "

13 1.2±o.1 22.1±o.2 "

TJ5Si3 2S±1 8±1 "

Ti-l6Al-lSi / 1000 1EM a 0.9±o.1 17.2±1.2 tt

Ti-16Al-3.!Ei TJ5Si3 33.7±o.5 2.1±O.4 "

Ti-16Al-lSi / ~ 1EM a 0.9+0.3 15.2±1.2 "

Ti-l6Al-3.$i a2 1.3±0.3 20.1+1.4 "

TJSSi3 30.0+0.8 1.5±o.7 "
Ti-16Al-lSi / 8lJ 1EM a 0.8±0.3 13.3±1.3 II

Ti-16Al-3.!:6i a2 t.2±0.3 t9.6±1.2 "

T15Si3 29.4+1.3 1.1±o.8 "
Ti-16Al-tSi / 700 1EM a 0.7+0.4 11.9+1.4 "
Ti-16Al-3.!Ei a2 1.2±0.4 19.3±1.3 "

TI5Si3 31.6±1.1 3.0±o.7 II

Ti-Z2.Al-3.!:6i 1000 1EM a2 1.4±o.3 24.4±13 It

TJ5Si3 27.2+0.8 3.3±o.9 "

Ti-22AI-35Si ~ 1EM a2 1.5+0.3 24.3±1.2 "

T15Si3 28.0+0.5 3.0±o.4 "

Ti-22Al-35Si 8l) '!EM a2 1.3+0.3 24.1+1.2 "
TJSSi3 28.1+1.2 3.1±o.6 "

Ti-22Al-lSi / 700 1EM a2 1.0±0.2 24.1+0.8 II

..

Ti-Z2.Al-3.$i TJSSi3 25.6±0.7 4.3±O.7 "

Talie4.3.1.1. EDX analysis of ternary alloys.
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dtemkalm - ..
n

alloy T("O sffidde at%Si at%Al at%Til <at%Si+at%AD

Ti-l6Al-3.$i UX> TJSii3 33±2 4+1 1.7.+0.3
Ti-16Al-3.5Si 1100 It 32±2 5+1 1.7+0.3
Ti-16Al-1Si/ 1<m It 33.7±o.5 2.1±o.4 l.8±O.l
Ti-l6Al-3.5Si

It
~ " 30.0±o.8 l.s±o.7 2.2±O.1

It 8ll " 29.4+1.3 1.l±o.8 2.3±0.2
" 700 " 31.6±1.1 3.0±o.7 1.9±O.2

Ti-22Al-3.55i 12)) " 27±2 8±2 1.9±o.3
" 1100 " 25±1 8±1 2.o±O.3
" lax> " 27.2±0.8 3.3+0.9 23±0.2
" ~ " 28.0±o.5 3.0±0.4 2.3±0.2
" 8ll " 28.1+1.2 3.1±o.6 2.3±0.3

Ti-22Al-1Si/ 700 " 25.6±0.7 4.3±o.7 24±0.2
Ti-22Al-35Si

Tatle4.3.12 EDX analysis of ternary silidcEs.

Sample 5C (Ti-22AI-l.OSi - T =1100°C for 42 hours), figure 4.3.1.2.a.

shows a duplex microstructure composed of a transformed 13 matrix and

large precipitates. The latter are presented as large and oriented plates or as a

blocky precipitate. TEM-DF! examination (figure 4.3.1.2.b.) reveals that the

transformed 13 matrix is composed of small 0.2 APD's, while the large

precipitates are composed of 0.2 sub-grains, suggesting that the stable phases

are 13 and a2. XRD and microscopy work did not indicate any presence of

TisSiJ. Sample 6C (Ti-22Al-3.5Si - T =1100°C for 42 hours), figures 4.3.1.2.c. to

4.3.1.2.e.) shows a duplex matrix composed of extensive proportion of large
precipitates, precipitated either as plates or in a blocky morphology, and

transformed f3 (see detail in figure 4.3.1.2.d. showing primary plate and

adjacent colony of parallel a. plates). Additionally TiSSi3 particles appear to be

heterogeneously distributed throughout the duplex matrix without any

visible preferential nucleation site. TEM-DF! examination (see figure

4.3.1.2.e.) reveals that the transformed 13 matrix is composed of small a2

APD's, while the large precipitates are composed of a2 sub-grains, suggesting

that the stable phases are 13 and a2.

Sample 2D (Ti16AI+1.0Si - T =1000°C for 72 hours, figure 4.3.1.3.a.)

shows a matrix composed by large equiaxial grains, which do not characterise

a transformed 13 microstructure, suggesting that a. phase is stable instead.

Small particles of TiSSi3 are sparsely precipitated along a grain boundaries.
XRDandTEM examination did not indicate the presence of ordered a2 phase.
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Sample 3D (Ti-16AI-3.5Si - T =IOOO·C for 72 hours), figure 4.3.1.3.b.

shows much additional heterogeneous precipitation of TiSSi3 than sample 3C
(see figure 4.3.1.1.c.), but SEM ob~ervation did not supply any information
concerning the matrix. TEM examination, however, shows that the matrix is

composed of recovered/recrystallised grains, suggesting that a phase is stable
(see figure 4.3.1.3.c.). No transformed ~ microstructure could be observed
throughout this sample. EOX-analysis of samples 3C (feacted at IIOO·C) and
3D (reacted at IOOO·C, see table 4.3.1.1) shows that the solubility of Si in ~

phase is higher than in a, which explains why sample 3D shows much
additional silicide precipitation.

Sample SD (Ti-16AI-I.OSi - T =IOOO°C for 72 hours) presented a
bimodal grain size distribution, larger grains at previous massive grains and
smaller grains at prior parallel a plate colonies. Figures 4.3.1.3.d. shows the
smaller grains originated at prior parallel a plate colonies. TEM-DF! (see
figure 4.3.1.2.e.) showed presence of large a2 sub-grains structure. No APD's
were observed in this sample, confirming previous XRD results which did

not show a2 double peaks, suggesting that either there is no a phase present
in this sample or that the difference in chemical composition between a and
a2 is too small to be detected by this technique.

Sample 6D (Ti~22AI-3.SSi - T =1000°C, figure 4.3.1.4.a.) shows

silicides precipitated in a single phase matrix which is shown to be composed
of a2 sub-grains (see figure 4.3.1.4.b.). No APD's have been found in this
sample, confirming previous XRD results that a phase is not stable at this
temperature.

Sample 2E (Ti-16Al-lSi • T=900·C for 8 days, figures 4.3.1.4.c. and
4.3.1.4.d) shows heterogeneous silicide precipitation along previous a
boundaries. Heterogeneous a2 precipitation at previous ala boundaries is
also observed. XRD and EDX~analysis(see table 4.3.1.1.) indicate the presence

of three stable phases: a, a2 and TiSSi3. Sample 3E (Ti-16AI-3.5Si - T=900°C
for 8 days, figures 4.3.1.5.a. and 4.3.1.4.d.) also presents three stable phases: a,
a2 and TisSi3. Heterogeneous a2 precipitation might be observed in figure

4.3.1.5.a. Although the exact nature of the preferential nucleation sites is not
shown clearly in the micrograph, they are thought to be prior a/a interfaces.
Additionally, precipitation of hexagonal-shaped silicides was observed (see
figure 4.3.1.5.b.). Figure 4.3.1.5.c. shows that some of the a2 precipitates grow

along the interface between TiSSi3 and a. This observation suggests that

either this interface acts as a preferential nucleation site for a2 precipitation
or as preferential path for the growth of a2 particles. Sample 6E (Ti-22Al-3.5Si

- T=900·C for 8 days, figures 4.3.1.5.d. and 4.3.1.5.e.) shows a biphasic

microstructure composed of a2 subgrains ard silicic,les.
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Sample 2F (Ti-16AI-lSi - T=800·C for 14 days, figures 4.3.1.6.a) shows

homogeneous a2 precipitation in an a matrix, while figures 4.3.1.6.b.-c.
shows heterogeneous and homogeneous a2 precipitation. The

homogeneously nucleated a2 precipitates grow along [0001]a2 (see figures
4.3.1.7.a and 4.3.1.7.b.). The growth of a2 particles along the c axis produces a
misfit around 0.3% while the misfit for growth along a axis would be around

2%. This preferential growth along [0001] minimises the strain energy

between a and a2 (see table 4.3.1.3.), and produces extremely elongated a2
precipitates.

T Ti(a)

alloy ro 0 0

a (A) C(A)
Ti-16Al ~ 2.919 4.665

" fIX) 2.925 4.667
" 700 2.929 4.666

Ti-l6Al-lSi 1(0) 2.915 4.663
" ~ 2.920. 4.666
" fIX) 2.921 4.665
tI 700 2.934 4.663

Ti3A} misfitaJa2 (%)

alloy 0 0 <a> <c>a (A) c(A)
Ti-l6Al ~ - - - -

" fIX) 5.797 4.652 1.8 0.32
It 700 5.802 4.653 1.9 0.28

Ti-16Al-1Si ~ 5.796 4.648 1.5 0.39
" fIX) 5.789 4.648 1.8 0.36
" 700 5.788 4.645 2.7 0.19

TaHe43.1.3. Calrulated lattire prran~ters for a ania2 andmisfit002.

In sample 3F (Ti-16AI-3.5Si - T=800·C for 14 days, figure 4.3.1.7.c.)

the microstructure is also composed of homogeneous and heterogeneous a2

precipitation in an a matrix. Heterogeneously nucleated a2 particles do not

present a typical elongated morphology, stressing that the minimisation of

strain energy is not a crucial process during the nucleation and growth of

heterogeneous precipitates. SUicides have been observed in both samples,

and figure 4.3.1.7.d. shows a typical silicide precipitate.

Sample IG (Ti-16AI - T=700·C for 36 days, , figure 4.3.1.8.a. and

4.3.1.8.c.) shows a duplex a+a2 microstructure, with homogeneous

distribution of a2 particles and preferential growth along [0001]a2. These a2

particles are much smaller than the ones present in the ternary alloy (see
figures 4.3.1.8.b.), indicating that Si aQ-dition ~lters the conditions of

133



nucleation and growth of a2 particles. Additionally, figure 4.3.1.8.c. shows
that this binary sample did not present heterogeneous' nucleation of a2

particles at prior ala boundaries.. It is also observed that the morphology of
the a2 particles in this binary sample is less elongated than the ternary one
(see figure 4.3.1.8.d.), suggesting that Si addition promotes more elongated
particles. This observation is in agreement with the experimental results (see
table 4.3.1.3.), which showed that Si addition increases the misfit along a axis
and decreases it along c axis at 700°C. Sample 2G (Ti-16Al-1Si - T=700°C for
36 days, figures 4.3.1.8.b. and 4.3.1.8.d.) shows a duplex matrix composed of
heterogeneous and homogeneous a2 precipitation in an a matrix. In cross
section the elongated 0.2 precipitates (see figure 4.3.1.8.d.) reveal the presence
of sub-boundaries which resemble edge-to-edge and edge-to-face examples of

sympathetic nucleation. Additionally, heterogeneous precipitation of rod
like silicide along previous ex boundaries was also observed. The
homogeneously nucleated ex2 precipitates grow along [0001]a2. In sample 3F
(Ti-16Al-3.5Si - T=700°C for 36 days, figures 4.3.1.9.a to 4.3.1.9.c) the matrix is
composed of heterogeneous and homogeneous 0.2 precipitation in an ex
matrix. The homogeneously nucleated a2 precipitates grow along [0001]a2.

The micrograph 4.3.1.9.c. shows hexagonal-shaped TisSi3 precipitates.
Sample 4G (Ti-22AI - T=700·C for 36 days, , figure 4.3.1.10.a.) shows

0.2 domains, which developed from large massive grains. Sample SG (Ti

22AI-1Si - T=700°C for 36 days, , figures 4.3.1.10.b.-c.) shows an a 2
microstructure developed from previous a plates. 0.2 domains resemble a
sub-grain microstructure, suggesting that the previous microstructure alters

the morphology of a2 precipitation/growth. Figures 4.3.1.11.a.-b. show small
ex2 sub-grains and precipitation of TisSi3 particles.

Table 4.3.1.4. provides a summary of the identified phases. This
table, along with table 4.3.1.1. were used to construct experimental isothermal
sections of the Ti-Al-Si system (see figures 4.3.1.12. and 4.3.1.13.). Between 700
and 900°C, tie triangles containing ex+a2+TiSSi3 are shown. The variation in
Si content in both ex and a2 phases with the heat treatment temperature is

very small and presents a very large relative error related to this
measurement. This error is due to the relatively low Si in solution.
Additionally,Si and Al peaks lie very close together to each other, and some
superposition of these peaks might contribute to increase the error.
Furthermore, the EDX analysis does not allow tilting of the foil, so that some
of the very small, in some cases coherent, 0.2 particles were not analysed

under ideal conditions, so it is not surprising that the samples reacted at
700·C present a larger relative error. As mentioned in chapter 3, one

important precaution that should be taken tin quan~itative X-ray analysis of a
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precipitate phase dispersed in a matrix is to ensure -that the precipitate
extends through the thickness of the foil. The variation in Al content,
specially in a phase, with heat treatment temperature is well defined and
shows that both phases present less Al in solution than shown in the binary

phase diagram, suggesting that Si reduces the solubility of AI in both phases.
Concerning TiSSi3 analysis, some solid solution of AI is observed.

Table 4.3.1.2. presents a summary of the results of EOX analysis obtained for
the silicide phase in the ternary alloys investigated. The results confirm
previous result for as-quenched alloys:

• addition of AI decreases the solubility of Si in the silicide, in agreement
with previous work [ZHA 91], suggesting that Al replaces Si in the
sublattice(s) of TisSi3.

• in alloys with higher AI content, AI replaces more Si in the silicide.
• addition of AI increases the ratio Ti/(AI+Si) of the silicide suggesting a
possible change in the stoichiometry of the silicide.

• decreasing the temperature of isothermal heat treatment decreases the
solubility of Al and increases the ratio Ti/(AI+Si).

The results for the equilibria (~+TiSSi3) show that increasing Al
content reduces the solubility of Si in ~ phase, in agreement with previous
work [CRO 55]. The equilibrium (u+TiSSi3) at 1000·C suggests that Al

addition increases either the eutectoid (Ji->u+TisSi3 ) or the peritectoid
(~+TisSi3->a) temperature, as it allows a phase to be stable at temperatures
above 865 ·C, the eutectoid temperature in the Ti-Si binary shown in figure
2.3.4..

Concerning the possible existence of a peritectoid (Ji+TisSi3->a)
reaction, the present are not consistent with this: considering the alloy Ti~

16AI-3.5Si the equilibria I3+TisSi3 at 1100·C and a+TisSi3 at 1000·C (see table
4.3.1.1.), the results show that the solubility of Si is higher in 13 than in a
phase, indicating, therefore, the existence of an eutectoid (13->a+TisSi3)
reaction instead.

The EDX-analysis results for the three phase (j3+a2+ TisSi3 at
1100·C) and two phase «(3+TisSi3 at 1200·C) fields (see table 4.3.1.1.), however,

might suggest the existence a different peritectoid reaction given by
(~+TisSi3->a.2), as the solubility of Si in a2 is higher than j3 phase.

The existence of a two phase field (13+a2) at 1100·C in the ternary

alloy and the phase relationships shown in the Ti-AI binary at 1100·C (see
figure 2.2.1.), which shows the presence of (13), (!3+a), (a), (a+a2) and (a2)
phase fields with increasing AI content, suggest the existence of a three phase
field, given by (13+a+a2) for AI content around 22at% and Si content between
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oand lat%. These results might indicate the existence ofa second peritectoid
reaction in the ternary Ti-Al-Si given by (j3+a2->a) (see figUre 4.3.1.13)..

alloy Tee) phases in experimental..... . -,- •

rr'i-l6Al-355i 1200 f}+Ti&SiJ SEM, XRD,TIM
SADP; IDX-SEM;

'IDX-lEM

rTi-Z2Al-355i " JH-Ti&SiJ ..
rri-l6AI-lSi 1100 p ..
rTi-l6Al-355i " f}+Ti&SiJ "
iTi-Z2Al-lSi " f}+a2 ..
ITi-Z2Al-355i " jH-a2+TisSiJ ..
rfi-l6Al-lSi 1000 a+Ti&SiJ ..
rTI-16Al-35Si " a+TiSSiJ "
rTi-Z2Al-lSi .. w. ..
rTi-Z2Al-355i " a2+TiSSiJ II

rn-l6Al 900 a ..
ITi-16AI-lSi " a-+«2+TisSiJ II

ITi-16AI-3$i " a-+«2+TisSiJ "
fTi-Z2Al-1Si " w. "
tTi-Z2Al-355i " a2+TiSSiJ "
ITi-l6Al 800 a+<U ..
rTi-l6AI-lSi " a+a2+-TisSiJ ..
tTi-l6Al-355i " a-+«2+TisSiJ "

rri-22Al-lSi " (J.L. "

rTi-22Al-3.$i " a2+TisSiJ "

ITi-l6Al 700 a+<U ..
Ti-l6Al-lSi " a+<x2+TisSiJ "
Ti-l6Al-355i " a+<x2+TisSiJ "

Ti-l6Al " (J2 II

Ti-22Al-lSi " a2+TisSiJ ..
Ti-Z2Al-355i it a2+TisSi3 "

Talie4.3.1.4. Fhases identified in temaryallo)&

136



Figure4.3.1.1. oothennallyHeatTreatedSamples.
a) alloy Ti-16Al-3.5Si reacted at 1200°C for 24 hours; transformed

~ + silicide; SEM-BEl;
b) alloy Ti-22Al-3.5Si reacted at 1200°C for 24 hours; transformed

~ + silicide; SEM-BEl;
c) alloy Ti-16Al-3.5Si reacted at 1l00°C for 48 hours; transformed

~ + silicide; SEM-BEl;
d) alloy Ti-16Al-3.5Si reacted at 1100°C for 48 hours; detail of

transformed 13 presenting primary a plates with faceted

boundaries; TEM-BFI;
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Figure4.3.1.2IsothennallyHeatTreatedSamples.
a) alloy Ti-22Al-lSi reacted at llOO°C for 48 hours; transformed 13
+ a2; SEM-BEI;
b) alloy Ti-22A1-1Si reacted at llOO°C for 48 hours; detail of

transformed 13 + a2 microstructure, showing respectively small

a2 APDs and a large a2 grain; TEM-DFI, g=(1010)a2;

c) alloy Ti-22Al-3.5Si reacted at llOO°C for 48 hours; transformed

13 + a2; SEM-BEI;
d) alloy Ti-22Al-3.5Si reacted at 1100·C for 48 hours; detail of

transformed 13 microstructure, showing colonies of parallel a
plates; TEM-BFI;
e) alloy Ti-22Al-3.5Si reacted at 1100·C for 48 hours; detail of

transformed p+ a2 microstructure, showing respectively small

a2 APDs and a large a2 grain; ~M-DFI, g=(tOl1)a2;
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Figure4.3.1.3. IsothermallyHeatTreatedSamples.
a) alloy Ti-16Al-lSi reacted at lOOOQC for 72 hours; equiaxed a
grains and silicide precipitation along a grain boundaries; SEM
BEl;
b) alloy Ti-16AI-3.5Si reacted at lOOO·C for 72 hours;

recovered/recrystallised a grains and silicide precipitation along

a grain boundaries/sub-boundaries; SEM-BEI;
c) alloy Ti-16Al-3.5Si reacted at lOOO·C for 72 hours; detail of the
recovered/recrystallised a grains showing rearrangement of

dislocations; TEM-BFI
d) alloy Ti-22Al-lSi reacted at lOOOQC for 72 hours; a2 grain/sub

grains microstructure; SEM-BEI;
e) alloy Ti-22Al-lSi reacted at lOOOQC for 72 hours; detail of a2

sub-grains microstructure; TEM-DFI, g=(10ll)a2;
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Figure4.3.1.4. IsothermallyHeatTreatedSampJes.
a) alloy Ti-22AI-3.5Si reacted at lOOO°C for 72 hours; a 2

grain/sub-grains microstructure and silicides; SEM-BEI;
b) alloy Ti-22Al-3.5Si reacted at lOOO°C for 72 hours; detail of a2
grain/sub-grains microstructure; TEM-DFI, g=(l120)a2;

c) alloy Ti-16Al-lSi reacted at 900°C for 8 days; heterogeneous
silicide precipitation along prior a grain boundaries; SEM-BEI;

d) alloy Ti-16Al-lSi reacted at 900°C for 8 days; heterogeneous «2
precipitation along prior a grain boundaries; TEM-DFI

g=(10 j 1)«2.
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Figure4.3.1.5. oothennallyHeatTreatedSamples.
a) alloy Ti-16Al-3.5Si reacted at 900·C for 8 days; heterogeneous

a2 precipitation; TEM-DFI: g=(1011)a2;

b) alloy Ti-16AI-3.5Si reacted at 900·C for 8 days; TiSSi3
precipitates; TEM-DFI: B=[4513]TisSi3 and g=(0112)Tis£i3; (SADP
given below);

ttQl1). •,. .
•• (0'112).·

•
•(1121'

c) alloy Ti-16Al-3.5Si reacted at 900·C for 8 days; a2 precipitation

along prior a/TiSSi3 interfaces; TEM-DFI: B=[1123]«2 and

g=(1011)a2;

d) alloy Ti-22Al-3.5Si reacted at 900·C for 8 days; a2 sub-grain;

TEM-DFI: B=[1120]a2 and g=(101 1)a2; (SADP given below);

.• •• (i1oa"
__ (11011'

(()()Q2)'•
•

e) alloy Ti-16AI-3.5Si reacted at 900·C for 8 days; TiSSi3
precipitates; TEM-DFI: B=[OOOl]TisSi3 and g=(1010)TisSi3; (SADP

given below);
I • • •

I .. • • • •

. . . . . . . ..
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igure4.3.1.6.lsot:henritllyHeatTreatedSa.mp1es.
a) alloy TH6Al-15i reacled ill 800'C fur 14 days; displaCl!ment

fringe cOntrast showing hornogene-ous 0.2 particl@s; TEM-BF.I:

B"'[li4 sta2; (SADP given below)

•
•

•
•

b) alloy Ti·16Al~lSi rea led at SOO'C for 14 days; homogeneow
and hcteroge'neol,JS 0:2 pt ipitatlon; TEM~BFl; "8=(0001)0.2;

(SADPgiven blow)
.. + +
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c) alloy TH6Al-1Si reacted il~ 800'C for 14 days; homog(!l1(!ous

and h terogeneous a2 predpltalion; TEM-DFl: 8-[(001)a2 and

<iiiO)a1;





Figure4.3.1.7. I9'.lthemrallyHeatTrea tedSaapJes.
a) alloy Ti·16Al-lSi reacted at 800'C for 14 days; detail of

homogeneous a2 precipit.ation; TEM·DFl: B=U IOO)cx2 and

g=(1120)a2; (SA P given below)

•
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b) alloy Ti-16AI-15i reacted at 800'C for 14 days; detail of
homogeneous a2 precipitation; TEM-D"I: B;[0001J[12 and

g;(l1 i 0)(12:

c) alloy Ti·16Al·3.5Si reacted at SOO'C for 14 day; het rogeneous
and homogeneous «2 precipitation; TEM·DF1: B...(0001)a2 and

g=(1120)cx2;

d) alloy Ti-16Al-3.5Si reacted at 800' for 14 days; TiSSi3

precipitate; TEM-DFI: g=(l121)TisSi3





Figure4.3.1.B.IrothermillyHea.tTreatedSan-pes.
a) alloy Ti-16Ai reacted :It 700-c fO.r 36 day; detail of
homogeneous 0.2 predpj~fon; TEM-DFI: n.,[OOOl]o:2 and

gr(2 i 10)0.2;

b) alloy Ti-16AHSi reacted at 700·C for 36 days; detail of
hom,ogeneou n2precipitation; TEM-PFl: lJ .. [000IJa2 ilnd

g=(2110}a2;
c} aHoy Tj-16Al react d al700 'C for 36 days; detail of

homogeneous 0.2 pred pltation; TEM-DFI: B-UOiOJa2 and

g={l21O}a.2;

d) alloy Ti-16AJ-1SI rea,cteclat 700'C for 36 days; detail of

homogeneous a2 precipit<ltion; TEM-DFI: B,=[1210h:r.2 and

g={loiOal;
e) aUoy Ti-16AJ·15i, reacted at 700'C for 36 days; TisSi3

precipitate; TBM·DFl: g-(1l20)Tis5i3
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Figun'4.3.1.9. Joothemwly IeatTl'SatedSanples.
iii) alloy Ti-16AI-3.5Si reacted at 700'C for 36 days; detail of

homogeneous a1 precipitation; TEM-DF(: B",1(l210](£'2 and

S"'(lOlz}a2;
b) aHoy Ti-16A1-3.5Si reacted a.t 700·C fOJ 36 days.; heterogeneous
and homogeneous a2 precipitalion; TEM-DFl: B=[OOOl]a2 and

~21iO)ca:

c) aHoy Ti-16AI-3.5Si reacted at 700·C or 36 da.ys; Ti5Si3

precipitate; TEM-DFI; g'"'[202 UTisSi.J

Wi





F'pe43.uo.~HeatTreatedSa:IIlfh;.

a) alloy TI-22Ai reacted at 700X: for 36 days; a2 domains; TEM

DF!: g=(1210)a2;

b} alloy Ti-22A1-1Si reacted at 700'C for 36 days; sub-grilin

structure; 'TEM-BB;
c) alloy Tl-22Al-1Si reacted at 700'C Car 36 days; sub~grain

structurt'j '!EM-DFI: (10 j Ola2
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Figure:43.1.11Isot1"e.rroallyHeatTreatedSa.tl.1fUs.
a) alloy Ti-22Al-3.5Si rnaded at 700'C for 36 days; (1.2 sub--grainj

TEM-DFl: g;;(1010)u.V
bl alloy Ti-22Al-3.5Sireacbed at 700"C for 36 days; silicide

pal'tlcle; 'tEM-DFI; g...(10 io)TisSia;
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Figure 4.3.1.12. a + a2 + TiSSi3 tie-triangle versus temperature.
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Figure 4.3.1.13. Experimental isother~al at l~OO°C.



.4.3.2. _ ImdelIing of theT..rlch romerof theT..Al-Si system.
Figures 4.3.2.1.a-b sh0'rs the Ti-Al binary obtained via SSOL

(Scientific Group Thermodata Europe - SGTE database) and KP (Kaufman
database published in CALPHAD). 550L database was chosen for the
calculation of the Ti-AI-Si system. As mentioned in chapter 3, a new,
reassessment of the Ti-Si binary diagram using SSOL database had to be made
to improve the solubility of silicon in a in metastable equilibrium with
TiSSi3 ( the stable equilibria is given by a + Ti3Si at temperatures below
865°C- see figure 2.3.4.); and to maintain the self-consistency of all
information contained in the database [HII 86]. A new and more simple
phase description, which considers this phase as a line compound was used:

• previous description (TisSi3 presenting solubility range):
3 sublattices, sites: 0.375 : 0.25 : 0.375
constituents: Si,Ti : Si,Ti : Ti

• new description (TiSSi3 as a compound line):
2 sublattices, sites: 0.375 : 0.625
constituents: Si : Ti

The adoption of a simpler phase description for TisSh agrees with
general guidelines found in the literature. H.Okamoto [OKA 91] emphasises
that the simpler the thermodynamic model, the easier the examination of

the thermodynamic and physical properties associated with the system under
examination will be. M.Hillert [HIL 86] mentioned that the choice of a simple
but effective model which does not grow very co~plex for higher order
systems is an essential requirement for the formation of a general

thermodynamic data bank.
Parameters were optimised following standard procedure described

in chapter 3 and figures 4.3.2.2.a-d show respectively the Ti-Si binary obtained
via: SSOL; KPi the Ti-5i binary containing the metastable equilibrium Ti(a) +
TiSSi3 using previous SSOL database; and finally the reassessed version of Ti

TisSi3 containing the metastable equilibrium Ti(a) + TiSSi3 using SSOL. The
values of the optimised parameters and the description of the phases are

given in figures 4.3.2.3.a.-b. The results indicate that a simpler phase

description for the silicide phase produced a much better version for the Ti
TisSi3 phase diagram. Furthermore the optimisation procedure produced
very low values for the relative standard deviation of the variables (except

for variable 36) and a good value for reduced sum of squares (~ 1). Both
results indicate a successful reassessment. Although the reassessed version
provides a much better starting point for the calculation of the ternary
system concerning the soltl:~ility of 5i in (XI' it must, be kept in mind that this
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. version has been accomplished by adopting an rather simplistic phase
description for TisSi3. The sounder the physical model underlying the
mathematical model, the safer the predictions will be [HIL 86], so that this
more simple phase description will lead to some misleading predictions,

eSPecially during calculation of higher order systems~
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SYKBCL STATUS VALUE/FUNCTION
1 R 80000000 8.3145100E+00
2 RTLNP 20000000 +R*T*LN(9.B692327E-06*P)
3 GALBCC 20000000 +10083-4.813*T+GHSERAL
4 GSIBCC 20000000 +47000-22.S*T+GHSERSI
5 GHSERAL 20000000

298.14<'1'< 700.00: _7976.15+137.071542*T-24.3671976*T*LN(TI
_.001884662*T**2-8.77664E-07*T**3+74092*T**(-1)

700.00<'1'< 933.60: _11276.24+223.02695*T-38.5B44296*T*LN(T)
+.018531982*T**2-5.764227E-06*T**3+74092*T**(-1)

933.60<'1'< 2900.00: _11277.683+18B.661987*T-31.748192*T.LH(T)
-1.234264E+28*T**(-9)

6 GHSERSI 20000000
298.14<T< 1687.00: _8162.609+137.2272S9*T-22.8317533*T*LN(T)·

-.001912904*T**2-3.552E-09*T**3+176667*T**(-1)
1687.00<'1'< 3600.00: _9457.64Z+167.Z71767*T-27.196*T*LH(T)

-4.20369£+30*7**(-91
7 GHSERTI 20000000

298.14<'1'< 900.00: -8059. 921+133. 687208*'1'-23. 9933*r*LHIT)
_.004777975*'1'**2+1.06716&-07*'1'**3+72636*'1'**(-1)

900.00<'1'< 11SS.00: -7811.815+133.060068*T-23.98B7*T*LNIT)
-.0042033*T**2-9.0876£-OB*T**3+42680*T**(-1)

11SS.00<T< 1941.00: +90B.837+67.048538*T-14.9466*T*LH(TI-.00B146S*T**2
+2.02715£-07*'1'**3-1477660*'1'**1-1)

1941.00<'1'< 4000.00: -124526.786+638.878871*T-87.Z182461*T*LN(T)
+.008204849*T**2-3.04747E-07*T**3+3669980S*T**(-1)

8 GHCPAL 20000000 +S481-1.799*T+GHSERAL

BeC A2
EXCESS MOD£l. IS REDl.ICH-KUTER HUGGIANU
ADDITIONAL CONTRIBUTION FROM MAGNETIC ORDERING

Magnetic function below Curie Temperature
+1-.905299383*TAQ**1-1)-.1S3008346*TAO**3-.006S0037095*TAD**9
-.00153008346*TAO**15
Magnetic function above Curie Temperature

-.064173120a*TAO**(-SI-.00203724193*TAO**(-15)
-4.27820S0SE-04*TAO**(-25)

2 SUBLArTICES, SITES 1: 3
CONSTITUENTS: SI,TI : VA

GlBee A2,SI:VA:0)-H298(DIAHOND A4,SI;01 - +GSIBCC
GlBeC-A2,TI:VA;0)-H298(HCP AJ,TI;O) -

- 298.14<T< 1155.00: =1272.064+134.78618*T-25.576S*T*LNCT)
-6.63845E-04*T**2-2.78803E-07*T**3+7208*T**C-1)

1155.00<'1'< 1941.00: +6667.385+10S.438379*T-22.3771*T*LHCT)
+.00121707*'1'**2-8. 4534E-07*T**3-2002750*T**(-1)

1941.00<'1'< 4000.00: +26483.26-182.354471*T+19.0900905*T*LNCT)
-.02200832*T**2+1.228863E-06*T**3+1400501*T**C-1)

L(BeC AZ,SI,TI:VA;OI - +V49+V50*T
L(BCC-A2,SI,TI:VA;1) - +V47
l.CBCC:A2,SI,TI:VA;2) .- +V48

HCP AJ
EXCESS HODEL IS REDLICH-KISTER MUGGIANU
ADDITIONAL CONTRIBUTION FROM MAGNETIC ORDERING

Magnetic function below Curie Temperature
+1-.860338755*TAO**C-l)-.17449124*TAO**3-.00775516624*TAO**9
-.0017449124*TAO**15
Magnetic function above.Curie Temperature
-.0426902268*TAD**(-51~.00135S2453*TAO**C-15)

-2.S4601512E-04*TAO**(-25)
2 SUBLATTICES, SITES 1: .5

CONSTITUENTS: SI,TI : VA

G(HCP_A3,SI:VA:0)-H298 (DIAHOND_A4,SI;OI - +49200-20.8*T+GHSERSI
G(HCP AJ,TI:VA:0)-H298(HCP AJ,TI:O) -

- 298.14<'1'< 4000.00: +GHSERTI
L(HCP A3,SI,TI;VA;0) - +v36+V37*T
LCHCP-A3,SI,TI:VA;11 - +v38
L(HCP:A3,SI,TI:VA;2) - +v39

SI3TI5

EXCESS HODEL IS REDLICH-KISTER MUGGIANU
2 SUBLATTICES, SITES .375: -.625

CONSTITUENTS: SI : '1'1

G(SI3TI5,SI:TI:0)-0.375 H298(DIAMOND A4,SI;0)-0.625 H298(HCP_AJ,TI:0) 
+V34+V35*T+.375*GHSERSI+.625*GHSERTI
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Figure 4.3.2.3. Output of Thermocalc showing description of phases,
optimising variables; relative standard deviation anp reduced sum of squares

for the assessed Ti-Si system
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======================================
OUTPUT FROM PAR ROT. DATE 95. 3.29 15: 1:13
====;=====:========~========================

153

...... r
OPTIMISATION ERROR. SUM OF SQUARES FAILS TO DECREASE......

NUMBER OF ITERATION: 12

== OPTIMISING CONDITIONS==(DEFAULn

RELATIVE SATANDARD DEVIATION FOR EXPERIMEN1S: N

MINIMUM SAVE ON FILE: Y

ERROR FOR INEQUAUTIES = l.OOOOOOOOE+OO

RELATIVE STEP FOR CALCULAnON OF DERIVATNES = l.OOOOOOOOE-Q4

ARGUMENTS FOR SUBROUTINE VA05AD (HSL)

MAXFUN=...... DMAX= l.OOOOOOOOE-H>2 H= 1.00000000E-Q4

ACC= (INmAL SUM OF SQUARES) .. l.00000000E-06

==OPTIMISING VARIABLES===

VARIABLE

V34

V35

V36

V31

V38

VZfJ
V47

V48

V49

V50

VAUJE STARTVAUJE SCAllNGFACICR RFlSI'AND.DEV.

-1.64029285E+0> -1.64029285E+0> -1.64029285E+0> 6.2218Z395E-a3

7.0737~+02 7.0737~+02 7.07374Sa3E+02 22~

211SUffi2E+04 211541ffi2E+04 211541t82E+04 4.418l4741EOO
1.~+<B 1.~+03 1.%3'1aEIE+<B 1.4D74$l6E-02

1.ffi76OO17E+07 1.ffi76OO17E+07 1.<B76OO17E+07 1.6Z76243'7E-04

6.12~15E+0> 6.l2£OO15E+O> 6.~5E+O> 9.89722B4.4E-03
4.513)'i9)4E+0) 451.:oo;J4E+O> 4.513)'i9)4E+0> 53l11~4E-02

2560J2649E+O> 29:0J2649E+0> 2~E+0> 1.2I349)46E.02

-28i'869372E+0> -28i'869372E+~ -28i'869372E+0> 927718274&02

1.972(410)E+03 1.97204100E+03 1.97.2(410)E+00 3.74761173E-Q3

NUMBER OF OPTIMISING VARIABLES: 10

ALL OTHER VARIABLES FIX WITH THE VALUE ZERO

mE SUM OF THE SQUARES HAS CHANGED FROM 6.61739057E+OO TO 6.61739057E+OO

DEGREES OF FREEDOM 10. REDUCED SUM OF SQUARES 6.61739057E-Ol

Figure 4.3.2.3.b. Output of Thermocalc showing relative standard deviation
I ,

and reduced sum of squares for the assessed Ti-Si system.



Figures 4.3.2.4.a to 4.3.2.4.f. present the isothermal sections obtained
for the Ti-Al-Si using the experimental data shown <in table 4.3.1.1..

.Parameters have been optimised !ollowing standard procedure described in
chapter 3 and figures 4.3.2.5.a.-b. 'show the values of the optimised variables
and the description of the phases. The results indicate low values for the
standard deviation, except for variables 12, 13,14 and 20, which were used to
describe the hcp phase, and variable 25, used for bcc phase. Additionally most
of the variables presented an unexpectedly high value of order of magnitude.

It is not rare, however, to find thermodynamic models that involve
functions with parameters of inconceivable magnitude. Such functions
would not be appropriate if they were used for purposes other than phase
diagram modelling, as, for example kinetic calculations or prediction of
thermodynamic properties [aKA 91]. M.Hillert [HIL 86] warns that one
should be cautious when using the adjustable parameters of a particular
model for the prediction of thermodynamics properties. He explains that, for
instance, it is possible that sometimes more than one model can successfully
describe the experimental information on a certain system. This situation
would not produce any insight in the ~hysical nature of the solution.
Nevertheless he points that it is legitimate to use a purely "mathematical"

model opposed to a physical model as long as it is capable of describing the

experimental information and it can be used to predict further information
under conditions not studied directly by experiments. Concerning the ThAI
phase description, in order to consider Si solubility in this phase, the

following description was used:
2 sublattices, sites: 0.75 : 0.25
constituents: AI, Ti : AI, Ti, Si

Many combinations of binary and ternary interactions were tried to
realistically describe the a2 phfse. In the case of binary interactions extra care

had to be taken to respect the phase boundaries and phase stability of the
binary systems. For instance, few numerical restrictions had to be imposed in
the parameter G(Ti3A1,Ti:Si;0) to avoid the hypothetical compound

Ti3Si(hcp) becoming stable in the Ti-Si binary. Other parameters, such as
G(Ti3Al,AI:Si;O) were shown to have very little effect in the results and their

variables were not considered in the final optimisation procedure. The only
parameter of ternary interaction considered during the final optimisation
procedure was L(Ti3AI,Ti:AI,Si;0). AIl the other possible combinations were
shown not as effective as L(Ti3AI,Ti:AI,Si;0) in increasing the fit between

experimental and calculated values. The following features of the calculated

phase diagram have been observed:
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.1- Si has a higher solubility in a2 than in a phase (in agreement with Schob
[SCH 62] and D.J.Arrell [ARR 92] (see figures 4.3.2.4.a-e); .

2- Si decreases the solubility of AI in a in equilibrium with a2 (see figures
4.3.2.4.a-d.), so that Si addition promotes a2 precipitation by increasing the
driving force of a->a+a2. This is in agreement with experimental work (see
table 4.3.1.1. and figure 4.3.1.12.);

3- the effect of Si on the solubility of AI in a2 varies with temperature (see
figures 4.3.2.4.a-d) and this observation is not consistent with - the
experimental results (see table 4.3.1.1. and figure 4.3.1.12.), which show that Si
always decreases the solubility of Al in a2, suggesting that Si replaces AI in

the sublattice(s) of Ti3AI crystal. It is suggested that the rather simple TiSSi3
phase description, which does not include Al solubility, together with the
relative standard deviation obtained for a phase variables, are responsible for
this inconsistency in the calCulated phase diagram;

4 - Al addition decreases the solubility of Si in both a and ~ phases (see
figures 4.3.2.4.a-f). The latter agrees with the experimental results (see table
4.3.1.1. and figure 4.3.1.12.). The observed effect of Si on a phase is , however,
more complex, as shown by figures 4.3.2.4.a-b: addition of AI up to 0.02 at%AI

increases the solubility of Si in a, but higher levels of Al addition decrease
the solubility of Si in a phase. This observation suggests the existence of a
peak of solubility of Si in a at' around 0.02 at%Al. This prediction does not
agree with previous work by Crossley [CRO 58] and might have been caused
by the high values of relative standard deviation of variables used to describe
the hcp phase in both binary and ternary assessments, (see figures 4.3.2.3.a.-b.
and 4.3.2.5.a.-b.);

5- at 900°C ( and not at 1000°C), a phase presents higher Si solubility than ~

phase, indicating possible presence of a peritectoid reaction P+ TisSi3 ->a
around O.02at%Al. This preqiction, however, should be examined very
carefully, as it does not agree with the experimental results (see table 4.3.1.1.)

Such positioning is very likely to have been caused by the presence of the
peak of solubility of Si in a phase previously discussed;
6- at 1000°C the boundary a/a+a2 is shown to be discontinuous at around

O.02at%Si. Additionally, the tie-lines show that for Si<O.02at% the same
point in a phase is connected to at least two different points in a2 phase. This

observation is thermodynamically incorrect and indicates the presence of
instabilities in the calculation of a+a2 equilibria. This error might be once

more explained by the high values of standard deviation presented for hcp

phase, specially for variables 12 and 20, whose weight are enhanced by
increases in the temperature (see figures 4.3.2.5.a.b.). Other possibilities to
explain the presence of such instabilities would b~: the existence of at least



.two mathematical solutions, presenting different AI and Si site occupancies
in a2, for the equilibrium; and the use of a step size (.!\at%Si=O.OOl) smaller
than the calculated error for the so~ubility of Si in a phase (0.005);

7 - Al addition increases the solubility of Si in «2 phase (see boundaries
TisSiJ+a2/a2 in figures 4.3.2.4.a.-d. This observation is not supported by the
experimental work (see table 4.3.1.1. and figure 4.3.1.12.), and appear contrary

r
to the hypothesis that Si replaces AI sites in sublattice(s) of a2. It is suggested
that the rather simple TiSSi3 phase description, which does not include Al
solubility is responsible for this inconsistency in the calculated phase
diagram;

8 - at 1100°C Si addition promotes a peritectoid reaction: (3+a2->a, in

agreement with experimental work (see table 4.3.1.1. and figure 4.3.1.13.),
which shows the presence of f3+a2+TisSi3 and J3+a2 phase fields (see figures
4.3.1.2.a-e.);

9- at HOO°C a ~2 two phase field is present. The experimental results (see
table 4.3.1.1. and figure 4.3.1.13.), however, indicate that this phase field

extends to lower Si contents than shown in figure 4.3.2.4.e, as alloy 5C (Ti
22AI-1Si reacted at 1100°C) has been identified as a2+f3 (see table 4.3.1.1.);
10- at 1l00°C «2 phase field is very narrow (more stoichiometric), and Si
addition reduces the solubility of AI in a2;

12· at 1100·C the solubility of Si in a2 is higher than in J3 phase, indicating

the existence of a second peritectoid reaction given by (3+TisSi3->a2, in
agreement with experimental work (see table 4.3.1.1. and figure 4.3.1.13.).

Some of the experimental points, concerning the equilibria

a2+TiSSi3, had to be excluded during the thermodynamic modelling, as they
were introducing instabilities during the optimisation procedure. These
situation appears to be caused by the rather simple description used for TisSi3
phase so that during the the Qptimisation procedure there were not enough

number of variables to describe the experimental points. In order to
overcome this problem there were few options to be considered: increase the
number of parameters to describe a J3 and a2 phases; set weight zero to the
"troublesome" experimental points; and/or modify TisSi3 phase description.

The presented investigation opted for the second and simplest alternative, so

that the calculated phase diagram should not be for the equilibria a2+TiSSi3.
The thermodynamic calculation of the Ti-AI-Si system, although

presenting few misleading and/or yet~to-be-checked phase boundaries and
using a simple TiSSi3 phase description, was considered to be a useful tool. It

proposes two peritectoid reactions and gives a general description of the
ternary phase diagram wich agrees qualitatively rather well with the
experimental results (see table 4.3.1.1. and figures ~.3.1.12.and 4.3.1.13.). It is
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worth pointing out that calculations of the Ti-AI-Si phase diagram
performed using the updated COST database did not indicafe the presence of
these peritectoid reactions [SUN ~5]. Some of the isothermals do present
uncertainties, which will, however, allow a more rational way of devising
sets of critical experiments for a more accurate determination of the Ti-AI-Si
phase diagram, especially in composition and temperature ranges not

r
covered by the present investigation. It must be realised that the complete
experimental investigation of even a simple ternary system may cost several
man-years. Hence, a combination of computation and critical experiments is
crucial in the determination of ternary and higher order phase diagrams
[LUP83].

The comparison between experimental and calculated results (see
table 4.3.2.1. and figures 4.3.1.12, 4.3.1.13 and 4.3.2.4.a.-f.) shows that both

results are qualitatively equivalent. Going down to quantitative details there
are few points that should be noted and regarded in case of future
developments such as the difference ~n the solubility of Si, and in some cases
Al, in (3 phase, and the solubility of AI in 0.2 phase (see table 4.3.2.1.). Such
deviations, however, are considered normal and the result of 0.289 (see
figure 4.3.2.5.b.) for the reduced sum of squares obtained after the
optimisation procedure is below the advisable unity value.

It is interesting to notice that the apparently weak effect of Si as an
eutectoid (3 stabiliser was just enough to promote a peritectoid reaction
around 22at%AI: o.2+(3->a. Although the current investigation did not have

access to this more updated database, the suggestion of a peritectoid reaction
obtained via modelling agrees qualitatively with previous observations in
the Ti-AI system: ].P.Gros et al. [GRO 88] verified that the congruent
transformation of the Ti-cx(hcp)->Ti3AI would be substituted by a peritectoid
reaction {Ti-J}(bcc)+Ti3AI->Thcx(hcp)} if the Gibbs energy for the Ti-cx(hcp)

phase had been decreased by 170]/mole. Furthermore U.R.Kattner et al. [KAT
92] agreed that the phase relationships obtained from the calculation of the

Al-Ti phase diagram were extremely sensitive to small changes in the Gibbs

energy. The fact that small changes in Gibbs energy result in different phase

relationships may help to explain the experimental difficulties in
determining an accurate phase diagram for the Al-Ti system. For instance, at
-1100°C for 25at%AI the differen<:es in the calculated reiative Gibbs energy
for Ti3AI, Ti(a) and Ti«(3) obtained by the authors [KAT 92] were very small

and very likely to be smaller than the uncertainties usually found in
experimentally determined thermodynamic data. This might explain the
uncertainty of the existence of two peritectoid reactions: J3(Ti) + a, (Ti)->
a,2(Ti3A1) at - 1200°C and as (3(Ti) + u7(Ti3Al), -> u(Ti) at-llS0°C; as

k.

f-
'"~
~.
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. proposed by J.C.Mishurda et al. [MIS 89] (see figure 2.2.11) instead of the
congruent reaction: a (Ti)-> a2 (see figure 2.2.1.).

The solution found fo~ the present calculated ternary diagram
resembles very much the ternary Ti-Al-Nb, bearing in mind the differences
in solute solubility in a and 13 phases; and presence of eutectic/eutectoid
products. This indicates that the Ti-Al-Si system might become attractive for
the production of low-cost a2+13 alloys, with Si addition replacing Nb. There
are only two commercial l3+a2 alloys [PET 95]: alpha 2 (Ti-24Al-l1Nb) .and
SUf8" alpha 2 (Ti-25AI-10Nb-3V-IMo). For instance, low cost alpha 2 alloys
could be produced by adding lat%Si instead of l1at%Nb, with savings of
approximately 10% in weight and 2.12£/g of alloy (laboratory prices 
Aldrich). Further investigation on the mechanical properties, thermal
stability and oxidation resistance of Ti-AI-Si alJila 2 alloys should be carried
out.

It appears doubtful, however, that Si will have a similar effect to Nb
on the slip mode of Ti3Al. Nb el1:hances additional <a> component slip
systems, {lOlO},1/3<1120>a2 and (000l),1/3<1120>a2; and the necessary
<c+a/2> slip, {l121}, 1/6<1126>a2. Addition of Nb atoms, which are known
to occupy Ti lattice sites when in solution, into the a2 lattice promotes less
covalent bondings between the Ti atoms, so that the planes containing all Ti
atoms would be disrupted. With less covalent bondings the Peierls valleys
would be more shallow for dislocations lying perpendicular to formerly all
Ti planes. This would allow the activation of additional slip systems [WAR
93]. Si atoms occupy Al lattice sites and should, therefore, increase the
number of covalent bonding (Ti-Si), which would replace Ti-Al bondings.
Whether or not covalency controls dislocation slip has yet to be proven, so
that the effect of Si on the slip mode of Ti3A1 might be unexpectedly
beneficial and worth investiga;.ting.
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aIby TfO phase at%Si at%A1

Ti-l6Al-3f£i In) P 1.6±O.1 16.7±o.3
<13+Ti53iJ} ~(GIk.) 1.54 16.28

Ti-Z2Al-3.$i 1200 Ii 1.4±O.1" 23.7±o.3
(J3+Ti53ia> P(GIk.) 0.90 21.10

Ti-l6Al-3.$i 1100 J:S 1.4±o.1 17.2±O.5
(J3+Ti53iJ} P(Gllcl 1.40 15.41

Ti-22Al-lSi 1100 a2 1.2±o.1 22.9±o.2
(J}+«2) a2 (mIcl 1.25 23.47

P 0.8±o.1 20.1±o.2

P(GIk.) 0.77 18.55
Ti-Z2Al-3.$i 1100 w. 1.4±o.1 24.s±o.3
(J3+a2+TioSia> a2 (Gl1cl 1.66 23.02

P 1.2±o.1 22.1±o.2
P(Gl1c.) 1.19 17.97

Ti-l6Al-lSi / ~ a 0.9±o.3 15.2±1.2
Ti-l6Al-3.!£i a (Gl1cJ 0.79 15.69
(a+0.2+TioSi:Y a2 1.3±o.3 20.1+1.4

a2 (Gllc.) 1.46 22.34
Ti-l6Al-lSi / 8X) a 0.8±o.3 13.3±1.3
Ti-l6Al-3.$i a(calcl 0.74 14.21
(a+a2+Ti53i.3> a2 1.2±O.3 19.6±1.2

a2 (Gl1cl 1.26 21.81
Ti-l6Al-lSi / 700 a 0.7±o.4 11.9+1.4
Ti-l6Al-3.$i a «3}c) 0.68 12.89
(a+0.2+Ti53ia> a2 1.2±O.4 19.3±1.3

a2«3}c) 1.13 20.97

Tatle4.3.2I.~alversus calrulated results.
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THERMO-CALC (95.11.25:17.51) :TiAISi at 700c
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THERMO-CALC (95.11.25:18.24) :TiAISI at 1000C
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THERMO-CALC (95.11.25:18.40) :TiAISi at 1200C
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BCC A2
EXCESS MODEL IS REDLICH-KISTER MUGGIANU
ADDITIONAL CONTRIBUTION FROM MAGNETIC ORDERING

~~~;~~~9:;~~:;~~*~~~;-:~~~~0~~~:~~:;-.0068003709~*TAO**9
-.00153008346*TAO**15
Magnetic function above Curie Temperature
-. 0641731208*TAO** (-5)-.00203724193*TAO** (-15)

-4.27820805E-04*TAO**1-251
2 SUBLATTICES, SIT£S 1: 3

CONSTITUENTS: AL,SI,TI : VA

GIBCC_A2,AL:VA;01-H298IFCC_Al,AL;O) • +GALBCC
G(BCC_A2,SI:VA;0)-H298 (DIAHOND_A4,SI;01 • +GSIBCC

GIBCC A2,TI:VA:Ol-H298IHCP A3,TI;Ol •
- 298.14<'1< 1155.00: =1272.064+134.78618*T-2S.5768*T*LNIT)
-6. 63845£-04*T**2-2.78803E-07*T**3+7208*T** (-1)

1155.00<'1< 1941.00: +6667.385+10S.438379*T-22.3771*T*LNITI
+.00121707*'1**2-8.4534£-07*'1**3-2002750*'1**1_1)

1941.00<'1< 4000.00: +26483.26-182.354471*T+19.090090S*T*LN(TJ'
-.02200832*T**2+1.228863E-06*'1**3+1400501*'1**I_l1

L(BCC A2,AL,SI:VA;O) • +V27+V28*'1
L(BCC:=A2,AL,SI:VA;lI • +V29
L(BCC A2,AL,SI:VA;2) - +V24
LIBCC-A2,AL,SI,TI:VA:O) - +V25+V26*T
L(BCC~,AL,'1I:VA;OI - -128500+39*'1
LIBCC-A2,AL,TI:VA:l) - 6000
L(BCC=A2,AL,TI:VA;2) - 21200
LIBCC_A2,SI,'1I:VA:O) - +V49+V50*T
L(BCC A2,SI,TI:VA;11 - +v47
LIBCC:=A2,SI,'1I:VA;2) - +V48

SI3TIS
2 SUBLATTICES, SITES .375: .625

CONSTITUENTS: SI : TI

G($I3TI5,SI:TI;01-0.375 H298IDIAMOND_A4,SI:O)-0.625 H298(HCP_AJ,TI;O) 
+.375*GHSERSI+.625*GHSERTI+v30+V31*T

'lI3AL
EXCESS HODEL IS REDLICH-KIS'1ER_MUGGIANU
ADDITIONAL CONTRIBUTION FROM MAGNETIC ORDERING

Magnetic function below Curie Temperature
+1-.860338755*TAO**I-ll-.17449124*TAO**3-.00775516624*TAD**9
-.0017449124*TAO**IS
Magnetic function above Curie Temperature

-.0426902268*TAO** (-5)-.0013S52453*TAO** (-151
-2.84601512E-04*TAO**(-25)

2 SUBLATTICES, SITES .75: .25

CONSTITUENTS: AL,TI : AL,SI,TZ

GI'lI3AL,AL:AL:Ol-H298IFCC_Al,AL;0) - +GHCPAL
GITI3AL,TI:AL;0)-0.25 H298IFCC_Al,AL:0)-0.75 H298IHCP_A3,TI;O) _

-27520+5. 97*T+.75*GHSER'1I+.25*GHS£RAL
- GI'1I3AL,AL:SI;0)-0.75 H298(FCC_Al,AL;0)-0.2S H298IDIAMOND_A4,SZ;O) _

298.14<'1< 2000.00: +V15+V16*T+.7S*GHSERAL+.25*GHSERSI
_. GITI3AL,TI:SI;0)-0.25 H2981DIAHOND A4,SI;01-0.75 H298(HCP A3,TI;OI _

298.14<'1< 2000.00: +V17+VI8-T+.75*GHSER'1I+.25*GHSERSI
G(TI3AL,AL:'1I;0)-0.75 H298IFCC_Al,AL;01-0.25 H298(HCP_AJ,TI;O) _

-24780+8.07*T+.75*GHSERAL+.25*GHSERTI
G(TI3AL,TI:TI:0)-H298(HCP A3,TII0) • +GHSERTI
L(TI3AL,AL,TI:AL;0) - -74300+25*'1
L(TI3AL,AL,TI:AL,SI;0) - +V40+V41*T
L(TI3AL,AL,TI:AL,SI,'1I;O) - +V44+V45*T
L(TZ3AL,AL:AL,TI;0) - -24742+8.325*T
L(Tr3AL,'1'I:AL,TI;0)._ +26&4-.333*'1
LITI3AL,'1'I:AL,SI;0) - +V21+V22*T
L(TI3AL,TI:AL,SI;1) - +V23
LITI3AL,TI:AL,SI;21 - +V33
LITI3AL,AL:SI,TI;0) - +V42+V43*T
L(TI3AL,AL,TI:TI;0) - +8000-'1

Figure 4.3.2.5. Output of Thermocalc showing description of phases,
optimising variables: relative standard devlation an~ reduced sUIll of squares
for the assessed Ti-Al-Si system
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HeP AJ
EXCEss MODEL IS REDLICH-KISTER HUGGIANU
ADDI'fIONAL CONTRIBUTION FROM MAGNETIC ORDERING

Magnetic function below Curie Temperature .
+1-.86033875S*TAO**C-1l-.17.t912t*TAO**3-.0077551662t*TAO**'
-.0017••912.*TAO**15
Haqnetic function aboVe Curie Temperature
-.0426902268*TAO**(-5l-.0013552453*TAO**C~15l

-2.84601S12£-04*TAO**C-25)
2 SUBLATTlCES, SITES 1: .5

CONSTITUENTS: AL,SI,TI : VA

G(HCP A3,AL:VA;0)-H298(FCC A1,ALIOl -
- 298.14<T< 2900.00: .5481-1.8*T~HSERAL ,

GCHCP AJ,SI:VAIOl-H29810IAHOND At,SI;O) - +.9200-20.8*T~HS£RSI

GIHCP-AJ,TI:VA;0)-H298IHCP A3,TI;0) -
- 298.14<T< 4000.00: tGHS£RTI

L(Hep A3,AL,SI:VA:0) - +Vll+V12*T
L(HCP-A3,AL,SI:VAI1) - +V13
LCHCp-A3,AL,SI:VA;2) - +V1t
LIHCP-AJ,AL,SI,TI:VA;O) - +V19+V20*T
L(HCp-A3,AL,TI:VA;0) - -133500+39*T
L(HCp-A3,AL,TI:VAI1) -750
L(HCp-A3,AL,TI:VA;2) - 17500
LIHCP-AJ,SI,TI:VA;O) - +V36+V37*T
LIHCp-A3,SI,TI:VA;1) - +V38
LIHCP:A3,SI,TI:VA;2) - +v39

.._---._.--_....----_..------------------_..----------
OUTPUT FROM PAR ROT. DATE 95.11.25 18:44:34

*** OPTIMIZATION ERROR. SUM OF SQUARES FAILS TO DECREASE .**
NUMBER OF ITERATIONS: 107

-- OPTIMIZING CONDITIONS --

RELATIVE STANDARD DEVIATIONS FOR EXPERIMENTS: N
MINIMUM SAVE ON FILE: Y
£RROR FOR INEQUALITIES - 1.00000000£+00
RELATIVE STEP FOR CALCULATION OF DERIVATIVES - 1.00000000£-04

ARGUMENTS FOR SUBROUTINE VAOSAD (HSL)
MAXFUN - 100 DMAX - 1.00000000£+06 H - 1.00000000£-04
ACe - IINITIAL SUM OF SQUARES) * 1.00000000£-12

-- OPTIMIZING VARIABLES --

AVAILABLE VARIABLES ARE Vl TO V50
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VAR.
Vll
V12
V13
V14
V17
V18
va
V20
V21
V22
V24
V2S
V26
V27
V28
V29
V30
V31
v36
V37
V38
V39
v47
V48
v49
v50

VALUE
-1. 39128537E+07

2.11617164£+03
4.98473302£+06
5.84463658£+06

-1.17724686£+06
6.04864946£+02
1.09937735£+07

-2.86714489£+02
1.33434017£+05

-1.52148139£+02
1.34173666£+07

-1.51543556£+06
4.60907066£+03

-3.03877397£+06
-1. 63628413£+03
-1.25633003E+06
-1.60018242£+06

7.10077620£+02
3.29238678E+04
1.97021797£+03
1.03674539£+07
6.0151S041£+06
5.43297902£+06
3.37369190E+06

-2.25171819£+06
1. 95686743E+03

START VALUE
-1.39128537£+07

2.11617160E+03
4.98473305£+06
5.84463688£+06

-1.17724689£+06
,.04864940£+02
1. 09937722£+07

-2.86114491£+02
1.33434018£+05

-1.52148119£+02
1.31751415£+07

-1.S1S43S58E+06
4.60907061£+03

-3.03877399£+06
-1.63628410£+03
-1.21338078£+06

SCALING FACTOR
-1.39128537£+07

2.11617164£+03
4.98473302£+06
5.84463658E+06

-1.17724686£+06
6.04864946£+02
1.09937735£+07

-2.86714489£+02
1.33434017£+05

-1.52148139£+02
1.31751415£+07

-1.51543556£+06
4.60907066£+03

-3.03877397£+06
-1.63628413£+03
-1.21338078£+06

REL. S'rAND. D£V
3.34118353£-01
2.64620868£+00
1.58384605&+00
5.36830134£+00
5.22594179£-02
1.05861119£-01
4.82800781£-01
2.497527031:+01
S.70270505£-01
5.07530143£-01
4.015117981:-02
1.27871066£+00
3.00990516£-01
5.48861976£-01
5.37901170£-01
4.31361654E-02

NUMB£R OF OPTIMIZING VARIABLES 2
ALL OTHER VARIABL£S ARE FIX WITH TH£ VALUE Z£RO
THE SUM OF SQUARES HAS CHANGED FROM 1.23698502£+01 TO 1.22229743£+01
D£GREES OF FRE£DOM 53. REDUCED SUM OF SQUARES 2.895875BOE-01

Figure 4.3.2.5. continuation



4.3.3.Quaternary aIbys

Sample 2NF (Ti-14AI-fSi-1Nb - T=800°C for 14 days) shows

heterogeneous silicide precipitation at prior ala boundaries (figure 4.3.3.1.a.).

Figure 4.3.3.l.b. shows a silicide particlel which has been identified as Ti3Si by
the SADP shown in figure 4.3.3.3.c.. Table 4.3.3.1. shows BOX-analysis,
confirming the presence of Ti3Si. AdditionallYI heterogeneous a 2
precipitation at prior ala boundaries is also observed (figures 4.3.3.1.d-e.).

Sample 2ZF (Ti-14AI-1Si-1Zr - T=800°C for 14 days> shows
heterogeneous silicide precipitation at prior ala boundaries (figure 4.3.3.2.a.).

Additionally heterogeneous a2 precipitation at prior a/a boundaries and

dislocations is observed (figures 4.3.3.2.b-c.). Figure 4.3.3.1.d shows a DFI for a

silicide partic1el which has been identified as Ti3Si. Table 4.3.3.1. shows EOX
analysis confirming the presence of Ti3Si, while table 4.3.3.2. shows the

stoichiometry of the silicides found in the quaternary alloys. Note that Nb

and Zr appear to replace Til and that the stoichiometry of the silicides fits the

results of SADP, which indicate the presence of ThSi.

chemical 00
..

n

alloy 1'("0 sample phase at%Si at%Al at%Zr/Nb at%Ti

2NF gx) 1EM a 0.8±O.2 14.2±O.1 1.1±o.lNb talance

a2 1.1+0.2 22.0±0.1 1.0±o.2 Nb "

TJ,3Si 23.s±o.6 nil. 2.8±o.3 Nb "

2ZF gx) 1EM a 0.6+0.3 15.1±o.5 0.5±o.3 Zr "

a2 ,0.9+0.3 20.1±o.7 O.8±0.4 Zr "

T]JSi 26.o±2.0 nil. 24.0±1.5 Zr "

TaHe4.3.3.l.EDX-TErvf analysis for q.atemaryaDo)&

Sample 2NG (Ti-14AI-lSi-lNb - T=700°C for 36 days) shows

heterogeneous silicide precipitation at prior ala boundaries (figure 4.3.3.3.a.).

Figures 4.3.3.3.b-c shows a duplex microstructure composedofheterogeneOlls

and homogeneous a2 precipitation in an a matrix. The homogeneous

precipitates present an elongated morphology, which grew preferentially
along c axis. This results is in agreement with calculated misfit values shown

in table 4.3.3.31 whic shows that misfit along c axis is lower than along a axis.
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. Additionally, heterogeneous precipitation of rod-like silicide identified as
Ti3Si along previous ala boundaries was observed (figure 4:3.3.3.d.).

:

aIloy lfO siOCide ratio -at% rr1+Nbt=1z)
at%(SitAD

Ti-14Al-1Si-1Nb 8X) TJ3Si 3.3±0...1

Ti-14AI-1Si-1Zr fro TJ3Si 29±0.3

Talie4.3.3.2 Siliddes stoichiorretI)r.

Sample 2ZG (Ti-14AI-ISi-lZr - T=700·C for 36 days) shows
heterogeneous silicide precipitation at prior a/a boundaries (figure 4.3.3.4.a.)
and heterogeneous silicide precipitation inside prior a plates (figure
4.3"3.4.b.). Figures 4.3.3.4.c shows a duplex microstructure composed of
heterogeneous and homogeneous a2 precipitation in an ex matrix. The
homogeneous precipitates present an elongated morphology, which grew
preferentially along c axis. This results is in agreement with calculated misfit
values shown in table 4.3.3.3, whic shows that misfit along c axis is lower
than along a axis. Additionally, the silicide precipitate has been identified as
Ti3Si (figure 4.3.3.4.d.).

Sample 5NE (Ti-20AI-lSi-lNb - T=900·C for 8 days), figure 4.3.3.5.a

b. shows an a2 microstructure developed from prior colony of parallel a
plates. Presence of a2 subgrains suggest that the previous microstructure
controls the morphology of the a2. Neither a2 APD's nor silicides were
found in this samples. Sample 5ZE (Ti-20Al-1Si-lZr - T=900·C for 8 days),

figures 4.3.3.5.c-d. show a2 subgrains and additional presence of APDts,
indicating a duplex a+a2 microstructure. No sUicides were found in this
sample.

Sample 5ZF (Ti-20Al-lSi-1Zr - T=80Q·C for 14 days, ), figure 4.3.3.6.a.

shows a2 domains, developed from a previous massive a grain. No sUicides
were found in this sample. Figure 4.3.3.6.b-c (sample 5NG - Ti-20Al-lSi-lNb 

T=700·C for 36 days, ) shows small a2 subgrains developed inside a prior a

plate. No silicides were found in this sample. Sample 5ZG (Ti-20AI-1Si-lZr 
T=700·C for 36 days) figure 4.3.3.6.d. shows a2 domains developed from
previous a plates. Figure 4.3.3.6.e shows heterogeneous silicide precipitation
along previous ala boundaries. These silicides, however, have not been
identified.
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T Ti(a)
0 0

alloy ro a (A) c (A)
,

Ti-14AI-1Si-lZr ~ 2.920 4.670

" 8X) 2.923 4.673

.. 700 2.926 4.666

Ti-14AI-lSi-lNb ~ 2.921 4.667

" 8X) 2.920 4.664

" 700 2.923 4.660

TiJAl misfitaJa2 (%)

0 0

aloy a (A) c (A) <a> <c>

Ti-14AI-1Si-lZr ~ - - - -
" 8XJ 5.809 4.664 1.1 0.13

.. 700 5.812 4.664 1.4 0.04

Ti-14Al-1Si-lNb ~ - - - -
II 8X) 5.802 4.655 1.3 0.19

It 700 5.797 4.654 1.7 0.13

TaHe4.3.3.3. Calculated lattire prrarrel:ers for a anda2 andmisfit002.
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!

Figure4.3.3.1. IootrermallyHeatTreatedQuaternaryAlloys
CB...14Al-1Si-lNb-T=800'L for 14days)

a) heterogeneous silicide precipitation (dark phase) at prior ala

boundaries; SEM/BEI;
b) rod-shaped silicide particle; TEM-BFI;
c) SADP (after unknown tilt) identifying silicide as Ti3Si;
BTi3Si =[010]; (SADP given below).

..
.. .

• • • 40'ft • • •
• • • • •• 1'--· /tJfIAJ. • • • • •

• • tfl'VIIiII • • •. . . . . . .. . . ~). . .. .. .... .. . ... . . . . ... .. . .. .. .. . . .. ....
..

d} heterogeneous a2 predpitaqon at prior ala boundaries;
TEM-BFI;

e) heterogeneous 0.2 precipitation at prior ala boundaries TEM

DFI; g=(11 20>ca
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Figum4.3.3.2kltlelmllyHeatTreatedQuatemary.AIIo}s
(I'l-l4Al-lSi-lZr-T=aDt: for14days)

11) neterogeneow; silicide precipitation (bright phase" at prior ala.
boundaries; SEM/SEli
b) hl!'lerogeneou5 0.2 precipi talion at prior aJ(t bOWldaries;

TEM-BFI;

d heterogeneous a2 precipitallon at prior a.Ja boundaries TEM

OF!; g=(1120h;

d) Ti35i particle; THM~DFI; SADP; gs(101)Ti3Si and Bii3Si;; (121);

(SADP given below)

•
+,

+

•
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Figtn"e4.3.3.3. JootrenrallyHeatTrealJrlQuaternaryftJloys
(IH4Al-lSi-lNb-T-700'C for 36 da}5)

a) heterogeneous siJicide precipit'aUQn (dark phase) at prior ala

boundaries; SEM/BEI;

b) homogeneous and heterogeneous ct.2 precipitation, !:he latter
at prior ala boundaries:; TEM-DFI, g=(l210)ca;

c) ddail of homogeneous a2precipHation;

TE.M·DFl; B=(1210]a.2andg=(lOlt~

d) Ti3Si particle; TEM.DFI; SADP: g;(331)'l13S1 and BTi3Si=(21al;
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Figure433.4. rsctl1EmT:illyHwtTreatedQuatunaryAl<¥>
cn-14.A-151-1:;it -T=7W'C fer 36 lily.;)

al heterogeneous silicide prodpltatlon (bright) at prior (J./(J.

boundaries; -SEMfSEI;

b) silicide precipitation; TBM BF~

c) detail of (J.2 precipitation: homo8en~ousand hetc~rogeneous,

the laUer at the right: TEM-OFI; 8=11010102 and 8-(1210102

d) Ti3Si partide; TE -01'1; SAOI': 8=(2 i01Tl3Sl and BTi3Si=!1211;

, 0
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Figure4.3.35. kvl:henmllyHeatTreatedQuaternaryADo}5
a) sample 5NE (Ti-20Al-1Si-1Nb- T=900'C for 8 days) showsa2

miaostruct.ure developed f.mm prior colony of parallel a plates;

TEM-BFI;

b) sample sm (Ti.20AI-15i-1Nb - T..900"<: for 8 days) - presence

of a2 subgrains sngg-est !hat the previous micros rruct.uce controls

!:he morpbology of Ute a2; TEM-DFI; g={1120)a2;

c:) sample 5ZH O'i-20Al-1Si-1Zr - T=900"C for 8 days) sh.ows «2

9ubgrains; TEM-BFI;

d) sample sZE (Ti-20Al-1Si-tZr • T-900'C for 8 days) shows

additional presence of APD's,indkating a duplex a+n2
microstructun; rEM-OF!, goo(10 i l)a2,



._-
,



F.igure 4.3.3.6. IootheunallyHeatTrea.tedQuatemaryAlloys
.a) sample 5ZF (Tl-20Al-lSi-lZr • T=800'C fot 14 days, ) shows «2

doma.ins, developed from a previous massive a grain; TEM-DF"

g.=(1120)f;l2i

b) sample SNG (Ti.20Al-lSi-1Nb - T=700'C for 36 da.ys) shows

small a2 subgrains developed insjde a prior a plate; TEM=BFl;
c) sample 5NG (Ti'20Al-1Si-lNb - T-700'C ror 36 da.ys) shows

small a2 subgralns developed insi(le: a prior a pla~; TEM-OFl,
~lOjl>ax

d) sample 5ZGCTi-20Al-1Si-lZr - T=700'C for 36 days) shows «2

domOlin developed from previolls a plates: TEM-DFl,

8-(1011)((2;

e) sample 5ZG (Ti·;WA}-lSi·lZr - T;;;700"C for 36 days) shows

heterogeneous sllidde precipitation (dark phase) along previous

ala. boundaries.
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4.3.4. Discussion

• a2 precipitation

The results from the mathematical modelling indicate that Si
addition increases the driving force of the reaction: a->ex+ex2 (see figures
4.3.4.4.a.-d.), so it could be expected that Si wo'uld promote a more
homogeneous precipitation of 0.2. Figure 2.5.2.1. shows how ageing
temperature and chemical composition affect the nucleation behaviour of 0.2
phase in Ti-Al system. Both parameters define the driving force available for
the 0.2 nucleation, and higher temperature and lower Al content values
promote heterogeneous nucleation. The present results for ternary alloys,
however, suggest otherwise. Si addition promotes heterogeneous formation
of 0.2 (see figures 4.3.1.4.e.,4.3.1.5.a-c., 4.3.1.6.b-c., 4.3.1.7.c. and 4.3.1.9.b.), where
prior al ex boundaries and sub-boundaries were shown to be preferential
nucleation sites. Concerning the homogeneous nucleation of a2 precipitates,
the ternary alloys, despite presenting higher driving force for a->a+a2

reaction, presented much larger precipitates.
The results showed that Si addition increased the ala2 misfit. Table

4.3.1.3. shows that Ti-AI-Si alloy presents the highest values of ala2 misfit
values along both <a> and <c> directions. This increase in the interfacial
ala2 energy would alter the nucleation conditions by increasing ~G"a->a+a.2

and, therefore, promoting the heterogeneous nucleation of a2 precipitates.
Additionally, it has been shown that Si addition increases the area of ala

interfaces, so that Si addition would also promote an increase in the area of
preferential nucleation sites, which would, therefore, enhance the
heterogeneous character of a2 nucleation.

Quaternary alloys ,Iso presented heterogeneous nucleation
behaviour. These alloys, however, present lower Al content, which would
decrease the driving force for 0.2 precipitation and promote heterogeneous
nucleation of a2. Nb addition does not appear to partition preferentially
between a and 0.2, while Zr seems to partition preferentially into 0.2,

reducing AI solubility in 0.2. This result agrees with previous investigation
that Zr stabilisers a2 phase [SCA 84]

Additionally, both ternary and quaternary alloys presented in the as
quenched condition a much larger quantity of preferential nucleation sites
such as dislocations and ala boundaries and sub-boundaries. This increase in
the amount of nucleation sites should accentuate the proportion of
heterogeneous 0.2 precipitates.

The presence of the brittle 0.2 phase, which presents an insufficient
I ,

number of independent slip systems to relieve the strain, at the grain
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boundaries may lead to the earlier formation of microcracks at the adjoining
grain. In this sense, a hypothetical microstructure presenting ductile f3 phase
precipitated along prior ala. boundaries and sub-boundaries would allow the
duplex (0.+0.2) matrix to be deforn\ed to a greater extent before the formation
of these microcracks. For the production of this hypothetical ~+(a.+a2)

microstructure the following heat treatment procedure is suggested:
!

• isothermal heat treatment, following homogenisation heat treatment,
between T~/a+p-20·C (to avoid formation of a GB allotriomorph [FUR 90])
and Ta+pla would .produce a lamellar microstructure composed of a+~.

The temperature of such isothermal heat-treatment would control the

proportion of a and ~ phases, assuring continuity of ductile ~ phase along
ala plate boundaries;

• second isothermal heat treatment inside a+a2+~ phase field would
promote the precipitation of 0.2, whose size and particle distribution
would be controlled by the temperature. Further investigation, however,
on the effect of the heat treatment parameters on the thermal stability of
retained ~ phase during the second isothermal heat treatment would be
required, and the ideal alloy would preferentially present a ternary a+a.2+~

phase field around 14at%Al.
Ti-14AI-lSi-lNb alloy, which presented ~ phase along ala

boundaries in the as-quenched condition, did not present any presence of
retained ~ after heat treatment between 700 and 900·C, suggesting that Nb

addition higher than lat% should be necessary to stabilise f3 phase during

isothermal heat treatment inside a.+0:2+~ phase field.
Concerning the homogeneously nucleated 0.2 particles, ternary and

quaternary additions did not change the preferential growth along <c>. This
observation agrees with the ca,~culated misfit values shown in tables 4.3.1.3.
and 4.3.3.3.

The alloys with higher Al content presented either a.2 domains, in

the case of a prior microstructure of large massive grains, or 0.2 sub-grains. In

this sense, the results have shown that the prior microstructure controls the
presence of sub boundaries in 0:2 alloys. These sub-boundaries, thought to be
the ala plate sub-boundaries present in the as-quenched microstructure, do

not just disappear after nucleation and growth of 0.2 phase and might play an
important role on the deformation behaviour of 0:2 phase.

Comparing the two quaternary alloys with 20at%Al and heat treated
at 900·C, the results may suggest that Nb addition is a stronger 0.2 stabiliser
than Zr (see table 4.3.4.2). Oxygen content (~ee table ,3.3.1.), however, is also an
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. a2 stabiliser [ARD 95], and these alloys present a large difference in this
interstitial content (Ti-20AI-lSi-lNb- 21500 versus Ti-20AI-1Si-1Zr- 12000 ),
so that no conclusion can be made.

~icide precipitation

Tables 4.3.1.2. and 4.3.3.2. present a summary of the results of EDX
. t

analysis obtained for the silicide phase in the ternary and quaternary alloys
investigated. The results for ternary alloys confirm previous result for as
quenched alloys:

• addition of Al increases the solubility of Al and decreases the solubility
of Si in the silicide, in agreement with previous work [ZHA 91], suggesting
that AI replaces Si in the sublattice(s) of TiSSi3.
• addition of AI increases the ratio Ti/(AI+Si) of the silicide suggesting a
possible change in the stoichiometry of the silicide.

Such observations were discussed previously, using the fact that AI

presents a bigger atomic radius (table 4.2.1.2.); is less electronegative than Si
(table 4.2.1.2.) and presents less electrons (+3) in the valence shell than Si (+4)

[VAN 70], so that Al might have altered the site occupancy of Ti, Si and
vacancies in the different sublattices of the TisSi3 crystal; decreasing the
number of covalent (n-si); and increasing the number of metallic-type
bondings (n-AI) in the silicide crystal.

Additionally, it is observed (see table 4.3.3.2.) that the temperature of
isothermal heat treatment also affects the solubility of Al in the silicide and,
therefore, the ratio Ti/(AI+Si) of the silicide. Decreasing the temperature
decreases the solubility of AI and increases the ratio Ti/(Al+Si).

Nb and Zr both promoted the formation of Ti3Si, with no apparent
solubility of Al (see table 4.3.3.2.), although the possible mechanism is still
unknown. Pajunen et al.[P4-J 89] mentioned, however, that impurity
contamination has a marked effect on the stability of Ti3Si. They observed
that a diffusion couple made of commercial purity Ti presented Ti3Si
precipitates after annealing at 1100·C for 32 hours, while the one made of
high purity Ti did not present Ti3Si precipitates after 100 hours at the same
temperature. They suggest that oxygen may have promoted this
precipitation. A calculated version of the Ti-Si-O system obtained via
Thermocalc (figure 4.3.4.1.)~ hO\y~y'e.r, shows that oxygen inhibits Ti3Si
formation. The present investigation did not establish a possible explanation,
and it is suggested that a complete chemical analysis of interstitial elements
and other possible contaminants should be carried out in the ternary and
quaternary alloys investigated. Another approach would be that Nb and Zr
catalyse themselves the precipitation of Ti3~i.
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Zr addition promoted a less heterogeneous silicide precipitation.
- Chemical analysis (see table 4.3.3.1.) show that solubility of Si in a anda2 is
lower in Ti-AI-Si-Zr than T.i-Al-Si-Nb, suggesting _ that a higher
supersaturation in Si in the former alloy is- promoting such silicide

-distribution.

f
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5.Condumm and suggestbns lor further work

5.LCondusiom

177

f
e as-cast samples

The angle between secondary and primary branches of the dendrites
is very close to 90·, suggesting that the primary phase for temaryalloys
containing between 1~-22at%AI and 0-3.5at%Si is ~(bcc).

XRD identified the interdendritic silicide as TisSi3, indicating the
existence of an eutectic reaction given by (L -> ~ + TisSi3) between 16
22at%AI for alloys containing 3.Sat%Si.

The addition of AI slightly increased the lattice parameters of TisSi3. '
Al addition promoted coarser eutectic microstructure caused by a

possible increase of the eutectic temperature with the increase in Al content
from 16 to 22at%.

eas-quenched samples: allotropic transformation

Assuming a constant cooling rate and disregarding possible
variations in the interstitial contents, it has been shown how, variables such
as T~/~+U, To, T~+a/a, Ms temperature, which can be obtained through
thermodynamic modelling of phase diagrams, and solute diffusivity control
the morphology of a phase formed by the allotropic reaction ~->a.

The addition of AI promoted the massive-type transformation. This

addition increased the TO, TP/P+U, Tp+ala and Ms temperatures and these
effects, especially on Tp+ala explain the favouring of massive products.

Si, Zr and Nb inhibited the massive--type transformation, especially
in the alloys with lower Al content. All these alloying elements decreased
T~ala and inhibited the formation of massive products.

Si is seen to be the weakest massive-type transformation inhibitor,
and its addition was shown to decrease the massive grain size and increase
the irregularity of the interface, producing a massive product typically
formed ·at· .higber ..unde.rcoolings.-This-addition-promoted.a.mucbmore '
faceted and acicular massive product interface, suggesting that at higher
undercoolings the orientation relationship plays an important role on the

growth of massive product. '";;,

Zr was very effective on inhibiting the forma~?~.~§f,~i.&~ss~~~
-product, especially iJ:l!h~.Ti,:,14Al-1Si-1Zr·aUoy,anqP(OII\qtirig~:Jh~

.. ~. '-'.~." -~.":"-' .-.-._. -_ _ -..-.- __ _--......; ~.....,
. .>!- ~.~~::-i.~:::

...';.~., 'c':



. of martensitic microstructures. This result shows clearly' the effect of the low
.diffusivity of Zr on inhibiting the diffusional formation 01 a typical massive

product. .

Nb addition drastically widened (TPI~Q -Tfi+alal. This effect indicates
that the decomposition of Pinside the two phase field would be promoted.
The experimental work confirmed the solute partitioning and the presence'

. f

of stabilised p, although no conclusive evidence concerning the mechanism
of reaction could be established.

The present investigation observed for the massive products a few
interesting morphological features such as the presence of: anisotropic
growth; ledges of growth, "acicular" massive grains, dislocations, and

transitional massive/primary plate morphologies. The latter feature
(observed in some of the Ti-Al-Si-X alloys with higher AI content) indicates a
very blurred transition between massive and primary a plates. It is suggested,
therefore, that the transition between short-range diffusional and shear
mechanisms is diffuse and might account for the transitional
massive/primary plates morphologies observed. The model proposed by
Aaronson and co-workers for the massive transformation was shown to be

very useful to explain the formation of the transitional morphologies

observed in the present investigation.
Concerning the roles of diffusion and shear on the formation of

colonies of parallel a plates, the experimental results show that the colonies
of parallel plates exhibited: moderate dislocation density; presence of low
angle ala plate boundaries; presence of internal aligned subunits containing
small angle sub-boundaries; and, in Ti-AI-Si-Nb alloys, presence of retained P
(with solute partitioning) along ala parallel plates boundaries.

The presence of subunits has been described in the literature as an
example of sympathetic nUQleation, but the results suggest that these
subunits are supersaturated in solute, indicating either initial formation of
subunits by shear or partitioning of solute under paraequilibrium conditions

during sympathetic nucleation.
The presence of retained Pand. solute partitioning could not be used

to identify the operative mechanism for the formation of parallel plates.
. Solute partitioning might be occurring after nucleation by shear. Also

inconclusiYe.Js.the.. facLthaJ: .thELe2CtraPQlat~d_~~Y~LQLM~J~u·.Ti: lQAl.:lSi::JNb
lies below TQ+p/a, suggesting that solute partitioning after nucleation by shear

is not thermodynamically feasible for this alloy.
The presence of ledges of growth appeared to be the only evidence

of diffusional growth of the colonies of parallel plates in quenched Ti-22AI-Si

...... _'-_ . alloys. This evidence, however, does not r~futethe!initial formation of the a
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plate by shear and a change of mechanism during growth. Like the transition
massive->· martensite, the transition martensite->colony bf parallel plates
appears to be diffuse. The high ato.mic diHusivity around Ms observed for Ti-
AI alloys is likely to, at least, alter locally the thermodynamic conditions for
further nucleation and growth of the a' phase via ·shear. In this sense it is

. suggested that a nucleus formed initially by shear may grow by a diffusion
. . , .

controlled mechanism, such as growth by ledges.

• as-quenched samples: APDs formation

The addition of 3.5 at% Si promoted the formation of a2 APDs in

as-quenched alloys. The ternary sample Ti-22Al-3.5Si exhibited formation of
columnar domains. In the present work, the elongated a2 domains where- -observed to grow along different directions such as <1120>a2, <1010>a2 and

<213 1>a2 .. It is suggested that these elongated domains were

heterogeneously nucleated at certain low-angle ala boundaries, where by
balance of interfacial energy an anisotropic nucleation and growth of a2
APDs can be expected.

Quaternary additions of Zr and Nb inhibited the growth of APD's as
these elements diffuse more slowly than Tior AI.

• isothermally heat treated samples

The growth of a2 particles along the c axis produces a misfit around

0.3% while the misfit for growth along a axis would be around 2%. This
preferential growth along [0001] minimises the strain energy between a and

a2, and produces extremely elongated a2 precipitates.
Heterogeneously nudeated a2 particles do not present a typical

elongated morphology, stressing that the minimisation of strain energy. is
not a crucial process during the growth of heterogeneous precipitates.

These a2 particles in binary Ti-Al alloys are much smaller than the

ones present in the ternary alloy indicating that Si addition alters the
conditions of nucleation and growth of a2 particles.

The morphology of the a2 particles in the binary alloy was less

elongated than_~the._t~rn.aly..-.9ne,.s.y.gg~~Qngfu!!t~.i.~<:ic:li~():t\.pr():motesmore
elongated particles. This ob~ervation is in agreement with the calculated
misfit values, which showed that Si Ciddition increases the misfit along a axis
and decreases it along c axis. .

Both ternary and quaternary alloys presented in the as-quenched

condition a much larger qu.t!~.tity of preferential, nucleationsit~~ such as
. . "'--.' .._-------_._--~._~-_._-~. __._ .. -_ .. ~.- ' -- ~~_._ ' - .. _.._ ~ , ".- - ...•- " .._.;...~_..~...:.... .



. dislocations and a/a boundaries and sub-boundaries. This increase in the
amount of nucleation sites should accentuate the proportion of
heterogeneous a2 precipitates, s~owing the role of the prior microstructure
on the morphology of a+a2 microstructures.

The alloys with higher Al content presented either a2 domairts, in
case of large massive grains prior microstructure, or a2 sub-grains. In this,
sense, the results have shown that the prior microstructure also controls the
presence of sub boundaries in a.2 alloys.

Comparing the two quaternary alloys with 20at%Al and heat treated
at 900·C, the results may suggest that Nb addition is a stronger a2 stabiliser
than Zr. Oxygen, however, is also an a2 stabiliser, and these alloys present a
large difference in this interstitial content (Ti-20Al-lSi-lNb alloy presented
2150ppm 0 versus 1200ppm 0 for Ti-20AI-lSi-lZr alloy), so that the a2

stabiliser effect might be due to larger amount of oxygen in the former alloy.
Nb and Zr additions both promoted the formation of Ti3Si in Ti

14Al-lSi-IX alloys. The present investigation did not establish possible
mechanisms to explain this formation.

Zr addition prom~ted a less heterogeneous silicide precipitation.
EDX analyses show that solubility of Si in a and a2 is lower in Ti-Al-Si-Zr
than Ti-AI-Si-Nb alloy, suggesting that a higher Si supersaturation in the
former alloy is promoting a more homogeneous silicide distribution.

• experimental ternary phase diagram

Between 700 and 900·C, tie triangles containing a+a2+TisSi3
showed that the variation in Sicontent in both a and a2 phases with the
heat treatment temperature is very small and presents a large relative error
related to this measurement./The variation in Al content, especially in ex
phase, with heat treatment temperature is well defined and shows that both
phases present less AI in solution than shown in the binary phase diagram,
suggesting that Si reduces the solubility of Al in both phases.

Concerning TiSSi3 analysis, some solid solution of Al is observed.
The results confirm and, complement previous observation of as-quenched
alloys:

• AladditiQIlPJ:'QmQleQ.J~_$.$~jQ~.s.pJ:'ea4an..c:i ~Q.C1r~erpJ;e~~p~.tation of
silicide along aJa boundaries.
• addition of Al decreases the solubility of Si in the silicide suggesting that
AI replaces Si in the sublattice(s) of TiSSi3 crystal; and that AI increases the
activity coefficient of Si in TiSSi3. At higher AI contents, Al replaces more
Si in the silicide.
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• addition of AI increases the ratio Ti!(AI+Si) of the silicide from 1.64±O.14.
to 2.02±O.32, suggesting a possible change in the stoichiometry of this
phase.
• decreasing the temperature of isothermal heat treatment decreases the_
solubility of AI and increases the ratio Ti!(AI+Si).

The results for the equilibria (~+TiSSi3) shows that increasing Al
content reduces the solubility of Si in ~ phase, so that Al increases· the 
activity coefficient of Si in ~. The equilibrium (a+TisSiJ) at IOOO·C suggests
that AI addition increases either the eutectoid(Il->a+TisSi3) or the
peritectoid (~+TisSiJ->a) temperature.

The present results does not indicate the possible existence of the
peritectoid reaction given by (I}+TisSi3->a). For the alloy Ti-16AI-3.5Si the
equilibria J}+TisSiJ at 1100"(: and a+TisSi3 at lOOO·C show that the solubility
of Si is higher in I} than in a phase, indicating, therefore, the existence of an
eutectoid (I}->a+TisSi3) reaction instead.

The EDX-analyses of the three phase (~+a2+Ti5Si3 at 1100·C) and
two phase (Il+TisSi3 at 1200·C) fields indicate the existence of a peritectoid
reaction given by (1}+TisSi3->(2), as the solubility of Si in a2 is higher than J}

phase.
The existence of a two phase field (J3+a2) at 1l00·C in the ternary

alloy along with the phase relationships shown in the Ti-Al phase diagram
at 1100·C (which shows the presence of (~), (fita), (a), (a+a2) and (a2) phase
fields with increasing AI content), suggest the existence of a three phase field.
This phase field is identified as (ll+a+a2) and might exist for AI content
around 22at% and Si content between 0 and 1at%. Its presence indicates the
existence of a second peritectoid reaction in the ternary Ti-Al-Si given by
(J}+a2->a).

• calculated ternary phase diagram

The assessed ternary diagram indicates that:

• Si has a higher solubility in a2 than in a phase;
• -Si decreasesthesolubility-of-Al-in-aand~a2--phases;
• the rather simple TisSi3 phase description, which does not include Al
solid solubility, is responsible for some inconsistencies found in the

calculated phase diagram;
• AI addition decreases the solubility of Si in both a and J3 phases;

,
. ~. . _. _... ,.- ... ," .. - .- ,.. -
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• Si addition promotes a peritectoid reaction at 1100·C: <p+a2->a.), in
agreement with experimental work, which shows' the presence of

Ji+a.2+TisSi3 and J}+a2 phase fie.lds;
• the solubility of Si in a2 is higher than in p phase, indicating the
existence of a second peritectoid reaction given by <1}+TisSi3->(2), in
agreement with experimental work.

f

The comparison between experimental and calculated· results snows
that both results are qualitatively in good agreement. Quantitatively there
are a few points that should be noted and regarded in case of future
reassessment of the ternary system, such as the difference in the solUbility of
Si, and in some cases Al, in P phase; and the solubility of AI in a2 phase.
Such deviations, however, have been considered to be normal and the result
of 0.289 for the reduced sum of squares obtained after the optimisation
procedure is far below the advisable unity value.

The apparently weak effect of Si as an eutectoid p stabiliser was
enough to promote theperitectoid reaction, given by. a2+p->a, around
22at%Al. The suggestion of this peritectoid reaction agrees qualitatively with
previous observations in the Ti-Al system concerning the relative stability of
ex, a2 and p phase.

The solution found for the present calculated ternary diagram
resembles very much the ternary Ti-Al-Nb, bearing in mind the differences
in solute solubility in a. and I} phases; and in the presence of
eutectic/eutectoid products. This similarity indicates that the Ti-Al-Si system
might become attractive for the production of low-cost a2+13 alloys, with Si
addition replacing Nb. For instance, low cost alpha 2 alloys could be produced
by adding 1at%Si instead of 1lat%Nb' with savings of approximately 10% in
weight and £2.121g of alloy.

The thermodynamic calculation of the Ti-AI-Si phase diagram was
considered to be a useful tool. It proposed two peritectoid reactions and
.produced a general description of the Ti-rich corner of the Ti-Al-Si system~

Some of the isothermais do present uncertainties, whichwill,however,

a~l~w: .Cl ~~~r:~.r~~Qll~J: :way ~C!(~~y'~~~!,:g.~_e_~~_~t~!!~~_~.~~P~!i.!Il~~~s.~orCl ..future
and more accurate determination of the Ti-Al-Si phase diagram.
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.5.2.. Suggestbm£orFurtherWork

The effect of Nb on TJ}/a+l3; Ta+I3/a; and Ms in Ti-Al-Si-Nb alloys,

so that the exact positioning of Ms in relation to the ,two phase field can be
determined. If Ms<Ta+l3/a, the presence of retained 13 presenting solute

partitioning defines the mechanism of formation of colonies of paraliel a
plates in Ti-l4AI-lSi-INb as diffusional.

The mechanism of formation of sub-units in Ti-20Al-Si-X (X=Nb
and Zr). Isothermal heat-treatments between TJ}la+J} and Ms following

homogenisation heat treatment in single J} field. might produce useful'
insights on the mechanism of formation of sub-units. The system Ti-20AI
lSi-Nb is suggested for this study. This study might as well produce useful.
insights on the transition diffusional->shear.

There is room for optimising the assessed Ti-Al-Si phase diagram..
The calculated version allow a more rational way of devising sets of critical
experiments for a more accurate determination of the Ti-Al-Si phase
diagram, especially in composition and temperature ranges not covered by
the present investigation. A more realistic description of TisSi3 phase
considering solubility range and solid solubility of AI would also provide a
better basis for the calculation of the ternary diagram. Additionally, it is
suggested that this optimisation should be carried on using a more updated
database (COST).

The presence' of the brittle a2 phase, which presents an insufficient
number of independent slip systems to relieve the strain, at the grain
boundaries may lead to the earlier formation of microcracks at the adjoining
grain. In this sense, a hypothetical microstrUcture presenting ductile 13 phase
precipitated alongpr-ior-Qla-.boundaries-:and-sub--boundaries-would.. allow.the
duplex (a+a2) matrix to be deformed to a greater extent before the formation
of these microcracks. For the production of this hypothetical J3+(a+a2)
microstructure the quaternary Ti-AI-Nb-Si system should be established.

.
, ".._-_ __.- _ _.._ __ .._..
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The solution found for the present calculated ternary diagram·

resembles very much the ternary Ti-AI-Nb. This indicates that the Ti-Al-Si
system might become attractive f~r the production of low-cost a2+p alloys, .. ..

with Sf addition replacing Nb. Further investigation on the mechanical
properties, thermal stability and oxidation resistance of Ti-Al-Si alJila2 alloys
should, therefore, be carried out. ,

The effect of AI on the stoichiometry of TisSi3 has been discussed
very briefly using the fact that Al presents a bigger atomic radius; is less
electronegative than Si and presents less electrons (+3) in the valence shell
than Si (+4), so that AI might have altered the site occupancy of Ti, Si and
vacancies in the different sublattices of the TiSSi3 crystal; decreasing the
number of covalent (n-si); and increasing the number of metallic-type
bondings (n-Al) in the. silicide crystal. A more detailed model, however,
should be used to account for all this variables in the balance of forces
between atoms present in the D88 crystal.

Nb and Zr both promoted the formation of Ti3Si. The present
investigation did not establish any possible mechanism to explain this
behaviour. It is suggested that a complete chemical analysis of interstitial
elements and other possible contaminants should be carried out in the
ternary and quaternary alloys investigated in order to determine a possible
relationship between impurities and type of silicide. It would be also
interesting to establish whether TisSi3 is the stable silicide phase in the Ti-Al
Si system.
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