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There remains a significant challenge in adapting alloys for metal-based additive manufacturing
(AM). Adjusting alloy composition to suit the process, particularly under regimes close to
industrial practice, is therefore a potential solution. With the aim of designing new Ti-based
alloys of superior mechanical properties for use in laser powder-bed fusion, this research
investigates the influence of Fe on the microstructural development of Ti-6Al-4V. The operating
mechanisms that govern the relationship between the alloy composition (and Fe in particular)
and the grain size are explored using EBSD, TEM, and in situ high-energy synchrotron X-ray
diffraction. It was found that Fe additions up to 3 wt pct lead to a progressive refinement of the
microstructure. By exploiting the cooling rates of AM and suitable amount of Fe additions, it
was possible to obtain microstructures that can be optimized by heat treatment without obvious
precipitation of detrimental brittle phases. The resulting microstructure consists of a desirable
and well-studied fully laminar a + b structure in refined prior-b grains.
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I. INTRODUCTION

LASER powder-bed fusion (L-PBF) of structural
alloys is beginning to find widespread use in a variety of
applications thanks to the ability to produce net-shaped
components with unparalleled design freedom. To
sustain the development of this emerging manufacturing
technology, a number of studies have investigated how
the unique microstructure imposed by L-PBF affects the
macroscale mechanical properties of important engi-
neering alloys, in particular those based on titanium
such as Ti-6Al-4V.

The microstructure of Ti-6Al-4V after L-PBF exhibits
complex features that span across several length scales
(from the nm to mm scale), the morphology, and

arrangement of which are influenced by the printing
process, such as the laser power, scanning speed, the
spacing between raster paths (also known as hatch
spacing), position within the part, the scan strategy, and
the environmental conditions (temperature and oxygen
concentration). Typically, a hierarchical structure made
up of fine martensitic a¢ phase (including primary,
secondary, tertiary, and quartic martensite plates)
within columnar prior-b grains dominates the
microstructure of Ti-6Al-4V in the as-built L-PBF
condition.[1] While the metastable a¢ phase can be
readily decomposed into a more ductile a + b
microstructure by standard post-processing heat treat-
ments,[2,3] the columnar prior-b grains maintain, how-
ever, a characteristic elongated morphology. This
morphology is an undesirable feature of L-PBF, and
more generally in additively made materials. Such
columnar prior-b grains are known to negatively affect
the mechanical properties of Ti-6Al-4V, giving rise to
anisotropy and low fracture toughness and consequently
affecting the fracture modes and fatigue resistance of the
alloy.[4–8]

The formation of columnar prior-b grains and, more
specifically, their suppression, via suitable modification
of the alloy chemistry of Ti-6Al-4V, is the focus of this
present study.
The formation of columnar prior-b grains in

Ti-6Al-4V is a consequence of epitaxial growth (from
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a substrate of previously deposited layers) of the
high-temperature b phase during the layer-by-layer
deposition.[9] It is now accepted that, in a repeating
sequence, as a new layer of powder is melted, the top of
the previously deposited layer is also re-melted; the melt
pool does therefore solidify on pre-existing b grains that
are predominantly oriented with a h100i direction along
the build direction. Under the high solidification speed
(R) and temperature gradients (G) typical of L-PBF,
nucleation events in the melt pool are largely prevented.
This gives rise to epitaxial growth from the underlying
substrate and planar/dendritic grain solidification mode
of elongated grains with h100i along the dominant heat
flow direction.[4]

Several studies have been carried out with the aim of
suppressing the formation of b columnar grains in
laser-based additive processing of titanium. The
approaches taken in the literature can be broadly
divided into: (a) manipulation of the processing space
to reduce G/R, (b) post-processing heat treatments
below and above the b transus temperature, and (c)
modification of the alloy constituents to promote the
columnar to equiaxed transition (CET) during
solidification.

Manipulation of the parameter space and beam
shaping are interesting approaches that have been used
to promote the CET.[10,11] In the case of Ti-6Al-4V,
useful solidification maps have been built to predict the
effect of laser parameters on the dominant grain
structure morphology for a variety of beam deposition
and electron beam additive processes.[12,13] Nevertheless,
these are not always practical or possible approaches as
the ultimate aim of L-PBF is the creation of fully dense
components of any arbitrary geometry and indeed
evidence suggests limited success in forming dense Ti
alloys with an equiaxed microstructure.[14]

Studies have demonstrated that sub-transus heat
treatments are ineffective in changing the morphology
of the prior-b grain boundaries, as the retained a phase
effectively pins the b grain boundaries already present in
the structure.[15] A full b-solution heat treatment (above
the b transus temperature) has instead shown that b
grain boundaries can migrate and split realizing
equiaxed structures but these treatments lead to
inevitable coarsening of the structure at the expense of
ductility and strength.[15,16]

Great effort has also been spent in modifying the
constitution of Ti-6Al-4V to control the solidification
mode of the high-temperature b phase. Recognizing that
Al and V provide limited constitutional undercooling in
Ti-6Al-4V alloys,[17] and building on the growth restric-
tion theory developed for casting,[18] a number of solutes
with high-growth restriction factor (Q) in Ti have been
investigated (Q = mlÆc0Æ(k � 1), where ml is the slope of
the liquidus line on the phase diagram (K/wt pct), c0 is
the solute concentration in the corresponding binary
alloy (wt pct), and k is the partition coefficient of the
added solute).

A promising solute for refining prior-b grains in Ti
alloys is silicon (Si). Si has proven to be an effective
grain refiner in cast commercially pure (cp-) Ti and
Ti-6Al-4V although there is contrasting evidence on

whether intermetallic silicides might form during pri-
mary solidification and how these affect the mechanical
properties of the resulting alloy.[19,20] Mereddy et al.
have recently investigated the addition of Si to wire arc
additively manufactured cp-Ti and have suggested a
mechanism where Si solute segregation hinders lateral
growth of b grains, resulting in b grains that maintain
high-aspect ratio but are effectively refined in width.[21]

Beryllium (Be) that has the highest theoretical Q as a
solute addition to Ti has produced significant grain
refinement, although its use as a grain refiner in additive
manufacturing (AM) might be limited due to associated
health hazards.[22] Molybdenum (Mo) has been shown
to expand the freezing range of Ti-6Al-4V, destabilize
the planar growth of Ti-6Al-4V, and reduce the size of
the prior-b grains.[17] Mo particles are, however,
generally retained in the microstructure as a result of
the thermo-physical property differences with Ti caus-
ing microstructural and chemical inhomogeneities that
can lead to undesirable scatter in mechanical proper-
ties.[23,24] Additionally, partial dissolution of Mo is
intrinsically linked to relatively low efficiency, as a
large amount of Mo seems not to take part in the
solidification process. Chromium (Cr) has also been
considered as a grain refiner for Ti.[18,25] Although
research on casting demonstrated that during the
primary solidification Cr super-saturates a + b
phases, the complex thermal history of laser AM
processing has been shown to produce grain boundary
precipitates in the form of TiCr2 Laves phases that
have a deleterious effect on the properties of the
alloy.[26,27]

In other approaches, the coupled action of both
solutes with high Q and heterogeneous nuclei in the
form of insoluble substrates has also been explored.
Boron (B),[28,29] tungsten (W)[30], and a number of
rare-earth elements (La, Y, etc.)[31–33] have been shown
to affect the phase transformation and produce a
significant constitutional undercooling and an increase
in the nuclei population to encourage equiaxed grain
formation in Ti and Ti-based alloys. Nevertheless,
although B has a large Q, its use as a grain refiner
may be limited when its deleterious effect on ductility
caused by the precipitation of titanium borides is
considered. Rare-earth oxides and W have been shown
to be stable compounds in liquid Ti and thus promising
candidates for heterogeneous nucleation of Ti grains.
However, after laser AM, the resulting composite
microstructure consists of heterogeneous particles dis-
tributed within the typical a + b microstructure of Ti
alloys suggesting poor nucleation efficiency. The distri-
bution of these secondary phases in the microstructure
and their effect on the mechanical properties of the alloy
is still a matter of ongoing research but appears largely
deleterious.
While recognizing the importance, and most likely the

necessity, of introducing potent heterogeneous nucle-
ation substrates for promoting CET in laser AM—par-
ticularly L-PBF that is characterized by extremely high
G and R values—the identification of suitable solute
additions that refine prior-b grains without forming
deleterious brittle phases remains a scientific challenge in
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AM and other energy beam-processing methods used to
manufacture Ti-based alloys.

The purpose of the present study is to elucidate the
influence of iron (Fe) on microstructure formation in a
modified Ti-6Al-4V alloy containing Fe as a quaternary
solute and to evaluate its suitability for producing a
refined grain structure. Fe is characterized by a high Q
value that directly favors the creation of constitutional
undercooling (a pre-requisite for the CET),[25,34] unfa-
vorable kinetics for the formation of brittle inter-
metallics,[35] and thermo-physical properties
comparable to Ti that would encourage homogeneous
mixing during L-PBF.[23] Accounting for all these
considerations, Fe is potentially a suitable alloy com-
ponent in Ti-6Al-4V to refine the grain structure while
maintaining a well-characterized and predictable balance
of a and b phases in the final microstructure.

II. MATERIALS AND METHODS

A. Powder Feedstock and Alloy Selection

Pre-alloyed plasma atomized Ti-6Al-4V powders
(Carpenter AM) of spherical morphology and with
size distribution D10 = 22.1 lm, D50 = 33.5 lm, and
D90 = 49.9 lm were used as the reference material.
Additionally, three Ti-6Al-4V + Fe powder feedstocks
were prepared to assess the efficiency of Fe as quater-
nary addition to promote a refined grain structure. The
Ti-6Al-4V+ Fe feedstocks were prepared by decorating
the reference material (pre-alloyed Ti-6Al-4V) with 99.9
pct pure Fe particles (GoodFellow Cambridge Limited)
of size distribution D10 = 2.9 lm, D50 = 5.7 lm, and
D90 = 12.7 lm using the satelliting method described
elsewhere.[36] Prior to the L-PBF printing process, all
feedstock materials were dried overnight at 100 �C to
minimize the moisture content. Thermogravimetric
analysis (TGA) up to 600 �C indicated that polymeric
residues from the satelliting method could not be
detected in any of the powder feedstocks prior to
printing.

The range of Fe additions was studied in accordance
with thermodynamic calculations to estimate the solid-
ification range and partitioning effect of solutes in the
Ti-6Al-4V system using ThermoCalc software and the
commercially available SSOL5 database. The accuracy
of the thermodynamic calculations was assessed by
comparing corresponding calculated and experimental
binary phase diagrams extracted from Reference 37. To
assess the contribution of each solute to Q, the slopes of
the liquidus lines were estimated from the Ti-rich
portion of the calculated binary diagrams (solute level
between 0 and 10 wt pct). The partition coefficient k for
the addition of Fe from 1 to 4 wt pct is instead
calculated under equilibrium conditions at the liquidus
temperature. The solidification range is evaluated under
Scheil conditions on the ternary and quaternary alloys
investigated in this research. The calculation was termi-
nated at solid fraction of 0.8 as beyond this point the
formation of peritectic TiFe is erroneously predicted (no
TiFe was experimentally observed in the samples).

Three compositions were prepared so that for every
equivalent of 100 g of total material, 2, 3, or 4 g of Fe
would be added to the remaining balance of pre-alloyed
Ti-6Al-4V (for simplicity, the formulations will be
expressed throughout the paper with a compact nota-
tion of the form: Ti-6Al-4V-xFe, where x varies between
2 and 4). This range of compositions was used to
conduct a preliminary assessment and establish the
point beyond which further additions of Fe did not lead
to further significant refinement of the prior-b grains as
determined by optical microscopy.

B. L-PBF Manufacturing Process and Heat Treatments

The microstructural investigations were carried out
on cubic samples (10 mm) manufactured on a Renishaw
AM400 which allowed the investigation of the
microstructural formation under regimes close to that
used in industrial practice. The AM400 was operated
using the reduced build volume configuration with a
laser power of 300W, 70 lm hatch spacing, 50 lm layer
thickness, and 750 mm/s scan speed (point distance of 80
lm). This parameter set was derived from previous
studies on the densification of Ti-6Al-4V. Each layer
was melted once. The laser scan direction was then
rotated by 90 deg between each two consecutive layers
to ensure equal scan vector lengths per cross-section. All
samples were built on Ti-6Al-4V build plates which were
not preheated. The process chamber atmosphere was
regulated with circulating Ar to keep oxygen levels
below 0.09 pct. Samples were fabricated symmetrically
across the build plate to ensure that the results were not
affected by the build position. The melt pool size formed
under these processing conditions was estimated from
cross-sectional images of scan tracks of pre-alloyed
Ti-6Al-4V substrate. Under such processing conditions,
key-hole melting regime took place. This ensured both
adequate mixing of Fe during melting and a high
material density (above 99.8 pct, estimated via optical
microscopy). Three specimens were then heat treated to
study the decomposition of the as-built microstructure
at high-temperature. Prior to heat treatment, the sam-
ples were enclosed in evacuated quartz tubes. The heat
treatment was carried out at 900 �C for 4 hours and was
followed by furnace cooling consistently with most HIP
treatments reported in the literature which are per-
formed in the high portion of the a/b phase field.[4]

C. Microstructural Characterization

To obtain representative microstructures, specimens
were mechanically ground and polished. Kroll’s reagent
(5 mL HF, 6 mL HNO3, and 89 mL H2O) was used to
etch the samples to reveal the microstructure on three
orthogonal planes in agreement to that suggested in the
ISO/ASTM 52921 standard.[38] The etched samples were
imaged using a Nikon Eclipse LV100ND optical micro-
scope. Electron backscatter diffraction (EBSD) coupled
with energy-dispersive spectroscopy (EDS) was carried
out on a Helios G4 PFIB UXe DualBeam Microscope
FIB/SEM to resolve the grain structure, the elemental
distribution, and crystallographic texture of the samples.
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The EBSD analysis was carried out on the frontal planes
(xz-plane with reference to Reference 38) of the
deposited structure using HKL-Channel 5� software
package and the MATLAB� toolbox MTEX. The
inverse pole figures were plotted along the z-axis, with
the z-axis parallel to the building direction. From the
EBSD maps, individual grains were identified as regions
completely bounded by interfaces with misorientation
angle larger than 8 deg, which is the typical maximum
misorientation spread measured in prior-b grains
observed in L-PBF Ti-6AL-4V.[9] This led to the
identification of 1534 b grains. It was then possible to
automatically calculate the area of each grain and its
aspect ratio (defined as the ratio between the major and
minor axis of the fitted ellipse). The orientation rela-
tionship between a and b phases was studied on
orientation maps acquired with a step size of 0.1 lm,
given the expected fine size of the a/a¢ laths.

Samples for Transmission Electron Microscopy
(TEM) were prepared using a FEI Quanta 200 3D Dual
Beam FIB-SEM. A JOEL 2000FX was used to carry out
the TEM investigations. The phase identification in the
bulk samples was investigated by X-Ray Diffraction
(XRD) using a Bruker D500 X-ray diffractometer using
Cu K-a radiation (0.15406 nm wavelength) from the
frontal plane of the samples. A step time of 20 second
and step size of 0.03 deg were used for all scans.

In situ high-energy synchrotron X-ray diffraction
(HEXRD) was carried out to at the P07-HEMS
beamline of PETRA III (Deutsches Elektronen-Syn-
chrotron) as described in detail in Reference 32. The
phase transformation kinetics of the material in the
L-PBF as-built condition was investigated during con-
tinuous heating and cooling rates of 100 �C/min between
room temperature and 1000 �C (i.e., up to a temperature
close to the b transus). An energy of 100 keV (k =
0.0124 nm) was used. The acquisition time and sam-
ple-detector distance were 5 seconds and 1926 mm,
respectively. The investigated samples were cut from the
center of as-built SLM cubes and were investigated close
to the center of the building height in transmission mode
using a gauge volume of 0.8 9 0.8 9 5 mm3. The
temperature was controlled by a spot-welded thermo-
couple located next to the position of the incident beam.
Qualitative analysis of the evolution of the diffraction
patterns was carried out by converting the
Debye–Scherrer rings into Cartesian coordinates (Az-
imuthal angle w, 2h). Subsequently, projection of the
summed intensity of Bragg reflections on the 2h axis was
performed using the software ImageJ. The instrumental
parameters of the HEXRD setup were obtained using a
LaB6 powder standard.

III. RESULTS

A. Preliminary Screening of Ti-6Al-4V-Fe Adaptations

Three adaptations of Ti-6Al-4V were prepared by
adding various amounts of pure Fe as described in
Section II–A. The preliminary observations on the
refinement caused by Fe additions are shown in

Figure 1 where the microstructure of the frontal plane
of the specimens is revealed by etching the metallurgi-
cally prepared surfaces (the build direction is indicated
by white arrows).
Figure 1(a) shows a columnar microstructure typical

of that observed in Ti-6Al-4V. With the addition of 2 wt
pct Fe (Figure 1(b)), a significant refinement of the
prior-b grains is observed. As more Fe is added
(Figure 1(c) and (d)), it is difficult to quantitatively
discern any a plates and the prior-b grain boundaries
although an apparent change in the prior-b grain
morphology is evident. Using the planimetric
method,[39] it was established that additions of up to 3
wt pct Fe led to significant refinement of the grains with
little further benefit when the addition was increased to
4 wt pct and for this reason Ti-6Al-4V-3Fe was
investigated in greater detail in the rest of the study.

B. Microstructure Analysis of the Ti-6Al-4V-3Fe
As-Built Specimens

The XRD spectra and optical micrograph composites
in Figure 2 provide an overview of the typical
microstructures of Ti-6Al-4V and Ti-6Al-4V-3Fe in
the as-built condition.
In Figure 2(a), it can be observed that after L-PBF,

the microstructure of Ti-6Al-4V consists of acicular a/a¢
grains contained in columnar prior-b grains predomi-
nantly aligned along the build direction (BD).[9] In
Ti-6Al-4V-3Fe (Figure 2(b)), it is noted a significant
redistribution of the peak intensities—with the intensi-
ties the a/a¢ peaks decreasing at the expenses of the
{110}b, {200}b and {220}b peaks indicating that, follow-
ing L-PBF, a significant amount of b phase is retained in
the specimens. In the corresponding micrographs, it can
be observed that the b grains show a mixture of
apparent equiaxed and elongated morphologies. On
the horizontal xy-plane, the cross-sections of the b
grains are observed with clear delineation of the laser
scan tracks. The EDS area analysis reported in Table I
indicate the average composition measured in the
Ti-6Al-4V and Ti-6Al-4V-3Fe specimens. A reduced
Fe content to the nominal value is most likely linked to
the feedstock preparation and to the fact that given the
particle size difference, Fe particles fused and partially
evaporated first.[23]

To quantify the grain structure in the samples,
large-scale EBSD was carried out (Figure 3).
The orientation maps reveal that the predominant

structure is b phase with localized precipitation of the
small a/a¢ colonies predominantly in periodic thin
regions parallel to the build platform (white lines
marked on the a-orientation map). The b orientation
map shows that the morphology of the grain structure is
non-uniform with apparent equiaxed morphology dom-
inating the first few and last layers of the sample and a
mixed columnar/equiaxed structure in the remaining
areas. Most of the grains identified in the maps
(approximately 65 pct of the entire grain population)
have an aspect ratio<2 and therefore have an apparent
equiaxed morphology (as per Reference 40). Neverthe-
less, these are small grains that account for
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approximately only 30 pct of the area of the structure.
Notably, however, 90 pct of the area of the structure
consists of grains with an aspect ratio<6 (gray markers
in Figure 3), a critical empirical threshold that has been
suggested to link anisotropic strain-to-failure and grain
morphology.[41] The contour pole figure plots quantify
the texture intensities of the b phase for the three
crystallographic plane families {001}b, {110}b , and
{111}b with respect to the frontal plane of the sample.
The pole figures show a clear {001}b cube texture
component rotated approximately by 15 deg to the
building direction, which is consistent with the morpho-
logical orientation of the columnar grains observed in
the microstructure. The contour pole figures calculated
from a subset containing only the grains with apparent
equiaxed morphology (aspect ratio < 2, light gray
markers) still showed a similar cube texture component,
although attenuated in intensity. To investigate in more
detail the precipitation of the a/a¢ phase higher-resolu-
tion orientation maps (step size 0.1 lm) where then
acquired (Figure 4).

The analysis indicates that the a/a¢ laths are arranged
in small colonies or as a grain boundary (GB) a well
delineated at the boundary between two prior-b grains
and on the melt pool boundaries. The comparison of the

contour pole figures of the a/a¢ and b phases reveals that
the two phases are mostly related by the Burgers
Orientation Relationship (BOR), as indicated by the
parallelism between the reflections associated with the
{0001}a/{110}b and {11�20}a/{111}b planes. The differ-
ence in the intensity distribution noticed in the parallel
{0001}a/{110}b reflections indicates that variant selec-
tion is likely to occur during transformation. In addi-
tion, it is noticed that some of the reflections in the
{110}b are missing from the corresponding {0001}a
contour pole figure (an example is marked by a dotted
circle). This might be attributed to a/a¢ laths that
precipitate without obeying the BOR. It should be
noted, however, that minor texture components might
be obfuscated in the spherical harmonic representation
of the texture and therefore studies of the individual
grain orientation relationship are ongoing. Examples of
conditions where BOR is not maintained include cases
of simultaneous phase transformation and recrystalliza-
tion of the b matrix[42] and nucleation of a/a¢ laths via
peritectic reactions.[32] The complete understanding of
the crystallography dependence on composition neces-
sitates, however, further additional studies. Figure 5
shows the arrangement of the laths in the retained b and
the existence of a hierarchical structure with grains

Fig. 1—Optical micrographs of as-built samples in the frontal plane of observation showing the typical microstructure of (a) Ti-6Al-4V, (b)
Ti-6Al-4V-2Fe, (c)Ti-6Al-4V-3Fe, and (d) Ti-6Al-4V-4Fe. The white arrows indicate the building direction.
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spanning the nm to the lm scale (indicated in
Figure 5(b) by white arrows).

Selective area diffraction patterns (SADP) obtained
from within individual laths confirm that these have an
HCP structure and thus the likely martensitic a¢ nature
of these precipitates. In addition, no other minor phases
such as Fe-containing intermetallics or x-phase are
observed in the structure. The analysis of the grain
composition reveals that there is a marked difference in
the partitioning behavior of V and Fe between the GB a
(Figure 5(a)) and the neighboring a¢ laths (Table II).
Nevertheless, in the areas of the microstructure where
the a¢ and b phases coexist (as indicated in Figure 5(c)),
Fe partitions preferentially significantly in the b phase.
The morphology and the high solute content measured
in the colonies suggest indeed the predominance of a
martensitic a¢ phase in the as-built structure, which is
not surprising considering the high cooling rates asso-
ciated with the thermal cycles typical of L-PBF.

C. Ti-6Al-4V-3Fe Microstructural Decomposition After
Heat Treatment

In situ HEXRD was used to gain an understanding of
the transformation mechanisms that occur in the
Ti-6Al-4V-3Fe alloy during heating and cooling (100
�C/min) of the L-PBF as-built microstructure
(Figure 6). The results indicate that during heating up
to 450 �C, the microstructure remains composed of a/a¢
and b phase and negligible solute partitioning takes
place as evidenced by the absence of a shift in the peaks
positions. As temperature increases, in the range 450 �C
to 700 �C, a change of the maximum intensity of the
reflections of the two phases takes place: the intensity of
{110}b decreases while that of {10�11}a increases indicat-
ing a b fi a transformation is occurring. In addition, the
{110}b reflection shifts to higher 2h between 450 and
600 �C and then to lower 2h between 600 and 750 �C.
These shifts in 2h are due to decrease and increase,

Fig. 2—XRD spectra and the corresponding optical micrograph composite images of as-built microstructure for (a) Ti-6Al-4V and (b)
Ti-6Al-4V-3Fe produced under identical processing conditions. Comparison of the XRD spectra reveals the retention of some b phase in the
Fe-containing alloy.
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respectively, of the lattice parameter of the b phase
during heating. The effect is most likely associated with
preferential solute partitioning. These results indicate
that, as expected, the microstructure in the as-built
condition is metastable and that upon heating the
structure recovers towards a more stable one with phase
fraction and phase compositions moving towards equi-
librium values. As the temperature exceeds 700 �C, a
further phase transformation is enabled, with a trans-
forming to b phase as expected from the equilibrium
phase relationships. At approximately 900 �C, the
microstructure consists almost exclusively of b phase.
Given these findings, it is clear that Fe acts as a b-phase
stabilizer and, under L-PBF conditions, is responsible
for promoting the retention of metastable b in the
microstructure. This directly translates to a marked
decrease of the dissolution temperature of the a phase
and the b transus temperature of the new Ti-6Al-4V-3Fe
alloy with respect to Ti-6Al-4V.[43]

To gain insight into the partitioning behavior of Fe in
the alloy, it is useful to compare these results with those
obtained from quenched martensitic wrought Ti-6Al-4V
(with starting microstructure analogous to that of
L-PBF condition). During heating of martensitic
Ti-6Al-4V, we observed a marked shift of the {110}b
reflection to lower 2h above 650 �C. This shift, associ-
ated with an expansion of the lattice parameter of b, is
attributed to progressive reduction in the concentration
of V from the b phase and an enrichment in Ti.[43,44] In
Ti-6Al-4V-3Fe, the first observed shift of the {110}b
reflection towards higher 2h occurs in the temperature
range 450 to 600 �C (temperatures at which no shifts
occur in Ti-6Al-4V where no b is present in the initial
condition). The associated contraction in lattice param-
eter can only be explained considering a progressive Fe
enrichment of the b phase that can be justified taking
into account the starting metastable microstructure
induced by L-PBF and the relatively high diffusivity of
Fe in Ti in comparison with Al and V.[35] By further
increasing the temperature, the {110}b reflection then
shifts towards lower 2h, marking the dissolution of a
through V transport across the b/a interface consistently
to that observed in Ti-6Al-4V (no Fe).[43] Upon cooling
from the b field (1000 �C), the b fi a phase transfor-
mation initiates approximately at 800 �C. This is con-
siderably lower than b transus temperature observed
during the first heating ramp, suggesting that b anneal-
ing produces a complete equilibrium homogenization of
the microstructure. No other events are showing in the
intensity plots in Figure 6 for Ti-6Al-4V-3Fe, indicating

that no additional phase transformations (at least in the
detectable range of HEXRD) occur in the alloy.
To further investigate the possibility of the formation

of Fe-containing intermetallics or x-phase in
Ti-6Al-4V-3Fe, detailed microstructural examination
was conducted of samples that were heat treated at
900 �C for 4 hours and then furnace cooled (Figures 7
and 8). The EBSD-derived IPF orientation and phase
maps in Figure 7 indicate that the microstructure of the
alloy after heat treatment consists of a fully lamellar a+
b with the prior b grain boundaries decorated by GB a.
The TEM bright-field images of Figure 8 show the

arrangement of the phases in detail and it is notable that,
intermetallic compounds are not observed in the struc-
ture. Precipitates were not found in the core of the a grains
nor at the grain boundaries present in the microstructure
(Figure 8 inset). In particular,x phase cannot be detected
in the microstructure. Only reflection from the b phase is
detected in the SADPat zone axis pattern h1�10ib as shown
in Figure 8. The composition of the microstructural
features given in Table III shows that Fe partitions
almost exclusively in the b phase and theAl andV content
in the GB a show a larger scatter from the corresponding
average than in the case of the primary a.

IV. DISCUSSION

A. Refinement of the Microstructure Through Fe
Additions

The formation of equiaxed grains, an ideal condition
for the formation of refined and isotropic microstruc-
tures, is associated to an equiaxed dendritic growth at
the S/L interface. It is typically promoted by a low
thermal gradient (G) to growth rate (R) ratio.[40,45] In
most cases, during L-PBF, R approaches 1 m/s (in the
present study the maximum solidification velocity can be
approximate to the laser beam velocity of 0.75 m/s)
while G values are in the order of 106 to 107 K/m.[4,31]

This leads to high G/R ratios and therefore dendritic
growth assumes the well-reported columnar/directional
morphology. As it has been demonstrated by a number
of investigations, this regime can be changed by the
addition of (i) solutes with a high-growth restriction
factor Q and (ii) potent heterogeneous nuclei that can
act as substrates for b-phase nucleation from the melt.
Given the reactivity of liquid titanium, however, several
high Q solutes nucleate as intermetallic compounds thus
ceasing to contribute to the development of a

Table I. Average Composition of Ti-6Al-4V and Ti-6Al-4V-3Fe Determined by EDS Analysis

Material/Condition

Element (Wt Pct)

Ti Al V Fe

Ti-6Al-4V/As-Built bal. 6.2 ± 0.1 3.8 ± 0.1 traces
Ti-6Al-4V-3Fe/As-Built bal. 5.7 ± 0.2 3.6 ± 0.2 2.6 ± 0.3
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Fig. 3—(a) and (b) z-IPF orientation maps showing the distribution of the a and b phases in as-built Ti-6Al-4V-3Fe (white arrow is the build
direction), respectively. Precipitation of the a/a¢ occurs predominantly in bands parallel to the platform base as indicated by the white lines
overlaid on the a-phase IPF orientation map. The aspect ratio of the b-phase grains is plotted as a (c) cumulative distribution and as a (d)
scatter plot of area vs aspect ratio. The area of the grains with aspect ratio< 6 is plotted with gray markers; the texture components of the b
phase are shown in the contour pole figures for global b-phase and b grain with aspect ratio< 2 (e).
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constitutionally undercooled zone while embrittling the
alloy. By leveraging the fact that titanium alloys
naturally contain a population of native nucleant
particles that can be exploited for grain refinement,[31]

this present research demonstrates that Fe is a good
solute for achieving significant b grain size reduction.

As reported in Table IV, the average partition coef-
ficient of both Al and V in Ti approaches 1. For this
reason, Al and V have limited contribution to the
development of the constitutionally undercooled zone
ahead of the L–S interface. On the other hand, Fe has an
average partition coefficient of 0.33 and this, combined
with higher values of liquidus slope, ml, leads to
significantly higher Q values than is the case of

conventional Ti-6Al-4V ternary alloy which promotes
the CET.
In addition, the rejection of Fe during solidification

produces an increase in the predicted solidification range
of the alloys (under both equilibrium and Scheil
conditions where it is assumed no diffusion in the solid
and complete mixing in the liquid) which also a
condition necessary for the nucleation of new grains
(Table V).
It is, however, observed that the rate of refinement

decreases for Fe additions above 3 wt pct despite the
increase in the corresponding calculated value of Q. This
apparent contradiction can be explained considering
that, for the refinement to occur, heterogeneous nuclei

Fig. 4—Detailed orientation maps from Ti-6Al-4V-3Fe in the as-built condition (white arrows indicate the build direction). (a) and (b) z-IPF
orientation maps of the b and a phases, respectively. (c) Enlarged area of a region in (b) showing details of a precipitation within b. The contour
pole figures (d) indicate the orientation relationship between the a and b phases. Marked by a dotted white circle is an example of special
reflection that does not find correspondence in the a contour pole figure.
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need to be present in the melt. As it is thought that only
a limited number of native nuclei are available in the
melt pool, these might be progressively consumed up to
the point where further additions of Fe trigger no

further grain nucleations. Remarkably, it is observed
that refinement of the b phase takes place even if the
negative enthalpy of mixing associated with the synthe-
sis of TiFe is known to generate additional temperature

Fig. 5—Bright-field TEM micrographs of as-built Ti-6Al-4V-3Fe showing (a) the arrangement of GB a and the martensitic a¢ phases. (b) A small
a¢ colony (dashed lines) and secondary and tertiary a¢ indicated by arrows. (c) The interlaminar arrangement of retained b near the a¢ phase. (d)
to (f) SADPs recorded from individual a/a¢ laths and their corresponding zone axis.
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rise in the melt pool,[27] which might increase the
temperature gradient in the melt and so decrease the
possibility to activate native nucleant particles.

The crystallographic analysis presented in Figure 3
allows more insights into the solidification mechanisms
of Ti-6Al-4V-3Fe. The results show that the fine grains
with apparent equiaxed morphology (as well as those
with columnar morphology) possess a cube texture

component. This implies that the apparent equiaxed
morphology of such fine grains is misleading and, in
fact, fine grains have instead grown in a columnar
dendritic mode. Since the cross-sections examined are
not exactly parallel to the main axis of the grains, fine
columnar grains would appear with equiaxed morphol-
ogy on the plane of observation. Hence, caution is
advised when interrogating such specimens with

Table II. Average Composition of the Microstructural Features Observed in the Ti-6Al-4V-3Fe (As-Built Condition) via
TEM-EDS Point Analysis

Microstructural Feature

Element (Wt Pct)

Ti Al V Fe

GB a bal. 6.4 ± 0.1 3.1 ± 0.1 2.2 ± 0.2
a Laths bal. 6.3 ± 0.2 3.5 ± 0.1 2.9 ± 0.1
b Laths bal. 5.7 ± 0.2 4.4 ± 0.1 4.4 ± 0.2

Fig. 6—Contour plots extracted from HEXRD patterns of the as-built Ti-6Al-4V-3Fe sample and a reference martensitic wrought Ti-6Al-4V,
obtained during heating and cooling cycles at a rate of 100 �C/min. The plots reveal the evolution of {hkl} reflections of the a and b phases for
a 2h range of 2.25 to 6.0 deg.
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Fig. 7—Microstructure of Ti-6Al-4V-3Fe sample after a 4-hour heat treatment at 900 �C. The build direction is shown by the white arrow. (a)
Overlaid z-IPF orientation maps of the a and b phases. (b) Overlaid phase maps showing a as red and b as green. Grain boundary a decorates
the prior-b grains that comprise a fully lamellar a + b microstructure.

Fig. 8—Bright-field TEM micrographs from Ti-6Al-4V-3Fe after a 4-h heat treatment at 900 �C. (a) a + b microstructure at low magnification.
(b) a + b microstructure at higher magnification. (c) SADP obtained from a dark contrast region in (b) confirming the presence of b phase.
There is no evidence for intermetallic compounds or x phase in the regions of the heat-treated sample examined.
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microscopy techniques based on 2D analysis. The lack
of truly randomly oriented equiaxed grains might be
related to the combined effect of a changing G/R ratio
across the melt pool and the layer-by-layer deposition.
As shown in a number of related studies,[17,31] the
combination of relatively higher R and lower G in the
latter stages of the solidification of the melt pool might
create the conditions to promote the nucleation of fine/
equiaxed grains only near the free edge of each layer.
However, during the successive layer deposition, this
fraction of grains near the top of the previously
solidified tracks are re-melted to re-grow epitaxially in
the last deposited layer, leading to the development of
the observed grain directionality.

Another noteworthy aspect is the correlation between
the pronounced {001}b cube/fiber texture along the
building direction and the formation of coarse prior-b
columnar grains in L-PBF and generally AM of
Ti-6Al-4V.[4,9,32,46] It is generally observed that
although, in the initial layers, equiaxed grains form
from heterogeneous nucleation of the b phase either on
the build platform or on the metallic powders, the
number of stray orientations of the b phase decreases
with sample height.[46,47] This means that Ti-6Al-4V is
extremely efficient at eliminating the so-called unfavor-
able orientations associated with those columnar grains
that are inclined to the building direction. It is likely that
at least two factors might contribute to this phe-
nomenon. Firstly, the variant selection at the prior-b
grain boundary and the texture inheritance (commonly
observed in Ti-6Al-4V) effectively limit the number of
possible orientations that the b phase can assume at
each layer.[9,47] Secondly, as discussed above, Al and V
have limited diffusivity in liquid Ti and therefore are
associated with a limited solute diffusion field around
the growing b dendrite tips. Under this condition, it is
likely that the competitive grain growth of converging

dendrites might follow the classical model for direc-
tional solidification developed by Walton and Chal-
mers[48] whereby misaligned grains are effectively stifled
by secondary dendrite arms emitted by the primary
dendrites growing with {001}b cube/fiber texture. Recent
studies have shown a greater complexity depending on
whether the GB involves converging or diverging
columnar grains. However, irrespective of this differ-
ence, growth of secondary and tertiary side branches is
the mechanism that underpins elimination of misori-
ented grains. Evidently, the interaction between the
solute concentration fields from neighboring dendrite
tips which are misaligned must be involved. We suggest
therefore that the rejection of Fe from the solid during
solidification (Fe has a much smaller partition coeffi-
cient than Al or V) creates a diffusion field which
inhibits side-branching overgrowth and consequently
inhibits the mechanism of misoriented grain elimination.
The net effect is that, in Ti-6Al-4V-3Fe, many more
columnar grains persist in the build giving a more diffuse
texture and smaller grain widths. The use of solutes with
high diffusivity in liquid Ti seems therefore an effective
strategy to limit the development of sharp crystallo-
graphic b textures and simultaneously reduce the width
of prior-b grains in Ti alloys.

B. Decomposition of the b Phase During L-PFB
and Heat Treatment

It is well known that Fe is a potent b stabilizer and
that approximately 3.5 wt pct additions in pure Ti can
cause retention of a metastable b upon water quench-
ing.[35] The overall composition measured in the present
sample results in a molybdenum equivalent (Mo-eq)
parameter of between 4 and 5 so it is not surprising to
observe a b-rich a + b structure in the as-built
condition. Our research demonstrates, however, that a
fraction of the b phase observed at room temperature is
metastable as a substantial amount of a phase precip-
itates after a post-build furnace heat treatment. This is
derived from the high cooling rates imposed by the
additive process and implies that a lower critical amount
of Mo-eq elements (in this case Fe) are needed to pass
through the martensite start temperature (Ms) curve
under L-PBF conditions. Importantly, this also implies
that upon cooling through the b transus, a can nucleate
at the b grain boundaries and not almost exclusively
from their grain interior as is the case of martensitic a¢ in
Ti-6Al-4V.[9] This has similarities with the solidification

Table III. The Average Composition Determined by TEM-EDX Point Analysis of the Microstructural Features Observed in the

Ti-6Al-4V-3Fe Alloy After Heat Treatment at 900 �C Followed by Furnace Cooling

Microstructural Feature

Element (Wt Pct)

Ti Al V Fe

GB a bal. 7.3 ± 0.8 1.4 ± 0.5 0.1 ± 0.02
a Laths bal. 7.7 ± 0.1 1.4 ± 0.1 0.1 ± 0.03
b Laths bal. 4.4 ± 0.6 7.4 ± 1.0 7.5 ± 1.0

Table IV. Calculated Growth Restriction Factors Q
Associated to the Solutes Investigated in this Research in

Titanium

Solute ml c0 k Q

Al 5 6 1.13 4
V � 3 4 0.86 2
Fe � 14 1 to 10 0.33 9 to 40
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of a + b Ti alloys in additive processes that feature
lower cooling rates (such as electron beam melting
(EBM) and other powder- and wire-beam deposition
techniques[13,49]) where it was shown that continuous
precipitation of GB a decorates prior-b grains.[24,27,30,50]

The subsequent thermal cycles of L-PBF involving the
re-heating of previously deposited material associated
with the deposition of additional layers would cause the
precipitation of small a¢ colonies noted in the as-built
structure. We observed a periodicity of the coarsening of
these precipitates every ~ 200 lm indicating that each
layer might experience at least ~3 thermal cycles with
peak temperatures above the b-transus temperature.
Besides reducing the chance to have equiaxed grains, the
associated rapid heating and cooling of each thermal
cycle causes the precipitation of secondary and tertiary
a, as recently suggested in Reference 1. Notably, Fe
affects considerably the precipitation of the a¢ phase, as
demonstrated by the fact that the colonies are not
exclusively related to the surrounding b phase by the
well-known Burgers crystallographic orientation rela-
tionship (BOR) which dictates growth mechanics from
parent crystals and is reflected in the element partition-
ing inferred from in situ HEXRD. Further studies to
elucidate how the partitioning behavior of Fe is con-
trolling the movement of the a/b interface or the
recrystallization of the matrix are ongoing.

Upon heat treatment, a marked partitioning of the
solutes and in particular that of Fe is observed (Table III),
which derives from fast diffusion rates of Fe in both the a
and b phases.[35] This implies that, at least for heat
treatments in the lower a+b region, phase transformations
are essentially controlled by the partitioning of Fe. This
study showed that after a 4-hour heat treatment at 900 �C,
solutes partitioned entirely according to the predicted
equilibrium solubility at room temperature. Interestingly,
the investigation reveals the absence of x phase, a delete-
rious phase that is known to form upon decomposition of
metastable b.[34,35] The formation of x phase is, however,
rarely observed in the ternary alloy Ti-6Al-4V and for
relatively lowconcentrationsofb-stabilizers.Thefindingsof
this research suggest therefore that upon the proposed heat
treatment, the a¢andmetastablebphases (that dominate the
structure in the as-built condition) decompose into a
desirable and well-studied fully laminar a + b microstruc-
tural arrangement which is associated with an accept-
able strength–ductility trade-off.

The mechanical anisotropy shown by AM Ti-based
alloys is likely to arise from several contributing factors,
such as residual stress, porosity, as well as grain
structure and texture. Although, to the authors’ knowl-
edge, a precise quantification of the effect of such factors
on the mechanical properties is still missing, it is credible
to propose that controlling the average grain size and
microstructural discontinuities in the built structures

can result in superior predictability of properties as an
overall improvement in processability/stress accommo-
dation. Moderate additions of Fe (up to ~ 3 wt pct) has
resulted in a marked grain refinement with predominant
grain structure with an aspect ratio < 6. This may
generate sufficient distribution in grain size to dilute the
impact on anisotropy and therefore lead to a more
desirable balance of mechanical properties.[41]

V. CONCLUSIONS

The identification of suitable solutes and inoculants
for grain refining Ti-based alloys produced by laser
powder-bed fusion is a complex multi-factorial chal-
lenge as it is necessary to consider not only how these
participate to the dendritic solidification but also their
supplemental effect on mechanical properties and man-
ufacturability. This research has shown that simple but
representative parameters such as the slope of the liquid
line ml, the partition coefficient of each solute k, and the
diffusivity of the solutes in liquid Ti are useful to discuss
the refinement of Ti-based alloys. This, together with
other manufacturability considerations, has led to the
development of a novel quaternary Ti-6Al-4V-3Fe. The
evidence presented in this research suggests that:

� a mixed feedstock of pre-alloyed Ti-6Al-4V and
smaller Fe powders can be used to generate a novel
Ti-6Al-4V-3Fe alloy during L-PBF;

� b-grain refinement is sustained by the rejection of Fe
during dendritic growth. b-grains have a mixed
columnar and apparent equiaxed morphology;

� the lack of truly randomly oriented equiaxed grains
might be related to the combined effect of changing
G/R ratio across the melt pool and the numerous
thermal cycles experienced by each deposited layer;

� the use of solute Fe as a refiner does not lead to
obvious formation of deleterious intermetallic com-
pounds unlike other in the case of other refiners
investigated in the literature;

� the as-built microstructure Ti-6Al-4V-3Fe can be
easily decomposed to a well-known fully laminar a
+ b microstructure. The resulting microstructure is
likely to combine a suitable balance of strength and
ductility given the refined size of the prior-b grains
and laminar arrangement of a + b laths.
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