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A B S T R A C T

Low-cycle fatigue (LCF) is studied for a nickel-based single-crystal superalloy in this paper, with a focus on the
effect of crystal orientation and temperature. Specifically, cyclic deformation of the alloy was compared for
[001]- and [111]-oriented samples tested under strain-controlled conditions at room temperature and 825 °C.
Either cyclic hardening or softening was observed during the LCF process, depending on the strain amplitude,
crystallographic orientation and temperature. LCF life was also reduced significantly by changing loading or-
ientation from [001] to [111] or increasing temperature to 825 °C. Employing a comprehensive study with
transmission electron microscopy (TEM), a connection between microstructure and mechanical behaviour of the
alloy is discussed. It was found that the processes of γ′-precipitate dissolution and dislocation recovery were
responsible for cyclic softening. Alignments and pile-ups of dislocations in the γ matrix, which prohibited their
movement and reduced the interaction of dislocations on different slip systems, contributed to cyclic hardening.

1. Introduction

Nickel-based superalloys are extensively used for manufacture of
rotating discs and blades of gas turbine engines due to their excellent
mechanical properties at high temperatures [1]. Nickel-based single-
crystal superalloys, with coherent two-phase microstructure (γ′ pre-
cipitates and γ matrix), are preferred for turbine blades operating at
temperatures up to 850 °C because of their superior creep resistance, a
result of the absence of grain boundaries. The Ni3Al γ′-precipitate phase
is formed of cuboidal particles, regularly distributed in the γ matrix
phase, with a volume fraction up to 70%. These alloys are inherently
anisotropic, and their mechanical responses depend on the orientation
of the loading direction with regard to the microstructural crystal-
lographic axes [2].

Typically, gas turbines operate at high alternating load for a pro-
longed time, leading to fatigue damage. Extensive research was carried
out to study both monotonic deformation and low-cycle fatigue (LCF)
life of single-crystal nickel superalloys, especially the influence of
crystallographic orientation and temperature on structural integrity of
components. Segersäll and Moverare [3] investigated both tensile and
compressive yielding behaviours of a nickel-based single-crystal su-
peralloy along [001, 011] and [111] orientations at 500 °C. Visible
deformation bands were only observed for the [011] orientation. Also,
the highest Young's modulus was obtained for the [111] orientation,

with the lowest one being in the [001] direction. Fleury and Remy [4]
reported cyclic softening behaviour for AM1 alloy tested at elevated
temperature for varied orientations; the softening effect reduced with a
decrease in strain amplitude. Li et al. [5] investigated the LCF de-
formation of DD6 alloy at 980 °C and observed the cyclic hardening
effect for [001] orientation. In [011] and [111] orientations, the stu-
died alloy demonstrated cyclic softening or a stabilised stress amplitude
under low strain amplitude, with a transition to cyclic hardening at
high amplitude. Liu et al. [6] studied a Re-containing nickel-based
single-crystal superalloy under LCF at 980 °C, and reported that the
[001]-oriented alloy exhibited cyclic softening, irrespective of the
strain amplitude applied. While the [011]- and [111]-oriented alloy
demonstrated cyclic hardening under low strain amplitude and cyclic
softening under high strain amplitude. Sundararaman et al. [7] ob-
served softening behaviour of a nickel-based superalloy Nimonic PE16
subjected to LCF at room temperature under LCF conditions, and the
dislocations were restricted to move within thin slip bands, parallel to
the {111} planes. Raman and Padmanabhan [8] studied the strain-
controlled LCF behaviour of Nimonic 90 at room temperature. They
found that the initial cyclic hardening was caused by formation of slip
bands, and the cyclic softening was a result of the shearing of the γ′
precipitates by dislocations. Petrenec et al. [9] observed highly in-
homogeneous planar dislocation structures in INCONEL 713 LC super-
alloy after fatigue deformation at temperatures up to 800 °C. However,
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Pineau and Antolovich [10] reported that the dislocation arrangement
became homogeneous with the increase of temperature and the density
of dislocations in the slip bands was much lower than that at ambient
temperature. At a temperature above 800 °C, the homogenous non-
planar slip became dominant, and there were no slip bands observed.
Chu et al. [11] compared the LCF behaviour of Ni-based superalloy
DZ951 at 700 °C and 900 °C, and reported the formation of slip bands,
running through the γ′ precipitates, at 700 °C but not at 900 °C. Volker
and Monika [12] suggested that, at 700 °C, Orowan looping was the
mechanism controlling the LCF deformation, and the dislocation loops
were formed by cross slip of dislocations in the horizontal γ channels. In
addition, Yu et al. [13] found that dislocation climb, cross slip and
interaction between dislocation and carbides were the main deforma-
tion mechanisms for the SRR99 alloy under LCF at 900 °C. These studies
clearly demonstrate a strong dependency of LCF behaviour of nickel
single-crystal alloys on crystallographic orientation and temperature.

To reveal the underlying deformation mechanism of nickel alloys,
TEM was extensively utilised to characterise the evolution of disloca-
tions and other crystal defects such as stacking faults and twin/grain
boundaries after mechanical tests. Gabb and Welsch [14] reported
generation and rearrangement of dislocations in [001]- and [1̅11]-or-
iented specimens after LCF tests at 1050 °C. The dislocations were dis-
tributed homogeneously, with no observation of slip bands. The dis-
locations were mainly restricted to the γ phase, especially accumulated
at the γ/γ′ interfaces that led to a cyclic softening effect. Wang et al.
[15] studied the deformation mechanisms of a nickel-based single-
crystal superalloy during LCF at various temperatures (RT, 760 °C,
900 °C and 980 °C). They observed the cross-slip of dislocations in the γ
matrix during the LCF tests at 760 °C and 900 °C, which was an im-
portant component of the slip bands formed at 900 °C. Li and Ping [16]
found that the fatigue life for nickel-base single-crystal superalloy in-
creased with a decreasing strain amplitude based on LCF tests at 760 °C
and 870 °C. By evaluating the dislocation characteristics with TEM, they
concluded that the homogeneous distribution of secondary γ'-particles
in the γ matrix contributed to enhancement of fatigue resistance. The
formation of persistent slip bands (PSBs) induced the initiation of fa-
tigue crack and the crack growth along the PSBs. At 870℃ and higher
strain amplitude, the tangling of dislocations and progressive coar-
sening of precipitates led to higher local stress concentration, which
promoted early fatigue crack initiation.

Most existing work on LCF of single-crystal nickel alloys was dedi-
cated to the effect of either temperature or orientation, and there is a
lack of comparative studies by varying both temperature and orienta-
tion. In this study, LCF tests were performed to investigate cyclic de-
formation of a single-crystal nickel-based superalloy MD2 along [001]
and [111] orientations at both room temperature and 825 °C (working
temperature of turbine blades). The material is newly developed by
Alstom Power (now GE power) and contains no Rhenium. Experimental
studies, as well as microstructure characterisation, are particularly
needed in order to provide a better understanding of the alloy's fatigue
behaviour. Here, cyclic stress-strain responses and fatigue life were
analysed based on the LCF tests with varied orientation and tempera-
ture. SEM and TEM were used to characterize the fracture surfaces and
dislocation microstructures in the γ-matrix and γ'-precipitates, respec-
tively, after LCF testing.

2. LCF tests and microscopic characterisation

2.1. Material and specimens

The material studied is a third-generation nickel-based single-
crystal superalloy G-Ni 135SX (MD2), with a chemical composition of
Ni-5.1Co-6.0Ta-8.0Cr-8.1W-5.0Al-1.3Ti-2.1Mo-0.1Hf-0.1Si (in wt%).
This alloy was recently developed by Alstom Power (now GE power) for
industrial gas-turbine applications and contains no rhenium. Single-
crystal rods were manufactured in two orientations ([001] and [111])

employing a casting process. A solution heat treatment (8 h at 1285 °C)
and a two-stage precipitation hardening treatment (6 h at 1080 °C and
16 h at 870 °C) in argon and vacuum were performed. Specimens used
for LCF tests were machined from the single-crystal rods using an
electrical-discharge machining (EDM) process, with either [001] or [111]
orientation along the loading axis. Each specimen had a cylindrical dog-
bone shape with a gauge length of 13mm and a diameter of 4.37mm at
the gauge section (Fig. 1).

2.2. LCF tests

LCF tests were performed at two different temperatures - room
temperature (24 °C) and 825 °C - using a servo-hydraulic testing ma-
chine. All tests were strain controlled, with a fully-reversed (R = −1)
triangular waveform and a strain rate of 0.001/s. Three different strain
amplitudes, 0.6% (30 cycles), 0.8% (30 cycles) and 1.0% (till complete
fracture), were consecutively applied in each test. Based on our pre-
vious experience with this material [17], the chosen strain amplitudes
allowed us to study the cyclic deformation of the alloy with varied
amount of plastic deformation for both [001] and [111] orientations.
For instance, at a strain amplitude of 0.6%, [001]-oriented sample ex-
hibited primarily elastic response and [111]-oriented sample showed
small plastic deformation. While at a strain amplitude of 1.0%, both
[001]- and [111]-oriented samples showed increased plastic deforma-
tion, with a clear development of hysteresis loops. In addition, the step-
wise fatigue experiments also allowed us to study the dependence of
cyclic hardening/softening on increasing strain amplitude by testing a
single sample only, a method used in [18]. This is particularly cost-
effective in terms of material and machine usage. Elongation of samples
was measured using an extensometer (12mm gauge length) attached to
the gauge section of the specimen. The test matrix is given in Table 1.

2.3. SEM and TEM characterisation

A field emission scanning electron microscope (FE-SEM) JEOL JSM-
7800F was used for fractography analysis, with an accelerating voltage
of 5 kV, a probe current of 8 nA and a working distance of 18mm. Foils
for TEM analysis were prepared with their plane normal to the loading
axis. At first discs with thickness of about 800 µm were cut with EDM at
a distance of 3mm away from the fracture surfaces of the tested spe-
cimens. Subsequently, they were ground with SiC abrasive paper of
240, 400, 600, 1200 and 2000 grit sizes to a thickness of less than 50μm
and then cut into foils with a diameter of 3mm. After mechanical

Fig. 1. Geometry of specimens used for low-cycle fatigue tests (all dimensions
in mm).

L. Zhang et al. Materials Science & Engineering A 744 (2019) 538–547

539



polishing, the foils were thinned electrochemically in a twin-jet electro-
polisher with an electrolyte solution consisting of 20% perchloric acid
and 80% alcohol under a voltage of 20 V, an electric current of 20 mA
and a temperature of −3 °C (using liquid chlorine to decrease the
temperature). Microstructural observations were conducted with JEOL
JEM-2100 TEM operating at 200 kV; a double-tilt holder was used to
rotate the specimens and achieve diffraction patterns for imaging.

3. Results

3.1. LCF behaviour

The first stress-strain loop for each strain amplitude (i.e., 0.6%,
0.8% and 1.0%) is compared in Fig. 2 for the [001]- and [111]-oriented
specimens tested at room temperature and 825 °C. The stress amplitude,
as a function of the number of cycles, is also compared in Fig. 3 for the
three strain amplitudes.

At 825 °C and under the 0.6% strain amplitude, the specimen ex-
hibited an elastic response for the [001] orientation during cyclic
loading, with a stress amplitude of around 610MPa (Fig. 2a). After 30
cycles, the strain amplitude was increased to 0.8%, which led to an
increase in stress amplitude (800MPa; Fig. 2b). An initial cyclic soft-
ening was observed, followed by a stabilisation of the stress amplitude

at around 768MPa (Fig. 3b). As the strain amplitude increased to 1.0%,
the stress amplitude rose to 912MPa (Fig. 2c). The area of hysteresis
loop also increased, indicating higher plastic deformation of the alloy.
Similar to the behaviour at 0.8% strain amplitude, the material ex-
hibited an initial cyclic softening, followed by a long period of satura-
tion in the stress amplitude (Fig. 3). Towards the end of the test, a sharp
stress drop was observed because of the initiation and rapid propaga-
tion of fatigue crack. At 503 cycles, the specimen experienced a com-
plete fracture (Fig. 3a).

At 825 °C, the results for the [111] orientation are markedly dif-
ferent from those for the [001] orientation (Fig. 2). Under the strain
amplitude of 0.6%, plastic deformation can be observed from the well-
developed hysteresis loop for the [111] orientation, with a starting
stress amplitude of 890MPa, which was much higher than 610MPa
observed for [001] orientation (Fig. 2a). Different from the [001] or-
ientation, the cyclic stress response for [111] orientation displays an
initial cyclic hardening under 0.6% strain amplitude, with a peak stress
amplitude of 1020MPa, which eventually saturated (Fig. 3). When the
strain amplitude increased to 0.8% from cycle 30, the stress amplitude
increased by 20MPa (Fig. 3b), i.e., from 1020MPa to 1040MPa, which
is an order of magnitude smaller than the respective increase observed
for the [001] orientation – from 610MPa to 800MPa. Under 0.8%
strain amplitude, cyclic softening was observed initially which was

Table 1
LCF test conditions.

Orientation Temperature Strain amplitude

[001] 825 ℃ 0.6% for 30 cycles; 0.8% for 30 cycles; 1.0% till failure
[111] 825 ℃ 0.6% for 30 cycles; 0.8% (failed at 20 cycles)
[001] RT 0.6% for 30 cycles; 0.8% for 30 cycles; 1.0% till failure

Fig. 2. Stress-strain loops for the first cycle at a strain amplitude of (a) 0.6%, (b) 0.8% and (c) 1.0% for [001]- and [111]-oriented specimens tested at room
temperature and 825℃.
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sustained till failure (Fig. 3). Similar to the [001]-oriented specimen, a
rapid stress drop occurred before fracture, as a result of crack initiation
and the subsequent crack propagation. Also, the specimen with [111]
orientation survived just 20 cycles under 0.8% strain amplitude, so
could not be tested at a strain level of 1.0%. This gave a total fatigue life
of 50 cycles, which is almost ten times shorter than the fatigue life for
the [001]-oriented specimen with 503 cycles (Fig. 3a).

At room temperature and under a strain amplitude of 0.6%, the
[001]-oriented specimen showed mostly elastic behaviour, similar to
that at 825 °C, except for a higher peak stress (790MPa; Fig. 2a). With
an increase in the strain amplitude to 0.8%, the stress amplitude in-
creased to 1010MPa, much higher than that at 825 °C (Fig. 2b). Be-
sides, the specimen experienced cyclic hardening at the beginning after
the stress-amplitude increase with a growing number of cycles, which
was in sharp contrast to the initial cyclic softening observed at 825 °C
(Fig. 3b). With an increase in the strain amplitude to 1.0%, the increase
in stress amplitude was curtailed (an increase from 1020MPa to
1030MPa was observed; Fig. 2c), which was significantly smaller than
that at 825 °C (768–912MPa; Fig. 2c). Furthermore, the specimen ex-
hibited continuous cyclic hardening under 1.0% strain amplitude, as
opposed to softening behaviour at 825 °C (Fig. 3b). The alloy endured
685 cycles in total before fracture, indicating that the [001]-oriented
alloy had a longer fatigue life at room temperature (Fig. 3a).

In addition, it was found that the elastic modulus decreased with the
increase in the strain amplitude, by comparing the linear part of the
hysteresis loop for different levels of the strain amplitude. This was
probably due to the development of defects such as small cracks and
micro-pores in the specimen during fatigue deformation exacerbated by
the increasing level of applied strain amplitude. According to con-
tinuum damage mechanics for uniaxial loading, the evolution of stress σ
takes the form:

= −σ ω Eε(1 ) , (1)

where ω is the damage variable ( ≤ ≤ω0 1), E is the elastic modulus of
the undamaged material and ε is the strain magnitude. As the damage
variable ω increases with the number of cycles, the equivalent elastic
modulus ̃ = −E ω E(1 ) decreases. For each strain amplitude, the
equivalent elastic modulus ̃E was calculated as 99.37 GPa (0.6%),
97.27 GPa (0.8%) and 89.94 GPa (1.0%), indicating an increase of da-
mage variable ω, i.e., 0, 0.021 and 0.075 for 0.6%, 0.8% and 1.0%
strain amplitudes, respectively, in the implemented tests.

3.2. Fracture surface analyses

Fracture surfaces of the failed specimens were examined with SEM,
and the fractographs are presented in Fig. 4 for all three cases. The
fractography showed that the fatigue crack initiated at, or near, the
surface of the specimens. After initiation, the crack propagated in the
direction either perpendicular to the loading direction (mode I) or

along different slip planes (shear- or slip-dominated). Cleavage-like
facets were observed, as a result of crack growth along the octahedral
slip planes. Micro-pores at the specimen surface might also act as
sources of stress concentration, leading to fatigue crack initiation
(Fig. 4a). In addition, for the [001]-oriented specimen tested at room
temperature, the cleavage facets were larger and less textured with
smaller cleavage steps, when compared to the specimen tested at 825 °C

3.3. TEM analyses

TEM images of the as-received alloy are shown in Fig. 5 for both
[001] and [111] orientations. Cuboidal γ′ phases with a size of about
0.5 µm were regularly distributed in the γ matrix. The volume fraction
of the γ′ precipitates was estimated at 70%. The width of the γ channels
was about 70 nm and 120 nm, respectively, when measured along the
[001] and [111] orientations in the TEM images. Overall, the alloy was
found to be almost free of dislocations, with a few dislocation lines
observed for either orientation.

The microstructure including dislocation distribution is shown in
Fig. 6 for the [001]-oriented specimen fractured in fatigue at 825 °C.
Apparently, the width of γ matrix channel remained the same (com-
pared to as-received sample, Fig. 5), while the corners of γ′ precipitates
were dissolved slightly. The dislocations were mainly contained and
distributed heterogeneously in the γ-matrix channels (see Fig. 6a).
Dislocation tangles were generated when loops of long dislocations
bowed out and encountered other dislocations in the γ channel. The
dislocation loops demonstrated zig-zag features (Fig. 6b). Also, irre-
gular square-shaped dislocation networks were formed at γ/γ′ inter-
faces in some regions as marked in Fig. 6b. This indicates that dis-
locations underwent a re-orientation process, i.e., from 110 to 100
direction at the γ/γ′ phase interface [19]. Additionally, irregular hex-
agonal-shaped dislocation networks developed at some γ/γ′ phase in-
terfaces as indicated in Fig. 6c, as two sets of dislocations in octahedral
slip planes interacted to form an alternate set of dislocations (i.e.,

+ →1/2[1̅01] 1/2[011̅] 1/2[1̅10]) by which the misfit strain could be re-
lieved more efficiently [20]. Various dislocation networks induced
sessile dislocation substructures, which might strengthen the alloy.
Moreover, as observed in Fig. 6d, some bow-shaped dislocations moved
around γ′ precipitates, displaying distinctly different morphologies.
Occasionally, dislocations were observed to shear into the γ′ pre-
cipitates (Fig. 6d). By analyzing the features of dislocations, it can be
concluded that dislocation glide and climb were the predominant de-
formation mechanisms for this alloy under LCF at 825 °C.

TEM images of microstructure and typical dislocation patterns for
the [111]-oriented specimen tested at 825 °C are given in Fig. 7. The
relative width of γ-matrix channels became slightly larger, compared to
that for [001] orientation. The dislocation lines were mainly observed
in the γ matrix, but with disordered patterns. As marked in Fig. 7a and

Fig. 3. Stress-evolution to failure for [001]- and [111]-oriented specimens tested at room temperature and 825℃.
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b, some short and straight dislocation lines were aligned in parallel,
demonstrating high resistance to dislocation motion, which was not
observed for [001] orientation. At 825 °C, dislocations could glide and
climb to move between γ′ precipitates, as a result of high strength of the
γ′ phase. Bow-like dislocations were observed to move around γ′ par-
ticles as shown in Fig. 7c, which was similar to the case for [001] or-
ientation. The bow-shaped dislocation structures were caused by the
evolution of dislocation segments around the cuboidal γ′ particles at the
γ/γ′ interfaces [6]. In Fig. 7d, dislocations piled up at the γ/γ′ interfaces
generating dislocation networks, which can accommodate the misfit
strain, thereby releasing the misfit stress. Also, more zig-zag disloca-
tions were also observed (Fig. 7e), indicating easier cross slip of dis-
locations for [111] orientation. The zig-zag dislocation configurations

were generated by the cross slip of screw dislocations across the octa-
hedral slip planes in horizontal γ channels, resulting in mixed 60° dis-
location at the bottom and upper surfaces of the γ′ particle. Dislocation
tangles got pinned in the γ channels with increasingly disordered pat-
terns, making dislocations more difficult to move in the γ matrix and
further promoting the shearing of dislocations into the γ′ precipitates
(Fig. 7f). From these TEM observations, it can be concluded that dis-
location cross-slip, in addition to glide and climbing, also became a
major deformation mechanism for the [111]-oriented specimen tested
at 825 °C.

Dislocation configurations in the [001]-oriented specimen tested in
fatigue at room temperature are shown in Fig. 8. Apparently, disloca-
tions also accumulated at the γ/γ′ interfaces, but with an overall density

Fig. 4. Fractographs of fractured specimens: (a) [001] orientation at 825 °C; (b) [111] orientation at 825 °C; (c) [001] orientation at room temperature.
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lower than that at 825 °C (Figs. 6 and 7). With a decrease in tempera-
ture, the density of dislocations decreased with a reducing dislocation
length. The process of dissolution of γ′ particles was very limited at
room temperature when compared to that at 825 °C. The occasional
cross-slip of screw-dislocation segments on the {111} slip planes in the
horizontal γ matrix channels is illustrated in Fig. 8b, but without cross-
slip movement. This indicates that it was more difficult for dislocations
to cross over different {111} slip planes, with planar slip being the
dominant deformation mechanism at room temperature [21,22]. Thus,
when the dislocations evolved in the same slip plane, they formed
highly tangled networks of dislocations in the γ channels as shown in
Fig. 8c. In addition, inhomogeneity of dislocation distributions in the
specimen can be observed in Fig. 8c, and some dislocations were oc-
casionally observed to shear into the precipitates (Fig. 8d). The dis-
location density was different across the specimen, and the bow-like
dislocations moved around the γ′ particles (similar to the samples tested
at 825 °C). For samples tested at room temperature, stacking faults was
formed in the γ′ precipitates, as indicated in Fig. 8d and also further

discussed in Section 4.3.

4. Discussions

4.1. Cyclic softening/hardening behaviour at 825 °C

At 825 °C, the [001]-oriented specimen exhibited cyclic softening at
the initial stage of LCF, irrespective of the imposed strain amplitude
(Fig. 3). First, the dissolution of γ′ precipitates at 825 °C led to cyclic
softening at high temperature. From Fig. 6, the dissolution of the cor-
ners of γ′ precipitates is observed, compromising the cubic shape of
original γ′ particles, thereby reducing the Orowan stresses required for
dislocations to bow into the γ matrix channels. Also, interfacial misfit
strains can result in progressive coarsening of the γ′ precipitates and
widening of the γ channels, further decreasing the resistance to dis-
location movement in the γ channels. During cyclic straining, γ′ pre-
cipitates were weakened due to the repeated shearing of the γ′ phase by
dislocations, leading to a reduction of the ordered phases and resulting

Fig. 5. Microstructure of as-received sample with (a) [001] and (b) [111] orientations.

Fig. 6. TEM bright field (BF) micrographs showing dislocation configurations in fatigue-tested superalloy with [001] orientation at 825 °C.
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in mechanical disordering. Softening and strain localisation was pro-
moted by the destruction of ordered local atomic arrangements [21].
Furthermore, at high temperature, dislocations became more active in
cross-slip and climb as a result of severe thermal activation and high
relative intensity of γ/γ′ phases, causing a rapid development of dis-
location networks at the γ/γ′ interfaces leading to the softening effect
[23,24]. Meanwhile, dislocation annihilation occurred during fatigue,
resulting in a reduction of the dislocation density within the deformed γ
channels and a decrease of internal stresses. In conclusion, dissolution
of γ′ particles, shearing of dislocations into γ′ precipitates, development
of interfacial dislocation networks and dislocation recovery process
were responsible for the initial cyclic softening behaviour of the [001]-
oriented specimen tested at 825 °C.

The [111]-oriented specimen showed an initial cyclic hardening
behaviour at 825 °C under low total strain amplitude (0.6%; Fig. 3). For
the face-centred-cubic (FCC) structure, there are eight equivalent oc-
tahedral slip systems for the nominal [001] orientation, and six
equivalent octahedral slip systems for the [111] orientation [25].
However, Vattré et al. [26] discussed that under low strain, eight oc-
tahedral slip systems were almost active equally for the [001]

orientation, while the [111] orientation had only two octahedral slip
systems active, although its six octahedral slip systems had the same
Schmid factor. Thus, slip-system activation was an important factor that
affected deformation at the low strain amplitude. The lack of slip-
system activation was a cause of cyclic hardening for the [111]-oriented
specimen. In addition, by comparing TEM observations with those for
the [001]-oriented specimen (Fig. 6), many parallel arrays of disloca-
tions were found to exist at the γ/γ′ interfaces for the [111]-oriented
specimen (Fig. 7). The structure of parallel dislocation caused greater
resistance to dislocation movement between different slip planes; as a
result, dislocations favoured to slip in a single family of slip systems.
Under higher strain amplitude (0.8%), the cyclic stress response of the
[111]-oriented specimen exhibited an initial softening character
(Fig. 3). TEM observations illustrated both the generation of dislocation
networks and the dissolution of γ′ particles, indicating a similar soft-
ening mechanism for the [111]-oriented alloy.

4.2. Effect of temperature on LCF behaviour

For a given temperature, the fatigue life depends on key mechanical

Fig. 7. TEM images showing dislocations in [111]-oriented specimen fatigue-tested at 825 °C.
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factors such as stress level, loading mode and temperature [27]. An
increase in temperature leads to a reduction of the strength of γ′ pre-
cipitates, acceleration of an oxidation process and induction of the
cyclic-slip irreversibility, thus resulting in microstructural damage of
the alloy. Also, some key material parameters, such as the elastic
modulus [6] and yield stress [28], can change with testing temperature,
which can significantly influence the process of crack initiation and
propagation. For the [001]-oriented specimen, the peak stresses at
room temperature were higher than those at 825 °C under identical
strain amplitude, and cyclic softening/hardening behaviour was found
dependent on the testing temperature.

To further analyse the temperature-dependent material behaviour, a
LCF test was carried out for the [111]-oriented specimen at room
temperature at the same strain-controlled loading condition but inter-
rupted at the 20th cycle under 0.8% strain amplitude when surface
cracks appeared. The stress-strain response for the first cycle at each
strain level (0.6% and 0.8%) is plotted in Fig. 9, together with evolution
of the stress amplitude with the number of cycles. Comparing with the

test at 825 °C (Figs. 2 and 3), the initial stress amplitude of the [111]-
oriented specimen at room temperature was higher for both 0.6% and
0.8% strain amplitudes – 1108MPa and 1436MPa, respectively. Cyclic
hardening was observed at 0.6% (Fig. 9b), similar to that at 825 °C
(Fig. 3). However, the [111]-oriented specimen demonstrated con-
tinued cyclic hardening under 0.8% strain amplitude at room tem-
perature rather than softening behaviour as observed at 825 °C. Com-
pared to the [001]-oriented specimen tested at room temperature
(Fig. 2), the area of hysteresis loops for [111]-oriented specimen was
much larger, indicating higher plastic deformation (Fig. 9a). Besides,
the peak stresses for the [111]-oriented specimen were higher than
those for the [001]-oriented specimen at room temperature. The former
specimen showed continuous cyclic hardening for both strain ampli-
tudes (Fig. 9b); while the latter specimen demonstrated slight cyclic
softening under 0.6% strain amplitude followed by cyclic hardening
when the applied strain amplitude was subsequently increased to 0.8%
and 1.0% at room temperature (Fig. 3).

Fig. 8. TEM images showing the dislocations in [001]-oriented specimen tested at room temperature.

Fig. 9. Stress-strain loops for first cycle (a) and evolution of stress amplitude to failure (b) for [111]-oriented specimen tested at room temperature.
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4.3. Cyclic hardening at room temperature

Different from the cyclic stress response at 825 °C, both [001]- and
[111]-oriented specimens exhibited only cyclic hardening under var-
ious strain levels at room temperature. The dislocation microstructure
of the [111]-oriented sample tested at room temperature is illustrated
in Fig. 10. It can be observed in Fig. 10a that γ′ precipitates were
slightly dissolved and γ-matrix channels were widened, reducing the
Orowan stress required for dislocations to bow out around the pre-
cipitates. In contrast, the parallel dislocation structures induced the
higher resistance to dislocation movement and cyclic deformation.
Therefore, the [111] orientation presented cyclic-hardening features
during the early stage of LCF deformation. Only narrow slip bands were
observed in γ channels (Figs. 8c and 10b), and shearing of γ′ pre-
cipitates by dislocations was not extensively present (Fig. 10c). The
formation of irregular dislocation networks from partially misfit dis-
locations impeded the subsequent dislocation movement, leading to a
cyclic hardening behaviour. As reported in Décamps et al. [29], the
interfacial dislocation networks might hinder other dislocations from
penetrating into the γ′ precipitates, thus leading to an absence of
shearing of γ′ precipitates or material softening. Continuous stacking
faults were present at room temperature (Figs. 8d and 10d). As sug-
gested in Viswanathan et al. [30] and Décamps et al. [31], such faults
were generated by the dissociation of a/2〈110〉 matrix dislocation and
the subsequent shearing of γ′ precipitates by propagation of a leading
partial dislocation. This mechanism is favoured when the stacking fault
energy of the γ matrix or the width of the γ channel decreases and the
applied stress increases [31]. Once stacking faults are formed, they act
as barriers to dislocation movement, making plastic deformation more
difficult, thereby contributing to cyclic hardening.

5. Conclusions

Strain-controlled cyclic deformation with varied strain amplitudes
was studied for a nickel-based single-crystal superalloy, with a focus on

the effects of orientation and temperature. The study was also sup-
ported by comprehensive TEM analyses. The alloy exhibited anisotropic
behaviour during cyclic deformation. At 825 °C, the [001]-oriented
specimen showed cyclic softening at the early stage of fatigue de-
formation, while the [111]-oriented specimen demonstrated cyclic
hardening under lower strain level and cyclic softening under higher
one. The fatigue life of the [111]-oriented specimen was significantly
shorter than that of the [001]-oriented specimen. The initial cyclic
softening behaviour for the [001]- and [111]-oriented specimens was
caused by dissolution of γ′ precipitates, formation of interfacial dis-
location networks and annihilation of dislocations. The cyclic hard-
ening, especially at room temperature, was due to the formation of
dislocations arrays that were aligned parallelly in γ matrix channels,
preventing interactions of dislocation between different slip systems.
The dislocation entanglement in the γ matrix, caused by gliding, cross-
slip and dislocation climb, also contributed to the cyclic hardening by
increasing the resistance of the material to cyclic plastic deformation.
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