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A B S T R A C T

From Micro- to Nano-porous Materials with Layered Microstructure

Kenichi Nakanishi

A large body of work has been committed to studying the unique properties

of 2D materials such as graphene, with advancements in both the material

quality and scale of mechanical exfoliation and chemical vapour deposition

(CVD) methods. These emergent 2D materials have recently been engineered

as the cell walls in three-dimensional structures, but their superb material

properties are yet to be fully realized in this new form. This thesis inves-

tigates the CVD processing of a range of catalytic templates to open new

routes towards the controlled fabrication of graphitic foams and lattices. As

part of a full feedback loop, mechanical characterization of these unique

cellular materials was undertaken in order to examine their deformation

and failure mechanisms, including capturing their behaviour in a new hi-

erarchical model framework. These novel structures have the potential to

combine the properties of structured porous materials, i.e. low density, high

geometric surface area, permeability and mechanical stability, with the in-

trinsic properties of 2D materials such as enhanced electrical and thermal

conductivity, high mechanical strength and stiffness as well as resistance to

damage from extreme temperatures and chemical attack. Such high quality

2D-material based cellular structures have manifold potential applications in

electrochemistry, catalysis and filtration.

Herein, freestanding graphitic foams are fabricated across a range of rel-

ative densities, and their uniaxial compressive responses are measured to

investigate the operative deformation and failure mechanisms that govern

the mechanical response of such foams. For this purpose, a hierarchical

micromechanical model is developed, which traces the deformation of the

hollow cell struts to the axial stretching of the cell walls. The waviness of
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the multilayered graphitic wall increases the axial compliance of each cell

wall, and it is established that axial straining within the cell wall occurs by

interlayer shearing. Crucially, this mechanism demonstrates that the contin-

uum properties of such foams are dictated by the weak out-of-plane shear

properties of the layered cell wall material, leading to a large knockdown in

the macroscopic mechanical properties of the foam.

Ordered graphene gyroid lattices possessing nanoscale unit cell sizes are

then fabricated and characterized through a combination of nanoindenta-

tion and a multi-scale finite element analysis (FEA) study. These structured

nanolattices were found to be highly conductive and possessed a high degree

of elastic recovery and strength owing to the structural efficiency afforded

by the stretching-dominated cellular architecture. However, the nanoscale

interlayer shearing deformation mechanism was again found to be active

in the cell walls of these structures, attenuating the continuum response

of the lattice. The hierarchical micromechanical model developed herein

rationalizes why CVD-grown multilayer graphitic foams and lattices possess

diminished continuum elastic moduli and yield strengths in comparison to

the exemplary in-plane mechanical properties of 2D materials, presenting a

first step towards the understanding of porous materials whose cell walls are

comprised of emergent 2D materials.

In addition, the direct shrinkage of commercial polymer foams and 3D

printed templates is used herein to offer a very simple and low-cost method

for reaching identically-shaped structures with sub-200 µm unit cell sizes.

The conformal addition of different thicknesses of alumina is shown to

control the level of isotropic shrinkage, reducing the shrinkage ratio from

125x to 4x after addition of 25 nm of alumina, while inducing a surface stress

mismatch that drastically increases the surface roughness of the material.

Furthermore, efficient graphitization was demonstrated through the use of an

electrolessly deposited Nickel film, resulting in the formation of a conductive

multilayer graphenic coating at temperatures below 1100 °C. These processes

present the flexible production of multifunctional cellular materials with

sub-mm unit cells, tuneable size, roughness and conductivity.
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A final study investigates the preparation of a nascent 2D material, WS2,

through the use of a deconstructed metal organic chemical vapour deposi-

tion (MOCVD) process which allowed insight into the role of each process

step. The catalytic effect of an Au substrate is unambiguously demonstrated,

which allowed for a reduction in the precursor partial pressures required

to nucleate and grow WS2 by over an order of magnitude in comparison

to competing methods. This enabled the efficient low-pressure growth of

WS2 films with low levels of carbon contamination. Furthermore, the reac-

tion process developed herein exhibited a self-limiting monolayer growth

behaviour with exposure cycles lasting just 10 minutes, a significant im-

provement over prior MOCVD processes requiring growth times in excess

of 1 hour. These insights foster our understanding of the key underlying

mechanisms of WS2 growth for future integrated manufacturing of transition

metal dichalcogenides (TMDCs) and other 2D materials.
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Figure 4.1 (a) Schematic of the sample preparation steps. A nickel

network was subjected to a CVD process that encap-

sulates the templates in multilayer graphene. The net-

work is coated in PMMA which acts as a scaffold as

the nickel core is etched. (i) The PMMA scaffold is

removed, preserving the structure in a FG. (ii) An in-

termediate ALD step can provide structures that are

encapsulated in a thin AlOx shell. (b) Optical image

of a final free-standing graphitic foam, with laser-cut

5×5 mm squares. . . . . . . . . . . . . . . . . . . . . . 90
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cross-section, and (c) strut wall. (a) The cellular geome-

tries of FG and Al2O3/G closely resemble those of Ni

foam templates with approximate unit cell length (L)

of 300(±100) µm. (b) A cross-sectional cut shows that

the struts of both FG and Al2O3/G are hollow with

triangular cross-section and equivalent side length (d)

of 50(±15) µm. (c) The strut wall of FG consists of

hundreds of graphene layers, as highlighted in green,

with thickness h that varies between 80 nm and 150

nm. The strut wall of Al2O3/G consists of graphene

layers and Al2O3 film, as highlighted in green and red,

respectively, with an overall thickness (h) that varies

between 130 and 200 nm. . . . . . . . . . . . . . . . . . 92
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Figure 4.3 HR-TEM of a CVD-deposited few-layer graphene on

a Ni template, showing conformal growth of stacked

layers. The lattice image taken from a surface cross-

section of a CVD-deposited graphitic film on a cat-

alytic film shows graphitic layers running parallel to

the metal surface with characteristic (002) graphite

spacing. The sample was grown (~1000°C, CH4(10

sccm)/H2(600 sccm), 3 min, cooled at ~25°C/min) on

a Ni-Au film (550 nm thick, 1.2% Au alloy), with the

Au admixture giving improved nucleation control. . . 93

Figure 4.4 Raman spectroscopy map of a FG unit cell represented

as (a) ID/IG and (b) I2D/IG intensity ratio. (c) Repre-
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denoted as A and B in (a) and (b). (d) Thermogravi-

metric analysis of PMMA/G and FG in air to indicate

the complete removal of PMMA scaffold. The PMMA

scaffold decomposes in air at ~350°C, while graphitic
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spectively. (c) XPS survey spectra of nickel-free G,
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as comparison. (d) Distribution of ID/IG and I2D/IG
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Figure 4.7 Examination of strut waviness from AFM and SEM

images. AFM line profiles (a) can be used to extract (b)

waviness values. Raw SEM images (c) are processed to

find edges, which are extracted (d) and compared to

a scale based on the image magnification. Images d-i

to iii are edge profiles extracted from separate high-

resolution SEM images. Large scale waviness up to an

amplitude of 2.8 µm may be present along the length

of a number of struts (d-ii). . . . . . . . . . . . . . . . . 97

Figure 4.8 (a) Scanning electron microscopy (SEM) images of

commercial Ni foam used herein (MTIXTL, purity

>99.99%, ~95% porosity, 80-110 pores per inch, 1.6 mm

thick, bulk density ~450kg/m3). The polycrystalline

grain structure can be seen in (b), with a grain size

ranging from 4-20 µm. A sample post 60% uniaxial

compression can be seen in (c). . . . . . . . . . . . . . 98

Figure 4.9 (a) Typical nominal stress-strain curve response of

FG under compressive load. Three distinct regimes

exist: (I) linear elastic ǫ < ǫY , (II) plateau ǫY < ǫ <

ǫD, and (III) densification ǫ > ǫD. (b) SEM images

of a sample subjected to successively larger levels of

macroscopic strain ǫ, followed by unloading to zero

load. The remnant strain ǫr was measured from the

associated SEM images. A dotted line is drawn to
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Figure 4.10 (a) Low magnification SEM image of FG foam taken

post compression (peak ǫ = 0.6). Green and yellow

arrows indicate the plastically deformed and fractured

struts, respectively. The green arrows indicate a pair

of plastic hinges formed on the deformed strut. The

yellow arrows indicate the direction of the compressive

force. (b) Schematic of the plastically deformed strut

at ǫ>ǫY , with the cell structure skeleton outlined in

red. The struts undergo bending when the foam is

subjected to compressive force. Since the strut ends

are rigid and act as rotation-fixed but translation-free

constraints, a pair of plastic hinges is formed on the

strut. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 101

Figure 4.11 (a) Typical nominal stress-strain (σ− ǫ) response of

FG and Al2O3/G under compressive load with a dis-

placement rate of ~10 µm/s. The onset of plasticity

ǫ = ǫY , is indicated by the yellow line, while the onset

of densification ǫ = ǫD, is indicated by the green line.

(b) Sample σ − ǫ curves of FG and Al2O3/G in the

linear elastic regime. The yield stress (σY) is given by

the stress at σY , while the compressive modulus (E) is

obtained by a linear fit. Plot of E (c) and σY (d) of FG

and Al2O3/G as a function of their apparent density

(ρ). The yellow fit in (c) and (d) indicate scaling of

E ∝ ρ2 and σY ∝ ρ3/2, respectively. . . . . . . . . . . . 102
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Figure 4.12 Normalized compressive Young’s modulus (a) and

yield strength (b) of graphene oxide foams as a func-

tion of relative density. The power law fit is plotted

according to classical scaling laws, finding slopes of

1.95 and 2.40 and scaling constants of 0.017 and 0.025

for (a) and (b) respectively. ρs=2270 mg/cm3, Es =

1.06 TPa, and σys = 130 GPa are used for the density,

Young’s modulus, and yield strength of graphene for

its in-plane mechanics, which are used to normalize

the properties of graphene aerogels. . . . . . . . . . . 104

Figure 4.13 An Ashby chart showing the correlation between elec-

trical conductivity (1/R) and apparent density (ρ) for

FG, Al2O3/G, and PMMA/G foams. Other state-of-
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eratures are also presented as reference, see [3, 14, 34,

36, 42, 74, 98, 100, 117, 160, 200, 202, 264, 281, 293, 297,

308]. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 105

Figure 4.14 FG and Al2O3/G structure idealization. (a) The Weaire-
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approximate length of L. (b) Strut schematic illustrat-

ing the hollow triangular cross-section with a side

length of d, internal side length di, bending axis X–

X and a wall thickness of h. (c) Wall level schematic

of a cell wall loading in the micromechanical models

used herein. The wall waviness is represented as a sine

wave of amplitude w0 and wavelength λ. In a wavy

wall subjected to an axial tension or compression, mis-

alignment induces bending loads and transverse shear

forces on the cross-section of the cell wall, leading to

the suggested wall bending or wall shear deformation
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Figure 4.15 Images of the surface of as-grown graphitic layers,

demonstrating the waviness present due to the poly-

crystalline substrate and wrinkling arising from a mis-

match in the thermal expansion coefficient after cool-

ing. (a) SEM images of a tilted strut surface. (b) Large

20×20 µm AFM image of the graphitic surface. . . . . 111
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ness (amplitude w0, wavelength λ). Shear and bend-
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The transverse deflection at a given point described

by w(x). When the wall is at an angle to the acting
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x, M = Tw(x). (c) This bending moment tends to
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(

2πx
λ

)

where w0 is

the amplitude of the waviness and λ is the wavelength.
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largely at an angle to the acting T , an interlayer shear

stress τ is created between the layers of the multilayer

graphitic wall. . . . . . . . . . . . . . . . . . . . . . . . 116
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Figure 5.4 AFM images of the (a,b) graphene and (c,d) nickel

gyroid surfaces. . . . . . . . . . . . . . . . . . . . . . . 128
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Figure 5.10 Representative volume elements of the solid gyroid
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roid with ρ̄ = 0.4 and hollow gyroid with ρ̄ = 0.05 are
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Figure 5.18 Hardness H and reduced modulus ER of the (a) solid

and (b) hollow gyroid films as a function of the nor-

malized indentation depth δ/h. The error bars indicate

the standard deviation over the 16 tests conducted on

each film. The FEA predictions with nickel solid gy-

roid film properties E• = 25 GPa, ν• = 0.3 and σ•
Y = 510

MPa and hollow graphene gyroid film properties E◦ =

1.2 GPa, ν◦ = 0.32 and σ◦
Y = 55 MPa are included. . . 149
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Figure 6.2 (a) Schematic and associated SEM images for the shrink-

age and subsequent conversion of melamine foams to

a graphenic network (inset scalebars 1 µm). (b) Raman

spectra of pristine melamine foam displays character-

istic vibrational signatures containing ring bending

(500-800 cm−1), triazine ring breathing (975 cm−1), N-

CH2-O group vibrations (1250–1600 cm−1), trace S-H

vibrations (2500 cm−1) and strong C-H stretching (3000

cm−1). (c) Optical images of the melamine foam before

and after processing, illustrating the dramatic reduc-

tion in volume and change in color after carbonization. 162

Figure 6.3 SEM images of a polymer shrunk and graphitized

melamine foam at different accelerating voltages. (a)

Graphitic carbon shells present on the surface of the

amorphous carbon network due to the self-diffusion

of the thin catalytic nickel layer. (b) Higher (15 kV)

accelerating voltages reveals the the thin graphitic film

present on the amorphous carbon struts post nickel-

etching. . . . . . . . . . . . . . . . . . . . . . . . . . . . 164

Figure 6.4 (a) Schematic for the shrinkage and conversion of a cu-

bic resin lattice to graphitic network, with up to 125×
decrease in volume. (b) Representative Raman spectra

taken on samples as labelled. Pre-carbonized samples

developed a characteristic multilayer graphitic Raman

signature. (c) Optical images demonstrating an 80%

shrinkage in each direction occurs after process com-

pletion resulting in an over 125× reduction in volume.

Addition of a 25, 10, 5 or 2.5 nm thick alumina layer

allows for the attenuation of the shrinkage and de-

velopment of surface wrinkling (alumina thicknesses

shown left to right). . . . . . . . . . . . . . . . . . . . . 165
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Figure 6.5 SEM images of an ALD alumina-arrested shrinkage

process applied to 3D printed cubic lattices. 3D printed

lattices begin at 1mm unit cell size, which shrinks

down to 170 µm after carbonization without an ad-

ditional alumina layer, representing a >5× shrinkage

in each lateral direction and an overall >125× reduc-

tion in volume. Addition of 5 nm of alumina by ALD

results in reduced shrinkage and a pronounced wrin-

kling of the lattice surface. Low magnification inset

shows large-area isotropic shrinkage. High magnifi-

cation inset shows the characteristic wrinkling of the

graphene surface atop the pyrolytic carbon strut (inset

scale bar 500 nm). . . . . . . . . . . . . . . . . . . . . . 167

Figure 7.1 Sample Lorentzian-Gaussian multipeak fit of the WS2
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Figure 7.2 Schematic of 2-step MOCVD procedure for WS2 on Au

foil. (a) Key growth parameters: the sample is heated

to and kept at 700°C and first exposed to THC. The

sample is then quenched to prevent potential uncon-

trolled pre-reactions between the two precursors. This

is followed by heating to 700°C again, and exposure

to DMS. The pressure of DMS is varied to study its

influence on carbon contamination. (b) Key growth

processes: (i) Poly-crystalline Au foil exhibits grain

growth upon annealing (ii). (iii) Deposition of W dur-

ing metallization. (iv) Sulfurization of W seeds. (v)

WS2 covered Au after MOCVD. The as-grown WS2 is

monolayer and poly-crystalline. (c) Evolution of WS2
film growth from nucleation to domain growth and

merging. . . . . . . . . . . . . . . . . . . . . . . . . . . 176
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Figure 7.3 WS2 growth on Au partially covered by monolayer

hBN. (a) Schematic of sample and MOCVD procedure

with metallization and sulfurization: (i) Half of the Au

catalyst is covered by monolayer hBN before MOCVD.

(ii) During metallization process, tungsten (grey clus-

ters) deposits on both hBN covered and not covered

area. (iii) During sulfurization, only tungsten on Au is

converted to WS2. (b) Select ToF-SIMS surface images

of sample after complete MOCVD process: (i) B+ im-

age corresponding to hBN coverage; (ii) WS−3 image

corresponding to WS2 coverage; (iii) WO−3 image to

characterize W coverage; (iv) C−
2 image to characterize

residual carbon. . . . . . . . . . . . . . . . . . . . . . . 177

Figure 7.5 Carbon contamination introduced during sulfurization

step: (a) Raman spectra of samples treated with dif-

ferent sulfurization conditions. (b) Integrated Raman

peak intensity ratio (A) between amorphous carbon

(a-C) and WS2 vs. DMS pressure during sulfuriza-

tion. The error bar is 5 times of the variation in each

measurement. (c) ToF-SIMS C−
2 ion intensity vs. DMS

pressure during sulfurization. (d,e) ToF-SIMS depth

profile for C−
2 and WS−3 count for WS2 monolayer

on Au foil comparing low (0.3 mbar, (d)) and high (1

mbar, (e)) DMS pressures during sulfurization. Both

carbon and WS2 are distributed uniformly over the
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Figure 7.6 Large scale ToF-SIMS imaging of WS2. (a) ToF-SIMS

surface maps of WS2 grown with 1mbar DMS dur-

ing sulfurization. (b) ToF-SIMS surface maps of WS2

grown with 0.1 mbar DMS during sulfurization. (c)

Normalized ToF-SIMS signal of C−
2 . In samples grown

with high Ps−, a significant amount of carbon can be

detected by ToF-SIMS in the same place as WS2. All

ion intensities are normalized against total spot intensity.182
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Figure 7.7 Characterization of continuous WS2 film via 2-step

MOCVD process (0.1 mbar DMS). (a) Raman spec-

troscopy characterization of WS2 film transferred on

SiO2/Si. (i) Typical Raman Spectrum normalized by

the Raman peak of Si. (ii) Raman mapping of fre-

quency difference between E2g and A1g. No multilayer

WS2 (i.e. frequency difference larger than 65.5cm−1,

marked by red colour) is observed. (b) PL character-

ization of WS2 film transferred on SiO2/Si substrate.

(i)Typical PL spectrum normalized by the Raman peak

of Si. The exciton (X) and trion (X−) peaks are labelled.

(ii) Integrated PL intensity mapping normalized by

the integrated Raman intensity of Si. The strong PL

confirms the single-layer nature of the WS2 film. . . . 183

Figure 7.8 (a) HR-TEM of the WS2 film transferred on Quanti-

foil TEM grid. Lattice distance is measured as ~3.2

Å. (b) SAED of WS2 film. The sharp 6-fold diffraction

pattern indicates good crystallinity. The inset shows

bright field HR-TEM image of the SA. (c) HR-TEM

diffraction mapping of WS2 film. The WS2 film has

average domain size of around 10 µm with a bimodal

crystal orientation with 30°rotation (FWHM < 1°). . . 183

Figure 7.9 ToF-SIMS depth profile of different ion species. (a)

Depth profile taken on WS2 grown by 0.3mbar DMS

sulfurization. (i) is the rough depth profile, sputtered

by Cs+. (ii) is the fine depth profile, sputtered by Ar+.

(b) Depth profile taken on WS2 grown by 1 mbar DMS

sulfurization. (i) is the rough depth profile, sputtered

by Cs+. (ii) is the fine depth profile, sputtered by Ar+. 184

Figure 7.10 Transfer measurement of WS2. (a) Semi-log plot. (b)

Linear plot. Both plots are measured with and without
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1
I N T R O D U C T I O N

Cellular materials appear widely in nature, existing in the microstructure

of cork, wood, trabecular bone and many growing organisms [246]. Due to

their repeating structure, cellular materials may possess novel properties

ranging from high geometric surface areas, permeability to fluids and me-

chanical stability while still possessing considerable weight savings relative

to bulk materials [77]. Pliable polymer foams have long been used to absorb

vibration, noise and impact energy, whereas hard-wearing and thermally

resistant ceramic foams have found use in filtration, pollutant absorption and

as catalytic substrates. Metallic foams offer a large surface area and the ability

to pass flow through the pores while simultaneously passing heat or current

through the solid network, making them ideal for use in electrochemical

devices and as heat exchangers, evaporators or thermally insulating devices

[12]. The physical properties of each cellular material are determined by the

material properties of the constituent solid of which they are made, their

relative density ρ̄ (the fraction of space occupied by the solid) and their

cellular architecture (cell size, wall thickness, connectivity and regularity).

Understanding of the structure/property relationship of cellular materi-

als is crucial for their design and use in future applications. Many prior

studies have sought to establish a direct relationship between the foam micro-

structure and macro-level properties. A number of theoretical models and

empirical observations have determined a set of scaling laws that attempt

to express the relationship between the effective mechanical properties of

a homogenized foam and its relative density. Thereby, a mechanical prop-
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erty such as the overall stiffness may be expressed in a power law relation

such as E = Cρ̄nEs where Es is the Young’s modulus of the constituent

solid material, C is a geometric parameter and n is an exponent that is

strongly influenced by the deformation behaviour under loading [77]. The

cellular topology will determine the load bearing and stress transfer be-

haviour, which will influence these geometric scaling parameters and hence

the final mechanical behaviour of a cellular material. In order to understand

these structure/property relationships, many theoretical approaches have

examined foams constructed from idealized repetitive unit cells . Further

refinements have improved the representation of the morphological structure

of the cellular materials through the introduction of cellular irregularities or

the use of directly imaged cellular topology.

Cellular materials can be prepared with distinct cell morphologies from

a wide variety of parent materials. Disordered polymeric foams are most

commonly prepared by bubble formation within a liquid melt, with foaming

occurring via physical or chemical blowing agents. At this stage, the rheo-

logical behaviour of the foaming liquid is a key factor that will determine

the cell size, structure, and relative number of open cells. Open-cell poly-

mer foams can be subsequently converted to metallic (or otherwise) foams

through investment casting, CVD or slurry casting. Alternative templating

methods may utilize hollow spheres or a leachable solid around which liquid

material is injected then solidified. However, stochastic systems produced

in these ways will consistently demonstrate inferior structural performance,

leading to interest in the development of porous structures with periodic

order and controlled cell morphology. To achieve this, additive manufactur-

ing techniques have been utilized as an open platform for the preparation

of lattice structures with rationally designed structures, possessing unit cell

sizes down to the micron scale. This has lead to the design of lattice materials

that take full advantage of geometry-based scaling efficiencies, which pos-

sess higher stiffness, strengths, and energy absorption capacities than their

foamed counterparts with random geometry.
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Figure 1.1: Compressive strength vs density Ashby chart showing state-of-the-art

lattice materials, which are highlighted according to the length scale of their cellular

architecture. Note for a given relative density, the increased strength that is present

in cellular materials with increased structural order or reduced strut sizes.

Independently, advancements in material metrology and synthesis techniques

have revealed that at the nanoscale, the mechanical, catalytic and electronic

properties of a material can undergo significant changes [61, 116]. In one

example, the typical bulk strength of metals and ceramics are orders of

magnitudes smaller than their theoretical limit due to imperfections such

as dislocations, grain boundaries and voids. The length scale of the mi-

crostructure within a material determines the size and distribution of these

flaws, and hence the final strength of the material. For example, both the

fracture strength σf of brittle materials and the yield strength σy of ductile
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metals are inversely proportional to a variable related to the material mi-

crostructure (i.e. the critical crack size ac or the grain size/distance between

dislocations, known as the characteristic length l). When the dimensions of

a material are reduced, the distributions of flaw sizes decrease correspond-

ingly, increasing strength towards their theoretical limit. This ‘smaller is

stronger’ phenomenon has led to the development of nanolattices, in which

the length scale of architecture is reduced to a scale small enough to exploit

size-dependent strengthening. Pyrolytically derived ceramic nanolattices [16],

atomic layer deposited hollow-beam ceramic nanolattices [96] and nickel

double gyroid nanolattices [110] each possess nanoscale strut or nanoscale

wall thickness, leading to extremely high relative compressive strength. These

exemplify the potential outcomes of material strengthening size effects on

the macroscopic strength of a cellular material, see Fig 1.1.

Size effects influence a wide range of physical properties, as demonstrated

by the rise of 2D materials - an entire class of materials whose size has been

reduced down to a dimensional limit. The isolation of graphene in 2004

demonstrated that 2D materials were not only thermodynamically stable,

but possessed material properties that are present only in this atomically

thin form of carbon. When individual flakes were examined, graphene has

demonstrated conductivities of up to 200,000 cm2/V·s [62] at T = 20 K, a

tensile strength of 130 GPa and Young’s modulus of 1 TPa [121]. Since the

discovery and characterization of graphene, an extensive library of 2D mate-

rials have been found, possessing an broad spectrum of material properties.

Transition metal dichalcogenides TMDC encompass an entire 2D material

family in which transition metal atoms are sandwiched between two layers

of close-packed chalcogenide elements (S, Se or Te). Depending on the coor-

dination and oxidation state of the metal atoms, and doping of the lattice,

TMDCs can be metallic, semimetallic or semiconducting [261]. Within this

family, monolayer tungsten disulfide (WS2) is particularly interesting as a

prototypical semiconductor, possessing a wide direct band gap (Eg ≈ 2.0 eV)

[254] and bright room-temperature photoluminescence (PL) [83, 186].
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Figure 1.2: Schematics for the production of (a) 2D material on a flat catalyst, (b)

2D material grown on a disordered, macroscopic 3D template and (c) 2D material

grown on an ordered nanoscale gyroidal template.

Combining an understanding of material growth and properties with the con-

trol over the 3D microstructure of 2D materials leads to exciting opportunities.

Some examples which allow the exemplary properties of these materials to

be highlighted in their respective applications include: the spinning of carbon

nanotubes into fibers, [52], pressing of graphene flakes into flexible conduc-

tive papers [44], and the incorporation of exfoliated graphene sheets as a

reinforcing additive [162] or blending into conductive inks [118]. Advances

in manufacturing and characterization methods for 2D materials allow these

layered solids to be engineered as the cell walls in a new class of 3D porous

cellular materials [226, 252]. Grown as conformal layers of 2D materials,

the cellular morphology of these 3D monoliths inherit the shape of their

template independent of size and morphology see Fig 1.2. The utilization

5



introduction

of the mechanical, thermal and electrical properties of 2D materials in low

density and high surface area structures gives the opportunity for these 2D

material based cellular materials to be used in applications ranging from

energy storage [141], and electrochemistry [273] to thermal management

[187], sorption [131] and filtration [14].

CVD-grown graphene foams have been examined as active electrode materi-

als due to their large surface area (300-600 m2g−1), porosity (~99.7%, ~200 µm

pore size), resistance to chemical corrosion, and high electrical conductivity

(~10 S/cm) [36]. Electrodes based on graphene foams can operate at much

higher charging and discharging rates compared to conventional battery

electrodes due to the thinness of the active materials and close proximity to

the porous conductive network [211]. Furthermore, the graphene scaffold is

flexible, with the thinness of the active materials reducing stresses within the

electrode, enabling bending radii as low as 5 mm [128]. Used as the scaffold

for the fabrication of monolithic composite electrodes, these graphene foams

have been demonstrated to possess a high specific capacitance of 800-1080

F/g when coupled with transition metal oxides [28, 54, 292] or 346 F/g with

conductive polymers [59]. These values are significantly greater than those

based on assembled chemically modified graphene (135 to 175 F/g) [228,

235], due to the use of a continuous and highly conductive graphene network

that possesses less defects and intersheet junctions. Use of smaller catalytic

templates have increased the available surface area (972-1509 m2g−1) but

such systems possessed modest specific capacitances of 252-330 F/g [119,

275], owing to the relatively poor graphitic quality of the foams (conductivity

0.1 S/cm). Preparing foams with low density and high graphitic quality,

conductivity, and surface area will be key in preparing electrode material for

supercapacitors with high power and high energy density levels.

The production of high-performance electromagnetic interference (EMI)

shielding materials have similar material requirements, with 3D graphene

foams possessing low density, excellent flexibility, and extraordinary elec-

trical conductivity having been used to produce EMI shields that exceed

the target value needed for commercial applications (~20 decibels (dB)) [37,
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279]. Use of CVD-grown graphene foams with large pore sizes (~200 µm, 5

mg/cm3 density) have resulted in an EMI shielding effectiveness of 30 dB

for a 1 mm thick sample [37]. Furthermore, CVD-grown graphene foams

utilizing pressed powder templates (~200 µm pore size) have demonstrated

an EMI shielding effectiveness of 60 dB at just 50 µm thickness [293], owing

to the greater cross section of conductive material (810 mg/cm3 density).

Graphene foams have also demonstrated enhanced biocompatibility, showing

minimal toxic effects within the first 21 days of cell culture [51]. 3D graphene

structures provide a high surface-to-volume ratio, 3D porous structure with

favorable mechanical characteristics and rapid mass/electron transport kinet-

ics (which are required for chemical/physical stimulation of differentiated

cells) [2]. As such, mesenchymal stem cells (MSCs) have been successfully

cultured within a graphene network, where the conductive graphene foam

(0.5 S/cm) supported neuronal differentiation [146, 238]. Further applica-

tion of surface coatings to graphene foams have allowed cultured MSCs to

successfully undergo chondrogenic [170] or osteogenic [294] differentiation.

Additionally, recent work by Ma et al. has reported that the morphology

and mechanical properties of graphene foams will promote stem cell differ-

entiation into various cell lineages. Soft graphene scaffolds (30 kPa elastic

moduli) contributed to the differentiation of stem cells into neurons, whereby

stiffer graphene scaffolds (64 kPa elastic moduli) encouraged differentiation

into astrocytes [147]. Each of these studies utilized foams prepared from

standard commercial nickel templates (~200 µm pore size), highlighting the

opportunity for the investigation of the effect of architected porous graphene

structures with the associated changes in stiffness, density and conductivity

for use in tissue engineering and regenerative nanomedicine applications.

Hence, the potential outcome of these efforts is the development of a new

class of multifunctional cellular materials which combine the size effects

present in 2D materials with the superior mechanics and structural scaling

available to architected lattices. Understanding of the structure/property

relationships that exist within 2D material-based cellular solids is required

to unlock the full potential of these emerging applications.
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1.1 aims and objectives

1.1 aims and objectives

The aim of this thesis is to investigate the preparation of CVD-enabled 3D cel-

lular materials in order to fabricate and characterize porous structures whose

cell walls are comprised of layers of high-quality graphene. The mechanical

behaviour of such CVD-grown 3D cellular materials are then studied, with

particular attention to the deformation response of the material across a

range of length scales and cellular topology. Based on this, a hierarchical mi-

cromechanical model is developed to rationalize the continuum mechanical

properties, furthering the understanding of these unique cellular materials.

This also leads into an exploration of the preparation of alternative templates

such as structured graphitic microfoams as well as the development of WS2,

a semiconducting TMDC material regarded as a promising candidate for the

future generation of transistor in modern electronics.

This overall aim will be achieved through the following objectives:

1. Growth and characterization of CVD-based graphene foams utilizing a

range of 3D catalytic templates.

a) Developing CVD growth and processing methodologies to ob-

tain disordered macroscopic free-standing graphitic foam samples

across a range of relative densities.

b) Developing CVD growth and processing methodologies to obtain

ordered nanoscopic free-standing graphitic foam samples across a

range of film thicknesses.

c) Non-mechanical characterization of as-grown material using a

suite of material characterization techniques.

2. Measure the mechanical response of CVD-based cellular materials.

a) Developing both uniaxial compression and nanoindentation testing

protocols for CVD-grown porous samples.

3. Use of hierarchical modelling and numerical simulation approaches

towards interpreting experimental results.
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1.2 scope of this thesis

a) Developing an extension to the Gibson-Ashby model for open-cell

cellular solids to describe the deformation behaviour of CVD-

grown graphitic foams.

b) Developing the use of FEA to explicitly model gyroid and hollow

gyroid unit cells to determine the effective properties (Young’s

modulus, yield strength etc.) for an assumed set of parent material

properties.

c) Use of inverse FEA to determine the indentation response of the

gyroid film.

4. Explore the parameter space of WS2 for future incorporation as a cell

wall material in a 3D lattice.

a) Developing a growth recipe for the fabrication of high-quality

WS2 monolayers, with a focus on minimizing carbon by-product

contamination in MOCVD.

1.2 scope of this thesis

This thesis addresses the preparation of CVD-grown graphene across a range

of catalytic templates as well as the definition of constitutive models that

describe and predict the mechanical response of graphene-based cellular

materials. However, both 2D materials and 3D cellular material mechanics

are highly complex and thus it is necessary to consider several statements to

bound the work of this thesis.

While the CVD graphene plays an important role in the motivation for this

thesis, this work relies overall on an engineering approach to materials. This

approach examines how the use of 2D materials influences mechanical be-

haviour, and material growth is developed with a focus on reproducible

sample preparation. As both catalyst pre-treatment and process optimiza-

tion are intimately linked to the type of template used, the CVD growth

of graphene used herein utilizes simple, but consistent growth recipes. The

development of these protocols have not included in-depth characterization
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1.3 structure of this thesis

of catalyst pre-treatment methods (for elemental contamination, roughness,

domain size) or process optimization with respect to nucleation density and

domain merging. As such, the effects of such optimization for the growth of

2D films as cell-wall materials remain outside the scope of this thesis.

The investigation of the mechanical properties of the tested graphitic foams

in this work focuses on the use of uniaxial compression and nanoindentation,

drawing conclusions within the limitations of each testing technique. In ad-

dition, the modelling approaches considered herein cover elastic and plastic

behaviour, but do not extend into fracture mechanics, as compressed sam-

ples were found to deform without any observable brittle fracture or flake

tearing. Furthermore, this thesis concentrates on yield criteria based on the

principles of mechanical plasticity, and has not investigated the application

of continuum damage models.

1.3 structure of this thesis

Chapter 2 begins with an overview of cellular material mechanics, discussing

the fundamental factors determining mechanical behaviour and the evolution

of modelling techniques for open-cell foams, from classical representative

unit cell models to modern numerical simulation methods. An in-depth

look at the Gibson-Ashby model for open-cell foams is given in sub-section

2.1.2, which forms the framework for the analysis in Chapter 4. A review of

state-of-the-art carbon-based cellular materials and template fabrication tech-

niques across a range of length scales and degrees of order are investigated in

Chapter 2.2, giving context to the fabrication space of CVD-based graphenic

cellular materials. This is followed by a brief overview of 2D materials, with a

particular focus on graphene and WS2 in Chapter 2.3. Finally, an overview of

the CVD method is covered in Chapter 2.4, discussing key parameters such

as precursor and catalyst choice. This background guide the fabrication of

freestanding graphenic foams in Chapters 4, 5, and 6, as well as the growth

of monolayer WS2 in Chapter 7.
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1.3 structure of this thesis

Chapter 3 provides an understanding of the experimental methods used for

the projects developed as part of this thesis, including systems, processes

and characterization techniques. The subsequent mechanical characterization

and modelling of freestanding macroscopic graphene foams is developed in

Chapter 4. This research is extended to the use of a periodic gyroid lattice

template to generate a freestanding graphene gyroid structure in Chapter

5. Therein, the mechanical properties of which are examined through the

use of nanoindentation and finite element analysis (FEA). Chapter 6 investi-

gates the preparation of alternative templates, utilizing the shrinkage and

catalytic graphitization of polymer scaffolds to prepare structural graphitic

microfoams. Finally, the CVD-based growth of an alternative 2D material

(WS2) is investigated in Chapter 7, whereby gold is used as a growth catalyst

for the fast and efficient production of high quality WS2 monolayers.
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2
B A C K G R O U N D

2.1 cellular material mechanics

Fundamentally, the mechanical behaviour of cellular materials depends on

the matrix material, the pore structure and the relative density ρ̃, which is

defined as

ρ̃ =
ρ

ρs
(2.1)

where ρ represents the apparent density1 of the foam, and ρs is the density of

the constituent solid. Though the overall mechanical behaviour has a strong

dependency on the relative density of the foam, it is not the only factor that

determines the mechanical behaviour of a cellular solid. Understand the

structure/property relationship for cellular materials is crucial for the design

of cellular solids. Previous studies on 3D foams have sought to establish a

direct tie between the foam micro-structure and the macro-level foam proper-

ties.

A number of theoretical models and empirical studies support power law

scaling relationships for 3D cellular solids such as E = Cρ̄nEs where Es is the

Young’s modulus of the cell wall material, C is a geometric parameter and the

exponent n has a value of 1 for ideal stretching- and and a value of 2 for ideal

bending-dominated behaviour of the cell edges [77]. While the vast majority

of cellular solids are bending-dominated, stretching-dominated topologies

1 This includes the pore spaces within the material in the volume measurement.
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2.1 cellular material mechanics

are significantly more weight-efficient due to improved load distribution and

stress transfer throughout the structure. Generally, the geometric pre-factor

C and scaling exponent n are determined by nodal connectivity (the number

of struts connecting to a node), cell size and the shape of the cell struts or

walls (e.g. curvature, and cross-sectional shape and uniformity). On a macro-

scopic scale, the periodicity of the cells will also impact the values of C and n.

While such relationships are useful, developing a constitutive model for

cellular materials remains a substantial challenge. The mechanical response

that cellular materials exhibit at the continuum scale are directly related to the

deformation mechanisms that occur at the level of an individual foam cell. At

this level, the structure of these materials is comprised of an interconnected

network of cells. The edges of these cells are defined by struts, and possibly

thin cell walls as well. Non-linear effects associated with large strain, evolving

cellular geometry and cell wall contact lead to the characteristic physical

behaviour exhibited by cellular materials. Hence, models that span multiple

length scales are required. Models of the macroscopic response of cellular

materials generally fall into one of two categories, which are outlined below.

2.1.0.1 Representative Unit Cell Models

This category of cellular-scale mechanical models are based on the simplified

mechanics of a single, idealized unit cell or other representative structure [5,

78, 231]. The repetitive unit cell structure is not truly random but aims to

represent a typical cross-section of a foam material. This chosen cell would

reflect possible modes of failure and would allow for an understanding of

failure locations and modes. The most widely referenced representative unit

cell model was developed by Gibson and Ashby in 1982 [77], which used a

representative regular cubic cell. Experimental and empirical evidence were

used to determine formulae based on beam deformation mechanisms of cell

structures under loading. Similar models have utilized more complex repre-

sentative sub-structures for the modelling of high-strain reponses in foams,

such as the tetrakaidecahedron [305], rhombic dodecahedron or rhombic-

trapezoidal dodecahedron [230].
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2.1 cellular material mechanics

This approach has proven to be satisfactory for many applications, but relies

on the simplifying assumption that the repeating unit fills the entire geometry

of the foam. Due to this, representative unit cell models often struggle to form

an accurate description of evolving non-linear properties, or to construct

a full 3D constitutive model that is valid for large deformations. This has

lead to many reports indicating that such models tend to over-estimate the

bulk modulus and yield strength of real cellular materials [78, 181, 216].

To capture the true morphological structure of real foams and bring the

predicted foam response in line with empirical measurements, refinements

have added cellular irregularities such as defects and cell wall waviness [31,

231].

2.1.0.2 Numerical Simulation Based Models

These models are derived from detailed numerical simulations, most com-

monly those involving finite-element discretizations of realistic structures

that contain a statistically significant number of cells. Finite element analysis

(FEA) software is then used to simulate a range of mechanical tests and be-

haviours to numerically evaluate the response of the material. Sophisticated

techniques utilizing computed tomography images as a basis for the geomet-

rical discretisation of these foams are available today. The main advantage of

this technique is that it allows for a truly accurate representation of the real

geometry, captured using X-ray computed tomography or a serial sectioning

method [157, 260].

The availability of 3D information such as pore shape, size distribution,

orientation distribution, and connectivity, in addition to the relative density,

are critical for many key aspects of microstructural characterization. Since

the continuum properties are determined by local events within this cellular

structure, to be able to predict these types of local events as well as visualize

the distribution of stresses will allow for a more guided understanding of

foam design. However, numerical analyses often suffer from issues related

to large deformations and contact long before experimentally obtainable

strains are reached [123], due to the complexity of the contact present in

foam densification.
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2.1 cellular material mechanics

2.1.1 compressive behaviour of cellular materials

The non-linear compressive behaviour of cellular materials can be simplified

into a three part response: a linearly elastic regime, constant-stress load

plateau and stiff densification regime, see Figure 2.1 [78].

Figure 2.1: A characteristic compressive stress-strain curve for a cellular material

[10].

2.1.1.1 Elastic Region

In this region of the stress-strain curve, the initial onset of load causes re-

versible cell bending in the foam micro-structure up to the yield strain ǫY . The

Young’s modulus of the foam can be experimentally obtained from the linear

relationship between stress and strain. Due to localized plastic deformation,

this elastic portion of the stress-strain curve is often only partially reversible.

2.1.1.2 Plateau Region

In this region of the stress-strain curve, the stress-strain curve exceeds the

yield strain ǫY , and the measured stress remains approximately constant at

the plateau stress σpl, as the structure continues to collapse. Cell collapse

occurs by buckling, plastic yielding or crushing, depending on the micro-

architecture of the unit cell as well as the nature of the constituent materials.

The three possible collapse mechanisms compete and the one that requires

the lowest stress dominates.
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2.1 cellular material mechanics

2.1.1.3 Densification Region

In this region of the stress-strain curve, following a large compressive strain,

the cell walls of the material begin to make contact causing the measured

stress to rise steeply. At the critical strain at the onset of densification εd,

contact between cell walls will suppress the deformation modes that char-

acterize the plateau region. For ε > εd, i.e. when the applied strain exceeds

the densification strain, the compressive properties of a cellular solid will be

dominated by the compressive properties of the cell wall material.

Based on experimental results, a linear function to determine the densification

strain for both elastic and plastic foams was proposed by Gibson-Ashby in

their 1997 work [78].

εd = 1−αρ̃ (2.2)

where α varies between ~1.4 and 2.0 for currently available metal foams [12].

A weakness of this method is the reliance on being able to accurately identify

the value of α, which is characteristic to each type of foam, which poses a

particular challenge when working with a new class of material.

2.1.2 gibson-ashby model for open-cell foams

The Gibson-Ashby model for cellular materials is the most widely cited exam-

ple of a representative unit cell model. In their approach, each macroscopic

property is derived by correlation to a specific mechanism of deformation

occurring in the representative unit cell when subjected to the appropriate

loading condition. Simple beam theory is then applied to derive expressions

for the scaling behaviour of each effective mechanical property. These expres-

sions assume that the primary dependent variable for all foam mechanics is

the relative density of the foam, with all other effects being expressed in vari-

ous coefficients whose typical ranges are determined by careful experimental

measurements.
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2.1 cellular material mechanics

Figure 2.2: (a) The Gibson-Ashby idealized cell in an open-cell foam. (b) Beam

deflection when a load is applied to the idealized unit cell. [10]

The Gibson-Ashby idealization of the unit cell in an open-cell foam can be

seen in Figure 2.2. For this structure (in which t << L), the relative density is

ρ̃ ∝
(

t

L

)2

(2.3)

where L is the cell size and t is the thickness of the cell edges. Expressions

for the elastic modulus and compressive yield strength for open-cell foams

are summarized in Table 2.1.

property open-cell foam

Elastic Modulus E = C(ρ̃)nEs

Compressive Yield Strength σc = C(ρ̃)nσc,s

Table 2.1: Typical scaling laws for the effective mechanical properties of open-cell

foams as determined by Gibson-Ashby

The scaling variables C and n are of particular importance, and are closely

linked to the microstructural details of the cellular material. Cellular solids

can deform by either bending or stretching of the cell ligaments. The majority

of cellular solids are bending-dominated, and possess scaling exponents of

n = 2 and 3/2 for stiffness and strength, respectively. Stretching-dominated
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2.1 cellular material mechanics

cellular materials possess a scaling exponent of n = 1 for both stiffness and

strength, and are hence much more weight efficient.

The topological criteria that dictates whether a foam will be bending or

stretching-dominated behaviour has been shown to be linked to the Maxwell

criterion and hence the nodal connectivity. The Maxwell criterion states that

a mechanical truss is optimally constrained (rigid, but free of stress) when

the number of constraints equals the number of degrees of freedom of the

nodes. It has been shown though structural analysis that for a 2D pin-jointed

structure, more than 5 nodal connections are required for structural rigidity.

If the structure possesses a smaller connectivity than this critical value, it will

collapse if pin-jointed, or behave as a compliant bending-dominated structure

if it possesses rigid joints. Furthermore, the minimum nodal connectivity for

a 3D lattice to be stretching-dominated is 12, regardless of the type of joint

[55]. This has lead to the design of stretching-dominated lattice structures

with high nodal connectivity, such as the octet-truss lattice.

The expressions for elastic modulus and compressive yield strength of open-

cell foams are of particular interest for the analysis in the rest of the thesis,

and hence their derivations are briefly outlined below.

2.1.2.1 Elastic Modulus

The elastic modulus of the idealised unit cell shown in Figure 2.2b, and

therefore the entire open-cell foam, can be calculated by considering the

linear-elastic deflection of a beam of length l loaded at the midpoint by a

load F. The compressive stress σ experienced by the entire unit cell when

a force F is applied, is σ ∝ F/A ∝ F/L2 and hence the force felt by the cell

edges is F ∝ σL2. For the case of a simply supported beam of length L

loaded at the midpoint by a force F, the beam will deflect by a distance δ

proportional to FL3/EsI, where Es is the modulus for the beam material and

I = t4/12 is the second moment of area of the beam with a square cross

section, edge length t. The compressive strain experienced by the whole cell

is therefore ε ∝ 2δ
L , since the deflection is experienced on both sides of the cell.
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2.1 cellular material mechanics

Assembling these relations gives the modulus of the foam as

E =
σ

ε
∝

F/L2
2δ/L

∝
F/L2

2FL2/EsI
∝

EsI

2L4
∝

Est
4

24L4
(2.4)

and substituting in Equation 2.3,

E

Es
∝ (ρ̃)2 (2.5)

Since E/Es tends to 1 as ρ̃ tends towards 1, it is expected that the constant C

will be close to unity. This finding of C = 1 and n = 2 is typical of open-cell

foams with low joint connectivity, and is supported by both experiment and

numerical simulation [77].

As noted in Table 2.1, the variation of the elastic modulus with density is

more generally modelled for open-cell foams with the following relation:

E

Es
= C(ρ̃)n (2.6)

where E is the effective modulus, Es is the modulus of the solid constituent

material and C and n are scaling constants that depend on the microstructure

of the cellular material.

2.1.2.2 Compressive Yield Strength

Similar analysis can be used to model the yield strength of the same ideal-

ized unit cell. It should be noted that elastoplastic, elastomeric, and brittle

collapse mechanisms each compete, with the dominant mode being the one

that requires the lowest stress. In each case, simple scaling laws have been

shown to describe the strength scaling of the failure modes relatively well.

Elastomeric foams collapse by elastic buckling whereas brittle foams collapse

by cell fracture. Herein we focus on elastoplastic foam behaviour, in which

collapse proceeds by plastic yielding of the cell struts.

Plastic yielding of the loaded struts will occur when the force exceeds their

fully plastic moment,

Mp = σysZp ∝ σyst
3 (2.7)
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where Zp is the plastic section modulus of the beam. The plastic collapse

stress of the foam σ̃pl can then be found by equating the applied moment M

on a strut from a transverse force F, to the plastic moment Mp required to

form plastic hinges.

M ∝ Fl ∝ σ̃plL
3 (2.8)

Combining equations 2.7 and 2.8 gives the expression:

σ̃pl

σys
∝

(

t

L

)3

∝
(

ρ

ρs

)3/2

(2.9)

For open-cell foams with plastic yielding behaviour, experiment and numeri-

cal simulation [77] gives the following relation:

σy

σys
≈ 0.3

(

ρ

ρs

)3/2

(2.10)

where σy is the plastic collapse stress of the foam, and σys is the yield stress

of the solid material, respectively.

2.2 carbon-based cellular materials

Ongoing developments in the preparation of multifunctional cellular ma-

terials have not only leveraged improvements in three dimensional lattice

manufacturing techniques, but also in material discovery and synthesis.

Stochastic polymeric foams are prepared on a large scale from polymers by

bubble formation within a liquid melt, with foaming occurring via physical

or chemical blowing agents. Such polymeric foams can be converted to metal-

lic foams through investment casting, chemical vapour deposition or slurry

casting. Studies of the effect of lattice structure on material property were

driven by macroscale fabrication techniques such as injection moulding of

metals into ceramic casts of wax truss core panels, and later millimeter scale

lithographic techniques involving the sintering of metallic powders with

lasers or electron beams. Recent development of high-resolution fabrication

techniques such as two photon lithography (2-PL) or the self-assembly of

structured films have allowed for the fabrication of polymeric nano- and
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2.2 carbon-based cellular materials

Figure 2.3: Images of the unit cell scales that current state-of-the-art fabrication

techniques can reach in the preparation of 3D cellular materials.

micro-lattices. These polymeric lattices have been used as templates for the

preparation of hollow metallic [158] and hollow ceramic [156] nanolattices

through the addition of an overlayer and subsequent removal of the internal

structure.

Carbon foams are a distinct class of foams that are chemically inert, with a

low coefficient of thermal expansion, high stiffness and tailorable thermal

and electrical conductivities, making them attractive for both structural and

device applications. Currently, a range of fabrication methods exist in the fab-

rication of carbon-based foams, each with different physical properties that

depend on the nature of the constituent carbon as well as the 3D structure.

For example, glassy carbon microlattices can be prepared through pyrolysis

of a polymer lattice, exhibiting extremely strong mechanical properties but

are non-conductive and cannot yet be fabricated on a large scale [16, 219].

Graphene aerogels are moderately conductive, compressible and scalable in

production but remain mechanically compliant with measured conductivities

that are significantly lower than continuous networks of graphene [33, 223,

276]. Such continuous 3D graphene networks can be only obtained by tem-

plated CVD growth of graphene onto a networked catalytic template, which
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2.2 carbon-based cellular materials

is discussed further in Chapter 2.4. Figures 2.3 and 2.4 respectively display

and compare the length scales accessible to state-of-the-art cellular materials.

To give context to the work presented in Chapters 4, 5 and 6, a review of the

various methods by which a carbon-based cellular material may be prepared

and a description of their mechanical properties (if measured) can be found

below, grouped by degree of control over the final cellular architecture.

Figure 2.4: Comparison of fabricated cellular materials with a range of material strut

length scales and demonstrated fabrication scales. A range of state-of-the-art and

industrial methods are highlighted, comparing industrial methods such as foam

blowing and investment casting to recently developed high-resolution fabrication

methods such as two photon lithography and gyroid film self-assembly.
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2.2 carbon-based cellular materials

2.2.1 disordered cellular materials

2.2.1.1 Commercial Metal Foams

The commercially available macroscopic catalytic templates used for the

growth of 3D CVD graphene are commonly high-purity nickel foams, formed

by CVD of nickel tetracarbonyl onto open-cell polyurethane substrates [194].

Such foams possess a unit cell size of ~500 µm and strut sizes of ~75µm, see

Fig. 2.5a. The nickel CVD process allows for a uniform deposition of nickel

with a very high chemical purity (>99.8%), over the 3D polymer substrate. A

sintering process afterwards removes the polymer substrate in a controlled

atmosphere at high temperature. The open-cell polyurethane template that

gives the nickel foam its ultimate shape is formed by blowing of a polymer

melt through use of a physical or chemical blowing agent.

Figure 2.5: SEM images of macroscopic graphene foams grown on commercial nickel

foam templates. (a) Commercial nickel foam. (b) Freestanding multilayered graphene

foam grown from a commercial nickel foam template.

The bottom-up growth of CVD graphene on a 3D metal catalytic support

was first demonstrated by Chen et al. in 2011 [36], who utilized CVD to grow

graphene on a commercial nickel foam template. Raman spectroscopy was

used to determine the presence of only a few layers of high quality graphene.

After removal of the Ni foam core, a high surface area graphene monolith
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remained (850 m2 g−1, 10 S/cm), see Fig. 2.5b. Chen et al. also reported that

uniformly monolayer graphene coatings could be achieved through the use

of copper sponges. However, the collapse of the graphene sponges could not

be prevented after the template removal [36].

Though some efforts have been made to characterize the mechanical proper-

ties of CVD-grown graphene foams, it must be noted that all studies noted

below used samples of graphene foam purchased from the Graphene Su-

permarket (Calverton, NY, USA), motivating the growth, and subsequent

mechanical investigation of the CVD graphene foams in Chapter 4. One

such prior study by Nieto et al.[169] utilized in-situ tensile testing inside an

SEM, and reported a macroscopic Young’s modulus of 340 kPa at a relative

density of 0.002. This low value was attributed to a high defect density and

bending of the cell walls of the foam. A second study by Yocham et al. [282]

compressed foam samples between platens, measuring a modulus of 12.5 kPa.

In addition, Nautiyal et al. [166, 167] found that such graphene foams pos-

sessed extraordinary damping capabilities due to energy dissipation through

three multiscale dampening mechanisms: ripple formation in sheets, weak

interlayer van der Waals interactions and structural branch bending.

2.2.1.2 Powder Metallurgy/Hot-Pressing

Powder metallurgy has also been used to prepare porous metallic templates

through the hot-pressing of micro or nanoparticles, which causes sintering

and coagulation of the particles into a networked solid. Subsequent CVD of

graphene and etching of the porous metallic templates afforded 3D graphene

networks that inherited the key length scales (pore sizes, strut diameters)

of the sintered foam. Porous Cu-graphene heterostructures with pores of

about 30 µm and a porosity of 35% have been prepared and demonstrate

improved thermal conductivity (approximately 40% at 1173 K) when com-

pared to porous Cu [206]. Similarly, Ni particles of 1 µm diameter were used

to prepare a freestanding multilayered graphene foam with high specific

surface area (1080 m2 g−1) electrical conductivity (13.8 S cm−1) [222], see Fig.

2.6a.
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Nickel nanowires with a diameter of 500 nm were similarly assembled by

Min et al. [160] into a nickel nanowire foam prior to 3D CVD graphene

growth, forming a monolithic porous foam that retained the wire shapes,

Fig. 2.6b. Growth was carried out at 670°C to avoid agglomeration of the

nanowires into larger clusters. The 3D graphene foam possessed a high

electrical conductivity (17.5 S/cm) and large specific surface area (145 m2/g),

with a density of 0.073 g/cm3.

Figure 2.6: SEM images of porous cellular materials formed by hot-pressing. (a)

Foam formed of nickel particles of 1 µm diameter [222]. (b) Hot-pressed nickel

nanowire foam [160]. (c) Hollow corrugated pipe of Aerographite [154].

The available catalysts for this approach are not limited to just nickel and

copper. Mecklenburg et al. [154] demonstrated the use of ZnO networks

as a template for CVD growth of graphene. Macroscopic ZnO networks

were formed by hot pressing powders of ZnO with tetrapod morphology to

form connective junctions. During the graphene CVD process, the intake of

hydrogen gas can reduce the ZnO to form metallic Zn, which is precipitated

out of the exhaust system, but not before the deposition of a thin 15 nm hollow

graphitic coating in a 3D structure dubbed ’Aerographite’, see Fig. 2.6c. This

Aerographite possessed a Young’s modulus of 15 kPa and a conductivity of

0.2 S/cm at a density of 0.18 mg cm−3.

25



2.2 carbon-based cellular materials

2.2.1.3 De-alloying

De-alloying of one component in a solid solution alloy can allow for the

production of metals with pore sizes down to 10 nm. Such nanoporous

metals possess a highly disordered architecture with pore and ligament

sizes that are dependent on the dealloying potential and alloy composition.

Nanoporous Au prepared from selective dealloying of a Ag-Au alloy was

examined mechanically by Hakamada et al. [85]. A power-law dependence

of the yield stress on the ligament diameter was observed, suggesting that

the deformation is dominated by the reduction of defect concentration and

dislocations due to size effects. Selective de-alloying of manganese from a

Ni/Mn alloy by Ito et al. [95] produced a nanoporous Ni foam with a 10 nm

pore size. Again, a CVD graphene process (900°C, H2:Ar:Benzene, 5-30 mins)

was used to prepare a nanoporous graphene foam. Note that after graphene

growth, the average nanopore size grew from 10 nm to between 100 nm and

2000 nm, depending on CVD time and temperature, due to coarsening of the

nanoporous structure, see Fig. 2.7a. The freestanding nanoporous graphene

foam was isolated via etching of the nickel, and subsequently subjected to a

range of electronic and electrochemical characterization.

Figure 2.7: (a) De-alloying of a Ni/Mn alloy to form a nanoporous nickel template,

subsequently used for the CVD growth of a graphene foam [95]. (b) TEM image

of the hierarchical porous graphene network formed upon a Zn-Mg-Al template

subjected to Kirkendall diffusion then graphene CVD [227].
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2.2.1.4 Kirkendall diffusion

The Kirkendall effect is a result of differences in the vacancy diffusion rate

between two different metals. As the flux of atoms from the material with a

higher diffusion coefficient will be larger, this can result in the motion of the

interface between two metals or the development of voids in one metal. This

effect has been used to prepare hierarchically mesoporous oxide templates

with small pores to prepare porous graphene networks. Shi et al. [227] used a

Zn-Mg-Al system to fabricate a hierarchical oxide template with small pores

induced by Kirkendall diffusion and large pores attributed to the evaporation

of a volatile fraction, see Fig. 2.7b. 3D porous graphene was then grown

via CVD (H2:Ar:CH4 at 70:200:600 sccm, 10 min) and isolated via chemical

etching of the templates. The prepared porous graphene networks possessed

mesopores with diameters between 3-25 nm, and a specific surface area of

1448 m2 g−1.

2.2.1.5 Gelation of Chemically Modified Graphene

Graphene oxide (GO) flakes in suspension can be directly gelled and self

assemble to form a monolithic reduced GO aerogel [276]. Reduction and

gelation of GO occurs in solution through mild heating or the addition of

reducing agents [172, 202]. This leads to the removal of oxygen functional-

ities on the surface of the sheets, leading to coagulation due to inter-flake

interactions such as van der Waals forces and hydrogen bonding. Careful

removal of the liquid fraction of the gel results in a freestanding microporous

monolith with cell walls formed of layered graphene sheets, see Fig. 2.8a. In

the literature, slight differences in methodology exist, which utilize a range

of reducing species, temperature, flake sizes and additives to tailor the pore

size, conductivity or cell structure of the final aerogel product [137, 268, 302].

For instance, complementary solution based templating techniques have

been used to offer a degree of control over the final aerogel cell structure.

Unidirectional freeze casting of GO suspensions have yielded structures with

well-defined lamellar networks with rough control over wall thickness, chan-

nel width and shape [202], see Fig. 2.8b. Emulsion templating enables the
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Figure 2.8: Various unstructured and structured graphene aerogels. (a) Unstructured

graphene aerogel [276]. (b) Honeycomb-like cellular structure of aerogel that has

undergone freeze casting. [202]. (c) Spherical microstructure of graphene aerogel

that has undergone emulsion templating [14].

formation of open or closed-cell spherical pores through the self-assembly of

flakes at the emulsion interface [14], see Fig. 2.8c.

The unstructured reduced GO aerogels largely demonstrate an elastic-plastic

[276] or elastic-brittle mechanical response under compression. However,

superelastic behaviour can be obtained through the use of GO flakes of

large lateral size [267], or the addition of cellular structure [202]. Further-

more, structured reduced GO aerogels afford a superior Young’s modulus

compared to randomly gelled structures at comparable densities, due to

the increased periodicity of the cellular pores. The density of reduced GO

aerogels have ranged between 0.16 mg/cm3 and 1600 mg/cm3, with Young’s

moduli in the range of 0.1 to 6.2 MPa and yield stress values ranging from

3 to 28 kPa. Additionally, the conductivities of the produced sponges were

notably poor (0.008-0.37 S cm−1) across a density range of 0.2-100 mg cm−3,

see Figure 4.13.

2.2.2 cellular materials - partial shape control

2.2.2.1 Interference Lithography

Interference lithography is a technique for patterning regular arrays of fine

features through the use of interference patterns in coherent light waves.
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Xiao et al. reported graphene sponges created through the use of interference

lithography to generate three dimensional patterns of amorphous carbon

from a photoresist (NR7). This amorphous carbon structure was coated in a

thin layer of sputtered nickel and then annealed in N2/H2, see Fig. 2.9a. The

amorphous carbon core was able to diffuse through the nickel layer and form

sp2 hybridized graphene layers. Similar to before, the nickel template could

be etched away to leave behind a templated hollow graphene network. [272]

Figure 2.9: (a) SEM images of porous carbon lattice formed from interference lithog-

raphy (i,ii) coated with nickel, and (iii,iv) converted to 3D graphene. [272] (b) Inverse

opal 3D graphenic structure, with 220 nm pore size. [283].

2.2.2.2 Inverse Opals

Inverse opal processing uses a regular stack of micro or nano-beads, which

are typically silica [283] or polymeric [101, 262]. The spheres are allowed to

deposit into a cubic close-packed lattice, whereupon the interstitial spaces are

filled with a catalytic template such as nickel or iron. Subsequent removal of

the spheres affords a freestanding inverse opal catalyst for the CVD growth

of 3D graphene. The pore size of the final freestanding inverse opal 3D

graphene structure is intrinsically linked to the size of sphere used, and can

range from 100 µm down to 220 nm, see Fig. 2.9b.
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2.2.2.3 Polymer Phase Separation

Mixtures of chemically distinct polymers possess the ability to self assemble

into one-, two- and three-dimensional periodic structures. Known as polymer

phase separation, this process is driven by unfavorable interactions between

chemical species. During separation, polymer chain reorganization (mini-

mization of reaction enthalpy) is resisted by entropic elasticity (maximization

of conformational entropy). This enthalpy-entropy balance governs the phase

separation process. Semi-ordered porous polymer templates were prepared

by Liu et al. [135] with pore sizes on the order of 20-50 µm, through the

phase separation of a simple blend of polystyrene (PS) and polyethylene

oxide (PEO), see Fig. 2.10a. Removal of the PEO phase afforded a PS template

which could then be coated with Ni by electroless deposition. Subsequent dis-

solution of the PS fraction results in a freestanding Ni template. CVD growth

of graphene (H2:C2H2 64:4 sccm, 26.66 Pa, 700 °C, 3-5 mins) and etching of

the Ni template afforded freestanding, bi-continuous 3D graphene monoliths.

Figure 2.10: Cellular solids formed from polymer phase separation. (a)Semi-ordered

microporous polymer templates prepared from phase separation of a simple PS/PEO

blend [135]. (b) Bicontinuous inorganic semiconducting gyroid array with 10 nm

channels formed by phase separation and in-filling of a block copolymer [49]. (c)

Freestanding graphene gyroid with a 60 nm unit cell, formed using a nickel single

gyroid template [29].

Block copolymers, in which the chemically distinct homopolymers are co-

valently linked, can also phase separate in a similar fashion but limited

to the nanometer scale. In block copolymers, the microphase separation
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behaviour can be finely controlled by the composition, architecture and de-

gree of polymerization [15]. As such, a range of block copolymer structures

are achievable, ranging from classical lamellar, cylindrical and spherical

morphology to the complex gyroid or bicontinuous double diamond. The

selective removal of the sacrifical polymer block, followed by backfilling of

the porous structure and removal of the remaining polymer template affords

a freestanding structure that retains the chosen nanoscale ordering of the

block copolymer. Using this method, gyroid structures have been prepared

from metal oxides [49, 93, 148], gold [58], platinum [38] and nickel [92], see

Fig. 2.10b. Recently, conversion of nickel gyroid structures with 35 and 60 nm

unit cell sizes to freestanding graphene gyroids has been demonstrated by

Cebo et al. [29] (see Fig. 2.10c), motivating their characterization in Chapter

5.

2.2.3 cellular materials - full shape control

2.2.3.1 Additive Manufacturing Techniques

Direct 3D printing provides a versatile platform for the fabrication of metal

templates for the production of graphenic networks. Such additive manufac-

turing technologies present unparalleled structural control from the physical

realization of nearly any unit cell shape. Control over thin feature generation

in metals is typically achieved through layer-by-layer powder bed fusion by

a focused beam. Selective laser sintering (SLS) and electron beam sintering

(EBS) respectively utilize a laser and electron beam as energy sources, print-

ing structures with strut diameters down to the order of 125 microns and

with final lateral dimensions on the centimeter scale [241]. Yang et al. [280]

utilized a SLS printed square lattice with 1 mm strut length as the template

in a CVD graphene process (1000°C, C6H5CH=CH2:H2:Ar at 4:200:180 sccm,

60 mins) to prepare a monolithic graphene foam. However, the surface of

the struts remain extremely rough due to agglomerated particles and partial

structural collapse is observed due to the high aspect ratio between the thin

walls and thick struts, see Fig. 2.11a.
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Figure 2.11: Ordered lattice structures prepared using additive manufacturing tech-

niques. (a) Graphenic foam prepared from a SLS printed nickel square lattice [280].

(b) Pyrolysis of 2PL-printed polymeric microlattices creates glassy carbon nanolat-

tices [16].

Ordered polymeric nanolattices can be created out of photo-sensitive polymer

resin through the use of three dimensional direct laser writing, a two-photon

lithography (2PL) process [248]. 2PL printed cellular materials can possess

strut lengths of the order of 5-10µm and strut diameters down to 1 µm. [96,

156] Furthermore, these polymer resin ligaments, when subjected to carefully

controlled pyrolysis, will be converted into considerably smaller (up to 80%

shrinkage) glassy carbon structures with significantly enhanced mechanical

properties. [219] A recent paper by J. Bauer et al. has shown that glassy

carbon nanolattices with single struts shorter than 1 µm and diameters as

small as 200 nm (see Figure 2.11b) can exhibit material strengths of up to 3

GPa. [16] However, the glassy carbon phase is a disordered carbon allotrope,

primarily consisting of non-graphitic sp2-bonded carbon, requiring surface

functionalization to achieve achieve electrical conductivity [134]. Additionally,

the 2PL process is extremely laborious and time consuming, and as of yet

the final lateral sizes of such 2P-DLW structures are limited to just a few

hundred microns, due to the need for fine accuracy over the entire raster

range of the beams.
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2.3 2d materials

Two-dimensional (2D) materials are a broad class of atomically thin crys-

talline materials. Since the isolation of graphene in 2004 [174], the family of

2D materials has grown rapidly to include hundreds of members [309]. Each

of these ultra-flat materials have varying electronic, photonic and thermal

properties that differ from their bulk material counterparts. These properties

arise from their crystalline structures and the reduced dimensionality of

the system. Quantum confinement of charge carriers and changes in the

interlayer coupling and symmetry elements lead to dramatic changes in

the electronic structure and thereby the properties of single- and few-layer

TMDCs relative to their bulk counterparts [41, 75]. The same reduced dimen-

sionality can have a large impact on the mechanical strength of a material

[18]. As the dimensions of a material shrink to the nanoscale, the size of

intrinsic microstructural flaws can be assumed to be reduced to the same

length scale, leading to the well-known ’smaller is stronger’ phenomenon.

2.3.1 graphene

Graphene is a 2D sheet of covalently bonded sp2 hybridized carbon atoms

that are each connected to three other carbon atoms in the plane, leaving

one electron free in the perpendicular pz orbital. Within a plane, the unit

cell comprises two carbon atoms and the lattice vector has a length of 0.246

nm [123]. The strong covalent bonds between carbon atoms possess a bond-

ing energy of 4.93 eV, and are responsible for the extraordinary mechanical

properties of graphene. The additional electron within each pz orbital are

highly mobile, interacting with one another to form additional π bonds. As a

result of this bonding scheme, pristine single layered graphene is extremely

conductive, with freestanding samples having yielded electron mobilities of

200,000 cm2V−1s−1 at a temperature of 20K [62]. Pristine graphene is also

strong, possessing a Young’s modulus of 1 TPa and a tensile strength of 130

GPa, as well as being able to be folded and deformed without breaking [121].

However, it should be noted that the exemplary mechanical and electrical

properties of graphene are based on measurements of flawless single crystals.
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The presence of material defects such as Stone-Wales type defects, single and

multiple vacancies, dislocation-like defects, carbon adatoms, domain edges

and other imperfections in large samples will introduce points of mechanical

weakness and electrical resistance due to inhomogeneities in the bonding

and structure at those points.

Figure 2.12: Structure of the graphene lattice. The unit cell and lattice vectors are

highlighted. The crystal structure of AB, AA, ABC-stacked and turbostratic graphite

are also highlighted.

Furthermore, graphitic multilayers can be stacked in a variety of configura-

tions, see Fig. 2.12. The most stable these is AB or Bernal stacking, in which

the layers of graphene are structurally commensurate with half the atoms

lying directly over the centre of a hexagon in the lower sheet. Turbostratic

stacking is the least ordered structure, whereupon each layer is randomly

oriented with respect to one another. Layers interact with each other through

weak long-range van der Waals interactions, and consequently graphitic

multilayers possess a very low out-of-plane shear stiffness and strength

compared to their exceptional in-plane modulus. Regardless, the stacking

configuration can have a significant impact on the mechanical properties of
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a multilayer sheet of graphene. For both natural and grown graphitic mate-

rials, an increase in layer number leads to increasing amounts of rotational

misalignment from perfect ABA symmetry (hex-g) to turbostratic stacking

(turbo-g). These differences in stacking lead to differences in the stacking

fault energy and consequently significantly decreased interlayer friction for

turbostratic graphite [21].

A number of studies have examined the mechanical properties of graphene

through to ultrathin graphite and have found that their mechanical properties

are highly dependent upon the nature (e.g. stacking order, polycrystallinity)

and quality of the material examined. Free-standing, monolayer graphene

membranes possess an ultra-high elastic modulus of ~1.0 TPa, as determined

by atomistic simulation, ultrasonic, sonic resonance, and static test methods

[21, 301]. Multilayered stacks give a modest reduction in this elastic modulus

[63]. Additionally, the elastic modulus of CVD-graphene has been shown

to be identical to that of pristine graphene if post-processing steps avoid

damage or rippling [122]. However, this value can be decreased to ~500 GPa

for mechanically exfoliated kish graphite, down to ~250 GPa in the case of

chemically derived graphene oxide flakes [70, 79]. Similarly, the intrinsic

strength of graphene has been reported to be dependent on the quality of the

graphene examined. CVD grown graphene has grain sizes on the micrometer

scale, whose boundaries can degrade the strength of graphene depending on

whether the grains consist of well-stitched boundaries, or are comprised of

overlapping adjacent graphene boundaries (~50 nm in width) without cova-

lently bonding. Covalently stitched graphene leaves the strength of graphene

largely intact, remaining at 90 GPa [122].

In the case of shear modulus and shear strength, experiments and simulations

have shown that superlubricity on the microscale can be observed in graphite

mesas, occurring between atomically smooth surfaces that are structurally in-

commensurate [139]. If sliding surfaces are unconstrained, spontaneous sheet

twisting can occur to move to a more stable commensurate configuration

(AB-stacked), leading to lock-in to a higher friction state [68]. Graphene layer

orientation and hence structural commensurability between adjacent layers
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property (in-plane) unit graphene layers

density kg/m3 2.27×103

elastic modulus GPa
106021,301

50070

25079

tensile strength GPa 130121

90122

shear modulus GPa 2-5 (Hex-g)21,217

0.16-0.35 (Turbo-g)21,217

shear strength GPa 0.1-0.14 (Hex-g)139,140

0.0009 - 0.0025 (Turbo-g)21

Table 2.2: Summary of the mechanical properties of graphene and graphitic multi-

layers.

of graphene have a large impact on the measured magnitudes of GS and τys.

Nanotribological measurements of AB-stacked single crystal graphite has

yielded GS ≈ 2-5 GPa [21, 217] and τys ≈ 0.1-0.14 GPa [139, 140]. Measure-

ments of structurally incommensurate stacking configurations (turbostratic

stacking) yield significantly lower values of GS ≈ 160-350 MPa [21, 217] and

τys ≈ 0.9-2.5 MPa [21]. In a superlubric state, the magnitude of the interlayer

shear strength can be as low as τys ≈ 0.04-0.06 MPa [139].

A table of the experimentally measured mechanical properties of graphene

through to graphitic multilayers, as discussed, is shown in Table 2.2.

2.3.2 tmdc - ws2

Transition metal dichalcogenides (TMDCs) are a family of materials in which

transition metal atoms are sandwiched between two layers of close-packed

chalcogenide elements (S, Se or Te). About 40 types of TMDCs are known
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[41]. Depending on the coordination and oxidation state of the metal atoms,

or doping of the lattice, Transition Metal Dichalcogenidess (TMDCs) can be

metallic, semimetallic or semiconducting [261]. Among this family, monolayer

tungsten disulfide (WS2) is a particularly interesting representative due to

its wide direct band gap (Eg ~2.0 eV) [254], strong spin-orbit coupling [271,

307] and bright room-temperature photoluminescence (PL) [83, 186]. 2H-WS2
possesses a lattice vector length of 0.315 nm[220], and a thickness of ~0.9

nm[19], see Fig. 2.13. In multilayered WS2, the indirect band gap lumines-

cence is found to be a phonon-mediated process whose energy follows a

two-dimensional confinement model, dependent on the layer number[163].

Figure 2.13: Structure of the disulfide (WS2) lattice. The unit cell and lattice vectors

are highlighted for the 2H polytype.

WS2 has promise as a photoelectrochemical catalyst [233] and electrocatalyst

[90] for the hydrogen evolution reaction. As such, nanostructured WS2 is

a particular topic of interest [247] due to the large number of active sites

that can originate from the topology of a material. Nanostructures such

as fullerene-like nanoparticles [150], nanotubes [32] and nanoflowers [130]

each promote the density of active sites. Future use of a 3D nanostructured
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template for the growth of monolayer WS2 could allow for the fabrication of

structured catalysts with extremely high surface area, motivating the research

in Chapter 6.

2.4 cvd growth of 2d materials

Chemical vapour deposition (CVD) has emerged as the major industrial

method for the scalable, controlled growth of graphene and related 2D

materials. The CVD process is able to grow large-area films of 2D materials

with precise layer control using catalysts of nearly any shape or size, limited

only by the size of the reactor [192]. This versatility in catalyst shape and size

has allowed CVD to be used to grow continuous graphitic networks on 3D

catalysts. In this section, an overview of the CVD growth process is discussed

in the context of graphene growth to form a basis for the studies in Chapters

4, 5 and 6.

2.4.1 general overview

CVD involves the deposition of a solid material onto a heated surface orig-

inating from a chemical reaction in the vapor phase. The majority of 2D

material CVD processes utilize a catalytically active substrate to promote

the dissociation of the precursor gas upon contact. By heating up the sub-

strate in a specific environment, the initiation of precursor dissociation can

be finely controlled. Under continued precursor exposure, a surface carbon

supersaturation is reached. This leads to nucleation and island growth, which

eventually merge to form a polycrystalline film. Detailed in-situ XPS studies

have established that the kinetics of the CVD process have a large impact on

the growth behaviour of graphene [256, 258]. This view of the CVD process

examines the overall flux of active carbon species at the surface (see Fig. 2.14),

controlled by a range of simultaneous processes which are outlined below.
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Figure 2.14: Carbon flux resulting from precursor dissociation (JI) increases the car-

bon concentration (c) at the surface, which diffuses into the catalyst (JD). Graphene

formation (JG) occurs when the carbon concentration c exceeds the carbon solvus

c∗. Figure adapted from Cabrero-Vilatela et al. [26]

Precursors are transported through the main gas flow into the chamber,

whereupon species diffuse through a boundary layer (if present) to reach

the substrate. This leads to precursor adsorption and breakdown which

release active species, which is denoted as JI in Figure 2.14 and 2.15. A

portion of adsorbed precursor will naturally desorb without any reaction

taking place. Importantly, based on the permeability (a product of solubility

and diffusivity) of the substrate, a portion of active elemental species will

also be absorbed into the bulk, which is denoted as JD in Figure 2.14 and

2.15. Graphene nucleation and formation will remove active surface carbon

species, denoted as JG in Figure 2.14 and 2.15. Carbon species will also be

eliminated due to reactive etching by H2, H2O or O2 present in the reaction

atmosphere. A final consideration is that upon cooling, absorbed precursor

may precipitate out of the bulk.

A generalized growth schematic for the catalytic deposition of graphene is

outlined in Figure 2.16. Graphene formation will occur when the surface
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Figure 2.15: More detailed view of the relation between factors that affect the

addition and removal of active dissociated carbon at the catalyst surface during a

CVD process.

Figure 2.16: Simple carbon-metal solid solution phase diagram of the catalyst sur-

face showing two possible routes for graphene growth: isothermal (orange) and

precipitation (green). Figure adapted from Cabrero-Vilatela et al. [26]
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carbon concentration c exceeds the carbon solvus c∗. As indicated in the

phase diagram of Figure 2.16, this situation can occur from two different

mechanisms which are not mutually exclusive,

1. Surface mediated growth, an isothermal process that occurs via solvus

crossing due to continued hydrocarbon exposure and dissociation at

the catalyst surface at constant temperature. Carbon adatoms that do

not diffuse into the bulk but remain on the surface combine to form

nuclei and eventually grow and merge to form the 2D material film.

2. Precipitation mediated growth, whereupon solvus crossing occurs due

to elemental species that have diffused into the bulk, becoming super-

saturated upon cooling at the end of the process due to a reduction in

carbon solubility. These species will then precipitate onto the surface

upon cooling to form a 2D material film.

However, it should be noted that the flux balance model outlined in Figure

2.14 informs these growth mechanisms throughout the different stages of the

CVD process, see Figure 2.16. During the incubation process, incoming flux is

balanced by diffusion into the bulk (JI = JD) with nucleation occurring when

the local carbon concentration exceeds the critical threshold for supersatura-

tion (∆c). If the incoming flux is very high (JI >> JD), ∆C may be reached

quickly, leading to high nucleation densities or immediate few-layer growth.

Similarly, during the isothermal growth period, graphene grows at a rate

(JG = JI − JD), where JI will decrease as graphene coverage increases. When

full single-layer coverage is reached, carbon will continue to be supplied

through defects and grain boundaries, triggering further nucleation as the

local concentration reaches ∆c. This can be mediated if JI is balanced against

JD, allowing the catalyst bulk to act as a carbon sink to avoid local super-

saturation. Finally, the reversal of JD on precursor cooling due to solubility

changes can be controlled via the rate of cooling. Hence, in order to create

homogeneous high quality films, each of these processes must be carefully

controlled via the deposition conditions such as the precursor details, catalyst

details, reaction atmosphere, exposure time and cooling rate.
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2.4.2 catalyst

In catalytic CVD, the choice of substrate plays a key role in the reaction

dynamics that take place during the growth of 2D materials. The catalytic

surface serves to provide a low activation energy pathway for precursor

dissociation, graphene nucleation, domain growth and merging. On the

nanoscale, the effects of solubility and diffusion become less relevant and

hence graphene growth can be viewed as a heterogeneous catalytic surface

reaction where the product is a solid rather than gas. In this model, absorbate

bond strength becomes a major consideration as good catalysts must readily

dissociate the adsorbed species without binding too strongly so that the

product is also released [208]. Kinetic analysis of the heterogeneous catal-

ysis of hydrocarbons on transition metal surfaces examined trends in the

the activation energy Ea of precursor dissociation and the product binding

energy ∆E across the transition metal elements. The balance of these lead

to the ’volcano plot’ or Bronsted–Evans–Polanyi (BEP) relation of catalyst

efficiency against metal orbital energy, see Figure 2.17 [173].

Figure 2.17: Reaction rate (turnover frequency) vs. metal d orbital energy Ed. A

schematic of carbon atoms on the metal surfaces across the TM series shows the

impact of excessive binding vs dissociation. Adapted from reference [208].
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Some key considerations for the choice of CVD catalyst are summarized

below,

1. Catalytically active: enhances precursor dissociation at a given temper-

ature. This is linked to Ea and ∆E: the catalyst must readily bind the

adsorbed species and dissociate the products.

2. Elemental solubility: lower solubility of the active elemental species

in the CVD process will serve to limit any precipitation on cooling,

favoring the production of uniform monolayers.

3. Stability at growth conditions: this includes limiting side reactions that

can create alternative by-products as well as substrate stability over

time, resisting sublimation or roughening.

The choice of catalyst has a strong influence on the growth mechanism(s) that

are active during a CVD process. For graphene, a wide range of transition

metals have been shown to be catalytically active in the breakdown of hydro-

carbon precursors. However, different growth modes can be promoted due

to differences in solubility. As can be determined from Fig. 2.16, precursors

with low carbon solubility (such as copper) will favor surface mediated,

isothermal growth due to a more accessible solvus crossing via hydrocarbon

exposure. Alternatively, precipitation mediated growth occurs more typically

in catalysts with a higher carbon solubility (such as nickel), due to solvus

crossing via carbon precipitation on cooling. However, as always, the com-

plexity of process kinetics as discussed in the flux balance model in Chapter

2.4.1 will inform this process, and careful control over process conditions has

demonstrated monolayer isothermal growth of graphene on nickel [257].

The carbon flux balance may also become inhomogeneously distributed

across the face of the catalyst, due to the roughness and polycrystallinity of

the catalyst [259] as well as the presence of surface and bulk contaminants

[22]. These factors will have a strong influence on the nucleation density

of graphene, which will preferentially occur at sites of highest local carbon

concentration [22, 185, 259]. Furthermore, while a large body of literature

exists on the behaviour of carbon due to its importance in metallurgical
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processes, much less exists for W and S, which need to be considered in

conjunction for the growth of WS2 on a given catalyst. This is explored further

in Chapter 7.

2.4.3 precursor

The role of each precursor is to transport the desired elemental species to the

substrate, whereupon precursor breakdown occurs and the elemental species

are released along with a by-product. Each precursor compound must be

sufficiently stable under the environmental conditions present in the chamber

to limit any gas-phase side reactions. Precursors should also catalytically

react with the heated substrate at a chosen temperature (typically between

600-1000°C). Typically, methane (CH4) is utilized as the carbon precursor for

the growth of graphene. This choice is motivated by the low carbon fraction,

which enables better control of the active carbon flux balance, and H2 decom-

position byproduct which serves as an activator for surface bound carbon

[198] and is typically already present in the reaction atmosphere. Precursors

with higher carbon fraction and chemical potential such as acetylene (C2H2)

or benzene (C2H6) come with increased likelihood of film inhomogeneity

and primary and secondary multilayer graphene nucleation [112].

However, coarsening of fine metallic features at high temperature is a major

challenge in the growth of 3D nanostructured CVD graphene, due to self-

diffusion at high temperatures such as 1000°C. Processing of a nanoporous

Ni foam at 900°C results in severe coarsening of the nanoporous structure,

increasing average pore sizes from 10 nm to between 100 and 2000 nm [95].

Similarly, templated nickel gyroid structure with 35 nm unit cell sizes are

observed to coarsen at temperatures as low as 500°C, resulting in a loss of

regularity [29]. Use of more reactive carbon sources that possess lower de-

composition temperatures are crucial in preserving the structure of nanoscale

metallic features.

The dissocation of ethylene (C2H4) at temperatures as low as 400°C has been

observed through in-situ atomistic characterization via XPS of Ni catalysed
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graphene growth. In the context of the heterogeneous catalyst model, see

Figure 2.17, this is related to the activation energy of precursor dissociation

∆E, which declines monotonically across the transition metal series as the

the d orbital energy of the transition metal Ed becomes increasingly negative.

Use of carbon sources such as acetylene (C2H2) has enabled the growth of

3D graphene networks at 500-550°C [29, 262]. Furthermore, carbon precursor

pre-dosing schemes in which C2H2 is present in the reaction environment

prior to heating have been shown to stabilize nanostructured nickel templates,

preventing the formation of nickel clusters at growth temperatures of 650°C

[29]. This is attributed to an increased uptake of carbon into the nickel

template at low temperatures, leading to catalyst saturation and the formation

of stabilizing surface graphitic deposits and nickel surface carbides prior to

reaching the growth temperature.
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3
E X P E R I M E N TA L M E T H O D O L O G Y

This chapter presents the systems, processes and characterization techniques

used in this thesis. Firstly, material synthesis techniques used for the prepa-

ration of 3D CVD graphene-based cellular materials and planar growth of

WS2 are discussed. The associated material and mechanical characterization

techniques are then introduced. This chapter provides an overview of the

experimental methods and processes used for the work described in Chapters

4, 5, 6 and 7.

3.1 material synthesis

3.1.1 3d catalytic template preparation

3.1.1.1 Nickel Foam Preparation

The nickel foam samples used herein were purchased from MTIXTL, with

a purity of >99.99%, 95% porosity, 1.6 mm thickness, 80-110 pores per inch

and a bulk density of 450 kg/m3. Such foams are manufactured by chemical

vapour deposition of nickel onto a polymeric scaffold, and possess hol-

low triangular struts with a low nodal connectivity, see Figure 3.1. Nickel

foams were used as disordered macroscopic templates for the production of

freestanding 3D graphene foams and their subsequent mechanical characteri-

zation, as discussed in Chapter 4. Prior to graphene growth, foam samples

were cut to size and cleaned via sonication in acetone (5 min), isopropyl

alcohol (5 min) before being blown dry with nitrogen.
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Figure 3.1: Morphology of commercial nickel foam templates. (a) X-ray micro com-

puted tomography image of the nickel foam template, displaying the triangular

struts with low nodal connectivity. (b) SEM image of laser-cut cross section of the

nickel foam template showing the hollow struts which arise from the CVD of nickel

onto a polymer scaffold followed by template removal. Roughness of the strut

surfaces are caused by sputtering during the laser sectioning process.

3.1.1.2 Gyroid Preparation

The nickel double gyroid thin film coatings of various thicknesses were man-

ufactured by block co-polymer self-assembly, in collaboration with Tomasz

Cebo (see Fig. 3.2), as described in detail elsewhere [245]. Nickel gyroid films

were used as a nanoscale ordered template for the production of freestanding

hollow graphene gyroids, as discussed in Chapter 4. The salient points of

their production are described in brief below.

A polymeric gyroidal layer was prepared through the self-assembly of

polyisoprene-block-polystyrene-block-poly(ethylene oxide) triblock copoly-

mer, which consists of linearly connected polyisoprene, poly(ethylene oxide),

and polystyrene blocks. This triblock terpolymer was synthesised using

anionic polymerization by members of the Steiner research group, and is

described in detail in reference [13]. Samples are fabricated on a glass slide

of thickness 2.2 mm with a 350 nm thick layer of fluorine-doped tin ox-

ide (FTO) coating (Solarinox). Substrates were cleaned with a brief piranha
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etch then immersed for 15 s in a 0.2% (v/v) of octyltrichlorosilane (Sigma-

Aldrich) in anhydrous cyclohexane (Sigma-Aldrich). An 80 kg/mol form

with block volume fractions of 30%, 53%, and 17% was spun-coat onto the

cleaned and functionalized substrates from a 10% (w/w) anhydrous anisole

(Sigma-Aldrich) solution at 1200 rpm. The thickness of this film was slightly

varied by altering the weight ratio of polymer in solvent, resulting in film

thicknesses of 300, 500 and 700 nm ± 25 nm, as measured by cross-sectional

SEM images.

Figure 3.2: (a) Schematic geometry and composition of the alternating gyroid (gy-

roidal) phase of the ISO triblock copolymer (b) Nickel gyroid prepared by electroplat-

ing into the empty space left after polyisoprene removal. (c) Nickel gyroid covered in

graphene after CVD with the acetylene precursor. (d) Self-standing graphene gyroid

after nickel removal with ferric chloride solution. The insets show cross-sections of

the respective gyroid along the indicated white lines. Figure reproduced from Cebo

et al. [29] (e) Freestanding nickel gyroid prior to hydrogen annealing. The extremely

small channel network inhibits the release of deep polymeric residues through the

use of solvents.

Samples were then annealed for 30 minutes at 180 °C in a vacuum oven (ramp

rate 150 °C/h), and allowed to cool over a period of 12h. The polyisoprene

block was then degraded with UV exposure (VWR International, 254 nm,

50mW/cm2) for 2 hours and removed by dissolution in ethanol. Nickel was

introduced into the empty template left after polyisoprene removal using

commercially available nickel electroplating solution (Alfa Aesar Bright Finish
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Ni plating solution) at a constant potential of -1.05 V. Nickel is deposited

within and on top of the polymer template, and excess nickel is cleaved at the

interface between structured and bulk gold using Kapton tape, ensuring an

interface with low surface roughness. Some of the remaining polymers were

removed by oxygen plasma etching (Diener MRC 100 at 100% power) for 20

minutes, though not all could be removed this way, see Fig. 3.2. A hydrogen

annealing process (250°C, 100:100 sccm H2:Ar, 50 mBar) was carried out

to remove polymeric residues and provide a clean and freestanding nickel

gyroidal template prior to graphene growth. The resulting nickel single

gyroid has a unit cell size of 60 nm and a fill fraction of 40%, as determined

by SEM image analysis in Figure 3.3.

3.1.2 graphene cvd synthesis

A hot-wall tube furnace and low-pressure (LP-CVD) cold-wall reactor was

used for the CVD growth of graphene. A cold-wall laser reactor was used for

the MOCVD growth of WS2. Each system were used due to the differences

in the required growth conditions, precursors and catalysts for each project,

which are discussed below for each respective system.

3.1.2.1 Tube Furnace

The hot-wall tube furnace possesses a large homogeneous hot-zone, enabling

the use of catalysts with large lateral sizes. The commercial nickel foam

templates, such as those discussed in Chapter 3.1.1.1 and used in Chapter 4,

were processed with dimensions of 2.5×8 cm. Such sizes were used to both

demonstrate large-area growth of CVD graphitic foams and allow for the

preparation of samples for mechanical testing with relatively large lateral

size, and equal relative densities. Use of a secondary internal quartz tube

additionally allows for the isolation of contaminants that are released during

the carbonization of materials, such as is performed in Chapter 6.

The tube-furnace system consists of a custom-built vacuum chamber with

central quartz tube (external diameter 100 mm) coupled to stainless steel

water-cooled flanges with gas inlets, see Fig. 3.4. A dual pumping system

composed of a rotary roughing pump that reaches base pressures of 10−3mbar
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Figure 3.3: SEM image determination of volume fill fraction for the nickel solid

gyroid lattice. Line profiles are taken from a high-magnification SEM image of the

gyroid cross-section. The FWHM of the peaks are compared to those of modelled

solid gyroids across a range of relative densities, and were found to most closely

match those of the 40% solid gyroid.

and a turbomolecular pump that can achieve base pressures 10−7mbar are

used. Process gases are fed into the tube furnace upstream through the use

of electronic mass flow controllers (MFCs). C2H4 (>99.95%, 5% in Ar, BOC

Gases), H2 (>99.999%, BOC Gases) and Ar are used. The samples are placed

within a smaller quartz tube (external diameter 30mm), which is loaded into

the furnace and held at the centre with quartz spacers. Temperatures are

monitored with a thermocouple attached to the furnace, entering vertically

through the top and contacting the top of the external quartz tube at the

centre of the hot zone. Furnace temperatures (up to 1065 °C) are controlled
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Figure 3.4: Image of the tube furnace, with associated systems labelled. Schematic

of the CVD gas handling system on the right.

with external LabView software, with desired ramp rates and hold times

programmed in advance.

cvd growth of graphitic foams : Commercial nickel foams (see

Chapter 3.1.1.1) were used as templates for the growth of freestanding

graphitic foams in Chapter 4. Polycrystalline graphitic layers grow in parallel

to the Ni surface for all grain orientations, resulting in continuous sheets

that envelop the catalytic template [103]. This templating effect is well es-

tablished, with graphitic lattice-metal interactions at the nanoscale dictate

the nucleation and growth dynamics and thus the final lattice morphology

[89, 257]. However, the gas flow within a porous network is expected to

be impeded by the internal structure. These conditions can lead to local

differences in deposition rate, material quality, and layer number. Such an

effect has been observed by Rho et al. [206] in the preparation of 3D porous

Cu-graphene composites, prepared by CVD of graphene upon sintered Cu

microparticles. The structures possessed pore sizes of 30 µm, a porosity of

~35% and lateral sizes of 1×1×0.5 cm, and the CVD of graphene was carried

out under 1.3 mBar of CH4, at 1000°C for 30 minutes. Through the use of

Raman spectroscopy and TEM at points along the sample cross-section, it

was shown that the carbon layers far from the external template faces (i.e.
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within the pores of the structure) were significantly more defective, whereas

the faces and a separate planar Cu substrate were shown to possess high

quality graphitic layers (5-10 nm thick). This difference was attributed to the

stagnation of flow within the micropores of the structure, leading to bulk

gas-phase reactions and the deposition of graphitic layers with a high defect

density.

With this in mind, various growth conditions were tested to optimize the

properties of the graphitic foams for homogeneity, handling and measure-

ment. 3D graphitic foams (GF) were prepared in this thesis by CVD on

sacrificial open-cell Ni foam templates, with a purity of >99.99%, ~150 µm

pore size, 95% porosity, 1.6 mm thickness. Ni foam templates were cut to

dimensions of 25 mm × 80 mm × 1.6 mm and cleaned before being loaded

within the centre of a quartz tube, ensuring that the wide faces of the sub-

strates were not held close to any adjacent surfaces in order to maximize

gas flow in and around the porous substrate. The CVD process was carried

out at a total pressure of 50 mBar throughout, placing the process in the

mass-transport limited regime, where diffusion through the boundary layer

is the rate-limiting step [20].

In all cases, the temperature was ramped up to 950 °C over a period of

30 minutes, before a 60 minute annealing step was performed. These steps

were done in a H2 environment with a flow rate of 200 sccm, in order to

reduce oxide species, remove surface contaminants and increase grain size.

A mixture of diluted 5% CH4 in Ar with H2 was used during growth (180

minutes), with a flow ratio ranging between 1:1 to 3:1 respectively. A richer

hydrocarbon atmosphere resulted in a higher average number of graphene

layers and thus a higher relative density. Samples were cooled at a maximum

rate of 20°C/min after growth in Ar with a flow rate of 200 sccm, over a pe-

riod of 120 minutes. CVD grown samples were stored in ambient conditions

prior to further processing and characterization. A schematic of this growth

process is shown in Figure 3.5.
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Figure 3.5: Schematic of the tube furnace CVD process conditions used herein to

grow graphitic foams of differing relative densities.

Sample homogeneity was confirmed via Raman spectroscopy (Chapter 3.2.6

across the long lateral dimension of the samples, as well as within the

porous internal structure as compared to the surface. No significant variation

was observed for the process conditions detailed above. This is likely due

to the significantly larger pore size, greater porosity and low thickness

(spanning ~10 unit cells) of the Ni foam template used herein, resulting in

less obstruction of gas transport through the porous network.

pyrolytic shrinkage and graphitization : Polymeric templates

were subjected to a slow pyrolytic carbonization process in an inert Argon

atmosphere (250 mBar, 200 sccm) that converted the samples to a carbonized

network (CN). Samples were ramped to 350°C at a rate of 3°C/min, held 30

minutes then further ramped to 450°C at a rate of 5°C/min and held for an

additional 60 minutes. Samples were returned to room temperature over a

period of 120 minutes, then removed and stored in ambient conditions. This

process, as shown in Figure 3.6a, allowed for the polymeric templates to de-

gass and decompose at a slow rate, preventing severe structural breakdown.

Further increases in carbonization temperature up to 850°C produced no

changes in overall mass loss and shrinkage for either the melamine foam

or resin lattices. After coating with a thin film of nickel, the samples were

placed again in the hot-wall reactor for pyrolytic graphitization, see Figure

3.6b. Samples were raised to a temperature of 1065°C at a rate of 30°C/min
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Figure 3.6: Schematic of the tube furnace CVD process conditions used herein to

prepare pyrolytically shrunken graphitic foams. (a) Pyrolytic shrinkage process (b)

pyrolytic graphitization process.

and held for 90 minutes. The graphitization process was carried out at a total

pressure of 50 mBar, under a 250 sccm flow of argon in a hot-walled tube

furnace. Samples were returned to room temperature over a period of 120

minutes then removed and stored in ambient conditions. This method results

in a complete coverage of the Ni thin film in a thin multilayer graphitic film.

3.1.2.2 Low-Pressure CVD Furnace

The low pressure chemical vapour deposition (LP-CVD) system was used

in this thesis to prepare freestanding graphene gyroids from nickel gyroid

nanolattices, which possessed a unit cell size of 60 nm and strut sizes with

a ~15 nm diameter. In the CVD of graphene on delicate polycrystalline

structures, the growth temperature must be taken into account. Coarsening

of nanoscale features in Ni due to thermal reflow can occur as low as 550

°C [29], necessitating the use of more reactive precursors. As discussed in

Chapter 2.4.3, methane requires a temperature of ~760 °C to decompose and
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act as a carbon precursor. Acetylene possesses a low dissociation energy [144]

and has been shown to be a much more reactive precursor that is able to

decompose to form graphene of a high quality at relatively low temperatures

(500-550°C) [29, 262]. The LP-CVD system, see Figure 3.7, used herein both

enables the use of acetylene at low working pressure and the fine and re-

sponsive control of temperature through the use of a small heating stage in

direct contact with the sample.

Figure 3.7: Image of the LP-CVD furnace, with associated systems labelled. Image of

the sample heating stage on the right. Schematic of the LP-CVD process conditions

used herein to prepare freestanding graphene gyroids is shown below.

The LP-CVD system consists of a custom-built stainless steel vacuum cham-

ber with gas inlets, electrical feed-throughs and view windows. A two-stage

pumping system is used, composed of a rotary roughing pump (base pressure

of 10−3mbar) and a turbomolecular pump (base pressure 10−7mbar). Elec-

tronic MFCs are used to control the flow of gas into the system, which enter
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through a showerhead positioned vertically above the sample. C2H2 (>99.95%,

BOC Gases), H2 (>99.999%, BOC Gases) and Ar (>99.99%, BOC Gases) are

used. Samples are heated with a Boralectric HTR1001 stage, which consists of

pyrolytic graphite coated with an insulating layer of pyrolytic boron nitride.

Desired temperatures reached by controlling the electric current passing

through the stage. The temperature is monitored with a thermocouple gently

contacting the surface of the sample.

Graphene multilayers were synthesised on Ni gyroid films for the studies

described in Chapter 5. Growth of graphene gyroids were carried out in

the LP-CVD based on the method developed by Cebo et al [29], see Figure

3.7. Ni gyroid films are loaded onto the centre of the heating stage, and the

thermocouple is placed on the corner of the sample. The process chamber is

then evacuated to 5×10−6 mbar. Acetylene is then pre-dosed into the chamber

at 5 sccm, and the working pressure adjusted to 2.2×10−3 mbar. The samples

are then ramped to 625°C at 50°C per minute, then held at temperature for 5

minutes. The gas flow was then stopped and the system evacuated, and the

samples allowed to cool in vacuum.

3.1.3 ws2 cvd synthesis

3.1.3.1 Laser CVD Furnace

A specialized laser CVD system was used in this thesis for the preparation

of monolayer WS2 films as detailed in Chapter 7. Carbon contamination

introduced by organic precursors is major challenge for MOCVD [45], which

motivated the examination of possible catalytic enhancement of growth by an

Au substrate. Consequently, the growth of WS2 herein was developed using

a deconstructed MOCVD process in order to allow for a process-resolved

understanding. Use of a laser system allows for the rapid and direct heating

and cooling of a catalyst film with a laser source. When utilized within a low

pressure, cold-wall system, this allows for a minimal heating profile which

suppresses the pre-reaction of precursors in the gas phase. This encourages

reaction pathways to be limited to the substrate surface, enabling each pro-
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cess step to be isolated. This was done by using a simple pattern of sequential

exposure to low-cost, least-toxic precursors (tungsten hexacarbonyl [THC;

W(CO)6] and dimethylsulfide [DMS; S(CH3)2]). Gaining insight into the role

of each process step was deemed necessary to build an understanding of the

underlying reaction mechanisms that underpin the growth of 2D WS2.

Figure 3.8: Image of the laser furnace, with associated systems labelled. Image of

the sample loading configuration on the right.

The laser CVD system consists of a custom-built stainless steel vacuum cham-

ber with gas inlets and feed-throughs for both gases and heating laser. A

two-stage pumping system is again used, composed of a rotary roughing

pump (base pressure of 10−3mbar) and a turbomolecular pump (base pres-

sure 10−7mbar). A 808 nm continuous wave diode laser is used as the heating

source, which is mounted below the chamber and equipped with a beam

shaper to achieve a 5×5 mm square profile at the sample plane. Standard

processing gases such as H2 and Ar are introduced to the system through

electronic MFCs. THC (whose source and line heated to 90°C) and DMS

both possess limited vapour pressure, and hence flow is regulated manually

through variable leak valves, which allow a pressure control precision better

than 5×10−7 mbar. Substrates are mounted in a Macor holder, suspended

across a central cutout (1.5×1.5 cm) on thin strips of W foil (purity >99.95%,

Alpha Aesar, 1 mm wide, 10 µm thick), allowing the laser beam to directly

interact with the underside of the foil, see 3.8. Sample temperature is mon-
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itored with a pyrometer, positioned vertically above the sample outside of

the chamber, with a measurement error estimated around 50°C. For gold,

transmission and emissivity values of 0.9 and 0.2 were assumed respectively.

Figure 3.9: Schematic of the 2-step MOCVD procedure for WS2 on Au foil. (a) Process

step precursor timing and pressure. (b) Visualization of key growth processes (i)

Poly-crystalline Au foil exhibits grain growth upon annealing (ii). (iii) Deposition

of W during metallization. (iv) Sulfurization of W seeds. (v) WS2 covered Au after

MOCVD.

WS2 monolayers are grown on Au foil for the detailed process analysis in

Chapter 7. A schematic of the growth process is shown in Figure 3.9. Au

foil (purity >99.985%, Alpha Aesar, 25 µm thick, 8×8 mm) is heated to and

kept at 700°C under base pressure better than 3×10−6 mbar for a 15 minute

annealing and stabilization phase in vacuum. W(CO)6 (purity >99.9%, Strem

Chemicals) was then sublimated at 120°C and introduced for 5 minutes

to deposit W seeds, in what is termed the metallization step. The partial

pressure of W(CO)6 was set to 5×10−6 mbar. The sample temperature is then

lowered and chamber vented to prevent potential undesired pre-reactions

between the two precursors. An Ar partial pressure of 5.5×10−3 mbar is

introduced to stabilize the base pressure before the sample is then heated

back to 700°C. S(CH3)2 (purity >99%, Sigma Aldrich) is introduced in the

sulfurization step. The partial pressure of S(CH3)2 is again controlled by
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a leak valve and held between 0.1 to 1 mbar for 5 minutes to study its

influence on carbon contamination, in what is termed the sulfurization step.

The sample is then cooled down rapidly for further characterization.

3.1.4 atomic layer deposition

This subsection is based on the publication "Parameter Space of Atomic Layer De-

position of Ultrathin Oxides on Graphene" [8]. The general approach and model

development was performed by A.I. Aria. Experimentation, parameter search and

AFM characterization was assisted by the author of the thesis.

Atomic layer deposition (ALD, Savannah System, Cambridge Nanotech S100

G1) was employed in this thesis to deposit thin conformal films of alumina

onto 3D cellular materials comprised of graphene or resin, see Fig. 3.10.

Alumina films were used as a strengthening and stiffening scaffold for free-

standing 3D graphene foams, as discussed in Chapter 4. Alumina films

deposited on 3D printed resin lattices mediated the amount of shrinkage

experienced during carbonization and increased surface roughness as dis-

cussed in Chapter 6.

The key parameters that govern the ALD process are temperature (Tdep),

oxidant and precursor doses (Pdos and tdos) and purge time (tpur). The de-

position temperature must be sufficient to both drive the necessary surface

reactions and avoid reactant condensation. However, excessively high tem-

peratures will lead to desorption of precursor or thermal decomposition of a

reactant. Precursor and oxidant doses are expressed herein as the product

of dose pressure and dose time (approximation of maximum and FWHM

of the pulse pressure) for consistency. Purging serves to remove all gas-

phase precursors remaining from previous reactions and thus depend on

both deposition temperature and purge time since unreacted gas-phase and

surface-physisorbed precursors require more time to be removed at lower

temperatures.
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Figure 3.10: Photographs of (a) ALD system, (b) process chamber and (c) software

interface.

Deposition temperature, flow rates and pulse timings were controlled by

varying said parameters using the associated software. Trimethylaluminum

(TMA, purity >98%, Strem Chemicals) was used as the alumina precursor,

with deionized H2O serving as the oxidant. Both precursors were volatilized

at 40°C. Before ALD deposition, the chamber was purged with 20 sccm of

N2 and simultaneously pumped to a base pressure of 3.8×10−1 Torr for 10

min to clear the ALD system of residual precursors. Oxidant and precursors

were introduced alternately to the chamber, carried with a 20 sccm flow of

N2. All samples were then loaded and unloaded while the chamber was at

deposition temperature.

2D materials such as graphene possess strong covalent intralayer bonding,

contrasted by a weak out-of-plane interaction dominated by van der Waals

forces. Due to the weak out-of-plane interactions and hence low surface

energy of 2D materials such as graphene [7] it is challenging to fabricate

ultrathin continuous films atop the surface of such 2D materials. Recipes

were optimized to provide a continuous film on graphene via a systematic

study on the effect of precursor residence time [8]. The same approach was

utilized to achieve the growth of continuous films atop the surface of 3D

networked substrates, where precursor diffusion into a narrow network of

pores must occur for each precursor pulse to achieve a uniform coating [80].

Previously, the most common approaches to enhancing wetting on graphene

and achieving a more conformal coverage employed either lower deposition
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Figure 3.11: AlOx nucleation by ALD in CM at a Tdep of 200 °C using varying doses

of H2O/TMA. A homogeneous AlOx nucleation on graphene using H2O/TMA

at 200 °C can also be achieved by performing ALD either in multipulse mode,

whereupon the H2O/TMA residence time Tdos could be extended to reach complete

AlOx coverage without necessarily increasing the H2O/TMA dose pressure Pdos. All

AlOx depositions are performed with 550 ALD cycles total. Inset scale bar represents

5 µm and the red lines indicate the ridges of surface features on graphene.

temperatures or a surface modification of the graphene using seed layers,

functional groups, and/or a more reactive oxidant to uniformly activate the

graphene surface [229, 299]. However, such approaches will degrade the

AlOx film properties and/or the graphene film.

During the ALD of alumina onto graphene under typical conditions (200°C,

TMA/H2O dose of ~0.14 Torr·s, continuous pulse mode), AlOx is found

to preferentially nucleate on high surface energy sites such as ridges and

wrinkle edges with continued deposition forming island-like clusters, see

61



3.1 material synthesis

Figure 3.11. For growth of high-quality AlOx films, extension of the precur-

sor residence time by optimization of pulse sequences encourages a more

homogeneous nucleation of AlOx across the entire film surface, allowing for

the deposition of a conformal and pinhole-free ultrathin layer of alumina.

This was done through the use of a multipulse mode, which utilizes multiple

pulses of the same precursor to extend the dose FWHM (increasing tdos)

without increasing Pdos, see Figure 3.11. This improvement in film homogene-

ity was attributed to the increased precursor residence time compensating

for the slow adsorption kinetics of low surface energy surfaces and the mass

transport of precursors throughout a porous structure. Aluminum oxide

(Al2O3) coatings were subsequently deposited onto graphitic foams and 3D

printed lattices by ALD in a multi-pulse mode at 200°C and 150°C respec-

tively. Al2O3 layers of n nm thickness were deposited by applying n× 11

deposition cycles, as calibrated on planar samples via AFM.

3.1.5 electroless nickel deposition

Electroless deposition produces uniform and conformal layer of metal onto

substrates through the chemical reduction of metal ions from solution, via

a supply of electrons from the surface of a metal substrate or catalyst used

to initate the reaction. The system requires no external current, with film

deposition carried out autocatalytically through the oxidation of a reducing

agent in the solution which supplies an internal current. Electroless deposi-

tion of nickel is used in this thesis to deposit conformal layers of nickel onto

carbonized substrates for subsequent catalytic graphitization in Chapter 6.

Pyrolytically carbonized samples were used as the substrate for the deposi-

tion of a 500 nm nickel layer. As samples are non-metallic, Pd-pretreatment

was used to provide an initiating catalyst to the surface. Samples were im-

mersed in an aqueous solution of tin chloride (0.1 M SnCl2/0.1 M HCl)

for 120 seconds. After a thorough rinse with deionized water, the film was

transferred into an aqueous solution of palladium chloride (1.4 mM PdCl2/

0.25 M HCl). In this step, the surface was activated for nickel deposition by
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a redox reaction in which the Sn2+ ions were oxidized to Sn4+ while the

Pd2+ ions were reduced to metallic Pd. This metallic palladium was used as

the catalyst for the autocatalytic reduction of Ni2+. After a thorough rinse

with deionized water, Pd-containing films were immersed in an electroless

nickel plating bath (Alfa Aesar Nickel plating solution, electroless) for a total

of 10 minutes at 85°C, with vigorous stirring. The electroless nickel plating

bath was previously ultrasonicated for 30 minutes to degas the solution. Ni

deposition proceeded at an average rate of 50 nm/minute, resulting in a

conformal 500 nm thick coating of nickel.

3.1.6 catalyst etching and material transfer

After a CVD process, the catalytic templates must be removed to afford

nickel-free graphitic cellular structures in Chapters 4, 5 and 6 or for the

transfer of WS2 monolayers in Chapter 7. All metallic templates in this thesis

were removed using wet chemical etching.

macroscopic graphitic foams : Due to the high ratio of wall thick-

ness to strut diameter, submersion in H2O, acetone or isopropyl alcohol was

found to collapse the graphitic foam structures fabricated in Chapter 4 due

to capillary condensation during drying, see Fig. 3.12. To prevent this, a

poly(methyl methacrylate) (PMMA) scaffold was used during the etching

process, as was performed by Chen et al. in their original synthesis of free-

standing graphene networks. [36]. Samples were dip coated in PMMA (495K,

2% in anisole) for 10 s, then annealed on a hot plate at 180°C for 15 minutes

on each side, trimmed along the edges and then etched in 0.5M FeCl3 for

48 hours. Subsequently, the samples were rinsed in de-ionized water, then

subjected to a 30 minute etch in 10% HCl solution to remove Fe residue, see

Figure 3.15. Finally, samples were repeatedly submerged in DI water as a

final wash over a 24 hour period, before being removed and left to dry in

ambient air.
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At this stage, the graphene foam samples are metal-free but remain supported

by the PMMA scaffold. To avoid wet processing steps entirely, the PMMA

supporting structure was removed by annealing the sample at 450°C for

60 minutes in a H2/Ar (40:200 sccm, 50 mBar) atmosphere to produce free-

standing graphitic foams (FG). This method has commonly been used in

monolayer graphene transfer, and shown to remove even minute residues.

[94, 214] Samples were observed under SEM to examine for both damage

and residual PMMA, and it was found that 60 minutes was sufficient time

to remove all visible PMMA residues. TGA of a FG treated in the same way

confirmed the lack of PMMA residues.

Figure 3.12: A SEM image of a FG collapsed post-etching, due to the capilliary forces

present during the evaporation of H2O or acetone/IPA.

graphene gyroids and graphitic microfoams : Graphene gyroids

and pyrolytically converted graphitic microfoams were etched using 0.5M

ammonium persulfate [(NH4)2S2O8]. Samples were submerged for 48 hours,

before being repeatedly submerged in DI water over a period of 24 hours.

Samples were then transferred to a 50:50 DI water/IPA solution, which was

replaced with IPA by gradual addition. Samples were then removed and
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dried in air. A PMMA scaffold was not required, as these structures did not

experience any capillary condensation driven collapse.

ws2 monolayers : TMDC monolayers similarly require a supporting

PMMA scaffold for reproducible transfer [295]. PMMA (A4, 950k) was spun

on the as-grown WS2 on gold at 3000 rpm for 45s as the scaffold layer. The

sample is then baked at 120°C for 3min to evaporate the polymer solvent.

WS2 on the backside of the gold foil is removed by reactive ion etching (RIE,

50W, 20s of 150 mTorr CF4). After RIE, gold is etched by gold etchant (KI/I2)

over a period of 4 hours. The sample is then transferred into DI water several

times before being fished out onto the target substrate and gently dried.

3.2 material characterization

3.2.1 scanning electron microscopy

Scanning electron microscopy (SEM) is used in this thesis for the non-

destructive characterization of surface features. A focused beam of electrons

is scanned across the surface of a specimen, interacting with the surface

through both elastic and inelastic scattering. These interactions generate a

variety of signals, such as Auger electrons, secondary electrons (SE), back-

scattered electrons (BSE) and X-rays, see Figure 3.13. These signals (usually

SE and BSE) are collected by detectors and used to generate images. The

SEMs utilized for sample characterization for this thesis were the FEI FEG

XL30, LEO 1530VP SEM, FEI Helios NanoLab 600 DualBeam and Zeiss

GeminiSEM. Typically, the in-lens detector was selected (when available)

for sample imaging due to the efficient collection of incoming secondary

electrons (SE), providing high resolution at low voltages.

Secondary electrons are produced through inelastic scattering of the incident

electron beam, leading to the excitation of weakly bound valence electrons in

the specimen. These excited electrons can move to the sample surface and
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Figure 3.13: Schematic of the interaction volume for an electron beam incident

on a surface, showing emission profiles of Auger electrons, secondary electrons,

backscattered electrons, characteristic X-rays, continuum X-rays (Bremsstrahlung)

and cathodoluminescence. Characteristic information obtainable from each of the

respective emissions are also listed.

exit if sufficient energy remains. However, secondary electrons possess low

energy (0-50 eV) [205] and hence those which are produced in the bulk of the

material are less likely to escape the specimen surface due to loss of energy

from interactions occurring during movement through the bulk. Hence, only

secondary electrons that are produced in a very small volume under the

incident electron beam (~1-10nm deep) will be able to successfully escape.

Materials with lower atomic numbers, or use of higher accelerating voltages

will generate larger interaction volumes and hence less surface-specific infor-

mation will be obtained.

Use of SE detection with low accelerating voltages (< 5 kV) enables the acqui-

sition of surface-sensitive topographical information. When imaged with SE,

2D material layer(s) atop a metal catalyst will generally appear successively

darker with increasing layer number due to the low SE generation within the
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Figure 3.14: SEM image of WS2 grown on Au showing the variations in contrast

from both the WS2 domains and grain to grain in the polycrystalline substrate.

2D material layer, sensitivity to the work function of the surface and attenua-

tion of the SE emitted from the interaction volume within the catalyst due to

the 2D material layer, see Fig. 3.14. Another relevant source of contrast when

imaging 2D materials arises from electron channelling in polycrystalline

catalysts [205]. When the atomic lattice in a crystalline material is aligned

parallel with the incident electron beam, the amount of BSE produced will

decrease due to a decrease in the probability of an elastic scattering interac-

tion near the surface of the lattice. Such BSE can contribute to the SE signal

by themselves generating SE or simply by possessing low enough energy to

be collected by an SE detector. As different grain orientations will possess

different degrees of alignment with the incident beam, contrast between

grains can be observed, see Fig. 3.14.
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3.2.2 energy dispersive x-ray spectroscopy

Complementary to SEM, energy dispersive x-ray spectroscopy (EDX) is a

technique that enables the characterization of the elemental composition of

the imaged material. In this thesis, EDX is used to qualitatively examine the

elemental composition of prepared graphitic foams, to determine whether

internal metal templates have been completely removed or not. A FEI FEG

XL30 with associated Oxford Instruments Microanalysis X-MAX-80 EDX de-

tector and AZtec software was used in this thesis for EDX analysis of samples.

When the sample is bombarded by the electron beam of the SEM, electrons

may be ejected from the atoms comprising the surface ~1 µm of the sample.

When resulting electron vacancies are filled by an electron from a higher shell,

an X-ray is emitted to balance the energy difference between the two elec-

trons. In this way, the energy of the emitted X-ray is characteristic of a given

element. By measuring the energy versus relative counts of X-ray emitted at

a specific energy, a spectrum is obtained and can be evaluated for qualitative

and quantitative determination of the elements present in a sampled volume.

Rastering of the electron beam across the surface of the sample during de-

tection allows for the collection of data across many individual sites (pixels),

enabling the creating of EDX maps of relatively large samples, see Figure 3.15.

3.2.3 focused ion beam milling

Another complementary technique to SEM, focused ion beam (FIB) milling

allows for the site-specific deposition and ablation of material. In this thesis,

FIB techniques were used to prepare cross-sections of thin gyroid films. This

was necessary in order to characterize the vertical morphology of the struc-

tures as they undergo various cleaning and growth procedures. A FEI Helios

NanoLab 600 DualBeam was utilized in this work.

In a FIB process, a focused beam of ions is used at low beam currents for

imaging, or higher beam currents for site-specific milling. Ions, typically Ga+,
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Figure 3.15: Sample EDX image of a macroscopic graphitic foam etched using 1M

FeCl over a period of 24h. Significant amounts of Fe, Cl and O could still be detected,

motivating further process refinements.

are generated from a liquid metal ion source (LMIS). The ion optics, current

(pA to nA) and spot position are adjusted by a stack of electrostatic lenses

and apertures. The energy provided by Ga+ ions colliding into a substrate

yields secondary electrons and sputters atoms and ions, whereas interaction

with a precursor gas can induce material deposition. This can also lead to Ga

implantation and damage (sputtering, amorphization) of the exposed area,

see Fig. 3.16a. Imaging, milling and deposition can all happen simultaneously,

but adjustment of the ion current and chamber atmosphere change which

aspect is more pronounced. All FIB processes herein were carried out at 30kV

accelerating voltage.

Ion-beam induced deposition was used to deposit a thin rectangular strip of

platinum (1×2.5× 15 µm) atop the gyroid film surface at a current of 0.3 nA.

This serves as a protective layer that reduces charging effects and preserves

the shape of the interface during the milling process. A platinum precursor
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Figure 3.16: Sample FIB images. (a) Completed cross-section of a polymer-

contaminated Ni gyroid film, displaying the platinum protection layer, primary

cross-section trench, secondary cleaning-cross section trench and the ion-damaged

area. (b) FIB cross-section with area of Ni gyroid film showing irregular damage of

unprotected areas due to prolonged ion beam exposure.

[(CH3)3Pt(CpCH3)] is introduced into the reaction chamber through a gas

injection system nozzle, positioned approximately 150 µm above the sample.

Physisorbed precursor is broken down by the ion beam, causing local CVD of

Pt, mixed with Ga and C. Subsequent cross sectioning occurs in two steps. A

primary trench (7.5×15×20 µm) is milled across the deposited Pt pad using

a relatively high ion current (7 nA). Due to sputtering of the milled material,

it is necessary to perform a second careful cleaning cross-section that rasters

into the cross-sectioned material, see Fig. 3.16a. This is performed at a slower

rate, with a lower ion current (0.5 nA), affording a pristine cross-section of

nanoscopic features, see Fig. 3.16b.

3.2.4 transmission electron microscopy

High-resolution transmission electron microscopy (HR-TEM) allows for the

visualization of the internal structure of materials at extremely high magnifi-

cations (up to ×1,000,000). In HR-TEM, a high energy beam of electrons is

transmitted through an ultrathin (< 100 nm) section of material. Interactions

of the incident electrons with the material causes the formation of an image.

Image contrast can arise from elastic scattering (amplitude contrast, related

to mass-thickness or diffraction) and inelastic scattering (phase contrast). Se-
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lected area electron diffraction (SAED) is a specialized technique that is used

to examine the diffraction pattern generated by the transmitted electrons

through a selected area aperture. HR-TEM is used in this thesis to character-

ize the layer number and graphitization of graphene gyroids in Chapter 5,

and WS2 monolayers in Chapter 7. All HR-TEM images were taken on an

Tecnai Osiris TEM. Quanti-foil TEM grids are used as the substrates in the

associated HR-TEM studies.

3.2.5 atomic force microscopy

Atomic force microscopy (AFM) enables the characterization of surface topol-

ogy with extremely high resolution (~Å). AFM was used in this thesis to

determine the thickness of deposited AFM films, waviness of a macroscopic

graphitic foam and morphology of solid nickel gyroid and hollow graphene

gyroid films. AFM measurements were performed in air at ambient pressure

and temperature using a Asylum/Oxford Instruments MFP-3D AFM Sys-

tem. New AFM tips (Bruker MMP-11200-10, n-doped Si) which nominally

possessed a 8 nm tip radius, were used for each new set of measurements.

Surface topography was acquired in tapping mode at a frequency of 1Hz

with a resolution of 1024×1024 pixels, with scan sizes between 5×5 µm

and 20×20 µm. Images were processed and analyzed using the software

Gwyddion.

3.2.6 raman and photoluminescence spectroscopy

Raman and photoluminescence (PL) spectroscopy enables the fast, non-

destructive spectroscopic characterization of 2D materials, and was used in

this thesis to determine the quality of the graphene and WS2 grown herein.

For all measurements and studies carried out herein, a Renishaw Raman

InVia microscope was utilized, coupled to a 20 mW, 532 nm wavelength laser

and various objectives.

In Raman spectroscopy, a sample is irradiated with a high-intensity monochro-

matic beam of light and detects the scattered light. A very small fraction of
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incident light is inelastically scattered, and will possess a shift in energy from

the source frequency due to interactions with the vibrational energy levels of

the molecules in the sample, see Figure 3.17. The amount of energy change

(either lost or gained) by a given photon is characteristic of the nature of each

vibration and hence bonding states present in the material. This mechanism

hence gives insight into the composition, stress state, quality and amount of

the material examined. The intensity of detected light versus frequency shift

is plotted to give a Raman spectrum. Photoluminescence, on the other hand,

comprises both fluorescence and phosphorescence processes and originates

from an absorption/emission process between different electronic energy

levels in the material, see Figure 3.17. Hence, PL spectra give insight into the

separation of electronic energy levels within a material.

Figure 3.17: Jablonski energy level diagram for optical scattering.

However, the characterization of material quality is localized to the excitation

spot. The spatial resolution is typically on the order of 700nm for a 100×
objective and the extracted quantities are averaged over the spot size. As

many samples tested are both three-dimensional and possess relatively large

lateral dimensions, Raman mapping or averaging over a large number (>10)

spots across the material surface was used wherever possible to establish a
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more accurate view of the properties of the graphitic material (quality, layer

number, stacking order).

Laser power was adjusted from sample to sample to obtain sufficient signal

to noise ratios, while exposure times were limited to below 2s to avoid

detrimental laser heating of the specimens. Single spot scans were typically

measured with 1% laser power 2s exposure and accumulated 6 times. For

Raman mapping, 10% laser power and 0.1s exposure are used for each spot

with a step size of 0.5 µm in both x and y directions. A python script was

used to apply a simple Lorentzian-Gaussian multipeak fit of known peaks

for each point in the map, and subsequently used to generate maps and

extract average values of peak intensity, full width half maximum and area.

Single spot PL is measured with 0.1% laser power with 1s exposure and

accumulated 2 times. For PL mapping, 1% laser power with 0.25s exposure

is used for each spot with a step size of 2 µm in both x and y directions.

Sample are kept in the same orientation during all mapping measurements

to make sure the Raman intensity of the underlying silicon reference peak is

unchanged, when relevant.

3.2.7 x-ray photoelectron spectroscopy

X-ray photoelectron spectroscopy (XPS) is a sensitive technique used for

the characterization of elemental composition and associated chemical and

electronic states. XPS spectra are obtained by irradiating a material with a

beam of X-rays while measuring the kinetic energy and number of electrons

that escape from the surface (0 to 10 nm). For all measurements used herein,

an ESCALAB 250Xi XPS system was used. XPS was used to perform elemen-

tal analysis of fabricated materials such as freestanding graphitic foams or

WS2 films. XPS can not only confirm the presence of elemental impurities in

CVD grown films, but also the degree to which those impurities have been

chemically bonded into the film.

XPS was carried out at an operating pressure below 10−10 mbar. The X-ray

source for the XPS was a monochromated Al Kα with a photon energy of
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1486.6 eV and a spot size of 200 µm. Where relevant, XPS spectra in Chapter

4 were acquired from the internal walls of laser-cut sample cross-sections to

ensure that the collected spectra accurately represent the hollowed sample.

XPS spectra in Chapter 7 were taken from the surface of the WS2 film. As

scanned areas are limited in size, measurements were carried out randomly

in various regions of the samples and representative scans were selected.

3.2.8 thermogravimetric analysis

Thermogravimetric analysis (TGA) is a destructive method for the analysis

of thermal behaviour of a material. In TGA, the mass of a sample is contin-

uously monitored as the surrounding temperature is changed in a known

atmosphere. This gives insight into physico-chemical phenomena such as

desorption and thermal decomposition. In this thesis, TGA was used on

graphitic foam samples to determine sample cleanliness and graphitic quality.

TGA was carried out in a Perkins-Elmer TGA4000 in synthetic air (20% O2

in N2). A 2 µg portion of each sample was ramped at 5°C/min from room

temperature to 900°C. During the measurement, the temperature was held

for 15 min at 100°C to completely remove adsorbed water. The sample was

held at 900°C for 30 minutes before returning to room temperature naturally.

3.2.9 secondary ion mass spectrometry

Time of flight secondary ion mass spectrometry (ToF-SIMS) is a surface-

sensitive analytical method that is used for elemental and chemical mapping

with a sensitivity of up to parts per billion (ppb). In ToF-SIMS, a pulsed ion

beam is used to sputter molecules from the surface of the sample, forming

secondary ions. These are then accelerated into a flight tube and their masses

determined based on the time taken to reach the detector. Depth profiles can

be achieved via successive sputtering steps in the same area. All ToF-SIMS

measurements herein were performed ex-situ, using a ToF-SIMS IV instru-

ment (ION-TOF Gmbh, Germany) with a base pressure < 5×10−9 mbar.
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Surface maps were acquired using 25 keV Bi3+ ions from a liquid metal ion

gun, with spot size less than 5 µm in spectroscopy mode and a current of 0.1

pA. Large-area maps were built up from multiple concatenated 500×500 µm2

images (512×512 pixels) and each depth profile was acquired by analysing a

150×150 µm2 area (128 x 128-pixel density) centred within a 400×400 µm2

sputtered region in a non-interlaced mode (alternating data acquisition and

sputtering cycles). To determine the elemental composition of two different

regions within the Au foil (surface and bulk), two different sputtering ions

were used. For the gentle sputtering cycles to probe the surface and subsur-

face composition, an Ar gas cluster ion beam with a cluster size of 2700 ions

and an ion current of 0.36 nA was used, while for the coarser sputtering, 10

keV Cs+ ions with a current of 30 nA were employed. The sputter gun was

oriented at 45°to the sample surface. The gas cluster ion beam and liquid

metal ion gun were operated during depth profiling at a cycle time of 200

µs, while the Cs+ liquid metal ion gun was operated at 100 µs. No charge

compensation was used during these measurements. Data processing was

carried out using Surface Lab software, by selecting relevant peaks in the

ToF-SIMS spectra and monitoring their change in intensity over the course

of the sputter profiling.

3.2.10 four point probe resistivity measurements -

van der pauw

The van der Pauw method utilizes a four-probe system to obtain average

resistivity measurements of thin samples. Four electrodes are placed on

the perimeter of a sample in a square pattern. Current is caused to flow

along one edge of the sample while the voltage across the opposite edge

is measured, allowing a resistance to be found according to Ohm’s law

(obtaining V1). The source current value is adjusted according to the expected

sample resistance, such that the measured voltage falls within the range of

accurate measurement. The resistivity can then be derived from a series of
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repeated measurements made around the periphery of the sample (obtaining

V2, V3 and V4), based on following formula:

ρA =
π

ln2
fts

V1 − V2 + V3 − V4

4I
(3.1)

where ρA is the volume resistivity in ohm·cm, ts is the sample thickness

in cm, V1 to V4 represent the measured voltages around each edge, I is the

current in amperes and f is a geometrical factor based on symmetry (f = 1

for a symmetric layout).

A Keithley Model 4200-SCS four probe station was used for all the measure-

ments herein. Samples were sectioned into symmetrical square portions and

stored in ambient before testing. Probe placements were made at sample

corners, and when necessary, samples were electrically contacted by silver

paste. The thickness of samples were taken as apparent foam thickness as is

standard in the literature [36].

3.3 mechanical characterization

3.3.1 uniaxial compression tests

Uniaxial compression tests allow for the extraction of the stress-strain re-

sponse of a material, and hence the associated mechanical properties such

as Young’s modulus and yield strength. Visualization of the evolving mor-

phology of the samples during compression also provides insight into the

deformation mechanisms taking place within the cellular material. Uniaxial

compression tests were used to characterize the mechanical response of free-

standing and alumina-coated graphitic foams, as detailed in Chapter 4. Tests

were performed on samples of height 1.6 mm and cross-section 5×5 mm. All

samples were laser cut to the desired dimensions to ensure that faces were

parallel. The density of each sample was deduced by measurement using a

high-precision electronic balance.

A custom-built mechanical testing apparatus at the Fraunhofer Institute was

used to measure the compressive response of the laser-cut foam samples, see

76



3.3 mechanical characterization

Figure 3.18: Photograph of the uniaxial compression test rig.

Fig. 3.18. This system consists of a stepper-motor driven linear actuator for

positioning (50 nm resolution) and a preloaded piezoactuator (1.2 nm resolu-

tion) for displacement actuation. A miniature tension/compression load cell

was used for force measurement (5 N range and a 2.5 mN resolution). Each

specimen was aligned along the loading axis of the test system and fastened

electrostatically to a parallel aluminum plate base. All experiments were

conducted at a nominal displacement rate of 10 µm/s, implying a strain rate

of 1.6×10−4 s−1, and the deformation of the microstructure was observed by

in-situ microscopic image acquisition.

For all graphitic foams, the compressive modulus (E) was obtained by fitting

the linear part of the stress-strain curve by a linear fit. The onset of plasticity,

which is represented by the yield strain ǫY , is defined experimentally by

the 0.2% offset method. This was determined by offsetting the linear fit in

the linear elastic regime by 0.2% strain and finding the point of intercept.

The yield stress σY is identified by the stress at the onset of plasticity. The

onset of densification, which is represented by the densification strain εD,

was determined herein by first calculating the compression efficiency η, from

which εD was then determined from the point of maximum efficiency ηmax

[129].
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3.3.2 nanoindentation

Nanoindentation techniques have been widely used for studying the mechan-

ical properties of engineering materials, coatings and films. Nanoindentation

was used in this thesis to extract the mechanical response (elastic modulus

and hardness) for both nickel solid gyroid and hollow graphene gyroids, and

also serves as the basis for the computational modelling performed in this

thesis as detailed in Chapter 5.

The primary purpose of quasi-static nanoindentation testing is to establish an

elastic modulus and a hardness value for the test material [69]. Hardness is

related to the resistance of a material to permanent deformation. It depends

on the yield stress of the material and a constraint factor, which is specific

to the material, the indenter used and experimental conditions. Modern

nanoindentation systems continuously and accurately measure both the load

and depth of indenter penetration into the specimen. This measurement is

then used to determine an area function and consequently a hardness value

based on the tip shape of the indenter used.

Loading–unloading curves (see Figure 3.19b) can be used to extract the me-

chanical properties of the indented material. The method developed by Oliver

and Pharr [176] is extensively used for determining the elastic properties of

materials, coatings and films, and is detailed briefly below:

The projected area of the indenter Ac is calculated using the indenters tip

area function, shown in Figure 3.19c. For an ideal Berkovich indenter as used

herein (see Figure 3.19a), with face angle θ ≈ 65.27°, the area function is

defined as:

Ac = 3
√
3h2

ctan
2θ ≈ 24.5h2

c (3.2)

While the nominal contact area Ac is known from δ via the tip area function,

the true contact area At is typically estimated in the indentation analysis of

fully dense metals via an estimation of the true indentation depth ht via,

ht = hc − ǫ
P

S
(3.3)
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Figure 3.19: (a) Berkovich indenter showing projected area, A, contact depth, hc,

and face angle, θ. (b) Schematic diagram of pile-up and sink-in along the indenter

perimeter of contact. (c) Typical load-displacement curve for a nanoindentation test.

Pmax: peak indentation load, hmax: indenter displacement at peak load, hf: final

depth of residual indent after unloading, S: initial unloading stiffness.

where S is the unloading stiffness, hc is the contact depth of penetration

and ǫ is a correction factor (typically 0.75 for the Berkovich indenter) to

account for the effect of sink-in or pile-up around the indenter. The second

term in the equation represents the vertical deflection of the surface at the

perimeter of contact. The hardness H at indentation depth δ is then defined

as H(δ) ≡ P/At, where P and At are the applied indentation load and true

projected contact area, respectively.

To determine the Young’s modulus E of the film, a power law curve P =

c(δ− δf)
m is fitted to the measured unloading response P(δ) where δf, m

and c are fitting constants for the measured curve, see Figure 3.19b. The

unloading stiffness can then be defined as S ≡ dP/dδ at the peak load Pmax,
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just prior to unloading. The reduced Young’s modulus ER of the film is then

given by the Sneddon formula as,

ER =
S

2

√

π

At
(3.4)

The film modulus EF can then be found with the contact relation,

1

ER
=

[1− (νI)2]

EI
+

[1− (νF)2]

EF
(3.5)

where EI and νI are the Young’s modulus and Poisson’s ratio of the indenter

tip used, and νF is the Poisson’s ratio of the film tested.

FE simulations can also be used to obtain the various mechanical properties

of the materials. Load–displacement curves are generated from a model

system with various combinations of mechanical properties. A match to

the experimental data of the unknown material with the numerical results

from the FE simulations is then found in order to extract the mechanical

properties of the analyzed material. Different dimensionless parameters or

functions are defined from the loading–unloading curve to solve the problem

using iterative algorithms [39, 40, 242] or an incremental manner [53]. A

simple inverse FE method is used herein to incrementally minimize the

error between a measured and simulated elastic modulus and hardness by

adjusting the material parameters within the FE-model used in Chapter 5.

3.3.3 finite element analysis

Finite element analysis was used in this thesis to model the gyroid nanos-

tructure three dimensions to determine the effective mechanical properties of

both solid and hollow gyroids. FEA was also used to model the continuum

properties of the gyroid films using the Deshpande-Fleck constitutive model.

The computational simulation using the commercially available software

ABAQUS, which is consistently used throughout the literature on cellular

mechanics.
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3.3.3.1 The Theory of FEA

Finite Element Analysis (FEA) is a general discretization procedure for con-

tinuum problems posed by mathematically defined statements. In most cases

of interest, a field variable such as stress is described throughout a body

by a set of partial differential equations (PDEs) that are impossible to solve

mathematically for a continuum. FEA is typically used to analyze complex

continuum systems where the underlying physics are expressed in either

PDE or integral equations, by dividing the problem into smaller areas in the

physical system. These areas are known as elements, which are connected

by nodes, as shown in Figure 3.20. It is assumed that the field variable acts

through or over each element in a predefined manner, which may be, for

example, a constant, a linear, a quadratic or a higher order function distri-

bution. Hence, each element is governed by a set of parameters and can be

solved numerically for a desired response. The combination of each elemen-

tal response over the whole assembly solves the required problem. Typical

problem areas of interest include structural analysis, heat transfer, fluid flow,

mass transport, and electromagnetic potential.

Figure 3.20: Typical first-order finite elements for 2D and 3D analyses.

In the case of stress analysis, as performed herein in Chapter 5, the governing

equation to describe the forces induced by displacements at the nodes of a

given element e, qe , is:
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(3.6)

{qe} = [Ke]{ue}+ {fe} (3.7)

Where m are the degrees of freedom at each node of element e, Ke is the

stiffness matrix of the element, ue is the matrix of nodal displacements of

the element and fe gives the nodal forces required to achieve equilibrium of

forces acting on the element. These elemental data are combined using the

global equation:

{f} = [K]{u} (3.8)

Where K is the global stiffness matrix, u summarises all nodal displacements,

and f includes all nodal forces required for equilibrium. Boundary conditions

are applied to the relevant nodes and the displacements and are then solved

using numerical techniques such as Gaussian elimination, Gauss–Seidel

iteration or Cholesky square root methods.

3.3.3.2 FEA in Practice

The total implementation of a FE method can be broken down into three

stages, as seen in Figure 3.21. Each of these stages are briefly outlined in this

section, and the discussion of the application of FEA in Chapter 5 will be

done in this context.

pre-processing stage : Pre-processing is a crucial step in the devel-

opment of a FEA model, beginning with the development of geometry of

individual model parts which are discretized into a mesh of elements and

combined together into an assembly. The interactions between the parts,

material properties, boundary conditions and loads must also be defined

before analysis can be carried out.

Key considerations for the pre-processing stage in a FEA experiment can be

broken down as follows.
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Figure 3.21: Overview of a finite element analysis process for structural simulation.

1. Element boundaries should coincide with structural boundaries.

2. Points of application of forces (and restraints) must coincide with

suitable nodes, and any abrupt changes in distributed loading must

occur at element boundaries.

3. Nodes should be at the points of interest for which output data are

required, e.g. displacements, reaction forces, etc.

4. The selection of element order (e.g. linear, parabolic, cubic) defines the

interpolation or shape function of displacements between nodal points,

i.e. the order of a polynomial in x , y and z directions, and hence the

variation of stress/strain.

5. The element type (e.g. spring, rod, beam, triangular and quadrilateral

planar or shell, tetrahedral or hexahedral (brick) element) must to be

chosen appropriately.

6. Boundary conditions (e.g. applied loads, fixed nodes and restraints)

and material properties must represented accurately.

7. Model geometry must be appropriately meshed.

In the design of a mesh, is important to note that the exact distribution

of a load is not important far away from the loaded region, as long as
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Figure 3.22: The h and p refinement methods are different ways of adding degrees

of freedom to the FE model to increase the degree of accuracy.

the resultants of the load are correct. As a consequence, the mesh can be

refined only in particular regions of interest and further have a transition

zone from fine to coarse mesh. There are two types of refinements (h- and

p-refinement) as shown in Figure 3.22. h-refinement relates to the reduction

in the element sizes, while p-refinement relates to increasing the order of

the element. An important issue for FEA accuracy that is often overlooked

is mesh convergence. This is related to how small the elements need to

be to ensure that the results of an analysis are not affected by changing

the size of the mesh. Should a quantity of interest not change substantially

with subsequent mesh refinements, then one can assume the result to have

converged.

processing stage : During the solution phase, the finite element soft-

ware assembles the governing algebraic equations in matrix form and com-

putes the unknown values of the primary field variable(s), as discussed in

the FEA theory sub-section 3.3.3

In all analysis performed herein, the displacement method (also known as the

stiffness method) is used. In this approach as applied to structural mechanics,

the displacements of the nodes are the primary unknowns of the problem.

Compatibility conditions requiring that elements connected before loading

and remain connected after deformation takes place are initially satisfied.

Then the governing equations are expressed in terms of nodal displacements

using the equations of equilibrium and an applicable law relating forces to
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displacements. This allows for the determination of the secondary unknown

quantities, including stresses and strains in elements.

post-processing stage : Post-processing in the context of FEA refers

to the evaluation of the solution results followed by sorting, printing and

plotting selected outputs from a finite element solution. Once the solution

is verified to be free of numerical problems, and sufficiently converged, the

quantities of interest may be examined. Key post-processing steps utilized in

this thesis are listed below.

1. Visualization of the deformed structure.

2. Displacement magnitudes in three directions.

3. Nodal/element stress magnitude.

4. Time history.
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4
U N I A X I A L C O M P R E S S I O N O F

F R E E S TA N D I N G A N D C O M P O S I T E 3 D

G R A P H I T I C F O A M S

4.1 author contribution

This chapter is based on the publication "Uniaxial compression of freestanding

and composite 3D graphitic foams" [165]. The bulk of the general approach,

sample synthesis and characterization was performed by the author of this

thesis. Uniaxial compression tests were performed by co-author A.I. Aria, in

collaboration with the Fraunhofer Institute, Germany. Model development

was performed with co-author Prof. N Fleck.

4.2 introduction

In this chapter, the fabrication of 3D graphitic foams and their uniaxial

compressive response is explored. The mechanical response of freestanding

graphitic foams was investigated in order to give insight into their depen-

dence of modulus and strength upon relative density and microstructure.

This study utilizes commercially available nickel foam templates, which pos-

sess large pore sizes (~500 µm) and a stochastically arranged cell structure

as the basis for a reproducible model system. An ever increasing body of

literature on cellular material mechanics have shown that such disordered

cellular architectures will suffer from poor load bearing and stress transfer
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behaviour. However, when the cell walls of such structures are comprised

of layers of an emergent 2D material such as graphene, the operative struc-

ture/property relationships become less clear. As discussed in Chapter 2.3.1,

graphitic multilayers possess a low out-of-plane shear stiffness and strength

compared to their exceptional in-plane modulus. Consequently, it is unclear

whether foams made from CVD graphene will possess high stiffness and

strength, as dictated by the in-plane properties, or a much lower stiffness

and strength due to weak interlayer van der Waals interactions.

A significant portion of the prior literature on the mechanics of graphene

foams utilize molecular dynamics simulations of randomly arranged graphene

flakes, as in an aerogel (see Chapter 2.2.1.5). Individual works have suggested

that external compressive forces are dissipated by flake rippling, impacting

and sliding [249]. Under tension, fracturing and tearing of the constituent

flakes occur [179]. Furthermore, elasticity has been shown to be sensitive to

crosslink density and flake size [250]. Such simulated behaviours are instruc-

tive in the prediction of deformation behaviours and hence the design of

flake-assembled monoliths. However, CVD graphene-based cellular materials

possess a significantly different microstructure that is based on continuous

sheets of polycrystalline graphene directly grown in the desired morphology

(see Chapter 2.2.1.1). Qin et al. attempted to simulate the behaviour of a CVD

graphene assembly, using gyroidal structures that were modelled as a single

layer of graphene which was covalently bonded throughout the entire 3D

network [201]. These simulated 3D graphene assemblies possessed mechani-

cal scaling relationships of E ∝ ρ̄2.73±0.09 and σ ∝ ρ̄3.01±0.01. Such large power

indexes were suggested to have been caused by strong bending-dominated

behaviour, and lead to the suggestion that such structures would be 10 times

as strong as mild steel at 4.6% of the density, a prediction that has yet to be

experimentally realized.

This difficulty in experimentally translating theoretically exemplary 2D ma-

terial properties exists across every functional property. In the case of CVD

graphene-based cellular materials, a major challenge exists in the necessity

for the use of a catalytic growth template in the CVD process. Across the
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literature, the most commonly used is a commercially available nickel foam

as was first utilized by Chen et al. [36]. Originally intended for use as a

cathode substrate, these foams are produced by CVD of Ni onto open-cell

polyurethane substrates, as discussed in Chapter 2.2.1.1. Such foams possess

unit cell sizes of ~500 µm and strut sizes of ~75 µm, which stand in stark

contrast to the thickness of a graphene layer, which stands at just ~0.335 nm.

As a consequence, all reported freestanding CVD-based graphene cellular

materials that have utilized similar templates possess cell walls comprised of

thick graphitic multilayers (> 60 nm).

One of the few recent mechanical studies by Nieto et al. [169] on a freestand-

ing CVD graphitic foam reported a macroscopic Young’s modulus of 60 Pa.

This extremely low value was obtained from the extrapolation of cell wall

modulus values determined by direct nanoindentation. In tension, a more

reasonable macroscopic Young’s modulus of 340 kPa was measured. This

low value (as compared to pristine graphene) was attributed to defects in

the graphene foam structure such as cracked branches and discontinuous

sheets, leading to only a small fraction of graphene branches bearing loads.

A second study by Yocham et al. [282] compressed foam samples between

platens, measuring a modulus of 12.5 kPa. In addition to the study of the

quasi-static mechanical properties, Nautiyal et al. studied the damping be-

haviour using nanoscale dynamic mechanical analysis [166, 167]. They found

that graphene foams possessed extraordinary damping capabilities due to

energy dissipation through three multiscale dampening mechanisms: ripple

formation in sheets, weak interlayer van der Waals interactions and structural

branch bending. It must be noted that all of the above studies used samples

of FG purchased from the Graphene Supermarket (Calverton, NY, USA),

which possessed a density of 4 mg/cm3 (i.e. ρ̄ ~0.002), pore sizes of ~500 µm

and wall thicknesses of ~90 nm. This motivated the growth, preparation and

subsequent detailed mechanical investigation of such disordered macroscopic

CVD graphene foams in this chapter.

In this chapter, open-cell graphitic foams FG are fabricated by CVD using

commercially available INCOFOAM nickel templates across a range of rela-
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tive densities through the optimization of CVD parameters. Such samples

possessed graphitic wall thicknesses between 80-150 nm, which was nec-

essary for stability in handling and reproducibility in testing. Process and

handling improvements such as material purification via H2 annealing and

precise laser sectioning of samples were also implemented. The compressive

responses were measured with a custom built uniaxial compression rig, pre-

pared by collaborators in the Fraunhofer Institute. The mechanical response

required an interpretation in terms of a hierarchical micromechanical model,

spanning 3 distinct length scales. The power law scaling of elastic modulus

and yield strength versus relative density suggests that the cell walls of the

FG deform by bending. The length scale of the unit cell of the foam is set by

the length of the struts comprising the cell wall, and is termed level I. The

cell walls comprise hollow triangular tubes, and bending of these strut-like

tubes involves axial stretching of the tube walls. This length scale is termed

level II. In turn, the tube walls form a wavy stack of graphitic layers, and

this waviness induces interlayer shear of the graphitic layers when the tube

walls are subjected to axial stretch. The thickness of the tube wall defines

the third length scale, termed level III. It is shown that the addition of a

thin, flexible ceramic Al2O3 scaffold stiffens and strengthens the foam, yet

preserves the power law scaling. The hierarchical model developed herein

gives fresh insight into the mechanical properties of foams with cell walls

made from emergent 2D layered solids.

4.3 experimental methods

A schematic of the complete fabrication process can be seen in Figure 4.1.

Nickel foam templates (MTIXTL, > 99.99%, 95% porosity, 1.6 mm thick-

ness) were purchased and prepared as discussed in Chapter 3.1.1.1. CVD

of graphitic multilayers was performed with a CH4:H2 ratio of 1:1 to 3:1, as

discussed in Chapter 3.1.2.1. A richer hydrocarbon atmosphere was found to

result in a higher average number of graphene layers and thus a higher rela-

tive density. If required, ALD alumina was then deposited onto the graphitic
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multilayers. Deposition of a conformal layer of ALD alumina is carried out in

multi-pulse mode as detailed in Chapter 3.1.4. All depositions were carried

out at 200°C, with 550 cycles total to obtain a 50nm thick layer. Pulse pressure

and timing was kept equal between the TMA and H2O at 0.55 Torr and 3s,

respectively. PMMA-supported wet etching is used to remove the internal

nickel templates to afford freestanding graphitic foams (FG or Al2O3/G), as

described in Chapter 3.1.6.

Figure 4.1: (a) Schematic of the sample preparation steps. A nickel network was

subjected to a CVD process that encapsulates the templates in multilayer graphene.

The network is coated in PMMA which acts as a scaffold as the nickel core is

etched. (i) The PMMA scaffold is removed, preserving the structure in a FG. (ii) An

intermediate ALD step can provide structures that are encapsulated in a thin AlOx

shell. (b) Optical image of a final free-standing graphitic foam, with laser-cut 5×5

mm squares.

For freestanding graphitic foams to be mechanically stable, the walls are

grown to multilayer thickness (> 80 nm). While graphitic foams with thinner

walls could be fabricated with less carbon-rich recipes, handling of such

samples was found to be prohibitively difficult. Electrostatic forces were

sufficient to tear apart the foam after removal of the polymeric scaffold. As

such, it was judged that transport, sectioning and testing of such samples

with any degree of reproducibility would be near impossible, and samples

with greater relative density were fabricated. In the literature, FG that possess

relative densities below ~0.001 are supported by a polymeric layer [170, 212,

266] due to issues with instability and irreproducibility.
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4.4 material characterization

SEM images of the as-fabricated freestanding graphitic (FG), and alumina

supported (Al2O3/G) foams, are shown in Figure 4.2. The unit cell length

(denoted L in Fig. 4.2a) is in the range 200–400 µm for both FG and Al2O3/G

(Fig. 4.2a). The hollow struts have triangular cross-sections with side lengths

of d = 30–70 µm for both FG and Al2O3/G (Fig. 4.2b). This large variation

in the value of d is inherent to the commercial open-cell Ni templates that

are used herein [10, 66]. The cellular geometries of the foams are neither

altered by the CVD process nor by the Ni removal, as seen by comparing

Figure 4.2 to the SEM of the original Ni foam template (see Figure 4.8). The

thickness of the strut walls (denoted by h) is measured from SEM images of

the cross-section (Fig. 3c). For FG, h equals 80-150 nm and the relative density

ρ̄ corresponds to 0.002-0.005 (Fig. 4.2c). This range of relative densities and

associated wall thicknesses are comparable to values reported in the literature

for device applications [36, 169, 187, 232, 281].

For the ceramic ALD coating, a fixed Al2O3 thickness of 50 (±5) nm (Fig.

4.2c) is used, which is sufficiently thin for the alumina to remain flexible

[298], but sufficiently thick to give a measureable change in the macroscopic

compressive properties. Hence, for Al2O3/G samples, h ranges from 130

nm to 200 nm (Fig. 4.2c). HR-TEM of a cross-section of a separate CVD

grown graphitic film deposited on the surface of a Ni layer shows graphitic

layers running parallel to the metal surface with characteristic (002) graphite

spacing, see Fig. 4.3. Other HR-TEM studies have confirmed the formation

of covalent bonds at grain boundaries during the CVD process, allowing the

in-plane Young’s modulus to remain high [175, 182].

The graphitic quality of the as-fabricated foams was characterized by means

of Raman spectroscopy, TGA and XPS. Raman maps of the foam unit cells

and respective individual Raman spectra are shown in Fig. 4.4. The ID/IG
ratio map for the FG shows a low defect density (ID/IG < 0.05) across the

entire 300×300 µm area (Fig. 4.4a-c). The ID/IG ratio is largely < 0.01, indicat-

ing that the graphitic layers are well graphitized (see Fig. 4.4a). The majority
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Figure 4.2: SEM images of FG and Al2O3/G at different magnifications showing

their typical (a) unit cell, (b) strut cross-section, and (c) strut wall. (a) The cellular

geometries of FG and Al2O3/G closely resemble those of Ni foam templates with

approximate unit cell length (L) of 300(±100) µm. (b) A cross-sectional cut shows

that the struts of both FG and Al2O3/G are hollow with triangular cross-section

and equivalent side length (d) of 50(±15) µm. (c) The strut wall of FG consists

of hundreds of graphene layers, as highlighted in green, with thickness h that

varies between 80 nm and 150 nm. The strut wall of Al2O3/G consists of graphene

layers and Al2O3 film, as highlighted in green and red, respectively, with an overall

thickness h that varies between 130 and 200 nm.

of the foam shows an I2D/IG ratio of 0.3-0.4, which is consistent with h > 80

nm, i.e. the multilayered nature of the walls here. The Raman map shows

some areas with I2D/IG ratios > 1, which originate from locally decoupled

(due to intercalation or rotation) layers of graphene [124, 189, 193]. Al2O3/G

samples show a slightly higher ID/IG ratio compared to FG, which suggests

that a small number of defects in the graphitic layers were introduced dur-

ing the ALD process. The I2D/IG ratios of FG and Al2O3/G are similarly

concentrated around 0.3–0.4, whereas those of PMMA/G are found to be

more widely spread between 0.2 and 1 (Fig. 4.6d). Such a difference may

be attributed to residual strain introduced by the PMMA scaffold during

the fabrication step and thermal strain due to laser irradiation [269]. These

strains are then released once the PMMA scaffold is removed from the foam.
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Figure 4.3: HR-TEM of a CVD-deposited few-layer graphene on a Ni template,

showing conformal growth of stacked layers. The lattice image taken from a surface

cross-section of a CVD-deposited graphitic film on a catalytic film shows graphitic

layers running parallel to the metal surface with characteristic (002) graphite spacing.

The sample was grown (~1000°C, CH4(10 sccm)/H2(600 sccm), 3 min, cooled at

~25°C/min) on a Ni-Au film (550 nm thick, 1.2% Au alloy), with the Au admixture

giving improved nucleation control.

TGA in synthetic air (Fig. 4.4d) of FG shows a thermal stability threshold of

~770°C, again highlighting that the walls are well graphitized [244]. PMMA

is decomposed in air at a much lower temperature of ~350°C. The absence

of a peak in the weight derivative at ~350°C confirms the absence of resid-

ual PMMA on the FG. An EDX map image and spectra of a freestanding

graphitic foam is shown in Figure 4.5, where only low levels of residual

nickel could be detected. XPS analysis confirms the removal of the sacrificial

Ni template (Fig. 4.6). The presence of a Ni template on graphene foams

can be observed from the survey spectra of G/Ni foams prior to Ni removal,

where the peak associated with Ni2p is visible at a binding energy of ~852eV

(Fig. 4.6c). On FG, PMMA/G, and Al2O3/G foams, this peak is absent. The

absence of this peak suggests that the Ni template has been removed to at

least a level below the XPS detection limit. The C1s spectrum of FG exhibits

a single peak at a binding energy of ~284.5eV that is commonly associated

with freestanding sp2 carbon (Fig. 4.6a). This indicates that the graphene

layers in FG are free from both the Ni foam template and sacrificial PMMA

layers. On the other hand, the C1s spectrum of PMMA/G foams exhibits

additional peaks at binding energies of ~284.8eV and ~288.5eV (Fig.4.6a).
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Figure 4.4: Raman spectroscopy map of a FG unit cell represented as (a) ID/IG
and (b) I2D/IG intensity ratio. (c) Representative Raman spectra of FG foams taken

at areas denoted as A and B in (a) and (b). (d) Thermogravimetric analysis of

PMMA/G and FG in air to indicate the complete removal of PMMA scaffold. The

PMMA scaffold decomposes in air at ~350°C, while graphitic layers are air stable up

to ~770°C.

These peaks indicate the presence of sp3 and oxygenated carbon species

that originate from the PMMA scaffold. Similar to that of FG, the C1s spec-

trum of Al2O3/G exhibits a single peak at a binding energy of ~284.5eV

(Fig. 4.6a). This suggests that the graphene layers are not altered by the

ALD of Al2O3. The presence of the Al2O3 scaffold on Al2O3/G foams is con-

firmed by the symmetric peak that is commonly associated with aluminum

oxide at a binding energy of ~74.6 eV in the Al2p core level spectra (Fig. 4.6b).

The strut walls exhibit waviness throughout the volume of the foam (see Fig.

4.2b). The length scales of wall waviness are obtained via AFM and SEM
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Figure 4.5: EDX map image and spectra of a freestanding graphitic foam. Only low

levels of residual nickel could be detected.

imaging of the surface of the strut walls (see Fig.4.7). The line profiles of the

wall surfaces indicate a characteristic variation on the scale of a few µm. This

roughness was idealized as a sine wave, with a characteristic amplitude w0

= 0.76 - 2.8 µm and wavelength λ = 3.7 – 18 µm for both FG and Al2O3/G

(Table 1). It is proposed that the waviness relates to the polycrystalline grain

structure of the commercial Ni foams (see Fig. 4.8b), for which grains range

in initial size from 4-20 µm, and the presence of multiple different Ni surface

orientations as a result of the non-planar shape of the foams, leading to

inhomogeneities during CVD of the graphitic layers, see Fig. 4.1a.

length-scale h(µm) d(µm) w0 λ(µm)

minimum 0.08 35 0.76 3.7

maxiumum 0.20 65 2.8 18

Table 4.1: Summary of key measured waviness length-scales as measured by cross-

sectional SEM.
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Figure 4.6: C1s (a) and Al2p (b) core-level spectra of FG, PMMA/G, and Al2O3/G

foams confirming the presence of PMMA and Al2O3 scaffolds on PMMA/G and

Al2O3/G respectively. (c) XPS survey spectra of nickel-free G, PMMA/G, and

Al2O3/G foams along with that of graphene on Ni foam prior to template removal

(G/Ni) as comparison. (d) Distribution of ID/IG and I2D/IG obtained from multiple

PMMA/G, FG, and Al2O3/G foams. All Raman spectra are obtained using 532nm

excitation.

4.4.1 mechanical characterization

Uniaxial compression tests were carried out as detailed in Chapter 3.3.1. For

all graphitic foams, the compressive modulus E was obtained by fitting the

linear part of the stress-strain curve to a linear fit. The linear region was

defined as the region between 1% strain and 11% strain for FG samples and

between 1% strain and 6% strain for Al2O3/G samples. The onset of plasticity,

which is represented by the yield strain ǫY , is defined by the 0.2% offset
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Figure 4.7: Examination of strut waviness from AFM and SEM images. AFM line

profiles (a) can be used to extract (b) waviness values. Raw SEM images (c) are

processed to find edges, which are extracted (d) and compared to a scale based on

the image magnification. Images d-i to iii are edge profiles extracted from separate

high-resolution SEM images. Large scale waviness up to an amplitude of 2.8 µm

may be present along the length of a number of struts (d-ii).

method. This was determined by offsetting the linear fit in the linear elastic

regime by 0.2% strain and finding the point of intercept. The yield stress σY

is identified by the stress at the onset of plasticity. The onset of densification,

which is represented by the densification strain ǫD, was determined by first

calculating the compression efficiency η, from which ǫD was then determined

from the point of maximum efficiency ηmax [129].

A typical plot of nominal compressive stress σ versus nominal (engineering)

strain ǫ for FG is given in Fig. 4.9, for a displacement rate of 10 µms−1. As

noted for a wide range of foams [78], three distinct regimes exist: (I) linear

elastic for ǫ < ǫY , (II) plateau ǫY < ǫ < ǫD, where ǫD is a densification strain

and (III) densification ǫ > ǫD, (Fig. 4.9a). In regime I, the foam is strained in a
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Figure 4.8: (a) Scanning electron microscopy (SEM) images of commercial Ni foam

used herein (MTIXTL, purity >99.99%, ~95% porosity, 80-110 pores per inch, 1.6

mm thick, bulk density ~450kg/m3). The polycrystalline grain structure can be

seen in (b), with a grain size ranging from 4-20 µm. A sample post 60% uniaxial

compression can be seen in (c).

uniform elastic (i.e. reversible) manner, with no observable damage evolution.

The onset of plasticity marks the change from regime I to regime II. There is

a clear change in slope in Figure 4.9a at the onset of plastic collapse (at ǫ = ǫY).
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Figure 4.9: (a) Typical nominal stress-strain curve response of FG under compressive

load. Three distinct regimes exist: (I) linear elastic ǫ < ǫY , (II) plateau ǫY < ǫ < ǫD,

and (III) densification ǫ > ǫD. (b) SEM images of a sample subjected to successively

larger levels of macroscopic strain ǫ, followed by unloading to zero load. The

remnant strain ǫr was measured from the associated SEM images. A dotted line is

drawn to illustrate this elastic unloading.
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In order to obtain insight into the collapse mechanism, a specimen was

subjected to successively larger levels of macroscopic strain ǫ, followed by

unloading to zero load and measurement of the remnant strain ǫr from the

associated SEM images, see Fig. 4.9b. A series of dotted lines are shown in

Fig. 4.9a to give the end points of this elastic unloading. These images reveal

the following:

1. Straining is elastic up to the onset of plastic collapse (ǫ = ǫY = 0.14) such

that ǫr = 0. For example, full recovery is observed from an imposed

strain level of ǫ = 0.1, (point B1) as shown in Fig. 4.9a.

2. After straining to a level ǫ > ǫY = 0.14, the foam exhibits plastic collapse

with little observable microcracking or debonding of the struts. For

example, elastic unloading from ǫ = 0.4 (point C1) results in a remnant

strain ǫr = 0.24 (point C2).

3. When the specimen is strained to beyond a densification strain ǫD = 0.38,

the struts impinge upon each other and strong strain hardening occurs.

The full unloading curve from ǫ = 0.6 (point E1), to ǫr = 0.46 (point E2)

is also shown in Fig. 4.9a and reveals a non-linear unloading behaviour

associated with the elastic relaxation of the distorted microstructure as

the strain reduces to ǫr.

A higher resolution image of the deformed struts after unloading from ǫ

= 0.6 is shown in Fig. 4.10a. Plastic hinges are marked by the arrows in

Fig. 4.10a, the formation of which is schematically shown in Fig. 4.10b. The

resemblance between the deformed microstructure of the graphitic foam and

of the Ni foam template in compression is remarkable; see for example Fig.

4.8. There is little evidence of debonding between graphite layers; the struts

maintain their integrity and do not fragment.
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Figure 4.10: (a) Low magnification SEM image of FG foam taken post compression

(peak ǫ = 0.6). Green and yellow arrows indicate the plastically deformed and

fractured struts, respectively. The green arrows indicate a pair of plastic hinges

formed on the deformed strut. The yellow arrows indicate the direction of the

compressive force. (b) Schematic of the plastically deformed strut at ǫ>ǫY , with the

cell structure skeleton outlined in red. The struts undergo bending when the foam is

subjected to compressive force. Since the strut ends are rigid and act as rotation-fixed

but translation-free constraints, a pair of plastic hinges is formed on the strut.

Nominal stress-strain responses of FG and Al2O3/G foams are compared in

Fig. 4.11a and 4.11b. Both the FG and Al2O3/G foams display similar strain

hardening behaviours, each exhibiting a plateau in stress between the yield

point and densification point ǫY < ǫ < ǫD (Fig. 4.11a). Note that the Al2O3/G

foam does not exhibit catastrophic brittle failure, consistent with the fact

that 50 nm thick Al2O3 films are able to sustain small bending radii [298].

Recall from Gibson-Ashby [77] that a brittle foam exhibits a characteristic

jagged stress versus strain curve compared to the smooth curves of Fig. 4.11a.

For FG foams, the transition from the elastic regime I to the plastic regime

II occurs at a yield strain ǫY in the range 0.17 to 0.40, depending on the

magnitude of the relative density ρ̄ (in the range 0.002 to 0.005). In contrast,

for the Al2O3/G foams, yields occurs at ǫY in the range 0.08 to 0.21, again

depending on the density of the sample measured.
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Figure 4.11: (a) Typical nominal stress-strain (σ− ǫ) response of FG and Al2O3/G

under compressive load with a displacement rate of ~10 µm/s. The onset of plasticity

ǫ = ǫY , is indicated by the yellow line, while the onset of densification ǫ = ǫD,

is indicated by the green line. (b) Sample σ− ǫ curves of FG and Al2O3/G in the

linear elastic regime. The yield stress (σY) is given by the stress at σY , while the

compressive modulus (E) is obtained by a linear fit. Plot of E (c) and σY (d) of FG

and Al2O3/G as a function of their apparent density (ρ). The yellow fit in (c) and

(d) indicate scaling of E ∝ ρ2 and σY ∝ ρ3/2, respectively.

A linear fit to the log-log plots of Figures 4.11c and 4.11d was performed. The

slope of the E versus ρ plot has a best fit value of 1.99 (with a 95% confidence

interval of 1.66 and 2.32). Similarly, for the σY versus ρ plot the best fit slope

is 1.32 (with a 95% confidence interval of 1.12 and 1.53). Recall that Gibson-

Ashby [77] show that the scaling law reads E ∝ ρ2 for cell-wall bending and

E ∝ ρ for cell-wall stretching. Similarly, the correlation between σY and ρ

reads σY ∝ ρ3/2 for cell wall bending and σY ∝ ρ for cell-wall stretching.

Taken together, the data of Figs. 4.11c and 4.11d support the conclusion that

these materials behave as bending-dominated open-cell foams.
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It is important to distinguish between the macroscopic density ρ of a foam,

when treating it as a homogeneous solid, and the density ρs of the cell wall

material. For the monolithic free standing graphitic foam, the relative density

is ρ̄=ρ/ρs. Note that ρ̄ is identical to the volume fraction of cell wall material

in the foam. In contrast, for the composite case of an Al2O3/G foam, it is

straightforward to measure ρ, but more involved to determine ρs as due

account must be made for the proportion of Al2O3 versus graphite. The

scaling laws of Gibson-Ashby were established in terms of ρ̄ for a monolithic

foam and the power-law index is unchanged when strength or modulus is

plotted in terms of ρ̄ rather than ρ.

4.4.2 comparison to other state-of-the-art foams

Figure 4.12 summarizes the sensitivity of the normalized compressive Young’s

modulus and yield strength of graphene-based aerogels to their relative densi-

ties. The constituent bulk material is again graphite. Note that our hierarchical

model predicts that the yield strength scales as ρ̄3/2. In contrast, the observed

yield strength for these alternative foams scale as ρ̄2.4. This discrepancy can

be traced to the fact that these aerogel foams comprise interlocked platelets

of exfoliated graphene, bonded with relatively weak van der Waals forces or

binding agents, rather than the continuous sheets of graphene that make up

the foams in our study.

To highlight the advantages of CVD grown lattice structure, the enhanced

conductivity of the CVD grown graphitic foams is compared to other state

of the art graphene-based foams. Figure 4.13 shows the correlation between

electrical conductivity (1/R) of FG, PMMA/G, and Al2O3/G foams to their

apparent density ρ. Electrical conductivity was measured by the four point

probe van de Pauw method (see Chapter 3.2.10), with thickness taken as

apparent foam thickness as is standard in the literature. All graphitic foams

used here exhibit exceptional electrical conductivity of > 7 S/cm. For FG,

the electrical conductivity increases from ~7 S/cm to ~20 S/m when ρ is

doubled to ~11.1 kg/m3. While the presence of PMMA and Al2O3 scaffolds
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Figure 4.12: Normalized compressive Young’s modulus (a) and yield strength (b)

of graphene oxide foams as a function of relative density. The power law fit is

plotted according to classical scaling laws, finding slopes of 1.95 and 2.40 and scaling

constants of 0.017 and 0.025 for (a) and (b) respectively. ρs=2270 mg/cm3, Es =

1.06 TPa, and σys = 130 GPa are used for the density, Young’s modulus, and yield

strength of graphene for its in-plane mechanics, which are used to normalize the

properties of graphene aerogels.

decreases the electrical conductivity, the effect is not significant as it only de-

creases to ~14 S/cm and ~16 S/cm, respectively. More importantly, all CVD

grown graphitic foams measured here are more conductive, by more than

one order of magnitude, than other state-of-the-art graphitic aerogels and

carbon nanotube foams at the same density range [14, 200, 202, 264, 297, 308].

Our measured conductivity values are comparable to previously reported

values for CVD graphene composite foams [36]. The conductivity measured

herein refers to the given environmental conditions. Graphene/graphite wall

conductivity can be increased by charge transfer doping and intercalation.
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Figure 4.13: An Ashby chart showing the correlation between electrical conductivity

(1/R) and apparent density (ρ) for FG, Al2O3/G, and PMMA/G foams. Other state-

of-the-art low density materials reported in previous literatures are also presented

as reference, see [3, 14, 34, 36, 42, 74, 98, 100, 117, 160, 200, 202, 264, 281, 293, 297,

308].

4.5 results and discussion

4.5.1 graphitic foam wall thickness and structure

The micromechanical Gibson-Ashby approach [77] for bending-dominated

open-cell foams is adopted in order to interpret the response of the FG and
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Al2O3/G foams. The foams in this study are idealized by unit cells with

hollow struts of triangular cross-section. The struts have a length L, an equiv-

alent side length d, and a wall thickness h, see Fig. 4.14a,b. The observed

dependence of modulus and yield strength of the FG and Al2O3/G foam in

Fig. 4.11c,d reveals that E ∝ ρ2 and σys ∝ ρ̄3/2, consistent with strut bending,

as anticipated for 3D open-cell foams and lattices of low nodal connectivity

[78]. The previous literature on graphene/graphite foams [169, 201] has as-

sumed that the pre-factors of the Gibson-Ashby power-law scaling relations

[77] are the same as those for metallic and polymeric open-cell foams. How-

ever, the deformation mechanisms for the struts of a graphitic foam are much

more complex than those of solid struts. The cell walls are hollow, and are

made from a layered graphitic structure of low shear modulus and strength.

A hierarchical micromechanical model spanning three distinct length scales

is developed to interpret the mechanical response of the foams in this study.

The length scale of the unit cell of the foam is determined by the length of the

struts comprising the cell wall, and is termed level I. The cell walls comprise

hollow triangular tubes, and the bending curvature of these strut-like tubes

involves axial stretching of the tube walls, and this length scale is termed

level II. In turn, the tube walls form a wavy stack of graphitic layers, and

this waviness induces interlayer shear of the graphitic layers when the tube

walls are subjected to axial stretch. The thickness of the tube wall defines

the third length scale, termed level III. It is emphasized that the hierarchical

model of the present study is an idealization to highlight the significance of

the microstructure on three length scales. The properties of the bulk solid,

the connectivity and shape of cell edges and faces, and the relative density

ρ̄ of a cellular solid are the main features that influence cellular properties

[10]. Simple scaling laws have been previously derived for idealized cell

geometries:
E

Es
= αρ̄n (4.1)

σ

σys
= βρ̄m (4.2)

where the relative density ρ̄ is the macroscopic apparent density of the foam

divided by the density of the constituent solid material. The exponents n and
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Figure 4.14: FG and Al2O3/G structure idealization. (a) The Weaire-Phelan open-cell

foam structure, a bending-dominated, idealized foam of cells with equal volume. For

the foams studied herein, the struts are hollow with an approximate length of L. (b)

Strut schematic illustrating the hollow triangular cross-section with a side length of

d, internal side length di, bending axis X–X and a wall thickness of h. (c) Wall level

schematic of a cell wall loading in the micromechanical models used herein. The wall

waviness is represented as a sine wave of amplitude w0 and wavelength λ. In a wavy

wall subjected to an axial tension or compression, misalignment induces bending

loads and transverse shear forces on the cross-section of the cell wall, leading to the

suggested wall bending or wall shear deformation modes.

m reflect the deformation mode of the struts within the foam [10, 12], and the

observed values of n = 2, m = 3/2 are indicative of strut bending behaviour.

The pre-factors α and β depend upon the details of the microstructure [12,

23, 207]. These scaling laws adequately describe the macroscopic foam be-

haviour for many types of macrocellular foams [306], including ceramics,
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metals and polymers [4, 5, 84, 304]. These power laws are used in order

to interpret the response of the graphitic foams of the present study. It is

found that the measured values for the pre-factors α and β of Eq. 4.1 and 4.2

respectively are 7.8x10−4 and 6.5x10−5, see Fig. 4.11c and 4.11d. These differ

greatly from the previously assumed magnitude of pre-factors α = 1 and β =

0.3, as taken from the literature for metallic or polymeric open-cell foams [10,

78]. This motivates an investigation into the influence of hollow struts and

wavy anisotropic cell walls on the values for the pre-factors (α,β).

It is recognized that (non-layered) ceramic nano-lattices deform elastically

and recover upon unloading [96]. This contrasts with the observed behaviour

of the multilayered graphite. Furthermore, the graphitic foams of the present

study deform in a different manner to that of elastic-brittle ceramic foams,

see for example Gibson-Ashby [78]. Such foams display a highly jagged stress

versus strain response associated with the sequential fracture of individual

struts at the loading plateau. No such fragmentation of the struts is observed

in the present study. Thus, there is no need to account for fracture energy

(such as surface energy) in the hierarchical model.

4.5.2 the role of hollow struts

First, the implications of hollow struts on the stiffness and yield strength is

investigated, by using the concept of shape factors [11]. The shape factor is a

multiplicative scaling factor which expresses the amplification of a mechani-

cal property (such as mechanical modulus), due to a choice of geometry. This

factor is normalized by that of a solid circular beam of equal cross-sectional

area to that of the geometry under consideration. Shape factors must be taken

into consideration to account for this discrepancy between the measured

values of the pre-factors α and β of the current study and the standard values

of α=1 and β=0.3, as derived for open-cell foams [78].

Consider the case of an open-cell foam, with cell walls in the form of hollow

triangular tubes of wall thickness h, strut side length d and internal strut

side length di, as shown in Fig. 4.14b. Assume that the cell walls are made
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from a solid of Young’s modulus Es and yield strength σys. It is further

assumed that the strut is bending under an applied moment caused by the

macroscopic compression of the foam. A reference cell wall of solid circular

cross-section of diameter D is used, of cross-sectional area equal to that of

the hollow tube, implying D2 = 12dh/π. The shape factor for elastic bending

φBe, and the shape factor for yield in bending φBy are thus considered.

4.5.2.1 Shape factor for elastic bending φBe

The bending stiffness of the hollow triangular tube equals φBe times that of

the solid circular bar. To begin, consider a beam of length l, under a uniform

moment M such that the ends have a relative rotation θ. Then, the bending

stiffness SB is

SB ≡
M

θ
=

EsI

l
(4.3)

where I is the second moment of area.

Write Ih and Is as the second moment of area of a hollow triangular beam

and solid circular bar, respectively. For bending about the axis X–X of Fig.

4.14, Ih reads as

Ih =
1

32
√
3

[

(

di +
4√
3
h

)4

− d4
i

]

≈
hd3

6
(4.4)

for h/d ≪ 1, and the shape factor φBe follows as

φBe =
SBh
SBs

=
Ih
Is

≈
2π

27

d

h
(4.5)

thereby defining the relevant shape factor for elastic bending of the cell wall

struts in the form of hollow tubes.

4.5.2.2 Shape factor for yield in bending φBy

Next, consider the plastic collapse of a hollow triangular bar and of the

solid circular bar of equal cross-sectional area. Upon noting that the plastic

collapse moment of the hollow triangular bar MPh and solid circular bar MPs

are given by MPh =
√
3hd2 σys and MPs = D3σys/6 respectively, the relevant

shape factor reads

φBy =
π
√
π

4

d

h

1/2

(4.6)
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4.5.3 effect of shape factors

A direct comparison with Eq. 4.1 and 4.2 implies that α = φBe and β =

0.3φBy. Using values of wall thickness h and strut width d, as measured

by cross-sectional SEM, the value of the shape factor for elastic bending

is determined to be φBe ≈ 80, and the shape factor for failure in bending

φBy ≈ 30. Shape factors exceeding unity are typical of hollow sections

[64]. However, these values are several orders of magnitude too large when

compared to the experimentally determined values for the constants of

proportionality, indicating that the high-aspect ratio cross-sectional shape

alone cannot account for the significant reduction in stiffness and strength.

As such, an explanation at a lower length scale is sought, that of the walls of

the hollow triangular struts.

4.5.4 the role of wall waviness

It is emphasized that the above calculation of shape factors for a hollow

triangular beam is based on the assumption that the walls of the hollow

cross-section are perfectly straight. In reality the walls are wavy, as demon-

strated by the high-resolution SEM images in Fig. 4.15. The walls of the

hollow tubes are subjected to a gradient of axial stress from tension in the

top fiber to compression in the bottom fiber when the tube is subjected to a

bending moment M. Recall that these walls comprise a multilayered stack of

graphitic sheets, see Fig. 4.2. When this wavy stack of sheets is subjected to

an axial tension or compression, this misalignment induces bending loads

and transverse shear forces on the cross-section of the cell wall. The wavy

sheet responds by bending and by shear deflections, which lead to a change

in the axial length of the wavy stack of sheets.
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Figure 4.15: Images of the surface of as-grown graphitic layers, demonstrating the

waviness present due to the polycrystalline substrate and wrinkling arising from

a mismatch in the thermal expansion coefficient after cooling. (a) SEM images of a

tilted strut surface. (b) Large 20×20 µm AFM image of the graphitic surface.

4.5.4.1 Wall bending

The cell wall waviness is idealized by a sine wave of amplitude w0 and

wavelength of λ, such that the transverse deflection in the initial, unloaded

state is

w(x) = w0 sin
(

2πx

λ

)

(4.7)

The axial compliance of each face of the triangular strut is increased due

to waviness. Consequently, bending due to this waviness will introduce a

knock-down factor kBe in the effective modulus of the cell walls and also in

the macroscopic modulus of the foam. Likewise, the axial strength of the cell

walls are reduced by a factor kBy due to waviness.

The macroscopic modulus of an elastic foam, upon neglecting correction

factors, is given by

E = ρ̄2Es (4.8)

when cell wall bending dominates the response, that is α = 1 and n = 2, as

discussed by Gibson-Ashby [77]. In the presence of the shape factor φBe and

the knockdown factor kBe at two structural hierarchies, Eq. 4.8 becomes,

E = φBekBeρ̄
2Es (4.9)
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This is of the form of Eq. 4.1 but with a correction pre-factor α now given by

α = φBekBe (4.10)

Likewise, the macroscopic yield strength for bending-dominated open-cell

foams, absent any correction factor, is

σy = 0.3ρ̄3/2σys (4.11)

implying β = 0.3 and m = 3/2. Now modify Eq. 4.11 with the presence of the

shape factor φBy and the knockdown factor kBy at two structural hierarchies,

such that

σy = 0.3φBykByρ̄
3/2σys (4.12)

This is of the form of Eq. 4.2 but with a correction pre-factor β given by

β = 0.3φBykBy (4.13)

The derivations for the formulae for kBe and kBy are now respectively given.

Figure 4.16: Schematics for microscale wall bending. (a) In the wavy strut wall,

an axial tension acts along the waviness (amplitude w0, wavelength λ). Shear and

bending moments are induced by the axial force T . (b) The transverse deflection

at a given point described by w(x). When the wall is at an angle to the acting T ,

a localized bending moment will arise. At section x, M = Tw(x). (c) This bending

moment tends to straighten the walls by giving them a transverse deflection u(x) in

the opposite direction to w(x).

112



4.5 results and discussion

wall bending case – axial compliance of a wavy beam : Treat

the cell wall as a beam of height h and assume that the axial straining of a

wavy beam is driven by an end tension T , as depicted in Fig. 4.16. Under an

end tension T , the beam bends locally due to a bending moment M = Tw,

and consequently the beam straightens and lengthens.

Consider a wavy beam of bending modulus E subjected to an axial tension T .

The wavy beam has an initial transverse deflection at a given point w(x) of

the form,

w(x) = w0sin

(

2πx

λ

)

(4.14)

where w0 is the amplitude of the waviness and λ is the wavelength (see

Figure 4.16a).

The axial tension T induces a bending moment M at a given cross-section x

such that,

M = −Tw(x) (4.15)

This bending moment distribution results in an additional transverse deflec-

tion u(x) in the opposing direction to w(x) such that,

M = EI
d2u

dx2
(4.16)

where I is the second moment of area for the beam.

Solution of the above Eqs. 4.15 and 4.16, allows us to determine the amount

of transverse deflection experienced by the beam at section x,

u(x) = u0sin
2πx

λ
(4.17)

u(x) = −
T

EI

(

λ

2π

)2

w0sin

(

2πx

λ

)

(4.18)

where w0 is the amplitude of the waviness.

The additional deflection u(x) reduces the waviness of the beam, and the

associated axial strain due to this bending action is given by,

ǫb =
w2

0T

2EI
(4.19)

113
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Now, recall that the axial strain ǫs in a straight wall under a tension T is

given by,

ǫs =
T

EA
(4.20)

where A is the cross-sectional area of the wall.

Consequently, the knock-down factor kBe due to waviness-induced bending

is

kBe =
ǫs

ǫb
=

2I

Aw2
0

(4.21)

For a wall of thickness h, this expression reduces to

kBe =
1

6

(

h

w0

)2

(4.22)

wall bending case – axial strength of a wavy beam bending

under an applied tension : A similar analysis can be applied to

determine the knockdown in yield strength of the foam due to cell wall

waviness. Again, treat each face of the hollow triangular strut as a wavy strip

of rectangular cross-section b× h, such that the initial transverse deflection

at a given point is described by w(x), as defined by Eq. 4.14. The challenge is

to determine the axial plastic collapse load by hinge formation at the location

of maximum waviness of the wavy beam and to normalize it by the axial

strength Pa = σysbh for a straight beam under axial tension. This gives us

the knockdown factor kBy.

Equate the maximum bending moment in the wavy beam due to an applied

axial force P to the plastic collapse moment of the section MP, to give

Mp = P ·w0 (4.23)

where,

Mp =
σysbh

2

4
(4.24)

Hence the axial collapse load of the wavy beam reads,

P =
σysbh

2

4w0
(4.25)
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and the knockdown factor follows immediately as

kBy =
h

4w0
(4.26)

4.5.4.2 Wall shear

Cell wall waviness can induce an alternative deformation mechanism, that

of cell-wall shear. Consider a wavy face of the triangular tube with a shear

modulus Gs and shear strength τys. Shear deformation may provide a sig-

nificant contribution to the axial compliance of the wavy cell wall, as it is

generally recognized that a stack of graphite sheets has a much lower shear

modulus than in-plane tensile modulus. The wavy multilayer walls of the

hollow triangular struts undergo shear loading when the faces of the struts

are loaded by axial stress. Recall that these axial stresses arise from bending

of the cell walls of the open-cell foam, as shown in Figure 4.17. Then, the

axial stiffness of the wavy beam of thickness h is knocked-down from that of

the equivalent straight beam by a factor kSe, and likewise the axial strength

is knocked down by a factor kSy.

The relation between macroscopic foam modulus E and yield stress σy due

to cell wall shear follows from insertion of these knock-down factors into Eq.

4.8 to give

E = φBekSeρ̄
2Es (4.27)

implying that

α = φBekSe (4.28)

Likewise, the yield strength of the foam now reads

σy = 0.3φBykSyρ̄
3/2σys (4.29)

β = 0.3φBykSy (4.30)

The derivations for the formulae for kSe and kSy are now respectively given.
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Figure 4.17: Schematics for microscale interlayer wall shearing. (a) The waviness of

the strut wall is described by the transverse deflection w(x) = w0sin
(

2πx
λ

)

where

w0 is the amplitude of the waviness and λ is the wavelength. (b) In a small section

of a wavy wall, since the wall is largely at an angle to the acting T , an interlayer

shear stress τ is created between the layers of the multilayer graphitic wall.

wall shear case - axial compliance of a wavy beam due to

interlayer wall shear : The wavy walls of the hollow triangular

struts will deform by longitudinal shear under an axial load due to the finite

misalignment angle dw/dx of the wavy walls with respect to the loading

direction, see Figure 4.17. To extract the knock-down in axial stiffness due to

the shear of the anisotropic wavy walls kS, we compare the extensibility of

the wavy beam to that of the straight wall case, by making use of a virtual

work argument.

The shear stress τ on a rectangular cross-section b×h of the wavy beam is

related to the axial force P according to

τ =
P

bh

dw

dx
(4.31)
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where w(x) is defined in Eq. 4.14. The resulting shear strain γ reads,

γ =
τ

Gs
(4.32)

in terms of the longitudinal shear modulus Gs of the layered solid. This

shear strain distribution over one wavelength λ of the beam leads to an axial

extension ∆ such that,

∆ · δP =

λ
∫

0

δτ · γbhdx (4.33)

for any virtual δτ and associated end load δP. Suitable substitution of Eqs.

4.31, 4.32 and 4.14 into Eq. 4.33 gives,

∆

λ
= 2π2

(w0

λ

)2 P

Gsbh
(4.34)

Now recall that the axial strain ∆/λ due to the imposition of an axial load P

on a perfectly straight face is given by,

∆

λ
=

P

bhEs
(4.35)

Upon dividing Eq. 4.35 by Eq. 4.34 we obtain the required knockdown factor

for the foam modulus due to waviness-induced shear as

kSe =
1

2π2

Gs

Es

(

λ

w0

)2

(4.36)

wall shear case - axial strength of a wavy beam due to shear

yield under an applied tension : The final step is to determine the

axial strength of a wavy beam due to longitudinal shear yield. Assume that

each face of the hollow triangular strut has the waviness profile w(x) as

stated in Eq. 4.14, and yields when the shear stress τ on a section, as given by

τ =
P

bh

dw

dx
(4.37)

attains a yield value τy.

Then, upon making use of Eq. 4.14, we obtain

P =
bh

2π

λ

w0
τy (4.38)

117



4.5 results and discussion

Now normalize this by the axial yield strength of a non-wavy face sheet to

obtain the required knock-down factor

kSy =
1

2π

λ

w0

τys

σys
(4.39)

4.5.5 failure modes

It is emphasized that the multi-scale model assumes that the knock-down

factors at each length scale act independently of each other. This is reasonable

when there is a wide separation of length scales, as in the present study.

Accordingly, the overall knock-down factor is determined by the product of

knock-down factors at each length scale. It is clear from Chapter 4.5.4 that

there exists a strong dependence of macroscopic modulus and strength on

the amplitude of the wall waviness w0.

In order to assess which failure mode is active, waviness amplitude values

were determined that are in agreement with measured values of macroscopic

modulus and strength, assuming that the hollow cell walls of the foam un-

dergo either bending or shear. Predictions of the amplitude of waviness w0

are obtained from Eq. 4.10, 4.13, 4.28 and 4.30. It is found that wall shear

implies waviness amplitudes in the range of 0.45 µm to 22 µm, whereas

hollow wall bending calls for waviness amplitudes of 11 µm to 5800 µm.

(Table 4.2). SEM images of edge profiles of the graphitic struts reveal wavi-

ness amplitudes on the order of 2.8 µm, indicating that the deformation

of multilayer graphitic foams is dominated by interlayer shear rather than

intralayer bending. This is consistent with the large contrast between the high

in-plane Young’s modulus and low out-of-plane shear modulus of multilayer

graphene [224].

The above hierarchical model uses the language of plasticity theory, with

the notion that bending of the struts is by plastic slip between planes of

the graphitic walls. This is consistent with observations on the nanoscale of

the deformation of CVD grown graphitic layers in cantilever beams [138].

Carbon nanotubes also display similar behaviour with longitudinal plastic
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scenario predicted w0 value (µm)

wall bending 11 - 26 (elastic)

w0 = 2700 - 5800 (plastic)

wall shear 2.1 - 22 (elastic)

w0 = 0.45 - 4.8 (plastic)

Table 4.2: Summary of key length-scales. Theoretically required w0 were calculated

using measured variables for wall thickness (h) and strut side wall length (d).

shear between the layers of a nanotube [87, 199]. Compared to other 3D

graphene-based assemblies [126, 236, 263, 274, 297], uniaxial compression

studies on graphene-based aerogels have observed yield strength scaling as

ρ̄2.4 (see Fig. 4.12). Recall that σy ∝ ρ̄3/2 in the present study. The discrepancy

between values for the exponent can be traced to the fact that aerogel foams

comprise a percolating network of stacked graphitic platelets, rather than the

continuously grown sheets that form the foams in our study that afford a

more electrically conductive networked structure (see Fig. 4.13).

4.6 conclusions

The compressive response of freestanding CVD graphitic foams has been

measured for a range of relative densities, and a three level hierarchical model

has been developed to explain the dependence of modulus and strength upon

relative density and microstructure. As the basis for a reproducible model

system, commercial Ni templates and a graphitic wall thickness larger than

80 nm in combination with process and handling improvements such as H2

annealing and laser sectioning are used. The power law dependence of com-

pressive modulus and yield strength of the open-cell foam suggests that the

cell walls undergo beam bending (level I). However, the measured pre-factors

in the power laws are several orders of magnitude lower than those observed

for conventional polymeric and metallic open-cell foams. This knock-down

is traced to the following microstructural features. The cell struts are hollow

tubes (level II), with wavy walls, and consequently the axial stiffness and
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strength of the faces of the tube are degraded by the waviness (level III). By

comparing predicted levels of waviness with measured values, it is demon-

strated that the dominant failure mechanism is inter-layer shear rather than

in-plane bending of the wavy walls. These factors lead to a multiplicative

knock-down in macroscopic properties.

The addition of a thin, flexible ceramic ALD Al2O3 scaffold to the free-

standing graphitic foams was also explored. There is an increasing body

of literature to suggest that ultrathin ceramic metamaterials exhibit ductile

behaviour when wall thicknesses fall below 100 nm [96, 156, 298, 303]. The

results of the present study are consistent with these findings; the graphitic

foams tested herein possess a cell wall thickness on the order of 80-150 nm,

with a 50 nm thick alumina scaffold. It was found that this thin ceramic scaf-

fold increases the strength and stiffness of the foams while still conforming

to the same scaling laws as those exhibited by the freestanding graphitic

foams. The micromechanical, hierarchical model presented here represents

a first step towards an understanding of foams with cell walls made from

emergent 2D layered solids across multiple length scales.
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5
N A N O I N D E N TAT I O N O F

F R E E S TA N D I N G 3 D G R A P H E N E

G Y R O I D S

5.1 author contribution

This chapter is based on the manuscript The indentation response of the hol-

low graphene gyroid nanolattice, which is currently in preparation. The bulk

of the general approach, sample synthesis, FEA, and characterization was

performed by the author of this thesis. The nickel gyroid thin film lattices of

various thicknesses were manufactured by block co-polymer self-assembly,

with co-author Tomasz Cebo. Nanoindentation experiments were carried out

with co-author Prof. David Labonte. Tof-SIMS experiments were carried out

by co-author Vlad-Petru Veigang-Radulescu.

5.2 introduction and motivation

In Chapter 4, a three-level hierarchical model was used to explain the ob-

served mechanical behaviour of a graphitic foam. Based on observation and

the power law dependence of the compressive modulus and yield strength

of the open-cell graphitic foams across a range of relative densities, it was

determined that the struts of the foam undergo bending-dominated deforma-

tion (level I). Little to no breakage and fracturing of the struts was observed

in compressed samples. Such struts were hollow (level II), and possessed
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wavy walls (level III) due to the shape inheritance of the polycrystalline sub-

strate and relaxation after internal template removal. This waviness increases

axial compliance of the tube faces, and by comparing the predicted levels

of waviness with measured values it was determined that the dominant

failure mechanism occurs via inter-layer shear rather than in-plane bending

of the wavy walls. These factors lead to a multiplicative knock-down in the

macroscopic properties.

As discussed in Chapter 2.1.1, the relationship between macroscopic prop-

erties and relative density ρ̄ is dictated by the topology of a lattice material.

A large portion of the literature [30, 60, 170, 240, 253] have utilized similar

commercial nickel foams as catalytic templates due to the ease of acquisition,

resulting in graphitic foams that possess disordered structures and a low

connectivity of three struts per node. These foams will inevitably behave as

bending-dominated lattices and possess lower strengths and stiffnesses when

compared to a stretching-dominated lattice at the same ρ̄. Stochastic systems

consistently demonstrate inferior structural performance, motivating the

development of graphene-based cellular structures with long-range periodic

order and more efficient stress transfer and load bearing behaviour. One such

possibility is to use a continuously curved shell geometry, which is unable to

bend without stretching and will consequently possess a power law exponent

n that is closer to unity [91, 108]. CVD graphene foams with bicontinuous

shell architectures based on spinodal topologies have been prepared from

dealloyed Ni films with ~3µm pore sizes. While the cellular structure is still

disordered, these materials were found to possess mixed deformation modes

of stretching and bending [107], resulting in scaling relationships of E ∝ ρ̄1.6

and σ ∝ ρ̄1.1.

The manufacture of structured nanoscale cellular solids has only recently

been enabled by developments in precision manufacturing techniques. Such

nanolattices possess efficient load bearing and stress transfer behaviour, and

have demonstrated exceptional mechanical behaviour such as high yield

strain for metallic lattices [78, 209] and, a high fracture strain for ceramic lat-

tices [156], a nearly constant specific stiffness at ultra-low density [303], and
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ultra-high effective strengths of the constituent cell walls [57, 111]. Structured

nanolattices have thereby expanded material property space, as seen in the

plot of strength versus density of Figure 1.1. These novel mechanical char-

acteristics arise from rationally designed cellular architecture (see Chapter

2.1.1) combined with nanoscale size effects on material strength. Strength can

increase dramatically with decreasing structural size largely due to the elimi-

nation of defects [9, 61, 116]. The bulk strength of metals and ceramics are

orders of magnitudes smaller than their theoretical limits due to the presence

of imperfections such as dislocations, grain boundaries and voids. Consider

the tensile strength of a strut of cross-sectional thickness t. If the strut exists,

then it can only contain defects of dimension less than t. Consequently, the

maximum size of a defects that a strut can contain must decrease as the strut

gets smaller, if it is to exist. This ‘smaller is stronger’ phenomenon is active

in these nanolattices, whereby the length scale of architecture is reduced to

a scale small enough to exploit size-dependent strengthening. Pyrolytically

derived ceramic nanolattices [16], atomic layer deposited hollow-beam ce-

ramic nanolattices [96] and the nickel double gyroid nanolattice [111] have

reported mechanical behaviours that benefit from such size effects.

The nickel single gyroid nanolattice is used here in Chapter 5, as both a cat-

alytic template for the production of hollow CVD graphene gyroid nanolat-

tices and as a comparative model nanolattice during the study of mechanical

behaviour. The gyroid is a triply periodic minimal surface (TPMS) discovered

by Schoen in 1970, and has garnered significant interest as a framework

for periodic nanolattices which possess a high surface area to volume ratio,

and a uniform cell and pore size which are beneficial for systems requiring

functional nanostructures [49]. Recent research has demonstrated the prepa-

ration of nanoscale solid single gyroids [93] and inter-connected solid double

gyroids [111] from the in-filling of phase-separated block co-polymers, as

discussed in Chapter 2.2.2.3. Hollow gyroid topologies have subsequently

been prepared using a specialized CVD technique [29], or through ALD of

metal oxide layers [148].
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As a natural structure formed from an energy-minimization process [218],

the mechanical properties of the gyroid lattice have also garnered signifi-

cant interest. Khaderi et al. [110] utilized FEA of the multi-axial collapse

simulations of an idealized slender beam model with uniform circular cross-

section to predict the elastic-plastic response of the gyroid lattice, which

was found to be reasonably isotropic. The gyroid lattice is seen to deform

with a bending-dominated elasto-plastic response occurring for all deviatoric

loading states. Likewise, the effective elastic and plastic properties of the

solid double gyroid unit [110] have been computed using unit cell FEA. The

predicted variations of elastic modulus E and yield strength σy with relative

density ρ̄ for both the beam model and solid double gyroid were found

to scale as E ∼ ρ̄2Es and σy ∼ ρ̄3/2σys, consistent with bending-dominated

behaviour. Nanoindentation measurements of a fabricated nickel double

gyroid lattice were used to calibrate an inverse FEA, extracting the associated

properties of the parent nickel. It was found that the predicted yield strength

of the struts (5.7 GPa) approached the theoretical strength of nickel, due to

the lack of dislocations in the nanoscale struts [110].

Other prior studies have examined the theoretical mechanical properties

of hollow graphene gyroid lattices through the use of molecular dynamics

simulations. However, such models assume that the walls of the gyroid lattice

are made from a single layer of entirely covalently bonded graphene, leading

to predictions of remarkable electrical [178] and mechanical [104, 159, 201]

properties. In reality, the cell walls of fabricated graphene gyroid lattices are

comprised of multiple layers of graphene [29]. As such, it is of interest if

interlayer shearing within the wavy multilayered graphene walls will cause

a multiplicative knock down in the macroscopic properties of multilayered

graphene gyroid lattices, as was found for macroscopic foams in Chapter 4.

In this chapter, the manufacture and mechanical characterization of a solid

nickel gyroid and the associated CVD graphene gyroid lattice is discussed.

These ordered nanolattices contain a unit cell of 60 nm, with nickel solid

strut thickness on the order of 15 nm and graphene wall thicknesses of 3 nm.

A combination of nanoindentation and multi-scale FEA is used to deduce,
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for the first time, the macroscopic effective properties of these gyroid-based

materials and the constituent cell wall properties.

5.3 experimental methods

5.3.1 manufacture of gyroid nanolattices

Nickel solid gyroid thin films of selected film thicknesses were manufactured

by block co-polymer self-assembly as described in Chapter 3.1.1.2. Gyroid

lattices were manufactured as a thin film on top of a 350 nm layer of fluorine-

doped tin oxide (FTO) coating, which, in turn, sat on a borosilicate glass

slide of thickness 2.2 mm. The resulting nickel solid gyroid possessed a unit

cell size of 60 nm and a fill fraction of 40% (that is, relative density ρ̄ = 0.4),

see Fig. 3.3. Multilayer graphene was deposited with a carbon-predosing

methodology as described in Chapter 3.1.2.2. Etching of the internal nickel

template as described in Chapter 2.3 affords a clean and freestanding lattice,

henceforth referred to as the hollow graphene gyroid. The final structure of

the hollow graphene gyroid strongly resembles the original TPMS gyroid

surface. A schematic of the production process and morphology of final

gyroid nanolattices are shown in Figure 5.1.

Figure 5.1: Schematic of the templated growth of the hollow gyroid from a solid

gyroid. Section shown is a 3x3x3 segment of the gyroid lattice.

As previously discussed in Chapter 2.4.3, the acetylene pre-dosing process is

designed to increase the uptake of carbon into the nickel template prior to

reaching the growth temperature. This lead to saturation of the finely porous
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Figure 5.2: SEM cross-sectional images of thermally coarsened gyroid films, follow-

ing CVD processing at 650°C.

catalyst and the formation of stabilizing surface graphitic deposits and nickel

surface carbides, prior to reaching the growth temperature [29]. However, the

gyroid films remained extremely sensitive to the process temperature due to

the fine struts with a 15nm diameter. Growth at 650°C was found to cause

severe coarsening below the film surface for the thinner gyroid films, as can

be seen in Figure 5.2. Lowering of the growth temperature to 625°C allowed

for the internal structure of the Ni gyroid films to remain well preserved, see

Fig. 5.3.

5.3.2 characterization of gyroid nanolattices

Scanning electron microscopy (SEM) and atomic force microscopy (AFM)

micrographs of the top surface of the nickel solid gyroid film are shown in

Figure 5.3 and 5.4, showing the clearly resolved nanostructure. A cleaved

cross-section in Figure 5.3d clearly displays the layered structure of the

gyroid/FTO/glass. Careful cross sections of the gyroid films were prepared

using focused ion-beam (FIB) milling (Figs 5.5, 5.6) in order to determine

the film thickness. Long-range order is evident through a vertical slice of

the gyroid films, and it is clear that the hollow graphene gyroid inherits its

topology from that of the nickel gyroid template. Similar images were used

to measure the film thickness at multiple locations for each sample; the film

thickness of each sample is 300, 500 and 700 nm ± 25 nm. The gyroid films

tested in this study have an average roughness of Ra = 25 nm.
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Figure 5.3: SEM images of the nickel gyroid (a,b,c) surface. (d) Cleaved edge showing

the nickel gyroid film on top of the FTO/glass substrate. (e) High magnification

image of the cross section, showing the long-range order present in the nickel gyroid

film.

In order to determine the nature of the graphitization, Raman spectra were

taken with a Renishaw inVia spectrometer under 532 nm excitation, see Fig.

5.7a. Characteristic D, G and 2D peaks are observed, consistent with the

growth of multilayer graphene gyroids [29]. A prominent D-band and red

shifted G-band are present, which can be attributed to the presence of many

small, disordered [189] and strained [171] graphene domains. These charac-

teristics arise from the nanoscale growth surface and high local curvature of

the nickel gyroid template [29] used to prepare graphene gyroids. To confirm

the complete removal of the internal nickel template from the freestanding

graphene gyroid, ToF-SIMS depth profiling was performed on a graphene

gyroid film, see Fig. 5.7b. Argon cluster sputtering (5 keV, 2700 ions, 0.36

nA) was used to probe the entire thickness of as-grown samples. The C+

carbon signal was stable throughout the thickness of the gyroid layer, but

then reduces as an SnO+ signal appears, indicating the end of the graphene

gyroid film, and the beginning of the FTO layer. The nickel Ni+ signal is
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Figure 5.4: AFM images of the (a,b) graphene and (c,d) nickel gyroid surfaces.
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Figure 5.5: Cross-sectional SEM images of nickel solid gyroid films. FTO and glass

layers are clearly visible. Thickness was measured across multiple points as (a) 300

nm (b) 500 nm and (c) 700 nm ± 25 nm. Capping layer is platinum, deposited as a

part of the FIB milling process.

Figure 5.6: Cross-sectional SEM images of freestanding hollow graphene gyroids.

Film thickness and structure is retained across each sample. Capping layer is plat-

inum, deposited as a part of the FIB milling process.

negligible throughout the scan, suggesting that the etching and rinsing steps

have successfully removed the internal template.

HR-TEM samples were prepared from as-grown graphene gyroids by first

removing the graphene gyroid film from their substrate with a razor blade

and then using wet transfer via water lift-off onto Au-supported holey carbon

grids. Bright-field transmission electron microscopy images were taken as

described in Chapter 3.2.4, at 80 kV accelerating voltage in order to prevent

beam damage to the material. HR-TEM images confirm a lattice spacing of

approximately 0.33 nm, corresponding to the interlayer spacing of multi-

layer graphene. The cell walls of the hollow gyroid comprises 8-10 layers of

graphene, see Fig. 5.7c. This corresponds to a total wall thickness of 3 nm,

which is consistent with a final relative density of ρ̄ ≈ 0.14, based on the solid
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Figure 5.7: (a) Representative Raman spectra of the hollow graphene gyroid surface.

Prominent D, G and 2D peaks are present, characteristic of multilayer graphene.

(b) ToF-SIMS depth profile of the hollow gyroid lattice. A negligible Ni+ signal

is present throughout the bulk of the lattice, confirming complete removal of the

internal template after etching. (c) HR-TEM image of a hollow graphene gyroid

channel with diameter of ~15nm.

gyroid template ρ̄ ≈ 0.4 and a unit cell size of 60 nm. The sheet resistance

was measured using the van der Pauw method as discussed in Chapter 3.2.10.

Graphene gyroids were floated on the surface of a hydrochloric acid/deion-

ized water bath (0.1M) and transferred via lift-off onto non-conductive glass,

before being electrically contacted at the corners by silver paste.

5.3.3 indentation measurement protocol

Nanoindentation tests were performed on sets of three thicknesses of nickel

gyroid and graphene gyroid films, using a Hysitron Ub1 Nanoindenter

system of depth resolution 0.04 nm. The Berkovitch tip had a tip radius

of 50 nm and a half angle of 65.35°, as measured from the central axis

to a pyramidal flat. The tip was considered to be sufficiently sharp to be

pyramidal at an indentation depth δ > 50 nm. Sixteen separate indentation

tests were carried out on each of the gyroid films. Samples were indented in a

4 by 4 array with a 50µm spacing in both lateral directions to ensure that the

strain field due to each indent did not interact with each other. For each test,

the peak load in each cycle was progressively increased up to the maximum

load of 11 mN for nickel and 1 mN for the hollow graphene gyroids. Twelve

partial load/unload cycles with equal peak load spacing were performed
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per test. Each loading and unloading segment was of duration 2s, with a

2s hold time between each segment. During each unloading cycle, the load

was reduced to 50% of the prior load. The modulus and hardness were

extracted from these measurements using the standard Oliver and Pharr

[176] procedure. The detailed assumptions of this analysis are outlined in

Chapter 3.3.2.

Figure 5.8: SEM of the nickel solid gyroid and hollow graphene gyroid taken post-

indentation. A clear impression of the Berkovitch tip is present in the nickel solid

gyroid lattice after indentation, with minimal elastic recovery. Surface SEM image

of the hollow graphene gyroid displaying minimal damage after indentation to

δmax/h ≈0.79.

5.3.4 measured properties

SEM micrographs, and surface profiles of the films post-indentation are

given in Figures 5.8 and 5.9. For the case of the solid nickel gyroid films,

indentation leads to plastic deformation of the gyroid lattice with limited

elastic recovery of the indent (see Figs 5.8 and 5.9). In contrast, for the
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graphene gyroid lattice, an indent of δf/h ≈ 0.13 remains after indentation

to δmax/h ≈0.79, indicating that a significant amount of elastic recovery has

occurred. SEM images of the hollow graphene gyroid after indentation show

minimal plastic deformation (Fig. 5.8). The level of elastic recovery remained

high (δf/h ≈0.39) even after indentation to δmax/h ≈ 0.99. Note that deep

indents lead to plastic deformation of the underlying FTO layer, thereby

reducing the relative degree of elastic recovery.

The measured values of unloading modulus ER and of hardness H are

plotted in Fig. 5.18 as a function of the normalized indentation depth δ/h.

The hardness H is relatively independent of indent depth δ, for 0.2 < δ/h <

0.5. At high values of indent depth (δ/h > 0.5) H increases with increasing

δ/h due to indentation of the substrate. The largest scatter in the measured

values of ER and of H occur for the thinnest gyroid films, due to the high

roughness of the FTO layer relative to the layer thickness h for the thinnest

films.

5.4 numerical simulations

The Young’s modulus and uniaxial compressive yield strength of the solid

and hollow gyroid lattice cannot be measured directly from the nanoindenta-

tion measurements reported above. In this chapter a multi-scale numerical

analysis is utilized to extract the effective mechanical properties of the gyroid

lattice and parent materials, for both the solid nickel and hollow graphene

cases. Khaderi et al. [111] have previously derived power law scaling equa-

tions for the elastic constants of the solid gyroid lattice through numerical

simulation of an idealized slender-beam model of the gyroid lattice. However,

the slender beam approximation slightly underestimates the modulus and

strength of solid gyroid lattices with ρ̄ > 0.15. Analysis of the double gyroid

lattice, which comprise two interpenetrating single gyroids of opposite chi-

rality, has also been performed up to a limit of each single gyroid possessing

a relative density of ρ̄ = 0.19. The solid gyroid tested herein possesses a

relative density ρ̄ = 0.4, motivating the numerical simulation of solid gy-
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Figure 5.9: Surface profiles of the (a) nickel solid gyroid and (b, c, d) hollow graphene

gyroid taken post-indentation. Remnant indentation profiles after progressive in-

dentation loading (b) 1000 µN, (c) 2000 µN, (d) 5000 µN was applied to the hollow

graphene gyroid lattice.

roid unit cells with ρ̄ up to 0.5 herein. A comparative plot of the effective

properties of the solid single gyroid calculated herein against the slender

beam model [111] and double gyroid model [110] can be found in Figure 5.12.

133



5.4 numerical simulations

5.4.1 effective properties of the gyroid lattices

The unit cells for the solid gyroid and hollow gyroid are shown in Figure 5.10.

The gyroid unit cells are constructed using the approximation to the single

gyroid morphology as proposed by Lambert et al. [120]. This approximation

suggests the surface of a single gyroid can be represented by a function

F(x,y, z) − t0 = 0,

F ≡ sin(2πx)cos(2πy) + sin(2πy)cos(2πz) + sin(2πz)cos(2πz) (5.1)

where (x,y,z) are the Cartesian coordinates aligned with the cubic directions

of the gyroid lattice, as shown in Fig. 5.10. The scaling parameter t0 controls

the distance of the surface from the t0 = 0 surface, and hence determines

the relative density of the gyroid lattice. The solid gyroid is constructed by

infilling the space F− t0 >0 to obtain the volume shown in Figure 5.10a. The

constructed hollow gyroid volumes were based on the templated surface

growth of graphene, and hence had a fixed t0 such that the internal surface

was equal to the relative density ρ̄ = 0.4 of the solid gyroid. The hollow gyroid

was constructed by varying a second scaling parameter t1 and infilling the

space between two gyroid surfaces F− t0 = 0 and F− t1 = 0, to obtain the

unit cell as shown in Figure 5.10b.

Figure 5.10: Representative volume elements of the solid gyroid and hollow gyroid

lattices. In this sketch, a solid gyroid with ρ̄ = 0.4 and hollow gyroid with ρ̄ = 0.05

are shown.
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Periodic cell finite element calculations were then performed on each of the

constructed volumes to determine the effective elastic and plastic properties

using the commercial finite element package ABAQUS. The gyroid geometry

was meshed using uniform four-noded linear tetrahedral elements (C3D4

in ABAQUS notation). The mesh density was chosen such that a halving

of the mesh size results in less than 1% change in macroscopic modulus or

strength of the lattice. To achieve this, each FEA model comprised approx-

imately 3×105 elements. As the wall thickness to diameter ratio of each of

the hollow gyroids simulated herein exceeded 0.03, shell elements were not

used [191] and the volumes were meshed as before, with an average of 1×106

elements generated per model. Macroscopically, each gyroid deforms by

stretching and/or bending and hence an elastic-ideally plastic solid material

response was used for the FEA herein. The strut material was modelled with

isotropic elasticity and J2 plasticity, behaving as an elastic-ideally plastic solid

of Young’s modulus ES, Poisson ratio νS and yield strength σS. It is assumed

that νS = 0.3 and the yield strain ǫ = σS/ES equals 0.03.

The imposition of displacement boundary conditions such that plane bound-

ary surfaces remain plane will over-constrain the representative volume

element, leading to an overestimation of the homogenized elastic proper-

ties [270]. Thus, node-to-node periodic conditions are applied, which allow

deformed boundary surfaces to distort in a non-planar fashion. In general,

every pair of nodes (denoted as +x and -x) on two opposite faces of the

cubic unit cell are linked through linear constraint equations for each degree

of freedom [177]. Dummy reference points are defined in the FEA in order

to impose boundary displacements and accommodate rigid body motion.

Applied displacements on the representative volume element surface are

applied by imposing fixed displacements on the associated reference point,

which are linked to the nodes of an entire face. The value of the reaction

force at a reference point is the sum of principle boundary nodal forces gen-

erated at the relevant boundary nodes. The reaction forces on the reference

point is used to determine the macroscopic stress that corresponds to the

applied strain. Thus, simulations were then conducted to determine the three

independent elastic constants of the unit cell, as well as the shear moduli
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G and yield strengths σS. The stress at 0.2% offset was taken as the yield

strength. The average result of the extracted elastic and plastic properties are

presented herein.

In order to evaluate the elastic and plastic Poisson’s ratio values for the

lattices, an incremental Poisson’s Ratio was obtained throughout the loading

program. At each time step, the x-displacements of all nodes that originally

constituted the -x and +x faces of the material are averaged, and then a differ-

ence is taken between the two. The same thing is done for y-displacements

on the -y and +y faces, and these are taken as the x strains and y strains,

which are then averaged to obtain a transverse strain. The difference between

this transverse strain from the last time step is then divided by the applied

z-strain from the latest time step to obtain an incremental Poisson’s Ratio.

Elastic and plastic Poisson’s ratio scalars are then extracted from the two

plateau regions of this curve. The elastic Poisson’s ratio ν, was calculated

from the first simulated strain increment. The plastic Poisson’s ratio νP, was

determined from the incremental Poisson’s ratio during the plastic flow

regime.

The relative densities of the unit cells were varied across a range of FEA

simulations by varying the scaling parameters t0 and t1. The predicted

variations of the effective mechanical properties with the relative density

ρ̄ are plotted in Fig. 5.11. At low relative densities the values of E and G

decrease drastically with a decrease in the relative density. This is because

at low relative densities, material is concentrated at the Plateau borders.

Above this region, curve fitting of the relationships for the solid gyroid lattice

(denoted by •) yields the following scaling relationships,

E•

Es
= 0.90ρ̄2.11 (5.2)

G•

Es
= 0.38ρ̄1.81 (5.3)

σ•
YS

Es
= 0.48ρ̄1.55 (5.4)
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In comparison, the scaling obtained by Khaderi et al. [111] based on an

idealized slender beam model of the gyroid lattice was E = 0.426ρ̄2ES, G =

0.329ρ̄2ES and σYS = 0.415ρ̄1.5σS. The geometrical factors C and scaling

factors n are largely in agreement between both models. However, the scaling

of the effective modulus in the solid model contains a C value (C = 0.90)

that is over twice that of the slender beam model (C = 0.426). This can be

attributed to a lack of plateau borders in the slender beam model, which

reduces the amount of solid material aligned to each of the uniaxial loading

directions. The scaling of E•, G• and σ•
YS with ρ̄ indicate that the lattice

will deform mainly by bending, twisting or buckling of the struts under

uniaxial strain and shear. This has been observed in both FEA simulation

[111] and macroscopic compression of 3D printed gyroids [151] and is caused

by the low nodal connectivity of the gyroid lattice. The variation of effective

mechanical properties for the hollow gyroid lattice (as denoted by ◦) is

plotted in Fig. 5.11c,d. The following scaling relationships are found,

E◦

Es
= 0.41ρ̄1.09 (5.5)

G◦

Es
= 0.19ρ̄1.13 (5.6)

σ◦
YS

σS
= 0.46ρ̄1.08 (5.7)

The scaling exponents for the hollow gyroid lattice imply stretching-dominated

behaviour. This result is consistent with TPMS sheet-based lattices [108, 109]

and shell spinodal topologies [91] at comparable relative densities. The

stretching-dominated deformation was attributed to the hollow gyroid being

comprised of doubly curved surfaces, which cannot be readily bent without

the introduction of significant membrane stresses.

The cell wall response of the two gyroid architectures under macroscopic uni-

axial compression are shown in Figure 5.13. The von-Mises stress distribution,

equivalent (effective) plastic strain and σ11 stress distribution are shown for
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Figure 5.11: Representative volume elements of the solid gyroid and hollow gyroid

lattices. In this sketch, a solid gyroid with ρ̄=0.4 and hollow gyroid with ρ̄=0.05 are

shown.

the two different architectures at different strain levels. For comparison pur-

poses, the same parent material properties (E = 200 GPa, σYS = 6 GPa, ν = 0.3)

and same choice of color contours are used for the two lattices. The relative

densities of the lattices shown are ρ̄=0.4 and ρ̄=0.14 for the solid and hollow

gyroids respectively, corresponding to those of the fabricated gyroid lattices

as determined in Chapter 5.3.2. The solid gyroid is shown to deform with

strut bending as macroscopic uniaxial compression progresses, displaying a

significant concentration of stress and plastic deformation within the solid

gyroid struts, see Fig. 5.13c. In contrast, the walls of the hollow gyroid lattice

are unable to bend without stretching. This stretching-dominated behaviour

leads to the σ11 stress and plastic strain occurring in a more distributed
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Figure 5.12: Comparative plot of the FEA predictions of the effective mechanical

properties of the solid gyroid model used herein, the beam gyroid lattices and the

normalized solid double gyroid model as used by Khaderi et al. [110, 111].

arrangement over the hollow gyroid surface when compared to the solid

gyroid unit cell. Molecular dynamics simulations of a hollow gyroid lattice

under macroscopic uniaxial compression have shown the development of

high stress bands isolated by lower stress regions, leading to complicated

crumpling geometries evolving under high strains [104].

Figure 5.13: Representative volume elements of the solid gyroid and hollow gyroid

lattices. In this sketch, a solid gyroid with ρ̄=0.4 and hollow gyroid with ρ̄=0.05 are

shown.

139



5.5 indentation response of single gyroid films

5.5 indentation response of single gyroid

films

In the nanoindentation experiments presented in Chapter 5.3.3, the contact

width of the indenter is significantly greater than the unit cell size of the

gyroids (60 nm) for the majority of recorded indentation depths. Hence, the

discreteness of the gyroid microstructure is expected to play a negligible

role in the indentation response. Furthermore, previous analysis of the sin-

gle gyroid lattice by Khaderi et al. [111] has shown that both the elastic

and plastic properties of the gyroid lattice are sufficiently isotropic for use

in the Deshpande-Fleck isotropic crushable foam model. The Deshpande-

Fleck isotropic crushable foam model has been used to successfully model

nanoporous metals [110, 142, 188], and is employed herein as a homogenized

continuum model for the macroscopic response of the gyroid lattice during

the indentation process.

The main difficulty with the characterization of thin coatings using depth-

sensing indentation tests is related to the determination of the contributions

of the substrate and the film to the measured properties. In order to measure

the Young’s modulus of the film, a commonly used rule is to limit the

maximum indentation depth to less than 10% of the film’s thickness [176].

However, this procedure cannot be applied to very thin films, for which

very low indention depths are needed. Hence, to determine the mechanical

properties of the thin gyroid films, numerical simulations of the Berkovitch

indentation tests were performed. In the inverse FEA method used herein,

the parent material modulus ES and strength σYS can be treated as unknown

parameters and varied to bring the simulated and measured indentation

responses into good agreement for each film thickness [6].
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5.6 finite element modelling of indenta-

tion experiments

Quasi-static finite strain indentation calculations were simulated using the

commercial finite element package ABAQUS. Using three-dimensional FEA

models in the simulation of a nanoindentation experiment is a computation-

ally demanding process. Thus, a simplified axisymmetric model is applied

(Fig. 5.14) to model the indentation of each gyroid film.

Figure 5.14: Schematic of the axisymmetric conical indentation model used to

simulate the Berkovich nanoindentation response of gyroid films on a FTO/glass

substrate.
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5.6.1 model geometry and material properties

A standard Berkovitch indenter was used in all experimental work and

subsequently in the model. The Berkovitch tip is a three-sided pyramid

with sides that converge to a radius of curvature of 50 nm at the tip, with

a half-angle of 65.35°, as per the manufacturer’s specifications (Hysitron

Inc. MN, USA). One face of the Berkovitch indenter was represented in

the axisymmetric model as a rigid body analytical surface with semi-angle

β=70.3°and tip radius of 50 nm such that the nominal contact area AC is the

same as the Berkovitch tip [161]. The Berkovich tip is made of diamond, an

extremely stiff and hard material, and hence deformation of the tip would

not be expected to occur during nanoindentation. These assumptions are

a widely accepted approach in FEA analysis of material nanoindentation [81].

The gyroid block is modelled herein as a layered deformable solid, with film

thicknesses accurately reflecting the thicknesses of each sample as measured

via FIB (see Fig. 5.5 and 5.6). The single gyroid lattice was modelled using

the isotropic crushable foam model of Deshpande and Fleck [56], the details

of which are discussed in Chapter 5.6.1.3. The glass substrate is modelled

as a linear elastic solid, with thickness 50 µm and radius 10 µm, possessing

a modulus of 69.6 GPa and Poisson’s ratio 0.3. A 350 nm thick FTO layer

is present between the gyroid film and glass substrate, modelled as linear

elastic solid with modulus 150 GPa and Poisson’s ratio of 0.3 as determined

via a separate indentation test on an annealed FTO/glass substrate, see 5.15.

This is consistent with previous indentation studies on thermally annealed

FTO layers [72] of similar thicknesses. The lower surface of each of these

interactions were defined as the slave surface and the adjacent surface of

each film was defined as the master surface. The normal behaviour between

the two surfaces was defined by hard contact. As such, each of these layers

was assumed to be ideally bonded to each other.

Surface roughness measurements provided in Chapter 5.3.2 demonstrate that

the actual gyroid surface was not perfectly flat, which can have a significant

influence over the mechanical properties extracted from nanoindentation
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Figure 5.15: Measured hardness H and reduced modulus ER for the FTO/glass

used as the substrate for the gyroid films. FTO/glass was annealed in a blank CVD

process equivalent to that used for the growth of the hollow graphene gyroids.

tests [102]. All gyroid film surfaces tested in this study had an average

roughness Ra ≈ 20 nm, as measured across 5×5 µm areas. Under high load

nanoindentation testing conditions, indent depths were typically at least

ten times the mean surface roughness measurement. For the purposes of

modelling, a flat indentation surface is assumed herein.

5.6.1.1 Boundary Conditions and Loading

Loading was applied in the FEA model by inducing a negative global y-

direction displacement of the indenter into the gyroid film. To assist in

obtaining convergence in the FEA model, simulations were controlled by the
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displacement of the indenter, rather than force. The model scope excludes

time-dependent behaviour. Therefore, no holding period was used, nor rest

periods between indents of incremental loading. Simulation of incremental

load experiments involved pairs of load-unload cycling with the indent depth

increasing in 50 nm increments, up to 80% of the total film thickness, and

retracting half the distance indented in the previous step.

The bottom of the model was fixed in the z direction, while a symmetric

boundary condition was imposed on the centre line. The boundary conditions

and loading used in the FEA model are shown in Figure 5.14. Contact

between the indenter surface and gyroid film was modelled using the Master-

Slave surface contact algorithm within ABAQUS. Friction is ignored in this

study, as the effect of friction is only pronounced in the calibration of elasto-

plastic constitutive material models and with respect to the study of pile-up,

which are not relevant in this study.

5.6.1.2 Mesh Generation

Mesh generation involves the selection of an appropriate element type and

level of mesh refinement for areas with concentrated high magnitude loads.

The mesh density of a part will reflect the loading and boundary condi-

tions, with the aim of avoiding sharp gradients where stress and strain fields

change rapidly. Mesh refinement also improves the performance of FEA as it

is possible to reduce the number of elements in regions where many elements

are unnecessary, such as in areas that are far away from the point of load

application. In the nanoindentation problem, refinement of the mesh was

performed at the region of tip contact with the gyroid film due to high local

stresses and sharp contact conditions.

Analytical rigid surfaces, as used to model the indenter, require no mesh

generation. Thus mesh generation was only performed for the gyroid block

sample. To reduce the complexity of the mesh, a single element type was

maintained throughout the entire part. The 2D axisymmetric model consisted

of linear (first-order) 4-node reduced integration axisymmetric elements

(ABAQUS CAX4R). First-order elements are more appropriate for conditions
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involving contact and severe element distortion, as occurs during a nanoin-

dentation process, and reduced integration elements are very cost-effective,

taking less time to solve. However, reduced integration elements are sus-

ceptible to a phenomena called ‘hourglassing’, where uncontrollable mesh

distortion occurs when elements distort such that the calculation of strains

at the element’s integration points results in zero values. While ABAQUS

features an hourglass control option to reduce such effects, a sufficiently fine

mesh density in areas of high stress concentration was used to control the

effects of this problem.

Figure 5.16: Geometry and meshing conditions of the idealised axisymmetric model.

The mesh refinement was achieved by partitioning the gyroid block into

the constituent layers, as depicted in Figure 5.16. To do this, the gyroid film

and FTO layer were meshed homogeneously with a fine (20 nm) mesh. The

glass layer was partitioned to create a small sublayer at the interface between

the FTO and glass, which was similarly finely meshed (20 nm), in order

to avoid any issues with interlayer interactions. This mesh was gradually

relaxed as the distance from the point of loading grew larger to improve the

FEA performance. The mesh density was increased until the point where a
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Figure 5.17: Simulated hardness for the 700 nm thick nickel solid gyroid film across a

range of mesh densities. Indentation depth is normalized against the thickness of the

nickel solid gyroid film. Increasing the mesh resolution improves the accuracy of the

final solution. Listed value is equal to the finest mesh size used in that calculation.

doubling of the mesh density led to less than 1% difference in the predicted

indentation response (see Fig. 5.17)

5.6.1.3 Crushable Foam Model

The isotropic crushable foam model of Deshpande and Fleck is a constitutive

model that assumes symmetric behaviour in tension and compression, and

that the evolution of the yield surface is governed by an equivalent plastic

strain which has contributions from both the volumetric plastic strain and

the deviatoric plastic strain. Use of the crushable foam model also implies

that the indentation response is modelled over multiple grains and the result

represents a ensemble average of the gyroid properties over multiple orienta-

tions. A brief description of this model and its calibration to the gyroid films

now follows.

Let sij be the deviatoric stress and the von-Mises effective stress sigmae can

be expressed as

σe ≡
√

(3/2)sijsij (5.8)
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The isotropic yield surface of the gyroid lattice can then be expressed by

σ̂− Y(ǫ̂p) = 0 (5.9)

where the equivalent stress σ̂ is a homogeneous function of σe and the mean

stress σm ≡ σkk/3 according to

σ̂2 ≡
1

1+
(

α
3

)2

[

σ2
e +α2σ2

m

]

(5.10)

and ǫ̂p is the plastic strain work-conjugate to σ̂. Additionally, Y(ǫ̂p) is the

uniaxial yield strength that is a function of ǫ̂p and the parameter α expresses

the ratio of deviatoric to hydrostatic strength. The normalization factor on

the right-hand side of Eq. 5.10 is chosen such that σ̂ denotes the stress in a

uniaxial tension or compression test. Normality of plastic flow is assumed,

implying that the plastic Poisson’s ratio vp is related to α via

vp =
1/2− (α/3)2

1+ (α/3)2
(5.11)

A typical compressive response for a cellular material is characterized by

a plateau strength σY followed by densification due to contact between cell

walls at large deformation. For periodic lattices, it has been demonstrated

that this densification strain ǫD is reasonably independent of the relative

density. Following Khaderi et al. [110] the yield surface Y(ǫ̂p) will have the

form

Y(ǫ̂p) =











σY Y(ǫ̂p) 6 ǫD

σY + hp(ǫ̂
p − ǫD) otherwise

(5.12)

Where the hardening rate is hp is assumed to be equal to the Young’s modulus

E of the gyroid lattice. In line with previous studies on the densification strain

of gyroidal structures, for the solid gyroid it is assumed that ǫD = 0.6 [110],

whereas for the hollow gyroid it is assumed that ǫD = 0.7 [1]. The total strain

increment ǫ is given by the sum of elastic and plastic strain increments.

5.6.1.4 Post-Processing

The predicted load-displacement behaviour was extracted from the FEA

model by the reaction force of the rigid body reference node of the indenter.
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The reduced modulus ER and hardness H were extracted using the Oliver

and Pharr method [176] as described in Chapter 3.3.2. The contact area

versus depth relation was taken as Ac = πδ2tan2β ≈ 24.5δ2 and hardness

H = P(δ)/Ac(δ) at depth δ. The reduced modulus is obtained by fitting a

power law to the unloading curve and subsequent use of the Sneddon equa-

tion as described in Chapter 3.3.2. Negligible pile-up or sink-in is observed

around the edges of the indented area, consistent with the assumptions

required to extract ER and H from the indentation measurements.

Predictions of the reduced modulus ER and hardness H as a function of the

normalized indentation depth δ/h are included in Figure 5.18. From the

numerical simulations of the effective material properties in Chapter 5.4.1 it

follows that, for the solid gyroid, E• = 0.129E•
S, σ•

Y = 0.114σ•
YS and ν•

p ≈ 0.321.

Similarly, for the hollow gyroid, E◦ = 0.048E◦
S, σ◦

Y = 0.056σ◦
YS and ν◦

p ≈ 0.398.

These can be used to draw conclusions regarding the constituent material

properties of the gyroid lattices. The measured and predicted indentation

responses were brought into agreement across each film thickness when the

Young’s modulus and uniaxial compressive strength of the solid gyroid film

were given the values of E = 25 GPa and σYS = 0.51 GPa. This implies that the

apparent modulus of the parent nickel is ES = 194 GPa with yield strength

σYS= 4.49 GPa. Hence, the inferred Young’s modulus of the parent solid is

consistent with that of electroplated nickel thin films, which possess an ES

of 205 GPa [143]. However, the parent material strength σYS is twice that of

electrodeposited or pure nickel [225]. This result is consistent with previous

observation of lattice materials with nanoscale strut diameters [110, 188].

For the hollow gyroid lattice, the film properties were found to be to E

= 1.2 GPa and δYS = 0.055, implying parent material properties of ES =

25.0 GPa and σYS = 0.99 GPa. These values are significantly lower than the

commonly quoted E = 1060 GPa and σYS = 130 GPa for monolayer graphene

[121]. In addition, for δ/h > 0.6, the measured increase in H and ER is

seen to exceed the best-fit predicted response for the crushable foam model

due to interaction with the hard FTO underlayer. Note that the influence

of wrinkles and the weakness of graphene multilayers under shear will
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Figure 5.18: Hardness H and reduced modulus ER of the (a) solid and (b) hollow

gyroid films as a function of the normalized indentation depth δ/h. The error bars

indicate the standard deviation over the 16 tests conducted on each film. The FEA

predictions with nickel solid gyroid film properties E• = 25 GPa, ν• = 0.3 and σ•

Y =

510 MPa and hollow graphene gyroid film properties E◦ = 1.2 GPa, ν◦ = 0.32 and

σ◦

Y = 55 MPa are included.
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significantly increase the compliance of the bending-dominated behaviour

[165], as discussed in Chapter 5.4.

5.7 hollow graphene gyroid deformation

The mechanical response of the hollow graphene gyroids can be interpreted

in terms of the hierarchical micromechanical model described in Chapter 4.

The highest level is set by the strut length scale of the gyroid unit cell (level

I). The cell structure is comprised of hollow stocky tubes, and deformation

of these strut-like tubes involves axial stretching of the tube walls (level II).

This is supported by the power law scaling of elastic modulus and yield

strength, and the numerical simulation of the stress distribution in the unit

cell, see Figure 5.13. At the lowest level, the tube walls are composed of a

wavy stack of graphitic layers, motivating the examination of whether this

waviness will induce interlayer shear of the graphitic layers when the tube

walls are subjected to axial stretch (level III).

Examination of HR-TEM images such as Figure 5.19a demonstrate that a

small degree of cell wall waviness is present (wavelength λ ≈ 5-15 nm), due

to the relaxation of the 3 nm thick cell walls as the solid nickel template was

removed. Upon loading, the walls of the gyroid lattice undergo stretching

and bending, however the axial compliance of each cell wall is degraded

by waviness. When the wavy stack of sheets is subjected to an axial strain,

the misalignment induces transverse shear forces on the cross-section of the

cell wall. The wall responds by nanoscale shear deflections, which lead to a

change in the axial length. Thereby, the axial stiffness and axial strength of

each cell wall is dictated by the out-of-plane shear properties of the multilayer

graphene. This nanoscale wall shear deformation mode has been shown to

provide a significant contribution to the axial compliance of a wavy cell wall

in macroscopic graphitic foams [165], as multilayer graphene possesses a

much lower interlayer shear modulus and strength in comparison to their

in-plane properties.
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Figure 5.19: (a) HR-TEM image of a graphene gyroid showing wall waviness of the

multilayer graphene structure. (b) Wall level schematic idealizing the waviness as a

sine wave of amplitude w0 and wavelength λ. In a wavy wall subjected to an axial

tension, misalignment induces transverse shear forces on the cross-section of the cell

wall, leading to interlayer shearing.

To determine if this deformation mode is active in the multilayered hollow

graphene gyroid lattice, the relevant knockdown factors are obtained by

treating the cell wall as a beam of height h and assuming that the axial

straining of a wavy beam is driven by an end tension T as depicted in Fig.

5.19b. Then, the axial stiffness of the wavy beam of thickness h is knocked-

down from that of the equivalent straight beam by a factor kSe, and likewise

the axial strength is knocked down by a factor kSy, where

kSe =
1

2π2

Gs

Es

(

λ

w0

)2

(5.13)

kSy =
1

2π

λ

w0

τys

σys
(5.14)

see Chapter 4.5.4.2 for a detailed derivation. Based on these expressions,

the required waviness amplitudes ω0 were determined for the measured
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5.8 gyroids in material property space

scaling measured values required values

E~0.41
2π

(

λ
w0

)2
ρ̄1.09GS

σy~0.46
2π

λ
w0

ρ̄1.08τys

E = 1.2 GPa

σy = 0.055 GPa

ρ̄ = 0.14

λ ≈ 5-15 nm

GS ≈ 0.2-5 GPa

τys ≈ 0.001-0.1 GPa

ω0 = 0.1 - 1.2 nm (elastic)

ω0 = 0.001 - 0.33 nm (plastic)

Table 5.1: Examination of hollow gyroid lattice deformation behaviour. Theoretically

required waviness amplitudes ω0 for the multilayer graphene that constitute the

walls of the lattice were calculated using the calculated effective mechanical proper-

ties and measured variables for E, σy, ρ̄ and λ. Values based on direct measurement

of interlayer shear strength and modulus using tip-based methods were used for the

assumed values of Gs and τys.

values of macroscopic modulus and strength to be in agreement. This was

calculated using the numerically simulated effective mechanical properties

of the hollow gyroid unit cell with key measured physical properties, see

Table 5.1. Due to a significant weakness in interlayer shear only very modest

waviness amplitudes (ω0 ~1 nm) are required, and it is concluded that these

values demonstrate that nanoscale interlayer wall shearing is the dominant

mechanism of elastic and plastic deformation of the cell walls of the hollow

graphene gyroid lattice.

5.8 gyroids in material property space

A plot of compressive strength versus density is shown in Figure 1.1, com-

paring the properties of the gyroid lattices tested herein to other state-of-

the-art lattice materials across different strut length-scales. The measured

strength of nickel solid gyroid rivals that of fully dense high strength Ni

alloys, such as Inconel (highlighted in Fig. 1.1.). This is consistent with

other reports of nanoscale lattices such as nickel inverse opals [188] and for
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5.8 gyroids in material property space

nickel double-gyroids [110]. Furthermore, the strength to density ratio of

the bending-dominated solid gyroid lattice exceeds that of the stretching-

dominated micron-scale octet truss lattice, due to the size-strengthening

effect present in the nanoscale gyroidal struts. Size-independent structural

effects are demonstrated by the order of magnitude increase in compressive

strength over nanoporous Cu and Au films at similar relative densities and

strut widths [88].

Figure 5.20: Electrical conductivity (S/cm) versus density (kg m−3) of the hollow

graphene gyroid film. Other state-of-the-art low density carbon cellular materials [3,

14, 34, 36, 42, 74, 98, 100, 117, 160, 200, 202, 264, 281, 293, 297, 308] reported in the

literature are also included for comparison.
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5.8 gyroids in material property space

Similarly, fitted modulus and strength of the hollow graphene gyroid suggest

that these nanoscale structures have a high compressive strength to density

ratio, exceeding that of microscale metallic octahedral and octet lattices of

similar relative densities (see Figure 1.1). This suggests that some of the size-

dependent properties of graphene are maintained, though a large knockdown

in the modelled parent properties is seen as compared to the values of the

in-plane mechanical properties of graphene. This is attributed to interlayer

shearing within the wavy walls of the multilayered graphene providing a

significant contribution to the axial compliance. It is noted that the recovery

of the hollow graphene gyroid from high levels of compressive strain is

remarkably high, in contrast to macroscale templated graphene foams [165].

Lattice recoverability after compression is found in other low-density hollow

lattices, owing to elastic shell buckling coupled to a size-strengthening effect

[156, 213]. Recoverability of the hollow graphene gyroids are also improved

by a more efficient stress distribution in the loaded lattice, as discussed in

Chapter 5.4.1.

Size-dependent effects can influence material properties outside of mechani-

cal properties, such as electrical conductivity. A plot of electrical conductivity

versus density is shown in Fig. 5.20, comparing the hollow graphene gyroid

against a range of graphene-based cellular materials. The measured con-

ductivity of the hollow graphene gyroid (87 S/cm) [29] is shown to greatly

exceed materials based on flake assembly methods such as graphene aerogels

(0.01-2.5 S/cm) and many other CVD-based foams (typically 10-17 S/cm).

As shown in Fig. 5.20, electrical conductivity is linked to the density of

the graphene structure which will determine inter-flake resistance and the

average cross section available for conduction, and hence the overall rate of

electron transfer throughout. Hence, CVD-grown graphene foams prepared

from dense 3D templates such as compressed nickel powders have demon-

strated greater conductivity (233-680 S/cm) and possess a correspondingly

high density (610-1070 kg/m3).
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5.9 conclusions

5.9 conclusions

Indentation measurements and numerical simulations are reported to esti-

mate the mechanical properties of a nickel solid gyroid lattice and hollow

graphene gyroid lattice. Nickel gyroid films of thicknesses 300, 500 and 700

nm with unit cell sizes on the order of 60 nm and a relative density of 40%

were manufactured by block co-polymer self-assembly and electro-deposition

of Ni. Hollow graphene gyroid lattices were prepared through a CVD method

using nickel lattices as a template for the growth of multilayer graphene,

resulting in a cell wall thickness of 3 nm corresponding to a relative density

of approximately 14%. Berkovich nano-indentation tests were then performed

to determine both the hardness and modulus of the films.

A multi-scale finite element analysis was performed to extract both the

effective mechanical properties of the gyroid films and the associated prop-

erties of the parent material. The solid gyroid lattice was shown to possess

a bending-dominated deformation mode, in contrast with the stretching-

dominated hollow gyroid lattice. Both gyroid films were shown to have

high yield strength to density ratios, exceeding many other state-of-the-art

lattice materials at equal relative densities. This is attributed to the size-

strengthening effect present in nanoscale nickel struts and graphitic walls.

Despite this, the modelled parent material properties of the graphene gyroids

is significantly less than the value for pristine monolayer graphene, due to

knockdown factors arising from interlayer shearing within the wavy walls of

the multilayered graphene. The size-dependent behaviour of materials also

influences the conductivity of the hollow gyroid lattice, which exceeds that

of other state-of-the-art graphene-based cellular materials. Graphene gyroids

combine size-dependent mechanical and electrical properties with a topology

of high structural efficiency. As such, these structures offer enhanced multi-

functionality for a wide range of emerging applications where high levels

of conductivity, surface area, mechanical strength and elastic recovery are

required.
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6
S T R U C T U R A L G R A P H I T I C

M I C R O F O A M S V I A S H R I N K A G E A N D

C ATA LY T I C C O N V E R S I O N

6.1 author contribution

This chapter is based on the manuscript Structural graphitic microfoams via

shrinkage and catalytic conversion of polymer scaffolds, which is currently in

preparation. The general approach, sample synthesis and characterization

was performed by the author of this thesis.

6.2 introduction and motivation

In Chapters 4 and 5, the fabrication and characterization of CVD-grown

graphitic foams was performed for both a disordered macroscopic foam and

ordered nanoscale gyroid lattice. It was found that both materials possess

significantly reduced elastic moduli and yield strength due to the increased

axial compliance of a wavy cell wall. It was determined, based on comparison

of calculated knockdown factors to the measured mechanical properties of

graphene multiplayers, that the axial straining within the cell wall occurs via

shearing of the multilayered wavy cell-walls. This deformation mechanism

introduced large knockdown in the continuum mechanical properties of the

graphitic foams, which possessed negligible amounts of elastic recovery. In

contrast, the graphene gyroid lattice was found to benefit from its hollow
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6.2 introduction and motivation

TPMS based structure, which afforded the structure a stretching-dominated

deformation mode. This allowed the hollow graphene gyroid lattices to pos-

sess high strength and significant elastic recovery after indentation, despite

also experiencing knockdown due to nanoscale interlayer wall shearing. It

was also found that both foams possessed high conductivity to relative den-

sity ratios, exceeding those of foams made from flake assembly methods.

These insights have clearly demonstrated how the structural and electrical

properties of functional carbon foams are strongly linked to the 3D structure

and level of graphitisation. Directly converted 3D graphenic networks such

as the FG and graphene gyroid lattices prepared in Chapters 4 and 5 possess

high conductivity arising from the lack of inter-sheet junctions present in

flake-assembly methods. However, preparation of high quality graphitic ma-

terials without the use of a supporting catalyst typically requires pyrolysis

and further heat treatment to temperatures in excess of 2500°C [17, 27]. This

has motivated catalytic approaches which have been demonstrated using

many different carbon precursors including gaseous hydrocarbons as part of

a CVD process or using solid carbon precursors such as polymers [25, 290],

biomass [234] and recycled carbon [237].

However, the preparation of structured graphitic foams with sub-mm unit

cell sizes remains a significant challenge. While the manufacture of stochastic

foams is scalable, such foams consistently demonstrate inferior structural per-

formance, leading to interest in the development of cellular structures with

long-range periodic order and controllable unit cell morphology. Interference

lithography [272], inverse opals [284] and polymer phase separation [29]

have all been used to prepare patterned catalytic templates that have been

successfully converted to freestanding 3D graphene lattices with long-range

order. However, each templating method is only able impart specific patterns,

and hence possess partial shape control.

Additive manufacturing techniques have been utilized as an open platform

for the preparation of lattice materials with full shape control. This has al-

lowed for the design of lattice materials that take full advantage of geometry-
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6.2 introduction and motivation

based scaling effects, possessing higher stiffness, strengths and energy ab-

sorption capacities than their foamed counterparts with random geometry.

These include methods involving the sintering of metallic powders with

lasers [241] or electron beams [27] or the curing of sequential layers of light

sensitive resin have prepared lattices with mesoscale unit cell sizes. Recent

development of microdimensional fabrication techniques such as two photon

lithography [156, 251] have allowed for the fabrication of structured nano-

and micro-lattices with unprecedented mechanical properties [16], see Fig-

ure 1.1. However, the scalability of such structures is limited by the low

throughput and limited build size of high-resolution additive manufacturing

techniques. In general, as the average strut size of the material is reduced

cellular materials become more challenging to produce at volume. Compar-

isons between cellular materials with a variety of material strut length scales

and demonstrated fabrication scales are plotted in Figure 6.1.

An appealing approach for overcoming this challenge is to 3D pattern ma-

terials at an easily implementable larger size scale, and to subsequently

shrink the template while preserving its geometry. Pyrolytic shrinkage has

been previously demonstrated with both bulk foamed polymers [34] and

photopolymers [16] used in 2-photon direct laser writing. Such pyrolysis

process results in the removal of the bulk side-chain species, leaving behind a

disordered carbon allotrope primarily composed of sp2-bonded carbon [105].

A typical reduction in volume of 75% can thereby be achieved [296] down to

unit cell sizes of 1 µm. However, the lateral dimensions of lithographically

fabricated lattices are limited to hundreds of microns, and the resulting

pyrolytic carbon materials remain non-conductive.

In this chapter, a multifaceted approach is presented for the production of

structurally ordered graphitic microfoams. The direct shrinkage and catalytic

conversion of commercial polymer foams and 3D printed templates as facile,

low-cost method to scalably reach and control sub-200 µm unit cell sizes and

a high level of graphitisation at temperatures below 1100 °C. 3D printed cubic

polymer lattices are converted to an identically-shaped carbonaceous network

with shrinkage controlled via an atomic layer deposited oxide coating up
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6.2 introduction and motivation

Figure 6.1: Comparison of cellular materials across a range of material strut width

and fabrication scales. A range of state-of-the-art and industrial methods are high-

lighted, comparing industrial methods such as foam blowing and investment casting

to recently developed high-resolution fabrication methods such as two photon

lithography and gyroid film self-assembly.

to a maximum 125× decrease in volume and over 95% mass loss through

slow carbonization. This is accompanied by a reduction in the unit cell

size from 1000 µm to 170 µm, and strut widths from 550 µm to 65 µm.

The structures are subsequently coated with a sacrifical metal catalyst by

electroless deposition to achieve efficient graphitisation while maintaining

structural integrity. The underlying mechanisms and opportunities to tailor

the processes and structure to manifold application needs are then discussed.
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6.3 experimental

A commercial melamine foam and cubic lattice produced from resin stere-

olithography (SLA) were purchased and cleaned in acetone then isopropyl

alcohol. If required, aluminum oxide (Al2O3) coatings were subsequently

deposited onto the polymeric templates by ALD in a multi-pulse mode at

150°C, as described in detail in Chapter 3.1.4. Use of a multi-pulse mode

allowed for extended exposure periods in order to achieve the conformal

coating of the surface of the cellular materials. Polymeric templates were then

subjected to a slow pyrolytic carbonization process as described in Chapter

3.1.2.1.

Electroless nickel deposition was then used to deposit a conformal 500 nm

thick layer of nickel, as described in Chapter 3.1.5. The nickel-coated samples

were then placed in a hot-wall CVD reactor for the pyrolytic graphitization

of graphene multilayers, see Chapter 3.1.2.1. Metal-free samples were then

fabricated by removing the sacrificial Ni template completely from the sur-

face of the converted samples using wet chemical etching as described in

Chapter 3.1.5. A polymeric scaffold was not needed to prevent the collapse

of the graphitic structure due to the strength of the underlying amorphous

carbon network.

All as-grown and composite samples are then characterized by scanning

electron microscopy (SEM, Carl Zeiss SIGMA VP) at acceleration voltage

of 2 kV. SEM was performed in a Philips XL 30 SEM. Raman spectra were

measured at room temperature using a Renishaw In-Via spectrometer with

a 532 nm wavelength laser and equipped with a 20x and 50x objectives.

Low exposure times and special attention was used to avoid laser heating

of the specimen. Bulk resistivity was measured using a four-probe station

(Keithley Model 4200-SCS) via the Van der Pauw method as described in

Chapter 3.2.10. Samples were measured after drying for one week and were

electrically contacted by silver paste. Values presented represent the average

across each sample group (melamine or resin lattice).
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6.4 results and discussion

Carbon foams with sub-mm unit cells were synthesized by means of ther-

mal conversion and shrinking of commercially available cellular materials.

Melamine foams have previously been coated in reduced GO flakes for use as

elastic oil-water separators [127, 265], and prior carbonization [34] (N2, 1 atm,

1000°C) of melamine foams have afforded non-conductive carbon foams with

4x shrinkage that remained elastic under compression up to 80%. Melamine

foams are cheaply available, and possess a low density (~8 mg/cm−3) and

high porosity (> 99%), motivating their use as a polymeric template. The

synthesis scheme for the pyrolytic shrinkage of commercial melamine foam

to form a carbonized network (CN) is shown in Fig. 6.2a, along with SEM

images at each step of the process. Foam samples were thermally converted

to an identically-shaped carbonaceous network with a 8x decrease in volume

and approximately 50% mass loss, see Fig. 6.2c. The cellular geometries

of the commercial melamine foam are typical of open-cell foams, with an

approximate unit cell length scale of 100 µm. The increased level of shrinkage

and brittle characteristic is attributed to the reduced pressure used during

the carbonization process, which encouraged the release of N-containing

gases and a more thorough carbonization. The characteristic Raman spectra

of the untreated melamine resin [221] can be seen in Fig. 6.2b. An explicit

strong peak at ν ≈ 980-990 cm−1 is a signature of all melamine-containing

compounds, arising from a triazine ring breathing mode. A set of peaks

around ν = 1250-1600 cm−1 is mainly ascribed to vibrations of N-CH2-O

groups, and are assigned to ring stretching and side-chain asymmetric C-N

stretching vibrations, while the peak at ν = 2960 cm−1 is associated with C-H

stretching vibrations in the formaldehyde part of the resin.
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6.4 results and discussion

Figure 6.2: (a) Schematic and associated SEM images for the shrinkage and sub-

sequent conversion of melamine foams to a graphenic network (inset scalebars 1

µm). (b) Raman spectra of pristine melamine foam displays characteristic vibrational

signatures containing ring bending (500-800 cm−1), triazine ring breathing (975

cm−1), N-CH2-O group vibrations (1250–1600 cm−1), trace S-H vibrations (2500

cm−1) and strong C-H stretching (3000 cm−1). (c) Optical images of the melamine

foam before and after processing, illustrating the dramatic reduction in volume and

change in color after carbonization.

After carbonization, the Raman spectrum is consistent with that of low-

temperature glassy carbon (Fig. 6.2b). This is characterized by a broad double

peaked feature at approximately 1350 cm−1 and 1560 cm−1, which is dis-

tinctive of graphitic carbons. The feature at 1350 cm−1 can be attributed to

the D band, originating from double-resonant Raman scattering [204]. The

peak at 1560 cm−1 can be assigned to the G band, arising from an optical

phonon mode with E2g symmetry associated with in-plane stretching of sp2

162
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hybridized carbon [35, 67]. Both peaks are broad, owing to the low tempera-

ture (450 °C) of carbonization limiting the amount of graphitization in the

carbonization process [105].

Previous carbon foams derived from melamine possessed a bulk conductivity

of just 6.8×10−2 S/cm−1 after carbonization at 1000°C, only rising to 2.1

S/cm−1 at a temperature of 1800°C [34]. Hence, herein we investigate the

use of this carbon network as a carbon source for the growth of a continu-

ous graphitic film. For more efficient catalytic graphitization of the carbon

network, a conformal Ni layer was deposited as can be seen in the inset Fig.

6.4a, which displays the hollow coating around a broken strut. After graphi-

tization, islands of Ni are seen to form due to the self-diffusion of the thin

coating. Removal of the Ni catalyst reveals a textured graphitic layer which

is supported by the glassy carbon network beneath, Fig. 6.3d. Self-diffusion

of the nickel layer is more prominent in the melamine foams, which can be

attributed to the smoother surface post-shrinkage. Images taken at higher

accelerating voltages reveal the continuous graphitic coating that surround

the shrunken amorphous carbon skeleton, suggesting that graphene growth

and nucleation occurs prior to significant catalyst diffusion, see inset Fig. 6.3.

Only small areas of the carbonized foam remain uncovered, see Fig. 6.3c,d.

As a control experiment, the direct catalytic graphitization of the untreated

melamine foam was carried out with the same process and was found to

be unsuccessful, see Fig. 6.2b. This is likely due to the disruption of the Ni

coating by the decomposing polymer, as well as the strong presence of non-

carbon elemental species in the melamine resin, which leach out during the

carbonization process and is taken up by the Ni layer, poisoning the catalytic

effect on graphene nucleation and growth. Additionally, typical graphene

foams with macroscopic templates require the use of a PMMA scaffold or

critical point drying due to the effect of capillary forces that collapse the

foam [36]. The presence of the amorphous carbon backbone allows for the

3D cellular geometry of the graphitic layers to be well preserved during the

Ni removal.
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Figure 6.3: SEM images of a polymer shrunk and graphitized melamine foam at

different accelerating voltages. (a) Graphitic carbon shells present on the surface of

the amorphous carbon network due to the self-diffusion of the thin catalytic nickel

layer. (b) Higher (15 kV) accelerating voltages reveals the the thin graphitic film

present on the amorphous carbon struts post nickel-etching. (c,d) Image of crack in

graphitic film, showing the surface of the carbonaceous network underneath.

In comparison to stochastic foams, structured lattice materials can be signif-

icantly more weight-efficient due to improved load distribution and stress

transfer behaviour throughout the lattice. Furthermore, control over pore size

and cell structure can enhance the surface area and influence the tortuosity

of fluid flow through the porous media. To demonstrate the application of

the shrinkage and conversion method to structured materials, a commer-

cially printed 3D cubic lattice, see Fig. 6.4, is processed in a similar way.

SLA printed resin formulations, as used herein, commonly utilize radical

photoinitators combined with acrylate-based monomers, each of which differ

depending on the proprietary design of the resin [133]. Cubic lattice samples

were converted to an identically-shaped carbonaceous network with 125x

decrease in volume through the slow carbonization process, reducing the

unit cell size from 1000 µm to 170 µm, and strut widths from 550 µm to 65
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µm, see Fig. 6.5. The more dramatic reduction in volume is accompanied by

an increase in mass loss to over 95%. This is attributed to differences in the

breakdown and decomposition behaviour of the polymer resin.

Figure 6.4: (a) Schematic for the shrinkage and conversion of a cubic resin lattice to

graphitic network, with up to 125× decrease in volume. (b) Representative Raman

spectra taken on samples as labelled. Pre-carbonized samples developed a charac-

teristic multilayer graphitic Raman signature. (c) Optical images demonstrating an

80% shrinkage in each direction occurs after process completion resulting in an over

125× reduction in volume. Addition of a 25, 10, 5 or 2.5 nm thick alumina layer

allows for the attenuation of the shrinkage and development of surface wrinkling

(alumina thicknesses shown left to right).

The changes in chemical character during the conversion process are assessed

by Raman spectroscopy. The characteristic Raman spectra of the untreated

resin can be seen in Figure 6.5. The strong peak at approximately 2940 cm−1

can be attributed to C-H stretching, arising from CH, CH2 and CH3 groups in

a diverse range of side chains and microenvironments. After carbonization at
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450°C, the spectroscopic signatures have been converted to a pyrolytic carbon

spectrum as before, indicating that the chemical characters have become ho-

mogenized despite having very different initial elemental compositions. After

addition of Ni and further annealing, clear multilayer graphene signatures

can be observed across the surface of the 3D lattice. The control experiment of

processing a resin lattice without carbonization does not result in a multilayer

graphene coating and additionally leads to a total loss of structure. This is

again likely due to the disruption of the Ni coating by the decomposing resin

structure, which changes size significantly during carbonization.

To control the shrinkage of the polymer template during carbonization, a

thin conformal ceramic coating was added to the surface of the 3D printed

resin, through the use of pulsed long-exposure ALD. The surface of the resin

lattice (Figure 6.5) was smooth before heating. When heated, a biaxial com-

pressive stress is applied to the surface of the polymer due to the shrinking

polymer. A stress mismatch between the shrink material and coating causes

a pronounced wrinkling of the shrunken surface. The alumina layer also

markedly influences the final shrink ratio of the carbonized template, see

Fig. 6.5c. A 2.5 nm alumina layer is found to reduce the shrink ratio of the

cubic lattice to 9x, further decreasing down to 4x for a 25 nm thick layer. In

this way, the final surface roughness and surface area can be controlled. This

shrunken template can then be used to grow a thin graphitic film coating,

with carbon diffusion to the nickel catalyst occurring through cracks and

holes in the ALD alumina layer. The characteristic wrinkles of the as-grown

graphene film can be seen in Fig. 6.5. The conductivity of the catalytically

converted lattices was found to be 3.3 S/cm for the melamine foam, and

0.8 S/cm for the cubic lattice. These conductivity values are in line with

graphene aerogels, while possessing reduced graphene loading, which was

estimated via the available surface area to be 1 wt% for the melamine foam

and between 0.1 and 0.3 wt% for the cubic lattices. Conductivity values were

highly dependent on the unit cell size and hence surface area available within

the volume for graphene growth.
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Figure 6.5: SEM images of an ALD alumina-arrested shrinkage process applied to

3D printed cubic lattices. 3D printed lattices begin at 1mm unit cell size, which

shrinks down to 170 µm after carbonization without an additional alumina layer,

representing a >5× shrinkage in each lateral direction and an overall >125× reduction

in volume. Addition of 5 nm of alumina by ALD results in reduced shrinkage and a

pronounced wrinkling of the lattice surface. Low magnification inset shows large-

area isotropic shrinkage. High magnification inset shows the characteristic wrinkling

of the graphene surface atop the pyrolytic carbon strut (inset scale bar 500 nm).

The carbon foams presented herein combine the properties of structurally

ordered porous materials, i.e. low density, high geometric surface area, per-

meability and mechanical stability with the intrinsic properties of graphitic

films such as electrical and thermal conductivity as well as resistance to

chemical corrosion. These physical properties are promising for manifold

electrochemical or catalytic applications. However, the shrinkage and conver-

sion approach detailed herein may easily be extended to other polymers and

to coatings beyond multilayer graphene or and ALD alumina. Shrinkage of

thermoplastic films such as extruded polyolefins have resulted up to a 95%

reduction in lateral dimensions [168], highlighting the possibility for 3D print-
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ing polymers that may be optimized to allow for greater isotropic 3D shrink

ratios. Furthermore, partially or fully inorganic polymers may degrade to

form cellular materials formed of constituent materials such as doped carbon

[180] or ceramics [48], which will possess substantially different physical

properties [286]. Application of other surface coatings to the polymer pre-

or post-shrinkage presents a further range of possible functional materials.

Wrinkling of transparent indium tin oxide (ITO) layers have enabled increases

in the energy conversion efficiency of flat photovoltaic devices [291], owing

to surface area enhancement and improved light trapping behaviour. Similar

enhancements are possible in catalytic applications through the addition

of catalytically active nanomaterials prior to shrinkage, allowing for the

preparation of high surface area catalysts post shrinkage.

6.5 conclusions

The direct shrinkage and catalytic conversion of commercial polymer foams

and 3D printed templates offers a very simple and low-cost method for

reaching identically-shaped structures with sub-200 µm unit cell sizes. Fur-

thermore, the shrink polymer method is capable of converting structures on

the scales that can be realized by the conventional additive manufacturing

techniques, or existing commercial polymeric foams. The addition of an ALD

alumina layer prior to shrinkage between induces a surface stress mismatch

during pyrolysis, introducing surface wrinkling to the strut surface. The

alumina layer was also shown to control the overall shrink ratio, depending

on the thickness added, reducing the shrinkage ratio from 125x to 4x after

addition of 25 nm of alumina. Furthermore, efficient conversion of the py-

rolytic carbon was demonstrated through the use of electroless deposition

and further catalytic graphitization, resulting in the formation of a conductive

multilayer graphenic coating at temperatures below 1100 °C. The methods

herein present the facile production of multifunctional cellular materials with

sub-mm unit cells, tuneable size, roughness and conductivity.
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C ATA LY T I C A L LY E N H A N C E D M O C V D

O F M O N O L AY E R W S 2

7.1 author contribution

This chapter is based on the manuscript Catalytically enhanced metal organic

chemical vapour deposition of monolayer WS2, which is currently in preparation.

The general approach, sample synthesis and characterization was performed

by the author of this thesis. ToF-SIMS measurements was carried out by

co-author Vlad-Petru Veigang-Radulescu. Device fabrication and testing, and

HR-TEM/SAED characterization was performed by co-author Dr. Ye Fan.

7.2 introduction and motivation

Chapters 4, 5 and 6 has focused on the growth and characterization of

graphitic foams across a range of unit cell length scales and regularity. As the

first experimentally discovered 2D material, both the growth and physical

properties of graphene have been extensively investigated, research which

has enabled the development of processes for the combined preparation and

investigation of CVD graphene-based cellular materials as discussed in this

thesis. However, the family of emergent 2D materials has rapidly grown

to include members which intrinsically possess wide range of optical and

electronic properties. In the case of graphene, the calculated band dispersion

has shown that the conduction and valence bands touch at six Dirac points
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in the Brillouin zone where energy dispersions are linear with respect to

momentum. This is a unique property that leads to a high observed charge

carrier mobility. However, as a gapless semi-metal, pristine graphene cannot

be used in electronic devices without the presence of band gap opening mech-

anisms. This has lead to interest in the development of TMDC monolayers,

a family of 2D materials which possess a characteristic layered structure of

hexagonally packed transition metal atoms sandwiched between two layers

close-packed chalcogenide elements (S, Se or Te).

Tungsten disulfide (WS2) is a prominent material from the TMDC family,

exhibiting a wide direct band gap (Eg ≈ 2eV), strong spin-orbit coupling

and bright room-temperature PL [149, 254] in its monolayer form. As a

prototypical 2D semiconductor, WS2 has promise in a range of applications

including (opto-) [76] electronics [203] to spintronics and sensors [190]. The

edges of WS2 films also have promise as a catalyst, possessing a free energy

of hydrogen adsorption that is close to neutral. As WS2 is also resistant to

corrosion in concentrated electrolyte solutions, WS2 is an ideal candidate as

the catalyst for hydrogen photoproduction via photocatalytic decomposition

of water [155, 233, 278]. Furthermore, the catalytic activity has been shown

to be dependent on the number of active centres and material phase [247],

which may be influenced by the MOCVD processing conditions. This moti-

vates the investigation of monolayer WS2 growth on planar substrates in this

chapter for future incorporation into high surface area 3D cellular materials.

Research on TMDC crystal growth has historically focused on bulk materials

[132], while the emergent application-driven need is for the scalable growth

of electronic-grade 2D layers/films [24]. The latter, however, remains a signif-

icant challenge due to the lack of understanding of the underlying reaction

mechanisms for any of the various growth techniques. Powder vaporisation

methods are currently the most widespread production method, based on the

sublimation of solid precursors in a hot-walled reactor. These methods offer

a flexible platform to demonstrate TMDC layer growth, and have reported

of monolayer WS2 crystal domains >100 µm on inert substrates including

SiO2/Si [210], and sapphire [277], as well as on metals such as Au [73, 288],
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and Ni-Ga alloys [71]. However, the thermal evaporation and decomposition

of solid-state precursors that determine the growth atmosphere are difficult

to accurately control and modulate. This restricts uniformity and scalability,

and makes such powder based techniques too complex to behave as a re-

producible model system for the advancement of the required fundamental

understanding of crystal growth. For instance, nucleation can occur in the

gas phase or on the substrate, and this is often not clear. [125] Moreover,

defects and trapped states [97] as well as unintentional metallic dopants

[136] remain common issues. On the other hand, molecular beam epitaxy

(MBE) offers a high level of growth parameter control, and has been widely

employed for TMDC studies to explore van der Waals epitaxy [99, 114, 239].

However, MBE demands ultra-high vacuum environments, while domain

sizes of as-grown TMDC layers remain often smaller compared to other meth-

ods [24]. Driven by the need for low-cost, high through-put and industry

compatibility, MOCVD and related ALD type techniques have emerged as

prime candidates for integrated manufacturing of electronic-grade TMDC

layers.

MOCVD of WS2 thin films with µm domain sizes have been demonstrated

on insulating amorphous and crystalline substrates including SiO2/Si and

c-plane sapphire [47, 50], yet the understanding of the underlying growth

mechanisms and thus control over layer microstructure is still in its infancy.

These inert substrates were chosen for their low surface roughess and ability

to limit potential side reactions with the precursor gases, though they tend

to lead to slow growth rates in the MOCVD process. Reported MOCVD

growth times for monolayer WS2 are often on the order of hours for complete

coverage [43, 45, 106]. Carbon contamination introduced by organic precur-

sors is a major challenge for MOCVD, and a range of metal and chalcogen

precursors have been explored to address this challenge for TMDCs [43, 45],

which are often toxic or difficult to handle. While standard MOCVD is based

on co-exposure of the constituent precursors, sequential exposure patterns

similar to ALD processes have also been explored [86]. However, unlike 3D

materials, for TMDCs such choice of sequential exposure is less obvious, in

particular since layer-by-layer growth for 2D materials is largely dictated
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by their anisotropic layered crystal structure. ALD-type approaches to date

have shown limited TMDC layer control and rather low crystallinity [86,

197]. The same typically holds for ‘direct conversion’ approaches, where the

metal is e.g. deposited by physical vapour deposition and then exposed to

chalcogenide precursors [152, 183, 289]. Most literature on these MOCVD and

sequential exposure approaches has focussed on inert/dielectric substrates

and possible catalytic enhancement has not been explored in detail.

In this chapter, the growth of tungsten disulfide (WS2) on catalytic gold

substrates in a two-step MOCVD process is systematically explored. The

catalytic behaviour of gold enables low pressure MOCVD of WS2 with high

yield rate at low partial pressure of precursor gas. Here the ultrafast growth

of 100% monolayer WS2 film within several minutes is demonstrated. Signifi-

cant catalytic effects of Au are demonstrated for the metal organic chemical

vapour deposition (MOCVD) of WS2 monolayer films, using a simple se-

quential exposure pattern of low cost, less-toxic precursors, namely tungsten

hexacarbonyl [THC; W(CO)6] and dimethylsulfide [DMS; S(CH3)2]. This se-

quential exposure pattern, combined with the use of a cold-walled reactor,

minimises precursor pre-reactions and encourages a reaction path bound

to the substrate surface. This model system is employed to explore the ef-

fects of using a metal substrate for such MOCVD processes, specifically Au,

motivated by its prior use in surface science [82], and powder vaporisation

methods for WS2 and other 2D materials [73, 113, 288].

It is found that the use of Au allows a reduction of the DMS pressure,

required to nucleate and grow WS2, of more than one order of magnitude.

This reduction in turn allows a minimisation of the carbon contamination

of as-grown WS2, which has been a major challenge with this precursor

chemistry to date. The reaction scheme exhibits a self-limiting behaviour to

monolayer WS2 and full coverage can be achieved by one exposure cycle

of 10 minutes in total at a growth temperature of 700°C, which compares

favourably to prior MOCVD growth times which are often in excess of

1 hour. The deconstructed MOCVD process allows for a process-resolved

172



7.3 experimental

understanding of the role of each process step, which is discussed in the

context of previous 2D crystal growth literature.

7.3 experimental

All as-received gold substrates were annealed for 6 hours at 1025°C under

total pressure of 800mbar with H2:Ar=1:9 to encourage grain growth and

ensure that surfaces were as free as possible of organic contamination. Prior

to growth, samples were treated by oxygen RIE (150 mTorr, 50 W, 5 minutes)

to remove surface carbon contamination. 2-step MOCVD growth of WS2

on Au was then performed as described in Chapter 3.1.3. The transfer of

monolayer WS2 films was performed using catalyst etching as described in

Chapter 3.1.6. CVD and transfer of hBN was used for the examination of

the catalytic effect of the gold substrate during sulfurization, see Figure 7.3.

hBN was grown on 25 µm thick platinum (Pt) foils (99.99%, Alfa Aesar) and

transferred using a bubbling method, as described in detail in reference [255].

Both Raman and PL spectra of samples are taken as described in detail in

Chapter 3.2.6. To calculate integrated peak intensities, the Au baseline is

taken and subtracted from all measured spectra. Peak intensities and full

widths at half maximums were extracted from the spectra using a python

script applying a simple Lorentzian-Gaussian multipeak fit, see Fig. 7.1, and

averaged across each of the 1600 points. TEM grids (Quanti-foil) are used

as the substrate for WS2 in the associated HR-TEM studies as described

in Chapter 3.2.4. After transfer of the PMMA/WS2 onto the HR-TEM grid,

the sample is dried overnight then baked at 150°C for 30 minutes to soften

the polymer and increase the adhesion of the WS2 to the grid. The PMMA

scaffold layer is then removed by dissolving in acetone. All measurements

are taken under 80keV acceleration voltage. Selected-area electron diffraction

(SAED) are taken over a large area of gridded spots. Crystal orientations of

the sample are then calculated from the relative rotation between each SAEDs.
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Figure 7.1: Sample Lorentzian-Gaussian multipeak fit of the WS2 spectra for a point

Raman scan in a 20×20 µm map. Peak intensities and full width half maximum

values are averaged across each of the 1600 points per map scan.

Ex-situ ToF-SIMS measurement were performed using a ToF-SIMS IV in-

strument as described in Chapter 3.2.9. Data processing was carried out

by selecting relevant peaks in the ToF-SIMS spectra and monitoring their

change in intensity over the course of the sputtering. Spectra were acquired

in both positive and negative polarity, monitoring the evolution of WS2, hBN,

WO3, carbon, oxygen, sulphur, and gold by selecting the WS3−, BN− (or

B+), WO3−, C2−, O−, S− and Au3− peaks, respectively. C2− was chosen as

the representative for carbon over monoatomic C−, which is more prone

to fragment from other residual oxides or other adventitious species. Good

indicators for bulk Au were polyatomic species such as Au2− or Au3−, from

which the latter was chosen due to a higher intensity level.

The spectra were calibrated using both low and high mass elements and the

peaks were assigned in good agreement with theoretical vs experimental

isotope identification. WS3− was selected as most representative peak for WS2
assignment as it had the highest intensity among all WxSy species during

analysing a reference sample with exfoliated WS2 on SiO2. Comparison of

carbon contamination levels between samples was performed by normal-
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ising the spectra against the WS3− peak, knowing that there is a surface

monolayer of WS2. When quantifying the level of carbon in the samples, the

surface ~1 nm was removed from the analysis to mitigate the contribution

of adventitious carbon from ambient exposure prior to measurement. This

was determined by the point at which the H− and CH− signals drop to a

local minimum at the surface. All depth profiles were normalized to the total

ion intensity, using a point-to-point normalization, allowing for consistent

comparison between the samples.

The field effect mobility of WS2 was measured by fabrication of a 2-terminal

FET on 300nm SiO2 on p-doped silicon. Evaporated In(20nm)/Au(80nm) act

as the source and drain contact for all devices. After device fabrication, the

chip is encapsulated by 10nm ALD Al2O3 to prevent degradation. The device

is current-annealed by performing a gate sweep under high source-drain bias

(10V) until the transfer curve is stable. All measurements are performed at

room temperature under ambient conditions. A halogen lamp (λpeak ~906nm,

I ~30mW·cm−2) is used to test the light response of the sample.

7.4 results and discussion

A schematic overview of the employed MOCVD process with a sequential

exposure pattern is shown in Figure 7.2. Commercial poly-crystalline Au foils

are annealed and oxygen plasma cleaned prior to loading into the MOCVD

reactor (Figure 7.2b-i). This is followed by a low pressure (5×10−6 mbar) THC

exposure step, which is referred to as “metallization” (Figure 7.2b-iii). THC

is an established precursor for W film deposition that readily decomposes at

700°C, particularly on metallic surfaces [215]. At the given conditions, it was

found that a metallization time of 5 minutes leads to sufficient W deposition

for complete WS2 coverage on Au in the sulfurization (Figure 7.2b-iv) step.

This deconstructed process thereby converts the W on the Au surface to

WS2, as indicated in Figure 7.2b-iv. DMS partial pressures are varied between

0.01 mbar to 1 mbar during sulfurization to closely examine its influence on
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the quality of the WS2 film. For the given process, a continuous WS2 cov-

erage is found for DMS partial pressures larger than 0.05mbar (Figure 7.2b,v).

Figure 7.2: Schematic of 2-step MOCVD procedure for WS2 on Au foil. (a) Key

growth parameters: the sample is heated to and kept at 700°C and first exposed to

THC. The sample is then quenched to prevent potential uncontrolled pre-reactions

between the two precursors. This is followed by heating to 700°C again, and exposure

to DMS. The pressure of DMS is varied to study its influence on carbon contami-

nation. (b) Key growth processes: (i) Poly-crystalline Au foil exhibits grain growth

upon annealing (ii). (iii) Deposition of W during metallization. (iv) Sulfurization

of W seeds. (v) WS2 covered Au after MOCVD. The as-grown WS2 is monolayer

and poly-crystalline. (c) Evolution of WS2 film growth from nucleation to domain

growth and merging.

Before discussion of the detailed growth mechanism of MOCVD WS2 on Au,

a comparison of the deconstructed process used herein is made to previous

literature. First, an attempt to grow WS2 on Au with a similar sequential

exposure pattern but with different precursors (i.e. WO3 and S) was reported

to be unsuccessful, even though large domains could be produced by co-
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exposure of these two precursors [73]. This can be attributed to the volatility

of any deposited WO3. Secondly, the direct conversion of TMDC materials

from metallic layers [184, 289] report that only thin layers of deposited W can

be efficiently converted to WS2. Similarly, it is found that once the W film

is too thick, e.g. when sputtered W films (~100nm) or W foils (~25 µm) are

used, no 2D WS2 can be reliably grown after sulfurization with the process

parameters used herein.

Figure 7.3: WS2 growth on Au partially covered by monolayer hBN. (a) Schematic of

sample and MOCVD procedure with metallization and sulfurization: (i) Half of the

Au catalyst is covered by monolayer hBN before MOCVD. (ii) During metallization

process, tungsten (grey clusters) deposits on both hBN covered and not covered

area. (iii) During sulfurization, only tungsten on Au is converted to WS2. (b) Select

ToF-SIMS surface images of sample after complete MOCVD process: (i) B+ image

corresponding to hBN coverage; (ii) WS−3 image corresponding to WS2 coverage;

(iii) WO−3 image to characterize W coverage; (iv) C−

2 image to characterize residual

carbon.

The effects of Au on the MOCVD reaction are explored by comparing the

WS2 growth behaviour on the Au foil with and without hexagonal boron

nitride (hBN) coverage, as illustrated in Figure 7.3 a. The coverage with

inert hBN prevents any direct precursor contact with the Au surface, and
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thus suppresses any direct catalytic effects of Au. Further, it is expected that

adatom mobilities will differ between the two areas. Post-growth ToF-SIMS

imaging is used to map the growth results as shown in Figure 7.3b. Figure

7.3(b, i) shows a 500 µm × 500 µm map of the detected B+ ion species, that

act as a fingerprint for the presence of the hBN film. The map demonstrates

continuous hBN coverage on Au after WS2 growth and confirms that the hBN

film remains intact throughout the MOCVD process. Figure 7.3b-ii shows a

map of the detected WS−3 ion species to fingerprint the presence of WS2. It

was found that WS2 film forms only on the Au surface where there is no hBN

coverage. This highlights that even a monolayer of hBN can fully inhibit the

TMDC growth reaction, suggesting a strong catalytic role of the Au substrate,

which is further supported by the SEM images and Raman map presented in

Figure 7.4. The unreacted W will be oxidized in air post-growth, which en-

ables the specific identification of unreacted W through the imaging of WO−3

ion species as shown in Figure 7.3b-iii. W is thus found on both the hBN

covered and uncovered Au surface. This is consistent with the ready thermal

decomposition of the THC precursor at the metallisation temperature in the

absence of any catalytic substrate effect [215]. The more sporadic W coverage

on hBN may be due to increased desorption or increased W adatom mobility.

The sequential exposure pattern used herein demonstrates that the selective

growth of WS2 on Au is determined by the sulfurization step, i.e. that DMS

dissociation here is catalytically enhanced by Au. To rule out the influence

of residual polymer atop the hBN film has on the decomposition of DMS,

Figure 7.3 (b, iv) presents a map of the detected C−
2 ion species present on

the surface as a fingerprint for such carbon contamination. No difference in

the average carbon level between the hBN covered and uncovered Au surface

is observed. A DMS pressure of 0.1 mbar is used, which does not result in

significant carbon contamination as explored in detail below.

Unintentional doping with carbon is a common issue for MOCVD processes

[152]. TMDC MOCVD is no exception, and there are numerous reports of

deleterious carbon incorporation into TMDC films [43, 45]. To minimize

contamination more difficult-to-handle precursors are often employed, such

as replacing organic chalcogenide precursors with H2S [45, 47]. A number
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Figure 7.4: WS2 growth on Au partially covered by monolayer hBN. (a) SEM image

of partial growth of WS2 within a crack in the hBN film. (b) SEM image of the

interface between WS2 covered gold and hBN covered gold, post-growth. (c) Raman

map of characteristic E2g height of as-grown WS2 film. Dark area is area covered by

hBN film, which prevented growth.

of more complex or toxic precursors have been reported, particularly for

ALD-type reactions, driven by the motivation to have the metal oxidation

state of the precursor closer to the +IV oxidation state in the WS2 or MoS2

film [86]. In this study, the least hazardous, easiest to implement precur-

sors are used for both the metal and sulfur, and contamination is managed

through use of a catalytic substrate. Figure 7.3 has already shown that DMS

dissociation is the key step in WS2 film formation. This is consistent with a

less reactive chalcogenide containing precursor, and thus TMDC MOCVD

typically require very high overpressures of the chalcogenide precursor [45,

295].

Raman spectroscopy and ToF-SIMS scans are shown in Figure 7.5b and c,

highlighting the influence of DMS partial pressure during sulfurization on

the carbon contamination of as-grown WS2 on Au. Figures 7.5a,b plot the

intensity of characteristic Raman peaks for WS2 and amorphous carbon (a-C)

(Au baseline subtracted) for DMS pressures from 0.03mbar to 1 mbar during

sulfurization (Figure 7.2). For comparison, Figure 7.5a also shows the spectra

for plain, annealed Au foil (red curve, bottom) and Au foil that has only

undergone sulfurization (without prior metallization) at 1 mbar (light blue

curve, top). The data shows that the a-C Raman peak intensities increase
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Figure 7.5: Carbon contamination introduced during sulfurization step: (a) Raman

spectra of samples treated with different sulfurization conditions. (b) Integrated

Raman peak intensity ratio (A) between amorphous carbon (a-C) and WS2 vs. DMS

pressure during sulfurization. The error bar is 5 times of the variation in each

measurement. (c) ToF-SIMS C−

2 ion intensity vs. DMS pressure during sulfurization.

(d,e) ToF-SIMS depth profile for C−

2 and WS−3 count for WS2 monolayer on Au

foil comparing low (0.3 mbar, (d)) and high (1 mbar, (e)) DMS pressures during

sulfurization. Both carbon and WS2 are distributed uniformly over the 150 µm ×
150 µm detection region.

with increasing partial pressures of DMS. For clarity, Figure 7.5b plots the

integrated Raman peak intensity of a-C normalized against the integrated

peak intensity of WS2. This highlights that the carbon contamination in-

creases significantly past a sulfurization DMS partial pressure of 0.3 mbar.

This finding is consistent with a report by Choudhury et al., which found

strong contamination from the use of carbon-containing sulfur precursors

(diethyl sulfide) for MOCVD TMDC growth in the mbar pressure range [45].

This contamination suppressed the PL response of the grown films and was

consistent for all samples grown across a range of temperatures, from 650

to 850°C. In comparison, Choudhury et al. found that samples grown using

H2S remained free of carbon contamination, as determined by Raman spec-

troscopy and the strength of the PL response. Herein, only a small amount of
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carbon signal can be observed in the Raman spectra of samples grown with

a sulfurization DMS partial pressure up to 0.3 mbar, such that a strong PL

response is maintained.

Hence, the catalytic effect of Au on DMS dissociation is demonstrated to

enable the lowering of the required DMS partial pressure for monolayer WS2
formation by approximately 2 orders of magnitude compared to previous

MOCVD studies [45]. To show the continuity and uniformity of the as-grown

MOCVD WS2 on gold, large scale ToF-SIMS surface scans of MOCVD grown

WS2 films at different sulfurization partial pressures are provided in Figure

7.6. A normalized ToF-SIMS signal of C−
2 is shown on the right, comparing

carbon contamination levels between the two process conditions. In samples

grown with high DMS exposures, a significant amount of carbon can be

detected by ToF-SIMS in the same place as WS2.

In order to further confirm the correlation between DMS partial pressure and

carbon contamination, ToF-SIMS depth profiling is employed with a very

gentle sputter rate to measure the chemical environment of monolayer WS2
on Au surface. The depth profiles of carbon and WS2 are summarized in

Figures 7.5c-e. Among the many carbon species that are detectable due to

the complex decomposition profile of DMS, the most intense C−
2 ion signal

is used herein to indicate carbon contamination. In Figure 7.5c the C−
2 ion

intensity of the as-annealed Au foil is additionally added as a reference

for the level of adsorbed carbon contamination due to sample transfer in

air. The ToF-SIMS data (Figure 7.5c) confirms the trend seen in the Raman

spectroscopy data (Figure 7.5b) with the carbon concentration increasing

with increasing DMS partial pressure.

Representative ToF-SIMS 3D depth profile images of fully grown WS2 mono-

layers on Au foil comparing low (0.3 mbar, Figure 7.5d) and high (1 mbar,

Figure 7.5e) DMS pressures during sulfurization. The inset 3D ion images

show that in both samples the C−
2 and WS−

3 ion intensities are laterally

uniform across the measured 150 µm × 150 µm area. However, the C−
2 ion

intensity on the Au surface is significantly higher for the sample sulfurized in
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Figure 7.6: Large scale ToF-SIMS imaging of WS2. (a) ToF-SIMS surface maps of

WS2 grown with 1mbar DMS during sulfurization. (b) ToF-SIMS surface maps of

WS2 grown with 0.1 mbar DMS during sulfurization. (c) Normalized ToF-SIMS

signal of C−

2 . In samples grown with high Ps−, a significant amount of carbon can be

detected by ToF-SIMS in the same place as WS2. All ion intensities are normalized

against total spot intensity.

1mbar DMS. Furthermore, the ToF-SIMS depth profile shows that for samples

grown with a low DMS partial pressure, the carbon contamination appears

only on the very surface and quickly diminishes upon further probing further

through the WS2 layer and into Au (Figure. 7.5d). In contrast, for high DMS

partial pressures, a much higher C−
2 ion intensity is detected on and away

from the surface, indicating a heavier carbon contamination on the as-grown

WS2.

ToF-SIMS is also used to investigate the elemental species that are present

in the Au bulk, after growth. Au does not form any stable compound with

either W or S under these experimental conditions and thus it is expected

the W and S solubility in Au to be negligible [195, 196]. Sputtering is carried

out at a higher rate using Cs+ ions, allowing for the detection of W, S, O,
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Figure 7.7: Characterization of continuous WS2 film via 2-step MOCVD process

(0.1 mbar DMS). (a) Raman spectroscopy characterization of WS2 film transferred

on SiO2/Si. (i) Typical Raman Spectrum normalized by the Raman peak of Si. (ii)

Raman mapping of frequency difference between E2g and A1g. No multilayer WS2

(i.e. frequency difference larger than 65.5cm−1, marked by red colour) is observed.

(b) PL characterization of WS2 film transferred on SiO2/Si substrate. (i)Typical

PL spectrum normalized by the Raman peak of Si. The exciton (X) and trion (X−)

peaks are labelled. (ii) Integrated PL intensity mapping normalized by the integrated

Raman intensity of Si. The strong PL confirms the single-layer nature of the WS2

film.

Figure 7.8: (a) HR-TEM of the WS2 film transferred on Quanti-foil TEM grid. Lattice

distance is measured as ~3.2 Å. (b) SAED of WS2 film. The sharp 6-fold diffraction

pattern indicates good crystallinity. The inset shows bright field HR-TEM image of

the SA. (c) HR-TEM diffraction mapping of WS2 film. The WS2 film has average

domain size of around 10 µm with a bimodal crystal orientation with 30°rotation

(FWHM < 1°).
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and C to a depth of ~400nm. As shown in Figure 7.9a and b, the elemental

distribution in bulk Au is not strongly influenced by the growth condition,

supporting the theory that the catalytic reaction is surface limited. Moreover,

the concentration of S and W both diminish rapidly after the surface layer,

due to the low solubility of both elements in Au at thermal equilibrium. The

insets in Figure 7.9 also provide the results measured by Ar+ sputtering, in

which the measurement is confined to only the top ~10 nm from very surface,

where only the carbon signal differs significantly.

Figure 7.9: ToF-SIMS depth profile of different ion species. (a) Depth profile taken on

WS2 grown by 0.3 mbar DMS sulfurization. (i) is the rough depth profile, sputtered

by Cs+. (ii) is the fine depth profile, sputtered by Ar+. (b) Depth profile taken on

WS2 grown by 1 mbar DMS sulfurization. (i) is the rough depth profile, sputtered

by Cs+. (ii) is the fine depth profile, sputtered by Ar+.

The demonstrated catalytic MOCVD process not only enables the minimiza-

tion of carbon contamination via ultra-low DMS pressure, but simultaneously

allows for full WS2 monolayer coverage to be achieved within a 10 minute
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exposure time (Figure 7.2), which is significantly faster in comparison to most

previously reported TMDC MOCVD processes with monolayer growth times

that are typically reported to required well over a few hours [43, 45, 106].

Figure 7.7 shows the further characterization of WS2 films as grown by the

optimised 2-step MOCVD process with 0.1 mbar DMS, after transfer of the

WS2 layer onto SiO2/Si wafer support for Raman and photo-luminescence

(PL) measurements, or Quantifoil support for TEM. A representative Raman

spectrum of the WS2 is shown in Figure 7.7a-i with E2g and A1g vibration

modes measured at 356.9 cm−1 and 417.6 cm−1 respectively, possessing full-

width-half-maximums (FWHM) of 4.3 cm−1 and 4.2 cm−1 respectively. This is

in line with previously reported Raman measurements using a 532 nm laser

excitation for WS2 transferred onto SiO2 [19, 153]. A map of the frequency

difference between the A1g and E2g peak is shown in Figure 7.7a-ii, which is

known to sensitively depend on the number of WS2 layers. Based on previous

literature, 65.5 cm−1 was chosen the threshold to distinguish between mono-

layer and bi-layer WS2 [46]. Using this method, no WS2 multilayer region

is detected across the representative sample area of 108 µm × 154 µm, see

Figure 7.7a-ii. The monolayer nature of as-grown WS2 is further confirmed

by the strong PL peak with exciton energy of ~2.02 eV (Figure. 7.7b-i). A

significant trion peak around 1.98 eV is detectable similar to previous reports

on CVD WS2 [186]. A map of normalized integrated PL intensity is shown in

Figure 7.7b-ii, as taken in the same area sampled by Raman mapping. The

measured PL intensity is significantly stronger across the whole sample than

the Si and WS2 Raman signals, consistent with monolayer WS2 [149].

HR-TEM images are shown in Figure 7.8a and b, along with diffraction

mapping results for a transferred WS2 film. The representative HR-TEM

image in Figure 7.8a confirming the hexagonal lattice structure, highlights

the crystallinity of the WS2. The lattice constant is approximately 3.18 Å,

which is consistent with theory [164, 220], and previously measured results

[65]. The selected-area electron diffraction (SAED) analysis present in Figure

7.8b shows a clear hexagonal diffraction pattern with sharp spots. In order

to determine the crystal orientation over a reasonably large area, over 200

diffraction patterns across a 40 µm × 40 µm WS2 film area were taken to
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construct the map shown in Figure 7.8c. Two dominating crystal orientations

rotated by 30°±1.5°are found as highlighted by the bi-polar distribution

(Figure 7.8c). Based on this data, the average WS2 grain size is of the order of

10 µm, which compares favourably to previous literature on MOCVD TMDC

materials on non-catalytic substrates with typical domain sizes on the order

of a few µm [45]. The measured transfer curve of the two-terminal field effect

transistor (FET) structure is shown in Figure 7.10, where 2D conductivity is

plotted as a function of back gate voltage. Field effect mobility of the WS2

was measured as 0.51 Vs/cm2 in light and 0.40 Vs/cm2 in dark which are

comparable with previously reported values [73, 300]. The threshold voltage

does not vary much with and without light, i.e. 29.2 V in light and 30.4 V in

dark. However, the field effect mobility of these devices were significantly

lower than those prepared from WS2 films grown using powder-based meth-

ods, which have achieved field-effect mobilities of up to 50.5 Vs/cm2 [287].

Figure 7.10: Transfer measurement of WS2. (a) Semi-log plot. (b) Linear plot. Both

plots are measured with and without light.

The results herein unveils several unique features of the catalytically en-

hanced growth of MOCVD 2D TMDC materials. Self-limiting growth of

monolayer WS2 films is demonstrated for the range of deconstructed MOCVD

process parameters used herein. Monolayer control of TMDC growth has

proven to be non-trivial, with unwanted multilayer regions commonly found

in previous reports. Within the reported range of DMS partial pressures used

herein, WS2 was produced directly on gold, but not on WS2, hBN-covered

gold, or pure W foil (~25 µm thickness). The self-limiting growth is attributed
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to the critical role of Au in activating DMS dissociation and hence the sulfur

supply during the sulfurization step. It should be noted that the uncatalysed

thermal decomposition of DMS is expected to be slow and incomplete at the

reaction temperature in this report (i.e. 700°C) [115, 243]. The observed cat-

alytic dependence is consistent with previous reports that multilayer TMDC

will grow if the deposited metal on Au is sulfurized by more active sulfur

precursors that will decompose without the need for catalytic support [82].

In addition to the catalytic effect of Au, the self-limiting growth pattern of

MOCVD on Au is also a result of the strong interaction between as-grown

WS2 and gold. Similar to WS2 on gold after vacuum annealing, the as-grown

WS2 on Au cannot be transferred by electrochemical delamination [73], which

indicates that a strong interaction exists between WS2 and Au. The as-grown

WS2 film seals Au tightly and suppresses intercalation of precursors, thus

preventing additional growth underneath the existing WS2 layer.

Moreover, the catalytic effect of Au on the sulfurization of tungsten enables

WS2 to grow under a significantly reduced DMS pressure, efficiently min-

imizing the carbon contamination. Sapphire or SiO2/Si wafers were also

tested as growth substrates, but neither substrate allowed for WS2 deposition

under the growth conditions reported herein. Although prior work on Au

catalysed DMS dissociation is limited, thermal deposition of DMS on oxides

are well-documented. Many side reactions typically resulting in carbon de-

position occurs and this is likely the source of carbon contamination found

in previous reports [45, 115]. Due to its high melting point, W deposited

during the metallization step is likely to be present as nanoparticles. As

such, the Au surface is decorated by W during the sulfurization step and

thus either bare gold or the W nanoparticles on Au could act as the catalyst

during sulfurization. However, direct sulfurization of ~10 µm films of W

was unsuccessful, and it is hence more likely that precursor breakdown is

induced by a strong Au-S interaction prior to S adatom diffusion to surface

W particulates. Furthermore, tungsten is known to react with carbon to form

tungsten carbide [145], which could be one of the major side reactions when

the sulfur supply is insufficient or carbon supply is in excess, as in the case

of MOCVD WS2 on SiO2 or sapphire. The precursor pressures of both met-
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allization (5×10−6 mbar) and sulfurization (0.01 mbar to 1 mbar) are much

lower when compared with conventional MOCVD or powder-vaporization

CVD, presenting the efficient production of monolayer WS2 films.

Finally, the HR-TEM data presented in Figure 7.8 shows a strong bimodal

distribution of WS2 orientations. The average grain size of the Au foil used

herein is ~100 µm. Hence the analysed film area is likely to originate from

one Au facet, and this data again indicates that the substrate strongly influ-

ences growth, be it via Au step edges or S-Au interactions. A similar epitaxial

relation between TMDC and c-plane sapphire has been previously demon-

strated [285] with only one orientation but larger FWHM in the distribution

of orientations. In this way, a move to single crystalline Au surfaces will

provide an avenue for further improvement in film control and homogeneity.

During sulfurization, W atoms can either diffuse through the gold surface

or by chemical gas transport (e.g. by forming unstable compound vapour

like WS3 and re-deposit). Reports on W adatom mobility on Au were not

found, but given the high self-diffusivity of Au, higher surface mobilities are

expected in comparison to covalently bonded oxide surfaces like sapphire or

SiO2. However, it is shown here that for a short 10 minute exposure cycle on

a poly-crystalline Au surface full WS2 monolayer coverage can be achieved

which is of interest to future error tolerant process development.

7.5 conclusions

In this chapter, a deconstructed MOCVD model process is used to demon-

strate the significant catalytic effect of Au on the MOCVD of monolayer WS2.

In particular, the effective catalytic dissociation of sulfur precursors, such as

DMS, enables the possibility of using low toxicity precursors while retaining

low carbon contamination and fast growth times. The much lower chalcogen

precursor pressures not only leads to self-limiting monolayer coverage but

makes the overall process much more efficient and gives wider compatibility

with standard growth reactors. Furthermore, lower pressures also enables

future direct in-situ observation of the growth of similar MOCVD processes
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to further progress the understanding of the underlying mechanisms. While

Au is used herein, which requires subsequent WS2 transfer for typical de-

vice applications, these findings also motivate further studies on catalytic

enhancement of dielectric support films, which would allow transfer-free

device integration. These insights also link to ALD-type and direct conver-

sion processes, and it is hoped this can open further comparative studies

of co- and sequential exposure patterns, fostering the understanding of key

underlying mechanisms for future integrated manufacturing of TMDCs and

other 2D materials.
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S U M M A RY A N D S U G G E S T I O N S F O R

F U T U R E W O R K

This thesis has investigated the CVD processing of a range of catalytic tem-

plates to open new routes towards the controlled fabrication of foams and

lattices, whose cell walls are comprised of layered 2D materials. Both a dis-

ordered macroscopic foam and ordered nanoscale gyroid lattice were used

as catalytic templates for the growth of freestanding multilayer graphitic

cellular materials. Mechanical testing of such new fabricated materials was

then undertaken in order to examine the deformation and failure mecha-

nisms of these unique cellular materials. This lead to the development of a

new hierarchical model framework with particular attention to the deforma-

tion response of the wavy multilayered cell wall material. Further, the facile

preparation of structured graphitic microfoams and the monolayer growth of

an emergent TMDC material, WS2, are reported.

Firstly, a reproducible synthesis pathway based on the CVD of high quality,

conformal layers of graphene in combination with template removal and

handling optimizations was developed in order to ensure the fabrication of

freestanding monolithic stochastic foams across varying relative densities.

Subsequent mechanical characterization found that these stochastic foams

behaved as bending-dominated cellular materials with large knockdowns in

both elastic modulus and yield strength arising from waviness in the strut

walls. This waviness, which emerges from inheritance of the polycrystalline

template texture and relaxation after template removal, was found to increase

the axial compliance of each cell wall through nanoscale wall shearing. Thus,
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the mechanical properties of the graphitic foams become dependent on the

interlayer shear modulus and strength of graphitic layers, which are signifi-

cantly less than their in-plane properties.

In the second part of this thesis, a nanoindentation study across multiple

film thicknesses was used to compare solid nickel gyroid lattices to the

CVD-fabricated hollow graphene gyroid lattices. Nanoscale gyroidal tem-

plates were used to examine the effects of using a stretching-dominated

cell morphology, which possess enhanced load bearing and stress transfer

behaviour, and to investigate if the nanoscale wall shearing mechanisms

observed in the Chapter 4 were active in these nanoscale lattices. Further, a

hierarchical FEA approach was utilized to numerically analyse the effective

mechanical properties of both the solid and hollow gyroid unit cell, as well

as a homogenized lattice in a nanoindentation simulation. These structured

gyroids were found to experience size-dependent strengthening, with both

the solid and hollow gyroid lattice possessing high strength to density ratios.

Furthermore, the hollow graphene gyroid lattice was found to have a high

degree of elastic recovery after indentation and high levels of electrical con-

ductivity. However, the effect of waviness and nanoscale interlayer shearing

was still found to cause a reduction in the modelled material properties of

the multilayer graphene cell wells, which were far below their theoretical

in-plane values.

A third study investigated the preparation of alternative microscale templates

in the form of carbonized microfoams. These cellular materials were pro-

duced through the slow pyrolysis of commerically available melamine foams

and 3D printed resin lattices produced through additive manufacturing. It

was found that the 3D structure of such foams could be retained through

carbonization, which induced isotropic shrinkage of up to 125x and mass

loss of up to 95%. Addition of thin conformal films of alumina induced

lower degrees of shrinkage and introduced surface roughness due to a stress

mismatch between the shrinking polymer and the ALD coating. Furthermore,

efficient graphitization of the carbonized materials was achieved through

catalytic graphitization, after the electroless deposition of a nickel layer. Such
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shrunken graphitic microfoams possessed unit cell and strut sizes that were

below the lower limit available to commercial 3D printing techniques. The

multifaceted approach hence allows for the facile production of conductive

carbon cellular materials with full shape control, while still possessing sub-

mm unit cells and tuneable size and roughness.

A final study examined a deconstructed MOCVD process with a sequential

exposure pattern in order to develop a step resolved understanding of the

growth of WS2 on Au foil. The Au substrate was found to have a strong

influence on both DMS breakdown and WS2 film formation due to the strong

interaction between Au and sulfur. Use of Au was found to catalyse the

breakdown of DMS, allowing for a large reduction in the pressure required

to form WS2. In turn, this significantly reduced carbon contamination from

precursor breakdown, allowing for the production of high quality WS2 films.

As-grown WS2 films were also found to interact strongly with the under-

lying Au substrate, resisting electrochemical delamination and displaying

grain dependent orientation, leading to self-limiting film formation through

the suppression of further precursor intercalation. Furthermore, the entire

process can be achieved with a single exposure cycle lasting just 10 minutes.

Hence, the error-tolerant and economical production of high-quality mono-

layers of WS2 was demonstrated.

Fundamentally, the preparation of cellular materials from emergent 2D ma-

terials aims to combine the unique functional properties of both systems.

Future preparation of porous WS2 foams may enable the preparation of high

yield hydrogen evolution systems with greater accessible surface area and

a stress-tolerant cellular geometry. However, a large knockdown in contin-

uum elastic moduli and yield strengths due to nanoscale interlayer wall

shearing is shown to persist in both bending-dominated macroscopic foams

and stretching-dominated nanoscale lattices. This deformation mechanism is

dependent on the strength of interlayer interactions as well as the existence

and degree of waviness present in the cell walls. In cases where density

is inconsequential, ALD scaffolds (such as used in Chapter 4) or internal

supporting structures (such as is present in Chapter 6) can serve to stiffen
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and strengthen such functional carbon foams. Else, the optimization of in-

terlayer shear moduli and strength through interface engineering or use of

heterostructures with stronger interlayer interactions may give rise to more

resilient cellular materials with cell walls composed of emergent 2D materials.

Alternatively, the successful growth and isolation of a monolayered cellular

material may entirely eliminate the knockdown due to interlayer shear and

realize the exemplary mechanical properties that have been predicted by

simulation. For few-layer samples, use of a structured nanoscale template

is necessary to avoid collapse due to capillary or electrostatic forces, and

to take advantage of the efficiencies of structural scaling present in regular

stretching-dominated structures. However, with the CVD growth recipes

used herein, it is shown that nanoscopic, highly curved templates possess

high nucleation and hence defect density. The type of template used is in-

timately linked to the nature of both catalyst pre-treatment and process

optimization, which here possess additional complexity due to the likelihood

of thermal coarsening at high processing temperatures. Further avenues of

study may therefore examine the template-specific optimization of CVD

graphene growth in order to prepare 3D monoliths constructed from a single

high-quality layer of 2D material.

Finally, alternative mechanical tests or avenues of analysis are likely to afford

further insight into the mechanical behaviour these 3D cellular materials with

cell walls comprised of 2D materials. A continuum damage mechanics or

fracture mechanics based view may examine the initiation, propagation and

fracture of these materials under uniaxial tension or cyclic loading schemes.

Again, an approach examining multiple length scales would be ideal, linking

the continuum material properties with strut and wall-level behaviour as

they relate to fracture and tearing. This would also lend itself to an exam-

ination of the effect of initial defect density and quality of the graphitic layers.
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