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Abstract

Although research has been conducted on amorphous alurbesed- alloys,
most of the research has focused on melt-spun ribbbhere has been significantly less
research on mechanically alloyed amorphous powder érmglh mechanically alloyed
powder seems to have more potential for the production lkfdsaorphous aluminum-
based alloys. In addition, there has not been adegesearch conducted on the local
atomic structure of amorphous aluminum alloys, and atgraaderstanding of the
relationship between processing, structure, and propertieséssary.

In the following thesis, multiple investigations hawzen performed to
understand the structure, processing, and properties oihalombased amorphous alloys.
These studies sought to develop a methodology for the producf amorphous
aluminum alloys by mechanical alloying, understand how composaffects the glass-
forming ability, understand the crystallization andetfects on structure and properties,
and consolidate the mechanically alloyed powder and exahenesultant structure and
properties.

High-energy ball milling was used to synthesize alumibawed alloys
containing amorphous and nanocrystalline phases to investigatompositional effects
of transition metals (TM) on the amorphization andstaifization processes of the ball-
milled AlgsY ;FesTM3 alloys (TM = Ni, Co, Cu, and Fe) were investigated.

The local atomic structure of mechanically alloyedsAtFe; and AbsY 7FesTi;
were examined by high-energy synchrotron x-ray diffoactDiffraction results showed

that AksY 7Fesstructure to be nanocrystalline, whilesM-FesTizis amorphous. The pair



distribution function analyses revealed that localdtire of AsY ;Feswas dominated by
Al, Fe, and AlY short range ordered regions. On the other hand, tla $taicture of
AlgsY/FesTiowas comprised of Al, AFe, and AdY short-range order regions, in which
the order extended for about 8 angstroms.

Efforts to consolidate the mechanically alloyed amogshpowder were made by
guasi-isostatic forging at different temperatures. Saswlkere also processed containing
different levels of coarse grain crystalline alumintonevaluate the production of bi-
modal composites.

In addition to the research performed on amorphous alumalloys, research on
the mechanical behavior of the local atomic structorea bulk metallic glass was
performed. The internal strain was measured fors@NBgCu;s Nii2 6Al10 BMG in-situ

by neutron diffraction.

Vi
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Chapter I: Introduction

1.1 Amorphous Aluminum-based Alloys

Amorphous aluminum alloys are of great interest duddo tinique combination
of high strengths (about 1,000 MPa [1] which can be up toi@&stgreater than their
conventional crystalline counterparts [2]) and low dési{about 3.5-3.7 g/ch{3)).
The strengths of these aluminum alloys can be fuitfteeased, to over 1,400 MPa, by
partial crystallization [4, 5], as illustrated in Figukel. Amorphous aluminum alloys are
often produced in ternary compositions containing Al-RE-IRE = Rare Earth, TM =
Transition Metal) due to their good glass formability aagtehbeen found to have good
bending ductility of about 180° in wire samples [6-8]. Emample, Al-Y-Fe systems
have good glass-formability, due to the negative heats xahghand the large (> 12%)
atomic size differences [9-13] of the constituent eldsienThe addition of a second
transition metal to these alloys to form quaternargteays, AI-RE-TM1-TM2, can
further enhance the glass formability [14]. Aluminunoydl form marginal or weak
metallic glasses. Because of this, aluminum based loetgdsses have only been
produced in very small sizes. Ongoing research on alumibased amorphous alloys
may eventually lead to the formation of bulk (diametdmm) amorphous alloys.

Although aluminum-based bulk-metallic glasses have ne¢nbproduced,
aluminum-based amorphous alloys have been fabricatedpioysalidification in ribbon
form, by mechanical alloying in the powder form, gas atation, and repeated cold
rolling and folding. For the formation of Al-based gigslloys the same empirical rules

for glass formation in bulk glass-forming alloys teadapply. Glass formation is favored



for multi-component systems. A large negative heahiging for the different elements
and an atomic size mismatch of greater than 12% aessay for glass formation. One
difference between aluminum based glasses and ba#is dormers is that aluminum
based glasses often form in systems that do not haee@ eutectic, which is common
for other bulk glass forming alloys. In fact, aluminuane earth binary systems have the
best glass formers at compositions of hypereutectic catigpes[5]. Aluminum alloy’s
low glass-forming ability may be attributed to a low ldjdragility [15]. Low glass-
forming ability is due to the molten liquid having a low vistpthat rapidly increases as
it is cooled toward the liquidus temperature [16]. Thigresponds to rapid structural
rearrangements during freezing as opposed to the sluggishic atedstribution that
occurs in materials with high glass-forming ability.

There are several methods of producing amorphous alumatlogs, almost as
many techniques as for producing bulk amorphous alloys [1, 1771@.most promising
techniques for producing amorphous samples for engineeringajiplis appear to be
by either rapid solidification or by deformation. Cunttg, the rapid solidification
method has only been successful at producing ribbon samvjites thickness of less
than a millimeter. Deformation-induced amorphization Isn successful at producing
amorphous powders, but there has been no successfupattefally consolidate these
powders and still maintain the amorphous structure.

In order for these amorphous powders to be made into bufipleg, it is
necessary to develop new compositions that will requineuah lower critical cooling
rate and high thermal stability; and/or it will be nesay to develop new processing
methods capable of scaling up the size of marginal glas®efs. In order to achieve this
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it will be necessary to better understand the amorpbizaand crystallization
mechanisms. Additionally, understanding the local atastructure could lead to a way
to understand and manipulate the atomic structure that waeake the aluminum alloys

stronger glass formers.

1.2 Synthesis and Characterization

Research has also been conducted on the formatiormofphous materials
through solid-state reactions, such as mechanical adjogf powders. This technique
can be coupled with powder consolidation to form amorphdiegsawith larger
dimensions than are capable of being produced through rapifisation. Mechanical
alloying is a solid-state reaction in which a great amafirgnergy being applied to the
elemental powders to introduce defects and cause the stfatyment of the grains
within the alloys until an amorphous structure is produ@®]. The glassy structure
forms through an interdiffusion process, which occurswttemperatures in the layered
composite structure of the powder, which forms in thdyesiages of milling [21, 22].
An example of this layered composite structure is shaw@a fAg-Cu system in Figure 1-
2. Extended milling reduces the thickness of the layetistha layers have completely
interdiffused.

Once amorphous powders have been produced, they can hmidaied into
scaled-up samples with properties similar to those ofatherphous powder [4]. The
properties of the bulk sample that is produced by conswmlidaif the mechanically
alloyed powder will then be dependant on the consolidgi@mameters, such as time,
temperature, and pressure. For example, consolidatibglattemperatures can cause
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partial or complete crystallization. Because thesobdation requires exposing the
amorphous powder to elevated temperatures, increasing stallizgtion temperature is
of great engineering importance.

In addition to the technical benefits of increasing The investigation of
crystallization behavior of amorphous alloys is impartdar the fundamental
understanding of the glass-forming ability of these alldyshas been observed that
aluminum alloys often devitrify through a nanocrystallian process [23]. During this
crystallization process, a high density (>?40n®) of face-centered cubic (fcc) Al
nanocrystals may form [11]. The formation of suchataystals may be linked to
“quenched-in” nuclei, which have a short-range fcc-likaure consisting of Al atoms.
Therefore, during the crystallization process, only shanige rearrangement of the
elements is sufficient to form the nuclei into nanystals [24]. However, by forcing the
crystallization to proceed through long-range diffusioather than short-range
rearrangements, the thermal stability can be improvedgalith the glass forming
ability.

The glass-forming ability of metallic glasses was eéased with the addition of
certain elements in small amounts, or microalloying28h It has also been suggested
that microalloying can increase the thermal stabilitynaftallic glasses by suppressing
the precipitation of crystalline phases during heatingpefamorphous phase [26, 27, 29].
In particular, microalloying with Ti has been showreftectively improve both the glass-
forming ability and the thermal stability of these afigyresumably by changing the local
order to hinder the precipitation of the fcc-Al pha88][ but the mechanism for this
change is not fully understood. It is commonly fourat thl-Fe-Y glasses often appear
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amorphous when characterized by laboratory x-ray, speeifically, lacking the typical
diffraction peaks observed in crystalline materialsowver, further examination by
isothermal differential scanning calorimetry (DSC) wmdgethat some aluminum-based
glasses are comprised of a very fine nanocrystallinectsire, and the crystallization
event corresponds to a grain coarsening reaction, asexppms nucleation and growth
reaction, which would occur in amorphous materials [31}e &ddition of 2% Ti to Al-
Y-Fe alloys dramatically improves the glass formingigb#nd changes the nature of the
local structure of the alloy into an amorphous one [30he isothermal DSC curve for
this alloy shows a peak that is characteristic of aeatidn and growth reaction
occurring during crystallization.

Recent studies on the crystallization behavior using BB XRD revealed that
the addition of 2% Ti to amorphous Al-Y-Fe systems alsanged the crystallization
from a primary crystallization of fcc-Al crystals ttetragonal AlFeY crystals
presumably by forcing long-range diffusion of atoms twadthe crystallization process
[32] The local order plays an important role in the na@atal and thermal properties of
these alloys and structural studies are necessary & bhatterstand this behavior. Short
and medium-range order in amorphous materials is mgshulederstood than long-range

order in crystalline materials.

1.3 Powder Consolidation

In order for mechanically-alloyed powders to be used gineering applications,
it is necessary to consolidate the powder into bulk fofinere have been many efforts to
consolidate amorphous aluminum powder using various teclmidue there has been
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little success in retaining the amorphous phase in a samighldull theoretical density.
For example, efforts made in 1994 to consolidate MAMEFesGds by cold-pressing
and subsequent hot-isostatic pressing produced only 93% denpéesabut these
samples did have Vickers hardness values in the rang250- 650 [17]. This is much
higher than those measured for conventional structuralialum alloys which typically
range from 100-190 HV. It has been found that by controtivegcrystallization during
powder consolidation, it is possible to produce very strdagiaum alloys. In 2001
AlgsNisYgCo, was consolidated to 99% density, and the resulting casipre tests
showed high strengths of 1420 MPa [4], Figure 1-3. These lighgsh alloys (except
for the powder consolidated at a relatively low tempee of 483°C) had a fully
crystalline microstructure consisting of fcc-Al, 3Xl and AkoNii1Y15C0o4, Figure 1-4.
Others have also successfully produced high strength alomialloys through
consolidating MA amorphous powder, but to date, there bhae@ no successful reports

of fully dense, fully amorphous aluminum alloys.

1.4 Total Scattering

The determination of crystal structures is very impdriathe fields of chemistry,
physics, and material science, because the structureabérials determine their
properties. Traditionally this has been done by measwamanalyzing the locations
and intensities of peaks resulting from Bragg diffractidiis method gives information
regarding only the long range average atomic structurehelimaterial has deviations
from the long range average structure, they will raaudiffuse scattering which contains

information regarding the local atomic structure. Bynbining diffuse scattering with
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Bragg scattering, one can obtain information regardmgldcal structural ordering of
materials. This is especially useful when studyingidiguglasses, disordered structures,
and materials with defects.

The pair distribution function (PDF) is an analysiethod that utilizes total
scattering (i.e., Bragg scattering plus diffuse scaifgrio accurately determine the local
atomic structure [33]. The PDF can be used for magettiat lack long-range order, or
where the short-range structure is not reflected inathg-range order of the crystal. The
PDF is a one-dimensional function showing the atoomadistances of all of the atoms
throughout the material. The PDF is represented irspece, rather than the reciprocal-
space powder diffraction data [33]. This approach has beerlywided for studying the
structures of glasses and liquids since the 1930s [34]. Thispaee method is one of
the small number of experimental techniques that eanded to probe structure on the
nanometer length scale, when the local structure tisconsistent with the long-range
globally-averaged structure [35]. PDF studies have providedilsleabout the local

ordering [36], free volume [37, 38], and mechanical beha@iéy 39, 40] of BMGs.

1.5. Motivation of the Research

Amorphous aluminum alloys are of technical interest @ugheir high specific
strengths, however; they have not found engineeringcaioins due to their low glass-
forming ability. Recent efforts have shown that glasming ability can be increased by
adding small additions of specific elements. These awsnimprove the thermal
stability of the amorphous phase, but the mechanism ofrtipsovement still remains

unknown. While microalloying may not be able to decrehsectitical cooling rate of
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aluminum alloys enough to form bulk amorphous alloys thrawgid solidification, it
appears a promising approach to improve the amorphizationgipowder processing.
By increasing the crystallization temperature of theogumous alloy, the temperature
range, or thermal window, for consolidation of theseemals can be increased along as
well. This dissertation research seeks to build atgremderstanding of the solid state
amorphization of aluminum alloys, gain insight regardimg mature of the local atomic
structure in the amorphous phase, understand the crystaliizarocess, and use this
information towards developing new high-strength alumiralimys. Figure 1-5 shows
the objectives, tasks, and anticipated results of theeptalissertation, see Appendix for
Tables and Figures. In this research, a correlatiomelegt the synthesis, local atomic
structure, and physical and mechanical properties will abkshed. A greater
understanding of the chemical short-range ordering inldbhal atomic structure of
amorphous aluminum alloys will be achieved. This redealso provides an analysis of

a novel processing methodology for the production of amorpionsinum alloys.



Chapter Il Literature Review

Part I. Bulk Metallic Glasses

Metallic glasses are a new class of materials lthat very different properties
when compared to conventional metals. They have anplimas microstructure, which
causes them to have some exceptional properties. Meflabses have been produced in
many different compositions and in compositions with mdifferent base elements.
They are of interest for both scientific and fundatakreasons, as well as having great
engineering potential. Some metallic glasses are grdming used in specific

applications, and other applications appear to be comitige ifuture.

2.1 History

Amorphous metallic materials, or metallic glasses, a relatively new class of
materials that first emerged in 1959 when Duwez showedAihaEis could be rapidly
solidified from the liquid form without crystallizatiof1]. His experiments illustrated
that by spreading thin films on a conductive substrate;irmaohtes of 10to 1¢ K/s
could be achieved, thus circumventing the crystallizapoycess. Since then a great
number of amorphous materials have been synthesizddha topic of bulk amorphous
alloys has been of great scientific interest. Dutimg 1970s and 1980s their primary
interest was due to their soft magnetic properties, wbald be used in applications
such as transformer cores and other magnetic devices H2jher interest came in the

1980s after it was found that ingots could be cast with eliars up to 1 cm, cooling at



rates below 100 K/s [43]. All this interest stems frawirt unigue mechanical, physical,

and chemical properties, which distinguish them fronr ggstalline counterparts.

2.2 Properties

Metallic glasses contain atoms that are randomignged throughout the solid.
This random nature makes them free from the typicalctiethat are seen in crystalline
alloys such as, dislocations and grain boundaries. imtisases the amount of energy
required to cause the metallic glasses to fail to wamach closer to their theoretical
strength. This absence of crystal slip systems cabsesietallic glasses to have many
desirable mechanical properties, including high strength andnbss and good wear
properties. Table 2-1 shows a comparison of the prope@dfiesnventional (crystalline)
metals to bulk structural amorphous alloys. Propesteh as tensile fracture strength,
hardness, and Young’s modulus have been shown to furttiase following a heat
treatment that caused the precipitation of nanoctystaparticles from the amorphous
matrix. This increase in mechanical properties was foancbhtinue as an increasing
volume fraction of nanocrystals was precipitated ftbenamorphous matrix, up to about
25% nanoparticles [44]. Another important mechanical ptgmdrbulk metallic glasses
is a very high elastic limit. The elastic straintthametallic glass can support in tension
or bending is almost double that of its crystalline cerpart [45]. Additionally, the lack
of defects and the chemical homogeneneity cause bulklimefasses to have a high

corrosion resistance [45].
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2.3 Applications

Due to their unique properties, bulk amorphous alloys havenbemf great
interest in a number of engineering applications. (Thegh strengths and good
toughness have made bulk amorphous alloys a promising candwatstructural
applications. These applications could include the areasaréft frames, automobiles,
and medical implants. Metallic glasses have beeywshto have good corrosion
resistance. The added corrosion resistance of megédses for structural applications
makes these alloys even more desirable. With thestielenergy storage density almost
double that of crystalline alloys, bulk metallic glasaes ideal material for springs [46].
This property has also been exploited in the sporting gahubtry, as golf clubs are also
being produced with metallic glass heads [3]. The combinaif high wear resistance
and corrosion resistance has lead to the applicatiamofphous alloys in spray coatings
[47]. One of the most significant applications of métajlasses has been in applications
requiring soft magnetic properties. The chemical homeiye of these alloys leads to
the absence of magneto-crystalline anisotropy, whichsgiise to low coercivity and low
hysteretic loss. For these reasons metallic glassgscally with compositions
containing a ferromagnetic base element, have seen afppie in the cores of

distribution transformers, tape recorder heads, and sthall magnetic devices [3, 42].

2.4 Glass Formation
2.4.1 Glass-Forming Ability (GFA)

The ease at which an alloy can be processed into sygitete is known as its
glass-forming ability (GFA). Understanding what determiiesGFA of different alloys
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is critical in the development of new metallic glessas well as understanding why
existing metallic glasses are possible. Common metbbgsantifying an alloy’'s GFA
involve measuring its characteristic temperatures by meandifferential scanning
calorimetry and/or differential thermal analysis. eTimost widely used parameters are
the reduced glass transitiong Temperature, which is the glass-transition temperature
divided by the liquidous temperature,y E Tg/T), [48] which is determined by the
stability of the liquid phase, and the supercooled liquitdbreg T which is related to the
resistance to crystallization for the glassy phaskisithe difference between the onset of
crystallization temperature and the glass-transitiompegature ATy =T4-Tx[49]. These
glass-forming criterions are shown in Figure 2-1. Anqtimore recent, approach to
examining the GFA of metallic glasses has been fatadlwhich takes into account that
the two key components to GFA are liquid phase stalaility resistance to crystallization
[50, 51]. This measurey, is determined by dividing the onset of crystallization
temperature, J by the sum of the glass transition temperature andlitjugdous
temperature, FT,. vy relates GFA by relating both the kinetic and thermaeuatyic
effects of the glass transition. From a kinetic pointiew, the higher the ¢ the slower
the atomic mobility and resulting in a high GFA. Frarthermodynamic point of view,
the lower the §, the higher the liquid phase stability and resulting inigher GFA.
Figure 2-2 shows the linear relationship between e critical cooling rate [52].
Because takes into account both the effects of liquid phaabildty and the resistance to

crystallization, where [fandAT, do not, it appears thatis the best measure of GFA.
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2.4.2 Metallic Glass Forming Criteria
Producing a model for GFA has been challenging for densfic community.

Earliest rules for glass formation were strictly emnaail. Inoue developed three
empirical rules for glass formation. These rulesttay for metallic glasses to be formed
the system should be comprised of multiple componémey, should have atomic sizes
that are at least 12% different, and that the heat igingh between the components
should be negative and relatively large. The reasonshé&se rules appear relatively
simple. The system should have multiple componbetause adding elements adds
strain at the local atomic level. It is necessanythe difference in atomic sizes because
different size elements create strain within theidat and when the strain reaches a
critical value the structure breaks down and becomesmus. The reason for the need
for negative heat of mixing is that when the heat ofimgi is negative between atoms of
different elements, the atoms want to be surroundeddynmlike atoms. This causes
increase in random packing density, which leads to diffiaal atomic rearrangements.
This also decreases atomic diffusivity and viscosithesE rules have been shown to be
accurate for a wide range alloys systems, particularthe La-, Zr-, Mg-, Pd-, and Fe-

systems [53-57]. The most recent modeling attempts wdidmissed later.

2.5 Compositions

For multi-component bulk metallic glass systems, thle of atomic size and
chemical interactions appear to be the most importangléss-formation. While there
are many different compositions of metallic glassksre exist some similarities in the
known glass formers. Poon suggests that these knows-fglasing alloys can be
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grouped into two broad classes based on the atomicdiizes constituent elements [8].
The first class of bulk metallic glasses containgyallwith the mid-sized element as the
majority element often containing 60-70 atomic percente Jimaller elements and the
larger elements are the minority components, witrsthall element comprising 20 to 30
atomic percent and the large element accounting for d@iatpercent. This class of
bulk metallic glasses is termed ‘majority atom-snathm-large atom’ or MSL class.
The other class is labeled the ‘large atom-small atomthe ‘small atom-large atom’
class (LS/SL class). It includes alloys with primatdrge sized atoms comprising about
40 to 75 percent and small atoms making up 25 to 60 percentafdhe

Due to the large negative heats of mixing between tige land small atoms in
the MSL category, these atoms tend to be stronglpciéid towards each other. This
attraction is often greater than the medium-sizecthgtairs with either the large or small
atom. Because of this attraction, there will be pairarge and small atoms distributed
throughout the amorphous matrix. This has been reféored a reinforced "backbone”
[8]. This backbone has been attributed to stabilizingutidercooled melt, which would
in turn inhibit crystallization. Figure 2-3 shows a scheerdrawing of this networked or
backbone structure. A similar situation is occurring.81SL systems with the large and

small atoms being attracted towards each other creatfiaylties in crystallization.

2.6 Processing

Several processes can be used to form amorphous mefidiese can be
generalized into two categories, rapid solidification framquid phase and deformation
of an existing crystalline microstructure. Each processiathad has its own distinctive
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advantages and disadvantages. The properties of thdliangtasses produced by
different processing methods are often slightly defferas well. The sizes of the final
product available are also different depending on which priocessethod is chosen.
Most importantly, different processing methods can lleréa to a given application.
Some of the different processing methods are showalteT2-2, and these include rapid
cooling of the liquid, under-cooling of clean liquids, physicapor deposition, chemical
methods, irradiation, mechanical methods, and reaciit}s This review will focus on

the most common methods as seen in literature.

2.6.1 Rapid Solidification

Rapidly solidified metallic glasses are formed whem liquid is cooled at a rate
sufficiently high to prevent crystallization. In @rdto solidify an amorphous phase from
the liquid phase it is critical to suppress the nucleaimhgrowth process of a crystalline
phase in the super-cooled liquid region. This is the redietween the melting
temperature (§) and the glass transition temperaturg) (58]. Alloys with high glass-
forming ability typically have narrower regions betwebn and T, or small reduced
glass-transition temperaturesg Tg = Tg/Tm) [48]. Additionally, there exists a critical
cooling rate (R at which these alloys must be cooled or else thel swlidify into
crystalline phases rather than a completely amorpboas The critical cooling rate is
crucial in determining the size of the bulk metalliagy that can be made upon rapid
solidification. The relationship between &1d § (t; = T¢/Tm), Seen in Figure 2-1, along
with how sample thickness, is directly proportionakhe critical cooling rate. Rhas
also been related to the GFA parameti2] by the equation:
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R = 2x1Gexp(-114.8y) (1)

There are many ways of producing cooling rates high enougalithfy a glassy alloy,
and depending on the magnitude of the cooling rate necessewgral different
techniques are available to produce different sizes ofygtasslucts. With lower critical
cooling rates, larger samples can be fabricated. Figdral2 shows many of the bulk
metallic glass-forming compositions that have been deseal to date and their critical
cooling rate. While this figure illustrates many glassriog compositions, it is not a
complete list of glass forming compositions. Theadage of this technique is that
large (several millimeter diameter) samples can eab#y produced with good
reproducibility. A disadvantage of this technique is that compositions are limited to

those near eutectics.

2.6.2 Melt-Spinning

One common method of producing glassy alloys that requirery high critical
cooling rate is melt-spinning of thin ribbons. In this netha master alloy sample is
created by melting the elemental components together ahdified to give a
homogeneous mixture. The thin ribbons are produced by gjettten molten master
alloy liquid onto a spinning wheel, usually copper, becausetsofhigh thermal
conductivity, which cools the sample at rates of abodttd0L® K/s. This produces
samples that are less than a millimeter thick (tyjyica 50 um) and a few millimeters

wide, as presented in Figure 2-4. Melt-spinning produces dh@ysvere cooled at very
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high cooling rates, and the ribbons were cooled under veayn donditions. Because of
this nucleation is suppressed and crystallization can belexV [44]. The cooling rate
that can be achieved during melt-spinning is directly edlab the speed at which the
wheel rotates. This in turn can be very importanthm tesulting microstructure and
properties of the material [59]. For a material whaséal cooling rate is in the range
of about 10 to 10 K/s, the wheel speed will determine whether that rizdtés

crystalline, crystalline plus amorphous, or purely amorpholisis can be seen for the
Y soF€30Al10, @s shown in Figure 2-5. Melt-spinning is a valuable techrimugroducing

marginal glass forming alloys because of its high cooktgs:

2.6.3 Metallic Mold Casting

Metallic glasses were first made into bulk metaliasses by Chen in 1974 when
he used suction casting to fabricate millimeter diamebels [60]. Suction casting
systems, as shown in Figure 2-6, typically have two chesnlgper and lower. The
upper chamber is at a higher pressure and is where theisngobelted, and the lower
chamber is at a lower pressure and is where the ingaostis @hen the ingot is melted, a
valve opens and the molten liquid is sucked into the wateled copper mold due to the
large difference in pressure between the two chambiguk metallic glasses can also be
made by drop casting, injection casting, and several cdsting methods, which utilize
the same idea of melting the master alloy ingot in an ugipember, dropping, injecting,
or sucking it into the water-cooled copper mold, and th@mhka cooling the sample
before it can crystallize. Casting is now the masthmon method of producing bulk
metallic glasses. Casting methods have been useddagegr®MG’s with diameters of
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several centimeters in La-, Mg-, and Zr-alloy systevith low critical cooling rates [61-

63].

2.6.4 Deformation

Deformation techniques generally start from crystallinatemals and deform
them to a point in which no crystalline structure re#m®aMechanical alloying is a
powder metallurgy technique capable of producing solid-state pdzation reaction.
According to Suryanarayana, this involves sufficient gyndreing applied to the material
to introduce defects and cause the steady refinemeheajrains within the alloys. In
these processes, deformation causes an accumulatgramf energy within the lattice.
Upon further deformation, the local atomic strain lsvencrease, due to the high
dislocation density, and eventually the crystal changes subgrains with low angle
grain boundaries in order to decrease lattice straioreMeformation causes new shear
bands to form in the unstrained region, and the gsai@ steadily decreases, as small
angle grain boundaries become large angle grain boundarmsgh grain boundary
rotation. Eventually nanometer sized grains are formed tleese nanograins and their
increased grain boundary area can drive the crystallisentophous transformation [20].
Some of the factors that control the amorphizati@etien include the milling intensity,
the milling atmosphere, and the ball-to-powder ratio [64¢lvantages of this technique
are that the process can be scaled up from powder saimpégge consolidated samples

and compositions are not limited to compositions neaetbectic [64].
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2.7 Structure
2.7.1 General Structure

Conventional alloys have a crystalline structure, \ilidr atoms arranged in an
orderly, repeated manner. These crystalline areagrarged together in identically
aligned regions, called grains, and between the graeghin regions, which do not
contain this crystalline structure, called grain boundari€sese grain boundaries often
serve as a point of weakness in the material. Tékeife of metallic glasses that makes
them so fascinating is their amorphous nature. This nisahsnetallic glasses are free
from the long-range order that crystalline materialsspss.

Amorphous structures are characterized by a broad halenpres an x-ray
diffraction (XRD) pattern. This means that thereams absence of long-range order in
their structure. Even though the glasses contain rgpramge order, it is possible that
their arrangement is not completely random. For g@lensilica glasses have a well-
defined short-range order in which every silicon atorhosded to four oxygen atoms,
but this ordering does not extend in a periodic array thrmuigihe crystal. This lack of
long-range order means that these glasses are amorpidetallic glasses can have
similar short range ordering, but are typically lessblet This order comes from the
strong chemical interactions between the individuaihs, and is responsible for some
alloys being bulk glass forming alloys and some (thahalohave a well defined short
range order) to be only marginal glass formers. Witdading the amorphous structure
is important to scaling up bulk glasses and making marglaas formers into bulk glass
formers, as well as understanding their unique properties.
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The distinctive mechanical properties of bulk metafflasses are due to their
amorphous structure. Some metallic glasses’ propestiesbe further improved by
annealing to a temperature in which partial crystallizatidhoccur. This will produce a
composite of nanocrystalline, defect-free particleafoecing an amorphous matrix [5].
Figure 2-7 shows a schematic of how nanocrystalline ghestiserve to reinforce the
amorphous matrix against shear deformation. The cligst&dn process is heavily
dependant on composition, annealing procedure, and oxygemtoiitee understanding
of the local atomic structure is vital in the understagdof both the mechanical
properties and thermal stability as well as gaining a gtigdi way of discovering new
alloys with high glass-forming ability. The local atienstructure of these alloys can be
analyzed by techniques such as anomalous x-ray diffra@X8) and neutron scattering
[65]. From the information that is available from theschniques, it is possible to gain
insight on the reasons for high glass-formabilityome compositions.

The most common ways of determining the crystal straabfia material are X-
ray diffraction and transmission electron microsco@rystalline materials will diffract
beams of x-rays or electrons (or neutrons) accordingBragg’s Law, but since
amorphous materials do not have periodic structuresdhbyreveal broad background
in diffraction. This is seen in XRD as a broad hum@ senTEM diffraction as a broad
diffraction ring or halo. Figure 2-8 shows an examplehef diffraction patterns a Zr-
based BMG in the as-cast, amorphous state, and in vastiagss of the crystallization
process due to isothermal annealing. Figure 2-9 shows theniiEMgraphs of an Al-
based glassy powder in the amorphous state and in vatagesf the crystallization
process as it is consolidated at various temperaturebe observance of these
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amorphous-like features by diffraction does not guaratiaethe structure is amorphous
[31], but diffraction is still commonly reported in théelature. Common diffraction
techniques can show that a material has no long-rarags, dsut other techniques are

necessary to reveal information about short or medamge ordering in these materials.

2.7.2 Local Atomic Structure

Anomalous x-ray scattering takes into account thetfeattthe scattering factor of
an atom is only dependant on the energy of the x-eay the absorption edge of that
particular atom. The energy dependence, which is kn@vanamalous dispersion, is
due to the resonance of the x-ray with the excitabibtine electrons around the nucleus
of the atom. By choosing the correct energy, one resolve the scattering of one
particular element from each additional element [6Bly doing this it is possible to
obtain a radial distribution function (RDF) around atipalar element. Figure 2-10
shows the scattering intensity profiles of dfdisolaze [66]. The figure shows a typical
profile of a completely random arraignment of atomshwine exception of the prepeak
seen atQ = 14nm’. This prepeak is interpreted as presence of chemical sirgye
ordering. This short range ordering is common in many lheegigasses, as well as oxide
glasses. Figure 2-11 is the environmental RDF of Ni andotistnary RDF of
MgsoNisolagz [55]. By comparing the peak positions of the environmeRE# of Ni to
the ordinary RDF of MgNisiLaxo and to the distances of crystalline pairs of;Mig
Mg.La, and NilLa, it is found that the first peak region is due to NHNM-Mg, and Ni-La
pairs and not from Mg-Mg, La-La, and Mg-La pairs. Therage coordination number
and atomic separation distances from the first peak weported to be 9.13 at 0.284nm,
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which agrees with the coordination number of 9.12 calculated trystalline pairs of
Ni-Ni, Ni-Mg, and MgNi. These structural features, namely chemical stage
ordering, could be part of the reason why these alloys hawide super-cooled liquid
region, as well as their high glass-forming ability.

Another method for determining structural informationtbe local atomic level
is by conducting a total scattering experiment. The as@éd availability of spallation
neutron sources is particularly advantageous for penfgmiir-distribution function
(PDF) analyses, due to their ability to provide high Q infstiom. These sources are
capable of producing high resolution, wide angle, and tatattexing, which are
necessary for PDF measurements. PDF measurementearspace description of
atomic pair correlations, which provides information abthé local structure of the
atoms, without the requirement of long-range order. thisrreason it is used to analyze
amorphous systems. Figure 2-4 shows the structure funotidiesZrsNbyB,4 alloy
along with (FeoMn3g)ssZraNbsB24 (in which Mn has been substituted for Fe). Noticeable
in this figure, is a prepeak a 1.5'Awhich indicates that the Mn substitution enhances
the chemical short range ordering [67]. Chemical substitsitcan also have noticeable
affects on chemical interactions between the cuasti elements. This is illustrated in
Figure 2-5, which is the PDF for the Fe-Zr system wutlssitutions of Mn for Fe and Nb
for Zr. This shows how substitution for one elemeart cause the interaction between
two different elements to change. In this case, asiShbstituted for Zr, the intensity of
the Fe-B peak increases, while the intensity of th&d-@eak decreases. From this it is

clear that Nb does not just substitute for Zr, but cbhaly interacts in someway to

22



change the local structure [67]. This information cdaddthen correlated to information
on physical properties to find alloys with optimal charasties.

From these measurements it is clear that these aouwspmetals are not
completely random in nature. Strong atomic interastibetween the different elements
in the alloy cause short and medium range ordering tlmatv #he glasses to have a
distinct local atomic structure without having long rangeeo. A structural model has
been proposed that can account for short range ordéahgltows the alloys to maintain
their amorphous (lacking long-range order) character. Sthistural model is based on
the dense packing of atomic clusters [68]. In this modsiktlexist local coordination
clusters in which the cluster consists of a solubenadit the center surrounded by solvent
atoms arranged in an array with no orientation betwdesters, Figure 2-14. The
solvent atoms will then occupy random positions throughioel material. The relative
atomic sizes of the solute atoms compared to the dohtems, determines coordination
number for these clusters. Neighboring clusters shéire faces, edges, or vertices
depending on the orientation of the cluster. Theskerdift orientations will create
interstices between the clusters, which can be filledrbgller second (and third) solute
atoms. Solute atoms that have radius ratios withstiheent atoms that allow the most

efficient packing are preferred in metallic glasse$\gtod glass forming abilities.

2.8 Thermal stability
2.8.1 Glass Transition

Due to the fact that bulk metallic glasses are fortedugh non-equilibrium
processes, the final form of the alloy that can beiobd is a metastable one. When
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these glasses are heated beyond a certain pointndeygo a structural relaxation at the
glass-transition temperature,q. T This structural relaxation occurs through the
rearrangement of the atoms to a structure closehabdf the liquid. For this reason,
these alloys are called super-cooled liquids when theyatemperatures abovg and
below the onset of crystallization temperaturg, Further heating above, Will cause
the super-cooled liquid to crystallize. The structuraxation of BMG’s is quite similar
to those observed in conventional glasses [69]. Figet&a is shows a typical
differential scanning calorimetry (DSC) curve for bulktalc glasses. From this curve
we can notice that the glass transition occurs wWith release of endothermic energy
corresponding to atomic relaxation [70]. Experiments gqoeréd using ultrasonic
measurements on annealed;;Zn4Cui2 NijoBe, s BMG samples have shown results
consistent with a phase transition occurring at tl@ssgtransition temperature. The
results of these experiments are shown in Figure 2-Bn shown is that density and
Vicker’s hardness change suddenly at the glass-trams@ioperature, and because this is
not just gradual change with temperature, the abrupt chamtjeate a phase change [70].
The changes in density, measured by Archimedes principée,reportedly due to
annihilation of free volume during the structural rel@o@tof the glass. The occurrence
of this free volume is due to various quenched-in defectssimMar decrease in free
volume has been reported by positron annihilation specpgsf71]. The relative
change in acoustic velocity, as measured by the pulded-@eerlap method, was also
seen to occur abruptly at the glass-transition tempieratThese changes are due to the
nature of the changes in the chemical bonds, whichenfle microstructure of the super-
cooled liquid region. This microstructural change causesriatiem in the acoustic
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properties. For these reasons it is suggested that a plaasition is occurring at the
glass-transition temperature [70].

A different group performing a different experiment seém$ave verified the
existence of a phase change at the glass transition ren@eby studying specific heat
at temperature. Figure 2-16 show the temperature dependetize apparent specific
heat for ZgoAl10CosNigCulhs. The samples were cast with diameters of 5mm ameh.7
Also included was a melt-spun ribbon with thickness qfi20 The results show slight
increases in f; up to about 500K. At this point the specific heat begndetcrease due
to the structural relaxation before the glass tramsit Then, at about 580K, there is a
rapid increase in specific heat corresponding to thesglassition, at which point the
alloy is at an equilibrium super-cooled state. Thera ggadual decrease in Cp for the
super-cooled liquid state followed by a rapid decrease dugstaliization [72]. These
rapid changes in specific heat along with the ultrasar@asurements seem to show that
bulk metallic glasses undergo a phase transition whatedieto the glass transition
temperature. From the specific heat data, it also appleatrdhere is phase transition
occurring upon crystallization as well.

High temperature synchrotron diffraction can also bedut see how the
structure changes with temperature. If a phase charg@ng to happen when a bulk
metallic glass is heated to the glass-transition teatpes, and it becomes a super-cooled
liquid it would be expected to see a structural change ocgusith this process. This is
seen in Figure 2-17, which shows the temperature dependktiee mositiong; and the

height S(q) of the maximum structure factor [73]. The sudden changdope in this
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figure is due to the alloy transforming from a glass ®uper-cooled liquid at the glass

transition temperature.

2.8.2 Structural Relaxation

As mentioned the high cooling rates prevent crystalbrath metallic glasses,
and the amorphous structure is not at its lowest freeggrievel. Upon heating of the
glass to temperatures below the glass transition teyer T, the atoms are able to
rearrange themselves from a higher free energy statl¥eeaone. This phenomenon is
known as structural relaxation. The existence of quexham defects during the
solidification process has been identified as the pgnt@use of this higher energy
metastable amorphous state. It is commonly describedhébyrée volume model, in
which, excess volume is trapped during the quenching proces$ise agscosity of the
melt is sufficiently high to prevent the atoms frongrating to their lowest free energy
state. By relaxing these alloys, their properties caalteeed. These properties include
elasticity, magnetism, diffusivity, electrochemigabperties and others [74]. In order to
structurally relax a glass, the alloy must be held &raperature below ,Tbut high
enough to allow the atomic mobility to be great enoughtlieratoms to rearrange the

amorphous structure.

2.8.3 Cirystallization

Another critical feature of amorphous alloys is thestallization process.
Crystallization can be observed in the DSC curve, Figut&(a) of metallic glasses as a
sharp exothermic peak occurring after the glass-transitimrresponding to the formation
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of a long-range ordered structure. This stage is causdlpyrécipitation of crystallites
that are either one of the pure elements or a compoantpased of some of the
constituent elements. The exact order of crystaitinas dependant on the composition.
It occurs when a sufficient amount of energy has beesived by the alloy for the atoms
of the metastable amorphous phase to redistribute themséloen their random
arraignment into a periodic crystalline arrangemenhis Takes place on a very small
scale at first, and the result is the precipitatibergstalline particles, that can be in the
size range of a few nanometers, to a few tens of naters It has been found that this
is due to one of two processes. One involves phase sepanathe super-cooled liquid,
and that such a fine-scale phase separation befs®lligation causes the crystallites to
have sizes on the nanometer scale. This effecbéas studied by small angle neutron
scattering (SANS), and is seen in the appearance daftarierence peak. The other
occurs through a primary crystallization, provided thatelexists a high density of sites
for heterogeneous nucleation, mainly “guenched-in” nucl&].[ In this case the
composition plays an important role in the growthhaf hanocrystalline structure. As the
growth process is limited by the slow diffusivity of tlzgge elements in the primary

crystalline phase, the crystallites formed remainh@anometer scale.

2.8.4 Nanocrystallization

It has been frequently assumed that the devitrificatiothese amorphous alloys
is undesirable, but recent studies have shown (as previmesitioned) that controlled
crystallization can actually improve some of the prope. Because the crystallites that
form in the amorphous matrix are often just a few t#nganometers large and are defect
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free, they can, in fact, improve strength, ductilitgd doughness as the volume fraction
of nanoparticles increases, up to an optimal value [4#hese nanoscale particles are
smaller than the shear deformation band thickness drekam effective barrier against
deformation, as illustrated in Figure 2-7 [5]. A partiadigvitrified microstructure can
also be useful in improving other properties, such as safjnetic properties. As
previously mentioned, it is possible to produce a microstractvith a nanoscale
dispersion of defect free crystals. These crydiai®e been shown effective in pinning
domain boundaries, and can limit hysteretic losseghtfrequency [76].

Nanocrystallization via partial crystallization ofet@morphous matrix has been
shown possible in many classes of glassy alloys. elmedude Al, Fe, Ln, Mg, Ni, Pd,
and Zr-based metallic glasses. [54, 77-84]. The nanolizetian process results in
elemental nanocrystals or solid solutions for Al, Mg, 8bme Fe - based alloys, and
intermetallic compounds for Ln, Pd, Zr, and some Fedatleys. Quenched-in nuclei
have been identified as important factors in the namstaltization process [85]. Because
atomic configurations of the glassy structure are quenchetiting the solidification
process, the nature of the quenched-in nuclei is depeodate atomic interactions in
the liquid structure [86].

It has been identified that in order to form a nanostred material from an
amorphous matrix it is necessary for the followingecion to be met [87]: (1) a multi
stage crystallization mode leading to a primary crystliphase, (2) a homogeneous
nucleation of the primary phase must be thermodyraipieasy, (3) the subsequent
growth reaction of the crystal should be slow, and I&) remaining amorphous phase
must be thermodynamically stable. This is well illusida in the case of
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ZrgoClpoAl10Pdip and ZesCuy7sAl75 [85, 88].  In this case, &CuypAl1oPdio forms
nanocrystals, while Z¢Cu,7sAlz sdoes not. The Pd has a much larger negative heat of
mixing with Zr than that of the other atomic pairs le talloy. As a result short-ranged
ordered (Zr, Pd) domains were formed. The Pd causesytallization mode to change
from a single stage to two-stage crystallization, asvshin Figure 2-18, in addition to
the generation of homogeneous Zr-Pd clusters. The hrofathese clusters is difficult
because of the enrichment of Al in the remaining amarphghase. The difficult of
growth results in a high activation energy for thecjmigation of the ZxCu,Pd) phase.
Also the Al-enriched amorphous phase has increased dhstability, and this plays an

important role in the maintenance of the nanosaatedf the crystallites.

2.9 Local Structure of Metallic Glasses

As total scattering measurements have become moreate@d accessible with
creation of more pulsed neutron sources and synchrobunces, high-speed computers
have also benefited scientists and engineers wishipgrform structural measurements
[65]. Today there exist many applications of structurahsneements involving Bragg
and diffuse scattering. These subjects include amorphatesials, disordered structure,
and materials with defects.

Present work that is being conducted on Zr-based bulilinajlasses has shown
that neutron scattering can provide insight into the latalmic structure of these
materials even though they do not have any long-rangedpestructure that would be

observed during typical Bragg diffraction. PDF analysisas-cast, structurally relaxed,
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and partially crystallized samples has provide insight théocrystallization process and
may lead to better understanding of their mechanical piiep¢39].

Following heat treatments to produce structurally relaxand partially
crystallized metallic glass samples, neutron scatiegkperiments were carried out at the
General Purpose Powder Diffractometer (GPPD) at ttense Pulsed Neutron Source
(IPNS) at the Argonne National Laboratory, USA to exehe local structure of these
materials [90]. Atomic pair distribution functions (PDwere obtained by a Fourier
transformation of the normalized structure factorshe Btandard data reduction was
performed to obtain the structure factors, however, akvadditional steps were
undertaken to minimize systematic and statistical err&amples were mounted without
a container, and long measurement times were carriedhagitoups of five detector
banks. Before merging, detector banks scale was tadjusy minimizing root-mean
squared, RMS, noise at lowin the PDF(). Qnax Was selected by a constraint that the
difference in the first PDF peak corresponding to its¢ &tomic shell was minimized.

Figure 2-19 and 2-20 present the experimentally obtained wteuisictor,5Q),
and the total pair distribution function, for the astcatructurally relaxed, and partially
crystallized ZgsCussAlio [90]. The experimental data shows that the as-cast and
structurally relaxed samples studied are still amorphaatenmls. No diffraction peaks,
characteristic of crystalline inclusions formed durihg tooling or annealing process,
are observed in the S(Q) — Q patterns for as-cast amctigtlly relaxed samples. The
partially crystallized sample shows the only smalktailine peaks, which superimposed

onto the amorphous peak at low Q, indicating partial atyzation.
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The PDF of as-cast samples show only a singledirsli peak, and there are three
peaks at the second cell. These peaks indicate thatisheot only short-range order, but
also medium-range order existing in as-cast sampesh8wn in Fig. 2-20(b), small but
visible changes can be observed in the first atomid¢ abe result of structural relaxation.
It is seen that effect of the structural relaxat®toi sharpen the fist pair of the PDF peaks
without shifting them. Peaks increased in intensity ler first pairs, but lowered for the
second pairs. This is essentially the same resulwasatobserved in traditional metallic
glasses [89, 91]. It can be interpreted in terms ofl latamic stresses [92], in which the
effect of low temperature structural relaxation ielioninate short and long inter-atomic
distances, which are under compression and tension folmsneaningful changes were
observed in the PDF beyond the first peak. Therefoneas concluded that relaxation
was mostly due to small changes in the first atomid seslilting from the elimination of
extreme inter-atomic distances.

After partially crystallized, peaks increased in intengity first shell, at 3.10
angstroms and in the second shell at 4.85, 5.25 and 5.8#cangsAdditionally, the
peak at 4.85 angstroms increased in intensity more higaothers. As shown in Fig. 2-19
this amorphous alloy crystallizes to quasicrystals. Thanges in the peaks in the PDF
after partial crystallization are from the nucleat&md grain growth of quasicrystals. The
similar peak shapes in the PDF of as-cast and partinlstallized samples imply that
guenched-in nuclei in medium-range order, with quasidiystastructure, exist in the as-
cast samples of this alloy. Amorphous structures camrcdmsidered as frozen liquid
structures. The quenched-in, quasicrystalline MRO, showdirtk in the relationship
between quasicrystal cluster packing and liquid structures.
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2.10 Conclusions

Bulk metallic glasses have shown to have many unique meahamd physical
properties. At the heart of these distinctive propsris a microstructure that science is
just beginning to understand and manipulate. As this undenstanélimetallic glasses
continues to improve, so will bulk metallic glasses mlengineering applications. With
all of the effort that has gone into studying bulk metajlasses, a great improvement has
come about in the general understanding of this unique olasaterials. With further
understanding of their atomic structure and how it behandsr different conditions, the
bright future of bulk metallic glasses will move clos@&d closer to fruition. But in order
to get to that future, there is still much to be learnedutlbhis interesting class of

materials.

Part Il. Amorphous Aluminum Alloys

Amorphous aluminum alloys are of great interest duddo tinique combination
of high strengths (about 1,000 MPa [1] which can be up toidéstgreater than their
conventional crystalline counterparts [2]) and low dési{about 3.5-3.7 g/chi4]).
The strengths of these aluminum alloys can be fuitfteeased, to over 1,400 MPa, by
partial crystallization [3, 5]. Aluminum alloys formamginal or weak metallic glasses.
Because of this, aluminum based metallic glasses hayebeah produced in very small
sample. Ongoing research into aluminum based amoratioys may eventually lead to

the formation of aluminum bulk amorphous alloys.
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2.11 History

The development of bulk amorphous aluminum alloys has sewe difficulties
than have been experienced in many other systems.ly B@empts at producing
amorphous Al-based systems were performed by rapidly quenolibinary systems of
Al-metalloid and Al-transition metal systems. Thestempts were successful at
producing a structure consisting of concurrent amorphougrgsthlline phases. These
systems required very high cooling rates for the foonabf a single-phase amorphous
alloy, and there were not any quenching technigues availabda¢h these high cooling
rates. In 1981 the first single phase amorphous Al-bakeyl was produced in the Al-
Fe-B and Al-Co-B systems [93]. Subsequently melt spun@mais Al-Fe-Si, Al-Fe-Ge,
and Al-Mn-Si alloys were developed. The problem withséhalloys was that they were
all extremely brittle [94, 95]. In 1987, Inoue’s group disa@d alloys containing ~80%
Al that possessed good bending ductility. These alloyg WweAl-Ni-Si and Al-Ni-Ge
systems [96]. Following the innovation of these allgstems, compositions have been
effectively synthesized in ternary systems consisthél — early transition metal- late
transition metal or AIFETM-LTM systems (early tramsn metal = group 1V-VI and late
transition metal = group VII and VIII) [97, 98]. Additially, ternary systems including
Al-rare earth elements- transition metal have beascessfully fabricated [99]. While
there has been some success in producing Al-based gldssgspduction of Al-based

bulk metallic glasses has not been achieved.
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2.12 Glass Formation

There has been much research that has been conductatimimum based
metallic glasses and has focused on alloys containing 80&8@&iinum, 3-20% rare
earth metals, and 1-15% transition metal additions [&]. 5T hese alloy compositions are
significantly different from the majority of bulk @gs forming alloys. As mentioned
previously, most bulk forming alloy systems contain 20-30f% small atom. There has
been recent work conducted on Al-based systems with eddalaminum contents [100,
101]. In the case of most aluminum systems, the small asayenerally a late transition
metal atom, which accounts for 1-15% of the alloy. Bbenigh a well-defined L-S pair
correlation has been shown to exist in the Al-TM-lnya[8], aluminum based glasses
have a weaker backbone structure than for bulk glassirfg alloys. The maximum
thickness reported for aluminum-based glasses is iratige of a hundred micrometers,
when produced by melt spinning of ribbons. The maximum teskrof bulk glass
forming alloys is in the range of several tens of imiéters, and can be produced by

casting of ingots.

2.13 Amorphization Mechanisms

The amorphization process is generally described by the sappresf two
kinetic mechanisms, seen in Figure 2-21, nucleation andtgrowor a nucleation-
controlled mechanism, the alloy is quenched from the mficiently fast for the
suppression of the nucleation reaction. If this nudeateaction is suppressed, the
atoms are not able to arrange themselves into clusteysrithan a critical cluster size

that would serve as an origination site for crystallan. When the alloy is heated a
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clear glass transition will be present, as the growtiocess (and subsequent
crystallization) will be delayed until after the nuatien reaction is underway. For a
growth controlled mechanism of amorphization, a smathiver of clusters will form
during cooling from the melt, but the increasing viscositthefsuper-cooled liquid near
Tg, keeps these clusters from growing. These pre-existysgadiites will rapidly grow
when the alloy is heated back to Tg, and no super-cooled lrggion will be present

because crystallization will occur a§ [02].

2.14 Systems

As previously mentioned, it has been observed that fgass to form in a given
alloy composition there are three empirical rules déass formation [87]: 1) have a
multi-component system, 2) the atoms should have diffeatomic sizes > 12%, and 3)
the atoms should have a large negative heat of mixiigminum based amorphous
alloy have been found to follow these rules as.wa# seen in the literature, there are in
general, three classes of ternary aluminum alloysnialum-late transition metal-early
transition metal, aluminum-transition metal- metaljoand aluminum-transition metal-
rare earth metal. For the Al-late transition meially transition metal systems (Al-
ETM-LTM), the early transition metal (ETM) atoms are Zr, Hf, V, Nb, Ta, Cr, Mo,
and W and the late transition metals (LTM) are Cu/Nteand Co.

Although aluminum based metallic glasses have not beatuged, aluminum
based amorphous alloys have been fabricated, by rajulifisation in ribbon form, by
mechanical alloying in the powder form, and other methdest the formation of Al-

based glassy alloys the same empirical rules fagsglarmation in bulk glass forming
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alloys tend to apply. Glass formation is favored foltrmomponent systems. A large
negative heat of mixing for the different elements am@tamic size mismatch of greater
than 12% are necessary for glass formation. One eifter between aluminum based
glasses and bulk glass formers is that aluminum bassded often form in systems that
do not have a deep eutectic, which is common for bulk d@ssing alloys. In fact,
aluminum-rare earth binary systems have the best glasser® at compositions of

hypereutectic compositions [5].

2.15 Processing

There are several methods of producing amorphous alumatlogs, almost as
many techniques as for producing bulk amorphous alloys. [1, 1771% most
promising techniques for producing amorphous samples for engineerinicamms
appear to be by either rapid solidification or by deforomat Currently the rapid
solidification method has only been successful at producibbon samples with a
thickness of less than a millimeter. Deformationluiced amorphization has been
successful a producing amorphous powders, but there has bsenaassful attempt to
fully consolidate these powders and still maintainaherphous structure. In order for
these amorphous samples to be made into bulk samps&esdtessary to develop new
compositions that will require a much lower criticaloting rate and high thermal
stability, or it will be necessary to develop new proicgsmethods capable of scaling up
the size of marginal glass formers. In order to do thiwill be necessary to better

understand the amorphization and crystallization mecimsnis Additionally
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understanding the local atomic structure could lead to yatwamanipulate the atomic

structure that would make the aluminum alloys strong détassers.

2.15.1 Rapid Solidification

One of the most common methods used to produce amorphaugium alloy
samples is by rapidly solidifying the alloy by melt-spimgn ribbons.  As previously
mentioned, the melt-spinning process is capable of achievinghigh cooling rates,
about 18 to 10 K/s, but the sample size is limited to less thamuB0 Melt-spinning is
one of the few rapid solidification processes thatapable of producing completely
amorphous specimens. Because of this, melt-spun ribbonesaamgl frequently used in

the investigation of the properties for these alloys.

2.15.2 Metallic Mold Casting

Metallic mold casting has been employed asethod of producing larger
aluminum based samples via the rapid solidificationgse¢5]. This process is capable
of producing 0.2 x 5 mm sheets of amorphougMil(Ce;. These thick sheet samples
were prepared by injection casting of the melt into copp&lds with the desired sheet
dimensions. Attempts to cast larger samples resuitedystalline phases being present
in the material. Figure 2-22 shows the XRD patternsheéts produced with different
thicknesses, and it can be seen that the 0.2 mm thickaegde appears to be amorphous
on both the surface and on the inside of the sampleeas from XRD. Figure 2-23
shows the DSC data of the same sheets. Again i0.thexm sample, the DSC curve
appears to confirm that the sample is amorphous baséleofact that DSC shows a
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supercooled liquid region that is the same as the meitt-spbon and with the same

crystallization behavior.

2.15.3 Deformation

Research has also been conducted on the formatiormofphous materials
through solid-state reactions, such as mechanical adjogf powders. This technique
could be used to form amorphous alloys with larger dimensi@msare capable of being
produced through rapid solidification by consolidation of #morphous powders.
Mechanical alloying is a solid state reaction in whiclgraat amount energy being
applied to the elemental powders to introduce defects and taeisteady refinement of
the grains within the alloys until an amorphous structsiperoduced [20]. The glassy
structure forms through an interdiffusion process, whictucs at low temperatures in
the layered composite structure of the powder, whiamgan the early stages of milling.
Extended milling reduces the thickness of the layers timtillayers have completely
interdiffused. Figure 2-24 shows an XRD pattern of mechlyigboyed AlgsY sNisCo,
powders after being milled for increasing amounts of t[t@3]. Once amorphous
powders have been produced, they can be consolidated kol sga samples with
properties similar to those of the amorphous powder [4]e pioperties of the bulk
sample that is produced by consolidation of the mechayialidlyed powder will then be
dependant on the consolidation parameters, such as t@amgperature, and pressure.
These parameters will affect the microstructure. &wample, consolidation at high
temperatures can cause partial or complete crystaiizaThis effect is shown in Figure
2-25.
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2.16 Structure

Since aluminum based bulk metallic glasses have nobgeh produced, and
because aluminum based metallic glasses have diffeoempasition between the base
element and the solute elements, it is important towkand understand the local
structure of these glasses in order to produce bulk speciamehsinderstand how the
local environment affects the macroscopic properties. IseBuneutron and x-ray
scattering have been used to study AIFRE-TM systems.aly8is of AboFeCerox
revealed strong interactions near the first coordinasbell of Fe [104, 105]. This
revealed that the Fe-Al bond lengths were shortened byaBélthad a 45% reduction in
coordination number as expected from the dense-randommga@XrP) model. The Ce-
Al bonds were also shortened, by 5% and showed a 13% reducticoordination
number. These strong interactions were explained ascegase in covalency between
the ions and a reduction of their metallic charact®milar studies were performed on
Alg7NizNds that showed an 8% reduction in bond length for the Nipéwd [106]. In
terms of the electronic structure, this could be due tdrelexwith thesp character in Al
are transferred to thestates of Ni atoms. From these studies, it can beroéd that the
interaction between Al and the solute TM is an impdrfactor in glass formation and

plays a large role in the local environment.

2.17 Weak (marginal) glass former vs. BMGs

While there are three general rules for metallic gfasmation, not all materials
exhibiting these three rules can be easily formed inttaliteglasses. The empirical
rules do have a theoretical basis [107, 108], but therebtitipa of predicting new
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glasses are limited. Bulk glass-forming alloys typycahve critical cooling rates of less
than 100 K/s, while alloys that are not bulk glass-fogralloys, or ordinary amorphous
alloys, have much higher critical cooling rates. Oraguiee of bulk glass-forming alloys
is the ratio of there atomic sizes. BMG’s typigdtlave the largest element as the base
element, with the smallest element accounting for nbgt largest percent, and the
middle-sized element accounting for the smallest ntyorOrdinary amorphous alloys
typically have a medium sized element as the baseezit, with larger and smaller
elements accounting for the minority. For an alloybecome a bulk glass-former it is
necessary for it to have slow atomic diffusion andluoed complexity (entropy)
differences between the undercooled liquid and crysealitate. Given these favorable
factors, a relatively low liquidus temperature is adgsirable in reducing the amount of
undercooling needed before crystallization occurs [8].

Because the normal mode for glass-formation is ogod liquid, the glass-
forming ability has been described by the cooling behavidhe liquid. The cooling
behavior of the liquid can be described as “strong” orgifed when relating it to the
glass-forming ability [16, 109, 110]. Stronger liquids willvbagood glass-forming
ability, and in metallic glasses, they will form butietallic glasses. The opposite is true
for more fragile liquids. This fragility can be danhined by measuring the viscosity of
the liquid as it cools. Strong liquids are several a@démagnitude more viscous at high
temperatures relative togTand as they cool, their viscosity gradually increaseiseir
high liquid viscosity helps to prevent the atoms from ordethemselves during cooling.
The more sharply the viscosity increases as the tewer approaches the glass-
transition temperature, the more fragile the liquidiguFe 2-26 shows a plot of the

40



viscosity of many different liquids as temperature is el@sed to J. The larger the
deviation from Arrhenious behavior, the more fragile tiaelid becomes. The inset
shows that the specific heat capacity increases noorédgile liquids, than for strong
liquids as well. From this graph it can also be séanthe glass-transition temperature
has been defined as the temperature at which the logaoithwiscosity is equal to 13
poise. This viscosity corresponds to a failure of theenatto withstand shear stress for
more than a few minutes [110]. Because of this, it caseles that the shear modulus
also plays an important role in the glass-forming @hbiliMore specifically, the ratio of
the shear modulus to the bulk modulus, or Poisson®, rigten important factor in glass-
forming ability. Materials having a large Poisson’s ratih have a small shear modulus
to bulk modulus ratio. These materials will in turrvdnaa large fragility and a lower

glass-forming ability.

2.18 Thermal Stability
2.18.1 Crystallization

The crystallization process of amorphous aluminumyallbas been studied by
many different means of characterization. Theseaudwl but are not limited to, DSC,
XRD, transmission electron microscopy (TEM), and rautdiffraction. For each of
these experiments, the information is gathered in &rdift way, and with them, it is
possible to truly understand how the crystallization meagccurs and how the local
structure is affected. Figure 2-27, shows a typical DS@ecfor an aluminum alloy (in
this case is AkY.Fe&) that was rapidly quenched by melt-spinning of ribbons [102].
From this DSC we can see that the alloy remains statiieits primary crystallization
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temperature, in this case the crystallization is of &#uminum nanocrystals at 223
After this crystallization, the alloy remains stabldilutihe temperature reaches the next
crystallization event. This occurs at around°88r this alloy and it corresponds to the
crystallization of the remaining amorphous phase intermetallic phases. Following
this crystallization event, continued heating will desun various metastable phases
evolving from the different phases present until theyafloally melts. Figure 2-28
shows how important the composition of the alloysiiserms of its crystallization [24].
As the composition is gradually changed froms;ANixGd; the primary crystallization
temperature shifts to higher temperatures until it disappaaisis replaced by a glass
transition temperature at the composition aiRIsGd;.

By consolidating amorphous powders at temperature and peessud then
examining the microstructure via TEM, it is possible tadgtthe morphology occurring
during crystallization. This gives insight into the rostructure of bulk materials that
started as amorphous powders. TEM analysis during d¢dasoh of AksNisYsCo, is
shown in Figure 2-9. At temperature well below the glagssition temperature the
microstructure remains amorphous, which is manifestedlack of features in the TEM
image. As the temperature of consolidation is incekaseemperatures near the glass
transition temperature, fcc-Al precipitates begin tarfdn the amorphous matrix [4].
Consolidation at higher temperature leads to additiocelAt precipitates and the
formation of ALY precipitates. These precipitates are continuingdéavgrom 10-30nm
at 523K to 100 -150 nm at 577K. An additional phase appears as &unpas further
increased. These phases contribute to increasing strehgite consolidated samples
and act as a nanoscale composite with very high strengt
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Neutron diffraction is another way of studying the taifzation, but with
neutron diffraction it is possible to examine the lo¢ah@c ordering of the alloy as it is
heated from room temperature through the crystallizatibigure 2-29 shows neutron
diffraction studies on AINi;Nds metallic glass, which illustrates that, the prepeak
(indicative of short-range ordering) remains even aftgstallization of some of the
amorphous matrix begins, and it actually gets narrowdriglter temperatures. This
means that the chemical clusters expand with heatidgham the clustering would likely
remain in the liquid as well [106, 111]. Figure 2-30 shows BDF of the same
composition at different temperatures from 100°C to 500°CmFhis PDF analysis it is
possible to see that the local environment significactignges with temperature, due to
the crystallization process [106, 111]. This is seen bytbp in the peak at around 2.6
nanometers corresponding to three different Al pahielwmake up the peak: Al-Al, Al-
Ni, and Al-Nd. The drop in the peak signifies a changeh@amounts of these pairs
present. From neutron diffraction it is possible to kew the crystallization process

affects chemical short-range ordering and the localtsir@ian the alloy.

2.18.2 Nanocrystallization

Another interesting feature of the crystallizationhdaor of amorphous
aluminum alloys is that some compositions have a taydencrystallize into nanometer
sized clusters or grains. When the nanocrystallimatacontrolled, either by quenching
at a cooling rate below the critical cooling rate [112],nigchanically alloying until the
desired phases are present [113], by controlled annealingarharphous sample [114],
or by consolidating glassy powders at temperatures justealbgvone can further
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increase the strength of these alloys [44], as seEBgure 2-31. These aluminum alloys
with extremely high strength are of high engineering ingee due to the fact that
aluminum has a low density (about 3g/miving it a very high strength to density ratio
[44] as seen in Figure 2-31.

This nanocrystallization process has been describea gsowth controlled
process from pre-existing clusters or quenched-in defedisis would occur if the
sample were cooled at a rate just below the critioalieg rate, and the rapidly rising
viscosity during cooling prevented the clusters from dewegpfurther [102]. TEM has
shown that nanocrystals can be growing at temperaheiesv the observed primary
crystallization in DSC measurements [115] nanocrystalsgrut of the initial clusters,
but their growth is limited due to high particle density?*410% m?®, causing the
impingement of diffusion fields from neighboring nanotays, which has been attributed

to enhanced thermal stability [116].

2.19 Bulk Formation - What is being done?

Because of the limited success in scaling up amorphousralomalloys, there
has been a refocusing of the research on identifyingaiinyinum based systems have
not been successful in producing bulk samples. It has Hetermined that the critical
cooling rate for vitrifying aluminum based glasses is much hitjtaan those of bulk glass
forming alloys. This can be attributed to the fragibtiythe liquid. Bulk glass forming
alloys typically have significantly greater densit{@hen compared to their crystalline
counterparts) than ordinary amorphous alloys. Therdifilee in density between the
amorphous and crystalline phases of bulk glass forrsenften 0.3-0.54% whereas the
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difference for ordinary amorphous alloys is close %o [217, 118]. This difference has
been attributed to chemical short range ordering in baksglormers, and is likely due to
explicit atomic arrangements and relations in the diquphase. Systems without these
interactions in the liquid phase are less likely toehhigh enough solid/liquid interfacial
energy and low enough atomic diffusivity to adequately suppties nucleation and
growth of the crystalline phases [53].

Because of the difficulties in forming a bulk aluminuaséd glassy alloy, there
has been increased attention into determine specdisdgbrming criterion. This is a
shift away from using empirical rules for guiding theesdbn of components for glass
forming candidates. The model proposed by Egami [119] spetha¢a glass will form
when the local atomic structure becomes unstable. Eegatands the geometrical
criterion for melting due to local structural instabilty the dense random packed
structure and glass formation. This model says that whestrain produced by adding
additional solute atoms, which are different in sizempared to the solvent atoms,
reaches a critical value, local instability will behaed. This critical value occurs when
solute atoms that are different in size from the suha&oms are added. With the
addition of each individual atom a strain is produced, hadsblume is changed. When
the volume is significantly changed enough to changectwdination number (for
example, from 12 to 13 for an f.c.c. material), thectre becomes locally unstable. At
this point, an amorphous structure can be attained. Battar can improve the glass-
forming ability include: increasing the atomic size diffexes of the different elements,
increasing the number of components, increasing theagtiens between large and small
atoms, and increasing the repulsive interaction betweali atoms [10].
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This model has been extended by Senkov and Miracle [120] tmgdisth
between solute atoms occupying substitutional and infafgites. This is because as
the solute atoms become increasingly small comparedhé¢o solvent atom the
substitutional occupancy becomes unstable. Interstitiaupagey increases the
minimum critical concentration for the local instiglinecessary to form an amorphous
microstructure. When the radius ratio of solventrato solute atom is plotted against
the minimum critical concentration required to achiav&itical strain, a concave-up plot
is produced, as seen in Figure 2-32 [118]. When a similar ploadius ratio versus
solute concentration is mapped for real glasses, fibuad that bulk metallic glasses
produce a similar concave-up shape, as seen in Figure 2-2Blfased metallic glasses.
When ordinary metallic glasses are plotted, they prodummneave-down shaped graph,
as seen in Figure 2-34 for Al-based glasses. This moddd dme very useful in
predicting and fabricating new classes of metallic gas especially for classes of

metallic glasses that cannot yet be produced as buldlimeflasses.

2.20 Conclusions

Amorphous aluminum alloys have been successfully producedmany
compositions, but there have been no successful effottsee production of aluminum
based bulk metallic glasses. This is due to the mdrgless-forming ability of
aluminum-based alloys, and the high critical cooling ithis is necessary for their
production by common means. Their structure has been dtudieenhance the
understanding of these alloys. Models have been proposgtempt to explain the local
structure and predict methods that could be used to increaisegglass forming ability.
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Through studies of the crystallization process, it hasnbfound that by partially
crystallizing the amorphous phase, a nanocrystalline eplpiss amorphous matrix
composite can be produced with enhanced engineering properiies. amorphous
aluminum alloys to successfully be scaled up it will becessary to find new
compositions that have much greater glass-forming abilityoofind new processing
methods that can circumvent the crystallization predes alloys with existing or new
compositions. If this is achieved, a wide variety of eapions could be possible for
these metastable amorphous and nanostructured alloysothdt prove to be of great

engineering importance.
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Chapter IlI: Experimental Details

3.1 Overview of Experiments Conducted

The primary goal of this dissertation was to exameeprocessing, structure, and
properties of amorphous aluminum alloys. Experimentsewenducted to gather
information about these materials, and careful attenvas paid to select experiments
that would provide both new and useful information regardimg class of materials.
Each experiment resulted in unique information that wa®leded to other experimental
results both in this dissertation and in the literattweprovide a comprehensive
examination of amorphous and nanocrystalline aluminumysallprepared through
mechanical alloying. The synthesis by mechanical alloythfferential scanning
calorimetry, x-ray diffraction (both synchrotron danconventional), and neutron

diffraction were key experimental methods used in thisares$.

3.2 Alloy synthesis and Materials

The Al-Y-Fe system was chosen for the research peefd in this dissertation.
This system was chosen because similar melt-spunnibbave studied by several other
research groups [1, 11, 99] and the current results magrbpared and contrasted to the
literature. This ternary system was also chosenusecaf its relative ease of glass
formation. In addition, Fe is a typical contamin&nim the ball-milling process, and in
order to minimize this contamination effect a compositiontaining Fe was chosen.

Elemental powders of Al, Y, Fe, Ni, Ti, Cu, and Cothwpurities of 99.97% for

Al and 99.9% for all others were mixed and ball milled usir&8P&X 8000D mixer/mill
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with hardened-steel vials and stainless-steel grinding Wélsa ball to powder weight
ratio of 10:1. Powders were milled continuously for 45 hamran argon atmosphere.
After 45 hours of ball-milling the powder was collected desof an argon atmosphere
glovebox. In order to control the Fe contaminatiachealloy examined was filled in a
clean vial with new grinding balls and milled for 45 houFar each successive batch the
vials were not completely cleaned for a given compasitid his was done to coat the
grinding media (vials and grinding balls) with the allogl atain more consistent results
(composition) from batch to batch.

For the consolidation efforts in this study, the celd alloy composition is
Al79Y /FesNisTioNd;. Powder was milled continuously in the argon atmosphéyier
the ball-milling, the powder was collected inside an arggmosphere glovebox and
transferred into a steel compression die lubricatdd high-temperature boron nitride
lubricant. In order to prepare the green sample, thevaletransferred to a Material Test
System 810 (MTS Systems Corporation, Eden Prairie, kdraulic load frame and
heated under vacuum to 400°C at a rate of 20°C / min. @wcdeemperature was
reached, the stress was increased to and maintained at P20 féd 3 hours.
Subsequently, Ceracon forging was performed by Advancedridist & Manufacturing
Technologies, LLC (Carmichael, CA). The green samphepared at UT were forged at
two different temperatures, 420°C and 445°C. Samples forged & #20°to be forged
3 times in order to densify the preform, while samplegdd at 445°C only needed to be

forged one time for apparent densification.
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3.3Calorimetry

Differential scanning calorimetry (DSC) was carried atita heating rate of 20
°C/min. in a flowing argon atmosphere using two differéistanning calorimeters. For
the results described in Chapter 4.1 a NETZSCH Instrtanérc DSC 404C was used.
This DSC was calibrated by melting standards of Al, IN, n, and Pb. For all other
results a Perkin-Elmer Diamond DSC was used. This D&€ aalibrated by melting
standards of In and Sn. Heat treatments were alsorpedoin the DSC by heating the
powders at a heating rate of 20 °C/min. to the desired tatope, at which they were

held for 10 minutes and cooled to room-temperature at a coaliegf 60°C/min.

3.4 Structural Characterization
3.4.1 Laboratory X-ray Diffraction

Room-temperature laboratory x-ray diffraction patterrsrevobtained with a
Philips X'Pert X-ray Diffractometer using Cuokadiation,A = 1.542A.

For the results in Chapter 4.1p-situ high-temperature x-ray diffraction
(HTXRD) was conducted during isothermal annealing of therbdled powders using a
Panalytical X’PERT PR diffractometer with an X'Celerator position sensitive
detector (R range = 36-46°) and CuoKradiation. The evolution of the diffraction
patterns during annealing were measured at 633 K, below tmargricrystallization

temperature, in a He atmosphere every 5 minutes using sii@paensitive detector.
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3.4.2 Synchrotron X-ray Diffraction

For the results in Chapter 4.2 and 4.3, synchrotron XROR(H was performed
using the 6-1D-C beamline at the Advanced Photon Sourc&)(AP Argonne National
Laboratory on a high-energy beam line with a monocht@nwavelength of 0.12462 A.
A picture of the 6-ID-C beamline is shown in Figure 39amples were measured in an
aluminum sample holder with a 1-mm circular hole analesk using Kapton® tape.
Beam size was 1 mm, and sample-to-detector distance pyaexanately 0.245 m.
Images were recorded using a Mar345 image plate detector (3450x343€).pi A
cerium dioxide powder standard was used to calibrate thelesaondetector distance and
refine instrumental parameters.

For the results in Chapter 4.4, SXRD was performed ubmgt14A beamline at
the National Synchrotron Light Source (NSLS) of th@dkhaven National Laboratory
(BNL) [121, 122], Figure 3-2. A six-circle Huber diffractot@e with a Xe—CQ filled
proportional counter was employed with a 1x4 mm incideatrbeross section [122].
Powders were sealed in a glass capillary tube, anedheaaside a tube furnace [123].
The synchrotron beam was monochromated using a Si (1%&fakr The data was
collected at an energy of 16.99KeV, and the wavelerigth@.72982 A) was calibrated
by measuring a NIST LaBstandard (NIST SRM 660a - Line Profile LgB Samples
were heated at a rate of 0.14 °C/second, and data wastedllat a rate of 0.005°/step
and constant monitor counts per step. Diffraction padtevere collected at room
temperature, 100, 200, 300, 325, 350, 375, 400, 425, 450, 475, 500, 550, and 600°C.

Each diffraction pattern measurement required the satopbe held at temperature for
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about 15 - 20 minutes. Phases were identified using Jaderidtaigata Inc., Livermore,

CA, USA) phase identification software.

3.4.3 Neutron Diffraction

Neutron diffraction experiments were conducted on a butahic glass sample,
Zrs7NbsCups Nig2 6Al 10, Subjected to uniaxial compression testing using the SMARTS
instrument at the Lujan Neutron Science Center, L@snAk National Laboratory. The
geometric setup of SMARTS allows for simultaneous measemes in longitudinal and
transverse directions. The diffraction data werdlected using the time-of-flight
technique for 4 hours at each stress level, ranging #0riviPa to 1500 MPa and an
unloaded condition at 20 MPa. Data were collected oat neaximumQ of 20.4 A.
Measurements were performed such that the BMG sam@aentially loaded to a stress
of 20 MPa in order to hold the sample in the horizowiadl frame. The sample was held
at this stress while the diffraction measurement waslacted. After sufficient data was
collected, the stress was increased to 500 MPa and tlisdui@ was repeated. Data
was collected at stresses of 20 MPa, 500 MPa, 1000MPa, 1500htPanainloaded
condition of 20 MPa. The macroscopic stress-straawier was also measured with an

affixed extensometer for applied stresses ranging fronl6@6 MPa.

3.5Pair Distribution Function Analyses
Because the size of the features studied during a totaéiegtexperiment is

small, it is necessary to perform measurements thasune as much scattering data as
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possible. Due to the reciprocal nature of diffracticasurements, a large value of Q is
needed to study small features.

Due to the high Q-space resolution necessary to produckydoshl scattering
measurements and PDF analyses, the most common s6uages cannot be used [65].
This is because x-ray tubes with copper targets, the coostinon targets, produce, K-
rays with a wavelength of 1.544A. This corresponds tosan@ximum Q range of about
8 A, High resolution measurements requirgQ> 35 A’. Because of the limitation in
Q-space of traditional x-ray generators, most measuitsmaea performed at synchrotron
radiation sources. Synchrotron sources produce intaitggeenergy x-rays (>2.5 GeV)
are polychromatic, or they can be made monochromasing a single crystal
monochromator. The high-intensity, short-wavelengthtigjas are necessary for
accurate PDF analysis.

For measurements to be performed there are sevemditioas that must be
properly tuned to obtain accurate results. The samplé bauplaced into a sample
container or some other special environment. Special @magnts are used it if is
desired to study the sample’s structure at temperatuessyme, or other non-normal
conditions. Sample containers are usually made ofdwamafor neutron scattering
because vanadium scatters neutrons almost perfectlyareatly. A measurement of the
sample container without a sample is also necessdrg able to differentiate the effects
of the container and the sample. This measuremehemable the user to subtract the
information gathered from the sample from that of ¢batainer and other instrument
background effects. The instrument is also calibrated terrdete how well its
measurements represent a known standard. From thesaremeasts and corrections,
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the measurements of the sample can be used to accutatefynine the structure of the
sample.

The elastic scattering intensity, 1(Q), is measured amction of the magnitude
of the scattering vectd@=4zsind/.. 6 is the scattering angle ands the wavelength of
radiation used. The scattering data was normalized améated, by subtracting the
instrumental background and the background from the Kapton®séimple holder used
in this study, from the measured data. The results wmezgrated to Q space by using
the program FIT2D [124]. The integrated data were corrdotedbsorption, multiple
scattering, fluorescence, and Compton scattering. Thetste factor,S(Q) was

obtained according to the equation:

|
SO = Q)

- N < f(Q)>2 (2)

where N is the number of atonifQ) is the atomic scattering factor for x-rays averaged
over the composition of the material.
Real space information about the local atomic struatarebe obtained through

the Fourier transform @(Q)to the pair distribution function (PDFR(r):

G(r) = 2K Q - Tsin( Q) dQ @)
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where r is the distance from an average atom. THe ¢hes the probability of finding

an atom at a given distance from an average atoateldat the origin. This real-space
measurement technique is useful for probing the structutbeonanometer length scale,
when the local structure is not consistent with thegirange averaged structure [35].
Therefore, PDF is particularly useful for the deteraion of local atomic structures of

amorphous materials [33].
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Chapter IV: Results and Discussion

4.1 Effect of Composition on Amorphization and Crystallization

This section presents the compositional effects ofstian metals on the
amorphization and crystallization of thegfM;FesTM3 system (TM = Ni, Co, Cu, and
Fe) prepared by mechanical alloying of elemental powderse TIM additions have
similar atomic sizes, but have different chemicatrattions with the Al, Y, and Fe. The
influence of the chemical composition of the amorphpliase on its thermal stability
will be examined by studying the effect of various tramsi metal additions and by
varying the transition metal to aluminum ratio for tlystem Abs.cY 7F&Nisix (X = 0, 2,
4). The influence of nanocrystalline phases on thealtysttion of the amorphous phase

will also be discussed.

4.1.1 Effect of Late Transition Metals (LTM) on Amorphization Process

X-ray diffraction (XRD) patterns of the ball-milledI&Y 10Fe andAlgsY ;Fe&sTM3
(TM = Ni, Co, Cu, Fe) alloys show that, after 30 reoof milling, all alloys contained
evidence of nanocrystalline peaks superimposed onto a amadohous background,
Figure 4-1. Although continued milling could change the amoaindgsnorphous phases
[16], this study focuses on the comparison between thetgfof different TM additions
on 30 hours of ball milling.

The diffraction pattern of AbY10Fes shows a broad amorphous background with
crystalline peaks of Al and &Y superimposed onto it. This diffraction pattern shows

that it contains a significant amount of crystalline ggha The crystalline peaks were of
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different intensities for the four different transii metal additions (3 atomic % TM
replacing Y), indicating that there were different typesdunts of crystalline phases
present in each alloy. The alloy with 3% Ni additghows the least intense crystalline
diffraction peaks followed by Fe, Co, and Cu additionshe Wiffraction pattern of
AlgsY 7FesNis indicates that crystalline phases present in the @mais matrix are Al and
there is likely crystalline Fe present as well, butcéeld not be confirmed for these
alloys because the locations of Al and Fe peaks ovenapadditional peaks are too
weak, compared to the background, to resolve. The patteAlgidt;FesCosz shows that
Al and Y crystalline phases are present in the amorph@tgx. For AgsY;FesCus, Al
and ALY are present in the amorphous matrix. For theYAFesFe; alloy, the diffraction
pattern revealed that Al and Fe are present in the ghraas matrix. The chemical
interactions of the different transition metals twihl and Y seem to be the primary
reasons for the varying amounts of amorphous phase ¢br alby, since the atomic
sizes of Ni, Co, Cu, and Fe are all within 3 % of eadien{0.12459, 0.12510, 0.12780,
and 0.12412 nm, respectively [125]). These radii assume dustiumodel of dense
packing of atomic clusters, where efficiently packeditsatentered atomic clusters are
maintained as local structural elements [68].

The heat of mixing between Al and Ni is the most negadimong TM additions
(-22 kJ/mol for Ni-Al compared to -19 for Co-Al, -1 for &\, and -11 kJ/mol Fe-Al)
[126]. A large negative heat of mixing has been cited asiterion for producing
amorphous alloys [13]. For this reasongsXkFeNis was further investigated by
modifying the Al content. The effect of increasing Miecontent at the expense of Al is
presented in Figure 4-2. The intensities of the crystapieaks weaken as the Ni content
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is increased from 3% to 5% and 7%, while the Al contergdsiced correspondingly. At
7% Ni, the remaining crystalline peaks disappear into dherphous background.
However, the second shoulder (at higher angle nearofifle amorphous background
suggests the presence of nanoclusters or nanocrystafiase$ within the amorphous

matrix [127, 128].

4.1.2 Effect of LTM on Crystallization Behavior

Figure 4-3 shows a typical DSC trace for the mechaniadlbyed powder of
Alg1Y7FeNiz. DSC scans showed multiple exothermic events, butoithesfof this paper
is on the first exothermic event. Table 4-1 summarizegesults of the DSC scans (at a
heating rate of 20 K/min) for the different alloy composis as well. The onset of
crystallization temperature was extrapolated from rmults of the DSC scans. The
primary crystallization temperaturesy, Tshow that 3% additions of Ni, Fe, and Co
produce a similar I within about 2 %, (612 K, 615 K, and 619 K). However, foe t
alloy with a 3% Cu addition, axTof 590 K was measured, which is about 22 to 29
degrees different from that with Ni, Fe, and Co. DI&C scans were used to determine
the enthalpies of the crystallizationHy) of the different alloys, as shown in Table 4-1.
The AHy values for the 3% transition metal additions are ctos#hose reported for the
primary crystallization of fcc-Al from the amorphousatmx of mechanically alloyed
powders of AdsNiigY2slars (2.2 kd/mol)[129] and A§sREsNi4 (1.8kJ/mol)[130]. In-
situ HTXRD was performed to further study the crystallizatiand it was determined
that the event observed in the DSC is related to gtmvth of the pre-existing
nanocrystals. This will be discussed later in sectidl.2.
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Isothermal DSC scans were performed ogsYMFesNis at temperatures of 623,
633, 643, and 653 K to further examine the crystallizationtkse The powders were
heated at 20 K/min to a temperature, 20 degrees below tlealmgntemperature, and
then were heated at 5 K/min to the annealing temperatuvehieh time the isothermal
hold began.

The isothermal annealing results were used to obtaiadieation energy, £ for
the primary crystallization process according to tiiegndon-Mehl-Avrami (JMA) theory

[131]. The volume fraction transformed,at a timef, is given by:

x=1-exp[-K(t-7)"] t>T1 (4)

wheret is the incubation time at the isothermal temperafreaucleation to begin, and
K is the rate constant, which depends on the nucleedienand the crystallization rate.
K may be expected to show an Arrhenius temperature dependénc Keexp(-E/RT)
The transformation rate Xftit) is proportional to the heat flow rateHtlt), which can be
found from the DSC data. At= t,, wheret, is the time of the transformation peak
maximum,dx/dtis a maximum, an@¢/df®) = 0. Then(n-1)/n = [K(t, - 7)]". From this

we obtain:

In(t, —7) - E, / RT=constant (5)
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where is the time of the transformation peak maxinfaims,the ideal gas constant, ahd
is the isothermal temperaturee, is the effective activation energy for crystallipati
which can be obtained by plotting t§(7) versus (1/T) [2, 103], as shown in Figure 4-4.
E, for the ball-milled AdsY7FesNis powder was found to be 310 kJ/mol. This value is
larger than the activation energies of 164-285 kJ/mol prelyiousported for
AlgsY gNisCop, AlgsNixGdy, AlgoFers, AlgsNiisxYx, and AboY1sNis [24, 103, 113, 132,
133], but lower than 425 kJ/mol for ANisFexGds [2]. The larger values imply more
stability against crystallization at temperature beldyw Table 4-2 summarizes the
activation energies for various amorphous aluminum slloy the literature and the
method by which it was determined, i.e., JMA or Kissingelysesa [131, 134]. The
activation energy shows a wide range of values ferdifferent amorphous aluminum
alloys in the literature, which is likely due to the diffnt components and compositions
of the various alloys. The comparison also showsttieprocessing method, ball-milling
or rapid solidification, may also have an effect b@ amount of energy required for the
crystallization process.

Finally, in-situ time-resolvedhigh-temperature x-ray diffraction measurements

were performed during isothermal annealing of thgYAFeNi. alloy to further study

the crystallization process. Figure 4-5 presents thé&uwo of the diffraction patterns
during the isothermal annealing for 95 minutes at 633 K. dwshthe formation and
growth of an intermetallic phase along with the groeftthe aluminum crystalline phase
from the amorphous matrix. Figure 4-6a presents the chaimgentegrated peak
intensities of AJFeY intermetallic phase during the anneal. The peak apptas

about 25 minutes and continues to grow until about 75 minutasn&faling, after which
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it seems to saturate. Figure 4-6b indicates that thmimlim phase begins to grow after
about 45 minutes. The results show that crystallizailoserved in the DSC curve (with
the activation energy of about 310 kJ/mol) is a combinatiotie crystallization of the
amorphous aluminum matrix and the formation and growihtefmetallic phases. This
convoluted crystallization step would explain the higlegergies for the primary
crystallization than some of the previously reporteldes [24, 103, 113, 131, 132]. X-
ray diffraction was performed at room temperature witthew2 angle coverage, using
the same method as the initial room-temperature XRDsunements, to verify the
phases present after thesitu isothermal annealing. The results, shown in Figure 4-7,

confirmed the presence of fcc-Al and;PdsY

4.1.3 Discussion of the Effect of Composition

The results suggest that the chemical composition ef amorphous phase
strongly influence thermal stability of the alloysidied. When the Jtemperatures for
Al-Y-Fe-TM are compared to the eutectic temperatureshefaluminum rich binary
compounds [135] of ACo;,, AlsFe, AkNi, and ALCu, in Table 4-1, the alloys with the
highest eutectic temperatures also had the highestfiis trend suggests that the effect
of chemical interactions play a key role in the thdrstability of the Al-Y-Fe-TM alloys,
with Co greater than Fe, followed by Ni and Cu. Al$mwen in Table 4-1 are the
crystallization temperatures of AY ;Fe;Nis and Ak1Y 7FeNi;. The decrease in the Al/Ni
ratio show a large increase inr ffom 612 K, to 668 K, and then to 672 K as the Ni
content increases from 3 to 5 and 7%, respectively. ifithisates that the increase in Ni
additions replacing the Al stabilizes the amorphous pagamst crystallization.
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The observation that most of the alloys produced swhrk have slightly higher
enthalpies of crystallization than previously report@damorphous alloys, likely results
from the presence of nanocrystalline phasessgsYAFeNis and Ak:Y7FeNi; show
higher enthalpies of crystallization than the 3% Tdtlisons, Table 4-1. The increased
thermal stability is likely due to deviations in the cheahmomposition of the amorphous
phase from the original composition, which results froime varying amounts of
amorphous and nanocrystalline phases in the alloy. ésdamposition of the alloy
shifts toward lower Al contents, the crystallizati@mperature increases. As the amount
of Al is reduced, the enthalpy of crystallization e&ses, which suggests that the amount
of amorphous phase in the sample, has also increase thé alloy contains smaller
amounts of Al [90].

It has been shown that ball-milling-induced nanocrygiilbn can occur due to
atomic displacement under the high stress in the defanmagrocess, and these
nanocrystals can make the amorphous phase more stalist atp@rmally activated
crystallization of the amorphous phase [136]. With theooeystalline phase, the free
energy of the material increases and an increasedrarmbanergy is needed to reach the
stable state [137]. As the high density (310n7) of nanocrystalline particles grow at
temperatures belowy'they reduce the number of nucleation sites. As @m®arystals
grow into the amorphous matrix, they could shift the dbamcomposition of the
amorphous phase, which could, in turn, stabilize the amasplphase and hinder
crystallization [116, 136-138]. The particles remain in taeameter size range due to
the overlapping of diffusion fields of the growing grains [1189]. Similarly it was
observed in this study that amorphous plus nanocrystalliogs of Al-Y-Fe-TM showed
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high crystallization temperatures and larger activatioergy than previously reported.
The presence of nanocrystalline phases in Al-Y-Feallbys could shift the composition
of the amorphous phase away from that of the ovesalposition, and the changes in the

composition caused an increase in thermal stabilithi@amorphous phase.

4.2 Chemical Short-Range Ordering in AdsY 7Feg and AlgsY 7FegTi

The glass-forming ability of metallic glasses can lmedased with the addition of
certain elements in small amounts, or microalloying28%h It has also been suggested
that microalloying can increase the thermal stabilitynaftallic glasses by suppressing
the precipitation of crystalline phases during heatinghef amorphous phase [26, 27,
140]. In particular, microalloying with Ti has been shawreffectively improve both the
glass-forming ability and the thermal stability of theleys presumably by changing the
local order to hinder the precipitation of the fcc-Abph [30], but the mechanism for this
change is not fully understood. Recent reports haggested a model for short-range
order in amorphous alloys that is comprised mostly giitly bonded clusters that are
similar to crystalline materials, rather than a logtalicture that is comprised of a dense
random packing of atoms [141, 142]. The basis of these mizdtle efficient packing
of space by overlapping close-packed clusters that fill sppattegee dimensions [68]. In
these clusters, the order is limited to a few atomia@deg#s. The clusters are connected
to each other but are randomly oriented so as to linérorg. These models indicate
that densely-packed clusters enhance the glass-forritity @f metallic materials. In

particular, the addition of Ti to Al-Y-Fe alloys hasdm found to result in a well-defined
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cluster structure forming around solute atoms, even withiadsl of Ti as small as 0.5%,
due to strong interactions of Ti with Al [143].

It is commonly found that Al-Fe-Y glasses often appaarrphous when
characterized by laboratory x-ray diffraction (XRDyore specifically, lacking the
typical diffraction peaks observed in crystalline matieri However, further examination
by isothermal differential scanning calorimetry (DSG)eas that some aluminum-based
glasses are comprised of a very fine nanocrystallinectsire, and the crystallization
event corresponds to a grain coarsening reaction, asexppms nucleation and growth
reaction, which would occur in amorphous materials [23, I28]. However, the
addition of 2% Ti to Al-Y-Fe alloys dramatically impras/¢he glass forming ability and
changes the nature of the local structure of the afiby an amorphous one, and the
isothermal DSC curve for this alloy shows a peak thah#acteristic of a nucleation and
growth reaction occurring during crystallization [30].

Examination of the local atomic structure of Al-Y-&ed Al-Y-Fe-Ti alloys can
provide further information about the nature of the clustedeveloped in these alloys
and the role of Ti on enhancing the glass-forming abilitye pair distribution function
(PDF) is an analysis method that utilizes total scatie(i.e., Bragg scattering plus
diffuse scattering) to accurately determine the loaainat structure [65]. The PDF can
be used for materials that lack long-range order, or evtiex short-range structure is not
reflected in the long-range order of the crystal. TBd-Rs a one-dimensional function
showing the atom-atom distances of all of the atdwmsughout the material. The PDF is
represented in real space, rather than the reciprpaakspowder diffraction data [65].
This approach has been widely used for studying the struabfirgsses and liquids
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since the 1930s [34]. This real-space method is one of théramaber of experimental

techniques that can be used to probe structure on the namdemgth scale, when the
local structure is not consistent with the long-randgbally-averaged structure [35].
PDF studies have provided details about the local orde8@f free volume [37, 38],

and mechanical behavior [37, 39, 40] of BMGs.

This section presents the experimental investigationtheninfluence of the
addition of a small amount of Ti on the changes ioaloatomic ordering in the
amorphous state. The study focuses on examining the difgerm the amorphous
structures at the local atomic level when the strudgtumodeled with local arrangements
of tightly bonded clusters (similar to the alloys’ stalline counterpart structures) are
randomly distributed and oriented. The local atomiactures of AdsY.Fe; and
AlgsY/FesTio will be presented and the influence of Ti on the amorplphiase will be
discussed by using synchrotron x-ray diffraction result$ pair distribution function

analyses.

4.2.1 X-ray Diffraction Analysis

Figure 4-8 presents the x-ray diffraction data showingffeet of adding Tito an
Al-Y-Fe alloy. The diffraction patterns reveal ttzegt 2% Ti is added, while removing Fe,
there is little change in the microstructure. Therddfion pattern shows that AY ;Fes
and AbsY7FesTi; contain nanocrystalline Al and Fe phases. WhenTiheontent is
further increased to 4% (while reducing the Fe conteng),XRD pattern shows the
diffraction peaks disappear and the structure becomeghmes. This indicates that Ti
affects the glass-forming ability, but there is a mmmamount necessary to form the
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amorphous phase. When 2% Ti is added, while reducing thenfdrdo the XRD pattern
indicates that the microstructure is amorphous. Thisdurndicates that the addition of
Ti improves the glass-forming ability. This also shdiat the amount of base element
(Al) is also an important factor in the glass-forgiability, and the overall composition
influences the effect of the microalloying additionFigure 4-8(b) shows the structure
factor for AbsY7sFe and AbsYsFeTi,. These two alloys were chosen for further
examination because of the significant differencesrinctire, with the minimal change
in composition. The structure factor ofg®M7Fe shows broad diffraction peaks that
were indexed as Al and Fe. On the other hand, thgY AeTi, alloy shows only weak
broad diffraction peaks superimposed onto an amorphous backiyr@hese weak peaks
were indexed as Fe. The results show that replacingAR%ith Ti has affected the
ability to form an amorphous phase, which is consistetit the results previously
reported [30, 124, 143, 144]. For example, the addition obTAltFe-Y melt-spun
ribbons caused the structure to change from a fine ngstaime material to an
amorphous material [30, 144].

Furthermore, a close observation of the structutefatata, Fig. 4-8(c), reveals a
small ‘prepeak’ in the AbY,Fe and AksY;FeTi, data. The integrated area of the
prepeak for AdsY7FesTiz is about 70% larger than that ofs&f;Fe;. The prepeaks;
centered at about 1.4 Aand 1.45& for AlgsY;Fe; and AksY-FesTi,, respectively; are
characteristic of a cluster structure consisting ofkenéitoms [145]. A similar prepeaks
has been observed in many other Al-based amorphoys §1104-106, 146]. From the
position of this prepeak it is possible to estimate tlerage separation between clusters
[36] according to the equatid(A) ~ 1.23(2) /Q(AY). In this equationl. is the average
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separation between clusters, &@scattering vectoiQ=4x sind / 1) is the position of the

prepeak. The prepeaks observed in Fig. 4-1(c) corresponcbitoetation lengthl., of ~
5A.

4.2.2 Pair Distribution Function (PDF) Analysis

The pair distribution function (PDF) analyses of the talloys are shown in
Figure 4-9. The PDF of AJY-Fe shows multiple broad coordination shells, indicating
ordered arrangements of atoms over long distances. isThansistent with the broad
diffraction peaks observed in the reciprocal space dEbe.small oscillations seen in the
PDF are due to termination and other errors. The PD¥keY ;FesTi, shows three broad
coordination shells, revealing the nearest neighbor dissarbeyond which the PDF
shows very low intensity oscillations around zero indingaho significant order.

Based on previous studies on the amorphization and cizetialh of aluminum-
based alloys, specific precursor and crystallization procases were used to
approximate the local structure of the alloys. Thetediine phases which best filled the
space of the first coordination shells of the PDFs weed to approximate the short-
range order in these two alloys, displayed in Figure 4-OQwr approximation shows that
the structures that most closely describingsYAiFe; are Al (F m -3 m; a = 4.047), Fe
(Im-3m; a= 2.876), and A (R -3 m; a = 6.156, ¢ = 21.084). On the other hand, the
structure of AdsY;FesTi, was best described with Al, M, and AkFe (C m ¢ 2 a=
6.464, b = 7.440, c = 8.779). With the Ti addition, it was egppgahat different crystal
structures were necessary to properly fill these shetiehwindicated that the local
atomic structure had changed. Because of the relatiweil amount of Ti present in the
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Alg3Y/FeTi, alloy, Ti-containing phases or compounds were not obislerva The
primary difference between these two alloys is thatalloy with the 2% Ti addition has
enhanced the interaction between Al and Fe to the poatt AkFe-like clusters are
formed in the amorphous alloy. The formation of theFAlIphase will be discussed in
the following section.

Figure 4-11 shows the difference pair distribution fiomc (DPDF) produced
when the PDF of AbY;FeTi, is subtracted from that of &W;Fe. This figure
highlights the changes in the local structure when 2%eflaces Al. The results show
peaks and valleys where the PDFs of the two alloyddierent and oscillate around
zero where they are the same. The model in Figure 4atltained by determining the
PDFs for body-centered Fe and for orthorhombigF&] as described above, and
calculating G(N=G(r's'® From the good agreement shown in Figure 4-11, the
approximations of AkY7Fe with Al, Fe, and AJY clusters and ALY -FesTi, with by Al
AlgFe, and AJY clusters seem, qualitatively, quite reasonable. Tifferences in the
model and the data (i.e., the peaks in the model arpestidan in the measured data) are
mainly due to a lack of long-range order in the measur¢a, aehere the model was
calculated for crystalline materials.  The qualiatagreement shown in Figure 4-11

further indicates that the choice of clusters shawigure 4-10 is reasonable.

4.2.3 Discussion on CSRO and Local Atomic Structure

Al and ARY are the most stable phases according to the AlY binhase
diagram for the composition. Y has the largest negdtmat of mixing with Al in the
current alloy AHnmix = -38kJ/mol, Table 4-1 [126]). This indicates that Y walsigy bond
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with Al, as observed for both &l ;Fe; and AksY/FesTi, by the presence of the Xl
type clusters. The primary difference between thé-$°Df the two alloys was that
AlgsY/FeTi, was better modeled with e while Fe produced a better fit forgéM 7Fes.
The difference in the PDFs by changing the local strecfrom Fe to AlFe was also
visible from the DPDF, Fig. 11. This comparison suggessttie primary difference
between the two phases is that, in the presence @fghe clusters tend to form instead
of Fe resulting in an enhanced glass-forming abilityhasve from the scattering results,
Fig. 9. During the mechanical alloying ofs&Y /Fe;Ti, it is likely that AkFe and AJY
clusters are formed in addition to Al, and the continuetiingn caused a steady
refinement of the crystal size and destroyed the longe@rder leaving only the short-
range clusters. AfFe is a metastable phase, but is commonly present during
polymorphous crystallization reactions [113, 147, 148] in Abygems. AJFe can form
during a deformation induced transformation of Al-Fe allagshe defect concentration
becomes high near the Al and Fe phase boundaries [149} whigld be continuously
occurring during the mechanical alloying process. The presaingkFe—type clustering
has previously been ascribed to enabling the glass fomrmanioAl-Y-Fe rapidly-
solidified ribbons.

In order to understand the effect of Ti on the atomtieractions of Al and Fe it is
necessary to consider its influence on the free engfrgiye system. Ti has a negative
heat of mixing with Al and FeAHmix = -30 and -17 kJ/mol, respectively), which means
that it is energetically favorable for Ti to bond wih and Fe. Ti will preferentially
bond with Al over all other elements present becaubas the largest negative heat of
mixing. Subsequently, Al-type clusters containing Ti mayeha greater driving force to

69



form bonds with Fe because heat of mixing of Ti andsF#5% higher than that of pure
Al and Fe (the heat of mixing for Al-Fe is -11kJ/mol)hefefore, Ti could promote Al-
Fe short range chemical ordering and result in thease®in the presence ofRé-type
clusters in the ALY 7Fe;Ti, alloy.

Furthermore, Ti has a positive heat of mixing with Y§+J/mol), which means
that it will be less favorable for Ti to bond with YVhile large negative heats of mixing
between the constituent elements of metallic glasses typically been attributed to
enhanced glass forming ability, positive heats of mixing betwelements added in
minor amounts can cause chemical heterogeneity in libhg. a Recent reports have
indicated that a positive heat of mixing with alloying elatsecan promote phase
separation in the amorphous alloy. This phase separedio lead to the formation of a
type of dual phase amorphous material that can haveased glass forming ability
[150], increased thermal stability [151], or increased magtduring mechanical testing
[152-154]. The positive heat of mixing of Ti and Y could leadhéterogeneous regions
in which one region is rich in Y, and another is riohFe and Ti. The heat of mixing
between Fe and Y is small (-1 kJ/mol), so theretie litriving force for Fe-Y bonding as
well.

Finally, the structure factor data for botheXl;Fe; and AksY/FeTi, showed a
prepeak centered at 1.40 and 1.45Respectively. The prepeak in the structure factor
data can be attributed to short-range ordering of unlik@s{86]. The intensity of the
prepeak of AdsY.FeTi, was about 70% greater than that of§sXkFe; which indicates
that there is more short-range chemical ordering enARsY;FesTi, alloy [155]. The
prepeak in this system is almost purely from the solutalewthe main part of the
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structure factor is from the amorphous matrix. If veessder an Fe — Y system in an
amorphous Al matrix, and if Fe and Y have a repulsive m\atorthis system as

mentioned earlier. Fe and Y atoms can form their desmse random packing structure
with there average correlation distance much larigan the average atomic radii due to
dilution [105]. Ehrenfest [156] illustrated that scatterarigamorphous materials can be

approximated by applying the Debye equation:

(@=33 1, f, SN (6)

Aln

wherel(q) is the scattering intensity afds the scattering factor for atomsandn, to the
case of a diatomic gas. Coherent scattering betwedecules can be neglected, and if

the atoms are identical, Eq. (3) becomes:

singL

I(q) =2f°(L+ L) (7)

wherel is the distance between the two atoms. Thedjkstwill occur at 1.23(2) / L.
This gives the distance between the solute element® amorphous matrix and appears
as a prepeak when chemical short-range orderingrasent [36]. Hsieh found by
gradually changing the composition of Al-Fe-RE wdipthat, in binary AI-RE and Al-Fe
alloys prepeak at 1.23Acorresponds to Al-RE chemical short range orderam a

prepeak at 1.58 Acorresponds to Al-Fe short range ordering [1OHi.ternary alloys,
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the prepeak locations are in between these two exsrel@eending on the alloy [104].
The addition of 2% Ti to the AlYFe; alloy caused the prepeak to move from 174té\
1.45A*.  This shift in prepeak position indicates that the dndehas changed from
mostly of Al-Y (i.e., AkY) clusters to include more Al-Fe clusters (i.egF) in the alloy.
The increased intensity of the prepeak also impliesttiea chemical short-range order
has increased with the addition of Ti to the terndigyaand cluster formation has been

enhanced.

4.3 Evolution of Local Atomic Structure During Annealing BelowTy

Recent studies on the crystallization behavior using BB XRD revealed that
the addition of 2% Ti to amorphous Al-Y-Fe systems alsanged the crystallization
from a primary crystallization of fcc-Al crystals ttetragonal AlFeY crystals
presumably by forcing long-range diffusion of atoms twadthe crystallization process
[32]. The local order plays an important role in the Ima@ical and thermal properties of
these alloys and structural studies are necessaryetter bunderstand this behavior.
However, short and medium-range order in amorphous iaatas much less well
understood than long range order in crystalline materials.

This section presents experimental investigation oirthéence of the addition of
a small amount of Ti on the changes in local atarngering in the amorphous state and
its influence on the amorphous structure ‘during heatingigua PDF analysis. The
study focuses on examining the differences in the amagpsioucture at the local atomic
level when AdsY;Fe; and AbsY-FesTi, are heated to structurally relax and to crystallize
using differential scanning calorimetry (DSC) and synchrokoay diffraction (SXRD).
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4.3.1 Calorimetry Study during the Heat Treatments below T

Differential scanning calorimetry (DSC) was performedaatheating rate of
20°C/min. to examine the crystallization behavior ofs®tFe; and AbsY/FeTio. The
onset-of-crystallization temperaturey, Tvas obtained from the results of the DSC scans,
Figure 4-12. The primary crystallization ofgfY-Fe; occurs at 354°C, while replacing
Al with 2% Ti delays the crystallization to 446°C.

Furthermore, isothermal anneals were performed ondiotys for 10 minutes at
100, 60, 40, and 20°C below their respective crystallizat@mnperatures observed in
Figure 4-12. Figure 4-13 shows the results of the isotheamadals for ALY 7Fes.
These DSC traces show that, after an instrumensigat period (a sharp drop in the
beginning), a continuously increasing (endothermic heat) iIo®C signal for each of the
annealing temperatures, 255, 295, 315, and 335°C. Figure 4-14 shd8Gheaces at
350, 390, 410°C of the isothermal anneals faYFesTio. The results show the DSC
signal is continuously increasing, while annealing at 430°Qvste bell-shaped signal
corresponding to the crystallization of the amorphouss@ltafter a short incubation

period.

4.3.2 Structure Factor after Heat Treatments

Figure 4-15 shows the structure factor data, collected &P as explained in
section 4.2.1 for AkY7Fesin the as-milled condition and after heat treatmant315 and
335°C. The as-milled data shows that thgs¥AlFe; alloy consists of a nanocrystalline
microstructure consistent with Al and Fe crystallineages. These nanocrystalline
phases remain stable until the alloy is heat tredat88%fC for 10 minutes. Figure 4-15b
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shows that as the alloy is heated from room temper&auP95°C; it appears that the Al
Bragg-peaks are sharpening, likely due to grain growth.

Figure 4-16 shows the structure factor data fogz¥YWFe;Ti, in the as-milled
condition and after heat treatment at 410° and 430°C. a$hmilled data shows that the
AlgsY/FaTiz alloy has an amorphous microstructure, and it remaing@mas until it
was heat-treated at 430°C for 10 minutes. The results ghaiweplacing 2% Al with Ti
has affected the ability to form an amorphous phase,hwhiconsistent with the studies
previously observed, in which, the addition of Ti to A-¥ melt-spun ribbons caused
the structure to change from a fine nanocrystalline mahte an amorphous material [30,
144).

Closer examination of the structure factor data in Figdré$ and 4-16, again
reveals small ‘prepeaks’ in thegdY 7Fe; and AbsY/FesTi, data centered at about 1.4 A
and 1.45A', which are characteristic of a cluster structuresistimg of unlike atoms
[145] as shown in section 4.2.1. It was mentioned edHmrthe integrated area of the
prepeak for AdYFeTi,is about 70% larger than that ofs®7Fe;. The prepeaks for
both alloys increase in integrated peak intensity wheg ire annealed at 100°C below
Tx indicating that there is an increase in the chelnsbart range order in the alloys as
they are heated. The intensity remains almost canstant is annealed to higher
temperatures, and then there is a sharp decrease isitywwehen the alloys are annealed
20°C below T, as shown in Figure 4-17. The increased area under theagprepeates
the order of the structure corresponding to the pre-peaknbeeased. This would mean

that the local structure becomes more ordered duringtstal relaxation. When the
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alloy begins to crystallize at 20°C below, The chemical short range ordering decreases

sharply, as seen in the decrease in area under the lprepea

4.3.3 Local Atomic Structure after Heat Treatments

The pair distribution function (PDF) analysis reswfshe two as-milled alloys
are shown again in Figure 4-18. Figure 4-19 shows the PDHgef //ke; in the as-
milled and annealed condition along with the DPDF’s atious temperatures. After
annealing AdsY7Fe at 255°C for 10 minutes, the first coordination shell ld PDF
shows that there is an increase in intensity at tardie of 2.86A and a decrease in
intensity at 2.5A, Figure 4-19a. The increase at 2.86 Ayliketresponds to an increase
in the number Al-Al pairs, since the radius of AlisA3A [157]. The decrease in
intensity at 2.5A likely corresponds to a decrease ifébonding, since the radius of Fe
is 1.26A [157]. Both Al and Fe were seen in the diffracgatterns. By examining the
successive difference curves for the different heaattments we can observe the
evolution of the local structure during heating befagstallization and gain insights into
the nature of structural relaxation. The differencie @istribution function (DPDF) for
the sample annealed at 255°C and the as-milled sampleF DRB6°C - room
temperature) is shown in Figure 4-19b. The DPDF highligeschanges in the local
atomic structure during annealing below. TThe negative peak at 2.5A is due to the
decrease in Fe-Fe bonding, and the positive peak at 286@leito an increase in Al-Al
bonding. Figure 4-19c shows the changes as the annealingraéuneds raised from
255°C to 315°C. The peaks and troughs in the data are same locations, but with
lower intensities. The DPDF (315°C — 255°C) shows (notwvshbere) that small
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changes continue to occur. The DPDF for the anne&3%iC minus 315°C is shown in
Figure 4-19d, note the change in scale. When the tempeimincteased to 335°C and
annealed for 10 minutes, a phase transition occurs aralldlyecrystallizes into fcc-Al
and a bct-AlFe;Y-type phase, as will be shown in section 4.4.

The PDFs of AkY/Fe&sTi, for the as-milled condition and the alloy annealed at
350°C, Figure 4-20a, show that the first shell has sharpendddogasing the density of
short and long-range atomic interactions and increagedehsity of bonds in the 2.65 to
3.2 A range. The difference curve DPDF (350°C — room tempejatFigure 4-20b,
shows the sharpening observed in the G(r) data as théveegalues of the difference
curve at the edges of the first coordination shell angtsitive values in the middle of
the coordination shell. This increase in atomic pair ile@sound 2.8-3.1 angstroms
indicates that there is an increase in the intenastmf Al-Al and Al-Y atomic pairs.
There is a decrease at ~2.45 angstroms indicating thieat~e-Fe-like bonding has
decreased while there is a significant increase inrdnge of 2.6-2.7 angstroms that
indicate that Fe-Al clusters are forming. The diffeecurve of 410°C -390°C, Figure
4-20c, does not show that any significant changes haveredcwith this intermediate
temperature change. The difference curve for 430°C — 4H§Gre 4-20d, shows large
differences that are related to partial crystallizatid the amorphous phase as observed
in the DSC data. Just like the diffraction data shows tie sample annealed at 430°C
has crystallized, the difference curve of 430°C — room tespie can be fit with a
model of a tetragonal AFe;Y-type phase, which is the intermetallic phase forohaang

the first crystallization event.
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4.3.4 Structure and Stability of Heat Treated AdsY 7Feg and AlgsY 7FegTi»

The isothermal anneal performed at 430°C showes¥ AtesTi, crystallized with
a bell-shaped curves which are a signal typical for deation and growth reaction
where the heat released is due to the difference in pgtbatween the amorphous and
crystalline phases [31]. Diffraction results show thials temperature is the first
annealing temperature where crystalline phases appeas.intigates that the as-milled
powder consists of an amorphous phase rather than andimecrystalline phase. The
isothermal DSC scan at 335°C performed opsWFe; shows only a monotonically
increasing signal. Diffraction results showed th&gradinnealing at this temperature, new
crystalline peaks appear indicating a phase change fromaghuilled alloy. This
monotonically increasing signal is characteristic of airgrcorsening reaction taking
place during the annealing. These isothermal DSC rem@tsonsistent with previous
results showing the addition of Ti to Al-Y-Fe alloyssults in a change in the
crystallization mechanism from a coarsening reactioa macleation and growth reaction
for Al-Y-Fe-Ti alloys [30].

The effect of adding 2% Ti to AlY,Fe on the formation of an amorphous phase
and the thermal stability of the resulting alloy isacle AksY 7FesTi, forms an amorphous
phase after 45 hours of ball-milling, while s&f;Fe forms a nanocrystalline
microstructure, and the crystallization event obserkaing continuous heating
differential scanning calorimetry was delayed by 92°C. Thprovement in thermal
stability may be due to this stronger chemical short raorgering [143]. The 70%
increase in area of the prepeak og:XFFesTi, indicates that this CSRO increases as
temperature increases. The CSRO would make a diffusiatrodled crystallization
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proceeding through a nucleation and growth process moreuttiffit lower temperatures,
and higher temperatures would be necessary for crystaiiiz

Analysis of the changes in the pair distribution fumttas a function of annealing
temperature gives additional information about how tlall@tomic order changes at
higher temperatures. Figure 4-20a shows that when #3¥/RksTi, alloys is annealed
at 350°C, about 100°C below the crystallization temperatheefirst coordination shell
of the PDF sharpens (i.e. becomes narrower and tall@harpening of the first
coordination shell after annealing is a characteridtstrmctural relaxation of a metallic
glass [89]. This corresponds to the elimination of shad long inter-atomic distances,
while the number of atom pairs with bonds of averageristés increased [38]. This is
fundamentally different from annealing out free volureeduse free volume would only
correspond to the long inter-atomic distances (the sgbulder of the first coordination
shell in the PDF). Rather, the observed changes majué to relaxation of tensile and
compressive atomic level stresses [92]. During structaldakation the local atomic
configuration changes to lower the free energy of therphous phase. These changes
result in short-range atomic reordering and have b#ebuwed to viscous flow in the
amorphous phase of interlocking flow units or clusteather than through a long-range
diffusion process [158, 159]. Structural relaxation dodsresult in the formation of a
new phase, but the changes in chemical ordering duringatela may lead to phase
separation. The DPDF shows annealing at 350° causes aasmgéneatom pairs in the
range of 2.6 to 3.2 A. This coincides with the range wtaam increase in chemical
clustering would occur. An increase in Al-Fe bonds wouldab®.67 A, Al-Al pairs
would be at 2.86, and Al-Y bonds would be at 3.2 A. Thesalis imply that the
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promotion of clusters due to the addition of Ti increasetemperature is increased and
this CSRO leads to a delay in crystallization by ehtay diffusion in the alloy. In
particular, there is a distinct increase in the F&- bonds, which were not observed in
the ternary Al-Y-Fe alloy.

While annealing at temperatures below daused AkY.FeTi, to changes the
amorphous phase to a more relaxed state closer to eaqunijbai fundamentally different
process occurs in the ternary alloy without the 2%d@iteon. The diffraction patterns in
Figure 4-15b reveal that the Bragg peaks of the nanodnystdétc-Al phase sharpen
during the heat treatment of AY,Fe. This sharpening of the Al diffraction peaks
signify that grain coarsening is occurring at temperatbedsw the T observed in the
DSC. The decrease in intensity of the bcc-Fe peaksates that the Fe atoms in the
alloy are diffusing into the alloy. This is also seenhe real-space analysis of the PDF
in Figure 4-19b. The Fe-Fe pairs at 2.5A are decreasingténsity as the alloy is
annealed, and the Al-Al pairs increase in intensitiie DPDF of AdsY 7Fe; differs from
that of AksY7Fe&;Ti, in that the there is no sharpening of the first coordinashell with
negative values at both extreme bond lengths and posiives for the average bond
lengths. The DPDF of AdY-;Fe along with the diffraction data do not indicate a
structural relaxation process occurring at intermediateperatures in the amorphous

Alg3Y/FeTiy, but rather exhibit a continual grain coarsening process.

4.4 Crystallization Behavior of Amorphous Al
The study on the crystallization behavior of amorpholgyslis of fundamental
importance for the understanding of the glass-forming gholfitthese alloys [52, 160-
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163]. It has been observed that aluminum alloys often trdgvithrough a
nanocrystallization process [23]. During this crystatian process, a high density (>
1072 m*) of face-centered cubic (fcc) Al nanocrystals may foont their growth reaction
may be limited due to overlapping of diffusion fields of thewing grains [11]. The
formation of such nanocrystals may be linked to “quenchéduclei, which have a
short-range fcc-like structure consisting of Al atoms.Therefore, during the
crystallization process, only short-range rearrangesrsgm to be necessary to form the
nuclei into nanocrystals [24].

This section focuses on examining the crystallizatiohab®r of microalloyed
aluminum-based amorphous alloys with a high thermal Igyabi The crystallization
process was examined using differential scanning calogni®tsC) andin-situ high-
temperature synchrotron x-ray diffraction to determine thicrostructural evolution
during heating of the amorphous alloys. The results stiferent crystallization
processes operating for ¢AY;Fe and the microalloyed AdY.FeTi, and

Al 79Y7FQgNi3Ti2Nd1.

4.4.1 Crystallization Behavior Determined by Calorimetry

Differential scanning calorimetry (DSC) was performed twaneine the
crystallization behavior of the ball-milled powders.hel onset-of-crystallization
temperature, J was obtained from the results of the DSC scarguréi4-21. The
primary crystallization of AkY;Fe; occurs at 342°C, while the addition of 2% Ti delays
the crystallization to 446°C. Al /FeNisTioNd; is even more thermally stable, with the
primary crystallization occurring at 457°C. The meltinghperatures of ALY Fes,
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AlgsY-/FesTis, and AboY FesNisTisNd; were measured to be 642, 644, and 642°C,

respectively.

4.4.2In-stu High-Temperature X-ray Diffraction

In order to examine the phase evolution during the crystétin procesan-situ
synchrotron x-ray diffraction (SXRD) was performed durimgating of the as-milled
powders. Synchrotron x-ray diffraction, Figure 4-22,vebo the presence of an Fe
phase (marked with an arrow below the peaks in Figs. 22)ajand (c)) in all of the as-
milled alloys, likely due to the ball-milling process, whiglas not detectable using
laboratory x-ray diffraction. SXRD patterns werelecled at 100°C intervals up to
300°C and at 25°C intervals until the temperature reached 508>RD results show
that the amorphous phase of thgs¥FFe; powder remains stable as the powder is heated
to 300°C, Fig. 22a. AdY7Fe; began to crystallize after the powder was heated taC325°
under the current heating conditions. Fcc-Al and baxhtared tetragonal (bct)-type
intermetallic phase (AFeY) with the I/4Ammm space group appear at this temperature.
The heating rates during thesitu diffraction experiment were different than those used
in the DSC mainly due to the holding time for the difflaec measurements. However,
the heating schemes (e.g. measurement temperaturesghasts, hold times, etc) were
kept consistent for each sample measured by SXRD. Assaltr the absolute
temperatures where the crystallization occur during SX&E different from those
measured using the DSC. However, the qualitative tresain consistent and agree

well with the DSC results, which will be shown iretfollowing section.
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4.4.3 Evolution of Crystalline Products

When Al is replaced by 2% Ti, the DSC results showatl ttre crystallization is
delayed by 58°C, and the same trend was observed in-itet SXRD result, Figure 4-
22b. The amorphous phase remains stable until the powdeaisd to 375°C, where
small amounts of bct phase (B&;Y) begin to precipitate, which was not observed & th
DSC data. The increase in thg dbserved during SXRD is about 50°C greater than
AlgsY7Fe. More interestingly, the crystallization procesgjiglitatively different from
the ternary AsY-Fe; alloy in that no significant amount of fcc-Al precigéa. The
microstructure remains as a mixture of amorphous phasédanphase (AFeY) until
the temperature is increased to 450°C, where thgY MeTi, amorphous phase fully
crystallizes, mostly into the bct phaseAA&Y) with little or no fcc-Al phase. Figure 4-
22c shows that the addition of 3% Ni and 1% Nd (both remagl) to AlgsYFesTi
increases the onset of crystallization temperature é&weher, which is consistent with
the DSC data. The first crystallization event obsérfor AloY 7FesNisTioNd; is after the
powder is heated to 425°C. At this temperature, the baseplfAtFesY) begins to
precipitate from the amorphous matrix. Further heatong50°C induced complete
crystallization of the amorphous matrix, and the presexf a small amount of Mli was
also observed.

In this study,in-situ SXRD results showed that the crystallization behaofathe
microalloyed AlgsY 7Fe&sTi, and AlgY 7FesNisTioNd; is qualitatively different from the
ternary AksY-Fe and other previously reported amorphous Al alloys [11, 24, 1G4,
in that they crystallize at much higher temperaturesl, e primary crystallization
products are intermetallic phasesAAdY and AENi) rather than fcc-Al. For amorphous
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alloys with very high (> 80%) Al content, the localder typically consists of
nanoclusters, which are mostly aluminum [67, 105, 165].caBse the Al is already
clustered in a configuration close to the stable fcc gghit® energy required to form the
fcc-Al phase is relatively low. The crystallizatiaf amorphous aluminum alloys into
fcc-Al does not require long-range diffusion becausetsiamge atomic redistribution is
sufficient for the precipitation of Al nanocrystg=l]. When the Al content is reduced by
2~6% and microalloying elements of Ti, Ni, and Nd, are gmeshe local ordering is
changed and long-range diffusion may become necessatljefarrystallization. Ti has
shown to decrease the aluminum diffusion rate by incrgdbke local ordering with the
other elements in the alloy. This change in the locéér has been shown to inhibit the
nucleation of the fcc-Al phase [30]. Ti and Nd both saavenge for oxygen atoms,
which have been shown to be detrimental to glass fasm@t66], and form nano-sized
oxide particles or clusters. However, these oxide aisiste not trigger the formation of
large crystalline phases around them because they chiamgeterfacial structures and
chemical composition around them [27]. It is relativelgre difficult for Al atoms to
simply re-order, and the sluggish diffusion of largenag, such as Y, Nd, and Ti, require
more energy for the amorphous phase to crystallize.ortler for crystallization to
proceed through long-range diffusion, rather than slzovge rearrangements, the alloy
must be heated to higher temperatures, and is therefore thermally stable. Ni
additions caused the appearance of thdlidh the crystallization products. Competition
between the AFeY and AkNi crystalline phases may also serve to further shdt t

onset of crystallization to higher temperatures.
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4.5 Consolidation of Aluminum Powder

In an attempt to consolidate the mechanically alloy@drahous aluminum alloy
powder, quais-isostatic forging, also known as the Ceracocess was used. Ceracon
process was conceived in the late 1960s for metal powdsolatation. Ceracon stands
for CERAmic CONsolidation.

The process uses a pseudo-isostatic, hot forging, wheem gmampacts with
densities about 70 — 80 % of the theoretical densitysed as the preform. The preform
is heated to the consolidating temperature, and so ipréssure transmitting medium
(PTM). The preform is embedded in the PTM and they aranpoitan empty die in a
hydraulic press, where sufficient pressure is applied teifyetime preform. The process
is especially useful for consolidation of materialstttannot sustain exposure to elevated
temperature for prolonged amounts of time, such as al@gswill change chemically or
microstucturally after prolonged heating [167]. Ceracon gs®iag is also useful
because of shearing forces present in the consolidatacess that break-up oxide layers
that can adversely affect interparticle bonding. Dueh® mnetastable nature of the
amorphous aluminum phase, the Ceracon process seengs ttee bmost appropriate
approach to consolidate the powder. Table 4-4 summattiesamples used in this

consolidation study.

4.5.1 Optical Observations

Figure 4-23 shows photographs of the samples after theybeaveforged. From
this figure it can be seen that the samples have beermasfand that some samples are
heavily shear banded. All 3 of the samples forged at 420%@ shear banding. The
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100% mechanically alloyed (MA) powder sample has beenufted into 6 pieces. The
composite of 85% MA and 15% coarse grain (CG) aluminum kasffows shear bands
completely traversing the sample, but the sample resmaione piece. The composite of
70%MA and 30%CG sample has shear bands around the edgd® bhoear bands were
stopped in the middle of the sample.

The samples forged at 445°C show less shear bandinghibss forged at 420°C.
The 100% MA sample forged at 445°C shows a few shear bahdhdkie traversed the
sample while most have stopped in the middle. The 70%akA30% CG composite

forged at 445°C shows very few shear bands and appeary oodtiformed.

4.5.2 X-ray Diffraction of Consolidated Samples

Figure 4-24 shows the x-ray diffraction patterns for eaicthe forged samples.
Figure 4-24a show the 100%MA sample forged at 420°C. Figures 4nrddb 24c show
the fcc Al phase due to the CG additions and the béte®N phase. The 100% MA and
70% MA plus 30% CG samples forged at 445°C are shown in Figu?dsl and 4-24e.
These figures show the same crystalline plus amorphoseplaas the samples forged at
420°C. These results show that the original amorphoasepim all of the samples

partially crystallized with some amorphous phase remgiafter forging.

4.5.3 Mechanical Behavior of Consolidated Samples

In order to examine the mechanical behavior of the duolased samples,
monotonic compression tests were performed. Tests pafermed at an initial strain
rate of 10Y/sec. The results of the compression tests arersiio®igure 4-25 and 4-26.
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The 100% MA sample forged at 420°C was very brittle, andurad shortly after
loading began. The 85% MA and 15% CG sample forged at 426fdegiand fractured
at 265 MPa. The 70% MA and 30% CG sample forged at 420°C yiatdaldout 300
MPa. This sample did not fail completely at this stre$he sample started fracturing at
about 300 MPa, but the ductile CG Al phase held the satogkther. This sample did
not completely fail during the test, but did show mudtigield points. Figure 4-26 shows
the compression tests of the samples forged at 445%@. 100% MA sample forged at
445°C failed at about 350 MPa. The 70% MA and 30% CG sampjedaat 445°C
behaves similar to the sample of the same compoditijged at 420°C. The sample
yields at 285 MPa where the brittle phase fractured, lmisdmple did not completely
fail because the ductile Al phase held the sample hegeind allowed continued loading.
The strengths of these consolidated sample were alirBe% lower than expected. A
possible explanation for these low strengths is tigtifscant bonding did not occur
during the consolidation. Porosity in these samplespaod bonding likely resulted in
the brittle behavior and low strengths in the 100%MA as1 Bonding was improved
in the composite samples, but poor consolidation invAephase likely still contributed

to the low strengths.

4.6 In-stu Neutron Scattering of a Zr-based Bulk Metallic Glass dumg
Mechanical Loading

Metallic glasses are an important new class of eeging materials with attractive
properties such as high strength, high hardness, a l&ggcestrain limit (~2%), and
good fracture toughness [3, 58, 168, 169]. Because of their aousr@tructure and
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inherent lack of grains, metallic glasses do not deform dudisiocation motion like
most crystalline materials. They deform via localizehear bands which quickly
propagate through the materials, quickly leading to cafalsic failure [170]. Because
metallic glasses form these localized shear bandgatip leading to failure before
appreciable plastic deformation can occur, understandirtheofnternal strains during
elastic deformation is an important aspect of undergignthe deformation in these
material. Modeling of the deformation of BMGs began al3&uyears ago [171-173], but
these models have not been verified by experiments eapsrimental techniques for
measuring the internal stress-strain behavior of gdassge not available. Today high-
intensity synchrotron x-ray and pulsed neutron diffractacilities makean-situ loading
diffraction experiments possible. An understanding ef dieformation behavior at all
length scales, nanoscale, microscopic, and macroscapistill required for these
materials, and considerable effort is being put forth tdetstand the deformation and
fracture of metallic glasses [174-177]. Since most ofdarmation is elastic, and
because of the high elastic deformation limit of BM@ay should be a good candidate
for strain measurements via diffraction. The primadyallenge to studying the
deformation of metallic glasses by diffraction istthaetallic glasses are not crystalline.
They do not produce sharp crystalline peaks, whose chaagdse easily and accurately
measured. The diffraction pattern of metallic glass@ssists of a broad hump, which
has typically been considered useless for accuraie stemsurements.

X-ray and neutron diffraction have been used to measlastic strains in
crystalline engineering materials for a long time. sTikidone by measuring changes in
the d-spacing of atomic planes, and the microscopicadtibn data can be accurately
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correlated to macroscopic properties. Recently, effoatgee been made to use high-
energy x-rays as a tool to measure elastic strainsmorghous materials [39, 40].
Because high-energy x-rays and neutrons can be usegatoine the local atomic
structure of materials, these techniques have been esapltty examine structural
changes of glasses that have been subjected to lasgsestt This section presents

efforts to examine the deformation okAMbsCuis ANii2 Al1o Dy using neutron diffraction.

4.6.1 Measurement of Strain from PDF Analysis

Analysis of glasses using the PDF assumes that the BM& isotropic and
amorphous materials are usually assumed to be isotraipithis case the assumption is
made that the small amount of anisotropy caused the unid&farmation can be
neglected even though a thorough analysis would involveguspherical harmonics to
describe the small amount of anisotropy [178, 179] The pstirilalition functionsG(r),
shown in Figure 4-27a, for the axial direction have beataioed through the Fourier
transformation of the structure fact@®@(q), data. The first coordination shell Gf(r)
shows that the peak shifts to smaller r with increasingpcessive load, indicating that
the atom-atom pair distances are being shortened or essqual, Figure 4-27b. When the
stress was lowered from 1,500 MPa to the unloaded condit@® ®Pa, all of the strain
was recovered to a level below the initial loading coowdiof 20 MPa. In order to
calculate the shift in position d&(r), the location wherés(r) = 0 was used as the

reference point for internal strain measurements [40].
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4.6.2 Local Atomic Response to Applied Stress

The strains determined fro@®(r) from the axial bank of the SMARTS instrument
are plotted as a function of distance r out to ~16rAlie different stress levels, Figure 4-
28. Distances greater than 16 A approach zero indicatiighere is no order past 16 A.
There appears to be no significant trend for increasnagnsas the distance in the PDF
increases. This is significantly different than waparted by Paulsen [39], in which it
was reported that strain increased by a factor of 2.@rokthe first coordination shell.
The data shows that at a distance of about 9-10 A and 15thérd are spikes in the
strain data which are seen for each level of appliest Similar spikes in strain were
reported on a similar metallic glass (Vit105 —/ZisCuoNigAl1o) at distances of 8-9 A
and 13-15 A,

The average strain was determined by taking an averagé sifaahs for each
stress over the complete rangeraheasured. This linear fit yields an elastic modulus
value E = 121 GPa, Figure 4-29. The elastic modulus=seNBsCuss /Ni12 6Al10 reported
in the literature is 87.3GPa [180], a 39% difference. Bgutating the slope from the
transverse direction data the Poisson’s ratiayas calculated to be 0.52. The literature
value forv = 0.365, a difference of ~42%.

Statistical methods were also used to measure thede&amation of the BMG.

The center of mass of each peak in the PDF was asdcliaccording to the equation:

M = fer(r)dr

CoM= §G(r)ar

(8)

89



This measures how each of the coordination shells mmvedch of the applied stress
levels. This gives an average to how the bulk of tbhena in each coordination shell are
moving with stress. It is less sensitive to termimatipples the PDF data that could
affect the stress strain behavior calculated usingiritezcept method because it is a
weighted average and is less responsive to the datarfdrtm the center of mass of
each coordination shell. The center of mass data wéRglto give strain as a function
of distancer, Figure 4-28b. The data shows that as stress is aphleedirain increases
in a very similar manner observed in the intercept neethd/hen the stress is lowered
back to 20 MPa, the strain decreases to a level neanitia¢ condition of 20 MPa, as
expected for a fully recoverable deformation processe average strain from all of the
coordination shells results in an obtained modulus vafwdout 112 GPa, which within
the error bars calculated for the intercept methodeas in Figure 4-29. The difference
between the literature data and the center-of-masswmattion of Young’s modulus and

Poisson’s ratio is 29% and 32%, respectively.

4.6.3 Proposed Deformation Mechanisms

It was noted previously that the first coordination sbEBMGs is stiffer than the
bulk average of the material taken at large value ofhis appears to be the case for the
Zrs7NbsCuis Nipo 6Al 10 alloy as well. The elastic modulus of the figfr) = O intercept
(corresponding to the first coordination shell) was measio be 145GPa, while the
second intercept and the bulk (everything outside of thehll) give values of 97 GPa
and 107 GPa, respectively. The values of the elastic Imadbhe glass in the first shell
likely are due to overlapping Zr - (Cu, Ni) and (Cu, Ni)Gu( Ni) bonds and Zr — Zr
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bonds, as these values are similar to these crystafiterials. The left side of the first
coordination shell had a stiffness of 145 GPa, while tbt rside had a stiffness of
97GPa. The elastic modulus of crystalline Zr is 96 GRajs 115 GPa, and Ni is 204
GPa [181]. Based on atomic size calculations, thesigdt of the first coordination shell
is dominantly Zr-Zr bonds, while the right side is domaababy Zr-(Ni, Cu) and (Ni, Cu)
— (Ni, Cu) bonds. The presence of Al and Nb, in theralition data, is difficult to
observe in the diffraction data due to the low scaiedross section of Al and the low
concentration of Nb in the alloy. This could be intpat when comparing the diffraction
data to the macroscopic data because at 10% and 5%, tfentation of these elements
is likely higher than can be neglected on the macmsstale.

The difference between the measured local elastic lmedd ~112 GPa and the
literature value of ~87 GPa is about 29%. This differeiscabout the same as the
difference between glasses and their correspondiysjadiine counterparts [182, 183].
This difference in modulus is likely due to internal thggments or rearrangements
which can occur in glasses but cannot in crystals [171]. 172 crystals, atoms are
located at centers of symmetry, and the atomic disphe@nts are completely described
by the macroscopic displacement field. Glasses cem ddditional displacement options
due to the regions of lower density caused by their amorphause, and some atoms
will be strained more than others. The free volumesgnt in metallic glasses allows
atoms to move in a uniform direction with the appliecestrand in a non-uniform
direction with applied stress, and thus anelastic d&ition can occur in glasses in
addition to elastic deformation. These inhomogeneopdadisments cause the decreases
in the shear modulus and Young’'s modulus in glasses [18W. diffraction results
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would show the component of the strain in which thenatamoved in the same direction.
The additional motion component of the strain in whibe atoms are displaced in
different directions would not appear in the analys$ithe diffraction data. This effect
can be removed to some degree by structurally relaxing élss.glfhe slight densification
associated with structural relaxation has been showsulbstantially raise the Young's
modulus closer to that of the devitrified state [185].

If atoms in metallic glasses have short range order,sahgte atoms tend to
cluster around solvent atoms [68, 142, 186], this effect woelldeen by the movement
of clusters as opposed to individual atoms. The shepladement of clusters would not
be observed in the local structure because averageelogabnment would be the same.
In this way the atoms could move in a uniform manner underapplied stress that
would be measured by diffraction, and at the same timeclinsters themselves could
rotate and arrange themselves in a way to minimizenakenergy [141]. Rotation would
be allowed by the additional volume frozen into the gjl@sd a collective rotation of
clusters could serve to initiate shear bands, which agpdagher stresses near the yield
stress. The space between clusters, acting as fleee/owould provide room for the
rotation of clusters upon applied loading, helping to govene teformation
characteristics of the glass [187].

In order to investigate this phenomenon, the changes ipehk width were
examined by studying the variance of each coordinatiot ishéfle PDF. The variance
of the data from the center of mass is plotted gufg 4-30. While the center of mass
measurements show how the weighted center of the peaks as a stress is applied, the
variance of the data, which is a measure of how the idatistributed about the center of
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mass, illustrates how the extremes of the data chamtheregard to the center of mass.
Figure 4-6 indicates that in the fourth shell: 10 A, the extremes move significantly
more than the center of mass for each applied loafier gis spike in the data, the
variance appears to move in the negative direction s$pilke at around 15 A. These
spikes are due to the coordination shell broadening and ctmiyat different distances
as the stress is applied. This means that the envirarandistances of about 10 A from
an average atom is being deformed more than atoms desmarage distances. These
spikes are present at all levels of stress, and theaded sample shows that this
deformation in the broadening and contracting of the coatidin shells is recoverable.
While the average strain is less than the macrosecepponse, there are instances
where the local strain exceeds the macroscopic bahawwhile looking at the data
obtained from the intercept method, this happens at diasanf 9-10 A and 15-16A. A
similar spike in the data was observed at ~10 A whenvttriance from the center of
mass was plotted as a function of distance, and ke slisappears upon unloading.
Interestingly these spikes in strain correspond nitelthe diameter expected for shear
transformation zones (STZ), ~10 A, or roughly 3 or 4 atimdiameter [173, 188, 189].
3 or 4 atoms in diameter could then correspond to #eeddi one local cluster of atoms
arranged with short range ordering schemes. The SBZdeformation mechanism
caused by the collective motion of atoms (possibly tisensa within a cluster rotating
together) subjected to shearing forces. Multiple SB£ting together can be thought of
as a shear band nucleus. The STZ is a way for koadr events to comprise local
plasticity. These local plastic strains could explaimy the average strain measured is
less than the macroscopic response of the materlhatsc deformation would not be
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detected via diffraction measurements. The rotationusters could explain the anelastic
deformation behavior observed in this experiment alony thi¢ spikes in the strain data

occurring at distances of about 10 A.

94



Chapter V: Conclusions

Previous research results in the literature illustrabed &morphous aluminum
alloys have great potential for structural applicatidus to their exceptional mechanical
properties [1, 4, 190].  In addition to the technicditytof these alloys, there is also a
fundamental interest in examining the glass-forming tgbdnd unique crystallization
behavior of these alloys.  The current dissertatesearch has served to further the
knowledge base on these alloys in multiple ways by addgekey scientific objectives.
This dissertation presented a methodology developed éopithduction of amorphous
aluminum powder through mechanical alloying. A better umdeding of the
relationship between the local atomic structure andgthss-forming ability has been
established. The crystallization process has been ¢ésdlata local atomic level, and a
potential consolidation method has been explored.

Because aluminum alloys are only marginal glass formedshave a very high
critical cooling rate [5], a mechanical alloying techniquesvaeveloped to produce
amorphous aluminum alloy powders. The role that compasplays in the glass
formability and crystallization in the system oM -FesTM3(TM = Ni, Co, Cu, and Fe)
was investigated. When one TM component is substitutédamother TM component
of similar atomic size, the intensity of the cryit@ peaks in the XRD patterns changed
as the enthalpy of mixingAHmix, for Al and TM changed. The general trend was
observed that the alloys with the highest eutectiqogzature of the binary alloy (Al—-
TM) also had the highest onset of crystallizationgerature. Additions of Ti were also

examined to determine the effect of Ti on the glassiifog ability of these alloys. The
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alloy AlgsY;FesTi, appeared amorphous through diffraction experiments, andhead
best glass-forming ability of all of the compositionsraksed.

In order to understand the relationship between the &oalic structure and the
improved glass-forming alloy, &Y.F&Ti,, and a reference alloy, AY-Fe, were
examined by high-energy synchrotron x-ray diffractiddiffraction results showed that
AlgsY7Fe; structure to be nanocrystalline, whilegM-FeTi, is amorphous. The pair
distribution function analyses revealed that localdtire of AbsY7Fe was dominated
by Al, Fe, and AJY short range ordered regions. On the other hand, tla¢ dtructure of
AlgsY/FesTi, was comprised of Al, AFe, and AY short-range order regions, in which
the order extended for about 8 angstroms. The additibhseems to promote the Al-Fe
interaction in a way that AfFe clusters to form and enhance chemical ordering &r th
improved glass-forming ability.

Differential scanning calorimetry (DSC) results showkedt the addition of Ti
also improved the thermal stability by delaying crystatian by 92°C. Isothermal DSC
showed that a monotonically decreasing signal fagisYAFe; indicative of a grain
coarsening process, but isothermal DSC abWFesTi, showed a bell-shaped signal
characteristic of a nucleation and growth during thetalymation event. Annealing of
these alloys revealed structural relaxation occurringtaltiee Ti addition, by increasing
the chemical short range order (CSRO) in the amorphcasephThis short-range order
in the amorphous phase is different from that of tlalst crystalline phase, and this
enhanced CSRO in the amorphous phase makes diffusion nfbiceltdand delays
crystallization to higher temperatures. The cry=iatlion of AksY;Fe;Ti, corresponds to
the devitrification of the amorphous phase mainly intbcitype intermetallic phase
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(Al7F&Y) unlike AlgsY7Fes and other aluminum-rich amorphous alloys reported
previously, where the primary crystallization resultsthe precipitation of an fcc-Al
phase.

Mechanically alloyed amorphous aluminum-based allogieveonsolidated using
the Ceracon forging process at two temperatures, 420°C and.445%Cforged samples
showed various levels of deformation after consolisatiXX-ray diffraction showed that
the amorphous phase of all of the samples had starteg/dtallize. The compression
tests showed that the strengths of these consoliddites was low, likely due to poor
bonding and porosity after the consolidation.

In addition to amorphous aluminum alloys, the mechahiehavior of a Zr-based
bulk metallic glass was also examined in this work. ifternal strain was measured for
a Zrs7NbsCuys aNii2 6Alip BMG in-situ by neutron diffraction. Measurements of the
stress-strain behavior were examined by multiple datlysia methods in real space with
good precision. The results show that local streamsbe measured with good agreement
with macroscopic data, and the differences in thell@ravironment measured by
diffraction are likely due to anelastic relaxationsieth occur in glasses but not in crystals.
These results seem to validate the idea that megddlgses contain short range order, and

metallic glasses deformation occurs at length scaésgtgrthan this short range order.
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Chapter VI. Future Research and Interests

This is fascinating time for the study of amorphous rietalloys. Research is
moving forward at an exciting pace around the world. Curogits of research on bulk
metallic glasses being conducted on their thermodyrsaamd kinetics, glass formation
of composites, atomistic modeling, increasing plastic raedibion, and porous and foam
materials.

As indicated in this research, the local atomic $tmecof amorphous metallic
alloys plays a very important role in properties andsgfarming abilities of these
materials. Small changes in chemical compositionhezav@ significant influences on the
local atomic structure. Synchrotron x-ray and pulsedraeusources can be used to
couple experimental data to mathematical models cdtiwic structure. Understanding
this structure can guide the development of improved gtassirfg alloys, which is
crucial for the development of improved metallic glasses

One of the strongest driving forces behind the researtch aluminum-based
metallic glasses is their potential application ascttural materials due to their unique
high strength, low density, and high elastic limit. Hwer, their poor glass forming
ability provides the greatest hurdle for their use asnemging materials. The advance
of bulk scale materials is essential for progressidnthis field. Current rapid
solidification techniques only produce alloys with thickiesssn the tens of micrometer
length-scale. Recent research has illustrated that@ous aluminum can be produced
through deformation techniques, such as powder metallurggh thé development of

good glass-forming alloys with high thermal stability, tise of these techniques may

98



enable the production of bulk alloys. The developmenmpioved composite materials

also appears to be a promising research approach for asnsraluminum alloys.
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Table 2-1. Comparison of bulk amorphous alloys to conveatialloys [3].

Strength
{MIFa)

Ferrons-based — 3002000

SrilTmess
{Youngs MModulus)
{GPa)

Densaty
{gram/cir'}

Toughmess
(MPa-m"*)y

Flastic Sirain to Failure
()

Cost ol raw ingot
material {5 per Kg)

Process/MManulfacturing
Technology

Conventional Metals

{Ferrous , Al-based,
and Ti-based alloys)

Bulk Amorphous Alloys
(typical properties)

Al-based — 200-300
Ti-hased — 3001, 000

Ferrous-based — 2,000-3300

Al-hased — GO-80
Ti-hased — 100-120
Ferrons-based — 130-200
Al-hased — 34
Ti-based — 4—5
Fermrous-based - 7T-8
High values
~ 20-120 AMPa-m'*

Typical large in all loading
geomelrics (2-50°%)

Al-based — 52-5
Ti-based - 515-30
Ferrous-based — 50060-510
Conventional casting,
forging. eic.

Heat treatment,
CRIPIEIon, el

Substantial machining requered

1o achicve net shapes
High cowis

Al-hased — B00-1.500
Ar-hased — FGO0-2 000

Al-based — 6080
Fr-based — 80-105
Fermous-based — 14601160
Al-based - ~3—1
Lr-hased — ~6
Ferrous -based — 7-8
High values
- 2060 hPa-m'?

Can be increased wsing 2nd-phase additions
[see, for example, Relerence 15]
Large in confined geometry
Limited (= 195) in unconfined geometry
{c.g., lension) but, can be exiended 1o
A% or maore using 2nd-phase additions
[see Relerence 15]

Al-hased - 52-5
Fr-hased — 8254
Ferrous-hased — %1-10
Metal mold die casting
Thermoplastic-lonming
{unchereosaled Houid siate)
Wery near net shapes
Mo keat ireatment —final
propertics in cast state
Little or no machining reguired
Liower cosis
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Table 2-2. Various methods of producing metallic glassegpga into different classes

[44].

Method Technique
Rapid Liquid Cooling Melt-spinning
Planar flow casting
Wire formation in water
Scanned laser or electron beam
Pulsed laser beam

Undercooking of clean liquids Emulsion
Fluxing
Solidification in free fall
Physical vapor deposition Evaporation
Sputtering
Chemical methods Electroless deposition

Electrodeposition
Precipitation
Hydrogenation
Irradiation By light or heavy ions
By electrons
By neutrons
lon implantation

lon mixing
Mechanical Methods Grinding
Mechanical alloying
Reactions Solid-state reaction of elements

Decomposition of crystalline solid solution
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Table 4-1. Summary of DSC results (20 K per minute heatirtg).ra Primary
crystallization temperature, ;T and enthalpies of crystallizatiomyHx, (kJ/mol) of
amorphous/partially amorphous aluminum alloys after 3@shotimilling. Also shown

is the eutectic temperature¢Tor the transition metal and aluminum obtained fritne

binary phase diagrams [30].

Composition T, (K) T. (K) AH, (kJ/mol)

AlgeY FeNi; 612 913 (Al-Ni) 2.2
AlgsY FeFe, 615 928 (Al-Fe) 3.0
Alg:Y-FeCo; 619 930 (Al-Co) 2.5
AlgsY FeCus 500 821 (Al-Cu) 1.6
Alg,Y FeNig 668 913 (AI-Ni) 3.5
Alg,Y-FeNi, 672 913 (Al-Ni) 6.6
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Table 4-2. Activation energy for the crystallizatioh various amorphous aluminum

alloys prepared by mechanical alloying (MA) of powder allagd by rapid solidification
of melt-spun (MS) ribbons.

Composition Activation Energy Processing Calculation
(kd/mol) method

AlgsY ;F&Nis 310 MA powder JMA

AlgsY gNisCo, [103] 285 MA powder JMA

AlgoY 15Nis [133] 280 MA powder Kissinger
AlgoFeq [9] 201 MA powder JMA

Al g3,Ni, Gd; [24] 164-222 MS ribbons  Kissinger

AlgsNiq5.,Y [134] 221-240 MS ribbons  Kissinger

AlgsNisFe,Gds [2] 425 MS ribbons JMA
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Table 4-3. Enthalpy of mixing (kJ/mol) of constituentnedmts in alloys examined in

this study [191].

AHnix Al Y Fe Ti
Al -38 -11 -30
Y -38 -1 15
Fe -11 -1 -17
Ti -30 15 -17
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Table 4-4. Summary of samples used in consolidation stbhdwing the composition
(MA = mechanically alloyed, CG = coarse grain), foggtemperature, # of forgings, %
of theoretical density determined by Archimedes metlad] ultimate compressive

strength (UCS).

Sample Temperature # of Density UCS

°C Forgings % MPa

100% MA 420 3 94-97* 85
85% MA + 15% CG 420 3 94 286
70% MA + 30% CG 420 3 96 305
100% MA 445 1 95 350
70% MA + 30% CG 445 1 94 285

*density of multiple pieces of fractured sample was measured
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materials [44].
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Figure 1-1. Schematic showing the strength-density
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Figure 1-2. Example of layered microstructure developed durexhanical alloying as

observed by scanning electron microscopy on a Ag-Cu &y [
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Figure 1-3. Stress-strain curves ogAlisYsCo, consolidated at different temperatures

[4].
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Figure 1-4. Bright-field electron micrographs and selected-alectron diffraction
patterns showing microstructure okMisYsCo, alloys after consolidation at 483K,

523K, 577K and 693K [4].
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Obijectives
* Fundamental characterization of amorphous aluminum allpys
Microstructure and crystallization behavior
» Comprehensive understanding of critical issues:
Relationship between atomic interactions and structure
formation in amorphous aluminum powder

~

)

Task 1. Synthesi: of Amorphous
Aluminum Alloys
» Selection of base composition
» Selection of processing technique
* Optimization of process parameters
» Effect of Composition

l

Task 2. Local Atomic Structure Study
e Pair distribution function
e Local atomic structure
» Structural changes affecting
GFA

Task 3. Crystallization Study
* Heat treatment of alloys
» Structural changes before
crystallization
» Structural changes after

crystallization

l

Task 4. Consolidation of MA Powdel
* Develop candidate alloy
* Quasi-isostatic forging
e Structural characterization
* Mechanical behavior

Expectec Results, Scierific Merits, and Impacts

mechanical properties

alloys

» Correlation between alloy synthesis, local atomic structure physical and

* Understanding of chemical short-range ordering in local atetmicture
* Analysis of novel processing methodology for production of atmmrs aluminum

Figure 1-5. Objectives, tasks, and expected results ctithent dissertation.
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Figure 2-1. Correlation in different glass-forming afidyetween (a) critical cooling rate

(Re), reduced glass-transition temperatugg @nd thickness of glassmé), (b) critical

cooling rate, (R super-cooled liquid region (T Ty) and thickness of glassng) [49].
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Figure 2—2. The correlation between the critical coolitg aady for 49 metallic glasses

[52].

136



Zr-B @ Feofr By
Lo-B & FeglnB,,

¥-Cun @ Mg,Y,Cu,,
Ln=Th i@ Al Lo Th;
Ln-TM & Al<CujsMg,

Figure 2-3. Sketch of atomistic network / backbone formethéyarge and small atoms
in a MSL class of metallic glasses. Several allases listed and there components are

specified [8].
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Figure 2-4. Melt-spinning schematic showing that the modtkoy is ejected onto a
copper wheel and a thin ribbon is produced up to a few nailéns wide and up to about

50 micrometers thick [44].
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Figure 2-5. X-ray diffraction patters of melt-spun ribbavith different wheel speeds

[59].

139



Elpctroms

Arimfal

N [

| "W | Hearts

Pumzing
e

Vaguum
reseral

Figure 2-6. Schematic diagram of an arc melting / sucasing system [192].
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Figure 2-7. Schematic illustration showing the mechariisnshear deformation for (a)

an amorphous single phase and (b) coexistent amorphouscaNdghase [5].
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Figure 2-8. X-ray diffraction pattern of Ami;4Cu,Bers BMG after annealing at

different temperatures [70].
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Figure 2-9. Bright field electron micrographs and selected-diffraction patterns of

AlgsNisY gCo, consolidated at different temperatures [4].
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Figure 2-10. Differential intensity profile of amorphousgdyNisolay alloy (top)
determined from scattering intensities (bottom) measur&d81 keV (solid) and 8.306

keV (dotted) that correspond to energies of 300 and 25 eV kblewi K-absorption

edge. Arrow indicates prepeak [55].
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Figure 2-12, The structure function for the Fe-Zr-basewy al/stem. The pre-peak at
about 1.5A is accentuated with Mn doping. This pre-peak is a maatfes of short-

range chemical ordering [67].
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Figure 2-13. The local atomic structure for the Fe-Ztesyss determined as a function
of chemical substitution at room temperature. Note kiosv peaks shift to lower r-

distances because of the volume contraction [67].
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Figure 2-14. lllustrations of a portion of a single clusteit for the dense cluster
packing model. In this model, tkeatoms are the solvent atoms andith®dms are the
largest atoms. Thg atoms will fill the interstitial locations and arieet smallest atoms

[68].
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Figure 2-15. (a) DSC trace of the,Zri14Cu» Nil0Be», s BMG; the significantly large
SLR is indicated in the figure. The points show the almgpaemperatures for density,
microhardness, and acoustic velocities measurement3.hé)variation of the density
and the relative change of the specimen length withpéeature. (c) The relative
longitudinal and transverse velocities change with teatpeg, and (d) the microhardness

H, of the BMG with temperature [70].

149



g, -
ik
melt-spun ribbon

400 500 600 700 800
Temperature, T/ K

Figure 2-16. Thermograms of amorphous cylinders with diasefes and 7mm. The

data of the melt-spun ribbon are also shown for compafi&s).

150



1'E T T T T ¥ T ¥ T n‘:
€ | Hass supercooled  iqud | &
= } "*._ i liquid i
o h™ g 134
B0 B [azz=D u15
... A {32
¢ "... _:_ ]
Co) %ﬁq’% A {30
?'%. 128
Hat : X
T-,. T Y Ly

400 800 800 1000
Temperature T (K )
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Figure 2-18. a) DSC curves ofsdCwoPdioAl10 Showing that the crystallization occurs in

three stages. b) DSC curve 0§87 sAl7sshowing that the crystallization occurs in a

single stage [85].
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Figure 2-19. The structure fact&Q) for as-cast, structurally relaxed, and partially

crystallized ZgsCugsAl 10.
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Figure 2-20. (a) The total radial distribution functioDR for as-cast, structurally
relaxed, and partially crystallized£CussAlipand (b) for as-cast and structurally relaxed

in an enlarged scale.
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Figure 2-21 — Schematic showing the kinetics of metalisg formation:

Nucleation control

log t >

control vs. growth control [102].
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Figure 2-22. XRD patterns of ANii;oCe; melt-spun ribbons with different thicknesses
[3].
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Figure 2-23. DSC curves of ANi;oCe; melt-spun ribbons with different thicknesses [5].
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Figure 2-24. XRD patterns of &l gsNisCo, after mechanical alloying for various times

[103].
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Figure 2-25. Pressing temperature of consolidation platiedhst Vickers hardness for

the consolidated AdY sNisCo, alloys [4].
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Figure 2-26. Arrhenius plot of viscosity vs. temperatureescdly T, showing the
“strong-fragile” pattern of liquid behavior. The insstows the large jump inpyGit Tg

for fragile liquids and a small jump for strong liquid99].
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Figure 2-27. (a) DSC curve for 4Y,Fe melt-spun ribbon sample.

The primary

crystallization occurs at 273°C and corresponds to theatiwm of fcc nanocrystalline

aluminum phase. (b) Close-up view of the primary afiisation [102].

161



| MeaMpicdr !
Alganitogd? )
ﬁ_-!uﬂlsad_r____ 7
__f@_qf}
AlggNizady '
AlgTNIBGT
AlagNiscdy
N

Heat Flow {arb. unit)

400 45050055!:!11:0-6!:0 700 TS50
Temperature (K)

Figure 2-28. DSC curves of ALNiGd; amorphous alloys. The dashed line

corresponds to the primary crystallization [24].
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Figure 2-29. The structure function with increasing tempegafl he diffraction peaks

are indexed to Al [111].

163



015 + 100,

012 -

0.0E 4

POE (4%

Figure 2-30. The local atomic structure forsAli;Nds at several temperatures. Above

500°C, the atomic structure is dominated by the crystallireses [111].
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Figure 2-31. Strength vs. density plot for engineering niadser Partially crystalline Al-

based alloys can have properties greater than convahfiballoys [44].
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Figure 2-33. Plot of concentration vs. atomic radiusthier bulk metallic glass forming

Zr-based alloyes, showing a concave-up appearance [118].
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alloys, showing a concave-down appearance [118].
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Figure 3-1. 6-ID-C synchrotron x-ray beamline at the Adedneéhoton Source showing

the direction of the x-ray beam, the sample locatma, the detector.
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Figure 3-2. X14A synchrotron x-ray beamline at the Nati@ynchrotron Light Source

showing the sample location, the capillary furnace, the slit for the diffracted beam.
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Figure 4-1. X-ray diffraction patterns of ball-milleds&f 10Fesand AksY 7FesTM3 (TM

= Ni, Co, Cu, and Fe).
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Figure 4-2. X-ray diffraction pattern of AlY 7FeNis:x showing the effect of changing
the Al/Ni ratio.
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Figure 4-3. Differential scanning calorimetry results by, Y FeNi, sample milled for

30 hours showing multiple exothermic events.
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Figure 4-5. In-situ high-temperature x-ray diffraction patterns measured during
isothermal annealing at 633 K on gM-FeNis for 95 minutes showing that the
crystallization is a combination of crystallizationf ¢he amorphous phase and

intermetallic phase formation.
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Figure 4-6. Integrated peak intensity of A¥ ;FeNis duringin-situ high-temperature x-
ray diffraction at 633 K showing (a) intensity of tA&/Fe;Y phase with increasing time

and (b) intensity of the fcc-Al phase with increasimggt
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Figure 4-7. XRD patterns for the as-milleg&l;FesNis sample (a) and the crystallized

AlgsY 7FeNis (b) sample after annealing at 633 K for 95 minutes.
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alloy, (b) structure factor$5(Q) of AlgsY7Fe and AksY 7FesTi, alloys after 45 hours of

mechanical alloying. (c) comparison in the Q-range -o#0A™.
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Continued from Figure 4-8
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179



(@)

1h
AL Y Fe,

rA]

(b)

Al.Y Fe.Ti,

_2 L 1 L 1 L 1 L
0 5 10 15 20

rA]

Figure 4-9. Pair distribution functions (PDF) of (a)sXIFes and (b) AdsY /FesTi,

alloys.
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Figure 4-10. First coordination shell of PDF for (agsXkFes and (b) AésYFesTis

alloys showing crystalline cluster approximations represmet of the short range order.
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Figure 4-11. The difference pair distribution function (¥ Df AlgsY ;Fe;Ti, subtracted
from AlgsY7Fe&s. Also shown is the calculated DPDF of the theoadt?DF of Fe minus

that of AkFe for a comparison.
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Figure 4-12. Differential scanning calorimetry (DSC) traass AlgsY,Fe and

AlgsY7FesTi, performed at 20°C / minute.
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Figure 4-13. Isothermal DSC traces of§Xl;Fe; performed at different temperatures.
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Figure 4-14. Isothermal DSC traces ofXl,;Fe;Ti, performed at different temperatures.
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Figure 4-15. (a) Structure factor data ofsXkFe; as-milled and annealed at 315°C and

335°C and (b) in the region of 2 — 6" 4n the as-milled condition and annealed at 255°C

and 295°C.
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Figure 4-16. Structure factor data ogM-;FesTi, as-milled and annealed at 410°C and

430°C.
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Figure 4-17. Area of prepeak ofgAY;Fe; and AksY 7FesTi, structure factors, plotted as

a function of annealing temperature below crystallizatnperature, I
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Figure 4-18. Pair distribution functions, G(r), ofs;Fes and AbsY/FesTi, as-milled

alloys.
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Figure 4-19. (a) PDF of AdY+Fe; in the as-milled condition and annealed at 255°C, (b)
DPDF of as-milled alloy and annealed at 255°C, (c) DPDF aedeat 295°C and

annealed at 255°C, and (d) DPDF of annealed at 335°C and ahaealks°C.
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Continued from Figure 4-19.
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Figure 4-20. (a) PDF of AdY;FesTi, as-milled alloy and annealed at 350°C, (b) DPDF
of as-milled alloy and annealed at 350°C, (c) DPDF of aedeatl 410°C and annealed at

390°C, and (d) DPDF of annealed at 430°C and annealed at 410°C.
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Continued from Figure 4-20.
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Figure 4-21. DSC traces of &Y 7Fes, AlgsY7F&sTiz, and AbgY 7F&NisTioNd; performed

at 20°C/minute.
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Figure 4-22. Selectad-situ synchrotron XRD patterns for (a) &V 7Fe at 30°C, 300°C,
325°C, and 350°C; (b) AJY-FesTi, at 30°C, 375°C, 425°C, 450°C, and 475°C; and (c)
Al79Y 7FesNisTioNd; at 30°C, 400°C, 425°C, and 450°C . An Fe phase (marked with an

arrow) is present in all of the as-milled alloys.
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Figure 4-23. Photographs of consolidateghYAFesNisTioNd1 samples after forging:

(a) 100% MA alloy forged at 420°C, (b) 85% MA + 15% CG allongéal at 420°C, (c)
70% MA + 30% CG alloy forged at 420°C, (d) 100% MA alloy forged45°C, and (e)

70% MA + 30% CG alloy forged at 445°C. (scale in centimgters
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Figure 4-24. X-ray diffraction patterns of (a) 100% MAoglforged at 420°C, (b) 85%
MA + 15% CG alloy forged at 420°C, (c) 70% MA + 30% CG aliosged at 420°C, (d)

100% MA alloy forged at 445°C, and (e) 70% MA + 30% CG allogédalrat 445°C.
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Continued from Figure 4-24.
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Continued from Figure 4-24.
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Figure 4-25. Compression test results of samples forg&eDacC.
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Figure 4-26. Compression test results of samples fotgbtbaC.
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Figure 4-27a. Pair distribution function G(r) calculatemin the S(q) diffraction data

measured on ZM\bsCu;s Nii2 Al1ousing SMARTS instrument.
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Figure 4-27b. First correlation shell of the pair dmttion function measured
Zrs;NbsCuis Nipo 6Al1o using SMARTS instrument, showing shift of PDF toward

compressive strains as load is applied.
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Figure 4-28a. Intercept strain data calculated from @&grja function distance, r for

Zr57NbsCuis ANi12.6Al 10.
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Figure 4-28b. Center-of-mass strain as a function stidce determined from PDF

analysis for Zg7NbsCuhs.aNiz2 6Al 10.
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Figure 4-29. Stress vs. strain curve fogMbsCus Niiz 6Al1g calculated on SMARTS

from average local strains in G (r) by the intercepthme and the center of mass method.
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Figure 4-30. Change in variance from the center of massunements as a function of

distance measured on ZiMNbsCus aNi12 Al 1o bulk metallic glass
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