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ABSTRACT 

Bulk-metallic glasses (BMGs) exhibits lots of unique properties, such as, high 

strengths, high hardness, high specific strengths, superior elastic limits, high corrosion 

resistance, etc. However, the applications of BMGs are still quite limited due to their 

intrinsic brittleness and low ductility at room temperature. Many efforts have been 

conducted to improve the plasticity of BMGs, in which metallic-glass-matrix composites 

(MGMCs) and thin-film metallic glasses (TFMGs) are two popular and effective 

approaches. Nevertheless, the deformation mechanisms for the improved plasticity of 

MGMCs and TFMGs are still far from satisfactory understanding, which will be 

investigated using both experimental and simulation methods in the present work. 

For the MGMCs, in situ high-energy synchrotron X-ray diffraction experiments 

and micromechanics-based finite element simulations have been conducted to examine 

their lattice strain evolution. The entire lattice-strain evolution curves can be divided into 

elastic-elastic (denoting deformation behavior of matrix and inclusion, respectively), 

elastic-plastic, and plastic-plastic stages. Characteristics of these three stages are 

governed by the constitutive laws of the two phases (modeled by free-volume theory and 

crystal plasticity) and geometric information (crystalline phase morphology and 

distribution).  

The deformation behavior, especially the fatigue behavior, of TFMG materials 

has been investigated on the some substrates, including 316L stainless steel, BMG, etc. 

The results show that the four-point-bending fatigue life of the substrates is greatly 

improved by Zr- and Cu-based TFMGs, while Fe-based TFMG, TiN, and pure-Cu films 
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are not so beneficial in extending the fatigue life of 316L stainless steel. However, quite 

limited work is reported on the fatigue behavior of TFMG coated on the BMG substrate, 

which can be a very interesting topic. Moreover, a synergistic experimental/theoretical 

study are conducted to investigate the micro-mechanisms of the fatigue behavior of 

TFMGs adhered to BMG substrates. Furthermore, shear-band initiation and propagation 

under deformation are investigated using the Rudnicki-Rice instability theory and the 

free-volume models employing finite-element simulations.  
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CHAPTER I 

INTRODUCTION 

In 1960, the first metallic glass (MG) was reported in the alloy, Au75Si25 (All of 

the compositions in the text are in atomic percent, at. %), by Duwez et al [1]. The so-

called metallic glass retains the disordered atomic structure of high-temperature melts, 

which is usually prepared from extremely rapid cooling to avoid crystallization. In the 

early development stage of metallic glasses, they are generally produced into ribbons, 

films, or wires, since heat can be extracted quickly enough to achieve the amorphous 

critical cooling rate of ~ 10
5 

– 10
6
 K/s. For example, in the 1970s, amorphous ribbons and 

wires are fabricated, mainly in the Fe- and Co-based alloy systems, focusing on their 

excellent softer magnetic properties [2]. Meanwhile, Turnbull’s criterion is proposed: a 

liquid with Tg / Tm = 2/3 (Tg and Tm denoting the glass-transition temperature and melting 

temperature, respectively) becomes very sluggish in crystallization, which will be easier 

to form a glass alloy. Then, “bulk” metallic glasses are reported sequentially [3-5]. Here, 

the “bulk” is arbitrarily defined as the millimeter (mm) scale. For example, in 1974, Chen 

reported the first bulk metallic glasses (BMGs) in the ternary Pd–Cu–Si alloy system, 

which yielded a cylindrical specimen with the diameter of l - 3 mm and length of several 

centimeters (cm), possessing  a critical cooling rate of less than l0
3
 K/s [3]. In 1980s, 

more BMG alloy systems were developed, and considerable efforts are contributed to the 

fundamental understanding of atomic structure of MGs, as well as further exploration of 

their mechanical, magnetic, and chemical properties [5]. 
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During the late 1980s, Inoue’s group succeeded in developing many 

multicomponent BMG alloy systems with lower critical cooling rates, generally 

consisting of common metallic elements, including the well-known Pd-Cu-Ni-P, Zr-Al-

transition metal (TM), and Zr-Ti-Al-TM-Pd alloys [6], as well as other alloys, such as 

Ln-, Ti-, Mg-, Fe-, and Ni-based BMG systems [1, 7-9]. For example, high glass-forming 

ability is found in La–Al–Ni and La–Al–Cu alloy systems, which possessed a critical  

diameters of 5 mm [10]. In BMG alloy of Mg80Cu10Y10, the fully amorphous specimen is 

prepared with a maximum diameter of ~ 10 mm in cylindrical shape [11]. In the 1990s, 

the BMG alloys of Zr65Al7.5Ni10Cu17.5 and Zr55Al10Ni5Cu30 were fabricated with a 

diameter up to 16 mm using water quenching and suction-casting approach, respectively 

[12, 13]. In 1997, the Pd–Cu–Ni–P family with the super high glass-forming ability (GFA) 

was discovered with a critical casting diameter of 72 mm [14], which is one of significant 

breakthroughs during the development of BMGs. Moreover, another important BMG 

alloy is Zr41.2Ti13.8Cu12.5Ni10Be22.5, developed in Johnson’s group, which is commonly 

referred as Vitreloy 1 (Vit1) alloy [15].  

In the early 21
th

 century, the research enthusiasm on BMGs is mostly focused on 

the structures and properties of BMGs and their promise for structural applications due to 

their unique properties, such as, high strengths (over 5 GPa [16]), high hardness, high 

specific strengths (strength / density), superior elastic limits (2 %), good wear resistance, 

high corrosion and oxidation resistance, etc. [7, 9, 15, 17-24]. However, the applications 

of BMGs as structural materials are severely limited because of their low ductility, 

intrinsic brittleness, and moderate fatigue resistance at room temperature, which is 

mainly due to the formation of localized shear bands that quickly lead to catastrophic 
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fracture of BMG specimens [25-27]. The so-called shear bands in BMGs are the 

deformation bands with a thickness of only 10 nm [28], distributed on the lateral surface 

of deformed samples, much less than the thickness of deformation bands in conventional 

crystalline alloys with a typical value of several microns. There have been several 

approaches to improve the room-temperature ductility of BMGs, including microstructure 

modifications by adding dispersed inclusions in the amorphous matrix to form metallic-

glass-matrix composites (MGMCs)  [29-31] and surface modifications of BMG, such as 

thin film metallic glasses  (TFMGs) [22, 32-34], which all seek to block major shear 

bands and thus to induce a more homogeneous distribution of shear bands in BMGs 

during deformation. However, the micro mechanism study on these two new materials is 

still quite limited. Therefore, it would be very interesting topic to investigate the 

deformation mechanisms responsible for the improved mechanical performance of 

MGMCs and TFMGs. 

In Chapter II of the present work, we will review the recent developments in 

MGMCs and TFMGs, with particular emphases on their deformation and fracture 

mechanisms. Moreover, both experimental and continuum modeling will be employed to 

investigate the deformation behavior of MGMCs and TFMGs in Chapter III and Chapter 

IV, respectively. 
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CHAPTER II 

LITERATURE REVIEW 

2.1 Metallic-glass-matrix Composites 

In the last two decades, Johnson et al. make tremendous progress in the designing 

and preparation of metallic-glass-matrix composites to improve the plasticity of BMGs, 

while Inoue et al. made great contribution on the development of BMGs, as mentioned in 

Chapter I.  In this Chapter, we will review the recent advances in MGMCs, including 

both in-situ and ex-situ MGMCs, with particular emphases on the deformation and 

fracture mechanisms of in-situ MGMCs, due to their better structural and mechanical 

performance, compared with the ex-situ MGMCs.  

2.1.1 Ex-situ MGMCs 

In order to avoid the early failure of monolithic BMGs upon deformation as 

discussed in Chapter I, a straightforward approach is adding secondary phases in the 

glassy matrix, which can arrest the propagation of shear bands into macro-cracks, 

therefore, leading to the formation of multiple minor shear bands. This kind of dual-phase 

composite is called ex-situ MGMCs, which is usually categorized into two types, 

depending on the second phase geometry: (a) particle-reinforced and (b) fiber-reinforced 

MGMCs. 

(a) Particle-reinforced MGMCs 

The first particle-reinforced ex-situ MGMC was prepared by Choi-Yim et al. in 

1997 [35], in the glassy matrix with the nominal composition of: Cu47Ti34Zr11Ni8, 

Zr52.5Ti5Al10Cu17.9Ni14.6 (V105), and Zr57Nb5Al10Cu15.4Ni12.6 (V106), while ceramics and 
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metals are used as the secondary phases, such as SiC, WC, W, and Ta, with volume 

fractions (vol. %) varied from 5 % – 30 %. The particle sizes ranged between 20 and 80 

μm. These MGMCs were fabricated by remelting a mixture of the pre-alloyed metallic 

glass-forming elements and second phases using induction melting, then, injected through 

a nozzle into a copper mold under the high-purity argon atmosphere. The optical 

micrograph of this MGMC is displayed in Figure 1(a), which can be observed that 

uniformly-distributed WC particles in the V106 matrix with the particle size of ~ 50 μm 

and the second phase vol. % of ~ 10 % [35]. Figure 1(b) presents the X-ray diffraction 

patterns of the V106 matrix, the alloy reinforced with 10 vol. % WC, and pure WC 

particle [36]. The X-ray results of the MGMCs present diffraction peaks from WC 

particles superimposed on the broad diffuse scattering maxima from the glass matrix, 

which is different with the X-ray patterns of V106 and Pure WC. The quasi-static 

compression stress-strain curves of V106 composites reinforced with Ta, W, and WC 

particles were investigated [Figure 1(c)], which exhibited the compressive plastic 

deformation of ~ 0.5 %,  7 %, 3 – 5 %, and ~ 0%, for monolithic V106, W-reinforced,  

Ta/WC-reinforced, and SiC-reinforced MGMCs, respectively [37].  

Up to now, many different particle-reinforced ex-situ MGMCs have been reported, 

such as WCp / Zr-based [35-37], WCp / Cu-based [35], SiCp / Zr-based [35-37], SiCp / 

Cu-based [35, 36], Tap / Zr-based [35-38], and Cp / Zr-based bulk MGMCs (the subscript, 

p, denoting particles) etc. [39]. All these ex-situ dual-phase composites exhibit toughness 

at room temperature. Therefore, the intrinsic brittleness of monolithic BMGs is greatly 

improved by adding the ductile metals, such as Ti particles, or brittle intermetallics, such 

as ZrC particles, into the glass matrix. Meanwhile, other mechanical properties, such as 
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hardness, can also be enhanced for the MGMC (Zr55Al10Ni5Cu30) with ZrC as inclusion, 

which is shown in Figure 2(a). Moreover, as displayed in Figure 2 (b), the yielding 

strength and elastic modulus exhibit a close-to-linear increase with the increase in the 

ZrC content ranging from 0 to 20 vol.% [40].  

(b) Fiber reinforced MGMCs 

In 1998, long-fiber reinforced MGMCs (Zr41.2Ti13.8Cu12.5Ni10.0Be22.5) were firstly 

synthesized by Dandliker et al, with the tungsten and carbon steel continuous wire 

reinforcement [41, 42]. The SEM micrographs of an 80 vol.% tungsten-wire reinforced 

MGMCs are shown in Figure 3(a) [41]. The presence of continuous long fibers in the 

glass matrix can effectively retard the prompt development of shear bands upon loading, 

which is analogous to the cases in particle-reinforced MGMCs. Note that the 

unreinforced metallic glass is elastic up to 1,900 MPa, and shows no significant plastic 

deformation. In contrast, the fiber reinforced MGMCs have a varied plastic strain of 2% - 

16% depending on different inclusion and slightly improved ultimate strength [41]. 

Fiber-reinforced MGMCs have been widely reported in Al, Mg, Cu, and Ti alloys 

to increase their strengths. Up to now, there are Wf / Zr-based [41-47], Wf / Cu-based 

[48], Cuf / Zr-based [49], Taf / Zr-based [50], stainless steel fiber / Zr-based MGMCs [51]. 

For this kind of composites, the modulus of the composites is usually calculated, using 

the Rule of Mixture (ROM):  

                       (1 )c f mE fE f E                               (1) 
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where Ec, Ef, and Em are the moduli for the composite, the fiber, and glass matrix, 

respectively, and f is the volume fraction of fibers. According to Eq. (1), Ec is easily 

calculated, which is highly consistent with the experimental results [42].  

Regardless of particle- or fiber-reinforced MGMCs, the wetting behavior has an 

important effect on the bonding at the interface [52]. The infiltration pressure, the volume 

fraction of fibers, and the filtration length together determine the reactive wetting. For a 

system in which the melt partly wets the fibers, the extra pressure, P, is needed to put the 

metallic melt to infiltrate into fibers. For the ideal unidirectional infiltration, the 

analytical solution of the filtration velocity, v, can be derived as [52]: 

          
2

lg

0

2 cos
[ ( ) ]

8
f

R
v P g H hV

h R

 



                               (2) 

where h is the length of fibers, H0 the height of melt, R the radius of fiber, g the 

gravitational acceleration,   the viscosity of the melt,  the density of melt,  the contact 

angle, and 
lg  the surface tension of the melt. Based on Eq. (2), the determined 

infiltration dynamics investigation is believed to provide the valid foundation for 

controlling preparation conditions of fiber-reinforced composites. 

2.1.2  In-situ MGMCs 

The nature of plasticity improvement by introducing secondary phases in the 

metallic-glass matrix is that the secondary phases can inhibit the propagation of shear 

bands in the amorphous matrix, and promote the formation of multiple shear bands. 

Besides the effective addition of ex-situ inclusions, in-situ crystalline phases during the 
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solidification of melts can be another good selection [53], in which the in-situ crystalline 

phases is usually comprised of nanorystallites or dendrites. Beyond that, a few special 

brittle intermetallic phases [54, 55] or in-situ two amorphous phases through the phase 

separation [56, 57] are also employed to toughen the BMGs.  

(a) Nanocrystalline ductilization 

Fan et al. found that the as-quenched BMGs Zr53Ti5Ni10Cu20Al12 and 

Zr60Cu20Pd10Al10 included nanocrystals with an average grain size of ~ 2 nm embedded 

in the amorphous matrix, which exhibited significant plastic strains [58, 59]. The 

increased ductility was explained by the multiplication of shear bands due to the stress 

concentration in the vicinity of the nanocrystals [58, 59]. Kim et al. found that 

Ti40Zr29Cu8Ni7Be16 BMGs crystallized by forming a few 3–5-nm-sized quasicrystals with 

the volume fraction of ~ 7 % in the amorphous matrix, enabling the fabrication of 

quasicrystal-reinforced MGMCs. The stable low-energy interface between the glass 

matrix and quasicrystals may act as a source for the multiple-shear-band formation, 

corresponding to plastic strains larger than 6 % at room temperature [60]. Inoue et al. 

found that the as-cast Cu50Zr50 BMG can sustain a compressive plastic strain of more than 

50 % at room temperature, which is due to the compensation of any shear softening 

through nanocrystalline coalescence and pinning of shear bands [61].  

Therefore, the improved plasticity can be obtained for nanocrystallite-reinforced 

MGMCs. It is generally proposed the ductilization effect of nanocrystals in the MGMCs 

is from a strong interaction between nanocrystals and local shear bands during 

deformation [62]. Nanocrystals can grow in shear bands, delocalize the shear, and deviate 
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and blunt cracks by the aid of in-situ deformation in the TEM analysis [63]. Several 

factors affect the overall mechanical behavior. The dominant effect is the presence of 

weak interfaces, which play a dual role in that they weaken the entire specimen and also 

provide multiple locations for shear-band initiation. A second factor is the resistance to 

the plastic deformation of the nanocrystallite, when a shear band tries to propagate 

through it. Such participation is neither the result of heating due to mechanical work nor 

due to the presence of compressive strains. Besides nanocrystallites, the nanoscale 

heterogeneity in BMGs can act as precursors for the formation of multiple shear bands 

[64-66]. Thus, shear banding is preferentially initiated at the interfaces or soft regions, 

and these shear bands can distribute the applied strain more homogeneously, resulting in 

the enhanced plasticity. 

(b) Dendrite or Ta solid-solution ductilization 

The first in-situ ductile-metal (dendrite)-reinforced MGMC based on glass-

forming compositions in the Zr-Ti-Cu-Ni-Be system had been successfully developed by 

Hays et al. in 2000 [67]. Primary dendrite growth and solute partitioning in the molten 

state yielded a microstructure consisting of a ductile crystalline Ti-Zr-Nb β phase, with a 

body-centered cubic (bcc) structure, in a Zr-Ti-Nb-Cu-Ni-Be bulk metallic glass matrix, 

which resulted in a dramatic increase in the plastic strain to failure, impact resistance, and 

toughness of the metallic glass. This kind of MGMCs open the possibility of producing 

an entirely new class of metallic materials with high strength, toughness, and fatigue-

resistant, which can combine the high strength of the metallic-glass matrix with the 

ability to undergo plastic deformation under unconfined or otherwise unstable loading 

conditions. 
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Figure 3(b) shows a dual-phase microstructure containing β-phase dendrites in a 

glass matrix, and an estimated fraction is ~ 25 vol.% of β phases, which is identified by 

the XRD peaks in the inset image [67]. Upon cooling from the high-temperature melt, the 

alloy undergoes the partial crystallization by the nucleation and subsequent dendritic 

growth of the β phase in the remaining liquid. In order to provide a deep understanding of 

the designing of such kinds of dual-phase composites, a pseudo-binary phase diagram for 

the in-situ β-phase-reinforced composites had been constructed by Lee et al. [68] 

Moreover, a series of plastic Zr-based MGMCs have been designed, based on a pseudo 

ternary phase diagram with apexes of zirconium, (titanium + niobium), and X, where X 

represents the moiety of Cu5Ni4Be9 [67, 69], as displayed in Figure 4. Four compositions 

are on a line in the phase diagram, which can be written as (Zr75Ti25-xNbx)100-yXy. The 

Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG (Vit 1) lies on the same line with x = 0 and y = 45. If the 

value of x is fixed to 6.66 and the value of y varies (y = 20, 22, 25, and 28, respectively), 

different MGMCs can be prepared. Figure 5 shows the X-ray diffraction patterns of four 

samples with different compositions in Figure 4, labeled as Zr54, Zr56, Zr58, and Zr60, 

respectively, [69]. It can be identified that the β-Zr phase with a bcc structure is detected, 

and its diffraction peaks are superimposed on the broad diffuse scattering from the glassy 

matrix. The crystal-plane indices of the β-Zr phase corresponding to diffraction peaks are 

marked in Figure 5.  

Figure 6 presents the SEM images of the cross sections of the prepared MGMCs 

[69]. For the Zr54 alloy, very few dendritic phases distributes in the glassy matrix, as 

shown in Figure 6(a). For the Zr56 alloy, the dendrites with a very fine microstructure 

possess a volume fraction of ~ 50 %, as displayed in Figure 6(b). Figure 6(c) exhibits a 
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well-developed dendritic morphology for the Zr58 alloy, and the characteristic spanning 

length of an individual dendrite is ~ 20 μm. The dendrites have a volume fraction of ~ 

55 % for the Zr58 alloy, which are homogeneously distributed in the amorphous matrix. 

The typical dendritic morphology develops in the glassy matrix in the Zr60 alloy, as 

displayed in Figure 6(d), with the dendrites volume fraction of ~ 60 %. As designed 

above, the slight tuning of atomic ratios dramatically change the microstructure, which 

gives a reminder that the chemical compositions of glass-forming alloys should be 

carefully controlled to avoid the full crystallization of amorphous matrix. 

The compressive engineering stress-strain curves of designed alloys are displayed 

in Figure 7(a) [69]. The yielding strength (σy), the yielding strain (εy), the ultimate 

strength (σmax), and the fracture strain (εf) of these MGMCs together with mechanical 

properties of Vit 1 are summarized in Ref. [69, 70]. Compared with the fracture strain of 

Vit 1 alloy, all the four MGMCs are significantly improved, due to the transfer of the 

local stress concentration to the surrounding glass, upon the yielding of β-Zr phase under 

loading [67]. Moreover, all these four MGMCs exhibit the work-hardening behavior 

during plastic flows. The tensile engineering stress-strain curve of the Zr60 alloy is 

shown in Figure 7(b) [71]. It can be observed that the ultimate tensile strength is ~ 1,480 

MPa, and tensile fracture strain is ~ 2.9 %. During the past 15 years, many such dendrite / 

MGMCs are successfully designed, which exhibit improved macroscopic ductility and 

high strength at room temperature, together with the high thermal stability of the 

amorphous matrix [72]. They have been reported in the dendrite / Zr-based [29, 31, 67-71, 

73-76], dendrite / Ti-based [30, 77-83], dendrite / Co-based [84], dendrite (flake) / Mg-
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based [85], dendrite / La-based [86, 87], dendrite / LaCe-based [88], and dendrite / Fe-

based MGMCs [89, 90].  

In in-situ ductile crystalline-reinforced composites, the characteristic morphology 

of crystalline phases is mainly dendritic, and the bcc dendritic β-Zr and β-Ti solid 

solutions are most popular in Zr- and Ti-based MGMCs, with Ta particle-reinforced in 

the matrix. In 2002, Fan et al. had discovered precipitated micron-scale Ta-rich solid-

solution particles distributed in a metallic glass matrix during melting of the master alloy 

of the glass-forming (Zr70Ni10Cu20)82Ta8Al10 BMG [91]. The microstructure of the as-cast 

composite samples is shown in Figure 3(c) [91]. Particles of the Ta-rich solid solution, 

with an average size of 10 – 30 μm and volume fraction of about 4 %, are dispersed 

throughout the glassy matrix. Compared to dendrite composites, the differences between 

them are manifested not only in the morphology, but also in the chemical constituents. In 

the developed dendrite composites mainly, including Zr- and Ti-based BMG matrix, the β 

solid solutions are composed of Zr, Ti, and Nb for the Zr-based matrix, Ti, Zr, and V for 

the Ti-based matrix, and Zr and / or Ti occupy the most atomic percent [79, 92]. However, 

in in-situ Ta-reinforced composites, only a few elements can dissolve into bcc Ta 

particles [91, 93, 94]. Ta has a melting temperature near 3,000 degrees, and tends to 

precipitate prior to other elements with lower melting temperatures upon cooling. 

Although the differences between dendrites and Ta particles obviously exist, the function 

of these two reinforcements during plastic deformation is the same. These Ta-rich 

particles serve more than as traditional force carriers in the composites but as the main 

obstructions for the shear-band propagation [91, 93-96]. Finite-element analysis (FEA) 

demonstrates that homogeneously-dispersed Ta-rich particles form a network in the 
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matrix to effectively localize shear banding and, thus, avoid catastrophic failures [96]. 

The deformation behavior of the dendrite MGMCs would be investigated in detail in 

Section 3. 

After the introduction of formation mechanisms of MGMCs, the mechanical 

properties could be controllably tailored by tuning the microstructure. Figure 8 presents 

the variation of the tensile ductility, eT, as a function of the crystalline fraction, Vc, in the 

Cu47.5Zr47.5Al5 MGMCs [97]. The eT of MGMCs achieves its maximum value in the 

crystallinity range of ~ 40 % – 70 % and decreases steeply on both sides of the plateau. 

Recent studies have revealed that there exists a topological transition at a statistically-

critical microstructural condition in MGMCs [29, 80, 86]. This transition can be termed 

as the percolation and the transition point as the percolation threshold. The relationship 

between eT and Vc can be calculated quantitatively using the percolation theory [98]: 

                   ( )p

T c ce V V                                     (3) 

where p

cV is the percolation threshold, and β is a power exponent [98].  

In addition, the mechanical properties can be tailored by varying the 

microstructure via adding minor elements. Song [99] has systematically investigated in 

11 CuZr-based alloy systems with 36 different compositions. It can be noticed that the 

addition of minor elements has greatly affected the microstructure and mechanical 

properties of MGMCs. Wu et al. found that the twinning property of the reinforcing 

crystals could be dramatically improved by reducing the stacking fault energy through 

microalloying, which effectively alters the electron-charge density redistribution on the 



14 

 

slipping plane [100]. Consequently, minor additions of Co can dramatically improve the 

tensile ductility with a value of ~ 7 % and work-hardening capability of MGMCs.  

2.1.3 Fabrication of bulk metallic glasses and composites 

(a) Fabrication of monolithic BMGs 

As introduced above, Au-Si binary amorphous alloys have been successfully 

quenched via high cooling rates in the 1960s [1]. Later, amorphous alloys were mainly 

developed in the form of ribbon or strip types by melt spinning [5]. In 1970s, some 

BMGs with low critical cooling rates have been discovered. For example, Drehman et al. 

synthesized Pd40Ni40P20 BMGs with a slow cooling rate of 1.4 K / s on a fused silica 

surface [4]. In 1990s, to produce BMGs with a thickness above 10 mm, copper-mold 

suction casting [13], water quenching of a melt in a quartz tube [12], and unidirectional 

zone melting by the usage of arc melting as a heat source [101] were widely employed by 

Inoue et al. Up to now, copper-mold suction casting is the most common approach to 

fabricate BMGs, which is illustrated in Figure 9. The suction-casting system consists of 

two chambers: an upper chamber, in which the alloy ingot is melted, and a lower 

chamber, which mainly consists of a copper mold. To cast a sample, an ingot of the 

desired composition is melted under the atmosphere of Ar gas. While the ingot is molten, 

the valve is opened, creating a vacuum in the mold chamber and sucking the molten alloy 

into the mold. As a result, the rod and plate samples or samples with even more complex 

shapes can be fabricated. Other types of copper-mold-suction-casting systems are the 

same in essentials, while can be different in minor detail. For example, from the arc 

melter in Liaw’s group from The University of Tennessee, as shown in the inset in Figure 
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9 [102], it can be observed that the four-piece suction-casting die is sized to seat in the 

hearth leaving a 0.15 mm gap between the upper (crucible) portion and lower (mold) 

portion. With the development of large-size monolithic BMGs, all kinds of new methods 

appear, including the spark-plasma sintering [103], electromagnetic-vibration process 

[104], pulsed-laser forming [105], low-pressure die-casting [106], melt atomization and 

spray deposition [107], continuous casting [108], etc.  

People have been always searching for strategies to optimize the glass-forming 

ability (GFA) by computer calculations [30, 109, 110], and employing advanced ways to 

pinpoint GFA [111, 112]. For example, Ding et al. [112] proposed a high-throughput 

strategy. Using this approach, the composition with the highest thermoplastic formability 

in the glass-forming system of Mg-Cu-Y is quickly identified. Despite an increasing 

theoretical understanding of glass formation, BMGs are predominantly developed 

through a sequential and time-consuming trial-and-error approach.  

(b) Fabrication of ex-situ MGMCs 

As described before, as early as in 1997, ex-situ particle-reinforced Zr-, and Cu-

based MGMCs have been successfully synthesized by melt infiltration using an induction 

heating coil and then injected melts through a nozzle into a copper mold [35]. Figure 10 

shows the schematic diagram of the apparatus [35]. In this method, the top-fill casting-

liquid metal is forced downward by a pressurized gas into a preform, and particle-

reinforced and fiber-reinforced MGMCs can be easily synthesized. Actually, this method 

has been extensively employed to synthesize metal and ceramic matrix composites [113, 

114]. As the case of copper-mold suction casting to obtain BMGs, melt infiltration is the 
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most popular approach in the fabrication of ex-situ MGMCs [35-40, 115-125]. During 

melt infiltration, the extra pressure, the infiltration temperature, and melt / fiber interface 

have an important effect on the infiltration kinetics.  

To follow the temperature evolution during infiltration, a representation of the 

thermal behavior of both the fibers and melt is required as well as for the combined 

composite. The enthalpy (H) of the composite can be derived via Eq. (4) [126] 

298

( ) (1 )

T

f f m m s m mH M C M C dT f M G                        (4) 

where M is the mass fraction, C the specific heat, fs the matrix solid fraction, and G the 

heat of fusion. The subscript, f, denotes the fiber and m the matrix. In the case of the melt, 

a fixed melting point is used, at which the state change (e.g., phase transformation) 

occurs, leading to a large step in the resultant H(T) function.  

Moreover, the dual-phase boundary is of considerable importance in the 

consideration of the thermal evolution during infiltration. A concentric fiber / melt cell, 

consisting of the appropriate melt volume for the fiber radius (Rf) and fiber volume 

fraction (Vf), may be introduced for the consideration of heat transfer on the scale of a 

single fiber, the outer cell (Rc) radius given by the following Eq. (5) [126].  
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Based on Eqs. (4) and (5), the effects of the infiltration temperature and melt / 

fiber interface on fabrication can be quantitatively analyzed, which reminders people to 

optimize the ex-situ MGMCs processing. 

(c) Fabrication of in-situ MGMCs 

Recently, considerable research efforts have been directed towards the 

development of in-situ MGMCs, in which the reinforcements are formed in-situ by 

exothermal reactions between elements and compounds [127]. Using this approach, 

MGMCs with a wide range of matrix materials (including aluminum, et al.) and second-

phase particles (including borides, et al.) have been prepared. Due to the formation of 

ultrafine and stable ceramic reinforcements, the in-situ MGMCs are observed to exhibit 

excellent mechanical properties. 

Contrary to conventional in-situ MGMCs, the ductile phase is the secondary 

phase in in-situ MGMCs, for example, dendrites and Ta solid solutions, rather than the 

glassy matrix. These secondary phases play an important role in the ductilization of 

monolithic BMGs. The high strength originates from the network structure of the 

amorphous matrix. From the first in-situ dendrite MGMCs [67, 70], it have been noticed 

the heterogeneous distribution of secondary phases from the outer surface to the center of 

specimens [69, 92, 128-130]. Kong et al. [128] has found that the secondary dendrite arm 

spacing (SDAS) closely depends on the cooling rate, and an increased SDAS dominates 

from the outer surface to the center. Even if the composition is fixed, different 

microstructures, including the size and volume fraction, could be obtained, related to the 

different cooling rates by using different-sized molds [131]. For the synthesis of the 
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homogeneous in-situ MGMCs, copper-mold casting has not been the best choice yet. 

Therefore, several approaches are proposed to solve this problem (inhomogeneous 

microstructures), and homogeneous in-situ MGMCs can be obtained. 

i) Semi-solid processing 

In 2006, an innovative method was developed, based on the controlled 

solidification in the liquid-solid dual-phase region to produce spherical crystalline 

particles homogeneously dispersed in the amorphous matrix [132]. The synthesized 

composites by this semi-solid processing method exhibit the improved toughness. The 

spheroidization makes the crystals coarsen, which can more effectively increase cracking 

resistance [132-134]. Later, the ductile spherical crystal / metallic glass has been found in 

Qiao’s group [133]. Therefore, semi-solid processing has been recognized as a good 

candidate to fabricate in-situ MGMCs with uniform microstructures. 

Overall, the tips to prepare MGMCs by semi-solid processing are refered to be the 

following steps: (1) selecting a highly-processable BMG system with large GFA and 

finding a dendrite that forms in equilibrium with the glass-forming liquid; (2) processing 

the dual-phase alloys between the solidus and liquidus temperatures, which will coarsen 

the dendrites, create a uniform microstructure; and (3) quenching rapidly to vitrify the 

remaining liquid and form a dual-phase composite consisting of an amorphous matrix 

with ductile secondary phases. As the extension of semi-solid processing, thermoplastic 

processing [135] and semi-solid forging [136] are well developed to produce near-perfect 

replications and net shapes. 
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ii) Bridgman solidification (unidirectional solidification) 

Bridgman solidification has been widely employed to synthesize conventional 

crystalline alloys, since the microstructure can be controlled by tailoring the temperature 

gradient and withdraw velocity [137]. By varying the withdrawal velocities in a 

controlled manner, the alloys with tailorable volume fractions and sizes of crystalline 

phases are obtained, owing to the variation of the cooling rates. Furthermore, the 

distribution of the crystalline phase is still homogeneously attributed to the availability of 

the invariable cooling rates, since the direction of the thermal conduction and extraction 

is mainly along the longitudinal direction for rod-shape samples obtained by the 

Bridgman solidification. The early study on the formation of MGMCs by the Bridgman 

solidification was mainly carried out in La-based alloy systems, and precipitated α-La 

dendrites were as the reinforcement [87, 138-141].  

Later, significantly ductile high-strength Zr-based [29, 53, 129, 133, 142-144] and 

Ti-based MGMCs [80, 145, 146], consisting of amorphous matrix and ductile bcc 

dendrites, are prepared employing the Bridgman solidification by Qiao et al. It is 

illustrated in Figure 11 [147], which consists of an induction coil, a quartz tube, a heat 

insulator, a graphite heater, and a liquid Ga-In-Sn alloy with a water-cooled bath. After 

heating to the required temperature and holding for several minutes, a sample was 

directionally solidified into the liquid Ga-In-Sn alloy with a withdraw velocity of v. The 

cooling rate (Rcooling) could be calculated, according to the equation of Rcooling = GTv. 

Figure 12(a) [53] displays the XRD patterns of the Zr37.5Ti32.2Nb7.2Cu6.1Be17.0 

composites fabricated by the Bridgman solidification with different velocities, v = 0.2 - 
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1.5 mm / s. It can be observed that the peaks for the bcc β-Zr phases are superimposed on 

the broad diffuse-scattering amorphous maxima, when the v increases to 0.5 mm / s or 

higher, and the crystal-plane indices of the β-Zr phase corresponding to peaks are marked. 

The DSC results for Zr37.5Ti32.2Nb7.2Cu6.1Be17.0 composites are shown in Figure 12(b) [29, 

53]. The samples with v ≥ 0.5 mm/s exhibit a glass transition, followed by a single 

exothermic event during continuous heating, which is an indicator of an eutectic 

crystallization event. However, no glass transition and exothermic event are observed for 

the sample with v = 0.2 mm / s, indicating that this composite is only composed of the 

crystalline phases. The heat of crystallization in these composites relative to the heat of 

crystallization in the matrix alloy is an estimation of the volume fraction of the glass [31]. 

Therefore, the analysis of the heat of crystallization of the glass matrix of the composites 

compared with that of the matrix of DH1 alloy (ΔHx = 100.90 J / g) gives a direct 

estimate of the volume fractions of β-Zr dendrites to be 64 %, 43 %, 42 %, and 40 % 

corresponding to v of 0.5, 0.8, 1.0, and 1.5 mm / s, respectively. 

The microstructure of the sample with v = 1.0 mm/s is illustrated in Figure 13(a) 

[29]. It can be observed that dendrites homogeneously disperse in the glass matrix. An 

individual dendrite tree is indicated in the inset of Figure 13(a), which has a spanning 

length, s (μm), of ~ 330 μm. The dependences of spanning lengths of individual dendrite 

trees on varied withdrawal velocities are shown in Figure 13(b) [29], which roughly 

obeys a linear relationship. The relationship between s and v is approximately expressed 

by the following equation. 

          239 588s v                                  (6)  
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By controlling the withdrawal velocities, the sizes of dendrites have been 

effectively tailored, which verifies that the microstructures of the MGMCs can be tuned 

by the Bridgman solidification even when the composition is fixed. In addition, with the 

increase of withdrawal velocities, i.e., the increase of cooling rates, the growth of 

dendrites is suppressed, leading to the decrease of volume fractions of dendrites. Figure 

13(c) plots the dependences of the fracture strengths and the plastic strains of the 

MGMCs developed by the Bridgman solidification on v. It is noted that the mechanical 

data are collected from Ref. [29]. All the composites by the Bridgman solidification have 

high fracture strength (＞1,700 MPa) and exhibit the large plasticity. The bended 

specimen is exhibited in the inset in Figure 13(c). The crack does not happen during 

bending until the bending angle is approaching 130 degree, which also demonstrates that 

the Bridgman solidification is a good approach to adjust and optimize the mechanical 

properties of the in-situ MGGCs. 

Therefore, both the semi-solid processing and Bridgman solidification can yield a 

uniform “near-equilibrium” dual-phase microstructure throughout the specimens, leading 

to the improved ductility. Through tuning the compositions of the composites, different 

scaled and volume-fractioned dendrites in the glass matrix can be obtained, and the 

enhanced ductility and toughness can be achieved.  

2.1.4 Summary 

This section clarifies the development history of MGMCs. According to the 

reinforcement phases in the glass matrix, the classification of MGMCs is schematically 

illustrated in Figure 14 [147]. It can be noticed that artificially introducing ex-situ 
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reinforcements with high melting temperatures into the glass-forming melts makes ex-situ 

MGMCs. Spontaneously, the partial crystallization of glass-forming melts yields in-situ 

MGMCs. Moreover, advanced approaches to fabricate homogeneous in-situ MGMCs are 

in expectation, other than the semi-solid processing and Bridgman solidification.  

2.2 Thin-film metallic glass 

According to reported data [32, 33, 148-152], TFMGs have been used extensively 

to improve the mechanical behavior of various substrate materials, especially in the field 

of wear resistance and hardness, without adversely affecting their desirable properties 

[149]. Numerical studies have reported that the fatigue behavior of the film/substrate 

system is closely dependent on film properties, such as structure, composition, thickness, 

hardness, ductility, and film/substrate interfacial adhesion, et al. [153-155]. Therefore, the 

fatigue behavior of various TFMG-substrate systems will be reviewed in this section, in 

which the film properties and film/substrates adhesion are investigated in detail. 

Zr-based TFMG on 316L stainless steel: Figure 15(a) shows the stress-fatigue 

life (S-N, in which S is the applied stress and N is the number of cycles to failure) curves 

of 316L stainless steels coated with Zr-based TFMGs (Zr47Cu31Al13Ni9, at.%) of two 

different thicknesses (200 nm and 1 μm). It can be observed that both TFMG-substrate 

systems could improve the fatigue life of the steel substrate, while the 1-μm-thick-TFMG 

case has a better performance in improving the fatigue life and strength of the substrate. 

The fatigue-endurance limits of the bare-steel substrate, and substrates coated with 200-

nm- and 1-μm-thick films are 700 MPa, 750 Mpa, and 775 Mpa, respectively. Noted that 

the fatigue-lifetime improvement is generally much more significant at lower stress levels 
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in Figure 15a, however, only limited beneficial effects of the TFMG on the fatigue life 

improvement can be observed at high stress levels [155]. 

To investigate the deformation mechanisms of the TFMG-Steel material system, 

the fractography of a 200-nm-thick Zr-based TFMG specimen after fatigue fracture is 

characterized by SEM, as exhibited in Figure 16(a) and (b) [155, 156], in which fatigue-

crack-initiation and crack-propagation regions can be observed on the fracture surface. 

Figure 16(a) shows that the cracks initiate from the film/substrate interface zones and 

propagating inward, as indicated by the arrows. After large plastic deformation and final 

fatigue fracture, the TFMG remained well adhered with the substrate without remarkable 

cracks observed in the TFMG, shown in Figure 16b. It is good indication of the excellent 

film/substrate adhesion under fatigue loading, which is attributed to the outstanding film 

ductility accommodating bending deformation of substrate. However, slightly film 

delamination can be observed on the fractured specimens with 1-μm-thick Zr-based 

TFMG, illustrated in Figure 16(c) and (d) [155, 156], due to slip deformation in the 

substrate travelling to the film/substrate interface.  

Zr-based TFMG on HAYNES C-2000
®
 Ni-based alloys: Figure 15(b) exhibits 

the S-N curves of Zr-based (Zr47Cu31Al13Ni9, at.%) TFMG-coated Ni-based alloy 

substrates with two different film thicknesses (200 nm and 1 μm), as well as the bare 

substrate [156, 157]. Remarkable beneficial effects on the fatigue life of the Ni-based 

alloys are observed for both the 200-nm and 1-μm-thick cases, especially the 

improvement at lower applied stresses. Moreover, the fatigue-life and fatigue-endurance-

limit improvements tend to be slightly higher for the 200-nm case than the 1-μm case. 
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The fractography of the Ni-based alloy with Zr-based TFMG after fracture is similar with 

that of steel coated with Zr-based TFMG, which is illustrated in Ref. [155]. The fatigue 

crack initiates from the coated surface and propagates inward. After fatigue failure, the 

Zr-based TFMG remains well adhered in the Ni-based alloy substrate.  

Zr-based TFMG on Zr-based alloys: The S-N curves of Zr-based alloys 

(Zr96.5Hf4.5, wt.%) coated with a Zr-based TFMG (Zr47Cu31Al13Ni9, at.%) at different 

thicknesses (200 nm and 1 μm), as well as bare substrates, are displayed in Figure 15(c), 

which shows that both the 200-nm- and 1-μm-thick Zr-based TFMGs can improve the 

fatigue-life and fatigue-endurance limit of the Zr-based alloy substrates. The 

enhancement of the fatigue life is more significant for the 200-nm-thick film case, 

compared with the 1-μm-thick film case, especially at high stress levels. The fractographs 

of Zr-based-TFMG-coated Zr-based alloys are exhibited in Figure 17. In Figure 17(b), 

the fracture surface shows that the crack initiates from the corner of the tensile side and 

propagates inward, as indicated by white arrows. The adhesion between the film and 

substrate is displayed in Figure 17(a), which shows partial film delamination near the 

fracture region, resulting from severe slip deformation of the Zr-based alloy substrate 

under fatigue deformation. 

Zr-based TFMG on Al alloys: The heat-treated Al-based alloy (7075-T6) 

substrates were deposited with a 50-nm-thick Ti adhesive layer plus a 200-nm-thick Zr-

based [(Zr53Cu30Al8Ni9)99.5Si0.5, at.%] TFMG. The S-N curves of the Al-based alloy 

film/substrates systems, as well as the bare substrates, are shown in Figure 15(d) [152]. 
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The results reveal that the coated specimen exhibit much improved fatigue life and 

strength, compared to the bare substrate, especially at low stress levels.  

Typical SEM fractographs for fracture surfaces of the Al-based film/substrate 

system, as well as bare substrates, deformed at σmax. = 300 and 350 MPa are shown in 

Figure 18 [152], in which it can be observed that the fatigue-fracture surfaces are 

consisted of three distinct regions: (I) crack initiation on the tensile surface, (II) crack 

propagation, and (III) final-fast-fracture regions. The top view of the coated surface is 

shown in Figure 19 [152], which reveals that the overall TFMG remains intact, indicating 

good film/substrate adhesion, after severe four-point-bending deformation [Figure 19(a)], 

although slightly film delamination is found to be associated with fatigue cracks [Figure 

19(b)]. A TEM cross-sectional image of the failure specimens, after the fatigue test at 

σmax. = 350 Mpa, is illustrated in Figure 20 [152], which can be observed that a pimple-

like protrusion appears on the film surface, when PSBs propagate to the film/substrate 

interface and, eventually, form a crack. The pimple-like protrusion results from the step-

like offsets appearing at the film/substrate interface during the fatigue test [152]; are 

mainly attributed to dislocations pileups and PSB formation in the substrate.  

Zr-based TFMG on Ti-based alloys: Figure 15(e) [158] shows S-N curves of 

the Ti-6Al-4V substrates with and without coatings. Three kinds of coating materials 

with the thicknesses of 200 nm are used: TiN, single-layer Zr50Cu27Al16Ni7 (at.%) TFMG, 

and bilayer TFMG/Ti coatings. The S-N results indicate that fatigue life of Ti-based 

alloys is improved for all three cases, among which the TFMG/Ti bilayer case exhibits 

the best fatigue lifetime and endurance limit.  
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To investigate the fatigue mechanism of this Ti-based alloy film/substrate system, 

a series of cross-sectional TEM graphs [Figure 21(a)-(d)] are obtained, together with the 

AFM images of the surface morphology [Figure 21(e)-(h)] at various fatigue cycles with 

σmax. =  675 Mpa [158]. In Figure 21(a), the columnar structure of the as-deposited 

TFMG is clear. The corresponding AFM morphology image in Figure 21(e) exhibits a 

smooth surface, before fatigue loading. Figure 21(b) and (c) show that the columns or 

domain slipped along the boundaries, due to slip bands piled up and subsequent offsets 

formed in the substrate, with the corresponding morphology images displayed in Figure 

21(f) and (g), revealing the bubble-like surface morphology, at the fatigue cycles of 5 × 

10
5
 and 5 × 10

6
, respectively. Figure 21(d) and (h) present the morphologies of a failed 

specimen at 6.4 × 10
6
 cycles, as a slip plane stacked up during the fatigue test. Therefore, 

the film roughness increased with fatigue cycles, ultimately leading to the film peeling 

off. 

Moreover, the film properties can affect the film/substrate adhesion in the 

film/substrate system, which will result in the dramatic difference in the fatigue behavior 

of the film/substrate system. For example, TFMGs having good adhesion with crystalline 

substrates, such as Zr-based and Cu-based TFMGs, can increase the fatigue behavior of 

substrate materials, while poor film adhesion with the substrate, such as the Fe-based 

TFMG, will not significantly increase the fatigue behavior of substrate materials. 

In film/substrate materials, fatigue-fracture surface occurs in three stages: fatigue-

crack-initiation at the tension (coating) surface of the specimen (Stage I), crack 

propagation through the whole sample (Stage II), and the fast-fracture-stage, as shown in 
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Figure 16 [156]. In general, the surface-crack-initiation stage, usually initiated from the 

tension surface, plays a major role in affecting the fatigue behavior of film/substrate 

materials under HCF loading. The fatigue life and strength of the coated 316L stainless 

steel, Ni-based alloys, Zr-based alloys, and Al-based alloys can be improved by Zr-based 

TFMGs at a low stress level, which is mainly attributed to the lifetime extension at the 

fatigue-crack-initiation stage. Nevertheless, the TFMG coating does not have significant 

influence on the fatigue resistance of the substrate once a fatigue crack propagates. 

Therefore, fatigue-resistance enhancement is attributed to lifetime extension in the 

fatigue-crack-initiation stage, mainly due to the deformation of substrates accommodated 

by the good ductility of thin films. Thus, the interaction between the film and the slip 

deformation in the substrate is extremely important in understanding the fatigue behavior 

of TFMG/substrate material systems. According to the interaction behavior of the slip-

band/film occurring at the film/substrate interface, a fatigue-crack initiation mechanism 

can be proposed in Figure 22 [156, 159]. When PSBs or/and dislocation-pileups in the 

substrate arrive at the film/substrate interface, surface offsets will appear, which are 

potential sites for fatigue-crack initiation. Furthermore, the interaction between the slip 

bands and TFMG could lead to the activation of multiple narrow bands in the TFMG, 

which were believed to be the sites for shear-band nucleation and multiplication in 

TFMGs, thus preventing the catastrophic failure by single shear-band propagation and 

improving thin-film ductility. Consequently, it will take more fatigue cycles for a fatigue 

crack to initiate, and result in the increased fatigue life of TFMG/substrate material 

systems. 
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2.3 Motivation and Scientific Issues 

Despite of the desirable properties of BMGs, there are several critical issues 

needed to be addressed before the application of BMGs as structural materials, especially 

the plasticity and fatigue behavior, even considering the improved mechanical properties 

for MGMCs and TFMGs. Firstly, the plasticity of MGMCs can be greatly improved, due 

to dispersed inclusions in the metallic-glass matrix. However, the micro mechanisms for 

the improved plasticity of BMGs are still far from satisfactory understanding. Second, the 

fatigue behavior of different TFMG-substrate materials can be further studied with the 

four-point-bending and tensile loading methods, since very limit clues are reported on the 

relationship between fatigue behavior and critical factors of TFMG-substrate materials, 

such as the film composition, film/substrate adhesion, film thickness, and surface 

roughness, et al. Finally, the micro mechanisms responsible for the TFMG-substrate 

materials need to be further investigated with transmission electron microscopy (TEM) to 

characterize the interface of the TFMG-substrate and FEM to simulate the shear-band 

initiation and propagation in TFMGs, which in turn can help us to design better TFMG-

substrate materials. 
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CHAPTER III  

METALLIC-GLASS-MATRIX COMPOSITES 

3.1 Introduction 

Despite the unique properties of BMGs, most monolithic BMGs have limited 

macroscopic plasticity prior to the catastrophic failure, which greatly restricts their 

structural applications. To date, macroscopic ductility has been obtained only for 

monolithic metallic glasses with nanoscale dimensions (e.g., nanopillars) due to 

homogeneous deformation rather than local shear banding at room temperature [160, 

161]. For engineering applications, larger BMG specimens (e.g., a millimeter scale) with 

the improved ductility are imperative. To circumvent the rapid propagation of shear 

bands within BMG samples, a new class of metallic-glass-matrix composites (MGMCs), 

with soft body-centered cubic (BCC) dendritic crystals as the reinforcement phase 

dispersed in the metallic-glass (MG) matrix, has emerged with improved ductility, as 

shown in Figure 24 [30, 70]. Compared to the traditional MGMCs with particle-like 

crystalline inclusions in the MG matrix [95, 162-165], the typical characteristic of this 

kind of composite is that a large amount of dendritic single crystals with random 

crystallographic orientations precipitate in the metallic-glass matrix. Some studies have 

been conducted to investigate the mechanical behavior of these novel MGMCs under 

various loading conditions. For example, Hofmann et al. [31] and Qiao et al. [30, 166-

168] found that the MGMCs had substantially improved compressive and tensile ductility, 

compared to monolithic BMGs. The improved toughness and ductility of these MGMCs 

are commonly believed to be caused by blocking the propagation of shear bands through 
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soft crystalline phases under loading, as revealed in Figure 25 [169]. This mechanism can 

be revealed by post-mortem observations, while only limited in-situ studies have been 

performed by synchrotron X-ray and neutron-diffraction measurements on the 

microstructural origin of these deformation mechanisms [164, 170-173]. 

Owing to the excellent penetration capability, X-ray diffraction techniques have 

been widely used to study the effects of material microstructures and loading conditions 

on the deformation behavior of polycrystals [30, 174-180]. In the X-ray diffraction, the 

lattice strain can be calculated from the shift of diffraction peaks, which corresponds to 

the elastic lattice distortion of grains in different crystallographic directions. From the 

micromechanics standpoint, the lattice strain relies on the intergranular interactions of the 

inhomogeneous deformation fields in neighboring grains, which is called Type-II strains 

[181]. In diffraction analyse, the lattice strain in the <hkl> direction, εhkl, is calculated 

from the interplanar spacing (dhkl), based on the change of dhkl before and after 

deformation, which can be measured from the [hkl] peak shift in the diffraction pattern. 

In elastic deformation, the evolution and anisotropy of εhkl are determined by the elastic 

anisotropy and texture of materials, while in plastic deformation, they are mainly 

contributed by plastic slips and intergranular interactions among neighboring grains. The 

deviation of the measured εhkl from the extrapolated curve of the measured elastic-elastic 

portion is denoted as intergranular strains [181, 182]. 

In the reported diffraction works, Balch et al. [170, 171] used synchrotron X-ray 

scattering to measure the lattice strains in crystalline reinforcements of MGMCs upon 

uniaxial compression. They examined the load transfer between the amorphous matrix 

and the second-phase particles during loading and unloading, and found that the 
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crystalline phase yielded before the matrix, decreasing the fraction of the subsequent load 

transferred to crystals. Ott et al. [164] studied the elastic-strain evolution of the particle-

enforced MGMCs in the single-crystal direction using the synchrotron X-ray diffraction 

and finite-element modeling (FEM) during compression loading. As compared to our 

dendritic composite, the second phase is softer than the MG matrix, but the deformation 

mechanisms are very different when strain localization appears in the matrix. Their 

simulations are based on continuum Mises plasticity without any reference to the plastic 

anisotropy. Clausen et al. [172, 173] investigated the lattice-strain evolution of dendrite-

crystal-strengthened MGMCs by neutron diffraction and self-consistent models. Their 

self-consistent model is based on the Eshelby inclusion model and gives a neat treatment 

of how a crystalline grain deforms within other grains, which clearly has difficulties in 

describing dendritic crystals. Deformation in the matrix involves strain localization, 

which again cannot be addressed by the self-consistent model. We note that the 

synchrotron X-ray diffraction measurement has unique advantages, compared to the 

neutron diffraction with respect of resolution, which tends to be more sensitive to 

structural disorder and fluctuations, and allows the background intensities between peaks 

to be estimated more reliably [183]. 

Bulk metallic glasses (BMGs) exhibit many desirable properties, e.g., high 

strengths and hardness, large elastic limits, and excellent corrosion and oxidization 

resistance [7, 8, 19, 22, 155, 184, 185], which make them potential candidates as new 

structural materials. However, BMGs are notorious for their brittle nature upon loading 

due to the formation of highly localized shear bands. In a monolithic BMG, a major shear 

band will run through the entire sample once it initiates from some weak locations. To 
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circumvent this disadvantage, a class of metallic-glass-matrix composites (MGMCs), 

with ductile dendritic crystalline phases dispersed in the metallic-glass (MG) matrix, has 

emerged with improved toughness, due to the stabilization against shear localization and 

propagation of critical shear bands upon loading.[17, 30, 31, 70, 88, 168] The primary 

objective will be clearly directed to how to design such a microstructure and control the 

internal strain fields so that the ductility enhancement can be manipulated.  

A number of studies have been conducted to investigate the deformation 

mechanisms in the dendrite-dispersed MGMCs. For example, Hofmann et al.[31] and 

Qiao et al. [30, 83, 166-168] found that the MGMCs had substantially improved 

malleability and tensile ductility compared with monolithic BMGs, presumably by 

blocking the propagation of shear bands by soft crystalline phases in MGMCs under 

loading [29, 31, 67]. This mechanism can be revealed by post-mortem observations, 

while only limited in situ studies have been performed by synchrotron X-ray and neutron 

diffraction measurements on the microstructural origin of these deformation mechanisms 

[164, 170-173]. We note that the synchrotron X-ray diffraction measurement has unique 

advantages, compared to the neutron diffraction with respect of resolution, which tends to 

be more sensitive to structural disorder and fluctuations, and allows the background 

intensities between peaks to be estimated more reliably [183]. 

In the X-ray diffraction, lattice strain can be calculated from the shift of 

diffraction peaks, which corresponds to the elastic lattice distortion of grains in different 

crystallographic directions. From the micromechanics standpoint, the lattice strain relies 

on the intergranular interactions of inhomogeneous deformation fields in neighboring 
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grains, which is also called Type-II strains [181]. In diffraction analysis, the lattice strain 

in the <hkl> direction, 
hklε , is calculated from the interplanar spacing (dhkl), based on the 

change of dhkl before and after deformation, which can be measured from the [hkl] peak 

shift in the diffraction pattern. In elastic deformation, the evolution and anisotropy of 
hklε  

are determined by the elastic anisotropy and texture of materials, while in plastic 

deformation, they are mainly contributed by plastic slips and intergranular interactions 

among neighboring grains. The deviation of the measured hklε  from the extrapolated 

curve of the measured elastic-elastic portion is denoted as intergranular strains [181, 182]. 

In the reported diffraction works, Ott et al. [164] studied the elastic strain 

evolution of particle-reinforced MGMCs in single crystal direction using the synchrotron 

X-ray diffraction and finite element modeling (FEM) during compressive loading. Their 

simulations are based on continuum Mises plasticity without any reference to the plastic 

anisotropy in the inclusions, and also there is no reference to the strain localization in the 

matrix. Clausen et al. [172, 173] investigated the lattice strain evolution of dendrite-

crystal-strengthened MGMCs by neutron diffraction and self-consistent models. Their 

self-consistent model is based on the Eshelby inclusion model and gives a neat treatment 

of how a crystalline grain deforms within other grains, which clearly has difficulties in 

describing dendritic crystals. Deformation in the matrix involves strain localization, 

which again cannot be addressed by the self-consistent model. Limitations in these 

literature works have prevented a full understanding of deformation mechanisms in these 

composites.  
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In the present work, a synergistic experimental/modeling study is reported to 

investigate the lattice strain evolution of crystalline phases in the dendritic-inclusion-

dispersed MGMCs under in situ uniaxial compressive deformation in both elastic and 

plastic stages. The composition of the selected MGMC system is 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 in atomic percent (at.%). The final microstructure of the 

MGMC, as shown in the scanning-electron-microscopy (SEM) image of Figure 27(a) 

[186], consists of metallic glass matrix and crystalline phase. During the transition from 

elastic to plastic deformation in the crystalline phase (~ 450 MPa under uniaxial 

compression), we are interested in the sequence of yielding in different grain families. In 

other words, which grains are “hard” or “soft” when the crystalline microstructure is 

dendritic and the surrounding matrix is elastic? During the transition from elastic to 

plastic deformation in the matrix phase (~ 1,450 MPa under uniaxial compression), the 

emphasis is placed on the load partitioning between the MG matrix and crystalline 

dendrites. For example, how would the shear bands affect the lattice strain evolution in 

the second phase? Deformation behavior was identified using high-energy synchrotron 

X-ray diffraction, with the schematic in Figure 27(b) [186] illustrating the experimental 

setup. Procedures to obtain representative diffraction results in Figure 27(c) and (d) [186] 

are explained in Section II.  

Deformation mechanisms can be studied from a microstructure-based finite 

element method in which the crystalline phase and matrix are explicitly modeled in 

Figure 28 [186]. Appropriate geometric information (such as crystallographic orientation 

and shape) and constitutive models (including crystal plasticity for the inclusion and free-

volume model for the matrix) can be assigned to the finite elements. The connection 
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between the synchrotron X-ray diffraction measurements and the finite element 

simulation lies on the lattice strain, which can be extracted by finding the grains that 

satisfy the diffraction condition, as schematically shown in Figure 28(c). Details of 

modeling and simulation, as well as lattice strain extraction procedure, are given in 

Section III. Lattice strains will provide the unprecedented information on the underlying 

deformation mechanism at microstructural scales, and our explicit microstructure-based 

simulations differ from many previous studies in this class of materials. Consequently, 

effects of dendrite shape, crystalline orientations, and strain localization in the matrix on 

lattice strain evolution can be investigated and be used to understand the deformation 

mechanisms.  

3.2 Experimental and Modeling Methods 

3.2.1 Experimental Methods 

(a) Sample Preparation 

 The MGMCs were prepared by arc-melting a mixture of Zr, Ti, Ni, Cu, Nb, and 

Be with purities greater than 99.9% in weight percent (wt.%) under a Ti-gettered argon 

atmosphere. The liquid alloys were sucked into a cylindrical copper mold with a diameter 

of 3 mm and a length of around 70 mm. Upon cooling from a high temperature melt, the 

alloy undergoes partial crystallization by nucleation and subsequent growth of the β 

phase in the remaining liquid, producing a two-phase microstructure containing β-phase 

dendrites in the MG matrix. The energy dispersive spectrometry (EDS) analysis revealed 

the compositions of the dendrites and the glass matrix to be Zr66Ti15Nb8Cu10Ni1 and 

Zr50Ti13Nb3Cu20Ni14, respectively. It should be note that element Be cannot be detected 
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by EDS, and it is almost all enriched in the MG matrix [167]. The volume fraction of the 

dendrites was found to be approximately 55% by analyzing the contrast in the SEM 

images. For mechanical experiments, the samples were still in a cylindrical geometry, 

and machined to 6 mm in length with an aspect ratio of 2:1. The ends of samples for 

mechanical tests were polished to a 1,200 grit SiC surface to ensure alignment. 

(b) Synchrotron X-Ray Measurements 

 The high-energy synchrotron X-ray diffraction was carried out at the beamline, 

11ID-C, of the Advanced Photon Source (APS), Argonne National Laboratory, USA. As 

schematically shown in Figure 27(b), a digital image plate (MAR 345, with a 200 × 200 

μm
2
 pixel size) was positioned 1,800 mm downstream from the sample to record the 

scattered intensity in transmission through the specimens, with a beam size of 0.2 × 0.2 

mm
2
. A two-dimensional ring pattern was recorded on the image plate, as shown in 

Figure 27(c). Scattering patterns were extracted by azimuthally averaging the ring pattern 

over an arc of approximately 5º centered on the vertical (loading) direction using the 

FIT2D software [187]. The specimens were loaded incrementally in uniaxial compression 

using a motorized screw-driven load cell, and the data was collected automatically every 

20 seconds, without stopping the load. All the samples were tested under compression at 

a strain rate of 2 × 10
-4

 s
-1

. 

The interplanar spacing of the [hkl] planes, hkld , was determined in terms of the 

Bragg’s law, 2sinhkl hkld   , where 2 hkl  is the diffraction angle of different [hkl] 

planes and determined by fitting the position of an individual Debye cone on the 

diffraction spectra. Due to the high angular resolution of the synchrotron-based X-ray 



37 

 

diffraction technique, the slight shift of diffraction patterns could be tracked during the 

course of loading. The lattice strain, hkl , can thus be obtained by  

0

0

hkl hkl
hkl

hkl

d d

d





 

(7) 

where 0

hkld is the interplanar spacing in the undeformed state. The diffraction peaks of 

[110], [200], [211], [220], and [310] planes of the β phase in the MGMCs with a BCC 

structure before and after deformation are exhibited in Figure 27(d) under compressive 

deformation. 

3.2.2 Finite-Element Modeling 

(a) Microstructure-Based Finite Element Simulations 

In contrast to the self-consistent model in which a grain of interest is embedded in 

an effective homogeneous medium [172, 173], the microstructure will be explicitly 

simulated with appropriate constitutive models assigned to each phase as shown in Figure 

28. The crystalline phase can be assigned with a slip-based crystal plasticity model [181, 

182], which describes the Schmid law, slip anisotropy, and hardening behavior. The 

constitutive parameters include elastic constants C11, C12, and C44, the critical resolved 

shear stress 0 , and those describing strain-rate dependence and hardening behavior. 

Details are given in Section III (B). This model has been implemented in ABAQUS, a 

commercial finite element software, through the user-defined material (UMAT) 

subroutine [188], which has been modified further for the lattice strain analysis. The MG 

matrix can be assumed to be elastic-perfect plastic solids in some cases for the sake of 
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simplicity with the constitutive parameters of Young’s modulus E, Poisson’s ratio ν, and 

yield stress Y

BMGσ . However, at the late stage of deformation, the localized deformation in 

the narrow shear bands will give a stress field that cannot be faithfully described by the 

elastic-plastic model. To this end, we adopt the free-volume-based constitutive model for 

more elaborate studies since it is capable of capturing the shear-banding events [189, 

190], with details given in Section III (C). This constitutive model has been implemented 

into ABAQUS using the UMAT subroutine in Ref. [189], which allows us to study the 

interaction between individual shear bands and the background stress fields [191, 192]. 

Compared to the traditional MGMCs with particle-like crystalline inclusions in 

the MG matrix [95, 162-165], the typical characteristic of this kind of composite is that a 

large amount of dendritic single crystals with random crystallographic orientations 

precipitate in the metallic-glass matrix. However, a full three-dimensional mesh of the 

dendritic microstructure in Figure 27(a) is not feasible because of the fine geometric 

details. Here, we adopt a uniaxial specimen in Figure 28(a) with 7,986 cubes. Half of 

these cubes belong to the MG matrix, while the other half is the crystalline phase, as 

shown in Figure 28(b). This configuration is close to the experimental condition, where 

the crystalline phases have a volume percentage of ~ 50% in the MGMC specimens. 

Each grain in Figure 28(b) has eight C3D8R elements with the same crystal orientation, 

in which the C3D8R element is a 3D reduced-integration hexahedral element. Note in 

Figure 27(a), each crystalline inclusion is dendritic and actually consists of multiple 

grains. All the crystalline grains are assigned with the same crystal plasticity constitutive 
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parameters but different crystallographic orientations. The boundary conditions in the 

present models are with an applied load at one end and pinned boundary at the other end. 

The extraction and calculation of lattice strains, hkl , are specified as follows. A 

subset of grains is selected, whose <hkl> directions are parallel (or within a small 

tolerance angle) to the diffraction vector, q. The tolerance, which is the maximum 

deviation between the <hkl> direction and q, is chosen in the simulations to ensure that a 

large amount of [hkl] grains could be selected to improve the statistical quality (e.g., ± 4° 

in our simulation). Figure 28(c) exhibits the selected grains with the <310> 

crystallographic orientation in the model. The lattice strain, hkl , is a volume average of 

the projected elastic strain, given by [181] 

1

1

grain

grain

N

elastic

ij i j N

N
hkl N

N

N

q q d

d



 









 

 

 (8) 

where Nd  is the differential volume of the N
th

 grain and NGRAIN is the total number of 

grains in <hkl> directions. 

(b) Crystal Plasticity for Crystal Inclusions 

In the slip-based crystal plasticity theory [193, 194], the crystal will yield when 

the revolved shear stress reaches a critical strength on a given slip system (i.e., the 

Schmid law), and the constitutive model also needs to specify the flow behavior and 

hardening law. From the kinematics point of view, the deformation behavior of the 

material elements is characterized by the deformation gradient,  
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where ix and iX  are the current (deformed) and initial coordinates, respectively. The total 

deformation gradient can be decomposed into elastic and plastic parts, e p

ij ik kjF =F F , where 

e

ikF and p

kjF denote elastic and plastic deformation components, respectively. The plastic 

rate of deformation is 

1 ( ) ( ) ( ) ( )

1

[ , ]
sn

p p

ik kj flow i jF F s m   



  



  (10) 

where ns is the total number of slip systems, γ , and 
(α)

jm  are the shear rate, slip direction, 

and slip plane normal of the α
th

 slip system, respectively. The shear rate is a function of 

the resolved shear stress, (α)τ , acting on the slip plane and the flow strength of the slip 

system, (α)

flowτ . The resolved shear stress is computed as 

( ) ( ) 1 ( )e e

i ij jk kl lm F J F s     (11) 

where J = det(F
e
). The elastic part of the deformation gradient is related to stress through 

e

ij ijkl klT C E  (12) 

where 
e e e

ij ki kj ij

1
E = (F F -δ )

2
 is the elastic Lagrange-Green strain, and Tij is the material stress 

tensor, which is related to the Cauchy stress by 

e e

ij ik kl jlJ F T F   (13) 
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The Pierce-Asaro-Needleman’s constitutive law is used to characterize the plastic 

flow and strain hardening, given by 

( )
( ) ( )

0 ( )
| | sgn[ ]n

flow


 




  


  (14) 

( ) ( )| |flow h 




   (15) 

where the self-hardening modulus is given by 

2 0
0

0

( ) sec | |
s

h
h h h h




 
 


 (no sum on  ) (16) 

where h0 is the initial hardening modulus,  is the initial yield stress, sτ is the saturation 

slip strength (the stress at which the large plastic flow initiates), and 

t

(α)

α0

γ= |γ |dt  is the 

total accumulated shear strain on all slip systems. The latent hardening moduli, 
αβh , are 

given by 

( )[ (1 ) ]h h q q      (17) 

where q is the ratios of latent to self-hardening.  

To summarize, the constitutive behavior of crystals is characterized by a set of 

parameters, including the elastic constants in principal directions (C11, C12, and C44), 

characteristic strain rate ( 0γ ), stress exponent (n), initial yield stress (τ0), saturated yield 

stress (τs), and initial hardening rate (h0).  

A. Free Volume Model for the Metallic-Glass Matrix 
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Following the Spaepen’s free volume model [190], the stress-driven increase in 

the free volume reduces the viscosity, thus leading to strain softening behavior of MGs. 

In the pure shear case, the plastic-strain rate ( pγ ) is represented by 

*

2 exp( )exp( )sinh( )
2

p m

f B B

v G
f

t v k T k T

    
  


 (18) 

where f is the frequency of atomic vibration, α  is a geometric factor of order 1, *v  is the 

hard-sphere volume of an atom, fv  is the average free volume per atom, mΔG  is the 

activation energy,  is the atomic volume, τ  is the shear stress, Bk  is the Boltzmann 

constant, and T is the absolute temperature.  

The evolution of free volumes is determined by two competing processes during 

deformation: the stress-driven creation and diffusion-dominated annihilation. Thus, the 

net change rate of the free volume is given by 

           
*

* 2 1
exp( )exp( ){ [cosh( ) 1] }

2
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f B

f B f eff B D

v k Tv G
v f

t v k T v C k T n

   
    


 (19) 

where nD is the number of atomic jumps needed to annihilate a free volume equal to *v , 

and nD = 3 in the present calculation, and the effective elastic modulus is effC =E/3(1-υ) . 

Using the small-strain and rate-dependent plasticity framework, the plastic strain is 

assumed to be proportional to the deviatoric stress, as generalized from Eq. (18), while 

the temporal change in the free volume is also coupled with the Mises stress, as 

generalized in Eq. (19). This constitutive model allows us to study the interaction 
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between individual shear bands and between the shear bands and the background stress 

fields [191, 192]. 

3.3 Results and Discussion 

A. Lattice-Strain Evolution in MGMCs  

 The compressive engineering stress–strain curve of a cylindrical MGMC 

specimen is shown Figure 29(a) [186]. Note that the compressive stress/strain is denoted 

as positive throughout this paper. Under quasi-static compressive loading, the composite 

exhibits at yield stress σy = ~ 1.5 GPa, with a corresponding elastic strain limit, εy = 1.2%. 

After further deformation, linear work hardening prevails until the failure occurs for the 

MGMCs specimen, with the fracture strength of σf = ~ 1,800 MPa and plastic strain of p

yε  

= ~ 5.6%. It could be noted that the yielding strength of the MGMCs is much higher than 

that of single β-phase specimens, which is ~ 450 MPa in the present case [167, 173]. But 

there is no indication of yield and subsequent plastic deformation of the second phase (β) 

from the macroscopic stress-strain curve in Figure 29(a).  

Figure 29(b) displays the applied stress vs. the longitudinal lattice-plane-specific 

elastic strain (i.e., lattice strain) curves of the β-Zr crystalline phase in the MGMCs for 

[310] grains. Three stages of deformation can be identified. In Stage I (0 – 450 MPa, 

elastic-elastic stage), the lattice strain of the β-phase crystals increases linearly with the 

applied stress, since both the dendritic crystalline phases and MG matrix are under elastic 

deformation. In Stage II (450 – 1,480 MPa, an elastic-plastic stage), the β phase yields at 

around 450 MPa, and plastic deformation starts thereafter, which can be concluded from 

the deviation of lattice strains in this stage from the extrapolated straight line from Stage I. 
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In Stage III (1,480 – 1,550 MPa, a plastic-plastic stage), both the crystals and MG matrix 

deform plastically after 1,480 MPa, and the lattice strain decreases with the increase of 

applied stress thereafter, until the ultimate failure of MGMC specimens. We denote this 

lattice strain decrease in Stage III as a “turnover” phenomenon, which results from an 

elastic relaxation near the second phase. The microscopic mechanisms responsible for 

these three stages and their transitions will be investigated in details next. 

B. Elastic-Elastic Deformation of β-Zr Crystalline Phase and MG Matrix (Stage I)  

 Figure 30 gives the measured stress - lattice strain curves of the β phase for 

several grain families [186]. In Stage I, when the applied stress is below 450 MPa, these 

curves are straight lines with different slopes, which are governed by the elastic constants 

of both the crystal and MG phases, the geometric shape of crystalline phases, and 

crystallographic orientations of these dendrites. In this work, the elastic constants (C11, 

C12, and C44) can be fitted from the comparison between predicted and measured slopes 

of stress-lattice strain curves in Stage I. These slopes are denoted as 
hkl

Expk  and hkl

FEMk , 

respectively. The elastic constants are optimized to minimize the following objective 

function , 

200 200 2 211 211 2 220 220 2 310 310 2( ) ( ) ( ) ( )Exp FEM Exp FEM Exp FEM Exp FEMk k k k k k k k          (20) 

The resulting elastic constants are C11 = 91.0, C12 = 69.5, and C44 = 31.0 GPa, 

while the reported elastic constants by the self-consistent model are C11 = 90.0, C12 = 

68.0, and C44 = 33.0 GPa [172, 173]. 
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C. Elastic-Plastic Transition of the β-Zr Crystalline Phase (Stage II)  

When the second phase deforms plastically and the MG matrix deforms 

elastically, the lattice strains deviate from the straight lines extrapolated from Stage I, 

which can be characterized by the intergranular strains ( hklΔε ) [181, 182], 

Experiment Extrapolation

hkl hkl hkl      (21) 

as plotted against the applied stress in Figure 31 [186]. The deviation is a result of load 

partitioning between “hard” and “soft” phases or grains [182, 195]. When two solids are 

under an isostrain condition (which corresponds to the Taylor model of a polycrystal in 

which all grains have the same strain field as the macroscopic one), the one with a high 

ratio of yield stress to modulus, Yσ /E , will yield later and is the “hard” solid. Once the 

“soft” solid (with a low Yσ /E ) yields, the load will be supported by the “hard” solid so 

that the corresponding elastic strain in the “hard” solid significantly increases. In other 

words, the “hard” solid will experience positive intergranular strains, and the “soft” one 

with negative intergranular strains. 

The load partitioning occurs not only between the two phases but also among the 

grains. As presented in Figure 31, at the transition from Stage I to Stage II, 200Δε  is the 

most positive, and 220Δε  is about zero, indicating that [200] grains are the “hardest”, 

followed by [310] and [211] grains, while [220] grains are the “softest”. The ‘‘hardest’’ 

[200] grains will carry more applied loads, and their further deformation will decrease the 

slope of the σ - ε200 curve in Stage II, as shown in Figure 30. In order to testify these 
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experimental results, the “hard” and “soft” crystal directions could be further 

demonstrated by calculations from the strength-to-stiffness ratio, hkl

cryr , as given by [195], 

0

hkl
hkl Y

cry hkl hkl hkl
r

E m E


   (22) 

where hkl

cryr  and hklm  are the strength-to-stiffness ratio and Schmid factor in the <hkl> 

direction, respectively, and 0  is the critical resolved shear stress. The first grain family 

to yield will be the one with the lowest strength-to-stiffness ratio, which is the “softest” 

grain family. Three sets of slip systems for BCC materials, [110]<111>, [112]<111>, and 

[123]<111>, are considered in the present calculation. In Table 1, for the [110]<111> slip 

system, the “hardest” grain family is [200] with a 
hkl

cryr  value of 2.85 × 10
-3

, followed by 

[310] grains with a 
hkl

cryr  value of 1.67 × 10
-3

, and the [220] and [211] grain families are 

the “softest” with a 
hkl

cryr  value of 1.17 × 10
-3

. For the [112]<111> and [123]<111> slip 

systems, the “hardest” to “softest” grain sequence is [200], followed by [310] grains, then 

[220] and [211] grain families, and the 
hkl

cryr  values are all listed in Table 1. Therefore, 

[200] and [310] grain families are much “harder” than the [211] and [220] grain families 

for all these three slip systems. However, all the intergranular strains of [hkl] grains will 

become positive, when the applied stress increases to high enough (e.g., 1,000 MPa), 

since the MG matrix has a much higher MGr  value of 20.22 × 10
-3

 than the crystalline 

phases, indicating that the matrix is much “harder” than all the crystal grain families. 
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D. Elastic-Plastic Transition Of the MG Matrix (Stage III)  

 In uniaxial compression, when the applied stress reaches ~ 1,480 MPa, the 

deformation behavior of crystals enters the Stage III in Figure 29(b), in which both the 

MG matrix and crystal inclusions deform plastically. Then, the lattice strain in each 

crystalline orientation decreases with the increase of the applied stress until the ultimate 

failure of the MGMCs specimens. 

Our initial ABAQUS simulations employ cubic grains of random crystal 

orientations and the elastic-plastic matrix to simulate the lattice strain evolution of 

crystals in MGMCs. The overall trends of the lattice-strain evolution of the crystalline 

phase in MGMCs can be obtained in Figure 32 [186] with both experimental and 

simulated results, after carefully choosing the constitutive parameters for the three 

families of slip systems, [110]<111>, [112]<111>, and [123]<111>, in the crystal-

plasticity theory and for the Mises plasticity in MG matrix , which are all listed in 

Table 2. In Figure 32, it can be observed that the simulation results have a good 

agreement with the experimental results in Stage I, while some discrepancy appears in 

Stages II and III. Although the simulation results exhibit some deviation from the 

experimental results in the end Stage II and Stage III, we obtain the same sequence of 

different grain families at various stress levels, such as 800 MPa, 1,400 MPa, and 1,500 

MPa, i.e., red-blue-green-black ([220]-[211]-[310]-[200]) from left to right in Figure 32. 

The discrepancy near the end of Stage II may result from the highly idealized 

microstructure in simulations, as opposed to the actual dendritic structure, as well as from 

the hardening law that may not faithfully represent the deformation behavior in the 

crystalline phase. 
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Note that thermal residual stress might exist in the MGMCs, which is developed 

during rapid cooling due to the difference in coefficients of thermal expansion between 

the metallic glass matrix and dendrite crystals. The magnitude of thermal residual stress 

can be calculated using the Eshelby equivalent inclusion method [196]. The residual 

stress in MGMCs has been extensively reported in the range of 100 - 300 MPa for 

crystalline inclusions and less than 100 MPa in matrix [171, 197-200]. For the MGMCs 

in the present work, there is an initial tensile longitudinal residual stress in the β phase 

and a compressive stress in the metallic glass matrix [173], which will slightly affect the 

initial yielding of inclusions in MGMCs, other than the deformation mechanisms. 

Therefore, thermal residual stress is not introduced to our FEMs in the present work, and 

will be investigated in a separate work. 

A. Effects of Inclusion Shape and Dendrite Orientation on Lattice Strain Relaxation 

in Stage III 

 The crystalline phases in the FEM capture some but not all the features of the 

dendritic microstructure. Therefore, it is necessary to examine the effect of geometric 

parameters on the predictability of the FEM results. Using a single-inclusion model, three 

kinds of geometric shapes (cubic, spherical, and dendritic morphologies) are employed in 

the inset of Figure 33. Stress - elastic strain curves of these different models under 

uniaxial compression are presented. The yield stresses for the inclusion and matrix are 

450 and 1,400 MPa, respectively. It could be observed that the slopes of stress - elastic 

strain curves increase at ~ 450 MPa, and the turnover behavior occurs at ~ 1,400 MPa 

with an enlarged view in the inset of Figure 33 [186]. It should be noted that the slopes 

change in Stage II are almost the same for the inner cubic and spherical models, while the 
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elastic-strain evolution is very different for the dendritic model. This is due to the 

introduction of high aspect-ratio features in the dendrite, and thus the severe stress 

concentration. However, the trend of lattice strain evolution is similar for these three 

different shapes. Near the end of these curves, the plastic zone in the matrix will expand 

as the applied stress increases, and the load partitioning by the matrix will relax the 

elastic strain in the inclusion that is responsible for the turnover behavior in the stress 

versus lattice strain curves for the crystalline inclusions. However, we note that this 

analysis is based on a continuum plastic model for the matrix, while the actual 

deformation is by the shear bands. This issue will be further illustrated later by the free 

volume model. 

 Another variable is the orientation of the dendritic inclusions with respect to the 

loading direction, since this trend will directly affect the resulting plastic-zone 

development. To reduce the simulation effort, 2D uniaxial compression simulations on 

the MGMCs with 45
o
-
 
and 90

o
-oriented dendrite inclusions were performed to investigate 

the influence of orientations of the dendrite inclusions on the lattice-strain evolution, 

respectively. It is found that in the MGMCs with a 45
o
-oriented dendrite inclusion, no 

relaxation occurs, as indicated by (iii) and (iv) in Figure 34(a) [186]. In contrast, slight 

relaxation can be observed in the model with a 90
o
-oriented dendritic inclusion, as shown 

in Figure 35(a) [186]. As discussed in Refs. [97, 201, 202], complex stress states under 

loading can be beneficial in improving the plasticity of MGMCs. In the 45
o
-dendritic 

model, the stress concentration initiates from four corners of the dendrite inclusion and 

propagates throughout the entire sample, as shown in the Mises stress contour in Figure 

35(b) [186]. In contrast, stress concentration only starts from two horizontal dendrite 
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vertexes, and the other two perpendicular dendrite vertexes have low stresses, as shown 

in Figure 35(b). Therefore, this inclusion-geometry study can provide some guidance on 

the design and preparation of MGMCs. 

B. Effects of Localized Deformation in Metallic Glass on Lattice Strain Evolution  

 The studies above successfully predict the lattice strain evolution of crystalline 

phases in MGMCs. However, the role played by the localized deformation in shear bands 

in the MG matrix remains unclear. Thus the free-volume-based constitutive model for the 

MG matrix is employed to investigate the shear band initiation and propagation in the 

MGMC upon uniaxial compression. The material parameters for the MG matrix are 

/ *fv v = 0.05, / 2 BE k T = 200, v = 0.37, Dn = 3,  = 0.15, and */v  = 1, and the 

normalized applied strain rate is 10
-3

 s
-1

. In simulations in Figure 36Fig. 9, the inclusions 

are assumed to be an elastic-perfectly plastic body, with the Young’s modulus, Poisson’s 

ratio, and yield stress being 60 GPa, 0.37 and 0.45 GPa, respectively. For comparison, 

two types of MGMCs with different inclusion shapes, dendritic and circular 

morphologies, are employed for calculations. 

Figure 36(a) [186] describes the lattice strain evolution for both the MG matrix 

and crystalline inclusion in the circular-inclusion model under compressive loading. Here, 

the lattice strain is in fact the elastic strain in the loading direction, and the applied stress 

is the one on the entire specimen. The ultimate lattice strain in the crystalline inclusion is 

obtained by averaging the values of all inclusion grains. As observed in Figure 36(a), 

with increasing the applied stress, the lattice strain in both the matrix and inclusion rises 

linearly at the beginning till a deviation occurs at a stress of ~ 0.8 GPa. Afterwards, the 
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lattice strain of the MG matrix still increases linearly, while that of inclusions increases at 

a much lower rate. This trend is due to the load partitioning following the yielding of the 

crystalline inclusion. When the applied stress reaches ~ 1.7 GPa, the difference of 

stress/lattice-strain slopes between the MG matrix and inclusion becomes more 

significant. With the further increase of the applied stress, the lattice strain of the matrix 

increases significantly, while that of the inclusions begins to decrease, i.e., turnover 

phenomenon happens. To obtain insights on the mechanism responsible for the 

stress/lattice-strain slope change in the matrix and inclusion, particularly on the turnover 

behavior, the free volume contours at stress level (iv) are plotted in Figure 36(b) [186]. 

Note that SDV1 in Figure 36(b) denotes the first solution-dependent state variable (SDV), 

which is employed to represent the free volume in the UMAT code [189]. At the stress 

level (i), although inclusions have already yielded at a nominal yield stress of 0.45 GPa, 

and the free volume in the matrix starts to localize around the matrix/second phase 

interface, no stress/lattice-strain slope change occurs. This trend indicates that the load 

partitioning in the MGMCs does not happen immediately following the yielding of 

inclusions. When the load is increased to 1.2 or 1.7 GPa, localized deformation begins to 

form in shear bands, typically as demonstrated in stress levels, (ii) and (iii). At these two 

stages, more loads will be transferred to the matrix, resulting in much increased lattice 

strains, while the lattice strain in the crystalline inclusion tends to evolve slowly. In 

Figure 36(b) [186], the shear bands can be observed to initiate at an angle of ~ 45
o
 from 

the matrix/inclusion interface and propagate outward. Ultimately, when the localized 

shear bands propagate and link with each other, the lattice strain relaxation in the 
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inclusions become more significant, and the turnover behavior will emerge at the stress 

level (iv).  

The study on the dendritic-inclusion embedded MGMCs with the free-volume 

model is presented in Figure 37(a) and (b) [186], which exhibit similar trends with the 

circular-inclusion model. The only difference is that the shear bands preferentially initiate 

from vertexes of the dendritic inclusions in Figure 37(b). This trend demonstrates that the 

geometry of the inclusions does not exert significant influence on the lattice strain 

evolution. Note that in these simulations, MGMCs contain roughly 20% (volume percent) 

of crystalline inclusions. However, in the real specimens, the volume percentage of 

crystals is ~ 50%. The only difference between the high-volume and low-volume 

percentage cases is that the chance of forming a dominant shear band by connecting 

many minor ones is much lower for the high-volume percentage case, due to the 

enhanced blocking effect of second phases. Clearly, the success of the MGMCs in the 

ductility enhancement needs to reach the percolation limit, below which the plasticity of 

MGMC specimens cannot be enhanced significantly. 

3.4 Summary 

In summary, microscopic deformation mechanisms in the in situ MGMCs have 

been examined using synchrotron X-ray scattering and FEM under compressive loading 

in the present work. In a uniaxial compression, the σ – εhkl curves of the crystalline 

inclusions could be divided into three stages. In Stage I, both the inclusion and matrix are 

elastic, before the crystalline inclusions yield at an applied stress of ~ 450 MPa. In Stage 

II, crystals undergo plastic deformation, while the amorphous matrix remains elastic until 
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~ 1,480 MPa. In Stage III, beyond 1,480 MPa, both the crystal and matrix yield and are 

subjected to the plastic deformation until the ultimate failure of specimens. After the β 

phase yields, the stress concentrations appear in the MG matrix, resulting in the yielding 

behavior of the matrix at an applied stress slightly lower than its macroscopic yield stress. 

Different crystal geometries, including cubes/spheres/dendrites, are used to examine the 

inclusion-shape effects on the elastic strain evolution of the inclusions. Both the elastic-

perfect plastic model and the free-volume-based model are used for the MG matrix, 

which successfully explain the relaxation of elastic strains in the second phase and also 

the effects of geometric shape and dendrite orientations. Moreover, the present work can 

provide some guidelines in the design and preparation of MGMCs. For example, the 45
o
-

dendritic inclusions should work better in improving the ductility of MGMCs, compared 

to the 90
o
-case, because more stress concentration is introduced into the MGMC 

specimens upon loading for the 45
o
-case. The percentage of crystalline inclusions should 

be above the percolation limit so as to block and deflect the shear-band propagation to 

form a major shear band, which can lead to the catastrophic failure of MGMC specimens. 
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CHAPTER IV  

THIN-FILM METALLIC GLASS 

4.1 Introduction 

Thin-film coatings have been used extensively to improve the mechanical 

behavior of various substrate materials with different thin-film thicknesses [32, 33, 148-

152], especially in the field of wear resistance, hardness, and corrosion resistance, 

without adversely affecting their desirable bulk properties [149]. Coating components are 

often used in service under cyclic-loading conditions, while experiencing wear and 

corrosion environments simultaneously, such as cutting saws. Therefore, the fatigue 

behavior of thin-film coatings is extremely important for the performance of substrate 

materials. An appropriate example is the widespread use of ceramic coatings, which are 

deposited on steel substrates to improve their fatigue strength [149]. The beneficial 

effects on fatigue strength are mainly attributed to the retardation of crack initiation in the 

substrate materials by the hard ceramic coating [149]. 

Numerical studies have reported that the fatigue behavior of the film/substrate 

system is closely dependent on film properties, such as the composition, thickness, 

hardness, ductility, and structure, as well as film/substrate interfacial adhesion [153, 154]. 

For instance, many ceramic coatings are susceptible to fatigue-induced fracture and 

delamination under high stress levels, because of their intrinsically-brittle nature, despite 

their high hardness and strength. Moreover, with an increase in coating thicknesses, a 

reduction in the adhesion of the film to the substrate may occur due to increasing residual 

stresses [203]. A literature review indicates that there are five film properties that could 
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affect the fatigue-crack-initiation resistance in film/substrate materials [148]: (i) hardness 

- to prevent surface roughening, (ii) ductility or toughness - to retard crack initiation at 

the sites where persistent slip bands (PSBs) intersect with the film, (iii) cyclic work 

hardenability - to reduce slip localization, (iv) residual compressive stresses - to decrease 

film tensile stresses, and (v) film/substrate adhesion - to prevent film delamination, for 

which good film/substrate adhesion is the most important factor responsible for fatigue-

resistance enhancement [32, 33, 156]. Therefore, good balance between beneficial 

mechanical properties of coatings and film/substrate adhesion is the prerequisite for the 

excellent potential coating materials to enhance the fatigue behavior of substrates.  

Based on the above analysis and reported results, the TFMG can be a good 

candidate as excellent coating materials, because of their unique properties, as shown in 

Figure 26 [155]. It should be noted that TFMGs have much higher yield strengths than 

ceramic and metallic (crystalline) coatings, while metallic coatings and TFMGs have 

larger ductility, usually indicating better adhesion with the substrate than ceramic 

coatings. Therefore, TFMGs should have better balance of strength and ductility than 

crystalline metallic and ceramic coatings, indicating that MGs can be better coating 

materials than most ceramic and metallic coatings. 

Currently thin-film coatings have been used extensively to improve the 

mechanical behavior of various substrate materials [32, 33, 148-152], with different thin-

film thicknesses [from nanometers (nm) to micrometers (μm)], especially in the field of 

wear resistance, hardness, and corrosion resistance, without adversely affecting their 

desirable bulk properties [149]. Coating components are often used in service under 

cyclic-loading conditions, while experiencing wear and corrosion environments 
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simultaneously, such as on cutting saws. Therefore, the fatigue behavior of thin-film 

coatings is extremely important for the performance of substrate materials. An 

appropriate example is the widespread use of ceramic coatings, which are deposited on 

steel substrates to improve their fatigue strength [149]. The beneficial effects in fatigue 

strength are mainly attributed to the retardation of crack initiation in the substrate 

materials by the hard ceramic coating [149]. 

Numerical studies have reported that the fatigue behavior of the film/substrate 

system is closely dependent on film properties, such as composition, thickness, hardness, 

ductility, and structure, as well as film/substrate interfacial adhesion [153, 154]. For 

instance, many ceramic coatings are susceptible to fatigue-induced fracture and 

delamination under high stress levels, because of their intrinsically-brittle nature, despite 

their high hardness and strength. Moreover, with an increase in coating thicknesses, a 

reduction in the adhesion of the film to the substrate may occur due to increasing residual 

stresses [203]. A literature review indicates that there are five film properties that could 

affect the fatigue-crack-initiation resistance in film/substrate materials [148]: (i) hardness 

- to prevent surface roughening, (ii) ductility or toughness - to retard crack initiation at 

the sites where persistent slip bands (PSBs) intersect with the film, (iii) cyclic work 

hardenability - to reduce slip localization, (iv) residual compressive stresses - to decrease 

film tensile stresses, and (v) film/substrate adhesion - to prevent film delamination, for 

which good film/substrate adhesion is the most important factor responsible for fatigue-

resistance enhancement [32, 33, 156]. Therefore, good balance between beneficial 

mechanical properties of coatings and film/substrate adhesion is the prerequisite for 

excellent potential coating materials to enhance the fatigue behavior of substrates.  
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Based on the above analysis and our preliminary results, the TFMG can be a good 

candidate as excellent coating materials, because of their unique properties, as shown in 

Figure 26 [185, 204-218]. It should be noted that TFMGs have much higher yield 

strengths than ceramic and metallic (crystalline) coatings, while metallic coatings and 

TFMGs have larger ductility, usually indicating better adhesion with the substrate than 

ceramic coatings. Therefore, TFMGs should have better balance of strength and ductility 

than crystalline metallic and ceramic coatings, indicating that MGs can be better coating 

materials than most ceramic and metallic coatings. Note that two same symbols in Figure 

26 represent the upper and bottom limits of yield strength and ductility of the 

corresponding material. In practice, these unique mechanical properties of TFMGs have 

made them very popular to enhance the plasticity, strength, and fatigue life of different 

substrates, including steels [32, 151, 156, 219], Ni-based alloys [32, 156, 157], and 

BMGs [33] in the past several decades. In this paper, the fatigue behavior of TFMG 

coatings deposited on structural materials will be reviewed and discussed. 

4.2 Experimental and Numerical Approaches 

4.2.1 Coating preparation and characterization 

Two kinds of fatigue tests, including four-point-bending and tension-tension 

fatigue, will be conducted in the present work. The substrate materials used in the present 

paper are the commercial-grade 316L stainless steel with 20% cold rolling [220], 

HAYNES C-2000
® 

Ni-based superalloy [221], Zr-based alloy (Zr-Hf) [222], Ti-based 

alloy (Ti-6Al-4V) [223], and Al-based alloy (7075-T6) [224]. Substrate compositions are 
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listed in Table 3. The specimen geometry for the four-point-bending fatigue experiments, 

with a sample size of 3 × 3 × 25 mm
3
, is shown in Figure 38(a) [155].  

Four-point-bending fatigue-substrate specimens were prepared in two ways: (1) 

the 316L stainless-steel specimens were polished by an 800-grit sand paper and then 

electropolished to ensure a smooth surface; and (2) the Ni-based, Zr-based, Ti-based, and 

Al-based alloy specimens were mechanically polished by a 1,200-grit sand paper, 

followed by 1-μm diamond paste polish. The specimens for the tension-tension fatigue 

test, a notched 316L steel bar, were mechanically polished by a 1,200-grit SiC paper. 

The sputtering process establishes a series of collision events between ions and 

target materials, resulting in the target-atom ejection onto the surface of substrates with 

the desired compositions. In the present work, magnetron sputtering is employed for film 

deposition [225]. The electron-residence time in the plasma is prolonged by the magnetic 

field lives, thus enhancing the Ar-ionization efficiency and increasing the deposition rate. 

Multicomponent TFMGs, with compositions of Zr47Cu31Al13Ni9, Cu51Zr24Hf18Ti7, and 

Fe65Ti13Co8Ni7B6Nb1 (atomic percent, at.%), were deposited using commercial radio 

frequency (RF) magnetron sputtering systems [226, 227], with base and working 

pressures of 10
-7 

and 10
-3 

Torr, respectively. The substrates were rotated during 

deposition in order to ensure uniform film thicknesses. 

In order to study film-thickness effects on the fatigue behavior of substrate 

materials, TFMGs with two different thicknesses, 200 nm and 1 μm, are deposited on the 

above mentioned substrates. Thin films with different compositions, including TiN, pure 

copper films, Zr-based, Cu-based, and Fe-based TFMGs with thicknesses of 200 nm, 

deposited on the 316L stainless steel, are employed to study film-composition effects on 

app:ds:a
app:ds:of
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the fatigue behavior of substrate materials. Together with the above mentioned TFMG, 

the fatigue behavior of another kind of TFMG, the “annealed” TFMG [225, 228, 229], 

with a more homogeneous amorphous film structure, is also studied. For this annealed 

TFMGs, additional steps are needed, as described below, in addition to the above 

mentioned monolithic TFMG preparation procedure [225]. Monolithic TFMGs, with the 

composition of Zr47Cu31Al13Ni9 (at.%), are annealed in an Ar atmosphere at a heating rate 

of 40 K/min. with a holding time of 60 s at temperatures ranging from 550 to 950 K. 

Annealing is performed in the mTorr range after several Ar purges [225]. 

BMGs (Zr50Cu30Al10Ni10, at.%) were machined into rectangular beam with a 

sample dimension of 3 mm × 3 mm × 25 mm from as-cast ingot fabricated by arc melting 

in an argon atmosphere. Prior to thin film deposition, the four faces of BMG substrates 

were polished to be a mirror-like surface by using emery papers with grit size up to 4000. 

A 260 nm-thick TFMG was deposited on the BMG substrate with ZrAlNiCu alloy target 

by using radio frequency magnetron sputtering system with a base pressure of < 1 x 10
-6

 

Torr. Upon sputtering deposition, argon was introduced as sputtering gas with a working 

pressure of 3 mTorr. The substrate bias of -50 V was applied during deposition. The 

working distance was 100 mm. 

The crystallographic structures were characterized by X-ray diffractometer (XRD, 

D8 Discover) with Cu Kα radiation at 40 kV and 200 mA. A low glancing angle was 

used for thin film.  The composition of TFMG was determined by energy dispersive 

spectrometer (EDS) and the fracture surfaces of specimens were examined by secondary 

electron microscope (SEM) in dual-beam focused ion beam system. A transmission 

electron microscopy (TEM) was use to examine the nano-structure and to obtain the 
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selected-area diffraction pattern (SADP) to check the crystallinity in the specimen. The 

operated voltage for high resolution image and SADP was 200 kV. To acquire the 

mechanical properties of coating and substrate, a nanoindenter (HysitronTM TI 950 

TriboIndenter) with a Berkovich 142.3° diamond indenter was employed with a 

maximum loading of 1200 μN.  

4.2.2 Fatigue tests 

A computer-controlled servo-hydraulic testing machine is employed to conduct 

the four-point-bending fatigue experiments, which were performed under a load-control 

mode, using a sinusoidal waveform frequency of 10 Hz, with an R ratio (R = σmin. / σmax.) 

of 0.1, where σmin. and σmax. are the minimum and maximum applied stresses, respectively. 

Before the fatigue tests, the height (h) and width (b) of the specimens were measured and 

used to calculate the applied-stress (σ) range at the tensile surface using Eq. (23), where 

S1 = 10 mm and S2 = 20 mm, with the specimen geometry shown in Figure 38(a).  
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Upon failure or 10
7
 cycles, the fractographs of samples were analyzed using SEM 

and TEM, in order to have in-depth understanding of the tension-tension fatigue 

mechanism. 

4.2.3 Numerical Method with FEM (Rudnicki-Rice instability theory) 

The mechanism responsible for improving mechanical behavior by TFMG, 

especially the ductility and fatigue behavior, usually results from the multiplication of 

shear bands in the amorphous phase, thus affecting shear-band propagation to the 

interface between the coating and substrate, which has already been observed by TEM in 
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Refs. [32, 33, 219]. However, the shear-band nucleation/initiation and propagation 

behavior cannot be monitored and characterized, due to the extreme difficulty of the in-

situ TEM observation during fatigue loading. In contrast, finite-element modeling (FEM), 

using the Rudnicki-Rice (R-R) instability theory [230, 231] and free-volume model [189, 

190], provides a feasible method to study shear-band initiation and propagation in the 

film/substrate materials under deformation,  

Strain localization is an instability phenomenon, from a continuum-mechanics 

point of view, and can be described by a bifurcation theory in which the shear band 

results from the bifurcation of a homogeneous elastic-plastic flow. The shear-band angle 

in the principal stress space is given by [230, 231]:  

1 min
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where   is a function given by 
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mises
  . '

I , '

II , and '

III  are the principal deviatoric stresses.   is 

the Poisson’s ratio, µ is the coefficient of internal friction, and β is the dilatancy factor,   

is the effective shear stress, and mises  is the Mises stress. Accordingly, the shear-band 

plane will make an angle of ± θ° with the first principal-stress direction, while the shear-

band plane is parallel to the second principal-stress direction. 
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4.3 Fatigue behavior of TFMGs on BMG substrates 

4.3.1 Summary on the reported work on the fatigue behavior of TFMGs 

The fatigue lifetimes and endurance limits of the above film substrate material 

systems, together with base Zr-based and Cu-based BMG alloys, are plotted in Figure 

39(a) [151, 152, 156, 157, 219] , in which five regions (A, B, C, D, and E) are observed 

in the boxed areas. For the four-point-bending fatigue data (A, B, and C), the results can 

be divided into high (C, larger than 700 MPa), medium (B, 300 - 700 MPa), and low (A, 

smaller than 300 MPa) fatigue-endurance limit regions in the TFMG-substrate material 

systems. Region D represents tension-tension fatigue data of the TFMG-substrate 

material systems, while the monolithic BMG [Zr55Cu30Ni5Al10 and (Cu60Zr30Ti10)99Sn1, 

at.%] four-point-bending fatigue data is shown in region E. For the coated 316L stainless 

steel (in region C), neither fatigue lifetime and endurance limit is improved by the Fe-

based TFMG, TiN, and pure-Cu films adhesion, due to the intrinsic brittle nature of films 

and/or poor film/substrate. For the good adhesion cases in region C, such as Zr- and Cu-

based TFMGs on steels, the lifetime and fatigue-endurance limit can only be improved 

more or less, which may be caused by the high fatigue-endurance limit of the substrate 

materials. Note that the 316L stainless-steel substrate is cold rolled, which may be the 

reason for its high fatigue-endurance limit [220]. 

In contrast, for the medium fatigue-endurance limit materials in regions B, such as 

the HAYNES C-2000
®
 Ni-based alloys, the fatigue lifetime and endurance limit are 

enhanced more significantly by the Zr-based (Zr47Cu31Al13Ni9, at.%) TFMGs, compared 

to the steel case. For example, the fatigue-endurance limit is increased from 400 MPa to 

around 625 MPa. In the tension-tension fatigue data (region D), both the fatigue lifetime 
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and endurance limit of the 316L stainless steel are not significantly affected by Zr- and 

Cu-based TFMGs. The poor performance of film/substrate system upon tension-tension 

fatigue loading is caused by the poor film adhesion with the substrate, resulting from 

stress concentration in the notched dog-bone tension-tension specimens. 

Figure 39(b) [155] shows the cyclic-stress range/ultimate tensile strength (UTS) 

vs. cycles to failure (S/UTS-N) of TFMG-substrate materials and BMGs, with the UTS of 

substrates listed in Table 2 [155]. Figure 39(b) can be also separated into five regions 

based on the substrate materials, corresponding to Figure 39(a), represented by A', B', C', 

D', and E'. For example, the Al-based alloy is in region A in Figure 39(a) and in region A', 

the low S/UTS range, in Figure 39(b). The Zr-based, Ti-based, and Ni-based alloys are in 

the medium S/UTS range (region B'), while the 316L stainless steel is in high S/UTS 

range (region C'). The regions, D' and E', represent the S/UTS ranges of the tension-

tension region and monolithic BMG region, respectively. Note that the S-N and S/UTS-N 

plots roughly correlate with each other for most film/substrate materials, expect for the 

BMG region E', which is attributed to the high UTS of BMGs. 

In order to better demonstrate the improvement of fatigue behavior of different 

film/substrate systems, the plots of improvement of fatigue-endurance limit vs. UTS, 

improvement of fatigue-endurance limit/UTS vs. UTS, improvement of fatigue-

endurance limit vs. fatigue-endurance limit, and improvement of fatigue-endurance 

limit/UTS vs. fatigue-endurance limit for the bare substrates and film/substrate systems 

are displayed in Figure 40(a), (b) and Figure 41(a) and (b), respectively [155]. Figure 

41(c) shows the relationship between the fatigue-endurance limit and UTS of the 

substrate materials, presenting a approximated linear correlation between them, which 
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means the substrate material with a higher UTS generally has a larger fatigue-endurance 

limit, as found in our previous study [232]. Improvement is defined as the difference in 

the fatigue-endurance limit and fatigue-endurance limit/UTS between the bare substrate 

and film/substrate specimens. It is shown that the improvements of the fatigue-endurance 

limit and the fatigue-endurance limit/UTS of the substrate are the most significant for 

medium-UTS (fatigue-endurance limit) substrate materials (HAYNES C-2000
® 

Ni-based 

alloys); see the red dashed curves in Figure 40(a), (b) and Figure 41(a) and (b), TFMGs 

perform the best on the fatigue-behavior improvement of Ni-based alloys. Upon loading, 

the plastic deformation of TFMGs can be accommodated by the medium strength 

(fatigue-endurance limit) crystalline substrates, resulting in good film/substrate adhesion, 

since the monolithic BMGs are generally in the medium fatigue-endurance region. 

However, for the low [such as, Al-based alloy (7075-T6)] and high [such as, Ti-based 

alloy (Ti-6Al-4V)] strength (fatigue-endurance limit) materials, the fatigue behavior 

(improvement of fatigue-endurance limit and fatigue-endurance limit/UTS) of the 

film/substrate systems is enhanced moderately, but not as evidently as medium fatigue-

endurance limit materials.  

For the low-strength (fatigue-endurance limit) substrate, the fatigue-endurance 

limit can be much lower than that of the TFMG. Therefore, incompatible deformation 

between the TFMG and low-strength (fatigue-endurance limit) substrate occurs upon 

loading, which will easily lead to the film delamination and poor fatigue performance of 

the substrate materials. The incompatible deformation also happens for the high-strength 

(fatigue-endurance limit) substrate upon loading, since the fatigue-endurance limit for the 

high-strength (fatigue-endurance limit) substrate can be higher than that of the TFMG. In 



65 

 

contrast, for the medium-strength (fatigue-endurance limit) substrate, the fatigue-

endurance limit can be generally comparable to that of the TFMG, which will not lead to 

the incompatible deformation between the TFMG and substrate upon loading, therefore 

increasing the fatigue performance of the TFMG/substrate systems. 

Moreover, the film properties can affect the film/substrate adhesion in the 

film/substrate system, which will result in the dramatic difference in the fatigue behavior 

of the film/substrate system, as mentioned in Section 4.3. For example, TFMGs having 

good adhesion with crystalline substrates, such as Zr-based and Cu-based TFMGs, can 

increase the fatigue behavior of substrate materials, while poor film adhesion with the 

substrate, such as the Fe-based TFMG, will not significantly increase the fatigue behavior 

of substrate materials. 

Therefore, the overall S-N and S/UTS-N curves, together with (1) the improved 

fatigue-endurance limit vs. UTS, (2) improved fatigue-endurance limit/UTS vs. UTS, (3) 

improvement of fatigue-endurance limit vs. fatigue-endurance limit, (4) improvement of 

fatigue-endurance limit/UTS vs. fatigue-endurance limit, and (5) UTS vs. fatigue-

endurance limit results in Figure 39, Figure 40, and Figure 41, provide clues for the 

future study of the fatigue behavior of TFMG/substrate material systems. 

4.3.2 Fatigue behavior of TFMG with BMG substrate 

The composition of TFMG was measured to be Zr60.2Cu24.4Al10.6Ni4.8 (in atomic 

percent, at.%) by EDS. Figure 42(a) shows the X-ray diffraction patterns for BMG 

sample and TFMG, which show only a broad diffraction hump with 2θ in a range of 30-

45° in both specimen corresponding to an amorphous structure, and no peaks of any 

crystalline phases can be detected. 
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Figure 42(b) shows the stress-life (S-N) curve of the BMG substrate coated with a 

200 nm-thick Zr-based thin-film metallic glass. It can be observed that the 200 nm-thick 

TFMG could improve the fatigue life of the BMG substrate. Based on the applied 

maximum stress, the fatigue endurance limits of the BMG substrate and the substrate 

with 200 nm-thick TFMG are 300 MPa and 400 MPa, respectively. It can be noticed that 

at both high and low stress levels, the improvement of the fatigue lives is very 

pronounced by the Zr-based TFMGs, which is slightly different with the reported works 

on the case of conventional metallic materials, such as, steel and Ni-based alloys [156, 

157]. For the conventional metallic alloys, the fatigue behavior of TFMG-coated 

specimens is usually improved more pronounce in the low strass levels, compare with 

their performance at high stress level. What are the deformation mechanisms for the 

improved fatigue behavior of TFMG-BMG? As illustrated in the previous work [32, 33, 

155-157], it will be investigated using the SEM and TEM to characterize the fractography 

of the fatigue-fractured specimens at different stress levels in this section. 

Figure 43 shows the SEM fractographs of TFMG-BMG with a 200 nm-thick Zr-

based metallic-glass film after fatigue-fractured at σmax = 450 MPa. As marked in Figure 

43(a), three regions can be observed on the fracture surface, including fatigue-crack-

initiation (Stage I), crack-propagation (Stage II), and fast failure (Stage III) regions could 

be observed. Fatigue-crack initiates from the corner of the tensile surface exhibiting a 

striation-type structure (close to the TFMG, marked with red circle), then propagates 

inside with crack-growth direction indicated by the red arrow on the micrograph. There is 

a distinct boundary between the fatigue-crack-growth region and the fast-fracture region 

[Figure 43(b)], which shows very different microstructures in different regions. The final 
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fracture (Stage III) surface shows a porous structure surface, which is usually a vein-like 

structure in the reported work of BMG fatigue deformation [233-235]. A tilted-angle 

image [Figure 43(c)] shows the interface region of the fatigue fractured specimens after 

loading at the maximum stress of 450 MPa, which clearly indicates that, after the severe 

plastic deformation and final fatigue fracture, only slightly film delamination appears at 

the area close to fracture surface, while the TFMG remained well adhered with the 

substrate in the other region. Moreover, no observable cracks are found on the TFMG, 

which is a very good indication of the good adhesion between the TFMG and BMG 

substrate. This is due to the excellent film ductility can accommodate the fatigue 

deformation of substrates during the cyclic loading. 

Figure 45 shows the SEM fractographs of TFMG-BMG with a 200 nm-thick Zr-

based metallic-glass thin film after fatigue-fractured at σmax = 500 MPa. As marked in 

Figure 45(a), three regions can be observed on the fracture surface, including fatigue-

crack-initiation (Stage I), crack-propagation (Stage II), and fast failure (Stage III) regions 

could be observed, which is similar to the fatigue-fractured TFMG specimen at σmax = 

450 MPa. Fatigue-crack initiates from the area close to the tensile surface, which exhibits 

a striation-type structure, as shown in Figure 45(b). Then the crack propagates toward 

inside of the specimen, with crack-growth direction marked by the red arrow in Figure 

45(a). Distinct boundary can be observed between the fatigue-crack-growth region (Stage 

II) and the fast-fracture region (Stage III), as displayed in Figure 45(c). The final fracture 

(Stage III) surface shows a porous structure surface, which is confirmed to be a vein-like 

structure in Figure 45(e). However, in fatigue crack-propagation region (Stage II), there 

is no vein-like structure observed. This trend demonstrates that the melting phenomenon 
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of BMGs did not occur at the tip of the fatigue crack during the crack-propagation stage. 

In fact, it means that the released elastic energy due to crack propagation is too low to 

melt the metallic glass locally. This result is consistent with observations reported in 

references [234, 236-238]. However,  most of the elastic and plastic energy was released 

to melt the metallic glass at the moment of the final fracture [234]. A tilted-angle image 

[Figure 45 (d)] shows the interface region of the fatigue fractured specimens after loading 

at the maximum stress of 500 MPa, which clearly indicates that, after the severe plastic 

deformation and final fatigue fracture, only slightly film delamination appears at the area 

close to fracture surface, while the TFMG remained well adhered with the substrate in the 

other region. This is a very good indication of the good adhesion between the TFMG and 

BMG substrate, which is due to that the excellent film ductility can accommodate the 

fatigue deformation of substrates during the cyclic loading. 

Fatigue-damage mechanisms of crystalline materials have been well studied and 

understood, and many theories are available. In general, slip bands (SBs), twinning, 

deformation bands (DBs), and grain boundaries (GBs) are the preferential sites for the 

nucleation of fatigue cracks in single-phase materials. However, since BMGs are non-

crystalline materials, their fatigue crack-initiation and growth mechanisms could be 

different from those of the crystalline alloys. The basic fatigue-damage mechanism of 

BMGs is still unclear. However, the deformation mechanism of metallic glasses is 

usually attributed to the presence of shear bands and plastic flows. Because the plastic 

flow is confined to narrow regions (shear bands) of the BMGs, the presence of a shear 

band in a metallic glass specimen reduces its strength by providing a site for further 

plastic flows [239, 240]. 
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4.3.3 Deformation mechanism of TFMG-BMG with TEM 

Figure 46 shows micro-cracks and shear-off steps on the tensile surface near the 

fracture surface of a coated Zr50Cu30All0Ni10 specimen tested at σmax = 500 MPa (The 

TEM graphs in the present thesis are obtained with the help of Mr. Chia-Chi Yu in Dr. 

Jinn P. Chu’s research group). In both Figure 46(a) and (b), the presence of shear-off 

steps and micro-cracks was observed. It can be noticed that the micro-cracks generally 

initiate from shear-off steps, and the shear-off steps are almost parallel to each other. 

Even though the multiple shear-off steps and micro-cracks formed, the TFMG coating is 

still well adhere to the substrate without peeling-off. Good adhesion between substrate 

and coating has been demonstrated as an important factor affecting the fatigue crack-

initiation [155].  

In general, shear band or crack usually initiates from the casting defects and 

porosity in a BMG specimen introduced during alloy casting and leads to a preliminary 

failure due to the stress concentration in these sites [241]. These defects could have a 

significant effect on the mechanical properties of a BMG specimen, especially, on the 

fatigue properties [235, 242]. A Weibull size effect appears and shear bands embryo 

heterogeneously in a millimetre-size MG specimen due to a higher population of casting 

flaws in the specimen [243]. When the scale of MG specimen down to submicron- or 

nano-scale, the deformation of a thin MG specimen would require the homogeneous 

nucleation of shear bands which would lead to an increase of yield strength of specimen 

[244].  

Recently, Wang, et al. [245] discovered that the nucleation length for shear 

banding in metallic glass can reach as high as 500 nm in the case of constrained 
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deformation, such as indentation. Therefore, a 260 nm-thickness TFMG is expected to 

deform homogeneously without embryonic shear banding in this study. Nanoindentation 

tests were carried out on the BMG sample and TFMG on Si wafer at a maximum applied 

loading of 1,200 μN. In order to avoid substrate effect, the film was prepared with a 

thickness of 500 nm. Nanoindentation curves for BMG substrate and TFMG were 

obtained. The pop-in or serration events can be observed in the loading curve of BMG, 

associated with coalescence of local shear transformation zones (STZs) and lead to an 

individual shear banding underneath the indent area [244, 246, 247]. However, no pop-in 

event can be observed in the TFMG curve which validate the result that the shear-band 

nucleation lengths are as high as 500 nm reported by Wang et al. [245].   

TEM EDS line-scan was used to analyse the composition at the interface between 

the Zr-based TFMG and BMG substrate, as shown in Figure 47. An apparent dark line 

presents in the interface between the film and substrate while no significant contrast can 

be observed at the shear-band offset region in Figure 47(c). Based on the line-scan results 

in Figure 47(e), obvious drops in X-ray intensity for all elements are observed at the 

corresponding position for the interface between the film and substrate. This suggests the 

less dense region at interface might have resulted from undesirable preferential etching 

during FIB TEM sample preparation. However, no apparent intensity difference is shown 

at the interface of shear-band offset region, as presented in Figure 47(d). It is assumed 

that the energy released during shear-band offset formation which led to a localized 

temperature rising at offset region. As a result, the diffusion and fusing occurred at the 

offset region between metallic glass film and substrate. It has been reported by Chu et al. 

[33] that the TFMG coating can cover the surface weak points and decreased shear-band 
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initiating point at the surface of coated samples as well as absorb the deformation energy 

when the coated BMG substrate undergoes plastic deformation. 

4.4 Finite-element simulations of the mechanical behavior of TFMGs 

As mentioned in Section 2, under deformation, the plastic flow in BMGs is 

accommodated by shear bands. Thus, catastrophic failure happens due to the 

unconstrained propagation of individual shear bands. Hence, the most efficient way to 

improve ductility is to geometrically constrain these shear bands, so that the plastic strain 

in each shear band can be minimized, therefore preventing crack initiation. The 

application of surface coatings is a typical approach to constrain the shear-band 

propagation and, thus promote the proliferation of shear bands. For example, Li et al. 

[248] studied the effect of nanocrystalline Ni-15%Fe (weight percent, wt.%) coatings on 

Zr-based BMGs and ascribed the ductility enhancement to the increased shear-band 

density. They proposed that the multiplication of shear bands was due to the resistance of 

the nanocrystalline coating to shear-band propagation at the interface. However, the 

detailed mechanism still needs to be elucidated, and this process can be well understood 

through computational studies investigate coating effects, using both the Rudnicki-Rice 

instability theory [230, 231] and the free-volume model [189, 190] as described below.  

4.4.1 Rudnicki-Rice instability-theory simulations 

To predict the shear-band initiation and propagation under deformation, in 

coating/substrate systems with a film/substrate thickness ratio of 1/20, compared with the 

bare substrate case, a three-dimensional (3-D) half-symmetric ABAQUS model under 

Rockwell indentation was developed, as shown in Figure 58(a) [155]. In this model, both 
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the MG substrate and film are treated as a pure elastic body, which means that the 

deformation behavior of the substrate and coating is dominated by their Young’s moduli 

(E) and Poisson’s ratios ( ), with E = 88.6 (substrate) and 122 (film) GPa, and   = 0.3 

(substrate) and 0.34 (film), respectively. The Rudnicki-Rice instability theory is 

employed to predict the directions of shear bands for both the monolithic [Figure 58(b)] 

[155] and coated BMGs [Figure 58(c)] [155], with µ + β = 0 in the MG substrate, where 

µ + β =0 indicates that the materials deformation is pressure insensitive and associative. 

The detailed explanation on the µ + β from the mechanics point of view can be found in 

the work [231]. The prediction, from the instability theory, gives typical radial shear-

band patterns under indentation for both the bare substrate and film/substrate cases, 

which is consistent with many reported experimental results [191, 231, 249]. In Figure 

58(b), the blue solid curves indicate the predicted shear-band directions, while the red 

dashed curves are along principal shear stress directions. Since there are no shear-band 

constraint conditions on the surface of the monolithic BMG specimen, only major shear 

bands appear and propagate in the MG substrate. However, in the coating/substrate 

material system, more shear bands appear, most of which are less than the major shear 

bands in the bare-substrate case, as shown in Figure 58(c).  It can be observed that a lot of 

short solid black and dashed green curves, which are the corresponding shear-band 

directions and principal shear-stress directions, respectively, occur at the 

coating/substrate interface, together with some larger shear bands (blue solid curves). 

This phenomenon suggests that the local strain of the BMG produced in the deformation 

process can be dispersed by more shear bands, which reduce the shear strain in each shear 

band. Therefore, the plasticity of BMG substrate is increased by a surface coating.  
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Moreover, in the TFMG-substrate material systems, shear bands are “reflected”, 

resulting in the occurrence of more short and minor shear bands [solid curves, Figure 

58(c)], when major shear bands propagate and arrive at the film/substrate interface during 

deformation, as shown in Figure 58(c). It should be noted that in our simulations, shear 

bands start from the substrate material, while shear bands can be initiated at the interface 

in the real case. The term “reflection” means the shear-band directions change, since two 

families (before and after reflection) of shear bands may be initiated simultaneously. This 

trend causes the formation of multiple shear bands at the interface, so that each shear 

band will not endure a large amount of shear strains. Thus, enhanced ductility can be 

achieved in the coated MG during experiments. Similar simulation results concerning the 

coating effects on the shear-band propagation were reported by Chu et al. [33], which 

reveals that the deformation bands are shorter and less developed in the coated samples, 

compared with the uncoated BMG substrate. Ultimately, each shear band carries less 

shear stain for the coated samples, and, therefore, the ductility is increased. For future 

studies, the simulation on cases of crystalline substrates with MG films will be conducted, 

in order to have a direct comparison with the experimental data in the present work. 

4.4.2 Free-volume-model simulations 

As reported in the previous work [32, 33, 155], the fatigue behavior of the 

film/substrate material system is significantly dependent on the adhesion between the 

film and substrate. However, the effects of the adhesion between the film and substrate 

are difficult to simulate with the Rudnicki-Rice instability theory. Here, a free-volume 

model will be employed to investigate the effects of film/substrate adhesion and film 

thickness on the fatigue behavior of coated specimens. Note that we are interested in the 
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effects of geometry constraint of films on the substrate. The film/substrate system with 

the crystal coating on the MG substrate is studied in the present work, which may not be 

exactly the same with the experimental case of the present work. 

A two-dimensional (2D) ABAQUS model consisting of four-node plane-strain 

elements, with an element type of CPE4, is constructed under indentation loading, with 

an MG substrate and a Ti-based alloy coating. To explore the effects of coating thickness 

and adhesion on enhanced plasticity, films with varied configurations and constitutive 

laws are employed. A rigid Rockwell indenter was applied to indent the specimen, and 

the sample bottom is completely immobile. The contact between the indenter and sample 

was frictionless, while the substrate/coating interaction varies for different simulation 

purposes, as explained below. For all substrate materials, the constitutive parameters are 

*/fv v  = 0.05, / 2 BE k T = 240,   = 0.33, nD = 3, α = 0.15, and * /v   = 1. Here, f is 

the frequency of the atomic vibration,   is a geometric factor of order 1, v* is the hard-

sphere atomic volume, vf is the average free volume per atom, mG  is the activation 

energy, Ω is the atomic volume, kB is the Boltzmann constant, and T is the absolute 

temperature. The normalized loading rate is exp( )
m

B

h G

Rf k T



 = 2.3 × 10

-6
 s

-1
. Different 

constitutive relations are assigned to the coatings and substrates, as described below.  

To investigate the effects of coating adhesion on the ductility and fatigue 

enhancement of BMGs, different indentation contours were simulated in Figure 52 [155]. 

The coating material used in the present work is Ti, which is treated as a purely elastic 

body in the ABAQUS model, with a Young’s modulus of E = 122 GPa and a Poisson 

ratio of   = 0.34. In Figure 52(a), it is demonstrated that the indentation of the bare 



75 

 

BMG substrate results in several major pairs of intersecting shear bands. By contrast, the 

indentation of Ti-coated MG specimen to the same displacement induces the formation of 

multiple shear bands, for both infinite-adhesion and zero-adhesion cases, as displayed in 

Figure 52(b) and (c), respectively. This shear-band multiplication phenomenon in the 

coating case is attributed to two mechanisms: (1) shear-band reflection occurs at the 

film/BMG interface, and (2) abundant minor shear-band branches appear inside the 

coated specimens. Both mechanisms are triggered by the geometrical constraint of 

coatings and responsible for the enhanced plasticity in MGs. This result agrees well with 

the previous predictions by the Rudnick-Rice instability theory on shear-band 

multiplication in coating/substrate materials [230, 231].  

Experimental studies [33] reveal that film/substrate adhesion plays a crucial role 

in enhancing the ductility of BMGs. To examine this effect, two extreme cases are 

simulated in the present work with the ABAQUS model: (1) indentation of a Ti-coated 

MG substrate with perfect adhesion [Figure 52(b)] and (2) the same sample with zero 

adhesion [Figure 52(c)], which is realized by defining a frictionless film/substrate contact 

between the film and substrate. Consistent with the experimental observations, poor 

film/substrate adhesion tends to bring about less shear-band reflection and branching, 

which is attributed to film delamination occurring easily in the poor adhesion case. As a 

result, only relatively limited enhanced plasticity is obtained in the poorly-bonded coating 

material, thus leading to poor fatigue improvement. For the perfect film-adhesion 

condition, the fatigue-crack initiation stage is significantly elongated, thus prolonging the 

overall fatigue life of this coating material. This trend is consistent with the reported 

fatigue experimental results that good adhesion usually leads to the longer fatigue life of 
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coated specimens [155]. However, it should be noted that geometrical constraints by 

coatings will lose their effect on the ductility and fatigue improvement of substrate 

materials once the fatigue crack starts to propagate. 

The experimental results show that fatigue behavior is strongly dependent on film 

thickness. Therefore, two different cases, with a film/substrate thickness ratio of 20 (thin-

film) [Figure 53(a)] [155] and 5 (thick-film) [Figure 53(b)] [155] in the perfect film 

adhesion case, are simulated in the present work. The results reveal that many more 

shear-band branches appear in the BMG substrate, but only several major shear bands for 

the thin-film case. Moreover, for the thin-film case, the major shear bands don’t arrive at 

the film/substrate interface. However, the major shear bands can reach the interface in the 

thick-film case, which would lead to film delamination. These simulation results are 

consistent with most of the current experimental data and shows why more fatigue work 

on the TFMG-coated specimens are conducted with the film thickness of 200 nm, rather 

than 1 μm or larger, although some exceptional cases exist  [33, 152, 159]. 

Based on the analysis above, a summary of the fatigue-crack initiation and 

propagation mechanisms in the TFMG-substrate material systems is displayed in Figure 

59. It can be observed that fatigue-crack initiation in the TFMG-substrate system results 

from dislocation pileup in crystalline substrates under cyclic loading, with the fatigue 

crack-initiation factors: (i) film/substrate interface adhesion; (ii) surface roughness; (iii) 

coating properties; and (iv) coating thickness. After the fatigue crack initiates in the 

TFMG/substrate systems, some minor shear bands will be formed in the TFMG. 

Thereafter, the fatigue crack-propagation process will not be affected significantly by the 

TFMG, which will result in rapid failure of the TFMG/substrate system. Beneficial-effect 
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factors on fatigue behavior of the TFMG/substrate systems are: (i) medium-strength 

substrate materials; (ii) good TFMG/substrate adhesion; (iii) TFMGs with good ductility; 

and (iv) proper film thickness (~ 200 nm in the present work). 

4.5 Summary 

Thin-film metallic glasses provide a possible solution to utilize their unique 

properties to increase the plasticity and fatigue resistance of substrates, without 

weakening substrate strength, even though BMGs possess a macroscopic brittle nature. In 

this paper, the fatigue behavior and underlying micro-mechanisms of TFMGs were 

studied with both experimental and FEM simulation methods. Zr-based and Cu-based 

TFMGs, as well as annealed Zr-based TFMGs, were employed to improve the four-point-

bending fatigue resistance of 316L stainless-steel, Ni-, Zr-, Al-, and Ti-based alloy 

substrates, while TiN, pure Cu, and Fe-based TFMGs did not extend the four-point-

bending fatigue life of steel substrates. The fatigue results show that the TFMGs have the 

best effects on the fatigue behavior of medium-strength substrates, with less significant 

effects on low and high strength materials. The enhancement of fatigue life is mainly 

attributed to the good ductility and strength of the films, leading to the multiplication of 

shear bands in TFMGs, and, thus prolonging the fatigue-crack-initiation state of 

film/substrate materials. Consequently, it requires more fatigue cycles for the fatigue-

crack initiation, resulting in the enhanced fatigue life in the presence of TFMGs.  

In contrast, failure of the fatigue-life enhancement by thin films is attributed to 

poor adhesion between the film and substrate, yielding film delamination. The thin film 

then has little influence on the fatigue-life extension of the substrate, once a fatigue crack 
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starts to propagate. The tension-tension fatigue life of the Zr- and Cu-based TFMG-

coated 316L steel substrate is not improved by the thin-film coating because of film 

delamination and peel-off. 

The mechanisms of the ductility and fatigue-resistance enhancement in 

film/substrate systems have been studied using the ABAQUS simulation model. 

Enhanced ductility and plasticity in MGs is attributed to shear-band multiplication in the 

coating material due to two mechanisms: (1) shear-band reflection occurs at the 

film/BMG interface and (2) abundant minor shear-band branches appear inside the MG 

substrate of coated specimens. These two mechanisms are triggered by the geometric 

constraint of the coating. The simulation results show that film thickness, together with 

adhesion between the film and substrate, have significant effects on the shear-band 

multiplication of BMGs, hence affecting the ductility and fatigue behavior of the 

film/substrate systems.  
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CHAPTER V 

CONCLUSION AND FUTURE WORK 

Based on the results and discussion above, microscopic deformation mechanisms 

in the in situ MGMCs have been examined using synchrotron X-ray scattering and FEM 

under compressive loading in the present work. Different crystal geometries, including 

cubes/spheres/dendrites, are used to examine the inclusion-shape effects on the elastic 

strain evolution of the inclusions. The present work on MGMCs can provide some 

guidelines in the design and preparation of MGMCs. Moreover, the fatigue lifetime and 

endurance limit of most structural materials, including BMGs, can be enhanced by 

TFMG coatings, which would be helpful to the application of BMGs. However, the 

optimization of TFMG coatings for the fatigue-lifetime improvement of structural 

materials remains to be further studied. Based upon the present work, several approaches 

can be fruitfully conducted to study TFMG-coating effects on the fatigue behavior of 

substrate materials. 

(a) TFMGs can be deposited on materials with medium strengths (fatigue-

endurance limits), such as Ni-based alloys to increase the fatigue performance of 

substrates, because of the compatible fatigue deformation (fatigue-endurance limits) 

between substrates and TFMGs upon loading.  

(b) The fatigue behavior of TFMG-substrate materials systems is clearly 

dependent on the adhesion properties between the substrate and coating. Thus, fatigue 

lifetime and endurance limit can be enhanced by increasing film/substrate adhesion. In 

previous studies [33, 152], a bilayer-coating has provided a feasible way to improve the 
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film/substrate adhesion, which a ductile thin film between the substrate and the TFMG 

for enhancing the adhesion.  

(c) Multilayer coatings may indeed be a good approach to increase the fatigue 

behavior of substrate materials. 

(d) The mechanical deformation mechanism of TFMGs on crystalline 

materials has been studied with finite-element and molecular dynamic simulations [32, 

33]. However, the deformation behavior of bilayer coatings, together with multilayer 

coatings, remains to be further investigated.  
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Table 1. Strength-stiffness ratios of a number of [hkl] grains in the crystalline phase and 

the metallic-glass (MG) matrix, with an initial yield stress of 150 MPa for the crystalline 

phase. [186] 

Parameters for the crystalline phase 

Parameter Slip system [200] grains [220] grains [211] grains [310] grains 

E (GPa) - 129 158 158 138 

hkl

cryr  (10
-3

) [110]<111> 2.85 1.17 1.17 1.67 

hkl

cryr  (10
-3

) [112]<111> 4.94 2.01 1.22 2.88 

hkl

cryr  (10
-3

) [123]<111> 7.53 2.06 1.32 3.51 

“Hard” – “Soft” [200] – [310] – [220] / [211] 

Parameters for the MG matrix 

Parameter Value Parameter Value Parameter Value 

rMG (10
-3

) 20.22 EMG (GPa) 89 σMG (GPa) 1.8 

 



115 

 

Table 2. Parameters used in the finite element simulations with results matching the 

lattice strain evolution in the composites, as shown in Figure 32.  [186]  

 

Crystal parameters Value 

C11, C12, C44 (GPa) 91.0, 69.5, 31.0 

Slip systems [110]<111> [112]<111> [123]<111> 

n 10 6.3 10 

0τ  (GPa) 0.30 0.20 0.50 

sτ  (GPa) 0.80 0.35 0.80 

0h  (GPa) 0.0050 0.0050 0.10 

q 1.4 1.4 1.4 

Parameter Value Parameter Value Parameter Value 

EMG (GPa) 89 νMG 0.37 
Y

MGσ  (GPa) 1.45 
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Table 3. Chemical compositions (in weight percent) of 316L stainless steel, C-2000
®
 Ni-

based alloy, 7075-T6 Al-based alloy, Zr-based alloy, and Ti-based alloy 

substrates. [155] 
 

316L Stainless Steel [220] 

Content C Mn Si P S Cr Mo Ni N Fe 

Min value (wt. %) - - - - - 16.0 2.0 10.0 - bal. 

Max value (wt. %) 0.03 2.0 0.75 0.04 0.03 18.0 3.0 14.0 0.1 bal. 

C-2000
®
 Ni-based alloy [221] 

Content Ni Cr Mo Cu C Si 

Min value (wt. %) 59 23 16 1.6 0.01 0.08 

Max value (wt. %) - - - - Max Max 

Zr-based alloy (ZrHf4.5) [222] Ti-based alloy (Ti-6Al-4V) [223] 

Content Zr Hf Content Ti Al V 

Value (wt. %) 95.5 4.5 Value (wt. %) 90 6 4 

Al-based alloy (7075-T6) [224] 

Content Al Mg Cr Zn Cu Ti Mn Si Fe 

Min value (wt. %) 87.1 2.1 0.18 5.1 1.2 - - - - 

Max value (wt. %)  91.4 2.9 0.28 6.1 2 0.2 0.3 0.4 0.5 
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Table 4. Ultimate tensile strengths of substrate materials, including 316L stainless steel, 

C-2000
®
 Ni-based alloy, 7075-T6 Al-based alloy, Zr-based alloy, and Ti-based 

alloy, as well as Zr-based and Cu-based BMGs. [155] 

 

Alloys UTS (MPa) Alloys UTS (MPa) 

316L stainless steel [220] 820 C-2000
®
 Ni-based alloy [221] 752 

ZrHf4.5 alloy [222] 379 Al-based alloy (7075-T6) [224] 572 

Ti-6Al-4V alloy [223] 1,170 (Cu60Zr30Ti10)99Sn1 [250] 1,800 

Zr55Cu30Ni5Al10 [250] 1,560 - - 
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Figure 1. (a) An optical micrograph showing uniformly-distributed WC particles in the 

V106 matrix; (b) X-ray diffraction patterns of the V106 matrix, the alloy reinforced with 

10 vol. % WC, and pure WC particle; and (c) Quasi-static compression stress–strain 

curves of V106 composites reinforced with Ta, W, and WC particles. [35, 37] 
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Figure 2. (a) Hardness values of the matrix reinforced by different volumes of the ZrC 

particles and (b) linear fitness of the modulus, E, and yielding strength, σy, with 

increasing the volume fraction (Vf) of ZrC. [40] 
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Figure 3. (a) SEM micrograph in the backscatter mode of 80 vol. % W wire / bulk 

metallic glass matrix composite. The sample is polished and cut normal to the uniaxial 

reinforcement; [41] (b) SEM backscattered-electron image of in-situ composite 

microstructure (Inset: X-ray diffraction pattern for the (Zr75Ti18.34Nb6.66)75X25 in-situ 

composite. [67] (c) Backscattered SEM of the in-situ composite with a composition of 

(Zr70Ni10Cu20)82Ta8Al10. [91] 
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Figure 4. A pseudo ternary phase diagram with apexes of zirconium, (titanium + 

niobium), and X, where X represents the moiety Cu5Ni4Be9. [69] 
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Figure 5. X-ray diffraction patterns of four samples with different compositions 

(labeled as Zr54, Zr56, Zr58, and Zr60, respectively). [69] 
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Figure 6. SEM images of the cross sections of the composites with the compositions of: 

(a) Zr54, (b) Zr56, (c) Zr58, and (d) Zr60. [69] 
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Figure 7. (a) the compressive engineering stress-strain curves of the four composites, [69] 

and (b) the tensile engineering stress-strain curves of the Zr60 composite. [71] 
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Figure 8. Dependence of tensile ductility on crystalline volume fraction. [97] 
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Figure 9. Typical schematic illustration of copper-mold suction casting, and the arc 

melter at The University of Tennessee shown in the inset. [102] 
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Figure 10. Schematic diagram of the apparatus for casting bulk MGMCs. [35] 
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Figure 11. The Bridgman solidification apparatus used by Qiao et al. (a), and the 

corresponding illustration exhibited in (b). [147]
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Figure 12. XRD patterns (a) and DSC traces (b) of the composites synthesized with 

different withdrawal velocities. [53] 
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Figure 13. The microstructure of the sample with v = 1.0 mm/s is illustrated in (a), the 

dependences of spanning lengths of individual dendrite trees on varied withdrawal 

velocities shown in (b), and the dependences of fracture strengths and plastic strains of 

the composites developed by the Bridgman solidification on the v (c), the inset in (c) 

indicating the sample with v = 1.0 mm/s after bending. [29] 
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Figure 14. Classification of MGMCs. [147]
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Figure 15. (a) S–N curves of 316L stainless-steel specimens coated with Zr-based 

metallic-glass films of different thicknesses (200 nm and 1 μm), as well as the bare 

substrate, under four-point-bending fatigue tests. (b)  S–N curves of a Ni-based alloy and 

specimens coated with Zr-based metallic-glass films of different thicknesses, 200 nm and 

1 μm. (c) S–N curves of a Zr-based alloy substrate, as well as coated specimens with Zr-

based TFMGs of different thicknesses, 200 nm and 1 μm.(d) S–N curves of 7075-T6 

aluminum alloys with and without ZrCuNiAlSi TFMG coatings. (e) S–N curves for Ti–

6Al–4V alloy substrates coated with TiN, TFMG (Zr50Cu27Al16Ni7, at.%), and TFMG/Ti. 

(Redrawn from [152, 156, 157, 251]) 
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Figure 16. SEM fractographs of failed 316L stainless-steel specimens coated with a 

Zr47Al13Cu31Ni9 TFMG of different thicknesses: (a) 200-nm-thick and (b) 1-μm-thick; (c) 

good adhesion between the 1-μm-thick film and substrate is shown at the crack-initiation 

site; and (d) blockage of the substrate-slip deformation by the 1-μm-thick thin film 

(Reproduced with permission from [156]). 
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Figure 17. SEM fractographs of (a) the interface between the substrate and film, 

illustrating partial delamination of the Zr-based film due to severe slip deformation of the 

substrate, and (b) the fracture surface of the TFMG-coated Zr-based alloy after a four-

point bending fatigue test [251].  

 

(a) 

(b) 
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Figure 18. SEM fractographs of (a) uncoated and (b) TFMG-coated 7075-T6 Al alloy 

specimens fractured at σmax. = 300 and 350 MPa, respectively, under four-point-bending 

fatigue tests. (I), (II), and (III) on images (a) and (b) represent crack-initiation, crack 

propagation, and final-fast-fracture regions, respectively [152].
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Figure 19. SEM fractographs of a 7075-T6 Al alloy specimen coated with the Zr-based 

TFMG and fractured at σmax. = 350 MPa under four-point-bending fatigue tests in two 

views: (a) top-view image and (b) enlarged tilt-view image of the tension surface [152]. 
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Figure 20. Cross-sectional TEM micrograph obtained from an Al-alloy-substrate 

specimen coated with a Zr-based TFMG after fatigue tests at σmax. = 350 MPa; the 

arrows indicate slip bands in the Al-alloy substrate, the offset, and cracking regions in the 

Zr-based TFMG [152]. 
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Figure 21. TEM cross-sectional fractographs of a coated Ti–6Al–4V substrate with σmax. 

= 675 MPa, (a) before load, (b–d) interrupted after 5 × 105, 5 × 106, and 6.4 × 106 

fatigue cycles, respectively. (e–h) corresponding AFM morphology images with the 

values of rms surface roughness. [158] 
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Figure 21 continued 
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Figure 21 continued 
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Figure 22. A proposed mechanism for fatigue-crack-initiation in the film/substrate 

system, showing that substrate dislocation pileups are suppressed by the high 

ductility and strength of the amorphous film [156, 159].  
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Figure 23.  Representative reported BMG alloys. [9] 
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Figure 24. (a) Engineering stress vs. strain curves of monolithic BMG and MGMCs; (b) 

SEM images of composites. [30, 70] 

(a) 

(b) 
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Figure 25. (a) Deformation in composites occuring through the development of highly-

organized patterns of regularly-spaced shear bands distributed uniformly along the crack 

path; (b) Microcracks in composites are nucleated along the shear bands or at the 

matrix/dendrite interface. [169] 

(a) 

(b) 
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Figure 26. A review of the ductility and yield strength of different kinds of coatings, 

including TFMGs, metallic coatings, and ceramic coatings applied to improve 

mechanical properties of substrate materials. [155] 

 



147 

 

Figure 27. (a) Scanning electron microscope image of the dendritic crystalline phase (β) 

in the metallic glass matrix with the composite composition of 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 (at.%) and the crystalline phase volume percentage 

of ~ 55%. (b) Schematic illustration of the in situ synchrotron X-ray diffraction 

experiment on the compression sample. (c) X-ray diffraction pattern of the as-cast 

specimen before deformation. (d) Line profiles for the specimens before 

deformation and at an applied stress of ~ 1,500 MPa [186]. 
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Figure 27 continued

(a) 

(b) 
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Figure 27 continued

Longitudinal 

Transverse (110) 

(200) 

(211) 

(220) 

(310) (c) 
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Figure 28. (a) The finite element simulation is conducted on a compression specimen 

with cubic elements in ABAQUS model. (b) and (c) display all the crystalline 

grains and the [310] grains, respectively. [186] 

 

 

 

 

 

 

 

 

 

 

(a) (b) (c) 
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Figure 29. (a) The macroscopic compressive engineering stress - strain curve shows 

considerable plastic deformation. (b) A representative stress - lattice strain curve can be 

divided into 3 stages. This example is particularly for grains with their <310> directions 

parallel to the loading direction. [186] 
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(a) 

Figure 29 continued
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Elastic-plastic stage, in 

which the MG matrix 

deforms elastically and 

the crystalline phase 

yields around 450 MPa. 

Plastic-plastic stage, in 

which both phases deform 

plastically, and the lattice 

strain evolution makes a 

“turnover”. 

Elastic-elastic stage, in 

which both the MG 

matrix and crystalline 

inclusion deform 

elastically. 

  

 

 

 

 

  

 

 

  

 

 

 

 

  

 

(b) 

Figure 29 continued 
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Figure 30. Stress versus lattice strain curves from the X-ray diffraction with the 

extrapolated lines from the elastic stage of each curve. Four grain families, [200], [211], 

[220], and [310], have been measured. [186] 
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Figure 31. Stress versus intergranular strain curves for [200], [211], [220], and [310] 

grains in the transition from Stages I to II. [186] 
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Figure 32.  Experimental and finite element simulation results of the lattice strain 

evolution curves for [200], [211], [220], and [310] grains. [186] 

 

 

 



157 

 

  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 33.  Stress versus elastic

33ε  curves of the single inclusion model with cubic, spherical, 

and dendritic inclusion shapes (inset). [186] 
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Figure 34. (a) Stress versus elastic

22ε  curves for both the inclusion and matrix in the 

composite with the dendrite inclusion shown in (b), which shows the Mises stress 

contours at stress level (iv). Both the matrix and inclusion are simulated as elastic-

perfectly plastic solids, with Young’s modulus, Poisson’s ratio, and yield stress being 89 

GPa, 0.37, and 1.4 GPa for the matrix, and 60 GPa, 0.37, and 0.45 GPa for the inclusion. 

[186] 

(a)  (b) 
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Figure 35. (a) Everything else being the same as Figure 34(a), the rotation of the dendritic 

crystalline phase by 45º leads to a dramatic change of the lattice strain evolution when the 

matrix yields (i.e., at the very end of the stress - elastic

22ε  curves). (b) The Mises stress 

contours of model in (a) at stress level (iv). [186] 

 

(a)  (b) 
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Figure 36. (a) Stress versus elastic

22ε  curves for both the inclusion and matrix in the 

composite with multiple circular inclusions;  (b) The Mises stress contour is shown at 

stress level (iv).  The matrix is described by the free volume constitutive model, with the 

Young’s modulus and Poisson’s ratio being 200 GPa and 0.37, respectively. Other 

parameters can be found in the text. The inclusion phase is an elastic-perfectly plastic 

solid with the Young’s modulus, Poisson’s ratio, and yield stress being 60 GPa, 0.37, and 

0.45 GPa, respectively. All figures are given in a deformed mesh with a displacement 

magnification ratio of 1, and the state-dependent variable 1 (SDV1) specifies the free 

volume. [186] 

(a)  (b) 
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Figure 37. (a) Stress versus elastic

22ε  curves for both the inclusion and matrix in the 

composite with multiple dendritic inclusions.  (b) The Mises stress contour is shown at 

stress level (iv). The material parameters are all same as these in the Figure 36. [186] 

 

(a)  (b) 
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Figure 38. Specimen sketches for four-point-bending fatigue tests. [155]
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Figure 39.  (a) S-N and (b) S/UTS-N curves for all the reported TFMGs on different 

kinds of substrates. Five regions are separated in (a) by: A) low fatigue-endurance limit 

region; B) medium fatigue-endurance limit region; C) high fatigue-endurance limit region; 

D) tension-tension region; and E) monolithic BMG region. In (b), the regions, 

corresponding to (a), are represented by A', B', C', D', and E'. [155] 
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Figure 39 continued 
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Figure 39 continued 
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Figure 40. (a) and (b) show the improvement of fatigue-endurance limit vs. UTS, 

improvement of fatigue-endurance limit/UTS vs. UTS, respectively, for all the reported 

substrate materials, including 316L steel, Ni-based alloy, Zr-based alloy, Ti-based alloy, 

and Al-based alloy. [155] 
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Figure 40 continued
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Figure 40 continued 

(b) 
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Figure 41. (a), (b) and (c) show the improvement of fatigue-endurance limit vs. fatigue-

endurance limit, improvement of fatigue-endurance limit/UTS vs. fatigue-endurance limit, 

and fatigue-endurance limit vs. UTS, respectively, for all the reported substrate materials, 

including 316L steel, Ni-based alloy, Zr-based alloy, Ti-based alloy, and Al-based alloy. 

[155] 
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Figure 41 continued

(a) 
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Figure 41 continued 

(b) 
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Figure 41 continued 

(c) 
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Figure 42. (a) XRD patterns for the BMG substrate and TFMG; and (b) S-N curves of 

bare BMG and BMG substrate with Zr-based TFMG. 
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Figure 43. (a) SEM fractography micrograph of the BMG substrate with a 200 nm-thick 

Zr-based TFMG after fatigue fractured at σmax = 450 MPa, (b) transition regions between 

Stage II and Stage III, and (c) partial film delamination due to the severe deformation of 

the BMG substrate. 
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Figure 44. (a) TEM cross-sectional images of TFMG-coated BMG specimen after fatigue 

fractured at σmax = 450 MPa. (b) Amplified image of the interface area in (a). 

(b) (a) 
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Figure 45. (a) SEM fractography micrograph of the BMG substrate with a 200 nm-thick 

Zr-based TFMG after fatigue fractured at σmax = 500 MPa, (b) enlarged image of crack-

initiation region, (c) transition regions between Stage II and Stage III, (d) partial film 

delamination due to the severe deformation of the BMG substrate, and (e) fast-failure 

region. 
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Figure 46. Microcracks associated with shear-off steps formed on the tensile surface near 

the fracture surface of a coated Zr50Cu30Al0Ni10 specimen tested at σmax = 500 MPa. (a) 

and (b) are the tilt-view at different locations of sample in different magnifications. 
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Figure 47. TEM EDS line-scans at the interface of TFMG and BMG substrate after 

fatigue fractured at σmax = 500 MPa. (a) STEM image; (b) Enlarged TEM image of the 

shear offset area in (a); (c) EDS line-scan directions marked with the red arrows; (d) and 

(e) EDS line-scan profile at the interface of film and substrate. 
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Figure 48. (a) TEM cross-sectional images of TFMG-coated BMG specimen after fatigue 

fractured at σmax = 500 MPa; (b) Enlarged image of the red circle area in (a); and (c) 

Enlarged image of the red circle area in (c). 
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Figure 49. (a) TEM cross-sectional images of the film area in the TFMG-coated BMG 

specimen after fatigue fractured at σmax = 500 MPa; (b) SAED result of the red circle area 

in (a), indicating the fully amorphous structure. 
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Figure 50. (a) TEM cross-sectional images of TFMG-coated BMG specimen after fatigue 

fractured at σmax = 500 MPa; and (b) Enlarged image of the shear-off steps area 

(blue circle) in (a).  
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Figure 51. (a) SEM fractography micrograph of the BMG substrate with a 200 nm-thick 

Zr-based TFMG after fatigue fractured at σmax = 600 MPa, (b) transition regions between 

Stage II and Stage III, (c) and (d) interface area of the TFMG-BMG specimen after 

fatigue fracture. 
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Figure 52. An indentation model (2D) with free-volume contour plots in different 

adhesion cases: (a) a BMG substrate without coatings; (b) a thin-film coated BMG, in 

which the substrate and film is completely bonded; (c) a BMG specimen coated with a 

weakly-bonded thin film; (d) bending stress vs. surface strain curves for uncoated and 

coated BMG samples, together with 316L stainless steel for comparison.  
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Figure 53. An indentation model (2D) with free-volume contour plots in different film-

thickness cases: (a) a BMG substrate without coatings; (b) a BMG substrate with a thin 

TFMG, having a film/substrate thickness ratio of 1/20; and (c) a BMG substrate with a 

thick TFMG, having a film/substrate thickness ratio of 1/5. 
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Figure 54. An indentation axisymmetric model (3D) with free-volume contour plots for 

BMG specimens: (a) without and (b) with TFMG.  
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Figure 55. An indentation axisymmetric model (3D) with stress plots for BMG specimens: 

(a) without and (b) with TFMG. 
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Figure 56. An indentation axisymmetric model (3D) with (a) shear band and (b) stress 

plots for BMG specimens coated with Ti-alloy thin film. 
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Figure 57. An indentation 3D model with shear-band plots for BMG specimens using 

Berkovich indenter: (a) without and (b) with TFMG. 
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Figure 58. (a) ABAQUS model of a half-symmetric Rockwell indention in a metallic 

glass, used for predicting shear-band directions in (b) a BMG substrate, and (c) a Ti-

coated BMG witha film/substrate thickness ratio of 1/20, having μ + β = 0 and υ=0.3. The 

blue solid curves indicate predicted shear-band directions, and the red dashed curves are 

principal shear-stress directions. The short solid black and dashed green curves are 

corresponding shear-band directions and the principal shear-stress directions. [155] 
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Figure 59. Summary of fatigue crack-initiation and propagation mechanisms in a 

TFMG/substrate system. [155] 
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