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ABSTRACT 
 
 

Ceramic thin films embedded with oriented magnetic nanofibers or nanorods are 

highly demanded for the applications in remote sensing, electromagnetic shielding, and 

thermal management at high temperatures. The general strategy for developing ceramic 

composite thin films with aligned magnetic nanorods or nanofibers has not been developed 

yet. This dissertation is centered on fundamentally understanding a sol-gel and polymer-

based route towards creation of ceramic thin films with aligned magnetic nanostructures. 

The topics cover fabrication and properties of ceramic and ceramic-based nanofibers, 

precipitating magnetic nanoparticles within ceramic fibers, aligning and embedding 

nanofibers or nanorods within ceramic films, and preventing cracking during the sol-gel 

film dip-coating processing on flat substrates or on substrates with protrusions such as 

nanorods or nanofibers. The recent status and challenges in developing ceramic based 

nanocomposite and its potential applications are reviewed in chapter I. The feasible 

methodologies and general approaches are described. In chapter II and chapter III, we 

present the development of mullite and mullite-based composite nanofibers as potential 

fillers in ceramic thin films. The detailed schemes of materials formation and approaches 

for microstructure control are discussed in detail. The mechanical and magnetic properties 

of the mullite-based fibers are studied. In chapter IV, the high temperature in situ 

precipitation of nickel nanoparticles within the mullite fiber host is studied, to 

fundamentally understand the processing mechanism and its potential for high 

temperatures applications. In chapter V, we present the fundamental understanding of 

processing crack-free mullite thin films by sol-gel method. In chapter VI, the scientific 
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approach is described for processing macroscopic ceramic thin films embedded with 

magnetic nanorods of controlled alignment. In chapter VII, the ceramic thin film formation 

with embedded nanorods is studied both theoretically and experimentally. The mechanism 

and criterion of microscopic cracking within the thin film composites is discussed. 
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CHAPTER I 
 

INTRODUCTION 
 
 

1.1 Applications 

Nanocomposites are a family of materials made of dissimilar phases with at least 

one phase dispersed at nanoscale, typically smaller than 100 nm. Nanocomposite materials 

circumscribe an extensive forms of materials, including zero-dimensional (e.g. core-shell 

nanoparticles), one-dimensional (e.g. composite filamentary structures), two dimensional 

(e.g. layered films) or bulk. A nanocomposite usually consists of a continuous phase (the 

matrix) and a dispersed phase (the filler).  

Ceramic nanocomposites enjoy broad applications in energy conversion, 

construction, automotive, nuclear energy, aerospace, electronics and power generations 

[1]. They generally have the advantages of higher strength, thermal stability and chemical 

inertness and unique optical and electronic properties, making them exceptionally good 

candidates for the applications at elevated temperatures and in harsh environments. For 

example, adding nanofiber or nanorods in ceramics can greatly enhance the mechanical 

performances of ceramic materials [2-4].  

Composite materials with aligned nanorods are especially attractive for 

applications in a wide variety of fields [2, 5-9]. Our goal in this dissertation is to develop 

ceramic thin films with embedded magnetic nanorods or nanofibers of controlled 

orientations. The materials are anticipated with multiple functions. The principle of 
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materials design is governed by a synergetic combination of the following expected 

properties.  

1.1.1 Corrosion resistance and wear protection  

Corrosion and wear are combined in many applications, for example, in combustion 

engines and turbine engines. Ceramic thin films are corrosion and wear resistant materials 

owing to their inherent chemical inertness, high elastic modulus and hardness. It is desired 

to apply ceramic thin films or coatings on metal substrates to provide these environmental 

and mechanical protections.  

For such applications, dense and mechanically robust ceramic coatings with tunable 

thickness are desired in principle. Cracks are deleterious for applications in corrosive 

media. It is often the cause of poor mechanical properties. The crack formation is often 

irreversible, therefore cracking in the thin film matrix during processing should be 

eliminated. In addition, the segregation of nanorods often initiates cracks when used as 

fillers in composites [2-4]. The design principle requires: the homogeneous distribution of 

the nanofibers or nanorods in the thin film matrix; dense and crack-free thin films.  

1.1.2. Faraday rotators  

A Faraday rotator is a polarization rotator based on the Magneto-optic effect. It is 

caused by the phase velocity difference of the left and right circularly polarized waves (e.g. 

a linearly polarized light can be considered as the superposition of two identical circularly 

polarized waves rotating in opposite directions). Magnetic nanorods and nanofibers 

demonstrate superior and unique magnetic, magnetooptic and magnetotransport properties 

[10, 11]. The alignment of the magnetic nanorods and chains within the film offers 
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optically anisotropic properties [12-15]. This phenomenon was first observed in the 

magnetic fluids subjected to the magnetic field, and the magnetic particles in the fluids 

aggregates to form aligned chains (1D) and induce magnetic anisotropy [12-14]. The 

Faraday effect in composite thin film with aligned magnetic chains demonstrates the 

following characteristics. When magnetic field was off, the thin film composite was 

optically isotropic and the polarization changes through the film does not depend on the 

chain orientation, which is in general governed by the Faraday effect of the magnetic 

materials [13]. In magnetic field, the polarization of light depends on the chain orientation 

[13].  

1.1.3. Microwave absorption 

One particular application of the magnetic composite films with ferromagnetic 

nanoparticles is the microwave absorption at the ferromagnetic resonance (FMR) 

frequencies [16-23]. The FMR frequency of the composite film can be controlled by the 

shape, size and concentration of ferromagnetic nanoparticles in a composite. Under no 

external magnetic field, the FMR frequency shifts to lower values and the intensity 

increases as the concentration of the nanoparticle increases [23]. The coefficient of 

microwave absorption also increases as the concentration of the magnetic nanoparticles 

increases. Enhanced microwave absorption at the ferromagnetic resonance (FMR) 

frequency was observed in single domain ferromagnetic nanoparticles, which typically 

presents with small particle size [24, 25].  

Due to a combination effect of shape and magnetocrystalline anisotropy, 

ferromagnetic nanorods or nanofibers often demonstrate anisotropic magnetization 
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behavior [26]. The effects of magnetic nanorod alignment on microwave absorption were 

demonstrated in the composite film with vertically aligned nanorods [16-22]. This type of 

materials is sometimes called ferromagnetic nanowire metamaterials [19]. This 

configuration of nanorods alignment is because that the materials are typically obtained by 

electrodeposition in nanoporous membranes [17, 19]. The FMR studies were usually 

carried out with different external fields (the field swept mode). Due to the anisotropic 

magnetization behavior of the nanorods, the equilibrium magnetization of the composite 

film depends on the sample geometry and its relative orientation to the external magnetic 

field [16, 17]. This results in the specific dependence of the FMR field positions and line 

width on the direction of applied magnetic fields [16, 17]. In general, the orientation of 

magnetic nanorods offers additional degree of freedom to tune the microwave absorption 

properties of the composite films. As the absorbed energy dissipates into heat, it is also 

desired to have the nanorods orientation for potential applications in controlled heat 

dissipations and thermal managements [27]. In principle, a feasible process should be able 

to control the concentration of magnetic nanoparticles in the composite film, the size of the 

magnetic nanoparticles or nanorods, the orientation of the nanorods. 

Additional applications of ceramic films with oriented magnetic nanofibers or 

nanorods can be found in high density magnetic recording and magnetic sensors. With 

aligned ferromagnetic nanostructures, the preferred magnetization can be achieved in a thin 

film matrix with enhanced coercivities [10]. Specific magnetization anisotropy admits a 

smaller bit size with higher magnetic recording density.  

 
1.2 Scientific challenges  
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The goal of this thesis is to explore the fundamental thermodynamics and kinetics 

of processing low dimensional ceramics (e.g. thin films, fibers, and nanoparticles) driven 

by the local equilibrium, especially the processing science and kinetic phenomena driven 

under the local surface and strain energies. These phenomena have wide impacts on a 

number of key phenomena in materials science, such as cracking in film, nucleation and 

growth of nanoparticles. 

1.2.1 Mechanical characterization of ceramic fibers of small diameters 

Mechanical characterization of ceramic fibers of small diameters (<10µm) is a 

difficult task. Due to its brittleness, ceramic fiber readily suffers mechanical failure even 

at small deformations. This makes it very difficult to handle the fibers without damaging 

them [ 28 , 29]. This is why reports on measuring mechanical properties of ceramic 

microfibers obtained from electrospinning can rarely be found. For this reason, the 

conventional method of tensile test is often applicable only for thick ceramic fiber, with a 

diameter greater than tens of micrometers [30]. Due to these difficulties, microfibers are 

typically tested in strands composed of many individual fibers [31, 32] and then different 

mathematical models have been employed to interpret the data [33]. A simple and cost-

efficient method of measuring the mechanical property of individual fiber should be 

developed and verified.  

1.2.2 Coarsening of nanoparticles (NPs) at high temperatures 

High temperature stability of metal nanoparticles has been a long standing problem 

in the field of catalysis and high power laser plasmonics [34-37]. Over time, the metal NPs 

suffer degradation at high temperatures and, if embedded with ceramic materials, they are 
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prone to coalesce and sinter [38-40]. Coarsening is usually irreversible and nanoparticles 

have an inherent tendency to grow in order to minimize their total surface energy. Although 

controlling the size of metal NPs at high temperatures is highly desired, stabilization of 

them with respect to coarsening is difficult to achieve. It is generally believed that the 

Ostwald ripening is the underlying process of NP coarsening at high temperatures [41-43]. 

However, the theory is in contradictory with many cases, e.g. the observation of growth 

stagnation. A theory with appropriate explanation remains unclear.  

The problem of interactions of elastic nuclei with an elastic matrix stands at the 

core of materials science and solid mechanics. The model of a NP equipped with an 

interfacial layer having a residual spontaneous stress became popular as it is adapted from 

the fluid mechanics model of a drop with and interfacial Laplace-Young tension [44]. For 

a constant surface energy and elastic moduli, the radial displacement due to the interfacial 

stress should not depend on the particle size [45, 46]. However, these theories often assume 

constant transformation strains which has no dependence on the particle size [45, 46]. The 

hypothesis of size-dependent transformation strain has essential impacts to the classical 

theories, and should be examined carefully. This study brings new perspective to the non-

classical theory and has broad impact to both the fundamental understanding and materials 

design principles.  

1.2.3 Cracking during thin film processing 

Films and coatings deposited on rigid substrates often develop large in-plane tensile 

stress [47-50]. This tensile stress could be due to the residual stress caused by the thermal 

expansion mismatch or the capillary forces during thin film processing (e. g. thin film 
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processed from solution) [47-51]. For example, solvent evaporation, polymerization 

reactions and sintering produce a shrink tendency for the film [47-50]. Thus intrinsic stress 

develops due to the capillary forces. This intrinsic stress, when exceeded the material’s 

limit, caused the failure of the film [47-50]. It is difficult to prevent cracking due to the 

stress, especially for thick films. The maximum film thickness of non-repetitive deposition 

above which the cracking occurs is often termed as “critical thickness” (τc). For sol-gel 

derived ceramic coatings, the τc value is typically below 100 nm [49, 50].  

Although the cracking problem in thin films has been extensively studied over the 

years, the crack formation in thin films with the nanorods remains unclear. It is sometimes 

challenging to process crack-free thin films embedded with nanorods, although the thin 

film itself (without the presence of rods) is free of cracks. When processing thin films with 

nanorods inclusions, the presence of such features often cause topographic evolution of the 

films, which gives rise to non-uniform thickness [52-58]. The thickness evolution, 

sometimes planarization is driven by the local equilibrium between surface tension and the 

hydrostatic pressure in the liquid at rest [52-54]. It is practical to apply the concept of 

critical thickness to determine the cracking criterion in thin films with different film 

thickness. The application of critical thickness concept to the cracking problem with non-

uniform film thickness needs to be verified. The study contributes to a more comprehensive 

understanding of the cracking problem during thin film processing.  

1.2.4 Aligning nanofibers and nanorods 

There are a number of reported methods to process ceramic thin films with aligned 

nanofibers or nanorods. These include the in-situ growth of nanorods within the thin film 
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templates or deposition of ceramic thin film on pre-aligned nanorods [59, 60]. For example, 

the anodizing method was used to generate nanoporous alumina thin film template with 

highly ordered pore-templates normal to the reacting surface, followed by integration of 

carbon nanotubes using chemical vapor deposition (CVD) [4]. In the other approaches, 

nanorods were aligned normal to the plane of substrate by template-based growth, 

hydrothermal or laser deposition [61-65]. Those methods are in general, limited to a few 

kinds of nanofibers or nanorods. Additionally, very few of them can be applied to achieve 

the alignment macroscopically.  

To our best knowledge, there are only few successful attempts in making ceramic 

composite thin films with magnetic nanorods or nanofibers of controlled orientations [66]. 

Magnetic nanofibers or nanorods can be aligned in polymer solutions under externally 

applied magnetic fields [13, 23, 67, 68]. When the motion of nanorods are constrained two 

dimensionally (e.g. in a thin film), the criterion for alignment can be derived from 

theoretical approaches [69]. The distribution function theory explains the alignment of 

ferromagnetic nanorods in solidifying polymer films [87]. However, the criterion for 

aligning superparamagnetic nanorods remains unclear.  

1.2.5 Thin film evolution on substrates with nanofibers 

Innovative processing methods are conceived to make the thin film materials with 

oriented nanofibers/nanorods in macroscopic and cost-effective manner. Especially, it is 

beneficial to have a simple method of thin film implementation with precise control of film 

thickness. The sol-gel method is versatile in processing ceramic thin films [70, 71]. It 

allows processing via liquids of low viscosity, with intriguing prospects of tailoring the 
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morphology of thin films with the nanofibers. The morphology of the film is not only 

determined by the coating parameter (e.g. parameters used in dip-coating), but also the 

dynamic equilibrium of the liquid film with nanofiber inclusions. The mechanism of thin 

film evolution, including the layer thickness evolution of liquid films in the vicinity of 

nanofibers, remains unclear. A dynamic model needs to be developed to explain the 

observed phenomena.  

1.3 General approach 

The general experimental approach is shown in Figure 1.1.  The sol-

gel/electrospinning method was used to align nanofibers on a substrate. The magnetic field 

assisted assembly was used to align magnetic nanorods . The sol-gel/dip-coating method 

was used to process ceramic thin films and to cope with the above two methods for the 

generation of thin film nanocomposites.  

 

1.3.1 Sol-gel techniques  

 
Figure 1.1. The general scheme for the fabrication of ceramic thin film nanocomposites 

embedded nanofibers of controlled orientations 



 10 

The most commonly used precursors for processing ceramics include inorganic 

salts, hydroxides, alkoxides and other organic salts. Metal alkoxides belong to the family 

of metalorganic compounds. They are most commonly used as the precursors. During the 

sol-gel processing, metal alkoxides undergo the following hydrolysis and condensation 

reactions [72]:  

𝑀𝑀(𝑂𝑂𝑂𝑂)𝑛𝑛 + 𝐻𝐻2𝑂𝑂 ⇌ 𝑀𝑀(𝑂𝑂𝑂𝑂)𝑛𝑛−1 − 𝑂𝑂𝐻𝐻 + 𝑂𝑂𝑂𝑂𝐻𝐻                            (1.1) 

and,  

𝑀𝑀(𝑂𝑂𝑂𝑂)𝑛𝑛−1𝑂𝑂𝐻𝐻 + 𝑂𝑂𝐻𝐻𝑀𝑀(𝑂𝑂𝑂𝑂)𝑛𝑛−1 ⇌ 𝑀𝑀(𝑂𝑂𝑂𝑂)𝑛𝑛−1 − 𝑂𝑂 −𝑀𝑀(𝑂𝑂𝑂𝑂)𝑛𝑛−1 + 𝐻𝐻2𝑂𝑂       (1.2) 

where M stands for metal ion and R stands for the alkyl group. The hydrolysis reaction is 

the replacement of the alkoxide groups (-OR) with hydroxyl group (-OH) and releasing of 

the alcohol molecules (ROH). Subsequent condensation reactions involve the combination 

of hydroxyl group which leads to the oxygen bridge between metal ions. The condensation 

reaction is followed by an inorganic polymerization process. Effectively, water serves as a 

catalyst regent as it is consumed during hydrolysis and then generated during the 

condensation process. The hydrolysis, condensation and polymerization reactions strongly 

depend on the pH of the solutions. For example, controlled hydrolysis reaction in moderate 

acidic condition favors the polymerization in a preferentially linear arrangement, which 

facilitates the fiber formation from the sol-gel precursor [73]. The polymerization greatly 

restricts chemical diffusion and phase segregation, which is desired for making high purity 

product and lower the reaction temperature [72].  

In a sol-gel system containing more than two metal ions, special attention should 

be given to the reaction rates between the species. For example, titanium or aluminum 
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alkoxide is much more reactive with water than alkoxisilanes due to the lower 

electronegativity and higher Lewis acidity [72]. Different reaction rates of the alkoxides 

within one system may result in significant phase separation and degraded mixing levels 

between the constituents. Depending on the homogeneity level of the metal ions, a ceramic 

gel can be further categorized as monophasic gel or diphasic gel [74]. Monophasic gels are 

endowed with atomic-level mixing. The gel is diphasic when the homogeneity level is in 

the nanoscale (1-100 nm). The monophasic gel is desired for two reasons. First, it favors 

complete phase formation without significant grain growth at relatively low temperatures. 

Second, formation of metastable intermediate phases can be avoided. The homogeneity 

level can be controlled by adjusting precursor reactivity with the organic additives such as 

carboxylic acids and acetylacetonate which serve as chelating regents [74]. It can also be 

adjusted by replacing the more reactive alkoxide by a hydrated salt [74].  

1.3.2 Synthesis of mullite 

Mullite is an aluminosilicate belonging to a class of refractory ceramics. It has been 

endowed with excellent high temperature strength, creep resistance, and good chemical 

stability [75-77]. This is why mullite has been widely used in ceramic matrix composites 

and the thermal and environmental barrier films for components operated at severe 

environments [78, 79]. The sol-gel method has been widely used for synthesizing mullite. 

According to the homogeneity degree, the precursor gel for mullite is often divided by 

monophasic and diphasic. A phase that can appear during mullite synthesis is the spinel 

type intermediate phase. The formation of spinel phase that usually appears in di-phasic 

gel indicates the homogeneity level of the precursor. It’s usually due to the difficulty of 
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controlling hydrolysis and condensation rates of the alkoxides. The monophasic precursors 

for mullite are obtained from a solution containing tetraethylorthosilicate (TEOS), 

aluminum isopropoxide (AIP) and aluminum nitrate (AN) [74]. Some other reports 

generate monophasic precursors from two of the above precursors such as AN and TEOS, 

which is usually obtained in an alcoholic solution with slow hydrolysis [80]. Formation of 

monophasic mullite gels indicates that aluminum and silicon are mixed at atomic level. 

These gels are formed by replacing silicon in the silica three dimensional network by atoms 

or hydrolyzed aluminum molecules, giving rise to the formation of Si-O-Al bonding similar 

to the bond formed during the crystallization stage [74]. The formation of the bonding at 

low temperatures decreases the temperature of crystallization, which is important for low 

temperature synthesis of mullite. For mullite synthesis, chemically synthesized precursors 

are converted into mullite between 850 and 1350°C. The conversion temperature further 

depends on the homogeneity level of the precursor synthesized. This is significantly lower 

than the classical solid-state reaction from powder mixtures, for example, with a formation 

temperature ranging from 1500 to 1700°C [75].  

1.3.3 Sol-gel nanocomposites 

Sol-gel nanocomposites belong to an important class of sol-gel materials. Among 

the synthesis techniques for advanced ceramic nanocomposites, sol-gel is certainly one of 

the most attractive ones. Sol-gel can be made to obtain both the matrix and the filler of the 

nanocomposite. Even from a same precursor, powders, fibers and thin films can be made. 

Inherently, it’s capable of chemically adjust the interface to optimize structure and 

properties [72].  
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Ceramic nanocomposite can be directly made by taking advantage of the sol-gel 

method to include all precursors in one liquid batch, including the precursors for both the 

matrix and fillers. The matrix is typically obtained by the hydrolysis and condensation 

reactions, and the dispersed phase remains inside the matrix as precipitated salts or in an 

ionic state. The phase separation is triggered by chemical reactions or by thermal treatment. 

Precursors for both the matrix and dispersed phase (e. g. nanoparticles) were mixed to form 

a stable sol at the first step. Hydrolysis and condensation reactions of the precursors lead 

to the gelation. They can also be generated during the thermal treatment of the dried gel. 

For example, in situ thermal reduction was applied to the materials derived from sol gel to 

obtain ceramics with finely dispersed magnetic nanoparticles [81, 82]. The advantage of 

the in situ strategy is assigned to the reduced number of steps in the preparation. Although 

it’s convenient to generate nanocomposites from this approach, fundamental understanding 

should be made to the in situ process which involves the formation of multiple phases, 

because nanostructures can be very difficult and sometimes even impossible to obtain [72].  

1.3.4 Magnetic assembly 

Ceramic thin film composites are desired in many modern electronics and optics 

devices with miniaturized sizes and complex shapes. Challenges in ceramic thin film 

nanocomposites remain in the process made with commercial viable processing methods 

[83]. The major findings so far in thin film composites with aligned nanostructures mainly 

address polymer nanocomposites [84-86]. In polymer films, magnetic nanorods can be 

readily aligned under magnetic field [67]. Non-magnetic nanorods can be coated with 

minimum amount of magnetic nanoparticles, which simultaneously enriches the materials 
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with the magnetic induced functions [84-86] As schematically shown in figure 1.2, 

orientation of nanorods can be controlled by using small and moderate magnetic fields 

within a drying or curing polymer solution [87]. The degree of alignment is controlled by 

the kinetics of both nanorod rotation and film solidification/curing process [87].  

 

Ceramic thin films embedded with oriented nanorods have not been developed yet. 

The magnetic field assisted assembly demonstrates intrinsic advantages in processing thin 

films composites with oriented magnetic nanorods. Making ceramic thin film composite 

from the magnetic field assembly method should be explored with the combination of wet-

chemistry methods such as the sol-gel.  

1.3.5 Electrospinning 

Electrospinning has been extensively explored as a versatile tool of generating 

nanofibers with designed nanofiber size, alignment and compositions. In a typical process, 

the polymeric solutions  are loaded into a syringe and extruded from the orifice of a needle 

(as shown in Figure 1.3). A high voltage electric field is applied to the needle. When the 

electric field is sufficiently strong, surface charges are built up and the static electric 

repulsive forces will overcome the surface tension to induce the formation of a jet stretched 

toward the grounded collector.  

 
Figure 1.2. Using magnetic field to align nanorods in solidifying polymer films 
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Electrospinning was at first designed for processing polymer fibers from organic 

solutions. Polymer solution or melt with appropriate rheological properties can be made to 

meet the requirement of electrospinning [

]. The have also been extended to make non

]. One advantage of electrospinning method for ceramic 

nanofiber processing is assigned to the tunable properties of the nanofibers readily 

controlled by the precursor conditions for electrospinning [

88 ]. Direct spinning of ceramic fibers is 

considered only in principle possible from their melts at high temperatures [89]. With the 

success in the fields of polymer-derived ceramics and sol-gel, chemists and materials 

scientists were able to prepare spinnable ceramic precursors for electrospinning [90]. An 

extensive variety of oxide nanofibers have been processed with the notable examples of 

Al2O3, SiO2, mullite, ZnO, TiO2, BaTiO3, Fe2O3, NiFe2O4 and Y3Al5O12 (YAG). etc [91-

97 -oxide ceramics such as the carbide, boride 

and nitride nanofibers [98-100

101]. It also has the capability 

of scaling up to the commercial level [102].  

The precursors for electrospinning of ceramic nanofibers are usually categorized as 

co-precipitation (PPT) and sol-gel precursors [ 103 ]. In the co-precipitation method, 

inorganic salts (e. g. hydrated salts) of metals are typically used as the ceramic precursors 

[ 104 ]. This method usually requires high polymer content as spin-aid, because the 

precursor solutions (without adding polymers) shows limited spinnability [90]. Sol-gel 

precursors differ from PPT precursors as it involves sol-gel reaction with strict control of 

polymerization process proceeded by hydrolysis and condensation reactions. The 

precursors with certain spinnability can be derived from the sol-gel process [105-107]. The 

combination of electrospinning with sol-gel processing is feasible to obtain ceramic fibers 
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from this approach as it may require less spin-aid to form fibers with desired 

microstructures [ 108 ]. For both PPT and sol-gel method, the fibers obtained from 

electrospinning (usually called as-spun fibers or green fibers) need to be heat treated to 

convert into ceramics fibers.  

 

One of the emerging topics is specifically aimed to address organized clustering of 

fibers. Randomly oriented nanofibers are usually obtained by collecting fibers on a single 

piece of conductive substance. The fiber orientations were usually achieved by using 

specially designed collectors, such as a high-speed rotating cylinder, collector with tip-like 

edge or auxiliary electrode [109-112]. The parallel electrodes configuration, which is 

schematically shown in Figure 1.3, has the advantage of simple set-up, easy to obtain 

highly aligned fibers, and the capability of transferring the aligned fibers to another 

substrate [113]. In this setup, metal plates (e.g. aluminum) were grounded and positioned 

in parallel separated by a small gap (typically < 2cm) between them. The orientation of 

fibers was improved due to the opposite directions of electric field near the plates. When 

 
Figure 1.3 An electrospinning setup for collecting aligned nanofibers using parallel 

grounded plates 
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the jet hits one electrodes, charges on the tip of the jet are neutralized and the electric force 

pulls the rest of the jet towards another plate. As a result, the charged fibers align 

perpendicular to the plates. The disadvantage is that there is a limit in the length of aligned 

fibers.  

1.3.6 Dip-coating 

Sol-gel/dip-coating is versatile in processing ceramic thin films of various 

compositions [49, 114]. It requires simple and low cost equipment compared with other 

methods of obtaining thin films such as vapor deposition, electron beam vaporation and 

sputtering [49, 114]. It also has the possibility of coating large areas [115]. In a dip-coating 

process, the substrate is normally withdrawn vertically from the solution at a constant speed. 

For thin films (e.g. thickness < 1µm) processed from Newtonian fluids, low withdrawal 

speeds are typically applied where the gravity force can be neglected. The stationary film 

thickness is determined by the withdrawing speed, viscosity and surface tension of the 

solution [49, 114]. Experimentally, it is convenient to control the thickness of the film 

processed from dip-coating by adjusting the withdrawal speed.  

1.4 Objectives 

A general methodology of processing ceramic thin films embedded with aligned 

nanorods needs to be developed. The objectives and specific tasks within the objectives are 

given as follows:  

1. The exploration of the sol-gel/electrospinning approach to generate ceramic 

nanofibers as potential fillers for the multifunctional thin films;  
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Mullite fibers have been widely used as the reinforcement in ceramic matrix 

composites [116, 117]. These fibers are also used as the high temperature or electrical 

insulating materials [118, 119]. Mullite fibers have been produced for decades using the 

dry-spinning technology [105-107, 120120]. The diameters of the dry-spun fibers are 

generally about tens of micrometers. The precursors were often derived from aluminum 

alkoxide and tetraethyl orthosilicate (TEOS) [105, 106, 120]. The polymerization reaction 

was controlled via hydrolysis and condensation until the appropriate viscoelastic behavior 

was reached. In many applications, it is desirable to have fibers with small diameters and 

high surface areas. For instance, thin fibers are desired in sensing and catalyst applications. 

Owning to their high surface areas, the sensitivity and catalytic activity have been 

significantly improved [121, 122]. In structural ceramic composites, nanosized ceramic 

fibers in a ceramic matrix can lead to an improvement in the mechanical properties [123]. 

Hence nanofibers become especially important. The dry spinning technology is difficult to 

achieve sub-micrometer diameters. Electrospinning is a versatile processing tool for 

ceramic fibers, especially nanofibers [124, 125]. The experimental route of using sol-

gel/electrospinning method towards mullite nanofibers will be explored in chapter 2. A 

novel, nondestructive method of testing micro and nanofibers by applying a magnetic 

torque on the free end of a suspended fiber is developed to examine the flexural rigidity of 

ceramic microfibers.  

2. The design of experimental protocol to fabricate ceramic nanofibers 

embedded with magnetic nanoparticles by in situ precipitation; 
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Many research efforts have been made to fabricate nanocomposites with unique 

properties and multi-functionality enabled by the nanoscale microstructure [126-128]. 

Novel properties have been achieved with the ceramic-based nanocomposites of embedded 

metallic nanoparticles (NPs). Controlling the dispersion and the size distribution of the NPs 

is the key to achieve optimum performance and desired properties [ 129 ]. These 

nanocomposites can be achieved using thermal reduction, mechanical mixing, liquid phase 

deposition, chemical vapor deposition, laser deposition, or sol-gel method [81, 130-134]. 

The thermal reduction method is one of most commonly used ones, through which metal 

oxide precursors can be converted to dispersed metallic nanoparticles with a heat-treatment 

in the reducing atmosphere [82, 126]. Aerogels, films, fibers and powders are especially 

suitable for this method due to their low density, open porous structure, and high specific 

surface area that allow easy diffusion of reducing gases [126, 135, 136]. 

Transition metal NPs often have interesting properties and important applications 

in catalysts, sensors, magnetic, electronic and optical devices [82, 135, 136]. Nickel NPs 

are particularly important as catalytic, conductive and magnetic materials. Embedding Ni 

NPs into the ceramic matrix provides the magnetic functionality, which can be used for 

non-destructive evaluation (NDE) of the materials condition [ 137 ]. It has been 

demonstrated in many ceramic/metal nanocomposites systems such as the SiO2/Ni, 

Al2O3/Ni, Y-TZP/Ni and ZrO2/Ni [128, 135, 136, 138]. The thermal reduction method is 

one of the most convenient ways to introduce dispersed nickel NPs [128, 138, 139]. 

Reduction sintering of ceramics with additives of NiO or Ni2+ salts resulted in intragranular 

Ni NPs of sizes between 20 and 100 nm dispersed at the grain boundaries and within the 
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grains of an oxide host [128, 139]. The way to synthesize mullite-nickel nanocomposite 

fibers using electrospinning, followed by thermal reduction will be explored in chapter 3. 

The consequent properties and materials microstructures will be elaborated in detail.  

3. The fundamental understanding of the nanoparticle formation and its 

mechanical state at high temperatures; 

Synthesis and stabilization of metal nanoparticles of well-defined size has been one 

of the emerging themes of nanoparticle research. For example, high temperature stability 

of metal nanoparticles is the main issue in the field of catalysis and high power laser 

plasmonics [38, 39, 140, 141]. Over time, the metal NPs suffer degradation at high 

temperatures and, if embedded with ceramic materials, they are prone to aggregate and 

sinter [38-40]. Stabilizing metal nanoparticles at high temperatures within a ceramic host 

is highly desirable and should be fundamentally understood [142, 143].  

The problem of interactions of elastic nuclei with an elastic matrix stands at the 

core of materials science and solid mechanics [144-147]. The seminal works by Eshelby 

[144] put this problem at the forefront of materials science and mechanics and the 

appreciation of its importance is raised with the progress of nanotechnology offering 

different ways of making metal/ceramic, metal/metal or ceramic/ceramic nanocomposites. 

An important example is the analysis of stresses caused by the lattice mismatch in 

nanoparticles-quantum dots embedded in a matrix. These spontaneous stresses are of 

particular significance as the means to tailor the band-gap structures of the quantum dots 

in heterostructures of the electronic devices [145]. With the recent nanotechnology 

developments, especially in semiconductor industry, it becomes clear that the interface 
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separating the nanoparticle from the matrix significantly influences the stress field inside 

and outside the inclusion [144-147].  

However, the theories overlooked the size dependence of the transformation strain. 

To fundamentally understand the process, theoretical analysis and experimental study of 

the misfit elastic strain of the Ni NP precipitated from a mullite fiber matrix is performed 

in chapter 4. The transformation strain is presumed caused by the volume dilatation from 

the matrix.  

4. Design of experimental procedure to fabricate defect-free ceramic coatings 

The sol-gel process is a versatile technique in processing low dimensional glass and 

ceramic materials such as fibers and coatings. In the coating process, the condensation 

during drying and decomposition upon heat-treatment can greatly affect film formation. 

The capillary and coherent forces during these processes are the driving forces for 

densification of films. On the other hand, the intrinsic stress caused by the shrinkage, if 

exceeds the material’s limit, results in uncontrollable cracking and decohesion. It is 

difficult to prevent cracking due to the stress, especially for thick films [47, 48, 148]. The 

maximum film thickness of non-repetitive deposition above which the cracking occurs is 

often termed as “critical thickness” (τc). For sol-gel derived ceramic films, the τc value is 

typically below 100 nm [49, 50]. Many attempts have been made to increase the critical 

thickness, such as using additives with chelating ligands (e.g. acetylacetone), or high 

molecular weight solvents and/or organic polymers [149-153]. The polymers are soft and 

more ductile than ceramics. Such polymers as polyethylene glycol and 

polyvinylpyrrolidone (PVP), were used as the additives to prevent cracking [153, 154]. 
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They were demonstrated to be effective for stress relaxation during heat-treatment in sol-

gel film studies [148, 154].  

It is often desirable to have the dense, crack-free, thick and coherent mullite coating 

for corrosion protection. There are many reports on the preparation of mullite coatings 

using the sol-gel method [155-158]. However, in these reports, mullite coatings were 

usually obtained from diphasic precursors [155-158]. For instance, mullite coatings can be 

synthesized from a colloidal precursor using boehmite and Tetraethyl orthosilicate (TEOS) 

as the starting materials [155]. Polymers and chelating agents were added to suppress the 

condensation reaction which gave rise to a high τc value of above 1 μm [155]. The 

intermediate phase, such as the Al-Si spinel, was observed [155]. The high temperature 

heat-treatment at above 1400°C is usually required to obtain the mullite phase, once the 

intermediate spinel phase was formed. Due to the high temperature sintering, abnormal 

grain growth often occurred, resulting in substantially large grains [155]. In other reports, 

aluminum nitrates (AN) and TEOS were used to process the sol-gel precursors for mullite 

coatings [156-158]. In those works, the mullite phase was achieved at or above 1200°C 

due to the diphasic precursors, and adding polymer modifiers did not change the di-phasic 

nature of the precursors. [156-158].  

A monophasic precursor has the advantage of low processing temperature and 

excellent single phase purity. It is interesting for ceramists to understand the low 

temperature processing of dense crack-free mullite coating, using the monophasic 

precursor with the addition of polymers as structural modifiers. In chapter 5, the role of 

polymer additives as the sol-gel structure modifier is explored for the coating process.  
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5. The general strategies for making macroscopic ceramic thin films embedded 

with nanorods.  

Ceramic fibers with submicron diameters, including short fibers such as whiskers 

and rods, exhibit superior physical and chemical properties. They are chosen as a platform 

for multifunctional, hierarchically organized nanocomposites [2, 5, 159-161]. Aligning 

submicrometer ceramic fibers is one of the state-of-art technologies for advanced 

nanocomposites [13, 162-164]. Particularly, we present two promising methods to process 

ceramic thin film nanocomposites: the magnetic assembly and electrospinning. The 

magnetic field assisted assembly of nanorods demonstrates intrinsic advantages in 

processing thin films composites with oriented magnetic nanorods. In a drying or 

solidifying polymer film, short nanorods or whiskers can be well aligned [87]. The strategy 

for nanorod alignment in macroscopic materials has also been developed recently [23]. 

Electrospinning enables fabrication of extensive variety of ceramic and composite fibers 

of small diameters [103, 108, 165-167]. Although the strategies for alignment have been 

developed in the literature, integration of ceramic films or bulk composites with embedded 

electrospun nanofibers while retaining the ordering structure remains challenging [165, 

166]. Processing ceramic thin film composite from the magnetic field assembly and 

electrospinning method is explored in chapter 6.  

6. The fundamental understanding of the ceramic thin films formation on 

substrates with nanorods or nanofibers; 

Integrating pre-aligned submicrometer ceramic fibers into thin ceramic films has 

broad technological implications. Fundamentally understanding the sol-gel thin film 
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formation with submicrometer fibers offers perceptive knowledge in engineering novel 

ceramic composites. With the formation of a thin solid film, the submicron short fibers 

were confined in the plane of the substrate with retained orientations. On the other hand, 

presence of submicron fibers affects the local equilibrium where the gel film conforms on 

the fiber inclusions. This could initiate microscopic cracks at the interfaces [ 168 ]. 

However, fundamental studies on the detailed mechanism were not carried out. Detailed 

investigations should be given to understand the topographic evolution of sol-gel 

composite thin film and the cracking problem with the fiber inclusions.  

Researchers have been investigating the micrometer thick film formation on 

substrates with features in micrometer scale, such as holes, trenches or wedges [52-58]. 

The thickness evolution was determined by flow of liquids over topography. Introducing 

surface tension as a driving mechanism into standard lubrication theory for thin Newtonian 

fluid layer leads to a fourth order nonlinear equations [52-58169]. Furthermore, extended 

investigations were carried out to understand the effect of solvent concentration profiles, 

composition-dependent viscosity, fluid inertia and viscoelasticity, Marangoni stress and 

gravity-driven cases [170-173]. There are only a few cases that static equilibrium can be 

reached [55, 174]. For example, in spin-film, equilibrium profile was reached when 

centrifugal and capillary forces are exactly balanced [55, 174]. For the cases that capillary 

force is non-balanced, the thickness profile is dominated by the kinetics of evaporation, 

liquid transportation and time-dependent viscosities. Without external body forces, driving 

force for planarization of the film always exists in order to minimize the curvature of the 

meniscus.  
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The fundamental studies on nanoscale thin film formation with nanorods were not 

carried out. The film thickness evolution with nanorods and formation and microscopic 

cracks are investigated both experimentally and theoretically.  
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CHAPTER II 

DEVELOPMENT OF THE ELECTROSTATIC SPINNING OF FIBERS AS POSSIBLE 

CANDIDATES FOR FILLERS IN CERAMIC COMPOSITE THIN FILMS 

2.1 Introduction 

2.1.1 Synthesis of mullite fibers by sol-gel/electrospinning 

In this chapter, we present the method of synthesizing mullite fibers with controlled 

morphologies using the sol-gel/electrospinning method. Mullite fibers have been produced 

for decades using dry-spin technology [105-107]. However, the diameters of the dry-spun 

fibers are generally about tens of micrometers. In many applications, it is desirable to have 

fibers with small diameters and high surface areas. For instance, thin fibers are desired in 

sensing and catalyst applications. Owning to their high surface areas, the sensitivity and 

catalytic activity have been significantly improved [121, 122]. In structural ceramic 

composites, nanosized ceramic fibers in a ceramic matrix can lead to an improvement in 

the mechanical properties [123]. Hence nanofibers become especially important.  

Electrospinning is a versatile processing tool for ceramic fibers, especially 

nanofibers [124, 125]. There are only a few successful attempts in processing mullite 

nanofibers by electrospinning [175-177]. The mullite nanofibers have been fabricated by 

electrospinning of AIP, AN and TEOS directly mixed with polymer additives, such as 

polyvinylpyrrolidone (PVP), polyvinyl butyral (PVB) or polyvinyl alcohol (PVA) [175-

177]. A high concentration of polymer, normally 5% to 8% in the precursor was required 

for electrospinning [175-177]. Reducing the polymer content is desired as it increases the 

ceramic yield, leading to a smaller shrinkage of the material during heat treatment. We 
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present an approach for electrospinning of mullite fibers which only requires a small 

concentration of polymer spinning aid of less than 0.3%.  

Controlling fiber diameter and its uniformity is an imperative process of 

electrospinning. The control is usually approached by adjusting the viscosity of the 

electrospinning solution. The viscosity of the solution is conveniently tuned by changing 

the solute concentration. Therefore the concentration-dependent viscosity shall be 

measured to fully appreciate the effect of the solution viscosity on the materials’ 

microstructure. Other processing parameters, including the solution feeding rate, distance 

between the electrodes, applied voltage and relative humidity should be meticulously 

controlled. A few groups of trial experiments were carried out in the first step to find the 

appropriate those processing parameters for electrospinning. A practical method is to fix a 

moderate feeding rate (e.g. 0.5ml/h) and distance between electrodes (e.g. 20cm), then 

gradually increase the applied voltage until the formation of stable jets without significant 

breakage. Then those parameters are finely adjusted around the trial ones to further 

stabilize the jets and maintain the uniformity of materials on the collectors.  

2.1.2 Mechanical characterization of ceramic fibers obtained from electrospinning 

Mechanical characterization of ceramic fibers obtained from electrospinning is a 

difficult task. Due to the difficulties in handling nano- and microscale fibers obtained from 

electrospinning and measuring small load required for deformation, reports on measuring 

mechanical properties of the electrospun ceramic fibers can rarely be found. Due to its 

brittleness, ceramic fiber readily suffers mechanical failure even at small deformations. 

This makes it very difficult to handle the fibers without damaging them [178, 179]. To 
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avoid this problem, the tensile test is typically conducted on a thick ceramic fiber, with a 

diameter greater than tens of micrometers [

]. Among these approaches, the fiber bending method 

assumes the simplest experimental setup [

180]. Due to these difficulties, microfibers are 

typically tested in strands composed of many individual fibers [181, 182] and then different 

mathematical models have been employed to interpret the data [183]. Recently, some other 

approaches have been successfully developed such as a modified tensile test, atomic force 

microscopy, microcantilever vibration methods, beam bending methods and the 

nanoindentation method [184-187

187, 188]. It is instructive to investigate the 

flexural rigidity of microfibers by examining their shape and comparing it with the 

Bernoulli-Euler or Timoshenko predictions. This experimental setup, as schematically 

shown in figure 2.1, utilizes small magnetic forces to deform a fiber attached with a 

magnetic tip [189]. From the stationary bending profile of the fiber, elastic constant of the 

fiber can be calculated.  

2.2 Experimental Procedure 

2.2.1 Materials processing 

Aluminum isopropoxide (AIP, Al(C3H7O)3, 98%,), aluminum nitrate (AN, 

Al(NO3)3·9H2O, 98%, Alfa Aesar, MA, USA) and tetraethyl orthosilicate (TEOS, 

Si(OC2H5)4, 98%, Acros Organics, NJ, USA) were used to synthesize the precursor. The 

precursor compositions are given in Table 2.1. Water was used as the solvent. For each 

batch, the total concentration of AIP and AN were kept at 0.6 mole. AN was dissolved in 

deionized water at room temperature by vigorously stirring it for 30 min. Then AIP and 

TEOS were added into the solution and stirred for 20 hours. AIP and TEOS were dissolved 
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completely, and clear solutions were obtained. Each solution was then refluxed at 80°C for 

5 hours. Approximately 2/3 part of the solvent was removed using a rotary evaporator (IKA 

RV 10 digital, IKA, China). The obtained solutions were then set in an oven at 80°C until 

viscous sols were formed. The spinnability of these sols was determined using hand-

drawing with a glass rod. 

A polyethylene oxide (PEO, MW 1,000,000, Aldrich, MO, USA) solution of 2 wt% 

in H2O was prepared separately as the spinning aid solutions. Sol MS7 from Table 2.1 was 

diluted in ethanol, and then mixed with small amount of PEO solution. These solutions 

were ready for electrospinning, and are called ‘E-sol’ in Table 2.2. The volume ratios 

between the initial mullite precursor, PEO solution, and ethanol are given in Table 2.2. The 

calculated mullite yields and PEO concentrations with respect to the E-sol volume are also 

given in Table 2.2. 

 

Table 2.1. The initial precusor compositions 

Sol code AIP 
(mol) 

AN 
(mol) 

TEOS 
(mol) 

H2O 
(mol) 

MS1 0.3 0.3 0.2 10 
MS2 0.35 0.25 0.2 10 
MS3 0.36 0.24 0.2 10 
MS4 0.38 0.22 0.2 10 
MS5 0.4 0.2 0.2 10 
MS6 0.42 0.18 0.2 10 
MS7 0.44 0.16 0.2 10 
MS8 0.45 0.15 0.2 10 
MS9 0.5 0.1 0.2 10 
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The fibers were electrospun under an applied electrical field generated using a high 

voltage supply (Model PS/FC60P02.0-11, Glassman High Voltage Inc, NJ, USA). A 

positive voltage of 10kV was applied to the needle of the syringe containing e-spun 

solutions driven by a syringe pump (Model NE-300, New Era Pump System Inc, NY, 

USA). The flow rate was set to the vicinity of 0.5 ml/h. The needle was placed 20 cm apart 

from the collector. The fibers were produced at 25 - 35% ambient relative humidity and 

collected using a rotating collector. The rotating collector has four grounded stainless steel 

bars, with a gap of ~10 cm between each pair of adjacent bars. The fibers were then cut 

from the collector and collected in the form of mats. The obtained fibers were dried at 60°C 

for 24 hours before firing. The heating rate was set at 1°C/min below 500°C and 10°C/min 

above 500°C. The fibers were fired at 1000°C, 1200°C, or 1400°C for 2 hours. 

2.2.2 Characterization 

Table 2.2. The electrospinning sol compositions. ‘M:P:E’ means volume ratios between 
initial mullite sol, PEO solution, and ethanol. 

E-sol code M:P:E 
(volume ratio) 

Calculated mullite 
yield 

(grams per 100 mL E-
sol) 

PEO concentration 
(grams per 100 mL E-

sol) 

E-1 4:1:0.5 32 0.27 
E-2 4:1:2 28 0.23 
E-3 4:1:4 24 0.20 
E-4 4:1:8 18 0.15 
E-5 4:1:12 14 0.12 
E-6 4:1:16 12 0.10 
E-7 4:1:20 10 0.09 
E-8 4:2:22 9.4 0.16 
E-9 4:2:26 8.3 0.14 

E-10 4:2:30 7.5 0.13 
E-11 4:2:34 6.8 0.11 
E-12 4:2:40 6.0 0.10 
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The viscosity of sols was measured using a viscometer (Viscolead ADV, Fungilab 

Inc, NY, USA) at room temperature. The thermal characteristics were studied at different 

heating rate under flowing air condition using DTA (DTA7, Perkin Elmer, Waltham, MA, 

USA), and TGA (TGA7, Perkin Elmer, Waltham, MA, USA). The materials microstructure 

was characterized using X-ray diffraction (XRD, Rigaku Co., Ltd., Tokyo, Japan) and 

scanning electron microscopy (SEM, Hitachi S4800, Hitachi, Ltd., Tokyo, Japan). The 

average size of fiber diameters of the as-spun and fired fibers was calculated from more 

than 100 randomly selected fibers taken from SEM micrographs. 

The single filament tensile tests were carried out using a single filament tensile 

testing machine (Instron 5582, Instron Ltd., High Wycombe, Buckinghamshire, UK). 

During each test, a single mullite fiber was mounted and fixed using superglue or tape onto 

a C-card. After mounted on the test machine, the C-card’s neck was cut open. The strain 

rate is set as 1mm/min. Two gauge lengths (5mm and 10mm) were used. The fiber 

diameters for each test were measured using optical microscope 

(Olympus BX51, Olympus Optical Co. Ltd, Tokyo, Japan).  

For the fiber bending test, a single 1 mm long fiber was glued to the glass substrate 

at one end. The iron fillers (FerroTec, Santa Clara, CA) were mixed with the superglue 

with a 1:1 weight ratio. The fiber tip was immersed into the liquid and then the fiber was 

pulled out. The residue droplet was dried in ambient atmosphere to form a magnetic tip. 

This magnetic glue was sufficiently thick to solidify before slipping off of the fiber tip. 

Magnetic moments of the deposited droplets were measured by using an Alternating 

Gradient Magnetometer (AGM 2900, Princeton Measurements Inc., NJ, USA). Once the 
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applied magnetic field is known, one can calculate the applied force. To control the 

magnetic force in the bending experiment, a cone shaped magnet (SuperMagnetMan, 12.7 

* 12.7 mm, N50 grade) was placed on a movable stage as shown in Figure 2.1. The central 

axis of the magnet was aligned along the z axis. Moving the magnet back and forth, one 

can force the suspended fiber to bow. The process of the fiber bowing was filmed with a 

camera and then the images were analyzed with the developed code. The magnetic force 

was calculated from the simulated magnetic field according to the method of Ref [188].  

 

2.3 Results 

Table 2.3 summarizes the appearance mullite precursor after mixing and 

condensation. The pH value and spinnability after condensation are also given in Table 2.3. 

A viscous sol was obtained from sol MS5, MS6, MS7, MS8 and MS9 respectively without 

apparent phase separation. The viscosity changes with time of the mullite precursors are 

shown in Figure 2.2. In general, sols MS5 and MS7 had relative mild slopes in the late 

stage of polymerization, especially when the viscosities were greater than 100 poises. Sols 

MS8 and MS9 showed steep increase of viscosity with time. In the sol-gel process, the sol 

 
Figure 2.1. Specimen configuration of bending test using magnetic force [189] 
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viscosity can be greatly affected by a small change in the processing conditions, such as 

initial concentration, pH value, and setting temperature. Sometimes the ‘relative time’ is 

used to compare the polymerization behaviors [190]. Relative time is defined as t/tg, where 

t is the real time and tg is the total gelation time when the sol becomes the solid gel. Figure 

2.2 (b) shows the viscosity change vs. relative time when the viscosity was above 100 

poises. At this stage, the viscosity increased drastically. Sols MS8 and MS9 showed narrow 

viscosity-time windows for processing at the final stage of gelation compared with sols 

MS5 and MS7. Thus sol MS7 was selected for fabrication of electrospinning precursors. 

All the mullite fibers obtained in this chapter were from sol MS7.  

 

The initial precursors were too viscous for e-spinning. Therefore, mullite sols were 

diluted with ethanol and PEO solutions. Figure 2.3 shows the viscosity of modified 

Table 2.3. The appearances of mullite initial precursor before and after condensation. 
The pH value and spinnability after condensation are also given in this table. The 

spinnability is determined using the hand drawing method. 

Sol 
code 

Sol appearance pH 
value 

Spinnable 
before condensation after condensation 

MS1 white precipitation, opaque opaque and 
precipitation 

1.28 No 

MS2 silver-gray and clear opaque and 
precipitation 

1.62 No 

MS3 colorless and clear opaque and 
precipitation 

1.69 No 

MS4 colorless and clear opaque and 
precipitation 

1.90 No 

MS5 colorless and clear colorless and clear 2.32 Yes 
MS6 colorless and clear colorless and clear 2.77 Yes 
MS7 colorless and clear colorless and clear 2.88 Yes 
MS8 lightly gray and clear Silver-gray and clear 2.89 Yes 
MS9 lightly gray and clear Silver-gray and clear 3.13 Yes 
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precursors (E-sols) at different shear rate. All E-sols exhibited shear-thinning behavior. 

With increasing ethanol content, the viscosity decreased gradually.  

 

 

 
Figure 2.2 Viscosities of sol MS5, MS7, MS8, and MS9 vs. polymerization time. (a) vs. 

real time and (b) vs. relative time. 

 
Figure 2.3 Viscosities of diluted precursors versus shear rate. The bottom pictures show 
the effect of the dilution. 
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In the DTA traces, shown in Figure 2.4 (a), the endothermic peaks at 100-200°C 

were attributed to the evaporation of absorbed solvent and low molecular weight organics 

[191]. The endothermic peak at 300 - 400°C was due to the decomposition of polymer 

chains [191]. The exothermic peak at around 1000°C corresponded to the crystallization of 

mullite phase. These peaks are consistent with other reports [107, 191]. With increasing 

heating rate, the exothermic peaks shifted to the higher temperatures. The TGA result 

(Figure 2.4 (b)) was consistent with the DTA results. With a heating rate of 5°C/min, the 

significant weight loss occurred at 100 - 400°C. There was no significant weight loss at 

above 500°C, indicating the completion of organic decomposition. 

The XRD results on the mullite sol after heat-treatment at 800°C, 1000°C and 

1200°C was shown in Figure 2.5. The labeled peaks indicate the well-defined pure mullite 

phase without spinel phase. In the sol-gel processing, elimination of the spinel formation 

is challenging and important [192-194].  

 
Figure 2.4. DTA (a) and TGA (b) traces of mullite sol 
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The obtained mullite fiber microstructure are summarized in Table 2.4. Except E-

12, the rest of the E-sols were spinnable. Only beads were obtained without fiber from E-

12. The SEM micrographs of electrospun fibers are shown in Figure 2.6. Mullite fibers 

with diameters from 500 nm to 15 μm were obtained from the solutions with the 

compositions described in Table 2.4. Figure 2.6 shows some of the electrospun fibers. The 

fibers in Figure 2.6 (a) to (e) showed uniform microstructure. The surfaces of the fibers 

were smooth. With the increasing ethanol content up to 81 vol%, the diameter of the fiber 

gradually decreased to about 500 nm. Further increasing the ethanol content, we were 

unable to obtain uniform fibers. The beads appeared and the fiber diameters became 

uneven, as shown in Figure 2.6 (f) to (g). When the viscosity was too low, only beads were 

collected (Figure 2.6 (h)).   

 
Figure 2.5. XRD trace of mullite powder after calcination at 800°C 1000°C and 

1200°C for 2 hours (mullite ●). 
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Table 2.4. Summary of microstructural characteristics of electrospun mullite fibers 
 

Sol code Average 
diameter of as-

spun fibers 
(μm) 

Average diameter 
of mullite fibers 
after firing (μm) 

Coefficient of 
variation 

Fiber appearance 

E-1 17 12.24 0.167 uniform 
E-2 6.0 4.65 0.079 uniform 
E-3 4.5 3.53 0.141 uniform 
E-4 3.0 1.50 0.123 uniform 
E-5 1.5 0.95 0.147 uniform 
E-6 0.9 0.77 0.115 uniform 
E-7 0.5 0.32 0.130 uniform 
E-8 1.2 0.87 0.144 uniform 
E-9 0.8 0.68 0.121 uniform 
E-10 0.6 0.41 0.262 uniform with a few 

beads 
E-11 0.5 ~0.4 NA nonuniform with 

beads 
E-12 - -  only beads 
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The mullite fibers fired at 1200°C for 2 h are shown in Figure 2.7. The calcined 

fibers did not fuse with each other. There were no cracks or pores observed on the fiber 

surface and cross-sections. The surfaces of the heat-treated fibers exhibited tiny grains and 

thus were rougher than the as-spun fiber surfaces. This feature was caused by the mullite 

 
Figure 2.6. Microstructure of electrospun green fibers obtained from. (a) E-3; (b) E-4; (c) E-6; 

(d) E-7; (e) E-9; (f) E-10; (g) E-11; and (h) E-12. 
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grain growth. The fiber diameters can be achieved from above 10 µm to about 400 nm. 

Figure 2.7 (a) shows the largest diameter, which is about 12 µm. Figure 2.7 (b) - (e) show 

the mullite fibers with different diameters obtained from E-sols in Table 2.4. The thinnest 

mullite fiber obtained in our study was about 400 nm in diameter. In general, the obtained 

mullite fibers have narrow diameter distribution for each batch, not including the fibers 

obtained from E-10 and E-11. Those fibers have uneven fiber diameters as spun. Figure 

2.8 shows the diameter distribution of mullite microfibers obtained from E-3. These fibers 

were selected for mechanical test, because the fiber diameter of ~3μm is about the limit for 

our tensile test machine. We were not able to test smaller diameter fibers.  

A. Tensile test 

There were two mounting methods used to fix the fibers on the C-cards. We use 

superglue or tapes to fix the fibers on the C-cards. When superglue was used to fix the two 

ends, the fiber was not able to slide during the test. This is because after superglue was 

cured, it completely became solid. When the tape was used, the fiber can slip during the 

test. If the fiber did not slide during stressing, the modulus measurement was accurate. The 

tape mounting did not generate any meaningful modulus values, but the measured tensile 

strengths were accurate. The success rate for the 5 mm gauge length measurement was 

extremely low (less than 10%) if superglue was used. Most of the fibers were broken at the 

superglue contact spots rather than in the middle of the fibers. The mechanical properties 

of the mullite fibers were summarized in Table 2.5. The result values were obtained based 

on at least 20 successful measurements. The 5 mm gauge length test was done using the 

tape to mount the fibers. The average tensile strengths of the mullite fibers were about 1.46 
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GPa for 5mm gauge length, and 1.25 GPa for 1 cm gauge length. An average elastic 

modulus of about 100.02 GPa was determined when superglue was used to mount the fiber.  

 

 

 
Figure 2.7. SEM images of mullite fibers after calcination at 1200°C for 2 h. (a) thick 
fibers with diameter (d) > 10 μm; (b) and (c) microfibers with 1 < d <5 μm; (d) sub-

micro fibers with d ~ 800 nm; and (e) nanofiber with d ~ 300 nm. 
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B. Bending test 

A series of snapshots taken during the bending test are shown in Figure 2.9. The 

fiber had a length of 0.64 mm (measured from the fixed-end to the free-end) and diameter 

of 4.5 µm. The fiber started to flex to the left in frame 1 and continued to bow with 

increasing deflection when the magnet was approaching the fiber. As shown above, the 

torque on the tip was negligible and the fiber bent because of the field gradient. The 

 

 
Figure 2.8. Statistical diameter distribution of mullite fibers in Figure 2.7 (a)-(e). The 
distribution was fitted by normal function (dashed line). 

Table 2.5. Average tensile strength, elastic modulus measured at different gauge 
length. The result values were obtained based on at least 20 successful measurements. 

Gauge length Average tensile strength (GPa) Elastic modulus (GPa) 

10 mm 1.25 96 -104 

5 mm 1.46 NA 
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magnitudes of forces exerted onto the fiber tip as well as the tip coordinates are summarized 

in Table 2.6. The change of the x coordinate is initially small, i.e. the tip moves almost 

along the z - axis. A noticeable displacement of the fiber tip from the magnet axis can be 

seen in frames 7-9. The angle of the force vector in Table 2.6 was calculated from the 

magnetic field distribution as discussed in Ref. [188].  

 

 
Figure. 2.9. Fiber bending by magnetic field. 
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After bending, the fibers took on their original configuration, parallel to the vertical 

axis. This fact suggests that the stresses have been completely relaxed and the fibers have 

not acquired any irreversible or plastic deformations. Taking into account the complete 

recovery of the fiber shape after deformations, it is natural to assume that the material is 

purely elastic. Moreover, we will use the Euler elastica model that neglects any shear 

deformations in the material [195]: 

𝐼𝐼𝐼𝐼 𝑑𝑑2𝜃𝜃
𝑑𝑑𝑙𝑙2

− 𝐹𝐹sin𝜃𝜃 = 0                                                         (2.1) 

where E is the elastic modulus; I is the second moment of inertia; l is the arclength, 

0<l<L, where  L is the fiber length; θ is the angle formed by the tangential line at the point 

with arclength l with the z-axis; F is the applied magnetic force. For a fiber with the circular 

cross-section, the second moment of inertia is I = πd4/64, where d is the fiber diameter 

[195]. Since the x-component of the magnetic force is much smaller than the axial z-

component, the problem is simplified by assuming that the force F acts only in the z-

direction. The weight of the droplet is also negligible. From the dimension of the droplet 

shown in figure 2.9 we estimated the gravitational force on the order of 10-9 N. The 

Table 2.6. Force-position data of the fiber tip (the force direction is defined as the 
angle inclined by the force vector and x-axis shown in figure 2.1). 

Frame 
number 

Force 
magnitude 

(µN) 

Force 
direction (°) 

Tip coordinate 
z0 

(mm) 

Tip coordinate 
x0 (mm) 

1 0.675 90.0 0.019 0.640 
2 0.789 90.0 0.027 0.640 
3 0.918 90.0 0.032 0.640 
4 1.088 90.0 0.038 0.640 
5 1.304 90.0 0.048 0.640 
6 1.641 90.0 0.070 0.640 
7 2.139 89.8 0.100 0.636 
8 3.198 88.9 0.172 0.618 
9 6.369 86.3 0.300 0.565 
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magnetic forces employed are in the micronewton range which is at least two orders of 

magnitude greater than the weight of the droplet. We impose the following boundary 

conditions to solve Eq. (2.1): 

�
𝜃𝜃 = 𝜋𝜋

2
    𝑎𝑎𝑎𝑎 𝑙𝑙 = 0

𝑑𝑑𝜃𝜃
𝑑𝑑𝑙𝑙

= 0   𝑎𝑎𝑎𝑎 𝑙𝑙 = 𝐿𝐿
                                                   (2.2) 

With the known I and F parameters, one can reproduce the fiber profiles and compare them 

with the experimental ones. However, since the elastic modulus E was not known in 

advance, we needed to run a series of experiments adjusting E in order to fit the fiber bows.  

In order to determine elastic modulus E, we numerically solved the Euler elastica 

equation with the specified boundary conditions. A comparison of the experimental and 

theoretical fiber profiles was done at a sequence of points (xi,zi) (i=1,2…N) shown in 

Figure 2.10. A Matlab program allows one to determine elastic modulus, E, corresponding 

to the best fit of the experimental and theoretical fiber profiles. Figure 2.10 collects the 

results of numeric fit of the fiber profiles given in frames 2-8 of Figure 2.9. The solid curves 

correspond to the theoretical fiber profile according to the numerical Euler elastica 

solution. The solid symbols correspond to the experimental data points. It is evident that 

the Euler elastica model describes the fiber profiles fairly well. The extracted elastic 

modules are summarized in Table 2.7. An average value of E = 104.8 ± 5.7 GPa was 

obtained from frames 2-6 in Figure 4.8 when the fiber tip was not moving far away from 

the magnet axis. 
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In order to verify the obtained results, we applied another method developed in Ref. 

[188]. This method takes advantage of the analytical solution of the Euler-elastica model 

[195]:  

⎩
⎨

⎧𝑧𝑧0 = �𝐸𝐸𝐼𝐼
2𝐹𝐹
𝐵𝐵(𝜃𝜃0),𝐵𝐵(𝜃𝜃0) = ∫ cos𝜃𝜃

�cos𝜃𝜃0−cos𝜃𝜃
𝑑𝑑𝜃𝜃𝜋𝜋 2⁄

𝜃𝜃0

𝑥𝑥0 = �2𝐸𝐸𝐼𝐼
𝐹𝐹

cos𝜃𝜃0
                           (2.3) 

 
Figure 2.10. Numerical solutions of the Euler elastica model over imposed on the 

experimental fiber profiles represented by the solid symbols. 

Table 2.7. Elastic modulus (E) and Flexural rigidity (EI) obtained by fitting the fiber bows 
with numerical solutions of the Euler elastica (2nd column) and by analyzing the 
movement of the fiber tip using eq. (7) (3rd column) 

Frame 
number 

Elastic modulus from 
full Euler elastica 

(GPa) 

Elastic modulus 
from Eqs. (7)  

(GPa) 

Flexural rigidity EI 
from Eqs. (7) 
10-12 Pa m4) 

2 106 109 2.19 
3 112 107 2.15 
4 108 107 2.15 
5 100 102 2.05 
6 98 88 1.77 
7   84*  80* 1.61 
8   74*  70* 1.41 
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where 𝜃𝜃0 is the angle formed by the tangential line at the fiber tip and the z-axis. For fiber 

configurations having cos𝜃𝜃0 < 0.5, the analytical solution (4.3) can be approximated by 

polynomial functions to give useful relations between the applied force and coordinates of 

the fiber tip [188]: 

�
𝐹𝐹 ≈ 3.19𝐼𝐼𝐼𝐼 𝑧𝑧0 𝐿𝐿3⁄

𝑥𝑥0 ≈ 𝐿𝐿 − 0.615 𝑧𝑧02 𝐿𝐿⁄
                                                      (2.4) 

Since the x coordinate of the fiber tip does not change significantly in frames 2-5, 

we therefore used frames 2-5 to specify z0 and calculate the force and then extract elastic 

modulus solving Eq. (2.4) for E. Figure 2.11 presents the obtained values of the applied 

force as a function of the tip position z0. All available data points fall onto a straight line 

such that  E = 103.1 ± 3.4 GPa for the given series of fibers. This value of elastic modulus 

is in good agreement with results obtained by fitting the fiber bows with the Euler elastic 

profiles. Solving the Euler elastica model and attempting to fit the fiber bow by adjusting 

the E values, one observes that the modulus drastically decreases when the deformations 

become significant and the fiber tip moves away from the magnet axis. This non-physical 

behavior can be taken as an indication of the importance of the x-component of magnetic 

force within this range of deformations. 
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2.4 Discussion 

The precursors for E-spinning of ceramics are usually characterized as co-

precipitation (PPT) and sol-gel precursors [103]. Sol-gel precursors differ from PPT 

precursors as it involves sol-gel reaction with strict control of polymerization process 

proceeded by hydrolysis and condensation reactions. The precursors with certain 

spinnability can be derived from the sol-gel process [105-107, 120, 190, 191]. The 

combination of electrospinning with sol-gel processing is feasible to obtain ceramic fibers 

from this approach as it may require less spin-aid to form fibers with desired 

microstructures [108]. We control the hydrolysis process in the beginning, so that the 

mullite sol itself was spinnable. The good spinnability was attributed to the increased 

viscosity in sols containing linear polymers [107, 191]. We can e-spin diluted sol without 

adding any PEO. However adding PEO does improve the fiber uniformity. For such 

application, high content of PEO is not necessary. Compared with the previous research, 

 
Figure 2.11. Applied magnetic force as a function of the fiber tip position z0. The 
error bars come from the uncertainty of the determination of the fiber tip position 
disturbed by the attached droplet. 
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the polymer contents in the E-sols are substantially lower. Approximately 0.1% to 0.3% 

PEO was used, which is dramatically less than other reports (e.g. 5 - 8% in ref [175-177]). 

The microstructures of as-spun fibers are mainly determined by the viscosity and solute 

concentration of the e-spun solution. From sol E-1 to E-9, solution viscosities were high 

enough to form continuous fibrous microstructure. The fiber diameter increases from ~315 

nm in sol E-7 to ~12 μm in sol E-1, which is assigned to higher viscosity of the solution at 

higher concentration. The fiber diameter obtained from sol E-8 was greater than that from 

E-7. This is probably due the viscosity difference in the two precursors, since higher 

viscosity generally results in a larger fiber diameter. The viscosities of E-7 and E-8 are not 

presented in here, because of the limitation of our viscosity testing instrument. The 

viscosities of E-7 and E-8 were too low to be accurately determined, both were below 0.1 

poise. The concentration of PEO nearly doubled in sol E-8 than in E-7; and the sol 

concentration for both, in the term of mullite yield, was similar. In sols E-10 to 11, surface 

tension was dominant and beaded fibers were formed during the electrospinning process. 

The conventional PPT/e-spin method shows discrepancy in making thick fibers such as 

microfiber. This is due to the formation of wide and flat ribbon shaped fibers at high 

polymer doping level [175-177]. Thanks to the low polymer content, ribbon-like fibers 

were not engendered in current approach. The fibers obtained from the sol-gel/e-spin 

precursor shows round shape with controlled diameters from nano- to micrometers, which 

is unprecedented in previous studies. 

The mixing level between TEOS and aluminum alkoxide during hydrolysis is 

important because sometimes these two chemicals can phase separate during hydrolysis, 
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resulting in the so-called diphasic gel [74]. The diphasic gel decreases the fiber strength 

and creep resistance at high temperatures [107]. The obtained mullite fibers had low 

crystallization temperature at below 1000°C. Thus the grain growth can be effectively 

prohibited [107, 190, 191]. The single mullite phase formation was caused by the 

controlled hydrolysis reaction in moderate acidic condition (e.g. pH = 3 - 4.5). This yields 

Al-O-Si bonding in atomic level [73]. The simple unit of aluminosilicate complex then 

polymerizes in a preferentially linear arrangement, which facilitates the fiber formation 

[196]. Phase separation does not occur in the above mentioned precursors. They are often 

referred as the monophasic precursors. In contrast, diphasic precursor will have phase 

separation, and as a result, the spinel phase was observed during crystallization [74]. The 

XRD results show that only single mullite phase was observed at between 800 - 1200°C 

without any spinel phase. The monophasic gel is desired for two reasons. First, the 

complete phase formation without significant grain growth at low temperatures is 

important for mechanical strength. Second, the spinel phase can be avoided to ensure the 

high temperature creep resistance. In our work, grain growth was inhibited in all fibers 

with average grain size below 10 nm after firing at 1000°C. In the di-phasic system, the 

grain size is about 100 nm due to a higher phase formation temperature at 1200°C, where 

co-existence of γ-AlO3 phase was also observed [175]. 

In the DTA experiment, the kinetics of reactions of the type solid state reactions (e. 

g. crystallization of the amorphous gel) is reflected by the peaks in the curves due to the 

changes in heat flow and thermal parameter of the samples. The transformation often 

possesses an activation energy. And the rate of reaction is written in the form that is 
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proportional to the rate constant (𝑘𝑘(𝑇𝑇), which is an exponential function of temperature 𝑇𝑇) 

times a function of the amount of reactant (𝑓𝑓(𝑋𝑋), 𝑋𝑋 the fraction of reactant remaining) 

[197]. The position of the peak varies with the heating rate Pr with other experimental 

parameters fixed. The variation of the peak temperature could be used to determine the 

activation energy Ea. The activation energy can be calculated from the DTA exothermic 

peaks using the Kissinger’s equation [197, 198],  

ln �𝑇𝑇𝑝𝑝
2

𝑃𝑃𝑟𝑟
� = ln �𝐸𝐸𝑎𝑎

𝑅𝑅
� + 𝐸𝐸𝑎𝑎

𝑅𝑅𝑇𝑇𝑝𝑝
− ln𝜈𝜈                                               (2.5) 

where Tp is the exothermic peak temperature; R is the gas constant; and 𝜈𝜈 is the frequency 

factor constant, which is defined as: 𝜈𝜈 = 𝑑𝑑𝑑𝑑(𝑋𝑋)
𝑑𝑑𝑋𝑋

 [197]. Eq. (2.5) is applicable for the reaction 

that proceeds at a rate varying with temperature, that is to say, the process is thermally 

activated. And a basic assumption is that the same mechanism and kinetics parameters hold 

throughout the reaction, which has been proved in the nucleation-growth of mullite [199]. 

The activation energy for mullite phase formation (also known as mullization) calculated 

from Eq. (2.5) was Ea = 1411 kJ/mol by linear fitting the data obtained from the DTA 

experiment (shown in Figure 2.12). This value is in good agreement with many of the 

previous reports [199-201 ]. Okada showed that in monophasic gels, the Ea values for 

mullization range from 800 to 1400 kJ/mol [201]. The corresponding crystallization 

temperature has a maximum of about 1000°C [201]. This further testifies the monophasic 

character of the mullite sol. 
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To our best knowledge, there are very few works have been done on measuring the 

mechanical properties of electrospun mullite fibers. However some works can be found for 

measuring the mechanical properties of small diameter (e.g. 3 - 5 µm) dry-spun mullite 

fibers [202, 203]. Li et al. reported a tensile strength of 1.1 - 1.4 GPa for the phase pure 

mullite fiber of diameter of 3 -5 µm [202]. A tensile strength of 1.3 - 1.6 GPa was reported 

for alumina rich electrospun mullite fibers of diameter 3 - 12 µm [203]. The tensile strength 

of the mullite fibers obtained in our study is similar or slightly better than the studies of 

dry-spinning mullite fiber [202, 203]. This shows the importance of controlling the 

spinning aid contents. The polymer spinning aid usually leaves porous microstructure after 

burned off. Controlling the hydrolysis process can significantly reduce the needed spinning 

aid content, and thus resulting in improved mechanical performance. The grain size to 

diameter ratio has a crucial effect on the mechanical properties of the fibers. For instance, 

significant and exaggerated grain growth was found to deteriorate the failure strength of 

 
Figure 2.12. The plot of Kissinger’s equation to derive the activation energy of 

crystallization of mullite gel 
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mullite microfibers [ 204 ]. In nanofiber systems, grain growth determines the 

nanocrystalline structure and mechanical performance [90]. Sometimes good mechanical 

properties of nanofibers may take advantage of the small grain size and high volume 

fraction of grain boundary of the nanocrystalline structures. 

The results of the bending test were compared with those obtained from the tensile 

test. An average elastic modulus of about E = 100 GPa was found, which is in agreement 

with the value found from the bending test. In the tensile test, the fiber strength was 

identified as 1.25 GPa with 10mm gauge length. On polymeric fibers, the tensile test 

usually provides a greater elastic modulus relative to that obtained from the bending test 

[188]. This tendency was explained by the orientation effect of polymer chains during 

tensile testing: the applied load on an Instron machine is much greater than that experienced 

by a polymeric fiber upon magnetic flexing. This effect leads to an apparent reinforcement 

of the fiber after tensile test [205]. As follows from the present results, this effect of 

apparent hardening does not occur in ceramic fibers.  

2.5 Conclusion 

In this chapter we demonstrate the processing and characterization of mullite fibers 

from monophasic sol-gel precursor using electrospinning. The fiber diameter can be 

controlled with the solute concentration in the electrospinning precursors. Fiber diameters 

can be controlled from 400 nm up to ~15 μm. The obtained fibers showed narrow diameter 

distributions. The fiber had an average strength of 1.25 GPa for 1 cm gauge length, and 

1.46 GPa for 0.5 cm gauge length. Using the Euler elastic model, we were able to describe 

the fiber bows. Therefore, the shear deformations in ceramic fibers are not significant. In 
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the tensile test, the elastic modulus of E = 100 GPa and the fiber strength 1.25 GPa were 

obtained. In the bending test, the flexural rigidity of 2.06 × 10−12𝑃𝑃𝑎𝑎 ⋅ 𝑚𝑚4  and elastic 

modulus of E = 103 Ga were obtained. These results indicate that mullite microfibers are 

flexible and, due to their microstructural uniformity, do not generate significant shear 

stresses during bending. These mechanical properties show that electrospinning can be 

used to fabricate small diameter mullite fibers with good mechanical properties, making 

them attractive candidates in generating advanced ceramic composites materials for 

extreme applications.  
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CHAPTER III 

FUNCTIONALIZATION OF MULLITE FIBERS BY NICKEL NPS USING THE IN-

SITU REDUCTION METHOD 

3.1 Introduction 

Many research efforts have been made in nanocomposite thin films with unique 

properties and multi-functionality comprising nanoscaled constituents [136, 206, 207]. 

Unprecedented properties can be achieved with the ceramic-based nanocomposite thin 

films embedded with metallic nanoparticles (NPs) [136, 206, 207]. The fabrication of such 

nanocomposite is an emerging field of science and technology that has attracted huge 

interests in the recent years [136, 206, 207]. The magnetic functionalization of non-

magnetic nanofibers (e.g. the mullite nanofibers) using metallic nanoparticles provides 

attractive candidates as fillers in ceramic thin films for advanced applications.  

The thermal reduction method is one of most applicable methods to process ceramic 

nanocomposites, through which metal oxide precursors can be converted to dispersed 

metallic nanoparticles with a heat-treatment in the reducing atmosphere [82, 126]. In this 

chapter, we present the method of synthesizing mullite-nickel nanocomposite fibers using 

electrospinning, followed by thermal reduction. A particular challenge in our study is 

attributed to the formation of intermediate metastable phase (spinel) other than mullite as 

the matrix. The formation of metastable phase is not desired, as it is deleterious to the high 

temperature mechanical properties of mullite. The spinel phase is avoided with proper heat-

treatment procedures. We found that the Ni NPs within the mullite fiber has an equilibrium 
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size of ~20 nm, while the Ni NPs on the fiber surface can grow much larger. The magnetic 

properties of the nanocomposite fibers reflect this microstructure feature. 

3.2 Experimental Procedure 

Following the findings in chapter 2, e-spin solution E-6 was chosen to generate 

fibers with submicrometer diameters. Nickel nitrate hexahydrates (Ni(NO3)2∙6H2O, 95%, 

Aldrich, MO, USA) was used as the Ni source in the precursor. Solution E-6 was mixed 

with nickel nitrate at varying concentrations (Ni: 2, 5 and 10 wt. % of mullite yield). 

Electrospinning was carried out under the same conditions in chapter 2. In order to obtain 

the mullite phase with embedded nickel NPs, a two-step heating sequence was applied. In 

the first step, the precursor fibers were heat treated in the reducing gas (5 vol. % H2 in Ar) 

to a temperature between 650 to 750°C and isothermally kept for 10 hours to form metallic 

NPs. The heating rate was set at 1°C/min below 500°C and 5°C/min above 500°C. In the 

second step, the fibers were heat treated and crystallized at 1000°C for 30 minutes under 

5% H2 - Ar. A parallel calcination experiment was performed in air, in order to demonstrate 

the effect of heat treatment procedure on the phase transformations. Table 3.1 summarizes 

detailed information for samples named with different nickel concentration and heat 

treatment conditions.  
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The thermal behaviors were studied at different heating rate under flowing air or 

5% hydrogen - Argon condition using DTA (DTA7, Perkin Elmer, Waltham, MA, USA). 

The crystalline phases were identified using X-ray diffraction (XRD, Rigaku Co., Ltd., 

Tokyo, Japan); the microstructure was characterized using scanning electron microscopy 

(SEM, Hitachi S4800, Hitachi, Ltd., Tokyo, Japan) and transmission electron microscopy 

(TEM, Hitachi 9500 300kV microscope, Hitachi, Ltd., Tokyo, Japan). The average size of 

fiber diameters or Ni NPs on the fiber surface was calculated from the average of more 

than 100 randomly selected fibers or NPs taken from SEM micrographs. The magnetic 

properties of the composite fibers were measured by using the Alternating Gradient 

Magnetometer (AGM 2900, Princeton Measurements Inc., NJ, USA). 

Table 3.1. Materials composition, isothermal reduction temperature and heat 
treatment atmosphere for different Ni-mullite fibers 

Specimen  
codes 

Nickel 
content(wt. 

%) 

Isothermal 
reduction 

temperature (10 
h) 

Crystallization 
temperature 

Heat treatment 
atmosphere 

MN2-750R-
1000 

2 750°C  1000°C for 30 min 5 at. % H2 in 
Argon 

MN5-750R-
1000 

5 750°C  1000°C for 30 min 5 at. % H2 in 
Argon 

MN5-750R 5 750°C  NA 5 at. % H2 in 
Argon 

MN5-750R-
850 

5 750°C  quench at 850°C 5 at. % H2 in 
Argon 

MN5-A 5 NA quench between 
1000 and 1400°C 

Air 

MN5-H2 5 NA quench between 
1000 and 1400°C 

5 at. % H2 in 
Argon 

MN10-
750R-1000 

10 750°C  1000°C for 30 min 5 at. % H2 in 
Argon 

MN10-
700R-1000 

10 700°C  1000°C for 30 min 5 at. % H2 in 
Argon 

MN10-
650R-1000 

10 650°C  1000°C for 30 min 5 at. % H2 in 
Argon 
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3.3 Results 

Figure 3.1 shows the XRD traces of mullite-nickel fibers after heat treatment in 5% 

hydrogen. The near complete conversion of Ni2+ to Ni was reached after thermal reduction 

at 750°C for 10 hours. For all five samples (MN2-750R-1000, MN5-750R, MN5-750R-

850, MN5-750R-1000 and MN10-750R-1000), mullite and nickel were the only two 

phases observed after the sample was first reduced at 750°C and then quenched at 850°C 

or crystallized at 1000°C. No residual NiO or spinel phase was observed. Mullite peaks of 

MN5-750R and MN5-750R-850 were weak. The mullite peaks became strong for MN5-

750R-1000. The intensities of nickel peaks compared to the peaks of mullite relatively 

enhanced with increasing nickel loading, as shown with samples MN2-750R-1000, MN5-

750R-1000 and MN10-750R-1000. Coexistence of mullite, nickel and spinel phase was 

observed in samples (MN10-700R-1000) that were reduced at 700°C for the same duration. 

The spinel phase was probably a solid solution between Ni-Al spinel (Al2NiO4) and Al-Si 

spinel (near SiO2·6Al2O3), which will be discussed in the next section. Only nickel and 

spinel phase were observed in the sample that was reduced at 650°C and then heated to 

1000°C (MN10-650R-1000). 
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The results of Figure 3.1 suggest that the Ni2+ concentration influences the 

crystallization behavior of mullite. To study this effect, we carried out heat treatment on 

MN5A samples in air from room temperature to 1400°C. The XRD patterns of the 

specimens after calcining at different temperatures are shown in Figures 3.2. In last chapter 

we showed that the fibers without Ni2+ addition remained amorphous at low temperatures 

and were directly transformed to mullite after calcining at 1000°C. No intermediate phase, 

such as spinel was observed. However, when 5% Ni2+ was doped, the spinel phase was 

observed in MN5-A fibers after calcining at 1000, 1100, 1200 and 1300°C. Trace amount 

of mullite was observed at temperatures between 1000 and 1300 °C. 

 
Figure 3.1 XRD patterns of mullite-nickel nanocomposite fibers with different Ni 

concentration heat treated in 5% H2-Ar for 10 h, and/or then heated at 850 or 1000°C 
for 30 min. Labeled phases: ● nickel, ○ mullite, ▲ spinel. 
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The DTA scans of pure mullite (non-doped) and 5% Ni-doped mullite gels under 

air or 5% H2 are shown in Figure 3.3. The curves of non-doped mullite, MN5-H2 and MN5-

A are similar at low temperatures, as shown in Figure 3.3 (a). The endothermic peaks 

around 150°C and 300°C were due to loss of residual solvents and decomposition of 

organic components. Diverse DTA profiles were observed at temperature ranging from 900 

to 1000°C. The non-doped mullite showed a sharp exothermic peak at around 980°C which 

was due to crystallization of mullite (as we discussed in chapter 2). While a broad 

exothermic peak corresponding to mullization was observed in MN5-750R-H2 at around 

950°C. MN5-A showed a broad exothermic peak at around 930°C corresponding to the 

crystallization of Al-Si spinel. No endo- or exothermic peak at temperature ranging from 

900-1000°C was observed in MN5-H2. 

 
Figure 3.2. XRD traces of MN5-A (5 wt. % Ni loading) fibers heat treated in air. 

Labeled phases: ○ mullite,  ▲ spinel. 
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Figure 3.4 shows the SEM micrographs of mullite-nickel fibers after heat treatment 

in hydrogen. The fiber showed uniform diameter and good straightness. Nickle particles 

were observed on the surface of the fibers. Diameters of 800 nm - 1 μm were observed. 

Figure 3.5 shows the TEM images of reduced mullite-nickel fibers with 2 wt.% and 5 wt.% 

Ni doping. The TEM images indicate that the metallic phase NPs were dispersed within 

the mullite matrix. No separation at the boundary was observed between mullite and Ni 

phase which indicates good adhesion between the metal and ceramic phases.  

 
Figure 3.3. Curves of DTA scans at 5°C/min for pure mulite gel in air (non-dope), 

5% Ni-mullite in 5% H2 (MN5-H2), 5% Ni-mullite in air (MN5-A) and 5% Ni-
mullite pre-heat-treated at 750C for 10 h under 5% H2 (MN5-750R-H2). P1, P2, 

and P3 are the exothermic peaks between 900 to 1000°C. 
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The average sizes for Ni NPs observed from fiber surface using SEM micrographs 

are summarized in Table 3.2. We observed generally smaller Ni NPs within the fiber than 

on those on the surfaces. However using TEM, it was difficult to generate a representative 

 
Figure 3.4 SEM images of MN2-750R-1000 ((a) & (b)), MN5-750R-1000 ((c) & (d)) 

and MN10-750R-1000 ((e) & (f)) mullite-nickel nanocomposite fibers. 

 
Figure 3.5. TEM images of (a) MN2-750R-1000 and (b) MN5-750R-1000. 
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average particle size. Thus here we only present the particle sizes on the surface, which 

was obtained from SEM micrographs. In the ceramic/metal nanocomposites derived from 

reduction of solid solution, a bimodal particle size distribution for the dispersed phase was 

usually observed [208]. Relatively large particles were observed on the surface of the fibers 

and small particles were observed inside the fibers. The increasing of Ni salt loading gave 

rise to a large size for Ni NPs and range of size distribution.  

 
The average crystallite size of Ni NPs was determined by the Scherrer Equation 

from the X-ray diffraction [209]: 

𝜏𝜏 = 𝐾𝐾𝑠𝑠𝜆𝜆
𝛽𝛽cos𝜃𝜃

                                                               (3.1) 
where 𝜏𝜏 is the crystallite size, Ks the dimensionless shape factor (equal to 0.9 for a spherical 

crystallite), 𝜆𝜆 the wavelength of X-ray beam (1.54 Å used in our experiment), 𝛽𝛽 the full 

width at half of the maximum intensity (FWHM) and 𝜃𝜃 the X-ray diffraction angle. The 𝜏𝜏 

values for MN2-750R-1000, MN5-750R-1000 and MN10-750R-1000 specimens were 

Table 3.2 Particle size of nickel and the magnetic properties 
Specimen 

name 
Average 
surface 
particle 

size 
(nm) 

Overall 
average 
particle 

size 
(nm) 

Ms 

(Am2/kg) 
Mr 

(Am2/kg) 
Hc 

(kA/m) 
Observed 
phase(s) 

MN10-
750R-1000 

80 19 4.177 1.136 6.83 mullite and 
Ni 

MN10-
700R-1000 

75 NA 3.494 0.592 4.62 mullite, 
spinel and 

Ni 
MN10-

650R-1000 
40 NA 0.199 0.031 2.47 spinel and 

Ni 
MN10-

550R-1000 
15 NA 0.085 0.005 1.68 spinel and 

Ni 
MN5-750R-

1000 
55 20 1.826 0.409 4.09 mullite and 

Ni 
MN2-750R-

1000 
25 19 0.918 0.091 1.74 mullite and 

Ni 
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calculated according to Eq. (3.1) and is summarized in Table 3.2. The values were obtained 

from the peaks corresponding to the [111]-plane which showed the highest intensity. The 

calculated 𝜏𝜏 of Ni NPs had almost identical values of around 20 nm. The 𝜏𝜏 values were 

compared with the particle size evaluated from SEM and TEM. The particle size in MN2-

750R-1000 specimen was very close to the 𝜏𝜏 value obtained. In the higher Ni salt loaded 

samples, a significant greater particle size was observed on the fiber surface from the SEM 

and TEM micrographs. As mentioned earlier, the SEM and TEM studies indicate a bimodal 

size distribution of Ni NPs on the surface and inside the fiber. The larger particle size was 

caused by the significant coalescence of Ni crystallites on the fiber surface.  

The obtained fibers are highly magnetic and can be easily attracted and lifted by a 

magnet. Figure 3.6 shows the plots of magnetization versus magnetic field (M-H loop) of 

mullite-nickel composite fibers. A notable magnetic hysteresis was observed in fibers 

synthesized from the 5% and 10% Ni salt loaded samples. This is also confirmed by a 

quantitative analysis of fiber magnetization. The Saturation magnetization Ms, Remanence 

Mr and Coercivity Hc of the samples are summarized in Table 3.2. The measured magnetic 

moments were normalized by the total weight of the composite fiber. The Mr and Hc values 

were determined by the zero magnetic moment and magnetic field. At 300K, a small Ms 

was measured on MN10-550R-1000 and MN10-650R-1000 fibers. The Ms of MN10-

700R-1000 was about 17 times of that of MN10-650R-1000. The MN10-750R-1000 fibers 

exhibit the highest Ms of 4.18 Am2/kg and Hc of 6.83 kA/m. With the increasing 

temperature, a significant increase of Ms was observed, which implied that a greater portion 

of Ni2+ cations were transformed into the metallic form. The Hc value increased with 
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increasing Ni salt concentration and temperature, which implied a greater particle size of 

Ni. 

 

3.4 Discussion 

In chapter 2, we discussed the sol-gel precursors for mullite, which are usually 

divided into monophasic and diphasic gels. The monophasic gel can be directly 

transformed to mullite phase without intermediate phases. The diphasic gel features the 

formation of intermediate phases, such as Al-Si spinel. For the non-doped mullite fibers, 

the monophasic gel characteristics were proven by XRD and DTA results showing no 

metastable phases during crystallization. For the fibers doped with nickel, the presence of 

Ni2+ cation induced the formation of spinel, which suppressed the formation of mullite until 

above 1400°C [210]. If the fibers were isothermally reduced at a temperature lower than 

750°C, the spinel phase, instead of the mullite phase, was formed at 1000°C. Table 3.3 

summarizes the positions of the top three intense x-ray diffraction peaks which correspond 

 
Figure 3.6. (a) Magnetic properties of mullite-nickel composite fibers (b) Schematic 

illuminating the meaning of Ms, Mr and Hc. 
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to the 311, 400 and 440 crystalline planes of Al-Si and Ni-Al spinels. A clear trend can be 

seen with an increasing the 2θ angle at higher isothermal reduction temperature, indicating 

a gradual decrease of the lattice parameter. 

 

In this study, the identified spinel phase could be a solid solution of Al-Si spinel 

and Al2NiO4 spinel. The Al2NiO4 spinel has a larger lattice parameter of 8.050 Å than those 

of Al-Si spinel and γ- Al2O3 [211-213]. The Al-Si spinel (~8 wt. % SiO2) and γ-Al2O3 have 

close lattice parameters a which are respectively 7.886 and 7.906 Å [212]. The lattice 

parameter of NiAl2O4-γ-Al2O3 (Al rich) solid solution was reported to be 8.011-8.034 Å 

which further depends on the amount of the dissolved Ni2+ cations [213]. In our experiment, 

more Ni2+ cations were converted into metallic phase at a higher reduction temperature. 

This coincided with our observation that the crystal unit cell became smaller (2θ shifts to 

higher angle) if the fibers were reduced at the higher temperatures. Therefore we interpret 

that the residual Ni2+ were dissolved in a solid solution containing Al-Si and Al-Ni spinels.  

Upon thermal reduction, the metallic nickel phase first nucleates within an 

amorphous Al2O3-SiO2 matrix. After the Ni2+ cations were reduced, the Al2O3-SiO2 matrix 

exhibited monophasic characteristics and crystallizes at around 950°C. The importance of 

Table 3.3. Comparison of the peak positions of {311}, {400} and {440} of the spinel 
phase from this work and references 

 Specimen name 2θ (degrees) Reference 
{311} {400} {440} 

MN10-550R-1000 37.36 45.7 66.6 This work 
MN10-650R-1000 37.36 45.7 66.7 This work 
MN10-700R-1000 37.45 46.2 67.1 This work 

Al2NiO4 37.01 45.0 65.7 [213] 
Al-Si Spinel 37.81 46.0 66.7 [212] 

γ-Al2O3 37.71 45.9 66.5 [212] 
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retaining the monophasic characteristics is that a higher temperature (e.g. ~1400°C) for 

sintering is essentially needed to eliminate the spinel phase. This high temperature heat-

treatment is undesirable because the metallic nickel NPs coarsens when the sintering 

temperature is close to the melting point of Ni (1455°C) [128]. In that case it is difficult to 

obtain nickel particles of nanometer size. The mullite crystallization temperature in nickel-

mullite systems reduced at 750°C is lower than that in non-doped mullite system. This shift 

could be explained by the increasing number of sites available for nucleation-growth of 

mullite in the presence of finely dispersed nickel NPs. The boundary between Ni NPs and 

amorphous matrix tends to act as nucleation sites for mullite nucleation and growth [214]. 

The reduced energy barrier for nucleation can be used to explain this catalytic effect and 

temperature shift (about 30°C) for mullite crystallization. 

Eq. 3.1 was applied to calculate the activation energies for crystallization of mullite 

and spinel, which are summarized in Table 3.4. We showed in chapter 2 that the pure 

mullite gel is monophasic. For mullite crystallization with the presence of Ni NPs, the 

activation energy was slightly smaller (1221 kJ/mol) than that of the pure mullite gel. This 

difference could be assigned to the error generated in determining the Tp values of the broad 

exothermic peaks in mullite-nickel samples. Nevertheless, the value (1221 kJ/mol) stayed 

in the range for monophasic mullization. The DTA curve of MN5-H2 was significantly 

different from that of MN5-750R-H2, because in MN5-750R-H2, the pre-existing nickel 

nanoparticles served as heterogeneous nuclei for mullite growth. Under constant heating 

rate, heterogeneous nucleation and crystallization overlapped over a wide temperature 

range. Thus in the DTA curve of MN5-H2, instead of observing a strong exothermic peak, 
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we did not observe an obvious peak. The activation energy for spinel formation in MN5-A 

specimen had been determined to be 1131 kJ/mol. This value was slightly lower than the 

di-phasic mullite gel system doped with 3wt. % of nickel, of which has activation energy 

of 1320 kJ/mol was reported [210]. 

 

The mechanism of crystallization is described by the Avrami constant. The constant 

indicates that the solid transforms through the 3-dimensional growth of the nuclei (bulk 

crystallization) or the growth that is restricted to 1 or 2-dimensions (surface crystallization). 

The crystallization mechanism could be determined from the Avrami constant n by the 

Augis-Bennett equation [215]: 

𝑛𝑛 = 2.5𝑅𝑅𝑇𝑇𝑝𝑝2

𝛥𝛥𝑇𝑇𝐸𝐸𝑎𝑎
                                                          (3.2) 

where ∆T is the full width at half maximum of the exothermic peak. The rest of the 

parameters were defined in chapter 2. Small value of n indicates surface crystallization 

mechanism instead of volume crystallization. The resulting Avrami constants are 

summarized in table 3.4. A relatively greater value of n for mullite crystallization indicates 

a volume crystallization mechanism. Such mechanism of crystallization is often observed 

in materials that are homogeneous [215]. On the other hand, a small n for mullite 

crystallization in MN5-750R was obtained, revealing the surface crystallization 

mechanism. Such mechanism of crystallization is often observed in heterogeneous 

Table 3.4. Calculation of the activation energies of the crystallization of mullite and 
spinel; Avrami constant for nucleation and growth of Ni-mullite fibers 

 Mullization in 
MN0-A 

Spinel crystallization 
in MN5-A 

Mullization in 
MN5-750R 

Activation 
energy(kJ/mol) 

1403±58 1131±187 1221±282 

Avrami constant 3.156±0.438 1.143±0.063   0.773±0.031 
 



 68 

materials [215]. The surface crystallization mechanism was interpreted by the catalytic 

sites provided for nucleation at the interface between Ni NPs and the matrix phase that 

facilitates the growth. 

The Ms, Mr and Hc of bulk nickel at room temperature (300K) are about 55 

mAm2/kg, 2.7 mAm2/kg and 8.0 kA/m [216]. The saturation magnetization of nano-sized 

particles is usually smaller than that of the bulk materials due to the interfacial 

rearrangement of spins of ferromagnetic particles [217-216]. Ms of the composite fibers, if 

normalized by the weight of nickel, were about 70%-80% of the bulk nickel. It is known 

that coercivity of the magnetic particle is sensitive to the particle size corresponding to a 

single or multi-domain structure. As the particle size decreases, fluctuations of the spin 

orientation become important and the particle behave as a superparamagnetic particle. The 

small Hc observed in MN2-750R-1000 specimen indicated a stronger size effect. In our 

experiments, the normalized value Mr/Ms was about 0.1, the Hc of the 2% sample being 

1.74 kA/m, implying the dominance of the superparamagnetic NPs. The suggested method 

to achieve superparamagnetism was to decrease the Ni-salt concentration and the lower the 

reduction temperature. 

In the previous literature, precipitation and growth of metallic NPs in a refractory 

ceramics has been thought as a diffusion-limited process by the transport of either electrons 

or oxygen vacancies [138]. The Schmalzried model was applied to describe the growth of 

Ni NPs, which starts from the grain boundaries [138, 219]. In our study, we observed 

significantly different growth behaviors on the surface and inside the ceramic host. The 

growth of the surface particles depends on the concentration of Ni-salts. As shown in 
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Figure 3.7, the NPs precipitated within mullite, on the other hand, were insensitive to the 

concentration of Ni-salts, which indicates a totally different growth mechanism. It has been 

reported that the volume change during phase transformation can impose large strain 

energy on the system and thus possibly impose a thermodynamic energy well resulting in 

an equilibrium particle size [220]. The equilibrium size at high temperatures and its 

relations to the mechanical state of the nanoparticles will be investigated in detail in chapter 

4.  

 

3.5 Conclusion 

Mullite-nickel nanocomposite fibers were obtained via the reduction on heating the 

sol-gel/electrospinning-derived fibers. The reduction of the mullite-nickel fibers resulted 

in the nanocomposites with Ni NPs embedded in the mullite host fibers. With the reduction 

of Ni2+ at 750°C, the formation of spinel phase was prevented. Suppressing the spinel phase 

formation helped to obtain only mullite phase at low temperatures (~1000°C). Nickel NPs 

had a size of about 20 nm within the mullite fibers, which was insensitive to the Ni 

 
Figure 3.7. The Ni NP sizes on the fiber surface and within mullite vs. different Ni 

concentrations. The samples were heat-treated at the same temperatures. 
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concentration. The surface Ni NPs had larger sizes with higher Ni concentration at the same 

heat-treatment temperatures. The presence of Ni NPs slightly lowered the temperature for 

mullization, which was ascribed to the catalytic effect of secondary phase particles 

providing heterogeneous nucleation-growth sites at the interface between nickel NPs and 

matrix. The magnetic characterization of the composite fibers suggested ferromagnetism. 

A small coercivity close to superparamagnetic behavior was obtained in mullite fibers with 

Ni NPs, which was due to the small size of nickel NPs in the matrix. Relatively large Ni 

particles on the surface contributed to the ferromagnetism widening the hysteresis loop. 
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CHAPTER IV 

HIGH TEMPERATURE STABILITY OF NANOPARTICLES IN CERAMIC FIBER 

HOST 

4.1 Introduction 

4.1.1 Challenges and problem formulation 

Transition metal nanoparticles (NPs) (e.g. Au, Pt, Ag, Cu, Ni, Fe, Co) belong to an 

important family of materials that enjoy broad applications in energy conversions, 

chemical sensing, plasmonics and many other applications in electronics [221-223]. High 

temperature stability of metal nanoparticles has been a long standing problem in the field 

of catalysis and high power laser plasmonics [38, 39, 140, 141]. Over time, the metal NPs 

suffer degradation at high temperatures and, if embedded with ceramic materials, they are 

prone to coalesce and sinter [38-40]. Coarsening is usually irreversible and nanoparticles 

have an inherent tendency to come together in order to minimize their total surface energy. 

This complex process of collapse or coalescence of small particles and growth of large 

particles is called Oswald ripening [224-226]. It is generally believed that the Ostwald 

ripening is the most important cause of the degradation of small NPs and growth of the 

large ones at high temperatures [224-226]. Although stabilization of metal nanoparticles at 

high temperatures within a ceramic host is highly desirable, it is believed that the kinetic 

process of coarsening is fundamentally unstoppable.  

Ceramic host is often considered as a good diffusion barrier slowing down the 

sintering process [142, 143]. In chapter 3 we observed different mechanisms for the growth 

of Ni NPs on the surface and inside mullite fibers. As the time progresses and the surface 
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particles keep grow, the internal particles seem to stop the growth. This discovery 

contradicts the currently accepted scenario of nucleation of NP in solids and calls for its 

careful analysis. 

When nanoparticles precipitate from a solid solutions, elastic fields cannot be 

simply ignored: metal is much denser than ceramic matrix, hence a metal precipitate always 

pull the surrounding material towards its surface causing the matrix to deform [227-229]. 

In a homogeneous solid solution, an addition or withdrawal of the solute atoms do not 

change significantly the structure of the host solvent. Our system is unique because the 

supersaturated solution is amorphous, that is, the atoms and molecules are not organized in 

a definite lattice pattern. However, one cannot add the dopants infinitely: when the solute 

concentration surpasses the solubility limit of the solvent, the solid solution becomes 

supersaturated, resulting in nucleation of the solute crystals. As a result, the solid turns into 

a two-phase system, e.g. in our case, Ni nanoparticles are precipitated out from its host 

mullite. When this happens, Ni NP immediately generates elastic stresses in the mullite 

matrix due the volume misfit. Due to the specific dependence of misfit strain on matrix 

composition, such phase transformation cannot be modeled on the basis of 

thermodynamics that is valid only for liquids.  

Many of the theoretical approaches modeling the growth of precipitated 

nanoparticles with elastic fields generated by the misfit between particle and matrix have 

been based on the energetic calculations [227-229]. According to the inverse coarsening 

theory, the free energy of a system is the sum of the total elastic energy and the total 

interfacial energy. The total free energy of the system must decrease as the system of 



 73 

particles evolve. The analysis showed that for a pair of elastically interacting particles, the 

energy of the system would decrease if the small particle were to grow at the expense of 

the large one. The condition corresponding to the nucleus growth is exactly opposite to the 

interfacial energy driven coarsening, therefore, the process is often called the inverse 

coarsening [227-229]. Elastic strain favors an array of equally sized precipitates for the 

reason that equally sized particles can be a minimizer of the system’s free energy [227-

229]. The dynamic approach by solving the field equations under quasi-stationary 

approximations: ∇2𝐶𝐶 = 0  for concentration of solute atoms in the matrix with stress-

modified boundary conditions, and the kinetics equations for particle growth also confirms 

the observation of inverse coarsening for a system of particles of equal size [227]. 

However, this theory cannot explain the possible stabilization of the multi-particle system 

with certain particle size distributions.  

Our discovery of the growth stagnation of Ni NPs inside mullite nanofibers, calls 

for development of a new theory which we introduce below. The Ni nanoparticles, called 

here the β phase, are considered uniformly dispersed in a matrix, called here the α phase. 

These two immiscible phases (α and β) are separated by an interface (I). The essential 

difference between our theory and the inverse coarsening theory is that the deformation of 

the interface causes a different concentration distribution of Ni atoms in the matrix [230]. 

The concentration in precipitate and matrix phase is schematically shown in figure 4.1. In 

the inverse coarsening theory, the concentration field in the matrix is non-uniform, which 

is determined by the field equations describing mass flow in a stressed solid [230]. The 

difference between far field concentration of Ni atoms 𝐶𝐶∞𝛼𝛼  and interface concentration of 
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Ni atoms 𝐶𝐶𝐼𝐼𝛼𝛼, is the thermodynamic driving force for particle growth. In our theory, the 

composition in the matrix is assumed uniform. This flat composition profile accounts for 

the cease in particle growth over time, through a universal change of concentration of Ni 

atoms in the matrix during precipitation. Such compositional change imposes change in 

atomic volume in the matrix and therefore a dilatational strain. The dilatational strain will 

in turn, affects the mechanical equilibrium at the interface. The effect of non-uniform stress 

field on the compositional distribution in the matrix was neglected in our theory. 

Additionally, the classic theories assume constant far-field concentration 𝐶𝐶∞𝛼𝛼  [227-229]. As 

in our case, 𝐶𝐶∞𝛼𝛼  depends on the growth of the nanoparticles. That is to say, the total volume 

of the second phase β (Ni NPs) is not constrained.  

Formulation of this problem is based on the following basic postulations:  

1. During precipitation, the far field concentration in the matrix can change 

with time. The compositional change in the matrix leads to the dilatational strain which 

determines the mechanical equilibrium at the interface.  

2. The mechanical equilibrium at the interface further determines the 

equilibrium concentration of Ni atoms (𝐶𝐶𝐼𝐼𝛼𝛼) at the interface, that levels with the far field 

concentration at the time of particle growth stagnation. The flat concentration profile is 

maintained with the cease in growth of the Ni NPs.  

3. The interface between the precipitate and the matrix is assumed coherent. 

That is, the displacement field is continuous across the interface.  
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The advantage of our theory is that it can explain the particle stabilization and the 

strain-size relation, which was overlooked in classic and inverse coarsening theories [227-

229]. 

4.1.2 The in situ TEM  

The term ‘in situ’ describes an event where it takes place. The in situ 

characterization method enables direct observation and helps to develop improved 

understanding of the precipitation process. Precise in situ observation of particle growth 

has been made in many ceramic-metal NPs systems [231-233]. For example, the in situ 

scanning tunneling microscopy has shown that growth of Pd NPs is governed by the 

Ostwald ripening mechanism [231-233]. The process of Ostwald ripening evolves through 

the growth of the larger NPs and shrinkage of the smaller ones [231-233]. In this case, the 

 
Figure 4.1 Schematic representation showing concentration in matrix (α) and precipitate (β) phase 
corresponding to the inverse coarsening (a) and our theory (b). 𝐶𝐶𝐼𝐼𝛼𝛼 and 𝐶𝐶𝐼𝐼

𝛽𝛽 are the equilibrium 
concentration of Ni atoms at the interface in α (mullite-nickel solid solution) and β (Ni) phase 
respectively. 𝐶𝐶∞𝛼𝛼  is the far-field concentration.  
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total energy of the matrix-particle system is reduced via the increase in the size of the 

second phase particles, which is accompanied by the decrease of total interfacial area [231-

233]. It is attractive to use the in situ approach to directly visualize the particle growth in 

our system at high temperatures.  

 

In electron microscopy, the condition (e.g. the alignment) of the incident electron 

beam determines the quality of the obtained images. The beam condition can be optimized 

by adjusting the magnetic lenses during the TEM operation at room temperature. However, 

for high temperature applications (e.g. the in situ TEM), the specimen is often heated by 

electrical current which generates magnetic field. The magnetic field interferes with the 

electron beam which compromises the quality of the images. The experimental setup for 

the TEM hot stage used in our study is schematically shown in Figure 4.2. The samples 

(nanofibers) were attached to a curved heating element which connects to a DC circuit. The 

circuit is integrated into the TEM probe which connects to an external power supply. The 

electrical current that runs through the heating element is controlled by the power supply. 

 
Figure 4.2. Schematically showing the setup of hot stage in TEM.  
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The temperature was calibrated by the probe manufacturer (Hitachi. Ltd) so that the chosen 

current corresponds the particular temperature.  

There are several challenges during the execution of in-situ TEM. Firstly, it is 

desired to maintain the position of materials that are attached onto the heating element. 

This requests that those nanofibers used in our study must be short. Long fibers are easily 

disturbed by thermal fluctuations which changes their positions. The long fibers needs to 

be chopped into short ones before they are attached to the TEM specimen. Secondly, the 

heating process has to be slow in order to stabilize the electrical current and homogenize 

the temperature. It’s desired to follow a step heating procedure before the samples are 

heated to the target temperature. Thirdly, beam adjustment during heating is often needed. 

As mentioned previously, electron beam can be interfered by the magnetic field generated 

by the electrical current. Adjusting the beam condition and performing beam focus from 

time to time.  

4.2 Experimental procedure 

Our experiments were carried out in a 300kV Hitachi H9500 transmission electron 

microscope (TEM) with a base pressure of 5×10-5 Pascal. Before performing in situ TEM, 

the as-spun mullite-nickel (5 wt. %) fibers were first heat treated in reduced atmosphere (5 

mol. % H2 in Ar) for 20 hours at 750°C. The obtained nanofibers were chopped using high 

energy sonicator in ethanol. The obtained suspension was brushed onto the heating element 

of the TEM heating probe. The specimen was slowly heated to 850°C. We imaged our 

samples with time under bright-field mode. X-ray diffraction was performed on samples 

that were heat treated at 750°C and 850°C for different durations. For the etched samples, 
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treatment in a hydrochloric acid-water (pH=2) solution was applied to remove the surface 

particles before the X-ray measurement. The etched samples were characterized by SEM 

(as shown in Appendix) to prove the removal of surface particles. High purity ZnO powder 

(Alfa Aesar, 99.99%, MA, USA) was used as an internal standard. The ZnO peaks (in 

comparison to the ZnO JCPDS peak positions) were used as an internal calibration for 2θ. 

The strain was calculated from the shift between the measured and the JCPDS Ni d-space 

(JCPDS#: 01-070-0989) using the following equation:  

𝜀𝜀 = 𝑑𝑑ℎ𝑘𝑘𝑘𝑘−𝑑𝑑ℎ𝑘𝑘𝑘𝑘
0

𝑑𝑑ℎ𝑘𝑘𝑘𝑘
0                                                           (4.1) 

Where 𝑑𝑑ℎ𝑘𝑘𝑙𝑙 is the measured d-space, 𝑑𝑑ℎ𝑘𝑘𝑙𝑙0  the standard JCPDS Ni d-space. Eq. 4.1 was 

applied to calculate the crystallite size of nickel nanoparticles.  

4.3 Results and discussion 

4.3.1 Precipitation of Ni NPs in nanofibers 

Figure 4.3 shows the in situ TEM of mullite-nickel (5 wt.% Ni) nanocomposite heat 

treated at 850°C. Due to a significant density difference between nickel and the matrix 

mullite, the distinguished dark region is the metallic phase. We observed considerable 

amount of metal nanoparticles formation in the fiber matrix. The typical size of the nickel 

nanoparticles was well-below 20 nm. Some of those particles already formed at the initial 

stage, as shown in the first and second frame. However, there was no significant growth in 

those large particles. At the same time, more and more Ni NPs precipitated around the 

stagnant ones, the nanoparticles did not coalesce. The SEM micrograph (Figure 4.4 (a)) of 

the fiber surface did not show any nanoparticles with diameter below 20 nm, confirming 

that those NPs were precipitated within the fiber. Only relatively large particles (e.g. about 
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50 - 100 nm) were observed on the surface. The particle size evolution generated from 

XRD (for overall and embedded ones) and SEM (for surface ones) is shown in Figure 4.4 

(c). The large NP of 50 - 100 nm observed during in-situ TEM were probably surface NPs. 

 

Contradicting the typical coarsening effect observed on the metal NPs at high 

temperatures [38, 39], we observed a very unique phenomenon that the NP growth ceased 

or stagnated when the NPs reached certain size. The stagnation size was about 20 nm. This 

phenomenon was not caused by possible insufficient diffusion length of Ni within mullite 

during observation, because the newly-formed NPs can be very close to the pre-existing 

NPs, with the distance on the same order of the NP diameters. The Ni diffusion length must 

be much larger than the NP diameters, because only dilute Ni was pre-existing in mullite 

before precipitation. All NP growths were ceased at certain sizes, which indicates that the 

small and lately-formed NPs did not give up Ni atoms to the previously-formed NPs.  

We also observed that the precipitated NPs have a broad distribution in sizes. In 

classic theory, a multi-particle system containing small and large particles is not 

 
Figure. 4.3. Insitu TEM at 850°C showing the precipitation of small Ni nanoparticles 

(scale bar: 50 nm) 
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thermodynamically stable. The cause is that interfacial equilibrium concentration for small 

and large particles is different according to the classic theory. In our experiment, we 

observed interesting phenomena showing that a system of particles of different sizes can 

be stable at high temperature. This phenomenon was rebelling against the classic Lifshitz-

Slyozov-Wagner (LSW) theory, which predicts that smaller particles shall disappear and 

larger ones shall grow [234].  

 

The cause of the NP stagnation should not be the interfacial energy. According to 

the classic theories, the equilibrium concentration (as shown in figure 4.1) is smaller for 

larger particles. Larger particle would have a greater driving force for growth, if the 

interfacial energy is the only cause of particle growth. We observed the opposite case that 

larger NP stopped growing while smaller ones precipitated out continuously at the initial 

stage. Then all the particles ceased in growth. The above observation confirms our 

postulation that interfacial energy is not the dominating mechanism. According to our 

 
Figure. 4.4. SEM images showing (a) the formation of large particles on the surface. (b) 
An embedded particle close to the surface, covered with a thin layer of matrix material 
(as marked). (c) plot of surface, internal and overall particle size as a function of heat 
treatment duration. The size of internal particles was obtained from XRD after etching 

off the surface ones (see Appendix).  
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postulation, mechanical interactions between the matrix and nuclei is the driving 

mechanism leading to our observation.  

Figure 4.4(b) shows the TEM image of a large particle precipitated close to the 

fiber’s surface covered by a thin layer of matrix material. For this NP, the interfacial energy 

should be identical with those inside of the fiber. But the mechanical interaction between 

the particle and the matrix was weak when the particle is located near surface, and this NP 

was much larger than the internal ones. This is an evidence showing that with weak 

mechanical interactions, the interfacial energy drives the particle to grow into large size. 

We observed different particle size distributions that appeared on the surface and within 

the fiber (Figure 4.4(c)). The surface particles were more than five times greater than the 

internal particles, which in consistency with our findings in chapter 3. The above 

observation shows that in the absence of elastic interactions, surface particles can grow 

much larger.  

4.3.2 Mechanical equilibrium at the interface 

The problem of interactions of elastic nuclei with an elastic matrix stands at the 

core of materials science and solid mechanics [144]. The seminal works by Eshelby [144] 

put this problem at the forefront of materials science and mechanics and the appreciation 

of its importance is raised with the progress of nanotechnology offering different ways of 

making metal/ceramic, metal/metal or ceramic/ceramic nanocomposites. An important 

example is the analysis of stresses caused by the lattice mismatch in nanoparticles-quantum 

dots embedded in a matrix. These spontaneous stresses are of particular significance as the 

means to tailor the band-gap structures of the quantum dots in heterostructures of the 
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electronic devices [145]. With the recent nanotechnology developments, especially in 

semiconductor industry, it becomes clear that the interface separating the nanoparticle from 

the matrix significantly influences the stress field inside and outside the inclusion []. 

However, the theories overlooked the size dependence of the transformation strain. To 

fundamentally understand the process, theoretical analysis and experimental study of the 

misfit elastic strain of the Ni NP precipitated from a mullite fiber matrix is performed. The 

transformation strain is presumed caused by the volume dilatation from the matrix. 

A. Formulation of the mathematical model 

The volume misfit caused by composition change of solute can be appreciated as 

follows. According to the law of mass conservation, density of the matrix solution is given 

by:  

𝜌𝜌𝑚𝑚 =
𝑀𝑀𝑚𝑚 + 𝑀𝑀𝑁𝑁𝑁𝑁

𝑉𝑉𝑚𝑚 + 𝛥𝛥𝑉𝑉
=
𝑀𝑀𝑚𝑚 + 𝑀𝑀𝑁𝑁𝑁𝑁

𝑉𝑉𝑚𝑚
�1 −

𝛥𝛥𝑉𝑉
𝑉𝑉𝑚𝑚
� = �𝜌𝜌0 + 𝑀𝑀𝑊𝑊

𝑁𝑁𝑁𝑁 ⋅ 𝐶𝐶𝑁𝑁𝑁𝑁� �1 −
𝛥𝛥𝑉𝑉
𝑉𝑉𝑚𝑚
� 

≈ 𝜌𝜌0 �1 − 𝛥𝛥𝛥𝛥
𝛥𝛥𝑚𝑚
� + 𝑀𝑀𝑊𝑊

𝑁𝑁𝑁𝑁 ⋅ 𝐶𝐶𝑁𝑁𝑁𝑁                                      (4.2) 

Where 𝑀𝑀𝑚𝑚 and 𝑉𝑉𝑚𝑚 are the weight and volume of pure matrix material (mullite) without 

solute, 𝛥𝛥𝑉𝑉  is the volume of dilatation with respect to the reference state of zero 

concentration, 𝜌𝜌0 the density of pure mullite, 𝑀𝑀𝑊𝑊
𝑁𝑁𝑁𝑁 the molecular weight of nickel, 𝐶𝐶𝑁𝑁𝑁𝑁 the 

concentration of solute in the solution. In a dilute solution, it is assumed that the 

experimentally measured density depends linearly on concentration of the solute with a 

linear coefficient 𝑘𝑘:  

𝜌𝜌𝑚𝑚 = 𝜌𝜌0 �1 − 𝛥𝛥𝛥𝛥
𝛥𝛥𝑚𝑚
� + 𝑀𝑀𝑊𝑊

𝑁𝑁𝑁𝑁 ⋅ 𝐶𝐶𝑁𝑁𝑁𝑁 = 𝜌𝜌0(1 + 𝑘𝑘𝐶𝐶𝑁𝑁𝑁𝑁)                 (4.3) 
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By definition, the relation between volume change owing to the dopants 

concentration and the strain is given by:  

𝛥𝛥𝛥𝛥
𝛥𝛥𝑚𝑚

=  𝜀𝜀𝑟𝑟𝑟𝑟 + 𝜀𝜀𝜃𝜃𝜃𝜃 + 𝜀𝜀𝜑𝜑𝜑𝜑                                              (4.4) 

where 𝜀𝜀𝑟𝑟𝑟𝑟, 𝜀𝜀𝜃𝜃𝜃𝜃 and 𝜀𝜀𝜑𝜑𝜑𝜑 (𝜀𝜀𝜑𝜑𝜑𝜑=𝜀𝜀𝜃𝜃𝜃𝜃 for the isotropic system) are radial and angular strains 

caused by addition of dopants into the mullite matrix. Combining Eq. (4.3) and (4.4), we 

obtain the concentration dependent misfit strain:  

𝜀𝜀∗ = 𝛼𝛼𝐶𝐶𝑁𝑁𝑁𝑁                                                         (4.5) 

where the concentration expansion coefficient 𝛼𝛼 is given as:  

𝛼𝛼 = 1
3
�𝑀𝑀𝑊𝑊

𝑁𝑁𝑁𝑁

𝜌𝜌0
− 𝑘𝑘�                                                   (4.6) 

Equation (4.5) can be used to identify the eigenstrain appearing right after precipitation of 

Ni NP as the relation between misfit strain and solute concentration has been discussed 

previously by Voorhees and Johnson [230]. Based on the system of mass conservation, the 

strain resulting from composition changes has a similar expression but with a second order 

term (𝛼𝛼𝐶𝐶𝑁𝑁𝑁𝑁)2, which is in our case, small and neglected (as 𝜀𝜀∗ ≪ 1) [230]. Eq. (4.5) is also 

similar to the form of the dilatational strain caused by thermal expansion mismatch. In our 

case, thermal expansion mismatch is typically on the order of 10-4 to 10-3 (the difference in 

thermal expansion coefficient is on the order of 10-6). This transformational strain due to 

thermal mismatch is not large enough to induce the observed elastic strain of the particle, 

which is discussed later.  

Assuming a fixed number of precipitated particles and neglecting the NP size 

distribution, the relation between compositional change 𝛥𝛥𝐶𝐶 (change in 𝐶𝐶𝑁𝑁𝑁𝑁 before and after 
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precipitation), particle size 𝑎𝑎 and number density of particles 𝑁𝑁 (the number of precipitates 

per unit volume) is given as:  

𝛥𝛥𝐶𝐶 = − 𝑎𝑎3𝑁𝑁
𝛺𝛺𝑎𝑎𝑁𝑁𝐴𝐴

                                                      (4.7) 

where 𝛺𝛺𝑎𝑎 is the atomic volume of the precipitates, 𝑁𝑁𝐴𝐴 the Avogadro number. Combining 

Eq. (4.5) and (4.7), the misfit strain is then given as:  

𝜀𝜀∗ = −𝛼𝛼𝑁𝑁𝑎𝑎3 (𝛺𝛺𝑎𝑎⁄ 𝑁𝑁𝐴𝐴)                                             (4.8) 

According to chapter 3, the matrix material (mullite) was amorphous during NP 

precipitation [167]. Thus we can assume that the matrix material is mechanically isotropic. 

The precipitated phase (Ni) had a cubic crystal structure. It is a good approximation to 

assume that Ni NPs were mechanically isotropic, as well. We consider a spherically 

symmetric configuration with a central spherical core of radius a, representing the 

precipitated particle as shown in figure 4.5. The interface between the two phases is 

assumed to be coherent, which implies that the displacement field is continuous across the 

interface [230].  
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Our presumption is that there’s no shear stress in either the particle or the matrix. 

For linear elastic materials under no external force, the differential equation for stress 

tensor  𝝈𝝈 is given by [220]:  

𝛁𝛁 ∙ 𝝈𝝈 = 0                                                            (4.9) 

The above equation can be written in the spherical coordinate form. For the 

spherically symmetric configuration, the normal stresses 𝜎𝜎𝑟𝑟𝑟𝑟 and 𝜎𝜎𝜑𝜑𝜑𝜑 in both particle and 

matrix simplifies to the following equation [220]:  

𝑑𝑑𝜎𝜎𝑟𝑟𝑟𝑟
𝑑𝑑𝑟𝑟

+ 2(𝜎𝜎𝑟𝑟𝑟𝑟−𝜎𝜎𝜑𝜑𝜑𝜑)
𝑟𝑟

= 0                                                     (4.10) 

The constitutive equations that relate the unknown stress and strain for elastic 

materials are given by the Hooke’s law:  

 
Figure. 4.5. Schematic diagram showing a spherical NP with diameter a precipitating in 
a concentric elastic spherical matrix 
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�
𝜀𝜀𝑟𝑟𝑟𝑟 = 1

𝐸𝐸
�𝜎𝜎𝑟𝑟𝑟𝑟 − 2𝜐𝜐𝜎𝜎𝜑𝜑𝜑𝜑� + 𝜀𝜀∗

𝜀𝜀𝜑𝜑𝜑𝜑 = 1
𝐸𝐸
�(1 − 𝜐𝜐)𝜎𝜎𝜑𝜑𝜑𝜑 − 𝜐𝜐𝜎𝜎𝑟𝑟𝑟𝑟� + 𝜀𝜀∗

                                 (4.11) 

where 𝜀𝜀𝑟𝑟𝑟𝑟  and 𝜀𝜀𝜑𝜑𝜑𝜑  represent the radial and angular strain; 𝜎𝜎𝑟𝑟𝑟𝑟  and 𝜎𝜎𝜑𝜑𝜑𝜑  are radial and 

angular stress. E is the Young’s modulus, and 𝜐𝜐 is Poisson ratio. For small displacement, 

it is possible to separate the elastic strain term (the first term on the right hand side) and 

transformation strain 𝜀𝜀∗ from the total strain [45]. The strain-displacement relations, by 

definition, are given as: 𝜀𝜀𝑟𝑟𝑟𝑟 = 𝑑𝑑𝑑𝑑
𝑑𝑑𝑟𝑟

 and 𝜀𝜀𝜑𝜑𝜑𝜑 = 𝑑𝑑
𝑟𝑟
.  

B. Solution to the mathematic model 

Combining Eq. (10) and Eq. (11), the governing differential equation for the 

displacement field 𝑢𝑢(𝑟𝑟) is obtained [45]:  

𝑑𝑑2𝑑𝑑
𝑑𝑑𝑟𝑟2

+ 2 ⋅ 1
𝑟𝑟
𝑑𝑑𝑑𝑑
𝑑𝑑𝑟𝑟
− 2 ⋅ 𝑑𝑑

𝑟𝑟2
= 0                                               (4.12) 

A general solution to Eq. (4.12) can be found. Note that u=r is an apparent solution 

to this differential equation. Let 𝑢𝑢(𝑟𝑟) = 𝑟𝑟 ∙ 𝑓𝑓(𝑟𝑟), Eq. (4.12) can be reduced into 𝑟𝑟 ∙ 𝑓𝑓′′ +

4𝑓𝑓′ = 0. Integrate twice, one can obtain 𝑓𝑓 = 𝐴𝐴
𝑟𝑟3

+ 𝐵𝐵. Therefore a general solution to Eq. 

(4.12) has the following form: 𝑢𝑢(𝑟𝑟) = 𝐴𝐴
𝑟𝑟2

+ 𝐵𝐵𝑟𝑟 , where A and B are both integration 

constants.  

The interfacial and boundary conditions are given as follows. The displacement at 

zero coordinate (center of the sphere) is zero due to symmetry of the system. With our 

presumption of coherent interface, the displacement should be continuous at the interface. 

The external surface (𝑟𝑟 → ∞) is not constrained and the elastic strain equals zero. The total 
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strain therefore equals the transformation strain. The boundary conditions are therefore 

given as (for 0 ≤ r<𝑎𝑎, use ‘p’ as superscript; for 𝑎𝑎 ≤ 𝑟𝑟 < ∞, using ‘m’ as superscript):  

�
𝑢𝑢𝑝𝑝(0) = 0

𝑢𝑢𝑝𝑝(𝑎𝑎) = 𝑢𝑢𝑚𝑚(𝑎𝑎) = 𝑎𝑎𝜀𝜀𝑁𝑁
                                                     (4.13) 

𝑑𝑑𝑑𝑑𝑚𝑚

𝑑𝑑𝑟𝑟
|∞ = 𝜀𝜀∗                                                                  (4.14) 

where 𝜀𝜀𝑁𝑁  is the strain of the particle, 𝜀𝜀∗  the transformation strain. According to our 

assumption, transformation strain only presents in the matrix during the precipitation, since 

the matrix changes its composition and therefore the atomic volume of the matrix during 

precipitation. The interface and boundary conditions are applied to determine the 

integration constant A and B. A complete solution is given as:  

𝑢𝑢𝑝𝑝 = 𝜀𝜀𝑁𝑁 ⋅ 𝑟𝑟                                                             (4.15) 

and 

𝑢𝑢𝑚𝑚 = �𝜀𝜀𝑁𝑁 − 𝜀𝜀∗� ⋅ 𝑎𝑎
3

𝑟𝑟2
+ 𝜀𝜀∗ ⋅ 𝑟𝑟                                             (4.16) 

The corresponding solutions to strain and stress in the particle and matrix are given 

as:  

𝜀𝜀𝑟𝑟𝑟𝑟
𝑝𝑝 = 𝜀𝜀𝜑𝜑𝜑𝜑

𝑝𝑝 = 𝜀𝜀𝜃𝜃𝜃𝜃
𝑝𝑝 = 𝜀𝜀𝑁𝑁                                                    (4.17) 

𝜎𝜎𝑟𝑟𝑟𝑟
𝑝𝑝 = 𝜎𝜎𝜑𝜑𝜑𝜑

𝑝𝑝 = 𝜎𝜎𝜃𝜃𝜃𝜃
𝑝𝑝 = 𝐸𝐸𝑝𝑝

1−2𝜐𝜐𝑝𝑝
𝜀𝜀𝑁𝑁                                            (4.18) 

and 

�
𝜀𝜀𝑟𝑟𝑟𝑟𝑚𝑚 = −2�𝜀𝜀𝑁𝑁 − 𝜀𝜀∗� ⋅ �𝑎𝑎

𝑟𝑟
�
3

+ 𝜀𝜀∗

𝜀𝜀𝜃𝜃𝜃𝜃𝑚𝑚 = 𝜀𝜀𝜑𝜑𝜑𝜑𝑚𝑚 = �𝜀𝜀𝑁𝑁 − 𝜀𝜀∗� ⋅ �𝑎𝑎
𝑟𝑟
�
3

+ 𝜀𝜀∗
                                 (4.19) 
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�
𝜎𝜎𝑟𝑟𝑟𝑟𝑚𝑚 = − 2𝐸𝐸𝑚𝑚

1+𝜐𝜐𝑚𝑚
⋅ (𝜀𝜀𝑁𝑁 − 𝜀𝜀∗) ⋅ �𝑎𝑎

𝑟𝑟
�
3

𝜎𝜎𝜃𝜃𝜃𝜃𝑚𝑚 = 𝜎𝜎𝜑𝜑𝜑𝜑𝑚𝑚 = 𝐸𝐸𝑚𝑚

1+𝜐𝜐𝑚𝑚
⋅ (𝜀𝜀𝑁𝑁 − 𝜀𝜀∗) ⋅ �𝑎𝑎

𝑟𝑟
�
3                                (4.20) 

According to the solutions, strain and stress in the precipitate are both constant. On 

the other hand, the strain and stress in the matrix are distributed over the space. The stress 

has maximum at the interface, and vanishes as 𝑟𝑟 → ∞. Meanwhile the strain approaches 𝜀𝜀∗ 

as 𝑟𝑟 increases.  

In the next step, mechanical equilibrium at the interface is applied to derive the 

expression for 𝜀𝜀𝑁𝑁. Many of the important effects of curved surfaces/interfaces are attributed 

to the pressure difference caused by surface/interface energy. As for a spherical 

nanoparticle with radius a, the balance in stress is given by [45]:  

𝜎𝜎𝑟𝑟𝑟𝑟𝑚𝑚 − 𝜎𝜎𝑟𝑟𝑟𝑟
𝑝𝑝 |𝑟𝑟=𝑎𝑎 = 2𝛾𝛾

𝑎𝑎
                                                          (4.21) 

Where 𝜎𝜎𝑟𝑟𝑟𝑟𝑚𝑚 and 𝜎𝜎𝑟𝑟𝑟𝑟
𝑝𝑝  are the radial stresses for the matrix and the particle respectively, 𝛾𝛾 is 

the interfacial free energy. In the first approximation, we consider 𝛾𝛾 independent of strain. 

Combining Eq. (4.17) to (4.21), we can conclude that the hydrostatic strain within an NP 

is: 

𝜀𝜀𝑁𝑁 = �𝜅𝜅𝑚𝑚 ⋅ 𝜀𝜀∗ − 2𝛾𝛾
𝑎𝑎
� (𝜅𝜅𝑚𝑚 + 𝜅𝜅𝑝𝑝)�                                        (4.22) 

where 𝜅𝜅𝑚𝑚 and 𝜅𝜅𝑝𝑝 are elastic parameters of the matrix and the particle given by: 𝜅𝜅𝑚𝑚 = 2𝐸𝐸𝑚𝑚

1+𝜐𝜐𝑚𝑚
 

and 𝜅𝜅𝑝𝑝 = 𝐸𝐸𝑝𝑝

1−2𝜐𝜐𝑝𝑝
. 𝐼𝐼𝑚𝑚 and 𝐼𝐼𝑝𝑝 are respectively the elastic modulus of the matrix and particle. 

𝜐𝜐𝑚𝑚 and 𝜐𝜐𝑝𝑝 are the Poisson’s ratio accordingly. For our system, 𝐼𝐼𝑝𝑝 and 𝜐𝜐𝑝𝑝 are assumed to 

be elastic constants of bulk nickel (200 GPa and 0.31). The matrix material is not standard 

as it corresponds to an aluminosilicate glass with mullite composition. The Elastic constant 
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of the glass was measured from tensile tests with a given value of 62GPa. The Poisson’s 

ratio is assumed to be close to the value of bulk mullite (0.28). Through calculation we 

obtain 𝜅𝜅𝑝𝑝 = 526 GPa and 𝜅𝜅𝑚𝑚 = 97GPa. 

And combining Eq. (4.8) the elastic strain in the particle can be derived as:  

𝜀𝜀𝑁𝑁 = −𝛼𝛼𝜅𝜅𝑚𝑚𝑎𝑎3𝑁𝑁 (⁄ 𝛺𝛺𝑎𝑎𝑁𝑁𝐴𝐴)−2𝛾𝛾 𝑎𝑎⁄
𝜅𝜅𝑝𝑝+𝜅𝜅𝑚𝑚

                                              (4.23) 

Eq. (4.23) describes the dependence of strain in the precipitate on particle size a. 

Because there is no transformation strain in the precipitate, this strain is purely elastic. For 

small particle size, the elastic strain within the precipitate is dominated by the capillary 

term 2 𝛾𝛾 𝑎𝑎⁄ . This corresponds to a NP having a residual spontaneous strain adapted from 

the fluid mechanics model of a drop with and interfacial Laplace-Young tension [44]. Such 

strain is compressive and the particle shrink in size. For large particle size, the dominating 

effect will be the transformation strain term 𝜀𝜀∗, as it has a cubic dependence on a. The sign 

of 𝛼𝛼 can be either positive or negative, depending on how the solute atoms incorporate into 

the lattice of the matrix and the resultant expansion or shrinkage of the unit cell. Therefore 

the transformation strain can be either positive or negative. If 𝛼𝛼  is negative, the 

transformation strain of the matrix induces a tensile strain onto the precipitates for large 

particles.  

C. Experimental results for the elastic state of Ni NPs 

Figure 4.6 shows the d-spacing of nickel corresponding (111) lattice plane 

measured using XRD. We observed the trend of lattice parameter increase with particle 

size. The strain state of Ni transited from compressive with particle size around 11 nm, to 

tensile with the particle size greater than 12 nm.  
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A very interesting phenomenon was that we observed both compressive and tensile 

strains on the Ni NPs, depending on the NP sizes. The stresses had a very precise 

dependence on the NP sizes. This can be explained using Eq. (4.23). The elastic strain of 

the Ni NP has two contributors: the matrix dilatation and capillary compression. If a NP is 

not subjected to the stress caused by the matrix dilatation, the NP is always under 

mechanical compression. This type of stress has been experimentally reported by many 

studies [237, 238]. 

The model of a NP equipped with an interfacial layer having a residual spontaneous 

stress became popular as it is adapted from the fluid mechanics model of a drop with and 

interfacial Laplace-Young tension [44]. However, the Laplace-Young model assumes a 

positive interfacial energy suggesting that in equilibrium, a complex shaped object wants 

to minimize its surface area to take on a spherical shape. Thus, a solid nanoparticle tends 

to shrink in size [45, 46, 239]. The observed size dependence and sometimes the lattice 

expansion and not contraction is typically explained by the nanoparticle charging or 

 
Figure. 4.6. Strain-size plot generated from XRD (The reference JCPDS d-spacing for 

the stress-free state was calculated from single crystal data which provides accurate 
information on lattice parameter).  
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formation of a dipole surface layer which changes the interfacial energy from positive to 

negative [45, 240]. However, these arguments do not work with the metal nanoparticles: 

the surface energy of the metal nanoparticle is always positive [241]. Moreover, for a 

constant surface energy and elastic moduli, the radial displacement due to the interfacial 

energy should not depend on the particle size [45, 46]! This fact was first pointed by 

Rusanov [46] and then accepted by the materials scientists as the main challenge in the 

explanation of the size dependence of the nanoparticle strain.  

D. Sensitivity of measurement with respect to interfacial energy  𝛾𝛾 

The observed d-spacing was converted into the elastic strain 𝜀𝜀𝑁𝑁 according to Eq. 

4.1, which is shown in Figure 4.7. The elastic strain observed in the experiment, is typically 

on the order of 10-3 to 10-2. According to Eq. (4.23), the transformation strain 𝜀𝜀∗ should be 

on the order of 10-2 to 10-1, which is at least one order of magnitude greater than the 

dilatational strain caused by thermal mismatch. Furthermore, we found that the elastic 

strain caused by the misfit and transformation strain has a definite dependence on the NP 

sizes, and follows the analysis to Eq. (4. 23). Figure 4.7 (a) shows the curve fitting 

according to Eq. (4. 23). There are two adjustable parameters: −𝛼𝛼𝜅𝜅
𝑚𝑚𝑁𝑁 (⁄ 𝛺𝛺𝑎𝑎𝑁𝑁𝐴𝐴)
𝜅𝜅𝑝𝑝+𝜅𝜅𝑚𝑚

 and 2𝛾𝛾
𝜅𝜅𝑝𝑝+𝜅𝜅𝑚𝑚

. It 

is difficult to find reference for the first parameter (−𝛼𝛼𝜅𝜅
𝑚𝑚𝑁𝑁 (⁄ 𝛺𝛺𝑎𝑎𝑁𝑁𝐴𝐴)
𝜅𝜅𝑝𝑝+𝜅𝜅𝑚𝑚

) because of unknown 𝛼𝛼, 

the linear concentration expansion coefficient. Measuring 𝛼𝛼 is difficult because the matrix 

material is amorphous and it’s hard to measure the unit cell of the matrix solution. The 

number density 𝑁𝑁  could be estimated from the experiment, but large error exists. As 

compared to the first one, the second parameter ( 2𝛾𝛾
𝜅𝜅𝑝𝑝+𝜅𝜅𝑚𝑚

) has defined values. With 
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experimentally determined values of 𝜅𝜅𝑚𝑚 and 𝜅𝜅𝑝𝑝, 𝛾𝛾 was obtained from the fitting. The best 

curve (R square > 0.95) was for γ = 4.30 N/m (2.85-5.75N/m). The typical value of 

interfacial energy between metals and oxides reported was around 1 to 2 N/m [71]. Our 

estimated interfacial stress is slightly greater than what was expected. This is possibly due 

to the increasing number density of NP. This causes an increase in the power index m of 

the size dependent strain (𝜀𝜀∗ ∝ 𝑎𝑎𝑚𝑚) contributed by matrix dilatation. For example, if the 

power index m increases from 3 to 6, the best curves correspond to interfacial energies of 

3.13 (m=4) and 1.90 N/m (m=6), as shown in Figure 4.7(b). On the other hand, if the strain-

size dependency ( 𝜀𝜀(𝑎𝑎) ) was only dominated by capillary pressure term 2𝛾𝛾
𝑎𝑎

 and a 

transformation strain (𝜀𝜀∗) is not a function of a, the fitted curve is shown in Figure 4.7 (c). 

The generated interfacial energy was unrealistically large (22.6 N/m). The transformational 

strain was on the order of 10-2, which cannot be explained by any feasible non-size-

dependent dilatational strain (i. e. thermal mismatch strain). Therefore, the strain-size 

relation can be explained only by the size-dependent volume misfit, caused by the matrix 

dilatation.  

 

 
Figure 4.7. (a) Fitting curves using Eq.  (4.23) with different values of interfacial 
stress; (b) It is possible to have a higher power index of misfit elastic strain on the 
particle size (c) Assuming the NP elastic stress was solely contributed by surface 

stress, the curve cannot fit the experimental data.  



 93 

Su and Voorhees pointed that two particles of same radius and fixed morphology 

can be stable with respect to coarsening due to the energetic considerations [227]. 

However, we observed a multi-particle system with different particle sizes can be stable as 

well. The uniform and flat concentration in the matrix can be well explained by the 

mechanical model. That is to say, both small and large particles have the same equilibrium 

interfacial concentration, which levels with the far-field concentration. The concentration 

that is strongly coupled to the mechanical equilibrium at the interface, gives rise to the new 

phenomenon observed in ceramic-support metal NPs system. Such mechanism in NPs 

growth stagnation can be practically applied for stabilizing NPs at high temperatures.  

4.4 Conclusion 

In this chapter, we theoretically analyzed the misfit strain of the NP precipitated 

from a matrix material, caused by the dilatational transformation strain in the matrix. We 

used in-situ TEM to observe the precipitation process of nickel nanoparticles within a 

ceramic matrix solution containing supersaturated solute (Ni) atoms. We found an 

astounding phenomenon that NP stopped growing at certain size, while the smaller NPs 

continuously precipitated out closely around the stagnant NPs. Then the growth was 

stagnant for all the particles. We found that this misfit strain had a strong and high order 

dependence on the NP sizes during the precipitation. Depending on the NP sizes, the 

predicted strain could be compressive as well as tensile. We theoretically explained this 

phenomenon that the elastic strain confining mechanism was caused by the matrix 

dilatation. A continuum mechanics model was developed to demonstrate the relation 

between particle growth and elastic strain evolution, which evidenced with the XRD 
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results. The elastic strain increases as particle grow, which leads to the transition from the 

compressive state (contributed by interfacial stress) to the tensile state (contributed by 

dilatation). The misfit strain has strong dependence on the particle size. The power index 

was confirmed by matching reasonable values of interfacial energy. The resulting elastic 

strain is the dominating mechanism for the particle confinement. 
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CHAPTER V 

DEVELOPMENT OF THE DEFECT-FREE MULLITE CERAMIC FILMS 

5.1 Introduction 

As for our central goal of processing dense and defect-free ceramic films embedded 

with magnetic nanofibers, the ceramic thin film itself needs to be crack-free. In the coating 

process, the condensation during drying and decomposition upon heat-treatment can 

greatly affect coating formation. The capillary and coherent forces during these processes 

are the driving forces for densification of coatings. On the other hand, the intrinsic stress 

caused by the shrinkage, if exceeds the material’s limit, results in uncontrollable cracking 

and decohesion. It is difficult to prevent cracking due to the stress, especially for thick films 

[47, 48, 149-153]. The maximum film thickness of non-repetitive deposition above which 

the cracking occurs is often termed as “critical thickness” (τc). For sol-gel derived ceramic 

coatings, the τc value is typically below 100 nm [49, 50]. This value is insufficient for our 

application since it’s smaller than the diameter of many fibers or rods (e.g. electrospun 

fibers in chapter 2 and 3). Many attempts have been made to increase the critical thickness, 

such as using additives with chelating ligands (e.g. acetylacetone), or high molecular 

weight solvents and/or organic polymers [149-153]. The polymers are soft and more ductile 

than ceramics. Such polymers as polyethylene glycol and polyvinylpyrrolidone (PVP), 

were used as the additives to prevent cracking [153, 154]. Elimination of cracks seems to 

be achievable using the hybrid sol-gel precursor with polymers. On the other hand, the 

factors that determine the crack resistance of the materials needs to be explored with more 

details. For example, many polymers decompose at intermediate temperatures of 200 to 
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400°C. What is the role of thermal stability of polymers when cracking occurs at those 

intermediate temperatures? 

The purpose of this study is to explore the effect of polymer additives on the critical 

thickness of mullite films obtained from monophasic sol-gel precursors. It is desirable to 

have the dense, crack-free, thick and coherent mullite film for corrosion protection. A 

monophasic precursor has the advantage of low processing temperature and excellent 

single phase purity. It is interesting for ceramists to understand the low temperature 

processing of dense crack-free mullite film, using the monophasic precursor with the 

addition of polymers as structural modifiers.. In this chapter, we used the cracking onset 

temperatures and critical thickness to demonstrate the effects of polymer additives on 

preventing cracking. 

5.2 Experimental procedure 

Mullite films were processed from the same precursor. Sol MS7 from Table 2.1 

was mixed with polyethylene oxide (PEO, Mw 1,000,000 Da, Sigma-Aldrich, MO, USA), 

polyvinyl alcohol (PVA, Mw 85,000-124,000 Da, Sigma-Aldrich, MO, USA), or 

polyvinylpyrrolidone (PVP, Mw 1,300,000 Da, Sigma-Aldrich, MO, USA) with different 

weight ratios in a mixed solvent containing 75 wt. % Ethanol and 25 wt. % H2O using a 

high intensity ultrasonic processor (Vibra Cell VC 500, Sonics, CT, USA). The mullite 

yield of the solution was kept at 5 wt. % (for polymer weight < 50% of ceramic yield) and 

2.5 wt. % (for polymer weight ≥ 50% of ceramic yield) in order to maintain an appropriate 

same viscosity of the solution. The film substrates (silicon wafer: 750μm in thickness, 2cm

1cm 0.5mm single-side polished, purchased from UniversityWafer, Inc.) were cleaned 
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in acetone followed by plasma cleaning （pdc-32g, Harric Plasma, NY, USA） for 5 

minutes. The obtained solution was used for dip-coating at ambient temperature with a 

relative humidity level of 50-60%. Different withdrawal velocities, ranging from 0.02 to 

0.25 inch/second, were applied during dip-coating process, to obtain films with different 

thicknesses. The films were dried for 24 hours in desiccator at room temperature before 

heat treatment. The films were heated in air at 5 °C/min and sintered at 1000°C and 1200°C 

for 2 hours. 

The film thickness measurement was carried out using atomic force microscopy 

(AFM, Dimension 3100 AFM, Veeco Inc, Plainview, NY, USA). Before the heat-

treatment, a scratch through the film was applied to the film using a sharp blade. The 

thickness was determined by scanning the profile across the scratch and calculating the 

depth of the scratch. To determine the cracking onset temperature, the samples were heated 

to a targeted temperature, and then observed under an in-situ optical microscope, before 

they naturally cooled down to room temperature. The samples were marked as cracked or 

none-cracked depending on whether film cracks were observed. The temperature of the 

furnace was calibrated using a K-type thermocouple so that certain deviation in 

temperature reading is estimated (indicated by the error bar). The critical thickness is 

determined from the maximum thickness of crack-free film after heat-treatment at 1000°C. 

 

5.3 Results 

Figure 5.1 shows the TGA curves of the polymer additives used in this study. 

Different onset temperatures of decomposition were observed. Rapid mass loss in PEO was 
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observed from 200°C to 300°C. Steep weight loss in PVA was observed at 250 - 300°C 

followed by a mild loss rate at 300 - 500°C. PVP showed two stages in mass loss. The first 

stage was from room temperature to 100°C due to vaporization of absorbed moisture. The 

second stage was at 300 - 600°C, with steep mass loss at around 375°C.  

 
The FTIR spectrum of mullite gel and mullite-polymer mixtures heat treated at low 

temperatures (80 - 500°C) is shown in Figure 5.2. The spectrum of pure mullite gel after 

drying at 80°C exhibited broad peaks at 2600-3700 cm-1 which was due to the OH 

stretching mode [190]. During the heating process, hydroxyl groups (bending mode, 1650 

cm-1) disappeared because of solvent evaporation, hydrolysis and condensation [242]. The 

strong peak located at around 1388 cm-1 was caused by the -NO3 vibration [191]. A weak 

peak at around 1170 cm-1 corresponds to the carbonaceous matters in the material [190]. 

During the initial stage of pyrolysis, the peaks corresponding to stretching of SiO4 

tetrahedrons (1186, 1110 and 1050 cm-1) and stretching of AlO4 tetrahedrons (960 and 830 

cm-1) have increased relatively comparing to the other two peaks at 1650 and 1388 cm-1 

 
Figure 5.1. (a) TGA scans for PEO, PVP and PVA heat treated in air. (b) Weight loss 
rate (dW%/dT) of PEO, PVP, PVA and mullite. 
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[243]. The vibrations were diminished at higher temperature (500°C) due to the formation 

an amorphous aluminosilicate network [244]. The FTIR spectra of mullite-polymer hybrid 

gel (weight ratio: polymer: 50 wt. % of mullite yield) are shown in Figure 5.2 (b) - (d). The 

bands due to absorption of polymers overlap with the bands of mullite which results in 

broad peaks. The vibration band at 1710 cm-1 was observed in all of the hybrid gels after 

heat treatment at 300-400°C, which is assigned to the C=O stretching mode [244, 245]. 

Those peaks gradually vanished during the heating process at higher temperatures. The 

spectrum profiles of all the mullite-polymer mixtures are close to the mullite gel after firing 

at 500°C, which indicates the completion of thermal decomposition. This is in consistency 

with the TG analysis.  

The XRD traces of mullite-PVP (50wt. %), mullite-PEO (50wt. %) and mullite-

PVA (50wt. %) hybrid gel after heat treatment at 1000°C for 5 minutes are shown in Figure 

5.3. These gels retain monophasic character and mullite was the only phase observed after 

heat treatment at 1000°C. 
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In pure mullite samples with the as-dip-coated gel film of 1 μm thickness, cracking 

occurred after dried at room temperature which resulted in isolated fragments on the 

 
Figure 5.2. FTIR spectrum of (a) mullite, (b) mullite-PVP , (c) mullite-PEO and (d) 
mullite-PVA hybrid gel after heat treatment at 80(drying), 200, 300, 400 and 500°C. 

The polymer contents are 50 wt. % of mullite yield. 

 
Figure 5.3. XRD patterns of mullite gel and mullite-polymer hybrid gels after firing at 
different temperatures. The mullite-polymer hybrid gels were heat treated at 1000°C. 
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surface, which is shown in Figure 5.4 (a). After heat-treatment at 1000°C, the isolated 

segments shrink extensively, as shown in Figure 5.4 (b). The free in-plane shrinkage leads 

to significant crack opening. Figure 5.4 (c) shows the mullite-PEO (5 wt. % PEO of mullite 

yield) hybrid film with the same gel film thickness of ~1 µm after firing at 1000°C. The 

film did not crack at room temperature before firing. Significant less crack density and gap 

were observed. Figure 5.4 (d) shows the elimination of cracks in thinner films with 

thicknesses of 600nm (measured before heating, with ~ 40% reduction in thickness after 

calcining). The crack spacing was also reduced. Figure 5.4 (e), (f) and (g) show the surface 

images of crack-free mullite-PEO, -PVP and -PVA (polymer addition amount as 50wt. % 

of mullite yield) thin films after heat treatment at 1000°C. High resolution SEM images of 

the corresponding films were also shown in the internal frames. Smooth surfaces were 

observed in both sole mullite gel films and hybrid films. The grain size grew to ~ 10 nm 

after the films were heated treated at 1000°C. 

We presume that the final films obtained at 1000°C were dense or close to dense. 

In chapter 2, we measured the mechanical performance of the mullite fibers obtained using 

the same precursor, and heat-treated at 1000°C. The strengths and moduli the mullite fibers 

were exceptional. We assume that if the films in this study had the same shrinkage as the 

mullite fibers, the films were dense or close to dense. Some indirect evidence also showed 

that the films obtained were dense. For instance, the SEM images show that there were no 

pores on both surface and cross-section. However, direct density measurement on films is 

difficult to be performed. 
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Figure 5.5 shows the SEM images of mullite films (thickness ~ 200 nm) without addition 

of polymers after heat treatment at 500, 1000, and 1200°C. The surfaces of both the films 

before and after heat-treatment are smooth. Mullite with fine grain size was observed after 

 
Figure 5.4. SEM images showing the microstructure of the mullite gel and hybrid films: 
(a) cracked mullite gel film (~1μm**) (b) cracked mullite thin film (~1μm**), (c) 
cracked mullite-PEO (5%*) thin film (~ 1μm**), (d) cracked mullite-PEO (5%*) thin 
film (~ 600 nm**), (e) crack-free mullite-PEO (50%*) thin film (~ 250 nm), (f) crack-
free mullite-PVP (50%*) thin film (~450 nm) (g) crack-free mullite-PVA (50%*) thin 
film (~ 300 nm). (*: The percentage of polymers is determined by the polymer weight 
divided by the mullite yield. **: The thickness values are characterized as the gel film 
thickness before heat treatment. The high resolution images of materials’ surface were 
shown in the internal frames. 
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sintering at 1000°C. Significant grain growth occurs after sintering at 1200°C for 2 hours. 

An average grain size of ~120 nm was estimated from the SEM micrographs. 

 

The relationship between the initial film (or gel film) thickness and the cracking 

onset temperature observed during heating is shown in Figure 5.6 (a). Here we choose PEO 

and PVP for study because the thermal behavior of these two polymers are significantly 

different from each other. Cracking was typically observed at relatively low temperatures 

(below 400°C). No further cracking at higher temperatures was observed if the films did 

 
Figure 5.5. Surface micrographs of mullite thin films (thickness ~ 200 nm) (a) fired at 

500°C (b) after firing at 1000 °C (C) after firing at 1200 °C for 2 hours. 
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not crack at 500°C. Thick films tended to crack at low temperatures. The addition of 

polymers improves the cracking onset temperatures and the final thickness of crack-free 

films. The cracking onset temperature-thickness profile of mullite-PEO hybrid film 

resembles that of the mullite-PVP films at low temperatures. However, the latter one has 

remarkably increased crack-free thickness at temperatures above 300°C.  

 

The measured critical thickness of the films after firing versus polymer content is 

shown in Figure 5.6 (b). The critical thickness for pure mullite films was only 120 nm. 

With addition of polymers, τc increases significantly. However, it does not increase 

monotonically with continuous increase of polymer content. The τc values reached a 

plateau with polymer content at around 50 wt. % for PEO-doped films, and at around 100 

wt. % for PVA-doped mullite films. Slight decreases in τc were observed in PVP samples 

with polymer loading higher than 50 wt. %.The largest critical thickness obtained was 450 

nm for the mullite-PVP film. 

 
Figure 5.6. (a) Cracking onset temperature in mullite gel, mullite-PEO 50% and 
mullite-PVP 50% hybrid film (PEO: 50 wt. % of mullite yield and PVP: 50 wt. % of 
mullite yield) versus the gel film thickness*. (b) Effect of polymer content on the 
critical thickness** of the hybrid films. (*: the thickness value is determined before 
firing; **: the thickness value is determined after firing). 
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5.4 Discussion 

In our study, no further cracking was observed at temperatures above 400°C, 

indicating that thermal mismatch between the ceramic film and substrate did not 

significantly contribute to cracking. The cracking was mainly caused by the solvent 

evaporation during drying, the decomposition of polymer of organic component, and the 

densification during heat-treatment, all of which lead to film densification [148]. After the 

decomposition was complete and mullite phase was formed, thermal expansion coefficient 

of mullite and substrate (silicon) are both on the order of 10-6 °C-1 [246, 247]. The strain 

caused by the thermal mismatch is on the order of 10-4 at high temperatures, which is much 

smaller than the strain induced by the volumetric shrinkage due to solvent evaporation, sol-

gel polycondensation and organic decomposition. During drying the stress relaxation can 

be achieved by the viscous flow of polymers and the suppression of sol-gel 

polycondensation reaction. Adding polymer to the solution can help suppress cracking 

during drying. During firing, continuous densification process occurred due to the 

polycondensation reaction. After hydrolysis the main condensation reactions in mullite can 

be described as the following [242]:  

 

and,  
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The carboxyl group can react directly with the aluminosilicate sol to form a hybrid 

structure of metal-organic structure through the following chemical reaction [248]:  

 

and,  

 

The polycondensation of mullite gel was delayed because of the chemical reactions 

between metal hydroxyl groups and organic ligands of the polymers [244]. Such organic 

ligands as carboxyl groups already presented in PVP, but not in PEO and PVA. These 

carboxyl groups were formed during oxidation at elevated temperatures in the samples with 

PEO and PVA additives [244, 249]. In Figure 5.2, the FTIR results showed the formation 

of C=O bonding at around 300 - 400°C in PEO and PVA. However, PVP has better thermal 

stability at this temperature (Figure 5.1), making it more effective in suppressing sol-gel 

polycondensation reactions than the other polymers. Additionally, metal ions would 

coordinate with N or O ions in PVP [250]. As the organic components of the gel and 

polymer decomposed, the solid became rather elastic than viscous, and thus internal stress 

built up within the film. Large tensile stress, when exceeded the material’s limit, caused 

the failure of the film. At high temperatures, the intrinsic stresses relaxed due to diffusion. 

Cracking at room temperature during drying can be effectively inhibited, even with 

addition of small amount of polymers. For instance, with the addition of 5 wt. % PEO of 

the mullite yield, the hybrid films were crack free during drying for the gel film thickness 



 107 

up to 2.5 μm. Further increasing in polymer contents gave rise to even better cracking-

resistant performance until an optimal concentration was reached. Although initially 

adding polymer resulted in greater critical thickness, an excessive amount of polymer could 

decrease the critical thickness, as shown in Figure 5.6 (b). The reason is that majority of 

the gel volume was replaced by polymers, resulted in discontinuous oxide matrix after 

decomposition. The excessive porosity resulted in large intrinsic stress during densification 

driven by the capillary force.  

The cracking onset temperatures for mullite and mullite-polymer films shown in 

Figure 5.6 (a) indicates that cracking mainly occurred at low temperatures (< 400°C) and 

even at room temperature. The FTIR spectrum shown in Figure 5.2 confirms that changes 

in chemistry due to pyrolysis were mainly observed at temperature below 500°C. It has 

been suggested that a stress-relaxation polymer is effective in suppressing the stress 

evolution as long as it remains in films, but not effective when it is decomposed [148]. 

Therefore the thermal stability of the polymers greatly affects the critical thickness of the 

hybrid films. A greater critical thickness was found in mullite-PVP hybrid films, with a 

same polymer content. This can be explained by the fact that PVP is thermally more stable 

than PEO and PVA, which is revealed by the TGA result. In Figure 5.6 (a), the cracking 

onset profile of mullite-PEO resembles that of the mullite-PVP films at temperatures below 

200°C. The addition of PEO significantly improves the cracking onset thickness, especially 

at lower heat treatment temperatures. Large deviation in the curves was, however, observed 

at temperatures above 250 °C. This is in coincidence with thermal decomposition 

temperature of PEO, which is between 200 and 300°C. While PVP is thermally stable up 
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to 300°C. The difference in cracking onset temperature and thickness could therefore be 

explained by the difference in thermal stability of the polymers. 

The critical thickness achieved in this study is compared with the reports in di-

phasic mullite gel systems [74, 155]. The processing of mullite thin films using sol-gel 

technique is summarized in Table 5.1. In the di-phasic systems, relatively large critical 

thicknesses of above 1 μm, or even 3-5 μm, were obtained for mullite films [155,158]. 

However, the film was coated on an uneven porous substrate, which is significantly 

different from our approach. In monophasic system, which is reported in this work, critical 

thickness can be improved by incorporating polymer additives. However, the critical 

thickness value was comparably less than the obtained in diphasic systems. A significantly 

larger residual mass in diphasic gel system could be the reason. The weight loss in diphasic 

gel systems was about 17-26%, was, however, above 50% in monophasic system. In 

addition, condensation reactions in monophasic gel systems are more prominent, which 

generates large elastic stress during drying and firing [74]. Nevertheless, there are attractive 

advantages of using monophasic precursor over diphasic precursor. The first is the 

elimination of intermediate phases, such as γ-Al2O3 and spinel as stated in chapter 2. The 

second is due to the low crystallization and sintering temperature, ensuring good grain size 

control. Enormous grain growth was often observed in diphasic precursor derived mullite 

during sintering at elevated temperatures, giving rise to the formation of mirometer sized 

grains [155,158]. The large grain size may profoundly affect the mechanical properties of 

the films as it reaches the magnitude of the film thickness [251]. On the other hand, 

nanocrytalline thin films are demanded for a lot of applications [252]. Especially for the 
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generation of composite thin films embedded with nanorods, a nanocrystalline thin film 

with grain size smaller than the nanorods dimension is desired, to avoid segregation of the 

nanorods at the grain boundaries of the film matrix. The thickness of crack-free thin films 

can be further improved by repetitive deposition.  

 

5.5 Conclusion 

In this chapter, we used mullite films prepared from the monophasic sol-gel 

precursors as an example system to study the effects of polymer additives on the film’s 

critical thickness. The critical thickness was improved with addition of polymers, such as 

PVP, PEO, and PVA. These polymers had optimal concentrations for improving the critical 

thickness of the mullite films. PVP has been demonstrated as the most effective crack-

preventing agent among these polymers. This was due to the combinatory effects of PVP’s 

capabilities of forming a hybrid gel precursor that slowed down the sol-gel 

polycondensation reactions, relaxing the stresses during heat-treatment, and preventing 

cracking over a wide thermal decomposition temperature range. If the polymer decomposes 

within a narrow temperature region, it has limited capability of stress relaxation. The crack-

Table 5.1. Mullite films prepared from monophasic and diphasic precursors (a: some cracking 
observed at the edge of the substrate; b: the film was coated on a porous substrate) 

Precursor 
type 

Starting 
materials 

Weight 
loss 

Critical thickness Intermediate 
Phase 

Grain 
size 

Sintering 
temperature Without 

polymer 
With 
polymer 

diphasic 
[155] 

TEOS 
+boehmite 

17% <1 μm 1-2μma Yes 0.5-
5μm 

1280°C 

diphasic 
[158] 

TEOS 
+AN 

26% 3-5 μmb NA Yes 3-5 
μm 

1300°C 

monophasic 
(this work) 

AIP+AN 
+TEOS 

56% 0.12 μm 0.46 μm No < 120 
nm 

1000-
1200°C 

 



 110 

free, dense and smooth, phase-pure mullite films with thickness of about 450 nm were 

achieved at low firing temperature of 1000°C. 
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CHAPTER VI 

PROCESS NANO- AND SUBMICROMETER MAGNETIC FIBERS AND RODS OF 

CONTROLLED ORIENTATIONS 

6.1 Introduction 

Aligning magnetic nanorods or nanofibers is one of the state-of-art technologies for 

advanced nanocomposites [159, 160, 161]. As stated in chapter 1, the macroscopic 

orientation of nanorods and nanofibers remains great challenges.  In this chapter, we 

present two methods of processing nano- and submicrometer magnetic fibers or rods of 

controlled orientations. Two types of magnetic fibers or rods were used. They are SiC-

Fe3O4 rods (short fibers) and mullite-nickel nanocomposite fibers (continuous fibers).  

SiC nanorods demonstrate outstanding semiconducting, optical, field emission, 

thermal and mechanical properties for applications in high-power, high-frequency and 

high-temperature [

]. SiC nanorods with similar thermal expansion 

properties, are indicated to improve the toughness of mullite at high temperature [

253, 254]. Substantial improvements in room and high temperature 

fracture toughness have been reported in many SiC-nanorod-reinforced ceramics, such as 

alumina, ZrB2 and mullite [255-258

257, 

258]. Preparation of mullite-SiC nanocomposites has been reported in the literature [259-

262]. Nevertheless, processing ceramic thin films embedded with aligned magnetic 

nanorods have not been achieved. Hereby as the first report, we demonstrate the alignment 

of magnetically functionalized SiC nanorods obtained from magnetic assembly. Magnetic 

nanofibers or nanorods can be aligned in polymer solutions under externally applied 

magnetic fields [13, 23]. When the motion of nanorods are constrained two dimensionally 
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(e.g. in a thin film), the criterion for alignment can be derived from theoretical approaches 

[23]. The distribution function theory explains the alignment of ferromagnetic nanorods in 

solidifying polymer films [87]. However, the criterion for aligning superparamagnetic 

nanorods remains unclear. A theoretical model is developed here to explain the 

orientational distributions of superparamagnetic nanorods under different magnetic field.  

In the second approach, we demonstrate the orientation of mullite-nickel nanofibers 

achieved using electrospinning. The finely dispersed nickel NPs loaded within the aligned 

nanofibers are especially attractive as Faraday rotators and microwave absorbers [12-14]. 

The orientation of electrospun fibers is difficult to achieve because the fibers are light and 

wavered by small external forces. A small perturbation in the processing parameters could 

result in significantly different order of orientations. To be specific, many experimental 

parameters shall be optimized in order to achieve the orientation. This often requires a short 

collection distance, a field-assisted alignment setup (Figure 1.3), low feeding rate and 

applied voltage. The environmental parameters, such as relative humidity and temperature, 

should be accurately controlled. Uncontrolled environmental parameters often results in 

non-reproducible results.  

6.2 Experimental procedure 

6.2.1 Thin film embedded with magnetic short fibers 

The experimental protocol for preparation of mullite films embedded with SiC-

Fe3O4 nanorods is schematically shown in figure 6.1. SiC nanorods were coated with Fe3O4 

nanoparticles on the surface. The SEM image of a single magnetic nanorod is shown in 

figure 6.2 (image provided by Dr. Luzinov’s group, Department of Materials Science and 
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Engineering, Clemson, SC [263]). Those magnetic nanorods were dispersed in a methanol- 

polyethylene oxide (PEO, Mw = 1,000,000 g/mol, Sigma Aldrich, St. Louis, MO) solution 

at 2 wt. %. The dispersion was provided by Dr. Luzinov’s group [263]. In the first step, 

SiC-Fe3O4 nanorods were deposited on a substrate from the methanol-PEO solution. The 

polymer thin films were fabricated using the dip coating method. The silicon wafers were 

cut into 1×4cm rectangles. The wafers were cleaned following the same procedure in 

section 5.2. The silicon wafers were dip coated at a speed of 5.4 mm/sec. Next, the dip 

coated wafer was immediately transferred and dried in a glass vial between two parallel 

neodymium magnets (K&J Magnetics, Pipersville, PA). The nanorods were oriented under 

the static magnetic field during the solidification of the liquid films. After drying, the 

obtained samples were heat treated to 750°C at 0.5°C/min in air in order to remove the 

polymer films. Before deposition of ceramic gel films, the samples were treated by plasma 

cleaning (pdc-32g, Harric Plasma, NY, USA) for 5 minutes. Integration of mullite films 

was processed by dip-coating the sol-gel derived solution containing 2.5 wt. % mullite 

yield and 1.25 wt. % PVP (as described in chapter 5). Different withdrawal velocities from 

0.17 to 5.4 mm/sec to obtain ceramic films with different thickness. The films were dried 

for 24 hours in desiccator at room temperature before heat treatment. The films were heated 

in argon at 5 °C/min and calcined at 1000°C for 2 hours. Repetitive depositions were 

applied in order to generate the multilayered structure. The direction of applied magnetic 

field was reconfigured (e. g. rotation by 90°) to generate different orientations within each 

layer.  
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6.2.2 Thin film embedded with magnetic long fibers 

The developed experimental protocol is schematically shown in Figure 6.3. The 

configuration of e-spinning setup was developed in ref. [113]. Following chapter 3, fibers 

were electrospun from the solution containing 5wt. % Ni (of mullite yield) and collected 

by four parallel aluminum plates. The aluminum plates were grounded with a small gap 

(2cm) between them. The orientation was improved with the specific plates’ geometry due 

 
Figure 6.1. Schematically showing the experimental approach 

 
Figure 6.2. SEM image of a silicon carbide nanorod decorated with Fe3O4 magnetic 

nanoparticles 
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to the opposite directions of electric field near the plates [113]. As a result, the charged 

fibers align perpendicular to the plates. The aligned fibers were collected on silicon wafers. 

This step can be repeated to create different orientations within each layer of collection 

(Figure 6.3 (b)). The obtained samples were further heat treated in reduced atmosphere for 

the magnetic functionalization, according to the procedure developed in chapter 3. The 

obtained samples were treated by plasma cleanser (following the same procedure in chapter 

5) before the deposition of ceramic gel films. Then the specimens were dip-coated from 

the same sol-gel derived solution in section 6.2.1. The obtained films were heated in argon 

at 5 °C/min and calcined at 1000°C for 2 hours. 

 

6.2.3 Characterization 

The materials microstructure were characterized by optical microscope, SEM and 

AFM. Experimental histograms (orientation) were constructed by counting the number of 

 
Figure 6.3. Schematically showing the workflow for processing single layer 
composite thin film with nanofiber oriented in (a) one direction and (b) two 
orthogonal directions. (The setup for electrospinning is shown in figure 1.3). 
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nanorods present in sectors of 10° and normalizing it by the total number of nanorods. 

Orientation angles for more than 500 nanorods were counted for generating each diagram. 

The generated distribution function was fitted to theoretical calculation according to the 

same method described in ref. [160]. Magnetic properties of the free-standing 

nanocomposite membranes were measured by using the Alternating Gradient 

Magnetometer (AGM 2900, Princeton Measurements Inc., NJ, USA) at room temperature. 

Direct magnetic measurement on the films coated on substrates is difficult due to the 

limited amount of magnetic material. Free-standing membrane was obtained by depositing 

composite thin films on a decomposable substrate (graphite). The substrate was removed 

by heating in air. 

6.3 Results and discussion 

6.3.1 Orientation of superparamagnetic nanorods in films with constant viscosity 

Modeling kinetics of ferromagnetic nanorods orientation in drying or curing 

polymer coatings has shown that the nanorod alignment can be achieved [87, 160, 161]. 

For the first time, a theoretical model developed in this work explains the orientational 

distributions of superparamagnetic nanorods under different magnetic field. In the first 

place, nanorods were assumed to be confined within the plane of the liquid layer. During 

the rotational alignment of the magnetic nanorods subjected to an applied magnetic field, 

a torque defined by the cross-product of magnetization and magnetic field was applied to 

the superparamagnetic nanorods, which overcomes viscous drag from the polymer 

solution. We define 𝜑𝜑  the angle between nanorod orientation and the direction of the 
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applied magnetic field. The governing equation describing the superparamagnetic nanorod 

rotation in the Newtonian fluids is given by [264-267]:  

�̇�𝜑 = 𝜔𝜔𝑐𝑐sin2𝜑𝜑                                                      (6.1) 

where the characteristic frequency 𝜔𝜔𝑐𝑐 is a constant associated with the nanorod properties 

and rheological behavior of the solution, given by [266, 267]:  

𝜔𝜔𝑐𝑐 = [3ln(𝑙𝑙 𝑑𝑑⁄ )−𝐴𝐴]𝑑𝑑2

2𝜂𝜂𝜂𝜂0𝑙𝑙2
∙ 𝜒𝜒2

2+𝜒𝜒
𝐵𝐵2                                          (6.2) 

where  𝑑𝑑  and 𝑙𝑙  are respectively the diameter and length of the nanorod, 𝜂𝜂  the solution 

viscosity, 𝜒𝜒 the susceptibility of the nanorod, 𝜇𝜇0 the vacuum permeability, 𝐵𝐵 the magnetic 

field and 𝐴𝐴 ≈ 2.4 [266, 267]. Introduce the distribution function 𝐹𝐹(𝜑𝜑, 𝑎𝑎), whose definition 

is given as: 𝑑𝑑𝑁𝑁(𝜑𝜑, 𝑎𝑎) = 𝑁𝑁0𝐹𝐹(𝜑𝜑, 𝑎𝑎)𝑑𝑑𝜑𝜑. Where 𝑁𝑁0 is the total number of rods. The evolution 

of distribution function satisfies the conservation of total number of nanorods [87, 160, 

161]:  

𝑁𝑁0
𝜕𝜕𝐹𝐹
𝜕𝜕𝜕𝜕

+ 𝜕𝜕
𝜕𝜕𝜑𝜑
⋅ �𝑁𝑁0𝐹𝐹 ⋅

𝑑𝑑𝜑𝜑
𝑑𝑑𝜕𝜕
� = 0                                         (6.3) 

The governing equation for the distribution function is then obtained [268, 269]:  

𝜕𝜕𝐹𝐹(𝜑𝜑,𝜕𝜕)
𝜕𝜕𝜕𝜕

− 𝜕𝜕
𝜕𝜕𝜑𝜑

[𝐹𝐹(𝜑𝜑, 𝑎𝑎)𝜔𝜔𝑐𝑐sin2𝜑𝜑] = 0                                   (6.4) 

The above equation can be solved using the method of characteristics [270]. The 

following solution is obtained:  

𝐹𝐹(𝜑𝜑, 𝑎𝑎) = 1
2𝜋𝜋
⋅ 2𝐶𝐶

(𝐶𝐶2−1)cos2𝜑𝜑+(𝐶𝐶2+1)
                                     (6.5) 

where 𝐶𝐶(t)= exp(−2𝜔𝜔𝑐𝑐𝑎𝑎). The solution is verified through integration of 𝐹𝐹(𝜑𝜑, 𝑎𝑎) from 0 

to 2𝜋𝜋  which yields 1. It’s convenient to use probability function 𝑃𝑃(𝜑𝜑, 𝑎𝑎)  to find the 

nanorods positioned within a narrow angle [𝜑𝜑 − 𝛥𝛥𝜑𝜑,𝜑𝜑 + 𝛥𝛥𝜑𝜑]:  
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𝑃𝑃(𝜑𝜑,𝛥𝛥𝜑𝜑, 𝑎𝑎) = ∫ 𝐹𝐹(𝜑𝜑′, 𝑎𝑎)𝜑𝜑+𝛥𝛥𝜑𝜑
𝜑𝜑−𝛥𝛥𝜑𝜑 ⋅ 𝑑𝑑𝜑𝜑′ = 1

2𝜋𝜋
arctan �tan𝜑𝜑

′

𝐶𝐶(𝜕𝜕)
� |𝜑𝜑−𝛥𝛥𝜑𝜑
𝜑𝜑+𝛥𝛥𝜑𝜑                 (6.6) 

The initial random orientation corresponds to 𝑃𝑃(𝜑𝜑, 0) = ∆𝜑𝜑 2⁄ 𝜋𝜋 and as time goes 

to infinity 𝑃𝑃(0,𝛥𝛥𝜑𝜑,∞) = 1 (meaning that all rods can be aligned).  

6.3.2 Orientation of superparamagnetic nanorods in solidifying films 

We show one example of the distribution function of nanorods in solidifying films, 

whose rheological equation of state is time-dependent. The time-dependent viscosity of 

many drying systems is described by the following equation [271]:  

𝜂𝜂(𝑎𝑎) = 𝜂𝜂0exp(𝑎𝑎 𝜏𝜏0⁄ )                                                       (6.7) 

where 𝜂𝜂0 is the initial viscosity, 𝜏𝜏0 the characteristic time of polymerization. Introducing 

𝑈𝑈 = 𝑈𝑈0 ⋅ exp � 𝜕𝜕
𝜏𝜏0
�, Eq. (6.1) is rewritten into: 

𝑑𝑑𝜑𝜑
𝑑𝑑𝑑𝑑

= − sin2𝜑𝜑
𝑑𝑑2

                                                             (6.8) 

where 𝑈𝑈0 = 𝜂𝜂0𝜂𝜂0𝑙𝑙2

𝑑𝑑2
⋅ 2+𝜒𝜒
𝜒𝜒2

⋅ 1
𝜏𝜏0𝐵𝐵2[3ln (𝑙𝑙 𝑑𝑑⁄ )−𝐴𝐴] = 𝜏𝜏𝜂𝜂

𝜏𝜏0
. 𝜏𝜏𝜂𝜂  is the characteristic time needed for a 

nanorod to find its equilibrium configuration in a liquid with constant viscosity 𝜂𝜂0. In our 

experiment, 𝜏𝜏𝜂𝜂 was adjusted by altering the magnetic field strength.  

Integration of Eq. (6.8) yields:  

tan𝜑𝜑 = tan𝜑𝜑0 ⋅ exp �1
𝑑𝑑
− 1

𝑑𝑑0
�                                             (6.9) 

As 𝑈𝑈 → ∞, tan𝜑𝜑 = tan𝜑𝜑0 ⋅ exp �− 1
𝑑𝑑0
� = tan𝜑𝜑0 ⋅ exp �− 𝜏𝜏0

𝜏𝜏𝜂𝜂
�, illustrates the effect 

of different time scales. When 𝜏𝜏0 ≫ 𝜏𝜏𝜂𝜂 , the nanorod will align to the direction of the 

applied magnetic field, and when 𝜏𝜏0 ≪ 𝜏𝜏𝜂𝜂 , the nanorod stays ‘frozen’. As for 
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ferromagnetic nanorods, the dimensionless equation for the rotation of single nanorod is 

slightly different, which is given by [87]:  

𝑑𝑑𝜑𝜑′
𝑑𝑑𝑑𝑑

= − sin𝜑𝜑′
𝑑𝑑2

                                                   (6.10) 

And the solution to 𝜑𝜑′ for a ferromagnetic nanorod is given by [87]:  

tan 𝜑𝜑′
2

= tan 𝜑𝜑′0
2
⋅ exp �1

𝑑𝑑
− 1

𝑑𝑑0
�                                             (6.11) 

Figure 6.4(a) shows the comparison between Eq. (6.9) and Eq. (6.11) with different initial 

values of 𝜑𝜑0 and 𝑈𝑈0. When 𝜑𝜑0 is less than 𝜋𝜋/2, the ferromagnetic nanorod orients more 

readily with the progression of U than the superparamagnetic nanorod with the same given 

values of 𝑈𝑈0 . However, when 𝜑𝜑0  is between 𝜋𝜋/2  and 𝜋𝜋 , the opposite scenario was 

observed. This is due to a smaller periodicity in the superparamagnetic solution (𝜋𝜋) as 

compared to the ferromagnetic solution ( 2𝜋𝜋). That is, the superparamagnetic rod rotates 

toward 𝜑𝜑 = 𝜋𝜋 instead of 𝜑𝜑 = 0 with an initial orientation between 𝜋𝜋/2 and 𝜋𝜋. As for the 

 
Figure 6.4 Plot of (a) different dynamic regimes of nanorods rotation and (b) distribution 
functions 𝐹𝐹(𝜑𝜑,∞)  for ferromagnetic and superparamagnetic nanorods for different 
parameters 𝑈𝑈0. Initial values for 𝜑𝜑0 and 𝑈𝑈0 are given.  
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ferromagnetic nanorod, it always rotates toward 𝜑𝜑 = 0 , the direction of the applied 

magnetic field.  

The corresponding distribution function 𝐹𝐹 for superparamagnetic nanorods can be 

solved using the same method from Eq. (6.4) [87]:  

𝐹𝐹(𝜑𝜑, 𝑎𝑎) = 1
2𝜋𝜋
⋅ 2𝐶𝐶′

�𝐶𝐶′2−1)cos2𝜑𝜑+(𝐶𝐶′2+1�
                                        (6.12) 

where 𝐶𝐶′(t) = exp �− 1
𝑑𝑑0
�1 − exp �− 𝜕𝜕

𝜏𝜏0
���.  When 𝑎𝑎 → ∞, the distribution function for a 

solidified film is given as:  

𝐹𝐹(𝜑𝜑,∞) = 1
2𝜋𝜋
⋅ 1
cosh(1 𝑑𝑑0⁄ )−sinh(1 𝑑𝑑0⁄ )cos2𝜑𝜑

                                  (6.13) 

The corresponding probability function is given as:  

𝑃𝑃(𝜑𝜑,𝛥𝛥𝜑𝜑,∞) = ∫ 𝐹𝐹(𝜑𝜑′, 𝑎𝑎)𝜑𝜑+𝛥𝛥𝜑𝜑
𝜑𝜑−𝛥𝛥𝜑𝜑 ⋅ 𝑑𝑑𝜑𝜑′ = 1

2𝜋𝜋
arctan �tan𝜑𝜑′ ∙ exp � 1

𝑑𝑑0
�� |𝜑𝜑−𝛥𝛥𝜑𝜑

𝜑𝜑+𝛥𝛥𝜑𝜑   (6.14) 

The probability function at 𝑎𝑎 → ∞ is affected by 𝑈𝑈0, which is determined by the property 

of the nanorods, the characteristic time of drying and the strength of the magnetic field. 

The set of equations (6.7-6.9, 6.12-6.14) is an example of the nanorods alignment in a 

solidifying film. For the films with different kinetics of viscosity evolution, the 

corresponding solution in Eq. (6.8) changes and one can obtain different expressions for 

𝑈𝑈0.  

The equilibrium distribution function 𝐹𝐹𝑑𝑑𝑓𝑓𝑟𝑟𝑟𝑟𝑓𝑓(𝜑𝜑,∞) for ferromagnetic nanorods is 

given by [87]:  

𝐹𝐹𝑑𝑑𝑓𝑓𝑟𝑟𝑟𝑟𝑓𝑓(𝜑𝜑,∞) = 1
2𝜋𝜋
⋅ 1
cosh(1 𝑑𝑑0⁄ )−sinh(1 𝑑𝑑0⁄ )cos𝜑𝜑

                         (6.15) 
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Here 𝑈𝑈0 is also defined as 𝜏𝜏𝜂𝜂
𝜏𝜏0

. The characteristic time 𝜏𝜏𝜂𝜂 has a slightly different dependence 

on the magnetic properties of the nanorods and rheological properties of the liquid. The 

corresponding probability function for ferromagnetic nanorods is given by [87]: 

𝑃𝑃𝑑𝑑𝑓𝑓𝑟𝑟𝑟𝑟𝑓𝑓(𝜑𝜑,𝛥𝛥𝜑𝜑,∞) = 1
𝜋𝜋

arctan �tan 𝜑𝜑′

2
∙ exp � 1

𝑑𝑑0
�� |𝜑𝜑−𝛥𝛥𝜑𝜑

𝜑𝜑+𝛥𝛥𝜑𝜑                    (6.16) 

Figure 6.4(b) shows the plots of the distribution function 𝐹𝐹(𝜑𝜑,∞) and 𝐹𝐹𝑑𝑑𝑓𝑓𝑟𝑟𝑟𝑟𝑓𝑓(𝜑𝜑,∞) with 

different values of 𝑈𝑈0 . Function 𝐹𝐹(𝜑𝜑,∞)  (Eq. (6.13)) has a periodicity of 𝜋𝜋 . The 

orientations of nanorods with 𝜑𝜑 = 𝜋𝜋 and 𝜑𝜑 = 0 are essentially identical. Therefore due to 

its symmetry at 𝜑𝜑 = 0, function 𝐹𝐹(𝜑𝜑,∞) is doubled when comparing with 𝐹𝐹𝑑𝑑𝑓𝑓𝑟𝑟𝑟𝑟𝑓𝑓(𝜑𝜑,∞). 

Comparing to that of the ferromagnetic nanorods, the distribution function of 

superparamagnetic nanorods has a narrower profile and slightly greater peak value 

(𝐹𝐹𝑑𝑑𝑓𝑓𝑟𝑟𝑟𝑟𝑓𝑓(0,∞) and 𝐹𝐹(0,∞)), which indicates more nanorods can be captured by the field. 

The peak value of the function decreases as 𝑈𝑈0 increases. When 𝑈𝑈0 goes to infinity, the 

peak values of both functions asymptotically reach 1/2𝜋𝜋.  

 

6.3.3 Aligned SiC-Fe3O4 short fibers 

In the above theory, nanorods were assumed to remain isolated with no physical 

interactions between the nanorods. This requires that the nanorods are well-separated in 

the drying solution. In our experiment, the smallest average distance between inclusions, 

41±20μm, is 4 times larger than the average length of the particulates, making the 

particulate to particulate interactions an unlikely source for disorientation. During 

solidification of the liquid films, the SiC-Fe3O4 nanorods were rotated into the direction of 
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the field creating orientation. Figure 6.5 shows the orientational distribution of the SiC-

Fe3O4 nanorods after the polymer removal. With a magnetic field strength of 216 Gauss, 

the composite with initially 0.16%vol of SiC-Fe3O4 nanorods has higher orientation with 

77% of material oriented within 10° of the direction of the field. The composite with 

0.58%vol of SiC-Fe3O4 nanorods had 67% of the material oriented within 10° of the 

direction of the field. The orientation was less significant as a weaker magnetic field (37 

Gauss) was applied. Less than 40% of nanorods oriented within 10° of the direction of the 

field for both concentrations. When the magnetic field is 6 Gauss, the orientation of the 

nanorods was almost random. Overall, the nanorods assembly obtained from initially lower 

volume fraction in polymer solution demonstrates a slightly better alignment. Eq. (6.14) 

was used to fit the experimental data with adjustable parameter: exp �− 1
𝑑𝑑0
�. The results 

are shown in figure 6.5. A smaller value of exp �− 1
𝑑𝑑0
� was found for samples obtained at 

larger magnetic field. This is in good agreement with the theory according to the definition: 

𝑈𝑈0 = 𝜂𝜂0𝜂𝜂0𝑙𝑙2

𝑑𝑑2
⋅ 2+𝜒𝜒
𝜒𝜒2

⋅ 1
𝜏𝜏0𝐵𝐵2[3ln (𝑙𝑙 𝑑𝑑⁄ )−𝐴𝐴] – as B increases, exp �− 1

𝑑𝑑0
� decreases.  
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The SiC-Fe3O4 nanorods remained separated during polymer removal, ceramic gel 

film deposition and gel to ceramic film conversion. Figure 6.6 shows the orientational 

distribution of nanorods during each of those steps. Overall, the most significant alignment 

was in the initial polymer films. The changes in the percentage (𝛥𝛥𝑃𝑃) of nanorods within 

each 10° segment with respect to the initial distribution in polymer films are shown in 

figure 6.6 (c-d). For the majority of nanorods, 𝛥𝛥𝑃𝑃 is less than 5%. This deviation initially 

appeared after the polymer removal, which is possibly due to the settlement of nanorods 

during the polymer decomposition. A slow heating process to remove the polymer is 

desired to better retain the orientation. The orientation remains almost still after the gel 

film deposition and gel to ceramic conversion, which indicates less motion of the nanorods 

after they were sintered to the substrate. In principle, orientational differences between 

those processing stages are quite small. 

 
Figure 6.5. The distribution of orientation of SiC-Fe3O4 rods after PEO removal. (a) 
low concentration and (b) high concentration. The internal frames show the curve 

fitting according to Eq. (6.12) 
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Figure 6.7 shows the SEM images of single-layered mullite film embedded with 

SiC-Fe3O4 nanorods. The embedded SiC-Fe3O4 nanorods were well-separated and aligned. 

No significant nanorods segregation was observed. Layer-by-layer (LBL) assembly 

method offers the opportunity to create 3D nanocomposites through repetition of the 2D 

assembly [272, 273]. Controlling nanorods orientation within each layer is of particular 

interests for many applications. For example, an orthotropic lattice structure is often 

desired for effective mechanical reinforcement in all directions [67]. Figure 6.8 (a) shows 

the SEM image of a 2-layer mullite-SiC-Fe3O4 film with orthotropic structure. Figure 6.8 

 

 
Figure 6.6. The orientational distribution of SiC-Fe3O4 nanorods of (a) low and (b) 
high concentration. (c) (low concentration) and (d) (high concentration) show the 
change in probability of the nanorods with respect to the initial functions in PEO.  
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(b) shows the corresponding orientational distribution. The orientation of the major 

populations of SiC-Fe3O4 nanorods within each layer is perpendicular to the other.  

 

 

Figure 6.9 shows the magnetization-field (M-H) plot of the free standing mullite-SiC-Fe3O4 

membranes. It shows that the ceramic thin film composites are superparamagnetic. The 

magnetization of the material is normalized by the total mass of the composite. For 

 
Figure 6.7. SEM images showing the top view of (a) low concentration and (b) 

high concentration.  

 
Figure 6.8. (a) SEM image showing the 2 layer mullite-SiC-Fe3O4 film with orthogonal 
nanorod orientations. (b) The orientational distribution of the 2-layer mullite-SiC-
Fe3O4 thin film 
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superparamagnetic materials, the magnetic moment m follows the Langevin dependence 

[274]: 

𝑚𝑚 = 𝑚𝑚0 �coth(𝜅𝜅𝐵𝐵) − 1
𝜅𝜅𝐵𝐵
�                                                  (6.15) 

where B is the magnitude of the external magnetic field, 𝑚𝑚0 = 𝑁𝑁𝜇𝜇, and 𝜅𝜅 = 𝜇𝜇 (𝑘𝑘𝐵𝐵𝑇𝑇)⁄ , 𝜇𝜇 

is the magnetic moment of a single magnetic domain, N the total number of domains in the 

composite, 𝑘𝑘𝐵𝐵 is the Boltzmann constant and T is the absolute temperature. The magnetic 

Fe3O4 nanoparticles in the film composite contribute to this superparamagnetism. From the 

fitting, the composite membranes have saturation magnetization of around 0.41 Am2/kg, 

which is about two to three orders of magnitude smaller than the typical values reported 

for superparamagnetic Fe3O4 nanoparticles [275-277]. The reveals that the concentration 

of magnetic materials within the free-standing membrane should be on the order of 0.1-1 

wt.%. This concentration can be further controlled by altering the ratio between thicknesses 

of the polymer films and ceramic gel films. From the Langevin fitting, the magnetic 

moment of each domain is on the order of 4.7×10-20 Am2.  

 
 

Figure 6.9. M-H curve of free-standing mullite-SiC-Fe3O4 membrane 
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6.3.2 Aligned mullite-nickel nanocomposite long fibers 

Figure 6.10 shows the aligned fiber on the silicon substrate. Ni nanoparticles of size 

~ 50 nm were observed on the surface of the individual fibers. The alignment was mainly 

contributed by to two factors. One is the mechanical stretching caused by the rotating 

collector. The second one is the opposite directions of electric field near the plates. When 

the jet hits one electrode, the tip of the jet are neutralized and the electric force pulls the 

rest of the jet towards another plate [113]. As a result, the charged fibers align 

perpendicular to the plates [113]. Integration of ceramic films with ordered ceramic fibers 

results in an organized 2D structure with fibers ‘piping’ underneath. Figure 6.11 (a-c) 

proves that the orientation of fibers (angles formed by the fibers) did not change 

significantly during the processing stages. Figure 6.11 (d) shows the AFM image of the 

thin film’s surface with embedded nanofibers. The roughness of the ceramic film itself is 

very low comparing to the protrusions formed by the embedded fibers. The roughness of 

the composite film is therefore determined by the vertical height of the surface protrusions 

induced by the fibers.  

 
 

 
Figure 6.10. SEM images showing the microstructure of aligned fibers modified 

with magnetic nanoparticles.  
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6.4 Conclusion 

In this chapter, we demonstrate two methods of processing ceramic thin films 

embedded with oriented fibers. In the first method, magnetic short fibers (SiC-Fe3O4 rods) 

were dispersed in a polymer solution to form a polymer thin film composite under applied 

magnetic field. The polymer was then removed by heat treatment. In the second method, 

pre-aligned magnetic long fibers (mullite-nickel) were obtained via electrospinning. 

Mullite thin films were integrated onto both fibers. The film integration process did not 

significantly alter the fiber structure and the orientations were retained in both methods. 

The magnetic measurement performed on mullite-SiC-Fe3O4 free standing composite 

membranes proves the magnetic functionality of the composite films. Based on our 

 
Figure 6.11. Optical micrographs showing the nanofiber fishnet structure obtained 

after (a) electrospinning (b) heat treatment and (c) integration of mullite film followed 
by heat treatment in Argon at 1000°C. (d) The topographic image of a cross knot 

measured by AFM.  
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observation, we conclude that both of these two approaches (electrospinning and magnetic 

assembly) can be for processing ceramic thin film with retained orientations of the 

embedded fibers. The thin film evolution with the presence of fibers will be investigated 

in detail in the next chapter.  
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CHAPTER VII 

EFFECT OF NANOROD INCLUSION OF THE THIN FILM INTEGRITY DERIVED 

FROM THE SOL-GEL 

7.1 Introduction 

One of the greatest challenges of sol-gel thin films is the macroscopic cracking 

caused by the intrinsic stress, which has been described in chapter 5. Another challenge 

remains in the integrity of thin films deposited on substrates with fibers or rods. Presence 

of fibers affects the local equilibrium where the film conforms on the fiber inclusions, 

giving rise to many unique phenomena such as the topographic evolution and cracking of 

thin films. However, the driving mechanism to those phenomena was not clear. In this 

chapter, detailed investigations are given to fundamentally understand the topographic 

evolution of sol-gel composite thin film and the cracking problem with the nanofiber or 

nanorod inclusions.  

In previous studies, the micrometer thick film formation on substrates with features 

in micrometer scale (e. g. holes, trenches or wedges) was governed by the Stokes flow of 

liquids and kinetics of planarization [52-58]. The capillary pressure, which is the driving 

force for the planarization process, is determined by the radii of curvature of the meniscus 

[52-58]. In the case of nanometer and submicrometer fibers coated with thin films of 

similar scale, the radii of curvature is much smaller compared with the micrometer sized 

features [52-58], and the body forces exerted by viscous drag did not contribute. Our 

experimental results indicate that for thin films, the degree of leveling (or planarization) is 

typically very small. For the film with thickness in nanoscale, the contribution of disjoining 
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pressure becomes significant and shall be considered in our model [278-280]. The driving 

force for planarization is balanced by the disjoining pressure, which is the repulsive 

interactions between the solid-liquid and liquid-vapor interfaces determined by the layer 

thickness. In this case, it is possible to generate the equilibrium thickness profile with these 

two governing mechanisms. Equilibrium shape of the liquid layer on the nanorods or 

nanofibers is determined by the Derjaguin equation [279, 281, 282]:  

𝑃𝑃𝑐𝑐𝑎𝑎𝑝𝑝 = 𝜎𝜎𝑣𝑣𝜅𝜅 − Π(ℎ), 𝜎𝜎𝑣𝑣 > 0                                       (7.1) 

where 𝑃𝑃𝑐𝑐𝑎𝑎𝑝𝑝 is the pressure difference in the liquid and gas, 𝑃𝑃𝑐𝑐𝑎𝑎𝑝𝑝 = 𝑃𝑃𝑙𝑙𝑁𝑁𝑙𝑙𝑑𝑑𝑁𝑁𝑑𝑑 − 𝑃𝑃𝑔𝑔𝑎𝑎𝑔𝑔, 𝜎𝜎𝑣𝑣 the 

liquid-vapor surface tension, 𝜅𝜅 the curvature and Π(ℎ) the disjoining pressure, a function 

of layer thickness h. It is assumed that the disjoining pressure is dominated by the Lifshitz-

van der Waals forces [279, 283]. The disjoining pressure has the following form:  Π(ℎ) =

𝐴𝐴 ℎ3⁄ , where A is the Hamaker-Lifshitz constant, which is typically on the order of 10-21-

10-19 J [278].  

Figure 7.1 schematically shows the configuration of liquid film on substrate with a 

cylinder-shape inclusion. The systems of coordinate are also shown in the figure. Since the 

aspect ratio of the cylinder-shape inclusion (fiber) is typically much greater than 10, the 

problem is simplified as a 2D configuration with Polar coordinate whose origin is 

concentric with the cross-section of the cylinder. And Cartesian coordinates are used in 

the cross-section plane far away from the fiber. Under stationary state, the pressure 

difference 𝑃𝑃𝑐𝑐𝑎𝑎𝑝𝑝 is assumed constant everywhere within the film. The curvatures are known 

as:  
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𝜅𝜅𝑐𝑐 = (𝑅𝑅+𝐻𝐻𝑐𝑐)2+2𝐻𝐻𝑐𝑐′
2−𝐻𝐻𝑐𝑐″(𝑅𝑅+𝐻𝐻𝑐𝑐)

�𝐻𝐻𝑐𝑐′
2+(𝑅𝑅+𝐻𝐻𝑐𝑐)2�

3/2                                         (7.2) 

and, 

𝜅𝜅𝑝𝑝 = − 𝐻𝐻𝑝𝑝″

�1+𝐻𝐻𝑝𝑝′
2�
3 2⁄                                                    (7.3) 

𝐻𝐻𝑐𝑐 , 𝐻𝐻𝑝𝑝  and R are respectively the film thicknesses (of center and plane solutions) and 

radius of the cylinder, which are defined in Figure 7.1. 𝐻𝐻𝑐𝑐(𝜃𝜃) is a function of angle θ in 

the Polar coordinate, and 𝐻𝐻𝑝𝑝(𝑥𝑥) is a function of x. In our particular system, a thin layer of 

liquid film of tens of nanometers formed on top of the nanorod/nanofiber. The local 

curvature is assumed to be governed by the curvature of the nanorod (𝜅𝜅𝑐𝑐0 ≈
1
𝑅𝑅

). The 

following equation was used to approximate the relation between thickness on top of the 

rod (𝐻𝐻𝑐𝑐0) and far away from the rod (𝐻𝐻𝑝𝑝∞): 

𝜎𝜎𝑣𝑣
𝑅𝑅
− 𝐴𝐴

𝐻𝐻𝑐𝑐03
= − 𝐴𝐴

𝐻𝐻𝑝𝑝∞3
                                                  (7.4) 

Introducing dimensionless parameter𝑋𝑋 = 𝑥𝑥
𝑅𝑅

, ℎ𝑐𝑐(𝑋𝑋) = 𝐻𝐻𝑐𝑐
𝑅𝑅

, ℎ𝑝𝑝(𝜃𝜃) = 𝐻𝐻𝑝𝑝
𝑅𝑅

 and �̅�𝐴 =

𝐴𝐴
𝑅𝑅2𝜎𝜎𝑣𝑣

, Eq. (7.1) was transformed into the dimensionless form:  

⎩
⎪
⎨

⎪
⎧− �̅�𝐴

ℎ𝑝𝑝,∞
3 = 2ℎ′𝑐𝑐

2−ℎ″𝑐𝑐(1+ℎ𝑐𝑐)+(1+ℎ𝑐𝑐)2

�ℎ′𝑐𝑐
2+(1+ℎ𝑐𝑐)2�

3 2⁄ − �̅�𝐴
ℎ𝑐𝑐3

, 

− �̅�𝐴
ℎ𝑝𝑝,∞
3 = − ℎ″𝑝𝑝

�1+ℎ′𝑝𝑝
2�

3 2⁄ − �̅�𝐴
ℎ𝑝𝑝3

                        (7.5) 

Eq. (7.4) can be transformed to the following form:  

ℎ𝑐𝑐0 = ℎ𝑝𝑝∞ ⋅ �1 + ℎ𝑝𝑝∞3

�̅�𝐴
�
−1 3⁄

                                     (7.6) 

7.2 Experimental procedure 

7.2.1 Materials preparation 
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The SiC whiskers with round cross-sections were used as the cylindrical film 

inclusion. Films with different thicknesses were processed according to the procedure 

described in chapter 5. The microstructure of the film was examined using atomic force 

microscopy (AFM, Dimension 3100 AFM, Veeco Inc, Plainview, NY, USA) and scanning 

electron microscope (SEM, Hitachi S4800, Hitachi, Ltd., Tokyo, Japan). Before the heat-

treatment, a scratch through the film was applied to the film using a sharp blade. The 

thickness was determined by scanning the profile across the scratch and measuring the 

depth of the scratch. The surface profile of the composite films was generated from the 

AFM measurement. The diameters of the fibers were measured from the SEM 

micrographs. Samples were marked as cracked or crack-free with the observation under 

the SEM.  

7.2.2 Numerical method 

The solutions to ℎ𝑝𝑝 and ℎ𝑐𝑐were solved numerically. For the plane solution (ℎ𝑝𝑝), a 

trivial solution, hp=const is found. It also has another solution of which asymptotic 

expansion could be obtained as follows. Introduce the 𝛿𝛿𝑢𝑢 << ℎ𝑝𝑝,∞ at infinity, 

ℎ𝑝𝑝 = ℎ𝑝𝑝,∞ + 𝛿𝛿𝑢𝑢                                                  (7.7) 

With the given boundary condition:  ℎ𝑝𝑝′ (𝑋𝑋 → ∞) = 0, substitute Eq. (7.7) into Eq. 

(7.5) and we obtain:  

ℎ𝑝𝑝(𝑋𝑋 → +∞) = ℎ𝑝𝑝,∞ + 𝐶𝐶exp(−𝜆𝜆𝑋𝑋), 𝜆𝜆2 = 3�̅�𝐴𝑝𝑝
ℎ𝑝𝑝,∞
4                              (7.8) 

where C is an unknown integration constant. For the coordinate system set up in our 

problem, the sign of C should be positive. Eq. (7.8) specifies the initial values for ℎ𝑝𝑝,∞ and 
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ℎ𝑝𝑝,∞
′  for the numerical calculations. The initial point (X0) to start the integration is defined 

as 𝑋𝑋0 = ′∞′. In other words, solution to ℎ𝑝𝑝 with given initial values can shift along the x-

axis. Due to the symmetric condition at the center (𝜃𝜃 = 0), initial value for ℎ𝑐𝑐′ (𝜃𝜃 = 0) is 

given by ℎ𝑐𝑐′ (𝜃𝜃) = 0. The initial value for ℎ𝑐𝑐(𝜃𝜃 = 0) is given by hc0 in Eq. (7.6). The non-

linear second-order differential equation is solved by using ‘ode23’ function in Matlab. 

Solution for hc(θ) is then transferred into the Cartesian coordinate (ℎ𝑐𝑐𝑛𝑛𝑓𝑓𝑛𝑛(𝑋𝑋), corresponding 

to the height of the film surface) according to the geometric relations. 

To find the solution to Eq. (7.5), we apply the following condition at the interface. 

The obtained solutions to ℎ𝑐𝑐𝑛𝑛𝑓𝑓𝑛𝑛(𝑋𝑋) and ℎ𝑝𝑝(𝑋𝑋) must match with the same coordinate and 

slope. Therefore the following conditions must be satisfied at the interface.  

�
ℎ𝑐𝑐𝑛𝑛𝑓𝑓𝑛𝑛(𝑋𝑋1) = ℎ𝑝𝑝(𝑋𝑋1)
ℎ𝑐𝑐𝑛𝑛𝑓𝑓𝑛𝑛′(𝑋𝑋1) = ℎ𝑝𝑝′(𝑋𝑋1)                                            (A2.5) 

where X1 corresponds to the point where these two solution matches. The matching 

condition is determined by the least square method with two adjustable parameters X0 

(definition of ‘infinity’) and X1.  
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7.3 Results and discussion 

7.3.1 Microstructure of the film with nanofibers and nanorods 

The high resolution SEM images of the crack-free composite films are shown in 

Figure 7.2. By varying the film thickness (t) with the similar fiber diameter (D), different 

microstructures were observed. When the applied film is very thin (Figure 7.2 (a & d), with 

film thickness ~ 50 nm), the surface shows the trace of the embedded Ni nanoparticles. 

This is due to that the thin film is conformal to the surface of the fiber with nanoparticles. 

When the film thickness increases, the surface projections of the nanoparticles become 

vague (Figure 7.2 (b & e), with film thickness ~ 100nm), and eventually disappear (Figure 

7.2 (c & f), with film thickness ~ 200nm). 

Similar microstructure was observed in mullite-SiC-Fe3O4 composite thin films. The 

magnified SEM images of the films with embedded nanorod are shown in figure 7.3. The 

 
Figure 7.1. Top: schematically showing the drying process of liquid film and 

formation of meniscus on top of the nanorod. Bottom: definition of the variables in 
the thin film leveling model 
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SiC-Fe3O4 nanorod was distinguished from the thin film matrix when the film thickness 

(60 nm) is small compared to the dimension of the rod, as shown in figure 7.3 (a). The 

grainy feature on the rod’s surface corresponds to the presence of Fe3O4 NPs. With a 

slightly thicker ceramic film (140 nm), the contour of the nanorod becomes less distinct 

from the film matrix, which is shown in Figure 7.3 (b). The grainy feature on the rod was 

masked by the ceramic film on the top. The result indicates that nanorods could be 

embedded completely, with the application of thicker films. The microstructure of such 

thick films (~500 nm) with embedded nanorods is shown in figure 7.3 (c-d). An interesting 

feature of such thin film composites is the surface protrusion observed due to the presence 

of the nanorod. It was observed that surface protrusions can be gradually eliminated with 

the deposition of mullite films of greater thickness. The detailed mechanisms will be 

discussed in the next section. Figure 7.3 (d) shows the cross-section view of an embedded 

SiC-Fe3O4 nanorod in the mullite film. The thickness evolution of the film close to the 

nanorod position was evidenced. 

 

 
Figure 7.2. SEM image showing the thin films on mullite fibers embedded with Ni 

nanoparticles  



 137 

 

7.3.2 Thickness evolution and crack formation 

The final film thickness (t) without any inclusion, fiber diameter (D) and τc are 

important as it determines whether microscopic cracking occurs around the embedded 

fibers. First of all, the film thickness must be smaller than the critical thickness, otherwise 

cracking occurred no matter whether there were cylindrical inclusions. If t < τc, then there 

were two scenarios of interests:  thin film with large rods (type 1, D > t) and with small 

rods (type 2, t > D). Figure 7.4 shows the surface profile of the thin film with fibers for 

both cases. The gel films remained crack-free before heat treatment.  

When t > D, no cracking was observed after heat treatment. The film is relatively 

flat with small protrusion caused by the nano-inclusion. The presence of the small 

protrusions can be explained by the following scenario. For the liquid film, the surface 

remains flat at early stages upon drying. The surface of the film gradually falls down during 

solvent evaporation (as shown in Figure 7.1). Meanwhile, the concentration of solute and 

 
Figure 7.3. SEM images showing the coatings on SiC-Fe3O4 nanorods. Film 

thickness (a) 60nm, (b) 140 nm, (c) & (d) 500nm 
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solution viscosity increases exponentially with time [242]. Large viscosity arises from 

drying which restrains the lateral flow. Upon further solvent evaporation, the film shrinks 

by the same volume fraction of residual solvent on top of and aside from the nanorod. One 

would expect different absolute shrinkage in height at the different locations. This creates 

the non-stationary film profile with a small meniscus formed on the surface. The final 

profile should be the intermediate condition between the stationary (flat surface) and the 

case with completely no lateral flow (shown in Figure 7.4 (a), calculated by assuming a 

constant ratio of film shrinkage (90%) estimated from the beginning solution).  

If D > t, the cracking phenomenon was complicated. Cracking was observed in 

certain samples after heat treatment, but not in others. If cracking was observed, the cracks 

were always at the edge of the inclusion where the thin film surface started to bend up 

towards the top of the inclusion (Figure 7.4 (b), the red curve). No cracking was observed 

when the film was sufficiently thin (Figure 7.4 (b), the blue curve). Cracking can also be 

prevented with enhanced critical thickness τc. As shown in figure 7.4 (c) (blue curve), the 

film remains crack-free even with a slightly greater thickness comparing to the one in 7.4 

(b) (red curve). Figure 7.5 shows microstructure of the cracked film with the fiber. The 

microscopic cracking was typically observed at the edge, along the longitudinal direction 

of the fiber/rod. 
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Figure 7.4. Surface profile of (a) as-deposited gel film and (b & c) the ceramic film 

after calcination. (b) and (c) are with different critical thickness, shown by the dashed 
line. The cracks were marked by the arrows.  

 
Figure 7.5. Cracking of thin film in the vicinity of the (a) SiC and (b) mullite-nickel 

fiber.  
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Figure 7.6 shows the profile of the films predicted using Eq. (7.5) using the 

boundary conditions described above. With the same normalized film thickness hp∞ = 0.25, 

 
Figure 7.6. Profile generated comparing to conformal films, the coordinates are 
normalized by the fiber radius R. (a): Solutions for the same hp∞=0.25 and different 
values of �̅�𝐴. (b): Solutions for the same �̅�𝐴 = 0.0037 with different values of hp∞. (c): 
The generated curve matches the experiment for small hp∞. The arrows sketch the 
position of the necking area.  
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the stationary profile became more flattered as �̅�𝐴 decreases (Figure 7.6(a)), where �̅�𝐴 is 

proportional to the strength of the interaction between the two surfaces of a thin film and 

consequent disjoining pressure. The disjoining pressure term is balanced by capillary 

pressure caused by the surface tension, otherwise the solution will continue to flow until 

the pressure is equilibrated throughout the film. A strong disjoining pressure must cause a 

large curvature at the necking area (Figure 7.6), and vice versa. With the same input of �̅�𝐴, 

the film also flattened as the film thickness increases (Figure 7.6 (b)). This is in good 

agreement with our experimental observation that the films tend to be flat with greater 

thickness. This phenomenon is caused by the thick film and consequent small disjoining 

pressure, and small balancing curvature. With the estimated values of �̅�𝐴, we generate 

numerical solutions and compare to the experimental results. Figure 7.6 (c) shows the 

generated profile matches well with the type 1 film with hp∞ = 0.25 and �̅�𝐴 = 0.0037. The 

cylindrical inclusion radius is on the order of 10-7 m, surface tension of liquid is on the 

order of 10-2 N/m. The estimated value of A is on the order of 10-19 to 10-18 J, which is 

realistic and reasonable. The solution for thick films (e. g. hp∞ > 0. 5) does not match well 

with the experimental film profile on the top of the fiber. However the simulated profile 

matches well at the necking area and far away from the rod.  

The numerical results match well with the thin film of ~60 nm thick. This modeling 

has certain limitations in predicting the surface profile of thick films with thickness above 

100 nm. Specifically, the calculated surface profile does not match experimental result on 

the top of the inclusion. This mismatch is caused by the large film thickness. The disjoining 

pressure decreases dramatically with increasing film thickness. When the disjoining 



 142 

pressure was sufficiently small, the lateral flux driven under the disjoining pressure and the 

balancing capillary pressure was too small and not able to equilibrate the pressure 

throughout the film during drying. The assumption of the modeling is no longer valid.  This 

scenario is similar to the condition in type 2 film. Upon drying, meniscus forms and 

stationary profile cannot be established by lateral flux due to the high viscosity at this stage.  

Crack develops in material possibly due to a stress concentration. For the reason 

that the films are thin and the surface steepness is typically small, we use the thin film 

approximation that only considers the effect of the in-plane stress. The non-uniform 

capillary pressure is distributed and balanced by the in-plane tensile stress: 

∇𝑥𝑥𝜎𝜎𝜏𝜏 = −∇𝑥𝑥𝑃𝑃𝑐𝑐                                                         (7.7) 

The term 𝜎𝜎𝜏𝜏 describes the stress contributed by the non-uniformity of the capillary 

pressure. For thin films that are conformal, the stationary state established in figure 7.6 

indicates that 𝑃𝑃𝑐𝑐  is uniform and ∇𝑥𝑥𝜎𝜎𝜏𝜏  equals zero. The film is therefore subjected to a 

uniform stress which is defined by 𝜎𝜎𝜏𝜏(𝑥𝑥 → ∞), the intrinsic stress within the planar films 

without fibers. The non-static profiles of the thick films lead to a gradient of stress, which 

leads to the concentration of stress near the fiber. However, the magnitude of this stress 

concentration is small. For example, the curvature observed in the experiment was on the 

order of ~ 106 m-1 (as shown in figure 7.4), the estimated capillary pressure contributed by 

curvature will be on the order of 0.1 MPa, which is significantly less than the elastic 

properties of the gel matrix [70]. The disjoining pressure should not be a dominating factor 

as well, because cracking is typically observed in thick films (as shown in figure 7.4) where 

disjoining pressure term is small. And cracking occurs more easily in thicker films, which 
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cannot be explained by disjoining pressure as it is more dominant in thin films. Therefore 

this stress concentration should not be the dominating mechanism. 

In chapter 5, it has been shown that macroscopic cracking occurs as the film 

thickness is greater than the critical thickness [148, 149, 152]. When an inclusion is 

embedded within a film, it seems like the dominating effect should be the film thickness 

vs. critical thickness in the vicinity of the fiber. The mechanism is schematically shown in 

figure 7.7. In both modeling and experiment we showed the existence of a fiber caused the 

leveling of the film around it. This planarization effect is dominant in relatively thicker 

films (among the type 1 films). The film near the fiber has a thickness greater than the 

critical value. In our study, cracking was only observed when rod’s diameter is greater than 

the critical thickness of the film. Qualitatively, the cracks were observed at the greatest 

evolved film thickness caused by leveling, whose values were above the critical thickness. 

The microscopic cracking can be prohibited by improving the critical thickness of the film, 

or reducing the rod diameter to film thickness.  

 

 
Figure 7.7 Schematically showing the occurrence of cracking determined by the film 

thickness evolution near the fiber.  
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7.4 Conclusion 

To summarize, the conditions for the initiation of microscopic cracking were 

illustrated. No cracking was observed in films with small fiber diameters (τc>t>D). 

Microscopic cracking was observed in films with intermediate thickness and large fiber 

diameter (D>τc>t) and especially in non-conformal films. Thickness profile of the 

conformal films satisfies the stationary equation for capillary pressure distributions 

governed by curvature and disjoining pressure. The profile of non-conformal films deviates 

from the stationary curves. However, the stress contributed by non-uniform capillary 

pressure is small. Microscopic cracking is governed by the thickness evolution near the 

nanorod and the critical thickness. Microscopic cracking can be reduced and eventually 

eliminated by reducing the film thickness or improve the critical thickness of the film. 
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APPENDICES 

Supportive experimental results 

The SEM micrographs of fiber composites before and after chemical etching 

process are shown in figure A1. Before etching, the number density of nanoparticles 

appeared on the surface of the fiber is on the order of 10 per unit fiber length (micrometer). 

After etching, no particles were observed on the surface of the fiber. The surface of the 

etched fibers appears to be smooth, indicating the complete removal of surface particles. 

 

 

Figure A1: SEM micrographs showing the removal of surface nanoparticles after the 

etching process 
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	CHAPTER I
	INTRODUCTION
	1.1 Applications
	Nanocomposites are a family of materials made of dissimilar phases with at least one phase dispersed at nanoscale, typically smaller than 100 nm. Nanocomposite materials circumscribe an extensive forms of materials, including zero-dimensional (e.g. core-shell nanoparticles), one-dimensional (e.g. composite filamentary structures), two dimensional (e.g. layered films) or bulk. A nanocomposite usually consists of a continuous phase (the matrix) and a dispersed phase (the filler). 
	Ceramic nanocomposites enjoy broad applications in energy conversion, construction, automotive, nuclear energy, aerospace, electronics and power generations []. They generally have the advantages of higher strength, thermal stability and chemical inertness and unique optical and electronic properties, making them exceptionally good candidates for the applications at elevated temperatures and in harsh environments. For example, adding nanofiber or nanorods in ceramics can greatly enhance the mechanical performances of ceramic materials [2-4  ]. 
	Composite materials with aligned nanorods are especially attractive for applications in a wide variety of fields [2, 5-9, , , , ]. Our goal in this dissertation is to develop ceramic thin films with embedded magnetic nanorods or nanofibers of controlled orientations. The materials are anticipated with multiple functions. The principle of materials design is governed by a synergetic combination of the following expected properties. 
	1.1.1 Corrosion resistance and wear protection 
	Corrosion and wear are combined in many applications, for example, in combustion engines and turbine engines. Ceramic thin films are corrosion and wear resistant materials owing to their inherent chemical inertness, high elastic modulus and hardness. It is desired to apply ceramic thin films or coatings on metal substrates to provide these environmental and mechanical protections. 
	For such applications, dense and mechanically robust ceramic coatings with tunable thickness are desired in principle. Cracks are deleterious for applications in corrosive media. It is often the cause of poor mechanical properties. The crack formation is often irreversible, therefore cracking in the thin film matrix during processing should be eliminated. In addition, the segregation of nanorods often initiates cracks when used as fillers in composites [2-42 3 4]. The design principle requires: the homogeneous distribution of the nanofibers or nanorods in the thin film matrix; dense and crack-free thin films. 
	1.1.2. Faraday rotators 
	A Faraday rotator is a polarization rotator based on the Magneto-optic effect. It is caused by the phase velocity difference of the left and right circularly polarized waves (e.g. a linearly polarized light can be considered as the superposition of two identical circularly polarized waves rotating in opposite directions). Magnetic nanorods and nanofibers demonstrate superior and unique magnetic, magnetooptic and magnetotransport properties [, ]. The alignment of the magnetic nanorods and chains within the film offers optically anisotropic properties [12-15   ]. This phenomenon was first observed in the magnetic fluids subjected to the magnetic field, and the magnetic particles in the fluids aggregates to form aligned chains (1D) and induce magnetic anisotropy [12-1412 13 14]. The Faraday effect in composite thin film with aligned magnetic chains demonstrates the following characteristics. When magnetic field was off, the thin film composite was optically isotropic and the polarization changes through the film does not depend on the chain orientation, which is in general governed by the Faraday effect of the magnetic materials [13]. In magnetic field, the polarization of light depends on the chain orientation [13]. 
	1.1.3. Microwave absorption
	One particular application of the magnetic composite films with ferromagnetic nanoparticles is the microwave absorption at the ferromagnetic resonance (FMR) frequencies [16-23       ]. The FMR frequency of the composite film can be controlled by the shape, size and concentration of ferromagnetic nanoparticles in a composite. Under no external magnetic field, the FMR frequency shifts to lower values and the intensity increases as the concentration of the nanoparticle increases [23]. The coefficient of microwave absorption also increases as the concentration of the magnetic nanoparticles increases. Enhanced microwave absorption at the ferromagnetic resonance (FMR) frequency was observed in single domain ferromagnetic nanoparticles, which typically presents with small particle size [, ]. 
	Due to a combination effect of shape and magnetocrystalline anisotropy, ferromagnetic nanorods or nanofibers often demonstrate anisotropic magnetization behavior []. The effects of magnetic nanorod alignment on microwave absorption were demonstrated in the composite film with vertically aligned nanorods [16-2216 17 18 19 20 21 22]. This type of materials is sometimes called ferromagnetic nanowire metamaterials [19]. This configuration of nanorods alignment is because that the materials are typically obtained by electrodeposition in nanoporous membranes [17, 19]. The FMR studies were usually carried out with different external fields (the field swept mode). Due to the anisotropic magnetization behavior of the nanorods, the equilibrium magnetization of the composite film depends on the sample geometry and its relative orientation to the external magnetic field [16, 17]. This results in the specific dependence of the FMR field positions and line width on the direction of applied magnetic fields [16, 17]. In general, the orientation of magnetic nanorods offers additional degree of freedom to tune the microwave absorption properties of the composite films. As the absorbed energy dissipates into heat, it is also desired to have the nanorods orientation for potential applications in controlled heat dissipations and thermal managements []. In principle, a feasible process should be able to control the concentration of magnetic nanoparticles in the composite film, the size of the magnetic nanoparticles or nanorods, the orientation of the nanorods.
	Additional applications of ceramic films with oriented magnetic nanofibers or nanorods can be found in high density magnetic recording and magnetic sensors. With aligned ferromagnetic nanostructures, the preferred magnetization can be achieved in a thin film matrix with enhanced coercivities [10]. Specific magnetization anisotropy admits a smaller bit size with higher magnetic recording density. 
	1.2 Scientific challenges 
	The goal of this thesis is to explore the fundamental thermodynamics and kinetics of processing low dimensional ceramics (e.g. thin films, fibers, and nanoparticles) driven by the local equilibrium, especially the processing science and kinetic phenomena driven under the local surface and strain energies. These phenomena have wide impacts on a number of key phenomena in materials science, such as cracking in film, nucleation and growth of nanoparticles.
	1.2.1 Mechanical characterization of ceramic fibers of small diameters
	Mechanical characterization of ceramic fibers of small diameters (<10µm) is a difficult task. Due to its brittleness, ceramic fiber readily suffers mechanical failure even at small deformations. This makes it very difficult to handle the fibers without damaging them [, ]. This is why reports on measuring mechanical properties of ceramic microfibers obtained from electrospinning can rarely be found. For this reason, the conventional method of tensile test is often applicable only for thick ceramic fiber, with a diameter greater than tens of micrometers []. Due to these difficulties, microfibers are typically tested in strands composed of many individual fibers [, ] and then different mathematical models have been employed to interpret the data []. A simple and cost-efficient method of measuring the mechanical property of individual fiber should be developed and verified. 
	1.2.2 Coarsening of nanoparticles (NPs) at high temperatures
	High temperature stability of metal nanoparticles has been a long standing problem in the field of catalysis and high power laser plasmonics [34-37   ]. Over time, the metal NPs suffer degradation at high temperatures and, if embedded with ceramic materials, they are prone to coalesce and sinter [38-40  ]. Coarsening is usually irreversible and nanoparticles have an inherent tendency to grow in order to minimize their total surface energy. Although controlling the size of metal NPs at high temperatures is highly desired, stabilization of them with respect to coarsening is difficult to achieve. It is generally believed that the Ostwald ripening is the underlying process of NP coarsening at high temperatures [41-43  ]. However, the theory is in contradictory with many cases, e.g. the observation of growth stagnation. A theory with appropriate explanation remains unclear. 
	The problem of interactions of elastic nuclei with an elastic matrix stands at the core of materials science and solid mechanics. The model of a NP equipped with an interfacial layer having a residual spontaneous stress became popular as it is adapted from the fluid mechanics model of a drop with and interfacial Laplace-Young tension []. For a constant surface energy and elastic moduli, the radial displacement due to the interfacial stress should not depend on the particle size [, ]. However, these theories often assume constant transformation strains which has no dependence on the particle size [45, 46]. The hypothesis of size-dependent transformation strain has essential impacts to the classical theories, and should be examined carefully. This study brings new perspective to the non-classical theory and has broad impact to both the fundamental understanding and materials design principles. 
	1.2.3 Cracking during thin film processing
	Films and coatings deposited on rigid substrates often develop large in-plane tensile stress [47-50   ]. This tensile stress could be due to the residual stress caused by the thermal expansion mismatch or the capillary forces during thin film processing (e. g. thin film processed from solution) [47-5147 48 49 50 ]. For example, solvent evaporation, polymerization reactions and sintering produce a shrink tendency for the film [47-5047 48 49 50]. Thus intrinsic stress develops due to the capillary forces. This intrinsic stress, when exceeded the material’s limit, caused the failure of the film [47-5047 48 49 50]. It is difficult to prevent cracking due to the stress, especially for thick films. The maximum film thickness of non-repetitive deposition above which the cracking occurs is often termed as “critical thickness” (τc). For sol-gel derived ceramic coatings, the τc value is typically below 100 nm [49, 50]. 
	Although the cracking problem in thin films has been extensively studied over the years, the crack formation in thin films with the nanorods remains unclear. It is sometimes challenging to process crack-free thin films embedded with nanorods, although the thin film itself (without the presence of rods) is free of cracks. When processing thin films with nanorods inclusions, the presence of such features often cause topographic evolution of the films, which gives rise to non-uniform thickness [52-58      ]. The thickness evolution, sometimes planarization is driven by the local equilibrium between surface tension and the hydrostatic pressure in the liquid at rest [52-5452 53 54]. It is practical to apply the concept of critical thickness to determine the cracking criterion in thin films with different film thickness. The application of critical thickness concept to the cracking problem with non-uniform film thickness needs to be verified. The study contributes to a more comprehensive understanding of the cracking problem during thin film processing. 
	1.2.4 Aligning nanofibers and nanorods
	There are a number of reported methods to process ceramic thin films with aligned nanofibers or nanorods. These include the in-situ growth of nanorods within the thin film templates or deposition of ceramic thin film on pre-aligned nanorods [, ]. For example, the anodizing method was used to generate nanoporous alumina thin film template with highly ordered pore-templates normal to the reacting surface, followed by integration of carbon nanotubes using chemical vapor deposition (CVD) [4]. In the other approaches, nanorods were aligned normal to the plane of substrate by template-based growth, hydrothermal or laser deposition [61-65    ]. Those methods are in general, limited to a few kinds of nanofibers or nanorods. Additionally, very few of them can be applied to achieve the alignment macroscopically. 
	To our best knowledge, there are only few successful attempts in making ceramic composite thin films with magnetic nanorods or nanofibers of controlled orientations []. Magnetic nanofibers or nanorods can be aligned in polymer solutions under externally applied magnetic fields [13, 23, , ]. When the motion of nanorods are constrained two dimensionally (e.g. in a thin film), the criterion for alignment can be derived from theoretical approaches []. The distribution function theory explains the alignment of ferromagnetic nanorods in solidifying polymer films [87]. However, the criterion for aligning superparamagnetic nanorods remains unclear. 
	1.2.5 Thin film evolution on substrates with nanofibers
	Innovative processing methods are conceived to make the thin film materials with oriented nanofibers/nanorods in macroscopic and cost-effective manner. Especially, it is beneficial to have a simple method of thin film implementation with precise control of film thickness. The sol-gel method is versatile in processing ceramic thin films [, ]. It allows processing via liquids of low viscosity, with intriguing prospects of tailoring the morphology of thin films with the nanofibers. The morphology of the film is not only determined by the coating parameter (e.g. parameters used in dip-coating), but also the dynamic equilibrium of the liquid film with nanofiber inclusions. The mechanism of thin film evolution, including the layer thickness evolution of liquid films in the vicinity of nanofibers, remains unclear. A dynamic model needs to be developed to explain the observed phenomena. 
	1.3 General approach
	The general experimental approach is shown in Figure 1.1.  The sol-gel/electrospinning method was used to align nanofibers on a substrate. The magnetic field assisted assembly was used to align magnetic nanorods . The sol-gel/dip-coating method was used to process ceramic thin films and to cope with the above two methods for the generation of thin film nanocomposites. 
	/
	1.3.1 Sol-gel techniques 
	The most commonly used precursors for processing ceramics include inorganic salts, hydroxides, alkoxides and other organic salts. Metal alkoxides belong to the family of metalorganic compounds. They are most commonly used as the precursors. During the sol-gel processing, metal alkoxides undergo the following hydrolysis and condensation reactions []: 
	𝑀𝑂𝑅𝑛+𝐻2𝑂⇌𝑀𝑂𝑅𝑛−1−𝑂𝐻+𝑅𝑂𝐻                            (1.1)
	and, 
	𝑀𝑂𝑅𝑛−1𝑂𝐻+𝑂𝐻𝑀𝑂𝑅𝑛−1⇌𝑀𝑂𝑅𝑛−1−𝑂−𝑀𝑂𝑅𝑛−1+𝐻2𝑂       (1.2)
	where M stands for metal ion and R stands for the alkyl group. The hydrolysis reaction is the replacement of the alkoxide groups (-OR) with hydroxyl group (-OH) and releasing of the alcohol molecules (ROH). Subsequent condensation reactions involve the combination of hydroxyl group which leads to the oxygen bridge between metal ions. The condensation reaction is followed by an inorganic polymerization process. Effectively, water serves as a catalyst regent as it is consumed during hydrolysis and then generated during the condensation process. The hydrolysis, condensation and polymerization reactions strongly depend on the pH of the solutions. For example, controlled hydrolysis reaction in moderate acidic condition favors the polymerization in a preferentially linear arrangement, which facilitates the fiber formation from the sol-gel precursor []. The polymerization greatly restricts chemical diffusion and phase segregation, which is desired for making high purity product and lower the reaction temperature [72]. 
	In a sol-gel system containing more than two metal ions, special attention should be given to the reaction rates between the species. For example, titanium or aluminum alkoxide is much more reactive with water than alkoxisilanes due to the lower electronegativity and higher Lewis acidity [72]. Different reaction rates of the alkoxides within one system may result in significant phase separation and degraded mixing levels between the constituents. Depending on the homogeneity level of the metal ions, a ceramic gel can be further categorized as monophasic gel or diphasic gel []. Monophasic gels are endowed with atomic-level mixing. The gel is diphasic when the homogeneity level is in the nanoscale (1-100 nm). The monophasic gel is desired for two reasons. First, it favors complete phase formation without significant grain growth at relatively low temperatures. Second, formation of metastable intermediate phases can be avoided. The homogeneity level can be controlled by adjusting precursor reactivity with the organic additives such as carboxylic acids and acetylacetonate which serve as chelating regents [74]. It can also be adjusted by replacing the more reactive alkoxide by a hydrated salt [74]. 
	1.3.2 Synthesis of mullite
	Mullite is an aluminosilicate belonging to a class of refractory ceramics. It has been endowed with excellent high temperature strength, creep resistance, and good chemical stability [75-77  ]. This is why mullite has been widely used in ceramic matrix composites and the thermal and environmental barrier films for components operated at severe environments [, ]. The sol-gel method has been widely used for synthesizing mullite. According to the homogeneity degree, the precursor gel for mullite is often divided by monophasic and diphasic. A phase that can appear during mullite synthesis is the spinel type intermediate phase. The formation of spinel phase that usually appears in di-phasic gel indicates the homogeneity level of the precursor. It’s usually due to the difficulty of controlling hydrolysis and condensation rates of the alkoxides. The monophasic precursors for mullite are obtained from a solution containing tetraethylorthosilicate (TEOS), aluminum isopropoxide (AIP) and aluminum nitrate (AN) [74]. Some other reports generate monophasic precursors from two of the above precursors such as AN and TEOS, which is usually obtained in an alcoholic solution with slow hydrolysis []. Formation of monophasic mullite gels indicates that aluminum and silicon are mixed at atomic level. These gels are formed by replacing silicon in the silica three dimensional network by atoms or hydrolyzed aluminum molecules, giving rise to the formation of Si-O-Al bonding similar to the bond formed during the crystallization stage [74]. The formation of the bonding at low temperatures decreases the temperature of crystallization, which is important for low temperature synthesis of mullite. For mullite synthesis, chemically synthesized precursors are converted into mullite between 850 and 1350°C. The conversion temperature further depends on the homogeneity level of the precursor synthesized. This is significantly lower than the classical solid-state reaction from powder mixtures, for example, with a formation temperature ranging from 1500 to 1700°C [75]. 
	1.3.3 Sol-gel nanocomposites
	Sol-gel nanocomposites belong to an important class of sol-gel materials. Among the synthesis techniques for advanced ceramic nanocomposites, sol-gel is certainly one of the most attractive ones. Sol-gel can be made to obtain both the matrix and the filler of the nanocomposite. Even from a same precursor, powders, fibers and thin films can be made. Inherently, it’s capable of chemically adjust the interface to optimize structure and properties [72]. 
	Ceramic nanocomposite can be directly made by taking advantage of the sol-gel method to include all precursors in one liquid batch, including the precursors for both the matrix and fillers. The matrix is typically obtained by the hydrolysis and condensation reactions, and the dispersed phase remains inside the matrix as precipitated salts or in an ionic state. The phase separation is triggered by chemical reactions or by thermal treatment. Precursors for both the matrix and dispersed phase (e. g. nanoparticles) were mixed to form a stable sol at the first step. Hydrolysis and condensation reactions of the precursors lead to the gelation. They can also be generated during the thermal treatment of the dried gel. For example, in situ thermal reduction was applied to the materials derived from sol gel to obtain ceramics with finely dispersed magnetic nanoparticles [, ]. The advantage of the in situ strategy is assigned to the reduced number of steps in the preparation. Although it’s convenient to generate nanocomposites from this approach, fundamental understanding should be made to the in situ process which involves the formation of multiple phases, because nanostructures can be very difficult and sometimes even impossible to obtain [72]. 
	1.3.4 Magnetic assembly
	Ceramic thin film composites are desired in many modern electronics and optics devices with miniaturized sizes and complex shapes. Challenges in ceramic thin film nanocomposites remain in the process made with commercial viable processing methods []. The major findings so far in thin film composites with aligned nanostructures mainly address polymer nanocomposites [84-86  ]. In polymer films, magnetic nanorods can be readily aligned under magnetic field [67]. Non-magnetic nanorods can be coated with minimum amount of magnetic nanoparticles, which simultaneously enriches the materials with the magnetic induced functions [84-8684 85 86] As schematically shown in figure 1.2, orientation of nanorods can be controlled by using small and moderate magnetic fields within a drying or curing polymer solution []. The degree of alignment is controlled by the kinetics of both nanorod rotation and film solidification/curing process [87]. 
	/
	Ceramic thin films embedded with oriented nanorods have not been developed yet. The magnetic field assisted assembly demonstrates intrinsic advantages in processing thin films composites with oriented magnetic nanorods. Making ceramic thin film composite from the magnetic field assembly method should be explored with the combination of wet-chemistry methods such as the sol-gel. 
	1.3.5 Electrospinning
	Electrospinning has been extensively explored as a versatile tool of generating nanofibers with designed nanofiber size, alignment and compositions. In a typical process, the polymeric solutions  are loaded into a syringe and extruded from the orifice of a needle (as shown in Figure 1.3). A high voltage electric field is applied to the needle. When the electric field is sufficiently strong, surface charges are built up and the static electric repulsive forces will overcome the surface tension to induce the formation of a jet stretched toward the grounded collector. 
	Electrospinning was at first designed for processing polymer fibers from organic solutions. Polymer solution or melt with appropriate rheological properties can be made to meet the requirement of electrospinning []. Direct spinning of ceramic fibers is considered only in principle possible from their melts at high temperatures []. With the success in the fields of polymer-derived ceramics and sol-gel, chemists and materials scientists were able to prepare spinnable ceramic precursors for electrospinning []. An extensive variety of oxide nanofibers have been processed with the notable examples of Al2O3, SiO2, mullite, ZnO, TiO2, BaTiO3, Fe2O3, NiFe2O4 and Y3Al5O12 (YAG). etc [91-97]. The have also been extended to make non-oxide ceramics such as the carbide, boride and nitride nanofibers [98-100  ]. One advantage of electrospinning method for ceramic nanofiber processing is assigned to the tunable properties of the nanofibers readily controlled by the precursor conditions for electrospinning []. It also has the capability of scaling up to the commercial level []. 
	The precursors for electrospinning of ceramic nanofibers are usually categorized as co-precipitation (PPT) and sol-gel precursors []. In the co-precipitation method, inorganic salts (e. g. hydrated salts) of metals are typically used as the ceramic precursors []. This method usually requires high polymer content as spin-aid, because the precursor solutions (without adding polymers) shows limited spinnability [90]. Sol-gel precursors differ from PPT precursors as it involves sol-gel reaction with strict control of polymerization process proceeded by hydrolysis and condensation reactions. The precursors with certain spinnability can be derived from the sol-gel process [105-107  ]. The combination of electrospinning with sol-gel processing is feasible to obtain ceramic fibers from this approach as it may require less spin-aid to form fibers with desired microstructures []. For both PPT and sol-gel method, the fibers obtained from electrospinning (usually called as-spun fibers or green fibers) need to be heat treated to convert into ceramics fibers. 
	/
	One of the emerging topics is specifically aimed to address organized clustering of fibers. Randomly oriented nanofibers are usually obtained by collecting fibers on a single piece of conductive substance. The fiber orientations were usually achieved by using specially designed collectors, such as a high-speed rotating cylinder, collector with tip-like edge or auxiliary electrode [109-112   ]. The parallel electrodes configuration, which is schematically shown in Figure 1.3, has the advantage of simple set-up, easy to obtain highly aligned fibers, and the capability of transferring the aligned fibers to another substrate []. In this setup, metal plates (e.g. aluminum) were grounded and positioned in parallel separated by a small gap (typically < 2cm) between them. The orientation of fibers was improved due to the opposite directions of electric field near the plates. When the jet hits one electrodes, charges on the tip of the jet are neutralized and the electric force pulls the rest of the jet towards another plate. As a result, the charged fibers align perpendicular to the plates. The disadvantage is that there is a limit in the length of aligned fibers. 
	1.3.6 Dip-coating
	Sol-gel/dip-coating is versatile in processing ceramic thin films of various compositions [49, ]. It requires simple and low cost equipment compared with other methods of obtaining thin films such as vapor deposition, electron beam vaporation and sputtering [49, 114]. It also has the possibility of coating large areas []. In a dip-coating process, the substrate is normally withdrawn vertically from the solution at a constant speed. For thin films (e.g. thickness < 1µm) processed from Newtonian fluids, low withdrawal speeds are typically applied where the gravity force can be neglected. The stationary film thickness is determined by the withdrawing speed, viscosity and surface tension of the solution [49, 114]. Experimentally, it is convenient to control the thickness of the film processed from dip-coating by adjusting the withdrawal speed. 
	1.4 Objectives
	A general methodology of processing ceramic thin films embedded with aligned nanorods needs to be developed. The objectives and specific tasks within the objectives are given as follows: 
	1. The exploration of the sol-gel/electrospinning approach to generate ceramic nanofibers as potential fillers for the multifunctional thin films; 
	Mullite fibers have been widely used as the reinforcement in ceramic matrix composites [, ]. These fibers are also used as the high temperature or electrical insulating materials [, ]. Mullite fibers have been produced for decades using the dry-spinning technology [105-107, 120105 106 107 ]. The diameters of the dry-spun fibers are generally about tens of micrometers. The precursors were often derived from aluminum alkoxide and tetraethyl orthosilicate (TEOS) [105, 106, 120]. The polymerization reaction was controlled via hydrolysis and condensation until the appropriate viscoelastic behavior was reached. In many applications, it is desirable to have fibers with small diameters and high surface areas. For instance, thin fibers are desired in sensing and catalyst applications. Owning to their high surface areas, the sensitivity and catalytic activity have been significantly improved [, ]. In structural ceramic composites, nanosized ceramic fibers in a ceramic matrix can lead to an improvement in the mechanical properties []. Hence nanofibers become especially important. The dry spinning technology is difficult to achieve sub-micrometer diameters. Electrospinning is a versatile processing tool for ceramic fibers, especially nanofibers [, ]. The experimental route of using sol-gel/electrospinning method towards mullite nanofibers will be explored in chapter 2. A novel, nondestructive method of testing micro and nanofibers by applying a magnetic torque on the free end of a suspended fiber is developed to examine the flexural rigidity of ceramic microfibers. 
	2. The design of experimental protocol to fabricate ceramic nanofibers embedded with magnetic nanoparticles by in situ precipitation;
	Many research efforts have been made to fabricate nanocomposites with unique properties and multi-functionality enabled by the nanoscale microstructure [126-128  ]. Novel properties have been achieved with the ceramic-based nanocomposites of embedded metallic nanoparticles (NPs). Controlling the dispersion and the size distribution of the NPs is the key to achieve optimum performance and desired properties []. These nanocomposites can be achieved using thermal reduction, mechanical mixing, liquid phase deposition, chemical vapor deposition, laser deposition, or sol-gel method [81, 130-134    ]. The thermal reduction method is one of most commonly used ones, through which metal oxide precursors can be converted to dispersed metallic nanoparticles with a heat-treatment in the reducing atmosphere [82, 126]. Aerogels, films, fibers and powders are especially suitable for this method due to their low density, open porous structure, and high specific surface area that allow easy diffusion of reducing gases [126, , ].
	Transition metal NPs often have interesting properties and important applications in catalysts, sensors, magnetic, electronic and optical devices [82, 135, 136]. Nickel NPs are particularly important as catalytic, conductive and magnetic materials. Embedding Ni NPs into the ceramic matrix provides the magnetic functionality, which can be used for non-destructive evaluation (NDE) of the materials condition []. It has been demonstrated in many ceramic/metal nanocomposites systems such as the SiO2/Ni, Al2O3/Ni, Y-TZP/Ni and ZrO2/Ni [128, 135, 136, ]. The thermal reduction method is one of the most convenient ways to introduce dispersed nickel NPs [128, 138, ]. Reduction sintering of ceramics with additives of NiO or Ni2+ salts resulted in intragranular Ni NPs of sizes between 20 and 100 nm dispersed at the grain boundaries and within the grains of an oxide host [128, 139]. The way to synthesize mullite-nickel nanocomposite fibers using electrospinning, followed by thermal reduction will be explored in chapter 3. The consequent properties and materials microstructures will be elaborated in detail. 
	3. The fundamental understanding of the nanoparticle formation and its mechanical state at high temperatures;
	Synthesis and stabilization of metal nanoparticles of well-defined size has been one of the emerging themes of nanoparticle research. For example, high temperature stability of metal nanoparticles is the main issue in the field of catalysis and high power laser plasmonics [38, 39, , ]. Over time, the metal NPs suffer degradation at high temperatures and, if embedded with ceramic materials, they are prone to aggregate and sinter [38-4039 38 40]. Stabilizing metal nanoparticles at high temperatures within a ceramic host is highly desirable and should be fundamentally understood [, ]. 
	The problem of interactions of elastic nuclei with an elastic matrix stands at the core of materials science and solid mechanics [144-147   ]. The seminal works by Eshelby [144] put this problem at the forefront of materials science and mechanics and the appreciation of its importance is raised with the progress of nanotechnology offering different ways of making metal/ceramic, metal/metal or ceramic/ceramic nanocomposites. An important example is the analysis of stresses caused by the lattice mismatch in nanoparticles-quantum dots embedded in a matrix. These spontaneous stresses are of particular significance as the means to tailor the band-gap structures of the quantum dots in heterostructures of the electronic devices [145]. With the recent nanotechnology developments, especially in semiconductor industry, it becomes clear that the interface separating the nanoparticle from the matrix significantly influences the stress field inside and outside the inclusion [144-147144 145 146 147]. 
	However, the theories overlooked the size dependence of the transformation strain. To fundamentally understand the process, theoretical analysis and experimental study of the misfit elastic strain of the Ni NP precipitated from a mullite fiber matrix is performed in chapter 4. The transformation strain is presumed caused by the volume dilatation from the matrix. 
	4. Design of experimental procedure to fabricate defect-free ceramic coatings
	The sol-gel process is a versatile technique in processing low dimensional glass and ceramic materials such as fibers and coatings. In the coating process, the condensation during drying and decomposition upon heat-treatment can greatly affect film formation. The capillary and coherent forces during these processes are the driving forces for densification of films. On the other hand, the intrinsic stress caused by the shrinkage, if exceeds the material’s limit, results in uncontrollable cracking and decohesion. It is difficult to prevent cracking due to the stress, especially for thick films [47, 48, ]. The maximum film thickness of non-repetitive deposition above which the cracking occurs is often termed as “critical thickness” (τc). For sol-gel derived ceramic films, the τc value is typically below 100 nm [49, 50]. Many attempts have been made to increase the critical thickness, such as using additives with chelating ligands (e.g. acetylacetone), or high molecular weight solvents and/or organic polymers [149-153    ]. The polymers are soft and more ductile than ceramics. Such polymers as polyethylene glycol and polyvinylpyrrolidone (PVP), were used as the additives to prevent cracking [153, ]. They were demonstrated to be effective for stress relaxation during heat-treatment in sol-gel film studies [148, 154]. 
	It is often desirable to have the dense, crack-free, thick and coherent mullite coating for corrosion protection. There are many reports on the preparation of mullite coatings using the sol-gel method [155-158   ]. However, in these reports, mullite coatings were usually obtained from diphasic precursors [155-158155 156 157 158]. For instance, mullite coatings can be synthesized from a colloidal precursor using boehmite and Tetraethyl orthosilicate (TEOS) as the starting materials [155]. Polymers and chelating agents were added to suppress the condensation reaction which gave rise to a high τc value of above 1 μm [155]. The intermediate phase, such as the Al-Si spinel, was observed [155]. The high temperature heat-treatment at above 1400°C is usually required to obtain the mullite phase, once the intermediate spinel phase was formed. Due to the high temperature sintering, abnormal grain growth often occurred, resulting in substantially large grains [155]. In other reports, aluminum nitrates (AN) and TEOS were used to process the sol-gel precursors for mullite coatings [156-158156 157 158]. In those works, the mullite phase was achieved at or above 1200°C due to the diphasic precursors, and adding polymer modifiers did not change the di-phasic nature of the precursors. [156-158156 157 158]. 
	A monophasic precursor has the advantage of low processing temperature and excellent single phase purity. It is interesting for ceramists to understand the low temperature processing of dense crack-free mullite coating, using the monophasic precursor with the addition of polymers as structural modifiers. In chapter 5, the role of polymer additives as the sol-gel structure modifier is explored for the coating process. 
	5. The general strategies for making macroscopic ceramic thin films embedded with nanorods. 
	Ceramic fibers with submicron diameters, including short fibers such as whiskers and rods, exhibit superior physical and chemical properties. They are chosen as a platform for multifunctional, hierarchically organized nanocomposites [2, 5, 159-161  ]. Aligning submicrometer ceramic fibers is one of the state-of-art technologies for advanced nanocomposites [13, 162-164  ]. Particularly, we present two promising methods to process ceramic thin film nanocomposites: the magnetic assembly and electrospinning. The magnetic field assisted assembly of nanorods demonstrates intrinsic advantages in processing thin films composites with oriented magnetic nanorods. In a drying or solidifying polymer film, short nanorods or whiskers can be well aligned [87]. The strategy for nanorod alignment in macroscopic materials has also been developed recently [23]. Electrospinning enables fabrication of extensive variety of ceramic and composite fibers of small diameters [103, 108, 165-167  ]. Although the strategies for alignment have been developed in the literature, integration of ceramic films or bulk composites with embedded electrospun nanofibers while retaining the ordering structure remains challenging [165, 166]. Processing ceramic thin film composite from the magnetic field assembly and electrospinning method is explored in chapter 6. 
	6. The fundamental understanding of the ceramic thin films formation on substrates with nanorods or nanofibers;
	Integrating pre-aligned submicrometer ceramic fibers into thin ceramic films has broad technological implications. Fundamentally understanding the sol-gel thin film formation with submicrometer fibers offers perceptive knowledge in engineering novel ceramic composites. With the formation of a thin solid film, the submicron short fibers were confined in the plane of the substrate with retained orientations. On the other hand, presence of submicron fibers affects the local equilibrium where the gel film conforms on the fiber inclusions. This could initiate microscopic cracks at the interfaces []. However, fundamental studies on the detailed mechanism were not carried out. Detailed investigations should be given to understand the topographic evolution of sol-gel composite thin film and the cracking problem with the fiber inclusions. 
	Researchers have been investigating the micrometer thick film formation on substrates with features in micrometer scale, such as holes, trenches or wedges [52-5852 53 54 55 56 57 58]. The thickness evolution was determined by flow of liquids over topography. Introducing surface tension as a driving mechanism into standard lubrication theory for thin Newtonian fluid layer leads to a fourth order nonlinear equations [52-5852 53 54 56 57 58 , ]. Furthermore, extended investigations were carried out to understand the effect of solvent concentration profiles, composition-dependent viscosity, fluid inertia and viscoelasticity, Marangoni stress and gravity-driven cases [170-173, , , ]. There are only a few cases that static equilibrium can be reached [55, ]. For example, in spin-film, equilibrium profile was reached when centrifugal and capillary forces are exactly balanced [55, 174]. For the cases that capillary force is non-balanced, the thickness profile is dominated by the kinetics of evaporation, liquid transportation and time-dependent viscosities. Without external body forces, driving force for planarization of the film always exists in order to minimize the curvature of the meniscus. 
	The fundamental studies on nanoscale thin film formation with nanorods were not carried out. The film thickness evolution with nanorods and formation and microscopic cracks are investigated both experimentally and theoretically. 
	CHAPTER II
	DEVELOPMENT OF THE ELECTROSTATIC SPINNING OF FIBERS AS POSSIBLE CANDIDATES FOR FILLERS IN CERAMIC COMPOSITE THIN FILMS
	2.1 Introduction
	2.1.1 Synthesis of mullite fibers by sol-gel/electrospinning
	In this chapter, we present the method of synthesizing mullite fibers with controlled morphologies using the sol-gel/electrospinning method. Mullite fibers have been produced for decades using dry-spin technology [105-107105 106 107]. However, the diameters of the dry-spun fibers are generally about tens of micrometers. In many applications, it is desirable to have fibers with small diameters and high surface areas. For instance, thin fibers are desired in sensing and catalyst applications. Owning to their high surface areas, the sensitivity and catalytic activity have been significantly improved [121, 122]. In structural ceramic composites, nanosized ceramic fibers in a ceramic matrix can lead to an improvement in the mechanical properties [123]. Hence nanofibers become especially important. 
	Electrospinning is a versatile processing tool for ceramic fibers, especially nanofibers [124, 125]. There are only a few successful attempts in processing mullite nanofibers by electrospinning [175-177  ]. The mullite nanofibers have been fabricated by electrospinning of AIP, AN and TEOS directly mixed with polymer additives, such as polyvinylpyrrolidone (PVP), polyvinyl butyral (PVB) or polyvinyl alcohol (PVA) [175-177175 176 177]. A high concentration of polymer, normally 5% to 8% in the precursor was required for electrospinning [175-177175 176 177]. Reducing the polymer content is desired as it increases the ceramic yield, leading to a smaller shrinkage of the material during heat treatment. We present an approach for electrospinning of mullite fibers which only requires a small concentration of polymer spinning aid of less than 0.3%. 
	Controlling fiber diameter and its uniformity is an imperative process of electrospinning. The control is usually approached by adjusting the viscosity of the electrospinning solution. The viscosity of the solution is conveniently tuned by changing the solute concentration. Therefore the concentration-dependent viscosity shall be measured to fully appreciate the effect of the solution viscosity on the materials’ microstructure. Other processing parameters, including the solution feeding rate, distance between the electrodes, applied voltage and relative humidity should be meticulously controlled. A few groups of trial experiments were carried out in the first step to find the appropriate those processing parameters for electrospinning. A practical method is to fix a moderate feeding rate (e.g. 0.5ml/h) and distance between electrodes (e.g. 20cm), then gradually increase the applied voltage until the formation of stable jets without significant breakage. Then those parameters are finely adjusted around the trial ones to further stabilize the jets and maintain the uniformity of materials on the collectors. 
	2.1.2 Mechanical characterization of ceramic fibers obtained from electrospinning
	Mechanical characterization of ceramic fibers obtained from electrospinning is a difficult task. Due to the difficulties in handling nano- and microscale fibers obtained from electrospinning and measuring small load required for deformation, reports on measuring mechanical properties of the electrospun ceramic fibers can rarely be found. Due to its brittleness, ceramic fiber readily suffers mechanical failure even at small deformations. This makes it very difficult to handle the fibers without damaging them [, ]. To avoid this problem, the tensile test is typically conducted on a thick ceramic fiber, with a diameter greater than tens of micrometers []. Due to these difficulties, microfibers are typically tested in strands composed of many individual fibers [, ] and then different mathematical models have been employed to interpret the data []. Recently, some other approaches have been successfully developed such as a modified tensile test, atomic force microscopy, microcantilever vibration methods, beam bending methods and the nanoindentation method [184-187   ]. Among these approaches, the fiber bending method assumes the simplest experimental setup [187, ]. It is instructive to investigate the flexural rigidity of microfibers by examining their shape and comparing it with the Bernoulli-Euler or Timoshenko predictions. This experimental setup, as schematically shown in figure 2.1, utilizes small magnetic forces to deform a fiber attached with a magnetic tip []. From the stationary bending profile of the fiber, elastic constant of the fiber can be calculated. 
	2.2 Experimental Procedure
	2.2.1 Materials processing
	Aluminum isopropoxide (AIP, Al(C3H7O)3, 98%,), aluminum nitrate (AN, Al(NO3)3·9H2O, 98%, Alfa Aesar, MA, USA) and tetraethyl orthosilicate (TEOS, Si(OC2H5)4, 98%, Acros Organics, NJ, USA) were used to synthesize the precursor. The precursor compositions are given in Table 2.1. Water was used as the solvent. For each batch, the total concentration of AIP and AN were kept at 0.6 mole. AN was dissolved in deionized water at room temperature by vigorously stirring it for 30 min. Then AIP and TEOS were added into the solution and stirred for 20 hours. AIP and TEOS were dissolved completely, and clear solutions were obtained. Each solution was then refluxed at 80°C for 5 hours. Approximately 2/3 part of the solvent was removed using a rotary evaporator (IKA RV 10 digital, IKA, China). The obtained solutions were then set in an oven at 80°C until viscous sols were formed. The spinnability of these sols was determined using hand-drawing with a glass rod.
	A polyethylene oxide (PEO, MW 1,000,000, Aldrich, MO, USA) solution of 2 wt% in H2O was prepared separately as the spinning aid solutions. Sol MS7 from Table 2.1 was diluted in ethanol, and then mixed with small amount of PEO solution. These solutions were ready for electrospinning, and are called ‘E-sol’ in Table 2.2. The volume ratios between the initial mullite precursor, PEO solution, and ethanol are given in Table 2.2. The calculated mullite yields and PEO concentrations with respect to the E-sol volume are also given in Table 2.2.
	/
	/
	The fibers were electrospun under an applied electrical field generated using a high voltage supply (Model PS/FC60P02.0-11, Glassman High Voltage Inc, NJ, USA). A positive voltage of 10kV was applied to the needle of the syringe containing e-spun solutions driven by a syringe pump (Model NE-300, New Era Pump System Inc, NY, USA). The flow rate was set to the vicinity of 0.5 ml/h. The needle was placed 20 cm apart from the collector. The fibers were produced at 25 - 35% ambient relative humidity and collected using a rotating collector. The rotating collector has four grounded stainless steel bars, with a gap of ~10 cm between each pair of adjacent bars. The fibers were then cut from the collector and collected in the form of mats. The obtained fibers were dried at 60°C for 24 hours before firing. The heating rate was set at 1°C/min below 500°C and 10°C/min above 500°C. The fibers were fired at 1000°C, 1200°C, or 1400°C for 2 hours.
	2.2.2 Characterization
	The viscosity of sols was measured using a viscometer (Viscolead ADV, Fungilab Inc, NY, USA) at room temperature. The thermal characteristics were studied at different heating rate under flowing air condition using DTA (DTA7, Perkin Elmer, Waltham, MA, USA), and TGA (TGA7, Perkin Elmer, Waltham, MA, USA). The materials microstructure was characterized using X-ray diffraction (XRD, Rigaku Co., Ltd., Tokyo, Japan) and scanning electron microscopy (SEM, Hitachi S4800, Hitachi, Ltd., Tokyo, Japan). The average size of fiber diameters of the as-spun and fired fibers was calculated from more than 100 randomly selected fibers taken from SEM micrographs.
	The single filament tensile tests were carried out using a single filament tensile testing machine (Instron 5582, Instron Ltd., High Wycombe, Buckinghamshire, UK). During each test, a single mullite fiber was mounted and fixed using superglue or tape onto a C-card. After mounted on the test machine, the C-card’s neck was cut open. The strain rate is set as 1mm/min. Two gauge lengths (5mm and 10mm) were used. The fiber diameters for each test were measured using optical microscope (Olympus BX51, Olympus Optical Co. Ltd, Tokyo, Japan). 
	For the fiber bending test, a single 1 mm long fiber was glued to the glass substrate at one end. The iron fillers (FerroTec, Santa Clara, CA) were mixed with the superglue with a 1:1 weight ratio. The fiber tip was immersed into the liquid and then the fiber was pulled out. The residue droplet was dried in ambient atmosphere to form a magnetic tip. This magnetic glue was sufficiently thick to solidify before slipping off of the fiber tip. Magnetic moments of the deposited droplets were measured by using an Alternating Gradient Magnetometer (AGM 2900, Princeton Measurements Inc., NJ, USA). Once the applied magnetic field is known, one can calculate the applied force. To control the magnetic force in the bending experiment, a cone shaped magnet (SuperMagnetMan, 12.7 * 12.7 mm, N50 grade) was placed on a movable stage as shown in Figure 2.1. The central axis of the magnet was aligned along the z axis. Moving the magnet back and forth, one can force the suspended fiber to bow. The process of the fiber bowing was filmed with a camera and then the images were analyzed with the developed code. The magnetic force was calculated from the simulated magnetic field according to the method of Ref [188]. 
	/
	2.3 Results
	Table 2.3 summarizes the appearance mullite precursor after mixing and condensation. The pH value and spinnability after condensation are also given in Table 2.3. A viscous sol was obtained from sol MS5, MS6, MS7, MS8 and MS9 respectively without apparent phase separation. The viscosity changes with time of the mullite precursors are shown in Figure 2.2. In general, sols MS5 and MS7 had relative mild slopes in the late stage of polymerization, especially when the viscosities were greater than 100 poises. Sols MS8 and MS9 showed steep increase of viscosity with time. In the sol-gel process, the sol viscosity can be greatly affected by a small change in the processing conditions, such as initial concentration, pH value, and setting temperature. Sometimes the ‘relative time’ is used to compare the polymerization behaviors []. Relative time is defined as t/tg, where t is the real time and tg is the total gelation time when the sol becomes the solid gel. Figure 2.2 (b) shows the viscosity change vs. relative time when the viscosity was above 100 poises. At this stage, the viscosity increased drastically. Sols MS8 and MS9 showed narrow viscosity-time windows for processing at the final stage of gelation compared with sols MS5 and MS7. Thus sol MS7 was selected for fabrication of electrospinning precursors. All the mullite fibers obtained in this chapter were from sol MS7. 
	/
	The initial precursors were too viscous for e-spinning. Therefore, mullite sols were diluted with ethanol and PEO solutions. Figure 2.3 shows the viscosity of modified precursors (E-sols) at different shear rate. All E-sols exhibited shear-thinning behavior. With increasing ethanol content, the viscosity decreased gradually. 
	/
	/
	/
	In the DTA traces, shown in Figure 2.4 (a), the endothermic peaks at 100-200°C were attributed to the evaporation of absorbed solvent and low molecular weight organics []. The endothermic peak at 300 - 400°C was due to the decomposition of polymer chains [191]. The exothermic peak at around 1000°C corresponded to the crystallization of mullite phase. These peaks are consistent with other reports [107, 191]. With increasing heating rate, the exothermic peaks shifted to the higher temperatures. The TGA result (Figure 2.4 (b)) was consistent with the DTA results. With a heating rate of 5°C/min, the significant weight loss occurred at 100 - 400°C. There was no significant weight loss at above 500°C, indicating the completion of organic decomposition.
	The XRD results on the mullite sol after heat-treatment at 800°C, 1000°C and 1200°C was shown in Figure 2.5. The labeled peaks indicate the well-defined pure mullite phase without spinel phase. In the sol-gel processing, elimination of the spinel formation is challenging and important [192-194  ]. 
	/
	The obtained mullite fiber microstructure are summarized in Table 2.4. Except E-12, the rest of the E-sols were spinnable. Only beads were obtained without fiber from E-12. The SEM micrographs of electrospun fibers are shown in Figure 2.6. Mullite fibers with diameters from 500 nm to 15 μm were obtained from the solutions with the compositions described in Table 2.4. Figure 2.6 shows some of the electrospun fibers. The fibers in Figure 2.6 (a) to (e) showed uniform microstructure. The surfaces of the fibers were smooth. With the increasing ethanol content up to 81 vol%, the diameter of the fiber gradually decreased to about 500 nm. Further increasing the ethanol content, we were unable to obtain uniform fibers. The beads appeared and the fiber diameters became uneven, as shown in Figure 2.6 (f) to (g). When the viscosity was too low, only beads were collected (Figure 2.6 (h)).  
	/
	/
	The mullite fibers fired at 1200°C for 2 h are shown in Figure 2.7. The calcined fibers did not fuse with each other. There were no cracks or pores observed on the fiber surface and cross-sections. The surfaces of the heat-treated fibers exhibited tiny grains and thus were rougher than the as-spun fiber surfaces. This feature was caused by the mullite grain growth. The fiber diameters can be achieved from above 10 µm to about 400 nm. Figure 2.7 (a) shows the largest diameter, which is about 12 µm. Figure 2.7 (b) - (e) show the mullite fibers with different diameters obtained from E-sols in Table 2.4. The thinnest mullite fiber obtained in our study was about 400 nm in diameter. In general, the obtained mullite fibers have narrow diameter distribution for each batch, not including the fibers obtained from E-10 and E-11. Those fibers have uneven fiber diameters as spun. Figure 2.8 shows the diameter distribution of mullite microfibers obtained from E-3. These fibers were selected for mechanical test, because the fiber diameter of ~3μm is about the limit for our tensile test machine. We were not able to test smaller diameter fibers. 
	A. Tensile test
	There were two mounting methods used to fix the fibers on the C-cards. We use superglue or tapes to fix the fibers on the C-cards. When superglue was used to fix the two ends, the fiber was not able to slide during the test. This is because after superglue was cured, it completely became solid. When the tape was used, the fiber can slip during the test. If the fiber did not slide during stressing, the modulus measurement was accurate. The tape mounting did not generate any meaningful modulus values, but the measured tensile strengths were accurate. The success rate for the 5 mm gauge length measurement was extremely low (less than 10%) if superglue was used. Most of the fibers were broken at the superglue contact spots rather than in the middle of the fibers. The mechanical properties of the mullite fibers were summarized in Table 2.5. The result values were obtained based on at least 20 successful measurements. The 5 mm gauge length test was done using the tape to mount the fibers. The average tensile strengths of the mullite fibers were about 1.46 GPa for 5mm gauge length, and 1.25 GPa for 1 cm gauge length. An average elastic modulus of about 100.02 GPa was determined when superglue was used to mount the fiber. 
	/
	/
	/
	B. Bending test
	A series of snapshots taken during the bending test are shown in Figure 2.9. The fiber had a length of 0.64 mm (measured from the fixed-end to the free-end) and diameter of 4.5 µm. The fiber started to flex to the left in frame 1 and continued to bow with increasing deflection when the magnet was approaching the fiber. As shown above, the torque on the tip was negligible and the fiber bent because of the field gradient. The magnitudes of forces exerted onto the fiber tip as well as the tip coordinates are summarized in Table 2.6. The change of the x coordinate is initially small, i.e. the tip moves almost along the z - axis. A noticeable displacement of the fiber tip from the magnet axis can be seen in frames 7-9. The angle of the force vector in Table 2.6 was calculated from the magnetic field distribution as discussed in Ref. [188]. 
	/
	/
	After bending, the fibers took on their original configuration, parallel to the vertical axis. This fact suggests that the stresses have been completely relaxed and the fibers have not acquired any irreversible or plastic deformations. Taking into account the complete recovery of the fiber shape after deformations, it is natural to assume that the material is purely elastic. Moreover, we will use the Euler elastica model that neglects any shear deformations in the material []:
	𝐼𝐸𝑑2𝜃𝑑𝑙2−𝐹sin𝜃=0                                                         (2.1)
	where E is the elastic modulus; I is the second moment of inertia; l is the arclength, 0<l<L, where  L is the fiber length; θ is the angle formed by the tangential line at the point with arclength l with the z-axis; F is the applied magnetic force. For a fiber with the circular cross-section, the second moment of inertia is I = πd4/64, where d is the fiber diameter [195]. Since the x-component of the magnetic force is much smaller than the axial z-component, the problem is simplified by assuming that the force F acts only in the z-direction. The weight of the droplet is also negligible. From the dimension of the droplet shown in figure 2.9 we estimated the gravitational force on the order of 10-9 N. The magnetic forces employed are in the micronewton range which is at least two orders of magnitude greater than the weight of the droplet. We impose the following boundary conditions to solve Eq. (2.1):
	𝜃=𝜋2    𝑎𝑡 𝑙=0𝑑𝜃𝑑𝑙=0   𝑎𝑡 𝑙=𝐿                                                   (2.2)
	With the known I and F parameters, one can reproduce the fiber profiles and compare them with the experimental ones. However, since the elastic modulus E was not known in advance, we needed to run a series of experiments adjusting E in order to fit the fiber bows. 
	In order to determine elastic modulus E, we numerically solved the Euler elastica equation with the specified boundary conditions. A comparison of the experimental and theoretical fiber profiles was done at a sequence of points (xi,zi) (i=1,2…N) shown in Figure 2.10. A Matlab program allows one to determine elastic modulus, E, corresponding to the best fit of the experimental and theoretical fiber profiles. Figure 2.10 collects the results of numeric fit of the fiber profiles given in frames 2-8 of Figure 2.9. The solid curves correspond to the theoretical fiber profile according to the numerical Euler elastica solution. The solid symbols correspond to the experimental data points. It is evident that the Euler elastica model describes the fiber profiles fairly well. The extracted elastic modules are summarized in Table 2.7. An average value of E = 104.8 ( 5.7 GPa was obtained from frames 2-6 in Figure 4.8 when the fiber tip was not moving far away from the magnet axis.
	/
	/
	In order to verify the obtained results, we applied another method developed in Ref. [188]. This method takes advantage of the analytical solution of the Euler-elastica model [195]: 
	𝑧0=𝐸𝐼2𝐹𝐵𝜃0,𝐵𝜃0=𝜃0𝜋2cos𝜃cos𝜃0−cos𝜃𝑑𝜃𝑥0=2𝐸𝐼𝐹cos𝜃0                           (2.3)
	where 𝜃0 is the angle formed by the tangential line at the fiber tip and the z-axis. For fiber configurations having cos𝜃0<0.5, the analytical solution (4.3) can be approximated by polynomial functions to give useful relations between the applied force and coordinates of the fiber tip [188]:
	𝐹≈3.19𝐸𝐼𝑧0𝐿3𝑥0≈𝐿−0.615𝑧02𝐿                                                      (2.4)
	Since the x coordinate of the fiber tip does not change significantly in frames 2-5, we therefore used frames 2-5 to specify z0 and calculate the force and then extract elastic modulus solving Eq. (2.4) for E. Figure 2.11 presents the obtained values of the applied force as a function of the tip position z0. All available data points fall onto a straight line such that  E = 103.1 ( 3.4 GPa for the given series of fibers. This value of elastic modulus is in good agreement with results obtained by fitting the fiber bows with the Euler elastic profiles. Solving the Euler elastica model and attempting to fit the fiber bow by adjusting the E values, one observes that the modulus drastically decreases when the deformations become significant and the fiber tip moves away from the magnet axis. This non-physical behavior can be taken as an indication of the importance of the x-component of magnetic force within this range of deformations.
	/
	2.4 Discussion
	The precursors for E-spinning of ceramics are usually characterized as co-precipitation (PPT) and sol-gel precursors [103]. Sol-gel precursors differ from PPT precursors as it involves sol-gel reaction with strict control of polymerization process proceeded by hydrolysis and condensation reactions. The precursors with certain spinnability can be derived from the sol-gel process [105-107, 120, 190, 191 105 106 107]. The combination of electrospinning with sol-gel processing is feasible to obtain ceramic fibers from this approach as it may require less spin-aid to form fibers with desired microstructures [108]. We control the hydrolysis process in the beginning, so that the mullite sol itself was spinnable. The good spinnability was attributed to the increased viscosity in sols containing linear polymers [107, 191]. We can e-spin diluted sol without adding any PEO. However adding PEO does improve the fiber uniformity. For such application, high content of PEO is not necessary. Compared with the previous research, the polymer contents in the E-sols are substantially lower. Approximately 0.1% to 0.3% PEO was used, which is dramatically less than other reports (e.g. 5 - 8% in ref [175-177175 176 177]). The microstructures of as-spun fibers are mainly determined by the viscosity and solute concentration of the e-spun solution. From sol E-1 to E-9, solution viscosities were high enough to form continuous fibrous microstructure. The fiber diameter increases from ~315 nm in sol E-7 to ~12 μm in sol E-1, which is assigned to higher viscosity of the solution at higher concentration. The fiber diameter obtained from sol E-8 was greater than that from E-7. This is probably due the viscosity difference in the two precursors, since higher viscosity generally results in a larger fiber diameter. The viscosities of E-7 and E-8 are not presented in here, because of the limitation of our viscosity testing instrument. The viscosities of E-7 and E-8 were too low to be accurately determined, both were below 0.1 poise. The concentration of PEO nearly doubled in sol E-8 than in E-7; and the sol concentration for both, in the term of mullite yield, was similar. In sols E-10 to 11, surface tension was dominant and beaded fibers were formed during the electrospinning process. The conventional PPT/e-spin method shows discrepancy in making thick fibers such as microfiber. This is due to the formation of wide and flat ribbon shaped fibers at high polymer doping level [175-177175 176 177]. Thanks to the low polymer content, ribbon-like fibers were not engendered in current approach. The fibers obtained from the sol-gel/e-spin precursor shows round shape with controlled diameters from nano- to micrometers, which is unprecedented in previous studies.
	The mixing level between TEOS and aluminum alkoxide during hydrolysis is important because sometimes these two chemicals can phase separate during hydrolysis, resulting in the so-called diphasic gel [74]. The diphasic gel decreases the fiber strength and creep resistance at high temperatures [107]. The obtained mullite fibers had low crystallization temperature at below 1000°C. Thus the grain growth can be effectively prohibited [107, 190, 191]. The single mullite phase formation was caused by the controlled hydrolysis reaction in moderate acidic condition (e.g. pH = 3 - 4.5). This yields Al-O-Si bonding in atomic level [73]. The simple unit of aluminosilicate complex then polymerizes in a preferentially linear arrangement, which facilitates the fiber formation []. Phase separation does not occur in the above mentioned precursors. They are often referred as the monophasic precursors. In contrast, diphasic precursor will have phase separation, and as a result, the spinel phase was observed during crystallization [74]. The XRD results show that only single mullite phase was observed at between 800 - 1200°C without any spinel phase. The monophasic gel is desired for two reasons. First, the complete phase formation without significant grain growth at low temperatures is important for mechanical strength. Second, the spinel phase can be avoided to ensure the high temperature creep resistance. In our work, grain growth was inhibited in all fibers with average grain size below 10 nm after firing at 1000°C. In the di-phasic system, the grain size is about 100 nm due to a higher phase formation temperature at 1200°C, where co-existence of γ-AlO3 phase was also observed [175].
	In the DTA experiment, the kinetics of reactions of the type solid state reactions (e. g. crystallization of the amorphous gel) is reflected by the peaks in the curves due to the changes in heat flow and thermal parameter of the samples. The transformation often possesses an activation energy. And the rate of reaction is written in the form that is proportional to the rate constant (𝑘(𝑇), which is an exponential function of temperature 𝑇) times a function of the amount of reactant (𝑓(𝑋), 𝑋 the fraction of reactant remaining) []. The position of the peak varies with the heating rate Pr with other experimental parameters fixed. The variation of the peak temperature could be used to determine the activation energy Ea. The activation energy can be calculated from the DTA exothermic peaks using the Kissinger’s equation [197, ], 
	ln𝑇𝑝2𝑃𝑟=ln𝐸𝑎𝑅+𝐸𝑎𝑅𝑇𝑝−ln𝜈                                               (2.5)
	where Tp is the exothermic peak temperature; R is the gas constant; and 𝜈 is the frequency factor constant, which is defined as: 𝜈=𝑑𝑓(𝑋)𝑑𝑋 [197]. Eq. (2.5) is applicable for the reaction that proceeds at a rate varying with temperature, that is to say, the process is thermally activated. And a basic assumption is that the same mechanism and kinetics parameters hold throughout the reaction, which has been proved in the nucleation-growth of mullite []. The activation energy for mullite phase formation (also known as mullization) calculated from Eq. (2.5) was Ea = 1411 kJ/mol by linear fitting the data obtained from the DTA experiment (shown in Figure 2.12). This value is in good agreement with many of the previous reports [199-201 199  ]. Okada showed that in monophasic gels, the Ea values for mullization range from 800 to 1400 kJ/mol [201]. The corresponding crystallization temperature has a maximum of about 1000°C [201]. This further testifies the monophasic character of the mullite sol.
	/
	To our best knowledge, there are very few works have been done on measuring the mechanical properties of electrospun mullite fibers. However some works can be found for measuring the mechanical properties of small diameter (e.g. 3 - 5 µm) dry-spun mullite fibers [, ]. Li et al. reported a tensile strength of 1.1 - 1.4 GPa for the phase pure mullite fiber of diameter of 3 -5 µm [202]. A tensile strength of 1.3 - 1.6 GPa was reported for alumina rich electrospun mullite fibers of diameter 3 - 12 µm [203]. The tensile strength of the mullite fibers obtained in our study is similar or slightly better than the studies of dry-spinning mullite fiber [202, 203]. This shows the importance of controlling the spinning aid contents. The polymer spinning aid usually leaves porous microstructure after burned off. Controlling the hydrolysis process can significantly reduce the needed spinning aid content, and thus resulting in improved mechanical performance. The grain size to diameter ratio has a crucial effect on the mechanical properties of the fibers. For instance, significant and exaggerated grain growth was found to deteriorate the failure strength of mullite microfibers []. In nanofiber systems, grain growth determines the nanocrystalline structure and mechanical performance [90]. Sometimes good mechanical properties of nanofibers may take advantage of the small grain size and high volume fraction of grain boundary of the nanocrystalline structures.
	The results of the bending test were compared with those obtained from the tensile test. An average elastic modulus of about E = 100 GPa was found, which is in agreement with the value found from the bending test. In the tensile test, the fiber strength was identified as 1.25 GPa with 10mm gauge length. On polymeric fibers, the tensile test usually provides a greater elastic modulus relative to that obtained from the bending test [188]. This tendency was explained by the orientation effect of polymer chains during tensile testing: the applied load on an Instron machine is much greater than that experienced by a polymeric fiber upon magnetic flexing. This effect leads to an apparent reinforcement of the fiber after tensile test []. As follows from the present results, this effect of apparent hardening does not occur in ceramic fibers. 
	2.5 Conclusion
	In this chapter we demonstrate the processing and characterization of mullite fibers from monophasic sol-gel precursor using electrospinning. The fiber diameter can be controlled with the solute concentration in the electrospinning precursors. Fiber diameters can be controlled from 400 nm up to ~15 μm. The obtained fibers showed narrow diameter distributions. The fiber had an average strength of 1.25 GPa for 1 cm gauge length, and 1.46 GPa for 0.5 cm gauge length. Using the Euler elastic model, we were able to describe the fiber bows. Therefore, the shear deformations in ceramic fibers are not significant. In the tensile test, the elastic modulus of E = 100 GPa and the fiber strength 1.25 GPa were obtained. In the bending test, the flexural rigidity of 2.06×10−12𝑃𝑎⋅𝑚4 and elastic modulus of E = 103 Ga were obtained. These results indicate that mullite microfibers are flexible and, due to their microstructural uniformity, do not generate significant shear stresses during bending. These mechanical properties show that electrospinning can be used to fabricate small diameter mullite fibers with good mechanical properties, making them attractive candidates in generating advanced ceramic composites materials for extreme applications. 
	CHAPTER III
	FUNCTIONALIZATION OF MULLITE FIBERS BY NICKEL NPS USING THE IN-SITU REDUCTION METHOD
	3.1 Introduction
	Many research efforts have been made in nanocomposite thin films with unique properties and multi-functionality comprising nanoscaled constituents [136, , ]. Unprecedented properties can be achieved with the ceramic-based nanocomposite thin films embedded with metallic nanoparticles (NPs) [136, 206, 207]. The fabrication of such nanocomposite is an emerging field of science and technology that has attracted huge interests in the recent years [136, 206, 207]. The magnetic functionalization of non-magnetic nanofibers (e.g. the mullite nanofibers) using metallic nanoparticles provides attractive candidates as fillers in ceramic thin films for advanced applications. 
	The thermal reduction method is one of most applicable methods to process ceramic nanocomposites, through which metal oxide precursors can be converted to dispersed metallic nanoparticles with a heat-treatment in the reducing atmosphere [82, 126]. In this chapter, we present the method of synthesizing mullite-nickel nanocomposite fibers using electrospinning, followed by thermal reduction. A particular challenge in our study is attributed to the formation of intermediate metastable phase (spinel) other than mullite as the matrix. The formation of metastable phase is not desired, as it is deleterious to the high temperature mechanical properties of mullite. The spinel phase is avoided with proper heat-treatment procedures. We found that the Ni NPs within the mullite fiber has an equilibrium size of ~20 nm, while the Ni NPs on the fiber surface can grow much larger. The magnetic properties of the nanocomposite fibers reflect this microstructure feature.
	3.2 Experimental Procedure
	Following the findings in chapter 2, e-spin solution E-6 was chosen to generate fibers with submicrometer diameters. Nickel nitrate hexahydrates (Ni(NO3)2∙6H2O, 95%, Aldrich, MO, USA) was used as the Ni source in the precursor. Solution E-6 was mixed with nickel nitrate at varying concentrations (Ni: 2, 5 and 10 wt. % of mullite yield). Electrospinning was carried out under the same conditions in chapter 2. In order to obtain the mullite phase with embedded nickel NPs, a two-step heating sequence was applied. In the first step, the precursor fibers were heat treated in the reducing gas (5 vol. % H2 in Ar) to a temperature between 650 to 750°C and isothermally kept for 10 hours to form metallic NPs. The heating rate was set at 1°C/min below 500°C and 5°C/min above 500°C. In the second step, the fibers were heat treated and crystallized at 1000°C for 30 minutes under 5% H2 - Ar. A parallel calcination experiment was performed in air, in order to demonstrate the effect of heat treatment procedure on the phase transformations. Table 3.1 summarizes detailed information for samples named with different nickel concentration and heat treatment conditions. 
	/
	The thermal behaviors were studied at different heating rate under flowing air or 5% hydrogen - Argon condition using DTA (DTA7, Perkin Elmer, Waltham, MA, USA). The crystalline phases were identified using X-ray diffraction (XRD, Rigaku Co., Ltd., Tokyo, Japan); the microstructure was characterized using scanning electron microscopy (SEM, Hitachi S4800, Hitachi, Ltd., Tokyo, Japan) and transmission electron microscopy (TEM, Hitachi 9500 300kV microscope, Hitachi, Ltd., Tokyo, Japan). The average size of fiber diameters or Ni NPs on the fiber surface was calculated from the average of more than 100 randomly selected fibers or NPs taken from SEM micrographs. The magnetic properties of the composite fibers were measured by using the Alternating Gradient Magnetometer (AGM 2900, Princeton Measurements Inc., NJ, USA).
	3.3 Results
	Figure 3.1 shows the XRD traces of mullite-nickel fibers after heat treatment in 5% hydrogen. The near complete conversion of Ni2+ to Ni was reached after thermal reduction at 750°C for 10 hours. For all five samples (MN2-750R-1000, MN5-750R, MN5-750R-850, MN5-750R-1000 and MN10-750R-1000), mullite and nickel were the only two phases observed after the sample was first reduced at 750°C and then quenched at 850°C or crystallized at 1000°C. No residual NiO or spinel phase was observed. Mullite peaks of MN5-750R and MN5-750R-850 were weak. The mullite peaks became strong for MN5-750R-1000. The intensities of nickel peaks compared to the peaks of mullite relatively enhanced with increasing nickel loading, as shown with samples MN2-750R-1000, MN5-750R-1000 and MN10-750R-1000. Coexistence of mullite, nickel and spinel phase was observed in samples (MN10-700R-1000) that were reduced at 700°C for the same duration. The spinel phase was probably a solid solution between Ni-Al spinel (Al2NiO4) and Al-Si spinel (near SiO2·6Al2O3), which will be discussed in the next section. Only nickel and spinel phase were observed in the sample that was reduced at 650°C and then heated to 1000°C (MN10-650R-1000).
	/
	The results of Figure 3.1 suggest that the Ni2+ concentration influences the crystallization behavior of mullite. To study this effect, we carried out heat treatment on MN5A samples in air from room temperature to 1400°C. The XRD patterns of the specimens after calcining at different temperatures are shown in Figures 3.2. In last chapter we showed that the fibers without Ni2+ addition remained amorphous at low temperatures and were directly transformed to mullite after calcining at 1000°C. No intermediate phase, such as spinel was observed. However, when 5% Ni2+ was doped, the spinel phase was observed in MN5-A fibers after calcining at 1000, 1100, 1200 and 1300°C. Trace amount of mullite was observed at temperatures between 1000 and 1300 °C.
	/
	The DTA scans of pure mullite (non-doped) and 5% Ni-doped mullite gels under air or 5% H2 are shown in Figure 3.3. The curves of non-doped mullite, MN5-H2 and MN5-A are similar at low temperatures, as shown in Figure 3.3 (a). The endothermic peaks around 150°C and 300°C were due to loss of residual solvents and decomposition of organic components. Diverse DTA profiles were observed at temperature ranging from 900 to 1000°C. The non-doped mullite showed a sharp exothermic peak at around 980°C which was due to crystallization of mullite (as we discussed in chapter 2). While a broad exothermic peak corresponding to mullization was observed in MN5-750R-H2 at around 950°C. MN5-A showed a broad exothermic peak at around 930°C corresponding to the crystallization of Al-Si spinel. No endo- or exothermic peak at temperature ranging from 900-1000°C was observed in MN5-H2.
	/
	Figure 3.4 shows the SEM micrographs of mullite-nickel fibers after heat treatment in hydrogen. The fiber showed uniform diameter and good straightness. Nickle particles were observed on the surface of the fibers. Diameters of 800 nm - 1 μm were observed. Figure 3.5 shows the TEM images of reduced mullite-nickel fibers with 2 wt.% and 5 wt.% Ni doping. The TEM images indicate that the metallic phase NPs were dispersed within the mullite matrix. No separation at the boundary was observed between mullite and Ni phase which indicates good adhesion between the metal and ceramic phases. 
	/
	/
	The average sizes for Ni NPs observed from fiber surface using SEM micrographs are summarized in Table 3.2. We observed generally smaller Ni NPs within the fiber than on those on the surfaces. However using TEM, it was difficult to generate a representative average particle size. Thus here we only present the particle sizes on the surface, which was obtained from SEM micrographs. In the ceramic/metal nanocomposites derived from reduction of solid solution, a bimodal particle size distribution for the dispersed phase was usually observed []. Relatively large particles were observed on the surface of the fibers and small particles were observed inside the fibers. The increasing of Ni salt loading gave rise to a large size for Ni NPs and range of size distribution. 
	/
	The average crystallite size of Ni NPs was determined by the Scherrer Equation from the X-ray diffraction []:
	𝜏=𝐾𝑠𝜆𝛽cos𝜃                                                               (3.1)
	where 𝜏 is the crystallite size, Ks the dimensionless shape factor (equal to 0.9 for a spherical crystallite), 𝜆 the wavelength of X-ray beam (1.54 Å used in our experiment), 𝛽 the full width at half of the maximum intensity (FWHM) and 𝜃 the X-ray diffraction angle. The 𝜏 values for MN2-750R-1000, MN5-750R-1000 and MN10-750R-1000 specimens were calculated according to Eq. (3.1) and is summarized in Table 3.2. The values were obtained from the peaks corresponding to the [111]-plane which showed the highest intensity. The calculated 𝜏 of Ni NPs had almost identical values of around 20 nm. The 𝜏 values were compared with the particle size evaluated from SEM and TEM. The particle size in MN2-750R-1000 specimen was very close to the 𝜏 value obtained. In the higher Ni salt loaded samples, a significant greater particle size was observed on the fiber surface from the SEM and TEM micrographs. As mentioned earlier, the SEM and TEM studies indicate a bimodal size distribution of Ni NPs on the surface and inside the fiber. The larger particle size was caused by the significant coalescence of Ni crystallites on the fiber surface. 
	The obtained fibers are highly magnetic and can be easily attracted and lifted by a magnet. Figure 3.6 shows the plots of magnetization versus magnetic field (M-H loop) of mullite-nickel composite fibers. A notable magnetic hysteresis was observed in fibers synthesized from the 5% and 10% Ni salt loaded samples. This is also confirmed by a quantitative analysis of fiber magnetization. The Saturation magnetization Ms, Remanence Mr and Coercivity Hc of the samples are summarized in Table 3.2. The measured magnetic moments were normalized by the total weight of the composite fiber. The Mr and Hc values were determined by the zero magnetic moment and magnetic field. At 300K, a small Ms was measured on MN10-550R-1000 and MN10-650R-1000 fibers. The Ms of MN10-700R-1000 was about 17 times of that of MN10-650R-1000. The MN10-750R-1000 fibers exhibit the highest Ms of 4.18 Am2/kg and Hc of 6.83 kA/m. With the increasing temperature, a significant increase of Ms was observed, which implied that a greater portion of Ni2+ cations were transformed into the metallic form. The Hc value increased with increasing Ni salt concentration and temperature, which implied a greater particle size of Ni.
	/
	3.4 Discussion
	In chapter 2, we discussed the sol-gel precursors for mullite, which are usually divided into monophasic and diphasic gels. The monophasic gel can be directly transformed to mullite phase without intermediate phases. The diphasic gel features the formation of intermediate phases, such as Al-Si spinel. For the non-doped mullite fibers, the monophasic gel characteristics were proven by XRD and DTA results showing no metastable phases during crystallization. For the fibers doped with nickel, the presence of Ni2+ cation induced the formation of spinel, which suppressed the formation of mullite until above 1400°C []. If the fibers were isothermally reduced at a temperature lower than 750°C, the spinel phase, instead of the mullite phase, was formed at 1000°C. Table 3.3 summarizes the positions of the top three intense x-ray diffraction peaks which correspond to the 311, 400 and 440 crystalline planes of Al-Si and Ni-Al spinels. A clear trend can be seen with an increasing the 2θ angle at higher isothermal reduction temperature, indicating a gradual decrease of the lattice parameter.
	/
	In this study, the identified spinel phase could be a solid solution of Al-Si spinel and Al2NiO4 spinel. The Al2NiO4 spinel has a larger lattice parameter of 8.050 Å than those of Al-Si spinel and γ- Al2O3 [211-213  ]. The Al-Si spinel (~8 wt. % SiO2) and γ-Al2O3 have close lattice parameters a which are respectively 7.886 and 7.906 Å [212]. The lattice parameter of NiAl2O4-γ-Al2O3 (Al rich) solid solution was reported to be 8.011-8.034 Å which further depends on the amount of the dissolved Ni2+ cations [213]. In our experiment, more Ni2+ cations were converted into metallic phase at a higher reduction temperature. This coincided with our observation that the crystal unit cell became smaller (2θ shifts to higher angle) if the fibers were reduced at the higher temperatures. Therefore we interpret that the residual Ni2+ were dissolved in a solid solution containing Al-Si and Al-Ni spinels. 
	Upon thermal reduction, the metallic nickel phase first nucleates within an amorphous Al2O3-SiO2 matrix. After the Ni2+ cations were reduced, the Al2O3-SiO2 matrix exhibited monophasic characteristics and crystallizes at around 950°C. The importance of retaining the monophasic characteristics is that a higher temperature (e.g. ~1400°C) for sintering is essentially needed to eliminate the spinel phase. This high temperature heat-treatment is undesirable because the metallic nickel NPs coarsens when the sintering temperature is close to the melting point of Ni (1455°C) [128]. In that case it is difficult to obtain nickel particles of nanometer size. The mullite crystallization temperature in nickel-mullite systems reduced at 750°C is lower than that in non-doped mullite system. This shift could be explained by the increasing number of sites available for nucleation-growth of mullite in the presence of finely dispersed nickel NPs. The boundary between Ni NPs and amorphous matrix tends to act as nucleation sites for mullite nucleation and growth []. The reduced energy barrier for nucleation can be used to explain this catalytic effect and temperature shift (about 30°C) for mullite crystallization.
	Eq. 3.1 was applied to calculate the activation energies for crystallization of mullite and spinel, which are summarized in Table 3.4. We showed in chapter 2 that the pure mullite gel is monophasic. For mullite crystallization with the presence of Ni NPs, the activation energy was slightly smaller (1221 kJ/mol) than that of the pure mullite gel. This difference could be assigned to the error generated in determining the Tp values of the broad exothermic peaks in mullite-nickel samples. Nevertheless, the value (1221 kJ/mol) stayed in the range for monophasic mullization. The DTA curve of MN5-H2 was significantly different from that of MN5-750R-H2, because in MN5-750R-H2, the pre-existing nickel nanoparticles served as heterogeneous nuclei for mullite growth. Under constant heating rate, heterogeneous nucleation and crystallization overlapped over a wide temperature range. Thus in the DTA curve of MN5-H2, instead of observing a strong exothermic peak, we did not observe an obvious peak. The activation energy for spinel formation in MN5-A specimen had been determined to be 1131 kJ/mol. This value was slightly lower than the di-phasic mullite gel system doped with 3wt. % of nickel, of which has activation energy of 1320 kJ/mol was reported [210].
	/
	The mechanism of crystallization is described by the Avrami constant. The constant indicates that the solid transforms through the 3-dimensional growth of the nuclei (bulk crystallization) or the growth that is restricted to 1 or 2-dimensions (surface crystallization). The crystallization mechanism could be determined from the Avrami constant n by the Augis-Bennett equation []:
	𝑛=2.5𝑅𝑇𝑝2𝛥𝑇𝐸𝑎                                                          (3.2)
	where ∆T is the full width at half maximum of the exothermic peak. The rest of the parameters were defined in chapter 2. Small value of n indicates surface crystallization mechanism instead of volume crystallization. The resulting Avrami constants are summarized in table 3.4. A relatively greater value of n for mullite crystallization indicates a volume crystallization mechanism. Such mechanism of crystallization is often observed in materials that are homogeneous [215]. On the other hand, a small n for mullite crystallization in MN5-750R was obtained, revealing the surface crystallization mechanism. Such mechanism of crystallization is often observed in heterogeneous materials [215]. The surface crystallization mechanism was interpreted by the catalytic sites provided for nucleation at the interface between Ni NPs and the matrix phase that facilitates the growth.
	The Ms, Mr and Hc of bulk nickel at room temperature (300K) are about 55 mAm2/kg, 2.7 mAm2/kg and 8.0 kA/m []. The saturation magnetization of nano-sized particles is usually smaller than that of the bulk materials due to the interfacial rearrangement of spins of ferromagnetic particles [217-216  216]. Ms of the composite fibers, if normalized by the weight of nickel, were about 70%-80% of the bulk nickel. It is known that coercivity of the magnetic particle is sensitive to the particle size corresponding to a single or multi-domain structure. As the particle size decreases, fluctuations of the spin orientation become important and the particle behave as a superparamagnetic particle. The small Hc observed in MN2-750R-1000 specimen indicated a stronger size effect. In our experiments, the normalized value Mr/Ms was about 0.1, the Hc of the 2% sample being 1.74 kA/m, implying the dominance of the superparamagnetic NPs. The suggested method to achieve superparamagnetism was to decrease the Ni-salt concentration and the lower the reduction temperature.
	In the previous literature, precipitation and growth of metallic NPs in a refractory ceramics has been thought as a diffusion-limited process by the transport of either electrons or oxygen vacancies [138]. The Schmalzried model was applied to describe the growth of Ni NPs, which starts from the grain boundaries [138, ]. In our study, we observed significantly different growth behaviors on the surface and inside the ceramic host. The growth of the surface particles depends on the concentration of Ni-salts. As shown in Figure 3.7, the NPs precipitated within mullite, on the other hand, were insensitive to the concentration of Ni-salts, which indicates a totally different growth mechanism. It has been reported that the volume change during phase transformation can impose large strain energy on the system and thus possibly impose a thermodynamic energy well resulting in an equilibrium particle size []. The equilibrium size at high temperatures and its relations to the mechanical state of the nanoparticles will be investigated in detail in chapter 4. 
	/
	3.5 Conclusion
	Mullite-nickel nanocomposite fibers were obtained via the reduction on heating the sol-gel/electrospinning-derived fibers. The reduction of the mullite-nickel fibers resulted in the nanocomposites with Ni NPs embedded in the mullite host fibers. With the reduction of Ni2+ at 750°C, the formation of spinel phase was prevented. Suppressing the spinel phase formation helped to obtain only mullite phase at low temperatures (~1000°C). Nickel NPs had a size of about 20 nm within the mullite fibers, which was insensitive to the Ni concentration. The surface Ni NPs had larger sizes with higher Ni concentration at the same heat-treatment temperatures. The presence of Ni NPs slightly lowered the temperature for mullization, which was ascribed to the catalytic effect of secondary phase particles providing heterogeneous nucleation-growth sites at the interface between nickel NPs and matrix. The magnetic characterization of the composite fibers suggested ferromagnetism. A small coercivity close to superparamagnetic behavior was obtained in mullite fibers with Ni NPs, which was due to the small size of nickel NPs in the matrix. Relatively large Ni particles on the surface contributed to the ferromagnetism widening the hysteresis loop.
	CHAPTER IV
	HIGH TEMPERATURE STABILITY OF NANOPARTICLES IN CERAMIC FIBER HOST
	4.1 Introduction
	4.1.1 Challenges and problem formulation
	Transition metal nanoparticles (NPs) (e.g. Au, Pt, Ag, Cu, Ni, Fe, Co) belong to an important family of materials that enjoy broad applications in energy conversions, chemical sensing, plasmonics and many other applications in electronics [221-223  ]. High temperature stability of metal nanoparticles has been a long standing problem in the field of catalysis and high power laser plasmonics [38, 39, 140, 141]. Over time, the metal NPs suffer degradation at high temperatures and, if embedded with ceramic materials, they are prone to coalesce and sinter [38-4038 39 40]. Coarsening is usually irreversible and nanoparticles have an inherent tendency to come together in order to minimize their total surface energy. This complex process of collapse or coalescence of small particles and growth of large particles is called Oswald ripening [224-226  ]. It is generally believed that the Ostwald ripening is the most important cause of the degradation of small NPs and growth of the large ones at high temperatures [224-226224 225 226]. Although stabilization of metal nanoparticles at high temperatures within a ceramic host is highly desirable, it is believed that the kinetic process of coarsening is fundamentally unstoppable. 
	Ceramic host is often considered as a good diffusion barrier slowing down the sintering process [142, 143]. In chapter 3 we observed different mechanisms for the growth of Ni NPs on the surface and inside mullite fibers. As the time progresses and the surface particles keep grow, the internal particles seem to stop the growth. This discovery contradicts the currently accepted scenario of nucleation of NP in solids and calls for its careful analysis.
	When nanoparticles precipitate from a solid solutions, elastic fields cannot be simply ignored: metal is much denser than ceramic matrix, hence a metal precipitate always pull the surrounding material towards its surface causing the matrix to deform [227-229  ]. In a homogeneous solid solution, an addition or withdrawal of the solute atoms do not change significantly the structure of the host solvent. Our system is unique because the supersaturated solution is amorphous, that is, the atoms and molecules are not organized in a definite lattice pattern. However, one cannot add the dopants infinitely: when the solute concentration surpasses the solubility limit of the solvent, the solid solution becomes supersaturated, resulting in nucleation of the solute crystals. As a result, the solid turns into a two-phase system, e.g. in our case, Ni nanoparticles are precipitated out from its host mullite. When this happens, Ni NP immediately generates elastic stresses in the mullite matrix due the volume misfit. Due to the specific dependence of misfit strain on matrix composition, such phase transformation cannot be modeled on the basis of thermodynamics that is valid only for liquids. 
	Many of the theoretical approaches modeling the growth of precipitated nanoparticles with elastic fields generated by the misfit between particle and matrix have been based on the energetic calculations [227-229227 228 229]. According to the inverse coarsening theory, the free energy of a system is the sum of the total elastic energy and the total interfacial energy. The total free energy of the system must decrease as the system of particles evolve. The analysis showed that for a pair of elastically interacting particles, the energy of the system would decrease if the small particle were to grow at the expense of the large one. The condition corresponding to the nucleus growth is exactly opposite to the interfacial energy driven coarsening, therefore, the process is often called the inverse coarsening [227-229227 228 229]. Elastic strain favors an array of equally sized precipitates for the reason that equally sized particles can be a minimizer of the system’s free energy [227-229227 228 229]. The dynamic approach by solving the field equations under quasi-stationary approximations: ∇2𝐶=0 for concentration of solute atoms in the matrix with stress-modified boundary conditions, and the kinetics equations for particle growth also confirms the observation of inverse coarsening for a system of particles of equal size [227]. However, this theory cannot explain the possible stabilization of the multi-particle system with certain particle size distributions. 
	Our discovery of the growth stagnation of Ni NPs inside mullite nanofibers, calls for development of a new theory which we introduce below. The Ni nanoparticles, called here the β phase, are considered uniformly dispersed in a matrix, called here the α phase. These two immiscible phases (α and β) are separated by an interface (I). The essential difference between our theory and the inverse coarsening theory is that the deformation of the interface causes a different concentration distribution of Ni atoms in the matrix []. The concentration in precipitate and matrix phase is schematically shown in figure 4.1. In the inverse coarsening theory, the concentration field in the matrix is non-uniform, which is determined by the field equations describing mass flow in a stressed solid [230]. The difference between far field concentration of Ni atoms 𝐶∞𝛼 and interface concentration of Ni atoms 𝐶𝐼𝛼, is the thermodynamic driving force for particle growth. In our theory, the composition in the matrix is assumed uniform. This flat composition profile accounts for the cease in particle growth over time, through a universal change of concentration of Ni atoms in the matrix during precipitation. Such compositional change imposes change in atomic volume in the matrix and therefore a dilatational strain. The dilatational strain will in turn, affects the mechanical equilibrium at the interface. The effect of non-uniform stress field on the compositional distribution in the matrix was neglected in our theory. Additionally, the classic theories assume constant far-field concentration 𝐶∞𝛼 [227-229227 229 230]. As in our case, 𝐶∞𝛼 depends on the growth of the nanoparticles. That is to say, the total volume of the second phase β (Ni NPs) is not constrained. 
	Formulation of this problem is based on the following basic postulations: 
	1. During precipitation, the far field concentration in the matrix can change with time. The compositional change in the matrix leads to the dilatational strain which determines the mechanical equilibrium at the interface. 
	2. The mechanical equilibrium at the interface further determines the equilibrium concentration of Ni atoms (𝐶𝐼𝛼) at the interface, that levels with the far field concentration at the time of particle growth stagnation. The flat concentration profile is maintained with the cease in growth of the Ni NPs. 
	3. The interface between the precipitate and the matrix is assumed coherent. That is, the displacement field is continuous across the interface. 
	/
	The advantage of our theory is that it can explain the particle stabilization and the strain-size relation, which was overlooked in classic and inverse coarsening theories [227-229227 228 229].
	4.1.2 The in situ TEM 
	The term ‘in situ’ describes an event where it takes place. The in situ characterization method enables direct observation and helps to develop improved understanding of the precipitation process. Precise in situ observation of particle growth has been made in many ceramic-metal NPs systems [231-233  ]. For example, the in situ scanning tunneling microscopy has shown that growth of Pd NPs is governed by the Ostwald ripening mechanism [231-233231 232 233]. The process of Ostwald ripening evolves through the growth of the larger NPs and shrinkage of the smaller ones [231-233231 232 233]. In this case, the total energy of the matrix-particle system is reduced via the increase in the size of the second phase particles, which is accompanied by the decrease of total interfacial area [231-233231 232 233]. It is attractive to use the in situ approach to directly visualize the particle growth in our system at high temperatures. 
	/
	In electron microscopy, the condition (e.g. the alignment) of the incident electron beam determines the quality of the obtained images. The beam condition can be optimized by adjusting the magnetic lenses during the TEM operation at room temperature. However, for high temperature applications (e.g. the in situ TEM), the specimen is often heated by electrical current which generates magnetic field. The magnetic field interferes with the electron beam which compromises the quality of the images. The experimental setup for the TEM hot stage used in our study is schematically shown in Figure 4.2. The samples (nanofibers) were attached to a curved heating element which connects to a DC circuit. The circuit is integrated into the TEM probe which connects to an external power supply. The electrical current that runs through the heating element is controlled by the power supply. The temperature was calibrated by the probe manufacturer (Hitachi. Ltd) so that the chosen current corresponds the particular temperature. 
	There are several challenges during the execution of in-situ TEM. Firstly, it is desired to maintain the position of materials that are attached onto the heating element. This requests that those nanofibers used in our study must be short. Long fibers are easily disturbed by thermal fluctuations which changes their positions. The long fibers needs to be chopped into short ones before they are attached to the TEM specimen. Secondly, the heating process has to be slow in order to stabilize the electrical current and homogenize the temperature. It’s desired to follow a step heating procedure before the samples are heated to the target temperature. Thirdly, beam adjustment during heating is often needed. As mentioned previously, electron beam can be interfered by the magnetic field generated by the electrical current. Adjusting the beam condition and performing beam focus from time to time. 
	4.2 Experimental procedure
	Our experiments were carried out in a 300kV Hitachi H9500 transmission electron microscope (TEM) with a base pressure of 5×10-5 Pascal. Before performing in situ TEM, the as-spun mullite-nickel (5 wt. %) fibers were first heat treated in reduced atmosphere (5 mol. % H2 in Ar) for 20 hours at 750°C. The obtained nanofibers were chopped using high energy sonicator in ethanol. The obtained suspension was brushed onto the heating element of the TEM heating probe. The specimen was slowly heated to 850°C. We imaged our samples with time under bright-field mode. X-ray diffraction was performed on samples that were heat treated at 750°C and 850°C for different durations. For the etched samples, treatment in a hydrochloric acid-water (pH=2) solution was applied to remove the surface particles before the X-ray measurement. The etched samples were characterized by SEM (as shown in Appendix) to prove the removal of surface particles. High purity ZnO powder (Alfa Aesar, 99.99%, MA, USA) was used as an internal standard. The ZnO peaks (in comparison to the ZnO JCPDS peak positions) were used as an internal calibration for 2θ. The strain was calculated from the shift between the measured and the JCPDS Ni d-space (JCPDS#: 01-070-0989) using the following equation: 
	𝜀=𝑑ℎ𝑘𝑙−𝑑ℎ𝑘𝑙0𝑑ℎ𝑘𝑙0                                                          (4.1)
	Where 𝑑ℎ𝑘𝑙 is the measured d-space, 𝑑ℎ𝑘𝑙0 the standard JCPDS Ni d-space. Eq. 4.1 was applied to calculate the crystallite size of nickel nanoparticles. 
	4.3 Results and discussion
	4.3.1 Precipitation of Ni NPs in nanofibers
	Figure 4.3 shows the in situ TEM of mullite-nickel (5 wt.% Ni) nanocomposite heat treated at 850°C. Due to a significant density difference between nickel and the matrix mullite, the distinguished dark region is the metallic phase. We observed considerable amount of metal nanoparticles formation in the fiber matrix. The typical size of the nickel nanoparticles was well-below 20 nm. Some of those particles already formed at the initial stage, as shown in the first and second frame. However, there was no significant growth in those large particles. At the same time, more and more Ni NPs precipitated around the stagnant ones, the nanoparticles did not coalesce. The SEM micrograph (Figure 4.4 (a)) of the fiber surface did not show any nanoparticles with diameter below 20 nm, confirming that those NPs were precipitated within the fiber. Only relatively large particles (e.g. about 50 - 100 nm) were observed on the surface. The particle size evolution generated from XRD (for overall and embedded ones) and SEM (for surface ones) is shown in Figure 4.4 (c). The large NP of 50 - 100 nm observed during in-situ TEM were probably surface NPs.
	/
	Contradicting the typical coarsening effect observed on the metal NPs at high temperatures [38, 39], we observed a very unique phenomenon that the NP growth ceased or stagnated when the NPs reached certain size. The stagnation size was about 20 nm. This phenomenon was not caused by possible insufficient diffusion length of Ni within mullite during observation, because the newly-formed NPs can be very close to the pre-existing NPs, with the distance on the same order of the NP diameters. The Ni diffusion length must be much larger than the NP diameters, because only dilute Ni was pre-existing in mullite before precipitation. All NP growths were ceased at certain sizes, which indicates that the small and lately-formed NPs did not give up Ni atoms to the previously-formed NPs. 
	We also observed that the precipitated NPs have a broad distribution in sizes. In classic theory, a multi-particle system containing small and large particles is not thermodynamically stable. The cause is that interfacial equilibrium concentration for small and large particles is different according to the classic theory. In our experiment, we observed interesting phenomena showing that a system of particles of different sizes can be stable at high temperature. This phenomenon was rebelling against the classic Lifshitz-Slyozov-Wagner (LSW) theory, which predicts that smaller particles shall disappear and larger ones shall grow []. 
	/
	The cause of the NP stagnation should not be the interfacial energy. According to the classic theories, the equilibrium concentration (as shown in figure 4.1) is smaller for larger particles. Larger particle would have a greater driving force for growth, if the interfacial energy is the only cause of particle growth. We observed the opposite case that larger NP stopped growing while smaller ones precipitated out continuously at the initial stage. Then all the particles ceased in growth. The above observation confirms our postulation that interfacial energy is not the dominating mechanism. According to our postulation, mechanical interactions between the matrix and nuclei is the driving mechanism leading to our observation. 
	Figure 4.4(b) shows the TEM image of a large particle precipitated close to the fiber’s surface covered by a thin layer of matrix material. For this NP, the interfacial energy should be identical with those inside of the fiber. But the mechanical interaction between the particle and the matrix was weak when the particle is located near surface, and this NP was much larger than the internal ones. This is an evidence showing that with weak mechanical interactions, the interfacial energy drives the particle to grow into large size. We observed different particle size distributions that appeared on the surface and within the fiber (Figure 4.4(c)). The surface particles were more than five times greater than the internal particles, which in consistency with our findings in chapter 3. The above observation shows that in the absence of elastic interactions, surface particles can grow much larger. 
	4.3.2 Mechanical equilibrium at the interface
	The problem of interactions of elastic nuclei with an elastic matrix stands at the core of materials science and solid mechanics [144]. The seminal works by Eshelby [144] put this problem at the forefront of materials science and mechanics and the appreciation of its importance is raised with the progress of nanotechnology offering different ways of making metal/ceramic, metal/metal or ceramic/ceramic nanocomposites. An important example is the analysis of stresses caused by the lattice mismatch in nanoparticles-quantum dots embedded in a matrix. These spontaneous stresses are of particular significance as the means to tailor the band-gap structures of the quantum dots in heterostructures of the electronic devices [145]. With the recent nanotechnology developments, especially in semiconductor industry, it becomes clear that the interface separating the nanoparticle from the matrix significantly influences the stress field inside and outside the inclusion [144, , ]. However, the theories overlooked the size dependence of the transformation strain. To fundamentally understand the process, theoretical analysis and experimental study of the misfit elastic strain of the Ni NP precipitated from a mullite fiber matrix is performed. The transformation strain is presumed caused by the volume dilatation from the matrix.
	A. Formulation of the mathematical model
	The volume misfit caused by composition change of solute can be appreciated as follows. According to the law of mass conservation, density of the matrix solution is given by: 
	𝜌𝑚=𝑀𝑚+𝑀𝑁𝑖𝑉𝑚+𝛥𝑉=𝑀𝑚+𝑀𝑁𝑖𝑉𝑚1−𝛥𝑉𝑉𝑚=𝜌0+𝑀𝑊𝑁𝑖⋅𝐶𝑁𝑖1−𝛥𝑉𝑉𝑚
	≈𝜌01−𝛥𝑉𝑉𝑚+𝑀𝑊𝑁𝑖⋅𝐶𝑁𝑖                                      (4.2)
	Where 𝑀𝑚 and 𝑉𝑚 are the weight and volume of pure matrix material (mullite) without solute, 𝛥𝑉 is the volume of dilatation with respect to the reference state of zero concentration, 𝜌0 the density of pure mullite, 𝑀𝑊𝑁𝑖 the molecular weight of nickel, 𝐶𝑁𝑖 the concentration of solute in the solution. In a dilute solution, it is assumed that the experimentally measured density depends linearly on concentration of the solute with a linear coefficient 𝑘: 
	𝜌𝑚=𝜌01−𝛥𝑉𝑉𝑚+𝑀𝑊𝑁𝑖⋅𝐶𝑁𝑖=𝜌01+𝑘𝐶𝑁𝑖                 (4.3)
	By definition, the relation between volume change owing to the dopants concentration and the strain is given by: 
	𝛥𝑉𝑉𝑚= 𝜀𝑟𝑟+𝜀𝜃𝜃+𝜀𝜑𝜑                                              (4.4)
	where 𝜀𝑟𝑟, 𝜀𝜃𝜃 and 𝜀𝜑𝜑 (𝜀𝜑𝜑=𝜀𝜃𝜃 for the isotropic system) are radial and angular strains caused by addition of dopants into the mullite matrix. Combining Eq. (4.3) and (4.4), we obtain the concentration dependent misfit strain: 
	𝜀∗=𝛼𝐶𝑁𝑖                                                         (4.5)
	where the concentration expansion coefficient 𝛼 is given as: 
	𝛼=13𝑀𝑊𝑁𝑖𝜌0−𝑘                                                   (4.6)
	Equation (4.5) can be used to identify the eigenstrain appearing right after precipitation of Ni NP as the relation between misfit strain and solute concentration has been discussed previously by Voorhees and Johnson [230]. Based on the system of mass conservation, the strain resulting from composition changes has a similar expression but with a second order term (𝛼𝐶𝑁𝑖)2, which is in our case, small and neglected (as 𝜀∗≪1) [230]. Eq. (4.5) is also similar to the form of the dilatational strain caused by thermal expansion mismatch. In our case, thermal expansion mismatch is typically on the order of 10-4 to 10-3 (the difference in thermal expansion coefficient is on the order of 10-6). This transformational strain due to thermal mismatch is not large enough to induce the observed elastic strain of the particle, which is discussed later. 
	Assuming a fixed number of precipitated particles and neglecting the NP size distribution, the relation between compositional change 𝛥𝐶 (change in 𝐶𝑁𝑖 before and after precipitation), particle size 𝑎 and number density of particles 𝑁 (the number of precipitates per unit volume) is given as: 
	𝛥𝐶=−𝑎3𝑁𝛺𝑎𝑁𝐴                                                      (4.7)
	where 𝛺𝑎 is the atomic volume of the precipitates, 𝑁𝐴 the Avogadro number. Combining Eq. (4.5) and (4.7), the misfit strain is then given as: 
	𝜀∗=−𝛼𝑁𝑎3(𝛺𝑎𝑁𝐴)                                             (4.8)
	According to chapter 3, the matrix material (mullite) was amorphous during NP precipitation [167]. Thus we can assume that the matrix material is mechanically isotropic. The precipitated phase (Ni) had a cubic crystal structure. It is a good approximation to assume that Ni NPs were mechanically isotropic, as well. We consider a spherically symmetric configuration with a central spherical core of radius a, representing the precipitated particle as shown in figure 4.5. The interface between the two phases is assumed to be coherent, which implies that the displacement field is continuous across the interface [230]. 
	/
	Our presumption is that there’s no shear stress in either the particle or the matrix. For linear elastic materials under no external force, the differential equation for stress tensor  𝝈 is given by [220]: 
	𝛁∙𝝈=0                                                            (4.9)
	The above equation can be written in the spherical coordinate form. For the spherically symmetric configuration, the normal stresses 𝜎𝑟𝑟 and 𝜎𝜑𝜑 in both particle and matrix simplifies to the following equation [220]: 
	𝑑𝜎𝑟𝑟𝑑𝑟+2(𝜎𝑟𝑟−𝜎𝜑𝜑)𝑟=0                                                     (4.10)
	The constitutive equations that relate the unknown stress and strain for elastic materials are given by the Hooke’s law: 
	𝜀𝑟𝑟=1𝐸𝜎𝑟𝑟−2𝜐𝜎𝜑𝜑+𝜀∗𝜀𝜑𝜑=1𝐸1−𝜐𝜎𝜑𝜑−𝜐𝜎𝑟𝑟+𝜀∗                                 (4.11)
	where 𝜀𝑟𝑟 and 𝜀𝜑𝜑 represent the radial and angular strain; 𝜎𝑟𝑟 and 𝜎𝜑𝜑 are radial and angular stress. E is the Young’s modulus, and 𝜐 is Poisson ratio. For small displacement, it is possible to separate the elastic strain term (the first term on the right hand side) and transformation strain 𝜀∗ from the total strain [45]. The strain-displacement relations, by definition, are given as: 𝜀𝑟𝑟=𝑑𝑢𝑑𝑟 and 𝜀𝜑𝜑=𝑢𝑟. 
	B. Solution to the mathematic model
	Combining Eq. (10) and Eq. (11), the governing differential equation for the displacement field 𝑢(𝑟) is obtained [45]: 
	𝑑2𝑢𝑑𝑟2+2⋅1𝑟𝑑𝑢𝑑𝑟−2⋅𝑢𝑟2=0                                               (4.12)
	A general solution to Eq. (4.12) can be found. Note that u=r is an apparent solution to this differential equation. Let 𝑢𝑟=𝑟∙𝑓(𝑟), Eq. (4.12) can be reduced into 𝑟∙𝑓′′+4𝑓′=0. Integrate twice, one can obtain 𝑓=𝐴𝑟3+𝐵. Therefore a general solution to Eq. (4.12) has the following form: 𝑢𝑟=𝐴𝑟2+𝐵𝑟, where A and B are both integration constants. 
	The interfacial and boundary conditions are given as follows. The displacement at zero coordinate (center of the sphere) is zero due to symmetry of the system. With our presumption of coherent interface, the displacement should be continuous at the interface. The external surface (𝑟→∞) is not constrained and the elastic strain equals zero. The total strain therefore equals the transformation strain. The boundary conditions are therefore given as (for 0≤r<𝑎, use ‘p’ as superscript; for 𝑎≤𝑟<∞, using ‘m’ as superscript): 
	𝑢𝑝0=0𝑢𝑝𝑎=𝑢𝑚𝑎=𝑎𝜀𝑖                                                     (4.13)
	𝑑𝑢𝑚𝑑𝑟|∞=𝜀∗                                                                  (4.14)
	where 𝜀𝑖 is the strain of the particle, 𝜀∗ the transformation strain. According to our assumption, transformation strain only presents in the matrix during the precipitation, since the matrix changes its composition and therefore the atomic volume of the matrix during precipitation. The interface and boundary conditions are applied to determine the integration constant A and B. A complete solution is given as: 
	𝑢𝑝=𝜀𝑖⋅𝑟                                                             (4.15)
	and
	𝑢𝑚=𝜀𝑖−𝜀∗⋅𝑎3𝑟2+𝜀∗⋅𝑟                                             (4.16)
	The corresponding solutions to strain and stress in the particle and matrix are given as: 
	𝜀𝑟𝑟𝑝=𝜀𝜑𝜑𝑝=𝜀𝜃𝜃𝑝=𝜀𝑖                                                    (4.17)
	𝜎𝑟𝑟𝑝=𝜎𝜑𝜑𝑝=𝜎𝜃𝜃𝑝=𝐸𝑝1−2𝜐𝑝𝜀𝑖                                            (4.18)
	and
	𝜀𝑟𝑟𝑚=−2𝜀𝑖−𝜀∗⋅𝑎𝑟3+𝜀∗𝜀𝜃𝜃𝑚=𝜀𝜑𝜑𝑚=𝜀𝑖−𝜀∗⋅𝑎𝑟3+𝜀∗                                 (4.19)
	𝜎𝑟𝑟𝑚=−2𝐸𝑚1+𝜐𝑚⋅(𝜀𝑖−𝜀∗)⋅𝑎𝑟3𝜎𝜃𝜃𝑚=𝜎𝜑𝜑𝑚=𝐸𝑚1+𝜐𝑚⋅(𝜀𝑖−𝜀∗)⋅𝑎𝑟3                                (4.20)
	According to the solutions, strain and stress in the precipitate are both constant. On the other hand, the strain and stress in the matrix are distributed over the space. The stress has maximum at the interface, and vanishes as 𝑟→∞. Meanwhile the strain approaches 𝜀∗ as 𝑟 increases. 
	In the next step, mechanical equilibrium at the interface is applied to derive the expression for 𝜀𝑖. Many of the important effects of curved surfaces/interfaces are attributed to the pressure difference caused by surface/interface energy. As for a spherical nanoparticle with radius a, the balance in stress is given by [45]: 
	𝜎𝑟𝑟𝑚−𝜎𝑟𝑟𝑝|𝑟=𝑎=2𝛾𝑎                                                          (4.21)
	Where 𝜎𝑟𝑟𝑚 and 𝜎𝑟𝑟𝑝 are the radial stresses for the matrix and the particle respectively, 𝛾 is the interfacial free energy. In the first approximation, we consider 𝛾 independent of strain. Combining Eq. (4.17) to (4.21), we can conclude that the hydrostatic strain within an NP is:
	𝜀𝑖=𝜅𝑚⋅𝜀∗−2𝛾𝑎𝜅𝑚+𝜅𝑝                                       (4.22)
	where 𝜅𝑚 and 𝜅𝑝 are elastic parameters of the matrix and the particle given by: 𝜅𝑚=2𝐸𝑚1+𝜐𝑚 and 𝜅𝑝=𝐸𝑝1−2𝜐𝑝. 𝐸𝑚 and 𝐸𝑝 are respectively the elastic modulus of the matrix and particle. 𝜐𝑚 and 𝜐𝑝 are the Poisson’s ratio accordingly. For our system, 𝐸𝑝 and 𝜐𝑝 are assumed to be elastic constants of bulk nickel (200 GPa and 0.31). The matrix material is not standard as it corresponds to an aluminosilicate glass with mullite composition. The Elastic constant of the glass was measured from tensile tests with a given value of 62GPa. The Poisson’s ratio is assumed to be close to the value of bulk mullite (0.28). Through calculation we obtain 𝜅𝑝=526 GPa and 𝜅𝑚=97GPa.
	And combining Eq. (4.8) the elastic strain in the particle can be derived as: 
	𝜀𝑖=−𝛼𝜅𝑚𝑎3𝑁(𝛺𝑎𝑁𝐴)−2𝛾𝑎𝜅𝑝+𝜅𝑚                                              (4.23)
	Eq. (4.23) describes the dependence of strain in the precipitate on particle size a. Because there is no transformation strain in the precipitate, this strain is purely elastic. For small particle size, the elastic strain within the precipitate is dominated by the capillary term 2𝛾𝑎. This corresponds to a NP having a residual spontaneous strain adapted from the fluid mechanics model of a drop with and interfacial Laplace-Young tension [44]. Such strain is compressive and the particle shrink in size. For large particle size, the dominating effect will be the transformation strain term 𝜀∗, as it has a cubic dependence on a. The sign of 𝛼 can be either positive or negative, depending on how the solute atoms incorporate into the lattice of the matrix and the resultant expansion or shrinkage of the unit cell. Therefore the transformation strain can be either positive or negative. If 𝛼 is negative, the transformation strain of the matrix induces a tensile strain onto the precipitates for large particles. 
	C. Experimental results for the elastic state of Ni NPs
	Figure 4.6 shows the d-spacing of nickel corresponding (111) lattice plane measured using XRD. We observed the trend of lattice parameter increase with particle size. The strain state of Ni transited from compressive with particle size around 11 nm, to tensile with the particle size greater than 12 nm. 
	/
	A very interesting phenomenon was that we observed both compressive and tensile strains on the Ni NPs, depending on the NP sizes. The stresses had a very precise dependence on the NP sizes. This can be explained using Eq. (4.23). The elastic strain of the Ni NP has two contributors: the matrix dilatation and capillary compression. If a NP is not subjected to the stress caused by the matrix dilatation, the NP is always under mechanical compression. This type of stress has been experimentally reported by many studies [, ].
	The model of a NP equipped with an interfacial layer having a residual spontaneous stress became popular as it is adapted from the fluid mechanics model of a drop with and interfacial Laplace-Young tension [44]. However, the Laplace-Young model assumes a positive interfacial energy suggesting that in equilibrium, a complex shaped object wants to minimize its surface area to take on a spherical shape. Thus, a solid nanoparticle tends to shrink in size [45, 46, ]. The observed size dependence and sometimes the lattice expansion and not contraction is typically explained by the nanoparticle charging or formation of a dipole surface layer which changes the interfacial energy from positive to negative [45, ]. However, these arguments do not work with the metal nanoparticles: the surface energy of the metal nanoparticle is always positive []. Moreover, for a constant surface energy and elastic moduli, the radial displacement due to the interfacial energy should not depend on the particle size [45, 46]! This fact was first pointed by Rusanov [46] and then accepted by the materials scientists as the main challenge in the explanation of the size dependence of the nanoparticle strain. 
	D. Sensitivity of measurement with respect to interfacial energy  𝛾
	The observed d-spacing was converted into the elastic strain 𝜀𝑖 according to Eq. 4.1, which is shown in Figure 4.7. The elastic strain observed in the experiment, is typically on the order of 10-3 to 10-2. According to Eq. (4.23), the transformation strain 𝜀∗ should be on the order of 10-2 to 10-1, which is at least one order of magnitude greater than the dilatational strain caused by thermal mismatch. Furthermore, we found that the elastic strain caused by the misfit and transformation strain has a definite dependence on the NP sizes, and follows the analysis to Eq. (4. 23). Figure 4.7 (a) shows the curve fitting according to Eq. (4. 23). There are two adjustable parameters: −𝛼𝜅𝑚𝑁(𝛺𝑎𝑁𝐴)𝜅𝑝+𝜅𝑚 and 2𝛾𝜅𝑝+𝜅𝑚. It is difficult to find reference for the first parameter (−𝛼𝜅𝑚𝑁(𝛺𝑎𝑁𝐴)𝜅𝑝+𝜅𝑚) because of unknown 𝛼, the linear concentration expansion coefficient. Measuring 𝛼 is difficult because the matrix material is amorphous and it’s hard to measure the unit cell of the matrix solution. The number density 𝑁 could be estimated from the experiment, but large error exists. As compared to the first one, the second parameter (2𝛾𝜅𝑝+𝜅𝑚) has defined values. With experimentally determined values of 𝜅𝑚 and 𝜅𝑝, 𝛾 was obtained from the fitting. The best curve (R square > 0.95) was for γ = 4.30 N/m (2.85-5.75N/m). The typical value of interfacial energy between metals and oxides reported was around 1 to 2 N/m [71]. Our estimated interfacial stress is slightly greater than what was expected. This is possibly due to the increasing number density of NP. This causes an increase in the power index m of the size dependent strain (𝜀∗∝𝑎𝑚) contributed by matrix dilatation. For example, if the power index m increases from 3 to 6, the best curves correspond to interfacial energies of 3.13 (m=4) and 1.90 N/m (m=6), as shown in Figure 4.7(b). On the other hand, if the strain-size dependency (𝜀(𝑎) was only dominated by capillary pressure term 2𝛾𝑎 and a transformation strain (𝜀∗) is not a function of a, the fitted curve is shown in Figure 4.7 (c). The generated interfacial energy was unrealistically large (22.6 N/m). The transformational strain was on the order of 10-2, which cannot be explained by any feasible non-size-dependent dilatational strain (i. e. thermal mismatch strain). Therefore, the strain-size relation can be explained only by the size-dependent volume misfit, caused by the matrix dilatation. 
	/
	Su and Voorhees pointed that two particles of same radius and fixed morphology can be stable with respect to coarsening due to the energetic considerations [227]. However, we observed a multi-particle system with different particle sizes can be stable as well. The uniform and flat concentration in the matrix can be well explained by the mechanical model. That is to say, both small and large particles have the same equilibrium interfacial concentration, which levels with the far-field concentration. The concentration that is strongly coupled to the mechanical equilibrium at the interface, gives rise to the new phenomenon observed in ceramic-support metal NPs system. Such mechanism in NPs growth stagnation can be practically applied for stabilizing NPs at high temperatures. 
	4.4 Conclusion
	In this chapter, we theoretically analyzed the misfit strain of the NP precipitated from a matrix material, caused by the dilatational transformation strain in the matrix. We used in-situ TEM to observe the precipitation process of nickel nanoparticles within a ceramic matrix solution containing supersaturated solute (Ni) atoms. We found an astounding phenomenon that NP stopped growing at certain size, while the smaller NPs continuously precipitated out closely around the stagnant NPs. Then the growth was stagnant for all the particles. We found that this misfit strain had a strong and high order dependence on the NP sizes during the precipitation. Depending on the NP sizes, the predicted strain could be compressive as well as tensile. We theoretically explained this phenomenon that the elastic strain confining mechanism was caused by the matrix dilatation. A continuum mechanics model was developed to demonstrate the relation between particle growth and elastic strain evolution, which evidenced with the XRD results. The elastic strain increases as particle grow, which leads to the transition from the compressive state (contributed by interfacial stress) to the tensile state (contributed by dilatation). The misfit strain has strong dependence on the particle size. The power index was confirmed by matching reasonable values of interfacial energy. The resulting elastic strain is the dominating mechanism for the particle confinement.
	CHAPTER V
	DEVELOPMENT OF THE DEFECT-FREE MULLITE CERAMIC FILMS
	5.1 Introduction
	As for our central goal of processing dense and defect-free ceramic films embedded with magnetic nanofibers, the ceramic thin film itself needs to be crack-free. In the coating process, the condensation during drying and decomposition upon heat-treatment can greatly affect coating formation. The capillary and coherent forces during these processes are the driving forces for densification of coatings. On the other hand, the intrinsic stress caused by the shrinkage, if exceeds the material’s limit, results in uncontrollable cracking and decohesion. It is difficult to prevent cracking due to the stress, especially for thick films [47, 48, 149-153149 150 151 152 153]. The maximum film thickness of non-repetitive deposition above which the cracking occurs is often termed as “critical thickness” (τc). For sol-gel derived ceramic coatings, the τc value is typically below 100 nm [49, 50]. This value is insufficient for our application since it’s smaller than the diameter of many fibers or rods (e.g. electrospun fibers in chapter 2 and 3). Many attempts have been made to increase the critical thickness, such as using additives with chelating ligands (e.g. acetylacetone), or high molecular weight solvents and/or organic polymers [149-153149 150 151 152 153]. The polymers are soft and more ductile than ceramics. Such polymers as polyethylene glycol and polyvinylpyrrolidone (PVP), were used as the additives to prevent cracking [153, 154]. Elimination of cracks seems to be achievable using the hybrid sol-gel precursor with polymers. On the other hand, the factors that determine the crack resistance of the materials needs to be explored with more details. For example, many polymers decompose at intermediate temperatures of 200 to 400°C. What is the role of thermal stability of polymers when cracking occurs at those intermediate temperatures?
	The purpose of this study is to explore the effect of polymer additives on the critical thickness of mullite films obtained from monophasic sol-gel precursors. It is desirable to have the dense, crack-free, thick and coherent mullite film for corrosion protection. A monophasic precursor has the advantage of low processing temperature and excellent single phase purity. It is interesting for ceramists to understand the low temperature processing of dense crack-free mullite film, using the monophasic precursor with the addition of polymers as structural modifiers.. In this chapter, we used the cracking onset temperatures and critical thickness to demonstrate the effects of polymer additives on preventing cracking.
	5.2 Experimental procedure
	Mullite films were processed from the same precursor. Sol MS7 from Table 2.1 was mixed with polyethylene oxide (PEO, Mw 1,000,000 Da, Sigma-Aldrich, MO, USA), polyvinyl alcohol (PVA, Mw 85,000-124,000 Da, Sigma-Aldrich, MO, USA), or polyvinylpyrrolidone (PVP, Mw 1,300,000 Da, Sigma-Aldrich, MO, USA) with different weight ratios in a mixed solvent containing 75 wt. % Ethanol and 25 wt. % H2O using a high intensity ultrasonic processor (Vibra Cell VC 500, Sonics, CT, USA). The mullite yield of the solution was kept at 5 wt. % (for polymer weight < 50% of ceramic yield) and 2.5 wt. % (for polymer weight ≥ 50% of ceramic yield) in order to maintain an appropriate same viscosity of the solution. The film substrates (silicon wafer: 750μm in thickness, 2cm/1cm/0.5mm single-side polished, purchased from UniversityWafer, Inc.) were cleaned in acetone followed by plasma cleaning （pdc-32g, Harric Plasma, NY, USA） for 5 minutes. The obtained solution was used for dip-coating at ambient temperature with a relative humidity level of 50-60%. Different withdrawal velocities, ranging from 0.02 to 0.25 inch/second, were applied during dip-coating process, to obtain films with different thicknesses. The films were dried for 24 hours in desiccator at room temperature before heat treatment. The films were heated in air at 5 °C/min and sintered at 1000°C and 1200°C for 2 hours.
	The film thickness measurement was carried out using atomic force microscopy (AFM, Dimension 3100 AFM, Veeco Inc, Plainview, NY, USA). Before the heat-treatment, a scratch through the film was applied to the film using a sharp blade. The thickness was determined by scanning the profile across the scratch and calculating the depth of the scratch. To determine the cracking onset temperature, the samples were heated to a targeted temperature, and then observed under an in-situ optical microscope, before they naturally cooled down to room temperature. The samples were marked as cracked or none-cracked depending on whether film cracks were observed. The temperature of the furnace was calibrated using a K-type thermocouple so that certain deviation in temperature reading is estimated (indicated by the error bar). The critical thickness is determined from the maximum thickness of crack-free film after heat-treatment at 1000°C.
	5.3 Results
	Figure 5.1 shows the TGA curves of the polymer additives used in this study. Different onset temperatures of decomposition were observed. Rapid mass loss in PEO was observed from 200°C to 300°C. Steep weight loss in PVA was observed at 250 - 300°C followed by a mild loss rate at 300 - 500°C. PVP showed two stages in mass loss. The first stage was from room temperature to 100°C due to vaporization of absorbed moisture. The second stage was at 300 - 600°C, with steep mass loss at around 375°C. 
	/
	The FTIR spectrum of mullite gel and mullite-polymer mixtures heat treated at low temperatures (80 - 500°C) is shown in Figure 5.2. The spectrum of pure mullite gel after drying at 80°C exhibited broad peaks at 2600-3700 cm-1 which was due to the OH stretching mode [190]. During the heating process, hydroxyl groups (bending mode, 1650 cm-1) disappeared because of solvent evaporation, hydrolysis and condensation []. The strong peak located at around 1388 cm-1 was caused by the -NO3 vibration [191]. A weak peak at around 1170 cm-1 corresponds to the carbonaceous matters in the material [190]. During the initial stage of pyrolysis, the peaks corresponding to stretching of SiO4 tetrahedrons (1186, 1110 and 1050 cm-1) and stretching of AlO4 tetrahedrons (960 and 830 cm-1) have increased relatively comparing to the other two peaks at 1650 and 1388 cm-1 []. The vibrations were diminished at higher temperature (500°C) due to the formation an amorphous aluminosilicate network []. The FTIR spectra of mullite-polymer hybrid gel (weight ratio: polymer: 50 wt. % of mullite yield) are shown in Figure 5.2 (b) - (d). The bands due to absorption of polymers overlap with the bands of mullite which results in broad peaks. The vibration band at 1710 cm-1 was observed in all of the hybrid gels after heat treatment at 300-400°C, which is assigned to the C=O stretching mode [244, ]. Those peaks gradually vanished during the heating process at higher temperatures. The spectrum profiles of all the mullite-polymer mixtures are close to the mullite gel after firing at 500°C, which indicates the completion of thermal decomposition. This is in consistency with the TG analysis. 
	The XRD traces of mullite-PVP (50wt. %), mullite-PEO (50wt. %) and mullite-PVA (50wt. %) hybrid gel after heat treatment at 1000°C for 5 minutes are shown in Figure 5.3. These gels retain monophasic character and mullite was the only phase observed after heat treatment at 1000°C.
	/
	/
	In pure mullite samples with the as-dip-coated gel film of 1 μm thickness, cracking occurred after dried at room temperature which resulted in isolated fragments on the surface, which is shown in Figure 5.4 (a). After heat-treatment at 1000°C, the isolated segments shrink extensively, as shown in Figure 5.4 (b). The free in-plane shrinkage leads to significant crack opening. Figure 5.4 (c) shows the mullite-PEO (5 wt. % PEO of mullite yield) hybrid film with the same gel film thickness of ~1 µm after firing at 1000°C. The film did not crack at room temperature before firing. Significant less crack density and gap were observed. Figure 5.4 (d) shows the elimination of cracks in thinner films with thicknesses of 600nm (measured before heating, with ~ 40% reduction in thickness after calcining). The crack spacing was also reduced. Figure 5.4 (e), (f) and (g) show the surface images of crack-free mullite-PEO, -PVP and -PVA (polymer addition amount as 50wt. % of mullite yield) thin films after heat treatment at 1000°C. High resolution SEM images of the corresponding films were also shown in the internal frames. Smooth surfaces were observed in both sole mullite gel films and hybrid films. The grain size grew to ~ 10 nm after the films were heated treated at 1000°C.
	We presume that the final films obtained at 1000°C were dense or close to dense. In chapter 2, we measured the mechanical performance of the mullite fibers obtained using the same precursor, and heat-treated at 1000°C. The strengths and moduli the mullite fibers were exceptional. We assume that if the films in this study had the same shrinkage as the mullite fibers, the films were dense or close to dense. Some indirect evidence also showed that the films obtained were dense. For instance, the SEM images show that there were no pores on both surface and cross-section. However, direct density measurement on films is difficult to be performed.
	/
	Figure 5.5 shows the SEM images of mullite films (thickness ~ 200 nm) without addition of polymers after heat treatment at 500, 1000, and 1200°C. The surfaces of both the films before and after heat-treatment are smooth. Mullite with fine grain size was observed after sintering at 1000°C. Significant grain growth occurs after sintering at 1200°C for 2 hours. An average grain size of ~120 nm was estimated from the SEM micrographs.
	/
	The relationship between the initial film (or gel film) thickness and the cracking onset temperature observed during heating is shown in Figure 5.6 (a). Here we choose PEO and PVP for study because the thermal behavior of these two polymers are significantly different from each other. Cracking was typically observed at relatively low temperatures (below 400°C). No further cracking at higher temperatures was observed if the films did not crack at 500°C. Thick films tended to crack at low temperatures. The addition of polymers improves the cracking onset temperatures and the final thickness of crack-free films. The cracking onset temperature-thickness profile of mullite-PEO hybrid film resembles that of the mullite-PVP films at low temperatures. However, the latter one has remarkably increased crack-free thickness at temperatures above 300°C. 
	/
	The measured critical thickness of the films after firing versus polymer content is shown in Figure 5.6 (b). The critical thickness for pure mullite films was only 120 nm. With addition of polymers, τc increases significantly. However, it does not increase monotonically with continuous increase of polymer content. The τc values reached a plateau with polymer content at around 50 wt. % for PEO-doped films, and at around 100 wt. % for PVA-doped mullite films. Slight decreases in τc were observed in PVP samples with polymer loading higher than 50 wt. %.The largest critical thickness obtained was 450 nm for the mullite-PVP film.
	5.4 Discussion
	In our study, no further cracking was observed at temperatures above 400°C, indicating that thermal mismatch between the ceramic film and substrate did not significantly contribute to cracking. The cracking was mainly caused by the solvent evaporation during drying, the decomposition of polymer of organic component, and the densification during heat-treatment, all of which lead to film densification [148]. After the decomposition was complete and mullite phase was formed, thermal expansion coefficient of mullite and substrate (silicon) are both on the order of 10-6 °C-1 [, ]. The strain caused by the thermal mismatch is on the order of 10-4 at high temperatures, which is much smaller than the strain induced by the volumetric shrinkage due to solvent evaporation, sol-gel polycondensation and organic decomposition. During drying the stress relaxation can be achieved by the viscous flow of polymers and the suppression of sol-gel polycondensation reaction. Adding polymer to the solution can help suppress cracking during drying. During firing, continuous densification process occurred due to the polycondensation reaction. After hydrolysis the main condensation reactions in mullite can be described as the following [242]: 
	/
	and, 
	/
	The carboxyl group can react directly with the aluminosilicate sol to form a hybrid structure of metal-organic structure through the following chemical reaction []: 
	/
	and, 
	/
	The polycondensation of mullite gel was delayed because of the chemical reactions between metal hydroxyl groups and organic ligands of the polymers [244]. Such organic ligands as carboxyl groups already presented in PVP, but not in PEO and PVA. These carboxyl groups were formed during oxidation at elevated temperatures in the samples with PEO and PVA additives [244, ]. In Figure 5.2, the FTIR results showed the formation of C=O bonding at around 300 - 400°C in PEO and PVA. However, PVP has better thermal stability at this temperature (Figure 5.1), making it more effective in suppressing sol-gel polycondensation reactions than the other polymers. Additionally, metal ions would coordinate with N or O ions in PVP []. As the organic components of the gel and polymer decomposed, the solid became rather elastic than viscous, and thus internal stress built up within the film. Large tensile stress, when exceeded the material’s limit, caused the failure of the film. At high temperatures, the intrinsic stresses relaxed due to diffusion.
	Cracking at room temperature during drying can be effectively inhibited, even with addition of small amount of polymers. For instance, with the addition of 5 wt. % PEO of the mullite yield, the hybrid films were crack free during drying for the gel film thickness up to 2.5 μm. Further increasing in polymer contents gave rise to even better cracking-resistant performance until an optimal concentration was reached. Although initially adding polymer resulted in greater critical thickness, an excessive amount of polymer could decrease the critical thickness, as shown in Figure 5.6 (b). The reason is that majority of the gel volume was replaced by polymers, resulted in discontinuous oxide matrix after decomposition. The excessive porosity resulted in large intrinsic stress during densification driven by the capillary force. 
	The cracking onset temperatures for mullite and mullite-polymer films shown in Figure 5.6 (a) indicates that cracking mainly occurred at low temperatures (< 400°C) and even at room temperature. The FTIR spectrum shown in Figure 5.2 confirms that changes in chemistry due to pyrolysis were mainly observed at temperature below 500°C. It has been suggested that a stress-relaxation polymer is effective in suppressing the stress evolution as long as it remains in films, but not effective when it is decomposed [148]. Therefore the thermal stability of the polymers greatly affects the critical thickness of the hybrid films. A greater critical thickness was found in mullite-PVP hybrid films, with a same polymer content. This can be explained by the fact that PVP is thermally more stable than PEO and PVA, which is revealed by the TGA result. In Figure 5.6 (a), the cracking onset profile of mullite-PEO resembles that of the mullite-PVP films at temperatures below 200°C. The addition of PEO significantly improves the cracking onset thickness, especially at lower heat treatment temperatures. Large deviation in the curves was, however, observed at temperatures above 250 °C. This is in coincidence with thermal decomposition temperature of PEO, which is between 200 and 300°C. While PVP is thermally stable up to 300°C. The difference in cracking onset temperature and thickness could therefore be explained by the difference in thermal stability of the polymers.
	The critical thickness achieved in this study is compared with the reports in di-phasic mullite gel systems [74, 155]. The processing of mullite thin films using sol-gel technique is summarized in Table 5.1. In the di-phasic systems, relatively large critical thicknesses of above 1 μm, or even 3-5 μm, were obtained for mullite films [155,158]. However, the film was coated on an uneven porous substrate, which is significantly different from our approach. In monophasic system, which is reported in this work, critical thickness can be improved by incorporating polymer additives. However, the critical thickness value was comparably less than the obtained in diphasic systems. A significantly larger residual mass in diphasic gel system could be the reason. The weight loss in diphasic gel systems was about 17-26%, was, however, above 50% in monophasic system. In addition, condensation reactions in monophasic gel systems are more prominent, which generates large elastic stress during drying and firing [74]. Nevertheless, there are attractive advantages of using monophasic precursor over diphasic precursor. The first is the elimination of intermediate phases, such as γ-Al2O3 and spinel as stated in chapter 2. The second is due to the low crystallization and sintering temperature, ensuring good grain size control. Enormous grain growth was often observed in diphasic precursor derived mullite during sintering at elevated temperatures, giving rise to the formation of mirometer sized grains [155,158]. The large grain size may profoundly affect the mechanical properties of the films as it reaches the magnitude of the film thickness []. On the other hand, nanocrytalline thin films are demanded for a lot of applications []. Especially for the generation of composite thin films embedded with nanorods, a nanocrystalline thin film with grain size smaller than the nanorods dimension is desired, to avoid segregation of the nanorods at the grain boundaries of the film matrix. The thickness of crack-free thin films can be further improved by repetitive deposition. 
	/
	5.5 Conclusion
	In this chapter, we used mullite films prepared from the monophasic sol-gel precursors as an example system to study the effects of polymer additives on the film’s critical thickness. The critical thickness was improved with addition of polymers, such as PVP, PEO, and PVA. These polymers had optimal concentrations for improving the critical thickness of the mullite films. PVP has been demonstrated as the most effective crack-preventing agent among these polymers. This was due to the combinatory effects of PVP’s capabilities of forming a hybrid gel precursor that slowed down the sol-gel polycondensation reactions, relaxing the stresses during heat-treatment, and preventing cracking over a wide thermal decomposition temperature range. If the polymer decomposes within a narrow temperature region, it has limited capability of stress relaxation. The crack-free, dense and smooth, phase-pure mullite films with thickness of about 450 nm were achieved at low firing temperature of 1000°C.
	CHAPTER VI
	PROCESS NANO- AND SUBMICROMETER MAGNETIC FIBERS AND RODS OF CONTROLLED ORIENTATIONS
	6.1 Introduction
	Aligning magnetic nanorods or nanofibers is one of the state-of-art technologies for advanced nanocomposites [159, 160, 161]. As stated in chapter 1, the macroscopic orientation of nanorods and nanofibers remains great challenges.  In this chapter, we present two methods of processing nano- and submicrometer magnetic fibers or rods of controlled orientations. Two types of magnetic fibers or rods were used. They are SiC-Fe3O4 rods (short fibers) and mullite-nickel nanocomposite fibers (continuous fibers). 
	SiC nanorods demonstrate outstanding semiconducting, optical, field emission, thermal and mechanical properties for applications in high-power, high-frequency and high-temperature [, ]. Substantial improvements in room and high temperature fracture toughness have been reported in many SiC-nanorod-reinforced ceramics, such as alumina, ZrB2 and mullite [255-258   ]. SiC nanorods with similar thermal expansion properties, are indicated to improve the toughness of mullite at high temperature [257, 258]. Preparation of mullite-SiC nanocomposites has been reported in the literature [259-262   ]. Nevertheless, processing ceramic thin films embedded with aligned magnetic nanorods have not been achieved. Hereby as the first report, we demonstrate the alignment of magnetically functionalized SiC nanorods obtained from magnetic assembly. Magnetic nanofibers or nanorods can be aligned in polymer solutions under externally applied magnetic fields [13, 23]. When the motion of nanorods are constrained two dimensionally (e.g. in a thin film), the criterion for alignment can be derived from theoretical approaches [23]. The distribution function theory explains the alignment of ferromagnetic nanorods in solidifying polymer films [87]. However, the criterion for aligning superparamagnetic nanorods remains unclear. A theoretical model is developed here to explain the orientational distributions of superparamagnetic nanorods under different magnetic field. 
	In the second approach, we demonstrate the orientation of mullite-nickel nanofibers achieved using electrospinning. The finely dispersed nickel NPs loaded within the aligned nanofibers are especially attractive as Faraday rotators and microwave absorbers [12-1412 13 14]. The orientation of electrospun fibers is difficult to achieve because the fibers are light and wavered by small external forces. A small perturbation in the processing parameters could result in significantly different order of orientations. To be specific, many experimental parameters shall be optimized in order to achieve the orientation. This often requires a short collection distance, a field-assisted alignment setup (Figure 1.3), low feeding rate and applied voltage. The environmental parameters, such as relative humidity and temperature, should be accurately controlled. Uncontrolled environmental parameters often results in non-reproducible results. 
	6.2 Experimental procedure
	6.2.1 Thin film embedded with magnetic short fibers
	The experimental protocol for preparation of mullite films embedded with SiC-Fe3O4 nanorods is schematically shown in figure 6.1. SiC nanorods were coated with Fe3O4 nanoparticles on the surface. The SEM image of a single magnetic nanorod is shown in figure 6.2 (image provided by Dr. Luzinov’s group, Department of Materials Science and Engineering, Clemson, SC []). Those magnetic nanorods were dispersed in a methanol- polyethylene oxide (PEO, Mw = 1,000,000 g/mol, Sigma Aldrich, St. Louis, MO) solution at 2 wt. %. The dispersion was provided by Dr. Luzinov’s group [263]. In the first step, SiC-Fe3O4 nanorods were deposited on a substrate from the methanol-PEO solution. The polymer thin films were fabricated using the dip coating method. The silicon wafers were cut into 1×4cm rectangles. The wafers were cleaned following the same procedure in section 5.2. The silicon wafers were dip coated at a speed of 5.4 mm/sec. Next, the dip coated wafer was immediately transferred and dried in a glass vial between two parallel neodymium magnets (K&J Magnetics, Pipersville, PA). The nanorods were oriented under the static magnetic field during the solidification of the liquid films. After drying, the obtained samples were heat treated to 750°C at 0.5°C/min in air in order to remove the polymer films. Before deposition of ceramic gel films, the samples were treated by plasma cleaning (pdc-32g, Harric Plasma, NY, USA) for 5 minutes. Integration of mullite films was processed by dip-coating the sol-gel derived solution containing 2.5 wt. % mullite yield and 1.25 wt. % PVP (as described in chapter 5). Different withdrawal velocities from 0.17 to 5.4 mm/sec to obtain ceramic films with different thickness. The films were dried for 24 hours in desiccator at room temperature before heat treatment. The films were heated in argon at 5 °C/min and calcined at 1000°C for 2 hours. Repetitive depositions were applied in order to generate the multilayered structure. The direction of applied magnetic field was reconfigured (e. g. rotation by 90°) to generate different orientations within each layer. 
	//
	6.2.2 Thin film embedded with magnetic long fibers
	The developed experimental protocol is schematically shown in Figure 6.3. The configuration of e-spinning setup was developed in ref. [113]. Following chapter 3, fibers were electrospun from the solution containing 5wt. % Ni (of mullite yield) and collected by four parallel aluminum plates. The aluminum plates were grounded with a small gap (2cm) between them. The orientation was improved with the specific plates’ geometry due to the opposite directions of electric field near the plates [113]. As a result, the charged fibers align perpendicular to the plates. The aligned fibers were collected on silicon wafers. This step can be repeated to create different orientations within each layer of collection (Figure 6.3 (b)). The obtained samples were further heat treated in reduced atmosphere for the magnetic functionalization, according to the procedure developed in chapter 3. The obtained samples were treated by plasma cleanser (following the same procedure in chapter 5) before the deposition of ceramic gel films. Then the specimens were dip-coated from the same sol-gel derived solution in section 6.2.1. The obtained films were heated in argon at 5 °C/min and calcined at 1000°C for 2 hours.
	/
	6.2.3 Characterization
	The materials microstructure were characterized by optical microscope, SEM and AFM. Experimental histograms (orientation) were constructed by counting the number of nanorods present in sectors of 10° and normalizing it by the total number of nanorods. Orientation angles for more than 500 nanorods were counted for generating each diagram. The generated distribution function was fitted to theoretical calculation according to the same method described in ref. [160]. Magnetic properties of the free-standing nanocomposite membranes were measured by using the Alternating Gradient Magnetometer (AGM 2900, Princeton Measurements Inc., NJ, USA) at room temperature. Direct magnetic measurement on the films coated on substrates is difficult due to the limited amount of magnetic material. Free-standing membrane was obtained by depositing composite thin films on a decomposable substrate (graphite). The substrate was removed by heating in air.
	6.3 Results and discussion
	6.3.1 Orientation of superparamagnetic nanorods in films with constant viscosity
	Modeling kinetics of ferromagnetic nanorods orientation in drying or curing polymer coatings has shown that the nanorod alignment can be achieved [87, 160, 161]. For the first time, a theoretical model developed in this work explains the orientational distributions of superparamagnetic nanorods under different magnetic field. In the first place, nanorods were assumed to be confined within the plane of the liquid layer. During the rotational alignment of the magnetic nanorods subjected to an applied magnetic field, a torque defined by the cross-product of magnetization and magnetic field was applied to the superparamagnetic nanorods, which overcomes viscous drag from the polymer solution. We define 𝜑 the angle between nanorod orientation and the direction of the applied magnetic field. The governing equation describing the superparamagnetic nanorod rotation in the Newtonian fluids is given by [264-267, , , ]: 
	𝜑=𝜔𝑐sin2𝜑                                                      (6.1)
	where the characteristic frequency 𝜔𝑐 is a constant associated with the nanorod properties and rheological behavior of the solution, given by [266, 267]: 
	𝜔𝑐=3ln(𝑙𝑑)−𝐴𝑑22𝜂𝜇0𝑙2∙𝜒22+𝜒𝐵2                                          (6.2)
	where 𝑑 and 𝑙 are respectively the diameter and length of the nanorod, 𝜂 the solution viscosity, 𝜒 the susceptibility of the nanorod, 𝜇0 the vacuum permeability, 𝐵 the magnetic field and 𝐴≈2.4 [266, 267]. Introduce the distribution function 𝐹(𝜑,𝑡), whose definition is given as: 𝑑𝑁𝜑,𝑡=𝑁0𝐹𝜑,𝑡𝑑𝜑. Where 𝑁0 is the total number of rods. The evolution of distribution function satisfies the conservation of total number of nanorods [87, 160, 161]: 
	𝑁0𝜕𝐹𝜕𝑡+𝜕𝜕𝜑⋅𝑁0𝐹⋅𝑑𝜑𝑑𝑡=0                                         (6.3)
	The governing equation for the distribution function is then obtained [, ]: 
	𝜕𝐹(𝜑,𝑡𝜕𝑡−𝜕𝜕𝜑𝐹𝜑,𝑡𝜔𝑐sin2𝜑=0                                   (6.4)
	The above equation can be solved using the method of characteristics []. The following solution is obtained: 
	𝐹𝜑,𝑡=12𝜋⋅2𝐶𝐶2−1)cos2𝜑+(𝐶2+1                                     (6.5)
	where 𝐶(t)= exp(−2𝜔𝑐𝑡). The solution is verified through integration of 𝐹𝜑,𝑡 from 0 to 2𝜋 which yields 1. It’s convenient to use probability function 𝑃(𝜑,𝑡 to find the nanorods positioned within a narrow angle 𝜑−𝛥𝜑,𝜑+𝛥𝜑: 
	𝑃𝜑,𝛥𝜑,𝑡=𝜑−𝛥𝜑𝜑+𝛥𝜑𝐹(𝜑′,𝑡⋅𝑑𝜑′=12𝜋arctantan𝜑′𝐶(𝑡|𝜑−𝛥𝜑𝜑+𝛥𝜑                 (6.6)
	The initial random orientation corresponds to 𝑃(𝜑,0)=∆𝜑2𝜋 and as time goes to infinity 𝑃0,𝛥𝜑,∞=1 (meaning that all rods can be aligned). 
	6.3.2 Orientation of superparamagnetic nanorods in solidifying films
	We show one example of the distribution function of nanorods in solidifying films, whose rheological equation of state is time-dependent. The time-dependent viscosity of many drying systems is described by the following equation []: 
	𝜂𝑡=𝜂0exp𝑡𝜏0                                                       (6.7)
	where 𝜂0 is the initial viscosity, 𝜏0 the characteristic time of polymerization. Introducing 𝑈=𝑈0⋅exp𝑡𝜏0, Eq. (6.1) is rewritten into:
	𝑑𝜑𝑑𝑈=−sin2𝜑𝑈2                                                             (6.8)
	where 𝑈0=𝜇0𝜂0𝑙2𝑑2⋅2+𝜒𝜒2⋅1𝜏0𝐵2[3ln(𝑙𝑑)−𝐴=𝜏𝜂𝜏0. 𝜏𝜂 is the characteristic time needed for a nanorod to find its equilibrium configuration in a liquid with constant viscosity 𝜂0. In our experiment, 𝜏𝜂 was adjusted by altering the magnetic field strength. 
	Integration of Eq. (6.8) yields: 
	tan𝜑=tan𝜑0⋅exp1𝑈−1𝑈0                                             (6.9)
	As 𝑈→∞, tan𝜑=tan𝜑0⋅exp−1𝑈0=tan𝜑0⋅exp−𝜏0𝜏𝜂, illustrates the effect of different time scales. When 𝜏0≫𝜏𝜂, the nanorod will align to the direction of the applied magnetic field, and when 𝜏0≪𝜏𝜂, the nanorod stays ‘frozen’. As for ferromagnetic nanorods, the dimensionless equation for the rotation of single nanorod is slightly different, which is given by [87]: 
	𝑑𝜑′𝑑𝑈=−sin𝜑′𝑈2                                                   (6.10)
	And the solution to 𝜑′ for a ferromagnetic nanorod is given by [87]: 
	tan𝜑′2=tan𝜑′02⋅exp1𝑈−1𝑈0                                             (6.11)
	/Figure 6.4(a) shows the comparison between Eq. (6.9) and Eq. (6.11) with different initial values of 𝜑0 and 𝑈0. When 𝜑0 is less than 𝜋/2, the ferromagnetic nanorod orients more readily with the progression of U than the superparamagnetic nanorod with the same given values of 𝑈0. However, when 𝜑0 is between 𝜋/2 and 𝜋, the opposite scenario was observed. This is due to a smaller periodicity in the superparamagnetic solution (𝜋) as compared to the ferromagnetic solution ( 2𝜋). That is, the superparamagnetic rod rotates toward 𝜑=𝜋 instead of 𝜑=0 with an initial orientation between 𝜋/2 and 𝜋. As for the ferromagnetic nanorod, it always rotates toward 𝜑=0, the direction of the applied magnetic field. 
	The corresponding distribution function 𝐹 for superparamagnetic nanorods can be solved using the same method from Eq. (6.4) [87]: 
	𝐹𝜑,𝑡=12𝜋⋅2𝐶′𝐶′2−1)cos2𝜑+(𝐶′2+1                                        (6.12)
	where 𝐶′t=exp−1𝑈01−exp−𝑡𝜏0.  When 𝑡→∞, the distribution function for a solidified film is given as: 
	𝐹𝜑,∞=12𝜋⋅1cosh1𝑈0−sinh1𝑈0cos2𝜑                                  (6.13)
	The corresponding probability function is given as: 
	𝑃𝜑,𝛥𝜑,∞=𝜑−𝛥𝜑𝜑+𝛥𝜑𝐹(𝜑′,𝑡⋅𝑑𝜑′=12𝜋arctantan𝜑′∙exp1𝑈0|𝜑−𝛥𝜑𝜑+𝛥𝜑   (6.14)
	The probability function at 𝑡→∞ is affected by 𝑈0, which is determined by the property of the nanorods, the characteristic time of drying and the strength of the magnetic field. The set of equations (6.7-6.9, 6.12-6.14) is an example of the nanorods alignment in a solidifying film. For the films with different kinetics of viscosity evolution, the corresponding solution in Eq. (6.8) changes and one can obtain different expressions for 𝑈0. 
	The equilibrium distribution function 𝐹𝑓𝑒𝑟𝑟𝑜𝜑,∞ for ferromagnetic nanorods is given by [87]: 
	𝐹𝑓𝑒𝑟𝑟𝑜𝜑,∞=12𝜋⋅1cosh1𝑈0−sinh1𝑈0cos𝜑                         (6.15)
	Here 𝑈0 is also defined as 𝜏𝜂𝜏0. The characteristic time 𝜏𝜂 has a slightly different dependence on the magnetic properties of the nanorods and rheological properties of the liquid. The corresponding probability function for ferromagnetic nanorods is given by [87]:
	𝑃𝑓𝑒𝑟𝑟𝑜𝜑,𝛥𝜑,∞=1𝜋arctantan𝜑′2∙exp1𝑈0|𝜑−𝛥𝜑𝜑+𝛥𝜑                    (6.16)
	Figure 6.4(b) shows the plots of the distribution function 𝐹𝜑,∞ and 𝐹𝑓𝑒𝑟𝑟𝑜𝜑,∞ with different values of 𝑈0. Function 𝐹𝜑,∞ (Eq. (6.13)) has a periodicity of 𝜋. The orientations of nanorods with 𝜑=𝜋 and 𝜑=0 are essentially identical. Therefore due to its symmetry at 𝜑=0, function 𝐹𝜑,∞ is doubled when comparing with 𝐹𝑓𝑒𝑟𝑟𝑜𝜑,∞. Comparing to that of the ferromagnetic nanorods, the distribution function of superparamagnetic nanorods has a narrower profile and slightly greater peak value (𝐹𝑓𝑒𝑟𝑟𝑜0,∞ and 𝐹0,∞), which indicates more nanorods can be captured by the field. The peak value of the function decreases as 𝑈0 increases. When 𝑈0 goes to infinity, the peak values of both functions asymptotically reach 1/2𝜋. 
	6.3.3 Aligned SiC-Fe3O4 short fibers
	In the above theory, nanorods were assumed to remain isolated with no physical interactions between the nanorods. This requires that the nanorods are well-separated in the drying solution. In our experiment, the smallest average distance between inclusions, 41±20μm, is 4 times larger than the average length of the particulates, making the particulate to particulate interactions an unlikely source for disorientation. During solidification of the liquid films, the SiC-Fe3O4 nanorods were rotated into the direction of the field creating orientation. Figure 6.5 shows the orientational distribution of the SiC-Fe3O4 nanorods after the polymer removal. With a magnetic field strength of 216 Gauss, the composite with initially 0.16%vol of SiC-Fe3O4 nanorods has higher orientation with 77% of material oriented within 10° of the direction of the field. The composite with 0.58%vol of SiC-Fe3O4 nanorods had 67% of the material oriented within 10° of the direction of the field. The orientation was less significant as a weaker magnetic field (37 Gauss) was applied. Less than 40% of nanorods oriented within 10° of the direction of the field for both concentrations. When the magnetic field is 6 Gauss, the orientation of the nanorods was almost random. Overall, the nanorods assembly obtained from initially lower volume fraction in polymer solution demonstrates a slightly better alignment. Eq. (6.14) was used to fit the experimental data with adjustable parameter: exp−1𝑈0. The results are shown in figure 6.5. A smaller value of exp−1𝑈0 was found for samples obtained at larger magnetic field. This is in good agreement with the theory according to the definition: 𝑈0=𝜇0𝜂0𝑙2𝑑2⋅2+𝜒𝜒2⋅1𝜏0𝐵2[3ln(𝑙𝑑)−𝐴 – as B increases, exp−1𝑈0 decreases. 
	/
	The SiC-Fe3O4 nanorods remained separated during polymer removal, ceramic gel film deposition and gel to ceramic film conversion. Figure 6.6 shows the orientational distribution of nanorods during each of those steps. Overall, the most significant alignment was in the initial polymer films. The changes in the percentage (𝛥𝑃) of nanorods within each 10° segment with respect to the initial distribution in polymer films are shown in figure 6.6 (c-d). For the majority of nanorods, 𝛥𝑃 is less than 5%. This deviation initially appeared after the polymer removal, which is possibly due to the settlement of nanorods during the polymer decomposition. A slow heating process to remove the polymer is desired to better retain the orientation. The orientation remains almost still after the gel film deposition and gel to ceramic conversion, which indicates less motion of the nanorods after they were sintered to the substrate. In principle, orientational differences between those processing stages are quite small.
	/
	Figure 6.7 shows the SEM images of single-layered mullite film embedded with SiC-Fe3O4 nanorods. The embedded SiC-Fe3O4 nanorods were well-separated and aligned. No significant nanorods segregation was observed. Layer-by-layer (LBL) assembly method offers the opportunity to create 3D nanocomposites through repetition of the 2D assembly [, ]. Controlling nanorods orientation within each layer is of particular interests for many applications. For example, an orthotropic lattice structure is often desired for effective mechanical reinforcement in all directions [67]. Figure 6.8 (a) shows the SEM image of a 2-layer mullite-SiC-Fe3O4 film with orthotropic structure. Figure 6.8 (b) shows the corresponding orientational distribution. The orientation of the major populations of SiC-Fe3O4 nanorods within each layer is perpendicular to the other. 
	/
	/Figure 6.9 shows the magnetization-field (M-H) plot of the free standing mullite-SiC-Fe3O4 membranes. It shows that the ceramic thin film composites are superparamagnetic. The magnetization of the material is normalized by the total mass of the composite. For superparamagnetic materials, the magnetic moment m follows the Langevin dependence []:
	𝑚=𝑚0coth𝜅𝐵−1𝜅𝐵                                                  (6.15)
	where B is the magnitude of the external magnetic field, 𝑚0=𝑁𝜇, and 𝜅=𝜇𝑘𝐵𝑇, 𝜇 is the magnetic moment of a single magnetic domain, N the total number of domains in the composite, 𝑘𝐵 is the Boltzmann constant and T is the absolute temperature. The magnetic Fe3O4 nanoparticles in the film composite contribute to this superparamagnetism. From the fitting, the composite membranes have saturation magnetization of around 0.41 Am2/kg, which is about two to three orders of magnitude smaller than the typical values reported for superparamagnetic Fe3O4 nanoparticles [275-277  ]. The reveals that the concentration of magnetic materials within the free-standing membrane should be on the order of 0.1-1 wt.%. This concentration can be further controlled by altering the ratio between thicknesses of the polymer films and ceramic gel films. From the Langevin fitting, the magnetic moment of each domain is on the order of 4.7×10-20 Am2. 
	/
	6.3.2 Aligned mullite-nickel nanocomposite long fibers
	Figure 6.10 shows the aligned fiber on the silicon substrate. Ni nanoparticles of size ~ 50 nm were observed on the surface of the individual fibers. The alignment was mainly contributed by to two factors. One is the mechanical stretching caused by the rotating collector. The second one is the opposite directions of electric field near the plates. When the jet hits one electrode, the tip of the jet are neutralized and the electric force pulls the rest of the jet towards another plate [113]. As a result, the charged fibers align perpendicular to the plates [113]. Integration of ceramic films with ordered ceramic fibers results in an organized 2D structure with fibers ‘piping’ underneath. Figure 6.11 (a-c) proves that the orientation of fibers (angles formed by the fibers) did not change significantly during the processing stages. Figure 6.11 (d) shows the AFM image of the thin film’s surface with embedded nanofibers. The roughness of the ceramic film itself is very low comparing to the protrusions formed by the embedded fibers. The roughness of the composite film is therefore determined by the vertical height of the surface protrusions induced by the fibers. 
	/
	/
	6.4 Conclusion
	In this chapter, we demonstrate two methods of processing ceramic thin films embedded with oriented fibers. In the first method, magnetic short fibers (SiC-Fe3O4 rods) were dispersed in a polymer solution to form a polymer thin film composite under applied magnetic field. The polymer was then removed by heat treatment. In the second method, pre-aligned magnetic long fibers (mullite-nickel) were obtained via electrospinning. Mullite thin films were integrated onto both fibers. The film integration process did not significantly alter the fiber structure and the orientations were retained in both methods. The magnetic measurement performed on mullite-SiC-Fe3O4 free standing composite membranes proves the magnetic functionality of the composite films. Based on our observation, we conclude that both of these two approaches (electrospinning and magnetic assembly) can be for processing ceramic thin film with retained orientations of the embedded fibers. The thin film evolution with the presence of fibers will be investigated in detail in the next chapter. 
	CHAPTER VII
	EFFECT OF NANOROD INCLUSION OF THE THIN FILM INTEGRITY DERIVED FROM THE SOL-GEL
	7.1 Introduction
	One of the greatest challenges of sol-gel thin films is the macroscopic cracking caused by the intrinsic stress, which has been described in chapter 5. Another challenge remains in the integrity of thin films deposited on substrates with fibers or rods. Presence of fibers affects the local equilibrium where the film conforms on the fiber inclusions, giving rise to many unique phenomena such as the topographic evolution and cracking of thin films. However, the driving mechanism to those phenomena was not clear. In this chapter, detailed investigations are given to fundamentally understand the topographic evolution of sol-gel composite thin film and the cracking problem with the nanofiber or nanorod inclusions. 
	In previous studies, the micrometer thick film formation on substrates with features in micrometer scale (e. g. holes, trenches or wedges) was governed by the Stokes flow of liquids and kinetics of planarization [52-5852 53 54 55 56 57 58]. The capillary pressure, which is the driving force for the planarization process, is determined by the radii of curvature of the meniscus [52-5852 53 54 55 56 57 58]. In the case of nanometer and submicrometer fibers coated with thin films of similar scale, the radii of curvature is much smaller compared with the micrometer sized features [52-5852 53 54 55 56 57 58], and the body forces exerted by viscous drag did not contribute. Our experimental results indicate that for thin films, the degree of leveling (or planarization) is typically very small. For the film with thickness in nanoscale, the contribution of disjoining pressure becomes significant and shall be considered in our model [278-280, , ]. The driving force for planarization is balanced by the disjoining pressure, which is the repulsive interactions between the solid-liquid and liquid-vapor interfaces determined by the layer thickness. In this case, it is possible to generate the equilibrium thickness profile with these two governing mechanisms. Equilibrium shape of the liquid layer on the nanorods or nanofibers is determined by the Derjaguin equation [279, , ]: 
	𝑃𝑐𝑎𝑝=𝜎𝑣𝜅−Πℎ, 𝜎𝑣>0                                       (7.1)
	where 𝑃𝑐𝑎𝑝 is the pressure difference in the liquid and gas, 𝑃𝑐𝑎𝑝=𝑃𝑙𝑖𝑞𝑢𝑖𝑑−𝑃𝑔𝑎𝑠, 𝜎𝑣 the liquid-vapor surface tension, 𝜅 the curvature and Πℎ the disjoining pressure, a function of layer thickness h. It is assumed that the disjoining pressure is dominated by the Lifshitz-van der Waals forces [279, ]. The disjoining pressure has the following form:  Πℎ=𝐴ℎ3, where A is the Hamaker-Lifshitz constant, which is typically on the order of 10-21-10-19 J [278]. 
	Figure 7.1 schematically shows the configuration of liquid film on substrate with a cylinder-shape inclusion. The systems of coordinate are also shown in the figure. Since the aspect ratio of the cylinder-shape inclusion (fiber) is typically much greater than 10, the problem is simplified as a 2D configuration with Polar coordinate whose origin is concentric with the cross-section of the cylinder. And Cartesian coordinates are used in the cross-section plane far away from the fiber. Under stationary state, the pressure difference 𝑃𝑐𝑎𝑝 is assumed constant everywhere within the film. The curvatures are known as: 
	𝜅𝑐=𝑅+𝐻𝑐2+2𝐻𝑐′2−𝐻𝑐″(𝑅+𝐻𝑐)𝐻𝑐′2+𝑅+𝐻𝑐23/2                                        (7.2)
	and,
	𝜅𝑝=−𝐻𝑝″1+𝐻𝑝′232                                                   (7.3)
	𝐻𝑐, 𝐻𝑝 and R are respectively the film thicknesses (of center and plane solutions) and radius of the cylinder, which are defined in Figure 7.1. 𝐻𝑐𝜃 is a function of angle θ in the Polar coordinate, and 𝐻𝑝𝑥 is a function of x. In our particular system, a thin layer of liquid film of tens of nanometers formed on top of the nanorod/nanofiber. The local curvature is assumed to be governed by the curvature of the nanorod (𝜅𝑐0≈1𝑅). The following equation was used to approximate the relation between thickness on top of the rod (𝐻𝑐0) and far away from the rod (𝐻𝑝∞):
	𝜎𝑣𝑅−𝐴𝐻𝑐03=−𝐴𝐻𝑝∞3                                                  (7.4)
	Introducing dimensionless parameter𝑋=𝑥𝑅, ℎ𝑐(𝑋)=𝐻𝑐𝑅, ℎ𝑝(𝜃)=𝐻𝑝𝑅 and 𝐴=𝐴𝑅2𝜎𝑣, Eq. (7.1) was transformed into the dimensionless form: 
	−𝐴ℎ𝑝,∞3=2ℎ′𝑐2−ℎ″𝑐1+ℎ𝑐+1+ℎ𝑐2ℎ′𝑐2+1+ℎ𝑐232−𝐴ℎ𝑐3, −𝐴ℎ𝑝,∞3=−ℎ″𝑝1+ℎ′𝑝232−𝐴ℎ𝑝3                        (7.5)
	Eq. (7.4) can be transformed to the following form: 
	ℎ𝑐0=ℎ𝑝∞⋅1+ℎ𝑝∞3𝐴−13                                     (7.6)
	7.2 Experimental procedure
	7.2.1 Materials preparation
	The SiC whiskers with round cross-sections were used as the cylindrical film inclusion. Films with different thicknesses were processed according to the procedure described in chapter 5. The microstructure of the film was examined using atomic force microscopy (AFM, Dimension 3100 AFM, Veeco Inc, Plainview, NY, USA) and scanning electron microscope (SEM, Hitachi S4800, Hitachi, Ltd., Tokyo, Japan). Before the heat-treatment, a scratch through the film was applied to the film using a sharp blade. The thickness was determined by scanning the profile across the scratch and measuring the depth of the scratch. The surface profile of the composite films was generated from the AFM measurement. The diameters of the fibers were measured from the SEM micrographs. Samples were marked as cracked or crack-free with the observation under the SEM. 
	7.2.2 Numerical method
	The solutions to ℎ𝑝 and ℎ𝑐were solved numerically. For the plane solution (ℎ𝑝), a trivial solution, hp=const is found. It also has another solution of which asymptotic expansion could be obtained as follows. Introduce the 𝛿𝑢<<ℎ𝑝,∞ at infinity,
	ℎ𝑝=ℎ𝑝,∞+𝛿𝑢                                                  (7.7)
	With the given boundary condition:  ℎ𝑝′(𝑋→∞)=0, substitute Eq. (7.7) into Eq. (7.5) and we obtain: 
	ℎ𝑝(𝑋→+∞)=ℎ𝑝,∞+𝐶exp−𝜆𝑋, 𝜆2=3𝐴𝑝ℎ𝑝,∞4                             (7.8)
	where C is an unknown integration constant. For the coordinate system set up in our problem, the sign of C should be positive. Eq. (7.8) specifies the initial values for ℎ𝑝,∞ and ℎ𝑝,∞′ for the numerical calculations. The initial point (X0) to start the integration is defined as 𝑋0=′∞′. In other words, solution to ℎ𝑝 with given initial values can shift along the x-axis. Due to the symmetric condition at the center (𝜃=0), initial value for ℎ𝑐′(𝜃=0) is given by ℎ𝑐′(𝜃)=0. The initial value for ℎ𝑐(𝜃=0 is given by hc0 in Eq. (7.6). The non-linear second-order differential equation is solved by using ‘ode23’ function in Matlab. Solution for hc(θ) is then transferred into the Cartesian coordinate (ℎ𝑐𝑛𝑒𝑤(𝑋, corresponding to the height of the film surface) according to the geometric relations.
	To find the solution to Eq. (7.5), we apply the following condition at the interface. The obtained solutions to ℎ𝑐𝑛𝑒𝑤(𝑋 and ℎ𝑝(𝑋) must match with the same coordinate and slope. Therefore the following conditions must be satisfied at the interface. 
	ℎ𝑐𝑛𝑒𝑤(𝑋1)=ℎ𝑝(𝑋1)ℎ𝑐𝑛𝑒𝑤′(𝑋1)=ℎ𝑝′(𝑋1)                                            (A2.5)
	where X1 corresponds to the point where these two solution matches. The matching condition is determined by the least square method with two adjustable parameters X0 (definition of ‘infinity’) and X1. 
	/
	7.3 Results and discussion
	7.3.1 Microstructure of the film with nanofibers and nanorods
	The high resolution SEM images of the crack-free composite films are shown in Figure 7.2. By varying the film thickness (t) with the similar fiber diameter (D), different microstructures were observed. When the applied film is very thin (Figure 7.2 (a & d), with film thickness ~ 50 nm), the surface shows the trace of the embedded Ni nanoparticles. This is due to that the thin film is conformal to the surface of the fiber with nanoparticles. When the film thickness increases, the surface projections of the nanoparticles become vague (Figure 7.2 (b & e), with film thickness ~ 100nm), and eventually disappear (Figure 7.2 (c & f), with film thickness ~ 200nm).
	Similar microstructure was observed in mullite-SiC-Fe3O4 composite thin films. The magnified SEM images of the films with embedded nanorod are shown in figure 7.3. The SiC-Fe3O4 nanorod was distinguished from the thin film matrix when the film thickness (60 nm) is small compared to the dimension of the rod, as shown in figure 7.3 (a). The grainy feature on the rod’s surface corresponds to the presence of Fe3O4 NPs. With a slightly thicker ceramic film (140 nm), the contour of the nanorod becomes less distinct from the film matrix, which is shown in Figure 7.3 (b). The grainy feature on the rod was masked by the ceramic film on the top. The result indicates that nanorods could be embedded completely, with the application of thicker films. The microstructure of such thick films (~500 nm) with embedded nanorods is shown in figure 7.3 (c-d). An interesting feature of such thin film composites is the surface protrusion observed due to the presence of the nanorod. It was observed that surface protrusions can be gradually eliminated with the deposition of mullite films of greater thickness. The detailed mechanisms will be discussed in the next section. Figure 7.3 (d) shows the cross-section view of an embedded SiC-Fe3O4 nanorod in the mullite film. The thickness evolution of the film close to the nanorod position was evidenced.
	/
	/
	7.3.2 Thickness evolution and crack formation
	The final film thickness (t) without any inclusion, fiber diameter (D) and τc are important as it determines whether microscopic cracking occurs around the embedded fibers. First of all, the film thickness must be smaller than the critical thickness, otherwise cracking occurred no matter whether there were cylindrical inclusions. If t < τc, then there were two scenarios of interests:  thin film with large rods (type 1, D > t) and with small rods (type 2, t > D). Figure 7.4 shows the surface profile of the thin film with fibers for both cases. The gel films remained crack-free before heat treatment. 
	When t > D, no cracking was observed after heat treatment. The film is relatively flat with small protrusion caused by the nano-inclusion. The presence of the small protrusions can be explained by the following scenario. For the liquid film, the surface remains flat at early stages upon drying. The surface of the film gradually falls down during solvent evaporation (as shown in Figure 7.1). Meanwhile, the concentration of solute and solution viscosity increases exponentially with time [242]. Large viscosity arises from drying which restrains the lateral flow. Upon further solvent evaporation, the film shrinks by the same volume fraction of residual solvent on top of and aside from the nanorod. One would expect different absolute shrinkage in height at the different locations. This creates the non-stationary film profile with a small meniscus formed on the surface. The final profile should be the intermediate condition between the stationary (flat surface) and the case with completely no lateral flow (shown in Figure 7.4 (a), calculated by assuming a constant ratio of film shrinkage (90%) estimated from the beginning solution). 
	If D > t, the cracking phenomenon was complicated. Cracking was observed in certain samples after heat treatment, but not in others. If cracking was observed, the cracks were always at the edge of the inclusion where the thin film surface started to bend up towards the top of the inclusion (Figure 7.4 (b), the red curve). No cracking was observed when the film was sufficiently thin (Figure 7.4 (b), the blue curve). Cracking can also be prevented with enhanced critical thickness τc. As shown in figure 7.4 (c) (blue curve), the film remains crack-free even with a slightly greater thickness comparing to the one in 7.4 (b) (red curve). Figure 7.5 shows microstructure of the cracked film with the fiber. The microscopic cracking was typically observed at the edge, along the longitudinal direction of the fiber/rod.
	/
	/
	/
	Figure 7.6 shows the profile of the films predicted using Eq. (7.5) using the boundary conditions described above. With the same normalized film thickness hp∞ = 0.25, the stationary profile became more flattered as 𝐴 decreases (Figure 7.6(a)), where 𝐴 is proportional to the strength of the interaction between the two surfaces of a thin film and consequent disjoining pressure. The disjoining pressure term is balanced by capillary pressure caused by the surface tension, otherwise the solution will continue to flow until the pressure is equilibrated throughout the film. A strong disjoining pressure must cause a large curvature at the necking area (Figure 7.6), and vice versa. With the same input of 𝐴, the film also flattened as the film thickness increases (Figure 7.6 (b)). This is in good agreement with our experimental observation that the films tend to be flat with greater thickness. This phenomenon is caused by the thick film and consequent small disjoining pressure, and small balancing curvature. With the estimated values of 𝐴, we generate numerical solutions and compare to the experimental results. Figure 7.6 (c) shows the generated profile matches well with the type 1 film with hp∞ = 0.25 and 𝐴=0.0037. The cylindrical inclusion radius is on the order of 10-7 m, surface tension of liquid is on the order of 10-2 N/m. The estimated value of A is on the order of 10-19 to 10-18 J, which is realistic and reasonable. The solution for thick films (e. g. hp∞ > 0. 5) does not match well with the experimental film profile on the top of the fiber. However the simulated profile matches well at the necking area and far away from the rod. 
	The numerical results match well with the thin film of ~60 nm thick. This modeling has certain limitations in predicting the surface profile of thick films with thickness above 100 nm. Specifically, the calculated surface profile does not match experimental result on the top of the inclusion. This mismatch is caused by the large film thickness. The disjoining pressure decreases dramatically with increasing film thickness. When the disjoining pressure was sufficiently small, the lateral flux driven under the disjoining pressure and the balancing capillary pressure was too small and not able to equilibrate the pressure throughout the film during drying. The assumption of the modeling is no longer valid.  This scenario is similar to the condition in type 2 film. Upon drying, meniscus forms and stationary profile cannot be established by lateral flux due to the high viscosity at this stage. 
	Crack develops in material possibly due to a stress concentration. For the reason that the films are thin and the surface steepness is typically small, we use the thin film approximation that only considers the effect of the in-plane stress. The non-uniform capillary pressure is distributed and balanced by the in-plane tensile stress:
	∇𝑥𝜎𝜏=−∇𝑥𝑃𝑐                                                         (7.7)
	The term 𝜎𝜏 describes the stress contributed by the non-uniformity of the capillary pressure. For thin films that are conformal, the stationary state established in figure 7.6 indicates that 𝑃𝑐 is uniform and ∇𝑥𝜎𝜏 equals zero. The film is therefore subjected to a uniform stress which is defined by 𝜎𝜏(𝑥→∞, the intrinsic stress within the planar films without fibers. The non-static profiles of the thick films lead to a gradient of stress, which leads to the concentration of stress near the fiber. However, the magnitude of this stress concentration is small. For example, the curvature observed in the experiment was on the order of ~ 106 m-1 (as shown in figure 7.4), the estimated capillary pressure contributed by curvature will be on the order of 0.1 MPa, which is significantly less than the elastic properties of the gel matrix [70]. The disjoining pressure should not be a dominating factor as well, because cracking is typically observed in thick films (as shown in figure 7.4) where disjoining pressure term is small. And cracking occurs more easily in thicker films, which cannot be explained by disjoining pressure as it is more dominant in thin films. Therefore this stress concentration should not be the dominating mechanism.
	In chapter 5, it has been shown that macroscopic cracking occurs as the film thickness is greater than the critical thickness [148, 149, 152]. When an inclusion is embedded within a film, it seems like the dominating effect should be the film thickness vs. critical thickness in the vicinity of the fiber. The mechanism is schematically shown in figure 7.7. In both modeling and experiment we showed the existence of a fiber caused the leveling of the film around it. This planarization effect is dominant in relatively thicker films (among the type 1 films). The film near the fiber has a thickness greater than the critical value. In our study, cracking was only observed when rod’s diameter is greater than the critical thickness of the film. Qualitatively, the cracks were observed at the greatest evolved film thickness caused by leveling, whose values were above the critical thickness. The microscopic cracking can be prohibited by improving the critical thickness of the film, or reducing the rod diameter to film thickness. 
	/
	7.4 Conclusion
	To summarize, the conditions for the initiation of microscopic cracking were illustrated. No cracking was observed in films with small fiber diameters (τc>t>D). Microscopic cracking was observed in films with intermediate thickness and large fiber diameter (D>τc>t) and especially in non-conformal films. Thickness profile of the conformal films satisfies the stationary equation for capillary pressure distributions governed by curvature and disjoining pressure. The profile of non-conformal films deviates from the stationary curves. However, the stress contributed by non-uniform capillary pressure is small. Microscopic cracking is governed by the thickness evolution near the nanorod and the critical thickness. Microscopic cracking can be reduced and eventually eliminated by reducing the film thickness or improve the critical thickness of the film.
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	Supportive experimental results
	The SEM micrographs of fiber composites before and after chemical etching process are shown in figure A1. Before etching, the number density of nanoparticles appeared on the surface of the fiber is on the order of 10 per unit fiber length (micrometer). After etching, no particles were observed on the surface of the fiber. The surface of the etched fibers appears to be smooth, indicating the complete removal of surface particles.
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	Figure A1: SEM micrographs showing the removal of surface nanoparticles after the etching process
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