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ABSTRACT

Quasi-liquid intergranular film (IGF) which has lbewidely observed in ceramic
systems can persist into sub-solidus region wheaebgnalogy to Grain boundary (GB)
premelting can be made.

In this work, a grain boundary (GB) premelting/pettiing model in a metallic
system was firstly built based on the Benedictusdel and computational
thermodynamics, predicting that GB disordering stamt at 60-85% of the bulk solidus
temperatures in selected systems. This model gatrely explains the long-standing
mystery of subsolidus activated sintering in W-RENi, W-Co, W-Fe and W-Cu, and it
has broad applications for understanding GB-coletidransport kinetics and physical
properties. Furthermore, this study demonstréiesecessity of developing GB phase
diagrams as a tool for materials design.

Subsequently, Grain boundary (GB) wetting and ptemgin Ni-doped Mo are
systematically evaluated via characterizing wekqgehed specimens and thermodynamic
modeling. In contrast to prior reports, Gi&iMo phase does not wet Mo GBs in the
solid state. In the solid-liquid two-phase regitire Ni-rich liquid wets Mo GBs
completely. Furthermore, high-resolution transiois&lectron microscopy
demonstrates that nanometer-thick quasi-liquid I@&isist at GBs into the single-phase
region where the bulk liquid phase is no longeblstathis is interpreted as a case of GB
prewetting. An analytical thermodynamic model éveloped and validated, and this

model can be extended to other systems.



Furthermore, the analytical model was refined bagexh Beneditus’ model with
correction in determining interaction contributiohinterfacial energy. A calculation-
based GB phase diagram for Ni-Mo binary systemav@ated and validated by
comparing with GB diffusivities determined througlseries of controlled sintering
experiments. The dependence of GB diffusivity opidg level and temperature was
examined and compared with model-predicted GB pteaggam. The consistency
between GB phase diagram and GB diffusivity wadenvily observed.

This study revealed the existence of quasi-liq@é Iin Ni-Mo and re-confirmed
our prior hypothesis proposed through work in NsYétem. It also demonstrated further
the necessity of a GB phase diagram as a newdaplitle the materials processing or

design, such as selection of sintering aid and-tieatment.
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CHPATER ONE

INTRODUCTION

Grain boundary (GB) or surface premelting in ureyrstems is a phenomenon
whereby nanoscale quasi-liquid or liquid-like ifigeial films are thermodynamically
stabilized atT < Tmeing Although the surface premelting has been widtlgied [1,2,3],
the existence and importance of GB premelting angroversial. In particular, a 1989
hot-stage TEM experiment concluded that GB premgitiid not occur until 0.99elting
for pure Al [4], which greatly discourage furtheqpdoration in this field. However, in
multicomponent systems, impurity-based quasi-ligntdrfacial films can in principle be
stabilized to much greater undercoolings. Somewbiasistently, impurity-based
intergranular films (IGFs) have been widely obsdrireceramic systems [5]. These
quasi-liquid IGFs can be stabilized well below thek solidus lines [6], where an
analogy to GB premelting can be provoked.

Solid-state (subsolidus) activated sintering referthe phenomenon whereby the
densification rates are significantly enhanced dgimg minor impurities (sintering aids)
when the temperature is still well below the bulikeetic/peritectic temperature. The
exact mechanism for subsolidus activated sinterengained a mystery for decades. In
1999, a study attributed activated sintering igBidoped ZnO to the enhanced GB
transport in quasi-liquid IGFs that are thermodyitafly stabilized below the bulk

eutectic temperature [6]. More recently, a HRTEM &uger study in Ni-doped W



system indicated the stabilization of quasi-ligitdrs well below the bulk eutectic
temperature, thereby implying a similar activatedesing mechanism [7].

In a broad sense, these studies on activatedisigtuiggest that the bulk phase
diagrams are inadequate for guiding the selectiaintering aids and recipes (or
materials processing and material design in genbegluse these quasi-liquid IGFs can
form well below the bulk solidus line where thelbliuid phase is not yet stable;
nonetheless, these quasi-liquid interfacial fil@sult in subsolidus activated sintering
phenomena that are phenomenologically similaroidi-phase sintering. Furthermore,
the formation of such liquid-like GBs (below thellbsolidus line) can also affect the
creep, grain growth kinetics, and many other progenf the material [5].

In this thesis study, we have developed a quangtéhermodynamic model for
predicting the stability of subsolidus quasi-liqu&Fs in binary metallic systems. We
constructed a new kind “GB diagrams” as a new natescience tool for mechanism-
informed materials design. We validated our maohel computed “GB diagrams” via
HRTEM, Auger, and controlled sintering experimenige modeled both W-based and
Mo-based binary refractory alloys. Our experimewark was mostly conducted in the
Ni-doped Mo, where we also clarified several covgrsies regarding the solid-state GB
wetting in this system.

This work may have broad scientific and technolalimpacts on other studies of
materials properties [5] and geology [2,3], inchglivarious materials for energy
applications [8]. Indeed, this nanoscale interfiggi®enomenon not only controls the

activated sintering (materials processing) [6,9,1]),but also affects the mechanical



properties (such as, GB embrittlement [12] and Hiigireep [13,14]), microstructure
evolution (e.g. normal and abnormal grain growft?,15,16,17,18], chemical stability
(e.g. oxidation and corrosion resistance) [19]ctetanic propertiesd.g ZnO-based
varistor) [6,20,21], and liquid metal embrittleméwith important applications for
nuclear reactors) [8].

Specifically, our detailed study of IGFs in refragt metals extends the
observation and theory of this nanoscale interfggtianomenon from ceramics to metals.
Since the interfacial interactions in metals aneggally less complicated, a quantitative
thermodynamic model predicting IGF stability hasmeeveloped and verified by
experiments in this thesis study. This model seages basis to establish a more complex
model for IGFs in ceramics, where we may includepinterfacial interactions, such as
London dispersion forces and electrostatic forces.

A review of pertinent literature is given in Chap®e Chapter 3 details the
experimental procedures. Subsequently, Chaptesctisses a model of doped W systems
and its validation by comparison with prior sinteyidata. Chapter 5 describes a study of
GB wetting and prewetting in Ni-doped Mo, whichrdias a few controversies in
existing literature. Chapter 6 further extends eladborates the thermodynamic model
using the Ni-doped Mo as an example. Chapter #ptss systematic controlled
sintering study of the Ni-doped Mo system to vakdide model and computed GB
diagram presented in Chapter 6. Chapter 8 desailpesliminary study of Mo-Si-B

based alloys. Conclusions are drawn in Chapter 9.
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CHPATER TWO

LITERATURE REVIEW

2.1 Surface and Grain Boundary Premelting in UrSrstems

Surface and grain boundaries (GBs) play significalgs in the fabrication and
properties of metallic and ceramic materials. Swgf@r GB) premelting refers to the
stabilization of a thin quasi-liquid layer on afawe (or at a GB) when the temperature is
still below the melting point of the bulk materidhe surface premelting phenomenon in
ice had been convincingly confirmed by various eixpents [1]. Premelting of ice is a
major reason that ice is slippery [2]. Furthermareface and GB premelting plays a key
role in the consolidation (sintering), adhesiorg areep of snow and ice. Thus, it has
major environmental consequences, for exampldiarphenomena of frost heave, glacier
motion, and electrical charging in thunderstorm8J[1GB premelting has been observed
in a colloidal crystal system where the structurat is 300-400 nm monodispersed
polymer particles (instead of atoms), where a G&bees disordered when the
temperature approaches thg from below [4]. For a real one-component material
aluminum, a hot-stage TEM experiment conducted lat ikl 1980s showed that GB
premelting did not occur up to 1 °C below the meltiemperature for aluminum [5].
Since then, the materials community was greatlgalisaged, and it is generally believed

that GB premelting in unary materials is unimpottan materials science.



2.2 Grain Boundary Transitions

A first-order transition refers to as a phase titarswhereby the free energies of
two phases are equal, but the first derivativéhefftee energy is discontinuous at the
transition point. In 2006, Tang and Carter usedfase-interface model to analyze GBs,
and they showed that the first-order GB transiticas occur in both unary materials
[6,7,8] and binary alloys. In unary systems, thB @nsition is a premelting transition
[7]. In binary systems, this GB transition caniftterpreted as a coupled premelting
(structural disordering) and prewetting (adsorptiwansition [8]. In their model, the GB
is treated as a unigue phase which is differemh fioolk phase. If a thermodynamic
variable (degree of ordeyf,or GB excess) which represents the GB propertipbited
vs. temperature, a finite jump can occur at a @Bdition point, e.g., at a GB premelting
temperature below bulk melting point. Tang et#do predicted the existence of GB

critical points, above which GB transitions becacoatinuous (high order) [7,8].

2.3 Impurity-based Quasi-liquid Interfacial Films

Impurity-based equilibrium-thickness intergrandiams (IGFs) were widely
observed and extensively studied in ceramic syst@h$hey can be stabilized below
and above the solidus line. The stabilization esthimpurity-based quasi-liquid IGFs

below the bulk solidus line in multicomponent syssais phenomenologically analogous



to the simpler phenomenon of GB premelting in ursystems. These IGFs show sevi
unique characteristics [9]:
» Thermodynamic stability below the bulk eutecticifgmtic temperatul
» Disordered structure, lika liquid, butwith some partial crystalline order (Fig. z
» Structural and compositional gradients acrossitirethickness directic
» A self-selecting or “equilibrium” thickness on the ordédarr
» High diffusivity
These IGFs play important roleselectronic ad mechanical properticas well as

fabrication of various ceramic materi

M
O, v/l/v J‘v f‘v'l fl l ﬂ “V "f"‘t "‘ v
\‘\x \\\\\ .

\‘Vﬁ A

SIOz-rich il m«ammm“u:cm AW n,; \\\

Bi,Os-rich film

Figure 2.1Representative HRTEM images of impu-based liqui-like IGFs.

A force-balance model and a difft-interface model have been develope
explain the equilibriunthickness of IGH9]. The formation of quadiquid IGF can be
understood in the frame of a coupling premeltind prewetting theor[9,10]. Tang et al.
[7,8] employed the diffus-interface theory to predi the formation of qua-liquid IGF

via a firstorder GB transition (Fig.2.2(a)). But since the ton dispersion force (as t



major component of thean der Waal force) and electrostatic force that complicate
scenario in ceramics are not considered, Tang'saisdbetter applied to binary metal
systems. Due to thelWforce, the complete wetting was not immediatelysobsd in

ceramic systems when tempwure was increased above the blilleci (Fig. 2.2(b)) [9].

GB excess or
film thickness

Torp—>

Coexistence line

Figure 2.2 Thicknesg5B excess of a GB layer versuemperature or chemical poten.
The GBtransition can be ( first-order, (b) incomplete (frustratdy an attractivivdW

force), or (c)it can occur vidayering transitiongproducing a series of GB complexiol

[9].

On the other hand, surficial amorphous films (S€eye also studied in ,03-
doped ZnO and other stems[11]. They show the similar characteristics with g-
liquid IGF (Fig. 2.3 (a)). Therefore, they are gexlly regarded as surface counterpart
the IGF. SAF can also be stabilized into the subdgslregime whe an analogy t
surface premelting in one component systems candven. WherT > Teytecic the
complete wetting can also be suppressed if arcatteevdWforce is present (Fig.2.2 (b’

A recent study of SAF in vana-doped titania system (Fig. 2.8)] confirmed the



existence of a firsbrder surface transition, at which the film thickegumps

discontinuously (Fig. 2.2 (a

TiO, (anatase) (101 )T

Bi,Os-rich film

(b
Figure 2.3 Representative HRTEM images of S[11,12,13].

Most recently, Dillon and Harmer observed a sesiegSB complexions (= Gi
“phases”) in doped-AD; systems by HRTEM and HAADBTEM. The structures «
this series of GB complexions are schematicallywhm Fig. 2.4. The formation «
these six GB “phases” can be understood from asefilayering transitions: fro
monolayer and bilayer adsorption, to multilayeitgyrer), naioscale IGF, and thic
wetting films, as illustrated in Fig.2.2 (c). Thdan be considered as yet another exter
to GB prewetting/premelting model, indicating thavide range of diversifying ar

interesting interfacial “phase” transitions canwrca GB.

1C
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Complexion I Complexion 11 Complexion I
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(©)
Figure 2.4 The HAADF-STEM (a) and HRTEM (b) imagégssB complexions in
doped- AbO3 and their schematic structures (c). [14,15]
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2.4 Theories and Models of Equilibrium-thicknes$1G

Two types of models have been developed: forcenbalanodels and diffuse-
interface models. The force-balance models, byatae, are built upon the assumption
that the quasi-liquid IGF is stabilized becausa bhlance between attractive forces and
repulsive interfacial forces. In ceramic systerhgrsrange (steric) and electrostatic
forces serve as repulsive force. For subsolidus)@te free energy penalty for forming
the undercooled liquid can be treated as attrafbiree. For IGFs in ceramic materials,
thevdWforce is also attractive and often significantcdh be repulsive for SAFs, and it
is generally insignificant for metallic systemsprée-balance models assume that an IGF
is uniform in composition and structure. Nevertss|g¢hrough-thickness gradients in
composition and structure generally exist [9,16hese gradients can be treated in
diffuse-interface (phase-field) models. Tang etahlyzed a diffuse-interface model for
a binary alloy and predicted a first-order GB titias [8]. However, this diffuse-
interface model did not consided\Wand electrostatic forces [9] that are generally
present in ceramic systems. Moreover, diffusedate models are more difficult to
guantify and to be compared with experiments.higs tesearch, we focus on force-
balance models for the sake of simplicity and tbssbility of quantification.

The basic physical principle of stabilizing a quléguid IGF is as follows. When
the energy penalty (the free energy of amorphiratiGamarpy is more than offset by the
interfacial energy reduction due to the replacenséoine original GB by two liquid-

crystal interfaces, the quasi-liquid IGF can bertieynamically stabilized (Fig. 2.5):
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vol.
B
/ 'gb # _h (undercooled liquid)
N

Figure 2.5 lllustration of the principle stabilizing a nanoscale qudsjuid IGF when

the liquid phase is not yet a stable bulk pfF

Furthermore, a for-balance model can be proposed which also incluuker
interfacial interactions, such as tvdWand electrostatic interaction. Subseqly, the

total excess free energy of an IGF in a ceramitesyg€an be written ¢

h
X 7 H 02 -K
G" Voo = DGunopn N+ Ay +Aye © + W +(-——e™) (2.2)
0

Interfacid

—
van-der-Waals Electrostdic

In Eq. 2.2, first two terms originate from Eq. 2ahich stand for the free energy
amorphization and interfacial energy reductionpeesively. The third term represel
shortrange interfacial interaction of structural and pagitional original (oiginated
from the interactions of two adjacent grains amdcstiral/compositional gradient«’is a
coherent length, which is scaled with the bond flenghe fourth term represents the f
energy arising fromdWinteraction where 1,1 is the Hamaker c¢tstant for the systel
crystal(1)/film(2)/crystal(1). The fifth term showise electrostatic interaction, which
built upon the classic electrical double layer (BEeory or DLVO theory in colloide

system. Herex™ is the Debye length. In a metalliystem, there is no electrostatic fo



andvdWforce is insignificant. | will discuss the forcelbnce model in metallic systems

in later chapters.

2.5 Subsolidus Activated Sintering in Refractorytdde — A 50 Years Mystery

The activated sintering in refractory metals i€refd to as the phenomenon
whereby the densification rate can be significaatijanced if a small amount of dopants
(mostly group VIl transition metals, such as Ni@w) was added. In a classic review
article [17] in 1978, Coble and Cannon stated 'tthe most significant changes which
have been taken place in recent years regardriidmdj with respect to densification
below the eutectics in numerous systems, notablgsten-carbide:cobalt,
tungsten:nickel, ..." Although the study of activditntering in refractory metals
became active since 1960s’ especially in the powdsallurgy community, the exact
mechanism underneath remains unknown for decades.

A widely accepted qualitative explanation (thea'sdical wisdom”) stated that
“solid-state wetting” happened, where a crystalfitre of a dopant-rich secondary phase
formed at GB, thereby enhancing the GB transpoesril8,19]. But there are several
open questions:

» Does the “solid-state wetting” really exist? Noid@vidence has been

presented to support the existence of solid-statévg in activated sintering

systems.

14



* Does this crystalline film have macroscopic (agbig) thickness (as

implicated by complete wetting)?

On the other hand, a recent study attributed aaredd GB transport in BDs-
doped ZnO to a “short-circuit” diffusion in nanoke&quid-like films that are stabilized
at GB well below the bulk eutectic temperature [A0jere is a similarity in activated
sintering between BDs-doped ZnO and doped refractory metals. It inspiretb seek
the similar disordered films in doped refractorytate

A more recent HRTEM study of Ni-doped W revealeel ¢éixistence of disordered
interfacial films at GB in 1 at % Ni doped W. Audg&lectron spectroscopy
characterization indicated that these films areitli-and their thickness is a function of
temperature and doping level [21,22]. These sufbgslguasi-liquid films appear to be
the metallic counterparts to the well-known IGFE@ramic systems.

In addition, there were systematical studies akesing kinetics in W doped with
different group VIl transition metals. In sevepapers in 1960’s to 1970’s [23,24], the
effects of dopants, including Pd, Ni, Fe, Co, Rh,a&Rd Cu, on the sintering rate of W
were extensively investigated. The effectivendstopants can be roughly ranked as: Pd,
Ni >Fe, Co, Ru > Cu. However, no clear explanatibout the effectiveness of these
dopants was offered at that time. It motivatedouisutild a thermodynamic model that

could predict the effectiveness of sintering aimdsif the GB disordering point of view.
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2.6 Ni-doped Mo

Ni-doped Mo is another interesting refractory mletaystem which shows
activated sintering. Same as the earlier explandtiodoped W systems, it was proposed
by Huang [25] that th&—NiMo compound formed crystalline nanoscale film&8,
which enhance the GB transport rates. This imghedoccurrence of a complete solid-
state GB wetting. If so, an arbitrary film thicksesould be expected. However, the
observation of a 2-nm thick GB film seems to beanflict with the complete GB
wetting explanation. In principle, a nanoscalgstalline IGF can also exhibit an
equilibrium thickness. An alternative explanatisrhat this film was disordered but
become re-crystallized upon cooling. Our resealatified this controversy by
demonstrating that solid-state GB wetting doesogatir and nanoscale liquid-like IGFs

can be stabilized at high-temperatures.
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CHAPTER THREE

EXPERIMENTAL PROCEDURES

3.1 Raw Materials

In the present study, high purity molybdenum (99%9 with an average particle
size of 20 microns was purchased from Alfa Aesaraghieve a homogeneous
distribution of nickel in molybdenum, nickel chlde (NiCh-6H,0, Alfa Aesar) was
mixed with molybdenum in solution. Then, the slungs dried in an oven at 90 °C.
Afterwards, the powders were annealed in a tubeafte at 600 °C for 1 hour under the
flowing gas of Ar-5% H to reduce nickel chloride to nickel. This procesdlig called

calcine. The characteristics of nickel and molyhdaerare shown in Table 3.1.
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Table 3.1 Physical properties of nickel and molyhde [1].

)

)

Element Nickel (Ni) Molybdenum (Mo)
Atomic number 28 42
Atomic weight 58.69 95.94
Density (20 °C g/cm3) 8.90 10.28
Crystal structure FCC BCC
Atomic radius (nm) 0.125 0.139
lonic radius (nm) 0.069 0.062 (+6e), 0.070 (+4
Most common valance 2+ 4+, 6+
Melting point (°C) 1455 2623

The binary phase diagram of Ni-Mo is shown in Bd.. Experimental designs

are based on this diagram. We investigated the @B @mena and sintering behaviors in

three phase regimes: single-phase regime (BCC)psiitectic two-phase regime

(BCC+d) and solid-liquid two-phase regime, which are nedrkn the inset of the phase

diagram.
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Figure 3.1 Phase diagram of the binary Ni-Mo sysféne inset is an enlarged view of

the regoins where we conducted experiments [2].

3.2 Specimens Preparation

Ni-Mo green specimens were prepared using a stdnqmavder metallurgy
method. The calcined Ni-doped Mo powders were gihglently using a spatula or
mortar. Thereafter, cylinder-shape specimens wexeaoed using a hand press with 280
MPa pressure and a die. The pressed green spebademdiameter of ~6.36 mm and an
average height of 8-9 mm. To prevent formatioa @fansient liquid and to ensure the

specimens are chemically homogenous, all greenrspas were pre-sintered at 1100 °C

21



for 12 hours in flowing Ar-5% K Finally, the specimen was placed in an oil-qhenc
furnace at a desired temperature and isothermialigred for 3 hours. Afterwards, the
specimen was dropped into room temperature diffugiamp silicone oil in less than 1
second inside the quench chamber under vacuumwé&lguenched specimens were
characterized by a scanning electron microscop®|($#tachi 4800) and a HRTEM
(Hitachi 9500, 300 kV).

In the experiments probing the sintering kinetibg, calcine and press procedures
were the same, but the presintering was conduc¢t®d0® °C for 1 hour and isothermal
sintering was carried out in another gas-quenahaite. The lower pre-sintering
temperature and shorter pre-sintering time enable have a longer window to extract

GB diffusivity via kinetic data.

3.3 High-temperature Oil-quench Furnace

A high-temperature quench furnace was customet. @it schematic of this

furnace is shown in Fig. 3.2 (a), and the devishwvn in Fig. 3.2 (b).
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holder -

A barrel of —

cold mie&

Figure 3.2 (a) Schematic and (b) embodiment ohthk-temperature quench furna

Only one specimen may be placed on the sample hioldleis furnace for eac
run. This sample holder is comprised of an alumina auia spir-shape Mo wire
container (Fig. 3.3), When isothermal sintering @wasomplished, we pulled the quer
handle to let the specimen to fall into quencHdaiffusion pump silicone oil), which ok

less than 1 second.



Figure 3.3 The specimen holder for the oil-quenchdce.

3.4 Furnace for Probing the Sintering Kinetics

We also assembled another furnace specificallgésigned sintering
experiments to extract GB diffusivity as a functmftemperature and chemical potential.
The schematic of this furnace is shown in Fig. B.& a vertical tube furnace. When the
furnace was running, Ar + 5%tgas is flowing through the system to protect specis
from oxidation. This furnace is unique in that acimenism of loading/unloading samples
was built so that the specimens can be insertedeat hot zone of the furnace after the
furnace reaches pre-set temperature. The specicaeraso be taken out for gas quench
after a predetermined sintering time by pulling th& crucible back to the cold-zone.
The advantage is that the specimens are heatethtged temperature in a negligibly
short time (~2 minutes), so there is almost noihgatmp in beginning period.
Moreover, after a certain sintering time, the speei can be cooled down quickly (to

below 800 °C in ~1 min) so that cooling ramp i®aiegligible. By doing this, the effects
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of heating and cooling ramps are minimized. Ireafperiment, a second thermocouple is

placed in the crucible to monitor the actual terapee of the specimens.

Crucible
Ifﬂ

l | Tso thermal region

Figure 3.4 The schematic of the gas-quench furfagarobing sintering kinetics.

The density of the sample was determined by meagtiie sample dimension
and mass. All the green specimens were cylindgpeshalrhese cylindrical green
specimens deformed to truncated cone shape afiteriaig. Therefore three
measurements were conducted on the diameter ofspacimen at different heights.

Through measuring the density (and microstructaseg function of time during
sintering, we can calculate the densification rBtgk or GB diffusivity can then be
determined by fitting the well established sintgrikinetic models. The relevant sintering
kinetic models are described in the next sectidre &xtracted GB diffusivity as a

function of doping level and temperature can bestared with our thermodynamic
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models and the GB structure/chemistry observed RYEM and Auger Electron

Spectroscopy studies.

3.5 Sintering Models

Bulk/GB diffusivity can be extracted by fitting essppmentally measured
densification vs. time curves to the well-estal@dsisintering models. In the Coble
sintering model, densification is divided into thrgages: the initial stage, the
intermediate stage, and the final stage. These thiages are label in the density vs. time

plot in Fig. 3.5 [3].

1000k——(4————"——————————— =

32 final stage (isolated pores)
s [

= | |

c intermediate stage

% (interconnected pores)

(i)

I e

© _ 4t =3%_ _____ inifial stage (neck formation)
)

o - green body

Y

Sintering time

Figure 3.5 Typical relative density vs. time dursigtering [3].
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Figure 3.6 The models for (a) initial, (b)annediate, and (c) final stage of sintering

[3].

During the initial-stage sintering, necks form beén particles and densification
can occur if there is bulk or GB diffusion (but densification if there is only surface
diffusion or vapor phase transport). The inistdge sintering is often modeled using a
two-sphere model as shown in Fig. 3.6(a). In thermediate stage (Fig. 3.6 (b)), a
continuous interconnected pore channel forms andkstge is large, but grain growth is
expected to be mild (because GB are pinned bydhe ghannels). In the final stage (Fig.
3.6 (¢)), the pores become isolated at quandawtijums and grain growth may be
significant. In the following part, the sinteringoatels for three different stages will be
briefly introduced.

Initial-Stage Sintering

The Johnson model [4] is the most widely usedHerinitial stage of sintering.

The key assumptions are:

« Transport due to dislocation or small angle grainrgary is negligible;
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* The grain geometry can be represented by two rguaids in contact with each

other as shown in Fig. 3.6;

* The surface and GB energy are isotropic;

» Vacancy concentration potentials are equal for kiffkision and GB diffusion

(Upy = Upge); and

The densification rate is smalll{/L, < 0.05).

In the Johnson model, the densification vs. timegesented by:

L, kTGP
where:

K = (3.1-6.9)*8;m = ~0.4-0.5p = 3, D = Dy; for bulk diffusion dominant sintering;
and

K= (1.6-3)*16;m = ~0.3,p = 4,D = 8Dgg for GB diffusion dominant case.

In the above equational/Ly is the linear shrinkage;is the surface energy of the
particle materialsg? is the volume of single vacandy, is the bulk diffusivity;Deg is
the GB diffusivity;s is the GB width (which is arbitrarily selectedid® 1 nm in most
prior studies)k is the Boltzmann constank;is the sintering temperature; a@ds the
grain size. German also proposed a similar modé].[5
Intermediate-Stage Sintering

Coble developed the model for intermediate staggesng [7]. The key

assumptions are:
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» Grain boundaries are the sink of vacancies andspmeethe source of vacancies

(v = Jatom);

» The grain geometry is represented by a tetrakalsktra (Fig. 3.6(b)) with a

continuous pore channel at triple-grain juncticarg

» The pore channels have cylindrical.

If the intermediate stage sintering is controllgdollk diffusion, the porosity and its

derivative with respect to time can be expressed as

PV _ PVO - _33 DXLysth (32)
> kTC

9P - 3gute (3.3)

dt kTG

On the other hand, if the intermediate stage simdas controlled by GB diffusion, the

porosity and its derivative with respect to time t& expressed as:

3 3
P2-P%=-128 dDLVZQt (3.4)
KTC
3
2
dpP __128 DV Q
dt kTG

Those equations above assume a constant grairAflifiee variables appearing
in above equations are defined the section ofrthial-stage sintering model, except that
P, is porosity and it is defined:
P, = (1~ Prctaive) (3.5)

where p,..... IS the relative density.
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Final-Stage Sintering
After the interconnected pore channels break uppanels become isolated, the
sintering enters the final stage (Fig. 3.6 (c))bléaleveloped a final-stage sintering

Model [7], where the relative density was expressed

dpr — 441 DXLysQ

R (for bulk diffusion controlled sintering) .
d(ir = 735&‘);'_5!;9 (for GB diffusion controlled sintering) (3.7)

The three-stage sintering theories are developesolal-state sintering. However,
it can also be extended to liquid-phase sinteringibking a few adjustments and
modifications. Based on the Kingery liquid-phasgesing model [8], German developed
a model for intermediate stage of liquid-phasessing if the kinetics is controlled by a

solution-reprecipitation process [9,10]. Here, lthear densification rates are expressed

as:
AL, Dy QC

—)° =192—="5 ¢ 3.8
(LO) kTG (3:8)
Or:

AL, 1 1 yVv C

In(—) ==In{t) +=In{d[D g2-sm 3.9
()= 5+ 5In{0 g, (1027 (3.9)

Here, the variables are defined similarly as thase for soli-state sintering except that
is the width for the macroscopic liquid films ttzae present at GB aritlis composition

of the primary element in the liquid phase.
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3.6 TEM Specimen Preparation

HRTEM is the primary technique we employed to chemaze the structure of

GB. Preparation of TEM specimens from bulk matsriglthe first challenging step. To

prepare ~3 mm self-supporting TEM specimens, |

1.

used Buehler low-speed diamond saw to cut a sthgample into thin pellets
which had the same diameter as the sintered sgrpl@ mm) and was ~ 1
mm in thickness;

roughly polished the cut pellets on both sidesmery papers of grits 320,
400, 600, 800, and 1000 (in a sequence) to redhgcthickness to about 0.2
mm;

used a South Bay Technology (SBT) abrasive didgeictd cut ~3 mm
diameter discs;

finely polished the disc (0.2 mm thick and ~3 mndiameter) on emery
paper of grit 1000 and then diamond lapping filmfdond paste with @m, 3
um and lum particle sizes (in a sequence), to produce &fiilaof ~50 pm
thick; (Note that the recommended final thicknefsthe foil depends on
specific material. For hard metal such as Mo oiitWg, recommended to
reduce thickness to ~50n. For other soft metals or ceramics with high ion-
milling etch rates, ~10(m is generally recommended);

used a Fischione (Model 150D) precision dimpledginto dimple grind the
50 um thick foil on both side with a dimple of about @2 in depth until the
thinnest section in the center was about a fewangr(Although generally

people leave about 20m in the center for ion-milling to perforate it, dur
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case of hard metals with low ion-milling etchinges we try to keep the final
center thickness as thin as possible to reducengiime.) and

6. employed a Fischione Model 1010 low angle argomidhto further thin the
center of the foil until a perforation appear ie fbil and good electron

transparency was achieved.

For ion-milling process, key adjustable parameiteckide accelerating voltage, milling
current, milling angle and milling time. Table 3i&ed a few optimized milling recipes

that produced good TEM foils for Mo-Ni specimens.

Table 3.2 Optimized ion-milling recipes for Ni-Mpecimens.

Recipe 1
Ac\c/:gll;rsgng Milling Current | Milling Angle Terﬁéae?Zture Milling Time
5kv 5.5 mA 12° Liquid M 90 mins
5kV 5.5 mA 9o Liquid N 30 mins
5 kv 5.5 mA 50 Liquid N 30 mins
Recipe 2
Ac\igll;rsgng Milling Current | Milling Angle Terﬁéae?Zture Milling Time
5kv 5.5 mA 12° Liquid N 120 mins
5 kv 5.5 mA 9o Liquid N 60 mins
5kV 5.5 mA 50 Liquid N 30 mins

After ion-milling, a good electron transparency glidoe achieved. The best way

to testing electron transparency was to load thiednioil into a TEM and examine it.

Primarily, we used the Hitachi-9500 300 kV HRTEMitmage our specimen. If the

electron transparency was not good enough, addltion-milling can be carried out to
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further thin the specimen. Usually, good HRTEM gas can be obtained if one can find

a large field of transparent region from the haolé¢hie center to the peripheral edge.

3.7 Auger Electron Spectroscopy and Specimen Pagpar

Auger Electron Spectroscopy (AES) is an extremaelfjase sensitive analytical
technique. It is used to identify elemental composiof surfaces by measuring the
energies of Auger electrons. The energy of an Aetgatron is characteristic of the
element from which it comes. Compositional depibfipng is performed by using an
independent ion beam to sputter the specimen suwade collecting the Auger electron
spectrum. Scanning Auger Microscope (SAM) operbitesan SEM with an Auger
analyzer and an ion sputtering device, which allamalyzing a small spot on a specimen
with a high spatial resolution, as well as condwgtinapping and line-profiling.

The Auger experiments were conducted at Oak Ridgenhal Laboratory
(ONRL) via the High Temperature Materials Laborgt@1TML) user facility program
using a PHI 680 SAM in collaboration with Dr. H. Mieyer llI.

To prevent any contamination, the specimens waired in situ in an ultra
high vacuum (UHV) chamber. Analysis of GB is poksitecause the Ni-doped Mo
sintered specimens are known to undergo brittErgnanular fracture. A compositional
depth profiling was conducted. Sputtering was penéd until low and constant Ni
composition was reached. The sputtering rate wWsrated to be 2 nm/min for a S0

standard at the same experimental condition.
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W sample holding scheme for Auger Spectroscopy

Mo sample
with notch - EM Screw to tighten
= conductive _~the sample
Iabe used 1o gl}lt‘ g
| v il I v
Lot /r ,_J/ P :ﬁ:lﬂf holder
sample. It will sitf~—___ _/ff P The hole in the
in the hole of l/_,__,;f‘- ot center of sample
sample holder oA holder's dimension:
|hase [D=3.65mm
For the tube: 1 h=3.37mm
OD=-3.27mm

ID=-1.2mm
| h=9-10mm

Figure 3.7 Schematic of an AES specimen fixturdrfaitu fracture.

Fig. 3.7 shows schematically a specimen fixtureariaitu fracture in the SAM
chamber. The procedure to make the AES specimggsizibed as follows:

1. A Buehler low-speed diamond saw was used to cummilthick disc from
sintered sample.

2. The same diamond saw was employed to cut the gpdtamsections ~1
mmx1 mmx3.5-5 mm.

3. Two notches was made using the diamond saw on otideeof specimen.

4. After going through a rigorous clean procedure,ntbtehed specimen was
fixed into stainless tube on both ends using SEMigrconductive epoxy.

5. The epoxy-fixed specimen was cured in a 90 °C doe6-8 hours. After cool
down, the specimen was wrapped with foam carefrily packed in a plastic

box to prevent from being broken.
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A noteworthy point was that to minimize the carlwomtamination in AES

specimen introduced by the cutting fluid, a speciehn procedure was implemented to

all the notched specimens before making epoxy et he specimens were

1.

ultrasonically cleaned with acetone for 20 minsaimove all the polar organic
contamination and then let dry fully;

ultrasonically cleaned with toluene for 20 minggmove all the non-polar
organic contamination and then let dry fully;

ultrasonically cleaned with hexane for 20 minsamove all the non-polar
organic contamination and then let dry fully;

ultrasonically cleaned with ethanol for 20 mins;

soaked in ethanol overnight 24 hours to removthalpolar organic and
hydrophilic contamination; and

dried in a 90 °C oven for 3 hours to evaporatéhallresidue organic

contaminant.

3.8 Grain oundary Wetting Experiment

To determine if a bulB-NiMo compound phase wetted and penetrated alang th

Mo grain boundaries, a solid-state wetting expeninveas performed using a Mo alloy

with 12.5 at. % Ni. This Ni content will result the formation of ~15 vol. % @&-NiMo

compound phase at the sintering temperaflire 1344 °C and 1495 °C). Ni (99.999%;

Alfa) and Mo (99.999%; Alfa) powders were mixeddistilled de-ionized water and

dried. The mixture was compacted in a die at 28@& MPproduce green specimen with ~
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6.35 mm in diameter and 8~9 mm in height. Thereadgecimen was presintered at
1100 °C for 12 hours and then sintered at a predated temperature for 2 hours with
flowing gas of Ar/5%H. The purpose of presintering was to homogenizeystem and
prevent the formation of transient liquid. The sietd specimens were polished and

characterized with a Hitachi S-4800 SEM equippetth wn Oxford EDX detector.

3.9 Grain Size Measurement

Grain size evolution of specimen was analyzed. Sjfgeimens were polished to
mirror finish on emery papers and alumina slur(@g@amond paste). Thereafter, they
were etched at room-temperature with 30% volumedgeh peroxide to make grain
boundaries visible. The specific procedure for piag polished and etched samples for
grain size analysis is described as follows:

1. A Buehler low speed diamond saw was used to casdism sintered Ni-Mo

pellets.

2. The specimens were then roughly polished with emapers of grit sizes of

240, 400, 600, 800, 1000 in a sequence (while aweaignting the scratches
normal to the direction of prior polishing).

3. Then, specimens were finely polished with aluminspgnsions in water (or

diamond pastes) to get a mirror finish.

4. The polished Ni-Mo specimens were etched at roanp&Fature using

hydrogen peroxide for 45 second to 1 min.
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A Hitachi S-4800 field emission SEM and Olympusicgdtmicroscope were used

to measure the grain size of these Ni-Mo specimens.

3. 10 Powder Processing and Sintering of Mo-Si-Byd

The processing and sintering of Mo-Si-B alloy wsirailar to the common
powder metallurgy methods. The only difference W we start from silicon nitride
and boron nitride powder instead of pure silicolnoron powder (to reduce the
possibility of oxidation). The powders used in teiperiment are listed in table 3.3. Two
kinds of Mo powders with different average partisiee were selected to examine the

effect of particle size on sintering and grain gitow

Table 3.3 Raw materials of powders for preparing3i® alloy

Materials Supplier Particle size Purity
Mo powder | Atiantic Equipment 1-2um 99.98%
Engineer
Nanostructured and
Mo powder Amorphous 85 nm 99.5%
Materials Inc

SizNg Alfa <lum 99.5%
BN Cerac Incorporated <pm 99.9%

After mixing of Mo, SgN, and BN powders and pressing, the green pellets wer
subjected to a high-temperature reactive sintgrmogess, where the following reactions

occurred:

3Mo + 1/3S§N4 2 MosSi (A15 phase) + 2/3NQ)
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5Mo + 1/3S§N4 + 2BN > MosSiB; (T2 phase) + 5/3N(Q)
where the nitrides reacted with molybdenum to fé&b% and T2 phases, which are

labeled in ternary phase diagram of Mo-Si-B in Bi@.

10 LAl | W 0.0
U.G\x 01 02; 03 rU.4 0.5 06

Mntss] A15 X M055i3
Si

Figure 3.8 Ternary phase diagram of Mo-Si-B. A18 @@ phases are labeled [11].

A homogenous mixture of the starting powders wégal to achieving a
uniform dispersion of the intermetallic phasesha tinal microstructure. The detailed
procedure of making sintered Mo-Si-B is describgdodows:

1. The Mo, Si§N4 and BN powders were dry mixed with 3 wt. % of PMMA
Elvacite 2008 (Lucite International), which was adas a dispersant and
binder, and 0.3 wt.% stearic acid, which was adaked powder lubricant
(both PMMA and stearic acid burned out during fijin

2. The powder mixture was ball milled withs8i, media in SN, grinding jar

using a SPEX ball milling machine for 30 mins.
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. Then, the powders were press into cylindrical pel# ~6.36 mm in diameter
and 8~9 mm in height using 480 MPa pressure.
. The specimens were sintered at the predetermingget@tures (1500-1600

°C) for 6 to 12 hours with 3 °C/min heating ratd apontaneous cooling.
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CHAPTER FOUR

GRAIN BOUNDARY DISORDERING IN DOPED TUNGSTEN

Part of this chapter has been published in:
"Grain Boundary Disordering in Binary Alloys," Jut and X. ShiApplied Physics Lettey92:

101901 (2008).

4.1 Motivations

In a classic review article in 1978 [1], Coble @ahnon stated that "the most significant
changes which have been taken place in recent y@gasd the finding with respect to densification
below the eutectics in numerous systems, notablgstien-carbide:cobalt, tungsten:nickel, ..."
Although subsolidus activated sintering in dopddatory metal had been studied since early
1960’s, the exact underlying mechanism remainedraoersial for decades. Recent high-resolution
transmission electron microscopy (HRTEM) studig¢skatted subsolidus activated sintering in Ni-
doped W, BiOs-doped ZnO [2] and other systems [3,4] to showdtatrdiffusion in premelting-like
IGFs. Subsolidus activated sintering experimentselbeen conducted for W using various dopants
with significantly different effectiveness: Pd, Nre, Co, Ru > Cu [5,6], enabling a critical test of
the hypothesized sintering mechanism. Moreovengusnset sintering as an indicator for GB
disordering, we can establish a quantitative méatgbredicting GB disordering in binary alloys
with broader implications beyond sintering.

This chapter describes our initial effort in deyetg a GB premelting/prewetting model

based on the Miedema model and computational theynaamics. This model quantitatively
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explains the longtanding mystery of subsolidus activated sintenirfive tungsten based bina
alloys. This work representise first step towards proposing a l-range scientific goal ¢
developing GB "phase" diagrams i new tool for materialscience, and is the first succes:
example that demonstrates such GB diagrams caridedantitative predictions. Furth

refinements and idepth discussion of relevant concepts and modelgigen in Chapter Si:

4.2 The Model

Five W alloys (WM; M = Pd, Ni, Fe, Co and Ciwwereselected for this study in part due
the availability of binary thermodynamic functi, which weredeveloped via the CALPHAI
(CALculation of PHAse Diagrams) eff([7,8,9,10] Stabilization of a subsolidus qu-liquid IGF
of thicknessh can be considered in terms of the free energy pefaalforming an undercoole

liquid (AG,,,,» [h) being more than offset by the reduction in iféteial energies resulting fro

the replacement of a GB with two cry«liquid interfaces ashown in Fig. 4.:

AG,popn M < (V) = 2¢) =-0y, (4.1)

N

7%
W T <ty W “-
/</§ /gb e/p o

. _h (undercooled liquid)

\ & N

Figure 4.1 Basic principle of the stabilizationeoliquid-like IGF at subsolidus temperatuBelow

the bulksolidus ling a nanomet«thick, quasiliquid film can be stabilized at GBs; this can
conceptualized as the reduced interfacial enejg, -2)¢) overcompensating for the increased 1

energy to form an undercooled liquid filltAGamorpih).
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The average excess free energy of random W GBsutitidsorption (/é%’) is interpolated from the

data at 1773 K (1.08 JAn11] and 0 K (1.225 J/M[12]. The crystal-liquid interfacial energiesa

estimated based on the Miedema model [12,13] amddka in Ref. [12]:

Vo = FY(X, )DAH\','\‘,ﬁ’f,ﬁ‘fe H e . L19RT

, 4.2
Cvi® e e 2

where AH e is the enthalpy of solutioXy is the molar fraction of M in the liquid (IGRE is a

constant£ 4.5x10°); V is the molar volumeR is the gas constant; aRgl (X,,) is the degree to
which W atoms are surrounded by M atoms [13].

The value ofAG can be computed from the liquid formation freerggeind the

amorph.

chemical potentials set by the equilibrium bulk $#(3) via standard CALPHAD methods (Fig. 4.2):
AGamorph.: qifquid _[XM:UM + (1_ XM )MN] . (43)

Relevant bulk thermodynamic terms are calculatéugutie thermodynamic functions (as shown in

Table 4.1) in refs.[7,8,9,10,14].

43



Table 4.1 Binary thermodynamic functions used adhlculations. Thermodynamic functions for
W-Ni, W-Co, and W-Fe [7,8,9,10] have been fullyessed (being included in the Scientific Group
Thermodata Europe or SGTE binary alloy databakeaddition, (less reliable) thermodynamic
functions have been derived for W-Pd based onglaotiase-diagram data [14]. Formation free
energies of unary phases are taken from the SGag auiatabase [15,16] for the first three systems

and from ref. [17] for W-Pdas_, =-RxIn X, + X, InX,,] IS the configuration entropy.

Phase Gibbs free energy ol ™) Ref.
Liquid X Gl + X, G\,;‘ —TAS, i + Xy X[16290- 1025T —2245@X ; — X,,)]
BCC X "G + X, °Gor® = TAS, ¢ + X Xy (78432

W FCC Xy °Gh + Xy, °Gy = TAS o + X Xy [2556+ 116T —5290QX; = Xy )] + G o

INiW | 4G +I° Gy -25724-0.949
INW | 1°G+1°G - 444295+ 15T
INiW, %"G{fﬁ +2°Gy°—29602+T

Liquid Xeo"GE + X, °Gy —TAS

conf.

+ X o X,y (~426066 + 1550647

BCC Xeo'GE + X, G = TAS o + XX (5464
W-Co Co “Co W G\N conf. Co W( 8 [101
FCC X o °GeZ + X, °G® = TAS, + X o Xy [-13038+ 8038T —11832(X ¢, — Xy, )]
LCoW; | £°GI+L°G°-37960-0.652G
Liquid Xe"Gl + X, °Git —TAS,, + Xeo Xy [-3607+ 565T —545@X -, — X,,,)]
BCC FeOGEZC + XW OG\NCC TASconf + XFeXW[41544_12621XFe - XW)] +Gmag
FCC Xee"Gra” + Xy, 'Gy° = TAS g + XXy [2597 7 336T —72585( X, — Xy )] + Gy
W-Fe yFeOG/léeWFe y\?VOG/l;eW\N +4(yge In y'3:e + y\?v In y\?v) [7 8]
where: yF and y\fv are the site fraction of element Fe and W onaitibé 3. ’
-phase
HP °GY e = (T°GL +2°G° +4°GP° ~14300r 267T)/13
°GH = (T°GL° +2°G)° +4°GP° —53450- 19T ) /13
iFeW 2°G[ +1°Gp*° - 4500+ 1.6666 7T
Liquid xpd"G';,?, + X, °G —TAS,, . + Xpy X, (138687 +109327)
W-Pd | BCC X "GRS + X, "G~ TAS, . + Xpy X, (93868+146329) [14]

FCC Xog"GRF + X, °Gr® = TAS,, ¢ + Xpg Xy (-13144-166868@)
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Gibbs Energy (kJ/mol)

00 ————————T————1————
J 0102030405060.70809 1
W x(Co) Co

Figure 4.2 Calculated free energies in th-Co binary system at 140C€. The volumetri free

energy for amorphizatiolG,,,,,) is labeled.

We define the following variable to represent thermmodynamic tendency to stabiliz

quasi-liquid IGF:

= _AV(XM) 4.4
= Mx?ﬁ)({AGamorph(XM )} ’ ( )

which scales the film thicknes:Furtherdiscussion of this thermodynamic variakA) and
derivatives variables can be found in Chapter

Furthermore, the excess free energy of a ~liquid IGF can be written ¢[18]
G* ~ g = DG+ Ay T (), (4.5)
where f (h) is an interfacial coefficient that ranges from (Ltash increases from 0 te, and

Oertacia(N) EAY [ (D) 1] is a shor-range interfacial interaction[18]The equilibrium thicknes

(hgy) is determined byninimizing Eq. 4.5). If a continuum approximation can be adop
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f(hy=1-¢e"¢ (4.6)
andh., = £0n(A/¢), wheredis a coherent length of ~0.3 nm[18,19]. Then, wenestie the range
of GB solidus temperaturd () via:

05 Nm< A(Tggg) < 1nm. 4.7)

At Tees, he, is about one monolayer (0.2-0.3 nm) from extragpateof the continuum

approximation.

4.3 Model Prediction and Comparisons with Experiteen

The A values are computed numerically as functions obtilk chemical potentials and
temperature using a homemade MATLAB code. Linesoostantd are plotted in bulk binary
phase diagrams, and one example is shown in Fdg.Ak. a constant temperaturkis constant in
the two-phase region and decreases with decredspant concentration in the single-phase region.
Consistently, it is well known that additional dogibeyond optimal levels (which are typically
slightly above the solid solubility limits) doestrrovide additional benefits to enhance sintering
[5,6,20]. Lines of constant are also plotted in other W-M bulk binary phasgtams, and a few

other examples are shown in Fig. 4.4
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Figure 4.3 Computed lines of constaatare plotted in the W-Co binary bulk phase diagram.
Computed diagrams for W-Fe, W-Pd and W-Ni exhiloitilar features.
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Subsequently, computet{T) values for dopant-saturated W specimens (in the
two-phase regions) are shown in Fig. 4.5, whicldigte the correct order for the dopant
effectiveness (Pd > Ni > GeFe >> Cu) [5,6]. Furthermord(T) can be used to
rationalize detailed observations. For exampleisRde most effective dopant at low
temperatures, but Ni becomes more effective at nadbeléemperatures (inset in Fig.

4.3[6]);this observation can be explained from the diffestopes inA(T) (Fig. 4.5).
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Figure 4.5 (a) Computetlvs. T for dopant-saturated W specimens. Corresponding

equilibrium film thicknesses are computed from atowium approximation. (b) THe
dependent densification rates (re-plotted after Fiig ref.[21]; including only initial-
stage sintering data).

To conduct a critical model-experimental comparjsorset activated sintering

temperatures were retrieved from prior studies] [&@ reprocessed to remove variations
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due to the different sintering schemes and graiessi For GB-controlled sintering, it is

known that £ds/dt 0 D, [G™*, wheres s the linear shrinkag®gg is the GB

diffusivity, andG is the grain size. The onset activated sintetémgperature is defined
as the temperature at whigtls/ dt =10°min*for a reference grain size of 0.af[5],

which corresponds t®= 1% after 33 minutes of isothermal sintering.

Table 4.2 Activated sintering data retrieved frpnor experiments [5,6] and relevant
model predictions. Tha&ye, values were computed by using the eutectic/peigtec

temperatureTe/) and composition.

Onset Activated SinteringTsinter (K) Estimated
Te/p A}’e/p /](Tsinter)

Ky @m%) #1* #2 #3 Mean(STD) (hm)  Tees(K)

W-Pd 2088 -0.60 10751079 1117 1090 (23) 097 <114f

W-Ni 1768 -0.52 11301160 1161 1150 (18) 0.52 1121-1470

W-Co 1962 -0.40 13551259 1290 1301 (49) 0.58 1140-1644

W-Fe 1910 -0.37 13331340 1250 1308 (50) 0.52 1273-1664

W-Cu 1357  +0.49 No activated sintering No IG¥ ¢ 0)

@ Data set #1 was extrapolated from the isotherigring data[6,22].
PData sets #2 and #3 were retrieved from continsousring experiments of 8.5 and 17
°C/min, where the original datawere numerically reprocessed to obtaiy/dt.

“The thermodynamic functions for the W-Pd were datibased on partial data (less
reliable)[14].

As shown in Table 4.2, the normalized onset sintetémperatures fall into the

estimated ranges dt,z¢ for W-Pd, W-Ni, W-Co and W-Fe, which are ~60-85%le
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bulk eutectic/peritectic temperaturdg,). On the other hand, computagis > 0 for W-
Cu, indicating that IGFs cannot form. This pretlmais consistent with the observation
that Cu has no effect in enhancing sintering aeatiperatures (Fig. 2) [6], even if this

binary system has the lowegf, (Table 4.1).

4.4 A Model for Discrete Grain Boundary Complexi®ns

Recently, Tangt al. suggested an extension of the Gibbs definitiolbubit
phases to equilibrium GB features and designateh #sGB complexion§l9,23].
These subsolidus quasi-liquid IGFs are one impo&hcomplexion that is a precursor
to the bulk liquid phase. Notably, Dillon and Hammecently observed a series of GB
complexions in doped ADs with increasing levels of structural disorder &8l
mobility, and their study explained the mechanigramormal grain growth (another
outstanding scientific mystery)[19,24]. To intexptheir observations, Eq. (4.6) is
refined to consider the finite atom size:

f(h)=1-eM¢[1-Jsin?(rh/a,)], (4.8)

whereg, = 025nm is the inter-atomic distance. Eg. (4.8) includesell-known

oscillatory structural force [25], producing lo@lergy minima ah =ng, (nis an

integer). This refinement leads to layering traoss [25,26] for moderaté and
produces a series of GB complexions (Fig. 4.5)lamid those observed by Dillon and

Harmer[19,24].
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Figure 4.6(Color online) Computed equilibrium film thicknegs A [Eqg. (4.8);& = 0.3
nm]. Corresponding temperatures are computed &W-Co system. Layerin
transitions occur fod > 3.5%, leading to a series of GB complexions sintib those

observed by Dillon and Harm[24,26].

The current model can be extended to multicompoakmys via the use of we
established CALPHAD extrapolation methods and stiatil thermodynamic models f
estimating interfacial energies. This model fatahbs serves as a basor developing
models for ceramics, where London dispersion foarekelectrostatic interactio
should be added separa [18]. To accurately represent interfacial forces, tolaial
coarsegrained parameters, e.g.e average film compositiorX) and structural orde 7)),

can be included in the interfacial coefficie f (h, X,7)]in Eq. (46), which can ir



principle produce many different types of GB compdas and transitions. A further
extension of this model should consider structaral chemical gradients in a diffuse-

interface theory [23].

4.4 Summary and Discussion

In summary, a quantitative GB disordering modettjwio adjustable parameters)
can explain all major observations of subsolidus/ated sintering. In conjunction with
recent direct HRTEM observations [20,27], it is cloided that subsolidus activated
sintering is due to short-circuit diffusion in prelting-like IGFs. Moreover, this model
can have broad applications beyond activated smgee.g., in understanding creep and
liquid metal embrittlement [18].

This study represents an initial step towards g-4@mge scientific goal of
developing quantitative GB complexion (phase) diawg as fundamental information
leading to controlled materials design. Becaused3Brdering or transitions can vastly
change GB diffusivity and mobility, Fig. 4.2 or neasophisticated GB complexion
diagrams (which may include first-order GB trarmsis [23]) can be used to design
fabrication pathways to utilize desired GB struetuduring processing to control
microstructural evolution. This study shows thalkiphase diagrams are not adequate
for predicting optimal activated sintering protacsince liquid-like GB complexions can
form at ~60-85% of bulk solidus temperatures, tasglin subsolidus activated sintering

phenomena that is parallel to liquid-phase singeriSince IGFs or other GB
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complexions can be retained upon cooling and atiji@affect a variety of mechanical
and physical properties [18], GB complexion diagsaran also be used to devise heat

treatment recipes to adjust final GB structuregtierdesired properties.
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CHAPTER FIVE

GRAIN BOUNDARY WETTING AND PREWETTING IN NI-DOPED
MO

Part of this chapter has been published in
"Grain Boundary Wetting and Prewetting in Ni-Dopdd," X. Shi and J. LuoApplied

Physics Letters94: 251908 (2009).

5.1 Motivations

As discussed in Chapter 2, impurity-based intengiarfilms (IGFs), which are
ubiquitous in ceramic materials, often control aiirtg, grain growth and various
mechanical and physical properties.[1] In a gdiead Cahn wetting model, Tang,
Carter and Cannon proposed that subsolidus IGHd éaun from coupled grain
boundary (GB) prewetting and premelting transitih8] Although GB premelting
and prewetting in metals have been extensivelysigated by Straumal and co-workers
[4], high-resolution transmission electron micrqsgHRTEM) studies are rare. The
only exception is a recent HRTEM study of Ni-dopdwhich found stable quasi-liquid
IGFs in the sub-eutectic two-phase region [5,6lthdugh GB prewetting transitions in
Bi-Cu and Fe-Si-Zn have been indicated by GB cheynénd diffusion measurements

[4], direct HRTEM observation of quasi-liquid IGFsthe single-phase region has not
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been made for any metallic system.

GB wetting and prewetting in the Mo-Ni system aragtically important for
understanding its sintering and embrittlement prioge [7,8]. Two prior studies found
nanometer-thick layers of crystalliageNiMo at Mo GBs and inferred a solid-state
complete GB wetting.[7,8] However, it is unknowhether these compound layers
could indeed exhibit arbitrary thickness as beixgeeted for a case of complete wetting

and whether they were in fact disordered at theditemperatures.

This chapter reports thermodynamic modeling artttatiexperiments about Mo-
Ni systems to clarify the existing controversy abG& wetting, and to seek direct
HRTEM evidence for the stabilization of quasi-liquGFs in the single-phase region of

a binary metallic system to critically support pegting theories [2,4,9].

5.2 Grain Boundary Wetting and Non-Wetting

We adopt a Miedema type model that was elaborat&kbedictus et al. to
evaluate relevant interfacial energies [10]. Therage excess energy for a crystal-

crystal interface between Mo (BCC) aswiNiMo is estimated as:

S Mo interface
~ Yo * Vtoni + P AHyon e 0.90J/m?, (5.1)

e e

where surface energigg,, and y;,.,; are evaluated using the Miedema model (Eq. 7a

and Eq. 11b in Ref. [10]; neglecting the entromatcbution); AH ™ is the enthalpy of
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solution;Cy = 4.5x1C%; V is the molar volume (neglecting thermal expansiéhis the
gas constant; ang,) is the surface fraction of Ni atoms®NiMo. The first term of
Eqg. 5.1 represents contribution due to the mismlagttveen two kinds of crystalline

structures; and second term represents excestagiienergy due to the interaction
between two crystals with different composition.

Furthermore, the average energy of random GBsri@ klo is estimated a g(f,’ =

1/304,= 1.0 J/M. In a Ni-doped specimen, the actual GB enengy)(is less than
yg;’, because Ni adsorption (including the formatiomoiGF) reduces GB energy

according to the Gibbs adsorption isothermal. &tz > yéf,’ > Vg, COMplete GB

wetting cannot occur in the solid-state generalipe average dihedral angle is estimated

based on the Young equation as:

0)
E 2arcco%2y—ng > 2arccoE2Lb] =112. (5.2)
cc yCC

For specimens quenched from 13@&4(with two equilibrium phases of Mo-rich BCC
ands-NiMo), the average measured dihedral angles ons2dlions (which should be
equal to the average true 3-D dihedral angle iorthfl1]) is 108 with a standard
deviation of 12. This result reasonably agrees with Eq. (5tBgreby supporting the
validity of the Benedictus et al.’s equations [10fig. 5.1 shows comparison of
experiments-measured value and theoretically-catledlvalue of dihedral angle. In
summary, it can be unequivocally concluded thiiiMo does not wet Mo GBs, which is

directly shown in Fig. 5.2.
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Figure 5.1 Comparison of measured value and theallg-predicted value of dihedr

angle.

Figure 5.2(a) An SEM image of a fractured Mo + 12.4 at. %sNecimen quenched fro
1344° C shows thad-NiMo phase does not wet Mo GBs in the solid st@ieA cros:-
sectional SEM image of a Mo + 12.4 at. % Ni speameenched from 14¢°C shows

that the Nirich liquid phase completely wets Mo GE

In the solidliquid two-phase regime, the crystigduid interfacial energy i
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estimated as [10]:

= (0138~ 0160F,Y° + 892x10°T )J/m?, (5.3)

H fuse AH imeirfacie F l\i/lo 19RT
Va = Mgla + - N2/3 ot 2/3
COVMo COVMo COVMo/ Ni

Where it is comprised of three terms including aiyilt contribution, interaction
contribution and entropic contribution respectivieym left to right; H /**is the fusion
enthalpy, andF;" represents the fraction of Ni-Mo bonds at therfatze. We calculated

it using Eq. 5.4 adapted from Ref. [10]

Mo _ ~s — XNiVNZi/3
Fvo =Cni = 1- X .)V2-/3+X \/.2/3
Ni /Y Ni Ni v Ni (54)

We assumed that liquid-like IGF adopted the liggidampositionXy; = X.. Then,y, is

calculated to be 0.211 Hrat 1362°C (= Tperitectd and 0.231 J/fat 1495°C. Since

2y, < yé%’ = 1.0 J/m, complete wetting of Mo GBs by the Ni-rich liquiglgenerally

expected (although this is neither a sufficientdibon nor applicable to coincident GBs
)

with low ;). Complete GB wetting in the solid-liquid regirhad been confirmed by

characterizing quenched specimens, and one exasnghewn in Fig. 5.1b.

5.2 Prewetting and Premelting in Single Phase Regim

In the single-phase (Mo-rich BCC phase) regionighe a free energy penalty
(AGamarpy for forming the meta-stable liquid phase. Noeéths, a quasi-liquid IGF of

thicknessh can be thermodynamically stable if this free epgrgnalty is more than
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offset by the reduction in interfacial energies wiaeGB is replaced with two crystal-

liquid interfaces:

AG

amorph

[h< Goé —2y, =-4y. (5.5)

At 1495°C, - Ay is estimated to be 0.54 FmConsequently, nanoscale GB wetting can

occur when the (liquid) phase that does the wetinpt yet a stable bulk phase, which

is a prewetting phenomenon [12].

As we will discuss in Chapter 6, we defiheto represent the maximum thickness of a
stable quasi-liquid IGF of the liquidus compositin(without interfacial forces), as:

AL =E-DyIAG, o (5.6)

It should be noted thali defined here is slightly different from thedefined in Chapter
4, Refs. [13,14] in that the IGF is assumed to attopliquidus composition. This

assumption allows us to computevalues analytically. Further discussion aboute¢hes

thermodynamic parameters can be found in Chapxer Si

Fig. 5.3 shows computeti vs. bulk Ni fraction at 1495 C (Xs = 0.0189 an&,
= 0.5802, calculated with the thermodynamic funwdion Ref. 16). Dotted lines in Fig. 2
bound the range of computdds for random GBs assuming = 30% variationsy[&%’ .

The actual equilibrium film thickness, which depemeh the unknown interfacial forces,
should scale (but is typically not identical tog ttomputedi, [13,14]. Furthermore, as
we have discussed in the prior chapter, discretgguin film thickness may arise from a

first-order prewetting transition [2] or a finitéoanic size effect[13,14], producing
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discrete GB complexions (phases) similar to thdmeved by Dillon and Harm [15].

—_— 5 )
= :
C 4 .
;_1 :
5 3] :
2, 3
> ' .
Q.
£ 1
o
O o0 ; ; :
0 0.005 0.01 0.015 .02
Xyi Bulk
> Solidus

Figure 5.3 Computedl vs. Ni atomic fraction at 1495 °C. The comptA, value
represents the maximum thickness of a stable -liquid IGF of liquidus compositio

(XL) without considering interfacial forces, aA, scales the actual IGF thicknehgg).

[13,14]

To seek the nanoscale IGFs predicted in 5.3 in the singlgshase region, Mo
1 at. % Ni specimens were annealed at I°C (Xs = 1.89 %) and quickly quenchec

SEM examination confirnd no observable secondary phase. Thesequenched

specimens were characterized by HRTEM. NanosGifs Wwere observed at six G
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(among seven edge GBs that could be clearly imaged); the averagasurec
thickness is 0.80 nm and the standard deon is 0.12 nm. A representative HRTE
image is shown in Fig 584 and this relatively thick IGF is presented st the
disordered structure can be more clearly evidéntthermore, an FFT filtering meth
developed by MacLargi6] was adopted to remove the lattice fringes, andiltieeed
image shown in Fig. 5biclearly shows a discrete IGF that exhibits higgreée of

structural disorderFig. 5.5 show a few images of different disordd(@#.

Figure 5.4(a) An original (unprocessed) HRTEM image of an @& Mo + ~at. % Ni
specimen quenched from 14°C. (b) After removing lattice fringes using a F
filtering method that was developed for enhanchgimages of thin IGFs in Rel8, a

discrete film that exhibit high degree of structufisorder is more distinguishak



(€)
Figure 5.5 HRTEMmages of the IGFs at different grain boundarieth wimilar

disordered structures.

Additionally, Auger Electron Spectroscopy (AES) exaation was conducted ¢
specimens that were fractured in UH\-situ. lon sputtering was conducted
conjunction wih AES to obtain the depth profiles. Fig. 5.6 shew3EM image of i-
situ fractured surface. Different numbers labeleglgoints whereby Auger spectra w
collected. The final depth profile was obtainedsklecting the average of the de

profiles ofthose different points in Fig. 5

6€



(@) (o

Figure 5.6 (a) SEM image of-situ fractured surface of Auger specimen, num

labeled the points where Auger spectra were celtec¢b) the mapng of Ni elemen

The results shown in Fig. 5.7 clearly demonstragesegregation of Ni at GB. Since"
sputtering rate was calibrated for 2 nm/min foli@, standard specimen, the thicknes:
Ni-enriched IGF should be on nanometer scale (noliet the sputtering rate for tt
heavier Mo and Ni atoms should be slower. Thisltes consistent with direct HRTEI

imaging.
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Mo + 1%Ni

0 60 120 180
Sputtering time, s

Figure 5.7 Depth profile of residue intergranuiimfon in-situ fracture surface of Mo +
lat. % Ni specimen quenched from 14@5 This depth profile was obtained by choosing

an average of the depth profiles of six pointsraetiired surface specimen.

The above results suggested that activated sigteriNi-doped Mo is likely due
to enhanced mass transport in hanoscale quasiHi@ls that form below the bulk
peritectic temperature, similar to those reported\i-doped W [6,14,17] and BDs-
doped ZnO [18]. A further study of the sinteringhis system is reported in Chapter

Seven.

It is possible that the GB layers ®NiMo observed in prior studies [7,8] were
disordered at firing temperatures but crystallimpdn cooling. Alternatively, nanoscale
layers of crystalliné-NiMo could be stabilized at special GBs if thesailattice match

at one or two interface(s), where a strain effeightnlimit the film thickness.
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5.3 Conclusions

Both experiments and thermodynamic models showdihiMo does not wet Mo
GBs in the solid state while the Ni-rich liquid doeompletely wet Mo GBs. HRTEM
characterization of well-quenched specimens hastlijrrevealed the stabilization of
guasi-liquid IGFs in the single-phase region inddped Mo, which can critically impact
materials fabrication processing and high-tempeegtuoperties. Further studies of
thermodynamic modeling and sintering of the Mo-)tem are reported and discussed

in Chapter Six and Chapter Seven, respectively.
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CHAPTER SIX

THERMODYNAMIC MODELS OF QUASI-LIQUID INTERGRANULAR
FILMS IN NI-DODED MO

The basic concepts regarding the thermodynamidisyadf subsolidus quasi-
liquid intergranular films have been discussed va@ter 4 using W-based binary alloys
as examples. In this chapter, refined thermodyoanudels are described more
rigorously and discussed in great detail. Caloutetare performed for the Ni-doped Mo
system. The computed results are compared withllRIEEM and Auger results
presented in Chapter 5, and correlated with thim ¢raundary diffusivity measurements

from the controlled sintering experiments presemedhapter 7.

6.1 A Phenomenological Thermodynamic Model

A phenomenological thermodynamic model can be meg@s an extension to a
premelting model for unary systems [1,2,3]. Irstimodel for binary alloys, the excess
GB energy (referring to a mixture of equilibriumlbphases) of a subsolidus liquid-like
IGF in a binary A-B alloy is expressed as:

() =G° = (Ul a + Hela) = 2V + DGnorph + Trertacie(N) (6.1)
whereG® is excess free energy according to the Gibbs idefin 1 is the bulk potential,
["is the adsorption (GB excesh)is the film thicknessy; is the interfacial energy of the

crystal-liquid interface (which is well defined whéhe two interfaces are well separated
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orh = +00), AGamorph= Giiquid - GerystallS the volumetric free energy for forming an
undercooled liquid (assuming a uniform film), am@eracialiS theinterfacial potential
(wheredoinerfaciafdh is the well-known Derjaguin disjoining pressur&@he interfacial
potential Oinertacia(h)) represents the interactions of two interfacesmthe film is thin,
and it is the sum of all short- and long-rangeriiai@al interactions using = +w as the

reference point. By definition,

a-interfacia (0) = (yé(t))) - 2yc|) = _Ay
Ointerfacia (+°°) =0 ! (62)

where we defin g?,) = 0" (0) as the excess free energy of a “dry” GB, whichis i

general different from the equilibriury,. The equilibrium GB energy),,) corresponds
to the global minimum iw*(h), which specifies an “equilibrium” thickness:

do'(h)  _,
dh |, (6.3)
ygb = ax(heq)

One may further define a dimensionl@g®grfacial coefficients

() =1 + intrtecia ()
Ay

, (6.4)
which satisfies
{f 0)=0
f(+0) =1 . (6.5)
Then, Eq. (6.1) can be rewritten as:
Aa(h) =0 (h) =g =By T () + 4G, o0 6.6)
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A liquid-like IGF of thickness$ can be thermodynamically more stable than a dry

GB if Ag(h)<0. As such, an estimation of the IGF thicknesslmagiven as:

Ay
AG

amorph

=1 (6.7)

__ By
e

amorph

(1 () <

Here the subscript “L” is used to denote th&:morphis calculated using a reference
composition on the stable or metastable liquidus. li(Possible strategies for selecting
this hypothetic reference film composition are dssed in 86.2, among which this
assumption leads to a theoretically elegant treatimiethe phenomenological model.) If
the interfacial coefficient takes a simple exporadhytdecaying form with a
characteristic coherent length €f(as what is commonly assumed for the premelting
theories for one-component metals):

f(hy=1-e"¢ (6.8)

minimizing Ao (h) leads to:

heo =&0N(A, /), (6.9)

6.2 Through-Thickness Gradients, Film Compositind &implifications

Through-thickness compositional and structural igrats generally exist in an
IGF. CorrespondinglyAGamorpnis calculated after a (somewhat subjective) selecf a
reference film composition (for a hypothesized amif film of undercooled liquid as a
reference state); the remaining volumetric freeges, along with the excess free

energies associated with the compositional andtstral gradients, are then to be
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considered in the interfacial potential so thattttermodynamic treatment remains
rigorous. Prior studies have assumed this refereamposition to be the average film
composition [4,5] or the composition that maximizgsarticular figure of merit (such as
A in Chapter 4 [6]; see elaboration below). Ineitbf the above conventions, this
reference composition becomes a function of filiokihess, approaching the (stable or
metastable) liquidus compositio¥ | ash > +e0. An alternative, and perhaps
theoretically more elegant, strategy is to selemtrastant reference film composition
(independent offi). In this case, this reference composition mes{,bto ensure that

O.ermacia (790) =0, even if the average film composition can be sigaintly different

from X_ when the film is thin.

Furthermore, the equilibriurg should consider the effects of the near-interface
gradients in composition (absorption) and struc{pegtial ordering), which are generally
difficult to quantify. A useful strategy is to dieé a new “un-relaxedjy® (> j) for a
hypothesized “step” interface between a crystalapdrfect liquid (without any
adsorption and near-interface ordering), whichlmareasier to quantify (as discussed in
the following section). Then, we can define a nearmodynamic variable, with respect

to a hypothesized uniform film of a perfect liquas:

yg)_zfy(xmm)
AGamorph ( X film ) ! (610)

A (X ) =

Two particular\’s that can be quantified are:

A= Max i (X}

(0<X gim<1)

AL =EA(X)) (6.11)
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It is easy to demonstrate that:

A <A AL<AL (6.12)
and
lim A -1
A oo A
A _ Vo =2 - (6.13)

A v -2
All three \’s represent the thermodynamic tendency for stabdi subsolidus liquid-like

IGFs, and they scale the actual film thicknessic&ithe exact form of the interfacial

potential is generally unknown, none of them caargntee more predictive power than

others. WhileA, appears to be conceptually more rigordusndA, are generally easier

to quantify. In Chapter 4 and an earlier publmag6], we quantified\ via a numerical
method. More recently, we derived an analytic&itsan for 4 for regular solutions [7]
(and in this chapter we further generalize it tbregular solutions), which is practically
useful.

In summary,A, , which is the maximum thickness of a stable IGfuasng an
uniform film composition ofX, and no interfacial interactions, appears to berbst
convenient thermodynamic variable to be used altyi Thus, it will be used here. To
computei,. as a function of temperature and bulk compositiaterfacial energies’s)
and bulk free energies (to compwi&,merpy Need to be quantified via statistical models

or computational thermodynamic methods, which &eugsed in the following sections.
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6.3 Estimation of Interfacial Energies via StatigtiModels

The interfacial energies’s) can be estimated by either lattice-gas models o

Miedema-type “macroscopic atom” models.

6.3.1 Lattice-Gas Model

In the lattice-gas model, the crystal-liquid ingeil energy can be expressed as
[8I:

LyS. Syl LyL SyS
mw(XAXp+XX5) M X Xg miwsXzXp

0
Vc(l) = Y<A>—{A}X/§ + Y<B>—{B}Xg + 273 Ve o (6.14)

wherey_,. 5 andy... s representthe solid-liquid interfacial energiepofe A or B

respectively; X3 and X are atomic fractions of A in solid and liquid, restively;
similarly, X5 and X} are atomic fractions of B in solid and liquid, respvely (X3 +

X5=1; X;+ X5=1); w. andws are the regular solution parameters for solidlandd,
respectivelym is the fraction of the (liquid type) bonds that &cross” the interfacey
is molar volumeY?? is molar areaR is gas constant; aridis temperature. Essentially,
the estimation of solid-liquid interfacial energy Bg. (6.14) is determined through
calculating the bond energies. Here the key assangp(simplifications) are:

» The solid-liquid interface can be represented btea function (i.e., adsorption at

the interface and near-interface ordering are ansiclered); thus only the bonds
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between the first layer of the liquid and firstéayf the solid contribute to tt
interfacial energy

* These bonds at the interface are li-type; and

» The reference state is bulk binary solutions (assgitinat the bulk solid is in

thermodynamic equilibrium with the bulk liquid plegs

1 T T T T T
—B—B- A-B-B-B—A- B—B—-B-B-
S S S A A

=A=A=A=A=A=A=A=A=A=A=A= _
(LT 1 T L I 1 T 1 1 T I | >~ Solid

-

Figure 6.1 Schematic illustration of the lat-gas model for a liquidolid interface of ai

Interface

A-B binary system. Assuming that the solubility oinBsolid is negligible X5 = 0).

If the solubility of B in A crystal is negligible X5=0; X;=1), Eq. (6.14) can t

simplified to:

w
VE = Vepoi sy +% @-X5)? (6.15)

where the first term is due to the enthalpic ctwttion; the second term is the interact
contribution (a “chemistry” term resulted from tteemation of a different number of -
B bonds at the interfaces as compared to those inulkdiquid). The above latti-gas
model is schematically illustrated in Fig. 6.

The above model can be further modified by considethe adsorption ar

compositional gradients at the seliquid interfaces, which are discussed by Shin
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and Takei [9,10]. An entropic term associated witthering at the interfaces (discussed

below in the Benedictus model) can also be added.

6.3.2 “Macroscopic Atom” Model

Instead of using the lattice-gas type models desdrabove, we adopt and
modify a Miedema-type “macroscopic atom” model stiraate interfacial energies. The
“macroscopic atom” model is developed on a sinbkse as lattice-gas models, and it is
more realistic to represent actual transition meiftalys. This “macroscopic atom” model
has the following features (that are useful fori@ging our objectives):

* It considers the different molar volumes for A @id
* It represents average interfaces without anisatreffects (while the lattice-gas
model considers the anisotropic effects via thedioation numbers); and
|t provides a systematical method to evaluateegjuired thermodynamic
parameters (for all binary transition metal allagswell as some other alloys).
Benedictusat al. reported a systematic approach to evaluatingfated energies
based on the Miedema type “macroscopic atom” mauhel,the entropic contribution is
added into the model [11]. In this model, the ifgteial energy for an A crystal (assuming

that the solubility of B in A crystal is negligijland a binary A-B liquid is expressed as:

fuse interfacq— A
yo = HA2/3 L AH BZ/Z:B + 1-9F\;;|; (6.16)
COVA COVA COVA/ B
%,_/ —— —
Enthalpic Interaction Entropic

where H **is the fusion enthalpy of AAH J*7** is the enthalpy of solution (similar as

shown in the Miedema modelJ = 4.5x10%; V is the molar volume (neglecting thermal
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expansion)R s the gas constant; ari]* represents the “area” fraction A-B bonds at the
interface, which is expressed as:

FA _ XBVBZ/3
° (1_ XB)VA2/3 + XBV82/3

(6.17)

whereXg is the atomic fraction of B in the liquid phase.

In Eg. (6.16), liquid-crystal interfacial energyasmprised of enthalpic,
interaction, and entropic contributions, which areculated in Ref. [11].

It is important to note that the interaction termq. (6.16) is derived assuming
that the reference states are solid pure A andByveéhich is valid for the discussion of
solid-state amorphization - the initial objective Benedictut al’s work). In our case,
however, we wish to use the thermodynamic equilibrstate as the reference state. To
achieve this, we may assume that the referencaeistaet by the bulk liquid (by
assuming the bulk solid A, with negligible solutésB, is in a thermodynamic
equilibrium with the bulk liquid). In other worde reference state for the interaction
term is set by a hypothetical liquid-liquid intesé& which should have zero excess
interfacial energy. In terms of the “macroscopmnat model, the reference state would

produce the following interfacial energy:

AH interface
Inter.Ref.) _ AinB

lig-lig. C V 2/3
o0V A

[2FATL-FY)] (6.16D)

where[2F [{1- FJ)] represents the “area” fraction of A-B bonds fosthypothetical

liquid-liquid interface (which should produce zemxcess interaction energy by

definition). Thus, Eg. (6.16) should be revised to
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(6.16¢)

fuse interface— A
0) — HA + AH AinB E1:B _1 Inter.Ref) | 4 19RT
Ve CV 2/3 CcV 2/3 2 lig-lig. cV 2/3
0YA 0% A 0Y A/B

Enthalpic Entropic

Interactian

Or:
yo = Ha™ | AHEE™(F)" | L9RT (6.16d)
A CVs" CVws
%f_/

Enthalpic Interactian Entropic

Specific to the Ni-Mo binary system of our intetdbe liquid-crystal interfacial

energy was derived from Eqg. (6.16d) and determased

yNie = [0138- 0160(F,Y°)? + 892x107°T JJ/n? (6.18)

where

XV X
F|\'|\f|0 - Ni ¥ Ni - Ni (619)
XV + Xy  1253- 0253,

The average GB energy of qué?, in polycrystalline materials was determined

by using the Turnbull’s estimation [12,13,14,15]:

v =130, (6.20)

The surface energy of Mo &t= OK was estimated by enthalpy of evaporation:

vap
Ho (6.21)

oo evT

In reality, surface energy is temperature-dependemre both the thermal expansion

effect and entropy effect need to be considered.

Jﬁl\/lo (Tl) = (yl\sllovl\/%3 Z;:)OTK:: bMoTl (622)

Mo
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bmo is a materials-dependent constant. Furthermaretate relaxation at the free
surface will also reduce its excess energy. Neetatls, these effects are relatively small
(as compared with the approximations associate Edt (6.20)), and they are generally

more difficult to quantify. Thus, they were neglkttin our calculation for simplicity.
Combining Eg. (6.20) and (6.21) gives an estimadibm’é? = 1.0 J/m.

The limitations of this model include:

» Adsorption at liquid-crystal interfaces is not ciiesed. This is addressed, in
part, in a lattice-gas model by Shimizu & Takeil[d,

» Anisotropic effects are not considered. This issidered in a sophisticated
lattice-gas model by Wynblagt al[16].

» Segregation within the lattice at GBs is not coesed. This can be considered
by Wynblattet al's model [16].

* The “asymmetric effects,” which are not addressaer@ Im regular solution
type models, are discussed in sub-regular soluiodels by Antion and

Chatain [17].

6.4 Estimation of the Free Enerqy Penalty for FagAn Undercooled Liquid

6.4.1 The CalPhaD Method

The Catulation of Phae Dagram (CalPhaD) method was adopted to determine

the free energy penalty to form an undercooleddi§8Gamorpn. CalPhaD is a well-
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established method to compute bulk phase diagreons (uUsually empirically-fitted)
thermodynamic functions of free energies. The Gibds energy of a phasein a

binary A-B system can be expressed as:

G® =Y X,BG® +RT Y X InX+*G* (6.23)
i=AB i=AB

where°G” is the Gibbs free energy of the pure eleniértA or B) that is present ib

phase)X; is the atomic fraction of element“G® is the excess Gibbs free energy, which

can be empirically expressed in a Redlich-Kistdympamial:

*G® = XAXBiLT(XA -Xg)'. (6.24)
j=0

Here,LT’s are empirically-fitted parameters for the phdsdf n = 0, the phase is a
regular solution, and Eq. (6.24) is reduced to

SG® = LOX Xy = aX X, (6.25)
wherew (= L7 ) is the regular solution parameteralf= 0, the phase is an ideal
solution (**G*® = 0).

If n=1, the phase is a sub-regular solution. Eq. (6.24) can be ri&mrias

G = LY X X + LT X X (X, = X4). (6.26)
Gibbs free energy functions for compounds and edieplutions can be constructed
using different models, which are discussed in Ré¥]. For a given binary A-B system,
the Gibbs free energy functions can be developedlfpossible phases. Then a bulk

phase diagram can be constructed by minimizingdtse free energy of the system. In
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two-phase regions, the equilibrium states can bedagraphically via a well-established
“common tangent construction” method.

For the Ni-Mo binary system, four phases (BCC, F&®jMo, and liquid phases)
are considered. The excess Gibbs energies of emx@hdetermined and the Gibbs free

energies of different phases are listed in Talla §19] and Table 6.1b [20].

Table 6.1a Gibbs free energies of the differensphan the Ni-Mo system [19].

Phas Gibbs free energy, J/m
Liquid phase | Xy °Gyl + X0 °Ga = TAS,,¢ + Xy X o[ ~46540- 19537 —291%X,,, — X )]
Mo-rich BCC Xpi °Gr € + X0 CGicC = TAS,,, + 4642 X o
Ni-rich FCC | Xy °GiC + X0 °Gic” —TAS,, + X X o[ ~48037 — 596T —1088QX,,, — X,)]

3-NiMo 24°GC +32°GEC — 212100+ 1089 —142T In(T)

NOte As;onf = XN||nXN| + XI\/|0|nXI\/|0.

Table 6.1b Gibbs free energies of the differentspkan the Ni-Mo system [20].

Phas Gibbs free energy, J/m
. . XNi OGm + XMo OGll\il?o _TASconf. +
Liquid phase
X i X o[ ~39597 15935 —737FX,,, — Xy;) +(-12123F 555T)(X,,, — X)) °]
Mo-rich BCC X i °GrC + X0 °Grc® = TAS . + X i X o[ 2769118792X,,, — X )]
X °Gr€ + X °Gre€ =TAS, ¢ + X i X o O
Ni-rich FCC N N Mo Mo conf. N Mo

[-8916+ 359T +(5469- 02497)(X,,, — X) + (-1549- 274T)(X o = X ) ]

24°G/EC +20°GEC +12°GESC ~16998 11154981 ~155484T In(T)
5-NiMo +24°GFEC +20°G/EC +12°GESC ~154106+ 2855001 — 394923 In(T)
~199856T +0.3367[(~82921 1 825923T) + 0.3571(-417368+ 326 504T)]

Note: AS.onf = XnilnXni + XpmolNXmo-
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Table 6.1c Comparison of phase diagram data bintberoups of thermodynamic
functions listed in Table 6.1a and Table 6.1b, eetipely.

Key markers Experimental value Krisk’s [19] Zheual!s [20]
Tperitectio °C 1362 [21,22] 1364 1345
Solidus line and solvus From ref. [23,24] Good fit No validation
line of BCC

The thermodynamic functions in Table 6.1b are nsogghisticated than those in
Table 6.1a, as they consider entropic contributiotihe Gibbs free energy 8£NiMo
compound. Consequently, the thermodynamic functisted in Table 6.1b achieved
better accuracy for predicting FCC phase and irgéaiiic compounds. However, the
thermodynamic functions in Table 6.1a lead to lbgitedictions for the solidus and
solvus lines of the Mo-rich BCC and the peritetéimperature, which are our primary
concerns. Therefore, we used Table 6.1 for oungations.

When the thermodynamic functions of all phaseskaosvn, we can construct a
binary phase diagram by drawing a common tangeeatdnd finding equilibrium phases.
Constructions for two representative temperatufélseoMo-Ni binary system are shown

in Fig. 6.2.
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Figure 6.2 Schematic illustration of phase diagcamstructions: (a) The Mo-Ni binary
phase diagram. (b) Plots of Gibbs free energielffgfrent phases vs. Ni atomic fraction
for 1200 °C (<Tperitecig and 1400 °C ( Fperitecig» IN Which common tangent lines were

drawn to find the phase boundaries.
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6.4.2 Determination ohGamorphandA

The CalPhaD method was used to compu®gmorphand therh. From now on,

the subscript “Ni” is dropped for briefly, all thés (X, Xsim, Xs, X.) in equations are

referred to as atomic fraction of Ni in Ni-Mo biyasystem with the following definitions:

X the Ni fraction (general)
Xaim: the Ni fraction of IGF
Xo:  the Ni fraction of the bulk (BCC) phase (whigtsthe bulk chemical potentials)
Xs:  the Ni fraction on the solidus line or {if< Tpreitectid itS Metastable extension
X.:  the Ni fraction on the solidus line or {if< Tpreitectid itS Metastable extension
Xsonus the Ni fraction on the solvus line (for< Tpreitectid
Note : if you used X0 as bulk composition, you needhange all equations accordingly
In particular, analytical expressions fqrcan be obtained with two assumptions:
* The IGF has a uniform composition that is equahecomposition on the
liquidus line or its metastable extension; and
* The solid (BCC) phase is a regular or sub-regurti®n, so its mixing

Gibbs energy is given by

A(-""swloI;(d = RT[XO In Xo + (1_ Xo)'ﬂ(l_ Xo)] + Lgxo(l_ Xo) + foo(l_ Xo)(l_ 2Xo)1

(6.27)
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whereX, is the Ni atomic fraction in the solid phas€;(=w) andL} are sub-regular (or

regular) solution parameters. In our calculatiahs solid phase is the BCC phase

because the FCC phase is unstable in this composégion of interest.
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Figure 6.3 (a) The representation&,, ,..(X.) in the plots of Gibbs free energies vs.

Ni fraction for a case oKy < Xs andT =1400 °C ( >Tperitectic), WhereXy is the bulk
compositionXs andX, are equilibrium solidus and liquidus compositioespectively;
(b) The single-phase regime is shaded.



First, we will determine thAGamorpnin the single-phase (BCC) regime. Fig. 6.3
shows an example &@t= 1400 °C T > Tperitectid, IN Which we assume that the composition
of the bulk BCC phaseX() is lower than the bulk solidus compositiofs), The
AGamorphis defined as the difference between formatiorrggnef the liquid phase (the
red line in Fig. 6.3(a)) and the reference statdgehe chemical potential of the bulk
phase of a compositio (the black straight line labeled in Fig. 6.3(ajhis reference
state is given by:

e d 1:CC
G~ f'(x) = Xiim Dy + @= X)) Do :becc(xo) + (X Xo)%

X=Xo
(6.28)
which corresponds to the tangent line extended em Fig. 6.3 (a). Thus, the free

energy penalty to form a metastable liquid of cosifjpan X, (being labeled by a purple

double arrow in Fig. 6.3(a)) is given by:

AG

amorph

d fCC
= G”fq (XL) - becc(xo) + (XL - Xo)%

] : (6.29)

where G”fq and G, are the formation free energies of liquid and&sBICC phases,

respectively.

By definition, AG vanishes if the composition of solid BCC phaserighe

amorph
bulk solidus line Xo= Xs), which is the case represented by the commoretdnige

betweenXs andX_ in Fig. 6.3 (a); thus

bce

G (X) =Gl (X + (X, - X S| (6.30)
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Combining Egs. (6.27-6.30), while assumifg, = X_ , gives:

1-X, ]

AG, opn= RT{XL In Xsy @-X)In
XO 0
(Xs = Xo)[2X, (LB +3L8%) — (L8 + 3L5C + BLEC) (X + Xo) + ALE(XE + XX, + X?)
(6.31)

If the solid BCC phase is a regular solutidf{= 0; L2“°=w), it can be reduced to

X 1-X
AGamorph: ><L ln > +(1_XL)In >
X, 1- X,

}—w(xS = X,)@X, = Xg = X,).
(6.32)
Second, in the single BCC phase regime bélgiecio the calculation is almost
the same as that described abovelforT eriecic The Same equations are used, and the
only difference is thaXs andX, are now the Ni fractions on the metasatble exterssof
the solidus and liquidus lines, as illustratedigy 6.4 (for an example foF = 1200 °C).

Note that now the solid solubility correspondshte solvus lineXseus (instead oiXs,

which is on the metastable extension of solidus) lfor T > Tperitectio
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Figure 6.4 (a) The representatior AG,,,.,(X0) in the plots of Gibbs free energies
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composition Xs andX_ respectively) are extended into metastable regsa dashed line.

Finally, in the sub-peritectic two-phase regimes, . (X.) is a constant at a

specific temperature and it does not depend oonvkeall bulk composition because the

bulk chemical potential is a constant. Theref&e,,,.,(XL) can be determined by
using Eq. (6.32) or (6.31) and assumMag= Xsolvus

1- X,

amorph —

X
AG _RT{XLIn 2 +(1_X|_)In j|_a(xs _Xsolvus)(ZXL _XS _Xsolvus)

(6.33)

slvus solvus

for a regular solution, or

X 1-X
AG'amorph: RT|:XL In *—+(1-X)In > :|_

solvus solvus

(X = X2, (LB +3L5°0) = (L5 + 312 + 6LEC) (X + X ) + ALE(XE + XX + X2,.,)]

solvu

(6.34)

for a sub-regular solution.
Furthermore, in the sub-peritectic two-phase regin's are horizontal lines, and
lines of constand, can be constructed graphically by finding thensgetions of

constant,_ lines and the solvus line, as illustrated in Bi&(c).
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6.5 Computed Grain Boundary Diagram for the Mo-Mst8&m

6.5.1 Computed, andZ vs. Ni Atomic Fraction

Fig. 6.6 shows computed af andZ vs. Ni atomic fraction at three representative
temperatures. The same trends are found, fand/ (althoughi. < 1), and both are
divergent as bulk Ni composition approaches thilgslline (or its metastable extension).
For T < Tperiteciio AL @and4 level off at the bulk solvus link =Xsowus @bove which the
bulk chemical potential is a constant (despite @mnge in the overall bulk composition
in the BCC-NiMo two phase region). As we have d&sed above, we will focus dn

because it is easier to compute.
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6.5.2 Computed Grain Boundary Phase Diagram

Furthermore, we plotted lines of constant computed the bulk phase diagram
of the Mo-Ni system. This is a grain boundary ghdisgram, wherg_ represents the
maximum thickness of a quasi-liquid IGF of compiositX, that can be stabilized at Mo
GB (an average random GB) without the consideradfanterfacial forces and through-
thickness compositional and structural gradiefttsepresents the thermodynamic
tendency for a Ni GB to disordek, (or 4) is not the actual IGF thickness, but it should
scale the thickness of the actual (thermodynanyicttible) quasi-liquid IGF. For
example, as shown in Chapter 5, HRTEM measurenmented that the actual IGF
thickness is 0.80 nm at 1496, 1% Ni. This is constant with computed resudiisere
thei_ andZ are 0.71 nm and 1.38 nm, respectively. This agee is rather satisfactory.

In the single-phase region, compuggedor 1) increases with increased bulk
composition. Above the peritectic temperature, gotedi_ (or ) is divergent at the
bulk solidus temperature. Below the peritecticgermature, computed (or 1) levels off
at the bulk solvus temperature, and it becomesatant in the BCC-NiMo two-phase

regime. Further model-experimental comparisonkhweilcarried out in Chapter 7.
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=0. (b) Enlarged GB phase diagram of certain aféaterest (1200-1500 °C). Note that
AL is the maximum thickness of a quasi-liquid IGFEompositionX, that can be
stabilized at an average (random) Mo GB withoutdtesideration of interfacial forces,

and it represents a thermodynamic tendency for &Mdo disorder.
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CHAPTER SEVEN
ACTIVATED SINTERING AND QUASI-LIQUID INTERGRANULAR
FILMS IN NI-DOPED MO

7.1 Motivation

The existence of liquid-like IGFs in the Ni-Mo biyasystem had been confirmed
by HRTEM and AES (Chapter 5) and a simplified thedynamic model was discussed
elaborately in Chapter 6. It is now widely accepteat liquid-like IGFs in oxide- [1] and
tungsten- [ref] based systems have high GB difftisand result in subsolidus-activated
sintering. In this chapter, we investigated théesing behaviors of Ni-doped Mo, and
extracted GB diffusivities systematically througheaaies of controlled sintering
experiments. We expect a strong correlation betwleeformation of liquid-like IGFs
and enhancing GB diffusion rates (therefore thesraft subsolidus-activated sintering).
The objectives are two-fold:

» We extract GB diffusivities via controlled sintegiexperiments to provide
indirect, yet systematical, experimental evidemcprbve the thermodynamic
model and computed GB diagram presented in Chépter

* Good model-experimental agreements provide fuethielence to previously
proposed activated sintering mechanisms, i.e stisolidus accelerated sintering

is due to the enhanced diffusion in quasi-liquidF$G
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7.2 Controlled Sintering Experiments

As was mentioned before, the experiments were ithescin detail in Chapter 2.
A presintering procedure (1000 °C, 1 hour) was tetbpefore isothermal sintering to
homogenize the system. The XRD confirmed that@INi was transformed @&NiMo
compound, which is a good sign of homogeneity (Fifj). This also excludes the
possibility of transient liquid during the next gtef isothermal sintering. The linear
shrinkage during presintering is tiny (< 1%), andtssmall “pre-existing” shrinkages are

negligible for analyzing the kinetics of the sulbsewtly isothermal sintering experiments.

XRD
3500
3000 Mo[11 0]
2500
Fy
g 2000 Mo [2 1 1]
£ 1500 SNiMo Mo [200] L
B A \ . .
1000 SNiMo L L Presintered 4%Ni
et . o/ NI:
500 Nikl 11 N2 20] I Presintered 1%Ni
0 M Green 4%Ni
30 40 50 60 70 80

20

Figure 7.1 XRD spectrum of Ni-doped Mo. Almosttak Ni has been transformedao
NiMo compound after presintering at 1000 °C forolih

For the controlled isothermal sintering experimeststering temperatures were

set to 1220 °C, 1300 °C, 1350 °C, 1400 °C, 145a8€,1495 °C (while the peritectic
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temperature is 1362 °C). Different Ni atomic fraws were selected so that they covered
both BCC single-phase regime and BCC-liquid or B@G&NI two-phase regimes. The

selection of these experimental conditions is s&tmally illustrated Fig. 7.2.

1500 . °

1450 ) °
& 1400 ° °
o
2
(1]
o 1350 ) °
Q.
€
i)

1300 °

4nm
1250
s [ ]
1200 ool L O O
0 0.01 0.02 0.03 0.04 0.05

Ni atomic fraction

Figure 7.2 The selected sintering temperaturesangpositions are marked in the Mo-

Ni binary phase diagram.
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7.3 Sintering Data—Densification and Grain Growth

7.3.1 Densification Data

The densification data of isothermal sinteringighttemperatures and plots of
relative density vs. sintering time and linear skaige vs. sintering time are documented
in Section “7.9 Appendix: Raw Densification DateBeveral representative plots of
relative density vs. sintering time are shown ig. #.3-7.4.

The error bars were determined using the followireghods: Due to experimental
limitations (a large number of experimental coraiiti), we could not make/measure
multiple specimens for each experimental condifeospecific set of temperature,
composition, and time). We selected a few represeetconditions (e.g., pure and 1.5
at. % Ni doped Mo at different temperatures antesimg time) to prepare 3-4 specimens
to obtain means and standard deviations of the unedslensities (to represent
specimen-to-specimen variations). Based on thessuanements, we found that the
standard deviation is about 0.005 of the relatiesity (or 0.0013 in the linear shrinkage,
AL/LO) for specimens generally. These error bars tene used as estimated errors bars

for other measurements.
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Figure 7.3 Representative plots of relative dengitysintering time at (a) 1490 °C and (b)
1400 °C (both aboVEyeiteciic= 1362 °C). Additional plots at other temperatiuaed the

raw data are shown in 87.9.
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raw data are shown in 87.9.
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As shown in Fig. 7.3 & 7.4, the plots of relativengity vs. sintering time show
consistent trends: the densification rate genenatleases with increasing Ni content or
temperature. This data was further analyzed t@exGB diffusivity as a function of
temperature and overall composition. Then, cilitoanparisons with the computed GB

diagram, reported in Chapter 6, were carried out.

7.3.2 Grain Growth Data

The measured grain sizes of samples with diffekembontents and sintering
temperatures are shown in Table 7.2. As showrabiel 7.2, the grain growth is almost
negligible (within the range of experimental erjdie moderate doping levet (1.5 at %
Ni) or at low temperatures (L300 °C). For the regime where the grain growthat
negligible (the region that is the left-bottom carty the red line in Table 7.2), the
effects of grain growth must be considered in exting the GB diffusivity data via fitting

the sintering models. This issue will be discussdasequently.
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Table 7.1 Measured grain sizes of Ni-doped Mo sampintered at different

temperatures for different times.

Sintering
1300 °C 1400 °C 1450 °C 1495 °C
temperature,
Ni °C
at. % o o . o
Sintering o Grain size, Grain size, Grain size,
_ _ Grain size, pm
time, mins pm pm pm
0 22.3+27.0 22.3+7.0 223+7.0 22.3+7.0
1 180 | seemememeem | mmmmmmeeeee | ememeeeeee 244 +53
360 | e | e | e 28.0+54
0 2551+11.0 25.51 +11.0 25.51+11i0 25519811
60 |  mememeemes | ememememeee | e 266 +54
15
120 | - 23.0£3.3 | s | e
240 | ememmemeem [ mmemeeeeee 242 +3.6 26.3+6.2
0 26.0 £8.6 26.0 £8.6 240+£7.2 26.0 £8.p
30 | mmemeememes | emeemmmmeeee | e 259+43
1.75 60 | e 288+4.1 | - 26.1+6.5
120 | ememeeeeee- 32.6+5.0 35.1+3.6 40.5 +8.0
240 | e 58.2+12.5 56.5+7.5 55.2 £7.(
0 29.6 £ 9.6 29.6 £9.6 29.6+£9.6 29.6£9.6
) 60 | - 35551 | smemeeem | e
120 | - 459481 |  seeeemeeeem | memeeeeeee-
150 23.0+4.1 52+8.1 60.0+9.8 649 7.8
60 | e 33.8+£5.1 |  meememeeee | e
4 120 | ememeeeeee- 546+6.0 | - | mememeeee
240 | - 64.7+£9.4 | s | e
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7.4 Determination of the Controlling Densificatibtechanism

The GB diffusivity can be extracted from sinterchata only if the densification is
controlled by GB diffusion. We can determine wiggttlensification is controlled by GB
diffusion (vs. bulk diffusion) by obtaining the expentm for the power law fitting of the
initial stage densification kinetics. Accordinglohnson’s model [2] and Kang's

sintering theory [3], the linear shrinkag&l{L,) in the initial stage follows a power law:

&:{KVS—QD} tm (7.1)
L, kTGP

The experimentally-fitted exponent numinecan be used to discriminate which

sintering mechanism is in control [2].nf= ~0.4-0.5, the densification is controlled by

bulk diffusion, where&K = 6,p = 3, andD = Dy.. Eq (7.1a) becomes

1/2
At [6”3—92} {v2, (7.1b)
L, | KTG

If m=~0.33the densification is controlled by GB diffusion, &kK = 12,p = 4, andD

=d8Dgg. Eq (7.1a) becomes

1/3
Al _ {12”89[3} (1. (7.1c)
L, kTG

The indexm can be determined experimentally by finding tlogpslof the double
logarithmical plot of linear shrinkage vs. time (hsstrated in Fig. 7.11) linear
regression. Note that Eq. 7.1 can only be appbedti¢ initial stage of sintering where

AL/Lg < 4%.
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Figure 7.5 Double logarithmical plot of linear stikage vs. sintering time for samples
with different Ni atomic percent sintering at 1495 The slopes correspond to the

exponentsr().

The indexm’'s were calculated and listed in Table 7.2. Thénlginted samples show

bulk diffusion-controlled whereby GB diffusivity wanot measurable; otherwise they are

GB diffusion-controlled whereby determination of @Bfusivity is possible.
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Table 7.2 Indexn of sintering at different temperatures

Ni %
Pure Mo 0.25% 0.5% 1.0% 1.5%
Index

1495°C | 0.44 £0.06 0.37 £0.02 0.23 +0.03 0.32 +0.02 0.22 +0.0
1450 °C 0.31+0.11 0.23 £0.03 0.22+0.0 0.Ze02 0.20+£0.03
1400 °C 0.29+£0.06 0.24 +£0.01 0.26 £0.0 0.Z604 0.23 +£0.07
1350 °C 0.28 £0.03 0.23 £0.03 0.31+0.0 0808 | -
1300 °C 0.29 +£0.06 0.23 £ 0.02 0.28+0.07 W -—-—- | -
1220 °C 0.29 +£0.06 0.35 £ 0.03 0.26 £0.0 0.808 | -

All the experimental points are shown in Ni-Mo GBage diagram of Fig. 7.12.

The solid dots represent cases where densificegioontrolled by GB diffusion whereby

GB diffusivities are measurable through sinterirgegiments, while “X” represents the

cases where the densification is controlled by hiiffikision (i.e., bulk diffusion

contributes more to densification than GB diffugiea that GB diffusivity cannot be

determined. This mechanism map is consistent pritir reports [4].
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Figure 7.6 The GB diagram for Ni-doped M, in whtble experimental conditions are
marked. Blue crosses indicate that densificatiarorgrolled by bulk diffusion, while
brown solid dots indicate that densification is trolled by GB diffusion. GB diffusivity
in the solid-dashed line enclosed region is deteechby the initial stage model; the rest
of them are obtained from the intermediate stagdemdhe dashed line encloses the
region where grain growth is not negligible andrage grain size is adopted for

calculation.

7.5 Determination of GB Diffusivity

The sintering models were discussed systematizalBhapter 2. In this section,

we explain a detailed procedure to determine GRuslifity. The intermediate-stage
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sintering data (linear shrinkage > 4%) are usdi tbhe well-known Coble model (Eq.
(7.2)) because the densification is significantlevigrain growth is limited in this stage.
Consequently, the fitted GB diffusivity is more acate (as compared with that which is
obtained from the initial stage data). In the aafseure Mo and low doping level (Ni
atomic % < 0.5), when the total densification i$ sufficient to apply the intermediate-
stage sintering model, the initial stage sintedata were fitted with the initial stage
model (Eq. (7.1c)) described above to obtain GBRudivity alternatively. This includes

the following cases as labeled in Fig. 7.12.

7.5.1 Solid-State Sintering

In Coble’s model for the intermediate stage sintgrihe GB-diffusion controlled

densification rate is expressed as [3,5]:

—SBrST (7.2)

whereP (= 1o, pr is the relative density) is porositsg is GB diffusivity; ys is surface
energy of Mo (estimated to be ~3 J)n12 is atomic volume of vacancy (1.56x4, k is
Boltzmann constant; ar@ is grain size. If the grain size is almost a canstluring the

intermediate stage sintering, integration of EqR)YTeads to

(P):- (PO)S = —[1281%@%%] . (7.3)

Based on Eq. 7.3, the slog® in P¥? vs.t can be obtained by linear regression. Then,

the GB diffusivity ¢-Dgg) is calculated to be

114



4
5D, =TS (7.4)
-1281.Q

If grain growth cannot be neglected, we use theaaeegrain size in the above Eq. and
estimate an additional error from initial/final graize.

As mentioned before, for pure Mo and a limited nemdf other cases of low
doping samples, it was difficult to reach the intediate stage within a reasonable time.
Therefore, we also used Johnson’s initial stagéetermine GB diffusivity. Based on Eq.
(7.1c) the plot of 4L/Lg)® vs t was created and a linear regression was implemé¢nte

obtain the slopeff). Since Eq. (7.1c) can be rewritten as:

AL QLD Q
(0 = 2% Z7eoyr a2’ = 2eo,. (7.6)
0

Since we applied a presintering treatment befa#héesmal sintering, the tintgin Eq.
(7.6) accounted for any equivalent densificationrdypresintering (based on Master
Sintering Curve (MSC) theory [6]) although it waengrally negligible ( < 1%). Upon
knowing slope8, GB diffusivity is given by:

_ BKTG'
12,0

(7.7)

It appeared that Egs. (7.4) and (7.7) adopted aasiform.

In a few cases where both initial and intermedsaége sintering data are
available, we compared the GB diffusivities extegctrom the Johnson model (Eq. 7.7))
and the Coble model (Eq. (7.4)) in 8 7.6.1, andauad the agreement to be reasonably

good.
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7.5.2 Liquid-Phase Sintering

The densification for liquid-phase sintering follewhe model that was developed
by Kingery [7,8] and improved by German [9]:

d(%f - 1926L DGBLysQC

dt (7.8)
; KTG*

where d, represents the thickness of the liquid filbgg, is the diffusivity of solute in

liquid phase that wets the GB; a@ds the solubility of primary element in liquid pd&a

Note that this Equation is conceptually the samEaqg7.2) except thad [D; is
replaced by d, [Dg;, [T . Thus, in this study, we will use the same setite Equation
to fit a nominal o (D, to ensure fair comparison. Note that this apprahss not

consider the effects of particle re-arrangementcivbhan be significant for liquid-phase
sintering. Because there was grain growth duriggjdi sintering, we adopted average
grain size as the constant and plugged it into/ERjfor simplicity. In addition, we
employed the minimum and maximum grain size asawer and upper limit to estimate

error bar.

7.5.2 Error Estimation

According to error propagation theory [10]yif f(x31, X2) andxy, X, have

variancesix;> anddx,” respectively, the variance p{sy?) can be estimated by

2 _ iZ 2 iZ 2
%y —(axl) 24 +(6x2) K" (7.10)
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We used the above Equation to estimate the errerdf@D ;. For extracting GB

diffusivity from the intermediate-stage data, tiséiraation gives:

, [ ket T, L, [apac 1, .,
var (&GB)_[M} (L) J{M} (AG)?. (7.11)

For extracting GB diffusivity from the initial-staglata, the estimation gives:

T ke T, ... [aske]
varz(dZ)GB)—{—_HSJVSQ} (DB,) {—_128%9} (AG)?. (7.12)

Here the variance of grain size is neglected dukddesser amount of grain growth in

the initial stage.

7.6 Experimental Results

7.6.1 Comparison of Johnson, Coble and German Model

For a few cases where both initial and intermeditdge sintering data exist, both
Johnson (initial stage) and Coble (intermediatgestanodels are used to extract GB
diffusivities and the results are listed in Tablé. 7t appears that GB diffusivities

determined by both models are quite consistent.
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Table 7.3 GB diffusivities extracted from Johnsanisial stage model and Coble’s

intermediate stage model.

T, °C 122( 130C 135(C 140(¢ 145(C 149t
Ni at. % 0.2t 0.t 0.t 0.t 0.7t 0.t
Initial stage 1.89E-18 0.97E-17 4.81E-18 7.13E-18 1.74E-17 9.27E-18
Intermediate
1.34E-18 1.20E-17 4.96E-18§ 6.01E-18 2.36E-17 3.18E:
stage

Additionally, we compared the GB diffusivities floquid-phase sintering

determined by German’s model (Eq. 7.8) and nomiakle obtained through Coble’s

model (Eq. 7.2) in Table 7.4. In previous sectionsas been briefly discussed that these

two models were essentially equivalent.

Table 7.4 GB diffusivities of liquid-phase sintagidetermined by using German’s and

Coble’s model.

Temperature, © 145( 145( 149t 149t
Ni at. % 2 4 2 4
German’s mod 5.21E-16 9.69E-16 6.70E-16 1.58E-15
Coble’s mode 9.84E-16 13.7E-16 9.86E-16 1.21E-15

From Table 7.5, we can tell that the calculatedItedrom these two models are

consistent. It indicates that neglecting the effedtparticle re-arrangement does not

significantly influence the calculated results.
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7.6.2 Dependence 6fDgg on Ni Amount

It has been shown that sintering of pure Mo ancelosoping level samples at
1495 °C is bulk diffusion-controlled. Accordingljig. 7.13 shows the gray area where
GB diffusivity was not measurable. A discontinugusp of GB diffusivity was spotted
when the Ni atomic % increased from 0.5% to 1% r€xpondingly, the quasi-liquid
nanoscale IGF was observed for 1% Ni doped Mo by ER. While Ni atomic percent
passed the bulk solidus line, GB diffusivity expeded another jump between 1.75%

and 2% due to the GB complete wetting (Fig. 5.1{lghapter. 5).
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Figure 7.7 (a) Plot of GB diffusivitys Ni atomic percent at 1495 °C; (b) plot of linear
shrinkage after 1 hour sintering Ni atomic percent at 1495 °C. The black verticedd
represent bulk solidus composition.

To obtain the full range profile of dependence & @ffusivity on Ni atomic %,
lower sintering temperatures were chosen (1222300 °C, 1350 °C, 1400 °C and 1450
°C, as shown in Fig. 7.6). Based on the previosemation [4], sintering of Ni-doped

Mo is GB diffusion control in the temperature 00011400 °C. The indexes of
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sintering at these temperatures listed in TablentlZated that they are mostly GB
diffusion controlled sintering.
The full range of GB diffusivity and linear shrirg@rate are plotted against Ni

atomic % in Fig. 7.8-7.12 for five selected simeriemperatures.
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Figure 7.9 (a) Plot of GB diffusivitys Ni atomic percent at 1400 °C; (b) plot of linear

shrinkage after 1 hour sintering Ni atomic percent at 1400 °C. The black verticsdd
represent bulk solidus composition.
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Figure 7.10 (a) Plot of GB diffusivitys Ni atomic percent at 1350 °C; (b) plot of linear
shrinkage after 1 hour sintering Ni atomic percent at 1350 °C. The solid vertiga¢$

represent bulk solvus composition and dashed attiies represent metastable solidus

composition
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Figure 7.11 (a) Plot of GB diffusivitys Ni atomic percent at 1300 °C; (b) plot of linear
shrinkage after 1 hour sintering Ni atomic percent at 1300 °C. The solid vertiga¢$
represent bulk solvus composition and dashed atfires represent metastable solidus

composition.
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shrinkage after 2 hour sintering Ni atomic percent at 1220 °C. The solid vertiga¢$
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composition.
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From the above figures, several characteristicdbeanbserved:

* The same jump of the GB diffusivities due to therfation of quasi-liquid
IGF is observed in all these plots with the chaofgi atomic percent.

o ForT > Tperitectic (1400 °C and 1450 °C), when the Ni doping levebpa the
bulk solidus line, GB diffusivity shows another jprdue to the GB complete
wetting.

e ForT < Tperitectic (1220 °C , 1300 °C and 1350 °C), when the Ni dpfenel
passes the bulk solvus line, GB diffusivity almiestels off. Accordingly .
becomes constant in sub-peritectic two-phase regime

Accordingly, Fig. 7.13 shows an example of howesiintg correlates with

modeling.
12 4 34 -
10 4 ====* 1300 °C 3 |
£ 8 1495 eC S s .
€ 6 ) 1450°C
< g ‘—%D 0 13002C
2 - -42 -
0 . ) R
0 0.01 0.02 0 2 4 6
Ni atomic fraction Ni atomic %

Figure 7.13 (a) Plot of_ vs. Ni atomic fraction at temperature of 1300 @ &495 °C;

(b) plot of GB diffusivities vs. Ni atomic fractidior sintering at the same temperatures.
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7.6.3 Effect of Temperature on GB Diffusivity

Based on the data above, we compared the tren® afiffusivities’ change with
Ni atomic percent for different temperatures. lother way, the dependence of GB
diffusivities on temperature can also be investiddiy comparing GB diffusivities of
different temperature with same Ni atomic percBytchoosing the same Ni atomic
percent, the effect of temperature on GB diffugigian be examined in both sub-
peritectic two-phase regime and subsolidus singkse regimes.

Interestingly, in the sub-peritectic two-phase megji it is found evidently that:

» The GB diffusivities of 2 atomic % Ni-doped Mo exjgmces a jump due to
the GB complete wetting (Fig. 14(a)).

» The GB diffusivity becomes larger with increasimgtar temperature in range
of 1100 °C to 1350 °C (Fig. 14(a)). This correlated with the model
prediction (Fig. 14(b)).

» At temperature lower than 1100 °C, bulk diffusi@cédme the dominant
mechanism because indexswitched from 0.356 to 0.495.

The first jump of GB diffusivity dependence on tesrgiture, like what is observed in Ni
atomic % dependence, cannot be determined thrdngledntrolled sintering experiment.
However, in terms of our model prediction and caeace of GB diffusivity jump with

AL = 0.5 nm line, the temperature where the transitvould happen can be extrapolated

to 750-800 °C (Fig. 14(a)). In Chapter 4, thise$ined as GB solidus temperature.
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Figure 7.14 (a) Plot of GB diffusivitias different sintering temperatures for the 2 at. %
Ni doped Mo in the sub-peritectic and liquid twoagk regimes; (b) plot éf vs
temperatures in the sub-peritectic two phase regimapproaches infinity as Ni atomic
percent close to the bulk solidus composition. Baisiple point is always in two-phase

regime [ < Tperitectin BCC-5 regime,T > Tperitecticin BCC-liquid regime).
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In subsolidus single-phase regime, the trend isvahas Fig. 7.15:

» For pure Mo (Fig. 7.15 (a)), GB diffusivity incresswith temperature, which

_&
is consistent with Arrhenius equatio® € D, [& RT).

» For Mo samples doped with 0.25 at % Ni (Fig. 7.)p(6B diffusivity shows
an almost flat pattern.

* However, for Mo samples doped with 0.5 at % Ni (Fid.5 (c)) and 1.0 at. %
Ni (Fig. 21(d)), GB diffusivities show a trend oécteasing with temperature

(except 1220 °C).
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Figure 7.15 The temperature dependence of lingarkstge (after 2 hours sintering) and
GB diffusivities in subsolidus single-phase regiimepure Mo (a), Mo + 0.25 at. % Ni
(b), Mo + 0.5 at. % Ni (c) and Mo + 1.00 at. %N).(@he plots ofi. vs. temperatures in
subsolidus single-phase regime are also list ositteeas comparison for 0.5 at. % Ni (c)
and Mo + 1.00 at. % Ni (d).
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AlthoughT-dependence of Mo samples doped with 0.5 and tr@iat% Ni
seems to be in conflict with the Arrhenius equatibnan be well explained from the GB
phase diagram point of view. As showniinplot on the side in Fig. 7.15 (c) and (d),
with increasing temperature, film thicknegg) (decreased. Moreover, as shown in Fig.
7.16, a Ni-Mo GB phase diagram, when temperatuneases, the corresponding IGF
decreases in film thickness. This trend can berobdeespecially clearly when the
composition line of 0.5 intersects with isoline®b nm/.. Thinner film leads to lower
GB diffusivity. There is no IGF in pure Mo. So thigeresting trend is not found in the

sintering of pure Mo, whereby only Arrhenius eqaatdominated.

132



Temperature, °C
[EnY
w
(0]
o

4nm

1200 it
0.0025 0.005
0 0.01 0.02 0.03 0.04 0.05

Ni atomic fraction

Figure 7.16 GB phase diagram of Ni-Mo binary systemd correlation with sintering.
The three vertical dashed lines represent thréerdiit Ni atomic fractions respectively
from left to right: 0.0025, 0.005 and 0.01 (equévrdlto 0.25, 0.5 and 1.0 at. %).

7.7 Correlation between GB Diagram and GB Diffushg

In Fig. 7.17, which is an enlarged region of Ni-K88 diagram, the upper-left
corner was the regime whereby bulk diffusion tdok tontrol of sintering; the rest of
single-phase regime indicated GB diffusion congsintering.

There are several key points worthy of being noted:
» A grey thick line, which corresponded to the ran§eompositions where GB

diffusivity jumps happened in various sintering paratures, was drawn in
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single-phase regime. It is close and parallel wttine of computed, = 0.5
nm. The right side of this line showed the exiséeotnanoscale quasi-liquid
IGF and enhanced sintering; otherwise, the lett sidit exhibited much less
improvement of sintering.

In the sub-peritectic two-phase regime, IGFs exéibconstant films at a
certain temperature. Comparably in sintering expent, the GB diffusivities
almost leveled off in this sub-peritectic regim@Z0 °C, 1300 °C and 1350 °C
in Fig. 7.16-18).

At temperature abovepdiiecio IGFS show complete wetting and macroscopic
film when Ni atomic fractions enter into liquid-pdearegime. Accordingly,

GB diffusivity has another jump.
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Figure 7.17 Enlarged GB phase diagram of Ni-Mo hyjirsgstem labeled with correlation

with activated sintering.

7.8 Summary and Discussion

This correlation between GB diffusivity and caldeld, clearly revealed that the

promoted sintering was attributed to the enhandddrénsport due to the quasi-liquid
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IGF. This observation reconfirmed the previouslggmsed mechanism of subsolidus
activated sintering for BDs-ZnO [11] and Ni-W [12] systems.

In single-phase regime, the dependence of GB difyon Ni amount and
temperature are fairly consistent with the depeodef model-predicted IGF on Ni
amount and temperature. Especially, the abnornwkdse of GB diffusivity with
increasing temperature can be well-explained uSiBgphase diagram. Therefore, the
regular rule that increasing temperature can bgiagring is not always true.

In sub-peritectic two-phase regime, quasi-liquidFi&an persist well below
peritectic temperature whereby activated sinteciaug possibly happen (up to 1200 °C
has been demonstrate by sintering experimentsgecprently, bulk phase diagram is not
adequate to guide the heat treatment recipe aptims. In addition, film thickness is
independent of Ni atomic fraction in sub-peritettuo-phase regime. It is consistent with
flat GB diffusivity in this regime.

This GB phase diagram which had been demonstratederve as a new tool to
predict GB related phenomergag.grain growth, GB embrittlement, corrosion and

oxidation resistance and creeping, as only bullsplittagram is no longer adequate.
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7.9 Appendix — Raw Densification Data

Table 7.5a Measured densification data of speciroémarious Ni contents that were

isothermally sintered at 1495 °C.

Linear shrinkageAL/L ¢

Time, mins 0 10 30 60 120 240

0.0031| 0.0105| 0.0204| 0.0307| 0.0393| 0.0464
Pure Mo, AL/LO

0.25%Ni,AL/LO 0.0126| 0.0204| 0.0235| 0.0272| 0.0314| 0.0377

0.50%N:i,AL/LO 0.0000| 0.0199| 0.0288| 0.0320| 0.0377| 0.0477

0.75%N:i,AL/LO 0.0047| 0.0372| 0.0419| 0.0435| 0.0451| 0.0514

1.00%Ni,AL/LO 0.0078| 0.0351| 0.0413| 0.0466| 0.0529| 0.0633

1.50%Ni,AL/LO 0.0031| 0.0414| 0.0503| 0.0582| 0.0687| 0.0786

1.75%Ni,AL/LO 0.0031| 0.0713| 0.0781] 0.0891| 0.0959| 0.1101

2.00%Ni,AL/LO 0.0047 0.0801| 0.0926| 0.1091] 0.1179
4.00%Ni,AL/LO 0.0031 0.1148| 0.1234| 0.1344| 0.1384
Relative densityp
Pure Moy 0.620| 0.631| 0.643| 0.649| 0.660] 0.666
0.25%Ni,p 0.616] 0.629| 0.634| 0.641| 0.649| 0.661
0.50%Ni,p 0.588| 0.621| 0.638] 0.645| 0.656] 0.674
0.75%Ni,p 0.615| 0.673| 0.682| 0.685| 0.688| 0.702
1.00%Ni,p 0.613| 0.661| 0.674| 0.684| 0.696| 0.717
1.50%Ni,p 0.599| 0.667| 0.683| 0.696| 0.716/ 0.738
1.75%Ni,p 0.605| 0.727| 0.747| 0.772| 0.789| 0.819
2.00%Ni,p 0.586 0.727| 0.751] 0.792| 0.816
4.00%Ni,p 0.581 0.803| 0.839| 0.862| 0.874
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Figure 7.17 Densification rate data for specimsonghiermally sintered at 1495 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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Table 7.5b Measured densification data of specimémarious Ni contents that were

isothermally sintered at 1450 °C.

Linear shrinkageAL/L
Time, mins 0 10 30 60 120 240
Pure Mo 0.0031 0.0110| 0.0142| 0.0183| 0.0236| 0.0283
0.25%Ni 0.0094 0.0162| 0.0189| 0.0236| 0.0273| 0.0330
0.375%Ni 0.0031 0.0162| 0.0194| 0.0236| 0.0288| 0.0367
0.50%Ni 0.0094 0.0215| 0.0241| 0.0283| 0.0325| 0.0383
0.75%Ni 0.0047 0.0288| 0.0325| 0.0425| 0.0461| 0.0571
1.00%Ni 0.0047 0.0356| 0.0388| 0.0477| 0.0519| 0.0718
1.50%Ni 0.0031 0.0540| 0.0660| 0.0776| 0.0833| 0.0894
1.75%Ni 0.0031 0.0692| 0.0854| 0.1006| 0.1127| 0.1242
2.00%Ni 0.0031 0.0655| 0.0833| 0.0980| 0.1111| 0.1237
4.00%Ni 0.0047 0.0949| 0.1127| 0.1263| 0.1357| 0.1426

Relative densityp

Pure Mo 0.616 0.630| 0.636] 0.643| 0.653| 0.661
0.25%Ni 0.613 0.622| 0.627| 0.634| 0.642| 0.652
0.375%Ni 0.602 0.624| 0.629| 0.636] 0.646] 0.660
0.50%Ni 0.625 0.642| 0.645| 0.652| 0.660| 0.672
0.75%Ni 0.609 0.650] 0.657| 0.673] 0.683] 0.706
1.00%Ni 0.623 0.664| 0.668| 0.687| 0.694| 0.736
1.50%Ni 0.601 0.698| 0.720] 0.746| 0.757| 0.777
1.75%Ni 0.607, 0.732] 0.767| 0.803] 0.834| 0.868
2.00%Ni 0.605 0.724| 0.762| 0.798| 0.830, 0.865
4.00%Ni 0.606 0.782| 0.828] 0.866) 0.892] 0.911
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Figure 7.18 Densification rate data for specimenghiermally sintered at 1450 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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Table 7.5¢ Measured densification data of specimérarious Ni contents that were

isothermally sintered at 1400 °C.

Linear shrinkageAL/L o

Time, mins 0 10 30 60 120 240 480 960

Pure Mo 0.0016 0.0094| 0.0142| 0.0173] 0.0200| 0.0241| 0.0294| 0.0346

0.25%Ni 0.0079 0.0157| 0.0189| 0.0236| 0.0272| 0.0314| 0.0377| 0.0451

0.375%Ni | 0.0031 0.0157| 0.0200] 0.0252| 0.0303| 0.0357| 0.0404| 0.0477

0.50%Ni 0.0079 0.0220| 0.0241| 0.0309| 0.0362| 0.0419| 0.0482| 0.0556

0.75%Ni 0.0047 0.0299| 0.0330| 0.0362| 0.0430; 0.0519| 0.0618| 0.0781

1.00%Ni 0.0031 0.0383| 0.0461| 0.0608| 0.0645| 0.0708| --------- | -==-----

1.50%Ni 0.0031 0.0550| 0.0671| 0.0833]| 0.0980| 0.1132| --------- | -==-----

1.75%Ni 0.0031 0.0671| 0.0875| 0.1001| 0.1132] 0.1268| --------- | -=------

2.00%Ni 0.0031 0.0629| 0.0797| 0.0954| 0.1101] 0.1242| --------- | -====----

4.00%Ni 0.0037 0.0928| 0.1174| 0.1316| 0.1405| 0.1520| --------- | -===-----

Relative densityp

Pure Mo 0.618§ 0.632] 0.641] 0.647| 0.651] 0.659| 0.668, 0.679
0.25%Ni 0.619 0.630] 0.635| 0.644| 0.650| 0.657| 0.670] 0.684
0.375%Ni 0.607 0.628| 0.637| 0.646/ 0.656] 0.665| 0.675] 0.689
0.50%Ni 0.624 0.645| 0.648| 0.659| 0.669| 0.680] 0.693] 0.709
0.75%Ni 0.623 0.656] 0.661] 0.667| 0.680| 0.699| 0.720] 0.754
1.00%Ni 0.621] 0.671| 0.682] 0.712] 0.721] 0.733] --------- | -=-------
1.50%Ni 0.602 0.699| 0.723] 0.759]| 0.794| 0.834| -------- | -==------
1.75%Ni 0.601] 0.723] 0.765| 0.799| 0.830| 0.869| --------- | -==------
2.00%Ni 0.606 0.718| 0.754] 0.790] 0.827| 0.866]| -----=--= | -==------
4.00%Ni 0.577 0.743| 0.804] 0.841] 0.869| 0.904| --------- | -==-=----
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Figure 7.19 Densification rate data for specimsonghiermally sintered at 1400 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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Table 7.5d Measured densification data of specimémarious Ni contents that were

isothermally sintered at 1350 °C.

Linear shrinkageAL/L o
Time, mins 0 20 60 120 240 480 940
Pure Mo 0.0047 0.0083| 0.0132] 0.0168| 0.0220| 0.0247| 0.0288
0.25%Ni 0.0110 0.0162| 0.0199| 0.0225| 0.0278| 0.0335| 0.0383
0.375%Ni 0.0031 0.0157| 0.0199| 0.0241| 0.0320| 0.0404| 0.0451
0.50%Ni 0.0079 0.0220[ 0.0278| 0.0341| 0.0425| 0.0503]| 0.0540
0.75%Ni 0.0063 0.0262| 0.0419| 0.0618| 0.0734| 0.0802| ---------
1.00%Ni 0.0031 0.0294| 0.0440| 0.0681| 0.0839| 0.0959| ---------
1.25%Ni 0.0063 0.0288| 0.0451| 0.0723| 0.0922| 0.1085| ---------
2.00%Ni 0.0031 0.0330| 0.0482| 0.0749| 0.0970| 0.1116| ---------
4.00%Ni 0.0031 0.0346| 0.0561| 0.0828| 0.1053| 0.1216| ---------
Relative densityp

Pure Mo 0.611 0.617] 0.625| 0.632]| 0.641 0.647| 0.655
0.25%Ni 0.627 0.633] 0.640[ 0.645| 0.655| 0.666/ 0.675
0.375%Ni 0.611 0.633] 0.641| 0.649| 0.664] 0.680] 0.690
0.50%Ni 0.631 0.650] 0.658| 0.671] 0.687| 0.702| 0.710
0.75%Ni 0.612 0.646) 0.677| 0.717| 0.743| 0.758| ---------
1.00%Ni 0.603 0.650; 0.678| 0.729| 0.766| 0.792| ---------
1.25%Ni 0.612 0.651] 0.683| 0.739]| 0.787| 0.826| ---------
2.00%Ni 0.612 0.666] 0.694| 0.753| 0.804| 0.842| ---------
4.00%Ni 0.603 0.661] 0.702| 0.761] 0.815] 0.854|---------
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Figure 7.20 Densification rate data for specimsonghiermally sintered at 1350 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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Table 7.5e Measured densification data of specimémarious Ni contents that were

isothermally sintered at 1300 °C.

Linear shrinkageAL/L
Time, mins 0 20 60 120 240 480 960
Pure Mo 0.0031 0.0094| 0.0110] 0.0142| 0.0173| 0.0236| 0.0278
0.25%Ni 0.011Q0 0.0178| 0.0220| 0.0252| 0.0299| 0.0362| 0.0419
0.50%Ni 0.0094 0.0215| 0.0341| 0.0425| 0.0540/ 0.0660| 0.0729
0.75%Ni 0.0047 0.0225| 0.0393| 0.0550| 0.0760| 0.0922| ---------
1.75%Ni 0.0031 0.0262| 0.0414| 0.0561| 0.0791| 0.0975| ---------
4.00%Ni 0.0047 0.0262| 0.0425| 0.0597| 0.0828| 0.1038| ---------
Relative densityp

Pure Mo 0.623 0.634| 0.637| 0.643] 0.650/ 0.660; 0.669
0.25%Ni 0.619 0.631] 0.637| 0.643] 0.652| 0.664| 0.674
0.50%Ni 0.619 0.640| 0.656| 0.673] 0.696| 0.708] 0.717
0.75%Ni 0.606 0.637| 0.668| 0.699| 0.743| 0.782] ---------
1.75%Ni 0.601 0.642| 0.672| 0.700| 0.749| 0.793] ---------
4.00%Ni 0.584 0.620| 0.651] 0.684| 0.733] 0.779] ---------
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Figure 7.21 Densification rate data for specimenghiermally sintered at 1300 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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Table 7.5f Measured densification data of specineénvarious Ni contents that were

isothermally sintered at 1220 °C.

Linear shrinkageAL/L o
Time,
mins 0 10 40 120 240 480 1440
Pure Mo 0.0063 0.0063| 0.0063| 0.0102| 0.0118]| 0.0181| 0.0236
0.125%Ni 0/ 0.0032| 0.0105| 0.0142| 0.0168| 0.0231| 0.0262

0.25%Ni | 0.0094 0.0110| 0.0157| 0.0275| 0.0322| 0.0398| 0.0487
0.50%Ni | 0.0094 0.0110] 0.0157| 0.0346| 0.0495| 0.0692| 0.0891
1.00%Ni | 0.0063 0.0110| 0.0173] 0.0354| 0.0404| 0.0634| 0.0818
2.00%Ni | 0.0047 0.0142| 0.0236] 0.0401| 0.0542| 0.0713| --------

Relative densityp
Pure Mo 0.614 0.614| 0.615| 0.623| 0.626| 0.637| 0.647
0.125%Ni | 0.602 0.607| 0.618| 0.624| 0.629| 0.640| 0.646
0.25%Ni 0.617, 0.620| 0.627| 0.651| 0.659| 0.672| 0.688
0.50%Ni 0.623 0.625| 0.633| 0.669| 0.698] 0.739| 0.783
1.00%Ni 0.598 0.605| 0.615| 0.649| 0.661] 0.704| 0.743
2.00%Ni 0.591] 0.610f 0.625| 0.656| 0.684| 0.720| ---------
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Figure 7.22 Densification rate data for specimsonghiermally sintered at 1220 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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Table 7.5g Measured densification data of specimémarious Ni contents that were
isothermally sintered at 1160 °C.

Linear shrinkageAL/L o
Time, mins 0 30 60 150 290 600 1080
2.00%Ni 0.0047 0.0126| 0.0168| 0.0194| 0.0304| 0.0456| 0.0577
4.00%Ni 0.0047 0.0115| 0.0162| 0.0194| 0.0278| 0.0409| 0.0535
Relative densityp
2.00%Ni 0.615 0.630| 0.637| 0.641| 0.662| 0.691| 0.717
4.00%Ni 0.602 0.615| 0.622| 0.629| 0.643| 0.669| 0.694
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Figure 7.23 Densification rate data for specimsonghiermally sintered at 1160 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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Table 7.5h Measured densification data of specimérarious Ni contents that were

isothermally sintered at 1100°C.

Linear shrinkageAL/L o
Time, mins 0 60 120 240| 480 960 1620
2.00%Ni | 0.0047 0.0101]  0.0121] 0.0220| 0.0278| 0.0393| 0.0478
Relative densityp
2.00%Ni | 0.608 0.618| 0.622| 0.640| 0.651] 0.674] 0.690
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Figure 7.24 Densification rate data for specimsonghiermally sintered at 1100 °C: (a)

linear shrinkage and (b) relative density vs. sintetime.
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CHAPTER EIGHT

A PRELIMINARY SINTERING STUDY OF MO-SI-B BASED ALLQ'S

8.1 Significance of Mo-Si-B

Mo-Si-B based alloys have potential applicationexidizing atmospheres at >
1200 °C as turbine-engine materials. Mo-based s\lleych as TZM (Ti and Zr doped Mo)
[1,2,3,4,5,6], are superior high-T structural matierin inert atmospheres, but they
exhibit poor oxidation resistance in air becauséOylis evaporative [3,4,5]. Since 1990’s,
researchers found that Mo-Si-B alloys can exhibieacellent oxidation-resistance due
to the formation of protective boron silicate glésgers. The oxidation resistance stems
from the same principle that MaSian be used as oxidization-resistant heating eleane
for high-T furnaces. In Mo-Si-B alloys, Si is addesla glass former and B as a fluxing
agent. As Ni-based superalloy reach their limite-$-B based alloys that contain three
phases — Mo solid solution (M€, MosSi (A15) and M@SiB; (T2) — are examined as a
leading candidate for application at even highergeratures (potentially 300-400 °C

higher that superalloys can achieved).

8.2 Motivation

Mo-Si-B based alloys are selected for this prelsamynstudy, because we perceive

opportunities to control their microstructures aaslultant properties via utilizing high-T
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interfacial thermodynamics (by extending the wdr&ttwe have done for Mo-Ni to more
complex multicomponent alloys). Perepezital. [7,8,9] pointed out that the absence of
the solid-state phase transformation and low diftiss in this system limit

conventional metallurgical methods of the adjustimgrostructures. In this regard, this
system behaves like a ceramic. Thus, solid-statersng (powder metallurgy) methods
potentially offer a superior way to control micnesttures and resultant properties than
conventional melt-based methods.

In addition, using Mo-Si-B as another model syst&mffers us an opportunity to
extend the interfacial thermodynamic model thaal@dghed for binary Mo-based alloys
in Chapter 6 and Chapter 7 to more complex andipedly useful multicomponent
alloys. Using GB phase diagrams as a guide, weeggntoy different dopants (generally,
Ni, Fe/Co, Ti, Nb) to improve sintering rates (fomming liquid-like GBs) and mitigate
GB embrittlement and creep (via utilizing GB trdiwsis). Our goal is to achieve sintered
samples with high density, fine microstructure ardellent mechanical properties. This
enables us to further extend our interfacial thetynamic theories, and to explore the

potential applications of “GB diagrams” as a newl for materials science.

8.3 Experimental Results

By using the experimental procedures describechapr 3, the samples were

prepared for density, crystal structure and micuzstire analysis. The purpose for this
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preliminary study was to explore the effects otesiimg temperature, sintering time,

dopant and the use of oxygen getter on final dgmasitl microstructure.

8.3.1 Solid-State Reaction During Sintering

Instead of using pure Si and B as the starting magéewe employed g\, and

BN as the precursor powder to mix with Mo powdeifofving a procedure developed

by Middlemaset al.[8]. Two kinds of Mo powders with different averagarticle sizes

(1~2 um and 80 nm, respectively) were tested.uhypeeliminary study, we focused on

one composition, Mo-3Si-B (Mo + 5 at. % Si and B%Table 8.1 lists the vol% and

mol% of three phases in this composition alloy.

Table 8.1 Volume and molar percentage of threegshesMo-3Si-B alloy from phase

diagram.
Three phases wt% vol% mol% Density
(Mosg 63.3 56.8 56.0 10.070
MosSi (A15) 14.6 16 15.7 8.253
MosSiB; (T2) 22.1 27.2 28.3 7.336
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Figure 8.1 XRD results of sintered Mo-Si-B sampldse inset is the XRD of sintered
Mo-Si-B from ref. [8]

The XRD results of sintered samples (at 1518 °® foours) are shown in Fig.

8.1.
After 6 hours sintering at temperature 1518 °C stii&l state reactions had been
completed, resulting in a MgA15-T2 three-phase microstructure:

3Mo + 1/3S§N4 2> MosSi (A15 phase) + 2/3NQ)

5Mo + 1/3S§N4 + 2BN > MosSiB; (T2 phase) + 5/3N(Q).
These three phases are thermodynamically stabiterfsom temperature to > 2000.
Thus, no additional phase transformation is expeeteen it is sintered at a higher

temperature (< 200TC) or for longer time. The phase stability is istfane reason that
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this Mo-Si-B is a superior high-T alloy. The effedttemperature and sintering time on

the final density and microstructures are examingtext sections.

8.3.2 The Effect of Sintering Temperature

In this section, three sintering temperatures, 1%1,8.563 °C and 1606 °C, were
chosen to study the effect of sintering temperabureensification. The sintering time

was fixed to 6 hours. The measured densities arersim Fig. 8.2.

Effect of Sintering T

NS 100 1 79.2 82.7 30.4
= 80 - 73.7 ’
2 65.9 B Green
g 59.13 55.33
9 ] W 1518C 6hrs
2 407 1563C 6hrs
< 20 m 1605C
o
0
2 micron 80nm
Particle size

Figure 8.2 The effects of sintering temperaturetherdensification.

With the increase of sintering temperature, thalfdensity went up for the
samples prepared using 2 um Mo powder. Interestitige density of sample with 80

nm particle size increased less significantly wfité sintering temperature, and a
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maximum is reached for sintering at 1563 This was, in part, related to agglomeration

of nanopatrticles, which was discussed in a lateticge (with a microstructure study).

8.3.3 The Effects of Dopants

Two dopants (Ni and Nb) were selected to examiaeetfects of doping on

densification. Fig. 8.3 shows the measured finabdees.
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Figure 8.3 The effect of added dopants on the fieason.

In general, Ni appeared to be a more effectiveesmg aid (Fig. 8.3 (a)), and the
densification was enhanced further with a high déitent or using a higher sintering

temperature. The enhanced effects were more pnzedufor coarse-grain specimens.
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An exception was that addition of 1 at% of Ni regldithe densification for a specimen
prepared with 80 nm Mo and sintered at 13@8 Liquid-phase sintering may actually
occur with 2.2 at % Ni, although the exact phasgdim for Mo-Si-B-Ni system has not
been established.

It is known that addition of Nb can significantipprove the plasticity of Mo-Si-
B alloy [10]. Apparently, Nb can also improve thetering rates moderately (Fig. 8.3
(a)). Note that Nb and Mo forms continuous sobitligson (while Ni only has very

limited solid solubility in Mo).

8.3.4 The Effect of Sintering Time

Generally, we adopted 6 hours from ref [8] as wtaridard” sintering time. But it
is worthy to check if 6 hours is enough and whetbeger sintering can boost density
higher. Fig. 8.4 shows the effects of sinteringetilAs a general observation, the further
enhancement of densification is not significanéa@ hours. This is presumably due to
the inhomogeinity of the specimens, and it maynygroved by using a better way to
prepare the green specimens. This issue is fulieussed in the next section with

microstructure analysis.
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Figure 8.4 The effects of sintering time on thedikgcation for (a) un-doped and (b) 1 at %

Ni doped specimens

8.3.5 Effect of Q Getter

According to Ellingham Diagram, to reduce all tlesgible oxide formation, Ti

and Zr are effective £ygetter. Fig. 8.5 shows equilibrium, Qartial pressure vs.

temperature. Ti and Zr lines are under all the rothetal/oxide lines.
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Figure 8.5 Plot of equilibrium £partial pressure vs. temperature for different

metal/oxide reactions.

As shown in Fig. 8.6, ©getters don't significantly improve sintering.
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Figure 8.6 The effect of {yetter on the densification.
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8.3.6 Microstructures of Sintered Samples

The microstructures of sintered samples were exaarity SEM. Three phases
can be clearly identified in back-scattering imades to their density difference. In
general, the Mo-Si-B samples made out of the 80Mmpowder showed finer and more
homogeneous structures than those of 2 um Mo 8. The 80 nm samples showed
smaller Mo grain size (1-2 um) than 2 pum sampl&qgtm). However, it is clear that

significant grain growth/coarsening occurred infbcases.

: L ‘g Sl
54800 20.0kV 14.4mm x3.00k YAGBSE 7/29/2009

Figure 8.7 SEM images of Mo-Si-B specimens sedet 1605 °C for 6 hours, which

are made from (a) 80 nm and (b) 2 um Mo powders.tlitee phases are labeled.

Significant inhomogeneity is observed for specimiias were made by either 80
nm or 2um powders. In either case, there are regionsatteasilmost fully dense (as
shown in Fig. 8.7); in the same specimens, thexeegions with large pores (as shown in
Fig. 8.8). This is presumably due to the inhomedgr@ad agglomeration during powder

processing and pressing. So far it seems thatdwelgr treatment step is one of the
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limiting factors to prevent us from achieving higénsity. To overcome that, we need to

optimize our powder processing and pressing praeciduobtain better green specimens.

\.. . -

$4800 20.0kV 15.1mm x2.50k YAGBSE 7/15/2009 20.0um $4800 20.0kV 14.9mm x2.00k 7SE(NLLA50) 7/15/2009 20.0um

(a) (b)
Figure 8.8 Regions with large pores and inhomogdgaee identified in SEM images of
Mo-Si-B samples that were sintered at 1518 °C fooérs using either (a) 80 nm or (b) 2

pm Mo powders.

The introduction of Ni as dopant into Mo-Si-B ditlchange the microstructure
significantly. The similar three phases were attmtified in doped samples. However,
EDX analysis showed that all these three phasesaapp contain some Ni, though a
more careful examination should be carried ouktusle the artifacts due to beam
smear. Additionally, some round particles wersastsed in all the 2.2 at. % Ni doped
samples as well as part of 1.0 at. % Ni doped sesnphplying the formation of
glass/liquid phase. EDX analysis indicated thabittained Si, O and Mo. However, the
round particles didn’t appear in some 1.0 at. %dped 2 um Mo samples (Fig.

8.10(c)).Further study may be needed to clarifyrthteire of this phase.
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54800 20.0kV 15.3mm x4.00k SE(M) 7/27/2009

(b)

(©)
Figure 8.9 SEM images of 2.2 at % Ni-doped Mo-SigBnples that were made using (a,

b) 80 nm and (c) 2 um Mo powders by sintering &518C for 5 hours. Panel (b) is an

observation of a fractured surface, while othecspens are polished.
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S4800 20.0kV 14.5mm x900 SE(M) 7/27/2009 50.0um | S4800 20.0kV 15.0mm x2.20k SE(M) 7/27/2009

(@) (b)

(©)
Figure 8.10 SEM images of 1.0 at % Ni-doped Mo-Sanples that were made using (a,
b) 80 nm and (c) 2 um Mo powders by sintering &518C for 5 hours. Panel (b) is an

observation of a fractured surface, while othecspens are polished. (c) shows no

existence of round particle.

8.4 Conclusions

* Mo-Si-B can be made by sintering procedure follayiliddlemaset al
method [8]

* Niis an effective sintering aid for enhancing déaation rates in general.
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* Fine Mo powder leads to better densification rates.

* However, adding Ni is less effective to enhancesdmation in specimens
with fine powder. It appears to be difficult tohéeve > 85% theoretical
density with current method. SEM characterizabowed almost full-
densified regions with large pores, indicating pheblem lies in the
inhomogeneity in the green specimens.

» To achieve better density, we need to first optenitze processing to make

better green specimens.
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CHAPTER NINE

CONCLUSIONS

This dissertation study systematically investigatedgregation-induced GB
disordering in W and Mo based binary alloys throagmbined experimental and
modeling methods. The specific conclusions are samzed as follows.

A quantitative thermodynamic model (with no adjbstgparameters) had been
built to predict GB disordering in binary W baseéldygs. This model predicted onset GB
disordering temperatures that were coincident Wighexperimentally observed onset
activated sintering temperatures for all five systeW-Pd, W-Ni, W-Co, W-Fe and W-
Cu. In conjunction with a recent HRTEM study, &iswconcluded that subsolidus
activated sintering of doped W was due to shoduiirdiffusion in impurity-based
premelting-like IGFs (i.e., segregation-induced §iictural disordering). Moreover,
this thermodynamic model can have broad applicaieig, in understanding and
controlling creep and liquid metal embrittlement.

For Ni-Mo binary system, both experiments and treetymamic models showed
thatd-NiMo did not wet Mo GBs in the solid state. Thiarified a controversy in the
literatures where there were repeated claims ad-sthte GB wetting in this system.
Above the peritectic temperature, the Ni-rich Idjphase does completely wet Mo GBs.
Furthermore, HRTEM and Auger electron spectrosadayacterization of well-
guenched specimens showed the thermodynamic gtlwh of quasi-liquid IGFs in the

single-phase region of Ni-doped Mo, where the tiquiase is no longer stable bulk
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phase. In this region, the free energy penaltydoning a nanoscale meta-stable liquid
film is presumably more than compensated by thaateoh in the total interfacial

energies upon replacing one GB with two crystalilignterfaces.

Furthermore, the thermodynamic model for predictimgstability of subsolidus
guasi-liquid IGFs in binary alloys was refined aldborated. This model employed and
modified a Miedema type statistical model to estematerfacial energies. The free
energy of amorphization was assessed by using datigmal thermodynamics
(CalPhaD methods). Then, we defined and quantifiednodynamic variable, , to
represent the thermodynamic tendency for a GBdorder. Thisl, was defined as the
maximum thickness of an undercooked IGF with aarnifcomposition on the liquidus
line or its meta-stable extension. Thereafter, tiglel was applied to Ni-doped Mo GBs
and a “GB diagram” was computed.

Subsequently, GB diffusivities for Ni-doped Mo aléowere obtained by
controlled sintering experiments. The correlatietween measured GB diffusivities and
calculated “GB diagram” validated the proposedriwynamic model critically. In
addition, this correlation re-confirmed that thepously proposed mechanism of solid-
state activated sintering, where the increasedifttsaifon rates was attributed to the
enhanced GB transport in the premelting-like IGkgreliminary study of sintering Mo-
Si-B based alloys has been documented, represaningtial effort to extend this work
from binary to multi-component alloys.

Our model for simpler metallic systems may serva basis to develop the more

complex models for ceramic systems.
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This dissertation study, along with a few earlieidges [1,2,3], clearly shows that
bulk phase diagrams are not adequate for selesitigring aids or predicting optimal
activated sintering protocols because liquid-li&-$ can form at ~60-85% of bulk
solidus temperatures, which results in subsolidtisated sintering with
phenomenological similarities to liquid-phase giimig.

This study represents an initial step towards g-4@mge scientific goal of
developing “GB diagrams” as a new materials sci¢ook[4,5]. These “GB diagrams”,
as well as more sophisticated (rigorous) GB “phaseomplexion diagrams (to be
developed in future studies) [5], can be used &igefabrication pathways to utilize
desired GB structures during processing to comtiotostructural evolution. “Since
these impurity-based IGFs can be retained uponrgpahd critically affect a variety of
mechanical and physical properties, such GB diagrean be used to devise heat

treatment recipes to adjust the final GB structtoasprove properties or performance.

Finally, such GB diagrams can forecast variouseghperature materials properties.
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