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Synopsis

During the past three decades, there have been considerable efforts
on the production of an amorphous phase in Al base alloy systems and in
1987 the first successful data on the formation of an amorphous alloy
with good ductility have been presented in A1-Ni-(Si or Ge) systems.
Al base amorphous alloys have been reported to exhibit technologically
interesting properties of high fracture strength combined with low
density and good corrosion resistance as well as a scientifically
important glass transition phenomenon. This review attempts to
summarize the fundamental data on the Al base amorphous alloys
consisting of metal-metalloid and metal-metal type components and to
present the present interpretation on formation, structure and physical

properties of the Al-based amorphous alloys.

I. Introduction

Since an amorphous alloy in Au-Si system was produced for the first
time by liquid quenching in 19601), a great number of amorphous alloys
have been developed in the order of noble metal-, transition metal-,
refractory metal- and lanthanide metal-based systems. Thus, the amor-
phization has been achieved in engineeringly important alloy systems
containing Fe, Co, Ni, Cu or Ti as a main component and these alloys
have practically been used through the utilization of their good
mechanical, physical and chemical properties. In addition to the
above-described alloy systems, an amorphization of Al-based alloys has

actively been tried up to date because of an expectation of obtaining

* The 1852th report of Institute for Materials Research.
+ On leave from Yoshida Kogyo K.K., Yoshida Kurobe 938, Japan.



116

high strength materials with low density. However, the first
successful data of the formation of Al-based amorphous alloys
exhibiting good ductility and high strength were presented wvery
recently (in 1987)2). This paper is intended to review the recent
progress of Al-based amorphous alloys which has mainly been carried out

by the present authors.

IT. History of Aluminum-based Amorphous Alloys

The formation of Al-based amorphous alloys by liquid quenching was
first tried in binary systems of Al-metalloid and Al-transition metal
(M) alloys. As a result, it was found in Al—Si3), Al—Ge4) and Al-M
(M=Cu5), Ni6), cr’) or Pds)) alloys that a coexistent structure of
amorphous and crystalline phases is formed only near the holes in their
thin foils prepared by the gun quenching technique in which the cooling
rate is higher than that for the melt spinning method. However, no
amorphous phase without crystallinity was prepared by melt spinning as
well as by the gun- and piston-anvil methods. The first formation of
an amorphous single phase in Al-based alloys containing more than 50
at% Al was found in 1981 for Al-Fe-B and Al-Co-B ternary alloysg).
However, these amorphous alloys are extremely brittle and hence have
not attracted strong attention. Subsequently, an amorphous phase was
found in melt-spun Al1-Fe-Si, Al-Fe-Ge and A1-Mn-Si alloys, but they
were also very brittle as similar for the Al-(Fe or Co)-B amorphous
alloys. It was believed from these data that the brittleness might be
an inherent property for Al-based amorphous alloys. In 1987, an
amorphous phase with good bending ductility was discovered to be formed
at compositions above about 80 at% Al in Al-Ni-Si and Al-Ni-Ge

2).

systems Since the discovery, ductile Al-based amorphous alloys have

successively been found in a number of ternary alloys consisting of Al-

)10'11) which are

early transition metal(EM)-late transition metal(LM
exemplified for Al-Z2r-Cu, Al-Zr-Ni and Al1-Nb-Ni, followed by Al-
lanthanide metal(Ln)-LM ternary alloys12’13) in which the EM is

substituted by Ln, and then Al-Ln binary alloys without M elements14“

16). The present review on the formation, structure and properties of
Al-based amorphous alloys will be described in the order of the metal-
metalloid type system of A1-M-(Si or Ge) alloys and the metal-metal

type system consisting of A1-EM-LM, Al-Ln and Al-Ln-LM alloys.

IITI. Metal-Metalloid Amorphous Alloys
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1. Formation range of the amorphous alloy52'17)

A mostly single amorphous phase defined by no trace of crystal-
linity in the X-ray diffraction pattern was formed in A1-Si-M (M=Cr,
Mo, Mn, Fe, Co or Ni) and Al-Ge-M (M=V, Cr, Mo, Mn, Fe, Co or Ni)
systems. No amorphous phase was formed in Al-Si-M systems with M=Ti,
Zzr, Hf, Vv, Nb, Ta, W or Cu and Al1-Ge-M systems with M=Ti, Zr, Hf, Nb,
Ta, W or Cu. Figure 3-1 shows the compositional ranges of Al1-Si-M and
Al-Ge-M amorphous alloys. Their amorphous phases are formed in the
range 12 to 42 at% Si and 8 to 23 M for Al-Si-M alloys and 12 to 53
%Ge and 8 to 23 %M for Al-Ge-M alloys. The formation range of the Al-
Si-M amorphous alloys is the widest for Al1-Si-Co, followed by Al-Si-Fe,
Al-Si-Mn, Al1-Si-Ni and Al1-Si-Cr, and that for the Al-Ge-M amorphous
alloys is the widest for Al-Ge-Fe and becomes narrower in the order of
Al-Ge-Co, Al-Ge-Cr, Al-Ge-V and Al-Ge-Mn. The amorphous phase is also
formed in the Al-Si-V system, but 1t is always coexistent with
crystalline phase. Although the compositional ranges of the amorphous
phase are almost the same between Al1-Si-M and Al-Ge-M systems, one can
notice a difference, in that the metalloid concentration ranges are
considerably wider for Al-Ge-M than for Al-Si-M and the M concentration

range is wider for Al1-Si-M.

It is generally known18) that ° w)l ; ‘ I le@HéuMm
the formation of an amorphous ASO \\\k__‘;i:fMHGqu
alloy is easier in the vicinity EAO- /// |
of eutectic composition with R
lower melting temperature. No 5 30- .
equilibrium phase diagrams of Al- 0
Si-M and Al-Ge-M alloys are 20 1
available over the present wide 1ol O ]
composition ranges. The eutectic (b)' ' ' ' oohmq§me
composition of Al-Si and Al-Ge 250 V'V Al7s-xGeasMx |
binary alloys is 11.3 at$% Si and = ,,'. """ o --0----0
30.3 ats Ge'9), being signifi- A \' 1
cantly different between both the s 15 \\\ ]
alloys. The metalloid concentra- Qa v
tion where the amorphous phase is 10 RN 4
formed is in the range 12 to 53 ?ﬁ__QMW{V__4L—;un{y

v Cr Mn Fe Co Ni

$Ge and 12 to 42 $Si. This Transition Metal , M

indicates that the formation

Fig. 3-1 Compositional ranges for the
formation of amorphous phase in rapidly
quenched Algg_,(Si or Ge),Mqg (a) and
for the Al-Ge-M system and only Al75_ (Si or Ge)rsM, (b) (M=V, Cr, Wn,
on the hypereutectic side of Al- Fe, Co or Ni) alloys.

range extends over both sides of

the eutectic composition of Al-Ge
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Si for the Al-Si-M system. Thus, the lowering of melting temperature
(T,) at a eutectic point is not thought to be a dominant factor for the
amorphization of Al-Si-M and Al-Ge-M alloys. On the other hand, the M
content for the glass formation is in the range 8 to 23 %, where
various kinds of intermetallic compounds are formed in A1-M binary
alloys, and Ty is in the range 1533 to 1921 K19). The limitation of
the M content is probably due to the increase of T, on the upper side
and the decrease of the attractive bonding nature of Al and M atoms for
the glass formation on the lower side. In any case, the new
information that an amorphous single phase is formed over wide
composition ranges in Al1-Si-M and Al1-Ge-M alloys containing a large
amount of Si or Ge without an attractive interaction with Al is
different from the general concept18) for the glass formation of metal-
metalloid type alloys. The abnormality is expected to result in the
appearance of significantly different structure and properties.

2. Amorphous structurez’zo)

Figure 3-2 shows a bright-field electron micrograph (a) and a
selected-area diffraction pattern (b) taken from the electrolytically
thinned AlgnGeygMng, amorphous alloy, along with the X-ray diffraction
pattern of the same alloy not subjected to thinning treatment. Lack of
contrast characteristic of a crystalline phase in the bright-field
image (a) and broad diffuse haloes in the electron and X-ray diffrac-
tion patterns (b and c¢) indicate clearly the formation of an amorphous
structure with no trace of crystallinity. The magnitude of the scat-
tering vector defined by k = 47sinb/) at the two peaks of X-ray dif-

1

fractograms, k was measured to be 23.58 and 31.48 nm™ '. From kp

'
values and the Ztomic scattering amplitude of each constituent element
of Al, Ge and Mn, the two kp values of the Al1-Ge-Mn alloy are analyzed
to originate from the Al-Ge interaction for the low-angle halo and Ge-
Ge, Al-Mn, and Mn-Mn interactions for the high-angle halo. The two
split haloes in the X-ray and electron diffraction patterns were
observed for all amorphous alloys in the Al-Si-X and Al-Ge-X (X=V, Cr,
Mo, Mn, Fe, Co or Ni) systems.

Figure 3-3 shows a bright-field electron micrograph and a selected-
area diffraction pattern of an AlSOGe4OMn10 amorphous alloy annealed
for 10 min at 520 K with an internal energy lower by about 1.8 kJ/mol
as compared with the as-quenched amorphous phase. No change in the
contrast revealing the precipitation of a crystalline phase is seen in
the bright-field micrograph (a) even after annealing for 10 min at 520
K, while significant changes can be seen in the electron and X-ray dif-

fraction patterns (b) and (c). The changes are summarized as follows:



Intensity (arbit. unit)

Intensity (arbit. unit)

{c)

CuKu

(c)

T
CuKXo
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Fig. 3-2 (a) Bright-field elec-
tron micrograph, (b) selected-area
diffraction pattern and (c) X-ray
diffraction pattern of a rapidly
quenched A15()Ge40Mn10 alloy.

Fig. 3-3 (a) Bright-field elec-
tron micrograph, (b) selected-area
diffraction pattern and (c) X-ray
diffraction pattern of an
amorphous A150Ge40Mn10 alloy an-
nealed for 10 min at 520 K,
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(1) the broad peak at the low diffraction angle corresponding to
kp=23.58 nm"1 decreases significantly and the high-angle diffraction
peak at kp=31.48 nm~ 1 becomes broad; (2) a new broad peak appears at a
very low diffraction angle corresponding to kp=18.77 nm_1.

Considering the significant decrease in the low-angle peak at kp=
23.58 nm_1 resulting from the interaction of Al-Ge atoms, and the
broadening of the high-angle peak resulting from the interaction of Ge-
Ge and Al-Mn atoms, the structural relaxation upon heating at 520 K for
10 min appears to occur through the decrease in the number of Al-Ge
pairs with a weak bonding nature and the increase in the number of Ge-
Ge and Al1-Mn pairs with a strong bonding nature. The development of
the compositional short-range ordering of Ge-Ge pair is also supported
from the result obtained from the anomalous X-ray scattering profiles
at Ni and Ge K absorption edges of amorphous AlgyGezgNiqy alloy. The
weak bonding nature of A1-Ge atoms and the strong bonding nature of Ge-
Ge and Al-Mn atoms are presumed from the equilibrium phase diagrams of
Al-Ge with a wholly insoluble type of solid, and Al-Mn with many

intermetallic compounds19)

and a covalent-type bonding of the Ge semi-
conductor. Furthermore, the new appearance of the small-angle peak at
kp=18.77 nm'1 suggests that the compositional short-range ordering
consisting of Ge-Ge pairs with the strongest bonding force among the
three constituent atoms developed on the scale of 0.3 to 0.4 nm. It

d20) that the irreversible structural change occurs

has been clarifie
accompanied by an exothermic heat of 1.8 kJ/mol upon continuous heating
up to 570 K. Accordingly, the relaxation is presumably due to the
local rearrangement of the constituent atoms leading to the development
of compositional short-range ordering consisting of Ge-Ge and Al-Mn
pairs with a strong bonding nature through the disappearance of Al-Ge
pairs with a weak bonding nature, in addition to the annihilation of
various kinds of quenched-in '"defects". As demonstrated above, by
using an Al-based alloy with an appropriate composition, it is
possible, even by conventional X-ray diffractometry, to examine the
annealing-induced change in the fraction of each pair of Al1-M, Al-
metalloid and metalloid-metalloid and the degree of compositional
short-range ordering.

3. Hardness?:/17)

Figure 3-4 shows the change of Vickers hardness, H as a function

VI
of M content for A1-8i-M (M=Cr, Mn, Fe, Co or Ni) and A1-Ge-M (M=Cr, Fe

or Co) amorphous alloys with 25 %Si and 30 %Ge. H, has a distinct M

concentration dependence and increases with increasing M content from

365 to 600 at 10 %M to 730 to 1120 at 20 %M. The compositional
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Fig. 3-4 Change in hardness (H,) of A1-  Fig, 3-5 Change in H, of A1-Si-M (M=Cr,
Si-M and Al1-Ge-M (M=Cr, Mn, Fe, Co or Ni) Mn, Fe, Co or Ni) amorphous alloys with
amorphous alloys with M content, Si content.

dependence of H, is very similar in A1-Si-M and Al-Ge-M alloys. Figure
3-4 also shows that the H, values of Al1-Si-M and Al-Ge-M alloys are
higher for the alloys with M=Cr, Mn or Fe than for the alloys with M=Ni
or V and there is no appreciable difference in H,, between the alloys
with M=Cr, Mn or Fe. It is notable that the H, values at 20 %M may be
as high as 700 to 1100 even for Al-based alloys, comparable to the high
21)

HV values

the change of H, as a function of Si content for A1-Si-M amorphous

for M-metalloid type amorphous alloys. Figure 3-5 shows

alloys with a constant M content of 15 %. The H, values are independ-
ent of Si content and no distinct compositional dependence against the
metalloid is also seen for Al-Ge-M alloys. Thus, the replacement of Al
by M gives rise to significant increase in H, for all the alloy
systems, whereas the increase in H, by the replacement of Al by Si or
Ge is less significant. The bonding nature of the constituent atoms in
Al-Si(or Ge)-M alloys increases in the order M-(Si or Ge) > A1l-M > Al-
(Si or Ge) from the data that Tm19) and Hv22) are larger for M-(Si or
Ge) compounds than for Al-M compounds and no compound is formed in Al-
(S1i or Ge) alloys19). Accordingly, an increase in M content is
presumed to bring about increase in H, of the amorphous alloys,

consistent with the results shown in Figs. 3-4 and 3-5.
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4. Crystallization temperature (T,)

T, was also found to show a similar compositional dependence as
that for H,,.
to 20 %, T, increases from 498 to 715 K for AlL-Si-(Cr, Mn, Fe or Co)
alloys and from 370 to 575 K for A1-Si-Ni alloys. On the other hand,

increase in T, of Al-Ge-M alloys with increase in M content is consid-

As shown in Fig. 3-6, as the M content increases from 8

erably smaller than that of A1-Si-M alloys and the increase of T, with
increasing M content from 8 to 15 % is as small as about 50 K.
Furthermore, T, is higher by 50 to 150 K for Al1-Si-M alloys than for

b4

Al-Ge-M alloys. This difference is probably because the eutectic
temperature of Al1-Si alloy is higher by 153 K than that of Al-Ge
allongt The T, values of Al-Si-M alloys are considerably higher for

Al-Si-(Cr, Mn, Fe or Co) alloys than for Al-Si-Ni alloy and the Al-Si-M
(M=Cr, Mn, Fe or Co) alloys have nearly the same T, values. No
distinct change in T, with Si and Ge contents is observed as shown in
Fig. 3-7. Thus, the H, and T, of Al-8Si-M and Al-Ge-M amorphous alloys
increase significantly with an increase in the amount of Al replaced by
M, while those as a function of Si or Ge content do not show a signifi-
cant change. Such compositional dependences probably occur because
increasing M content results in an increase in the number of M-Si (or

Ge) bondings with strongly attractive interaction and a decrease in the

700 : : — Algg_ SiMys
AI?S—XS]ZSMX A%A Cr
— -/O ]
600f ro A R=B—gCo
600} - 1 N ="
x
My < 550" ]
5001 1 K
Co
Ni 500t Ni - 4
400} / . v—"
= ) : : -
= 300 Algg.,Ge Mg
2TVNE t + — 600F A
Alyg_xGezoMy
v
550} Es ] 550} N -
o ~ —_—0
8/ §;< Fe A—-"_""giA
500} { " soof v ~ ]
Co O\O
Mn Ni o—8 \ Cr
! v—V-v—y
450 ] 450} Ni ® 4
1 1 1
10 15 20 :
M (at®%) 10 20 30 40

x (at.%)
Fig. 3-6 Change in crystallization Fig. 3-7 Change in T, of A1-Si-M and
temperature (T,) of A1-Si-M and Al1-Ge-M A1-Ge-M (M=Cr, Mn, Fe, Co or Ni)
"(M=Cr, Mn, Fe, Co or Ni) amorphous alloys amorphous alloys with Si or Ge content,
with M content.
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number of Al-Si (or Ge) bondings with repulsive interaction. On the
other hand, an increase in Si or Ge content does not cause a change in
the number of M-Si (or Ge) bondings. Such a change as a function of
metalloid content is significantly different from the general
tendencyzﬂ that H, and T, of M-metalloid amorphous alloys increase
with increasing metalloid content. The significant difference is
interpreted as due to the difference of bonding nature between M-Si (or
Ge) atoms with strongly attractive interaction and Al1-Si (or Ge) with
repulsive interaction. Thus, it is said that the interaction of the
consituent atoms for Al-based amorphous alloys is significantly
different from that for M-metalloid type amorphous al loys reported
previously, though the alloy compositions belong to the same category

of metal-metalloid type.

5, Ductility and tensile fracture strength2'17)

The Al1-8Si-Ni and Al-Ge-Ni amorphous alloys containing less than
about 15 %Ni were found to exhibit a good ductility which is shown by a
180 degree bending without fracture. No ductile amorphous samples were
obtained at the other alloy compositions in Al1-(Si or Ge)-Ni systems
and in the other alloy systems. Thus, the ductility is significantly
dependent on the kind and concentration of M elements. The reason for
such a good ductility only for Al-Si-Ni and Al-Ge-Ni amorphous alloys
is presumably because the bonding nature of Ni-Al and Ni-Si (or Ge)
pairs is the weakest among the bondings of M (M=Cr, Mn, Fe, Co or Ni)
and Al, Si or Ge atoms. The results and discussion above are also
consistent with the present presumption that the attractive bondings of
M-Al and M-Si (or Ge) pairs play a dominant part in the glass
formation.

Table 3-1 summarizes bending ductility, tensile fracture strength

T and heat of

(0g), tensile fracture elongation (ef), H,, %

Table 3-1 Mechanical properties, thermal stability and electrical
properties for A1-Si-Ni and A1-Ge-Ni amorphous alloys.

Alloy (at %) Ductility* o & H, T, AH, 093 TCR at 293K
(MPa) (%) (DPN) () (kI mol™?) (Qcm) K
Al Siy, Niyg D 440 1.4 370 465 2.80 150 -
AlySiNi D 375 12 295 400 295 170 ~2.65 x 10~
Alg;SiagNiyg D - - 265 405 3.60 300 —3.58 x 107*
Al SiysNiy B - - 610 510 2.90 230 -
Alg,Si, Ni,, B - - 485 500 3.25 410 -
AlgsSizoNiy B - - 570 505 3.20 660 -
Al SingNiy, D - - 435 440 2.90 340 -
Al GeasNij D - - 385 460 1.80 440 —1.10 x 10°?
AlgyGe o Niy B - - 390 470 1.70 1030 ~2.06 x 10°*

*D = ductile, B = brittle.
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crystallization (AH,) of Al-Si-Ni and Al-Ge-Ni amorphous alloys. The
terms ductile and brittle distinguish success and failure in bending
through 180 degrees. Although Of and AH, are of the same order as

23)

those of conventional amorphous alloys, o¢, H, and T, are rather low

v

presumably because of the weak bonding nature among the constituent
atoms in the Al-rich alloys and low values of Thr strength and hardness
of Al metal itself.

6. Electrical resistivity2'17)

Figures 3-8 and 3-9 show the change of electrical resistivity at
room temperature (RT), pPrq, for Al-Si-M amorphous alloys with M and Si
contents. The pzp increases significantly with increasing M and Si
contents and the increase is more remarkable for the increase in M con-
tent. The pgqp values lie in the range 220 to 1760 uQcm which are two
to six times higher than those (100 to 300 uQcm)24) for M-based amor-
phous alloys. A similar metalloid composition dependence of Prr has
also been recognized in Al90—xGexM1O amorphous alloys17). The Pgrp
increases significantly from 500 to 850 uficm at 20 %Ge to 860 to 1940
uflcm at 40 %Ge. Although the increase in Prre With increasing Si or Ge
content can be interpreted by taking the semiconducting nature of Si
and Ge into consideration, the increase in Prp With increasing M and Si
or Ge contents is also thought to be related to the anomalous structure
of the Al-based amorphous alloys. That is, as exemplified in Figs. 3-2
and 3-3, the X-ray and electron diffraction patterns of the Al1-Si-M and
Al-Ge-M amorphous alloys show split first halo peaks, the split being
thought due to the phase separation into Al-rich and Si- or Ge-rich

2'20), i.e., the sites of Al and Si or Ge

phases over a short range
atoms in the amorphous structure are not random and are distributed in
a distinguishable site on the scale of about 1 nm. It has been
clarifiedzo) that the splitting phenomenon becomes significant with
increasing M content. The split structure on a scale of about 1 nm is
presumed to result in prqp much higher than those of amorphous alloys
with a homogeneously single structure.

Finally, the effect of M element on Ty, H and Ppp values of A1-Si-

v
M and Al-Ge-M amorphous alloys is summarized in Figs. 3-10 and 3-11.
T, and H,, show a similar change; both values are the highest for alloys
containing Cr, Mn and Fe and tend to decrease with decreasing group
number in the periodic table. The systematic change as a function of
the group number is interpreted as due to the bonding nature of M-Al,
M-Si and M-Ge atomic pairs being stronger for the VI and VII group
number elements. Additionally, the compositional effect of Ppq is

thought to reflect the result that the number of conductive free



125

2000 T r :
Alys. SipsM,
D Co 1500 . T
Algs.xSi,Myg
1500r E
1000} Moo
2 < O
5 - - ‘A
£ /A
2 Jo00 a8 A / cr
aff e a— A/ 37\— FeA/v o/o
M ¢ ¥ 500} / 8=—o—0n |
n
o o// v co
o a . /
500f ol —— - Ni
cr O v
V—V " Nj 0 1 1
10 20 30 40
X (Clt°/o)
0% 15 20
x (at.%)
Fig., 3-8 Change in electrical Fig. 3-9 Change in pp of Algg_,SiMqg

resistivity at room temperature (pRT) of (M=Cr, Mn, Fe, Co or Ni) amorphous alloys
A175_XS1'25MX (M=Cr, Mn, Fe, Co or Ni) with Si content.
amorphous alloys with M content.

¥ 4 T T T T T T T
G AlgsSizsMio AlgGeyMio
& 600F U\ E 1500 |- — O i
3 - =}
< . G /D .
- =] -
o 400 \ %1000 F o [a] J
o &
(q) ] 1 | | ] o /
T T T 1 T
500 - =]
{a)
600 AT—a - ' + ; ; .
z 600 | ]
E \A .
a 400k - _ /
S] = p
< \ S soof a
200" A T ;; iy
(b) A
f <{J i t 1 400 3 ;
o ' : : . ¢ :
500+ \O 7 550 |- O\ ]
- o/ o]
< 450r ] < sool ©
Ny =
© (0]
400 o - wol |
(¢) (c}
i i 1 1 1 i 1 1 1 1 i
Cr Mn Fe Co Ni v Cr Mn Fe Co Ni
M Element M Element
Fig. 3-10 Changes in pp, H,, and T, of Fig., 3-11 Changes in PRT? HV and T, of

A1-Si-M amorphous alloys with the

number of M metals.

group Al-Ge-M amorphous alloys with the group

number of M metals.



126

electrons in the outer d-shell which do not contribute to the covalent
bonding of M-Al, M-Si and M-Ge pairs is smaller for M=Cr and Mn and the
hybridization between the d-band of the transition M metal and the s-

and p-bands of Al is stronger for M=Cr and Mn22),

IV, Al-EM-LM Amorphous Alloys
1. Amorphous alloy systems10'11)

Figure 4-1 shows the effect of EM (EM=Ti, Zr, Hf, V, Nb, Ta, Cr, Mo
or W) elements on the glass formation of Al7OFe20M1O, Al7OC020M10,
A170N120M10 ;nd Al7qCuygMq g alloys by melt spinning. The effectiveness
of the M elements to form an amorphous phase is the greatest for Zr and
Hf and decreases in the order of Ti > V > Mo > Nb > Cr >Ta. No amor-
phous phase was observed in the Al-based alloys containing W. Thus,
alloys composed of the LM of Fe, Co, Ni and Cu, and the EM of Ti, Zr,
Hf etc., and Al can form metal-metal type Al-based amorphous
structures. It is also noteworthy that the formation of the amorphous
alloys extends in rather wide compositional ranges surrounding the
Al,(LM),(EM), compositions. For instance, the formation range extends
from 5 to 35 $Cu and 5 to 15 %V for the Al-Cu-V system2>) and from 10
to 30 %Ni and 5 to 20 %2r for the AL-Ni-Zr system'').

The reason for the glass formation of the metal-metal type Al-based
alloys is briefly discussed. The amorphous alloys are composed of Al,
LM and EM. Furthermore, most of the binary alloys consisting of LM and
EM except Al can be amorphized by melt spinning as exemplified for Fe-
(Z2r or Hf), Co-(Ti, Zr or Hf), Ni-(Ti, Zr or Hf) and Cu-(Zr or Hf)18).
It has generally been known!®) that the amorphization of alloys is

closely related to the ratio of

T /Tm and the larger the ratio
g M | Ti [ Zr |Hf [ V |[Nb [Ta |Cr |[Mo | W
the higher is the glass-forming
tendency. Although the T of Al- Apofe Mol ® | © 1O | @ @ & & @ @
Cu alloys decreases with in- Aoyl O | O | O | @ | @ | @ |0 | @ | @
creasing Cu content in the range MoNiMol O |0 0|0 |lo]lo|lolo]e
below 17.3 %, T of the other al-

Al | O0OjlO0|O0O| @ @[O0 OC|e@
M binary alloys rises very hiCuzho
rapidly with increasing M con- O Amorphous, @ : Amorphous- Crystalline - @ : Crystalline
tent19). However, by the pres-
ence of the LM and EM, the rise Fig. 4-1 Effect of early transition M

in T, of the Al-based ternary metals on the glass formation of

alloys is thought to be signifi- A1 70f€20M10r Al70CopgMigr Al7qNipqMg and
A]70CU20M10 (M=T'i, ZY‘, H'F., V, Nb, Ta., CY‘.

cantly depressed because many Mo or W) alloys by melt spinning
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eutectic points exist in the binary alloys of LM and EM19). In
addition, a number of intermetallic compounds are formed in Al-M alloys

19). It is therefore presumed that the

as well as in EM-LM alloys
attractive interaction among the constituent elements is significantly
enhanced by adding the EM to the A1-LM binary alloys, leading to the
increase in the viscosity of supercooled liguid and its temperature
dependence which cause the enhancement of glass formation. The
decrease of T, and the increase of the attractive interaction among the
constituent elements by the coexistence of AL, LM and EM appear to be
dominant factors for the amorphization of the present metal-metal type
amorphous alloys. On the other hand, the reason why no amorphization
was observed in the alloy systems such as Al-(Fe, Co, Ni or Cu)-W and
Al-(Fe or Co)-(V, Nb, Ta, Cr, Mo or W) etc. is probably because of the
weak attractive interaction between LM and EM, as is evidenced from the
existence of a wide solid solubility range in the binary alloys of LM
and EMTQL

2. Thermal stability and hardness T T T
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gesting that the bonding nature Ti Zr Hf V Nb Ta Cr Mo W

between Fe, Co, Ni or Cu and the M (Transition metal)

other constituent elements Fig. 4-2 Changes in T, and heat of

decreases in the same order. This Crystallization (aH,) of AljgFeygMyg,

Al70CupgMqo amorphous alloys with early
transition M metals.

order agrees with the result19)
that the T, of Al-rich Al1-EM and
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Al-LM compounds and EM-LM compounds decrease in the order of Fe > Co >
Ni > Cu. The highest values of T, and H, reach 825 K and 900 for
AlsgFe5gHE 5, being comparable to those26) for Fe-, Co- and Ni-~-based

amorphous alloys.

3. Tensile fracture strength

In the A1-EM-LM amorphous alloys, the Al-Ni-Zr and Al1-Ni-Hf alloys
were found to be alloy systems with high glass-forming capacity and the
easy amorphization enabled us to examine the compositional dependence
of 0¢ and Young's modulus (E). As an example, Fig. 4-4 shows the
compositional range in which amorphous Al-Ni-Zr phase is formed by melt
spinning, along with the data of T, and bending ductility of the
amorphous alloys. The glass formatin is in the range of 8 to 32 %Ni
and 3 to 18 %Zr. It is notable that the amorphous alloys containing
more than about 80 %Al can be completely bent through 180 degrees
without fracture and no appreciable cracking is observed even at the
severely deformed area. The ductility of the Al-Ni-Zr amorphous alloys
is strongly dependent on the alloy composition and there is a clear
tendency that the higher the Al content the higher is the ductility.
On the other hand, T, increases with decreasing Al content and shows
the highest value (790 K) at 30 %Ni and 10 %Zr.
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The o¢, E, H, and T, of Al-Ni-Zr and Al-Ni-Hf amorphous alloys are
summarized in Table 4-1, where the data of tensile fracture strain (Ef
=0¢/E) and compressive yield strain (Ey=HV/3E) is based on the fact
that amorphous alloys exhibit liitle work-hardening and thus the
compressive yield strength is related by oy:HV/327). It can be seen in

the table that the decrease in Al content gives rise to the increase

Table 4-1 Mechanical properties and thermal stability of AT-Ni-Zr
amorphous alloys,

Alloy (at%) Tx(K) jofg(MPa)| E(MPa) | Hy(DPN) | pr_ . 1/pgr.r. (dp/4T)
(uQcm) (k1)
A187Zr3NilO 452 580 50000 280 - -

. -5
A1862r4N110 508 680 65700 330 340 5.23x10
A186Zr5Ni9 489 750 72500 300 200 0.74x10—5

. -5
AlBSZrSN.\_lO 515 800 80400 340 460 0.97x10

. -5
AIBSHESNLlO 560 730 75800 350 380 3.25x10

: -5
AlBSNbSNllo 460 - - 280 280 0.43x10

T T T

from 580 to 800 MPa for Of, 50 to

o ‘A[37 Ni102r3
80 GPa for E, 2740 to 3330 MPa for A Algg NigpZr,
H, and 452 to 515 K for T, 550-“’::86:i_92z's
= ® AlgsNijgZrg
indicating a similar compositional x
500r 1
dependence in 9¢, E, H, and Ty- e
Additionally, Fig. 4-5 shows the 450F 4
correlation between E and T,, 0. or
xr °f — 3500
H, for Al1-Ni-Zr amorphous alloys. g
The three properties of T,, o¢ and ;;3000_
H, tend to increase with the 2500p
increase in E. As shown in Table 800k
4-1 and Fig. 4-5, the correlation 5
g 700
between E and 0g or H,, can be =
empirically expressed by the fol- © 600
lowing approximate equations; €g= 500
o . N 5 § 7 8
cf/E 0.011 and £y HV/BE_O.O15. The £ (:10% MPa)

fracture behavior for the Al1-Ni-Zr .
Fig. 4-5 Correlation between Young's

modulus (E) and T,» tensile fracture
for strength ( 9%) or H, for Al-Ni-Zr
the other ductile amorphous alloys. amorphous alloys.

amorphous alloys is the same as

those reported previously28 )
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4, Electronic properties

The electrical resistivity of the ductile Al-Ni-Zr and Al1-Ni-Hf
amorphous alloys is in the range 200 to 460 uficm at room temperature
and decreases almost linearly only by about 0.5 to 3.5 % with de-
creasing temperature to 4.2 K. A further decrease in temperature gives
rise to the appearance of superconductivity at 2.05 K for A187Ni1OZr3
alloy. The temperature gradient of upper critical magnetic field H,,
near Tc is 0.20 T/K. The gradient value is about one-tenth as large as
those (about 2.0 T/K)29'30) for amorphous superconductors in Zr-, Nb-
and Mo-based alloys. The significant difference is thought to reflect
the difference in electrons contributing superconductivity, i.e., heavy
d-electrons for the M-based amorphous alloys and s- and p-electrons for

the Al-based amorphous alloys.

V. Al-Lanthanide Metal (Ln) Amorphous Alloys

1. Formation range of the amorphous alloys14-16)
Figure 5-1 shows the composi- Ay T T
: _ Y77/777/7774
tional dependence of the as A v T
i - = -La
quenched phase in the Al1-Ln (Ln=Y, 777777
La, Ce, Pr, Nd, Sm, Gd, Tb, Dy, Ho, Né; Amo.  Amo+AlnLasz Al+ AlLas
; V2777771 I
Er or Yb) binary systems. The yXI Y v AT
amorphous phase is formed in Al-Pr o .
compositional ranges 9 to 13 %Y, 7 A-Nd Al Amo. Amo.sX
% V7 /7777
to 11 %La or Ce, 10 %Pr, 8 to 12 Ai e AN,
% % ) Al-Sm
Nd or Gd, 8 to 16 %5m, 9 to 14 #Tb V777777777 77777777777
and 9 to 12 % of Dy, Ho, Er or Yb. Alefl Amo. Al+AlySmg
Th h 1 ~-formation range 1is Y7 777777772 I
us, the glass ormati g * Al Amo. AmasX Al+Al3Gd
i - Al-Tb
the widest for Al-Sm, followed by S ——
Al-Tb, Al-(Y, Nd or Gd), Al-(La, Al—é; Amo+Al  Amo.  AX  AlAlTb
Y h Al - [ V7777771 1T 1
ce, Dy, Ho, Ex or ¥b) and then Al Al AmasAl Amo. AmaX AbX  Al+AlDy
_ Al-H
Pr. Furthermore, the supersatu e —
rated fcc solid solution is formed Ahél AmosAl -Ama AmosX Al+AlzHo
i i [ Y/ 777771 1
in the concentration ranges below A Aol A Aok AAE
- i i Al-Yb
the glass-formation ranges instead e ——
of an equilibrium mixture of fcc Al Al Ama+Al Ama AmosX Al+Al3Yb
and intermetallic Al-Ln compounds. 6 8 10 12 14 16 18 20
Ln (at%)

In the concentration ranges by

about 1 at% higher than the glass- Fig. 5-1 Compositional dependence of
structure in rapidly solidified Al-Ln
(Ln=Y, La, Ce, Pr, Nd, Sm, Gd, Tb, Dy,
Ho, Er or Yb) binary alloys.

formation ranges, the gquenching-

induced phases are amorphous plus
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unidentified x-phases in almost all P u \ T T Ay
the Al-Ln systems. A further in- . — o & o Al-La
crease of the solute concentration ¢ = e » 9 AlCe
. . . ] o a4 a  Al-Pr

gives rise to the formation of «— o a o Al-Nd
equilibrium phases of either Al . e o a o Al-Sm
. = a a  Al-Gd

plusAlHLn3 or Al plus A13Ln. . . 5 A-Th
Figure 5-2 shows the relation . — a o Al-Dy
between the glass-formation range . = s o Al-Ho
. X . . — s o Al-Er

and the equilibrium phase . —_ N o Al-vb
diagram19) for the Al-Ln binary 0 : Wg ‘c 20 : ?b : 20

. { ti .%o,
alloys. The glass-formation ranges .wmampmﬁme °“”2;§Timwmou

o AlyMsz, & AlsM, O ALM
except for the Al-Nd system lie in

the compositional range between a Fig. 5-2 Composition ranges for the
formation of an amorphous phase in the
Al-Ln (Ln=Y, La, Ce, Pr, Nd, Sm, Gd, Tb,
Dy, Ho, Er or Yb) binary systems. Their
Gd, Tb, Dy, Ho, Er or Yb) com- binary phase diagrams were adopted from
pounds. Furthermore, the solidus Ref.(19),

eutectic point and Aly4Lny (Ln=La,
Ce, Pr, Nd or Sm) or A13Ln (Ln=Y,

temperature and the temperature

difference between the liquidus and solidus points. in their glass
formation ranges are in the range of 625 to 655 K and 305 to 627 K,
respectively. The melt-quenched phase at the eutectic composition with
the lowest melting temperature is composed only of the fcc solid
solution in all the alloy systems. This result is in disagreement with
the previous tendency that the solute-poor amorphous alloys in metal-
metal systems such as (Fe, Co or Ni)—Zr31) and (Fe, Co or Ni)—Hf32)
etc., lie in the composition ranges including their eutectic points.
The reason why the fcc single phase forms in place of an amorphous
phase in spite of its trough of T, near the eutectic composition is
presumably because their eutectic compositions are too low to construct

a stable amorphous structure.

2. The reason for amorphization

We discuss the reason for the formation of the binary Al-Ln (Ln=Y,
La, Ce, Pr, Nd, Sm, Gd, Tb, Dy, Ho, Er or Yb) amorphous alloys on the
basis of the previous empirical factors for the glass formation of
binary alloys by liquid quenching; namely, (1) the atomic size ratio of
the constituent atoms is below about 0.8, and (2) the interaction
between the constituent atoms is attractive and the mixing enthalpy is
relatively large. Egami and Waseda33) proposed the concept that the
change from a crystalline solid solution to an amorphous phase in
rapidly solidified alloys takes place when a volume mismatch due to the

difference in atomic size exceeds a critical size factor (Ao).
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Furthermore, it has empirically been shown that the Xo value is nearly
equal to 0.1 for the binary amorphous alloys. Here, the A  value is
given by the product of the minimum solute concentration (C%}n) for the
glass formation in a binary alloy system by liguid guenching and the
volume mismatch of the constituent atoms (AV). The Ao values at the
minimum concentration for the Al-Ln alloys were claculated and sum-
marized in Table 5-1 together with the data of c™in  aAs shown in Table
5-1, the A, values except that of Al-Yb alloy tend to decrease from
0.098 to 0.072 with increasing atomic number of the Ln metals because
of the decrease in atomic size. The A, values for the Al-based alloys
containing Ln metals with atomic numbers below 60 are in the range of
0.08 to 0.10, being roughly consistent with the empirical Ao value of
0.1 for the glass formation. However, the Xo values for the Al-Ln
alloys containing heavier Ln metals except Yb are in the range below
0.08 and the Al-Yb alloy has a high value of 0.135 which deviates
largely from the critical Ao value (20.10), being inconsistent with the
empirical rule. Furthermore, although the atomic size ratios of the
Al-Ln alloys are in the range of 0.73 to 0.80 for Y, La, Ce, Pr, N4,
Sm, Gd or ¥Yb, the ratios for the other Ln metals are larger than the
empirical critical size ratio of 0.80 for the glass formation by
liquid quenching. The inconsistency of the i, and atomic size ratio
for the Al-Ln (Ln=Tb, Dy, Ho or Er) alloys indicates that the
amorphization of the present binary alloys cannot be explained only by

the empirical concept of the

volume mismatch caused by the Table 5-1 The minimum solute concentra-
tion (CH'™) for the glass formation in
the Al-Ln (Ln=Y, La, Ce, Pr, Nd, Sm, Gd,

' ' . Tb, Dy, Ho, Er or Yb) binary alloys by
IV that the attractive interaction 7iqyid quenching, the volume mismatch

between A1 and M should be taken between Al and Ln atoms (AV) and the
into consideration in the glass critical size factor (A,) obtained by the
formation of Al-EM-LM such as al- Product of CE'" and AV,

Ni-Zr, Al-Ni-Nb and Al-Ni-Hf etc.,

difference in atomic size.

It was pointed out in section

. L. L tal Cie 14
because the empirical critical 1 meta ° a Ao
\ . . . . Y 0.09 1.062 0.096
size ratio of 0.8 is not satisfied La 0.07 1272 0.087
in many Al-rich amorphous alloys Ce 0.07 1.096 0.077
i Pr 0.09 1.096 0.098
belonging to the Al-EM-LM system. Nd 0.08 1062 0.084
It is reasonable to consider that Sm 0.08 0.961 0.077
) Gd 0.08 0.929 0.083
the concept of the attractive . 0.09 0.864 0.078
interaction can be also applied to Dy 0.09 0.833 0.075
, . Ho 0.09 0.833 0.075
the interpretation of the glass Er 0.09 0.802 0.072
formation of the present Al-Ln Yb 0.09 1.497 0.135

alloys. Although there are no
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measured data of the mixing energies between Al and Ln metals, the
enthalpy of mixing for Al-Y and Al-La alloys has theoretically been
predicted3?) to be -131 and -109 kJ/g-atom, respectively. In addition,

the equilibrium phase diagrams19)

of the Al-Ln binary alloys indicate
that intermetallic compounds with high melting temperatures exist at
Al-rich compositions and the solute concentrations and melting
temperature, which reflect the magnitude of attractive interaction
(mixing energy) between Al and Ln metals, are in the range of 21.4 to
25 at% and 1253 and 1723 K, respectively. The minimum solute
concentrations (21.4 to 25 at%) for formation of the Al-rich compounds
are equal to or lower than that of Al-M binary alloys, and the melting
temperatures of Al;,Ln3 and AljLn compounds are higher than those (973
to 1217 K) of Al-rich compounds (Al4Ca and A19C02) with solute
concentrations below 25 at%. These data allow us to conclude that the
magnitude of attractive interaction between Al and Ln metals is larger
for Ln metals than for the other solute metals. Accordingly, it may be
concluded that the glass formation in Al-Ln binary alloys by liquid
quenching results mainly from a strong attractive interaction of the
constituent elements rather than the volume mismatch by the difference
in the atomic size ratio. The enhancement of the glass-forming
capacity by the increase of the attractive interaction of the
constituent atoms is probably because the diffusivity of the
constituent atoms in the supercooled liquid region becomes difficult
and the temperature dependence of viscosity becomes steep for the

supercooled liguid.

3. Amorphous structure

The structure of an A190Y10 amorphous alloy was examined3>) by
anomalous X-ray scattering (AXS) at the Y and Ni K-absorption edges
using synchrotron radiation at the Photon Factory of the National
Laboratory for High Energy Physics, Tsukuba Japan. Details of the
experimental setting and analysis are explained in [36]. Figure 5-3
shows the scattering intensities measured at 17.0126 and 16.7380 keV
below the Y K-absorption edge in the binary AlggYqg alloy. The
fundamental features of both profiles are typical for noncrystallinity.
A distinct feature observed in these profiles is a pronounced prepeak
at Q=13 nm'1, which is indicated with an arrow in the figure. 1In
general, the prepeak is qualitatively interpreted as indicating
compound-formation, and the partial structure factor of unlike-atom
pairs in this type of disordered alloys is found to show a very sharp
first peak with a prepeak37'38). It may be noted that similar profiles

were observed in other amorphous Al-based alloys, such as Al-Si-Mn and
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Fig. 5-3 Differential intensity profile Fig. 5-4 Environmental radial
of amorphous A]90Y10 (top) determined distribution function (RDF) around VY
from the intensity profiles (bottom) (top) and ordinary RDF (bottom) of
measured at incident energies of 17.0126 amorphous ATgoY10 (density=2.87 g/cm3).
and 16.7380 keV, which correspond to
energies of 25 and 300 eV below the Y K-
absorption edge. " The arrow indicates the
prepeak,

a1-Mn3%/40) rhe differential intensity profile at the Y K-edge,
calculated by taking the difference between the two intensity profiles,
is shown at the top of Fig. 5-3. The prepeak is still observed in the
differential profile, which again implies the presence of a certain
local ordering formed by the Y and Al atoms. The Fourier transform of
this differential profile gave the environmental RDF around Y, which is
shown at the top of Fig. 5-4., The ordinary RDF, which is given at the
bottom of Fig. 5-4, was also computed from the intensity measured at
17.0126 keV.

Both RDFs indicate an almost completely resolved first peak and
rather prominent oscillations over a wide range of r, compared with the
RDF of a typical amorphous alloy. This type of atomic configuration in
disordered systems corresponds to distinct local near neighbor correla-
tions as seen in semiconducting liquids and oxide glasses, accompanied
by a complete loss of correlation between such local units at larger

41). Thus, certain short-range clusters, which are different

distances
from those normally obtained in a random mixture of constituents are
present in amorphous Al9OY1O'

The distances of atomic pairs Al1-Al, Al-Y and Y-Y computed from the

42)

tabulated metallic bonding distances are indicated in the figure.

In Al90Y1o, the ordinary RDF is the sum of three partial RDFs of A1-A1l,
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Al-Y and Y-Y pairs, and the environmental RDF around Y contains only
two partial RDFs of Al-Y and Y-Y pairs. With this fact in mind, the
first peak of the ordinary RDF is considered to be due to A1-Al, Al-Y
and Y-Y pairs, whereas the first peak of the environmental RDF around Y
is likely expressed by a correlation of Al1-Y and Y-Y pairs. This is
clearly supported by the observation that the peak caused by the
correlation of Al-Al pairs disappears in the environmental RDF, and by
the rather spread first peak of the ordinary RDF formed mainly by Al-Al
and Al-Y pairs with a small contribution from the Y-Y pairs. In the
environmental RDF, the maximum of the first peak and a tail extending
to longer r are found to correspond to the computed distances of Al-Y
and Y-Y pairs, respectively. Thus, it is expected that Y atoms are
mainly surrounded by Al atoms instead of ¥ atoms. Coordination numbers
and distances for these pairs are estimated by fitting this first peak
with Gaussian's at approximate bonding distances. The coordination
numbers of Al and Y around Y determined from the environmental RDF are
14.1 and 1.1, respectively. The large coordination numbers of Al
around Y may be explained by considering that the size of a Y atom is
about 20 % larger than that of an Al atom. Using the values determined
in the environmental RDF around Y, the coordination number and atomic
distance for Al-Al pairs are determined from the first peak of the
ordinary RDF, The results are summarized in Table 5-2. From this
table it is found that more than 92 % of the near-neighboring atoms of
Y are Al atoms, which indicates that the Y atoms are almost completely
surrounded by Al atoms since the atomic fraction of Al is 0.9.

There is an empirical relation between the correlation length, r,
in real space and the peak position, Q, in the intensity profile, i.e.,
41). It is

Qr=2.5 1in molten transition metals and metalloid alloys

Table 5-2 Coordination numbers, N, and interatomic
distances, r, for amorphous AlggYq1gs experimentally
determined from the first peaks of the ordinary RDF and
the environmental RDF around Y,

Amorphous Alg, Y,

Pairs Ordinary RDF Environmental RDF
around Y
r/nm N r/nm N
Al-Al 0.288 10.74+0.8
Al-Y 0.320 1.6+0.2
Y-Al 0.320 142+1.3 0.320 141+1.5
Y-Y 0.362 1.2+0.9 0.362 1.1+04
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plausible that this relation is also valid in the amorphous state.

Thus, the correlation length causing the prepeak at 13 nm~! is
estimated to be 0.60 nm, which agrees well with the distance between
neighboring Y atoms bonded through an Al atom. Consequently, these
experimental results prove the presence of Y atoms surrounded by Al

atoms in binary A190Y10 alloy.

4. Thermal stability®)
Figure 5-5 shows onset temperature of the first exothermic peak
(Ty) as a function of Ln content for the Al-Ln amorphous alloys. With

increasing Ln content from 7 to 12 at%, T, increases significantly from

X
434 to 534 XK and no further increase of T, is seen in the Ln
concentration range of 12 to 16 at%. Thus, the compositional effect of

TX is almost independent of the atomic number of the Ln elements,
though the Al-Er and Al-Yb alloys exhibit lower T, values. 1In order to
clarify the reason for the significant increase of T, for the Al-Ln
amorphous alloys with increasing Ln content from 7 to 12 at%, crystal-
lization behavior was examined for some Al-Ln amorphous alloys. As
examples,

Fig. 5-6 shows differential scanning calorimetric curves of

amorphous Alqg5q_y,Thy and Alq459_,Dy, (x=9, 10, 11 and 12 at%) alloys.

Two or three exothermic peaks are seen on the DSC curves, indicating
that the crystallization takes place through two or three stages. From
40K/min 40K /min
L A L AR AlgiThbg AlgDy o
540} 4
520 1
500l g { 5| AladTbi AlgoDyro
< a
<480} 1 o
= O Al-Y o Al-Tb ~
460 o a A-ta aANDy | ©
O Al-Ce aAHo | E
o Al-Nd o Al-Er G | AlggThy AlggDysg
440 v Al-Sm vA-Yb{ £
© Al-Gd 2
w
8 0 12 & 168 10 12 14
Ln Content (at.%)
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Fig. 5-5 Crystallization temperature Fig. 5-6 Differential scanning

(Tx) of amorphous Al-Ln (Ln=Y, La, Ce,
Pr, Nd, Sm, Gd, Tb, Dy, Ho, Er or Yb)
alloys as a function of Ln content,

calorimetric curves of amorphous Al]OO—
x b, and A11OO—nyx (x=9, 10, 11 and 12
atZ) alloys.
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the X-ray diffraction analyses, it was confirmed that the broad exo-
thermic peak at the low-temperature side for A191Tb9, A190Tb10 and
A191Dy9 alloys is due to the precipitation of fcc Al and the second
exothermic peak is due to the precipitation of A1, x and Al3Tb or A13Dy
phases from the remaining amorphous phase., The increase of T, by the
disappearance of the Al phase is also seen for the other Al-Ln (Ln=Y,
La, Ce, Nd or Sm) amorphous alloys. Accordingly, the strong composi-
tional dependence of T, shown in Fig. 5-5 is due to the disappearance
of fcc Al phase resulting from the change of the crystallization
process of Am. -+ Am.+Al -~ Al+Al;Ln to Am - Al+x+Al3Ln » Al+AljLn or Am.
- A1+A1+A13Ln.

5. Mechanical properties

Figure 5-7 shows the change of H, as a function of Ln content for
the Al-Ln amorphous alloys. The H,, shows an almost linear dependence
in the entire compositional range and increases significantly from 150
to 270 for the Al-Ln alloys. Although the Al-Sm, Al1-Dy and Al-Tb
amorphous alloys exhibit higher H, values, no systematic change in H,
with the atomic number of the Ln elements is seen for the Al-Ln amor-
phous alloys. Here, it is important to describe that all the amorphous
alloys in the Al-Ln binary system have a good ductility which is shown
by a 180 degree bending without fracture. Figure 5-8 shows the change
of 0g as a function of Ln content for the Al-Ln amorphous alloys. The
of increases significantly from 360 to 870 MPa with increasing Ln
content. It should be noted that all the amorphous alloys in the Al-In
systems exhibit tensile strengths which exceed the highest value (530
MPa) obtained in optimumly age-hardened Al-base alloys. The fracture
surface appearance was also examined for Al-Ln amorphous ribbons
fractured by the uniaxial tensile test and the fracture behavior was
confirmed to be just the same as that for conventional ductile

amorphous alloys.

6. The reason for the compositional dependence of mechanical strengths

It was described in section V-2 that the attractive bonding nature
between Al and Ln metals plays an important role in the glass formation
of Al-Ln binary alloys. Furthermore, the structural data described in
section V-3 indicate that the coordination number of Al atoms around Y
atoms is about 1.4 times as large as the average value expected from
the atomic concentration of the alloy and hence the short-range
ordering of Al-Y pairs develops homogeneously in the Al-Y amorphous
phase. The formation of the short-range ordered structure is

presumably due to the strongly attractive interaction between Al and Y
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Fig. 5-7 Hardness (H,) of amorphous Al-
Ln (Ln=Y, La, Ce, Pr, Nd, Sm, Gd, Tb, Dy,
Ho, Er or Yb) alloys as a function of Ln
content.
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Fig. 5-8 Tensile fracture strength (og)
of amorphous Al-Ln (Ln=Y, La, Ce, Pr, Nd,
Sm, Gd, Tb, Dy, Ho, Er or Yb) alloys as a
function of Ln content.

atoms. It is therefore reasonable to consider that the number of the
attractive Al-Y pair in the Al-Y amorphous alloys increases linearly
with increasing Y content, leading to the linear increase of mechanical
strengths. This presumption is consistent with the result in which the
ofg and H, values of the Al-Ln amorphous alloys increase almost linearly
with increasing Ln content and are independent of the atomic number of
the Ln metals. In other words, the high strengths of the Al-Ln binary
amorphous alloys seem to result from the Al-Ln bonding with strong
attractive interaction and the remarkable increase of Of and H, is due
to the increase of the number of the Al-Ln bonding. Furthermore, the
attractive bonding nature between Al and Ln metals is probably due to a
high hybridization tendency between s-p electrons in Al and f-d
electrons in Ln metals.

It was shown that all the properties of T,, H Of and prqp for the

v’
Al-In amorphous alloys were independent of the atomic number of the Ln
metals. The atomic size of the Ln metals varies systematically with
the atomic number and hence the atomic size factor also seems to have
On the other hand, it

is generally known that the inherent chemical nature of the Ln metals

little effect on the above-mentioned properties.

results from 4f electrons which lie at the inner side in their atoms.

Although the number of the 4f electrons varies systematically with the

2 6

atomic number, the electrons are screened by 5s“ and 5p~ electrons

which lie at the outer side of the atoms, resulting in a similarity in

chemical properties of the Ln metals. Accordingly, it may reasonably

be assumed that the independence of the properties of the Al-Ln amor-
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phous alloys as a function of atomic number is due to the uniqgue
electronic structure in which the 4f electrons are screened by 5s and
5p electrons.

Similarly, the disappearance of the primary Al phase with in-
creasing Ln content in the crystallization process of the Al-Ln amor-
phous alloys is explained on the basis of the decrease of the number of
Al atoms which do not bond with Ln metals. The suppression of the
primary Al phase gave rise to a rapid increase of T,. However, the
increase of the number of the Al-Ln pairs seems to bring about an ease
of the precipitation of the Al-Ln compounds, resulting in almost
saturated T, values at high Ln concentrations in the Al-Ln amorphous
alloys shown in Fig. 5-5.
7. Electrical resistivity14_16)

Figure 5-9 shows the temperature dependence of electrical
resistivity in the range of 77 K to room temperature for amorphous
Algglnggo (Ln=Nd, Sm, G4, Tb, Dy, Ho, Er or Yb) alloys. It can be seen
for all the amorphous alloys that

. P . P 10, 6000000000000000000000FOBE00000A0000CC000000000]
the resistivity change is positive
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Fig. 5-9 Electrical istivi
the feature of the resistivity 9 resistivity of

amorphous Al-Ln (Ln=Nd, Sm, Gd, Tb, Dy,
behavior is also independent of the y, Er or Yb) alloys as a function of

atomic number of the Ln elements. temperature,

8. The reason for the compositional dependence

of electrical resistivity

As described in section V-7, the electrical resistivity at room
temperature for the Al-Ln amorphous alloys increases significantly from
48 to 109 pQcm with increasing Ln content from 8 to 12 at%. Further-
more, it has previously been reported43) that the Hall coefficient (Ry)
at room temperature for the Al-Y amorphous alloys is negative and the
magnitude increases from 22x10712 to 32x10°12 m3/Aas with increasing Y
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content. From the increase in the magnitude of the negative Ry, it is
interpreted that the number of the free electrons contributing to
electrical conductivity decreases with increasing Y content, if one
assumes the relation of RH=—1/(Nne) which can be derived from the
nearly free electron model. Here, N is the atomic density and n is the
number of electrons per atom. The strongly attractive interaction
between Al and Ln atoms suggests that the s and p electrons in A1 metal
hybridize with f- and d-electrons in Ln metals, leading to the decrease
0f the free electrons which are attributed to electrical conductivity.
As a result, the increase of the number of the Al-Ln pairs in Al-Ln
amorphous alloys with increasing Ln content gives the significant
increase in electrical resistivity and in magnitude of the negative Ry.

As described in this section, the glass formation of the Al-Ln

binary alloys and the compositional dependences of o, H Prp and Ry

v'
are explained by the common concept that the Al-Ln pairs with
attractively bonding nature are formed preferentially in the Al-Ln
amorphous alloys and the s and p electrons in Al hybridize tightly with

the 4f and 5d electrons in the Ln metals.

VI. Al-Lanthanide Metal(Ln})-Transition Metal(M) Amorphous Alloys

12,13)

1. Formation range of the amorphous alloys

Figure 6-1 shows the composi-

tional ranges in which amorphous
Al-Y-M, Al-La-M and Al-Ce-M (M=Fe,
Co, Ni or Cu) phases are formed by

melt spinning. The formation

ranges of Al1-Y-M and Al-Ce-M amor-
phous alloys are the widest for
the Al-Y-Ni and Al-Ce-Ni systems;
no distinct difference is seen
among the other three alloys in
the Al1-Y-M and Al-Ce-M systems,

while those for the Al-La-M amor-

phous alloys are the narrowest for

Ce (at®b)

the Al-La-Cu system and much wider
for the other Al-La-(Fe, Co or Ni)

systems. Accordingly, the effec- M (at%) 30

tiveness of M elements on the

Fig. 6-1 Compositional range for
formation of amorphous phase in A1-Y-M,
Al-La-M and A1-Ce-M systems.

compositional range for formation

of the Al-based amorphous alloys
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is the greatest for Ni, followed by Fe, Co and then Cu. These amor-
phous alloys containing more than about 80 %Al can be completely bent
by 180 degrees without fracture, and no appreciable crack is observed
even in the severely deformed area. The ductility of the Al-Ln-M
amorphous alloys is strongly dependent on alloy composition and there
is a clear tendency such that the higher the Al content, the higher the
ductility.

2. Amorphous structure35)

Intensity profiles measured at the Y K-absorption edge in amorphous
A187Y8N15 and their difference are shown in Fig. 6-2. These intensity
profiles are similar to those (Fig. 5-3) observed in the binary
AlgpY1g- They also include the prepeak at about 13 nm"1. Thus, the
structural features of the ternary alloy seem to be similar to those of
the binary alloy. For this ternary alloy, the environmental RDF around
Y as well as the ordinary RDF shown in Fig. 6-3 were estimated. As
drawn in the RDFs of Fig. 5-4, the nearest neighbor distances of pairs
calculated from the metallic bonding distances of Al, Y and Ni are
indicated in the figure. The ordinary RDFs of AlgpY¥qqg and AlgqYgNig
are compared at the bottom of Fig. 6-3. The solid and dotted curves
correspond to the RDFs of the ternary and binary alloys, respectively.
It is found that the first peak of the ternary alloy extends to lower r
than that of the binary alloy. By comparing the peak positions with

200 N
Y K absorption edge 750 -
s — Amorphous Alg,Y gNisg
100 | - 5 2, Environmental RDF,
IS Difference (x2) E 500 S around Y
S o N
©
3 500 Alg, YgNi C
@ . g7 YgNig e
~ B o
> 400+ 17.0126 keV
= 16.7380 keV b
2 ao00} =
o a
£ 200} o
13
<
100
0 I 1 1

P
[0} 20 40 60 80 100 120 140 160
Q / nm!

Fig. 6-2 Differential intensity profile Fig. 6-3 Environmental RDF around Y
of amorphous Alg;YgNig (top) determined (top) and ordinary RDF (bottom) of
from the intensity profiles (bottom) amorphous Alg7YgNig (density=3.09 g/cm3L
measured at incidence energies of 17.0126
and 16.7380 keV, which correspond to
energies of 25 and 300 eV below the Y K-
absorption edge. The arrow indicates the
prepeak.
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the calculated bonding distances of the pairs, it is found that this
tail at the lower r side corresponds to Ni-Ni and Ni-Al pairs which are
not included in the binary Al-Y alloy. The environmental RDF around Y
contains three partial RDFs of Y-Ni, Y-Al and Y-Y. This is clearly
seen in the profiles of the first peaks of the RDFs in Fig. 6-3. The
atomic positions of pairs unrelated with Y disappear in the environ-
mental RDF around Y. A tail at lower r of the first peak in the
environmental RDF around Y of the Al1-Y-Ni alloy, which is not observed
in the environmental RDF arouﬁa Y of the Al-Y alloy, appears to be due
to the correlation of Y-Ni pairs. Gaussian fitting of the first peak
of the environmental RDF in Fig. 6-3 gave the coordination numbers and
atomic distances of the Y-Ni, Y-Al and Y-Y pairs. Considering the
coordination number and its error for Y-Y, the Y-Y pairs are again
insignificant in this ternary alloy. These results are summarized in
Table 6-1. From these results, about 16 % of the atoms surrounding a Y
atom are found to be Ni, which is much more than the value expected
from the Ni concentration. It suggests that the local ordering
structure formed in the ternary alloy included Ni as well as Al and Y.
In Alg4Y¥gNig, the AXS measurements were also carried out around the
Ni K-absorption edge. The scattering profile of the ternary alloy
measured at 8.3067 and 8.0316 keV, which are the energies of 25 and 300
eV below the Ni K-absorption edge, respectively, and their difference
are shown in Fig. 6-4. In this intensity difference a prepeak,
indicated with an arrow in the figure, is still observed at about 13
nm‘1. A similar prepeak was observed in the intensity difference at
the Y K-absorption edge in Fig. 6-2. These prepeaks in the
differential intensity profiles at the Ni and Y K-absorption edges
support the results of the environmental RDF around Y discussed above,
i.e., the presence of clusters consisting of the three constituent

elements. The environmental RDF around Ni obtained from the Fourier-

Table 6-1 Coordination numbers, N, and interatomic
distances, r, for amorphous Alg7YgNig, experimentally
determined from the first peaks of the ordinary RDF and
the environmental RDF around Y.

Amorphous Aly, Y, Nig

Al-Ni 0.268 6.5+0.2
Ni-Al 0.268 0.4+0.1
Al-Al 0.286 724038
Ni-Y 0.303 35426
Y-Ni 0.303 22+ 1.7 0.297 27+0.7
ALY 0.320 1.2+0.2
Y-Al 0.320 13.5+£2.7 0.320 143+19
Y-Y 0.356 0.8+0.6 0.356 04+04
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transform of the differential

. . . . . . Ni K absorption edge
intensity profile is inserted in w0

Mf@rence (x2)
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| Alg7YgNig

the figure. As shown in Fig. 6-
4, the AXS data of the Ni K-

absorption edge are restricted to

2
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% around Ni
z|2

a wavevector Q range up to about

76 nm’1, arising from the

8.3067 keV

Intensity / eu/atom
o [e2]
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relatively low energy absorption 200
edge (8.333 keV) of Ni. This

prevents us to obtain the accu- 066 20 30 46 80 B0 70 80
Q / nm~1

8.0316 keV

rate environmental RDF around Ni

due to the finite termination in Fig. 6-4 Differential intensity profile

of amorphous Alg;YgNig (top) determined
pared with the AXS data of the Y from the intensity profiles (bottom)
K-edge. Therefore, the informa- measured at incidence energies of 8.3067
and 8.0316 keV, which correspond to
energies of 25 and 300 eV below the Ni K-
absorption edge. The arrow indicates the
prepeak. The environmental RDF around Ni
interpretation is required for is inserted in the figure.

the Fourier transformation, com-

tion of the Ni environment is
less guantitative than that for

the Y environment. A careful

the environmental RDF around Ni,
which is the sum of the three partial RDFs of Ni-Ni, Ni-Al and Ni-Y.
The nearneighbor distances of the Ni-Ni, Ni-Al and Ni-Y pairs computed
from the bonding distances are indicated in the figure. The first peak
of the environmental RDF around Ni seems to be mainly due to Ni-Al and
Ni-Y pairs, the contribution of Ni-Ni pairs to the first peak being
small. Thus, the tail at lower r of the first peak in the ordinary RDF
was only fitted with Ni-Al pairs. Based on these results of the
environmental RDFs around Ni and Y, the first peak of the ordinary RDF
was fitted with Ni-Al, Al1-Al, Ni-Al, Al-Y and Y-Y pairs. The resultant
coordination numbers and atomic distances are summarized in Table 6-1.
Fractions of occupancy for the constituent elements around Al in
the near-neighbor region are estimated. The values for Al, Y and Ni
are about 82, 14 and 4 %, respectively. The value for Al is smaller
than its concentration while the value of Y is larger than its concen-
tration. This suggests that there is a strong interaction between Al
and Y. On the other hand, it is noteworthy that the value of Ni is
almost equal to its concentration. Similarly, fractions around Y were
computed. Ni atoms occupy about 14 % in the near-neighbor region
around Y, and the rest is mostly occupied by Al. The value for Ni is
much higher than the number expected from the Ni concentration. This
indicates a strong interaction between Y and Ni. From these results it

is concluded that Al atoms surrounding Y in the binary Al-Y alloy are
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preferably replaced by Ni atoms in the ternary Al-Y-Ni alloy and a
local ordering is formed by the three elements. This is consistent
with the result concluded from the environmental RDF around Y. It is
inferred from the prepeak of the environmental RDF around Y in the
binary alloy that the prepeak at about 13 nm"‘I in both the
environmental RDFs of the ternary alloys represents the atomic
correlation between Y and Al or Ni.

The A-Y and Al1-Ni systems have a very shallow eutectic in the Al-
rich region. Then, it is rather surprising that this Al1-Y-Ni alloy can
be amorphized by melt guenching. The formation of the local ordering
structures observed in the present study would facilitate the glass
formation in these alloys. As described later, the fracture strength
of amorphous alloys is much higher than that of crystalline metals and
approaches the theoretical strength, and yet their ductility is high.
Thus, most of the attractive mechanical properties of high fracture
strength and ductility in the ternary amorphous Al-Y-Ni alloys may be
attributed to the particular structural features of the amorphous
phase. As-spun Al-Ge-Ni alloys, which form an amorphous phase over a

wide range of concentration2'17),

do not show good mechanical
properties. The structural analysis of an amorphous A160Ge30Ni10 alloy
by ordinary X-ray diffraction and AXS technique??) disclosed that its
structure is a mixture of Ni-rich highly ordered crystal-like regions
and Ge-rich regions. This contrasts to the present A1-Y-Ni alloy
structure. Therefore, the homogeneity of the amorphous phase seems to

be another factor to improve its mechanical properties.

3. Electrical resistivity (pgpp) and Hall coefficient (Ry)

Figure 6-5 shows the pgpq of 250 : . Y
Algg_yFeyLnyy (Ln=Y or La) as a AlgoxFextmo g
function of the Fe content. It is xn_f Lx j .
observed that the PRT increases /
rapidly with Fe content. The EI%- ‘5 i
increase in the Al-Fe-La system is 3. ) ,,d/
not as pronounced as in the Al-Fe-Y cElOO— 4 ‘ i
system. Therefore, a marked dif- /f;.*"
ference which depends on the two Ln sgfﬁ‘- |
species is observed. The effect of
substituting Co for Al on the pge 0 , \ ,

0 5 10 15

and Ry for Al9O_XCoX(Y or La)10 is

sho in Fig. 6-6 and (b). The
wa in ¥ig (a) (b) Fig. 6-5 Fe concentration dependence of

prT for melt-spun amorphous Algg_xFey-
tion of M as we have already seen Lnig alloys.

Fe (at®)

PrT increases with the concentra-



145

400: T T T 50 T r T 200 — . 50 — ;
{ AlgrCoxlnyg Algo-Coylnyg Algo_xNixLnjo AlgoxNixLryo
oy o oy . oY . oY
300~ ® La e Lok @ ta A 150 @ La 1 4or ®la 1
- . ) 4 . >
E / g . <
’ ™ . = - °
CD:_ o i e ‘;‘E 30 /. C§1OO ) NE B
L 2 5 S 2 S
& 4 T 0"~ - Og IS L
Pl T P o T T ..
. 1 eé_ L ... 908 @ ! o ° .
100~ ® o 1 20 sor 20 1
-
0 : : : 10 : . : 0 . > 1 . . .
0 5 10 15 0 5 10 15 0 5 10 15 % 5 10 15
Co (at%) Co (at®,) Ni (at®he) Ni (Gl
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in Fig. 6-5, but in this case it is independent of the nature of the Ln
element. In contrast to the similarity in the resistivity behavior,
the RH' which is found to be negative for all the alloys studied here,
is found to depend on the alloyed Ln element. However, the general
feature is that as the solute content increases the magnitude of the Ry
also increases. Figure 6-7(a) and (b) shows the concentration
dependence of prp and Ry for amorphous Al-Ni-Ln alloys with 10 %Ln
(Ln=Y or La). The observed dependencies on Ni concentration are quite
similar to those on Co substitution except that in the présent alloys
both RH and PRT do not seem to depend on Y or La.

Figure 6-8(a) and (b) show the PRT and Ry of Algo_XCo1O(Y or La)X
as a function of the Ln content. It is observed that the PrT increases
rapidly from about 90 to 220 pQcm with 13 % substitution of Ln, almost
parabolically with Ln content but it is independent of the Ln elements.
The magnitude of the Ry is also seen to increase rapidly with the

content of Ln independent of whether Y or La is substituted. In
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Fig. 6-8 Ln concentration dependence of Fig. 6-9 ppy (a) and Ry (b) for melt-
the ppy (a) and Ry (b) for melt-spun spun amorphous Algg_,M,Y1q with M=Fe, Co,
amorphous Algg_,Coqgln, alloys with Ln=Y Ni or Cu.
or La.
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addition, Fig. 6-9(a) and (b) show the prr and Ry data for Al90—xMxYTO
(M=Fe, Co, Ni or Cu). Similar data were also obtained for the Al-M-La
alloys. It is easily seen from Fig. 6-9 that the'pRT increases with M
content, in a manner already noted before. This increase is more
pronounced in the alloys containing Fe and Co (in that order), while
for Ni and Cu substitution the PRT is almost constant. However, the
increase in the magnitude of the Ry appears not to depend on the nature
of the M element.

4. The reason for the compositional dependence of Prp and RH43)

The electronic properties of simple metal amorphous alloys are
expected to behave according to the free-electron model since the
spatial isotropy that should exist in homogeneous amorphous alloys
would lead to a spherical Fermi surface. However, substitution of Al
by Ln and/or M species raises the fundamental question as to how the
free-electron-like behavior expected for Al will be altered by the
presence of other atoms with a very different electronic structure and
atomic size. The two Ln species examined in this work, Y and La, have
a very similar atomic radius and the same outer electronic structure,
namely (d132), thus substitution of 10 at% of A1l by any Ln element
should essentially produce similar changes in the electronic
properties. Indeed this is what we observe experimentally: For
example, within the limits of experimental error both Al9OLa1O and
A190Y1O present an electrical resistivity of 66 uQcm and an ordinary Ry
—22.5x10_12 m3/As. In a free-electron model it will be expected that
the Ry of these two alloys shows an almost free-electron value, given
by RH:—1/(Nne). Assuming three conduction electrons per Al and Y (or
La) atoms, the equation gives a Ry of -38x10712 m3/As. This is almost
twice the experimental value. On the other hand, it has been shown
that La-based amorphous alloys have positive RH45) and for liquid La
the value of RH=+61.5x1O_12 m3/As46) has been reported. We now discuss
the effects of M elements on partial substitution of Al.

The Hall-effect data (Fig. 6-9(b)) indicate that there is a de-
crease in the carrier density when increasing the M content probably
because of the formation of additional A1-M bonds in addition to the
existence of Al-Ln. Thus, while the progressive formation of local Al-
M covalent bonds seems to result in a decrease in the effective free-
electron concentration irrespective of the nature of the M, the RT
strongly suggests that s-d scattering contribution decreases with Fe,
Co and Ni, in that order, as expected from the d-state occupation in
these elements. The Cu atom has its 3d band filled and thus no (s,p)-d

scattering is expected to contribute to the prqp which will be
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determined by (s,p) electrons. On the other hand, the Fe and Co atoms
with an incomplete 3d band offer a more complex situation. 1In this
case both the formation of covalent bonds and a larger probability for
the conduction electrons of Al to be scattered into d states of the M
atoms contribute to an increase of the Prre An X-ray photoemission
spectroscopy study of LM dissolved in a147) indicates that there is an
hybridization of the 3d electrons of the M with the conduction
electrons (s,p) of Al which lead to a density of states in the Fermi
level characterized by (s,p) electrons, the 3d band of the M atoms
lying well below the Fermi level. The hybridization will enhance
(s,p)-d scattering in agreement with the present measurements. This
would explain, in part, the additional contribution and different rates
of increase of the PrT @s being due to s-d scattering from Fe, Co, Ni
and Cu. However, it is necessary to point out that the total change in
the magnitude of the prp from about 65 uficm to as high as 250 uficm or
more in the amorphous state for a change in concentration of the
additional elements by about 15 at% is unusual. Such large changes in
prT are not observed with compositional changes of the order of 20 at%
in d-band amorphous materials rich in M components48h

Despite the negative values observed for the Ry in all the studied
alloys and the increase in magnitude when Al is substituted by M and Ln
indicating a decrease in the density of carriers we have shown that a
free-electron model is not quantitatively applicable even though the
large concentration of Al might suggest it. This fact suggests that s-
d scattering which is assumed to contribute to the Prp may also be
important in order to understand guantitatively the Ry for these
alloys.

4. Superconducting properties49)

Figure 6-10 shows the normalized electrical resistance R/R4.2 for
amorphous A185La7_5M7_5 (M=Zr, Nb, Mo, Ni or Cu) alloys. The transi-
tion into a superconducting state occurs sharply with a temperature
width of less than 0.3 K. The transition temperature (Tc) defined by
50 % of Ry.» increases from 2.56 to 4.02 K in the order of Ni < Cu < Zr
¢ Mo < Nb and no superconductivity at temperatures above 1.5 K is
detected for the corresponding alloys containing Ca or Fe. There is a
tendency for the T, values to be higher for the alloys containing the M
elements of the fifth period of the periodic table as compared to the
fourth period elements and T, decreases significantly by the dissolu-
tion of magnetic elements. It is notable that the T, values of the Al-
based amorphous alloys are much higher than that (0.9 K)50) of pure Al
metal. From the expectation of high T, in the amorphous Al-La-Nb
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Mo, Ni or Cu) amorphous alloys. «Nb, amorphous alloys with Nb content.

system, the compositional change of T, was examined for A185La15_beX
alloys.
4,07 K with an increase of Nb content from 5 to 7.5 $ and then becomes

As shown in Fig. 6-11, the T, value increases from 3.25 to

nearly constant.

It is known that the compositional dependence of T, for amorphous
alloy superconductors containing M of the fourth and fifth period as
major elements is closely related to the change in the average number
of outer electrons per atom (e/a).

and e/a has been named as the Collver-Hammond rule51) for amorphous

The strong correlation between T,

superconductors and T, shows a maximum value at e/a=6.4 for the 4d

transition metals and alloys. The T, values as a function of e/a for

Algglay gM; g alloys are shown in Fig. 6-12. One can notice a maximum

value of T, at e/a=3.15, being
significantly different from the
Collver-Hammond rule., Further- L
more, the previous empirical rule
suggests that the To value 1is
higher for AlggLay gMoy g than

for AlggLay gNby o, but the sug-
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gestion is inconsistent with the
present result. This inconsist-
ency suggests that the contribu- o)
tion of Al metal must be taken

into consideration for the inter-
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amorphous alloys. The solid lines
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0.40 to 0.57 T which are much

for amorphous alloy superconduc-

tors in M-based system. The HoH

lower than those for the other amorphous superconductors because of the
much lower (dHcZ/dT)Tc values. A strong correlation between T, and e/a
for the Al-based amorphous superconductors shown in Fig. 6-12 is
thought to be attributed to the change in N(Eg) with e/a. The
electronic dressed density of states at the Fermi level,
N*(Ef)=N(Ef)(1+M, was estimated from the measured values of the Hyo
gradient near To —(dHCZ/dT)TC, and normal electrical resistivity at

4.2 K, py o by using the following formula which is derived from the

Ginzburg-Landau-Abrikosov-Gorkov (GLAG) theory (e.g., [52]) and is
applicable for the dirty-type superconductor of the Al-La-M amorphous
alloys:

N(Eg)} (1 + X)) = -m/[8kgp,(dH,/dAT)p ] (1)

As shown in Table 6-2, the values of N(Ef)(1 + A) thus obtained tend to
increase from 0.24x10%7 to 0.66x10%7 in the order of Ni < Zr < Nb = Mo
as does T., suggesting that T, is dominated by N(Eg) and/or A. The
problem which parameter, N(Ef) or A, dominates the change in T, with M
elements remains unsolved within the present study and investigation on
the low-temperature specific heat is in progress to determine the most
dominant factor.

It was shown in Fig. 6-13 that the gradient of Hoo in the vicinity
of T, for the Al-La-M amorphous alloys is about 10 % of that??:30) of
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Table 6-2 Thermal stability and electrical and superconducting
properties of A185La7_5M7_5 (M=Zr, Nb, Mo, Ni or Cu) amorphous

alloys.

Alloy [T (K) [BowQem)|Te (K) [aTc(K) [Hep (KOe/K)-dH kT (kOe/K)| N'(E+ )
AlgslagsZrys | 430 142 | 326 | 030 4.01 2.70 033
Algs Loy sNbsc | 488 86 | 4.02 | 024 5.54 2.91 061
Algs LajsMoqe | 511 96 | 3.71 | 0419 5.70 3.08 066
Alas LG'I.S N|75 559 185 256 011 1.60 2.45 0.24
Algs La7cCuss | 496 90 | 204 | — — — -

amorphous alloy superconductors in M-based systems. The equation (1)
indicates that the gradient is dominated by Pnr N(Eg) and A. One of

the reasons for the extremely low gradient values is probably the low

X

electrical resistivities which are about 50 % of those (200 to 300
uﬂcm)24’53) for the M-based amorphous superconductors. Furthermore, it
is known that A1 metal with T, at 0.9 K has 3s- and 3p-electrons in the
outer shell, which are different from the 3d- and 4d-electrons for the
M-based alloys, and belongs to a weak coupling superconductor with a
low ) value (20.38)54). The different type of outer electrons and the
low ) value appear to be another reason for the small temperature

gradient of Hoo for the Al-La-M amorphous alloys.

5. Thermal stability!2s13,55) ,

In order to clarify the compositional dependence of thermal
stability for the A1-Y-M, Al-La-M and Al-Ce-M amorphous alloys, T,
values are plotted as a function of M (M=Fe, Co, Ni or Cu) content in
Fig. 6-14 and as a function of Ln (Ln=Y, La or Ce) content in Fig. 6-
15. T, values of the Al-based alloys without Cu element have a
distinct compositional dependence and increase significantly with an
increase of Fe, Co, Ni, Y, La or Ce content, i.e., from 528 to 724 K
for Algqg_y YoMy, 544 to 793 K for Algo_xLa10MX, 500 to 730 K for
Algg_xCeqoMy, 474 to 750 K for Algy_y4Y,M,4, 486 to 740 K for
Algg_yLayMqy and 402 to 620 K for Algg_y4Ce Mqy. There is no
distinguishable difference in the compositional dependence of T, among
Al-Y-M, Al-La-M and Al-Ce-M alloys. The effect of M elements on the
increase of Ty tends to decrease in the order of Fe > Co > Ni and no
distinct change in T, with Cu is seen for either the Al-Y-Cu or Al-La-
Cu alloy.

The structural skeleton in the Al-based amorphous alloys is thought
to consist mainly of Al1-M and Al-Ln bondings with an attractive
interaction. The equilibrium phase diagrams19) of Al1-M and Al-Ln

alloys indicate the existence of a number of intermetallic compounds in
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Fig. 6-14 Changes in T, as a function Fig. 6~15 Changes in T, as a function
of M (M=Fe, Co, Ni or Cu) concentration of Y, La or Ce concentration for Algg_y—
for A]90—XY10MX' A190_XLa10MX and A]go_x— YXM—Io, A190_XLaXM1O and A190__XCeXM]O
CeqoM, amorphous alToys. (M=Fe, Co, Ni or Cu) amorphous alTloys.

their binary alloy systems. When the formation tendency and T, of
intermetallic compounds in Al-rich composition ranges corresponding to
the glass-formation ranges in the Al-Ln-M systems are compared in Al-Ln
alloys, one can notice that the minimum solute concentration for the
formation of Al-rich compounds is 25 %Y (Al3Y), 20 %La (AlyLa) and 20
%Ce (A14Ce) and the Th of these compounds is considerably higher for
Al,(La or Ce) than for A13Y19’. These differences suggest that the
attractive interaction between Al and Ln atoms is considerably stronger
for Al-La and Al-Ce atoms than for Al-Y atoms. This is probably
because the T, values are higher for Al-La-M and Al-Ce-M amorphous
alloys. On the basis of a similar concept that the degree of the
attractive interaction between the constituent atoms exerts a
significant effect on T,, one can explain the result that T, decreases
in the order of Al-Fe-Ln > Al-Co-Ln > Al-Ni-Ln »>> Al-Cu-Ln, because the
T, of Al-rich A13Fe, A19C02, A13Ni and AlZCe compounds decreases in the
order of Fe > Co > Ni > Cu19). The good coincidence between T, of the
amorphous alloys and T, of the Al-rich intermetallic compounds appears
to support the appropriateness of the concept that the attractive
interaction among the constituent elements contributes significantly to

the glass formation of the metal-metal type amorphous alloys.
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6. Mechanical properties and corrosion resistance55'56)

The of, E and H,, of Al1-Y-Ni, Al-La-Ni and Al-Ce-Ni amorphous alloys

are summarized in Table 6-3, where the data of et,f=0f/E, £ ﬁHv/BE

c,Y
and o© =Hv/3 are also shown for reference. The approximation of ¢

c c

=Hv/3ﬁy;s based on the fact that an amorphous alloy exhibits littiz
work-hardening and thus the compressive yield strength is related by
oc,y:Hv/327). As seen in the table, o lies in the rage of 730 to 1140
MPa for the A1-Y-Ni alloys, 670 to 1080 MPa for the Al-La-Nialloys,
and 810 to 935 MPa for the Al-Ce-Ni alloys and is considerably higher
for the Al-Y-Ni and Al-La-Ni alloys than for the Al-Ce-Ni alloys. No
distinct compositional dependence of Of is seen for the three alloy
systems, while the E, H,, and Oc’y increase with decreasing Al content
from 52.4 to 84.2 GPa, 300 to 380 and 980 to 1240 MPa, respectively,
for the A1-Y-Ni alloys, from 64.7 to 88.9 GPa, 260 to 320 and 850 to
1080 MPa, respectively, for the Al-La-Ni alloys, and from 53.2 to 60.3
GPa, 215 to 335 and 555 to 935 MPa, respectively, for the Al-Ce-Ni
alloys. Thus, the properties except 0f have a similar compositional
dependence. Nonexistence of compositional dependence for o is
presumably because J¢ is highly sensitive against structure and smooth-
ness of sample surface. At any event, it is notable that A187Y8N15 and
A187La8N15 amorphous alloys exhibit high static strengths of 1080 to
1140 MPa for Of and 260 to 300 for H, which greatly exceed the highest
values of 550 MPa and 18057) for conventional Al-based crystalline
alloys subjected to an optimum age-hardening treatment. The specific
strength defined by the ratio of of to density (p) is estimated to
reach 38 for the Alg-¥gNig alloy and 34 for the A187La8Ni5 alloy, being

Table 6-3 Mechanical properties of A1-Y-Ni, Al-La-Ni and A1-Ce-
Ni amorphous alloys.

Alloy of E Hy €t,f=0¢/E €c,y9.8Hy/3E
(atd) (MPa) (Gpa)

i .016
A188Y2N1lO 920 71.0 340 0.013 0.0

i . : . 4
Al87Y8N15 1140 71.2 300 0.016 0.01
A187La8NJ.5 1080 88.9 260 0.012 0.010
A184La6N110 1010 83.6 280 0.012 0.010

i . .018
A186Ce4N110 810 54.6 300 0.015 0.0
Al_.Ce_Ni 935 59.4 320 0.016 0.018

857757710
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higher than that (33) reported for Ni-Si~B-Al amorphous wires®8) with
of of about 2750 MPa. However, these values for Of/p are slightly
lower than those (40-56) for Fe—Si-B59) and Co—SiaB60) amorphous wires
with high Of ranging from 3000 to 3900 MPa.

Figure 6-16 shows the fracture
surface appearance of an Alg¥gNig
amorphous ribbon fractured by uni-
axial tensile test. The fracture
surface consists of a smooth region
(A) caused by shear sliding and a
vein region (B) caused by final
catastrophic fracture after shear
sliding. Furthermore, it is seen
that the fracture takes place along
the shear plane declined by 45 to

55 degrees to the longitudinal
tensile direction. A similar
feature of the fracture surface Fig. 6-16  Scanning electron micrograph
appearance was also observed for showing the tensile fracture appearance

Al-La-Ni and Al-Ce-Ni amorphous of an A187Y8N15 amorphous ribbon.
ribbons. These features in the

fracture behavior are the same as thosezs) reported previously for the
other ductile amorphous alloys produced by liquid quenching. The
similarity allows us to infer that

@ AlgyYioNij O Alg¥g Nig
the Al-based amorphous alloys have N AlgsYioNig & AlgaY2 N
good ductility comparable to con- A AlgafioNiz & AlggYs5Nirs
600
ventional ductile amorphous alloys. . A
. X =
Figure 6-17 shows the kfw . 5 A
correlation between E and Oof, Hy, or 5001
Ty for A1-Y-Ni and Al-La-Ni amor-
phous alloys. The three properties
500
of og, H, and T, tend to increase g N
with increasing E. As shown in ‘fm = a
x =]
Table 6-3 and Fig. 6-17, the cor- 300 —.
relation between E and 0¢ or H,, can 126
(o]
be empirically expressed by the §
<100
following approximate equations; e .
780
et,f=c&/E—0.015 and ec’y:HV/BE
~0.017. The €t f and €,y values 60 0 60 70 80
E/1000

are nearly equal to the respective
values of 0.018 and 0.01426) for

Fig. 6-17 Correlation between E and Oy
the Fe-, Co-, Ni-, Pd-, Pt- and Cu- H

v or T, for A1-Y-Ni amorphous alloys.
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based amorphous wires.

In addition, the Al-Y-Ni and Al-La-Ni amorphous alloys with high
tensile strength above 1000 MPa were found to exhibit high corrosion
resistance in HCl and NaOH solutions which exceed largely that of
conventional Al-based crystalline alloys. As shown in Table 6-4, the
corrosion losses of the A1-Y-Ni amorphous alloy in 1 N HC1 and 0.25 N
NaOH solutions at 293 K are 68 and 240 times, respectively, as small as
those for the high-strength Al-Cu-Mg alloy subjected to an optimum heat
treatment. It is particularly notable that the Al-based amorphous
alloys have high corrosion resistance even in the alkalloid solution.
This is in good contrast to the fact that the solution has generally
been used as a reagent of Al-based crystalline alloys. The discovery
of Al-Y-Ni and Al-La-Ni amorphous alloys exhibiting the high specific
strength combined with good ductility and high corrosion resistance
allows us to expect that the high-strength Al-based amorphous alloys
will be valuable for applications in areas where their properties are

required simultaneously.

Table 6-4 Corrosion losses of an AlggYqgNig amorphous
alloy in 1 N HC1 and 0.25 N NaOH solutions. The data of
conventional Al-based crystalline alloys are also shown
for comparison.

Alloy 0.25N NaOH at 293 K 1IN HC1l at 293 K
(mm/year) (mm/year)
AlggYjgNig 2.5 0.055
A1(99.99%) 18.6 0.72
Al~Cu-Mg 170.0 13.0
(2024)
7. Glass transition behavior and change in fundamental properties

by glass transition61)

Figure 6-18 shows the compositional dependences of the glass
transition temperature (Tg) and T, for amorphous Al-Y-Ni and Al-Ce-Ni
alloys measured at a scanning rate of 40 K/min. 1In the figure, Tg is
represented by an asterisk. It is seen that the glass transition
phenomenon was observed prior to crystallization in the vicinity of 10
$Y for the Al-Y-Ni system and 6 %$Ce for the Al-Ce-Ni system, indicating
that the separation of glass transition from crystallization is mainly
dominated by the Ln metals of Y and Ce and is independent of Ni
content. Tg and T, increase significantly with increasing solute
concentration from 490 to 582 K and 518 to 604 K, respectively, for the
Al-Y-Ni alloys and from 500 to 573 K and 517 to 600 K, respectively,

for the Al-Ce-Ni alloys. In addition, Fig. 6-18 shows a general
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Fig. 6-18 Composition ranges for forma-
tion of amorphous phase and the changes
of T, and T, in AT-Y-Ni (a) and A1-Ce-Ni
(b) systems: (® amorphous (ductile); (o)
amorphous (brittle); (e) amorphous plus
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Fig. 6-19 The thermogram Cp’q(T) of an
amorphous A184Ce6N110 alloy in the as-
quenched state. The solid 1line
represents the thermogram CMS(T)of the
sample heated to 520 K,

tendency that the amorphous alloys exhibiting a glass transition have a
good bending ductility.

As an example, Fig. 6-19 shows the thermograms of an amorphous

The Cp

J/mol-K near room temperature.

AlgyCegNigg alloy. value of the as-quenched phase is 22.8

the Cp

indicating an irreversible

As the temperature rises, value
increases gradually and begins to decrease,

structural relaxation at about 365 K. With a further increase in

temperature, the Cp value reaches its minimum at about 500 K, then
increases rapidly in the region of glass transition at about 515 K and
reaches 32.4 J/mol-K for the supercooled liquid around 535 K. With

further increasing temperature,
crystallize at 540 K.

the supercooled liquid begins to
Figure 6-19 also shows that their amorphous
alloys have a large difference, in specific heat between the
The

difference in CP(T) between the as-quenched and the reheated

ACp,s->l'
amorphous solid and supercooled liquid reaching 9.2 J/mol-K.

states, [ACp(T)], manifests the irreversible structural relaxation
which is presumed to arise from the annihilation of various kinds of
"defects"

chemical short-range ordering through the atomic rearrangement.

guenched-in and the enhancement of the topological and

The Tg



156

OAlg fegNiy &4y YoNi ' T
< 16 ® Algy e, Nig 200 AlgeY;o Nig
©
§ . [ ] & /o\ 10 K/min
et /
bog o
dl A 150
<
4
o —
[ ] € =5 -
a o« =100x10 K
600 ~ 100
N P
* o
< 550 O/
5
= & O/ 0
[} 0/
/ K
500 o =5 1
J ®=38x10 K  stoge-l
0 stage-1 —sle—»]
L 3 8 10 12 300 400 500 600
Ni or Ce Content, x{at%) Temperature (K)

Fig. 6-20 Changes in T_. and the Fig. 6-21 Change in length (o) of an
difference of the specific heat between amorphous AlggYgNig alloy with heating.
amorphous solid and supercooled Tiquid The temperature coefficient of elongation
(Acp,s+1) as a function of Ni or Ce 1is also shown for reference.
concentration for AT1-Y-Ni, Al-La-Ni and
A1-Ce-Ni amorphous alloys.

and ACp,S%l as a function of Ni or Ce concentration for the A1-Y-Ni and

Al-Ce-Ni amorphous alloys are plotted in Fig. 6-20. The Tg increases

almost linearly with increasing solute concentration, while the Acp,s»l
values are the largest near the center in the compositional range where
the amorphous alloys with glass transition are obtained. Considering
the general tendency62) that the larger the Acp,s»l value the easier is
the formation of an amorphous phase, it is expected that an amorphous
phase with high structural stability is obtained in the vicinity of
A183Y10Ni7 and A184Ce6Ni10. Thus, the Al content of stable amorphous
alloys with the largest ACp,s+l is nearly equal in the two alloys, but
the ratios of Y or Ce to Ni are significantly different.

Figure 6-21 shows an elongation curve of an amorphous Algg¥ yNig
alloy measured under an initial tensile stress of 0.98 MPa at a heating
rate of 10 K/min. The length of the specimen begins to increase at
about 320 K and increases gradually up to about 520 K and then rapidly
in the range from 530 to 560 K. With a further increase in tempera-
ture, the increase in the length stops suddenly due to crystallization.
The elongation curve before crystallization can be divided into two
stages corresponding to an amorphous solid and a supercooled liquid as
shown in Fig. 6-21 and each temperature coefficient of elongation (o)
is estimated to be 3.8x1072 K~! for the amorphous solid in the range of
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320 to 520 K and 100x107° K~ ! for the supercooled liguid in the range
of 530 to 560 K. The extraodinarily high o value for the supercooled
liquid is due to a much lower viscosity.

Based on the data shown in Fig. 6-21, the viscosities (n) as a
function of temperature were evaluated for amorphous A185Y10Ni5 and
A184Ce6Ni10 alloys. Figure 6-22 plotts the n values as a function of
reciprocal temperature. The n values of the Al-based alloys decrease
significantly from 2x1014 pa.s (2x1015 poise) at 488 K to 31012 Pa.s
at 521 K and no distinct difference in n(T) is seen for the two
amorphou alloys. It is notable that the n wvalue (3x1012 Pa.s) at 521 K
is nearly equal to 1072 Pa.s which has been thought62) to be the
viscosity for a supercooled liquid near Tg,'indicating that the
amorphous solid heated at 521 K changes to a nearly eguilibrium
supercooled liguid state.

It is generally known that the glass transition gives rise to
significant changes of E, 0f and deformation behavior, in addition to
the above-described changes in specific heat and viscosity. It is
important for the present Al-based amorphous alloys to clarify the
changes in E, O¢, elongation and fracture behavior by the transition
from amorphous solid to supercooled liquid. Figure 6-23 shows the

temperature dependences of Ofg, €¢ and E for A185Y10N15 and A184Ce6Ni10
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Fig. 6-22 Change in viscosity of Fig. 6-23 Changes 1in E, of and €f of
amorphous A185Y10N15 and A184Ce6N110 amorphous A185Y10N15 and A184Ce6N110
alloys as a function of reciprocal alloys as a function of tésting
temperature. temperature.
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amorphous alloys. With increasing temperature, the Of and E values
decrease gradually from 920 to 700 MPa and 72.6 to 55.0 GPa,
respectively, in the amorphous solid and rapidly to 100 MPa and 21.6
GPa, respectively, in the supercooled liquid and then increase steeply
upon crystallization. On the other hand, the €f increases steeply to
8 % in the vicinity of glass
transition, followed by a signifi-
cant decrease of €f by crystal-
lization. Figure 6-24 shows the
fracture surface appearance of an
amorphous A185Y10Ni5 alloy tested
at 508 K near the glass transition.
The specimen is subjected to a
severe homogeneous necking which
appears to have taken place through

a viscous flow mechanism. The

feature of deformation and fracture
behaviors shown in Figs. 6-23 and
) 29) Fig. 6-24 Scanning electron micrograph
6-24 agrees with that for Pd- . .
showing the tensile fracture surface

based amorphous alloys exhibiting appearance of an amorphous AlgsYqgNig

the glass transition phenomenon. alloy tested at 508 K.

8. Production of amorphous alloy powders and their consolidation
into an amorphous bulk63)

The production of Al-Ni-Y
amorphous powders was tried by
high-pressure helium atomization.
Figure 6-25 shows the shape and
morphology of an AlggNigY,, powder
with a particle size fraction below
25 um (-25 ym). The powder has a
spherical shape,. The surafce 1is
very smooth and no grain boundary
is seen, The X-ray diffraction
pattern of the -25 uym powder
consisted of broad diffraction

peaks, indicating the formation of

a mostly single amorphous phase.
With further increasing powder
Fig. 6-25 Scanning electron micrograph
showing AlggNigYq g powder with a size
fraction below 25 um produced by high-
pressure helium atomization.

diameter, the structure is composed
of amorphous and crystalline phases

for the 25-37 ym fraction and a
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crystalline phase for the powder with a size fraction above 37 um. 1In
addition, the size fraction of the amorphous Al1-Ni-Y powder was
measured by the microtrac analysis method. The fraction is 41 2 for
the powder below 10 um in size, followed by 24 % for the powder between
10 and 15 um in size, 25 % for the 15 to 21 um powder and 11 & for the
powder above 21 um in size. It is thus notable that the powder below
15 um in size was prepared with a high yield fraction of 65 %.
Furthermore, the DSC curve obtained from the A185N15Y10 amorphous
powder was confirmed to be the same as that for the melt-spun amorphous

64)

ribbon and no appreciable difference in T_. and T, values was seen

It is therefore concluded that the amorphgﬁs powder produced by high-
pressure helium atomization is used as a raw material to produce an
amorphous bulk by consolidation at temperatures near Tg.

The extrusion of the A185N15Y10 amorphous powder into an amorphous
bulk at extrusion ratios of four and seven was tried by changing the
extrusion temperature. The extruded bulk was obtained at temperatures
above 543 K and the relative density was measured to be 0.969 at 543 K,
0.980 at 573 K, 0.987 at 603 K and 0.996 at 673 K. The structure of
the extruded bulk consists of a mostly amorphous phase at 543 K,
coexisting amorphous+Al phases at 573 K and coexisting amorphous+Al+
unidentified compound at 603 K and Al+compound at 673 K.

Figure 6-26 shows the compressive stress-strain curves of A185N15—
Y109 bulks with high densities above 98 % extruded at 603 and 673 K,
along with the data of a conventional high-strength Al-based
crystalline alloy (2017). It is notable that the bulk consisting of
amorphous and Al exhibits high compressive fracture strength (oc,f)
reaching 1470 MPa and E of 145 GPa, though no appreciable plastic

elongation is seen. The increase

1500 F Extruded 603K -
of the extruded temperature to i} xirugedat

673 K gives decreases of yield Extruded at 673K
(0.2 % proof) stress to 1220 MPa

and E to 120 GPa and an increase

1000 } 4

of plastic elongation to 0.6 %,

though the o, f remains unchanged.
14

In addition to the high Oc,fr the

[
o
(o]

T
L

2017
Al-Cu-Mg

Compressive Stress (MPa)

tensile fracture strength is also

' é=2x1d3§lutRI..
0 001 002
bulk material produced by Strain

as high as 950 MPa for an A1-Ni-Y 0

extrusion with a ratio of seven
for the Fig. 6-26 Compressive stress—strain
curves of A185N15Y10 bulks produced by

extrusion of amorphous alloy powders at
Fig. 6-27. It is notable that 603 and 673 K.

at 623 K, as exemplified

tensile stress-strain curve in
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Fig. 6-27 Tensile stress-strain curve Fig. 6-28 Change in H, of extruded

of an AlggNigYqg bulk produced by AlggNigYig bulks as a function of testing
extrusion of amorphous alloy powders at temperature.
673 K and an extrusion ratio of seven,

the Oc, £ and E for the bulk material with a mixed structure of
amorphous and fcc phases are about 2 to 3 times as large as those (450
MPa and 71 GPa) for the optimumly aged 2017 alloy. The extremely high
Oc, £ which exceeds the og¢ (1140 MPa) of the AlggNig¥ g, amorphous ribbon
is probably due to a dispersion-hardening resulting from a homogeneous
dispersion of the spherical Al phase with a size of about 30 nm in an
amorphous matrix. The details of the strengthening mechanism are under
investigation.

The high-temerature hardness of the high-strength AlggNigY g, bulks
consisting of a mostly amorphous phase or coexisting amorphous+Al
phases was measured as a function of testing temperature. The heating
rate to each testing temperature was 10 K/min and the sample was kept
for 10 min at each testing temperature. As shown in Fig. 6-28, the H,
at room temperature is 340 for the amorphous bulk extruded at 543 K and
405 for the amorphous+Al bulk extruded at 603 K, being about three
times as high as that (145) for the 2017 alloy. Furthermore, the high
hardness of 150 at 573 K is obtained for the bulk extruded at 603 K.
It is thus concluded that the extruded bulks have high heat-resistant
hardness as well as high Oc,f and E values. The good mechanical
strengths allow us to expect that the extruded bulk may be used as a

high-strength material with low density under a compressive stress
condition.
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VII. Conclusion

All the data presented in the present review were obtained for the
last two years after the discovery of ductile Al-based amorphous
alloys. Accordingly, there is a high possibility of finding further
improved characteristics for Al-based amorphous alloys in the near
future. 1In any case, it is notable that the success of the amorphiza-
tion of Al-based alloys with low density by the melt spinning technique
gives rise to a new topic in the research field of amorphous alloys.
It is hereafter hoped that the interest on the Al-based amorphous
alloys increases significantly and a number of useful data, which
enable us to use in various application fields, are presented by a
number of researches.
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