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ABSTRACT

This study presents the development of multifunctional polymer nanocomposite
systems utilizing aromatic thermosetting copolyester resin enriched with various forms of
nanofiller particles. The molecular weight and crosslinking functionality of precursor oligomers
during condensation polymerization reaction regulate thermal-mechanical properties of self-
generated foam morphologies. Aluminum foam layered aromatic thermosetting copolyester foam
sandwich structures demonstrate outstanding impact energy absorption characteristics. High-
performance nanocomposite foams, incorporating homogenously distributed carbonaceous
nanoparticles, display significantly improved thermophysical properties that outperform state-of-
the-art configurations. Periodically-functionalized self-assembled shish-kebab structures develop
within an aromatic resin dip-coated graphene fiber system through an epitaxial step-growth
polymerization process. Graphene nanoplatelet particles conjugate with precursor oligomers
during in situ polymerization process forming electrically percolated network domains which
enable controllable conductivity for nanocomposite structures. The interfacial attachment
mechanism between carbonaceous particles occurs via oxygen-bearing functional groups, which
establishes covalent bonding with cure advancing crosslinking polymer network and modifies
the glass transition region characteristics. The aromatic resin forms an interfacial liquid
crystalline mesophase domain around graphene nanoplatelets, which uniquely displays a
thermally reversible characteristic with shape memory effect. Self-luminescent dielectric silicon
nanoparticles homogenously disperse into the aromatic matrix without neither losing their
luminescent properties nor deteriorating chemical configuration of the polymer network. The

neat and nanocomposite structures preserve their physical and chemical properties following



direct exposure to aggressive environmental aging conditions. Bioactive nanofiller particles
reinforced bionanocomposites hold a promise as a reconfigurable bone replacement material, for
which interfacial coupling with nanoparticles enables more deformation tolerant nanocomposite
matrix.

The aromatic resin can afford high-temperature enabled solid-state dynamic covalent
bond exchange reaction between two similar surfaces, which enables a reversible bonding
scheme to develop multifunctional reconfigurable in-space architectures for deep-space missions.
The bonding/debonding mechanism displays >50 times repeated cycles through predominantly
cohesive failure along with high glass transition temperature and bonding strength required for
relevant application requirements. The solid-state bonding concept can also be utilized to join
similar/dissimilar polymer composites and metal articles permanently. Via controlled process
time, temperature and pressure, aromatic resin displays relatively high bonding strengths viable
from cryogenic temperatures to elevated temperatures. The bonding approach can be utilized to
produce lightweight fuselage structures for spacecraft without necessitating additional joining
mechanisms.

Couvetics are a novel class of carbon-metal nanomaterials for which in situ generated arc
discharge during fabrication induces a chemical conversion reaction converting amorphous
carbon to a crystalline graphitic structure which forms an intermetallic covalent bonding with
host metal matrix. The covetics exhibit improved thermophysical properties as compared to their
parent metals. We provide a comprehensive literature review on the covetics. Aluminum covetics
demonstrate significantly improved corrosion potential relative to parent material with no carbon
added. Both the hardness and the compressive strength of the aluminum covetic with carbon

added are also improved. The carbon particles during covetics fabrication conditions induce



structural modifications on intrinsic secondary phases which contribute to the observed changes

in corrosion behavior and improvement in mechanical properties.
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CHAPTER 1: INTRODUCTION
1.1  Background

The technological evolution of structural materials for automotive, aerospace, and
defense industries currently depends on the introduction of alternative lightweight material
solutions which ensure materials performance commensurate with conventional systems as well
as enabling cost-effective and industrially scalable high throughput production methodologies.
Polymers, also known as plastics, provide immense advantages over metals by offering weight
reduction up to 80% along with lower production costs. However, polymers mainly suffer poor
physical properties due in part to inherently weak chemical structures. Carbon-fiber reinforced
polymer composites provide material performance akin to the conventional metal articles as
much as complying with industrially scalable production routines. Hence, at present, carbon
fiber-reinforced polymer composites are actively adopted in aerospace and automotive
industries, which mainly aims at reducing vehicles weight to improve fuel efficiency. However,
metals are intrinsically forgiving materials due to their ductility, and thus tolerant to damage
under cyclic loads. Thus, the pivotal shortcoming with the use of polymer composites is that
their brittle nature can cause fracture under minor out-of-plane shear loads, which may even lead
to catastrophical failures.

As a relatively new paradigm in polymer science, polymer nanocomposites are
combinations of nanofiller reinforcement particles and host polymer matrix, which uniquely
embody multifunctional properties within low-density morphologies. Polymer nanocomposites
bear a great potential to address a broad range of cutting-edge technological applications. Yet,
contemporary polymer nanocomposite configurations are deficient in mechanical strength and

thermal stability due in part to inherently weak chemical-physical properties of host matrices. As



well, conventional shear-based mixing techniques impede homogenous and intact dispersion of
nanofiller particles within polymer matrix. As a result, polymer nanocomposites do not fully
benefit from the use of nanofillers as reflected in limited global physical properties. In the realm
of realizing the polymer nanocomposites a practical reality in engineering systems, three
significant challenges that have not met to unlock their practical potential; facile fabrication
methods, controllable structure-property relations, and flexible structural integration strategies.

Aromatic thermosetting copolyester (ATSP) was developed in the 1990s utilizing low
cost, easily processable and readily crosslinkable oligomers to form a new high-performance
polymer system. The ATSP morphology comprises a crosslinked network of aromatic polyester
backbone interconnected via covalent oxygen bonds, which hence enables superior physical
properties. Carbon fiber reinforced ATSP composites demonstrate superior shear strength,
modulus, and fracture toughness comparable or superior to industrial gold-standard of epoxy and
polyimide carbon fiber composites. Additionally, chemistry-favored tailorable macromolecular
architectures along with convenient reconfigurability into different physical forms (e.g., foam,
coating, and adhesive) makes ATSP available for various nanocomposite applications. Besides,
ATSP resin is resistant to microcracking, due to its tendency of the locally matching coefficient
of thermal expansion (CTE) around the carbon fiber and are capable of withstanding extreme hot
and cold temperature cycles via cryogenic thermal cycling. Additionally, the ATSP composites
are durable, in-situ self-repairable, and maintain mechanical properties at elevated temperatures.
1.2 Dissertation Statement

This dissertation presents the development of novel multifunctional polymer
nanocomposites utilizing aromatic thermosetting copolyester resin and various types of

nanofiller particles with unique characteristics. It provides a comprehensive approach combining



synthesis, fabrication, multiscale experimental characterization, structure-process-property
relations, and structural integration methodologies to address the aforementioned significant
challenges.

1.3 Dissertation Overview

In Chapter 2, chemical strategy and fabrication approach are presented for the
development of novel aromatic thermosetting copolyester foams. Fundamental phase
transformation stages emerge during heat-induced condensation polymerization reaction between
precursor oligomer groups are investigated. Cure and post-cure characteristics are analyzed to
design an optimum cure cycle with most favorable pair of cure time and cure temperature. The
effect of crosslinking density and molecular weight on global physical properties are
characterized on reaction final products of aromatic thermosetting copolyester foams.

In Chapter 3, aluminum foam face layered aromatic thermosetting copolyester foam core
sandwich composite structures are demonstrated. Obtained via in situ polymerization-driven
foaming mechanism, polymer foam core exhibits robust interlayer adhesive strength, as
characterized with lap shear experiments. The sandwich structure yield four-time higher impact
energy absorption in comparison to bare aluminum foam of overall same thickness.

In Chapter 4, aromatic thermosetting copolyester nanocomposite foams are presented. A
facile solid-state mixing method is introduced to combine various nanofiller particles and
precursor oligomers. The nanocomposites demonstrate near-homogenous and intact dispersion of
nanofillers within matrix. Due in part to facilitated distribution of nanofillers, the
nanocomposites demonstrate significantly improved physical properties.

In Chapter 5, in situ epitaxial step-growth polymerization reaction driven interfacial

functionalization of aromatic thermosetting copolyester with multilayered graphene wrapped



alumina fiber surface is demonstrated. Polymer resin-coated fiber strands develop a nanohybrid
shish-kebab structure with periodically assembled and off-surface grown mesomorphic polymer
lamella. Fiber surfaces and polymer matrix develop robust interfacial coupling.

In Chapter 6, the effects of cyclic water immersion and salt spray aging tests on the
physical properties of aromatic thermosetting copolyester neat and nanocomposite matrix is
demonstrated. The polymer matrix exhibits an adsorption-regulated mass uptake mechanism.
Contact angle measurements reveal nanofiller-neutral and hydrophobic characteristics. Only
minute physical and chemical degeneration occurs in the matrix due in part to hygroscopic
swelling, which lie within the regime of their virgin (not exposed to the aging conditions)
counterparts.

In Chapter 7, physicochemical effects induced by nanofillers on condensation
polymerization reaction of aromatic thermosetting copolyester through the formation of
electrically conductive percolating network is demonstrated. The controlled nanofiller particle
size promotes different percolation thresholds and ultimate electrical conductivities.
Microstructural analysis and cure process characteristics reveal thermochemical changes by
nanofillers. Chemical spectroscopy exhibits the formation of interfacial coupling between
nanofillers and polymer matrix.

In Chapter 8, the formation process and thermophysical characteristics of preferentially
oriented interfacial liquid crystalline mesophase domain emerging around nanofillers within
amorphous aromatic thermosetting copolyester matrix is demonstrated. A nematic liquid
crystalline network develops via crystalline nanofiller surface induced local ordering effects. The

liquid crystalline network exhibits thermally reversible phase transition characteristics. The



liquid crystalline network enables strong coupling with nanofillers, which subsequently alters
chain relaxation characteristics of nanocomposite matrix.

In Chapter 9, imparting strong photoluminescence to otherwise weak luminescent
aromatic thermosetting copolyester matrix by incorporating self-luminescent nanoparticles is
demonstrated. Pre-polymerization stage develops a convention-like motion forming 2-D
nanosheets decorated with nanoparticles and oligomer particles. Post-polymerization analysis
shows homogenous incorporation of nanoparticles into polymerization process as a secondary
crosslinker neither losing their luminescence functionality nor deteriorating physical properties
of matrix. Chain relaxation characteristic indicate effective conjugation of nanoparticles with
crosslinked polymer backbone.

In Chapter 10, bioactive nanoparticle reinforced aromatic thermosetting copolyester
matrix bionanocomposites as a potential reconfigurable bone replacement material is
demonstrated. Morphological analysis exhibit near-homogenous distribution of nanoparticles
within the matrix. Due in part to robust interfacial coupling, nanoparticles behave as a crack-
arrester promoting deformation-tolerant structure with enhanced material toughness. Chemical
characterization of backbone chain composition of nanocomposites reveals the presence of
hydrogen-advanced covalent interfacial coupling between nanofiller particles and polymer
matrix. Chain relaxation dynamics of nanocomposite matrix during glass transition is modified
via nanoparticle-induced segmental immobilization.

In Chapter 11, nanofiller-contiguous polymer network with aromatic thermosetting
copolyester nanocomposites in which chemically pristine carbon nanofillers covalently conjugate
with cure advancing crosslinked backbone chains through functional end-groups of constituent

precursor oligomers upon an in situ polymerization reaction is demonstrated. Via thoroughly



transformed backbone chain configuration, the polymer nanocomposites demonstrate
unprecedented glass transition peak broadening by about 100 °C along with significant
temperature upshift of around 80 °C.

In Chapter 12, a conveniently reconfigurable joining approach to connect highly scalable
multifunctional architectures with fiber-reinforced polymer composite links. A reversible solid-
state bonding mechanism is enabled using a novel high-performance polymer resin, for which
only physical contact and application of heat is required. Optimum operational bonding
parameters are systematically studied.

In Chapter 13, a solid-state bonding approach for carbon fiber reinforced high
performance aromatic thermosetting copolyester resin composites with primary metal spacecraft
structures is demonstrated that enables building lightweight elements with tailorable structural
properties without necessitating additional uses of adhesives or mechanical joints. Optimum
operational bonding parameters are systematically studied. Physical properties of bonded
specimens are investigated. Novel fabrication concepts for the development of multilayer
composite materials are introduced.

In Chapter 14, a review of literature on carbon-metal covetic nanomaterials is
demonstrated. The covetic materials are introduced followed by a brief overview of carbon-metal
matrix nanocomposites. Experimental results obtained on various covetic material configurations
are demonstrated. Current challenges and future directions in the covetics research are provided.

In Chapter 15, the origin of the increased corrosion potential of an aluminum-carbon
covetic material is investigated. The covetic sample with carbon added exhibits a higher
corrosion potential. Both the hardness and the compressive strength of the covetic with carbon

added are also improved. Physical characterization using chemical spectroscopy reveal changes



in surface composition within the covetic after carbon addition. After corrosion, the surface is
enriched in some elements present in the parent alloy and exhibits a reduced grain size both of

which contribute to the observed changes in corrosion behavior and improvement in mechanical

properties.



CHAPTER 2: HEAT-INDUCED POLYCONDENSATION REACTION WITH SELF-
GENERATED BLOWING AGENT FORMING AROMATIC THERMOSETTING
COPOLYESTER FOAMS
2.1 Introduction

Starting with the invention of the first polystyrene foam back in the early 20" century,
polymer foam literature has been expanded along with the development of other well-known
systems of polyurethane, polyvinyl chloride, polypropylene, and others [1-4]. Having promptly
been implemented and refined processing conditions by the polymer industry, low-cost and high-
throughput polymer foams have been performed via conventional techniques of foam extrusion,
molded bead, and injection molding. Ultimately, they have found broad applications in
automobile, aeronautic, packaging and construction industries [5]. Furthermore, current research
interests driven for lightweight materials have accelerated advancement in other naturally-
occurring cellular materials fabricated via more sophisticated foaming processes bringing more
flexibility into materials selection in order to utilize ultimate enhancements in physical properties
of final products [6-8]. Drawing substantial interest within the given framework, the polymer
foams generally are more pronounced with the highlighted aspects of low structural density,
good thermal insulation, low dielectric constant, superior acoustic properties and cost-effective
manufacturing schemes [9-12]. More recently, polymer foams have also been shown as synthetic
bone tissue scaffolds, biodegradable and recyclable raw materials, antibacterial water filters, and

nanocomposite structures incorporating carbonaceous nanofillers [13-19].

This work was previously published: Bakir, M., Meyer, J.L., Economy, J., and Jasiuk, I., Heat-
induced polycondensation reaction with self-generated blowing agent forming aromatic
thermosetting copolyester foams, Macromolecules, 49 (17), 6489-6496 (2016).



That overall perspective being given, state-of-the-art polymer foams can be viewed from
the benchmarking aspects of foaming methodologies, material systems and foam formation, and
pore architectures. In the processes that use an externally introduced blowing agent to produce
porous structure, two foaming methodologies have been extensively utilized; physical foaming
and chemical foaming [20-23]. As a physical foaming agent, CO2 has attracted much attention by
simply being inexpensive, environmentally benign and non-toxic substance when compared to its
counterparts of chlorofluorocarbon, hydrocarbons and other inert gases [24-25]. Specifically,
CO. can take the form of a supercritical fluid (sCOz) at relatively low pressures and
temperatures that facilitates preserving pore cell geometries during the foaming processes by
saturating the polymer matrices in their glassy states at reduced processing temperatures, down
to below the glass transition temperatures of polymers [26-31]. However, use of sCO2 has come
along with several production-oriented issues such as low solubility in most polymer systems,
especially high molecular weight polymers, due to lack of polar groups or higher degree of
crystallinity in polymers which overall affect physical properties such as pore size, structural
density, and mechanical strength.

Among the polymer systems forming cellular morphologies, thermoplastics have
upstream advantages of material recyclability, structural conformality, relatively reduced
processing periods, and so readily implementation into existing processing techniques. In
general, thermoplastics have three primary foaming stages; introduction of blowing agent,
bubble expansion, and bubble stabilization. Hence, the solubility of the blowing agent stands out
to be a crucial processing parameter to initialize bubble nucleation phase as well as surface
tension, viscosity and solidification being other essential factors for maximized bubble

homogeneity and controlled pore sizes within the structures. On the other hand, thermosets



foams come along with conventionally complex processing conditions requiring an additional
cure process to be performed at relatively high temperatures for considerably long durations.
Hence, the conventional thermoplastic foam fabrication frameworks give rise to the
aforementioned issues with the blowing agent considering bubble expansion and bubble
stabilization stages, which are to be strictly affected by the concurrent formation of cross-linked
morphology during extended cure periods. In terms of structural architecture, foamed polymers
generally exhibit fully closed, fully open or combined morphologies with either microcellular or
macrocellular pore structures which ultimately alter materials properties as well as functionalities
of the structures [32-36].

All in all, the state-of-art polymer foams possess relatively poor strength-to-weight ratio,
low thermomechanical stability, blowing agent solubility issues, and intricate fabrication
conditions which overall have limited their implementations into high-performance applications
[37-39]. Herein, we introduce aromatic thermosetting copolyester foams fabricated via facile
heat-induced polycondensation between the carboxylic acid and acetoxy-capped oligomer
groups. The aromatic thermosetting copolyester foams demonstrate high glass transition
temperature, exceptional thermal stability, quite low thermal expansion coefficient and
outstanding compressive mechanical strength.

As seen in Figure 2.1.a, the proposed cure mechanism is an acidolysis-type interchange
condensation reaction (that can be classed as a transesterification) wherein the hydroxyl group of
the carboxylic acid is replaced by the ether oxygen of the acetoxy producing cross-linked ester
backbone polymer matrix along with releasing acetic acid as the reaction by-product by
combination of the hydroxyl of the carboxylic acid and the acetoxy unit [40-41]. Being

synthesized from a set of benzene derivative monomers, the constituent oligomers are comprised
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of aromatic rings including carboxylic acid and aromatic acetoxy functional groups, which are
connected together via covalent single and-double oxygen bonds (Figure 2.2). Due to high
thermal stability and unique chemical inertness of the aromatic rings, and intramolecular
cohesive binding energies of oxygen bonds along with comparable electronegativities of the
constituent oligomer groups, the designed chemical structures and aromatic natures of the
oligomers were retained through the course of the polymerization reaction. Hence, only
chemically reactive acetoxy and carboxylic acid functional groups took part in the condensation
polymerization reaction releasing acetic acid as the main side product of the reaction, which
prevails in the gas form favorably acting as blowing agent to nucleate bubbles within oligomer
compounding medium. Also, the acetic acid emerges in the gas form in situ due to
polycondensation reaction temperature exceeding 117.9 °C boiling point of acetic acid. Hence,
the acetic acid performs as a self-generated internal blowing-agent forming three-dimensionally
porous polymer matrix. In the meantime, the constituent oligomer groups were conjugated
through these functional groups establishing the ester backbone of the polymers.

Figure 2.1.b-e show schematics defining fundamental phase transformation stages took
place during the formation of the foams. First, acetoxy (-CH3COO) and carboxylic acid (-
COOH) end group oligomers are mixed together in powder form at 1:1 weight ratio, which
enabled molecular weight balanced polycondensation reaction between the oligomer groups (b).
Second, under isothermal heating, micron-sized oligomer powder particles physically relaxed
and then melted blending together driven via thermodynamical effects, and completely filled
cavity of a container (c). Third, bubble nucleation started due to acetic acid discharge at
sufficient polymerization reaction temperature along with bubble growth generating porous

polymer matrix (d). Finally, the polymer matrix with internal pores was cured for pre-defined
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durations at select temperatures to obtain the final physical products (e). We studied high cross-
link density/low molecular weight and low cross-linking density/high molecular weight grades of
the aromatic thermosetting copolyester foams. We initially demonstrate hot-stage assisted optical
microscope images of the phase transformation stages along with associated temperatures, and
then use Differential Scanning Calorimetry (DSC) and Thermogravimetric Analysis (TGA) to
determine optimum cure temperature of the polymer foams. Ultimately, we design a rational cure
cycle on the basis of these outcomes. Furthermore, we characterize and evaluate thermophysical
properties of the foams on the basis of cross-linking density and molecular weights of the

polymer foams.
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Figure 2.1 a) Heat-induced foaming reaction; giving off the acetic acid foaming agent. b-e) Schematics of
fundamental phase transformations during the endothermic foaming process; (b) loosely packed
oligomers, (c) melt-state oligomers, (d) bubble nucleation/growth, and (e) cured polymer foam product.
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Figure 2.2 Cure mechanism via interchain transesterification reaction.

2.2 Materials and Methods

Carboxylic acid-capped oligomer using biphenol diacetate (CB and CB2) and Acetoxy-
capped oligomer using biphenol diacetate (AB and AB2) (“2” denotes numeration) oligomers
were utilized to produce the aromatic thermosetting copolyester foams. Both aromatic oligomer
groups were synthesized using biphenol diacetate (BPDA), 4-acetoxybenzoic acid (ABA),
isophthalic acid (IPA), and trimesic acid (TMA) at peculiar molar feed ratios, as given in Table
2.1 [42-43]. Also, Figure 2.3 shows chemical structures of the monomers used to synthesize the

oligomers.



Table 2.1 Molar fractions of monomers used in the synthesis, and molecular weights of the
acetoxy and carboxylic acid-capped oligomers.

Oligomer ABA BPDA TMA IPA M, (9/mol)
AB 3 3 1 0 1201
CB 3 2 1 2 1203

AB2 5 4 1 1 1758
CB2 5 3 1 3 1760

a) Os OH p)

CH, HsG
o= \—o
o))

HSCTO
0
C) O. _OH d) o. _OH
0 0 OH
OH OH

Figure 2.3 Chemical structures of the monomers a) 4-acetoxybenzoic acid (ABA), b) biphenol diacetate

(BDPA), c) trimesic acid (TMA) and d) isophthalic acid (IPA).

The matched oligomer sets, when reacted together, are labeled as CBAB and CB2AB2 as

their naming convention. The aromatic thermosetting copolyester foams CBAB and CB2AB2

were fabricated by mixing one set aromatic acetoxy end-group oligomer with another set of

aromatic carboxylic acid end-group oligomer, both in powder-form, at 1:1 weight ratio, and by

15



operating the pre-designed cure-cycle under vacuum to induce condensation polymerization
reaction between the two oligomer groups. CBAB was designed to have high cross-linking
density/low molecular weight, and so was CB2AB2 low cross-linking density/high molecular
weight.

The powder-form uncured oligomer combinations were sandwiched between two
coverslips and placed onto a heating stage (TMS 91 Linkam Scientific Instruments Ltd.). The
heating stage was then separately set to an upright bright-field optical microscope, and the
oligomer combinations were run through a temperature-ramp cycle with constant 40°C/min
heating rate. The images were captured with a megapixel resolution color digital camera
mounted on the optical microscope setup.

The cure characteristics of the aromatic thermosetting copolyester foams were analyzed
using a Differential Scanning Calorimetry (DSC) (TA Instruments TGA 2910) and
Thermogravimetric Analysis (TGA) (TA Instruments TGA 2950). Both instruments were
operated at 30 °C/min constant heating rate temperature-ramp cycles. The tests were performed
under an inert atmosphere of nitrogen. The DSC analyses were performed on sets of the oligomer
combinations, carboxylic-acid, and acetoxy-capped oligomer groups. The first cycle denotes the
curing cycle of the oligomer combinations and does the second cycle post-curing following the
first cycle. The TGA analyses were applied only to the oligomer combinations. Similarly, the
first cycle and the second cycle stand for the curing and post-curing cycles, respectively.

3D microstructural images of the aromatic thermosetting copolyester foams were
visualized using a high-resolution 3D X-ray micro-computed tomography (Micro-CT) (Xradia

MicroXCT-400). The 3D image was reconstructed utilizing total 1441 images taken at every
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0.25° corresponding to sample rotation during the imaging process. The samples were in 10 mm
x 20 mm cross-section with 4 mm thickness, as fabricated through the cure-cycle.

The thermomechanical properties of the aromatic thermosetting copolyester foams were
characterized using a Dynamic Mechanical Analysis (DMA) (TA Instruments Q800 DMA). The
DMA was operated in dual-cantilever beam (DCB) bending mode in the room atmosphere. The
temperature-ramp cycle was run at a constant heating rate of 3 °C/min on the samples. The
samples were in 10 mm x 5 mm cross-section with 35 mm length, as fabricated through the cure-
cycle.

The thermal stability of the aromatic thermosetting copolyester foams at elevated
temperatures was characterized using Thermogravimetric Analysis (TA Instruments TGA 2950).
A temperature cycle combining constant 30 °C/min heating rate temperature-ramp cycle and 120
min temperature-hold cycle was performed on the samples. Smaller samples of 15-20 mg weight
were cut from the foams as fabricated through the cure cycle. The tests were performed under
atmospheres of air and nitrogen.

Thermal expansions of the aromatic thermosetting copolyester foams as a function of
temperature were measured using a horizontal, digital dilatometer (Edward Orton Jr Ceramic
Foundation Model 2010 B). The tests were performed in the room atmosphere. The temperature-
ramp cycle was run at a constant heating rate of 3 °C/min on the samples. The samples were in
12.7 mm diameter with 25.4 mm length, as fabricated through the cure-cycle described below.

The compressive mechanical strength of the aromatic thermosetting copolyester foams
was measured using compressive loading frames (Instron Testing Systems 4483 Load Frame). A
constant crosshead speed of 6 mm/min was performed on the samples. The samples were in 1.27

cm diameter having 2.54 cm length, as fabricated through the cure-cycle. Densities were
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calculated using a ratio of volume and weight measured on the samples. Relative densities were
calculated with respect to densities of 1.27 Mg/m? and 1.30 Mg/m?® of fully dense CBAB and
CB2AB2, respectively. The results were obtained on five samples for both CBAB and CB2AB2.
2.3 Results and Discussion

Phase transformation stages developed during the heat-induced condensation
polymerization reaction between the aromatic acetoxy and carboxylic acid-capped oligomers
were visually studied. Besides, effective reaction temperatures emerged during these phases were
successfully determined. Figures 2.4-2.5 exhibit optical micrographs captured during the
foaming processes of CBAB and CB2AB2 curing polymers, respectively. As observed in Figures
2.4.a and 2.5.a, the darker regions are oligomer powder mixtures, and the brighter regions are
merely optical microscopy reflections of glass substrates. As the heating processes started at
30°C, no morphology changes were observed until the softening points of the curing polymers.
At the beginning of softening stages, around 120°C, both CBAB and CB2AB2 curing polymers
lightly wetted the coverslip surfaces, which were not easily distinguishable to eye until melting
took place. We discerned the melt-states from the softened-states by virtue of the melt-flow
occurred during the latter process. Afterward, the curing polymers entered into the melting stages
at 170 °C as for CBAB and 180°C as for CB2AB2; melt-compounding curing polymers were
observed as the darker islands in Figures 2.4.b and 2.5.b. Hence, as the temperature was
progressively increased, the melt-states blanketed coverslip surfaces, and then bubble nucleation
stages started at 225 °C and 230 °C for CBAB and CB2AB2, respectively (Figures 2.4.c and
2.5.¢c). Note that in Figure 2.5.c, the brighter regions formed in the melt-compounding state
represent regions of increasing amorphosuity in the thermoset based on the development of the

polymerization cross-linking of CBAB being concurrently initiated with the bubble nucleation.
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CBAB was designed to have higher cross-linking density/lower molecular weight as compared to
CB2AB2 by virtue of selection of monomer feed ratios. The primary means of adjusting
crosslink density is by adjustment of the ratio of TMA (the crosslinking agent) versus other
constituents. If we assume a complete yield of acetic acid from the cross-linking reaction, the
crosslink density can then be parameterized by the branch coefficient yc, which is 0.133 for
CBAB and 0.087 for CB2AB2, as well as the mass between crosslinks (Mc)n of 1123 g/mol for
CBAB and for 1668 g/mol for CB2AB2 [43]. Following the initial bubble nucleations, rather
more bubbles were generated as the temperature rose above the melt-state, and consecutively
bubble sizes subtantially enlarged at elevated temperatures of 260 °C for CBAB and 270 °C for
CB2AB2 (Figures 2.4.d and 2.5.d). It is worth highlighting that CBAB curing polymer, in
addition to the priorly initiated cross-linking formation, yielded lower phase transformation
temperatures than those of CB2AB2 due to its designed lower molecular weight. Table 2.2

summarizes the phase transformation temperatures associated with both CBAB and CB2AB2.
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Figure 2.4 Phase transformations during the foaming process of CBAB. a) Curing polymer at 30°C, b)
melting starts at 170°C, c) reaction by-product acetic acid releases nucleating bubbles at 225°C, d) cross-
linking formation and bubble growth at 260°C. The scale is 5 mm.

Figure 2.5 Phase transformations during the foaming process of CB2AB2. a) Curing polymer at 30°C, b)
melting starts at 180°C, c) reaction by-product acetic acid releases nucleating bubbles at 230°C, d) cross-
linking formation and bubble growth at 270°C. The scale is 5 mm.
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Table 2.2 Fundamental phase transformation and cure temperatures of CBAB and CB2AB2 foams.

sorenng | vewng | ourte | g o

Curing Process
CBAB 120°C 170°C 225°C 260 °C 330°C
CB2AB2 120 °C 180 °C 230°C 270°C 330°C

Having the phase transformation temperatures detected, the necessary cure temperature
for the thermosetting foams is still yet to be determined. Figure 2.6 shows cure and post-cure
characteristics of the curing polymers and their constituent oligomers studied using DSC. Herein,
the curing polymer curves, as denoted 1% cycle, displayed dimples taking heat up between 290
°C and 330 °C temperature ranges (Figures 2.6.a and 2.6.b) which correspond to their curing
regions — also indicating that the condensation polymerization reaction was weakly endothermic.
The endothermic reaction energies for CBAB and CB2AB2 were determined to be 3.55 mJ/mg
and 1.41 mJ/mg, respectively. As well, the very same curing curves progressed in the
exothermic direction as cure regions were crossed through, which clearly indicated completion
of the cure reaction. In this manner, when the 2" cycles were run on the same particular cured
polymers, the cure regions, as well as other minima along the curing curves, disappeared
validating fully-cured states of the polymers. Besides, the constituent oligomers had cure
regions took place at either lower or higher temperatures than the curing polymers per se, so it
was concluded that the curing polymers had different cure behaviors than their building blocks.
All in all, three distinct and potentially applicable cure temperatures, 290 °C, 310 °C and 330 °C,

were selected within the cure regions to be optimized through the use of TGA.
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Figure 2.6 Analyses of cure and post-cure characteristics of the curing polymers and constituent
oligomers in DSC. 1 and 2™ cycles denote cure process and post-cure processes of CBAB (a) and
CB2AB2 (b), respectively. Tests were performed under nitrogen.
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Figure 2.7 shows cure and post-cure characteristics of the curing polymers analyzed with
TGA at the three pre-determined temperatures. The curing polymers yielded substantial weight
losses within first 20 minutes of the curing cycle, yet almost-zero weight changes occurred
during the post-curing cycles. The progressively occurred weight reductions illustrated real-time
emission of acetic acid blowing agent indicating the initiation of the polymerization reaction at
given select temperature. Also, the gentle decays took place in the post-cured polymer curves
depicted that the select temperatures had provided sufficient curing environment during the first
cycle, yet the cured polymers thermally degraded at those considerably high operational
temperatures. Additionally, the measure of the weight loss, or the acetic acid release,
undoubtedly increased as the pre-defined cure temperatures enlarged due to increased rates of the
polymerization reaction. Hence, it was deduced that all three temperatures could practically
initiate the foaming reaction, yet 330 °C was preferred to allow most sufficient cure conditions

for the foams.
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Figure 2.7 Analyses of cure and post-cure characteristics of curing polymers and constituent oligomers in
TGA. 1%t and 2™ cycles denote cure process and post-cure processes of CBAB (a) and CB2AB2 (b),
respectively. Tests were performed at three temperatures 290 °C, 310 °C and 330 °C under nitrogen.
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We designed a rational cure cycle based on the thermal cure characteristics of the curing
polymers. The cure cycle with three temperature-hold steps at 202 °C for 90 min, 270 °C for 150
min and 330 °C for 180 min, which corresponded to the melting, the bubble growth and the cure
temperatures of the foaming process, respectively. As well, the extended phase transformation
periods, compared to hot-stage experiments (~6-8 min) and TGA analyses (~ 2 hours), were
aimed to hold the phase transformation stages effectively develop in equilibrium conditions, so
homogenously cured polymer structures were obtained. Aromatic thermosetting copolyester
foam physical products were successfully fabricated through the pre-designed cure cycle and
then subjected to thermo-mechanical material property characterization tests. As a visual
observation, three-dimensional (3D) images of foam microstructures were taken using X-ray
Micro-CT (Figure 2.8.a). As previously observed in Figures 2.4 and 2.5, the foaming reaction did
not generate equal-sized bubbles, and it caused the foams have randomly distributed pores
through the material structures. This characteristic phenomenon can also be observed in
naturally-occurring materials systems, such as bone. With regard to cell architecture of the
polymer foams, the weight losses observed during the course of TGA measurements showed that
blowing agent was not trapped within the pores meaning that open cell morphologies were
generated within the polymer foams. Also, there were other cells visually observed to be
surrounded by the solid constituent material which could be defined as closed cells. Hence, the
foams were defined to have combined forms of both closed cell and open cell pore structures.

(Figure 2.8.b).
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Figure 2.8 3D microstructural image of CBAB foam obtained using Micro-CT scanning (a) and a photo
of the physical product (b). The scale is 2.5 mm.

Figure 2.9 shows thermomechanical properties of the foams obtained using DMA. In
Figure 2.9.a, CBAB showed a shoulder peaking at 79 °C which corresponded to sub-Tg
relaxation associated with segmental mobility in the structure. The succeeding peak at 191 °C
defined the glass transition temperature of CBAB. On the other hand, CB2AB2 did not reveal
any sub-Tg chain relaxation characteristics within the given temperature window, which would
be possibly observed below at cryogenic temperatures, yet its glass transition temperature was
detected at 172 °C, as shown in Figure 2.9.b. In addition to detection of the glass transition
temperatures, DMA results demonstrated that the foams behaved in the elastic manner rather
than the viscoelastic, as the storage modulus was one order of magnitude larger than loss
modulus. Also, considerably low values of the loss moduli, on the order of 10-20 MPa,
illustrated relatively brittle nature of the polymer foams. As well, number average molar mass
between crosslinks (Mcn) of CB2AB2 was calculated as 1669 g/mol, which is much larger than

1112 g/mol of CBAB, which essentially introduced longer polymer chains and afforded more
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Figure 2.9 Characterization of thermomechanical properties, and detection of glass transition temperature
of CBAB (a) and CB2AB2 (b) foams using DMA.

Figure 2.10 shows thermal stability performances of the foams characterized using TGA.

In Figure 2.10.a, CBAB demonstrated only 5% weight loss at 537 °C in N2 and 527°C in air. As

well, the first derivative curve peaked at 572 °C denoting maximum degradation rate of CBAB.
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Similarly, CB2AB2 demonstrated only 5% weight loss at 515°C in N2 and 512 °C in air (Figure
2.10.b). In addition, the first derivative curve peaked at 567 °C in N2> and 560 °C in air denoting
maximum degradation rates of CB2AB2. First, no rather sudden decreases in the sample weights
were observed, as those of the cure curves, which denoted fully-cured states of the polymer
foams. The high cross-linked CBAB morphology introduced relatively superior thermal
performance than the low cross-linked counterpart CB2AB2 which was attributed to improved
the extent of bond scissions during the chemical decomposition. Also, use of air atmosphere in
the course of TGA experiments overall resulted in lower degradation rates than the inert
atmosphere of N> which was attributed to adsorptions of molecules on the decomposing surfaces
suppressing the degradations rates. This effect was more pronounced with the high cross-linked

morphology of CBAB due to enhanced interaction area exposed to the air.
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Figure 2.10 Characterization of thermal stability of CBAB (a) and CB2AB2 (b) foams in TGA. Tests
were performed under air and nitrogen.

Figure 2.11 shows thermal expansion characteristics of the foams as a function of
temperature measured using dilatometer. Linear thermal expansion trends were obtained in both
CBAB and CB2AB2 yielding maximum longitudinal extensions of %1.53 and %1.19 at 200 °C,
respectively. Also, the coefficients of thermal expansion of the foams were calculated as 96 x 10
6 /C and 76 x 10°/C for CBAB and CB2AB2, respectively. As results showed, CB2AB2
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generated more confined structure due to its higher molecular weight morphology. This result
was attributed to the increased density of the resultant CB2AB2 foam, which in turn was
understood to be a result of the lower number of moles of acetic acid available to evolve during

the cure reaction and serve as the blowing agent.
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Figure 2.11 Characteristics of thermal expansion of CBAB and CB2AB2 foams.

Figure 2.12 demonstrates mechanical characteristics of the foams under compressive
loads. CB2AB2 delivered a stronger structure over 10.5 MPa strength compared to that of 7.6
MPa with CBAB (Table 2.3). As well, CB2AB2 was stiffer up to 0.30 GPa Young’s modulus,
yet less dense around 0.62 Mg/m? density, in comparison to those of 0.27 GPa and 0.54 Mg/m?,
respectively, of CB2AB2. Similarly, relative densities of CBAB and CB2AB2 are 0.42 Mg/m?®
and 0.48 Mg/m?, respectively. Based on the mechanical testing results, we concluded that higher
molecular weight of CBAB2 embodied polymers with higher structural density, which

eventually gave rise to the enhanced mechanical properties.
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Figure 2.12 Characterization of the compressive mechanical strength of CBAB and CB2AB2

foams.

Table 2.3 Compressive elastic modulus, compressive strength and foam density of CBAB and CB2AB2

foams.
Modulus | Std. | Strength | Std. | Density | Std. Relative Std.
3 :
(GPa) Dev. (MPa) Dev. (Mg/m) Dev. Density Dev.
CBAB 0.27 0.04 7.62 0.5 0.54 0.03 0.42 0.03
CB2AB2 0.30 0.04 10.52 2.30 0.63 0.03 0.48 0.03

2.4 Conclusion

This work demonstrated the heat-induced self-foaming capacity and thermo-mechanical
properties of the aromatic thermosetting copolyester foams. Instinctively occurring phase
transformations during the foaming reaction of the curing polymers were successfully monitored.

Cure and post-cure characteristics of the polymers were also studied to design an optimum cure-

31




cycle for fabrication of the physical products. Then, the foams were characterized by means of
thermomechanical properties, high-temperature thermal stability, linear thermal expansion and
compressive mechanical strength. The aromatic thermosetting copolyester foams are novel
thermoset foams populating a new design space to deliver multifunctional properties for high-
end use. The foams are deliberately lightweight, yet quite strong to endure loadings such as
carried by the fully dense polymers. Possessing high glass transition and thermal degradation
temperatures, ATSP foams can potentially address high-temperature demanding applications that

conventional polymers have failed so far.
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CHAPTER 3: AROMATIC THERMOSETTING COPOLYESTER FOAM CORE AND
ALUMINUM FOAM FACE THREE-LAYER SANDWICH COMPOSITE FOR IMPACT
ENERGY ABSORPTION

3.1 Introduction

Porous morphology allows enhanced energy absorption and impact resistance for
materials [1]. In that regard, aluminum foams possess a high strength-to-weight ratio and sustain
high strain rate large plastic deformations under compressive loading through a plateau-stress
yield region [2, 3]. Hence, the aluminum foams can effectively transform kinetic impact energy
into plastic deformation energy, which enables them to absorb substantially more impact energy
than most bulk metals [4]. Likewise, polymer foams have high energy absorption capacity so that
they can effectively minimize transmitted impact load [5]. However, the polymer foams suffer
from poor resistance to localized impact due to insufficient mechanical properties of their host
polymers [6]. As core materials in sandwich structures, both material systems are joined to face
layers via polymer adhesives. Yet, such adhesives constitute a weak interfacial bonding between

the sandwich layers, which ultimately results in delamination.

This work was previously published: Bakir, M., Bahceci, E., Meyer, J.L., Economy, J., and
Jasiuk, 1., Aromatic thermosetting copolyester foam core and aluminum foam face three-layer
sandwich composite for impact energy absorption, Materials Letters, 196, 288-291 (2017)

Special thanks to Dr. Ersin Bahceci (Iskenderun Technical University, Turkey) for providing
invaluable guidance on the project.

Special thanks to Dr. David Farrow (Mechanical Testing Instructional Laboratory, University of
Illinois) for helping with the lap shear and low-velocity impact tests.

38



We thereby present an ATSP foam core and aluminum foam face three-layer sandwich
composite structure as candidates for impact energy absorption applications. Constituent ATSP
oligomers were demonstrated to develop adhesive bonding with aluminum upon thermal curing
[7]. Nature of the bonding mechanism was attributed to the attraction of surface hydroxyls on the
aluminum to polar ester bonds of the oligomers [8]. Also, we recently introduced a high-
performance ATSP foam fabricated via a heat-induced polycondensation reaction releasing self-
generated blowing agent [9, 10]. The proposed composite foam design builds on these earlier
studies.

3.2  Materials and Methods

Experimental details regarding fabrication of the ATSP foam were explained elsewhere
[9, 10]. A356 alloy melt-route fabricated aluminum foam pieces were purchased (Duocel®,
McMaster-Carr Co., USA) in 10x10x2.5 cm3 and 10x10x1.25 cm3 (length x width x thickness)
sizes.

Lap shear experiments were performed using a tensile load frame (4483 Load Frame,
Instron Testing Systems, USA) with a 1 mm/min constant crosshead speed. Three samples were
tested. The test specimens had half lap-shear joint configurations where two 10x2.5x1.25 cm3
size aluminum foam pieces lapped over 2.5x2.5x0.5 cm3 size mating edges. About 0.25 cm thick
ATSP foam was synthesized between 2.5x2.5 cm2 size joint faces to adhere the two aluminum
foam pieces together. Tests were done in accordance with an ASTM D3163 standard.

Low-velocity impact tests were performed using an impact machine (Dynatup 8250,
Instron Testing Systems, USA). The sandwich specimens were 10x10x3.1 cm3 in size while the
ATSP foam thickness was about 0.6 cm. The specimens weighed about 240 g where ATSP foam

weight was about 50 g. A hardened steel impactor with a 1.9 cm diameter and a 0.95 cm radius
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of curvature was used. The impactor was measured to have a Rockwell C55 hardness. Static
loads of 11.3 kg and 34.0 kg were applied to generate impact energies of 90 J and 200 J,
respectively. Drop heights were about 70 cm, and impact velocities were about 4 m/s.
3.3 Results and Discussion

The fabrication process of the sandwich composite structure is shown in Figure 3.1. A
powder mixture of acetoxy (red color) and carboxylic acid (blue color) functional group
constituent oligomers was sandwiched between two aluminum foam layers, and all were
enclosed by a metal frame. The metal frame was covered with a PTFE fabric peel-ply to prevent
undesired bonding to the oligomer mixture upon curing. Then, the assembly was placed into a
hot press where it was held intact with a steel plate rested on it. Next, a pre-designed thermal
cure cycle was applied in which the esterification reaction initiated at elevated temperatures
(~200 °C) between the functional groups of the oligomers releasing acetic acid as a reaction by-
product. As the process carried on, the oligomers crosslinked to form the ester backbone of the
ATSP foam while the acetic acid generated a porous morphology. In the meantime, the molten
oligomers wetted aluminum foam surfaces developing intimate contact interlayers. Upon curing,
a three-layer sandwich structure was obtained wherein the ATSP foam core solid-state bonded

onto the aluminum foam face layers.
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Figure 3.1 Schematic description of the fabrication process of the sandwich composites.

In Figure 3.2 we demonstrate fabricated sandwich composite structures. ATSP foam
successfully formed between the two aluminum foam layers having a closed-cell morphology.
As seen in the cross-section, ATSP foam established a smooth continuous bond line with both
aluminum foam layers wherein neither bonding layer nor flush were formed (Figure 3.2.a). Also,
we did not observe any significant outflowed polymer from the aluminum layers. The foaming
process tended to evolve inside the enclosed space between the aluminum foam layers and the
metal frame (Figures 3.2.b and 3.2.c). Additionally, the ATSP foam did not expand up through

pore cavities of the aluminum foams. Overall, the samples were in neat shapes, nor requiring

further machining.
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Figure 3.2 Images of the sandwich composite structure.

Lap shear experiments were done to determine adhesion characteristics between the
ATSP foam and the aluminum foam layers of the sandwich composites, as shown in Figure 3.3.
As specimens were pulled under a controlled deformation rate (1 mm/min), they all yielded over
the thinner parts of the aluminum foams with a thickness of about 0.5 cm (Figures 3.3.a and
3.3.b). During this process, the ATSP foam and bonding region remained intact. Lap shear
strength results were between 0.6 to 1.0 MPa, which represented mere tensile strengths of the
bare aluminum foam parts (~1.2 MPa) (Figure 3.3.c). Such slightly lower values are attributed to

uneven pore distributions caused by specimen machining process.

42



C) 1.2 T T T T
g — Sample-1
J —— Sample-2
= 09t —— Sample-3 -
L
o)
C
o
& 06+
@
[4b)
7
o 03 B .
®
-
00 L 1 1 ]

00 02 04 06
Extension (mm)

Figure 3.3 Images of a lap shear sample before (a) and after (b) testing. Results of lap shear strength
measurements (c).
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Figure 3.4 shows drop-weight impact test results of the bare aluminum foams and the
sandwich composite structures. The 1.25 cm and 2.5 cm thick aluminum foams were able to
withstand up to ~3 kN maximum load, which translates into absorption energies of 26 J and 42 J,
respectively, while total applied impact energies were 90 J (Figures 3.4.a and 3.4.b).
Consequently, the impactor passed through both aluminum foam specimens (Figures 3.4.c and
3.4.d). However, the sandwich composite structure was able to completely absorb the total of 90
J impact energy, which corresponded to an 8 kN maximum load (Figures 3.4.a and 3.4.b).
Furthermore, as we increased the applied impact energy up to 200 J, the sandwich composite

structure was able to absorb about 150 J energy.
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Figure 3.4 Drop-weight impact test results representing maximum load (a) and impact energy absorption
(b). Images of impacted bare aluminum foams of 2.5 cm (c) and 1.25 cm (d) thicknesses, and a sandwich
composite structure (e-g).
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We additionally observed that the bare aluminum foams were deformed through broken
cell walls. Although the layer thickness was doubled, the amount of the absorbed impact energy
by the bare aluminum foams did not reflect such thickness effect. On the other hand, the three-
layer sandwich composite structure was able to absorb up to four-fold higher impact energy, as
compared to the bare aluminum foam of the same layer thickness. Its energy absorption density
was calculated to be about 200 J-cm3/g. The sandwich structure successfully stopped the
impactor inside the ATSP foam core region such that only a small dent was generated on the
bottom aluminum foam layer. We concluded that the interfacial bonding along with strong
mechanical properties of the ATSP foam core gave rise to such an enhanced impact energy
absorptive sandwich composite structure. The ATSP foam cores produce robust interfacial
bonding during cure with high-performance aluminum and titanium alloys, stainless steel, and
high-temperature polymer composite laminate face sheets [8]. Thus, ATSP foam core sandwich
structures can address structural, ballistic, crash impact energy absorption applications.

3.4  Conclusion

We developed an ATSP foam core and aluminum foam face three-layer sandwich
structure bonded via the foaming process. The interlayer adhesion strength outperformed
mechanical limits of the bare aluminum foam. The sandwich structure had superior impact
energy absorption performance as compared to the bare aluminum foams. This work provides a
framework for more detailed studies of these materials and demonstrates their utility as

composite core materials.
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CHAPTER 4: AROMATIC THERMOSETTING COPOLYESTER NANOCOMPOSITE
FOAMS: HIGH THERMAL AND MECHANICAL PERFORMANCE LIGHTWEIGHT
STRUCTURAL MATERIALS

4.1 Introduction

The foremost challenge in the development of structural materials for transportation is
weight reduction in major load-bearing metal components to increase fuel efficiency. Three
viable solution approaches to address this issue include: (1) accommodate conventional metals
with reduced density, (2) employ alternative higher performance metals with cost penalty, and
(3) explore polymer matrix composites. First, utilizing conventional lightweight metals can
readily ensure cost-effective, rapid and reliable solutions. For example, aluminum alloys have
been adopted by the automotive industry to enable significant weight reduction by replacing steel
components [1]. Second, applications of higher performance metals can provide further
improvements (e.g. magnesium alloys) beyond the conventional solutions, yet come along with
increased raw material costs [2]. Third, polymer matrix composites can generate very lightweight
structures without compromising strength and structural stability [3]. For instance, fiber
reinforced polymer matrix composites have become a primary structural element in the aircraft
industry due to a substantially improved fuselage weight performance [4]. Currently, the alloy
and polymer composite configurations are essentially suitable for panel skin components in the

structural applications.

This work was previously published: Bakir, M., Meyer, J.L., Economy, J., and Jasiuk, I.,
Aromatic thermosetting copolyester nanocomposite foams: high thermal and mechanical
performance lightweight structural materials, Polymer, 123, 311-320 (2017)
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Hence, there remains a need for space-filling, strong, and lightweight structural materials.
Polymer foams have low-density structures [5] along with acoustic damping properties [6], [7],
[8] which make them promising candidates for such an application space. However, current
polymer foam configurations are lacking in mechanical strength and thermal stability due to
limitations stemming from their base polymers. Alternatively, polymer nanocomposites foams,
incorporating nanoparticle fillers developed in the past decade, demonstrated notable
improvements in thermophysical properties [9], [10], [11], [12], [13] and [14]. Further details on
the polymer nanocomposite foams can be found in comprehensive literature reviews [15], [16]
and [17].

Particularly, carbon nanofiller incorporated nanocomposite polymer foams have drawn
considerable interest to address certain aspects of the structural applications. For instance,
graphene oxide infused cellulose matrix nanocomposite foams exhibited improved fire-
retardancy and high-performance thermal insulation [18]. Also, polymer nanocomposite foams
with relatively low carbon nanofiller loadings (<1 wt.%) obtained substantially increased
electrical conductivity and electromagnetic interference shielding effectiveness (~30 dB) [19],
[20], [21], [22] and [23]. Furthermore, the CNT incorporation in polymer nanocomposite foams
helped to enhance acoustic absorption capabilities [24]. However, as noted above, the
demonstrated nanocomposite configurations were deficient in mechanical strength and thermal
stability due to mediocre inherent properties of their host thermoplastic polymer matrices. On the
other hand, regarding fabrication methods of the polymer nanocomposite foams, solution-mixing
and melt-blending approaches were extensively utilized to combine nanofillers and the polymer
media. Consecutively, blowing agents (e.g. supercritical CO2) were injected into the two-

compound systems to initiate foaming processes, and then porous morphologies were generated
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[14]. However, these conventional approaches were strictly contingent upon, first, homogenous
and intact dispersions of the nanofillers, and, second, the solubility of the blowing agents in
polymer solutions. The two issues became critical as processing parameters were subject to
change since viscosities of the molten media would vary with different geometry and loading
levels of the nanofillers [25], [26] and [27]. As a result, such polymer nanocomposite foam
structures do not fully benefit from the use of the carbon nanofillers, as also reflected in their
limited structural properties.

All in all, the polymer nanocomposite foams bear a technological potential by exclusively
embodying multifunctional material properties within low-density structures to address cutting-
edge structural application problems. However, contemporary material configurations could only
attain limited structural performances, caused either by modest physical properties of host low-
performance commodity polymers, or nanofiller-averse processing techniques. As an alternative
strategy, we introduce aromatic thermosetting copolyester nanocomposite foams fabricated via in
situ hydrodynamic forces induced during the polymer condensation reaction which, in return,
yielded significant improvements in the thermophysical properties. This method also allowed
easy incorporation of arbitrary forms of carbon nanofillers into a polymer matrix, and facilitated
homogenous and intact dispersion of the nanoparticles. The high physical property enhancements
indicated strong compatibility between the carbon nanofillers and ATSP matrix. Thus, the novel
ATSP nanocomposite foams possess superior structural properties as fabricated through a simple
and easily adaptable method to potential structural applications.

4.2 Materials and Methods
The carboxylic acid and acetoxy functional group constituent oligomers were synthesized

using biphenol diacetate (BPDA), 4-acetoxybenzoic acid (ABA), isophthalic acid (IPA), and
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trimesic acid (TMA) (Sigma-Aldrich Co., USA) at particular molar feed ratios of 1:2:3:2 and
1:0:3:3 of TMA:IPA:ABA:BPDA for the matching carboxylic acid-capped and acetoxy-capped
oligomers, respectively. Further details regarding synthesis protocols are given in earlier works
[28], [29] and [30].

The ATSP nanocomposite foams were obtained via a condensation polymerization
reaction between carboxylic acid and acetoxy functional group oligomers, which generated a
cross-linked aromatic polyester backbone and emitted acetic acid as a reaction by-product
(Figure 4.1.a) [28]. Phase transformations which occur during the thermal cure cycle are
illustrated in Figure 4.1.b. The thermal cycle included two dwell stages at 202 °C for 90 minutes
and 270 °C for 150 minutes, which corresponded to relaxation/melting of the constituent
oligomers and nucleation/bubble growth through the release of the acetic acid, respectively.
Additionally, the thermal cycle had a final cure stage at 330°C for 90 minutes. The carboxylic
acid and acetoxy-capped oligomers (at 1:1 weight ratio) were mixed in the solid state as dry
powders with carbon nanofillers of 3 wt.% at room temperature. The carbon nanofillers were
Carbon Black (CB) (Vulcan XC72, Cabot Corp., USA) (bulk density: 264 kg/m?®), Carbon
Nanotube (CNT) (Industrial-Grade Multi-Walled Carbon Nanotubes, US Research
Nanomaterials, Inc., USA) (outside diameter (OD): 10-30 nm, inside diameter (ID): 5-10nm,
length: 10-30 um, bulk density: 2100 kg/m®), and Graphene Nanoplatelet (GNP) (Grade M-5,
XG Sciences, Inc., USA) (flake diameter: ~5 pm, thickness: 6-8 nm, density: 2200 kg/m?). We
named the neat foam and nanocomposite foam as neat ATSP and ATSP-Nanofiller Type,

respectively.
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Figure 4.1 Schematic representations of the interchain transesterification polymerization reaction
mechanism between the acetoxy and carboxylic acid functional groups generating aromatic polyester
backbone and discharging acetic acid (a). Phase transformation stages developed during the thermal cure
cycle of the nanocomposites (b).

Regarding the visual analysis of the polymerization reaction, and, particularly, the bubble
nucleation/growth image, the powder-form mixed combinations were sandwiched between two
glass coverslips, and then the sandwiched piece was placed onto a heating stage (TMS 91
Linkam Scientific Instruments Ltd., UK). The heating stage was then separately set into an
upright bright-field optical microscope, and a temperature-ramp heat cycle with constant 40
°C/min heating rate was applied. Ultraviolet (UV) light images were obtained using a handheld
lamp at 365 nm wavelength.

The cure characteristics of the nanocomposite foams were analyzed using a Differential

Scanning Calorimetry (DSC) (DSC 2910, TA Instruments, USA) and Thermogravimetric
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Analysis (TGA) (TGA 2950, TA Instruments, USA). The tests were performed under dry
nitrogen. In the DSC measurements, the first cycle denoted curing cycles of the mixed
combinations (~15-20 mg) where they were heated up to 400 °C with a 10 °C/min heating rate,
in about 40 minutes. Following this, the samples were kept under nitrogen, to minimize exposure
to the oxidative environment and thermal degradation effects, until the temperature of the DSC
heating cell returned to room temperature, in about 2 hours. Afterward, post-curing cycles were
applied on the samples heating them back to 400 °C with a 10 °C/min heating rate. Similarly, in
the TGA measurements, the first cycle denoted curing cycles of the mixed combinations in
which the combinations were heated up to 330 °C with a 10 °C/min heating rate in about 30
minutes, and then the temperature was held constant at 330 °C for about 90 minutes. As the
mixed combinations were cured following the temperature-hold step, the samples were kept
under nitrogen, to minimize exposure to the oxidative environment and thermal degradation
effects, until the temperature of the TGA heating chamber returned to room temperature, in about
2 hours. Then, post-curing cycles were applied to the cured combinations, heating them again up
to 330 °C with 10 °C/min heating rate, and holding the temperature constant at 330 °C for about
90 min.

Scanning Electron Microscopy (SEM) (S-4800, Hitachi, Japan) was used in the high-
resolution mode to image microstructures of uncured powder combinations and fracture surfaces
of the nanocomposite foams to analyze distributions of the carbon nanofillers in the matrix. The
SEM was operated in high-resolution upper detector mode at 10 kV voltage and 5 pA current.
The samples were sputter coated with Pd-Au to minimize charging effects.

Morphologies of the nanocomposite foams were characterized using X-ray diffractometer

(XRD) (PANalytical/Philips X pert, Netherlands) with Cu K-alpha source operated at 45 kV and
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40 mA, and 0.15148 nm wavelength with 0.01 °/s scanning rate, scanned between diffraction
angles of 20=10° and 26=60°.

Linear thermal expansion characteristics of the nanocomposite foams were measured
using a horizontal digital dilatometer (Model 2010 B, Edward Orton Jr Ceramic Foundation,
USA). The tests were performed under air. A temperature-ramp heating cycle was applied with a
constant 3 °C/min heating rate until 200 °C. The samples had cylindrical shapes with a diameter
of 1.27 cm and a height of 2.54 cm.

Thermal degradation stability temperatures of the nanocomposite foams were
characterized using the TGA. A temperature-ramp heating cycle was applied with a constant 10
°C/min heating rate until 600 °C. Specimens weighed about 10-15 mg.

Compressive mechanical properties of the nanocomposite foams were measured using a
compressive load frame (4483 Load Frame, Instron Testing Systems, USA) with a constant
crosshead speed of 6 mm/min. The specimens were cylindrical in shape with a diameter of 1.27
cm and a height of 2.54 cm. Structural density calculations were performed using the Buoyancy
Method. Relative density was calculated as the ratio of the measured structural density of the
nanocomposite foam to the density of neat fully dense ATSP (1.27 Mg/m®). The compressive
mechanical properties were averaged over five test samples, and standard deviations were given
by error bars, accordingly.

4.3  Results and Discussion

We first explain the oligomer and nanofiller powder solid state mixing approach utilized
for the fabrication of the ATSP nanocomposite foams. In this method, as-purchased chemically
pristine (non-functionalized) carbon nanofiller powder (3 wt.% of CNT, GNP and CB,

separately) was mixed with uncured ATSP powder (composed of acetoxy and carboxylic acid-
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functional group oligomers mixed at 1:1 weight ratio), which formed a carbon nanofiller-ATSP
powder combination in solid state. As shown in Figure 4.2.a, the black carbon nanofiller powder
turned white ATSP powder to pitch dark, which indicated a sufficiently uniform distribution of
the carbon nanofillers with the ATSP precursor oligomers. Additionally, UV light images clearly
displayed distribution quality of the carbon nanofillers at macroscale in the powder combination
form (Figure 4.2.b). More importantly, the method inherently provided a “soft-bed” (the ATSP
being in powder form) for the carbon nanofillers during the mixing step, which helped to retain
their as-produced pristine geometries (Figure 4.3. a). This approach is in contrast to conventional
liquid-phase shear-mixing based methods, which are known to be “nanofiller-averse,” as they
typically cause polymer nanocomposites to have broken nanofillers and aggregated nanofiller
regions [31] and [32]. Therefore, the polymer nanocomposite configurations demonstrated so far
only moderate structural property enhancements through the addition of nanofillers [33]. Herein,
as a result of our “nanofiller-friendly” processing method, the ATSP nanocomposite foams
yielded significant structural property improvements, as further discussed later in the text. Also,
the mixing process established a geometrical conformity between ATSP oligomer particles of
~100 um in diameter and the carbon nanoparticles having micron-scale surface features, wherein
the nanofillers formed additional short-range attractive interactions with the ATSP oligomer
particles. Hence, the van der Waals forces between individual nanofiller particles were mitigated
through the polymer-nanofiller interactions, which facilitated separation of the individual
nanofillers in solid state prior to the polymerization process (Figure 4.3. b-d) [34]. Hence,
homogenous distribution of the carbon nanofillers at the micron scale was successfully achieved

via the powder mixing technique.
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Next, we report observations obtained during the polymerization reaction using a heating-
stage assisted optical microscope. Since the nature of the polymerization process between the
constituent oligomer groups was discussed in greater details elsewhere [28], only key issues are
highlighted here. Briefly, when a temperature-ramp heating cycle was applied, oligomer particles
melted at around 170°C. Then, the polycondensation reaction was observed to start at around 200
°C, which was indicated by bubble formation in the melt. The acetic acid by-product was evolved
as a gas as it was well above its boiling point of 118 °C. When the temperature was further
increased through the polymerization reaction, the gaseous acetic acid formed a porous
morphology within the oligomer melt medium. From prior studies, at elevated temperatures
(~290 °C), temperature-driven hydrodynamic motion within the melt apparently caused
relocation of the blowing agent bubbles, which in this study enabled redistribution and then
rearrangement of the nanofiller particles in the molten domain prior to the curing [28, 35]. This
will be systematically studied at microscale via temperature-controlled in-situ electron

microscopy in the future.
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Figure 4.2 Images of the carbon nanofiller powder, uncured ATSP powder, carbon nanofiller-ATSP
powder combination, the ATSP-3 wt.% GNP combination during the polymerization reaction at 290 ° C,
and a fabricated ATSP nanocomposite foam (a). Room light and UV light images of the uncured ATSP
powder, pristine carbon nanofiller, and carbon nanofiller-ATSP powder mixture (b).

57



Figure 4.3 SEM images of the powder combinations. An isolated individual oligomer particle decorated
with nanofiller particles (a), and distributed GNP (b), CNT (c) and CB (d) nanoparticles on the oligomer
particle surfaces.

We analyzed thermal characteristics of the polymerization reaction for each powder
combination applying a temperature-ramp heating cycle in the DSC. Figure 4.4 shows cure and
post-cure behaviors of the three combinations (ATSP-CNT, ATSP-GNP, and ATSP-CB) in
comparison to a parent ATSP powder. We observed that all the powder combinations, as well as
the neat ATSP powder, exhibited endothermic profiles during the heating cycle due to the
condensation polymerization reaction carried on between the oligomer groups. In the heat flux
curves, the combinations initially formed a dimple at around 75-80°C indicating softening of the

oligomer groups. Following this, melting of the oligomers started which displayed isothermal-
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plateau regions extending until about 200 °C where the polycondensation reaction started. Then,
the GNP and CNT combinations showed sharp downward trends corresponding to sudden heat
uptakes into their melt systems. We attributed such abrupt behaviors to acetic acid discharge-
driven bubble growth during the polycondensation reaction through the presence of the carbon
fillers. This behavior can be detailed with the homogenous bubble nucleation model (classical
nucleation theory) [36]. The model defines Gibbs free energy (AG) as the driving factor for
bubble nucleation and growth being functions of volume free energy (AGy) (energy difference
between the gas and polymer phases) and gas-liquid (bubble-polymer) interface surface energy
(y). Hence, as the carbon nanofillers increased the viscosity of the molten domains [37], the
blowing agent (acetic acid) would require much more heat energy (AGv) to overcome present
viscous forces (y) while working towards maintaining bubble growth, which yielded those
endothermic features in the heat curves. After that, the powder combinations revealed distinct
cure regions between 270 °C and 330 °C temperature range. The cure regions of the
combinations had slightly broader temperature window as well as stronger endothermic nature
than the parent material. Moreover, especially in the GNP and CNT combinations, the peak cure
temperature slightly shifted to a lower value (~ 300 °C), which could have two underlying
reasons. First, the increased melt viscosities for thermosets could cause early initiation of
gelation and cross-linking at relatively lower temperatures [38]. Second, the reactive functional
groups of the oligomers could graft onto carbon nanofillers that would alter viscous
characteristics of the molten domain prompting a lower temperature curing [39]. Following the
cure cycles, we subsequently performed post-cure analyses of the corresponding combinations.
Nearly-flat isothermal characteristic curves, without any features of the prior curing processes,

were obtained for all of the combinations, which clearly indicated their sufficiently cured
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conditions. Overall, we observed that the GNP and CNT could marginally change cure
characteristics of the powder combinations, yet conclusive remarks would require further

systematic rheological and spectroscopical analyses.
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Figure 4.4 DSC analyses of cure and post-cure characteristics of the nanofiller-ATSP powder
combinations. Tests were performed under nitrogen. The heating rate was 10 °C/min.

Additionally, thermogravimetric characteristics of the polymerization reaction for the
powder combinations were measured using the TGA. Heating cycle included two stages:
temperature-ramp until 330°C (the final cure temperature used in the heating cycle), and
isothermal temperature-hold at 330°C for 90 minutes. Figure 4.5 shows cure and post-cure
behaviors of the three powder combinations in comparison to a parent ATSP powder. The main
characteristic of the thermogravimetric curves was the substantial weight loss occurred between
15-40 min. time-window, corresponding to 200-330 °C temperature-range. Such a steep decrease

(~15 wt.% of the initial combination) took place as a result of the acetic acid emission being the
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by-product of the polycondensation reaction. The results did not reveal any notable differences
among the powder combinations as well as the parent ATSP powder. It indicated that the
polymerization reaction ordinarily progressed successfully forming the ATSP backbone of the
nanocomposite foams. The subsequent gradual decline in the thermogravimetric curves within
the temperature-hold region (40-120 min.) corresponded to cross-linking formation wherein only
small weight loss occurred. The slight mass losses happened due to thermal degradation of
reactive functional groups in the course of curing at high temperature. Afterward, post-cure
cycles of the corresponding combinations demonstrated nearly-flat thermogravimetric curves

indicating effectively cured conditions of the combinations during the first cycles.
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Figure 45 TGA analyses of cure and post-cure characteristics of the nanofiller-ATSP powder
combinations. Tests were performed under nitrogen. The heating rate was 10 °C/min.

Having the cure characteristics analyzed on the powder combinations, we applied the
previously demonstrated thermal cycle [28] to enable sufficient curing for the nanocomposite

foams (see experimental section 4.2 for details). Microstructural analyses on the nanocomposite
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foams were conducted using SEM, as shown in Figure 4.6. Low-magnification images clearly
displayed porous morphologies of the nanocomposite foams (Figures 4.6.a-b) which evinced that
the polymerization reaction successfully developed during the fabrication cycle. Furthermore,
high-magnification images showed the carbon nanofiller particles dispersed in the ATSP matrix.
Although such microscale images were not conclusive about overall macroscale distributions of
the nanofillers, we did not observe any significant agglomeration regions formed in the matrix.
In particular, the GNP nanofillers were very well distributed in the ATSP matrix (Figure 4.6.c)
while preserving their pristine geometries (as-fabricated GNP flake size was ~5 pm) (Figure
4.6.d). Also, CNT nanofillers (Figure 4.6.¢) displayed small aggregation sites, about 5 um in
diameter, while CNTs easily bundled up. Micron-size oligomer particles did not necessarily
penetrate through very small distances (on the order of nanometers) between individual CNTSs.
However, those aggregation sites were very well infiltrated and enclosed by the ATSP matrix
upon polymerization which enabled CNT to behave like micron size fibers. Interestingly, CNTs
preferentially self-aligned along pore surfaces, which could be one of the factors that yielded
significant improvements in the mechanical properties, as explained later. Additionally, CB
particles (Figure 4.6.f) demonstrated micron-scale segregation groups in the matrix, which in fact
was an overall good dispersion condition for the individually nanosized particles. In summary,
based on the SEM images, the nature of the mixing process allowed effective dispersion of the
GNPs due to the aforementioned geometrical conformity. However, further studies using
tranmission electron microscopy would help to understand the dispersion of the nanoparticles at

finer scales.
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Figure 4.6 SEM images of nanocomposite foams. ATSP-GNP specimen on cross-section (a), surface
topology (b), nanofiller distribution on pore surface (c), and an isolated GNP flake (d). ATSP-CNT
sample nanofiller distribution (f). ATSP-CB sample nanofiller distribution (e).

In addition to the microstructural analysis, phase morphologies of the ATSP
nanocomposite foams were characterized using XRD, as shown in Figure 4.7. The neat ATSP

foam demonstrated a very broad primary peak centered around 26=20°, which was expected due
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to amorphous polymer morphology. The nanocomposite foams displayed similarly broad
primary peaks, which indicated that amorphous nature of the host ATSP matrix likewise was
preserved. We also observed several characteristic effects arising from the carbon nanofillers.
We note that hexagonal lattice structure of graphitic carbon displays a (002) diffraction peak,
which gives rise to a broad peak in CB [40] and sharp peaks in CNT and GNP [41]. In that
regard, the CB nanofiller generated a shoulder on the primary amorphous ATSP peak. These
features suggest that highly disordered (amorphous) form of the pristine CB in the matrix caused
peak broadening while being well incorporated into the matrix. On the other hand, having highly
crystalline sp2 hybridized networks, the CNT and GNP nanofiller incorporated foams revealed
sharp characteristic peaks of the carbon morphology, which also indicated that relatively pristine
geometries of the nanofillers remained intact during the fabrication process. Such low intensities
of the carbon peaks (as compared to that of the primary peak) indicated effective interactions
with the host matrix. Also, quite low carbon nanofiller loadings (3 wt.%) could cause the low

intensity for the characteristic carbon peaks.
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Figure 4.7 XRD spectra of the neat foam and the nanocomposite foams.

The negative CTE of graphene was demonstrated to reduce thermal expansion of polymer
nanocomposites [42]. This finding indicates a strong compatibility between carbon nanoparticles
and the host matrix. Hence, we analyzed linear thermal expansion characteristics of the
nanocomposite foam structures using a dilatometer, as shown in Figure 4.8. We observed that
linear expansion ratios tended to decrease for the nanocomposite morphologies. In particular,
CNT and GNP nanocomposite foams displayed about 1.1% linear expansions, in the longitudinal
direction, as CTEs were calculated to be 75 x 10 °C™. The neat ATSP foam had about 1.5%
linear expansion with CTE of 100 x 10 "C%. Such substantial decreases (~25%) in the CTE for
the nanocomposite foams were indicative of favorable interfacial interactions between the GNP

and CNT nanofillers with the ATSP matrix, which could result in altered chain relaxation
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behaviors [42]. Note that ATSP-CB nanocomposite foams did not show a significant difference

from the neat foam.
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Figure 4.8 Dilatometer analyses of linear thermal expansions on the neat foam and the nanocomposite
foams. Tests were performed in air. The heating rate was 3 °C/min.

Figure 4.9 shows thermal degradation stability characteristics of the nanocomposite
foams measured using TGA. We evaluated thermal performances of the nanocomposites based
on two reference temperature metrics: 5% weight loss and the peak position of the mass
derivative. In that regard, we observed that the 5% weight loss temperatures increased by around
20-30 °C for the nanocomposite foams. Similarly, the peak temperatures positively shifted by
about 4-8 °C. As well, the nanocomposite foams had the mass derivative rates (which is the
thermal degradation rate) marginally suppressed in comparison to the neat foam. The formations
of chemical bonds or modifications in chemical structures could cause either positive or negative

temperature shifts in thermal decomposition behaviors of polymers. Hence, the non-
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functionalized carbon nanofillers could graft onto the ATSP chains that would yield the
improved thermal degradation responses. The enhancements in thermal performances of the
ATSP nanocomposite foams are noteworthy due to the already exceptionally high thermal
performance of the neat ATSP foam [28]. Lacking further evidence on this point, we also
understand that the carbon nanofillers constituted thermal barriers that could protect the ATSP
backbone from further thermal effects, thereby bond scissions were slowed down during the

courses of thermal degradation processes [43].
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Figure 4.9 TGA measurements of thermal degradation stability of the nanocomposite foams.
Thermogravimetric analyses (TG) (a), derivative thermogravimetric analyses (DTG) (b) and comparative
results (c). Tests were performed under nitrogen. The heating rate was 10 °C/min.

Lastly, we discuss compressive behaviors and mechanical characteristics of the ATSP
nanocomposite foams. Representative compressive stress-strain curves of the nanocomposite

foams revealed two distinct features: increased compressive strength and extended compressive
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strain ratio at fracture as demonstrated in Figure 4.10. In other words, the nanocomposite foams
possessed remarkably stronger, though not necessarily stiffer, and more damage-tolerant
morphologies as compared to the neat ATSP foams. Regarding the mechanical strength, earlier
studies on polymer nanocomposites (bulk forms) demonstrated that the carbon nanofillers
improved mechanical properties [44], yet such significant jumps (up to two-times) observed in
this study are quite substantial for the given low-density porous morphologies. More
importantly, improved mechanical properties in the polymer nanocomposites came generally
along with deformation penalty in which the nanocomposites obtained more brittle
characteristics. However, the ATSP nanocomposite foams uniquely enabled simultaneous
increases in the strength and the maximum strain, meaning improved material toughness. Hence,
the ATSP nanocomposite foams bear exclusive mechanical characteristics that could potentially

address conflicts of strength versus toughness in lightweight structural material designs [45].
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Figure 4.10 Representative compressive stress-strain curves of the nanocomposite foams.

69



Comprehensive mechanical properties of the nanocomposite foams are presented in
Figure 4.11. The compressive mechanical strengths of the nanocomposite foams enhanced by
38.1% (10.5+2.2 MPa) with CB, 109.2% (15.9+£2.8 MPa) with CNT and 101.3% (15.3£1.6 MPa)
as compared to the neat ATSP foam ( 7.6+0.5 MPa) (Figure 4.11.a). Also, while the neat foam
could maintain 5.3x1.1 % strain ratio at the maximum compressive stress, that property was
extended by 31.1% (7+1.5 %) with CB, 78.1% (9.5+1.2 %) with CNT and 46.6% (7.8+1.2 %)
with GNP (Figure 4.11.b). In addition, Young’s Modulus improved by 3.7% (0.28+0.04 GPa)
with CB, 25.9% (0.34+0.15 GPa) with CNT and 74% (0.47+0.04 GPa) with GNP (Figure
4.11.c) compared to parent foam (0.27£0.04 GPa). Similarly, structural densities of the
nanocomposite foams increased by 9.2% (0.59+0.03 Mg/m®) with CB, 33.3% (0.72+0.01
Mg/m®) with CNT and 38.9% (0.75+0.04 Mg/m?®) with GNP in comparison to neat the ATSP
foam (0.54+0.03 Mg/m®) (Figure 4.11.d). Thus, the nanocomposite foams had higher relative
densities of 0.46+0.03 with CB, 0.56£0.01 with CNT and 0.59+0.04 with GNP as compared to

0.42+0.03 of the neat ATSP foam.
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Figure 4.11 Compressive mechanical properties of the nanocomposite foams. Compressive strength (a),
strain measured at maximum stress (b), Young’s modulus (c) and structural density (d).

Based on these results, the nanocomposite foams possessed higher structural densities
than the neat foam by around 9-39%, which appeared to prompt enhancements of the
compressive strength and Young’s Modulus, as also predicted by analytical models [46] and
[47]. As discussed above, preferential self-alignment of the CNTs generated excellent load
transfer networks within the nanocomposite foams demonstrating exceptional improvement [48].
Also note that chemical grafting mechanisms between the carbon nanofillers and the ATSP
matrix could potentially cause dramatic property improvements, but the ATSP nanocomposites
would require further analyses to understand effects of interfacial coupling [49] and [50]. Also,

increased maximum load strains indicated more deformation tolerant structures, which
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developed excellent load transfer rates coming along with unique morphologies of the
nanofillers.
44  Conclusion

We introduced the novel high-performance ATSP nanocomposite foams fabricated via a
facile powder based mixing method. The nanocomposite foams demonstrated quite homogenous
distributions of the nanofillers within the matrix as enabled through the fabrication process.
Thermal expansion reduced with the use of the carbon nanofillers that underlined good structural
unity in the structures. Also, thermal degradation performance improved with the addition of
carbon nanofillers. More importantly, both compressive strength and strain increased
substantially giving increased material toughness. Thus, the aromatic thermosetting copolyester
nanocomposite foams are lightweight, mechanically strong, and thermally durable
multifunctional structures utilizing strong interactions with the carbon nanofillers which can

potentially be used for variety of technological structural applications.
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CHAPTER 5: PERIODIC FUNCTIONALIZATION OF GRAPHENE-LAYERED
ALUMINA NANOFIBERS WITH AROMATIC THERMOSETTING COPOLYESTER
VIA EPITAXIAL STEP-GROWTH POLYMERIZATION

51 Introduction

Fabrication of unidirectionally aligned carbon nanotube (CNT) reinforced polymer
matrix nanocomposites has been a long-standing challenge in the structural materials technology
[1]. Additionally, realizing a robust interfacial attachment mechanism between nanofillers and
host polymer matrix holds great promise to enhance overall macro-scale properties of
nanocomposites [2,3]. In this regard, forming periodically functionalized and crystalline texture
shish-kebab architectures on matrix-embedded nanostrands through utilizing intrinsic
characteristics of semicrystalline polymer systems represents a facile interfacial coupling scheme
[4]. Within that framework, the carbon nanostructures essentially pose nucleation sites at the
interface with the surrounding polymer medium during a polymer crystallization process. Two
factors could be highlighted here that control the development of the crystalline structures.
Initially, a concentration gradient develops on the polymer side over the contact boundary region
that generates such periodically located nucleation sites. Afterward, the high in-plane thermal
conductivity of the carbon surface causes a temperature gradient to develop at the nucleation

sites [5].

This work was previously published: Bakir, M., Meyer, J.L., Hussainova, l., Sutrisno, A.,
Economy, J., and Jasiuk, 1., Periodic functionalization of graphene-layered alumina nanofibers
with aromatic thermosetting copolyester via epitaxial step-growth polymerization,
Macromolecular Chemistry and Physics, 218, 1700338 (2017).

Special thanks to Dr. Irina Hussainova (Tallinn University of Technology, Estonia) for providing
invaluable guidance on the project.
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Building on this, there are two mechanisms that consecutively modulate the structural
forms of the lamellae [6]. The first is that the polymer chains can adopt an epitaxial growth
mechanism through a rigorous lattice match with the nanofillers [7]. Alternatively, preferential
self-alignment of the chains around such nanofibrils can be enabled via size compatibility
wherein the nanofillers merely constitute geometrical confinements; the mechanism is coined as
size-dependent soft epitaxy.[! More importantly, through such an in situ functionalization
mechanisms, structural integrity and physicochemical properties of the nano-reinforcements can
be effectively preserved within the polymer matrix [6].

Recently, successful protocols for the development of periodically assembled shish-kebab
structures have been demonstrated on CNTs employing numerous semicrystalline polymers, as
tabulated in the comprehensive reviews [5,6]. For example, Li et al. showed CNT-driven
crystallization in polyethylene and nylon wherein the polymer chains assembled through size-
dependent soft-epitaxy [4]. Similarly, Reasco et al. demonstrated that single-walled CNT
reinforced polypropylene formed an in situ crystallinity [8]. Jandt et al. investigated poly(e-
caprolacetone) with multi-walled CNTs and they observed the development of hierarchical
shish-kebab structures [9] Kumar et al. studied the CNT-based fibers in polyethylene and
showed the formations of transcrystalline lamella regions upon successive melting and
recrystallization processes [10]. Shah et al. investigated poly(3-hexylthiophene) with CNTs and
demonstrated that the crystallinity formed through an epitaxial growth mechanism [11].
Additionally, isotactic polypropylene was shown to develop ordered-carbon induced
transcrystalline domains on graphene oxide fibers [12]. Leibler et al. showed the development of
crystallinity in polyamide-6 on CNT surface [13]. Lastly, Vilatela et al. analyzed macro-scale

fibers in polyvinylidene fluoride, isotactic polypropylene, and poly(lactic) acid in which
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heterogeneous nucleation initiated non-epitaxial growth of crystalline sites on the fiber surface
[14].

Despite these extensive efforts, there remains two major challenges to realize the
unidirectionally oriented nanofiber reinforced polymer matrix composites. First, such
periodically functionalized nano-hybrid shish-kebab configurations are established via
intrinsically semicrystalline thermoplastic resin systems which genuinely constitute inferior
physical properties for high-performance demanding structural applications. Second, CNTs are
conventionally obtained in relatively smaller lengths, which can only be incorporated into matrix
by means of random distribution and mixing. Bulk processing of CNTSs into fabrics is still an
active area of research which requires development of new manufacturing processes. Hence,
further development of the nano-hybrid shish-kebab configurations requires uses of a polymer
matrix system which possesses strong physical properties and a nanofiller particle system which
can be processed into unidirectionally aligned bulk forms. On top of this, the polymer matrix and
nanofiller particles should inherently form robust interfacial coupling. In this paper, we present a
solution-driven periodic functionalization and interfacial coupling mechanism of unidirectionally
processed chemically pristine ANFC strands with amorphous and highly-crosslinked
morphology ATSP matrix. The interfacial attachment of the ATSP resin with ANFCs gives rise
to formation of periodically assembled mesomorphic lamellae on the nanofiller surface in which
ATSP and ANFCs develop nanohybrid shish kebab structures.

The condensation polymerized thermoset nature of the lamellae also presents a unique
synthetic route as compared to previously reported shish-kebab structures. A 3D network of
highly-aligned and self-assembled ANFCs provide ultra-high anisotropy ratio to tailor size,

orientation and intra-fiber spacing. Yet, conventional mixing process of such nanofillers could
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generate inhomogeneous distribution throughout the matrix. The multi-layer graphene coating of
the ANFCs introduces electronic functionality to the non-conductive matrix system. The
electroconductivity is highly directional via unidirectionally oriented configuration of the ANFC
bundles. The ANFCs can simultaneously introduce structural stiffness combined with enhanced
toughness and increased electroconductivity for development of anisotropic bioinspired
nanocomposites. The ANFC surface is chemically pristine (non-functionalized), yet due to the
presence of inherent oxygen-bearing reactive groups interfacial coupling is facilitated with the
host ATSP matrix [15,16].

Unidirectionally oriented ANFC bundles were dip-coated with both dilute (0.05 g/mL)
and concentrated (0.5 g/mL) ATSP oligomers as dissolved in dimethyl sulfoxide (DMSO)
solvent. Following a thermal (condensation) polymerization process, the ATSP resin showed
crystalline carbonaceous surface-induced lamella formation on the ANFC surface. Particularly,
the low concentration ATSP specimen demonstrated periodically located lamellae resembling a
nano-hybrid shish-kebab structure. As well, the high concentration ATSP specimen clearly
displayed an epitaxial growth mechanism on the ANFC surface. We hereby discuss a working
mechanism based on the Plateau-Rayleigh instability, the Marangoni effect, and epitaxial lamella
growth to explain governing factors during this process. XRD analyses clearly demonstrated the
development of mesomorphic lamella domains in the ATSP chains. Also, sSSNMR and TGA
measurements showed an effectual interfacial chemical coupling mechanism between the ATSP

matrix and the ANFCs network.
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5.2  Materials and Methods

The carboxylic acid (C1) and acetoxy (A1) functional groups oligomers were used to
produce crosslinked morphology amorphous aromatic thermosetting copolyester (ATSP) resin.
The constituent oligomers were synthesized using trimesic acid (TMA), isophthalic acid (IPA),
4-acetoxybenzoic acid (ABA) and hydroquinone diphthalic anhydride (HQDA) (Sigma-Aldrich
Co.) via melt-oligomerization method at molar feed ratios of 2:3:6:4 and 2:2:2:7 of
TMA:IPA:ABA:HQDA for C1 and A1, respectively.

The pristine alumina nanofibers with extremely high aspect ratio (107) while an
individual fiber diameter was 10 +2 nm were coated with graphene through a chemical vapor
deposition (CVD) process. In this process, inherently porous fiber bundles were placed into a
quartz tube where gas flow promoted graphemic surface formation through the structures.

The carboxylic acid and acetoxy functional group oligomers were mixed at 1.1:1 weight
ratio both in powder forms. Then, the oligomer mixtures (C1A1) were dissolved in dimethyl
sulfoxide solutions at 0.05 g/mL (dilute), 0.2 g/mL and 0.5 g/mL (concentrated) concentrations.
The 0.2 g/mL concentration sample was not characterized. The solutions were stirred on a
temperature-controlled magnetic stirrer at about 80°C until the homogenous dispersion of the
oligomer particles was observed. Then, the pristine graphene encapsulated alumina fiber bundles
specimens were separately dipped into the prepared solutions and kept in place until effective
surface wetting was observed. Afterward, the specimens were applied a thermal cure cycle,
wherein the cross-linked aromatic thermosetting copolyester matrix formed via a condensation
polymerization reaction between the carboxylic acid and acetoxy functional group oligomers.

The cure cycle comprised of two dwell stages at 202 °C for 90 minutes and 270 °C for 150
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minutes, and a final cure stage at 330°C for 90 minutes. The specimens were applied a pressure
of ~700Pa.

Scanning electron microscopy was operated in high-resolution and upper detector mode
(10-20 kV, 10 pA) to analyze microstructures of the specimens (Hitachi S-4800). The specimens
were sputter-coated with Pd-Au for 40 seconds to minimize charging effects. Energy dispersive
X-ray spectroscopy (EDX) measurements were done using environmental scanning electron
microscopy (Philips XL30 ESEM-FEG) with an attached EDAX tool.

Solid-state Nuclear Magnetic Resonance (sSNMR) spectroscopy measurements were
carried out using specimens (~40 mg) packed into NMR rotors (on aVarian Unity Inova 300
MHz spectrometer). *H and **C NMR spectra were obtained using direct pulse (DP) and cross-
polarization (CP) excitations, respectively, under magic-angle spinning (MAS). Specimens were
spun at 8 kHz. Data analysis was performed using the MestreNova software.

X-ray diffraction measurements were obtained using an X-ray diffractometer
(PANalytical/Philips, X’Pert) with Cu K-alpha source operated at 45 kV and 40 mA, and
0.15148 nm wavelength with 0.01 °/s scanning rate between diffraction angles of 26=5° and
26=80°.

Thermogravimetric analyses of the specimens were obtained using a TGA (TGA 2950
TA Instruments). A temperature-ramp heating cycle was applied with a constant 10 °C/min
heating rate until 800 °C. Specimens weighed about 10-20 mg.

5.3  Results and Discussion

Firstly, we discuss characteristic features of the in situ formed ATSP lamellar structures

on the ANFC surface observed via scanning electron microscopy (SEM). As shown in Figure

5.1.a, the dilute ATSP solution effectively developed nano-hybrid shish-kebab form lamella
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domains while growing off of the graphenic surface, and being periodically located along an
ANFC strand. Quantitatively, individual lamellar structures were formed with a periodicity of
~5-10 um while extending out by ~15-20 um in length. This form of the ATSP-ANFC structure
was similar in form to the nano-hybrid shish-kebab structures with the ANFC strand being
“shish” and the ATSP lamellae being “kebab”. Yet, the lamellae herein did not surround the
entire circumference of the strand, which in fact indicated an epitaxial growth mechanism being
effective in the crystallization process. In particular, the perpendicular alignment of the lamella
to the ANFC strand surface was to be controlled by the crystalline lattice orientation of the
graphene substrate as the ATSP chains were self-aligned to obtain a crystallographic match.
Meanwhile, macromolecular ATSP chains interacted with the graphenic surface of the ANFC
through a diffusion mechanism wherein intrinsic mesogenicity of the ATSP chains could be
modulated by the ordered surface of the ANFC. Furthermore, the diameter of the ANFC strands
imposed another important processing factor that the radius of gyration of the ATSP chains was
not quite compatible with the micron-scale ANFC fiber strands. The lamellar structure
conceptually grew on a flat surface while failed to surround.[ Also, as can be seen in Figure
5.1.b, the off-grown lamellae between two ANFC strands reorganized their extension directions
in the course of crystallization process, which could indicate an effective electrostatic charge
formation within the ATSP solution [17]. In Figure 5.1.c, a growing lamellar structure was
demonstrated to effectively branch out as far as the extension proceeded likewise evincing the
self-reorientation mechanism. It is worth mentioning that the individual ANFC fibers were
effectively coated with the ATSP, yet formation of a nano-hybrid shish-kebab structure was not
observed at the nanoscale, as shown in Figure 5.1.d. On the other hand, the concentrated ATSP

solution did not form morphologies akin to the shish-kebab structures, yet epitaxial growth
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induced localized lamellae formation was clearly observed. In Figure 5.1.e, an epitaxially grown
ATSP lamella domain on the ANFC fiber surface is shown. Furthermore, similar lamella
structure was demonstrated while formed over an ANFC surface in Figure 5.1.f. Note that the
off-surface growth mechanism of the mesomorphic lamellae (bright) clearly took place within an
amorphous domain (dark). Also, the nano-hybrid shish-kebab structures formed only within the

dilute ATSP solution, indicating the role of the polymer concentration in this process.
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Figure 5.1 Scanning electron microscopy images of the dilute ATSP solution (0.05 g/mL) dip-coated
ANFCs; formation of the nano-hybrid shish-kebab structures on the ANFC surface (a,b), close-up images
of a lamella domain (c) and individual fibers coated with the ATSP resin (d). The concentrated ATSP
solution (0.5 g/mL) dip-coated ANFCs; epitaxially growth from the ANFC surface (e, f).
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We then propose a working system which could produce such above demonstrated nano-
hybrid shish-kebab structures through interactions between the ATSP matrix and the ANFCs
(Figure 5.2). Three major mechanisms were conjectured to stimulate this process in the given
order: the Plateau-Rayleigh instability, the Marangoni effect, and the epitaxial crystal growth.
PRI is a phenomenon to explain the instability of a falling liquid jet under gravitational force as a
liquid column breaks up into smaller droplets due to effective surface tension [18]. Recently, this
approach was adopted to study the behavior of a thin polymer coating on a cylindrical fiber
surface, wherein the surface tension was controlled by the intimate liquid-solid interface [19].
The polymer coating therein receded, upon heating to above its glass transition temperature, and
formed liquid bulges wrapping around the circumference of the fiber strand. In particular, the
non-Newtonian viscosity profile of the polymer solution predominantly overcame inertial forces
and thereby ultimately altered the form of the liquid layer. Thus, the ATSP-DMSO solution film,
especially at the low concentration, initially covered the micron-diameter ANFC strands, and
then underwent PRI at elevated temperatures during the thermal cure process. Due to the PRI
coming into effect, surface undulations were generated, producing a periodicity regulated by the
PRI model, being proportional in size to the diameter of the strands [20]. Following this, the
Marangoni effects took place to further drive the process. As the ATSP polymer solution formed
such undulations on the ANFC surface, the reduced thickness of the ATSP coating on the ANFC
surface acquired an increased surface tension. In the meantime, the obtained bulges lowered
surface tension under heating while the DMSO solvent was gradually being evaporated. Hence,
in the course of this process, the ATSP oligomer molecules were relocated, driven by the
effective capillary forces on site, inside the bulges. The oligomer molecules thereby were

adsorbed on the spot forming periodically located concentrated particle sites [21,22].Then,
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through the cure reaction of the ATSP, an epitaxial growth mechanism proceeded. Regarding
such an epitaxial growth, studies on different polymer similar systems such as Nylon 6,
poly(tetrahydrofuran), poly(oxacyclobutane), and poly(ethylene oxide) showed epitaxial growth
mechanism on the graphite surface while the polymer chains were conceived to reorient with
respect to the crystalline carbon lattice [4]. Additionally, in the ATSP system, acetoxy and
carboxylic acid-capped reactive functional groups of the oligomers could react with oxygenated
functional sites on the ANFCs which would produce a physicochemical attachment mechanism
on the site [23,24]. Additionally, as carbonaceous materials could behave as a nucleation agent,
the crystal conformation of the polymer systems aligned with low energy adsorption sites on the
surface [5,14,25,26]. Besides, the aromatic structure of the graphitic layers could form a base for
7-r predominant interactions with corresponding aromatic rings in the ATSP backbone.
Furthermore, due to the structural order of the ANFC surface, ATSP chains re-organized their
chain configurations, enabled through polymer intrinsic flexibility at elevated temperatures, and
subsequently formed lamellar structures [27]. Also, we highlight that the ANFC strands did not
substantially change the genuine cure characteristics of the ATSP resin. DSC cure cycles
operated on neat ATSP and dip-coated ATSP-ANFC specimens displayed similar characteristic
thermal profiles. Regarding the DSC thermograms of cured specimens, we did not detect a
lower/higher thermal characteristic peak (e.g. glass transition) that would strongly indicate that
the cure cycles progressed similarly in both systems. Hence, during the thermal cure process, the
ATSP chains clung on the ANFC fibers which gave rise to such lamellae formation, yet did not

observably alter the cure characteristics.
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Figure 5.2 Proposed working mechanism for the development of crystalline ATSP domains being
periodically assembled on the graphenic layer of alumina fibers to form shish-kebab architecture.

measurements to characterize corresponding modifications in the backbone chain configuration

of the ATSP matrix. Figure 5.3 demonstrates *C cross-polarization magic-angle spinning
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(CPMAS) spectra of the ANFCs coated with the dilute (0.05 g/mL) and concentrated (0.5 g/mL)
ATSP solutions, and neat ATSP matrix. The spectrum of the parent material displayed two
characteristic peak domains: the aromatic groups (C-C and C-H) and the functional side groups
(C-O and C=0). As shown, the ATSP-ANFC interaction caused the aromatic group peaks to
convolute into a single broader peak within the same spectral range. Measured line widths were
~379 Hz, ~535 Hz and ~637 Hz for neat ATSP, 0.05g/mL ATSP with ANFC, and 0.5 g/mL
ATSP with ANFC, respectively (**C NMR spectra were processed using 25 Hz line broadening).
Note that NMR spectra of the pristine ANFCs did not display any characteristic carbon peaks in
this spectral range under same operational conditions. On the other hand, the H spectra
demonstrated a decrease in the measured line width for the ATSP-ANFC samples through
sharper peaks (~2344 Hz for neat ATSP and ~1979 Hz for 0.5 g/mL ATSP) (*H NMR spectra
were processed using 1 Hz line broadening). We speculate that peak broadening effect could be
arising from a strong interfacial J-coupling between the ANFCs and the ATSP. In this regard,
several other works demonstrated that intermolecular interactions within polymer systems could
cause peak broadening effects [28,29]. In particular, due to the coupling of segmental relaxation
times of two different systems (ANFC and ATSP), we observed large mobility difference
reflected into the properties of the composite. The spectra showed that chemical shift values
were almost constant for the functional group domain. Since the peaks were broad, indicating
fast decay or relaxation, which would not be affected by dielectric alumina core, yet the
conductive graphene layer governed the fast relaxation. Furthermore, such reduced line widths in
the proton spectra indicated that the ATSP chains acquired a mesomorphic profile upon
interaction with the fibers. Particularly, in the lamellar mesomorphic region the structure was

ordered, and so molecular mobility reduced, which caused to narrow proton peaks.
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Figure 5.3 3C Solid-state Nuclear Magnetic Resonance spectra of the neat ATSP, ANFC coated with
dilute (0.05 g/mL) ATSP and with concentrated (0.5 g/mL) ATSP.

To validate epitaxial growth induced lamellae formation within the ATSP matrix domain,
we carried out X-ray Diffraction (XRD) spectroscopy measurements, as demonstrated in Figure
5.4. In the XRD spectra, the neat ATSP sample displayed highly amorphous nature having a
broad characteristic peak centered around 26=20°, and the pristine fibers exhibited crystalline y-
phase alumina structure. In Figure 5.4, a self-supporting and concentrated ATSP dip-coated
ANFC bundle was initially placed perpendicular to the fiber axis direction, wherein the spectra
showed the amorphous nature of the polymer matrix. However, when the sample was placed
parallel to the fiber axis direction, the mesomorphic phase characteristics was clearly observed.
Also, note that roughly 26=18° hump arose predominantly from the mesomorphic lamella ATSP
domain since other characteristic peaks of the ANFC structure were not distinguishable within

the spectral window. Hence, the XRD spectra clearly showed that epitaxial lamellae regions

91



were preferentially aligned in a perpendicular direction to the ANFCs. To interrogate the
presence of the mesomorphic lamellae domains, we additionally performed temperature-ramp
differential scanning calorimetry (DSC) thermal analyses. DSC cycles on cured neat ATSP and
dip-coated ATSP-ANFC bundle specimens revealed similar thermal characteristics. Due to the
highly-crosslinked morphology of the ATSP, and relatively small volumetric content of the
lamellae within the nanocomposite structures, we did not observe any distinct peaks that could
be associated with thermal response of the lamella structure (e.g. melting). In the mesomorphic
morphology, both crystalline and amorphous domains possess fully cured states so DSC

thermograms, in fact, represented comparable thermal characteristics.
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Figure 5.4 X-ray diffraction spectra of the high-concentrated ATSP dip-coated self-supporting ANFC
bundle specimen aligned both perpendicular and parallel to the fiber axis direction.
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We additionally studied thermo-chemical effects induced through the interfacial
entanglement of the ATSP matrix using Thermogravimetric Analysis (TGA), as demonstrated in
Figure 5.5. As expected, the thermal profiles of the pristine ANFC were nearly flat within the
temperature range of interest and characteristics of the nanocomposites predominantly reflected
imprints of the matrix and nanofiller interactions. In Figure 5.5.a, the thermogravimetric outlines
of the neat ATSP matrix, as well as both high and low concentration nanocomposites, lined up
closely until about 300°C. Then, the nanocomposites acquired sharper downward slopes than the
parent material corresponding to side chains scissions, which clearly evinced chemical coupling
with the ANFCs. Such in situ formed oxygen-functionalized bonds can only remain thermally
stable within a limited temperature range. Furthermore, the backbone scission, where the major
weight loss occurred, displayed rather positive temperature shifts along with extended ranges
with the nanocomposites. In this regard, in Figure 5.5.b, derivative thermogravimetric curves
displayed substantially suppressed and similarly upshifted peak temperatures. Hence, the
graphenic ANFC surface is conjectured to be effectively incorporated into the cross-linked
network of the ATSP matrix, wherein their presence of the ANFCs within the ATSP matrix
considerably retarded the decomposition process, which could be attributed to such intrinsic
higher thermal stability of the ANFCs forming a heat barrier over the polymer chains. It worth
mentioning that the remaining char products following the complete decomposition, beyond
800°C, indeed qualitatively correlated with the amount of the ATSP initially incorporated into

the nanocomposite forms.
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Figure 5.5 Thermogravimetric (a) and derivative thermogravimetric (b) analyses of the pristine ANFC,
neat ATSP, dilute (0.05 g/mL) ATSP coated ANFC and concentrated (0.5 g/mL) ATSP coated ANFC
specimens. Tests were performed under inert atmosphere of nitrogen at 10°C/min heating rate.
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54 Conclusion

We demonstrated the development of the in situ mesomorphic lamellar structure
formation in the intrinsically amorphous aromatic thermosetting copolyester matrix through
interactions with the graphenic surface of the ceramic fibers during the thermal cure process.
Particularly, the dilute ATSP solution developed unique nano-hybrid shish-kebab structures
along the micron-scale fiber strands. Besides, the concentrated ATSP solution coating clearly
revealed epitaxial crystal growth mechanism. Thereafter, we discussed a working mechanism
built upon the PRI, the Marangoni effect and the epitaxial crystal growth phenomena to explain
this observation. The XRD analyses clearly showed the presence of the mesomorphic lamella
domains in the ATSP matrix. The ssSNMR and TGA measurements, additionally, indicated the
formation of interfacial coupling between the ATSP chains and the ANFCs. This study lays the
groundwork to initiate further analyses of the ATSP with various other nanofiller reinforcements

on the in situ surface functionalization.
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CHAPTER 6: EFFECTS OF ENVIRONMENTAL AGING ON PHYSICAL
PROPERTIES OF AROMATIC THERMOSETTING COPOLYESTER MATRIX NEAT
AND NANOCOMPOSITE FOAMS

6.1 Introduction

High-performance/high-temperature (HP/HT) polymers demonstrate high
physicochemical stability against severe environmental conditions while clearly outperforming
conventional engineering and commodity polymers [1]. Well-known examples of the HP/HT
polymers include poly ether ether ketone (PEEK), poly phenylene sulfide (PPS), and polyimide
(P [2]. Particularly, due to their outstanding thermal degradation stability [3], high glass
transition temperatures [4], and superior mechanical performance [5], the HP/HT polymers have
found uses in a plethora of applications spanning coatings, composite matrices, fibers, foams,
and membranes [6-8]. With the recent introduction of polymer nanocomposites, base
thermophysical properties of polymers have been demonstrated to be considerably improved

through the addition of miscellaneous nanofiller particles [9-11].

This work was previously published: Bakir, M., Henderson, C.N., Meyer, J.L., Oh, J., Miljkovic,
N., Kumosa, M., Economy, J., and Jasiuk, I., Effects of environmental aging on physical
properties of aromatic thermosetting copolyester matrix neat and nanocomposite foams, Polymer
Degradation and Stability, 147, 49-56 (2018).

Special thanks to Chrissy Henderson (Bureau of Reclamation, Denver) for performing
environmental aging tests.

Special thanks to Junho Oh (Department of Mechanical Science and Engineering, University of
[linois) for performing contact angle measurements.
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Furthermore, when the polymer morphologies are supplemented with the multifunctional
structural properties of nanocomposites, the use of polymers holds a great promise for high-end
applications such as energy storage [12], biomaterials [13], recyclable/renewable materials [14],
and additive manufacturing [15]. In order to achieve industrial implementation, the polymeric
domains need to sustain superb degradation stability through chemical inertness and low
moisture absorption in various aqueous solutions.

In a broad sense, polymers have three main degradation mechanisms: (1) physical, (2)
chemical, and (3) hydrothermal [16]. First, physical aging involves the combined effects of
stress, temperature, and time which result in physical property changes without permanent
modifications to chemical chain configurations. Physical aging is also a thermally reversible
process so that upon heating above the glass transition temperature, the virgin polymer properties
can be recovered [17]. Second, chemical aging takes place at elevated temperatures through
exposure to damaging environments which can drastically alter physical properties. In particular,
thermal, photochemical, and radiochemical environments can irreversibly decompose chain
arrangements at the molecular level [16], [18]. Lastly, hydrothermal aging occurs in the presence
of moisture at high temperatures that ultimately triggers a physical aging process. In such
conditions, diffusion of water molecules into the matrix degenerate the interaction mechanisms
within chain networks (e.g. swelling effect). Hence, increased chain mobility accelerates
physical aging which leads to plasticization of the matrix and subsequent formation of
microcracks [19]. Considering all these deterioration mechanisms, promising polymer systems to
be employed in the industrial applications should demonstrate excellent resistance to aging

phenomena when subjected to hostile environments for long durations.
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Aromatic thermosetting copolyester (ATSP) was developed in the late 1990s utilizing
low cost and easily processable oligomers to design a high-temperature/high-performance
polymer system [20-22]. ATSP can be conveniently prepared into various forms including
coatings [23], continuous fiber composites [24], thick section/bulk machinable parts [22],
adhesives [25], and foams [26]. Compared to other contemporary HP/HT polymers, ATSP
demonstrates superior mechanical properties, including unfilled fully dense compressive
strengths approaching 300 MPa [22], enhanced thermal degradation performance, and glass
transition temperatures up to 310°C [22]. In addition, ATSP can be used as an ablative material
with very high limiting oxygen index (LOI) [27], as a tribological wear coating with a low
coefficient of friction, excellent wear and abrasion resistance [23], and dielectric strength for
microelectronics applications [28]. Earlier work on ATSP studied moisture transport
characteristics under various temperatures and humidity conditions for its different chemical
structures [29]. The study showed that below 100% relative humidity (RH) at room temperature,
the moisture uptake proceeded via diffusion, while increased RH and temperature caused the
diffusion to progress through an irreversible relaxation mechanism. In this work, we study the
effects of water immersion and salt fog spray aging environments on the physical properties of
the neat and nanofiller incorporated forms of ATSP. We utilize foam ASTP morphology to
enable increased surface area-to-volume ratio to accelerate the deterioration mechanisms. We
analyze moisture sorption behavior of the structures as well as image the microstructural features
after exposure to understand the physicochemical response of the ATSP matrix to the aging
environments. We also characterize changes in glass transition temperature, thermal degradation

performance, and compressive mechanical properties of the neat and nanocomposite foams.
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6.2  Materials and Methods

The neat and nanocomposite ATSP foams were fabricated via a condensation
polymerization reaction between carboxylic acid and acetoxy functional groups in matched
oligomer sets. The oligomer groups were initially mixed in solid state at a 1:1 weight ratio. Upon
the polymerization process, the oligomer mixture developed a cross-linked aromatic polyester
backbone and released acetic acid as a reaction by-product. The acetic acid behaved as a foaming
agent during the polymerization process that eventually promoted a porous morphology [26].
The carboxylic acid and acetoxy-capped oligomers were synthesized using biphenol diacetate
(BPDA), 4-acetoxybenzoic acid (ABA), isophthalic acid (IPA), and trimesic acid (TMA)
(Sigma-Aldrich Co., USA) as detailed in prior literature [22], [25], [26]. To fabricate
nanocomposite foams, the constituent oligomer groups were additionally incorporated with
graphene nanoplatelet (GNP) nanofillers of 3 wt.% in solid state at room temperature [30]. The
GNP nanofillers (Grade M-5, XG Sciences, Inc., USA) (flake diameter: ~5 pm, thickness: 6-8
nm, density: 2200 kg/m®) were used as received. The neat and nanocomposite foams were
obtained by applying a thermal cure cycle to the mixed oligomer and oligomer-nanofiller
combinations [26], [30], [31]. The thermal cure cycle comprised of two temperature-dwell stages
at 202 °C for 90 minutes and 270 °C for 150 minutes, which enabled effective structural
relaxation/melting of the constituent oligomers while facilitating blending of the GNP
nanoparticles, and nucleation/bubble growth through the release of the acetic acid to form the
porous morphology, respectively. Additionally, the thermal cycle had a final cure stage at 330°C
for 90 minutes. The neat foam and nanocomposite foam refer to neat ATSP and ATSP-GNP
loading levels in weight percent, respectively. To characterize the advancing and receding

contact angles with water, the ATSP and ATSP-nanofiller powder combinations (2 wt.% and 5
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wt.%) were coated on smooth steel plates using an electrostatic powder coating method and then
cured via the applied thermal cycle [23], [32].

Accelerated salt spray tests were carried out using a Q-FOG model SSP600 apparatus (Q-
Lab Corporation, USA) in accordance with the ASTM D5894 standard during cyclical salt fog
conditions. The corrosive electrolyte used during exposure was a dilute Harrison’s solution
(DHS) including 3.5 wt.% ammonium sulfate ((NH4)2SO4) and 0.5 wt.% sodium chloride
(NaCl). Water immersion tests were conducted for extended immersion periods in deionized
water in accordance with ASTM D870. The specimens were kept immersed at all times and
were only removed for weight measurements once a week.

Water immersion and salt spray specimens were patted dry prior to weight
measurements. Weight measurements were obtained once a week using a digital scale with a
resolution of 0.001 g. Physical characterization measurements were performed on 2-week and 4-
week exposed specimens. Scanning Electron Microscopy (SEM) (S-4800, Hitachi, Japan) was
operated in high-resolution upper detector mode (10-15 kV voltage, 5-10 pA current) to image
microstructures of water immersion and salt fog exposed neat and the nanocomposite foams to
analyze local degradation effects. The samples were sputter coated for 20-30 sec with Pd-Au (=
10 nm thickness) to minimize charging effects.

The contact angle measurements were carried out by placing =100 nL water droplets on
the steel coated samples using a microgonimeter (MCA-3, Kyowa Interface Science, Japan). A
droplet was deposited on the surface using a piezoelectric injector at a rate of 70 droplets/sec.
Both advancing and receding contact angles were characterized on multiple spots of the sample

surface. The contact angles were analyzed using a commercial software (FAMAS, interFAce
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Measurement & Analysis System) with the half-angle method. The results were averaged over
10 measurements.

Glass transition characterization of the nanocomposites was carried out using a Dynamic
Mechanical Analyzer (DMA) with a tensile clamp fixture (Q800, TA Instruments, USA). A
temperature-ramp cycle was operated with a 3°/min heating rate. The specimens were in
prismatic geometries in dimensions of 5x10x25.4 mm? (thickness x width x length). The tests
were performed in air. The glass transition characteristic curve of the virgin neat ATSP was
obtained from a previous study [26].

Thermal degradation stability of the nanocomposite foams was characterized using a
thermogravimetric analyzer (TGA) (TGA2950, TA Instruments, USA). A temperature-ramp
heating cycle was applied with a constant 10 °C/min heating rate until 600°C. The tests were
performed in a nitrogen environment with approximately 10-20 mg of the specimen. Thermal
degradation characteristic curves of the virgin neat ATSP foam were obtained from a previous
study [26].

Compressive mechanical properties of the nanocomposite foams were measured using a
compressive load frame (4483 Load Frame, Instron Testing Systems, USA) with a constant
crosshead speed of 6 mm/min. The cylindrical specimens had diameters of 12.7 mm and length
of 25.4 mm. The samples weighed 1.5-1.8 g. Density was calculated as the ratio of the measured
weight to the volume of the structures. Highlighted unexposed regions denote virgin properties
of the neat foam and nanocomposite foam specimens [26].

6.3  Results and Discussion
First, we show results of mass uptake by the ATSP foam morphologies during the

environmental aging tests. Figure 6.1 shows the mass sorption in weight percent mass change
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measured on a weekly basis for the neat and nanocomposite foams subjected to the water and salt
fog environments. Based on the results, water immersion specimens displayed higher mass gains
than the salt fog specimens. For the water immersion tests, both neat and nanocomposite
structures reached their mass transfer equilibriums by the end of a 4-week period. In particular,
the neat foam demonstrated a moisture uptake of 6.5 + 0.7 wt.% while the nanocomposite foam
showed 9.8 + 2.9 wt.% uptake. As per our understanding, the GNP particles increased the surface
area due to a larger specific surface area exposed to the surrounding media for the
nanocomposites while the surface wettability (as characterized by contact angle) did not change
accordingly [20]. Note that contact angle measurements and surface wettability characteristics
will be discussed later in the text. Hence, the increased surface area of the nanocomposites
resulted in increased mass adsorption. For the salt spray tests, the measured mass uptakes were
lower than the immersed samples since adsorption of salt particles was the major constituent of
the mass gain. Both neat and nanocomposite specimens yielded similar characteristic curves
during the first 3 weeks, followed by an increased mass sorption for the nanocomposites
indicating collection of more salt particles. Likewise, this result was due to the enhanced surface
area which eventually extended the mass equilibrium point. Following the 4-week period, the
mass uptake by the neat ATSP was 2.4 + 1.0 wt.% while that of the nanocomposite sample was
5.8 £ 5.6 wt.%. We highlight that the weekly basis mass sorption measurements were solely
performed to observe aging-driven mass changes occurring in the neat and nanocomposite
samples which were subsequently to be characterized for physicochemical properties correlated
with polymer chain network integrity. A systematic moisture transport study on ATSP that
discusses the effective mass absorption/adsorption mechanisms in greater details can be found in

an earlier work [29].
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Figure 6.1 Average results of mass sorption by the neat and nanocomposite foams following cyclic water
immersion and salt fog exposure tests.

Moisture absorption and transportation in polymers is mainly governed by two factors:
(1) the free-volume and (2) polymer-water interactions [33]. The free-volume is defined as the
volume within the polymer chain networks that can be occupied by the volume of liquids
through mass diffusion [34]. The free-volume (packing density) is also a function of the effective
ambient temperature, concentration of exposing solution, and molecular weight of polymer [35].
The packing density, particularly in thermosets, is directly related to the crosslink density of the
polymer networks [36], which controls the mass transportation through selectivity over the
diffusing species [37]. Besides, increased surface-area-to-volume ratio (e.g. foam morphology
having a higher effective surface area through pore surfaces) could result in enhanced mass
sorption and aggravated degradation effects reflected in the physical properties. Hence, having a

highly-crosslinked morphology, the ATSP matrix delivered a relatively compact chain network
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along with restricted chain mobility which in fact enabled early saturations (~1 week) while
affording reduced diffusion rates. Second, the polymer-water surface interaction is controlled by
the presence of hydrogen-bearing functional sites in the polymer chains. Thus, water molecules,
being polar in nature, can establish hydrogen bonds with the hydroxyl groups on polymer
surfaces which can alter the polymer chain configuration, and consecutively degenerate the
macroscopic physical properties [38], [39]. Initiation of the moisture uptake at isothermal
conditions obeys classical diffusion kinetics, which induces swelling within the crosslinked
network of thermosets [40]. Considering this fact, we note that the fully cured and crosslinked
network of the ATSP morphology minimized the presence of the polar groups, which mitigated
water absorption into the matrix. Hence, adsorption prevailed over absorption in the case of the
ATSP structures [41].

During salt fog aging, the ATSP foams similarly displayed increased mass uptake
characteristics during the exposure periods. The amounts of the mass uptake were lower than the
immersed specimens due to inhibited diffusion of relatively larger salt particles through the
polymer matrix [37]. The results also showed that the salt fog samples did not necessarily reach
an equilibrium state within the given period because of adsorption-driven mass transportation,
which did not saturate while additional salt layers were built. We note that the standardized
towel-blotting technique may not be an effective method to dry the porous ATSP structures
because capillary forces potentially draw water and salt molecules in notable amounts over small
pores. Further discussions regarding a detailed understanding of the moisture transport
characteristics of ATSP can be found elsewhere [29]. In the following sections, results of the
physical characterization measurements on the neat and nanocomposite foams are demonstrated

to evaluate the effects of the aging conditions on the macroscopic performance of the structures.
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To investigate the effect of GNP incorporation on the wettability of the ATSP matrix as
well as to elucidate the mass sorption characteristics, contact angle (CA) measurements were
performed using a contact angle microgoniometer. Figure 6.2 shows images of deionized water
droplets in the receding state on the virgin neat and nanocomposite specimens. Furthermore,
Table 6.1 provides the results of the advancing and receding contact angle measurements. Neat
ATSP demonstrates a modestly hydrophobic behavior with an advancing contact angle of 87.2 +
1.8° and a receding contact angle of 29.1 + 2.6°, indicating significant hysteresis. As the GNP
content was increased in the ATSP matrix, the increase in the advancing CA was insignificant,
with ~0.8° and ~4° increases at 2 wt.% and 5 wt.% of GNP, respectively, with negligible change
in the receding contact angle. Although the wetting characteristics of graphene is still an active
area of research, single- and multi-layer smooth graphene sheets were demonstrated to be
intrinsically hydrophilic [42,43]. Hence, the increments in the advancing CA are most likely due
to increased surface roughness [44]. If we assume that the graphene is hydrophobic in nature
[45], the results point to the GNPs being coated by the ATSP matrix, which would change the
CA results [30]. The contact angle hysteresis (the difference between the advancing CA and the
receding CA) also demonstrated slight increases with respect to the GNP content which likewise
illustrated increased surface roughness, and pinning, through GNP incorporation. Hence, the
GNP content did not help to increase the hydrophobicity of the nanocomposites that could
mitigate further adsorption. Thus, the increased mass uptake of the nanocomposites could be
related to enhanced surface area and surface roughness of the nanocomposite matrix, which
could facilitate enhanced mass transportation by means of aggravation agents being adhered on

the surface.
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Figure 6.2 Images of water droplets resting on the virgin neat and nanocomposite coating specimens.

Table 6.1 Averaged advancing and receding contact angles (CA) obtained on the virgin neat and

nanocomposite coating specimens.

Advancing CA Std. Dev. Receding CA Std. Dev.
Neat ATSP 87.2 1.8 29.1 2.6
ATSP-2GNP 88.0 34 24.0 2.6
ATSP-5GNP 91.2 6.0 28.9 1.2

Figure 6.3 shows the microstructural images of the neat and nanocomposite foams
obtained using scanning electron microscopy following the 4-week water immersion and salt fog
exposure periods. For the water immersion specimens, no physical deterioration was observed on
the specimens. However, the salt spray specimens clearly demonstrated that the ammonium
sulfate and salt particles present in the Harrison’s solution substantially covered the ATSP
surfaces (brighter domains) [46]. The salt accumulation on the specimens also justified the
increases in the mass of the specimens, as explained earlier. We did not observe any physical
damage or degeneration on the salt fog spray exposed samples. Note that the ATSP matrix
exhibited an outstanding performance against the aging effects while the extent of the
deterioration remained limited to the surfaces without causing any permanent structural effects
(e.g. cracks, voids, pits) [47]. The chemically inert nature of the ATSP resin could be attributed

to the highly crosslinked network of the aromatic rings combined with oxygen-bearing chemical
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linkages [26]. The absence of surface cracks also indicated that the moisture uptake mechanism

took place through the adsorption on the surface rather than the absorption into the matrix [48].

Figure 6.3 Scanning electron microscopy images of fractured virgin nanocomposite foams displaying an
intrinsic porous morphology (a), and a cross-section image over a pore surface (b). Neat foams after water
immersion (c) and salt fog (d) exposures. The nanocomposite foams after water immersion (e) and salt
fog (f) exposures. The images were obtained following 4-week periods of testing. The pores in the
matrices were inherent to the porous morphology of the structures.
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Glass transition characteristics of polymers can directly reflect modifications in their
chemical chain configurations [49]. Hence, we carried out thermomechanical glass transition
temperature characterization on the environmentally aged specimens to analyze effects of the
aggravative agents on the chemical structure of ATSP. Figure 6.4 shows tangent delta (tan )
glass transition temperature (Tg) results obtained on the neat and the nanocomposite foams using
a dynamic mechanical analyzer. Tan & is defined as the ratio of the loss modulus to the storage
modulus. The glass transition temperature of the neat foam was earlier reported to be 172°C
while the nanocomposite foam with 3 wt.% GNP addition displayed a Tq of 186°C [26]. For the
neat foams run through the water immersion tests, Tq was measured to be 168°C and 170°C
following 2-week and 4-week exposures, respectively. Neat foams after salt fog tests showed Tq
= 167°C and 162°C after 2-week and 4-week exposures, respectively. For the nanocomposite
foam after water immersion tests, Tq was measured to decrease to 180°C and 168°C for 2-week
and 4-week periods, respectively. For the nanocomposite foam subject to salt fog tests, Ty was
measured to be 176°C and 170°C following 2-week and 4-week aging. Based on these results,
the salt fog condition had a more notable impact on Ty than the water exposure. Also, as
highlighted above, the water interaction characteristics of the nanocomposites were similar to
those of the neat foams. Thus, the larger glass transition shifts in the nanocomposites occurred
due to the increased surface interaction area generated via the GNP nanoparticle incorporation.
Regarding the changes in the Ty via moisture absorption, the prior literature on amorphous
polymers demonstrated that swelling caused similar decreases in the glass transition temperature
[50]. Such observation is explained by the free volume theory, which is also used to explain glass
transition behavior of amorphous polymers. The increase in the volume due to absorption of the

water causes a steep change in the activation energy of the polymer chains, which subsequently
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decreases glass transition temperature [51]. However, due to low moisture absorption nature of

the ATSP matrix, as also later demonstrated in thermal degradation characteristics, the decreases

in the glass transition temperature could stem from slight deterioration in the chemical

morphology that came into effect following the aging conditions. Similarly, upon exposure to the

salt environment, due to the fully cured state of the ATSP resin, any changes to the chemical

structure are not expected to occur, which is the reason for the small T4 [52]. Furthermore,

increase in the free volume due to the presence of the electrolyte solutions caused a decrease in

Tg [53]. All in all, due to the free volume occupied by the aqueous media, the ATSP structures

demonstrated moderate changes in the glass transition temperatures while preserving their virgin

chemical configurations.
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Figure 6.4 Representative dynamic mechanical analysis tangent delta (tan 6) glass transition temperature
measurements of the neat foam following water immersion (a) and salt fog (b) exposures, and the
nanocomposite foam following water immersion (c) and salt fog (d) exposures. The tan o curves are
stacked by arbitrary offsets to illustrate peak position shifts. The measurements were performed in air.
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Correlating with the glass transition behaviors, thermal degradation characteristics of
polymers can also provide an understanding of the relationship between matrix chain
modulations and environmental aging effects. Figure 6.5 demonstrates the thermogravimetric
analyses results of the neat and the nanocomposite structures after being subjected to the water
immersion and salt spray tests. The thermal degradation characteristics of both aged specimens
showed that the thermal performance of the ATSP was not substantially affected by the
environmental conditions. Here, we assessed the degradation behaviors on the basis of two
temperature metrics: 5% weight loss and the peak position of the mass derivative. These two
reference temperatures were observed to slightly upshift by about 10-20°C for the neat foams
following a 2-week water immersion condition. In addition, the nanocomposite structures
revealed a similar trend within the same duration, yet the temperature shifts were not as
noticeable. We note that these two reference temperatures of the thermal performance of the
ATSP matrix can be improved relatively in accordance with the GNP incorporation [30]. The
thermal degradation characteristics are a group property of the overall polymer network
configuration which hence can precisely display major segmental modifications induced in the
backbone arrangement. The ATSP polymer backbone reveals only marginal changes following
the aging tests which indicate overall integrity of the crosslinked polymer morphology. Hence,
based on these results, aging effects in thermal degradation performance of the neat morphology
was more pronounced as compared to the nanocomposite domain. The presence of the
nanofillers helped to preserve the nanocomposite morphology forming a robust physicochemical
barrier [54]. The temperature shifts could also be due to the slightly plasticized morphology of
the neat ATSP matrix upon exposure to the aging conditions [19]. These results highlight two

other important conclusions. First, as described earlier in the text, moisture was not absorbed
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significantly within the ATSP matrix since there is no corresponding change in mass loss
indicating evaporation of water during the thermogravimetric cycles. Hence, adsorption was the
major mass uptake mechanism. Second, surface interactions of ATSP with water and salt
molecules did not form any chemical bonds (e.g. hydrogen bonds) which are usually stable up to
90-100°C. These bonds did not reveal any characteristics in the thermal curves, so the

degradation processes occurred through an adsorption driven mechanism [55].
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Figure 6.5 Representative thermogravimetric (DT) and derivative thermogravimetric (DTG) analyses of
the neat foam following water immersion (a) and salt fog (b) tests, and the nanocomposite foam following
water immersion (c) and salt fog (d) tests. The measurements were performed in nitrogen.
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Figures 6.6 and 6.7 show results of compressive mechanical strength and density
measurements obtained on the neat and nanocomposite foam specimens, respectively. Regarding
the compressive mechanical strength results, both the neat and nanocomposite samples of the
water immersion and salt spray tests performed within the expected mechanical property space
that was obtained for their virgin counterparts. Results for neat specimens were 11.1 MPa after
2-weeks of water immersion, 7.9 MPa after 2-weeks of salt spray, 9.4 MPa after 4-weeks of
water immersion, and 6.9 MPa after 4-weeks of salt spray. The virgin neat sample was measured
to be 10.5 £ 2.3 MPa [26]. Furthermore, measured strengths for the nanocomposite specimens
were 9.3 MPa after 2-weeks of water immersion, 10.9 MPa after 2-weeks of salt fog, 8.9 MPa
after 4-weeks of water immersion, and 8.5 MPa after 4-weeks of salt fog. The virgin
nanocomposite sample was measured to be 12.2 + 3 MPa. The obtained compressive strengths
following aging were higher than the lower limit of the virgin compressive strength, which
indicated that the mechanical performances of the ATSP morphologies were slightly degraded
[56]. The measurements were conducted on limited select specimens to see whether the
mechanical properties of these aged structures would remain within the standard deviation
domains of their virgin counterparts. This assumption was validated by closely agreeing results
of both neat and nanocomposite morphologies. Such marginal changes could be due to small
amounts of moisture absorbed by the matrix that slightly plasticized the morphology making it
relatively softer. Regarding the density results, the measurements were obtained on the
mechanical testing specimens prior to the compression tests. The density results fell into the
unexposed domain of the virgin materials. It is noteworthy that the density change is a major
factor that can directly affect mechanical properties. Hence, for example, although the density

results of the neat foam were within the upper limit, the compressive mechanical properties were
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over the lower limit. This also validates the presence of the plasticization effects. As well, as
correspondence to the earlier demonstrated mass sorption data, given delay between the mass
sorption measurements and the compressive mechanical tests, the adsorbed moisture could

rapidly evaporate which would not be reflected in the density results.
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Figure 6.6 Compressive mechanical measurements of the neat (a) and nanocomposite foams (b)
following water immersion and salt fog testing.
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Figure 6.7 Density measurements of the neat (a) and hanocomposite foams (b) following water
immersion and salt fog testing.

We demonstrated physical property performance of the neat and nanocomposite ATSP
matrices following extended exposure periods to water immersion and salt spray environmental
conditions. ATSP foam structures were utilized in this study due to their increased surface area-

to-volume ratio in order to accelerate effects of degradation processes. The ATSP morphology
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displayed an adsorption-driven moisture uptake behavior which in fact helped to preserve its
chemical structure during the environmental degradation processes. Incorporation of GNP
particles in the nanocomposite forms did not alter surface wetting characteristics, yet increased
effective surface area subjected the samples to intensified attack of aggravative agents. Electron
microscopy revealed that the pristine nature of ATSP morphology was effectively preserved
during deterioration. Due to only minute hygroscopic swelling, the glass transition temperatures
of both neat and nanocomposite structures displayed only small shifts. Thermal degradation
performance of the ATSP matrix was effectively maintained. Compressive mechanical properties
slightly degraded due to hygroscopic swelling, yet results were in accordance with the virgin
specimens. Having an excellent aging resistance, the ATSP matrix can potentially find use in
high performance demanding structural applications requiring sustainable operations in extreme
conditions. The findings of this study may also lead to further efforts to investigate aging
resistance of the ATSP matrix for particular environments demanded by application
requirements. A comparative study with other well-known HP/HT polymers may systematically

show relative changes incurred in various polymeric chemical structures.
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CHAPTER 7: NANOFILLER-CONJUGATED PERCOLATING CONDUCTIVE
NETWORK MODIFIED POLYMERIZATION REACTION CHARACTERISTICS OF
AROMATIC THERMOSETTING COPOLYESTER RESIN

7.1 Introduction

Technological advancements of structural materials currently count on the development
of alternative lightweight materials possessing physical properties commensurate with
contemporary systems while enabling cost-effective and industrially scalable high-throughput
production solutions [1-4]. Polymer nanocomposites are combinations of nanofiller
reinforcement particles and host polymer matrix, which uniquely embody multifunctional
properties within low-density morphologies [5-7]. Physical properties of the polymer
nanocomposites can be adjusted by controlling the nanofiller loading at large. Yet, optimization
of such properties involves many factors coming into effect including but not limited to
processing conditions of the nanocomposites as well as morphology, dispersion quality, and
chemical functionalization of the nanofillers [8-11]. In this regard, recent efforts have sought to
realize robust interfacial attachment schemes between edge-or-surface-functionalized nanofillers
and backbone chains of various polymers [12]. Yet, current nanocomposite configurations are
limited in the ultimate physical properties due to the presence of only weak intermolecular

coupling mechanisms [13].

This work was previously published: Bakir, M., Meyer, J.L., Sutrisno, A., Economy, J., and
Jasiuk, 1., Nanofiller-conjugated percolation conductive network modified polymerization
reaction characteristics of aromatic thermosetting copolyester resin, RSC Advances, 8, 4946-
4954 (2018).

Special thanks to Dr. Andre Sutrisno (NMR/ERP Laboratory, University of Illinois) for
providing invaluable guidance on NMR analysis.
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In particular, electrically conductive polymer nanocomposites have been a subject of
extensive studies in the interest of immense potential for broad spectrum of applications
spanning batteries, membranes, and electromagnetic shielding [14-16]. Within this framework,
the formation of conductive networks of interconnected nanofillers - past the electrical
percolation transition threshold - within intrinsically insulating polymer domains is imperative as
far as the performances of the electrically conductive nanocomposites are concerned [17]. The
percolation threshold is recognized to vary with respect to morphology, size, and distribution of
nanofillers as well as rheological characteristics of resins [18] Besides, it is well acknowledged
that the increased nanofiller loading fractions near or above the percolation transition
substantially deteriorate the structural integrity of the nanocomposites [19]. Hence, a primary
research thrust has been centered on efforts to realize minimal loading levels for percolation
thresholds utilizing various types of nanofillers and polymer combinations prepared via different
processing methods [20, 21]. Although, there are comprehensive studies reporting on the
rheological properties of the nanocomposites as a result of incremented nanofiller contents, not
much is still known about the physicochemical effects of the nanofillers on characteristics of in
situ polymerization processes [22].

Aromatic thermosetting copolyester (ATSP) utilizes low cost, easily processable and
crosslinkable oligomers to develop a high-performance polymer morphology (Figure 7.1) [23].
Tailorable chemical structure of the backbone chain as well as convenient reconfigurability of
the matrix into various form factors enable effectively controllable physical properties [24].
Recently, ATSP nanocomposites have been introduced that facilitate improved distributions of
nanofillers via a solid-state mixing route, which then result in substantially increased thermal and

mechanical properties [5]. In this work, we report on the physicochemical changes observed
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during in situ polycondensation reaction through formation of electrically conductive percolating
GNP networks within the ATSP resin. ATSP nanocomposite foams are obtained through a
polycondensation reaction between carboxylic acid- and acetoxy-capped constituent oligomers,
which releases acetic acid as a reaction by-product to generate porous morphology. In the course
of in situ polymerization reaction, the GNPs covalently conjugate with the functionalized
oligomers while the resin is advancing in molecular weight to develop foam structure. The varied
GNP size controls the electrical percolation transition thresholds and measured ultimate
electrical conductivities. As well, microstructural analysis displays the morphological effects
caused by the percolating networks of the GNPs. Cure characteristics reveal the influence of the
nanofillers on the polymerization reaction. Chemical characterization of the nanocomposite

backbone displays strong interfacial entanglement of the GNPs and ATSP matrix.
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Figure 7.1 Chemical structures of the monomers a) 4-acetoxybenzoic acid (ABA), b) biphenol diacetate
(BDPA), c) trimesic acid (TMA) and d) isophthalic acid (IPA). (e) Chemical representation of the
polycondensation reaction carried out between the acetoxy functionalized oligomer (Ra) and carboxylic
acid functionalized oligomer (Rc) yielding a crosslinked polymer backbone and releasing acetic acid as a
reaction by-product.
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7.2 Materials and Methods

The constituent carboxylic acid and acetoxy functional group matching oligomers of the
aromatic thermosetting copolyester are synthesized using biphenol diacetate (BPDA), 4-
acetoxybenzoic acid (ABA), isophthalic acid (IPA), and trimesic acid (TMA) monomers (Sigma-
Aldrich Co., USA) at particular molar feed ratios as further explained in earlier studies [23-25].
The carboxylic acid (~1201 g/mol) and acetoxy-capped (~1203 g/mol) oligomers (premixed at
1:1 weight ratio) are individually mixed in solid state with chemically pristine (non-
functionalized) graphene nanoplatelet (GNP) particles of 1 pum (thickness: 8-15 nm) (Cheap
Tubes, Inc., USA), 5 um (thickness: 6-8 nm) (XG Sciences, Inc., USA), and 25 um (thickness: 6-
8 nm) (XG Sciences, Inc., USA) average flake diameters at 1, 3, 4, 5, 6, 7, 8, and 10 wt %
loading levels [5]. The GNPs and ATSP precursor oligomers mixtures form powder
combinations in solid state. The mixing process is performed via rigorous shaking until white
oligomers powder turns to pitch dark, as also investigated under UV light. Such a color change
indicates effective distribution of the nanofillers at macroscale in the oligomer powder bed [25].
The ATSP nanocomposites are obtained via condensation polymerization (polycondensation)
reaction between the constituent oligomers, which generates a crosslinked aromatic polyester
backbone polymer network [25]. The thermal polymerization process includes two dwell stages
at 202 °C for 90 minutes and 270 °C for 150 minutes, respectively. The cycle has a final cure
stage at 330°C for 90 minutes [5]. The nanocomposite foams are labeled as ATSP-GNP Type as
their naming convention.

Solid-state Nuclear Magnetic Resonance spectroscopy measurements are performed
using ground nanocomposite specimens (~50 mg) packed into NMR rotors with Unity Inova 300

MHz NMR spectrometer (Varian Inc., USA). *H and *3C spectra are acquired using direct pulse
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(DP) (pulse width (pw) =2.5 s, recycle time (d1) = 2 s) and cross-polarized (CP) (pulse width
(pwH) =2 us, recycle time (d1) = 2 s, and contact time (tHX) = 4 ms) excitations, respectively.
Specimens are spun at 10 kHz. Data analysis is performed using the MestreNova software. *H
and *C NMR spectra are processed using 1 Hz and 25 Hz line broadenings, respectively.

Scanning Electron Microscopy (SEM) (S-4800, Hitachi, Japan) is operated in the high-
resolution mode (10 kV voltage and 5 pA current) to image microstructural features and
distributions of the GNPs in the ATSP matrix.

Transmission electron microscopy is employed in bright-field mode (200 kV, 102 pA) to
analyze the interfacial interactions of the GNPs with the ATSP chains (2010LaBs, JEOL, Japan).
Fabricated nanocomposite specimens are ground using a laboratory grinder and the powder is
settled in methanol solution for 10-15 min. Floating particles in the solution are collected using a
pipette and passed through a copper grid, which is then dried at 80°C for 1 hour.

Raman spectroscopy (Raman 11, Nanophoton, Japan) measurements are carried out using
an excitation source of 633 nm, a 20x objective lens, and a total acquisition time of 5 min.

Direct current (DC) electrical conductivity measurements are performed on foam
morphology specimens using 4 point-probe method (6517 B, Keithley Instruments, USA). The
specimens are in 5 x 5 x 12 mm? (width x thickness x length). The DC electrical conductivity
results are averaged over four samples per loading fraction, and standard deviations are given by
error bars, accordingly. For the loading levels corresponding to percolation transitions, the
nanocomposite specimens are labeled, in addition to the GNP size, with <@¢, ~¢c, >¢c denoting
below percolation, around percolation, and above percolation GNP contents, respectively.

Volumetric microstructural images are obtained on foam morphology specimens using a

high-resolution X-ray micro-computed tomography (Micro-CT) (Xradia MicroXCT-400). The
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3D objects are reconstructed utilizing total 1441 images taken at every 0.25° corresponding to
sample rotation during the imaging process. The samples are in 10 mm x 20 mm cross-section
with 4 mm thickness.

Density is calculated as the ratio of measured weight to volume of the specimens. The
density of neat fully dense ATSP is 1.27 Mg/m?.

The cure characteristics of the nanocomposite foams are investigated using a Differential
Scanning Calorimetry (DSC) (DSC 2910, TA Instruments, USA). The tests are performed under
an inert atmosphere of nitrogen. The cure cycle involves a temperature-ramped heating process
with a 10 °C/min heating rate.

7.3 Results and Discussion

First, we highlight the chemical principles of the polycondensation reaction carried out
between the matching oligomer groups that form the crosslinked network of the ATSP matrix.
The polymerization process involves the acetoxy and carboxylic acid-capped constituent
oligomers conducting an esterification condensation reaction at sufficiently high temperatures
exceeding 200 °C. In the course of this reaction, ether oxygen groups of the acetoxy-capped
oligomer exchange with the hydroxyl groups of the carboxylic acid-capped oligomer that
produces the crosslinked aromatic backbone morphology while releasing acetic acid as a by-
product, which deliberately generates a porous morphology [25]. Figure 7.2 demonstrates solid-
state Nuclear Magnetic Resonance (ssSNMR) spectra of the individual carboxylic acid (C-group)-
and acetoxy (A-group)-capped oligomer groups, uncured combination of the oligomers (C+A
mixed), and cured ATSP matrix (ATSP). In Figure 7.2.a, 3C cross-polarization magic-angle
spinning (CPMAS) spectra of the individual oligomers exhibit two main peak domains

corresponding to aromatic main chains (C-C/C-H bonds) and functional side chains (C-O/C=0
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bonds). Measured chemical shift positions of the A-group are 6=168.7 162.8, 154.8, 150.5,
136.2, 131.2, 127.3, 122.1, and 20.6 ppm and the C-group are 8=171.7, 162.9, 154.8, 150.5,
134.9, 129.9, 122.1 ppm. The solid-state uncured combination of the oligomers (C+A mixed)
displays similar characteristic peaks detected at 6= 172.9, 168.9, 162.9, 154.8, 150.5, 135.2,
129.9, 122.1, and 20.6 ppm. Following the polymerization reaction (performed outside of the
NMR station), the cured ATSP morphology exhibits peaks at 6=160.5, 152.6, 148.2, 132.9,
128.4, 125.2, 118.8 ppm. Hence, the two identified peak domains, emerging from the constituent
oligomer groups, are effectively preserved within the ATSP morphology whereby a crosslinked
aromatic backbone linked via oxygen bonds is formed [25]. Regarding the chemical imprints of
the reactive caps, the peaks observed at 6=171.7 ppm in C-group and 6=168.7 and 20.6 ppm in
A-group (as indicated with asterisks in the figure) likewise transmits to the spectrum of the
uncured mixture, yet disappears upon polymerization, and are absent from the *3C spectrum of
the cured ATSP matrix. It highlights that these peaks are associated with the reactive caps that
participate in the reaction. In particular, the ether oxygen of the acetoxy cap (with the methyl (-
CH3) group displays at 6=20.6 ppm and the oxygen-bearing groups (C-O/C=0) display at
0=168.7 ppm as observables) interacts with the hydroxyl group of the carboxylic acid cap (with
the oxygen-bearing groups (C-O/C=0) show a peak at 6=171.7 ppm) in the course of the
polycondensation reaction which then release acetic acid foaming as the by-product while the
crosslinked morphology is formed [26]. Besides, in Figure 7.2.b, H direct pulse magic-angle
spinning (DPMAS) spectra show chemical shifts of the C-group at 6=7.4 ppm, A-group at 6=7.4,
1.7 ppm, C+A mixed at 6=7.4, 2.1 ppm, and ATSP at 6=5.0 ppm (The shifts are referenced to
zero in the figure for clarity). Particularly, the spectrum of the A-group displays a shoulder

formation (at 5=1.7 ppm) over the main peak, which represents the acetoxy based reactive cap of
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the oligomer [27]. Note that although the acetoxy cap is detected in the *H spectrum of the
uncured mixture, it is no longer observable after the esterification process. Hence, based on both
'H and 3C spectra, the formation of the crosslinked aromatic backbone is mainly controlled by
the functional groups of the constituent oligomers reacting at elevated temperatures during the

polymerization reaction.
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Figure 7.2 Solid-state Nuclear Magnetic Resonance (ssSNMR) C cross-polarization magic-angle
spinning (CPMAS) (a) and *H direct pulse magic-angle spinning (DPMAS) (b) spectra of the carboxylic
acid (C-group) and acetoxy (A-group) capped individual oligomers, uncured combination of the C-and A-
groups (C+A mixed), and cured matrix (ATSP). Aromatic groups and functional groups represent C-C/C-
H and C-O/C=0 bonds participated in the oligomer sets as well as the cured matrix. Rc and Ra indicate
aromatic chain configurations of the carboxylic acid and acetoxy group oligomers, respectively. Asterisks
highlight the peaks associated with the reactive caps involving in the polymerization reaction. *H spectra
referenced to zero to display the additional peak formations, corresponding chemical shift values are
given in the text.
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Next, we highlight the in situ intermolecular attraction and interfacial coupling mechanism
effective between the GNP nanoparticles and ATSP backbone chains, as shown in Figure 7.3.
During the thermal polymerization reaction between the constituent oligomers, the GNP particles
interact with the reactive functional groups of the oligomers, and, consecutively, integrate with
the crosslinked network upon curing. The underlying in situ interaction mechanism stems from
intermolecular attraction forces between highly polar acetoxy and carboxylic acid caps of the
oligomers and inherently oxygen-containing polar sites on the GNP particles [28]. Within this
scheme, molten oligomers at high temperatures blend together, and wet the GNP particles
through effective hydrodynamic forces emerging during the acetic acid by-product release [5]. It
then facilitates the polar force induced interfacial interaction between the GNPs and ATSP.
Subsequently, the oligomers — containing acetoxy and carboxylic acid reactive groups - crosslink
with the oxygen-bearing polar sites on the GNP particles upon the cure process which effectively
tethers the GNPs to the crosslinked domain of the ATSP. Since the interfacial coupling occurs
through oxygen bonds, it enables high physicochemical stability which effectively enhances the
thermomechanical properties of the ATSP nanocomposites [25]. Scanning electron microscopy
(SEM) analysis reveals that the GNP particles are thickly coated by the matrix indicating
effective surface wettability enabled through the in situ attraction mechanism (Figure 7.3.a).
Hence, the GNP particles are not phobic to the molten oligomer groups during the
polymerization process. More importantly, such an in-situ present interaction scheme indicates
that the GNPs can also modify the polymerization reactions characteristics, which will be
discussed later in the text. To highlight the interfacial coupling effect, transmission electron
microscopy (TEM) image displays a GNP flake having ATSP chain fragments (darker domains)

tethered on the surface that clearly indicates the molecular level extent of the coupling formation
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(Figure 7.3.b). In addition, Raman spectroscopy measurements, as shown in Figure 7.3.c, display
the pristine GNP spectrum as compared to that of the GNP interacted with the ATSP matrix. The
pristine GNP produces a conventional spectrum with two characteristic peaks at 1360 cm™ and
1590 cm™ which correspond to D (disordered hybridized structure with impurities) and G
(ordered graphitic structure) bands, respectively [29]. Upon the GNP particles interacting with
the ATSP backbone chains, additional peak formations are observed, as denoted with asterisks.
The peaks arise from the polymer domain for which the polymer chains are excited while
strongly attached to the GNP structure for Raman spectrum of the neat ATSP). Also note that the
presence of the additional peaks disturbs the D band region, which indicates that the grafting
takes place through a disordered area of the GNP flakes where the oxygen-containing sites are
present. Hence, it is clearly evident that the GNP and ATSP matrix constitute a strong interfacial
attachment. We note that the GNP particles remained intact in the ATSP matrix upon the
polymerization reaction which apparently did not exfoliate, based on X-ray diffraction (XRD)
spectroscopy demonstrated in an earlier work [5]. Besides, temperature-driven hydrodynamic
motion within molten oligomer domain caused relocation of the acetic acid blowing agent
bubbles enabling redistribution and rearrangement of the GNP particles prior to the curing that

minimized nanoparticle aggregation in the nanocomposite matrix [5].
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Figure 7.3 A scanning electron microscopy image obtained on a single GNP flake (GNP 25 pm) thickly
coated by ATSP matrix (a). A bright-field transmission electron microscopy image of a GNP flake (GNP
5 um) decorated with interfacially tethered ATSP chain fragments (b). Raman spectra of pristine GNP
flakes (GNP 5 um) and GNPs within the ATSP matrix (c). Asterisks denote additional peaks formed upon
interactions with the ATSP backbone chains.

Afterwards, we investigate the electrical percolation characteristics of the ATSP
nanocomposites incorporated with the GNP particles of 1 um, 5 um, and 25 um sizes. Direct
Current (DC) electrical conductivity results of the ATSP nanocomposites obtained employing a
four-point probe method are shown in Figure 7.4. The neat ATSP (without addition of the GNPs)
displays a characeristic non-conductive behavior with a DC conductivity of 4.04 x 1023+ 7.73 x

1014 S/m being in agreement with similar polymer systems [30]. Upon selectively incremented
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nanofiller content, the electrical conductivity remains almost constant until the percolation
threshold transitions of each GNP sizes. The percolation thresholds are observed to vary with
respect to the GNP particle sizes. In particular, GNP 1 um forms the conductive percolating
network around 5 wt % while GNP 5um and GNP 25 pum reach obtain the interconnected
domains near 4 wt % and 3 wt %, respectively. The percolation thresholds are visually
determined with respect to the S-shape characteristic curve of the percolation transition. The
observed percolation thresholds concur with the findings in the literature [31-33]. The
downshifts in the percolation thresholds with the larger GNPs occur due to the prompt
development of the percolating networks which increases the probability of the formation of
nanoparticle conductive paths in the matrix [34]. The generalized connectedness percolation
theory describes that the percolation threshold is independent of the aspect ratio for
monodisperse disc-shaped platelet nanofillers [17,35]. Yet, from an experimental point of view,
difference in the average diameters of the GNPs (polydispersity) is expected at each
nanocomposite, although they are formed through a single GNP size, considering the bulk
manufacturing processes of the pristine GNPs as well as the processing conditions of the
nanocomposites. Hence, shifts in the percolation thresholds with respect to different GNP sizes
are conceivable. In this regard, as polydispersity ratio (the variation of the GNP size for a certain
given diameter) is increased, in this case through the presence of the larger GNP particles
(assuming same thicknesses for all sizes), the percolation threshold decreases [17]. Above the
percolation transitions, the nanocomposites acquire highly conductive states. As a matter of fact,
we observe that the 10 wt % of GNP loading level displays electrical conductivities of 4.08 x 10
8+ 1.81x 10°3S/m for GNP 1 pm, 21.2 + 9.08 S/m for GNP 5 pum, and 1.6 x 10° + 4.78 10? S/m

for GNP 25 pum. A possible reason which gives rise to lower electrical conductivities with the
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smaller aspect ratio of the GNPs is the increased interfacial contact resistance through larger
contact area [36]. Another reason may be the different intrinsic electrical conductivities for each
different GNP size induced through the presence of inherent functional groups or defect sites, yet
conclusive remarks require further analysis. Based on the electrical conductivity results, we
determine 3 percolation-based GNP contents for further physical analysis: below percolation
(<oc¢), around percolation (~¢@c), and above percolation (>¢c). For GNP 1 um, <@c, ~@c, >¢c
correspond to 1 wt %, 5 wt %, and 10 wt %, respectively. For GNP 5 um, <@¢, ~@c, >
correspond to 1 wt %, 4 wt %, and 10 wt %, respectively. For GNP 25 um, <@c, ~@c, >¢c

correspond to 1 wt %, 3 wt %, and 10 wt %, respectively.
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Figure 7.4 Results of DC electrical conductivity measurements on the ATSP-GNP nanocomposites with
GNPs of 1 pm, 5 um, and 25 pm. Standard deviations were represented with error bars. Dashed lines
indicate assigned percolation thresholds for each GNP size.

To further interrogate the percolation characteristics, we perform microstructural analysis via
a Scanning Electron Microscope (SEM) on a set of specimens with GNP contents of below
percolation (<gc), around percolation (~¢c), and above percolation (>¢c). As shown in Figure

7.5.a-c, GNP 1 pm exhibits very random and wide distributions until the percolation threshold
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after which the GNP flakes are observed to effectively cover the surface of the matrix. In
addition, in Figure 7.5.d-f, GNP 5 pum specimens are observed to form some small clusters below
the percolation point owing to the larger particle size. Upon increases in the content, the GNPs
are embedded in the matrix. As well, above the percolation transition, the GNP particles are
thickly coated with ATSP while dispersed over the matrix. In Figure 7.5.9-i, GNP 25 um
specimens display similar characteristics as GNP 5 um, yet due to the larger particle size,
formations of cluster islands are clearly marked. The findings here indicate that the GNPs of the
larger sizes (5 pm and 25 pm) form cluster through percolation formation, significantly interact
with the matrix, and effectively alter the topological features of the nanocomposite
morphologies. Also, based on modeling perspective, the establishment of the percolating
networks through the fomation of clusters (defined as connectedness) for the larger GNPs
significantly affect the percolation transition characteristics as well as the ultimate electrical
conductivities. As such, the larger size of the clusters gives rise to the lower percolation
transition in the non-conductive matrices, which is completely analogous to the polydispersity
effect [37]. We subsequently carry out a supplementary visual characterization on the
nanocomposites having the corresponding GNP loading fractions to observe modifications in the
volumetric morphologies. In micro computed tomography (micro-CT) 3D reconstructed
scanning images of the ATSP-GNP foam morphology nanocomposites, the intrinsic porous
morphology of GNP 1 pum does not change with respect to the formation of the percolating
network. On the other hand, GNPs of 5 pm and 25 pm demonstrate notable changes in their
morphologies obtaining nearly densified structural forms above the percolation transitions (Table

7.1) (Figure 7.6).
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50 pm

Figure 7.5 Scanning electron microscopy (SEM) images of the ATSP-GNP nanocomposites highlighting
differences in surface morphologies and nanoparticle distributions for the GNPs of 1 um (a, b, ¢), 5 um
(d, e, f) and 25 um (g, h, i) below percolation (<), around percolation (~¢c), and above percolation (>¢)
thresholds. For GNP 1 um, <@c, ~@c, >¢c correspond to 1 wt %, 5 wt %, and 10 wt %, respectively. For
GNP 5 um, <@c, ~@c, >@c correspond to 1 wt %, 4 wt %, and 10 wt %, respectively. For GNP 25 um, <¢c,
~@c, >@ccorrespond to 1 wt %, 3 wt %, and 10 wt %, respectively.

Table 7.1 Density of ATSP-GNP foam morphology nanocomposites with respect to the size and content
of the nanofiller particles. The density is given in Mg/m?. The neat ATSP foam has a density of 0.54
Mg/mé, The density of fully dense ATSP is 1.27 Mg/m?. Corresponding loading fractions are given in the

text.

1 pm S pm 25 pm
<@c 0.51+0.05 0.45+0.09 0.46+0.04
~(c 0.46+0.07 0.58+0.03 0.56+0.15
>(@c 0.52+0.01 0.70+0.04 0.65+0.02
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Figure 7.6 Micro-Computed Tomography (Micro-CT) images of the ATSP nanocomposites
demonstrating variations in the porous morphology with respect to the size of 1 um (a), 5 um (b), and 25
um (c) and content (<@c, ~@c, >@c) Of the nanofiller particles. Corresponding loading fractions are given in

the above text.
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To investigate the chemical basis that causes the structural modifications with the increased
GNP contents, we analyzed the thermal characteristics of the in situ endothermic condensation
polymerization reaction at the percolation-determined loading levels. The combined mixtures of
the precursor oligomers with the GNPs are subjected to a temperature-ramp differential scanning
calorimetry (DSC) cycle at a 10 °C/min constant heating rate. The obtained thermal profiles of
the GNP combined mixtures are then compared to that of the neat mixture of the constituent
oligomers [25]. In Figure 7.7, we compare only the above-percolation GNP content to the parent
material to highlight the thermochemical changes that are effective for other GNP sizes. As
shown in Figure 7.7, at the beginning of the heating processes, the heat flux curve of the GNP
combined mixture likewise reveals a dimple around 70 °C denoting structural softening of the
constituent oligomers, which is similarly observed in the base formulation [25]. Afterwards,
especially for GNP 1pm, the thermal profile maintains similarly endothermic patterns akin to the
neat mixture during which melting and polycondensation reaction stages accordingly take place.
However, both GNP 5um and GNP 25um reveal significant heat uptakes into the molten
oligomer domain, which are particularly observed for the above-percolation loading levels (>¢c).
Such abrupt behaviors are related to acetic acid discharge-driven bubble growth during the
condensation reaction that is greatly affected by the presence of the carbon fillers [38].
Following this stage, the cure process initiates (denoted as cure onset) around at 260 °C for the
parent form in which the thermal curve displays a genuine endothermic cure region [25]. For
GNP 1um, only the >¢. loading level exhibits a distinctly broader cure region than the neat
oligomers for which the completion of the cure process extends beyond 350 °C. In addition,
upon completion of the cure process, a thermal relaxation peak, a small hump (denoted as cure

end, indicated with an arrow) is observed. Likewise, for both GNP S5um and GNP 25um, similar
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broadening of the cure domains as well as the peak formations are observed at above-percolation
loading levels. The broadening of the cure region is likely to occur due to increased melt
viscosity of the oligomers caused by the presence of the nanofillers that required more energy
input to carry out the crosslinking process, which could subsequently stimulate an early gelation
of the crosslinked matrix [39]. Also, the reactive functional groups of the oligomers graft onto
carbon nanofillers that can alter viscous characteristics of the molten domain during curing [40].
The thermal relaxation peaks form due to devitrification of the matrix in the thermal process

during which the glass transition temperature increased above the cure temperature [41].
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Figure 7.7 Differential scanning calorimetry (DSC) thermal characteristics of the condensation
polymerization reaction for the neat mixture of the precursor oligomers and combined mixture of the
oligomers with GNP 25 um having >¢c loading level (10 wt %). DSC curves are arbitrarily shifted to
highlight differences. Tests are performed under an inert atmosphere of nitrogen. The heating rate is 10
°C/min.

In addition, in Figure 7.8, we demonstrate solid-state Nuclear Magnetic Resonance (SSNMR)

spectroscopy measurements performed on above-percolation GNP content in comparison to the
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parent material to identify chemical modifications in the backbone chain configuration as well as
manifesting the interfacial attachment scheme in the nanofiller incorporated matrix. *3C cross-
polarization magic-angle spinning (CPMAS) spectrum of the parent material (neat ATSP)
display the two characteristic peak domains: the aromatic groups (C-C and C-H) and the
functional side groups (C-O and C=0), with a line width of ~860 Hz over the highest intensity
peak (~130 ppm) (3C NMR spectra are processed using 25 Hz line broadening). *H direct pulse
magic-angle spinning (DPMAS) NMR spectrum of the neat ATSP shows a single characteristic
having a line width of ~1640 Hz (*H NMR spectra are processed using 1 Hz line broadening).
Based on these NMR analyses, we observe that both *H and ‘3C spectra of the nanocomposites
with GNPs 5 pm and 25 um (Figure 7.8) reveal clearly broadened characteristic peaks with
respect to the neat parent matrix. Whereas GNP 1 um display characteristic peaks similar to the
base ATSP, yet decreased line widths with respect to increased GNP content may indicate only
moderate interactions with the matrix. For GNPs 5 um and 25 pm, such peak broadening is
formed due to strong interfacial coupling between the GNP particles and ATSP backbone chain,
which then modifies the structural relaxation behavior of the nanocomposite matrix [42, 43]. In
particular, the attachment scheme incurs an electron mobility difference due to individually
dissimilar relaxation times of highly conductive GNP particles and highly dielectric ATSP
matrix. More importantly, we do not observe any characteristic peaks in *3C spectra coming from
the matrix of GNP 5 um at above-percolation loading level. As well, 3C spectrum of the GNP
25 um for >¢¢ form a single slightly broader peak associated with only the aromatic group of the
backbone configuration (Figure 7.8). Hence, the presence of larger GNP particles alter

polymerization process at a significant extent, as also justified with the above-mentioned results.
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Figure 7.8 Solid-state Nuclear Magnetic Resonance (ssSNMR) C cross-polarization magic-angle
spinning (CPMAS) (a) and 'H direct pulse magic-angle spinning (DPMAS) (b) spectra of the neat ATSP
morphology with respect to ATSP nanocomposites with GNP 25 um having > loading level (10 wt %).
'H and *C NMR spectra are processed using 1 Hz and 25 Hz line broadenings, respectively. The figures
were given in normalized intensity axes.
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Based on the characterization results presented here, we understand that due to the interfacial
attachment mechanism coming into effect during the polymerization reaction, a fraction of the
functional groups of the oligomer structures are reacted with the GNP particles (especially 5 pm
and 25 um), which consequently reduces the fraction of the functional groups that participate in
the ordinary crosslinking polymerization process. Indeed, the GNP-coupled configurations of the
oligomers prompt an early gelation point during the polymerization reaction without
necessitating completion of the crosslinking process. As a consequence of the gelation, the DSC
profiles of 5 pm and 25 pm with loadings near and above their percolation thresholds display
nearly flat regions following the sudden heat uptakes until cure onset. Under such a
circumstance, the modified polymerization process does not solely perform the esterification
reaction, which conjugates the two oligomer groups releasing acetic acid by product. This
reduces the foaming agent released during the cure process, rendering higher density
morphologies as observed in GNP 5 um and 25 um above percolation transitions. In this context,
the temperature-wise broadening characteristic observed in the cure regions indicates that the
advancing crosslinking resin requires more heat input to activate unreacted bonds to complete
the cure process. Due to the effect of such an interfacial entanglement mechanism, glass
transition characteristics of similar polymer nanocomposites are demonstrated to be modified
displaying significant temperature shifts'®. Hence, in this case, the glass transition temperature
(~191 °C) may positively shift to a higher temperature in the cure region such that the polymer
chains display the glass transition relaxation while the isothermal cure process is still in progress
[25]. Therefore, the peak formation at cure end point takes places due to devitrification (phase
transformation from glassy state to rubbery state upon the glass transition) of the polymer

network. Note that the vitrification induces slower cure rates wherein the cure reaction becomes
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more diffusion controlled rather than kinetic controlled, which also correlates to the cure region
temperature broadening [44]. Characterization of rheological properties of the nanofiller
incorporated ATSP resin during the in situ polymerization reaction will be the subject of a
follow-up study.
7.4  Conclusion

We present the physicochemical characteristic effects influenced by the GNPs of
different sizes on the polycondensation reaction of the ATSP resin via the formation of
electrically conductive percolating network. During the polymerization process, carboxylic acid
and acetoxy-capped precursor oligomers, combined with the GNPs, form the crosslinked
aromatic backbone of the ATSP matrix while the nanofillers interact with the reactive caps of the
oligomers, and combine with the crosslinked polymer network. The varied GNP size causes
different electrical percolation thresholds and ultimate electrical conductivities. Microstructural
characterization display the GNP distributions in the matrix as well as morphological
modifications formed through the conductive percolating networks. Cure characteristics reveal
the thermochemical changes occurred on the polymerization processes. sSSNMR spectroscopies
on the ATSP nanocomposite morphology exhibit the formation of a robust interfacial coupling

mechanism between the GNPs and ATSP backbone.
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CHAPTER 8: INTERFACIAL LIQUID CRYSTALLINE MESOPHASE DOMAIN ON
CARBON NANOFILLERS IN AROMATIC THERMOSETTING COPOLYESTER
MATRIX

8.1 Introduction

Liquid crystallinity is a state of condensed matter displaying characteristics associated
with both solids and liquids; liquid crystals possess mesomorphic structures with ordered
arrangement and fluidity [1]. Achieving formation of such mesophase domains is contingent on
the presence of rigid anisotropic mesogenic moieties which are usually composed of phenyl and
biphenyl groups [2-4] Polymer chains can accommodate the mesogen units via two main
mechanisms: being either incorporated into backbone chains or conjugated with dangling side
chains [3,4] Flexible and conformable moieties of the mesogens essentially modulate molecular

level orientation of chains — mesogenicity — which develops the LC morphology [5,6].

This work was previously published: Bakir, M., Elhebeary, M., Meyer, J.L., Sutrisno, A.,
Economy, J., and Jasiuk, 1., Interfacial liquid crystalline mesophase domain on carbon nanofillers
in aromatic thermosetting copolyester matrix, Journal of Applied Polymer Science, 135, 46584
(2018).

Special thanks to Mohamed Elhebeary (Department of Mechanical Science and Engineering,
University of Illinois) for performing SEM imaging.
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Particularly, thermotropic liquid crystal phases contain homogenous rod-like calamitic
mesogens for which the LC morphology can only appear within a particular temperature range:
between the melting temperature of the crystalline matrix and the clearing temperature of the
isotropic amorphous liquid. Hence, thermotropic LC morphology is uniquely distinguishable by
scattering of polarized light by the ordered arrangement of the mesogens, while the isotropic
form exhibits absolute opacity in cross-polarized light microscopy [1,3,7].

Motivated by structural applications for the development of high-performance polymer
matrix composites, the liquid crystalline polymers (LCPs) have drawn considerable attention due
to their unique interfacial compatibility with conventionally used carbonaceous reinforcements.
For instance, p-acetoxybenzoic acid/diacetoxy hydroquinone based thermotropic LCP developed
covalently bonded and self-oriented LC mesophase domain around carbon fibers [8,9]. Also,
phenyl ester containing inherently amorphous ATSP formed surface-induced LC mesophase on
carbon fiber surface [2,10]. Note that these two resin systems could effectively maintain the LC
morphologies in the cured state at room temperature. Regarding the studies with nanofillers,
azobenzene containing LCP promoted preferentially ordered LC domain around carbon
nanotubes [11] Another work reported phenylene group incorporated LCP with the GNPs
showing that Young’s modulus and DC electrical conductivity of nanocomposites significantly
improved with fairly low nanofiller content [12] Also, LC epoxy with graphene oxide (GO)
nanoparticles demonstrated improved thermal degradation stability and mechanical toughness
along with an upshifted glass transition temperature [13] Likewise, GOs exhibited a strong
interaction with azido functionalized thermotropic LCP which enhanced bulk thermophysical
properties in nanocomposite structures [14] These efforts mainly employed inherently liquid

crystalline morphology polymer systems that accordingly demonstrated macroscopic physical

152



property improvements with the incorporation of nanofiller particles. However, no prior study
has investigated an amorphous polymer configuration that develops a surface functionality with
nanofiller particles via the formation of an interfacial liquid crystalline domain. Therefore,
through such a unique physicochemical condition, thermally induced phase transition
characteristics of liquid crystalline mesophase structure, as well as nanoparticle-polymer chain
interfacial bonding mechanism and polymer chain relaxation characteristics of hanocomposite
structures, can be systematically studied.

In this paper, we demonstrate the formation and characterization of the LC mesophase
interlayer domain which developed conformal to GNP nanoparticles within a highly crosslinked
and inherently amorphous ATSP matrix [15-18]. Employing an environmental scanning electron
microscope (ESEM) equipped with a temperature-controlled heating stage, a precursor
oligomers-GNP base mixture was initially thermally cured on-site under a nitrogen atmosphere.
Upon cooling down to room temperature, an LC interlayer contour formed, encapsulating a
matrix-embedded GNP particle aggregation site while exclusively replicating edge pattern of the
carbonaceous nanostructure. Application of a temperature-ramp heating cycle caused the LC
domain to gradually vanish at elevated temperatures above the glass transition temperature of the
surrounding matrix. Upon a successive cooling cycle, the LC phase domain restored its initial
ordered morphology in which the LC mesogenicity demonstrated a reversible thermophysical
phase transition characteristic. Cross-polarized light illuminations also supported the presence of
the LC morphology over the GNP-ATSP interface. sSSNMR spectroscopy results exhibited a
strong interfacial bonding mechanism between the GNPs and ATSP backbone chains. Glass
transition of the nanocomposites marginally increased, induced by the LC interlayer and

interfacial attachment mechanisms.
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8.2  Materials and Methods

Carboxylic acid-capped (C1) and acetoxy-capped (Al) oligomers were used to produce
highly crosslinked and amorphous aromatic thermosetting copolyester resin. The constituent
oligomers were synthesized using trimesic acid (TMA), isophthalic acid (IPA), 4-acetoxybenzoic
acid (ABA) and hydroquinone diphthalic anhydride (HQDA) (Sigma-Aldrich Co.) via melt-
oligomerization method at molar feed ratios of 2:3:6:4 and 2:2:2:7 of TMA:IPA:ABA:HQDA for
C1 and Al, respectively. The base solution mixture for the hot-stage assisted environmental
scanning electron microscopy (ESEM) experiments was prepared via mixing the carboxylic acid
and acetoxy functional group oligomers at a 1.1:1 weight ratio. The oligomer mixture (C1A1)
was initially dissolved in N-Methyl-2-pyrrolidone (NMP) solution at a 0.25 g/mL concentration.
Then, GNP particles (Grade M-5, XG Sciences, Inc.) (diameter: ~5 um, thickness: 6-8 nm,
density: 2200 kg/m®) were incorporated into the CLA1-NMP solution. The highly viscous C1A1-
GNP solution was rested on aluminum foil placed in a magnesium oxide heating crucible of the
ESEM hot stage, wherein in situ chemical reaction and thermal curing was performed under
nitrogen environment. For the NMR and the DMA analyses, foam morphology ATSP
nanocomposites were obtained via a condensation polymerization reaction between carboxylic
acid and acetoxy functional group oligomers, which generated a crosslinked aromatic polyester
backbone and emitted acetic acid as a reaction by-product. The carboxylic acid (C1) and
acetoxy-capped (Al) oligomers (at 1.1:1 weight ratio) were solid-state mixed with the GNP
nanofillers of 1 wt.% and 5 wt.% at room temperature. The specimen without the addition of the
GNP was named neat ATSP. The C1A1-GNP mixtures were subjected to a thermal cure cycle,
which comprised of two dwell stages at 202 °C for 90 minutes and 270 °C for 150 minutes,

which corresponded to relaxation/melting of the constituent oligomers and nucleation/bubble
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growth through the release of the acetic acid, respectively. Additionally, the thermal cycle had a
final cure stage at 330°C for 90 minutes.! The base solution mixture used in the cross-polarized
optical microscope imaging experiment was cured on glass slides by applying the cure cycle.

In-situ thermal characterization inside the environmental scanning electron microscopy
(Quanta 450 ESEM FEG) chamber was performed using a heating stage setup placed in a
nitrogen gas environment at 1.45 Torr. The heating/cooling cycles were operated at a 5°C/min
heating rate. The images were obtained at 30 kV operation voltage in the high-resolution upper
detector.

Optical microscopy images were obtained using a bright-field inverted optical
microscope in transmission mode having cross-polarizers set to 0° (without cross-polarizer) and
90° (with cross-polarizers) polarization angles at different magnifications (Zeiss Jenavart).

Solid-state Nuclear Magnetic Resonance (sSNMR) spectroscopy measurements were
carried out using ground nanocomposite specimens (~45-50 mg) packed into NMR rotors (on a
Varian Unity Inova 300 MHz spectrometer). *H and **C spectra were obtained using direct pulse
(DP) and cross-polarized (CP) excitations, respectively. Specimens were spun at 10 kHz. Data
analysis was performed using the MestreNova software.

Glass transition characterization of the nanocomposites was carried out using Dynamic
Mechanical Analysis with a dual-cantilever beam (DCB) bending clamp fixture (Q800 TA
Instruments). A temperature-ramp cycle was operated with a 3°C/min heating rate. Specimens
were in 35 x 10 x 5 mm? (length x width x thickness). The tests were performed in the air.

8.3 Results and Discussion
First, we discuss the formation process of the LC mesophase domain at the GNP particle

and ATSP matrix interface. Following thermal polymerization and successive cooling cycles
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applied to the base mixture, an interlayer domain emerged entirely enclosing a matrix-embedded
GNP particle aggregate site over the basal plane of the GNP structure (Figure 8.1.a). The domain
lay within a few microns outside of the GNP agglomeration site while being discerned through a
sharp contrast to the brighter surrounding matrix with different electronic properties. Uniquely,
the LC phase contour precisely mimicked the tortuous outline of the GNP aggregate region,
which emphasizes the presence of a local surface induced orientation mechanism [19].
Additionally, cross-polarized optical microscopy images revealed birefringence patterns
emanating from the GNP site over the interface region (Figure 8.1.b). Hence, the ATSP resin
effectively produced preferentially oriented LC mesophase domain around the GNP particles
upon curing. This observation concurs with the prior findings on the carbon fiber reinforced
ATSP matrix composites which exhibited similar refractive anisotropy on the fiber surface
arising from the presence of the LC mesophase [2]. As well, several other LC melts developed
intrinsic orientational configurations likewise through interactions with the carbon fibers [9,20]
The presence of structural defect sites or reactive functional groups presented on the carbon fiber
surface were conceived to stimulate such alignment mechanism within the LC network [8,21,22].
Hence, the development of the LC network within the ATSP matrix occurred not only through
the physical presence of the GNPs but also through interfacial interactions with reactive oxygen-
containing functional groups on the GNPs. X-ray photoelectron spectroscopy (XPS) results on
the GNPs illustrate that the inherently present oxygen-containing functional groups are
approximately 3 at %. Thus, the in situ polymerization reaction enabled the reactive carboxylic
acid and acetoxy functional groups of the constituent oligomers to interact with the oxygenated
polar sites on the GNPs. Therefore, the nanoparticles subsequently attached to the advancing

crosslinked network of the ATSP backbone chains during the curing process. Also, we highlight
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that the LC phase domain was only viable around the surrounding edge boundary of the GNP
particle site within an amorphous morphology which indicated the presence of surface stabilized

nematic mesogenicity.

interlayer
domain

-

‘ patten .

Figure 8.1 Scanning electron microscopy image of the interlayer LC mesophase domain (darker) around
a GNP particle aggregation site in the amorphous ATSP matrix (brighter) (a). Cross-polarized optical
microscopy image of the birefringence patterns (brighter) radiating from an individual GNP particle site
(darker) (b). The scanning electron microscope image was obtained under an inert atmosphere of
nitrogen. Both images were obtained at room temperature. The scale bars are 20 pm.

The aromatic polyesters are among well-known thermotropic LCPs [23]. Referring to the
previous argument on the thermotropic liquid crystals having a temperature-dependent transient
mesomorphic state, we performed subsequent heating/cooling cycles on the cured mixture to
investigate thermophysical features of the LC domain. Figure 8.2 and 8.3 demonstrate scanning
electron microscopy images obtained at distinct temperatures during a heating process. The LC
contour remained intact and was likewise observable below the glass transition temperature of
the matrix (~214°C). Beyond the glass transition temperature, the mesophase domain obtained an
isotropic form which displayed a visual uniformity with the surrounding matrix. Particularly, the
primary highly-ordered nematic LC domain acquired an amorphous structure with respect to the
increased temperature, which eventually suppressed orientational effects within the mesogenic
compounds. The crosslinked morphology of the ATSP matrix stimulated the phase transition in
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such a way that significantly differs from the melting induced structural decomposition of the
mesogenicity observed in the conventional LC thermoplastics. Essentially, the heating process
promoted structural relaxation on the ATSP chains to a rubbery state through the glass transition
mechanism. Thus, the orientational order of the mesogenic segments was disrupted mainly via
the structural relaxation of the polymer chains. As also displayed in the corresponding figures,
the LC region completely disappeared at the temperatures well above the glass transition. Hence,
the LC mesophase domain around the carbonaceous site can modulate temperature-dependent
chain relaxation dynamics of the host ATSP matrix within a wide temperature window until the

glass transition point, as discussed later in the text.

Figure 8.2 Scanning electron microscopy images of the LC mesophase around a GNP particle
aggregation site showing the thermally induced transformation of the LC domain from a nematic
mesophase (a, b) to an amorphous isotropic (c, d) morphology during a temperature-ramped heating
process. The images were obtained under an inert atmosphere of nitrogen. The heating rate was 5°C/min.
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Figure 8.3 Scanning electron microscopy close-up images of the nematic to isotropic phase
transformation of the LC domain. The images were obtained under an inert atmosphere of nitrogen (a-c).

The initial configuration of the mesogens within the LC interphase domain is restorable
upon application of a cooling cycle [3]. As demonstrated in Figure 8.4, following a successive
cooling process back to room temperature, the LC contour, which initially developed around the
GNPs, completely recovered its original form, likewise mirroring the geometrical outline of the
GNP site. Essentially, the reduced temperature enabled the backbone chains to reorient along
with the mesogen molecules facilitated through conformity and flexibility of the aromatic chains.
In fact, this observation illustrates another important factor coming into effect in this process: the
ATSP backbone chains covalently conjugated to the GNPs. The thermophysical recovery of the
original pattern indicated that the in situ formed oxygen bonds remained thermally stable and
physically intact at such elevated temperatures. Hence, the combination of these two major
mechanisms successfully enabled thermophysical reversibility of the mesogenic network. As
well, the structural recovery gradually progressed during this process, as inferred by partial
recovery of the LC zone at the intermediary temperature step, as given in the corresponding
figure. In the following section, we investigate the influence of the interfacial coupling

mechanism on the physicochemical properties of the ATSP-GNP nanocomposites.
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Figure 8.4 Scanning electron microscopy images of the interfacial LC mesophase around the GNP
particle aggregate site showing complete structural recovery of the LC domain following a cooling
process (a-c). The images were obtained under an inert atmosphere of nitrogen.
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We carried out sSNMR spectroscopy measurements to interrogate the interfacial
interaction mechanism between the GNPs and the ATSP backbone chains. Figure 8.5
demonstrates *H and *C ssNMR spectra of the 1 wt % (ATSP-1GNP) and 5 wt % GNP (ATSP-
5GNP) incorporated nanocomposites in comparison to the neat ATSP matrix. In Figure 8.5.a, *H
direct pulse magic-angle spinning (DPMAS) spectra revealed distinctly broadened characteristic
peaks for the nanocomposites. The measured linewidths were ~1700 Hz, ~1865 Hz and ~2515
Hz for the neat ATSP, ATSP-1GNP, and ATSP-5GNP, respectively (*H NMR spectra were
processed using 1 Hz line broadening). We note that *H chemical shift peak meanwhile remained
nearly constant concerning incremented GNP content. Also, *C cross-polarization magic-angle
spinning (CPMAS) spectra, shown in Figure 8.5.b, illustrate that the neat ATSP displayed two
characteristic peak domains which were assigned to be aromatic groups (C-C and C-H) and
functional groups (C-O and C=0). 3C spectra likewise exhibited increased linewidths for the
nanocomposites concerning the parent material. The linewidths were measured to be ~618 Hz for
the neat ATSP, ~650 Hz for ATSP-1GNP and ~806 Hz for ATSP-5GNP over the highest
intensity peaks (~130 ppm) (**C NMR spectra were processed using 25 Hz line broadening). The
peak broadening effect in both the *H and the 3C spectra was due to the strong interfacial
attachment between the GNPs and the ATSP backbone chain [24]. Such a physicochemical
attachment scheme through the LC interphase domain significantly altered the chain relaxation
behavior of the backbone chains. In a similar context, intermolecular interactions within polymer
systems were elsewhere reported to cause similar broadening effects [25]. Besides, neither the
pristine GNPs exhibited characteristic peaks in the 3C and H spectra nor the nanocomposites
displayed any additional peaks different than the reference spectra, which indicates an immediate

interaction mechanism between the chains and the GNPs. Thus, the interfacial tethering of the
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GNPs and the ATSP backbone through their particularly different relaxation times caused
significant mobility difference within the chains which then resulted in broadening in the NMR

characteristics of the nanocomposites [25].
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Figure 8.5 Solid-state Nuclear Magnetic Resonance H direct pulse (DP) (a), and *C cross polarization
(CP) spectra (b) of the ATSP-GNP nanocomposites and neat ATSP matrix. Asterisks denote spinning
sidebands of the H spectra.
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Also, we studied glass transition characteristics of the ATSP-GNP nanocomposites. The
glass transition temperature can reflect modifications in the backbone chain relaxation dynamics
induced through interfacial attachment mechanisms. Figure 8.6 shows glass transition tangent
delta (tan &) peaks of the ATSP-GNP nanocomposites and neat ATSP obtained using dynamic
mechanical analyzer (DMA). The parent material displayed a characteristic tan delta peak at
~214 °C, which corresponded to the glass transition (a-transition) temperature of the neat matrix.
On the other hand, the nanocomposites showed glass transition temperatures of ~220 °C and
~227 °C for ATSP-1GNP and ATSP-5GNP, respectively. The corresponding increases in the
glass transition temperature occurred due to the LC network being robustly attached to the
GNPs. The present rigid-core mesogen units introduced an additional intermolecular stiffening
while the backbone chains underwent structural relaxation during the phase transition. Hence, the
LC interphase invoked restricted chain mobility within the cross-linked network of the ATSP
matrix which resulted in upshifted glass transition temperatures [26]. Similarly, thermoplastic
LC polymers were demonstrated to obtain increased melting temperatures likewise through LC
mesogenicity induced chain modifications [3]. We highlight that the acetoxy and carboxylic
acid-capped oligomers of ATSP and oxygen-containing functional groups of the GNPs develop
an in situ molecular level attraction mechanism (the GNPs are not phobic to the oligomer melt).
Such a scheme promotes initial interaction and interfacial tethering of the GNPs to the ATSP

chains prior to the formation of the LC structure upon thermal curing.
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Figure 8.6 Dynamic mechanical analysis tangent delta (tan &) profiles of the glass transition
characteristics of the ATSP-GNP nanocomposites and neat ATSP matrix.

8.4  Conclusion

In conclusion, we demonstrated the in situ formed and cure-stable LC mesophase domain
conformably surrounding ATSP matrix-embedded GNP nanoparticles. Micron-scale LC
interlayer displayed a local preferential orientation closely mimicking the encapsulated geometry
of the GNPs. The physical presence of the LC zone was thermally reversible; the mesophase can
conveniently phase transform between the nematic and the isotropic states through successive
heating and cooling processes. sSNMR spectroscopy analyses revealed conformal chain
modifications induced by the in situ formed interfacial coupling of the LC domain with the
GNPs, which also upshifted the glass transition temperature of the ATSP matrix. Having such a
unique LC interlayer formed around the carbon nanofillers along with strong interfacial coupling
could improve the thermomechanical performance of polymer nanocomposites through robust

physicochemical properties of the nanofillers.
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CHAPTER 9: IMPARTING OPTICAL FUNCTIONALITY TO AROMATIC
THERMOSETTING COPOLYESTER BY LUMINESCENT SILICON
NANOPARTICLES CROSSLINKED VIA IN SITU THERMAL POLYMERIZATION
REACTION

9.1 Introduction

The last two decades have witnessed the development of ATSP which utilizes low-cost,
easily processable and highly crosslinkable oligomers to produce a new family of aromatic
polyesters [1-3]. The ATSP morphology is formed of a crosslinked network of ester backbone
chains interconnected via covalent oxygen bonds. Owing to such unique macromolecular
configuration, ATSP demonstrates outstanding thermal and mechanical properties, excellent
environmental aging stability, and robust adhesive bonding with prominent metals [4-6].
Specifically, the backbone network enables the isolation of delocalized electrons through
conjugated saturated spacers, namely C-C and C-O bonds, which forms a highly dielectric matrix
[7,8]. Besides, controllable porosity (void to solid ratio) through a foam morphology can be used
to tailor the dielectric properties of ATSP morphology [9,10]. Hence, ATSP can potentially find
applications in high-performance silicon-based microelectronics, such as complementary metal-

oxide-semiconductors (CMOS) [11] and microelectromechanical systems (MEMS) [12].

This work was previously published: Kocyigit, A., Bakir, M., Cifci, O.S., Enders, B., Jasiuk, 1.,
and Nayfeh, M.H., Imparting optical functionality to aromatic thermosetting copolyester by
luminescent silicon nanoparticles crosslinked via in situ thermal polymerization reaction,
European Polymer Journal, 103, 351-361 (2018).

Special thanks to Dr. Adem Kocyigit (Igdir University, Turkey) for his invaluable contributions.
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The electro-optical properties of ATSP (e.g., oxidation potential, fluorescence, and band
gaps) are local and mediated by isolated individual aromatic rings which are the low-molecular-
weight building blocks [13,14]. Hence, the ATSP matrix exhibits a weak luminescence in the
blue/green range, displaying the characteristic feature of the individual aromatic rings. Therefore,
doping the ATSP matrix with luminescent nanomaterials can potentially enable high optical
activity. The enrichment of the matrix with photoluminescence, in addition to the superior
thermomechanical properties, may expedite the implementation of the ATSP nanocomposites in
photonics applications, such as solar energy harvesters, filters, concentrators, down conversion
thin film coatings [15-18]. Hence, to efficiently control the global optical and thermomechanical
properties of the nanocomposite structures [19,20], it is pivotal to investigate the fundamental
basis of intermolecular interaction mechanisms between ATSP and luminescent materials, such
as Sinps, to understand physicochemical changes that may be imposed during the polymerization
process.

In this work, we examined the prospect of doping ATSP with ultra-small Sinps to impart
optical properties in a nanocomposite morphology. Carboxylic acid- and acetoxy-terminated
matched oligomers carry out a polycondensation reaction wherein ether oxygen of the acetoxy-
group oligomer is exchanged with hydroxyl groups of the carboxylic acid-group oligomer,
forming the crosslinked ATSP backbone chain [21]. On the other hand, the Sinps are attractive
owing to their strong luminescence feature and being amenable to the formation of reactive Si-H
termination [22]. The Si—H bond can be easily softened or cleaved to form a charged state under
relatively mild reaction conditions, which facilitate thermal activity around 100-150 °C or
photo-activation with UV/white light [23]. Thus, the reactive Si-H sites can conveniently interact

with the unsaturated reactive functional groups (the acetoxy and carboxylic acid terminals) of the
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precursor oligomers, which introduces hydroxyl-group advanced intermolecular coupling
mechanism [24-26]. We investigated the polymerization process in solution with the presence of
the luminescent Sinps under both UV exposure and thermal treatment. The unique formation of
luminescent ATSP-Sinps complexes in 2-D thin film forms was observed. Ultraviolet-visible
and photoluminescence spectroscopies along with electron microscopy were employed to
examine the topological features, interfacial attachment mechanism, and in situ polymerization
processes of these complexes. This work for the first time demonstrates imparting strong and
novel optical characteristics to the otherwise weakly blue/green luminescent ATSP
nanocomposites. We particularly studied the effects of the in situ polymerization reaction and
nanofiller interfacial coupling mechanism on the global photoluminescent features of the
nanocomposites. This semiconductor-polymer nanocomposite may potentially open up concepts
of advanced device applications such as UV shielding to mitigate photo-degradation, and
enhanced operational efficiency for photonics applications.
9.2  Materials and Methods

We incorporated pristine Sinps into a matched set of constituent oligomers of ATSP in
tetrahydrofuran (THF) solution to prepare ATSP-Sinps combinations for the pre-polymerization
process. The precursor oligomers were functionalized with carboxylic acid (C-group) and
acetoxy (A-group) end groups. The oligomers were synthesized using trimesic acid (TMA),
isophthalic acid (IPA), 4-acetoxybenzoic acid (ABA) and hydroquinone diphthalic anhydride
(HQDA) (Sigma-Aldrich Co.) as further detailed in the prior literature [1,4,9]. The calculated
molecular weights of A- and C-group oligomers are 1750 g/mol and 1900 g/mol, respectively
[27]. Figure 9.1.a displays the chemical structures of the C-group and A-group oligomers,

respectively [8]. The C- and A-group oligomer contained four terminal sites of carboxylic acid (-
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COOH) and acetoxy (-CHsCOO), respectively. The oligomer networks consisted unsaturated
oxygen atoms available to interact with free radicals. Reactive hydroxyl group (-OH) was
abundant in the C-group oligomer which hence formed aggregates in the THF solvent by
hydrogen bonding to itself [1]. Whereas the A-group oligomer lacked the hydroxyl group, so it
instead dissolved in the solvent with minimum aggregation [27]. On the other hand, the Sinps,
2.9+0.1nm in diameter, were prepared from Si wafers by chemical etching in HF/H.O> using an
hexachloroplatinic acid catalyst, as details were further discussed in the literature [28-30]. Figure
9.1.b shows bright field transmission electron microscopy (TEM) image of the pristine Sinps.
The nanoparticles were H-terminated (Si-H) [31-33]. The Si—H groups were confirmed using
solution *H Nuclear Magnetic Resonance (NMR) [22]. The nanoparticle suspensions were
separately prepared in the THF solvent to enable stable dispersions prior to mixing with the

oligomers.
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Figure 9.1 a) The chemical structures of the acetoxy- (A-group) (blue) and carboxylic acid-capped (C-
group) (red) oligomers [8]. b) Bright-field transmission electron microscope images of the silicon
nanoparticles [34]. The enlarged image resolves atomic planes within a single nanoparticle. The observed
atomic plane spacing of 0.314 nm in (100) plane is the characteristic of silicon crystals.

The control solutions of the C-group and A-group oligomers were prepared in THF
solvent to examine the interaction mechanism of the Sinps with each of the individual oligomers
and oligomer mixture. The pristine Sinps solution had a molarity of 10 uM, and the oligomer
solutions were in 1.65 mM. For the preparation of the solutions, 0.5 ml of the individual
oligomer solutions were added to Sinps solutions in separate glass vials. Then, these two Sinps-
oligomer solutions were combined to obtain an oligomer mixture and Sinps solution [4,35].

We mixed the three components: C-group oligomer, A-group oligomer, and Sinps at
given concentrations above. A specific volume (1 ml) of the mixture was spread on a preheated
glass plate at 50 °C in a glovebox, and then the specimen was subjected to a thermal treatment.
The temperature of the film was incremented up to 300 °C and held for 30 minutes to complete

the curing process. The sample was then optically tested.
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We prepared free-standing films of both neat ATSP and ATSP-Sinps nanocomposites.
We initially centrifuged the ATSP precursor oligomer solution at 2000 rpm for 20 minutes to
remove both excess undissolved and large clusters of the oligomer particles from the solution,
which results in clear and transparent solutions. Residual undissolved clusters would create
defects in the film that would compromise the uniformity and mechanical properties. Neat ATSP
and ATSP-Sinps solutions were cast on aluminum foils wrapped around glass substrates by
doctor-blade technique. An equal volume of the Sinps (10 uM) and ATSP (1.65 mM) solutions
were mixed to obtain the nanocomposite specimens. Upon thermal curing, the substrates were
dipped into HCI solution (%37) to etch aluminum foils, which produced the free-standing
polymer films without inducing any physicochemical effect to the specimen [36]. The Sinps
were preserved within the ATSP matrix against the corrosive environment of HCI, owing to
chemically inert nature of the crosslinked ATSP backbone and saturated H-termination of Sinps
[32]. Generally, silicon does not react with HCI as it needs to form tetravalent covalent bonds.
The reaction, however in the presence of a catalyst, such as copper, takes place at high
temperatures near 350°C, forming Si tetrachloride accompanied with release hydrogen. For Si-H
terminated silicon such as the nanoparticles, HCI lowers the ph of the solution (by providing
hydrogen ions) that improves the hydrogen termination of the nanoparticles, hence improves the
photoluminescence efficiency [37].

The temperature measurements on the vials were carried out using a remote source of He-
Ne laser sensor. The photoluminescence spectroscopy measurements were obtained under 365
nm ultraviolet excitation source (Hg lamp source) (UVP LLC) via a fiber-optic spectrometer
(Ocean Optics HR2000). The morphological analysis was performed using scanning electron

microscopy (SEM) (S-4800, Hitachi) in upper detector mode at 10-15 kV voltage and 5-10 pA
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current. The thickness measurements of the ATSP-Sinps nanocomposite thin films were carried
out via Dektak surface profilometer. The glass transition temperature characterization of the neat
ATSP and ATSP-Sinps nanocomposite free-standing films was performed using a dynamic
mechanical analyzer (DMA) (TA Instruments Q800 DMA). The DMA was operated in a tensile
mode in room atmosphere. A temperature-ramp cycle was performed at a constant heating rate of
3 °C/min. The film specimens were 5 pum X 5 mm x 10 mm (thickness x width x length). Varian
Cary 5G ultraviolet-visible (UV-Vis) spectrometer was employed to perform absorption
measurements on ATSP-Sinps thin films.
9.3  Results and Discussion

We monitored the in situ interactions between the Sinps and individual C- and A-group
constituent oligomers of ATSP as well as the oligomers mixture during the pre-polymerization
process. Figure 9.2.a shows the luminescence spectra of the neat C- and A-group oligomer
mixture, pristine Sinps, and Sinps combined with the oligomer mixture (C- and A- groups
combined) all in THF solution. Also, Figure 9.2.b exhibits the corresponding luminescent images
of the vials. The spectra and images were obtained under UV excitation at a constant wavelength
of 365 nm. The oligomers manifested a weak blue-green luminescence at 498 nm, which is
characteristic of the polymer whereas the pristine Sinps displayed a red/orange luminescence at
644 nm. The Sinps and oligomers combination showed a pink color due to the color mixing of
the red and blue-green components. The overall emission band is dominated by the red
luminescence with a slightly shifted maximum to a wavelength of about 655 nm. The results
highlighted that the Sinps did not comprise the luminescence when mixed with the oligomers;
rather preserved the intrinsic strong photoluminescence. The small red shift of 11 nm

corresponds to a lower energy state in the Sinps structure due to coupling/attachment to the
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backbone of the polymer via Si-O bond, which effectively lowers the quantum confinement for

radiative recombination of UV-excited excitons. Note that all solutions were transparent in room

light.
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Figure 9.2 a) The luminescence spectra of the C-group- and A-group oligomer mixture (M), pristine
Sinps (A), Sinps combined with oligomers mixture (®), and Sinps and oligomer mixture combination
after 1-hour settlement in room condition (%), all in THF solution. The spectra were obtained under UV
radiation excitation at a wavelength of 365 nm. b) The luminescent images of the C-group oligomer, A-

group oligomer, pristine Sinps, and Sinps with oligomer mixture combination under same excitation
conditions, given from top to bottom, respectively.

With time, following the preparation of the Sinps and oligomers mixture, small clusters
were observed to form in the solution, which progressively increased in size. Multiple clusters
were then collected forming a larger distinct structure which accumulated near the center bottom
of the vial, as shown in Figure 9.3.a. The aggregate was initially weakly bound and broken up
easily upon a moderate shaking. However, during the continuous bombardment by individual
clusters, it became relatively stable as more clusters were captured within the structure.
Eventually, nearly all clusters, which were visible to naked eye, were gathered at the center in a
relatively loosely bound structure, being as large as 3 mm. We note that the aggregation occurred

within a few minutes through a heat source of a hot plate or a strong UV light under the given
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conditions. Whereas, a similar clustering behavior took place at a much slower rate, in several
days, at room temperature in the absence of direct UV exposure (data not shown) [38].

The photoluminescence spectrum of the aggregates, while resting on the bottom of the
vial, was acquired under UV irradiation at a wavelength of 365 nm using a fiber-optic
spectrometer. Figure 9.3.b demonstrates the red luminescent imprint of the nanoparticles and the
blue-green luminescent imprint of the oligomers, which confirmed the presence of the Sinps as
well as the aromatic structure of the oligomers in the collection. The structures were then
scooped and dried on a silicon wafer substrate. Figure 9.3.c shows a photoluminescent image of
the Sinps-oligomer mixture combinations obtained using a fluorescence microscope operated at a
365 nm wavelength. The photoluminescence spectra of the dry sample under a 365 nm excitation

is shown in Figure 9.3.d.
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Figure 9.3 a) A top view snapshot of the accumulated aggregate of the Sinps and oligomers mixture (C-
and A-groups together) obtained under UV light. b) The photoluminescence spectrum of the accumulation
on the bottom of the vial acquired using a fiber-optic spectrometer operated at 365 nm UV irradiation (@

); (*) represents the combination subtracted from the substrate spectrum (®>). ¢) A fluorescence
microscope image of the dried accumulation on a silicon substrate obtained under 365 nm source
excitation. The bright red domains represent the Sinps and ATSP composite structures in the dark
background of scattering of the incident UV radiation. d) The photoluminescence spectra of (c) collected

on clusters in the dark (@), under UV (%), and under UV following a shaking (®>) using the fiber-optic
spectrometer.

We studied the interactions of the Si nanoparticles with the individual oligomers. At first,
the aggregation of C-group and Sinps were decanted and dried on a silicon wafer substrate. It
was loosely bound, so easily broken into individual clusters during this process. We obtained
images of the aggregated structure using SEM. In Figure 9.4.a, we observed the formation of 2-D
nanosheet composites, as small as 50 to 100 nm. Some clusters piled upon decanting and drying.

Thus, accumulation layers, as wide as several micrometers, were observed wherein relatively

larger layers were even readily observable by the naked eye or a moderately magnified optical
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camera. Figure 9.4.b shows that the nanosheets were decorated with smaller clusters of 10-13 nm

across; in some cases, one can observe 4-6 substructures in the domain.

S 400 nm

S50 nm

Figure 9.4 a) Scanning electron microscope images obtained on the dry aggregate of Sinps and C-group
oligomer. 2-D nanosheet composites, with dimensions as small as 50-100 nm, were observed. b) A close-
up image showing that the nanosheets were decorated with smaller clusters that are 10-13 nm across for
which the formation of 4-6 substructures was observed.

Following that, for the A-group, we observed several other distinct features as compared

to the C-group. Note that the A-group was the cross-linker in the polymerization process of
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ATSP, which had only double-bonded active sites. Hence, for the A-group oligomer and Sinps
solution mixture, large enough clusters formed, which were discernible to the naked eye, while
similar accumulation behavior took place at the center bottom of the vial, as shown in a
luminescent image in Figure 9.5.a. SEM images, in Figure 9.5.b-d, show the formation of 13 nm
large composite clusters at different magnifications, but unlike the C-group oligomer, the A-
group oligomer developed larger accumulation layers. It is likely that the oligomer particles were
too large as compared to 13 nm Sinps complexes to perform such a collective motion. It might

also indicate the shortage of hydrogen bonding to form aggregates [27].

Figure 9.5 a) A luminescent image of the A-group oligomer interacted with the Sinps showing
accumulation at the center bottom of a vial. b-d) Scanning electron microscope images obtained on the A-
group oligomers and Sinps combination at different magnifications highlighting the presence of 13 nm
large composite clusters along with the formation of larger layers than the C-group oligomer-Sinps
mixture.
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Figure 9.6.a sketches the attachment scheme of the Sinps to C-group oligomer. Under UV
irradiation, the hydrogen bond on the Sinps was cleaved, which turned the particles into reactive
charged free radical structures. In fact, the activation of homolytic cleavage of a Si—H bond can
be achieved under relatively mild reaction conditions including thermal activation at 100-150°C,
or photo-activation with white light [23]. In this case, the process was enhanced for the ultra-
small particles due to spatial quantum confinement and strong surface re-construction. Hence,
the Sinps considerably reduced electron affinity, and Si-H bonds became highly polarized [22].
On the other hand, C-group oligomer was a weak Lewis acid, which could potentially interact
with both neutral and charged particles. Hence, the interfacial interaction with a neutral particle
could occur via the carboxylic acid terminals which would form a Si—O-C bond while releasing
hydrogen (H2). Alternatively, a charged particle could interact with the double-bond oxygen
sites in the C-group oligomer. These two processes could result in the formation of a charged
complex wherein the oligomer would act as a bi-linker. Due to the presence of multiple
functional groups and double oxygen bonds, as well as the Si-H bonds, the two processes formed
a complex of 4-6 nanoparticles interconnected by the C-oligomer structure. In fact, ab initio
studies, using first-principles density-functional calculations in a supercell approach of the
chemisorption reactions for carboxylic acids on hydrogenated silicon surfaces, demonstrated that
such an attachment to a double oxygen bonded configuration is favored, and the Si—O—C bridge,
in this case, does not block charge transfer from surface to molecule [39]. Figure 9.6.b represents
the corresponding composite structure of the C-group oligomer with 4 silicon nanoparticles (each
~ 3nm across) attached to the four reactive sites of the oligomer. Thus, when the C-group
oligomer was stretched, the composite cluster could extend to ~ 13 nm across. Figure 9.6.c

outlines the attachment scheme of the Sinps to the A-group oligomer; the A-group oligomer
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could only attach to a charged free radical via double bond sites, which hence resulted in neutral
two-nanoparticle complexes. Figure 9.6.d demonstrates the composite structure of the A-group
oligomer with 4 Sinps (each ~ 3nm across) which were bonded to the reactive caps of the
oligomer. When the A-group oligomer was likewise stretched, the composite cluster could reach
to ~ 13 nm extent.
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Figure 9.6 a) The sketch of the attachment scheme of the Sinps to the C-group oligomer. The oligomer
interacted with a neutral particle via one of four terminals by releasing hydrogen (H) via the formation of
Si—-O-C bonds. b) The composite configuration of the C-group oligomer with 4 nanoparticles (each ~
3nm across) attached to the four branches of the carboxyl cap. ¢) The sketch of the attachment scheme of
the Sinps to the A-group oligomer. d) The composite configuration of the A-group oligomer with 4
nanoparticles (each ~ 3nm across) attached to the four branches at the acetoxy caps.

We note that during the particle collection process of the Sinps and the precursor
oligomers, a convective motion was observed as long as a temperature gradient existed across

the liquid medium. In this case, upon UV exposure, the temperature at the bottom of the vial was
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measured to be higher than the top surface of the liquid. The temperature at the bottom rose from
~25°C (room temperature) to ~33°C while the liquid surface was at ~28°C after half an hour,
which established a temperature gradient of 5°C across the liquid medium. The temperature
increase occurred due in part to the heating and UV absorption by the Sinps. Then, the clusters
began to execute a continuous convection-like motion between the center bottom and the center
top parts of the solution. Consecutively taken representative snapshots from a top perspective
during this process are given in Figure 9.7.a. The images displayed that the clusters increased in
size forming aggregation as well as executing a circulatory motion between the wall and the
center of the vial. With time, multiple clusters were collected developing a larger structure and
then accumulated near the center. The aggregates were weakly bound and broke up momentarily
due to bombarding individual clusters. Visually, it became stable while further bombarding
clusters were captured in the aggregated body. Eventually, nearly all clusters were trapped at the
center of a relatively loosely bound structure of as large as 3 mm. At this point, the convection-
like motion halted.

To understand the convection like motion, we focused on the cluster formation collected
and trapped at the bottom of the vial. Recent studies showed that convection forces generated by
spatially confined heat sources of micro-scale electric thermal heaters could trap micrometer-
sized dielectric particles, such as polystyrene spheres and E. coli [40,41]. The heat-induced
trapping phenomenon was confirmed using a steady-state heat equation along with the Navier-
Stokes equation [42]. The temperature gradient was found to lead to a steady-state particle
concentration gradient, ¢, according to dc/dz = -c ST dT/dz, where ST is the ratio of the thermal
diffusion coefficient to mass diffusion coefficient (under negligible viscous drag condition). For

a negative ST, particles were driven to the hotter region while with a positive ST, they were
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forced to the colder region [43]. The results, in Figure 9.7.b, show that the magnitude and the
sign of the diffusion coefficient depended on both the temperature regime and particle size
wherein smaller particles, generally having negative coefficients, were driven to the hotter
regions. We note that, for which dT/dz = 8K and T = 297-305K, two trapped-cluster domains
were observed in the center and at the side, as demonstrated in Figure 9.7.a. We understand that
the trapped structure at the center (the hottest region) was the smaller clusters, while the trapped

structure at the side (the coldest region) was the larger clusters.

280 290 300 310 320 330
Temperature (K)

Figure 9.7 a) Top view representative consecutive snapshots (from left to right) obtained during
interactions between the Sinps-oligomer mixtures in the liquid medium upon UV exposure. b) The
calculated magnitude and sign correlation of the St (Soret coefficient) as a function of temperature and
particle size [42].
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To provide more details on the thermal motion, we also observed the solution of Sinps
and oligomer mixture (C- and A- groups together) from a side view of the vial under white light
exposure. Figure 9.8.a displays top view snapshots of the Sinps-ATSP oligomers solution
(obtained on a different vial). Figure 9.8.b depicts a sketch of the convective motion of the
clusters. On the liquid surface, the clusters were relocated from the center to the wall, while, the
clusters were relocated from the wall to the center in the liquid. Figure 9.8.c shows several
consecutive snapshots of the motion of a pair of clusters displaying the convective motion. The
clusters were transported relatively slower in the liquid as compared to their motion on the

surface, which could be due to viscous resistance to the motion.

Figure 9.8 a) A top view snapshot of the Sinps-oligomer mixture combination under white light
exposure. b) A sketch of the convection motion of the clusters to indicate circulatory thermal motion
directions. Top three images display the motion circulating from center to edge. Bottom three images
show the motion from edge to center. ¢) Several consecutive side view snapshots of the convection
motion of a pair of clusters.
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The convection motion also indicated the presence of distinct size regimes. In other
words, a typical mixture might comprise several components: pristine Sinps (not reacted),
unreacted oligomers, and oligomers conjugated with Sinps. Hence, we investigated the flow
patterns of the mixtures of the individual oligomers with Sinps as well as the unreacted
individual oligomers upon drop-drying on a glass surface. Figure 9.9 shows a series of images
which were obtained under UV light after individual drops of neat C-group (a), Sinps — C-group
mixture (b) and neat A-group (c), and Sinps — A-group mixture (d) were dried on glass
substrates. Due to gravitational impact, the Sinps-oligomer mixture droplets initially produced
luminescent donut shapes upon landing but quickly filled the donut. In the second phase, the
liquid first spread and then contact lines were pinned to the underlying substrate, and eventually
dried forming rings. The rings appeared to be a red luminescent material. The initial pinning of
the contact line might be mainly caused by the surface wettability, as well as the surface
roughness, being another contributing factor, but it was strengthened by arriving
nanocomponents while effectively constituting a self-pinning mechanism. The drying caused a
strong radially outward capillary-like flow inside the drop with velocity on the order of 10um/s,
which carried the nanocomponents into the domain [44]. The complete dried forms allowed
observing the imprint of the flow at the instant of impact. The image also displayed the flow
behavior of components of different sizes. The smallest nanoparticles were the fastest, while
oligomer components with larger sizes lagged. This conclusion was consistent with the
dependence of the amount of liquid resistance on the shape and the diameter of the component;
the larger the cross-section of the objects, the larger the dragging they experienced. In addition to
the size-dependent dragging, the interaction-driven attachment with the surface played an

important role in the formation of the shapes. Unlike the acetoxy caps, the carboxyl caps might
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attach to glass by interacting with partially charged states of silicon on the surface as resulted
from oxygen defects. The reactive sites included dimerized (Si*!) interface, and an oxygen bridge
(Si*?) interface as compared to the neutral charge state in the case of a full oxide (Si0).
Therefore, we expected the pristine Sinps to be the fastest, as followed by the Sinps-oligomer

complexes, and the unreacted oligomers which may spread over a disk.

Figure 9.9 Dried droplet images of a) C-group oligomer, b) Sinps — C- group oligomer mixture, c) A-
group oligomer and d) Sinps — A-group oligomer on glass substrates. The images were obtained under
UV light.

Building on these findings, we examined the thermal polymerization process of ATSP in
the presence of the Sinps. In room light, the cured films cast on glass substrates were transparent,
as shown in Figure 9.10.a; but under UV, it displayed a “red luminescence,” as shown in Figure
9.10.b. We also presented SEM images which were obtained from the films displaying
microstructural features formed by the Sinps. In Figure 9.10.c-d, we observed a smooth surface
interrupted by the clusters that varied in size from nearly 50-100 nm to several micrometers with
an average interspacing distance of several micrometers. In other regions, in Figure 9.10.e, we
noticed smooth surfaces interrupted by voids due to the acetic acid by-product release in the
course of the condensation polymerization reaction [9]. Some of these voids were as small as

several nanometers, while others were as wide as several micrometers. Additionally, the
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thickness of the films was measured roughly 50 nm using a surface profilometer (data not
shown). Figure 9.10.f shows a close-up image of the smallest structures observed in the
composite films. The structures were 10-13 nm across; in some cases, we observed 4-6
substructures. The results confirmed the presence of the ATSP-Sinps complexes. To minimize
the clustering formation in the cured films, the incubation period from the initial mixing to the

preparation of the films might be shortened.

Figure 9.10 The thermal polymerization process of ATSP with the Sinps to obtain a thin film sample on
glass slides a) A room light image of the thin films showing optical transparency. b) A luminescent image
under UV irradiation displaying “red luminescence” in the samples. ¢,d) SEM images of the films
showing smooth surface interrupted by clusters that varied in size from nearly 50-100 nm to several
micrometers with an average interspacing of several micrometers. €) Smooth surfaces regions interrupted
by voids due to the acetic acid by-product release. f) Close-up images of the smallest structures. The
structures were 10-13 nm across forming 4-6 substructures.
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Figure 9.11.a-b show images a free-standing film and a cross-sectional view of the
ATSP-Sinps nanocomposite films, respectively. The thickness of the films was measured ~5 um
via SEM. We note that glass transition temperature (Tg) reveals the feature of thermomechanical
chain relaxation behaviors of polymers. Thus, Tg would identify chemical modifications in
polymer networks by Sinps incorporation. Figure 9.11.c shows tangent delta (tand) peaks of the
neat ATSP and ATSP-Sinps nanocomposite films obtained using a DMA. The neat ATSP film
displayed a glass transition temperature (a-transition) at ~258 °C. The neat ATSP possessed
highly crosslinked and amorphous morphology. In comparison, the Sinps—ATSP nanocomposite
film yielded a Tg at 259+2.84 °C (averaged over independent measurements on three different
specimens). The similar glass transition temperatures and characteristics of neat ATSP and
ATSP-Sinps nanocomposite films indicated that Sinps were well incorporated into the ATSP
matrix. As such, the Sinps conjugated with the crosslinked network of ATSP while they did not
change the network configuration or molecular chain length distribution. Sinps bore unique
structural compatibility with the ATSP backbone chains exhibiting harmonized

thermomechanical response [45].
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Figure 9.11 a) An image of optically transparent and free-standing ATSP-Sinps nanocomposite thin
films. (b) A scanning electron microscopy image of a cross-section of the film. (c) Dynamic mechanical
analysis of tangent delta glass transition temperatures of neat ATSP and ATSP-Sinps nanocomposite
films obtained using DMA.

We performed absorption measurements on the cured nanocomposite films using a UV-Vis
spectrometer. Figure 9.12.a gives the absorption spectrum in which we employed light with
variable photon energy in the range of 1.5-6 eV, above the indirect bandgap of silicon. The
figure and the inset showed absorption edges near 1.5-3 eV. To obtain more accurate absorption
edges, we plotted, in Figure 9.12.b, the square of the absorption as a function of photon energy.
We observed the feature around 2 eV pertained to the confinement band gap of silicon
nanoparticles, while at ~ 3 eV pertained to the direct bandgap of silicon and that near 4 eV was
related to the direct bandgap of ATSP. Since near direct bandgaps of no phonons were involved,

we fitted the response to multiple expressions of the form a2 = Kd (Ep — Eg). This expression
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was appropriate since for edges are near direct band gaps [46,47]. Each expression involved only
one proportional constant because direct bandgap materials did not involve phonons (lattice

vibrations) in electron band-to-band transitions.

15 { 0] —
x040 ()
0 2
= 12‘50.35-
aN |
3 9%
c 0.28
o 18 21 24 27 3.0
& 6- Energy (eV)
o
kS
< 3-
0 T T T T T
2 3 4 5 6
Energy (eV)
8.5
o (b) 2166V 3.45eV
6.8—‘;8—
° |z
< 514
x
Nf‘\
2 34 18 21 24 27
g ) Energy (eV)
1.7- / 4.06 eV
0.0_ T T T
2 3 4 5 6

Energy (eV)

Figure 9.12 a) Absorption spectrum of ATSP-Sinps nanocomposite thin film versus photon energy b)
The square of the absorption as a function of photon energy of ATSP-Sinps nanocomposite films.
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9.4  Conclusion

In conclusion, we investigated the interactions of ATSP polymer-Si nanoparticles
composite nanostructures under UV excitation. UV-Vis and photoluminescence spectroscopies
and electron microscopy analyses were employed to observe the development of the topography,
material, and in situ motion of the complexes. We observed the convection-like motion of the
composite nanostructures under UV irradiation. The results were explained via UV induced
silylation/charging of the nanoparticles which acted as an auxiliary free-radical crosslinker to
form charged nanocomplexes. Glass transition characteristics indicated successful incorporation
of silicon nanoparticles into highly crosslinked ATSP backbone chains. Through promising
thermomechanical properties enriched with luminescence, the ATSP-Sinps hanocomposites may

find applications in photonics.
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CHAPTER 10: AROMATIC THERMOSETTING COPOLYESTER
BIONANOCOMPOSITES AS RECONFIGURABLE BONE SUBSTITUTE
MATERIALS: INTERFACIAL INTERACTIONS BETWEEN REINFORCEMENT
PARTICLES AND POLYMER NETWORK

10.1 Introduction

Synthetic bone substitution is the second most frequent transplantation procedure,
following blood transfusion, with over two-million surgical operations worldwide per year while
incurring an estimated cost of $2.5 billion [1-3]. In a broad sense, the replacement process is
sought to repair bone defects in orthopaedic, neurosurgical, and dental practices in which the
bone substitutes induce healing through reconstruction of the bone defects or serve as implants
[4-6]. Particularly, several types of bone substitutes have been adopted so far including bone
grafts and synthetic scaffolds for bone reconstruction [3]. Autologous bone grafting - utilizing a
bone obtained from a donor site - is still considered the gold standard, while biomaterials or
synthetic scaffolds hold promises as alternative materials [7,8]. At present, the state-of-art bone
substitutes are rather customized, being more than mere replacement materials, to individually
generated composite biomaterials that can host bone-forming cells to allow expedited defect

rehabilitations[9].

This work was previously published: Bakir, M., Meyer, J.L., Sutrisno, A., Economy, J., and
Jasiuk, 1., Aromatic thermosetting copolyester bionanocomposites as reconfigurable bone
substitute materials: interfacial interactions between reinforcement particles and polymer
network, Scientific Reports, 8, 14869 (2018).
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More recently, polymer bionanocomposites have drawn attention in the development of
synthetic bone substitutes [10]. Polymer bionanocomposites are combinations of an inorganic
phase (bioactive reinforcements) and a polymer phase (host matrix), which can serve two main
purposes: improved biomechanical properties and enhanced biological activity for the polymeric
domains [11]. Calcium phosphate (CaP) and hydroxyapatite (HA) are the most well-adopted
inorganic cements utilized in bone replacement applications, as they are biocompatible, have
genuine morphologies akin to mineral phase of bone, and enable protein adhesion to stimulate
cell proliferation [12]. Regarding the polymeric matrix of the nanocomposite replacements,
prominent polymers are poly(lactic acid), poly(glycolic acid), and poly(e-caprolactone), which
undergo a diffusion-driven hydrolytic decomposition process in in vivo conditions [13]. These
polymers, as well as their derivatives, are subjected to bulk erosion which allows for new bone to
form and replace them. Regarding the enhancement of interfacial interactions between the
nanofiller reinforcements and polymers matrices, the most viable approach is to utilize
selectively surface functionalized nanofiller particles through an in situ polymerization process
[14,15]. Via this approach, the nanofiller particles conjugate with polymer chains and are
immobilized within the matrix. This method also enables a near-homogenous dispersion of
nanofiller particles within polymer matrix [16,17] Hence, artificial bone scaffold nanocomposites
demonstrate improved mechanical strength and enriched biocompatibility. Along this line,
permanent implant applications require alternative polymer systems that ensure
mechanochemical reliability in in vivo as well as forming a strong interfacial adhesion
mechanism with the bioactive particles for ultimately improved structural properties.

Aromatic thermosetting copolyester (ATSP), introduced in the late 1990s, utilizes low

cost, easily processable and highly cross-linkable oligomers to form a high-performance polymer
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system [18-20]. The crosslinked network of the ATSP morphology is composed of an aromatic
polyester backbone interconnected via covalent single/double oxygen bonds which enables
superior physical properties and provides outstanding chemical inertness [21,22]. Besides, ATSP
is conveniently reconfigurable into miscellaneous physical forms including foam, fully-densified
bulk part, coating, and adhesive, which therefore can address various synthetic bone applications
[16,17,19,20] More recently, ATSP nanocomposites have been developed adopting a facile
production route via solid-state mixing of precursor oligomers with nanofiller particles. As well,
the ATSP nanocomposites uniquely enable the near-homogenous distribution and good
incorporation of nanofillers which then constitute significantly enhanced physical properties
[23]. Earlier work on ATSP shows direct-contact cytotoxicity test results that fibroblasts remain
healthy and still adhered to the ATSP specimen following an incubation period [24]. Hence,
ATSP matrix enriched with bioactive reinforcements can be a promising bionanocomposite
candidate as an insoluble artificial bone substitute material due in part to water and salt aging
resistance [25]. For example, owing to the strong adhesive bonding formed with most metals
including titanium, significant specific impact energy absorption capacity, and promising
tribological properties of low coefficient of friction, superior wear, and abrasion resistances,
ATSP bionanocomposites are strong candidates for orthopaedic implant applications [19,20,24-
26]

In this study, we demonstrate the hydroxyapatite bioceramic particles reinforced aromatic
thermosetting copolyester matrix bionanocomposite. The scope of this paper is reserved to give
an insight into interfacial interaction and adhesion mechanisms between the HAs and ATSP
matrix, which may lead to systematical biocompatibility analysis of the ATSP

bionanocomposites in a follow-up study. Herein, we initially investigate the physicochemical
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effects of the HAs on the thermal polymerization reaction. To understand the structural state of
the HAs in the matrix, morphological analysis is performed on the nanocomposite. Mechanical
characterization reveals a crack-arresting mechanism induced by the HAs that considerably
enhances material deformation tolerance. Besides, glass transition characteristics are altered by
segmental confinement of the polymer network instigated by the HAs. Chemical spectroscopy of
the backbone chain configuration shows the formation of a covalent interfacial coupling between
the HAs and ATSP matrix.
10.2 Materials and Methods

The ATSP-HA bionanocomposite is obtained via condensation polymerization reaction
between carboxylic acid and acetoxy functional group constituent oligomers, which generate a
cross-linked aromatic polyester backbone and emit acetic acid as a reaction by-product [21]. The
matching oligomers are obtained using biphenol diacetate (BPDA), 4-acetoxybenzoic acid
(ABA), isophthalic acid (IPA), and trimesic acid (TMA) (Sigma-Aldrich Co., USA) at particular
molar feed ratios of 1:2:3:2 and 1:0:3:3 of TMA:IPA:ABA:BPDA for the carboxylic acid-capped
and acetoxy-capped oligomers, respectively. Further details of the oligomer synthesis protocols
are explained in earlier works [18,20]. For the preparation of the nanocomposite, the carboxylic
acid and acetoxy-capped oligomer powders (pre-mixed at 1:1 weight ratio) are combined in solid
state with 10 wt% of HA particle powder (particle size: Sum+lpum, surface area > 100m?/g)
(Sigma-Aldrich Co., USA) [23]. The nanocomposite specimens are produced using a thermal
cure cycle applied to the powder mixture, which includes two dwell stages at 202 °C for 90
minutes and 270 °C for 150 minutes, and a final cure stage at 330°C for 90 minutes [21].

The cure characteristics of the ATSP-HA nanocomposite are analyzed using a

Differential Scanning Calorimeter (DSC) (DSC 2910, TA |Instruments, USA) and a
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Thermogravimetric Analyzer (TGA) (TGA 2950, TA Instruments, USA). The cure
characteristics of the neat mixture of the matching oligomers shown in the text are taken from
reference [21]. The measurements are carried out under an inert atmosphere of nitrogen. The
DSC and TGA samples weigh about 20 mg. A constant 10 °C/min of heating rate is applied
during both cure and post-cure cycles in the DSC and TGA analyses. The DSC thermal cycle
includes only a temperature-ramp process while the TGA thermal cycle comprises a temperature-
ramp stage and a temperature-hold stage for 90 min at 330°C. As the HA-oligomer mixture is
cured following the thermal cycle, it is kept under nitrogen atmosphere, to minimize exposure to
the oxidative environment and thermal degradation effects, until the temperatures of the heating
chambers of the DSC and TGA return to room temperature [23].

A Scanning Electron Microscope (SEM) (S-4700, Hitachi, Japan) is employed to image
microstructures of uncured powder combinations, assisted with Energy Dispersive Spectroscopy
(EDS) (Oxford Instruments, UK) to perform an elemental analysis. An SEM (S-4800, Hitachi,
Japan) is utilized to image fracture surfaces of the nanocomposites. SEM images are obtained in
high-resolution upper detector mode at 10-15 kV voltage and 5-10 pA current.

Morphologies of the ATSP nanocomposite and pristine HA particles are characterized
using a powder X-ray diffractometer (XRD) (Siemens/Bruker D-5000) with Cu K-alpha source
operated at 45 kV and 30 mA, and 0.15148 nm wavelength with 0.5°/s nominal scanning rate
between diffraction angles of 20=5° and 20=60°. The XRD spectrum of the neat ATSP shown in
the text is taken from reference [23].

Compressive mechanical properties of foam morphology nanocomposite are determined
using a compressive load frame (4483 Load Frame, Instron Testing Systems, USA) with a

constant crosshead speed of 5 mm/min. The specimens are cylindrical with a diameter of 1.27
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cm and a height of 2.54 cm. Density is calculated as the ratio of measured weight to volume of
the specimens. Relative density is calculated as the ratio of the measured density of the
nanocomposite foam morphology to the density of neat fully dense ATSP (1.27 Mg/m®). The
compressive mechanical properties are averaged over four test samples, and standard deviations
are given by error bars, accordingly. The mechanical property results of the neat ATSP foams
shown in the text are taken from reference [21].

Glass transition characterization of foam morphology nanocomposite is performed using
a Dynamic Mechanical Analyzer (DMA) (Q800 TA Instruments) operated with a dual-cantilever
beam (DCB) bending fixture. Three samples are tested and all exhibit overlapping thermal
profiles. A temperature-ramp cycle is operated with a 3°C/min heating rate. The specimens are in
dimensions of 35 x 10 x 5 mm? (length x width x thickness), and the tests are carried out in the
air. The glass transition characteristic curve of the neat ATSP shown in the text is taken from
reference [21].

Solid-state nuclear magnetic resonance (SSNMR) spectroscopy measurements are carried
out using ground specimens (~50 mg) packed into NMR rotors with Varian Unity Inova 300
MHz NMR spectrometer. *H spectrum is obtained using direct pulse (DP) (pulse width (pw) =
2.5us, recycle time (d1) = 2s) excitation. **C and 3P spectra are obtained using cross-polarized
(CP) (*3C; pulse width (pwH) = 2ps, recycle time (d1) = 2s, and contact time (tHX) = 4ms) (*!P;
pulse width (pwH) = 2us, recycle time (d1) = 2s, and contact time (tHX) = 3ms) excitations. The
specimens are spun at 10 kHz. Data processing is performed using the MestreNova software.

X-ray photoelectron spectroscopy (XPS) (Kratos Axis ULTRA, Kratos Analytical)

analyses are performed under a monochromatic Al source operated at 210 W with 1000 meV
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step size, 100 ms dwell time, and 220 s total acquisition time. Data processing is carried out
using the CasaXPS software.
10.3 Results

First, we discuss the effects of the solid-state mixing process on HA particle distribution
of the HA particles within the oligomer powder domain. A 10 wt% of the HA particles is
incorporated with the precursor carboxylic acid and acetoxy oligomer groups (premixed at 1:1 wt
ratio) which forms the precuring ATSP-HA combination, which is then subjected to a thermal
polymerization process. Hence, the ATSP-HA nanocomposite is obtained through an in situ
polycondensation reaction between the functionalized constituent oligomers while the HA
particles are also present [17,19] (refer to Materials and Methods section for details). The
polymerization process generates a crosslinked polymer network while releasing acetic acid as a
reaction by-product. The acetic acid evolves in the gas form at ~200 °C during the reaction,
which acts as a blowing agent to develop porous matrix morphology. In Figure 10.1, a scanning
electron microscope (SEM) image demonstrates HA particles (white spheres) effectively
dispersed over an oligomer particle. We highlight that, due to the presence of the interparticle
forces, the HAs are pinned down on the surface of the oligomer particles. The representative
chemical configurations given in the same figure show that the constituent oligomer chains, as
well as the ATSP backbone chain, comprise H, C, and O while the HA contains H, O, P, and Ca.
Through a correlative analysis using an energy-dispersive spectrometer (EDS), elemental
mapping of the very same region reveals the presence of the corresponding elements. The
content of C dominates over other elements due to the abundance of C in the precursors. More

importantly, P and Ca element maps clearly unveil the HA particles in the domain.
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Figure 10.1 Microstructural analysis of solid-state mixed precursor oligomers and hydroxyapatite
particles. Scanning electron microscopy (SEM) image of uncured powder combination of an precursor
oligomer particle (appears darker) decorated with hydroxyapatite (HA) particles (appears brighter).
Energy dispersive X-ray spectroscopy (EDS) surface maps of elemental composition (C, O, P, and Ca) of
the combination highlighted in the red frame. Chemical representations of the ATSP backbone chain and
hydroxyapatite structures.

Next, we explain the influence of the HA particles on the in situ endothermic
condensation polymerization reaction carried out between the matching precursors. In this
regard, a temperature-ramp differential scanning calorimetry (DSC) cycle is initially applied to
the combined mixture of the precursor oligomers and HAs (ATSP-HA), as illustrated in Figure
10.2.a. In the beginning, the thermal profile reveals a dimple around 70 °C which corresponds to
structural softening of the oligomers [21]. Afterward, the heat flux curve maintains an
endothermic behavior during which melting and polycondensation reaction stages progress
ordinarily. The corresponding portions of the thermal curve do not differentiate from the neat

mixture of the precursor oligomers (neat ATSP) [21,23]. Following this, the curing process
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initiates (denoted as cure onset) around at 260 °C, similar to that of the parent form, where the
thermal curve displays a genuine endothermic cure region. The combined mixture of the ATSP-
HA exhibits a distinctly broader cure region than the neat precursors for which the completion of
the curing process extends beyond 360 °C. In addition, upon completion of the curing process, a
thermal relaxation peak, a small hump (denoted as cure end) is observed. Following the cure
cycle, subsequent post-cure analysis exhibits an isothermal characteristic curve, without any
features arising from the curing process, indicating sufficient curing for the nanocomposite
system.

To supplement the DSC characterization, we carry out thermogravimetric analysis of the
polycondensation reaction on the precuring ATSP-HA combination using a thermogravimetric
analyzer (TGA). As noted above, the polymerization process releases acetic acid as a reaction
by-product, so the TGA characterization is sought to resolve temperature and mass changes for
the acetic acid release step during the reaction. Hence, a two-stage thermal cycle is applied in
which a temperature-ramp is initially performed until 330°C, and then a temperature-hold at
330°C is applied for 90 min [23]. Figure 10.2.b demonstrates cure and post-cure cycles obtained
from the combined mixture of the precursor oligomers and HAs (ATSP-HA). The TGA curve
displays a substantial mass loss of ~15 wt% that is associated with the release of acetic acid.
More importantly, the TGA analysis reveals a delayed higher temperature release of the acetic
acid for the ATSP-HA combination in comparison to the neat mixture of the precursor
oligomers. The subsequent gradual decline in the thermogravimetric curve within the
temperature-hold region (40-120 min) corresponds to crosslinking network formation during
which only small weight loss occurs, which takes place due to thermal degradation of reactive

functional groups at elevated temperatures. Afterward, post-cure cycles demonstrate nearly-flat
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thermogravimetric curves indicating fully cured conditions during the first cycles for the given

period.
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Figure 10.2 Thermal characteristics of polymerization reaction. (a) Differential scanning calorimetry
(DSC) analyses of cure and post-cure characteristics of the neat mixture of the precursor oligomers (neat
ATSP) and combined mixture of the precursor oligomers with hydroxyapatite (HA) particles (ATSP-HA).
The DSC curves are stacked by arbitrary offsets to illustrate chemical features. (b) Thermogravimetric
analysis (TGA) characterization of cure and post-cure profiles of the neat mixture of the constituent
oligomers (neat ATSP) and combined mixture of the oligomers with hydroxyapatite (HA) particles
(ATSP-HA). The tests are performed under an inert atmosphere of nitrogen with a heating rate of
10°C/min.
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To evaluate the structural state of the HAs within the ATSP matrix as well as the overall
morphology of the nanocomposite structure, we perform X-ray diffraction (XRD) analysis.
Figure 10.3 shows XRD spectra of the neat ATSP, pristine HA particles, and ATSP-HA
nanocomposite. The neat ATSP matrix displays a very broad primary peak centered around
26=20° meaning an extensively amorphous morphology [23]. Also, the pristine HAs reveal a
characteristic crystalline domain for which the detected main peaks are marked in the figure.
The peaks are located at 26=25.8° corresponding to lattice planes of (002), 26 = 31.8° of (211),
20 = 32.8° of (112), 20 = 34° of (300), 20 = 39.7° of (130), 20 = 46.7° of (222), 20 = 49.4° of
(213), 26 = 53.1° of (004) [26,27]. In this regard, the ATSP-HA nanocomposite displays a
similarly broad primary peak at a similar diffraction angle as the neat ATSP, which indicates that
the amorphous nature of the host ATSP matrix likewise is preserved. We also observe that the
characteristic peaks arising from the HAs are effectively transmitted into the spectra highlighting

that the HA particles are well incorporated into the nanocomposite morphology.
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Figure 10.3 Morphological characterization of nanocomposite. X-ray diffraction (XRD) characterization
of neat ATSP foam (neat ATSP), pristine hydroxyapatite particles (pristine HA), and hydroxyapatite
particles incorporated ATSP nanocomposite foam (ATSP-HA). The XRD curves are stacked by arbitrary
offsets to illustrate morphological features.

Microstructural analysis of fracture surfaces via scanning electron microscopy (SEM)
shows several visual characteristic features of such interfacial interactions coming into effect
between the HAs and ATSP matrix, as demonstrated in Figure 10.4. First, the HAs are well
dispersed into the matrix with minimal aggregation sites (Figure 10.4.a). As noticed, fracture
propagates through HA particle sites. In some cases, fracture propagation results in such HA
particles that crack in place, which is also a strong indication of the intrinsic physical response of
the HAs being effectively transmitted to the overall physical response of the nanocomposite
structure (Figure 10.4.b). Also, as fracture progresses and damages the HA particles, some HAs
are broken and remain embedded in the matrix, which indicates the presence of an interfacial
coupling between the HAs and ATSP matrix chains (Figure 10.4.c). We also observe that some

HAs slip off the surface, so the partially reduced interfacial bonding strength is a downside of
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this attachment mechanism (Figure 10.4.d). Note that the HAs are not coated with the ATSP
resin such that the particles and the precursor oligomers may not effectively form in situ
interactions during the polymerization process [23]. We also highlight that the homogenous
dispersion state, as promoted in the prepolymerization solid-state mixing stage, is effectively
preserved during the polymerization reaction. Hence, to further interrogate the bonding
mechanism between the HAs and ATSP backbone chains, we employ mechanical,

thermomechanical and chemical analyses, as presented in the remaining text.
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Figure 10.4 Microstructural characterization of the ATSP-HA nanocomposite. Scanning electron
microscopy (SEM) images obtained on fracture surfaces of the nanocomposites. Well-dispersed HAs
behave as crack-arresters within the matrix (a), fracture propagates through the HA particles (b), HAs
remain broken and embedded in the matrix upon fracture (c), and some HAs slip due to limited strength
of interfacial coupling (d).
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To observe the extent of the crack-arresting mechanism as well as the interfacial coupling
scheme on the deformation response, we perform compressive mechanical tests on the
nanocomposite structure. Figure 10.5 shows representative stress-strain curves obtained on the
neat ATSP and ATSP-HA porous hanocomposite structures. The HA nanocomposite displays the
two unique features of improved stress and strain at fracture. The compressive mechanical
strength is increased by about 10% compared to the parent ATSP form. Also, the strain at
maximum stress is enhanced by approximately 18% in comparison to the neat structure. Besides,
the ATSP-HA nanocomposites become relatively softer structures where Young’s modulus
decreases by approximately 15%. The densities of the two forms are almost same. Note that
theoretical density of hydroxyapatite is 3.16 Mg/m?, which is subject to change for different
sintering temperatures employed during the manufacturing process (the neat porous ATSP

morphology possesses a density of 0.54+0.03 Mg/m?®) [28].
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Figure 10.5 Characterization of mechanical performance. Representative compressive stress-strain curves
of the neat ATSP and ATSP-HA nanocomposite foams.
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Table 10.1 Compressive mechanical properties of the neat ATSP and ATSP-HA nanocomposite foams.
The results are averaged over four specimens.

Young’s Compressive Densit Relative Strain-to-
Modulus Strength M /m%/) Densit Failure
(GPa) (MPa) g y (%)
ATSP 0.27+0.04 7.62+0.5 0.54+0.03 0.42+0.03 5.34+1.10
ATSP-HA | 0.23+0.04 8.31+0.3 0.55+0.01 0.43+0.01 6.29+0.70

We analyze glass transition behavior of the ATSP-HA nanocomposite to investigate the
interfacial interactions of the HA particles and ATSP backbone chain. Note that the glass
transition temperature is an exclusive feature of temperature-dependent structural relaxation
characteristics of backbone chains for amorphous polymers, which hence can display chemical
modifications induced in polymer network through nanofillers [29-31]. In Figure 10.6, neat
ATSP parent material exhibits two characteristic peaks of sub-glass transition (B-transition) (Tp)
at 79°C and glass transition (Tg) at 191 °C [21]. In comparison to the base form, the
nanocomposite exhibits two distinct peaks within the glass transition domain. A low-temperature
peak arises from the genuine structural relaxation of the matrix (the crosslinked network), which,
in fact, slightly downshifts to ~158 °C for the reference base material. As well, a high-
temperature peak forms due to suppressed segmental relaxation of the chains incurred through
the presence of the HAs (refer to the Discussion section for detailed analysis of the glass
transition characteristics). In the following part, we present results of chemical analyses on the

nanocomposites to unveil the nature of interfacial attachment scheme between the HAs and

ATSP.
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Figure 10.6 Characterization of polymer chain relaxation dynamics. Dynamic mechanical analysis
(DMA) tangent delta (tan ) profiles of the glass transition characteristics of the neat ATSP and ATSP-
HA nanocomposite foams.

Solid-state Nuclear Magnetic Resonance (ssSNMR) characterization is carried out to
analyze the interfacial interactions between the HA particles and ATSP matrix. Figure 10.7
shows 'H direct pulse magic-angle spinning (DPMAS), 3C cross-polarization magic-angle
spinning (CPMAS), and 3P CPMAS spectra of the pristine HA, neat ATSP, and ATSP-HA
nanocomposite formulations. First, the *H spectrum of the pristine HA demonstrates four peaks
which are detected at -0.1 ppm, 1.0 ppm, 3.5 ppm, and 5.5 ppm (Figure 10.7.a). In particular, the
peak at -0.1 ppm corresponds to hydroxyl ions (OH"), and 5.5 ppm corresponds to absorbed
water H2O molecules [32]. The other sharp peaks (1.0 ppm and 3.5 ppm) may define apatitic
functional groups in the HA structure. The neat ATSP shows a broad peak at 5.0 ppm with a
linewidth of ~1640 Hz (Figure 10.7.d). The ATSP-HA nanocomposite exhibits a broad peak at

6.9 ppm with a linewidth of ~1844 Hz, which similarly reflects the matrix characteristics with a
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notable line broadening (Figure 10.7.g). Also, we detect two small peaks at chemical shifts of -
0.1 ppm and 3.5 ppm which are likely to come from the pristine HA. Second, the **C spectrum of
the neat ATSP shows two characteristic peak groups corresponding to the aromatic backbone
chains (C-C/C-H bonds) and the functional side-chains (C-O and C=0 bonds) with a measured
linewidth of ~860 Hz (Figure 10.7.e). For the nanocomposite, the linewidth increases to ~1428
Hz (over the highest intensity peak ~130 ppm) while preserving the original chemical
configuration (Figure 10.7.h). Third, the 3P spectrum of the pristine HA shows a characteristic
peak at 2.7 ppm having a linewidth of ~95 Hz, as well a small broad secondary peak is identified
around 5.5 ppm (Figure 10.7.c). In comparison, the nanocomposite displays a peak 2.9 ppm with
a linewidth of ~125 Hz (Figure 10.7.i). We also perform 3'P anisotropy measurements using a
higher-field ssNMR spectrometer (data not shown) and no significant difference is observed
between the pristine HA and ATSP-HA composite.®*** As noticed, all the elemental spectra
validate a significant peak broadening through the interactions with the HAs giving rise to peak
broadening through ultimately altered structural relaxation behavior under a magnetic field of the
backbone chains in the nanocomposite structure [35,36]. Particularly, such a peak broadening
may be attributed to the interfacial entanglement of the polymer chains and the nanofiller
particles causing electron mobility difference between highly crystalline HA particles amorphous

ATSP chains.
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Figure 10.7 Characterization of interfacial interactions via Solid-state Nuclear Magnetic Resonance
spectroscopy. Solid-state Nuclear Magnetic Resonance (ssSNMR) H direct pulse magic-angle spinning
(DPMAS), *3C cross-polarization magic-angle spinning (CPMAS), 3P CPMAS spectra of the pristine HA
particles (a, b, ¢), neat ATSP (d, e, f), and ATSP-HA nanocomposite (g, h, i) morphologies. No
characteristic signals are observed in spectral windows of b and f. *H NMR spectra were processed using
1 Hz line broadening. *C and *!P NMR spectra were processed using 25 Hz line broadenings.

Figure 10.8 demonstrates elemental spectra of O, C, P, and Ca obtained using X-ray
Photoelectron Spectrometer (XPS) on the pristine HA, neat ATSP, and ATSP-HA
nanocomposite. In the O 1s spectra (Figure 10.8. a-c), no additional oxygen-bonded peak
formation is observed in the nanocomposite structure. Also, in the P 2p spectra (Figure 10.8. d,

e), primitive phosphate form of the HAs is preserved within the nanocomposite. Similarly, in Ca
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2p spectra (Figure 10.8. f, g), calcium does not form any further bonding with polymer chains.

For the C 1s spectra (Figure 10.8. h, i), we likewise do not observe any additional bond peak

developed with the backbone network.
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Figure 10.8 Characterization of interfacial interactions via X-ray photoelectron spectroscopy. X-ray
photoelectron spectroscopy (XPS) O 1s spectra of the pristine hydroxyapatite (HA) (a), neat ATSP (b)
and hydroxyapatite-ATSP nanocomposite (ATSP-HA) (c). P 2p spectra of the HA (d) and ATSP-HA (e).
Ca 2p spectra of the HA (f) and ATSP-HA (g). C 1s spectra of the neat ATSP (h) and ATSP-HA (i).
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10.4 Discussion

The prime feature of the solid-state mixing approach is to characteristically establish
geometrical conformity between the HAs of ~5 pm and the oligomer particles of ~50-100 pm.
Such an interparticle proportionality imminently develops short-range attractive forces between
the HAs and precursor particles while subsiding the van der Waals forces that are inherently
present within the pristine HA particle supply [23]. Hence, the in situ formed attractive forces
draw the HAs and ATSP oligomer particles together which effectively breaks the primitive HA
clusters apart enabling good distribution of the HAs within the powder oligomer domain.
Furthermore, hydrodynamic forces coming into effect at elevated temperatures in molten
oligomer medium in the course of the polymerization reaction enable the acetic acid blowing
agent to advance in the viscous phase. Such relocation of the acetic acid bubbles facilitates
rearrangement of the HAs prior to curing and ultimately contributes to nearly homogeneous
distribution in the nanocomposite morphology [21,23,37].

Regarding the cure characterization of the precursor oligomers with the HAs, the
broadening of the cure region observed in the DSC analysis may occur due to the increased melt
viscosity of the oligomers caused by the presence of the HAs. The increase in viscosity
consequently requires more energy input to carry out the crosslinking process, which thus
stimulates early gelation of the crosslinked matrix [38,39]. Hence, the thermal relaxation peak
forms due to devitrification of the matrix in the thermal process during which the glass transition
temperature increases above the cure temperature [40]. Such a thermal response indicates that the
degree of crosslinking is likewise considerably affected by the presence of the HAs, as also
discussed in the glass transition characteristics. In the thermogravimetric response of the

polymerization process, the delayed release of the acetic acid indicates notable modifications in
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the reaction kinetics. It also concurs with the outcomes of the DSC analysis that completion of
the curing extends beyond the nominal temperature.

Improvements in physical properties for the bionanocomposite structure are directly
regulated by interfacial coupling of the reinforcement particles and host matrix. As observed in
SEM images, the HAs behave as crack arresters within the polymer domain which impedes
further fracture propagations. Eventually, such a particle-conjugated network yields a more
deformation tolerant morphology with significantly increased material toughness. In correlation
with the SEM analysis, several conclusions can be drawn from the compressive mechanical
characterization results. For conventional polymer nanocomposites, improved mechanical
properties generally cause a more brittle response [41,42]. However, the ATSP-HA
nanocomposite maintains simultaneous increases in the fracture strength and strain, meaning
improved material toughness. Hence, the nearly-preserved density of the structure, yet rather
enhanced mechanical performance, indicate that HAs are very well incorporated into the matrix
which develops an effective load transfer mechanism demonstrating significant improvements in
the deformation tolerance. Earlier studies have reported increased Young’s modulus for polymer
nanocomposites with the incorporation of HAs, as also being conceivable due to significantly
higher density and hardness values associated with the HAs [43,44]. However, the moderate
decrease of Young’s modulus in the ATSP-HA nanocomposites may be related to modifications
induced either in the cellular morphology (e.g., porosity) or the chemical structure (e.g.,
crosslinked polymer chain configuration) that eventually lead to considerably softer
nanocomposite structures, which are highlighted in the following chemical characterization part
of the text. Hence, on the contrary to predictions introduced with analytical models, the

mechanical property improvements observed in the ATSP bio-nanocomposites are directly
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linked to an interfacial attachment scheme developed with the particles which effectively
surpasses a mere reinforcement mechanism attainable with matrix-trapped ceramic particles [45].
Unparadoxically, the results of the mechanical characterization for the improved material
toughness agree with the observations reported for the crack-arresting mechanism in the SEM
microstructural analysis section.

According to the characterization of the glass transition temperature, particularly, for the
low-temperature peak, in agreement with the characteristic features observed in the cure
analyses, the presence of the HAs modifies the advancing crosslinking process during the
polymerization process which, in this case, may promote longer polymer chains. The longer the
polymer chains within the crosslinked network, the more degree of freedom is introduced to the
chains which then develops a lower temperature glass transition peak [21]. Alternatively, the free
volume occupied by the HAs may induce a lower glass transition temperature for the overall
matrix [46]. In this case, the interfacial attachment between the HAs and the ATSP matrix is
destroyed at elevated temperatures creating free volumes in the crosslinked network that gives
rise to a lower glass transition relaxation. Regarding the formation of the second peak, the
physical presence of the HAs forms a pseudo-rheological percolation behavior within the matrix
facilitated through short inter-nanoparticle distances, which restricts the mobility of the chains,
and subsequently increases the total chain relaxation time [29,30]. Overall, the double glass
transition peak formation as a thermomechanical response of the hanocomposite structure also
agrees with results shown in prior literature [47-50].

Supported by the XPS results, the interfacial bonding related line broadening observed in
NMR may occur via in situ formed hydrogen-advanced bonds. Note that only *H ssNMR spectra

of the nanocomposite backbone displayed additional peaks emerging from the chemical
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configuration of the HAs. The precursor oligomers possess acetoxy and carboxylic acid
functional groups that are composed of hydrogen bonds which can interact with the constituent
elements in the HA structure [51]. Yet, hydrogen has no core electrons, but only valence
electrons which participate in the chemical bonding. Thus, any XPS signal arising from
hydrogen would overlap with signals from excitation of valence electrons of other constituent
elements. Hence, it is technically impossible to distinguish between valence electrons of
hydrogen and other elements. The hydrogen groups, via an interfacial attachment mechanism,
are only viable until about 100°C which in fact causes a lower glass transition temperature, as
observed in DMA analysis [31]. Due to bond scissions at elevated temperatures near glass
transition region free volumes in the chain configuration are generated which then effectively
downshifts the glass transition temperature. Yet, the H-driven bond is workable at room
temperature, which in fact improves the mechanical performance of the nanocomposite
participating in the crack-arresting deformation mechanism.
10.5 Conclusion

We demonstrate the hydroxyapatite (HA) particle reinforced aromatic thermosetting
copolyester (ATSP) matrix bionanocomposite as a potential artificial bone replacement material.
During the in situ endothermic polycondensation reaction, the matching oligomers form a robust
crosslinked network of aromatic backbone having HAs distributed in the polymer domain, as
validated through morphological analysis. The HAs offer a crack-arresting mechanism which
develops an effective load transfer network along with enhanced material toughness. Glass
transition characteristics of the bionanocomposite matrix are modified through nanofiller-
immobilized local chain relaxation effects. sSSNMR and XPS analyses on backbone chain of the

nanocomposite exhibit the presence of a hydrogen bonding-based interfacial coupling between
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the HAs and ATSP matrix through in situ formed hydrogen bonds. Future work may focus on
systematical biocompatibility analysis of the ATSP matrix and ATSP bionanocomposites. This
study may initiate further analyses of intermolecular interactions between the bioceramic
particles and biocompatible polymer systems towards the improved physical performance of

advanced synthetic bone bionanocomposites.
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CHAPTER 11: GLASS TRANSITION BROADENING VIA NANOFILLER-
CONTIGUOUS POLYMER NETWORK

11.1 Introduction

Polymer nanocomposites, incorporating various forms of nanofillers at low loading
fractions, provide multifunctional properties, and thus bear a great potential to address a broad
range of cutting-edge technological applications [1]. Ultrapermeable membranes, biocompatible
artificial bone scaffolds, and electrically conductive electromagnetic shielding interference
(EMI) materials are amongst the example nanocomposite configurations that drew wide interest
[2-4] Particularly, with the objective of maximizing physical properties, a primary research thrust
on polymer nanocomposites has been centered on efforts to realize robust interfacial attachment
mechanisms between the nanofiller reinforcements and the backbone chains of host polymer
matrices [5-7]. In this context, glass transition behaviors of the polymer nanocomposites have
been extensively studied as tabulated in a comprehensive review [8]. So far, as glass transition
temperature shifts are concerned, edge-or-surface-functionalized nanofillers have been shown to
promote covalent conjugations with a broad spectrum of polymers via in situ polymerization

processes [8-11].

This work was previously published: Bakir, M., Meyer, J.L., Sutrisno, A., Economy, J., and
Jasiuk, 1., Glass transition broadening via nanofiller-contiguous polymer network, 56 (24), 1595-
1603 (2018).

Special thanks to Dr. Andre Sutrisno (NMR/ERP Laboratory, University of Illinois) for
providing invaluable guidance and help on NMR analysis.
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However, the nature of the functionalization process generates structural defect sites on
nanoparticles, such as graphene and carbon nanotube, which deteriorate their physicochemical
architectures [12]. Also, the temperature shifts are bound to intrinsic chain configurations of the
host matrices while most polymer systems can only afford weak hydroxyl-group advanced
intermolecular attachments with functionalized nanofiller particles [8]. Consequently, the state-
of-the-art polymer nanocomposites have not demonstrated a strong interfacial coupling scheme
which forms a robustly crosslinked network of nanofiller particles and polymer chains to realize
ultimate physical property improvements [4,13].

Aromatic thermosetting copolyester (ATSP) was developed in the 1990s utilizing low
cost, easily processable and readily crosslinkable oligomers to form a new high-performance
polymer system [14]. The ATSP morphology comprises a crosslinked network of aromatic
polyester backbone interconnected via covalent oxygen bonds, which hence enables superior
physical properties (e.g., glass transition temperature) [15]. Additionally, chemistry-favored
tailorable macromolecular architectures along with convenient reconfigurability into different
physical forms (e.g., foam, coating, and adhesive) makes ATSP available for various
nanocomposite applications [13, 16-18]. Herein, we demonstrate nanofiller-contiguous polymer
network with ATSP nanocomposites, incorporating chemically pristine carbon nanofillers, which
displayed remarkable glass transition temperature shift as well as a unique peak broadening
effect [13, 15, 18] Chemical characterization of ATSP backbone chains exhibited the formation
of a robust covalent coupling with the nanoparticles enabled through in situ polymerization
reaction wherein precursor oligomers and nanofiller particles were concurrently present [19-20]

Supported by further enhancements in thermophysical properties, ATSP chains crosslinked and
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incorporated with the nanofiller particles forming a nanofiller-conjugated nanocomposite
morphology, which extensively modifies the backbone configuration of the nanocomposites.
11.2 Materials and Methods

The carboxylic acid and acetoxy functional group constituent oligomers were synthesized
using biphenol diacetate (BPDA), 4-acetoxybenzoic acid (ABA), isophthalic acid (IPA), and
trimesic acid (TMA) (Sigma-Aldrich Co.) via melt-oligomerization as outlined in prior literature
[15,18]. The ATSP nanocomposite foams were fabricated via in situ condensation
polymerization reaction between carboxylic acid and acetoxy functional group precursor
oligomers, which were initially mixed in the solid state as uncured powders with as-purchased
GNP, CNT and CB nanofillers at 1 wt % and 5 wt % ratios. Upon polymerization, the ATSP
nanocomposites obtained a nanofiller-crosslinked aromatic polyester backbone porous matrix
[13]. CB (Vulcan XC72, Cabot Corp.) (bulk density: 264 kg/m®), CNT (Industrial-Grade Multi-
Walled Carbon Nanotubes, US Research Nanomaterials, Inc.) (outside diameter (OD): 10-30 nm,
inside diameter (ID): 5-10 nm, length: 10-30 pm, bulk density: 2100 kg/m®), and GNP (Grade
M-5, XG Sciences) (flake diameter: ~5 um, thickness: 6-8 nm, density: 2200 kg/m?). The mixed
combinations were subjected to a thermal cure cycle with two dwell stages at 200 °C for 90
minutes and 270 °C for 150 minutes, and a final cure stage at 330 °C for 90 minutes [18].
Densified ITR nanocomposites were fabricated using cured ATSP powder combined with 1 wt
% GNP powder, which was sintered under temperature (330 °C) and pressure (~7 MPa) for 2
hours [15].

Scanning electron microscopy was operated in high-resolution and upper detector mode
(10-15 kV, 10 pA) to analyze microstructures of the nanocomposite foams on fracture surfaces,

and lower detector mode to image uncured oligomer and nanofiller mixtures (15 kV, 5 pA)
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(Hitachi S-4800). The specimens were sputter-coated with Pd-Au for 40 seconds to minimize
charging effects.

Transmission electron microscopy was operated in bright-field mode (200 kV, 102 pA) to
analyze the GNP sheets (JEOL 2010LaBs). Fabricated nanocomposite specimens were ground
using a laboratory grinder, and the powder was settled in methanol solution for 10-15 min.
Solution samples having floating particles were collected using a pipette and passed through a
copper grid, which was then dried at 80 °C for 1 hour.

Morphologies of the nanocomposite were characterized in powder form using X-ray
diffractometer with Cu K-alpha source operated at 40 kV and 30 mA, and 0.15148 nm
wavelength (Siemens/Bruker D-5000). Broad-range (26=10°-60°) nanocomposite scans were
performed using nominal 1°/min scanning rate. Narrow-range (20=24°-28°) crystalline carbon
peak nanocomposite scans were performed with 0.05 °/min slow scanning rate. Data analysis
was done using JADE software (KS Analytical Systems, Ltd.)

Chemical compositions of the nanocomposites were analyzed using Kratos Axis ULTRA
X-ray photoelectron spectroscopy (Kratos Analytical) operated at monochromatic Al source at
210 W with 1000 meV step size and 100 ms dwell time and 220 s total acquisition time. Data
analysis was carried out using CasaXPS software.

Primary glass transition characterization of the nanocomposites was carried out using
Dynamic Mechanical Analysis with a dual-cantilever beam (DCB) bending clamp fixture (Q800
TA Instruments). A temperature-ramp cycle was operated with a 3 °C/min heating rate.
Specimens were in 35 x 10 x 5 mm? (length x width x thickness), and the tests were performed in
air. Supplementary glass transition characterization with differential scanning calorimeter (DSC)

(DSC 2500 TA Instruments) was obtained on ground neat and nanocomposite specimens (~5
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mg) using aluminum pans. Two consecutive temperature-ramped heating cycles with a constant
5 °C/min heating rate were applied while an intermediary cooling cycle with the same
temperature rate was implemented. The DSC tests were performed in air.

Direct current (DC) electrical conductivity measurements were performed on foam
morphology specimens using a 4 point-probe method (6517 B, Keithley Instruments, USA). The
specimens were in 5 x 5 x 12 mm?3 (width x thickness x length). The DC electrical conductivity
results were averaged over four samples per loading fraction, and standard deviations were given
by error bars, accordingly.

Solid-state nuclear magnetic resonance spectroscopy measurements were carried out
using ground nanocomposite specimens (~50 mg) packed into NMR rotors (Varian Unity Inova
300 MHz and Agilent VNMRS 750 MHz spectrometers). *H and **C spectra were obtained using
direct pulse (DP) and cross-polarized (CP) excitations, respectively. Specimens were spun at 10
kHz. Data analysis was performed using the MestreNova software.

Fourier transform infrared spectroscopy of the nanocomposites was obtained using
DRIFTS fixture (Nexus 670 Thermo-Nicolet) FTIR where ground nanocomposite specimens
were mixed with potassium bromide reference material (FTIR grade KBr) (Alfa Aesar).

Linear thermal expansion of the nanocomposite was measured using a horizontal digital
dilatometer (Model 2010 B Edward Orton Jr Ceramic Foundation). The tests were performed in
air. A temperature-ramp heating cycle was applied with a constant 3 °C/min heating rate until
200 °C. The samples had cylindrical shapes with a diameter of 1.27 cm and a height of 2.54 cm.

Thermal degradation stability temperatures of the nanocomposite foams were
characterized using the TGA (TGA 2950 TA Instruments). A temperature-ramp heating cycle

was applied with a constant 10 °C/min heating rate until 600 °C. Specimens weighed 10-15 mg.
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Compressive mechanical properties of the nanocomposite foams were measured using a
compressive load frame (4483 Load Frame Instron Testing Systems) with a constant crosshead
speed of 6 mm/min. The specimens were cylindrical in shape with a diameter of 1.27 cm and a
height of 2.54 cm. Materials toughness was calculated as the area under stress-strain curves until
fracture points using Origin (OriginLab Corporation). The strain at fracture was defined as strain
at maximum stress. Structural density was calculated as the ratio of measured weight to volume
of the specimens. Relative density was calculated as the ratio of the measured structural density
of the nanocomposite foam to the density of neat fully dense ATSP (1.27 Mg/m?®).

11.3 Results and Discussion

The ATSP nanocomposites were obtained through in situ polycondensation reaction
between carboxylic acid- and acetoxy-terminated constituent oligomers wherein carbon
nanofillers were also present [13]. The polymerization process generates a crosslinked polymer
network while releasing acetic acid as a reaction by-product [13]. The acetic acid emerges in the
gas form at elevated reaction temperatures (~200 °C), which hence acts as a blowing agent
forming porous nanocomposite matrix [18]. Thus, the nanocomposites inherently acquired foam
morphology upon the in situ polymerization process. First, we present results obtained from the
characterization of glass transition behaviors of the ATSP nanocomposite foam structures using
Dynamic Mechanical Analyzer (DMA) (Figure 11.1). In situ synthesized neat ATSP foam base
material, having amorphous morphology, displayed two characteristic tangent delta (tan J)
peaks: sub-glass transition (B-relaxation) (Tp) at 79 °C and glass transition (a-relaxation) (Tg) at
191 °C, which defines its chain relaxation response [18]. In this respect, the nanocomposite
structures, individually incorporating graphene nanoplatelet (GNP), carbon nanotube (CNT) and

carbon black (CB) nanofiller particles, yielded increases in the Tg by ~80 °C along with
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broadened glass transition peaks having breadths widened by ~100 °C (Figures 11.1a-c) (see
Figure 11.2 for storage/loss moduli results). As well, the B-transition peak of the nanocomposite
morphologies was suppressed in comparison to the parent form. These distinct changes within
the glass transition regime indicated the occurrence of collective reconfiguration in the ATSP
backbone chains upon interfacial interactions with the nanofillers wherein the degree of freedom
for chain motion (chain orientation mode) was substantially modified. On the other hand, simple
mixture of precured/crosslinked ATSP formulation (GNPs were not present during initial
polymerization process) with the GNP particles by means of solid-state interchain
transesterification reactions (ITR) using high-pressure and -temperature sintering process did not
produce any deviations in the Tq peak position (Figure 11.1.d) (see Figure 11.3, and refer to
references 15 and 21 for a detailed discussion on the ITR mechanism). The T4 peak breadth
became slightly narrower as compared to the neat ATSP because of different material forms, as
detailed below. Likewise, the pB-transition peak of the consolidated nanocomposite was

suppressed (see Figure 11.4 for storage/loss moduli results).
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Figure 11.1 Dynamic mechanical analysis (DMA) tangent delta (tan ) measurements of the in situ
synthesized foam morphology nanocomposites demonstrated large peak temperature upshifts and
significant peak broadenings in the glass transition regime. The sub-glass transition (B-relaxation) was
suppressed within the nanocomposites. (a) Graphene nanoplatelet (GNP) nanocomposites. (b) Carbon
nanotube (CNT) nanocomposites. (¢) Carbon black (CB) nanocomposites. (d) Mixture of
precured/crosslinked ATSP formulation (GNPs were not present during initial polymerization) with GNP
particles by means of solid-state interchain transesterification reactions (ITR) using high-pressure and -
temperature sintering process (see references 15 and 21, and Figure 11.4 with for the ITR mechanism) did
not reveal any changes in the glass transition peak position for both neat and nanocomposite
configurations. The figure is given in normalized tan & scale to demonstrate the glass transition peak
positions. Nanocomposites were named in accordance with weight fractions of the added nanofillers (1 wt
% and 5 wt %).
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Figure 11.2 Dynamic mechanical analysis (DMA) thermomechanical property measurements of the
in situ synthesized foam morphology nanocomposites with 1 wt % and 5 wt % nanofiller loadings. (a)
Storage and (b) loss moduli of the graphene nanoplatelet (GNP) nanocomposites. (c) Storage and (d)
loss moduli of the carbon nanotube (CNT) nanocomposites. (e) Storage and (f) loss moduli of the
carbon black (CB) nanocomposites. Nanocomposites were named in accordance with incorporated
weight fractions of the nanofillers.

236



Precured ATSP Pressure and heat  ITR cnabled
powder application solid-state consolidation

Figure 11.3 Schematic representation of interchain transesterification reactions (ITR) based solid-state
consolidation of precured ATSP under applied heat and pressure. For the nanocomposites, the GNP
nanofiller particles were mixed with the precured polymer particles in the solid state. Precured ATSP
powder was packed into a mold where the polymer particles were loosely organized. Upon introduction of
heat and pressure, the polymer powder particles were brought into contact as the ITR process progressed.
Finally, diffusion-based solid-state consolidated fully dense ATSP nanocomposites were obtained. ITR
process does not evolve any volatiles, on the contrary to the in situ polymerization process.
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Figure 11.4 Dynamic mechanical analysis (DMA) thermomechanical property measurements of the
interchain transesterification reaction (ITR) melt-consolidated precured/crosslinked chemistry ATSP
and GNP nanofiller particles. Precured neat ATSP and 1 wt % GNP incorporated precured ATSP
nanocomposites were compared to the in situ synthesized neat ATSP foam morphology. (a) Storage
and (b) loss moduli were represented. Nanocomposite sample was named in accordance with an
incorporated weight fraction of the GNP nanofiller. Neat ATSP data was taken from reference 18.
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It is worthwhile to mention that the foam morphology possesses increased solid-air
interface region (surface-area-to-volume ratio) with respect to a bulk (fully dense) specimen.
Hence, testing environment may be conceived to affect chain relaxation dynamics at the interface
[22]. In this regard, our recent study on the effects of environmental aging on physical properties
of ATSP neat and nanocomposite foams showed only marginal changes in the glass transition
temperatures following extended exposure periods [23]. Besides, the geometrical factor (spatial
confinement effect) for the foam structures did not necessarily induce any substantial changes in
the glass transition regime, as compared to the bulk specimen, owing to having scalable
(macrocellular) porous morphology for which corresponding T4 peak positions were detected to
be identical for both material forms (Figure 11.1.d) [24]. The moderately narrower glass
transition peak breadths developed for the fully dense morphology due to the extent of the ITR
mechanism which reconfigured the heterogeneity in chain mobility through exchanging chain
segments during the transesterification process [21, 25]. The glass transition regime
characteristics were also cross-checked using Differential Scanning Calorimeter (DSC), and
corresponding temperature upshift and peak broadening effects were likewise observable with
the supplementary method (see Figure 11.5 for DSC results). Besides, two successive DMA
thermal cycles were carried out to verify integrity of the glass transition characteristics in which
we observed that the temperature upshift and peak broadening features still held true, yet
thermomechanical response of the nanocomposite structure was moderately weakened in the
second cycle (with a reduced tan 6 intensity) due to physicochemical aging-induced activation
energy reduction during the first cycle (see Figure 11.6 for DMA reproducibility results) [26].
We note that the ATSP nanocomposites possessed fully cured matrices prior to the DMA/DSC

analyses such that any further chemical reaction between the ATSP backbone chains and
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nanofiller particles would not be necessarily induced in the course of the glass transition
characterization measurements [13]. We highlight two key characteristics as previously reported
on similar polymer systems, which hereby directly relate to the results obtained for the ATSP
nanocomposites. First, increased crosslinking density in the thermosetting polymers induces
chain immobility which then produces upshifted glass transition temperatures [27,28]. Second,
strong repulsive interaction forces within well-ordered monomer components of gradient
copolymers produce broadened glass transition peak regions [29]. Based on these findings, the
nanofiller particles behaved as crosslinking agents during the polymerization reaction wherein a
fraction of the functional groups of the oligomers reacted with the nanoparticles, which
consequently reduced the fraction of the functional groups that participate in the ordinary
crosslinking polymerization process. Hence, the nanoparticles effectively joined to the highly-
crosslinked network of the ATSP matrix, which consequently developed a nanofiller-contiguous

network morphology.
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Figure 11.5 Characterization of glass transition behaviors via DSC. Differential scanning calorimetry
(DSC) two consecutive glass transition temperature measurements of the in situ synthesized neat
ATSP and ATSP-GNP nanocomposite displaying temperature upshift along with peak broadening
effects. The second cycles do not reveal any characteristic peaks observed in the first cycles. (a) neat
ATSP. (b) 5 wt % graphene nanoplatelet (GNP) incorporated ATSP nanocomposite. (¢) Comparison
of glass transition temperatures of the neat ATSP and ATSP-GNP nanocomposite. Nanocomposites
were named in accordance with incorporated weight fractions of the nanofillers. Two consecutive
temperature-ramped heating cycles with a constant 5 °C/min heating rate were applied while an
intermediary cooling cycle with the same temperature rate was implemented. Note that the second
cycles do not reveal any characteristic peaks observed in the first cycles for both material
configurations due to induced physicochemical aging on already weak phase transitions detectable to
DSC. The detected glass transition temperatures, as well as the nanofiller-induced glass transition
regime characteristics in DSC, were slightly different than those obtained in DMA. The phase
transition measurements in DSC relies on enthalpic changes in materials whereas DMA analyses
utilize thermomechanical response of materials at a certain excitation frequency. On the basis of the
proposed mechanism (Figure 2), the temperature upshift and peak broadening effects were still
detectable. The measured T4 of the neat ATSP via DMA was 191°C along with ~120°C of peak
breadth. The detected T4of the ATSP-5GNP nanocomposite was 235 °C in DMA.
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Figure 11.6 (a,b) Reproducibility of the glass transition characteristics. Dynamic mechanical analysis
(DMA) two successive tangent delta (tan 8) measurements of the in situ synthesized nanocomposite foam
morphology with 1 wt % graphene nanoplatelet (GNP) represented in normalized axis units showing that
the glass transition temperature upshift is maintained (T4 0f neat ATSP is 191°C) along with the formation
of equivalently broad glass transition peak, yet yielding decreased tan & intensity due to thermal stress and
high temperature induced physical aging. From a thermodynamical point of view, during the first cycle,
the polymer chains relax to an enthalpically favorable equilibrium state during which they dissipate
energy while acquiring structural mobility around the glass transition temperatures. Upon a subsequent
cooling cycle, the chains cannot completely recover the dissipated energy (enthalpic recovery). Hence, on
a second thermal cycle, energy-wise weaker glass transition regimes were observed. This effect was also
aggravated due to physicochemical aging (oxidative degradation) of the polymer structures at elevated
temperatures in the presence of air. Yet, ATSP nanocomposites preserved modified glass transition
characteristics (temperature upshift and peak broadening) on the second cycles.
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It is well-acknowledged in the polymer nanocomposites literature that interfacially
bonded nanofiller particles and polymer chains form a co-continuous network within
nanocomposite matrix, which constitutes a rheologically percolated nanoparticle domain [5,10].
The formation of such biphasic hybrid morphology was demonstrated to induce increases in the
glass transition temperature via imposing reduced mobility (confinement) on polymer chains
[30]. However, the conjugation scheme (with mostly linear chain configurations) does not
necessarily alter the intrinsic structural relaxation characteristics of the polymer backbones
through physicochemical modification. With the ATSP nanocomposites, the nanofiller particles
joined the cure advancing crosslinked polymer network that generates the nanofiller-contiguous
morphology (Figure 11.7). The nanofiller-contiguous network displayed a thoroughly modified
relaxation behavior for the backbone chain, rather than merely imposing a confinement effect,
which hence reflected the collective response of the nanocomposite structure. In the following
part, we discuss the formation mechanism of the modulations in the glass transition regime.
Fourier Transform Infrared (FTIR) spectroscopy results of the ATSP-GNP nanocomposites
showed moderate conformational modulations in the fingerprint domain of the ATSP chain
configuration corresponding to modifications in the in-plane bending mode of the C-C bond of
aromatic rings (see Figure 11.8 for IR spectroscopy). Therefore, the formation of the broadened
glass transition peaks along with the significant temperature upshifts could require additional
dynamic chain relaxation and deformation modes to come into effect [26]. In that vein, we
postulate the following interpretation to explain this phenomenon. In the glass transition region,
the nanofiller particles, while strongly tethered the polymer backbone, induced a pseudo-
rheological percolation behavior facilitated through short inter-nanoparticle distances, which first

restricted the mobility of wide-extending long chains, and then consecutively increased the
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overall chain relaxation time [5-6] (Figure 11.7) (see Figure 11.9 for electron microscopy
images). Herein, the pseudo-rheological percolation applies to a crosslinked thermoset polymer
network wherein conjugated nanofiller particles generated a ‘local jamming effect” over junction
points to polymer chains during relaxation process (Figure 11.7). Note that the increase in
storage modulus above 250 °C also validates such a confinement effect (Figure 11.2). On a
similar concept, nanofiller particle surface immobilized polymer chains were reported to induce
frequency-dependent strain lagging effects [31]. Note that the local confinement effect in the
nanofiller-conjugated network did not require the formation of an absolute rheological
percolation state in the whole matrix, as indicated by electrical conductivity measurements for
the ATSP nanocomposites (Table 11.1). Thus, this mechanism is conceptually different than that
of the molten domains of thermoplastic systems [32-33]. Meanwhile, temperature-driven
intrinsic structural relaxation mechanism (o-relaxation) became effective for the backbone
chains, which sought to release deformation energy, yet the energy was transiently restored
within the chains due to the strain lagging (via stress o) induced delayed relaxation schedules (1)
[34-35]. Consequently, this deformation mode generated such substantially broadened glass
transition regions with upshifted glass transition temperatures (Figure 11.7). Additionally, we
note that the ATSP resin forms a surface-induced liquid crystalline interlayer domain on
carbonaceous surfaces upon thermal curing, which would also introduce a further stiffening
mechanism into the short-range polymer chains that would increase the deformation energy
(similar to stretching a stiffer spring with increased spring constant) [36-37]. Therefore, the
modulated glass transition characteristics of the ATSP nanocomposites, as emerged from the
unified response of the nanofiller-crosslinked network, are different than the double glass

transition peak phenomenon wherein a separate peak, in addition to original glass transition
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peak, forms at a higher temperature due to nanofiller particle induced immobilization effects on
chain relaxation characteristics [31]. More importantly, the increased intensity of the glass
transition peak for the nanocomposites highlighted that the larger amount of aromatic chain
segments engaged in the relaxation process due in part to the interactions with the nanofiller
particles. It also evinced that the nanofiller-crosslinked modified polymer network acquired a
different backbone chain arrangement that resulted in enhanced chain mobility (indicated by
smaller storage modulus than neat form in the rubbery state, see Figure 11.2) which hence
displayed higher intensity glass transition peaks. Regarding the peak broadening effect, due to
the formation of the nanofiller-contiguous network, the modified nanocomposite backbone
structure forms shorter macromolecular chains at nanofiller interface, which thus caused
heterogeneity in the chain distribution generating broader peaks. Note that the broadening effect
was only observable until initiation of bond scissions through thermal degradation starting at
350-400 °C.

Table 11.1 Electrical conductivity results. Results of DC electrical conductivity measurements on the
ATSP-GNP and ATSP-CNT nanocomposites with 1 wt % and 5 wt % nanofiller loadings.
Nanocomposites were named in accordance with incorporated weight fractions of the nanofillers. DC
electrical conductivity measurements were performed using a 4 point-probe method. The electrical
conductivity results were averaged over independent measurements on four different specimens with
given standard deviations.

DC Electrical Conductivity (S/m) | Standard Deviation
Neat ATSP 41x101 7.7 x 10
ATSP-1GNP 34x10" 7.8x 10
ATSP-5GNP 3.1x10? 2.2x10%
ATSP-1CNT 2.4x1018 1.5x 1013
ATSP-5CNT 3.0x10? 29x10?
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Figure 11.7 Graphical representation of the nanofiller-conjugated polymer network. Scanning electron
microscope images obtained over a pore surface of the GNP nanocomposite demonstrating the formation
of the pseudo-rheological percolation domain (GNPs appear brighter in darker ATSP matrix) and local
confinement (jamming) effect. The polymer chains were covalently conjugated with the nanofiller
reinforcements, which are applied interfacial stress (o). Elongated relaxation time (t) of the wide-
extending ATSP chains due to the pseudo-rheological percolation of the nanofillers. Graphical
representation of chemical interaction mechanism during the in situ polymerization reaction.
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Figure 11.8 IR spectroscopy characterization. Fourier transform infrared spectra of the neat ATSP
morphology, and the in situ synthesized 1 wt % and 5 wt % GNP incorporating nanocomposites.
Nanocomposites were named in accordance with incorporated weight fractions of the nanofillers. Based
on characteristic IR bands of the aromatic ring, peaks at 3040 cm™ and 3080 cm™ were assigned to
stretching mode of C-H bonds. Additional bonds for stretching mode were observed at 1490 cm™? and
1600 cmt, which denoted C-C bonds of the aromatic ring. The peak observed at 1745 cm™ was attributed
to stretching mode of C=0 bonds. The peaks between approximately 1900 cm™ and 2600 cm™ were
overtone bands of the aromatic ring. Within the fingerprint region, two peaks detected at 860 cm™ and
920 cm were attributed to out-of-plane bending modes of C-H bonds of the aromatic ring. More
importantly, the peaks observed between 1000-1260 cm™ defined in-plane bending modes of C-C bonds
in the aromatic ring. Among these peaks, we observed the splitting of the peak at 1164 cm™ from other
grouping peaks at 1204 cm™, and 1265 cm™ with respect increased GNP loadings, where it eventually
became a separate peak with 5 wt % GNP nanocomposite structure. This result revealed significant
conformational changes with respect to the in-plane motion of the polymer backbone, which could
explain changes in the B-relaxation regime.
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Figure 11.9 Microstructural images of GNP networks. Ultra high-resolution upper detector mode
scanning electron microscopy images obtained on the ATSP-GNP nanocomposites over pore surfaces. a-
b, GNP nanoparticle networks in the ATSP matrix domain. GNPs appear brighter in darker ATSP matrix.
Visual transparency also highlighted effective surface wetting of the GNP nanofillers by the ATSP
matrix.

Regarding the underlying chemical interaction and attachment mechanism that gave rise
to such strong interfacial coupling, the in situ polymerization process involved acetoxy (-
CH3COO) and carboxylic acid (-COOH)-capped matching oligomer groups which carried out an
esterification condensation reaction at sufficiently high temperatures (> 200 °C) (Figure 11.7)
[18]. This reaction allowed the ether oxygen of the acetoxy-end-group oligomer to exchange
with the hydroxyl groups of the carboxylic acid-end-group oligomer thereby forming a cross-
linked network of the ATSP matrix while releasing acetic acid as a by-product [18]. Hence, the
functionalized oligomers interacted with oxygen-containing polar sites (~3 at %) present on the
GNP particles, which tethered the nanoparticles to the cure advancing crosslinked network of the
ATSP backbone chains (see Figure 11.10 for chemical functional group surface spectroscopy
results) [38-39]. Note that the high-temperature stability of the nanofiller-conjugated oxygen
bonds of the functional groups of the oligomers enabled the broadening effect at elevated
temperatures, which hence differs from the marginal temperature shifts enabled via hydroxyl-

based coupling schemes in the literature [8]. Upon the GNP particles joining to the crosslinked
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network of the ATSP backbone, the nanocomposite formed a nanofiller-contiguous morphology
in which macroscopic thermomechanical behaviors of the nanocomposites were greatly altered

by the orders of magnitude higher in-plane elastic properties of the GNP nanoparticles.
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Figure 11.10 Chemical surface spectroscopy. X-ray photoelectron spectroscopy (XPS) spectra obtained
on the pristine GNP. (a) survey scan. (b) C 1s spectra. (c) O 1s spectra. Results indicated native oxygen-
functionalized sites on the GNP basal plane by ~3 at %, which facilitated chemical interaction with
carboxylic acid and acetoxy-capped functional groups of the constituent ATSP oligomers.
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Corresponding microstructural analysis revealed visual evidence for the presence of the
interfacial attachment scheme between the GNP particles and the ATSP backbone chains (Figure
11.11). Scanning electron microscopy (SEM) analysis displayed three distinct features on
fracture surfaces of the nanocomposites (Figure 11.11.a). First, the GNP particles were thickly
coated by the ATSP matrix indicating their effective surface wettability enabled through the in
situ attraction mechanism (see Figures 11.9 and 11.12 for additional electron microscopy
images). Second, due to the strong coupling mechanism, surface cracks initiated over the ATSP-
GNP junction sites, wherein the nanoparticles behaved as crack arresters within the nanofiller-
crosslinked network to impede further fracture propagations, which eventually yielded increased
strength and toughness in the nanocomposite morphology, as shown later in the text. Third, as
the fracture propagation damaged the GNP particles, the broken nanoparticles remained
embedded in the ATSP matrix while held in place by the robust interfacial adhesion. We
underline that strength of the physicochemical coupling attenuated contact boundary slipping or
surface debonding effects. To further illustrate the bonding effects, transmission electron
microscopy (TEM) image is presented which displayed ATSP chain fragments (darker domains)
while tethered on the GNP particles (Figure 11.11.b). The ATSP chains formed unique surface
patterns smeared around the flakes that demonstrated molecular level extent of the coupling

mechanism.

250



ATSP fragment

embedded
GNPs

Figure 11.11 (a) Ultra high-resolution upper detector mode scanning electron microscope (SEM) image
(10 kV, 10 pA) of fracture surfaces of the ATSP-GNP nanocomposites demonstrated matrix-wetted GNP
particles forming robust interfacial bonding. The GNP particles remained embedded within the
surrounding ATSP matrix upon fracture. (¢) Bright-field transmission electron microscopy (TEM) image
(200 kV, 102 pA) of the ATSP-GNP nanocomposite showed ATSP fragments (darker) while clung on the
GNP flakes (brighter) clearly displaying extent of the effective attachment mechanism at the nanoscale.
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Figure 11.12 Microstructural images of uncured ATSP powder. Ultra high-resolution lower detector
mode scanning electron microscopy (SEM) images of the uncured ATSP powder (combined carboxylic
acid and acetoxy functional group oligomers) particles mixed in solid state with the GNP nanofiller
particles. (a) Multiple ATSP powder particles (brighter) at different sizes distributed on carbon tape
background (darker). Arrows indicate some of the powder particles. (b) GNP nanoparticles were
effectively dispersed on an individual oligomer particle surface given at a magnified scale. Small particles
on the surface represent the GNP flakes. Arrows highlight some of the GNP flakes. (c) A close-up image
featuring effective precuring stage homogenous distribution of GNP flakes which hence facilitated good
surface wettability in the course of the polymerization process. Arrows point some of the GNP flakes.

To elucidate the nature of the interfacial coupling mechanism at the molecular level, we
performed comprehensive physicochemical analysis on the ATSP-GNP nanocomposites. X-ray
photoelectron spectroscopy (XPS) results demonstrated that distinctive modifications developed
in the polymer backbone chain configuration upon the chemical interactions with the GNP
particles. In Figure 11.13.a, the characteristic peak of the sp?-hybridized GNP structure (284.8
eV) was lumped into the C 1s spectra of the nanocomposites (see Figure 11.10 for surface

spectroscopy results). As well, the aromatic ester backbone characteristic peak (283 eV)
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downshifted, within a detectable range, to a lower binding energy of 282.7 eV with the 5 wt %
GNP incorporation into the matrix. These two features highlighted that the GNP particles highly
interacted with the ATSP backbone chains. Furthermore, the C 1s spectra exhibited markedly
increased atomic concentration for the C-O functional group of the nanocomposite structures up
to ~39 at % (ATSP-5GNP) as compared to ~27 at % of the base matrix. Similarly, the O 1s
spectra displayed an in situ generated carbonyl functional group peak (~533 eV) within the
nanocomposite structures, which evidenced the role of the reactive oxygen-bearing sites on the
interfacial attraction and covalent conjugation with the GNP particles (Figure 11.13.b). Hence,
referring to the previous argument on the interfacial interaction mechanism, the XPS results
demonstrated that the GNPs and ATSP backbone covalently bonded through oxygen-bearing
functional groups which were formerly present in both acetoxy/carboxylic acid-terminated
precursor oligomer groups and oxygenated reactive sites on the GNPs. Besides, *C cross-
polarization magic-angle spinning (CPMAS) solid-state Nuclear Magnetic Resonance (SSNMR)
spectra of the neat ATSP structure showed two characteristic peak groups corresponding to the
aromatic backbone chains (C-C/C-H bonds) and the functional side-chains (C-O and C=0 bonds)
(Figure 11.13.c). *C NMR spectra of the nanocomposites revealed broadened characteristic
peaks with respect to incremented GNP loadings, wherein the linewidth was measured to
increase from ~860 Hz (neat ATSP) to ~1045 Hz (ATSP-5GNP). The formation of peak
broadening was due to the robust interfacial coupling, as also supported by the XPS spectra,
which ultimately altered structural relaxation behavior of the backbone chains [40-42]. A similar
peak broadening effect was also observed in the H direct pulse magic-angle spinning (DPMAS)
NMR spectra (Figure 11.13.d). The interfacial entanglement of the polymer chains and the

nanofiller particles caused substantial electron mobility difference due to individually dissimilar
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relaxation times, where the highly conductive GNP particles enabled fast electron transfer as
opposed to the highly dielectric ATSP chains. We underline that the **C and *H NMR spectra of
the nanocomposites did not exhibit any characteristic peaks arising from the pristine GNP
structures within the given NMR spectra (see Figure 11.14 for NMR spectroscopy results).
Figure 11.15 shows similar peak broadening effects over spinning side-bands (denoted by *) of
the nanocomposite spectra obtained using a higher-field sSNMR spectrometer. In Figure 11.13.e,
X-Ray diffraction (XRD) spectra of the nanocomposite structures demonstrated reduced
interlayer spacing in the stacking morphology of the GNP sheets through higher diffraction angle
shift for the (002) characteristic peak, while the polymer matrix retained its amorphous
morphology (see Figure 11.16 for broad-range XRD spectroscopy results). Tensile strains were
induced within the nanocomposites by cure stresses during the in situ thermal polymerization
process, which effectively translated through the GNP structure through the covalent conjugation
[43]. Via these multiple techniques, we observed that the aromatic polyester chains effectively
adhered to and reacted with the GNP particles by means of the oxygen-bearing functional groups

being inherently present in both the resin and the GNP particles.
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Figure 11.13 a) X-ray photoelectron spectroscopy (XPS) C 1s spectra of the nanocomposites
demonstrated downshifts in the aromatic group peak domain and enhancements in the atomic
concentration of carbonyl groups. (b) XPS O 1s spectra revealed in situ formed carbonyl group peak in
the backbone chain configuration. (c) Solid-state Nuclear Magnetic Resonance (ssNMR) **C cross-
polarization magic-angle spinning (CPMAS) spectra. (d) ssNMR H direct pulse magic-angle spinning
(DPMAS) spectra of the nanocomposites. *H and *C NMR spectra were processed using 1 Hz and 25 Hz
line broadenings, respectively. *H spectra referenced to zero to display the peak broadening effect. (e) X-
ray diffraction (XRD) spectra of the (002) characteristic peak of the GNP particles within nanocomposites
showing reduced interlayer spacing distance through higher diffraction angle shifts.
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Figure 11.14 NMR spectroscopy of pristine GNP nanoparticles. Solid-state nuclear magnetic resonance
(ssSNMR) spectra of the pristine GNP particles. (a) *C cross-polarization magic-angle spinning (CPMAS).
(b) H direct pulse magic-angle spinning (DPMAS). Under the same operating conditions of the
nanocomposites, the GNP did not display any characteristic peak neither in the *3C nor the H spectra.
Spectra were obtained using Varian Unity Inova 300 MHz NMR spectrometer.
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Figure 11.15 High-field NMR spectroscopy of nanocomposite. High-field solid-state nuclear magnetic
resonance (SSNMR) spectra of neat ATSP and 5 wt % GNP incorporated ATSP nanocomposite. (a) H
direct pulse magic-angle spinning (DPMAS). (b) **C cross-polarization magic-angle spinning (CPMAS).
Spectra were obtained using Agilent 750 MHz VNMRS spectrometer. * denotes spinning sidebands.
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Figure 11.16 X-ray diffraction spectra. The crystalline form of the pristine GNP sheets was observed.
The neat, 1 wt % GNP and 5 wt % incorporated samples displayed amorphous morphology of the
polymer matrix. These scans were obtained using nominal scanning parameters. The GNP peak defines
(002) characteristic peak of sp?crystalline carbon structure.

The unique chemical attraction mechanism enabled robust interfacial coupling further
yielded significant enhancements in physical properties of the nanocomposites. The GNP
incorporation considerably altered the porous morphology of the nanocomposites through the in
situ rheological modulations during the polymerization process, which formed relatively higher-
density structures. Thus, the increased density, with respect to incremented GNP loading,
consecutively produced improved compressive strength and Young’s modulus. Further analysis
using mechanical property scaling relations (Gibson & Ashby method) likewise indicated a

strong dependency on the density. Besides, calculated performance indices (M = ﬂ,/p) for mass
minimization on a compressive strength against density chart displayed that the nanocomposite

foams could provide equivalent strength to the neat foam for two-thirds of the given mass (see
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Figure 11.17 and Table 11.2 for mechanical property scaling analysis) [44-46]. On top of this,
the GNP nanocomposites exhibited simultaneous enhancement of the toughness along with the
strain to failure, which was successfully enabled through effective load transfer mechanism
within the GNP-conjugated network morphology (see Figure 11.18 and Table 11.3 for fracture
toughness results). Enhanced deformation tolerance appears likewise to be a consequence of the
mechanism producing the glass transition peak broadening [29]. The ATSP nanocomposites
might shed light on strength versus toughness conflict in lightweight structural material designs
[47]. In addition, the linear thermal expansion characteristics of the nanocomposites were
similarly modulated by the chemical coupling mechanism as well as increased density such that
the longitudinal elongation was measured as low as ~1 % (ATSP-5GNP) in comparison to ~1.5
% of the parent material at 200 °C, which translated into ~33 % reduced expansion (see Figure
11.19 for thermal expansion results). In this case, the segmental mobility of the ATSP backbone
chains was restrained by the negative thermal expansion of the GNP particles, which eventually
induced structural stiffening and dimensional stability [48]. Furthermore, the GNP particles,
being homogeneously distributed within the nanocomposite morphology, marginally slowed
thermal degradation processes on the ATSP backbone chains, for which higher thermal stability
of the GNP sheets shielded the polymer chains against further bond scissions (see Figure 11.20

for thermogravimetric analysis results) [49].
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Figure 11.17 Mechanical property scaling relations. (a) Relative Young’s modulus (E/Es) of the neat
ATSP and ATSP-GNP nanocomposite foams (1 wt % and 5 wt %) against relative density (p/ps). Es
represents Young’s modulus, and ps defines the density of bulk ATSP, respectively. The ATSP foams lie
around the slope of 3. (b) Relative compressive strength (c/os) of neat ATSP and ATSP-GNP
nanocomposite foams (1 wt % and 5 wt %) against density (p/ps). os is the material strength of bulk
ATSP. The ATSP foams populate near the slope of 2 which indicates elastic buckling failure mode rather
than brittle crushing (slope of 3/2). (c) Compressive strength plotted against density for neat ATSP and
ATSP-GNP nanocomposite foams (1 wt % and 5 wt %). M is defined as ﬂfp (o and p are strength and
density, respectively) which describes performance index for mass minimization of materials. ATSP

nanocomposites foams could provide equivalent strength as the neat foam for two-thirds of the given
mass. The mechanical property enhancements were beyond the estimation of predictive tools.

260



| nheatATSP ' '
— ATSP-1GNP
12 | —— ATSP-5GNP |
©
=
< gl _
(7p]
(77]
Qo
)
4l |
0 - 1 1 1 1 =1
0 o 10 15

Strain (%)

Figure 11.18 Compressive mechanical property characterization. Compressive mechanical behaviors of
the nanocomposites demonstrated increased compressive strength and strain-to-failure generating a more
deformation tolerant and tough material morphology.
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Figure 11.19 Thermal expansion characterization. Linear thermal expansion characteristics of the
nanocomposites showed reduced elongation influenced by the negative expansion of the GNP sheets. The
results also correlate with the glass transition behaviors.
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Figure 11.20 Thermogravimetric analysis results. Thermogravimetric and weight derivate thermal
degradation analysis of the nanocomposites measured under dry nitrogen. The nanofiller-crosslinked
network displayed similar characteristics to the pristine structure, while GNP particles reduced

degradation process.
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Table 11.2 Mechanical properties. Compressive mechanical properties of the neat ATSP and ATSP-GNP
nanocomposite foams with 1 wt % GNP and 5 wt% GNP.

Modulus | Std. | Strength | Std. | Density | std. | Relative | Std.

(GPa) Dev. | (MPa) | Dev. (Mg/mg) Dev. | Density | Dev.

oo | 027 |ooa| 762 |05 | 054 [003| 042 |003
| 039 |o0s| 1338 |168| 062 |003| 049 | 003
A | 03 |o00a| 107 |112| 057 |003| 045 | 003

Table 11.3 Material toughness results. Material toughness of the neat ATSP and ATSP-GNP
nanocomposite foams with 1 wt % GNP and 5 wt % GNP.

i Material
(MPa) | Dev. . Dev. 3 Dev.

Stress (%) (MJI/m)
Neat ATSP 7.62 0.5 5.30 1.10 21.1 6.4
ATSP-1GNP 13.38 1.68 8.25 1.12 74.6 14.7
ATSP-5GNP 10.7 1.12 6.88 0.67 46.6 7.3
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11.4  Conclusion

In conclusion, the aromatic polyester oligomers demonstrated strong interfacial covalent
bonding with chemically pristine carbonaceous nanoparticles. Through the attachment
mechanism between carboxylic acid and acetoxy functional end-groups of the constituent
oligomers and the oxygen-bearing sites of the carbonaceous particles, thermomechanical chain
relaxation characteristics of the backbone in the nanocomposite morphology was greatly altered
yielding remarkably broadened (~100 °C) and significantly high temperature shifted (~80 °C)
glass transition regimes. Within the nanofiller-contiguous polymer network, the backbone-
conjugated nanofiller particles induced the pseudo-rheological percolation behavior during the
glass transition via local immobilization by which chain relaxation schedules lagged behind
causing transient energy buffering in the chains that accordingly generated substantially
broadened glass transition regions with significantly upshifted peak temperatures. The ATSP
nanocomposites demonstrate an advanced nanocomposite material technology to obtain
ultimately enhanced multifunctional physical properties that may further help to address

emerging application problems in the development of new materials.
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CHAPTER 12: REVERSIBLE ADHESION OF AROMATIC THERMOSETTING
COPOLYESTER FOR IN-SPACE ASSEMBLY

12.1 Introduction

Development of next-generation space structures [1,2] requires lightweight and
multifunctional architectures, made from environment-compatible and model-based designed
materials via versatile manufacturing processes, as highlighted in NASA’s Technology Roadmap
Technology Area 12 [3]. Future space missions are envisioned towards both sustainment of long-
term on-mission space stations (e.g. 1SS) [4], and, particularly, construction of on-site habitable
structures beyond low-Earth orbit (e.g. Human Exploration of MARS) [2], which prompts need
of innovative concepts for reconfigurable and reusable designs in response to changing mission
needs. Specifically, NASA’s Solar Electric Propulsion (SEP) project is sought to develop
electrically propelled space shuttles having on-board multiple solar arrays (e.g. MegaFlex and
Mega-ROSA concept designs) [5]. Likewise, Orbital Replacement Units (ORUs) are utilized to
repair/replace malfunctioning segments of on-mission space systems (e.g. I1SS) at present, and

will soon be employed for building on-site space structures [6].

This work was performed performed under NASA Small Business Innovation Research (SBIR)
Phase-I program (Contract Number: NNX17CL41P) with ATSP Innovations and NASA Langley
Research Center (2017).
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Herein, we demonstrate a conveniently reconfigurable joining approach to connect highly
scalable multifunctional architectures with fiber-reinforced polymer composite links. A
reversible solid-state bonding mechanism is enabled using a novel high-performance polymer
resin, for which only physical contact and application of heat is required. Hence, the attachment
scheme will be amenable to automated robotic assembly along with minimized mass usage and
power consumption.

Joining approaches towards reversible assembly usually involve screw or snap-together
mechanisms. A screw mechanism would require threaded units to be mounted on the unit
elements which would add to weight and parts count. More importantly, primary concern should
be to counter-balance the moments induced when the unit elements are rotated and tightened in
microgravity. Existing screw-based devices often require bulky equipment in microgravity
environments due to the need for unlubricated operation [7] which increases total launch weight.
A disconnect or snap-on based joining approach (plug-and-play concept) likewise may increase
total structural mass, and mitigation of this additional mass would have the technical complexity
of finding an appropriate high temperature resin to construct the disconnects to reduce weight.
Therefore, a bonding scheme based on reversible solid-state reactions is the most practical way
to minimize mass for reconfigurable space architectures.

At a glance, state-of-the-art space frame construction technologies [8] rely on the use of
metal-based unit elements [9,10], which are either permanently joined or connected via labor-
intensive and difficult to automate joint mechanisms. Although such designs are readily used on
low-Earth orbit space missions, their large weights and infeasibility of reassembly under space
conditions becloud their implementations on future space missions. To address these problems,

recent studies have employed fiber composite unit elements attached via mechanical interlocks to

272



build lightweight, high strength/stiffness cellular structures [11]. Even though such design
concept addresses the above-mentioned issues and presents a reversible joint mechanism, the
length scales are currently far below those of targeted technological applications, and joining
requires complex mechanical interlocks which may inhibit a fully autonomous assembly. Present
automation concepts for assembly of cellular structures [12] involve unit members that have a
relatively low packing factor and specific mechanical properties and therefore would occupy
launch volume and mass needlessly. Also, reconfigurable concepts which switch from one-unit
cell type to another, have not been explored. Regarding bonding approach of primary structures,
DARPA/Lockheed Martin X-55 Advanced Composite Cargo Aircraft demonstration paved the
way through feasibility of building adhesively joined unitized composite skin for a fuselage
structure [13]. Utilizing such an innovative approach, substantial weight savings on an aircraft
frame were enabled by simply eliminating rivet and fastener use (more than 85%) along with
significantly reduced material cost, time and labor for fabrication and assembly [14].

In this regard, Aromatic Thermosetting Copolyester (ATSP) intrinsically enables solid-
state adhesive bonding possessing reformable bonds by virtue of the interchain transesterification
reactions (ITR) [15]. The ITR bonding scheme is a chemical interfacial self-welding mechanism
which effectively consolidates pre-cured ATSP parts forming a smooth continuous bond line.
The ITR bonding is enabled via only application of heat and physical contact, which does not
evolve any volatiles during such joining process. The ITR bonding is uniquely reversibly
allowing repeatable bond/debond over the very same bond line without causing any visible
physical damage. Continuous fiber ATSP composites was investigated under a NASA SBIR
Phase | program for high temperature and cryogenic applications [16]. The results showed that

ITR bonding between laminae produces excellent interlaminar properties. Shear strength,
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modulus and fracture toughness were found to be comparable or superior to epoxy and polyimide
carbon fiber composites [17-21] demonstrating the viability of ITR as a solid-state bonding
scheme. Thermal fatigue tests showed that ATSP composites are resistant to microcracking, due
to the resin’s tendency of locally matching coefficient of thermal expansion (CTE) around the
carbon fiber [21-23] and are capable of withstanding extreme hot and cold temperature cycles via
cryogenic thermal cycling [16]. Additionally, they are durable [24,25], in-situ self-repairable
[26], and maintain mechanical properties at elevated temperatures (Tg up to 307°C). Also, ATSP
shows a unique capability for repair of interlaminar cracks on application of heat and pressure
through ITR. Similarly, metal coupons bonded via ITR were observed to have a lap shear
strength of up to 20 MPa [27]. Tailorable ATSP chemistry can be adapted to nearly any polymer
processing technique by adjustments in oligomer structure.

There are several criteria for a practical reversible adhesive scheme relevant to missions
in space. The first is that it be a fully reversible and all solid-state process as liquids generally
have an unacceptably high vapor pressure in vacuum, which eliminates approaches that rely on
uncured polymer [14] or a meltable interstitial phase [28]. The second is that the joint members
of the structure and the reversible adhesive do not experience a glass or melt transition within the
range of temperatures experienced by the structure during day/night cycles (-160 to 120 °C) [29]
in conditions without thermal controls - which would induce undesirable adhesive reversion due
to an uncontrolled change in phase and negate mechanical properties of the bonded interface [30-
31]. This eliminates shape memory polymers [32] and some “gecko” adhesive [33-34] schemes
which generally rely on polymers which have glass transitions below 120°C. Additionally, the
reversible adhesive joint must be scalable and able to be implemented into complex geometries.

This eliminates gecko adhesive schemes available in the literature [35] due to their reliance on
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patterned fibrillar surfaces. While conventional bonding processes contingent on melting the
resin phase exist for thermoplastic composites [36-39], ITR would offer the first viable
composite welding scheme for fully cured thermoset composites. With a glass transition
temperature of up to 310°C and the entire polymer backbone possessing thermally-activated
labile ester bonds and therefore the complete structure accessible as a reversible adhesive, ATSP-
based composites present a viable and possibly unique solution to minimize mass and reduce
component numbers in reconfigurable structures.
12.2 Results and Discussion

ATSP coated metal specimens were utilized in this project. For the coating specimens,
uncured matching oligomers of ATSP were sprayed onto aerospace-grade Al 7075 substrates
employing an electrostatic powder technique. Figure 12.1 shows an example of a coated
cylindrical sample. The coated samples were then cured in a convection oven at 270°C for about
30 min. Upon curing, ATSP coating thickness was measured to be around 40-60 um by an eddy-

current-based magnetic coating thickness gauge.

10.0kV 11.5mm x30 SE(M) 1.00mm 10.0kV 11.5mm x110 SE(M) 500um

Figure 12.1 Scanning Electron Microscope (SEM) images of the ATSP-coated Al specimens prepared for
DMAV/ITR tests.

275



Operational parameters of temperature, time and pressure for the ITR bonding were
assessed and characterized via Dynamic Mechanical Analysis (DMA) (Q800 TA Instruments)
tests. A uniaxial fixture was operated in the DMA to enable compressive force (bonding force)
during the ITR process and to apply tensile force (pull-off force) during the pull-off experiments.
The DMA setup is limited to £18 N in both modes. For the DMA experiments, Al pieces of 1
mm and 2 mm diameter circular heads, coated with ATSP and cured, were brought in contact
with rectangular bases of 10 mm x 10 mm Al pieces (Figure 12.2). Upon enabling successful
ITR bonding between the two pieces, pull-off tests were applied to measure strengths of the
samples. Measured pull-off strengths were beyond the limits of the DMA fixture (18 N) for both
1 mm and 2 mm diameter heads. However, larger diameter heads are more likely to see
misalignment between two parts, which causes partial bonding between the parts, while a smaller

diameter causes full-scale bonding.

Stationary
clamp

Figure 12.2 DMA uniaxial loading configuration showing ITR bonding setup with a movable clamp that
enables both compressive and tensile forces applied on the stationary clamp.
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We also obtained scanning electron microscopy (SEM) images of the ITR bonded
samples (Figure 12.3). The samples with a smaller diameter (1 mm) still evidenced bonding
strength that was beyond the force limits of the DMA. To fall into the force limit of the DMA,
even smaller diameters were employed, yet due to mechanical properties of the metal parts
coming into effect at smaller scales, we limited the smallest diameter size to 1 mm. Overall, with
results of the DMA analysis, we have observed that 23 MPa, 30 min and 400 °C enables
effective ITR bonding and can be considered an effective upper bound in terms of conditions

necessary.

1.00mm 15.0kV 9.6mm x350 SE(M) 100um

Figure 12.3 SEM images of the ATSP-coated Al specimens bonded via ITR.

We designed DMA cycles to realized debonding under elevated temperature and applied
tensile force. Figure 12.4 shows a thermomechanical DMA cycle that enables reversible ITR
debonding of already bonded two parts. In the cycle, the force is kept at 5N (6.4 MPa) with ramp
up of temperature to 400°C; if the bond did not break, the temperature was held at 400°C and
force was ramped up to 18N. The debonding temperatures at 5N are 336°C, 372°C and 392°C

for C1A1, C2A2, and CBAB, respectively, for different formulations of ATSP.
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Figure 12.4 Thermomechanical DMA cycle to enable ITR reversible debonding of the two parts.

The high bond strength is well demonstrated at room and high temperature. However, in
space the temperature can range from cryogenic to high temperature. Thus, as shown in Figure
12.5, a pull strength study was carried out from -150°C to 200°C and the results show that the

bond strength is well maintained (~13 MPa) throughout this temperature range.
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Figure 12.5 DMA thermomechanical cycle of ATSP-coated Al 7075 parts; first ITR bonding, second
cryogenic cooling, and last high-temperature treatment.

Based on the thermomechanical results, shown in Figure 12.6, three consecutive cycles of
reversible ITR bonding/debonding were successfully performed over the same bonding area
using uniaxial loading fixture in DMA. The ITR cycles demonstrated quite repeatable trends
with respect to displacement over the bond line at the given temperature and tensile stress
(pressure) which effectively validated the reversibility concept of the ITR bonding. Another
major finding is that the debonding, or reversibility, occurred in cohesive mode as the
corresponding surface on the base substrate still contained polymer coating. As seen in SEM
(Hitachi 4800) images in Figure 12.7, the applied ATSP coating remained on the metal substrate
surface. Fracture surface clearly shows the evidence of ductile failure mode - fibrillation/drawing

is clearly evident in the lower right close-up image, as compared to surface features of fractured
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specimen at room temperature. Note the concave structure in Figure 12.7 was formed due to the

extremely high bonding temperature (400°C) and applied compressive pressure (~13 MPa).
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Figure 12.6 DMA three subsequent bonding/debonding cycles on the same bonding region showing

highly repeatable debonding characteristics in terms of debonding displacement corresponding to close
operation temperatures and effective pressure (Pressure is applied in tensile mode as tensile stress).
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DMA debonded
ATSP coating on A

15.0kV 7.4mm

Figure 12.7 Figure 11. SEM images of reversibly debonded (three times) surface with close-up views of
surface features. Fractured surface represents delaminated bonding at room temperature.

12.3  Conclusion

The NASA Technology Roadmap TA12 Materials, Structures, Mechanical Systems and
Manufacturing describes the ability to reversibly join structural truss units capable of sustaining
loads 100 - 500 N. The technology described in this report exceeds this force criteria by a factor
of 6 even with a very small cone-shaped joint; with the same cone shape but similar dimension
as struss, the force can reach 56760N (113 times of 500N) with contact area of 1290 mm 2 (2
square inches); from the parameters study, it is clear that various levels of bond strength can be
obtained by optimizing the bond parameters of temperature, pressure, and time. Joint design
concepts based around this technology can allow multifunctionality as electrical contacts as
described in the roadmap and solicitation. Additionally, the reversibility scheme developed

during this work has been shown to be reversible >50 times.
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CHAPTER 13: SOLID-STATE BONDING OF AROMATIC THERMOSETTING
COPOLYESTER AS A COMPOSITE WELDING MECHANISM

13.1 Introduction

Today, fiber reinforced polymer (FRP) composites are progressively being adopted for
spacecraft applications replacing conventional metallic structures to realize future transportation
technologies with minimized structural weight, yet uncompromised operational safety, as
described in NASA’s Roadmap Technology Area 12 [1]. In this regard particularly, composite
cryotank technology will enable effective transportation of cryogenic liquid hydrogen (LH2) on
Earth-departure weight critical architectures, and storage at in-space propellant depots to sustain
next-generation deep space missions [2]. However, the explosion of the SpaceX Falcon 9 rocket,
as recently announced to be caused by a supercooled liquid oxygen leak from a buckled
composite overwrapped pressure vessel (COPV), have drawn attention to safety issues, as
expressed by NASA advisory committee [3]. In that particular case, just before the explosion, a
steep temperature gradient developed in leak-tight double-layer skin of the COPV as inner metal
liner being subjected to warm helium while outer carbon fiber reinforced polymer (CFRP)
composite wrap being exposed to cold oxidizer, which caused severe degradation in mechanical

properties, and ultimately the failure [4].

This work was performed performed under NASA Small Business Innovation Research (SBIR)
Phase-I program (Contract Number: NNX17CL40P) with ATSP Innovations and NASA Langley
Research Center (2017).
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Clearly, such rupture would occur due to a weak adhesive bonding between the CFRP
and metal layers, being unable to equilibrate thermal expansion differences, causing
delamination of the CFRP part from the metal surface, in which effects rippled out as combined
with poor intrinsic thermomechanical performance of the CFRP wrapping part. That being given,
adhesively bonded FRPs, in fact, can enable the most significant mass reduction in fuselage
structure of launch vehicle systems yielding ultimately increased payload mass fraction, which is
a critical need for all in-space systems. Thus, DARPA/Lockheed Martin X-55 Advanced
Composite Cargo Aircraft demonstration paved the way through feasibility of building
adhesively joined unitized composite skin for a fuselage structure [5]. Utilizing such an
innovative approach, substantial weight savings on an aircraft frame were enabled by simply
eliminating rivet and fastener use (more than 85% [5]) along with significantly reduced material
cost, time and labor for fabrication and assembly [6]. Currently the most viable bonding
technique to realize likewise structures is to use commercial adhesives, which also allow
improvement in fatigue resistance, corrosion protection and uniform stress distribution for the
composites. Yet, such adhesive application conceivably prompts bond line delamination under
cyclic loads and thermal cycles during extended spaceflights, which undoubtedly raise safety
concerns. Among plethora combinations of resin types, fiber grades and tow sizes, only proper
FRPs possessing superior structural properties can meet such utmost demands towards ultimate
performance.

Herein, we demonstrate carbon fiber reinforced high performance aromatic thermosetting
copolyester (ATSP) resin composites (ATSP/C) being solid-state bonded to primary metal
spacecraft structures in order to build lightweight elements with tailorable structural properties

without necessitating additional uses of adhesives or mechanical joints.
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In that regard, ATSP intrinsically enables solid-state adhesive bonding possessing
reformable bonds by virtue of the interchain transesterification reactions (ITR) [7]. The ITR
bonding scheme is a chemical interfacial (surface) self-welding mechanism which effectively
consolidates pre-cured ATSP parts forming a smooth continuous bond line. The ITR bonding is
enabled via only application of heat and physical contact, which does not evolve any volatiles.
The ITR bonding is uniquely reversibly allowing repeatable bond/debond processes over the
very same bond line causing no visible physical damage. Continuous fiber ATSP composites
were investigated under a NASA SBIR Phase | program for high temperature and cryogenic
applications [8]. The results showed that ITR bonding between laminae produces excellent
interlaminar properties. Shear strength, modulus and fracture toughness were found to be
comparable or superior to epoxy and polyimide carbon fiber composites [9-13] demonstrating
the viability of ITR as a solid-state bonding scheme. Thermal fatigue tests showed that ATSP
composites are resistant to microcracking, due to the resin’s tendency of locally matching
coefficient of thermal expansion (CTE) around the carbon fiber [13-15] and are capable of
withstanding extreme hot and cold temperature cycles via cryogenic thermal cycling [8].
Additionally, they are durable [16,17], in-situ self-repairable [18], and maintain mechanical
properties at elevated temperatures (Tg up to 307°C). Also, ATSP shows a unique capability for
repair of interlaminar cracks on application of heat and pressure through ITR. Similarly, metal
coupons bonded via ITR were observed to have a lap shear strength of up to 20 MPa [19]. As
well, ATSP forms smooth and strongly bonded coating on metals upon curing [20, 21].
Tailorable ATSP chemistry can be adapted to nearly any polymer processing technique by

adjustments in oligomer structure. Hence, building on these prior findings, we will produce one-
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piece consolidated ATSP/C lamina and ATSP coated metal substrate via solid-state ITR
bonding.

At a glance, state-of-the-art space frame construction technologies [22] have generally
relied on use of metal-based unit elements [23,24], which are either permanently joined or
connected via labor-intensive and difficult to automate joint mechanisms. Although such designs
are readily used on low-Earth orbit space missions, their large weights and infeasibility of
assembly under space conditions becloud their implementations on future space missions. To
address these problems, recent studies have employed fiber composite unit elements attached via
mechanical interlocks to build lightweight, high strength/stiffness cellular structures [25]. Even
though these designs address the above-mentioned issues, the length scales are currently far
below those of targeted technological applications, and joining requires complex mechanical
interlocks which may inhibit a fully autonomous assembly.

With regard to application of bonding for composites, “co-curing” method enables
bonding of partially cured composite parts by use of a curable adhesive, in which the adhesive
chemically bonds on to the composite layers [26]. Yet, such uncured composite parts lack
structural rigidity, and so this technique is unable to support bond assemble large parts with
complex forms. Alternatively, “Co-bonding” method comprises a pre-cured composite part,
which is connected to an uncured composite part through a curable adhesive as both the uncured
part and the adhesive concurrently cure to bond [27]. However, this approach does not form a
chemical bonding with the pre-cured composites, which could easily result in delamination,
along with aforementioned handling problems with uncured parts. Hence, involving only pre-
cured parts, “Secondary bonding” technique combines composites with use of adhesives.

Though, such bonding only occurs by means of a mechanical interlocking on roughned
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composite surfaces, which does not establish a strong chemical bonding [28]. Automated Fiber
Placement (AFP) technology, being state-of-art composite manufacturing technique, enables
prepregged carbon fiber tows to be automatically placed to build complex composite laminate,
which was also utilized to build the aforementioned cryogenic fuel tanks. Yet, AFP partially
utilizes cohesive bonding and consolidation features of thermoplastic resins (e.g. PEEK), which
ultimately results in poor thermomechanical properties to withstand extreme operational
conditions [29, 30]. Hence, state-of-the-art composite bonding approaches involve externally
incorporated adhesive materials, which constitute a bottleneck in the FRPs causing delamination
failure, as highlighted above. Herein, ITR mechanism allows a heat-induced a self-bonding of
two pre-cured ATSP surfaces enabling a strong chemical interlocking mechanism facilitating
assembly of large and complex composite parts.

The main objective of this project is to demonstrate a new solid-state bonding mechanism
for similar/dissimilar carbon fiber reinforced polymer composites and primary metal components
to produce lightweight aerospace structures without necessitating additional joining mechanisms,
as highlighted in 2015 NASA Technology Roadmap under section of TA12 Materials,
Structures, Mechanical Systems and Manufacturing. Herein, we utilized interchain
transesterification reactions (ITR) driven adhesion mechanism of aromatic thermosetting
copolyester (ATSP) to achieve solid-state bonding between fully cured ATSP-based parts within
multimaterial (c-fiber composite ply/metal) configurations. We initially demonstrated proof-of-
concept using a dynamic mechanical analyzer (DMA), thus joining ATSP coated (30-100 um
thickness) Al parts under 1 to 23 MPa pressure at temperatures beyond glass transition of the
corresponding ATSP matrix (>300°C), as detailed in the report. Next, we adopted this approach

to produce adhesively bonded upscaled specimens in a vacuum assisted hot press setup. It was
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followed by physical characterization of the consolidated samples to quantify the bonding
strength, adhesive/cohesive failure modes as well as analyzing performance of ITR bonded
composite-metal multilayered structures in a broad temperature range. Overall, ITR bonding
shows compatibility with prominent space-grade metals as well as fiber-reinforced composite
plies. ITR bonding demonstrates thermomechanical reliability at a very broad temperature range
that spans space operation criteria. Upon flexural analysis, ITR bonded composites displayed
cohesive failure while mitigating structural delamination.
13.2 Results and Discussion

Operational parameters of temperature, time and pressure to obtain the ITR bonding were
assessed and characterized via Dynamic Mechanical Analysis (DMA) tests. The DMA (TA
Instruments Q800) is operated with a uniaxial fixture for the ITR process wherein two ATSP
coated parts were held in contact under a compressive force (bonding pressure) for a certain
duration (bonding time) at a given temperature (bonding temperature). Al pieces of 1 mm and 2
mm diameter circular heads (coated with ATSP) were brought in contact with rectangular bases
of 10 mm x 10 mm Al pieces. Since the DMA setup is limited to +18 N, max applied pressure
was 23 MPa. The bonding cycle included both force-ramp and temperature-ramp processes
within given durations, see Figure 13.1.a for details. Upon enabling successful ITR bonding
between the two pieces, we obtained SEM (Hitachi 4800) and Micro-CT images of the bonded
samples (Figure 13.1.b). Afterwards, pull-off tests were applied to measure bonding strengths of
the samples. Measured pull-off strengths were beyond the limits of the DMA fixture (18 N) for
both 1 mm and 2 mm diameter heads. Overall, from results of the DMA experiments, we have
observed that 23 MPa of applied pressure, 30 min and 400°C enabled effective ITR bonding and

can be considered an effective upper bound in terms of conditions necessary for effective
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bonding. Subsequent alterations in at-temperature compliance of the total laminate and/or use of

self-aligning geometries can drastically lower this input parameter.
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Figure 13.1 a) Micro-computed tomography (micro-CT) image of corresponding ITR bonded parts. b) A
representative thermomechanical DMA cycle operated to enable ITR bonding between the two ATSP
coated Al parts.

Regarding the fabrication of multimaterial configurations, we produced ATSP/C-fiber ply
- AI7075 piece - ATSP/C-fiber ply three-layer composite form multimaterials utilizing ITR
based adhesion mechanism (Figure 13.2.a). C-fiber plies were produced using C1A1-ATSP
chemistry due to it having the lowest porosity among the ATSP resin composite (0.4% as
measured by sulfuric acid digestion) and matched chemistry between the surfaces. To investigate
the thermomechanical reliability of the structure, we applied a thermomechanical cycle on the
specimen under 5 MPa static tensile load wherein the temperature was ranged between -150°C to
200°C. Phase transition temperatures of the polymeric matrix were detected around -95°C
(cryogenic) and 181°C (heated) and it is notable that the specimen did not display delamination
or failure throughout the applied temperature range (Figure 13.2.b). This experiment also helped

to detect phase transition temperatures of the matrix within multimaterial configuration.

292



. . . 200°C
: - B et 2004 = ML
a) Zapaoid B e T b) 10.15
ATSP/C-fier\; : e
€ 1004 5
[0} =
2 35°C 1010 2
E la 0 e
e O
i 1
-0.05 +
-100
Tg=181°C (heating)
_________ Tg =162°C (cooling)
20.0KV 10.2mm x30 SE(L) ' ~00n 200 : : 0.00
0 100 200 300

Time (min)

Figure 13.2 SEM image of ITR bonded ATSP/C-fiber plies (a) and Al 7075 part and DMA thermal cycle
between -150°C and 200°C with demonstrated Tg phase transitions (b).

Similar to the metal-c-fiber ply multimaterial configuration, we also performed a broad
temperature range thermomechanical cycle on both ITR bonded ATSP-coated AI7075 parts
(Figure 13.3.a). Initially, ITR bonding was enabled as discussed earlier, then a cryogenic cooling
(down to -150°C), and a subsequent heating (up to 200°C) processes were applied in which the
specimen was subjected to a constant ~13 MPa tensile load. As observed over the displacement
curve (red), the ITR adhered metal specimens did not break over the controlled thermal process.
Additionally, test films composed of two plies of ATSP films bonded via ITR - using a DMA
experiment, we found that the glass transition temperature was found to be at 215°C (Figure
13.3.b) for which the specimen was observed to maintain similar thermophysical features as
corresponding individual parts. Based on these tests, we observed that ITR bonded

multimaterials were thermomechanically reliable under extreme environmental conditions.
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Figure 13.3 DMA cycle of ATSP-coated Al 7075 parts; ITR bonding, cryogenic treatment, and
high-temperature treatment, respectively (a). DMA cycle of ITR bonded ATSP free-standing films (b).

We have fabricated a series of ATSP coated Al specimens for lap shear strength
measurements. Based upon initial DMA tests performed on the ATSP coated Al samples, we
performed a thermal ITR bonding cycle with a force of 6 MPa at 330°C for 3 hours. In contrast
to the DMA tests, the lap shear coupons were produced under vacuum conditions. Upon
fabrication of these samples, we performed lap shear strength measurements to compare
performance of different ATSP chemistries and to check sufficiency of the experimental
parameters to optimize the lap shear strength, in accordance with ASTM D3163 [8]. Experiments
were conducted on an Instron test frame with wedge grips and a displacement controlled rate of
0.01 mm/sec. For Figure 13.4, the x-axis is the ATSP bondline thickness between the metal
substrates and y-axis is the lap shear strength results. In general, Figure 13.4 shows higher
thickness corresponding to higher lap shear strengths which indicates that we should deposit

higher thickness of coatings to achieve higher lap shear strength.
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Figure 13.4 Characterized lap shear strengths with respect to the measured coating thicknesses of
corresponding specimens for the four different ATSP chemistries.

Temperature is an important factor for materials in space applications. Thus, we did lap
shear tests for CB2AB?2 at different temperatures: -100 °C, 25 °C and 100 °C, and the results are
shown in Figure 13.5. Figure 13.5.a illustrates that the stress vs. displacement curve at different
temperatures has a very clear trend: when temperature increases, the slope of the curve
decreases. The lap shear strength also decreases when temperature increases, as seen in Figure
13.5.b. However, there is no clear trend of cohesive failure percentage with respect to

temperature.
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Figure 13.5 Temperature effects on lap shear strength, (a) lap shear stress vs. displacement plots, and (b)
lap shear strength vs. temperature, (c) cohesive failure percentage vs. temperature.

Figure 13.6 are SEM images of delaminated ATSP/C-fiber and ATSP coated metal
interlayer with broken fibers remaining on the surface (Figure 13.6.a) and cohesive debonding
features (Figure 13.6.b) after the original sample tests. The SEM images did not show any
adhesive failure of the coated aluminum samples, indicating a robust bond strength between the

coating and aluminum substrate.

156.0kV 12.6mm x70 SE(L) 500um 15.0kV 12.6mm x70 SE(L) 500um

Figure 13.6 SEM images of delaminated ATSP/C-fiber and ATSP coated metal interlayer with broken
fibers remaining on the surface (a) and cohesive debonding features (b).

SBS measurements were performed in accordance with ASTM D2344. Four point
bending tests were carried out following ASTM D7264 protocol [11]. In all cases for both

flexural [Os/All (Figure 13.7) and SBS [04/Al/04] (Figure 13.8) layups at all ranges of
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temperature, cryogenic temperature has the highest strength and other temperatures have slightly

lower strength. Polymers have higher fracture strength at low temperatures; ATSP has a drastic

storage modulus increase from 1.4 GPa to 14 GPa (from 25°C to 140°C) due to the cross-linked

molecular structure, thus it showed a higher strength in cryogenic temperature in the current

study.
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Figure 13.7 Four-point bending flexural stress averaged results at indicated temperatures. Cryogenic and

elevated temperatures correspond to -100°C and 100°C, respectively.
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To expand on the multimaterial fabrication scheme, we will also develop and explore
another multilayer structure assembly/production method utilizing a temperature-induced
conformality feature of ATSP composites wherein availability of ITR bonding is essential, as
demonstrated in Figure 13.9. In this process, a pre-shaped concave form Al part with ATSP
coating (cured form) is consolidated with a fully cured (initially flat) ATSP/c-fiber ply in solid-
state using ITR bonding mechanism via application of heat and pressure. Such a fabrication
method is conveniently enabled through heating the overall mold to a temperature above the
glass transition of the ATSP matrix (>300°C) in which the ATSP matrix softens and so can be
reconfigured under an applied force to acquire the geometry of the preshaped Al substrate. The
CT images obtained on a multimaterial structure of ATSP/C-fiber ply consolidated with Al7075
shows that the composite ply can effectively acquire the curved form of the Al piece. Moreover,
close-up images provide precision to resolve interfacial bond line between metal and ply layers
that no void formation was observed. As well, the c-fibers can be easily reformed within the ply
without significant structural failures, which validates reconfigurability of the composite domain.
Similarly, as demonstrated in the figure below (Figure 13.10), a three-layer (ply-metalply) flat
multimaterial composite likewise shows smooth bondlines with no indication of voids or gaps.
Similarly, another complex geometry of the multimaterial configuration, as shown below in
computer tomography (CT) images (Figure 13.11), highlights the smooth bond lines between c-
fiber plies with varied thicknesses consolidated with metal parts. Close-up SEM images provide
micro-scale perspective on the bond line formation over the cross-section. Figure 13.12 shows
an example of a novel repair approach based on ITR wherein a damage section had an Al7075

patch (coated with ATSP) applied under heat and pressure. Micro-CT experiments demonstrated
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that the sample was intimately bonded and possessed no voids at the Al/composite interface,

thereby imparting the high metal/composite adhesive strength.

ATSP/C-fiber
Al7075

bond line

Figure 13.9 A representation of proof-of-concept to assemble complex-geometry multimaterial laminates
using solid-state bond based on ITR. CT images of ITR bonded ATSP/C-fiber and Al7075 multimaterial
configuration with curved geom