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STRAIN HARDENING OF HEAVILY COLD-WORKED METALS

S. S. Hecker ani M. 5. Stcut
Materials Science z2nd Technology Division
Los Alamos National Laboratory
Lot Alamos, N. M. 87545

INTRODUCTION

The strain hardening hehavior of materials is very important in structural
response, metal working processes, and impact penetration problems. A precise -
desc-iption cf strain hardening is particularly important in problems in-
volving plastic instability. Large strains present some specific complications
in testing and analysis. The large geouetric changes and a variety of in-
stabilities plagve experiments. Hence, strain hardening descriptions at large
strains are typically inferred from uniaxial tensile tests, wiich are re-
stricted to modest strains (<0.5) by plastic instability. Such data are not
only inadequate, dbut oftzn misleading. The analysis of large strain problems
are complicated bv h-ving to account correctly for material rotations. For
large scrain probiems involving isotropic material behavior the use of the
Jaumann stress rate tensor is adequate.1 However, a number of investigatorsz-s
have pointed out the shortcomings of this stress measure if used with
anisotropic hardeniny critsria such ay kinemat‘c hardening.

In this paper we review large strain experiments from a variety of
experimental techniques nnd attempt to establish proper constitutive descrip-
tions. We are particularly interested in the role of deformation geometry
(or struss state) on bardening response. We will also attempt to sort ocut
the evfects of texture, microstructuye, and substructure. These effects
are understood falirly well at small strajns. Texture evolution plays a
minor role at strains <0.3 and the variation of flox atress with material
parameters sucu as crystal structure, grain size, aed stacking fault energ:
is well documented. At large strains no satisfactory microstructural ex-
planation ot hardening exists. On the basis of und{sturbed dislocation inter-
actions, one expects ateady state behavior aud n saturation flow streau.6’7
However, deformation ivhomugeneicies such as deformatien bands and sbear

bands perturb the behavinr. In addition, the roles of texture development



and twinning are important and not well understood. Consequently, hardening
rather than saturation appears <o be more common at large strains.
Finally, we will cite several practical consequences of laige strain

behavior. These are related to problems of plastic instability and sheet
metal formicg.

EXPERIMENTAL TECHNIQUES

The experimental difficulties asscciated with large strzin testing arze
principally large geometry chinges and a variety of instabilities which
terminate experiments prematurely. These were reviewed ptevioully.8 A
summary of techniques currently used is presented in Table I. Toraion of
very short, thin-walled tubes is the only technique that peruits a2 contiauous
determination of strain hardening to very large strains on reasonably
homogeneocusly deformed specimens. All other testa require remachining or
prestraining followed by a simple test. The limitation of having few decisive
test techniques for determining large strain behavior is in large part re-
sponsible for the current lack of understanding in this area.

We will cite datz generated by a large number of techniques. In our
own work we have used principally the techniques of torsion on thin-walled

tubes, compreysicn with intermittant remachining, and sheet rolling tollowed

by uniaxial tension.

MACROSCUPIC HARDENING

A number of phenomenological models used to describe hardening are
summarized in Table II. The first three predict continued hardening, whereas
the Voce type predict saturation at a itress Oy Kociks' rechanistic model also
predicts snturltlon.6 In fact, a plot of 6 va. O presents a good graphical
picture of the saturation stress. Koclsa' model is based on dislocation inter-
actions and predicts an early steady state saturation tehavior. Figures 1 and
2 demonstrate . he hardening behavior of 1100 aluminum deformed under several
different modes. As shown in Fig. 2 hardening Joes not saturate hut persists to
high streanes at low rates (8). Apparently some prucess intervenes at lavge
strains (high stresses) and prevents a steady state balancc. As mentioned

above the reasons could be geometric (deformation mode and texture development)



or microstructu.al (different deformation wechanisms such as twinning,
deformation or sL banding). A clear answer does not exist at present
because no systema : studies have been conducted combining measurement

of hardening, textur evolution and substructural evolution with amalytical
predictions.

DEFORMATION MODE
Torsion vs Axisymmetric Deformation Experiments

Stress-strain curves from torsion tests are compared to those obtained
from axisymmetric tests (tension, compyressiou, and wire drawing + tension)
in Figs 3 to 6 for a variety of metals and alloys. These represent three
fcc materials with widely different stacking fault energies and one bcc
material.

Unfortunately, in most cases torsion and axisymmetric tests were not
conducted on the same material (composition, texture, grain size, etc.).
Nevertheless, the results indicate that on the basis of a von Mises effective
stress-strain criterion the flow curve is lower for torsion and that saturation
occurs at lower stress levels in torsion. The differences in flow stress levels
between torsion and axisymmetric defo.mation are quite similar for the fcc
materials. The effect is most dramatic for bcc iron. In most of the compari-
sons torsion was conducted on solid bars and some uncertainty in stress levels

exi1st. However, the trends are quite clear.
Comparison of Other Deformation Modes

A caretul and systematic study of the effect of stress state on hardening
was conducted by the nuthors.zo Thin-walled tubes of 70-30 brass were loaded iu
combined axial loading-internisl pressure or torsion. The results were
limited to moderate strain levels because of plastic instability. Stre:s-
strain curves for a number of different stress statey are shown in Fig. 7.

The plane strain stresy states (axial, £, = 0; hoop, €, = 0,and torsion) all

e
exhibit similar hardening, less than that in uninxicl tension. The flow curve
in hoop tension is the lowest. We believe this is 4 vesult of initial preferred

orientation. The hardening rate for balanced blaxial tension is slightly lower



than uniaxial tension. However, continuation of the flow curve to larger strains
is necessary for a definitive answer. The lower hardening rate in plane strain
agrees with earlier experiments of a more indirect nature by Ghosh21 and
Wagoner.22 Unfortunately, little large strain data exists. The available
literature data shown in Fig. 8 in conjunction with our data presented in
Fig. 5 demonstrate that herdening for plane-strain deformation is less than
for axisymmetric deformation.

Razavi and Langford27 compared axisymmetric wire drawing deformation
to plane strain (strip drawing). Their results shown in Fig. 9 are similar
to the brass results. At large strains the flow curve for strip drawing
levels off whereas that for wire drawing continues co increase. The flow
curve for torsion from Young and Sherby17 is similar to that for strip drawing,
albeit at lower stress levels. Similar results have baen oltained on low-
carbon steel. Figure 10 compares wire drawing + tension and torsion om
1007 steel. The results of Ford28 on plane strain compressior for 1008 steel
are superimposed. Again, torsion and plane strain hardening levels off

whereas axisymme .ric hardening continues at large strains.
Changes in Deformation Mode

Most of the indirect large strain tests fall into this catejrry. During
prestraining large strains are applied in a deformation mode resistant. to
plastic instability. The prestrain operation is then followed by a simple
streas state test (typically uniaxial tension) to determine the flow curve.
A composite strcss-strain curve for 1100 aluminum determined by rolling +
tension is shown in Fig. ll1. The resulting stress-strain curve can be
represented as an eftfective flow curve by converting the rolling prestrain
to a von Mises effective gtrain. The validity of such a curve depends,
of course, on the independence of hardening from deformation mode, which
has been demonstrated not to be the cuse. Hence, flow curves such as the
one in Fig. 1l must be recognized as b.:ing complicated composites of two
defurmation modes.

[n some cuses the prestrain and final deformation are carried out in
similar stress stutes. For inatance, in wire drawing + tension both stress

states are axisymmetric. For-lzB compared the flow curves of low-carbon steel



determined by plane strain compression to rolling + plane strain com-

pression (Fig. 12). Here the stress states are very similar. Yet the rolling
+ plane straiu compression curve is different. Ford explained this difference
on the basis of redundant work, explaining that the curvature of the rolls
causes some redundant shearing (not contributing to thicknass reduction)

and extra hardening. Figure 13 shows a most dramatic effect of changing
deformation mode. Sundberg et al.zg found that rolling + tension in brass pro-
duced a rapidly rising flow curve, whereas rolling + plane strain compression
showed immediate saturation. Unfortunately, he attached no scale to his plot;
but the results are still most interesting. He noted that the plahe strain
compression tests exhibited immediate shear band formation.

Our experimental results for 70-30 brass comparing axisymmetric de-
formation and torsion are shown in Fig. 5. We also conducted a series of
experiments prestraining in torsion followed by uniaxial tension. All
specimens were thin-walled tubes. Test sections were 25.4 mn long, 12.14 m
in diameter with a 0.589 mm wall thickness. Specimens were carefully machined,
annealed and electropolished before twisting. After twisting, they were
unloaded, re-electropolished and strain gaged for tensicn teiting. The re-
sulting tensile curves are shown in Fig. 14 superimposed upon the previous
torsion and compression cirves. The two curves at smaller prestraiias showed
little uniform elongation, most of the deformation occurred in a localized
neck. Hence, these flow curves are very questioaable. The two zurves for
large prestrains definitely shov that significant plastic flow in tension
following a torsional prestrain takes much higher stresses than for torsion.

In fact, the flow curves are very clos~ to that observed for ccmpression at
the same von Mises strain level.

For 1100 aluminum we foll~w:-d torsion with unaxial compceseion. Torgioral
prestrain was conducted on a solid round bar. The bar was then drilled out
and bored to provide a thin-walled vube, 5.1 mm long, 4.8 w1 in diameter with
a 0.78 mm wall thickness. The thin-walled tube was then tested in compression.
The resulting stresa-strain curve for a von Mises prestrain of 3.9 is shown in
Fig. 15. Again, the tlow curve for axisymmetric flow (this time in compression)
was much higher than that for torsion. The specimen buckled at a stress very
close to that observed for stFaight compression at the same von Mises strain

level .



Another most interesting experiment with changing deformation mode was
conducted by Armstrong, Hockett and Sherby.15 They compared monotonic,
uniaxial compression (with interruptions for remachining) to sequential,
multidirectional compression of 1100 aluminum. The multidirectional com-
pression was conducted on a cube Ly compressing sequentially (by identical
strain incremerts of 7.5 per cent) across the x y, and z faces of the cube.
The flow stress was measured and plotted as a functioo of cumulative plastic
straia. This composite flow curve is compared to the monotonic curve in
Fig. 16. Initial hardening behavior is identical, dut the multidirectional
curve soon cdeviates and saturates at low streas levels. This behavior is
similar to saturation obeerved in temsion-compression fatigue where there is
complete stress reversa1.30 Figure 16 also shows that when the loading is
changed from monmotonic to multidirectional or vice versa, the flow curves
tend towards the current rinde of loading. The transition from one type of
hardening to the other is very giradual.

The cesults shown in this section demonstrate that significant changes
in hardening occur with changes in deformation mode. This has important
consequences in many practical applications. Some of the microstructural

causes of the hardening effects will be discussed below.

CRYSTALLOGRAPHIC ANALYSIS AND TEXTURE EFFECTS

Analysis and Predictions

The most obvious effect of deformation geometry on hardening is the
development of crystallographic texture. Because of the crystallographic
nature of slip aud the general validity of Schmid's law, one expects that
at large deformations differences in hardening may ::ise frowm purely geometric
considerations; that is, the mean inclination of the active slip planes and
directions will change differently for different deformation modes. The
quantitative predictior of this geometric effect has been the goal of many
theo-etical studies dating back to Sachs>! In 1924 and Taylor>2 ia 1938.
Several excellent recant reviews have been written on this topic.26'33”34
Jonas et a1.35 have recently examined the crystallogrezphic considerations

necessary for comparing hardening for different deformatiou modes. They

correctly point out that even at small straina (before significant textur~



development) crystallographic predictions of yield and flow differ from the
macroscopic von Mises condition. For a randomly oriented fcc polycrystal ome
can relate the macroscopic stress (0) to the critically resolved shear stress
for slip (tc) and the macroscopic strain (g) to the accumulated shear strain on

all activated slip systems (yc) through the average Taylor factor M. Specif-
ically,

o=Hrt : (1)

de = Zdy /M (2)
Y -

€ =_f idy /M. (3)
o

The Taylor factor varies with deformation mode. Bishop and Hill36 showed that
for tension Et is 3.06 and for torsion ﬁt is 1.65.

One can now define a crystallographic effective stress and strain
criterion if one assumes that microscopicaliy the strain hardeniag law does
not depend on deformat.ion mode. A specific comparison of torsion and

tension yields:35

In corsion T = tn.&t _ (4)

dy

dyc/Ht (5)
Effective stress-strain definition gives

o= ﬁt"c = (M. /M)t (6)

dc = dy /M, = (M /8 )-dy (7)

For the Bishop and Hill values of ﬁt and ﬁt these relations become
0 =1.85 Tt and de = dy/1.85. This compares with the von Mises criterion
or &vm = 1.732 t and dEvm = dy/1.732. Therefore, the crystall  ,raphic yield
and flow criterion predicts stress levels ~ 7 per ceat higher than the von
Mises criterion as long aas th; Taylor factor rerains constant. It should also
be noted here that the Tavlor~type aualysis represents an upper bound crystal-

loyraphic sclution because it assumes that each grain r.ndergoes identical

7



deformation. Lower bound solutions based on Sachs' assumption of equal
stress on each grain also exist. Most experimental results favor the Taylor
hypothesis, especially where the deformation is constrained.

At strains greater than ~0.3, crystallographic taxturec develop and do
so differently for different de ormation modes. Hence, the Taylor factors
evolve differently. Predictions of Taylor factors for different deformation
modes have been made by numerous authors. Most notable are the efforts of

Chin and colleaguesa4’37’38 26,39

and Gil Sevillano, Van Houtte and ..ernoudt.
Most of the predictions use the Bishop and Hill formalism and the resulting
evolution of Taylor factors with deformation (taken from Reference 26) is shown
in Fig. 17. For axisymmetric deformation the Taylor factor increases sub-
stantially; more so for tension than for compression. For torsion the Taylor
factor decreases. One can again develop a crystallographic effective flow
criterion by using these Taylor factors in eqs. (6) and (7). Equation (7) now
must be integrated because the ratio (ﬁt/ﬁt) is no longe~ constant.

All of the crystallographic analyses mentioned above assume random
initial orientations and do not take account of changing grain shapes during
deformation. The effect of changing grain shapes on crystallographic slip
has recently been ezamined by Kocks and cowotkers.ao-az They have found that in
some deformation modes elongated grain shapes can relax some of the constraints
on slip and decrease the number of necessary slip systems. Canova, Kocks, and
Jonas"2 conducted a complete crystallographic analysis of torsion and predict
the evolution of ﬁt' Their results are cited in abbreviated form by Jonas

et al.35 The major difference hetween their method (called method of relaxed

constraints) and that of Gil Sevillano et 31.26’39 (Bishop and Hill type shown
in Fig. 17) is that Canova et al. predict ﬁt to rise after strains in excess
~f € = 2. For instance, at an effective strain of ~ 4 they predict Ht =1.68
compared to ~ 1.5 for Gil Sevillano et al. Similar calculations for axi-
symmetric deformation are not yet available.

All of the above predictions are made for high stacking fault energy
(SFE) fcc metals; copper and higher. For low SFE metals and alloys deformation
by twinning becomes a complicating factor. Chin et al.t'3 and van Houtte.44
have developed calculational methods to incorporate twinning into the prediction
of Taylor factors. These methods are reviewed in Reference 26 and will not be

discussed here.



Texture Experiments

A very large body of literature exists on texture measurements of meta s

and alloys. Those measurements relevant to current discussions have been
26

reviewed by Gil Sevillanmo et al. In high SFE metals (copper, nickel, aluminum)

and for axisymmetric extension it is generally frund that a stiong <111> fiber
texture plus a weaker <100> texture develops. In compression, grain rotation
is in the opposite direction resulting in a strong <110> texture. These
textures are generally consistent with the Bishop and Hill predictions and
the changes in Tavlor factor shown in Fig. 17.

Iz low SFE metals and alloys rhe emergence of twinning as a deformation
mode has the effect of increasing the <100> component of the axisymmetric

extension texture. A low SFE introduces additional complications of changes

in latent hardening and deformation faulting (see Chin et al.43 and van Houtte44

Experimentally for 70-30 brass the <100> fiber texture becom=2s much stronger
than the <111> fiber component.45 ln compression lc¢ ~r SFE results in a
relatively weak <111> component in addition to the strung <110> texture. This
compares to high SFE metals which develop a <100> secorndary component.

Gil Sevillan. et al 3 used a Bishop and Hill analysis to predict shear
textures. For high SFE metals they predict an S1 copper-type of two partial
fiber textures; (uvw) [110] and (111) [hkl]. For low SFE metals the S3 brass
type is similar but with different density distributions. Shear experiments

46,47,48 47,48,49
on copper

and aluwminum generally confirm the partial fiber
textures. Regenet and Stiiwe68 also found that a (100) [0ll] is actually the
strongest component. This is predicted by tne method of relaxed constraiats
but not by the Bishop and Hill me:hod. For 70-30 brass Backofen and Hundyso
approximated the shear texture by three ideal orientations, (111) [112],

(112) [111), and (110) [001]. William547 found vimilar results except for some

of the symmetry assumed by Backofen and Hundy.

Texture Correction to Flow Curves

The torsion flow curves for copper (Fig. 3) are converted to crystal-
lographic =ffective stress-strain curves in Fig. 18. The original shear
stress-shear strain curves were converted to the crystallographic effactive

stress and strain by using eqs. (6) and (7) and the average Taylor factors

).



as a function of strain shown in Fig. 17. Figures 18a and 18b also show the
crystallographic correction for torsion using the method of relaxed con-
straints.az It is quite clear that the crystallographic criteriom jields

berter agreement than the vun Mises critevrion at small to moderate strains,

but overcorrects at large strains. The method of relaxed comstraints gives
Cetter agreement at large strains, but the shap: of the flow curve is
inconsistent with experiment. Similar corrections are made for aluminum and
brass in Figs. 19 and 20. The correctinn fcr brass is oniy approximate because
we used the Taylor factors of Fig. 17 which were developed fur high SFE metals.
These comparisons show that the texture corrections are of the right magnitude.
Unfortunately, they are not conclusive because in most experiments tension tests
(or other axisymmetric deformation modes) were not conducted on the sawe material
(composition, texture, grain size, etc.) as torsion tests. Also data reduction
in torsion is often questionable. The problems associated with torsion of solid
bars are discussed in detail by Canova et al.51 An additiona). complication is
that most of the materials tested possessed 2n initial texture and were not
randomly oriented polycrystals as assumed in the Taylor amalysis.

The influence of jnitial texture is demonctrated iz Fig. 7 where the
axial and hnop temsion flow curves differ substantially. The curves are in
qualitative agreement with the initial textures.zo The plane strain and
torsion curves are in general agreement with evolving Taylor factors. The
balanced biaxial tension curve also agrees qualitatively. The lower
hardening rate at larger strains is consistent with the expected change in
Taylor factors (Fig. 17) because balanced biaxial tension should be equivalent
to throngh-thickness compression.

Figure 6 shows the flow curve comparison for becr iron. Texture predictions
for {110} <111> slip in bcc metals is similar to fcc metals, cxcept axisymmetric
tension in bcc metals is equivalent to compression in fcc metals. Therxcfore,
the predominant texture for wire drawings in irom is {110} <100>. The shear
vexture in Armco iron has been reported by Backofen and Hundy50 to be principally
(112) [110] and (110) [112]. Both of these orientations place a [111] slip
direction along che transverse direction of maximum shear. The evolution of
Taylor factors is not aa well developed for bcc metals. However, several
27,52,53

authors explain the bcec results in Figs. 6 and 9 by texturs development,

52,53

G' 1l Sevillanc and Aernoudt claim that most deformation medes lead to harden-

ing and that torsion represents the unusual case. They maintain that the torsion

1C



texture paimits the slip distance to remain unchanged at moderate strains

and actually increase at large strains because of dymamic recuvery. Razavi aad
Langford27 relate the continued hardening durinz wire drawing to redundant strain
(curling of grains) necessary to maintain grain compatibility. Ia strip draw-
ing and torsion, deformation may he accommodated by cooper:ztive rearrangements

such as shear bonding, leading to a lower hardening rate. Young et al.lg’54

and Weertman and Hecker55 have propoased explanations based on substructure as

explaine . below.

The path change experiments (Figs. 13 to 16) provide another comparison
for texture-based hardening predictions. We have determined a piartial pole
figure for the brass tube in Fig. 14 prestrained in torsion by y = 2.4 (evH =
1.39). Figure 21 shuws the partial (111) pole figure on the brass tube
along with the resuits of Backofen and Hundy on brass rod for y = 3.2. These
pole figures show that the shear deformation aligns {111} planes in (or close
to) the axial direction. The Taylor fartor for an ideal {111} orientationm is
t'.e highest possible and, hence, one would expect the stress required for
plastic flow in axial tension following torsion to be high. Qualitatively this
is what is observed at large prestrains. As mentioned below the tensile data
subsequent to smaller torsional prestrains is questiounable. Williamsa7 showed
that the torsion textures are well developed at strains >0.5. Therefore, we
would expect a "stiff" response following all torsional prestrains >0.5. It
is atsn of interest o note that Williams found that the same torsional textures
developed irrespective of originmal texture. The manifestation of this on flow
behavior has not been investigated.

Compression following torsion in 1100 aluminum is slown in Fig. 15.
Witze149 found that the end texture in torsion for aluminum could be described
completely by two ideal orientatioms (112) (110] and (112) [1i0]. Such a
texture again makes the gxial direction "stiff" and one should expert the
flew stress in compression to be greater than thct for contiunued tonsion.

We have yet to determine the textures developed in our specinens.

The results of Sundberg et 31.29

(rig. 13) are very sketchy. For the
rclling texture determined by Hu et 31.56 we vould not expect su-h a dramatic
difference in rasponse for tension compared to plane strain compression
folloving rolling. Jt is quite likely that deformation mechanisms such as
twinning and shear banding may control flow and, hence, not agree with a

Taylor-type anaiysis.
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Let us now consider the roliing + tension results on 1100 aluminum
shown in Fig. 11. Tensile specimens in the rolling and transverse directions
were tested following various rolling prestrains. A plot of the ultimite
tensile strengths as a function of rolling prestrain is shown in Fig. 22.

The transverse and rolling direction results are nearly identical, with the
trangverse specimens being slightly stronger. A look at rolling textures

(Fig. 23 for two reductions on our material by 0'Routke57 and Fig. 24 for the
literature result from Hu et a1.56) indicates the ctransverse direction should
be stronger. However, the pole figures suggest that the 45° direction should
be much weaker than either. We have recently repeated the experiments of

Fig. 22 with a different lot of material and tested specimens in &ll three
directions for prestrains of 1.2 to 4.0. In all cases the response was essen-
tially identical, with the 45° specimens never being more than 2 percent weaker
than the transverse specimens. )

No texture determinations weve performed ou the aluminum specimens
deformed nnidirectionally and multidirectiunally in Fig. l6 We ~xpect the
unidirectionzl specimens to develop the standard [110] fiber texture with a
weaker spread from [11C] to [311]). It is not clear what kind of (if any)
texture the multidirectional loading will develop. The substructural
investigations conducted for these experiments will be discussed below.

The comparisons of texture predictions and experiments presented in this
seCLion'show that texture can predict many of the observed macroscopic
hardening responses at large strains in a qualitative manner. However, we
are far from a complete quantitative understanding ~t texture effects on
hardening. Much more etfort is required to conduct grod systematic ex-
periments for different deformation modes where textures are measured as
a function of deformation and represented quantitatively by crystallite
nrientation distribution Eunctionu.58-61 At the same time more detailed pre-
Cictions (of the type of Canovn, Kocks, and Jonnsaz) of texture evolution and

its effect on the flow curve are needed for a variety of deformation modes.
MICROSTRUCTURAL AND SUBSTRUCTURAL EFFECTS
We expect that i1, a complate description of strain hardening texture

is only one of sevecal important factora. Other microstructural and

substructural featurns often play an important role. These may include

12



solute atoms, precipitates, second phases or particles, twins, and dislocation
structures such as cells, subgrains or microbands. The relationship

between the flow c<tress and these microstructural features has been studied
=Xtensively at small strains. At large strains there have been few systematic
studies. The recent literature is reviewed by GVA.26 In this section we will

cor.centrate on the effects of solutes and dislocation substructures in fc~
metals and alloys.

Effect of Purity (Solutes) on Hardening

A careful review of the large str in literature shows the important
effect of purity or solute hatdening.L Figure 25 shows a coliection of
flow curves for aluminum with different purities and dilute alluying
additions. The results clearly show that higi-purity aluminum tends to
saturate at low stress levels (mote that the torsion curve of Luthy et a1.65
is for -20°C). Low-purity or alloyed aluminum exhibits continued hardening
to large strains. The results for copper shown in Fig. 26 are s:imilar.

Most of the literature data for fcc metals support the observation that

high purity leads to saturation regardless of deformation mode. Further-
more, the effect of small amounts of solutes on the flow stress and hardening
rare is substantial as shown in Figs. 25 and 26. The flow curves for a number
of fcc metalr of commercial purity in Fig. 27 show that continued hardening

at lurge strains is very common. Little data are available for purity effects
in aliovs. We expect these effects to be less dramatic and overshadowed by
the solute effects From the intentional alloying elements.

Solutes affect hardening at larue strains principally by retarding
dynamic recovery processes, thereby offsetting the halance between dislocation
generation and annipnilation required for steady state and saturation. A
quantitative lescription of the solute-dislocation interactions at large
strrains has not been developed. In a qualitative sense it is easily recognized
that solutes will hinder th~ cross slip or ciimb processes required for
dynamic recovery. The magnitude of the large solute effects at large strains

3
had not been previously recognized. Kocks7' presents some new aspects of solute

haydening in this volume.
The effects of solutes on texture development have not been sorted out

in detaii. However, there are a nuroer uf references in the literature 3such

13
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as that of Backofen which indicate that small solute differences ha%; little
effect on texture development. On the other hand, Ridha and Hur.chin.d'?n72
showed that significant textural effects upon annealing can be caused ‘y small
changes in chemistry.

Alloying to form precipitates, dispersed particles, or large inclus;nn
particles can have dramatic effects on the flow curve. These range from

flow softening in some Al-Cu alloys73 to a fiber reinforcing effect in high\
74 !

\
!

Evolution of Substructure E

sulfur steels.

At small strains the evolution of Jislozation substructurec depends on
crystal structure and SFE in addition to the imposed parameters of tem-
perature and strain rate. At low homologous temperatures (T/Tm < 0.4) fcc
metals with a high SFE and bcc metals form well developed dislocation cell
structures, whereas fcc metals and alloys with a low SFE tend to form planar
dislocation arrangements that typically lead to higher strain hardening
rates. A complete description of how substructure evolves at large strain:
is not yet available. Only in recent years have investigators performed
multi-surface transmission electron microscopy. This is particularly
important and difficult for the case of rolling and other deformation
modes where one Specimen dimension becomes very small at large strains.

The most complete studies of deformation substructure have been carried out
on pearlitic stcels75_78 and copper and it ulloys.66'69'79-83' Many of these
results are reviewed by GVA.26 Fewer studies have been conducted on high SFE
metals. We will use our work on commercial purity aluminum and nickel to
illustrate some of the important substructural developments.

Our experiments on 1100 aluminum involved prestraining by rolling at
room temperature (T/Tm = 0.32) and subsequently testing in tension. (Rolled
sheets were immersed in cold tap water immediately after rolling to keep the
temperature rise to a minimum.) The flow curves shown in Figs. 3 and 25 show
cont {uued hardening. Specimens for transmission electron micrescopy (TEM) were
prepared from rolled sheet of many different prestrain levels. Most of the TEM
observations to date were made through the sheet surface. Fig e 28 shows a

series of TEM micrographs at different strain levels. Un  tunately, to date we
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have examined specimens from only two prestrain levels in the other two direc-
tions (edge-on in the rolling divection and edge-on in the transverse direction).
The thinning techniques for such specimens have been iescribed by Rohr and
Hecker.84

We will use the through-surface observations first to explain the
general substructural evolution. Figure 28a shows that by a strain of 0.1l
a definite dislocation cell network has developed. With increasing defor-
mation this cell network decreases in size and the cell boundaries sharpen up.
By a strain level of 0.28 we find distinct evidence of dynamic recovery (Fig.
28b). Many of the cell boundaries have recovered into higher misorientation
subgrair boundaries that exhibit a distinct boundary contrast instead of the
dislocation character of cell walls. With continued deformation we find
that more and more of the structure takes on a recovered appearance. However,
new cells appear to be created within the newly recovered subgrains. Both
cells and subgrains continue to become smaller up to strain levels of ~ 2.
Beyond this strain level, we find little change in the dimensions of through
surface c=lls and subgrains. 1he substructural dimensions were measured
statistically (many hundreds per strain level) and are shown in Fig. 29.

At very large strains the substructure was predominantly of subgrain character.
We also measured the average misorientation of cells and subgrains in the TEM
field of view (~ 2 pgm diameter) and found that the misorientation increased
continuously with strain, averaging ~ 10 degrees at a strain of 6.

As expected, the through-surface ohservations are only of limited value
because theay do not reflect the most important structural features. TEM
micrographs of the two edge-on observations are shown in Fig. 30 and 31l.

At a strain of 1.0 we tound a cell/subgrain structure of elongated ribbon

shape with distinct evidence of microscopic shear bands (which we will call
microbands). Microbands were limited to single grains and were observed only
occasionally. The structure at a strain of 2.3 is well developed into a ribbon-
like subgrain and cell structure as shown in the bright field/dark field
micrographs of Fig. 31. We found no evidence of microbands at this strain
level. The substructural dimensions are shown in Fig. 29 ilon: with those

taken from the through-surface observatiors. We also show an extrapolation of
cell and subgrain sizes to Zero strain and draw a line that represents the
imposed geometrical shape change. The experimental results indicate that at

small strains both cells and subgraini are reduced in size more rapidly than the
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imposed shape change. This demonstrates that new cells and subgrains are being
formed continuously. At large strains we have no edge-on measurements.

Similar results were obtained previously by Schuh and von Heimendahl85
on higher purity aluminum (99.98% Al). Again no edge-on measurements are
available beyond a strain level of 1.2. However, their in-plane substructure
dimensions appeared to saturate at d1 2 1.1 ym and dt = 0.7 pm (sea Ref. 26).
They did not try to distinguish between cells and subgrains, and hence a direct
corparison to our data is not conclusive.

The ease and extent of dynamic recovery in aluminum was somewhat sur-
prising. Therefore, we conducted similar experiments on commercially-pure
nickel (Nickel 200) at room temperature.7o Tbkis represents a much lower
homologous temperature (0.16 for Ni and 0.32 for Al) while 2%il11 working with
a high SFE metal. The flow curve resulting from R+T expeciments is shown in
Fig. 27. Transmission microscopy ovbservations were reported by Zimmer et
a1.70 The general evolution of substructure is similar to that found for
aluminum. However, the dislocation cell structures dominate to much larger
strains. Dynamic recovery does occur with subgrains being quite distinct
at a strain of 1.6. We also found evidence of miciobr. a a. izrirm_iiate
strain levels (~ 1.6) and no microbands at very large strains. The results
of Zimmer et al.70 are shown in Fig. 32 along with one large strain edge-
on measurement made since r_hen.86 The TEM micrographs for this s.ra“n ievel
are shown in Fig. 33. The evidence for substantial dynamic recovery and
subgrains is clear.

In nickel the substructural dimenrions ccntinue to decrease with strain.
We also find a continued increase in flow stress (Fig. 27). We are still
puzzled by the rapid increase in hardening at strains * 4. In our previous
analysis70 we suspected the possible influence of grain size at large strains
proposed by GVA.26 Their ideas are represented in Fig. 34. Tihey observed
tihat the decrease in grain size dictated by the geometric shape change is
more rapid than the decrease in substructural dimensiouns cbserved in the
literature. Hence, at large strains it is possible that grain boundarier
may again play an important role in hardening. The mont recent results
on nickel (Fig. 32) are not consistent with the hardening transition at

a strain of 4. One must now question the generally accepted observation

of a saturation in substructural dimensions at larye strains. To our
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knowledge, the nickel results in Fig. 32 represent the largest strains at
which edge-on measurements were made and they do not show saturation.
The substructure of heavily cold rolled and lcw SFE copper alloys has

66,69,79-83 Hatherly and Halin82 found that microbaads

been 3studied extensively.
fcrm at strains as low as 0.2 in copper. Microbands are long thin sheet-like
features that form on {111} planes amidst a well developed cell structure

(see Fig. 35). With continued deformation they cluster together and become
parallel to che rolling plane. Shear bands develop at larger strains and
dynamic recrystallization has been observed at vevry large strnins.66 In lower
SFE copper alloys stacking faults and fine twins develop at low strain levels.
In 70~30 brass twins cluster together to form banded regions, but by a

strain of 0.4 most grains are uniformly twinned and shear bands begin to
develop.82 The first shear bands develop in the grairs that are most profusely
twioned. Macroscopic shear bands that cut across the full sheet thickness

and are ~ 35° to the rolling plane eventually develop. The exact role of
microbands, twins, and shear bands in accommodating the imposed shape change
and in controlling the flow stress has not yet been determined. From our work
on aluminum and nickel and the work rf [{Hatherly, Malin and coworkersso-aa

we have drawn up a summary of microstructural observations in Table III.
Relationship Between Substructure and Flow Stress

The relationship between substructural features and flow stress is not
well understood. A Hall-Petch type of relation (0 = oo + kd-m where oo is
a friction stress and k a strength vonstant) is generally acknowlcdged.87-89
There is still much controversy over the expcnent m. It appears that m = |
is well accepted where d represents dislocation cells. However, for re-
covered subgrains a value of m = 1/2 is ofteu Eound.83 For the case of cold
worked aluminum both cells and subgrains are present. A detailed correlation
between flow stress and the substructural features shown in Fig. 29 is no* yet
possible because insufficient through-thickncis measurements exist. However,
preliminary attempts indicate that at large strains the misorientation acrossn
subgrain boundaries needs to be incorporated. Armstrong et nl.ls also found
that they were able to correlate flow stresses in unidirectional vs multi-
dicectional compression by separately including the density of dislncation

tangles, cell size, and subgrain size multiplied by the square root of the

17



misorientation. The complex behavior of nickel (Fiy. 27) has not yet been
explained.

The even more complicated bshavior resulting from changes in deformation
mode has not been studied extemsively by electron microscopy. Detailed
investigations such as thosec performed in fatigue studiesso'go are in order,.
Weertman acd Hecker55 have recently proposed a pnssible explanation for the
difference in strain hardening at very large plastic strains for torsion
compared to axisymmetric deformation. It is shown that in torsion deformation
is accommodated principally by dislocation of the same Burgers vector (of
opposite sign) whereas axisymmetric deformastion requires dislocations from
several different slip systema. In torsion this results from the evolution
of a texture that has the predominant slip planes sharing the same slip
direction (tangential to the specimen surface). Because the dislocations
tend to clump intu cell walls the torsion case leads to easier annihijation
and hence on earlier approach to steady state (saturation). This behavior
is particularly dramatic for iron (Fig. 6), but also appears to tols for most
fcc metis's and alloys.

We are convinced that a true correlation of flow stress with micro-
structural features will need to include both texture aad substruct.re.

Ac mentioued above more systematic experiments are required to sort out

the texture hardening contribution. The modeling of texture evolution by

the method of relaxed constraints (Canova, Kocks, and Jonas“z) holds grént
promise. However, careful experiments are rvoquired in which textures are
moasured as a function of deformation, converted to crystallite orientation
distribution functions, and related to flow stress through a Taylor-type
analysis. To assess the proper role of substructure more through-thickness
meassurement: of substructural dimensions are required. Also one muat examine
the objertions raised by Truckner and Hikk01567 about TEM measurements and

evaluate the benefits of their X-ray line bcoadening messurements.
Some Properties of Heavily Cold Worked Metals

Residual Elongation after Rolling

In our work on commercially pure aluminum and nickel we found that

the flow stress as determined by subsequent tensile tasts increased with
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increasing prestrain. One would expect the residual elongation in tension
following rolling to decrease with increasing prestrain. 7The rolling

experiments were conducted to provide specimens of identical thickness affer
different amounts of prestvain to avoid potential complications from thickaess
effects. This was accomplished by first reducing the original aluminum bar

to different starting thicknesses, annealing at 343°C for cne hour, followed by
rolling to final thickness. (The starting griin sizes of all specimens preparead
this vay were similar). For the case of aluminum we produced specimens of two
different final thickiacsses, 0.127 mm and 0.635 mm. The results for alwsinum and
nickel are shown in Fig. 26 and 37.

As expected both uniform and total elongations drop rzpidly with increasiﬁg
prestrain. In aluminum, the total elongation increases for both thicknesses at
large strains. The uniform elongation definitely increases for the 0.127 mm
sheet but appears constant for the 0 635 mm sheet. However, the prestrain levels
for the thicxer sheets were lower. In nickel, both uniform and total elon-
gations decrease rapidly, remain comstant, and then increase at strain levels
> 4. This is most intriguing since the flow stress also increases dramatically
at these strain levels (Fig. 27). In fact the combinations of strength
levels and total elongation for the very large prestrai.s (250 MPa and 4%
for aluminum, and 1400 MPa and 5% for nickel) are remarkable.

The rapid decrease in tensile elongation after rolling is easily under-
stood by referring to Figz. 38. It is well known that tensile instability
will occur when do/de = g. Figure 38 shows the curve for ¢ ana 6 = (do/de)
1s a function of strain. They cross at the point where tensile instability
is observed in an annealed specimen (e ~ 0.25). As shown, the f(low stress can
be increaded much beyond 'he tensile ultimate strength by rolling prestrain.
However, the intrinsic hardening rute (do/de) decizases. For the grestrain
of 2.3 (90 percent rolling reduction) chosen in Fig. 38 we demonstrate how
the flow stress has been increased much atove the level that could be supported
by the intrinsic hardening rate. Hence, a tensile specimen should go unstable
immediately upon yielding and little tensile elongation is to ve expected.

The actual tensile loading response is shown in Fig. 39. The prestrained
tensile specimen dces not exhibit completely elastic loading followed by an
abrupt plastic transition to the mastev flow curve. Instead, cthe flow curve
is somewhat ronnded as siown in Fig. 39. This more gradual yielding results

from a generalized Bauschinger effect (tension following rolling) and from
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any dynamic recovery during the rolling process. As a result, the hardening
rate 0 is ipitially increased enormously and permits some uniform plastic flow
befove instability. However, as chown by ths curve 8, (i1cr tamsion) inm Fig. 39,
the hardening rate decreases very rapidly towards BR Zfor the master flow curve
in rolling) and very little stable flow nczurs. We prcpose that the increase
in elongation at very larg: prestrains results primarily from t..» more complete
dynamic recovery at large strain:.. Dynamic recovery allvws the tensile flow
curve to bend over gradually increasing 6t aud the tensile uniform elongation.
An additional factor jucreasing the total elongution v be an increase in
strain rate seasitivity with prestrain. A f&w preliwinary tests showed that

prestrained aluminum was more rate seasitive than annealed aluminum.
Biaxial Dvctility of Cold Worked Metals

Biaxial ductility or resistance to local necking can be characterized
by failure (or forming) limit curves (FI.Cs).91 Heckergz rreviously reported the
influence of prior cold work (by rolling) on the FLCs of 1100 aluminum. The
results are siown in Fig. 40 for several prestrain levels. It is quite
apparent that prestrain lowers tbe ductiiity omich more in tension aud plane
strain (e2 = 0) than in biaxial tension. In fact, the lacal necking strains
of 32 x 32 percent for 90 percent cold rolled aluminum are remarkabla. We
can now explain this behavior based on the large-strain results discussed above.
The flow curve of Fig. 39 demonstrates unequivacally that 1100 aluminum still
possesses substantial intriasic ductility after 90 percent prestirain because of
continued work hardening to strain levels of at least seven. As explained above
the lack of tensile ductility following prestrain is strictly a problem of
deometric instability in uniaxial tension. The plane strain behsvior suffers
similarly. However, in biaxial tension of shee’ {aither hydcaulic bulging or
punch stretching) there is added geometric stability (see Ghosh and Hecker93
and Stout and Heckerga) and, hence, the material is able to take bhetter
advantage of its intrinsic hardening and exhibit much greater ductility.

The intrinsic hardening behavior at large strains is very important.
For instance, if a material exhibirs no hardening at large strains (saturation),

then very little additional ductility would be expected even for niaxial defor-

matior.. The importance of the intrinsic harde:iing curve at large strains was
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demonstrated convincingly by Bird and Duncan95 in comparing the behavior of
1008 steel, 1100 Al and 2036-T4 Al. The FLCs for these two materials as
determined by Hecker91 are shown in Fig. 41. The strain hardening rates
(n-value from 0 = ke") in uniaxial tecsion were between 0.2l and 0.26 for
all three materials. The low FLC for 2036-T4 Al was explained on the basis
of its negative strain rate sensitivity (m-value of -0.005 from O = k'em).
However, steel has a positive rate sensitivity of m = 0.012 whereas 1100
aluminum is rate insensitive and, hence, the FLC for steel should be higher.

Bird and Duncan95 showed that strain hardening at large strains provides

the answer. Figure ¢ +'s the hardening rate normalized with respect
to stress during bi. JSiongs (hydraulic bulging). At strains greater
than the level wher~ o Qé = 1 {(beyond uniform strain in temsion), the harden-

-ng rates for the three materials differ subztantially. The higher rate in
1100 Al appareatly offsets the zerc strain riute semsitivity in the failure
limit curve bebavior.

CONCLUDING REMARKS

We have shown sufficient evidence to demonstrate that strain hardening in
torsion can not be correlated with axisymmetric deformation by the von .ises
effective stress strain criterion. In fcc materials, the flow stress levels
and strain haruening rates are typically lower in torsion and saturation,

‘£ it occurs, is observed at lower stress levels. In brc iron, a low sat-
uration stress is observed for torsion, whereas Linear harde- ing is observed
for axisymmetric exvtension. Experiments also suggest that flow stress levels
and strain hardening rates arc also low for other plane strain deformation
modes when compared to axisymmetric deformation.

Much of the discrepancy in flow curves can be explained by texture. We
demonstrated that a crystallographic effective stress-strain criterion
based on evolving average Taylor factors provides the proper magnitude
correction for torsional flow curves in fcc materials. However, the details
of the hardening behavior are not fully explained. This is, in part, a
result of inadequate systematic experimental work at large strains. The
crystallographic analysis must also be extended to predict the response of
initially anisotropic materials and account for grain shape changes as was

done for torsion by Canova, Kocks, and Jonas.“z
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The simple crystallographic analysis presented here a..o does nmot fully
explain cthe hardening response following deformation path changes e2nd multi-
directional loading. Moreover, the strong effects of purity and grain size
(discussed in Ref. 8) suggest an important microstructural dependence of
hardening in addition to the texture effect. Muck remains t> be learned
about the evolution of substiuctuse and the influence of cells, subgrains,
and substructural features such as microbands, twins, shear bands on harden-
ing. Additional three-surface transmission electron microscopy at very large
deformations is needed.
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Test Tschaique

Direct Tests
Uniaxial Tension

Biaxial Teasior.
(Rydraulic Bulge)
(Tube Testizg)
Compression
Torsion
Thin-walled tubes
Round Solid Bars

Indirect Tests

Wire Drawing + Tension
Strip Drawing + Tension

Rolling + Tension

+ Plane Strain Compression

Table I,

=30~

St ain Limits

Comments

<0.5
1 tol.5

<0.8
<0.4

<0.7
ltod

0
4
7
)

Plastic Instability
Necking Correction

Plastic Instability
Plastic Instability

Barrelling
Remachining

Buckling
Very Short Tubes
Limited by Ductility

Large strain test techniques and their lim:irations.



Phenomenological Models:

Holloman (parabolic).............. o = Ke®
Ludwik .......c00000e. teiiaaeaeas c=0, + K'cn'
- a
SWift ...c.iriieiinntcenraannnas . o= Kz(c + eo) 2
Voce (.iiiiiiitiietnnecercitinnaaas g= os-(a’-oo)exp(-Nc)
Modified Voce ..........ccinunen. g = cs-(a’-ao)exp(-N'sP)
(Hockett=-Sherby)
= - g
Rocks Model ...........cicviivnenncnnns 0= 90(1 CH
_ do
where © az E, T

TABLE IT Stress-strain relations based on empiricil (phenomeno-
logical) and theoretical (Kocks) considerations. The Voce and XKocks
relations predict saturation.



Material

low Strains (<2.3)

Moderste Scrains (<2.3)

Summary of Substructural Evolutlion for Several fcc Metals and Alloys

Large Straina (>2.3)

1100 Aluminum

Dislocation tangles,
cell network by €=0.1,
dynamic recovery and
subgrains above 0.2

Cells and subgrains de-
crease in size, new ones
form, some evidence of
microbands in edge-on
section

Structure looks very recov
ered, mote subgrains than
cells, misorientarion be-
tueen subgrains continues
to increase, No edge-on
substructure JdZmensions
availabie. Only occarion-
al microband at €=2.3.

200 Miclkel

Dislocation tangles,
cell network by €~0.1.

Cells decrease in size,
definite recovery at

€>1 with discinct sub-
grain boundaries. Cells
and subgrains continue
to decrease. Structure
looks ribbon like. Some
evidence of microbands.

Continued recovery, cells
and subgrains coatinue to
decrease in size (edge—on)1
No evidence of microbnz=nds
or shear bvands.

copper™?

Dislocation tangles,
cell network by e=0.1,
microbands evident by
0.2.

Microbands along (illl},
rotate towards rolling
plane, new micraobands
form. Much of deforma-
tion appears by micro-
oand mechanisa. Macro
shear bands form at

€e>1

Shear bands assume domi-
nant role in deformation,
dynamic recovery occurs
Mutting and coworkers®®'®?
found evidence of dynanic
recrystallization at very
large (¥4) st-alns.

70-30 Brass "

- TABLE IIi.
sk’
/T, (erga/ca?)
0.32 166
n.17 128
0.22 78
) .

6.2 14

Slio by psrcials,
develop planar dislo-
cation array, followed
by microbands.

At strains of 0.5 to 1.3
tvinning is major deforma-
tion mnde observed, tuins
form and Totate to align
with rolliog plane, by
€=1.6 mast of volume {8
twinned.

Extenaive macro shear
banding, :specially in
tvinned areas, subgrains
form in shear band areaa
and again deform by slip.




Fig.
Fig.
Fig. 3
Fig.
Fig. 5
Fig. 6.
Fig.
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Comparison ¢f stress-strain curve as determined by tension, rolling

+ tension, and compression of annealed 1100 aluminum. (Compression

curve from Armstrong et al.ls).

Strain hardening rate (8) as a function of stress for the flow curves

shown in Fig. 1. Extrapolation of tensile data to a meaningful

saturation stress is not possible

Comparison of torsion to other deformation modes in annealed 1100
aluminum. Torsion wa: performed on vrod specimens using the method
of Nadai to reduce torjue-twist to stress-strain. All comparisors

are made on the basis of von Mises eaffective stress and strain.

a) Comparison of stress-strain curves for electrolytic tough-pitch
copper deformed by wire drawing + tension and torsion from Gil

Sevillano.16

b) Comparison of stress-strain curves for oxygen-free, high-con-
ductivity copper by compression (Taylor and Quinney,18 Armstrong-

unpublished) and torsion17 on solid rods

Comparisoun of stress-strain curves for 70-30 brass for uniaxial
tension, compression and torsion. Tension and torsion were carried
out on identical thin-walled tubes. Compression was carried out on

solid rod, remachined often tn aveoid barreling.

Comparison of stress-strain curves for Fe-0.]7% Ti deformed by

torsion (solid rods) and wire drawing + tension.19

Comparison of stress-strain curves for 70-30 brass thin-walled
Luhen.zo Curve /|2 represents the results for three different
gtreys; states; torsion, plane strain with no length change, and
plane strain with no diameter change. Curve /1 represents uniaxial

hoop tension.
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Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

10.

11.

12.

13.

14.

15.

6.

Comparison of stress-strair curves for 70-30 brass for different

defcrmation modes from Refs. 23 to 26.

Comparison of stress-strain curves for Fe~0.17% Ti deformed by
torsion19 (solid rod), wire drawing + tension,27 and strip draw-

ing + plane strain compression.

Comparison of stress-strain curves for low-carbon stee’; plane
strain compression on 1008 sl‘.eo‘:l,‘3 wire drawing + tension and

torsion on 1007 steel.16’26

Construction of a flow curve from rolling prestrain followed by
uniaxial temsion (R + T). The rciling thickness reduction is con-

verted to an effective von Mises strain.

Comparison of stress-strain curve: for monotonic plaue strain
compression with rolling prestrai:r followed by plane strain com-

pression (1008 steelzs).

Comparison of stress-strain curves for 7C-30 bhrass determined by
rolling + tension and rolling + plane strain compression. Curves’
are only schematic because original reference by Sundberg et a1.29

contains no units on stress or strain.

Path change experiments on 70-30 brass. COMP and TOR curves
represent continuous flow curves from Fig. 5. Additional curves
(a) througk (d) represent axial teusion on thin-walled tubes

following torsional prestrain to von Mises strains iadicated.

Path change experiment on 1100 aluminum. CMP and TOR cuives
represents continuous flow curves from Fig. 3. The additional

curve represents axial compression following prestran in torsion.
Stress-strain curves for 1100 aluminum in unidirectional vs multi-

, - 1 .
directional compression. 3 The dotted curve represents an extension

of uniaxial compression data on the basis of 4 modified Hockett-
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Sherby Voce equation.14 The dashed curves represent changes in
deformation mode from unidirectional to multidirectional and vice

ve 4.

Fig. 17. Calculations of the evolution of average Taylor factors with
strain using the Bishop and Hill formalism (Gil Sevillano

et 31.26'39). a) Tension and compression. b) Shear.

Fig. 18. a) Crystallographic effective stress-strain comparison for ETP
copper data of Gil Sevillano.'® Solid curves labelled WD + T and
TOR are von Mises flow curves from Fig. 4a. Dashed curve labelled
TOR represents the crystallographic effective stress-strain curve
using the evolving Taylor factors of Fig. 17. Circles represent
the Taylor-type correction using the method of relaxed constraints
(Canova et 31_42) for torsion. The Taylor factors were reported

by Jonas et 31.35 for this method.

b) Crystallographic effective stress-strain compairison for OFHC
copper. Torsional flow curve based on vop Mises criterion is shown
as curve ff1. Curve {4 reprrsents the same data based on the
crystallographic Taylor-type criterion based on Taylor factors of
Fig. 17. Circles again represent the predictions of the method of
relaxed constraints. Curves #2 and {3 represent the compression

curves shown in Fig. 4b.

Fig 19. Crystallographic effective stress-strain comparison for 1100 aluminum.
Curve (/1 represents the von Mises torsion curve and Curve {}J the
crystallographic torsion curve (based on the Taylor factors of Fig. 17).

Curve ff2 represents uniaxial compression for comparison.

Fig. 20. Crystallographic effective stress-strain comparison for 70-30 brass.
Curve {1 represents the von Mises torsion curve and Curve }}3 the
crystallographic torsion curve (based on the Taylor factors of

Fig. 17). Curve /2 represents uniaxial compression for comparison.
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Fig. 21. a) Partial (111) pole figures for a 70-30 brass tube prestrained
to a shear strain of 2.4 (see Fig. 14 for flow curves). Ideal
orientations are indicated as follows: Open triangle, (il2) [111],
solid triangle, (111) [112].

b) On quadrant of (11l1l) pole figure for a 70-30 brass rod twisted
to a shear strain of 3.2.50
follows: Open triangle, (111) [112], solid triamgle, (112) [111],

and double triangle (110) [001].

Ideal orientations are indicated as

Fig. 22. Ultimate tensile strength in tension subsequent to rolling prestrain.
(shown here as true thickness strain) for 1100 aluminum. Circles
represent tensile specimens oriented parallel to direction of
rolling and crosses transverse. The flow curve represents the best
fit through all of the data.

Fig. 23. 1100 aluminum rolled at room temperature io a true thickness strain
of a) 1.8 and b) 4.09. Both figures represent partial (ll1) pole
figures. Ideal orientations are designated by open triangle, (113)
[332] and closed triangle, (225) [554].

Fig. 24. (l)1) pole figure for 95 per cent rolled (true thickness strain of
3) 1100 aluminum from Hu et al.s6 Positions for (l1ll) poles for
ideal orientations are indicated by open triangle for (123) [121],
solid triangel for (110) [112], and half-filled criangle for (112)

(111]. Intensities are given in arbitrary units.

Fig. 25. Von Mises effective stress-strain curves for aluminum of different
purities and several dilute alloys.62_65 WD + T denotes wire
drawing followed by tension; R + T, rolling plus tension; and TOR,

torsion.

Fig. 26. Von Misey effective stress-strain curves for copper of different

purities.66-69 C denotes compression.
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Fig. 27.

Fig. 28.
Fig. 29.
Fig. 30.
Fig. 31.
Fig. 32.
Fig. 33.

Von Mises effectrive stress-strain curves for a number of fcc metals

of commercial purity_65.69,70

All curves are for rolling + tension.
Transmission electron micragraphs of cold-rolled 1100 aluminum
taken through the sheet surface for different strain levels.

(a) 0.11, (b) 0.28, (c) 0.71, (d) 1.49, (e) 4.07, and (f) 6.2.

TEM measurements of substructure dimensions on cold~rolled 1100
aluminum. (a) Measurements for dislocation cells and (b) subgrains

showing distinct boundary contrast. d1 represents the substructure
in the transverse direction,

€

dimension in the rolling directioum, dt
and dn in the through-thickness (normal) direction. d = di exp

represents the imposed shape change on some initial diameter,
d..

i

Edge-on TEM micrographs of 1100 aluminum cold rolled to a true
thickness strain of 1. Micron markers are in the rolling direction
for the two different magnifications shown. Note the microbands

at ~ 35° to the ribbon-shaped subgrains aligned in rolling direction.

Edge-on TEM micrographs of 1100 aluminum cold rolled to a true
thickness strain of 2.3. (a) Bright field/dark field pair edge-on

along rolling direction.

(b) Bright field/dark field pair edge-on transverse to rolling

direction.

TEM measurements of substructure dimensions on cold-rolled 200
nickel. (a) Measurements for dislocation cells and (b) subgrains.
d1 represents substructure dimension in the rolling direction,

dt in the transverse direction, and dn in the through-thickness

(normal) direction.
Bright fielu/dark Eield pair of TEM micrographs on cold-rolled 200

nickel (true thickness strain of 5.14) taken edge-on.

Rolliag direction is in the direction of the micron marke. .
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Fig. 34. The potential role of grain and substructure sizes in controlling
the flow stress. The dashed diagonal line represents the imposed
decrease in transverse grain size by the external shape changes
due to rolling. The solid curve for cells and subgrains is
schematic.

Fig. 35. TEM micrograph of 18% cold rolled copper from Malin a2nd Hatherly.82

Beam direction approximately [110]; diffraction vector (g), [1iI).

Fig. 36. Residual elongation in tension following rolling prestrain for
1100 aluminum. (a) Sheets rolled to a final thickness of 0.635 mm.
RD refers to specimen in rolling direction and TD in tramsverse
direction.
(b) Sheets rolled to a final thickness of 0.127 mm. RD and TD

results are averaged.

Fig. 37. Residual elongation in tension following rolling prestrain for
200 nickel.

Fig. 38. Stress-strain curve and hardening rate (8) for 1100 aluminum.
Dashed curve labelled T represents uniaxial tensi 1 on
annealed material. The curve at true thickness strain of 2.3

represents tension following a prestrain of 2.3.

Fig. 39. Enlargement of Fig. 38 near the prestrain level of 2.3. Subscript
R refers to rolling curve and t to subseqiaent tension. The solid
g, curve reprsseiacs the engineering stress=strain curve. True

stress-strain behavior is labelled True o.

Fig. 40. Failure limit curves of 1100 aluminum for .nnealed and cold-rolled
conditions. Failure is defined by local necking. Sheet thickness

is 0.635 mm. (Reference 92).

Fig. 41. Failure limit curves of three materials from Refs. 91 and 92.

Faflure is defined By local necking.

Fig. 42. lardening rate normalized by stress as a function of strain for

hydraulic bulge tests from Bird and Dunc:m.95
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