
LEGIBILITY NOTICE 
A major purpose of the Techni

cal Information Center is to provide 
the broadest dissemination possi
ble of information contained in 
DOE's Research and Development 
Reports to business, industry, the 
academic community, and federal, 
state and local governments. 

Although a small portion of this 
report is not reproducible, it is 
being made available to expedite 
the availability of information on the 
research discussed herein. 



& ® (S) f^oSSI-S 
ORNUFMP-87/4 

cctiF-riccyios— 
U.S. Department of Energy 

Fossil Energy 
Advanced Research and Technology Development 

and 
Morgantown Energy Technology Center 

FOSSIL ENERGY MATERIALS PROGRAM 
CONFERENCE PROCEEDINGS 

Fossi! Energy Materials Program Office 
OAK ROGE NATIONAL LABORATORY 

OPERATED BY MARTIN MARIETTA ENERGY SYSTEMS. INC 
FOR THE U.S. DEPARTMENT OF ENERGY 

TNnqinin 



Printed in the United States of America. Available from 
National Technical Information Service 

U.S. Department of Commerce 
5285 Port Royal Road, Springfield. Virginia 22161 

NTIS price codes—Printed Copy: A99 Microfiche A01 

This report was prepared as an account of work sponsored by an agency of the 
United States Government. Neither the U nited States Government nor eny agency 
thereof, nor any of their employees, makes any warranty, express or implied, or 
assumes arty legal ^ability or responsibility for the accuracy, completeness, or 
usefulness of any information, apparatus, product, or process discloned. or 
represents that its use would not infringe privately owned rights. Reference herein 
.0 any specific commercial product, process, or service by trade name, trademark, 
manufacturer, or otherwise, does not necessarily constitute or impty its 
endorsement, recommendation. r< favoring by the United States Government or 
any agency thereof. The views and opinions of authors expressed herein do not 
necessarily state or reflect those of the United States Government or any agency 
thereof 



ORNL/FMP—87/4 

DE88 002250 

FOSSIL ENERGY MATERIALS PROGRAM CONFERENCE PROCEEDINGS 

i*.»£«eH 

»"U!I5= 
s-g* 

S 8 

iillili!!1 

Compiled by R. R. Judklns 

»•£ g."52 I l"*'o Sponsored by 0. S. Department of Energy 
^ J l j | -Je •> Office of Fossil En* rev •§ ̂  •? ..- £ 8 Office of Fossil Energy 

Office of Technical Coordination » | s 2 - o | E | v 3nd Morgan town Energy Technology Center 

£ 5 |'1'£ s | g | Held at Pollard Auditorium 
8 1 " " - g I 1 I 0 a l t Rl^ge Associated Universities 
|| °-*| * g | | * Cak Ridge, Tennessee 
:iill^5;l Ma* I 9 " 2 1 « 1 9 8 7 

a 5 s | | ° 8 ^ 5 | Date Published: August 1987 
E 
£ 

Prepared by the 
OArC RIDGE NATIONAL LABORATORY 
Oak Ridge, Tennessee 37831 

operated by 
MARGIN MARIETTA ENERGY SYSTEMS, INC. 

for the 
U.S. DEPARTMENT OP ENERGY 

i. Aer Contract DE-ACO5-84OR21400 

MASTER 
*>IS7fJlB:::.-- ; - : • - . . .,. - , ^ m r p . 



iii 

TABLE OF CONTENTS 

PREFACE v 
ACKNOWLEDGEMENTS vii 
SESSION 1 - STRUCTURAL CERAMICS 1 
Processing and Properties of SiC/Nicalon Composites . . . . . 3 
Development of Advanced Fiber Reinforced Ceramics 28 
Ceramic Filter Failure Analysis 56 
laproved Ceramic Composites Through Fiber-Matrix Interaction . 74 
Effect of Flaws on the Fracture Behavior of Structural 

Ceramics . . . . . . . . . . . . . 89 
Material and System Characterization of Refractory 

Linings for Slagging Gasiflers 105 
Materials Development for Solid Oxide Oxygen Production Unit . 147 
Fiber-Reinforced Composite Hot-Gas F i l t e r s . . . . . 156 
Nondestructive Evaluation of Advanced Ceramic Composite 

Materials 168 
Advanced Materials for Solid Oxide Fuel Cel ls . . . 185 
Whisker Reinforced Structural Ceramics (Progress in the 

VLS Growth and Use of Long Sil icon Carbide Whiskers) . . . 205 
Modeling of Fibrous Preforms for CVD Inf i l t ra t ion 226 
Joining of Si l icon Carbide-Reinforced Ceramics . . . . . . . . 235 
Development of Nondestructive Evaluation Methods for 

Structural Ceramics 270 
SESSION II - CORROSION AND EROSION 293 

Corrosion of Alloys in Mixed-Gas and Combustion 
Environments 295 

Corrosion-Resistant Scales on Iron-Based Alloys 321 
Corrosion Mechanisms of Coal Combustion Products on 

Alloys and Coatings 3^3 
The Effects of Microalioy Constituents on che Formation and 

Breakdown of Protective Oxide Scales on High-Temperature 
Alloys for Ube In the Fossi l Energy Industry 3 r>6 

Investigation of the Effects of Microalioy Constitutents, 
Surface Treatment and Oxidation Conditions on the 
Development and Breakdown of Protective Oxide Scales . . 371 



iv 

The Effects of Microalloy Constituents, Surface Treatment 
and Oxidation Conditions on the Developaent and 
Breakdown of Protective Oxide Scales 384 

Mechanises of Galling and Abrasive Hear 397 
Particle Erosion in Turbulent Flow Past Tube Banks 422 
Alkali Attack of Coal Gasifier Refractory Linings 452 
Studies of Materials Erosion in Coal Conversion and 

Utilization Systeas . 467 
Study of Particle Rebound Characteristics and Material 

Erosion at High Temperatures . . . . . . . * . . . . . . 492 
A Study of Erosive Particle Rebound Parameters 517 
In-Situ Scanning Electron Microscopy Studies of the 

Erosion of Alloys 535 
SESSION III - ALLOT DEVELOPMENT AND MECHANICAL PROPERTIES . . 553 

investigation of Candidate Alloys for Advanced Steaa Cycle 
Superheaters and Reheaters , 555 

The High Teaperature Deformation and Microstructural 
Stability of Advanced Steaa Cycle Materials 578 

Developaent of Kickel-Iron Alualnides 593 
Developaent of Creep Resistant Austenltlc Stainless Steels 

for Advanced Steaa Cycle Superheater Application . . . . 619 
Developaent of a Design Methodology for High-Teaperature 

Cyclic Application of Materials Which Experience 
Cyclic Softening 647 

Protective Coatings and Claddings: Application/Evaluation . 676 
Developaent of Fe3Al-Based Alualnides 683 
Joining of Advanced Alualnides 697 
HEDL-2 — Investigation of Electro-Spark Deposited Coating 

for Projection of Materials in Sulfidlzlng Atmospheres . 715 
Investigation of the Weldablllty of Ductile Alumlnldes . . . 718 
Consolidation ox Rapidly Solidified Nickel 

Aluminide Powders 734 
APPENDIX A - CONFERENCE PROGRAM AND SESSION AGENDA 757 
APPENDIX B - LIST OF ATTENDEES 765 



V 

PREFACE 

The U. S. Department of Energy Office of Fossil Energy has 
recognized the need for materials research and development to assure 
the adequacy of materials of construction for advanced fossil energy 
systems. The principal responsibility for Identifying needed 
materials research and for establishing a program to address these 
needs resides within the Office of Technical Coordination. That 
office has established the Advanced Research and Technology 
Development (AR&TD) Fossil Energy Materials Program to fulfill that 
responsibility. In addition co the AR&TD Materials Program, which is 
designed to address in a generic way the materials needs of fossil 
energy systems, specific materials support activities are also spon-
;rtr»d by the various line organizations such as the Office of Coal 
Gasification. 

Management of the AR&TD Materials Program has been decentralized 
to DOE Oak Ridge Operations, with the Oak Ridge National Laboratory 
(ORNL) as the technical support contractor. Management of Che Surface 
Gasification Materials Program has been decentralized to the 
Morgantown Energy Technology Center. Field office management is by 
DOE-ORO with ORNL as the technical support contractor. Work on these 
two programs is conducted <t national and other government labora
tories, universities, not-fc -oroflt research centers, and industrial 
research centers. 

Formal program reviews are conducted at least annually for the 
various projects. Previously, the formal reviews have been conducted 
In closed sessions by the DOE-Headquarters, 0R0, and ORNL management 
team, and, on occasion, by ad hoc peer review panels convened by the 
DOE-Offlce of Energy Research. For several reasons, not the least of 
which were increased program exposure and transfer of developed tech
nology co the public, we decided to conduct this year's reviews In an 
open forum. 
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A conference was held at Oak Ridge, Tennessee on May 19-21, 1987, 
to present and discuss the results of program activities during the 
past year. The conference program was organized in accordance with 
the research thrust areas we have established. These research thrust 
areas Include structural ceramics (particularly fiber-reinforced cera
mic composites), corrosion and erosion, and allo> development and 
mechanical properties. Three one-day sessions devoted to these 
research thrust areas were held, and principal investigators presented 
the results of their research. Both s)lde and poster presentations 
were included in the program. This format was chosen to assure maxi
mum Interaction of the principal investigators with program managers, 
the other principal investigators, and other attendees at the 
conference. 

Eighty-six people attended the conference. Based on the 
favorable response of those in attendance, we anticipate that this 
format will be used in subsequent annual reviews. Subsequent reviews 
will be held either In Washington, D. C. (Germantovn, Maryland), or in 
Oak Ridge, Tennessee. 

These conference proceedings include papers for both the slide 
and poster presentations that were made. These papers were provided 
in camera-ready form by the authors, and they have not been subjected 
to peer reviews nor have they been edited prior to compilation (in 
some instances, editing may have been performed by the submitting 
organization). 

Appendix A to these proceedings provides the conference program 
and session agenda. Appendix B provides the names and addresses of 
conference participants and attendees. As is indicated in the fron
tispiece, copies of these proceedings are available from the National 
Technical Information Service. There are no re»trictions on distribu
tion of these proceedings. 
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PROCESSING AND PROPERTIES OF SiC/NIC^LON COMPOSITES 

R. A. Lowden, A. J. Caputo, D. P. Stinton, 
and T. M. Besmann 

Metals and Ceramics Division 

and 

M. D. Morris 

Engineering Physics and Mathematics Division 

Oak Ridge Nat ion-il Laboratory 
P. 0. Box X 

Oak Ridge, Tennessee 37831 

ABSTRACT 

A statistically designed experiment was performed to evaluate the 
effects of process variables on fiber-reinforced SiC composites fabricated 
by chemical vapor infiltration. Response surface methodology was applied 
to study the influence of temperature, pressure, reactant supply rate, and 
gas ratios on the deposition process and the properties of the produced 
material. Deposition temperature and total gas flow rates had inverse 
effects on density and strength, while the effect of pressure was sta
tistically insignificant. Low H2:CH3SiClj ratios evoked a positive 
response in all dependent variables. 

INTRODUCTION 

Fiber-reinforced ceramic composites are being developed as potential 
candidates for high-temperature structural materials. High-strength 
ceramic fibers incorporated into brittle matrices prevent catastrophic 
failure by improving fracture toughness through energy dissipation 
processes such as fiber pull-on - and crack deflection.1"1 Ceramic 
composite systems exhibiting improved strength and fracture toughness 
over monolithic ceramics have been reported,**' but many of the conven
tional ceramic manufacturing techniques used to produce them tend to 
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Mechanically, thermally, or chpsically daaage the fibers. Procedures have 
been developed to fabricate fiber-reinforced ceramic coaposites by depos
iting a aatrix within a fibrous structure using relatively low-
temperature, low-stress cheaical vapor deposition techniques,7 reducing 
fiber degradation. Teraed cheaical vapor infiltration, the technique has 
been applied to a variety of fiber-matrix combinations, which has resulted 
in material with favorable mechanical properties, but the process has been 
dependent on diffusion and thus involves long processing times.*"1' An 
improved infiltration process, reducing processing times from wesks to 
hours, has now been developed combining thermal-gradient and pressure-
gradient approaches.'T"*3 

A major portion of our early investigations involved the infiltration 
of Nicalon fibrous structures with SiC. Uniform deposition throughout 
cloth preforms was achieved utilizing the pyrolysis of aethyltrichloro-
silane (MTS or CHjSiClj) in the presence of hydrogen with a furnace tea-
perature of ~1475 K and atmospheric pressure. These conditions resulted 
in comparatively high-density composites exhibiting high strength and 
fracture toughness in completion times of less than 30 h for a 45-mm-diam 
x 12.5-nm-thick disk sample. 

The purpose of the scudy reported here was to analyze the combined 
effect of temperature, pressure, gas ratios and total gas flow on the 
thermal-gradient, pressure-gradient process as applied to the SiC/Nicalon 
system. Infiltration time, strength, and final density were selected as 
the initial response variables to be examined. The information obtained 
can be used to choose the optimum conditions required to achieve a final 
product with the highest density and strength and uniform infiltration in 
the shortest time. 

STATISTICAL DESIGN 

An experiment was statistically designed using response surface 
methods to study the effects of temperature, pressure, H2:MTS ratio, and 
total gas flow on various properties. Rasponse surface methodology 

*Nippon Carbon Company, Tokyo, Japan. 
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consists of a group of methods used in the empirical study of ihe 
relationships between one or more measured responses and a number of input 
variables.**>** The methods were used tc determine what sets of experi
mental variables are required to produce the best combination of strength, 
density, and uniform infiltration in the shortest time. The experimental 
parameters, temperature, pressure, total gas flow, and the volume ratio of 
H2:MTS, were statistically combined in a four-dimensional array utilizing 
a central composite design.2' 

A minimum of 30 experimental sets of conditions were necessary to 
provide the required data to evaluate the contributions and interactions 
of the four factors. The nominal levels of the four experimental parame
ters are summarized in Table 1. The region to be explored is defined by 
the following minima and maxima; temperatures from 1375 to 1.575 K, 
pressures from 10 to 100 kPa, total gas flows from 275 to 1100 cm3/min, 
and H2:MTS from 10 to 35. The central point was placed at a temperature 
of 1475 K, a pressure of 55 k?a, a total gas flow of 550 cm3/min and 
H2:MTS = 20:1. Four runs at the central point verified the reproduci
bility. Two points were added to assess the response of a higher-
temperature value and of a lower H2:MTS ratî ». 

EXPERIMENTAL 

PROCESSING 

The experiments were carried out in a water-jacketed furnace resis-
tively heated using a graphite element. The critical components of the 
infiltration apparatus, the water-cooled injector and the graphite holder, 
have been described previously.17" 2 i A schematic of the system is shown 
in Fig. 1. Fibrv ; ' ..r- are retained within a graphite holder that 
contacts a water-t. r ' gas distributor, thus cooling the bottom and 
side surfaces of the substrate. The top of the fibrous preform is exposed 
to the hot zone of the furnace, creating a steep temperature gradient 
across the preform. The reactant gases initially pass into the cooled 
area of the preform but do not react because of the low temperature. The 
gases continue from the cooled region of the preform into the hotter 
regions, where the MTS decomposes and SIC deposits on and around the 
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Table 1. Summary of experimental input conditions 

Experimental design 

Temperature Pressure H z :MTS ratio Total flow* 

+ + 
+ + - + 
+ + + -
- + + + 
- - - + 
- + - + 
0 0 0 0 
0 0 + 0 
0 0 -- 0 
0 + 0 0 
+ - + + 
0 0 0 0 
- - + + 
+ + + + 
+ 0 0 0 
0 0 0 0 
+ - + -
0 0 - 0 
- - + -
0 0 0 + 
+ + - -
++ 
J 

0 0 0 
1 

0 0 0 0 
0 - 0 0 
0 0 0 -

_ + _ _ 
- 0 - -
+ - - + 

Factor level Is 
Very Very 

Factor low (• -) Low <•) Median (0) High (+) high (••) 

Temperature (K) - 1375 1475 1575 1675 
Pressure (KPa) - 10 55 100 -
H2:MTS ratio 5 10 20 35 -
Total flow - 275 550 1100 -

*A11 flows in cmJ/min (STP) at 300 K and 100 KPa. 
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Fig. 1. Schematic of i n f i l t r a t i o n system. 

f ibers to form the matrix. When the top surface becomes coated and i s no 
longer permeable, the gases flow r a d i a l l y through the subs t r a t e t o the 
preform circumference and ex i t through the perforated r e t a i n i n g l i d . 

The gas/vapor flow, p r e s su re , and temperature control systems are 
automated to f a c i l i t a t e uninter rupted opera t ion and e l iminate da i ly 

"it 
cycling. Mass flow controllers were used to set and maintain gas flows 

'Type 1259A, MKS Instruments, Inc., 34 Third Ave., Burlington, 
MA 01803. 
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and ratios. Methytrichlorosilane vas carried to the reactor by a flow of 
hydrogen through an evaporator and metered using a vapor source con-
tro'ler. Pressure control was accomplished using a gas ballast tech
nique, injecting argon gas into the pump inlet to regulate effective 
pumping speed.' The corrected optical temperature at the top surface of 
the .specimen was measured and controlled by a single-wavelength automatic 
optica? pyrometer* equipped with a tice-proportioning controller. A pre
determined pressure differential across the sample designated complete 
infiltration. 

Fibrous preforms were fabricated by stacking multiple layers of 
plain-wea e Nicalon cloth in a 30-60-90° orientation sequence into the 
cavity of a graphite holder. The layers were compressed and held in place 
by a perforated graphite lid pinned to the holder. The average fiber con
tent was 41.2 f 0.8 vol %, 52 layers, with sample dimensions of 45 mm in 
diameter and 12.5 mm thick. The sizing was then removed from the cloth 
through multiple washings in acetone. The preform was precoated with a 
thin layer of pyrolytic carbon to protect the fibers from reactants and 
products containing chlorine and reduce interfacial bonding to enhance 
fiber pull-out.21 The carbon was deposited isothermally by the decom
position of propylene in argon at 1375 K and 5 kPa. 2 7" 2' 

The prepared preform had an average theoretical density of 2.91 ± 
0.01 g/cm1. The theoretical density is defined as the sum of the products 
of volume fraction and reported density of each component of the composite 
(fibers, pyrocarbon, and, after infiltration, SiC). The matrix phase was 
then deposited from the specified mixtures of H 2 and MTS at the appro
priate temperatures and pressures defined by the design. 

TESTING 

Twelve bend bars [four each from the top, middle, and bottom areas 
(Fig. 2)] were prepared from each sample to evaluate each one and also to 

*Source V, Tylan, 23301 South Wilmington Ave., Carson, CA 90745. 
^Type 250B, MKS Instruments, Inc., 34 Third Ave., Burlington, 

MA 01803. 
•Modline 2000, Ircon, Inc., 7301 N. Caldwell Ave., Niles, IL 60648. 
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determine variation due to location in the sample. The bars were cut 
from the samples pa* dlel to thft 0-90° orientation of the top layer of 
cloth using a diamm ; saw, mr~ tensile and compression surfaces ware 
ground parallel to ••ite IcTg /J.& of the specimen. The average dimensions 
of the bars were 2:1 * 3.? 45 or, and all were measured and weighed to 
determine densiti*'__,. strengths were measured at room temperature 
employing four-poiicr V' 4. cchods and using a support span of 25.4 mm, 
a loading span of .4 >r , a.** a crosshead speed of O.il cm/min. The load 
vas applied perpenditf ,i-r»- "he layers of cloth. Metallographic examina
tion of polished c'oss'a-tzti. ;-\s taken 5 mm off the centerline provided an 
overall "iew of * he infilt; >-d sample and coating morphologies. 

RESULTS 

The results of the experiment are summarized in Tables 2 and 3. Only 
28 of the 30 r ins were completed. Two runs were deleted when it was 
recognized that the projected infiltration times were significantly 
greater than 8 days. A goal of the temperature-gradient forced-flow tech
nique is to decrease processing times. 

PROCESSING TIME 

The infiltration parameters and resulting completion times for the 28 
completed experimental runs are given in Table 2. Three of the four fac
tors considered, temperature, H2:MTS ratic, and total gas flow rate, 
appear to affect infiltration times. Times ranged from 5 h to over 
8 days. Examination of the data indicates that time was most effectively 
reduced by increasing temperature and total gas flow rate, while pressure 
had little influence. Temperature was the most significant variable, 
since tiie majority of the runs processed with a furnace temperature above 
1475 K were completed in less than 20 h. 

DENSITY 

Bulk densities were measured and percentage of theoretical density 
values were calculated for each of the specimens obtained from the 28 
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Table 2. Infiltration parameters and resulting processing times 

Run 
Temper Piessure hrs H, hVMTS Total Time Run ature 

(K) 
(KPa) flow* flow* ratio flow* (h) 

1 1375 100 8.0 267 35 275 202.7 
2 1575 100 100.0 1000 10 1100 5.3 
3 1575 100 8.0 267 35 275 49.0 
4 1375 100 31.0 1069 35 1100 50.0 
5 1375 10 100.0 1000 10 1100 28 0 
6 1375 100 100.0 1000 10 1100 32.0 

7 1475 55 26.0 524 20 550 43.6 
8 1475 55 15.0 535 35 550 39.3 
9 1475 55 92.0 458 5 550 12.0 
10 1475 100 26.0 524 20 550 34.4 
11 1575 '0 31.0 1069 35 1100 12.0 
12 1475 55 26.0 524 20 550 24.1 

13 1375 10 31.0 1069 35 1100 57.8 
14 1575 100 31.0 1069 35 1100 16.8 
15 1575 55 26.0 524 20 550 21.5 
16 1475 55 26.0 524 20 550 26.8 
17 1575 10 8.0 267 35 275 72.0 
18 1475 55 50.0 500 10 550 46.4 

19 1375 10 8.0 267 35 275 0.0 
20 1475 55 52.0 1048 20 1100 12.8 
21 1575 100 25.0 250 10 275 18.5 
22 1675 55 26.0 524 20 550 7.5 
23 1575 10 25.0 250 10 275 17.4 
24 1475 55 26.0 524 20 550 26.1 

25 14/5 10 26.0 524 20 550 63.5 
26 1475 55 13.0 262 20 275 53.1 
27 1375 10 25.0 250 10 275 0.0 
28 1375 100 25.0 250 10 275 51.3 
29 1375 55 26.0 250 10 275 112.5 
30 1575 10 100.0 1000 10 1100 14.1 

*A11 flows in cm'/min (STP) at 300 K and 100 KPa. 
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samples. The average values for the top, middle, and bottom layers are 
reported in Table 3. In some cases, uninfiltrated bottom sections delami
nated; thus only 8 of the 12 specimens from a sample vere available for 
examination. In most instances, the highest densities occurred in the top 
positions, although runs 7 and 10 resulted in radial and axial density 
gradients of <1% for an average density of 2.50 g/cm3. Values as high as 
2.65 g/cm3, 91.2% of theoretical density, were measured, but the density 
frequently decreased toward the bottom (cooled side) of the preform. A 
typical polished cross section of a completed composite sample is shown in 
Fig. :-. 

ROOM-TEMPERATURE FLEXURE STRENGTH 

Flexure strengths of the composite specimens were measured by four-
point bending and ranged from 83 to 517 MPa. All specimens exhibited 
composite behavior during testing, as demonstrated by fiber pull-out and 
by the appearance of the load-crosshead displacement curves (Fig. 4). The 
results &re reported in Table 3 as the average values across each layer. 
Examination of the data reveals a modest positive correlation between den
sity and strength. A plot of these two values for all specimens tested is 
shown in Fig. 5. The correlation coefficient is 0.764, and the 
corresponding p value is <0.0001. Although buckling at the compressive 
surface and cracking parallel to the tensile surface occur during testing 
and thus failure occurs not in simple tension but by a complex combination 
of tension, compression, and shear, flexure strengths are adequate to 
obtain a relative measure of the strength of the composites fabricated 
under different infiltration conditions. 

PROCESS RELATIONSHIPS 

The experiments were designed to evaluate the effects of controlled 
input variables on the infiltration process. In order to predict given 
responses across a range of variables, each point must be itself repro
ducible. Reproducibility within the experimental design was verified by 
repeating the centra1 point four times. These are run numbers 7, 12, 
16, and 24 in the sequence (Table 3). Neglecting the bottom locations, 
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Fig. 4. Curve of load vs crosshead displacement for SiC/Nicalon composite tested in 4-point 
flexure at room temperature. 
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Fig. 5. Plot of rojm-temperature flexure strength vs density for all 
specimens tested. 

examination of the standard deviations of density and strength within 
these four shows that the variability within the group was <2% for density 
and <15% for strength, making it possible to relate them to the response 
variables, time, density achieved, and strength, as a function of the 
input parameters, temperature, pressure, H7:MTS ratio, and total gas flow. 

Using multiple linear regression, an equation relating infiltration 
time and the process parameters was derived and shown to be statistically 
significant but lacked precision, with an R 2 of 59%. The precision of the 
relationship was considerably improved by utilizing the natural logarithm 
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of time, resulting in an R 2 of 82%. The final form of the time equation 
is: 

In [time (h)] = 12 (±1) - 6.8 (±0.8) * 10" 3 [T (K)] 
- 4.3 (±3.6) x 10-s [P (kPa)] 
+ 3.3 (±0.7) x 10"2 [vol ratio (H2:MTS)] 
- 1.4 (±0.2) x 10-' [flow rate (cm3/min)]. 

The gradient of this fitted surface at the central point indicates 
that infiltration time is decreased not only by increased temperature and 
total flow rate but also by reduced H2:HTS ratios. The shortest time, 
5.3 h, resulted from a furnace temperature of 1575 K, a pressure of 
100 kPa, a total flow of 1100 cm3/min, and an HZ:MTS ratio of 10:1. The 
conditions for the longest, 202.7 h, were 1375 K, 100 fcPa, a total flow 
rate of 2 15 cm'/min, and an H2:MTS ratio of 35:1. 

Statistical analysis of the densities as a function of the experi
mental variables indicated that the only values that could be related with 
any accuracy were the top-row averages. The bottom layers were unpredict
able for many sets of conditions, leading to an R z of <30%. In addition, 
first-order linear regression did not fit well, and thus mixed quadratic 
terms were added to account for the interactions of the four process 
parameters. The equation for top-row average density thus derived has an 
R 2 of 82% and is given in Table 4. Evaluation of the gradient of the 
equation at the central point suggests that density is most effectively 
increased by reducing temperature, HZ:MTS ratio, and total flow rate. 
Again, pressure had little influence. This trend is supported by the 
facts that runs 28 and 29 produced the highest top-row densities and that 
both of these had temperature, H2:HTS ratio, and total gas flow rate at 
their respective lowest values. 

The same fitting procedure used to relate density was also used to 
correlate flexural strength with the four process parameters. As with 
density measurements, the bottom areas yielded the greatest variations and 
were deleted during analysis. The relationship for top-row average 
strength has an R of 83% but contains high standard errors for individual 
estimates due to a combination of possible redundancies in the equation 
and the exclusion of undetermined factors. 
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Table 4. Relationship for top row average density 

Parameter Estimate 

Intercept 118 (±1J) X 
a -0.02 (±0.01) X / K 
b 0.16 (0.16) % I KPa 
c 1.02 (0.61) X 
d -0.03 (0.02) X /cm3/min 
e 1.15 (1.30) x 10"* X / K KPa 
f -7.37 (3.47) x 10- 3 X / K 
g 2.14 (1.45) x 10"S X/K cm'/Bin 
h -8.50 (10.2) x 10-* X / KPa 
i 6.40 (3.18) x 10" s X / KPa cm3/sin 
j 5.92 (1.11) x 10"s X / c»3/nin 

T.D. (X) = 118 + (a x T) + (b x P) + ( c x R) + (d x F) + (e x T x p) 
+ (f x T x R) + (g x T x F) + (h x p x R) + (i x P x F) 
+ (j x R x F) 

T = temperature (K), 
P = pressure (KPa), 
R = molar ratio of H2/MTS, 
F * total gas flow (cm3/ain) 

DISCUSSION 

THERMODYNAMICS AND KINETICS 

The chemical vapor deposition of SiC from NTS is a relatively simple 
process and has been extensively examined.30'3* Methyltrichlorosilane 
contains silicon and carbon in stoichiometric proportions and is a liquid 
with a reasonable vapor pressure, zaking it a good reactant for vapor 
deposition. Thermodynamic analyses of the Si-C-H-Cl system (using 
SOLGASMIX-FV3*-37) have been previously reported, 3 7» 3 3 but an analysis was 
made in this study to include conditions bounded by the experimental 
design. The thermodynamic analysis was conducted using the EQUILIB com
puter program of the F*A*C*T system.* The equilibria were defined by 
specifying temperature, pressure, and the molar ratio of H?:MTS. Three 

*EQUILIB, F*A*C*T, W. T Thompson, Royal Military College of Canada, 
and A. D. Pelton and C. W. Bale, Ecole Polytechnique, Montreal. 
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condensed phases (Si, a-SiC, and B-SiC) and 81 gas species were con
sidered. Previous investigators have shown that the formation of carbon 
is kinetically hindered under the conditions considered; thus it was 
omitted in this analysis. 3 7» 3 9 The results of the thermodynamic calcula
tions were used to calculate theoretical deposition efficiencies by 
dividing the equilibrium yields by the yield as determined from the molar 
quantity of MTS (Figs. 6 and 7). 

PRESSURF 

Pressure appeared to have little or no effect on the response 
variables. It was originally assumed that reducing the processing pres
sure would decrease deposition rates and, therefore, increase infiltration 
times due to increased gas velocities and decreased residence times.*0 At 
the reduced pressures considered (55 and 10 kPa), the linear gas veloci
ties are 1.8 and 12.7 times higher, respectively, than at local atmos
pheric pressure. This implies greatly reduced residence times of the 
gases within the preform. At the central-point total gas flow rate of 
550 cm3/min, the residence time is 3.7 * 1C"*, while the residence 
times for the reduced pressures are calculated to be 2.0 * 10" 2 and 
2.9 * 10" 3 s, respectively. Thus, these factors should decrease coating 
rates, but this was not observed. 

Different mechanisms associated with reduced pressure may affect 
deposition efficiency. Figure 6 displays the equilibrium deposition effi
ciency of SiC as a function of H2:MTS ratios at various pressures as pre
dicted by thermodynamic calculation. The graph indicates an increase in 
deposition efficiency with reduced pressure. An isothermal decrease in 
pressure shifts equilibrium toward the products SiC and HC1. These com
bined with higher diffusion rates, also associated with reduced pressure, 
could counteract the effects of increased gas velocities. 

TEMPERATUPE 

A plot of predicted deposition rates with respect to gas composition 
at the different furnace temperatures used in the statistical study 
is shown in Fig. 7. Increasing the furnace temperature increases the 
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deposition efficiency, and this is reflected in the observed reduction of 
infiltration times at higher temperatures. The average flexure strengths 
of the samples processed at 1575 K were lower than those of samples infil
trated at 1375 and 1475 K. A reduction of strength in the final material 
is expected, since Nicalon fibers degrade at elevated temperatures.*1»*2 

An increase in achieved density was noted in the respective low-
temperature runs. The decrease in deposition rates at this condition may 
allow open porosity in the upper areas to remain for a longer fraction of 
the run time. Reactant gases are thus able to permeate a larger percent
age of the volume, resulting in more complete and uniform infiltration.3' 

TOTAL FLOW RATE 

In general, the total gas flow had the same contributive effect as 
temperature. Time was decreased as the flows were increased, and higher 
densities were attained at lower gas flow rates. Early studies of SiC 
coatings from chlorosilanes determined that the rate-controlling factor 
was the reactant supply rate." High deposition rates occur at high 
levels of flow and low ratios of hydrogen to methyltrichlorosilane. 

A detrimental effect of high gas flows in the temperature-gradient 
pressure-gradient process was the lack of deposition in the bottom layers. 
The increased flow rate of gas cools the lower surface and disturbs the 
temperature gradient. This is enhanced by the basic principles and 
designs present in the gas injection and distribution systems, which cause 
the reactant gases and graphite holder to be cooled at the same rate 
regardless of deposition conditions. 

HYDROGEN:MTS RATIO 

In Figs. 6 and 7 it is evident that increasing the ratio of hydrogen 
to MTS has a positive effect on the deposition efficiency up to a ratio of 
12:1, where leveling occurs. In the series of experimental runs, a 
decrease in the ratio resulted in a favorable response with respect to all 
three output variables. A decrease in H?:MTS ratio corresponds to an 
increase in reactant concentration; thus, lowering the Hj-.MTS ratio also 
decreased the likelihood of codepositing silicon. Codeposition occurs 
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when the ratio of hydrogen to silicon in the Si-C-H-Cl gas Mixture is high 
or the reaction is carried out at low temperature.3' Several investiga
tions have determined that deposition of single-phase SiC occurs at 
H2:Si = 5 or less at a temperature of 1473 K, Si:C = 1, and Cl:Si = 3 
(ref. 37). Higher-quality material is therefore produced at the lower 
ratios. 

CONCLUSIONS 

The thermal-gradient pressure-gradient process for the fabrication of 
ceramic-fiber-reinforced ceramic-*,itrix composites was studied in response 
to the following experimental variables: temperature, pressure, total gas 
flow, and H*:MTS ratio. These parameters influenced achieved density, 
flexure strength, and infiltration time. The information obtained has 
advanced the progress toward developing an efficient method for producing 
high density and high strength composites. 

Runs 7 and 10 produced samples with density variations throughout of 
less than 1% of the average 86.1% and 85.6% of theoretical, confirming 
that uniform infiltration is attainable. The statistical analysis indi
cated that within the boundaries of the experiment, a temperature of 
1473 K, an H2:HTS ratio of less than 10:1, and a total gas flow of 
550 cm'/min would result in high strength, density, and uniformity in a 
comparatively short processing time. The operating pressure was found to 
be statistics y insignificant; thus infiltration at atmospheric pressure 
simplifies processing. Combining these results and trends, material with 
uniform physical properties can be produced. 

Multiple linear regression techniques were employed to relate the 
response of the process and the properties of the fabricated composite 
material to the experimental variables. The relationships of infiltration 
time, density, and room-temperature flexure strength to the input 
parameters of temperature, press' -e, H2:MTS ratio, and total gas flow were 
determined. Relatively accurate responses can be calculated from the 
predictive equations. 



24 

REFERENCES 

1. J. Aveston and A. Kelly, "Theory of Multiple Fracture of Fibrous 
Composites," J. Mater. Sci. 8, 352-62 (1973). 

2. D. B. Marshal and A. G. Evans, "Failure Mechanisms in Ceramic-
Fiber/Ceramic Matrix Composites," J. Am. Ceram. Soc. 68, 225-31 (1985). 

3. R. W. Rice, "Mechanisms of Toughening in Ceramic Matrix 
Composites," Ceram. Eng. Sci. Proc. 2(7-8), 661-701 (1981). 

4. K. M. Prewo and J. J. Brennan, "High-Strength Silicon Carbide 
Fiber-Reinforced Glass-Matrix," J. Mater. Sci. 15, 463-68 (1980). 

5. K. M. Prewo and J. J. Brennan, "Silicon Carbide Yarn Reinforced 
Glass Matrix Composites," J. Mater. Sci. 17, 1201-6 (1982). 

6. J. J. Brennan and K. M. Prewo, "Silicon Carbide Fiber-Reinforced 
Glass-Matrix Composites Exhibiting High Strength and Toughness," J. Mater. 

Sci. 17, 2371-82 (1982). 
7. W. A. Bryant, "The Fundamentals of Chemical Vapour Deposition," J. 

Mater. Sci. 12, 1285-1306 (1977). 
8. W. H. Pfiefer et al., "Consolidation of Composite Structures by 

CVD," pp. 463-85 in Second Int. Conf. Chem. Vapor Dep., ed. J. M. Blocher, 
Jr., and J. C. Whithers, Electrochemical Society, New York, 1970. 

9. H. 0. Pierson and r. F. S. ..ana, "Carbon Composites frotr Wool 
Substrates," pp. 487-505 in Second Int. Conf. Chem. Vapor Dep., ed. J. M. 
Blocher, Jr., and J. C. Whithers, Electrochemical Society, New York, 1970. 

10. J. C. Whithers, "Chemical Vapor Deposition of Ceramic Composites 
Containing Whisker and Fiber Reinforcements," pp. 507-19 in Second Int. 

Conf. Chem. Vapor Dep., ed. J. M. Blocher, Jr , and J. C. Whithers, 
Electrochemical Society, New York, 1970. 

11. L. R. Newkirk et al., "Chemical Vapor Deposition Fabrication of 
Filament Reinforced Composites for High Temperature Applications," 
pp. 82-101 in Chemically Vapor Deposited Coatings, ed. H. 0. Pierson, 
American Ceramic Society, Columbus, Ohio, 1981. 

12. J, J. Gebhart, "CVD Boron Nitride Infiltration of Fibrous 
Structures: Properties of Low Temperature Deposits," pp. 469-72 in Fourth 

Int. Conf. Chem. Vapor Dep., ed. G. Y. Wakefield and J. M. Blocher, Jr., 
Electrochemical Society, Princeton, N.J., 1973. 



25 

13. F. Christin, R. Uaslain, and C. Bernard, "A Thermodynamic and 
Experimental Approach of Silicon Carbide-CVD Application to the 
CVD-Infiltration of Porous Carbon-Carbon Composites," pp. 499-514 in Proc. 

Seventh Int. Conf. Chem. Vapor Dep., ed. G. F. Wakefield and 
J. H. Blocher, Jr., Electrochemical Society, Princeton, N.J., 1973. 

14. R. Naslain, H. Hannache, L. Heraud, J. Rossignol, F. Christin, and 
C. Bernard, "Chemical Vapor Infiltration Techniques," pp. 293-304 in 
Euro-CVD-Four, Eindhoven, Netherlands, 1983. 

15. H. Hannache, R. Naslain, «md C. Bernard, "Boron Nitride Chemical 
Vapour Infiltration of Fibrous Materials from BC1,-NH3R2 or BF,-NA, 
Mixtures: A Thermodynamic and Experimental Approach," J. Less-Common Met. 

95, 221-46 (1983). 
16. J. Rossignol, I. Langlais, and R. Naslain, "A Tentative 

Modelization of Titanium Carbide CVI Within the Pore Network of 
Tvo-Dimensioial Carbon-Carbon Composite Preforms," pp. 596—614 in Ninth 

lot. Conf. Chem. Vapor Dep., ed. M. Robinson, 6. Cullen, 
C. Van den Brekel, and J. M. Blocker, Jr., Electrochemical Society, 
Princeton, N.J., 1984. 

17. A. J. Caputo and W. J. Lackey, "Process for the Preparation of 
Fiber-Reinforced Ceramic Composites by Chemical Vapor Deposition", U.S. 
patent 4,580,523, April 8, 1986. 

18. A. J. Caputo and W. J. Lackey, Fabrication of Fiber-Reinforced 

Ceramic Composites by Chemical Vapor Infiltration, ORNL/TM-9235, October 
1984. 

19. A. J. Caputo and W. J. Lackey, "Fabrication of Fiber-Reinforced 
Ceramic Composites by Chemical Vapor Infiltration," Ceram. Eng. Sci. Proc. 

5(7-8), 654-67 (1984). 
20. A. J. Caputo, W. J. Lackey, and D. P. Stinton, "Development of a 

New, Faster Process for the Fabrication of Ceramic Fiber-Reinforced 
Ceramic Composites by Chemical Vapor Infiltration," Ceram. Eng. Sci. 

Proc. 6(7-8), 694-706 (1985). 
21. A. J. Caputo, R. A. Lovien, and D. P. Stinton, Improvements in the 

Fabrication of Ceramic-Fiber-Ceramic-Matrix Composites by Chemical Vapor 

Deposition, ORNL/TM-9651, June 1985. 



26 

22. D. P. Stinton, A. J. Caputo, and R. A. Lowden, "Synthesis of 
Fiber-Reinforced SiC Composites by Cheaical Vapor Infiltration," Am. 
Ceram. Soc. Bull. 65(2), 347-50 (1986). 

23. A. J. Caputo, R. A. Lowden, and D. P. Stinton, "Fiber-Reinforced 
SiC Composites With laproved Mechanical Properties," Am. Ceram. Soc. Bull. 
66(2), 368-72 (1987). 

24. G. E. P. Box, V. G. Hunter, and J. S. Hunter, Statistics for 
Experimenters y Wiley, New York, 1978. 

25. V. G. Cochran and G. M. Cox, Experimental Designs, Wiley, New 
York, 1950. 

26. R. H. Myers, Response Surface Methodology, Allyn and Bacon, Inc., 
Boston, 1971. 

27. W. V. Kotlensky, "Deposition of Pyrolytic Carbon in Porous 
Solids," Chem. Pbys. Carbon 9, 173-262 (1973). 

28. B. Dacic and S. Marikovic, " Carbon Fiber/Carbon Composites by CVD 
fro* Propylene," pp. 616-63 in Carbon '80 (Int. Carbon Conf., 3rd), 1980. 

29. H. 0. Pierson and M. L. Lieberaan, "The Chemical Vapor Deposition 
of Carbon on Carbon Fibers," Carbon 13, 159-66 (1975). 

30. T. D. Gulden, "Deposition and Microstructure of Vapor Deposited 
Silicon Carbide," /. Am. Ceram. Soc. 51(8), 424-27 (1968). 

31. T. D. Gulden, "Mechanical Properties of Polycrystalline BetaSiC," 
J. Am. Ceram. Soc. 52(11), 585-90 (1969). 

32. R. J. Price, "Structure and Properties of Pyrolytic Silicon 
Carbide," Am. Ceram. Soc. Bull. 48(9), 859-62 (1969). 

33. D. P. Stinton and W. J. Lackey, "Effect of Deposition Conditions 
on the Properties of Pyrolytic SiC Coatings for HTGR Fuel Particles," Am. 
Ceram. Soc. Bull. 47(6), 568-73 (1978). 

34. J. I. Federer, Fluidized Bed Deposition and Evaluation of Silicon 
Carbide Coatings on Microspheres, ORNL/TM-5152, January 1977. 

35. G. Eriksson, "Thermodynamic Studies of High-Temperature 
Equilibria," Chem. Scr. 8(3), 100-03 (1975). 

36. T. M. Besmann, SOLGASMIX-PV, A Computer Program to Calculate 
Equilibrium Relationships in Complex Chemical Systems, ORNL/TM-5775, April 
1977. 



27 

37. J. Chin, P. K. Ganzel, and R. G. Hudson, "The Structure of 
Chemical Vapor Deposited Silicon Carbide," Thin Solid Films 40, 57-72 
(1977). 

38. G. S. Fischman and V. T. Petuskey, "Thermodynamic Analysis and 
Kinetic Implications of Chemical Vapor Deposition of SiC from Si-C-Cl-H 
Gas Systems," J. Am. Ceram. Soc. 68(4), 185-90 (1985). 

39. P. Krautwasser, G. M. Begun, and P. Angelini, "Raman Spectral 
Characterization of Silicon Carbide Nuclear Fuel Coatings," J. Am. Ceram. 

Soc. 66(6), W4-34 (1983). 
40. E. Fitzer and R. Gadow, "Fiber-Reinforced Silicon Carbide," Am. 

Ceram. Soc. Bull. 65(2), 326-35 (1986). 
41. T. Mah et al., "Thermal Stability of SiC Fibers," J. Mater. Sci. 

19, 1191-1201 (1984). 
42. H. H. Moeller and J. H. Vorley, "Tensile Testing of Ceramic Fiber 

Tows," Ceram. Eng. Sci. Proc. 6(7-8), 558-66 (1985). 



2b 

DEVELOPMENT OF ADVANCED FIBER 
REINFORCED CERAMICS 
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Atlanta, Ceorgla 30332 

ABSTRACT 

Silicon nitride composites with randoa, short fiber 
reinforcement have been fabricated using reaction 
sintering techniques- Large dlaaeter fiber yields high 
density composites but degradation of fiber during 
nltrldlng Halts property gains- Small diameter 
whiskers with better high temperature stability yield 
low density composites using currently available 
silicon powders- Future work will focus on coatings to 
stabilize fibers> new fibers with better high 
temperature stability and finer silicon powders for 
whisker composites-

INTRODUCTION 

A fundamental problem In the processing of ceramic composites Is the 
fact that tht Incorporated fibers tend to reinforce the green structure, 
preventing the volume reduction and denslflcatlon that usually can be 
obtained by free sintering- Hot pressing Is a direct approach to 
overcoming this problem, providing the necessary denslflcatlon by 
application of pressure- An alternative approach, more appropriate for 
fossil energy system components, is to maximize the green density of 
composite preforms and to utilize volume filling techniques for final 
denslfIcatlon- Earlier work, reported at the past two program reviews< has 
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focused on processing techniques consistent with this approach-
For blends of ceramic powder and chopped fiber• a new packing model 

was developed to better understanding the critical parameters for achieving 
high green density1. At a particular fiber loading, the density is 
determined by the packing density of the powder, the aspect ratio of the 
fiber and the ratio of the fiber length to particle diameter-

Two volume-filling techniques for composite densiflcation have been 
studied- For silica matrix composites we used a resin-like silica 
precursor material to impregnate the ^reform*. Afttr firing, dense silica 
fills the pores and the composite density Is Increased without volume 
reduction. Several cycles of Impregnation and firing yields a final high 
denslty3-

A second volume-filling technique is reaction sintering for production 
of nitride ceramics- In the reaction sintering process* a preform of 
silicon Is converted to the nitride by sintering in nitrogen to 1400°C-
The solid volume of the preform increases by 23" with no change in bulk 
volt je, yielding a density Increase-

SILICON NITRIDE COMPOSITES 

In the work since the last review we have used this process to prepare 
silicon nitride composites with silicon carbide fibers and whiskers, and to 
characterize these with respect to mlcrostructure and mechanical 
properties. 

CHOPPED FIBER COMPOSITES 
Six composites were prepared using two silicon slips (low and high 

solids) and chopped SIC fibers (Nlcalon fiber. Nippon Carbon Co-. Tokyo, 
Japan) with three types of processing (as-received, chopped and crushed)-
High and low solids slips were prepared from milled silicon powder- One 
powder (Union Carbide Corp.. USA) was dry milled fir 17 hours and used for 
a 72* solids slip- Another powder (Kemanord Corp-, Sweden) was dry milled 
for 3 and 27 hours and an 86* solids slip was prepared using equal parts of 
these fractions- One-half the silicon powder is added to distilled water 
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and roll overnight- Ten percent of the regaining powder Is added each day 
for the next five days- Typically• ten additional days are required to 
reach minimum viscosity and for outgasslng to cease- At this point, the pH 
of the suspension Is near neutral-

Fiber was blended Into each slip In saall Increments until the 
viscosity of the blend started to Increase- This composition Is different 
for each combination of fiber and slip- After de-alrlng. each composition 
was ca„t on plaster -o form 2" x 2" z 1/4" plates- As seea in mUle 1. the 
crushed fiber yielded a composite with high fiber loading and green density 
comparable to the monolithic material-

Table 1- Composites with NleaIon In silicon nitride 

AS - CAST SINTERED 

Ft her L/D * fiber x TD X TD *_ nltrldf;* 

Low solids, slip 

L/D * fiber x TD X TD *_ 

None — 0 70.1* 82.1 90.8 
As-received 112 10-4 67.0 79.3 92-1 
Chopped 108 11.1 65-7 77-3 92-8 
Crushed 33 25-6 69.1 79.3 94.1 

High «n1lds slip 

None — 0 79.7 86.7 40.8 
As-received 112 5-1 78-5 85-9 40-8 
Chopped 108 6-5 79.7 87.0 40-8 
Crushed 33 10-0 80.7 88.7 39.1 

•Estimated from weight gain. No residual silicon detected by 
XRO for samples greater than 90*. 
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A standard five day reaction sintering cycle resulted In full 
conversion of the four compositions using the low solids silicon slip- The 
high solids slip yielded parts that were too dense to fully nitride due to 
the surface porosity closing, restricting the access of nitrogen to the 
Interior of the part-

Overall. the most promising composition appeared to be the composite 
with 25* fiber and full conversion to nitride- A fracture surface of this 
material (figure 1) shows Intact fibers auu apparent flbei pull-out 
although some damage of the fiber surface Is apparent (Figure 2)-

Test bars were machined for ilexure strength and fracture toughness 
measurement at room temperature and at 1000 and 1200°C- Flexure strength 
testing utilized four-point loading with an 4x8x50 mm bar- Fracture 
toughness was measured using three point loading of a single edge notched 
beam specimen (SENB). The results are plotted In Figures 3 and 4 along 
with reference values for monolithic reaction sintered silicon nitride-
The strength of the composite material Is somewhat lower than that of 
monolithic material of comparable density. The SENB fracture toughness Is 
similar for the two materials* 

WHISKER COMPOSITES 
The fiber/powder packlnB rjodel Indicates that the approximately 0-6 

micron diameter SIC whiskers (Sllar SC-9, ARCO Chemical Co-, Greer- SC) 
require a silicon powder with a sub-micron particle size In order to 
achieve good packing density. Forty grams of a fine silicon powder was 
supplied by Tokyo Tekko Company. Tokyo, Japan. This powder Is produced by 
a patented hydride decomposition process which produces a sub-micron 
particle with a range of diameters- The powder was shipped under nitrogen 
although the manufacturer states that It Is "slightly nltrlded" and stable 
In air- A small sample was exposed to air and weighed over a period of six 
hours. After an Initial weight gain of approximately 0.4* in thirty 
minutes, no further Increase was observed- This air stability simplifies 
handling and processing as compared to other fine silicon powders-

The powder was characterized by X-ray diffraction, transmission 
electron microscopy and BET surface area analysis- The X-ray diffraction 
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Figure 1. Fracture surface of chopped fiber composite (200>) 
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Figure 2. Degradation of Nicalon a f t e r Ni t r id ing 
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Figure 3. 
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showed silicon metal as the only crystalline phase- The TEM micrograph In 
figure 5 shows spherical particles with diameters ranging from 0-01 to 0-1 
ua- The TEM sample was prepared by mulling the powder between glass slides 
with methanol and evaporating a drop of this dispersion on a microscope 
grid- Under these conditions the particles are highly agglomerated- The 
BET surface area Is 84 m^/g, equivalent to an average spherical diameter 
of 0-03 urn, In good agreement with the microscopy results- The relative 
sizes of the two materials can be seen In Figure 6-

The ponder was dispersed In Isopropanol using ultrasonics- Due to the 
large surface area, a dlsptrslon with adequate fluidity contained only 35* 
(by weight) of silicon- This Is contrasted to typical powder loadings of 
70-90* for coarser powders- Whiskers were blended with the silicon 
dispersion at a loading of 18* (by volume)» again using ultrasonics. 

Such low solids dispersions are not suitable for slip-casting-
Insteadt the dried dispersion was lightly ground to form fine pellets and 
pressed into a disc under uniaxial pressure- Pressed density for the 
silicon alone was 1-11 g/cc and for the composite 1-35 g/cc- The improved 
packing efficiency with the fine powder Is apparent when contrasted to 
earlier results with coarse powder- In this case, the pressed density went 
from 1-60 to 0-90 g/cc with addition of 15* chopped fiber-

Pellets of the composite and of the silicon powder alone were 
nitrlded- A small amount of iron oxide (2-9* by weight) was added to one 
pelxet of each composition- Iron is known to accelerate the nltrldatlon of 
milled silicon powder- The nitrlded samples were characterized by weight 
gain and by X-ray diffraction-

These results are shown in table 2, along with results for a coarse 
powder/Nlcalon fiber composite and two monolithic materials- Significant 
differences are apparent among these materials- These Include conversion 
efficiency! alpha/beta ratio and fiber reactions-

All four samples made with the ultra-fine powder were completely 
converted to alpha-silicon nitride, that ls< no detectable silicon metal 
remained- This is in contrast to the gravimetric estimated of percent 
converted for the composite sample with Fe which Indicates an apparent 
conversion of only 20*- This discrepancy oust be due to concurrent weight 



35 

O.lp 

Figure 5. Ultrafine silicon powder (115,000x) 

Figure 6. Ultrafine silicon with Silar whisker (115,000x) 
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loss occurring during nltrldlng- The effect of green density Is also 
apparent In the conversion efficiency- None of the samples with greater 
than 25* porosity showed any residual silicon while the sample with 20* 
porosity showed considerable unconverted metal-

The alpha/beta ratio for the ultra fine silicon Is quite different 
than that for the coarse powder, with no beta phase detected In the former-
Studies of the nltrldatlon reaction Indicate that the alpha phase forms 
from a gas phase reaction, while beta-silicon nitride forms from 
vapor-solid (7 3) or vapor- llquld-solld (VLS) reactions'*. 

Since Insufficient powder was available for preparation of test bars, 
mechanical properties could not be determined for the whisker reinforced 
composites-

Table 2- Characterization of silicon carbide whisker composites 

X-Ray Peak Height 
green gravimetric 

x 

79 
97 
78 
21 

41 
95 
94 

Ultraflne silicon 0-52 100 ND ND 
• Fe 0.43 100 ND ND ~ 
• Sllar 0-44 100 ND ND SIC 
• Fe • Sllar 0-43 100 ND ND — 

Coarse silicon #1 0-20 13 6 100 __ 
Coarse silicon #2 029 69 92 ND — 

• Nlcalon 0.32 97 25 ND — 

ND - not detected 

CONCLUSIONS 

Although the mlcrostructure of the fracture surface of the chopped 
fiber composite suggested Improved toughness, this was not borne out In the 
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mechanical testing- This may be due to the test method (SENB) which 
measures Initial crack, opening resistance- Chopped fiber reinforcement Is 
expected *.o promote crack deflection and. thus, primarily to increase the 
total work of fracture- Also, the fiber may not provide toughening due to 
its degradation during nltrlding- A weakened fiber cannot effectively 
bridge the crack and resist opening-

The better high temperature stability of the whisker reinforcement 
should lead to effective toughening- While the ultraflne silicon powder 
packs efficiently with these whisker^, the overall density still aiust be 
improved- A silicon powder with a somewhat larger average particle size is 
desirable-

This work shows the potential for practical fabrication of a ceramic 
composite having a reaction sintered silicon nitride matrix and a silicon 
carbide fiber or whisker reinforcing phase- Preform fabrication Issues 
have been addressed and high density composites can be prepared-
Development of improved mechanical properties will require optimization of 
the nltrlding process to obtain high conversion and high density with 
minimal fiber degradation, use of more stable fibers or whiskers, and 
control of t>e fiber-matrix interface to improve fiber stability and 
increase che fiber contribution tc the work-of-fracture. 
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The fracture toughness behavior of a silicon carbide whisker-

reinforced alumina ceramic has been characterized at porosities, ranging 

from 0.6 to 11.5 percent. The composite material consisted of alumina that 

was hot pressed with C5 weight percent silicon carbide whiskers. 

Controlled flaws of increasing size were produced on polished surfaces of 

specimens by Vickers indentation loading from 2 to 200 N. The flexural 

strength measured as a function of indentation load indicates that the 

resistance to fracture of these materials increases as a function of crack 

extension. The results are analysed in terms of a fracture model 

containing ligamentary t: .ctions in the wake of the crack. 

I. INTRODUCTION 

The achievement of higher efficiency heat engines and heat recovery 

systems requires the availability of high temperature, high performance 

structural materials. Structural ceramics, and more recently, ceramic 

matrix composites have received particular attention for these applications 

due to their high strength, corrosion resistance, and thermal shock 

resistance. Even with these positive attributes, improved reliability and 

extended lifetime under service conditions are necessary for structural 

ceramics to gain industrial acceptance. Those materials have mechanical 
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and chemical limitations especially when they are subjected to high 

temperatures, reactive environments, and extreme thermal gradients. An 

important property needed for structural design is the fracture resistance 

of a material which characterizes the limitation of crack extension under 

applied stress. 

Silicon carbide whisker-reinforced alumina is a newly developed 

ceramic composite which shows considerable promise as a high strength 

structural ceramic [1, 2, 3). As part of a program to investigate the 

critical factors which influence mechanical and microstructural behavior, a 

recent method of analysis [4] of strength-indentation measurements was 

adapted to characterize the fracture resistance of this material at 

selected porosities. 

II. EXPERIMENTAL PROCEDURE 

Billets of a silicon carbide whisker-reinforced alumina ceramic, whose 

porosities ranged from 0.6 to 11.5 percent, were provided for this 

investigation through the courtesy of J. F. Rhodes [1,2]. A fine-grained 

alumina powder was hot pressed with 25 weight percent silicon carbide 

whiskers to form the billets of the composite material. The billets were 

rectangular plates, 150 mm x 150 mm x 12 mm, except for the highest density 

billet (0.6 percent porosity) which was a cylindrical puck, 110 mm di.im x 

15 mm. The silicon carbide whiskers were produced in a carburization 

process at 1600"C where the sources of silicon and carbon were rice hull 

ash and rice hull hydrocarbons, respectively [3|. Nominal whisker 

dimensions were 0.45 to 0.65 pm diam and 10 to 80 j<m length [3|. 
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The billets were diamond-sawed to fabricate flexure specimens, 

nominally 3 mm x U mm x 50 mm, with the prospective tensile surface, U mm x 

50 mm, normal to the hot press direction. The sides of the specimens were 

diamond-ground flat and parallel by a 30 /xm diamond wheel, and the 

prospective tensile surfaces of the flexure specimens were polished with 9 

lim diamond paste. The specimens were soaked and rinsed in ethyl alcohol to 

remove the wax needed to mount them for polishing, and they were dried in a 

hot air flow. 

The porosity, p, of a flexure specimen was calculated by 

P = 1 - P b/P t (1) 

where p b and p t are the bulk and theoretical densities, respectively. The 

bulk density was determined from the mass and bulk dimensions of the 

specimen. The theoretical density, p t = 3.762 g/cm3, was calculated from 

l//>t = "i/Pi + v 2/p 2 (2) 

where wt is the weight fraction and pt is the x-ray density of the ith 

component: pj + 3.987 g/cm3 for Al 20 3 and p 2 = 3.217 g/cra3 for SiC. 

A flaw of variable size, controlled by Vickers indentation loading 

between 2 and 200 N, was placed in the center of the prospective tensile 

surfaces of several of the flexure specimens. Care was taken to orient one 

set of the radial cracks of an indentation flaw in the direction of 

prospective rupture. The indentations were made in air at room tr-mpf-raf urc 

with a steady loading race that required 15 s to produce a full load. Tin-

diamond pyramid contacted the specimen surface for about 30 s before it w.r. 
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withdrawn to complete the loading cycle. The lengths of surface cracks 

were measured by optical microscopy, using a calibrated scale accurate 

within 2 pm. 

Strength tests were conducted on specimens under 4 point flexure in 

dry nitrogen at room temperature. The gear-driven crosshead of a universal 

testing maching was operated at a constant load-point displacement speed of 

5 mm/min, producing a loading rate of 145 N/s on the material, until the 

applied load attained its maximum value, F, required to rupture the 

specimen. The load was transmitted to the specimen through 6 mm diam 

rollers. Loading was measured by a linear load transducer and was recorded 

on a constant speed chart. The load transducer was calibrated at the full 

scale of the chart with a known 10 kg mass, which was converted to force 

units by the local acceleration of gravity, 9.801 m/s 2. The flexural 

strength, S, was calculated by 

S = Kl^-l^/lW2- (3) 

in which the loading spans were l-^ = 40 mm and t2 = 10 mm and in which the 

nominal dimensions of the specimen were B = 4 mm and W = 3 mm. Following 

rupture of a specimen, it was examined by optical microscopy to confirm 

whether or not the fractured surface passed through a radial crack of the 

indentation flaw. 

III. DATA ANALYSIS 

According to the energy principle, incremental crack extension, dc., 

can occur when the applfed stress- fntensi ty factor, K, is cqu.il to or 

http://cqu.il
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greater than the fracture resistance of a material, Kg. An equilibrium 

position will be attained at K = Kg, if dK/dc < dl^/dc. The criterion for 

the onset of crack-extension instability, leading finally to failure, is 

the point of common tangency, 

dK/dc = dKg/dc (4) 

This point defines the critical stress-intensity factor, K c, or fracture 

toughness for a given configuration of the material. 

To facilitate analysis of the data, a parametric representation of the 

fracture resistance as a fractional power function in crack extension, Ac, 

is used [4] 

KR = MAc/O 1'* (5) 

where K 0, c 0, and r > 1 are constants. The exponent 1/r measures the 

susceptibility to R-curve behavior, that is, the susceptibility for 

fracture resistance increasing with crack extension. When 1/r = 0, Eq. (5) 

gives completely brittle behavior, namely, KR = K 0 = K c. The nature of 

R-curve behavior represents the situation that besides the energy needed to 

propagate a crack at its tip, additional energy is required to overcome 

perhaps the tractions of aggregate interlock and pullout or the restraining 

forces of ligaments in the wake of the crack. In general, he - c - c 

where c is the total crack length and c is a traction-free portion such as 

exists in a prenotched .specimen. 

When a sufficient load, P, is applied to a sharp indenter in contact 

vith a material, and the itulenter is then unloaded, semi-circular radial 
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cracks will develop in the material [5]. The driving force of the crack 

system may be characterized by a residual stress-intensity factor, 

K r = *Pc- 3' 2 (6) 

where x is a constant dependent on the material and indenter geometry. At 

the equilibrium position, Kt = Kg, a tractioned crack length, Ac = c :, is 

produced by the indentation load, P. Thus, the constants c 0 and x a*"e 

characterized by 

C Q = C l(P 0/P)2*/0'*2> 

and 

X = <K 0/P 0)c 0
3' 2 

The crack length, Cj , is assumed to be the half-length of indentation 

surface crack. 

When a freshly indented material is subsequently subjected to a small 

bending stress, a, a bending stress-intensity factor, K h, will be 

superposed upon Kr . The tractioned crack system will grow as long as 

(Kr + K b) > KR. The bending stress-intensity factor may be characterized 

by 

Kb = Yoc 1' 2 (9) 

where Y is a configuration coefficient which is dependent on specimen and 

flaw geometry. Catastrophic failure ensues when the criterion of F.q. {h) 

Is satisfied. Under this condition the tractioned crack has extended to 

(7) 

(8) 
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the onset of instability, c T, and by definition a = S. Solution of the 

fracture mechanics equations gives [4] 

and 

where 

and 

c T/c x = [ 4 r / ( r - 2 ) ] 2 r / t 3 r + 2 ) (10) 

S = S 0(P/P 0) * (11) 

r = 2(l+0)/(l-30) (12) 

K 0 = YS o0-"(l+0)< 1 +" )c o^ 2 (13) 

The maximum flexural strength, S 0, reprcants the situation that a 

crack has extended from an intrinsic traction-free flaw, c p, to the onset 

of instability, c t, under the conditions of K b = KR and dKb/dc = dKR/dc. 

Solution of the fracture mechanics equations in this case gives 

c p/c t = 40/(1+0) (14) 

and 

ct/c„ = 0 - ( 1 + " ) / 2 ( l - 3 0 ) ( 1 - 3 ^ / ^ ( 1 + / 3 )«V2 +l/40+7/4) ( 1 5 ) 

Generally, an indentation crack, cr , will dominate over an intrinsic flaw, 

c , to cause specimen failure at a point of instability of crack-exrension, 

Ac = c T, if c, > c 0. 

IV. EXPERIMENTAL RESULTS 

Three billets at separate porosities of the whisker-reinforced alumina 

ceramic have been characterized. Table 1 gives the moan porosity, p, and 
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Table 1. Values of parameters that define crack-extension in a 25 wt percent 
silicon carbide whisker-reinforced alumina ceramic at selected porosities. The 
uncertainty for each value is its standard deviation. 

Parameter Billet (a) Billet (b) Billet (c) 

A. Porosity 

E. 

p, percent 11.48 + 0.16 4.89 + 0.14 0.60 + 0.03 
No. of measurement* 24 24 24 

Intrinsic Strength 
S 0 , MPa 421 + 11 559 + 12 681 + 15 
No. of measurements 11 6 6 

Indented Beam Strength 
fi 0.276 + 0.015 0.266 + 0.009 0.262 + 0.014 
Po. N 8.5 + 1.3 4.7 + 0.5 4.9 + 0.7 
No. of measurements 13 18 18 
Percent <log.(S)> + 1.7 + 1.3 + 2.0 
Student's t for 95 % 
confidence interval 1.80 1.75 1.75 

Indented Crack Length 
c c , **m 28.9 + 2.4 18.1 + 1.2 18.8 i 1.6 
X 0.095 + 0.003 0.088 + 0.002 0.110 + 0.005 
No. of measurements 6 6 6 

Fracture Resistance 
r 14.8 + 4.0 12.5 + 1.8 11.8 + 2.6 
K O I MPa-m 1' 2 5.17 + 0.25 5.35 + 0.17 6.61 f 0.32 
c T / C l 2.66 + 0.04 2.69 + 0.03 2.70 + 0.04 

Intrinsic Flaw Size 
c

P / c t 0.86 + 0.04 0.84 + 0.02 0.83 ± 0.04 
c t/c 0 3.41 + 0.10 3.32 + 0.06 3.29 f 0.09 
c p , Mm 85 + 17 50 + 7 51 + 9 
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the standard deviation of the mean from measurements on 24 flexure 

specimens from each billet. In general, specimens from the edges of the 

billets tended to be slightly less porous. 

Figure 1 shows the bending strength as a function of indentation load 

at the selected porosities of the material. The open circles which are 

arbitrarily plotted at log 1 0(P) = 0 correspond to strengths of non-indented 

specimens. A plateau of strength, S 0, which is invariant with indentation 

load exists over a region of small indentation flaws at each porosity, but 

the range of this plateau decreases with decreasing porosity of the 

material. Figure 2 shows S 0 as a function of the porosity, p. A straight 

line, the logarithm cl Eq. (11), was fitted by a method of least squares to 

evaluate the coefficients 0 and P0 at each porosity. Table 1, using the 

mean values of S 0 to calculate the respective P„. Only those indentation 

loads which correspond to the fractured surface having passec through a 

radial crack of an indentation flaw are considered valid points for the 

fit. The dashed line describes a slope of -1/3 which a fracture toughness 

invariant with crack size in the region of large cracks would indicate. 

Figure 3 shows the half-length of surface -rick as a function of 

indentation load at the selected porosities of the material. The dashed 

line is a least-squares-fit to the observed data. In principle an 

alternative value of 0 could be deduced from the slope of this fit, (l+/9)/2 

= 2r/(3r+2). However, evaluation of 0 from Eq. (11) is preferred because 

the variance of (l+£)/2 would have to be 0.25 of the variance of 0 from the 

slope of the strength data to provide the same variance of r. The solid 

lines In Fig. 3 describe the slope (l+/?)/2 at the respective porosities of 

the material where /? was deduced from the strength data. Clearly, there is 

a bias in the small crack region of indentation loads due to the failure to 
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observe the complete crack length by optical microscopy. Using r and P„ 

from the indentation-strength data, the constant c 0 was evaluated by Eq. 

(7) with c : only from the large crack region of indentation load, P. Table 

1 gives the mean value of c 0 at each porosity. 

Since Eq. (11) is believed to provide a reasonable fit to the observed 

strength data, the supposition of Eq. (5) is confirmed as a reasonable 

representation of the fracture resistance at the selected porosities of the 

material. Table 1 gives the values of r and KQ deduced from Eqs. (12) and 

(13), respectively, using Y = 1.174 [4]. Figure 4 shows the fracture 

resistance, Kg, as a function of Eq. (5). The length of the shaded region 

at a given porosity describes the range of values of the critical stress -

intensity factor, K e, at the onset of crack-extension instability, c T, 

deduced from the analysis of the experiments. 

While the R-curve of the material at a given porosity was evaluated 

from the indentation-strength measurements with P > P 0, the intrinsic flaw 

size, c , was evaluated from the strength measurements on non-indented 

specimens, including thos~ with P < P 0. Figure 5 shows typical stress -

intensity factors generated as a function of cr.i <• length, c. The 

intersection of the Kr and KR cirves describes in general the indentation 

crack size, c x . When the applied flexural stress is increased to the 

strength value, a = S, K b is superposed on K r and the crack is extended to 

the onset of instability, Ac = c T. Table 1 gives the values of cT/Cj at 

the selected porosities. When the applied flexural stress is increased to 

a = S 0 in cases where P < P 0, the crack is extended to the onset of 

instability, Ac •-- c, -r . In this case the intrinsic flaw, c_ , which is 

considered traction-free dominates over the indentation crack, c t < c Q, to 
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ure U. Fracture resistance as a function of crack extension of a 25 
wt percent silicon carbide whisker-reinforced alumina 
ceramic at selected porosities. The shaded region at a 
given porosity represents the 95 percent confidence interval 
of K R. 
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cause material failure. Table 1 gives the values of c p/c t, c t/c 0, and c p 

at the selected porosities. 

V. PROPAGATION OF ERRORS 

Analysis of the random errors in the strength measurements will 

elucidate whether or not the Kg curves themselves, appearing to increase 

with crack-extension, and the apparent difference in the K R curves at the 

selected porosities of the material are significant, while the 

uncertainties listed in sections A and B of Table 1 are the standard 

deviations of the mean p and of the mean S„ , respectively, the standard 

deviations of fi and of the mean log(S) in the indentation-strength 

measurements follow the statistical analysis of a straight line [6j. 

The standard deviations of the other parameters in Table 1 were estimated 

by the law of propagation of errors. According to the principle of least 

squares applied to the logarithm of Eq. (11), the ordinate intercept is 

[ log(S 0 ) + /Mog(P 0 >] = <log(S)> + /?<log(P)> (16; 

where <log(S)> = 7, logfS. )/*l and where P is assumed not subject to error. 

The variables <logfS)> and $ can be shown to be statistically independent 

[6], a necessary requireii.ont for the validity of the law of propagation of 

errors. Using F.q. <\f>) , variances of the parameters were derived as li.sred 

in Table 2. The standard deviation of a given parameter is the square root 

of its variance. The ')'•> percent confidence interval i i the product of the 

standard deviation and the Student's t "> | . 
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Table 2. Propagation of Errors Foraulas: Var(Z) = J^SZ/cIXj ] 2 Var(x t ) 

z 
[iSZ/4xiJ at respective xt 

z 

0 <log(S)> log<S„> log<c x> 

r 8 / ( l - 3 0 ) 2 

log(P 0 ) [<log(P s )> 
- l o g ( P 0 ) l / ^ 1/0 1/0 

log(c„) l ( U 0 ) < l o g ( P s ) > 
- log(P 0 ) 
-0 log<P e>]/2/? (\+0)/20 (\+0)/20 1 

log(x) log( l+ l /0 ) -Klog(P s )> 
-log<P c> 1 2 

log(K 0 ) log( l+ l /0)+[ ( l+0)<log(P, )> 
-log(P 0)-/?log<P c>]/4/» (1+0)/<>0 O0-\)/<*H 1/2 

log(K a ) log(l+l/ /3)-Klog(P 1 )> 
-log<P e>+2[log<c I> 
- log(c)) /<l+/J) 2 1 20/(\+0) 

log(cr/cI) [ l o g ( l + l / £ ) - l / 0 ] / 2 

l o g ( c p / c t ) V O + 0 ) 2 

l o g ( c t / c e ) 1/(1+0)-log</3)/2 
- l o g ( l - 3 0 ) / 4 0 2 

+ ( l - l /2 /3 2 ) log( l+ /} ) /2 

l o g ( c p ) [ ( l+^)<log(P,)>- log(P 0 ) 
- log(l-3/)) /2/n/20+l/ /? 
+ [ ( l - l /2 /J 2 ) log( l+0) - log<0) 
-log<P c >]/2 d+0)/20 d+0)/20 1 

<log(P,)> = mean log(P g ) of indentation-strength measurements 
<PC> = mean Pe of crack length measurements 

log(N) = log,(N) 
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Figure 4 shows the 95 percent confidence intervals of K R, being ± 3.8, 

± 3.3, and ± 5.2 percent for a crack-extension of Ac = 0.5 mm at the 

selected porosities of 11.5, 4.9, and 0.6 percent, respectively. 
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R. Chang, J. Sawyer, and C. Okoh 

Acurex Corporation 
Environmental Systems Division 
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ABSTRACT 

Ceramic filters offer a promising approach for particulate 
control from high temperature gas streams. The major concern is the 
long-term durability of these filters in the hostile environment of 
the hot corrosive gas stream. The objective of the program is to 
determine the causes of ceramic filter failure during use and to 
propose development work needed to improve the reliability of these 
filters. 

A literature search was conducted to determine the major types of 
ceramic filters. Manufacturers and users of the filters were 
contacted to determine their application experience with various 
filter types and to obtain samples for further analysis. 

Failure analysis was conducted on different samples using a 
combination of surface and structural analysis techniques Including 
SEM, EDX, EPMA, AES and X-ray diffraction. Stress analysis was 
performed to relate filter mechanical properties with areas of stress 
concentration during use. This paper summarizes the effort to date on 
failure analysis. 

INTRODUCTION 

The need to control particulates that result from the combustion 
or gasification of coal Is an essential Issue that affects the 
viability of advanced coal-use technologies, such as gasification, 
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pressurized fluidized-bed combustion and direct coal-fueled heat 
engines. Particulates from the hot-gas stream from these processes 
must be controlled to protect components of the energy system and to 
meet environmental emissions requirements. High-temperature ceramic 
f i l t e r s offer a promising approach for the removal of particulates 
from these hot-gas streams. Tests with dif ferent types of ceramic 
f i l t e r s have shown they can tolerate high-temperature (>850°C) 
exposures and co l l ec t particulates e f f i c i e n t l y . However, durabil ity 
problems encountered during the use of the f i l t e r s at high 
temperatures led to concerns over the long-term r e l i a b i l i t y of ceramic 
f i l t e r s . 

The objective of the present project i s to determine the 
principal causes of fai lure of ceramic f i l t e r s used for the removal of 
f ine particulates from high-temperature, high-pressure (HTHP) gas 
streams in coal conversion and u t i l i z a t i o n systems, such as 
fluldized-bed combustors, direct coal-f ired gas turbines, and coal 
gas i f i ca t ion systems. Materials research and development to improve 
the r e l i a b i l i t y of these f i l t e r s and design features of current 
f i l t e r s which contribute to material fa i lure w i l l then be ident i f i ed . 

In the present paper, a summary of the findings to date on the 
project wi l l be presented* 

MAJOR TYPES OF CERAMIC PILTERS 

The major types of ceramic f i l t e r s currently under development 
can be c l a s s i f i e d into three groups: 

Ceramic fabric f i l t e r s — These are f l ex ib le f i l t e r s made from 
ceramic fibers which are formed into a mat or woven as a c loth . In 
the mat form, the fibers are short and the structure i s too weak to be 
se l f supporting. The mat Is therefore supported by screens on each 
s i d e . 1 The short fibers tend to be unstable and would gradually be 
los t into the gas stream. As a resu l t , recent emphasis has been in 
the development of woven f i l t e r s . * 
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In the woven form, continuous filament yarns or yarns twisted 
from staple fibers (short fibers) are made into cloths with different 
weave patterns. Continuous filament cloth? tend to form filters with 
smooth, slick surfaces while staple yarns form cloths with a 
texturized appearance. The filters are generally tubular in shape and 
are designed like conventional bag filter units. The current approach 
is to produce seamless filter tubes since earlier versions of seamed 
filter bags which were constructed like conventional filter bags 
encountered seam durability problems. 

The most common filter fiber materials include continuous 
filaments of slllca-alumlna-borla and staple fibers of silica alumina. 
Other materials such as silicon carbide, quartz, different 
compositions of fiberglass, zirconla, zirconia-silica, and alumina 
have been used but only limited data is available because of the short 
test durations. 

Ceramic candle filters — These rigid tubular filters are made by 
bonding ceramic fibers or grains or a combination of these.*»^ Candles 
are produced commercially for filtration applications. The most 
common forms are made of silicon carbide or alumina-silica grains held 
together with a clay binder. In one type, alumina-silica fiber tufts 
are added to the silicon carbide grain structure to Improve air 
permeability. 

In more recent approaches, the filter candles are produced in two 
layers. The outer layer, or filtration surface, consists of a dense, 
thin layer of small pore openings. This surface layer is the primary 
filtration surface and can be formed from small grains or fine 
fibers.^ The thin outer layer is supported by a thick, highly porous 
grain structure used mainly to impart overall strength. 

An alternative to granular filter candles is the formation of 
candles composed of fine cer imic fibers bonded with clay binde. 3. The 
fibers are alumina or alur;lna-sl! ica based material. »*> 

Ceramic monolith filters — The monolith filter is the most 
compact of rhe different filter geometries and consists of multiple 
filter cells packaged Into a honeycomb shape. There are two types 
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currently under development. One type is a honeycomb shape formed by 
the extrusion of a ceramic mixture (with cordierite or mullite as the 
major component) which is then fired into a rigid structure.' 
Alternate upstream and downstream cells are blocked so that the dirty 
gas stream is fcrted to flow across the porous cell walls. These 
filters are mainly developed to remove particulates from diesel engine 
emissions and has not been applied for coal-fired applications. 

The major monolith filter type currently under development for 
coal-fired applications is a cross flow filter." The basic concept is 
similar to the honeycomb filter with the exception that the inlet and 
outlet flows travel crosswise Instead of parallel to one another. 
Because of the cross flow configuration, the filter cannot be extruded 
as a single piece but instead has to be formed from individual filter 
"tiles" bonded to form a monolithic structure. The filter material is 
basically cordierite. 

Besides the three major ceramic filter categories, efforts are 
underway to develop new ceramic filter types and configurations. Some 
of the more interesting types include: 

• Ceramic sponge 
• Fiber reinforced s i l i c o n carbide composite f i l t e r s 
• Fabric f i l t e r s with high-temperature coatings 
Since these are developmental filters, little performance 

information is available. 

FILTER STRESS ANALYSIS 

A significant number of filter failures to date can be attributed 
to excessive stresses being Imposed on the filter, often as a result 
of improper design. If the magnitude of stresses encountered by the 
filter can be estimated and compared with estimates of the failure 
strength of the ceramic material, steps can be taken to select proper 
materials and design conditions where the filter material will hold 
up. 
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Each of the filter types are sensitive to different stresses. A 
fabric filter is flexible and therefore less susceptible to thermal 
shock and vibrational perturbations compared to rigid filter types. 
However, it is sensitive to damage from flexing and aoraslon. The 
different stresses which can be damaging to a fabric filter are shown 
in Figure 1. 

The tensile break strength of different filter fabric materials 
range from 20 to 200 lb/in.9 The axial stress due to the weight of 
the filter and dust and the hoop stress imposed by the cleaning pulse 
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Figure 1. Source of Stresses in a Bag Filter 
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ranges from 1 to 2 lb/in. under normal operating conditions.10 In 
general, these stresses should not cause any problems. However, in 
some cases, the tensile break strength of the filter fabric can be 
quite low because of a flaw in the weave or degradation of the ceramic 
material. For example, a few filter Cubes have been observed to split 
axially in what is considered as a "seam" failure. In these filters, 
it was determined that the "seam" region was an order of magnitude 
lower in tensile break strength compared to the rest of the fabric and 
the I to 2 lb/in. stresses encountered is close to the break 
strength. 

In some applications-*, the filter was degraded severely by the 
environment during use. The break strength of the material was 
acceptable at the beginning but was too weak at the end. Information 
on fabric materials properties such as strength as a function of time, 
temperature, and gas phase components would be valuable in the design 
of filters for specific applications. 

localized high stress concentrations can be exerted by sharp 
instruments or excessive folding of the fabric during handling and 
installation or by pressure from clamping. In many cases, the damage 
is not noticeable until actual use. It is difficult to estimate the 
magnitude of th?se stresses. Proper installation procedures and 
design should be incorporated to avoid these stress conditions. For 
example, the cl?.mps can be rounded at the edges to prevent sharp 
corners and a flexible gasket material should be used between the 
clamps and the support cage. 

There Is also no good method for estimating the abrasion damage 
caused Ly dust Impinging on the filter surface or In passing across 
the filter. Results to date show no observable damage. In fact, the 
presence of dust In the filter appears to Improve the flex-abrasion 
resistance of some filters.'»'" There are also no data to date to 
indicate filter failure caused by flexing and self-abrasion. 

Candle filters are rigid structures and susceptible to thermal 
shock and 'ibratfons. These are probably the major causes f̂ r any 

damage observed to date on this otherwise strongest of the different 
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ceramic f i l t e r types. The different stresses in a candle f i l t e r are 
shown in Figure 2. 

Available data on ceramic candles nude of si l icon carbide, show 
break strengths around 2,000 pslg.^ fhe stresses In the candle caused 
by the weight of the candle and accumulated dust are on the order of 
several pslg and those, due to the pressure differential across the 
f i l t e r , are less than system pressure. 
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Figure 2. Source of Stresses In a Candle Filter 
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The maximum stress Induced In the candle filter during pulse 
cleaning with room temperature gas can be estimated by: 

a = Stress 
a = Coefficient of thermal expansion 
AT = Temperature differential between pulse gas and filter wall 
E = Young's modulus 
u = Poisson's ratio 
Assuming a = 5 x 10"6 In./in. °F, AT = l,500°F, E = 10 6 psl, and 

u =0.3, the stress o has a value of 10^ psl. This maximum stress 
value actually exceeds the measured break strength of the candle. 

This maximum stress occurs at the moment the cold pulse gas 
enters the filter candle. In practice, some heating of the pulse gas 
will have occurred as the gas travels down the pulse tube as well as 
when some of the gas mixes with the hot gases in the candle. Also, 
the candle will begin cooling fairly quickly as the pulse gas reverses 
flow across the filter. Another problem Is the lack of data on the 
various properties of the ceramic candle. The calculation above was 
based mostly on estimated values. 

It can be seen that the stresses caused by the thermal shock can 
be very high. This is especially severe near the entrance region 
where the temperature differences are the greatest. The candle Is 
generally not permeable near the flange region so that any thermal 
gradients remain fairly steep due to slower cooling. The flange 
collar Is also an area of stress concentration. Some candles are 
fabricated with rounded flanges to minimize this stress 
concentration. 

The tubular, symmetrical candle structure Is sensitive to 
vibrations induced by the cleaning pulse or any movements in the 
filter vessel. The pulse can in the worst case s«t up a resonant 
frequency In the candle much like blowing into a tube. Or the pulse 
can be misaligned so that part of l',.e jet Impinges on one side of the 
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candle wall. Any small displacements can Impose significant stresses 
as estimated by the equation: 

° t = 7 71-no ( 2 ) 

where 
at = tangential or hoop stress 
u = small displacement due to vibration 

Assuming a small displacement of u = 2 0 microns due to vibrations 
so that (u/r) = 10" 3 , o t = 1,400 ps l . 

Combinations of thermal and vibrational s tresses could even be 
more severe and have order of magnitudes c lose to the yield strength 
of the candle. Any perturbations from normal operation such as high 
pulse flow or any deterioration of f i l t e r strength with time can cause 
f i l t e r fa i lure . Proper design should eliminate most of these 
problems. 

Ceramic cross flow f i l t e r s have problems similar to candles 
although their monolithic structure and fabrication method could 
present some unique s i tua t ions . A sketch of the different s tresses i s 
given In Figure 3 . 

The measured rupture strength of the cross flow f i l t e r i s about 
1,400 ps lg . Using equation 2, the maximum thermal s tress i s 
estimated to be around 10,000 psig for a temperature d i f ferent ia l of 
1,400°F. This s tress i s In excess of the yield strength of the f i l t e r 
material . The actual temperature d i f ferent ia l s are lower since the 
pulse gas wi l l get part ia l ly heated up before It contacts the ceramic 
f i l t e r surface. Like the other types of ceramic f i l t e r s , there Is a 
general lack of useful data on ceramic material properties. In any 
case, the s tresses can be s ign i f i cant , espec ia l ly near the entrance to 
the f i l t e r and regions where the f i l t e r thickness varies . 

The monolithic structure of the f i l t e r creates nonuniform 
temperature distr ibut ions during pulse cleaning, startup, and shutdown 
since different parts of the f i l t e r heats up quite d i f ferent ly . This 
Is accentuated by the nonuniform thickness and permeability of the 
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Figure 3. Source of Stresses in a Cross Flow Filter 

structure. The filter is also formed from individual tiles held 
together by a different refractory material. Any incompatibilities in 
the cement and the tile material such as different coefficients of 
thermal expansion (CTE) could produce localized stress concentrations. 
A result of this is delamlnatlon of the tiles. 

STRUCTURAL ANALYSIS 

Results ot analysis with SEM, EDX and x-ray diffraction, show 
significant variations in the structure and surface of different 
filter types and the effect of flyash components on the surface. 

Figures 4 and 5 show the surface of a sillca-alumlna-boria based 
fabric which has been exposed to a high-temperature gasifier 
atmosphere. The fabric lost 99 percent of Its strength after 
exposure. There is significant fusion of ash on the filter fibers 
which can cause embrItdement. The surface appears pitted, perhaps as 
a result of gas phase or ash component attack. The fibers are being 
studied further with x-ray diffraction and electron probe 
microanalysis. X-ray diffraction studies of the same material heated 
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Figure 4 . Surface of a Sllica-Aluralna-Borla Based Fabric 

Figure 5. Ash Fusion on Fabric 



CI 

to l,000°F and l,600°F in air, show definite changes in the phase 
composition and crystalline size (Figure 6) with much sharper 
diffraction peaks after heating at the higher temperatures. Thus, 
even in air, there Is evidence of significant changes In the ceramic 
structure. 

The surface of a layered candle is shown in Figures 7 and 8. 
Figure 7 shows the unique construction of this filter which has a thin 
surface layer of dense fibers on top of a porous substrate of silicon 
carbide grains. The dense surface layer serves as the primary filter 
for dust. Figure 8 shows the filter surface after application in a 
gasifier. The filter sample was cleaned thoroughly by vacuuming and 
immersion in an ultrasonic bath. This was followed by heating in air 
at l,00O°F for A hours to drive off residual carbon deposits. There 
still appears to be significant dust attachment to the filter. This 
dust adhesion could lead to eventual blinding of the filter. 

An example of the cross flow filter surface is shown In Figure 9. 
Unlike the other filter types, the surface contains a very nonuniform 
pore size distribution with pores of several hundred microns evident. 
These large pores, however, are not continuous across the filter wall. 
After use, the pores can be seen to be filled with dust (Figure 10). 
There did not appear to be any significant loss in permeability or 
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cleanabllity during the test period In which this filter was exposed.0 

However, there is evidence of ash fusion (Figure 11). 

SUMMARY 

From the results and analysis to date, some of the preliminary 
conclusions derived are: 

• Filter failure generally occurs when stress levels 
encountered by the filter during use exceed the yield/rupture 
strength of the weakest point In the filter. This excessive 
stress level can be encountered under various conditions such 
as: 

Improper clamping or mounting design 
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Figure 7. Surface of Layered Candle 

Figure 8. Surface of Used Candle 
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Figure 11. Ash Fusion on Cross Flow Filter 

Excessive pressure drop across the filter 
Vibrations 
Excessive pulse cleaning pressure 

— Thermal gradients set up during startup and shutdown 
— Thermal shock from cleaning with cold pulse gas 
The mlcrostructure of some of the ceramic filter materials, 
such as phase composition and crystalline size, changes with 
time and temperature. This has a direct effect on the 
overall mechanical properties of the filter such as yield 
strength and modulus of elasticity. In general, the filter 
material turns weaker and more brittle on exposure to 
temperature. 
Some of the filters are made of strong and Inert material 
such as silicon carbide but are held together by clay-based 
binders which can limit the effective range of application. 
For example, there Is evidence of attack of flyash components 
on the hinder material in ceramic candles. Another example 
is cross flow filter delamlnation as a result of 
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I n c o m p a t i b i l i t y of the "glue" holding the d i f f e r e n t f i l t e r 

l a y e r s . 

• Gas phase and ash components can a f f e c t the f i l t e r mater ia l 

by I n t e r a c t i n g with some of the components In the m a t e r i a l . 

A l k a l i components can be e s p e c i a l l y a c t i v e . One of the major 

problems Is the formation of l o c a l f l u x e s which can cause 

f l y a s h t o s i n t e r on the f i l t e r and e v e n t u a l l y cause b l i n d i n g . 

Other problems Include the weakening of the f i l t e r s t r u c t u r e 

on exposure to temperature and g a s e s . 
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IMPROVED CERAMIC COMPOSIT S THROUGH 
FIBER-MATRIX INTERACTS 

J.L. Bates, C.W. Griffin, W.J. Weber, and E.L. Courtright 

Materials Sciences Department 
Pacific Northwest Laboratory*3' 

P.O. Box 999 
Richland, Washington 99352 

ABSTRACT 

Preliminary analyses of matrix/fiber interactions between 
Si3N4 matrix with 5 wt.I MgO added as a sintering aid, and 
Nicalon™ ( b ) silicon carbide fibers have been performed. Specimens 
with 0, 10, and 30 vol.2 fibers were prepared by hot pressing at 
1750 C in one atmosphere of nitrogen. Specimen characterization 
revealed that a significant, amount of magnesium diffuses into the 
silicon carbide fibers during fabrication. Free carbon on the 

TM surface of the Nicalon appears to play an important role in 
debonding. No evidence of Si enrichment or Si02 formation have 
been found at the interfaces. 

INTRODUCTION 

Fiber-matrix interfaces play key roles in the performance of 
ceramic matrix composites. Since ceramic composite systems are a 
relatively new field, the nature of these interfaces and their 
relationship to mechanical properties, microstructure, process 
history, or environmental exposure are not yet well understood. 
The work reported in this paper represents the start of a program 
aimed at understanding and controlling the fiber-matrix interface. 
The ultimate objective is to control properties in a way that will 

(a) Pacific Northwest Laboratory is operated by Battelle Memorial 
Institute for the U.S. Department of Energy under Contract Dli-
AC06-76RLO 1830. 

(b) Nicalon is the registered tademark of Nippon Carbon Co. 
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enhance the use of ceramic matrix composites in fossil energy 
applications. Principal objectives include: (1) develop a basic 
understanding of fiber-matrix interface reactions; (2) relate this 
understanding to process history and service behavior, and (3) 
develop methodologies to modify or otherwise control the fiber-
matrix interface in a way that will improve bulk composite 
behavior. 

The initial research work, as reported herein, investigates 
the microstructure and chemical interactions at the fiber/matrix 
interface of a silicoa nitride/silicon carbide reinforced 
composite. Our initial goal is to determine the effect of 
interfacial chemistry on fracture behavior and, if possible, relate 
these effects to process history or matrix rhase additions. With 
this knowledge, modifications can hopefully be made to the matrix 
and fiber components, or in the fabrication process, in order to 
further improve bulk composite properties. 

BACKGROUND 

The composite system chosen for these initial studies 
consisted of a MgO doped Si3N^ matrix reinforced with SIC fibers. 
Silicon nitride exhibits several important characteristics such as 
high strength at high temperatures, good oxidation resistance, and 
good thermal shock resistance that are attractive for use in fossil 
energy applications. This work complements other Fossil Energy 
Materials Programs where process technologies fox fabricating 
Si3N^/SiC composite systems are currently under development. 

A major processing concern in fabricating any ceramic 
composite system is the difference in properties between the 
reinforcir.g fiber and matrix phases that can influence the 
integrity of the densitied composite. For example, fhe thermal 
expansion of silicon carbide is greater than silica, nitride. When 
a compos it a prepared from these two materials cools from a high 
sintering temperature, the silicon carbide fibers contract more 
than the silicon nitride matrix. If the fiber-matrix bond is 
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sufficiently strong, the fiber contraction should pre-stress the 
matrix in compression and the fibers in tension. This could 
potentially increase the composite's strength under conditions 
where matrix fracture is the controlling process, un the other 
hand, if the interfacial bond is too strong, and no relative 
slippage between fiber and matrix can occur, the composite may 
behave more like a monolith with increased susceptibility to 
fracture. Improved knowledge of the fiber/matrix interface will be 
essential to the ultimate development and optimization of all 
ceramic composite systems. 

EXPERIMENTAL APPROACH 

M.'.VErvIA'.S 
A!, x-ray fluorescence analysis of the starting materials is 

picseitcd in Table 1. The matrix was a LC-10 grade Si3N4 powder 
produced by HC Starck Company in West Germany. Five weight percent 
magnesium oxide was added as a sintering aid by dry mixing the two 
powders for A hours in a Turbula blender. X-ray diffraction (XRD) 
analysis of the starting matrix powder revealed mostly alpha-Si3N,; 
with less than 101 beta-Si3N4. 

TM The silicon carbide fibers were ceramic grade Nicalon , 
obtained from Nippon Carbon Company, and were typically 15 to 20 
microns in diameter. These fibers have been reported to contain 
both free carbon and up to 101 Oxygen as Si02« A chemical 
composition of SiC 0 has been suggested for the ceramic grade 
material. Our XRIi analysis revealed broad peaks near the beta-SiC 
positions indicating amorphous or very fine crystallites. No 
evidence of crystalline S102 was foi-.nd, which suggests that this 
phase could be present as a glass. 

COMPOSITE SPECIMEN FABRICATION 
The general procedure used to make fiber reinforced specimens 

is illustrated in Figure 1. The chopped fibers were first washed 
in acetone to remove any sizing or small particles created during 
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Table 1. X-Ray Fluorescence Analysis of Composite Starting 
Materials 

Elements 
Al 
Mg 
Na 
P 
Si 
Ti 
S,Cl,K,Ca,P 

Co 
Ni 
Cu 
Zn 
Se 
Sr 
Zr 
Mo 
Ba 
Mn 
As 
Others 

Units 
wt.; 

ppm 

sic ( a ) 

Fibers 
< C. 
< 0. 
0. 

< 0. 
58. 
0. 

25 

85 
44 
1 
01 

< 0.20 

6 
3 
9 
2 
1 
19 
13 
3 
62 
27 
1 
20 

Si 3*4 
(b) 

5 wt.X MgO 

< 0 .25 
4 .5 
0 . 0 5 

< 0 . 4 9 
55 .9 

< 0 . 0 1 
< 0 . 2 0 

< 6 
4 
3 

< 2 
< 1 
< 1 

5 
< 1 
< 18 
< 10 

2 
< 20 

(c) 

( a ) Nicalon™ fibers, P-l mm, Lot AP010029, Nippon Carbon Co., 
.Tokyo, Japan 

' Si 3N4 Grade LC-10, H.C. Starck, Berlin, West Germany 
99.9Z MgO Semi-Elements, Inc., Saxonburg, Pennsylvania 

the chopping operation. A scanning electron micrograph of the 
washed fibers is shown in Figure 2. The fibers were then disbursed 
in alcohol using a high speed blender before the pre-mixed silicon 
nitride powder was added. After one minute of blending, the 
mixture was poured into a vacuum casting apparatus. This process 
leaves a solid cake when the excess liquid is removed from the 
slurry. The cake then becomes the feed material for subsequent 
consolidation. Unreinfoiced Siohfy and composites containing 10 *nd 
30 vol.Z chopped SiC fibers were hot pressed in a 76 mm (3 inch) 
diameter graphite die at 1 atmosphere of nitrogen. Movement of the 
hot press pistons began at 1600 C and the pressure was increased to 
24.1 MPa (3500 psi). The composite was then heated to a final 
temperature of 1750 C under load and held at temperature and 
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Figure 1. General Composite Fabrication Procedure 

pressure for 30 minuter. The specimens were then hot ejected from 
the die and cooled to room temperature at a rate of approximately 
300 C per hour. After hot pressing, the billets were cut into 
individual samples for evaluation purposes. 

The hot pressing conditions had been preselected to obtain 
good consolidation and maximize fiber/matrix contact in order to 
study potential interfacial reactions. Some loss In fiber strengU; 
due to thermal treatments in nicrogen at or above 1600 C may 
occur. However improved toughness has been reported in hot 
pressed Si 3N 4/SiC at 1 ?50°-1850°c/ 

The density of rhe hot pressed composites and the volume 
fraction of beta-Sl3N4 are listed in Table 2. Density decreased a-
the volume fraction of fibers Increased, because the lower denr.iiy 
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Table 2. Density and fi- to et-Si3N4 Ratio of 
Hot Pressed S13N4/S1C Composites 

Fiber Density 
Volume Z gm/cm3 0-Si.-^^ltL-S±-^L 

0 3.16 4.00 

10 3.10 2.33 

30 3.02 1.50 

fibers (2.55 g/cnr) replace the higher density Si3N4+ MgO matrix 
(3.18 g/cnr). X-ray diffraction analysis showed that the fraction 
of the beta-Si3N4 decreased as the fiber volume increased. 

T.ESULTS AND DISCUSSIONS 

MICROSTRUCTURAL ANALYSIS 
The microstructure of an unreinforced silicon nitride specimen, 

is shown in Figure 3. High density areas and porous regions can 
readily be seen in the optical micrograph. Scanning Electron 
Microscopy and Energy Dispersive X-ray (SEM-EDX) analysis revealed 
that the porous regions have a lower concentration of the MgO 
sintering aid. The concentration was apparently too low to provide 
a sufficient quantity of the MgO*S102 liquid phase needed for 
complete densification. These results suggest that dry blending 
did not uniformly disperse the sintering aid. 

The microstructure of a 10 vol.Z fiber composite is shown in 
Figure A. The distribution of fibers was very uniform throughout 
the composite cross-section. During hot pressing, the fibers 
tended to align perpendicular to the pressing direction which 
results in two dimensional reinforcement. Matrix phase porosity 
was also more evenly distributed in the 10 vol.Z composite than in 
the unreinforced sample as shown in Figure 3. 

Energy Dispersive X-ray analysis showed that the fibers may 
contain up to 14 wt.Z MgO (calculation based on Mg concentration) 
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Figure 2. Scanning Electron Micrograph of Washed Fibers 

and that the magnesia concentration in the matrix close to the 
fibers was below the initial 5 wt.Z addition. The impurity level 
reported in Table 1 and supporting SEM-EDX analysis of the Nicalor. 
fibers prior to fabrication indicate less than .04 wt.Z Mg in the 
starting fibers. Thus, the mobility of Mg is sufficient to allow 
significant amounts of this element to diffuse from the matrix into 
the fibers. 

Depletion of MgO in the matrix may account for regions of 
low»;r porosity observed in the matrix phase itself as illustrated 
in Figure 4. In addition, the fibers appear to have dark cer.tf-rr;. 
This optical contrast may be due to a second phase or to a 
magnesium gradient across the fiber radius. Analysis of the Lit tor 
possibility has not yet been completed. 

Herron and Risbud observed a similar result in B.-i-Si-Al-O-N 
glass ceramic composites. They reported that Ba diffused into th<-

TM SiC fibers (Nicalon ) from a barium containing glass matrix and 
also observed dark, circles at the center of their fibers surrounded 
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by lighter rings. The dark centers contained only silicon and 
carbon whereas the lighter rings contained barium along with 
silicon and carbon. 

The microstructure of the 30Z composite is shown in Figure 5. 
While the field of view shown appears to be reasonably uniform, the 
bulk hot pressed composite exhibited segregation on a macroscopic 
scale. No further analysis was performed on the 30Z material and 
plans have been made to re-fabricate the composite. 

FRACTURE ANALYSIS 
A specimen of the 10 vol.Z SiC composite was notched and 

fractured to provide a fracture surface for examination by SEM. 
This fracture surface is shown in Figure 6, and appears to be 
typical of many ceramic fiber reinforced composites. There is 
evidence of both fiber pull-out and debonding at fiber/matrix 
interfaces. The fiber ends appear to have fractured cleanly. 
There is very little evidence of microcracking or preferred crr.ck 
propagation paths through the matrix itself. The grain size in the 
silicon nitride matrix is relatively small compared to the fiber 
diameter, and appears to be equiaxed as opposed to the fibrous 
beta-Si3N4 microstructure reported by Shalek and co-workers for 
magnesia doped silicon nitride hot pressed at the same 1750 C 
temperatu.e. The surface of the individual fibers are noticeably 
rougher as compared to the pre-hot pressed condition. (Figure 2) 
There is evidence of grain growth and of matrix phase grain 
imprints along the full length of the exposed fiber surfaces. Thi'i 
condition was also reported by Shalek, et al. A mechanically 
rough surface like this would be expected to limit interfacial 
movement and explains the low nurrber of pull-outs observed in the 
fracture surface. 

To obtain more detailed information on the chemistry of the 
interfaces, a second 10 vol.Z SiC specimen was fractured in-situ 
under high vacuum and examined by Auger Electron Spectroscopy 
(AES). A line trace of relative oxygen and carbon concentrations 
across the diameter of a fractured fiber is shown in Figure 7. 
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Figure 6. Scanning Electron Micrograph of the Fracture Surface 
of a 10 volZ Fiber Composite 
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Figure 7. Oxygen and Carbon Trace Across a Fiber by AES 

There is a trend shown in this and other AES traces for the 
high oxygen concentrations to be associated with low carbon 
concentrations; however, this trend was not rigorously established. 
It was apparent tnat the 0/C ratio varied across the fiber. The 
edges of the fibers.within 2 /ra of the surface, generally display 
higher carbon peaks. Future analyses using a new fine-spot AES 
instrument with a resolution of 25 ran will greatly improve our 
ability to determine silicon, oxygen, carbon, and magnesium 
distributions both within fibers and at interfaces. 

Analysis of the fiber surface also revealed even 
concentrations of carbon, which may be elemental carbon. This 
carbon layer (thickness currently undefined) was apparently 
instrumental in the fibers debonding from the matrix phase during 
fracture. This carbon may be associated with incomplete removal of 
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the sizing. Chemical analysis of the valley or trough regions in 
the matrix where fibers had once been in contact with the matrix 
exhibited very high carbon and typically very low concentrations of 
oxygen and magnesium. The silicon/nitrogen ratio was ua. the order 
of 0.75 consistent with stoichiometric 813*14. In the matrix area, 
the carbon content was low (~ 3 a/o), and the oxygen concentration 
was on the order of 15 a/o. 

Analysis of the debonded fiber surface revealed two different 
chemistries. One was similar to that found in the matrix valleys 
and the other exhibited low carbon with high magnesium and oxygen 
concentrations. The latter analysis was more typical of that found 
near the center of the fibers where the magnesium was on the order 
of 10-16 a/o and the silicon/carbon ratio varied between 0.6 to 
1.2. 

The AES analysis performed on the fractured specimen 
corroborated th» »»*••?/»»• evidence of significant magnesium migration 
from the matrix to the fiber. There was also noticeable depletion 
in the magnesium content on the matrix side of the matrix/fiber 
interface. No indications of silicon rich regions or S102 were 
found at the interface. The relative chemical concentrations did 
not clearly show development of compositions like h^SIO^, MgSiN2, 
or S12N20 in the interface region. Further refinement of the 
sensitivity factors used in the Auger analysis is underway and will 
hopefully shed additional light on the phases present. 

Previous analysis of AVCO silicon carbide fibers (SCS-6) by 
Corbin and coworkers indicated a high free carbon surface region 
and delamination at the interface. The high carbon layer was 
divided between the matrix and the fiber. The analysis performed 
in our work suggests that there is also a carbon rich layer that 
adheres partly to the fiber and partly to the matrix. The SEM 
results showed some fibers with light appearance and others with a 
dark cast that appeared to correlate with the two different 
chemistries. A high magnification photograph of one fiber revealed 
what appeared to be a thin interface layer, but more detailed 
analysis is needed to confirm this observation. 
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CONCLUSIONS 

While this work is just beginning, a few preliminary 
conclusions appear appropriate. 

Magnesium added as MgO to aid in densifying silicon nitride 
diffuses across the matrix/fiber interface into the silicon carbide 
fiber. There appears to be a corresponding depletion in the 
magnesium concentration on the matrix side of the matrix/fiber 
interface. 

The high free carbon concentration found on the surface of the 
. , TM L̂ icalon fibers used in these studies appears to contribute to 
fiber debonding. Preferential control of this layer may provide a 
means of enhancing toughness and/or strength in the bulk composite. 

Although both che matrix and fiber materials appear to contain 
significant amounts of oxygen, there appears to be no preferential 
formatio of S102 at r'.ie fiber interface or evidence of silicon 
migration across the interface. 

FUTURE DIRECTION 

The migration of magnesium from the Si3N4 matrix into the 
silicon carbide fiber may alter the fiber strength and affect 
mechanical behavior of the composite. Tests will be performed to 
determine if this effect is detrimental. The influence of other 
hot pressing additives such as yttria and aluminia will also be 
explored. 

Lower hot pressing temperatures can be used to reduce both 
grain growth in the fiber and the degree that silicon nitride 
matrix grains imprint the surface of the fiber. However, previous 
studies show that lower hot pressing temperatures also reduce 
fracture toughness. The microstructural effect that hot pressing 
has on strength, degree of fiber pull-out and fracture toughness 
needs to be better understood. 
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The role that free carbon at the interface has on fiber 
debonding and its relative effect on fracture toughness needs to be 
studied more thoroughly. Techniques will have to be employed to 
provide better resolution of the interfacial chemistry. 
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ABSTRACT 

Fracture studies and nondestructive evaluation (NDE) were performed 
to detect and assess the effect of flaws on the fracture behavior of 
hot-pressed Si-jN̂  with ?e inclusions. Ihe NPE methods used were 
through-transmission and backscatter ultrasound and low-kV contact 
radiography. The addition of 5 and 0.5 wt X Fe inclusions of 88 to 
250 urn size reduced the strength of Si-jN̂  specimens by approximately 40 
and 152, respectively. Fractography indicated that failure occurred 
primarily from internal f1 'ws which included Fe- and Si-ricb inclusions 
and/or regions of §13^ matrix that were degraded as a result of 
reaction between SijN^ and molten Fe. For Fe inclusion-induced internal 
flaws, the critical flaw sizes calculated by fracture mechanics were 
always larger than the fractographically measured flaw sizes. This 
observation suggested a local degradation in fracture toughness of Si3N4 
matrix. A ratio, K, of ~3.5 to 4.2 appeared to exist between the 
calculated and measured values of the critical internal flaw sizes. The 
ratio K will have important implications for strength prediction based 
on observed flaw size. 

A comparison of the fractography and NDE results for the location 
of critical flaws indicated that the backscatter ultrasound method may 
be more suitable than through-transmission ultrasound or low-kV contact 
radiography for the detection of near-surface flaws. 

INTRODUCTION 

SioN^ has been recognized as a candidate for structural applica-
tlons in advanced heat engines (gas turbine, diesel) ' and many other 
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3 devices because of its potentially excellent mechanical integrity and 

resistance to oxidation and corrosion Jt high temperatures. However, 
the mechanical behavior of Si3^ and other polycrystalline ceramics, in 
general, has been observed to be controlled by the size, number, and 
distribution of extrinsic and intrinsic flavs such as machining 
flaws, pores, agglomerates, inclusions, and other microstructural 
irregularities. These flaws are, in many cases, introduced during 
various stages of fabrication, machining and service. The nature and 
the density of these flaws wi.il depend upon the fabrication techniques 
(green pressing, slip casting, sintering, hot-pressing, etc.). Evalua
tion of the effect of these flaws on fracture properties of specimens 
made by different techniques will provide information frr the control of 
fabrication and machining procedures. The detection of these flaws by 
nondestructive evaluation (NDE) methods will ensure greater reliability 
for ceramic materials. 

This paper gives the .results obtained with nondestructive flaw 
detection methods and evaluation of the effect of well-characterized 
flaws on fracture behavior of hot-pressed SijN^. Since inclusions rich 
in Fe and Si have been observed to cause substantial strength degrada
tion of SijN/. material, this initial study was conducted on Si3N^-Fe 
systems. Two difierent NDE techniques, low-energy contact x-radiography 
and focused ultrasonic imaging, were used. Failure-initiating flaws 
were located by NDE and fractography and were correlated with strength 
by means of a fracture mechanics approach. The flaw detection data 
obtained by NDE were compared with fractographic observations to 
evaluate the relative effectiveness of the NDE techniques. Finally, 
strength data were statistically analyzed to see if NDE screening of 
specimens improved the Weibull modulus of the strength distribution. 

EXPERIMENTAL PROCEDURES 

SPECIMEN PREPARATION 

Dense specimens of Si-jN̂  were hot pressed from two commercial 
powder, designated Si3N4-A and Si3N4-B. Each powder was wet milled In 
302 isopropyl alcobol + 70% water solution for 16 h; AI2O3 balls served 

http://wi.il
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as the grinding medium. Mi crestructures of the powders were obtained by 
electron microscopy. Si-jN̂  powders were mixed with 6 wt % Y7O3 as a 
densification aid and the mixtures were again wet milled for lb h and 
then spray dried. The spray-dried powder mixtures were hot pressed in a 
boron-coated graphite die at 1750°C and 22 MPa for 2 h in a high-purity 
N2 atmosphere. Some Si-jN. specimens were seeded with Fe inclusions by 
hot-pressing a powder mixture of Si3N4~A with 6 wt 2 Y2O3 and appro
priate amounts (0.5 and 5 wt %) of Fe powder (88 to 250 urn) at 1725°C 
for 2 h with the same die, pressure, and gas atmosphere described above. 

The density of the hot-pressed disks was measured by the buoyancy 
method. The disks were ground to a standard surface finish on a 45 to 
32 im diamond wheel. Modulus of rupture (MOR) bars (~3.8 x 0.4 x 
0.3 cm) were subsequently machined from the disks. The cut faces of the 
bars were ground on a 32-im diamond wheel and the edges were bevelled. 
The ?*ars were used for mechanical properties measurement and fracto-
graphic studies. 

NDE APPROACH 

Nondestructive evaluation was performed on the hot-pressed and 
surface-finished Si^N^ specimens before and after machining of MOR 
bars from the disks. The techniques used were low-energy contact 
x-radiography and ultrasonic imaging. NDE data obtained on hot-pressed 
disks were used as a guide to establish the orientation of cutting lines 
for MOR bars. The objective was to put the critical flaws (major 
silicon, silicon-rich, iron, and/or iron-rich inclusions) in the 
constant-moment section of the MOR bars, which would then be fractured 
in the four-point bending mode. The details of the NDE procedures have 

7 H been given elsewhere. » 

MECHANICAL PROPERTIES MEASUREMENTS AND FRACTOGRAPHY 

To measure flexural strength, the MOR bars were fractured In the 
four-point-bending mode with a support span of 3.18 cm, loading span of 
0.95? cm, and a crosshead speed of 0.13 cm/min. The bars were posi
tioned in such a way '"hat the apparent critical flaws (specifically Fe, 
Fe-rich, Si, and/or Si-rich inclusions) detected by NDE were located in 
a tensile region. The fracture surfaces of the broken bars were 
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examined by optical and electron microscopy to establish fracture modes 
and to locate failure-initiating critical flaws. At low magnification, 
optical microscopy was used to find the general location of the critical 
flaws by identifying fractur- markings such as fracture mirrors and 

9—10 river patterns. Subsequently, scanning electron microscopy was used 
to find the exact location and details of the critical flaws. Fracture 

Lqu 
12 

toughnest ^ T C ^ w a s "^asured by indenta t ion techniques and the e l a s t i c 

modulus was evaluated by the pulse-echo technique. 

RESULTS AND DISCUSSIONS 

MECHANICAL PROPERTIES AND FRACTOGRAPHY 

Although t h i s study focused primari ly on specimens of Si-jN^ seeded 
with Fe i nc lu s ions , l imited r e s u l t s for unseeded Si3N^-A and Si3N^-B 
specimens wi l l a l so be presented to e s t a b l i s h a data base for the 
purpose of comparison. 

The d e n s i t i e s of hot-pressed Si-jfy -A and SI3N4-B specimens were 
measured to be 3.234 and 3.224 g/cm , r e spec t ive ly . The measured values 
of f rac ture s t r e s s (o-p), f rac ture toughness ( K J Q ) , and e l a s t i c modulus 
(E) for Si-jN^ specimens are summarized in Table 1. 

Table 1. Mechanical Properties of Hot-pressed Si-jN^ 

Fracture Stress, Fracture Toughness, Elastic Modulus, 
Material oy (MPa) K I C (MPa/m) E (GPa) 

Si3N4-A • 6% Y 2 0 3 839 ± 25 6.7 i 0.09 296 ± 2 
Si 3N 4-B + 6% Y 2 0 3 1049 ± 118 6.4 ± 0.03 307 ± 6 

The f ractographic observation of the f rac ture surfaces of the 

broken MOR bars indicated a mixed t r a n s - and in re rgranular f a i l u r e mode 

in both S13N4-A and Si^ti^-& specimens (see Fig. 1 ) . The l a rges t gra ins 

in Sl^H^-h and Si3N 4-B specimens were *»7 and 3 um in diameter , respec

t i v e l y . The f a i l u r e s were observed to I n i t i a t e primari ly from surface 
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Fig. 1. Scanning Electron Micrographs of Fracture Surfaces of 
(a) Si 3N 4-A + 6Z Ŷ O-j and (b) SI-JNA-B + 6Z Y 2 0 3 Specimens 
Hot-pressed for 2 h at 1750°C and 22 MPa. 

flaws introduced during surface machining. The failure-initiating flaws 
were generally semielliptical in shape and were located in polycrystal-
line regions in both Si3N^-A and Si3N^-B specimens. 

Figure 2 shows micrographs of a fracture surface of a hot-pressed 
Si3N^-A + 6% ^O-j specimen; an outer fracture mirror and a failure-
causing flaw are indicated. According to the experimental observation 
of Mecholsky et al., the outer fracture mirror radius (A Q) is related 
to the critical flaw size (C ) by 

Art 

c 

The critical flaw size obtained from Eq. (1) by fracture mirror measure
ments agreed very well with the measured depth of the surface flaw. The 
flaw sizes measured by fractography for Si-jN̂ -A and Si-jN̂ -B specimens 
generally ranged from 25 to 81 pm. 
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Fig. 2. Scanning Electron Micrographs of Fracture Surface of a 
Hot-pressed Si3N4"A + bX Y 2 0 3 Specimen Showing (a) Outer 
Fracture Mirror Boundary (Dashed Line) and (b) a Typical 
Surface Flaw. 

Table 2 shows the mechanical properties of Si^N^-A specimens with 
0.5 and 5 wt % Fe inclusions ranging in size from 88 to 250 urn. The 
measured densities of the specimens with 0.5 and 5 wt. % Fe were 3.21 
and 3.25 g/cm , respectively. The data in Tables 1 and 2 show that Fe 
inclusions have little effect on the fracture toughness (Kj C) of SijN^ 
specimens. On the other hand, the strength (<Jp) of Si-jN̂  specimens is 
decreased by ~15 and 40% when 0.5 and 5 wt % Fe inclusions, respec
tively, are present. These reductions in strength are due to the 
formation of large critical flaws caused by Fe inclusions. Figure 3 
shows typical critical f!;.w» observed by fractography in Si.N^-Fe 
specimens. These flaws were generally located within 15(J um ot tne 
tensile surface and primarily included Si-and/or Fe-rich inclusions »nd 
regions of degraded Si >N̂  matrix due to interaction between molten Fe 
and the matrix. The flaw size, which was defined as half tin- width 
(smallest dimension) of the internal ilaws, ranged from ~14 to W4 urn. 
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Table 2. Measured Mechanical Properties of Hot-pressed 
Si 3N 4-A + bX Y2O3 with Fe Inclusions 

Fe Content ŵt %) 
Property 0.5 5 

Fitfxiirai Strength, af (MPa) 71b ± 84 507 ± 29 
Fracture Toughness, K I C (MPa/m) b.33 ± 0.9a 6.53 ± 0.9 
Elastic Modulus, E (GPa) 289 ± 2 303 ± 6 

aThis value was assumed. 

CORRELATION OF NDE AND FRACT0GRAPH1C OBSERVATIONS 

Correlations were made between NOE predictions and fractographic 
observations of the location of critical flaws in Si^N^-Fe specimens. 
Through-transmission ultrasound and low-kV x-radiography were used to 
locate critical flaws nondestructively. The NOE-indicated features 
presumed to be Fe, Fe-rich, Si, and/or Si-rich inclusions are shown in 
Fig. 4. The largest inclusions were assumed to be the critical flaws, 
and MOR bars were machined from the disks (Fig. 5) in such a way that 
these flaws were included in the bars. These bars were again interro
gated by NDE methods in two orthogonal directions to determine the exact 
locations of the flaws. Subsequently, these bars were broken in the 
four-point-bending mode with the largest inclusions positioned in the 
tensile region. The fracture surfaces of the broken bars were examined 
by fractography to identify and evaluate critical flaws. Good agreement 
between NDE predictions and fractographic observations of the location 
of critical flaws was observed for ~7 out of the 21 specimens tested. 
In these specimens, the NDE (low-kV radiography and through-transmission 
ultrasound) data indicated the largest flaw to be at or near the tensile 
surface. In the other specimens (in whirv. fractography and NDE results 
did not agree), NDE indicated the largest Inclusions to be further away 
from the tensile surface than the surface or near-surface inclusions 
that actually caused failure. In these specimens, although radiography 
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Fig. 3. Scanning Electron Micrographs of Si-jN̂ -Fe Fracture Surface 
Showing Typical Internal Flaws, (a) Fe-rich inclusion; 
(b) degraded Si-jN̂  matrix; and (c) Si-rich inclusion. 
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Fig. 4. Low-kV Contact X-Radiograph of Hot-pressed 
Si 3N 4-A + 6% Y2O3 + 5% Fe Specimen Showing 
Fe, Fe-rich, Si, and/or Si-rich Inclusions. 

Fig. 5. 
An X-Ray Image of One of the SijN4 

Disks with b'l Fe Inclusions, Showing 
the Relative Orientation of Modulus 
of Rupture Bars. 
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and through-transmission ultrasound located the largest flaws (inclu
sions), the stress and stress intensity at these flaws were not suffi
cient to cause failure. 

The above observations suggest that for specimens in which failure 
is expected from surface or near-surface flaws, surface NDE (backscatter 
ultrasound) data may be more appropriate for failure prediction. A com
parison of through-transmission ultrasound, backscatter ultrasound and 
low-kV x-ray images is shown in Fig. b. These images demonstrate the 
effectiveness of ultrasonic backscatter in detecting near-surface flaws 
as opposed to internal flaws. Subsequently, a set of 20 bar specimens 
(Si-jN̂  + 6% Y2°3 + 0.5Z Fe) was evaluated by low-kV x-radiography and 
backscatter ultrasound to predict the locations of critical flaws 
(largest near-surface inclusions), and these predictions were compared 
with the fractographic observations. Good agreement between the NDE 
predictions and fractographic observations was obtained for 13 out of 20 
specimens. This represents a 652 success rate with surface NDE, as 
compared to an ~33% success rate with through-transmission NDE. Further 
improvement in NDE predictions is expected with refinements In NDE 
techniques. 

Fig. 6. 
Comparison of (a) Through-
Transmission Ultrasound, (b) Back-
scatter Ultrasound, and (c) Low-kV 
X-Ray Images of a Modulus of 
Rupture Bar. Common image features 
are indicated. 
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CORRELATION BETWEEN y.EASl'RKi) CRITICAL FLAW SIZE AND 
MECHANICAL PROPERTIES 

In order lo find a correlation between mechanical properties and 
critical flaw sizes measured by fractography, a fracture mechanics 
analysis was used to calculate an effective critical fu size based on 
measured mechanical properties. Subsequently, a comparison was made 
between the effective and measured critical flaw sizes to evaluate the 
above correlation. For the semielliptical surface flaws, the effective 
critical flaw size C & was calculated from the measured values of 
flexural strength Op and fracture toughness K.p (Table I) by use of the 
relationship • 

K I C = 1.33 <>F/Ce. (2) 

Since the internal flaws were of irregular shape, radii of hypothetical 
circular cracks that would fail at the same applied stress were calcu
lated for the purpose of comparison with measured flaw sizes. The 
radius (a} of this effective critical circular flaw was calculated by 
the use of the relationship 

K 2 = (4/ir) a a 2, (3) 
IC a 

where o"a is the applied stress at the critical internal flaw. The value 
of o a was calculated from the measured flexural strength Of, specimen 
thickness, and distance of the flaw from the tensile surface. 

A comparison of the measured and calculated values of the critical 
surface flaw sizes in Si-iN̂  + 6/£ V2 ( J3 s P e c * m e n s * s shown in Table 3. 
The good agreement obtained between the measured and calculated flaw 
sizes substantiates the validity of fracture mechanics calculations and 
fractographic observations. A similar comparison between the measured 
and calculated values of the critical flaw size for Si-jN̂  specimens with 
Fe inclusions is shown in Fig. 7. It Is to be noted that unlike the 
case of surface flaws, values of the critical Internal flaw size calcu
lated by fracture mechanics analysis were always greater than the 
measured ones. Similar observations were made by Baumgartner and 
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Table 3. Calculated and Measured Values ot" the Critical Flaw Size 

M a t e r i a l and C r i t i c a l Fl aw S ize (um) 
Specimen No. Measured C a l c u l a t e d 

S i 3 h 4 - A 

1 
2 
i 

•• 

3 

48 
51 
25 
81 
72 

41 
56 
33 
76 
74 

Si 3N 4-B 
30 
33 

26 
31 

3. 
UJ 

< 

1 

• S i 3 N 4 + 
1 ' 
6 % Y 2 0 , * 

1 ' 
5 % Ft 

1 
3 0 0 * Si3N4 • 6 % Y 2 0 3 • 0.5 % Ft 

\ , \ 1 

200 

/C ¥ 

• 

Ax 
100 

— 

• yT • 
• 

- 1 1 , - -J L_ 1 
25 50 

MEASURED FLAW SIZE (/Am) 
75 

Yi%. 7. Comparison of the Measured and Calculated (hffective) Values 
of the Critical Flaw Size for Si-jN̂ -Fe Specimens. 



101 

Richersoo for inclusion-initiated fracture in hot-pressed SijN^. The 
tendency of fracture mechanics calculations to overestimate the critical 
internal flaw sizes associated with these inclusions appears to be due 
partly to the inaccurate assumption of circular cracks and the corre
sponding Kjf. for irregularly shaped internal flaws, and partly to the 
local degradation in fracture toughness (KJQ) at the matrix-inclusion 
interface. As suggested by Bauragartner and Richerson1" and Singh,*•' the 
reduction in local K ™ amounts to as much as 50% of the bulk, value. 
Therefore, fracture mechanics prediction based on a bulk KJQ value 
(which is higher than the local Krp) results in an overestimate of the 
critical internal flaw size and may provide misleading conclusions 
unless caution is exercised. The data shown in Fig. 7 also suggest the 
existence of a definite ratio, K, between the calculated and measured 
flaw sizes. In general, the value of K ranges from 3.5 to 4.2. 
Assuming that NDE-predicted flaw size (Cj) agrees with fractographically 
measured flaw size, it is proposed that for a given Fe inclusion size 
(Cj), an "effective flaw size" C e f f ( C e f f * KC T) can be obtained to 
predict the strength degradation dire to inclusions more precisely. 
Determination of an "effective flaw size" will have important implica
tions for failure prediction *n ceramics based on the inclusion size 
Indicated by NDE data. 

STATISTICAL EVALUATION OF STRENGTH DATA 

In order to evaluate the effectiveness of NDE screening procedures, 
Weibull plots of strength data for the Si^-Fe specimen population 
before and after NDE screening were constructed. The Weibull analysis 
included data for both Si 3N 4 + 6% Y 2 0 3 + 0.5% Fe and Si 3N 4 + 6% Y 2 0 3 + 
5% Fe specimens. The resu1 . fHcate that the Weibull modulus for 
strength distribution inert s :<-\ 1.1 to 17.2 and from 11.3 to 12.1, 
respectively, for these specx -. result of NDE screening. This 
demonstrates the va'.idity of NDE screening in improving strength distri
bution. Further improvements are expected with refinements in NDE 
techniques. 
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SUMMARY 

The addition of 5 and 0.5 wt X Fe inclusions of 88 to 250 um 
size reduced the strength of Si^N^ specimens by approximately 
40 and 15Z, respectively. This is believed to be due to 
formation of large flaws resulting from the interaction between 
molten Fe and 813^ matrix. 

Failure in Si3N^-Y203~Fe specimens occurred primarily from 
internal flaws located within ~150 um of the tensile surface. 
These flaws included Fe- and Si-rich inclusions and/or regions 
of Si-jN̂  matrix that were degraded as a result of reaction 
between Si-jN̂  and molten Fe. 

A comparison of fractographic observations and NDE data on the 
location of failure-initiating flaws suggests that for speci
mens in which failure is expected from surface or near-surface 
flaws, a surface NDE method such as backseatter ultrasound may 
be most appropriate for the detection of failure-initiating 
flaws. 

For surface flaws, good agreement was observed between the 
critical flaw sizes calculated by fracture mechanics analysis 
and measured by fractography. On the other hand, for inclusion 
(Fe)-induced internal flaws, the calculated flaw sizes were 
always larger than the measured sizes. Thin observation 
suggests a local degradation in fracture toughness of the Si-jN̂  
matrix. A rat<o K (-3.5 to 4.2) appears to exis between the 
calculated and measured values of the critical internal flaw 
sizes. Assuming an agreement between ."actographically 
measured and NDE-predicted flaw sizes, an "effective flaw size" 
Cgff can be determined from the NDE-predicted flaw size Cj 
(i.e., Cgfj » KCj) to predict strength degradation due to 
inclusions. 
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• A Weibull analysis of strength data suggests that initial NDE 
screening has improved the strength distribution ot the 
^3^4 -^2^3~^ e specimens. 
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ABSTRACT 

In this paper thermomechanical t e s t s conducted for sintered 
high-alumina, and sintered and hot-pressed high-chromia refractories 
are reported. The tes t s characterize the s tres s - s tra in behavior of 
the materials under short-term uniaxial loadings. The parameters of 
the experiments include pre-selected constant temperature leve ls T in 
the range of 70°F to 2400°F with monotonieslLy increasing mechanical 
loads (or cyc l i c mechanical loads between two fixed load l e v e l s ) , 
increasing temperatures from 70°F to 2400°F with pre-selected constant 
load l eve l s , slag-impregnation, and part ial oxygen pressures lvo„) o f 

I0~ a atm representative of slagging gas i f i ers environnent. 
Two different behavioral regions are ident i f ied: a low 

temperature mechanism for temperat ires below approximately 1/2 Tm (Tm 

i s the melting temperature of t i e material) where a linear e l a s t i c 
behavior with a br i t t l e failure i s observed, and a high temperature 
mechanism for temperatures above approximately 1/2 Tm where large 
non-linear ine las t i c deformation prior to failure is observed. The 
strength (defined as t i e peak s tress on the s t re s s - s t ra in curve) 
of the materials in the low temperature range is found to be 
decreasing proportionally to T'/2, while in the high temperature range 
the strength appears to be decreasing proportionally to T. 

Peak strains show higher rates of increase, and the i n i t i a l 
modulus of e l a s t i c i t y show higher rates of decrease, for 
temperatures above approximately 1/2 T m . Pg values of approxiamtely 
10~ 8 atm seem to have l i t t l e ef fect on the thermomechanical 
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behavior of high-alumira sintered refractory, but af fect the behavior 

of high-chromia sintered refractory at high temperature ] ••vels. Slag 

impregnated specimens show increased strength and s t i f fnes s up to the 

temperature level of approximately 1/2 Tm compared to as-manufactured 

specimens. An increased rate of s t i f fness degrada. on with 

temperature i s observed in the slag-impregnated specimens. Final ly , 

the ratio of the strengths of hot-pressed materials to those of 

sintered materials at temperatures approximately below ^/2 T B i s 

consistent ly found to be a constant for the same loading condit ions . 

INTRODUCTION 

BACKGROUND 

Refractory materials are used in large reactor vessel linings 
such as those used for coal gasification vessels, blast furnaces, 
anraonia plants, petroleum refinery units, liquid metal fast breeder 
reactors, and vessels for the glass and cement-making industries 1 - 18. 
The vessels are usually composed of an outside steel shell and layers 
of refractories. Refractory linings protect the steel shell from high 
temperatures, attack of slags and process gases. Cooling systems are 
frequently used to keep the shell temperature at certain predetermined 
levels. With the slagging gasifiers the refractory layers are 
composed of dense bricks next to the hot-face and of insulating 
material next to the steel sheel. The bricks are usually jointed 
together using mortar material. The bricks are in the form of 
trapezoidal blocks with either a straight edge (Fig. 1a), or a 
circular edge (Fig. 1b). The bricks may sometimes be keyed together 
for mechanically interlocking them anticipating an improvement in the 
system integrity (Fig. lb). 

Generally, the r*nge of operating L̂ .ipe rata res in slagging 
gasifiers is 2500°F - 3300°F. Ash is usually present as molten slag 
that rins down the walls of the gasifiers, and is corrosive to the 
linings. Gas pressures in the gasifver usually range from atmospheric 
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{a) straight edge brick (b) circular edge brick 
with grooves and keys 

Figure 1 - Bricks Shapes 

to 1000 psi. Gases present consist of H2O (steam), 42» c o » ^°2 a r K* 
small amounts of CH 4, *J2, NH3 and H2S 2 0 . These gases are usually 
reducing in nature, and a typical valie of the partial oxygen pressure 
during operation is TO - 3 atro. 

different mode; of failure of th« brick-mortar lining systems 
have been observed and studied12»'3,19-38^ Failure can occur by 
degradation of the r.iechanical properties of refractories at elevated 
t-mper-it 1 r̂ s through cracking, crushing, and spalling of the 
refrictory materials under thermomechanical loadings, by joint failure 
of thu brick-mortar system, by disintegration of the refractories 
under gas attack, and by corrosion or erosion due to slag attack. 
Present design nethods for these system* generally use empirical 
methods based on o\rer-simplified assumptions. 

The analysis and design of refractory linings is complicated 
primarily due to the complexity in modeling the material behavior. 
Such an analysis should consider the refractory material behavior with 
respect to the effects of monotonic and cyclic mechanical loads, 
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e l e v a t e d t e m p e r * t a r e s and thermal c y c l i n g , e n v i r o n m e n t a l i n t e r a c t i o n 

such as s l a g s and p r o c e s s g a s e s , and h i s t o r y of therraomechanical 

l o a d i n g s . T h e r e f o r e , t h e r e i s a need t o d e v e l o p a comprehens ive s e t 

of m a t e r i a l ' l a t a r e p r e s e n t a t i v e of t he m a t e r i a l b e h a v i o r in the 

p r o c e s s env i ronment of tine v e s s e l . 

GENERAL 08JEOTIVES OF WORK AT MIT 

The g e n e r a l o b j e c t i v e s of the c u r r e n t work a t MIT a r e : ( a ) t o 

g e n e r a t e and compi le e x p e r i m e n t a l d a t a on t h e thermornechanical 

b e h a v i o r of s e l e c t e d c a n d i d a t e m a t e r i a l s in t h e c a t e g o r i e s of 

h i g h - C r 2 0 3 and h i g h - A ^ O j r e f r a c t o r i e s for t he l i n i n g s i n s l a q g i n g 

g a s i f i e r s , and (b) based on t h e o b t a i n e d d a t a t o expand the m a t e r i a l 

and numer i ca l a n a l y s i s models p r e v i o u s l y deve loped a t MIT t o p r e d i c t 

t he t h e r m o n e c h a n i c a l b e h a v i o r of v a r i o u s l i n i n g sys tems under 

t r a n s i e n t t e m p e r a t u r e l o a d i n g s . 

Previous Work 

Previous work a t M l ' r 1 ^ ' 1 ^ ' 1 9 concentrated on mate r ia l and system 
modeling of the behavior of refractory l in ings for slagging g a s i f i e r s . 
Data was col lec ted from the l i t e r a t u r e on the thermomechanioal and 
ther.nophysical p rope r t i e s of high alumina and high-chromia 
r e f r e c t o r i e s . Temperature dependent mater ia l models were developed to 
represent the mater ia l behavior. Emphasis was on the development of a 
time-independent c o n s t i t u t i v e model to p red ic t the mater ia l response 
to mul t i ax ia l , non-proport ional and cyc l i c loads . The temperature 
ef fec t is introduced by sca l ing the s t r e s s - s t r a i n curves at d i f f e r en t 
level* , with respec t to the peak s t r e s s and the assoc ia ted a x i a l peak 
s t r a i n . A power law creep model, a conduct ivi ty model for cracked 
media, and polynomial representa t ions of the thermophysical p rope r t i e s 
were a l so proposed. The d i f fe ren t models were incorporated in a 
f i n i t e element program. A predic t ive corrosion model was proposed to 
study the long-term corrosion process of l in ing systems. Based on 
th i* model, s e n s i t i v i t y s tudies were performed to ident i fy the 
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important factors characterizir.g the long term behavior of the 
l in ings . Using the f i n i t e element program, the thermonechanical 
behavior of l inings with various material combinations, l ining 
geometries, and heating schemes was studied. Based on the findings 
from the thermomechanical and corrosion analyses , tentative 
recommendations were made for the design and operation of l ining 
systems. 

Focus of Present Work 

The numerical analysis capabil ity developed from the 
thermomechanical analysis of mortar-brick systems i s a powerful tool 
to predict s tress and s train dis tr ibut ions , cracking and deteriora
t ion. However, the developed capabi l i t i es suffer from the lack 
of data for candidate refractory materials. Therefore, the present 
work concentrates on tes t ing of selected high-alumina and high-chromia 
refractories manufactured by s intering, hot-pressing, or fusion-
casting. Table 1 shows the c lasses of materials under invest igat ion 
within the current work scope. The scope of the test ing program 
includes short-term uniaxial monotonic and c y c l i c mechanical load 
te s t s at room and constant elevated temperatures; and constant load 
tes ts under constant or varying temperatures. Table 2 summarizes the 
tes t program undertaken. In this paper, the resul ts of 148 t e s t s 
corresponding to the t e s t s completed (Table 2) w i l l be presented for 
materials identif ied as A, B, ar.d D. Each tes t case presented has 
been confirmed by generally three and at }east two t e s t s , except 
those for slag-impregneted material B at 2200°F and under a Pg of 
10~8 atm, and for the short-term creep test ' i . 

MATERIALS AND EQUIPMENT 

MATERIALS TKSTBIJ 

The r e s u l t s d i s c u s s e d in thi=j paper refer t o A s i n t e r e d h i^h-

alumina (Material A) and s i n t e r e d hirjh-chromia (Material B) and a 
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Material Chemical Manufact-
Classifi- Composition urlng 
cation Process 

Testing of ZApparent Closed 
Slag Impreg- Porosity Pores 
nated 
Material 

90Z AI2O3 Sintering 
10Z Cr203 

Yes 17 No 

82Z AI2O3 
I8Z Cr 2 0 3 

90Z AI2O3 
10Z Cr 2 0 3 

Sintering Yes 

Hot-Presslng Yes 

12 No 

Yes 

80% AI2O3 Hot-Presslng No 
20Z Cr203 

+ ... 

78% M2O3 Fusion- No 
8% Cr 20 3 Casting 

Yes 

Iable.,L 

Materials under Investigation 
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Short-Term Uniaxial Compression Tests 

£ i s constant in the ranae e i s va r i ab le 
10~ J s e c - ' t o 10~* sec 

_ t 

Constant T in tre range 70°F to 
2400°F 

Monotonic P to failure 

Air ?Q = 10" atir.. 
1 2 

Material A j X ' 
As-Manufactured 

Cyclic P 

Air 

Increasing T 
fro- 70°F to 
2400°F 

Constant P 
between 7Q%£. 
to 95%fn 

Air 

Material A | 
Slag-Impregnated| 

i 

X ! 

Material B 
As-Manufactured 

Material b \ 
Slag-Impregnare?, 

Materia; 

X ! 

e = s t r a i n rat*: 

fp - nonotonic mater ia l s t r eng th 

P = applied conpressive load 

T - te.Tif>eratirfe 

'f - p a r t i a l oxygen pressure 
2 

X t e s t i n g e s s e n t i a l l y complete 

O t e s t i n g in progress 

Tr»t>l»' 2 T»!«;r Pro'jrjrr. 
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h o t - p r e s s e d high-chro<nia (Material D) r e f r a c t o r i e s . The high-alumina 

r e f r a c t o r y was s e l e c t e d for i t s known good r e s i s t a n c e t o thermal 

s h o c k 2 2 . Th e high-chromia r e f r a c t o r y was s e l e c t e d for i t s good 

r e s i s t a n c e to corros ion by s l a g s 1 0 ' 2 3 ' 3 0 , 3 3 , Both m a t e r i a l s are 

l o w - s i l i c a conta in ing r e f r a c t o r i e s t o r e s i s t hydrogen a t t a c k , and 

carbon monoxide d i s i n t e g r a t i o n . 

Material A i s composed of 90% AI2O3 and 10% Cr203» forming a 

s o l i d s o l u t i o n with 17% open p o r e s . I t has some l a t t i c e c tn ' r . ture . 

There i s no free M.2O3 or £ ^ 0 3 p r e s e n t . There are two minor phases 

p r e s e n t : coarse AI2O3 penetrated by Cr 2 03 e x h i b i t i n g a white c o l o r , 

and ^ 2 0 3 g r a i n s penetrated by AI2O3 e x h i b i t i n g a pink c o l o r . I t s 

average bulk d e n s i t y i s 206 l b s / f t 3 (3300 Kg/m 3 ) . The manufacturer's 

sugges ted maximum use temperature i s 3450°F. Material B i s composed 

of 82% C r 2 0 3 , and 18% MgO. I t has 12% open p o r e s . I t i s most ly 

p icochromite , and free Cr 2 03 e x i s t s as a second phase . I t has a 

s p i n e l s t r u c t u r e . I t s average bulk d e n s i t y i s 235 l b s / f t 3 (3800 

Kg/m 3 ) , The manufacturer's sugges ted maximum use temperature i s 

3272°F. Material D i s composed of 80% C r 2 0 3 and 20% MgO. I t has 8% 

c l o s e d p o r e s . Only one phase e x i s t s . 

SPECIMEN PREPARATION 

Specimen preparat ion i s c r i t i c a l to insure that (1) the t e s t 

r e s u l t s represent the mater ia l behavior , and not ju3t the behavior of 

laboratory specimens; and (2) any v a r i a b i l i t y in the r e s u l t s i s an 

inherent materia l property , and i s not caused by the specimen 

p r e p a r a t i o n . 

Specimen preparat ion of s i n t e r e d mater ia l s i s descr ibed f i r s t for 

both as manufactured and s lag- impregnated m a t e r i a l s . The re frac tory 

m a t e r i a l s were rece ived as b r i c k s . The .specimens wer* cored out of 

the b r i c k s , and the end sur faces were prepared for t e s t i n g . Some 

specimens were 55lag-impregnated. 

Factors a f f e c t i n g the specimen preparat ion are: (1) specimen's 

shape and dimensions; (2) the d i r e c t i o n and l o c a t i o n of cor ing from 
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the brick; (3) the coring speed; (4) end surface preparation; and (5) 
the slag-impregnation procedure. 

Cylindrical specimens of 1" diameter and 2.5" to 3" height were 
adopted as standard. The circular cross-suction was preferred over 
the rectangular one to insure the uniformity of stress and temperature 
applied on the specimen. The height to diameter ratio of 2.5 to 3.0 
was adopted to minimize the end zone effect in compression testing 4 3. 
The 1" diameter was chosen to comply with the minimum imposed by ASTH, 
of 3 to 4 times the size of the maximum aggregate. Figure 2 shows the 
strength (defined as the peak stress on the stress-strain curve) 
variation with specimen's diameter for Material A from our preliminary 
tests. A diameter of 0.875" leads to a consistently lower strength 
than that of a diameter of 1". The largest size aggregate being 1/3" 
for Material A, one notices that the 0.875" diameter does not comply 
with the ASTM requirement. Testing of specimens with a diameter much 
larger than 1" is expected to give a reduced strength. 

0 i ' t • : • I T • t ' I I , •• ' ! 

0 0.2 0\ O.fi O.B I 1.2 I I 
(Thou? aniH> 

Tririi>rr»lurr (" t) 
n H-0.fl73" • !) 1 0 ' 

Figure 2 - Strength Variat ion with Specimen's Diameter for Material A 



114 

The next s tep was to minimize the damage due to the coring 
opera t ion , as well as the end surface prepara t ion . After conducting 
preliminary t e s t s , a coring speed of 375 RPM, along with grinding of 
the specimen end surfaces were found to be adequate, and adopted as 
s tandard. An average uniaxia l compressive s t renght of 20700 ps i was 
found for specimens cored out along the pressing d i r e c t i o n . The 
specimens cored in the d i r e c t i o n perpendicular to the pressing 
d i rec t ion exhibi ted an average s t r eng th of 17470 psi and a 
grea te r d u c t i l i t y . These t e s t s revealed an an i so t rop ic mater ia l 
behavior. This is a t t r i b u t e d to the nature of the s i n t e r i ng process 
where the pressing force i s u n i a x i a l . To l imi t the number of t e s t s , 
and for consistency within the present t e s t program as well as with 
the t e s t s conducted by other researchers in the f i e l d , i t was decided 
to examine only specimens cored out with t h e i r axis p a r a l l e l to the 
pressing d i r e c t i o n . 

The next parameter examined was the spec i f i c loca t ion of the 
specimen on the br ick . Figure 3 shows typ ica l s t r e s s - s t r a i n curves 
for specimens cored out from the corner and i n t e r i o r of a mater ia l B 
br ick. The corner specimen exh ib i t s a weaker s t r eng th . This 
behavior was cons i s t en t ly reproduced, and confirmed. Generally, the 
specimens cored out from corner locat ions are weaker than specimens 
cored out from the i n t e r i o r of the br ick . This is re la ted to the 
s in te r ing process, and can be explained by s t r e s s concentrat ions 
developing at the corners during the pressing opera t ion . Figure 4 
shows average s t rengths for the specimens from d i f fe ren t d i r ec t ions 
and locat ions of cor ing. The brick is thus not only an i so t rop ic , but 
a lso Inhomogeneous. I n t e r i o r specimens cored out with the i r axis 
pa ra l l e l to the pressing d i r ec t i on were adopted as standard for 
t e s t lag. 

To study the effect of slag-lmpregnati on, specimens were 
impregnated with western-acid slaj;>>»>° of the following composition: 
52.4% Si">2, 22.5% AJ^O-j, 10.1? CaO, h.<)7 F e 2 0 3 , 2.0% C, 1.9% Na 2 , 
1.8% M/O, \.\'i Ti()2, i). SI K 2 '), and less ttu:n 0.r>% of other 
c o n s t i t u e n t s . The specimens wore packed in an alumina crucible with 
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s l a g powder. The specimens were k e p t for 10 hours in s l a g a t 2822°F 

(1550°C) under an a tomosphere of N 2 and NH3, wi th an e s t i m a t e d P(u of 

1 0 ~ 3 t o 1 0 ~ 4 a t m . M a t e r i a ] A was s l a g - s a t u r a t e d , w h i l e M a t e r i a l B was 

s l a g - i n p r e g n a t e d b u t not s a t u r a t e d . Two p o s i t i o n s of the specimens 

were t r i e d in t h e c r u c i b l e : a h o r i z o n t a l p o s i t i o n t h a t r e s u l t e d in 

uniform i m p r e g n a t i o n ove r the l e n g t h of t h e specimen b u t w i th 

d i s t o r t e d c r o s s s e c t i o n s , and a v e r t i c a l p o s i t i o n t h a t produced a 

uniform i m p r e g n a t i o n over i t s c r o s s s e c t i o n s . The h o r i z o n t a l p o s i t i o n 

r e s u l t e d in an a v e r a g e s t r e n g t h of 11500 p s i fo r chromia spec imens a t 

room t e m p e r a t u r e , compared t o an ave rage s t r e n g t h of 21900 p s i f o r 

spec imens impregna ted in t he v e r t i c a l p o s i t i o n . The method of 

h o r i z o n t a l i m p r e g n a t i o n was n o t used fo r f u r t h e r t e s t i n g . T e s t 

r e s u l t s from v e r t i c a l l y s l a g - i m p r e g n a t e d specimen were c o n s i s t e n t . 

H o t - p r e s s e d m a t e r i a l s have a much s m a l l e r maximum g r a i n s i z e 

a l l o w i n g a c h o i c e of s m a l l e r specimens fo r t e s t i n g . F u r t h e r m o r e , 

s i n c e h o t - p r e s s e d m a t e r i a l s a r e expens ive and d i f f i c u l t t o g e t in 

l a r g e b lock s i z e fo r c o r i n g , square spec imens wi th a 0 . 3 " by 0 . 3 " 

c r o s s - s e c t i o n , and a h e i g h t of 0 . 9 " ( g i v i n g a s i d e to h e i g h t r a t i o of 

3) were c h o s e n . The end s u r f a c e s were ground f l a t and p a r a l l e l fo r 

t e s t i n g . 

THERMOMFCHANICAL TR.ST EQUIPMENT 

A the rmomechan ica l t e s t i n g equipment for t e s t i n g under com

p r e s s i v e loads and c o n t r o l l e d gas env i ronment was developed for 

c o n d u c t i n g the p roposed t e s t i n g program. The muffle tube and r e t o r t 

sys tem, a long wi th the furnace a r e shown in F i g . 5 . The system i s 

des igned to a p p l y 50 ,000 lbs a t 2800°F, under a c o n t r o l l e d Pg a s low 

as 1 0 - 1 ^ at.Ti. The fu rnace has a 10 i n c h - l o n g c i r c u l a r hea t zone. I t 

i s hea t ed by SiC h e a t i n g e l emen t s connec ted in s e r i e s , and a r r a n g e d in 

a symmet r i ca l c i r c u l a r p a t t e r n around the spec imen . The fu rnace i s 

c o n t r o l l e d u s i n g a K-thermocouple (oh rome l -a lume l ) up t o 2000°F, and a 

B-thermooouple ( p l a t i n u m - 6% rhodium v s . p l a t i num - 30* rhodium) for 

t e m p e r a t u r e s above 2000 0 i ' ' . Both the rmocoup les a r e connected to a 
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Figure 5 - Furnace, Retort System, and Muffle Tube for 
Thermomechanical Testing Under Controlled 
Gas Environment 

microprocessor for control. The load train consists of SiC loading 
tubes, and recrystalyzed SiC caps. The lower SiC tube frames into a 
water cooled stainless steel (grade 347) loading rod. The load train 
is connected to water coolei vacuum flange assemblies to provide tight 
seal around the muffle tube. Bellows assembly around the stainless 
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s t e e l rod provides a moving seal to allow for piston jnovement. The 
ent ire retort assembly i s connected to a 110 kips loading frame. 
The data acquisit ion and control i s fu l ly aucomated, and the f a c i l i t y 
i s shown in Fig. 6. A PDP-11 computer i s used for control. A Fluke 
2400B linked to an IBM-XT i s used for data acquis i t ion. A 
user-friendly software has been developed to carry out these t e s t s . 

Figure 6 - Teat System Faci l i ty at MIT 
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BEHAVIOR OF REFRACTORY MATERIALS UNDER 
SHORT-TERM THERMOMECHANICAL LOADS 

Extens ive room temperature, short - term raonotonically app l i ed 

compression t e s t s were performed on r e f r a c t o r y specimens taken from a 

manufacturer's product ion l i n e for over a one year p e r i o d , and 

prepared according to the standard preparat ion procedure p r e v i o u s l y 

o u t l i n e d . A larger v a r i a t i o n i n the mater ia l behavior was found t o 

occur in specimens taken from d i f f e r e n t batches of b r i c k s r e c e i v e d a t 

d i f f e r e n t per iods in t ime , than in specimens taken from the same batch 

of b r i c k s . To g e t c o n s i s t e n t r e s u l t s a l l further t e s t s were performed 

on specimens taken from br icks be long ing to the same batch . Typ ica l 

t e s t r e s u l t s and main behavioral a s p e c t s of short - term compression 

t e s t s on re frac tory specimens taken from the same batch of b r i c k s are 

d i s c u s s e d in the next s e c t i c . o . 

The f i r s t s e c t i o n concentra te s on t e s t s on as-manufactured 

m a t e r i a l s , conducted in a i r atmosphere. Monotonia and c y c l i c 

mechanical load t e s t s under cons tant predetermined temperature l e v e l s , 

and cons tant mechanical load t e s t s under d i f f e r e n t temperature 

v a r i a t i o n s are examined. The second s e c t i o n focuses on the e f f e c t of 

environmental f a c t o r s , such as p a r t i a l oxygen pressure and 

s l a g - i m p r e g n a t i o n . 

TESTS ON AS-MANUFACTURED MATERIALS IN AIR ATMOSPHERE 

Room Tem£erature_ Testing_ 

The behavior of as-manufactured and s lag- impregnated Mater ia l s A 

and B, and 43-manufactured Material D a t room temperature 13 examined 

f i r s t . 

The behavior of as-manufactured and s lag- impregnated specimens at 

room temperature are compared. Typical res *ts for Mater ia l s A, B 

and D are shown in F ig . 7. The material-? with and without s l a g -

impregnation behave in a lin».--ir e l a s t i c manner up to the maximum 

s t r e s s (defined as s t rength) on the s t r e s s - s t r a i n curve, where b r i t t l e 

f a i l u r e occurs with n e g l i g i b l e amounts of i n e l a s t i c s t r a i n s . The 
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strength of slag-impregnated specimens i s higher than those of 
as-nianufactured specimens. This may be attributed to the slag 
penetrating into the pores and sol idi fy ing at room temperatare and 
acting as a glassy bond. The slag-impregnated material i s , thus, l e s s 
porous with stronger bond between i t s grains. Material A exhibited a 
larger increase in strength with slag-impregnation than Material B. 
This i s attributed to the fact that Material A was impregnated to a 
higher degree than Material B, thus having less empty pores after 
slag-impregnation. 

The hot-pressed material (Material D) i s about 7.5 times stronger 
than the sintered one (Material B) with about tne same chemical 
composition. This factor seems to relate to the grain s i z e as w i l l be 
discussed in the next s e c t i o n . 
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xxw-cycle high-stress c y c l i c mechanical t e s t s were carried out at 
room temperature. In the preliminary test ing stage, two types of 
t e s t s were conducted: cycl ing between two fixed load l eve l s as shown 
in Fig. 8a, an/i cycling with a fixed load increment per cycle as shown 
in Fig. 8b. Only low-cycle high-stress cyc l i c t e s t s between zero 
and fixed load leve ls (in the range of 70% to 95% of the monotonic 
strength) were carried out on standard specimens. Figure 9 shows the 
variation of the average number of cycles to fai lure for Material B 
with respect to the value of the fixed load l e v e l . Results of c y c l i c 
t e s t s exhibited a larger variation than those in monotonic t e s t s , and 
characterization of material behavior under cyc l i c mechanical loads i s 
d i f f i c u l t . 
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(a) Cycling Between Two Fixed Lo*d Levels 

Figure 8 - Cyclic Mechanical Tests 
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Constant Temperature, Varying LoadJTests 

Short-term uniaxial compression tests conducted on as-manu
factured Materials A, B and 0 are discussed in th i s s ec t ion . Two types 
of t e s t s are examined: the system displacement i s monotonically 
increased (under displacement controlled t e s t s ) , or the loads are 
cycled between two predetermined fixed load l eve l s (under load 
controlled t e s t s ) . The temperature was maintained constant during the 
t e s t . The following temperature leve ls were adopted: 73°F (room 
temperature), 500°F, 1000°F, 1500°F, 2000°F, 2200°F, and 2400°F. The 
behavior of as-manufactured specimens of Materials A, B and D under 
monotonically increasing loads, and constant predetermined temperature 
l eve l s i s discussed f i r s t . Tne s tress - s tra in curves for dif ferent 
temperature l e v e l s , are shown in Figs. 10, 11 and 12 for Materials A, 
B, and D respect ive ly . 

Two deformation mechanisms are ident i f ied . At temperature l eve l s 
below roughly 1/2 Tm (where Tm i s the melting temperature of the 
material) , the deformation behavior i s linear e l a s t i c with a b r i t t l e 
fa i lure . At temperatures above 1/2 Tm the material deformation i s 
i n i t i a l l y linear e l a s t i c , and exhibits s ign i f i cant non- l ineari t ies 
prior to the peak strength. Ine last ic deformations continue to occur 
in the post-peak region. Clearly, there i s a transi t ion temperature 
from the low to the high temperature deformation behavior. This 
transition temperature is found to correspond to about one-half the 
melting point of the material . This is observed for both Materials A 
and B. Material A having a higher melting temperature exhibits a 
higher transit ion temperature. For Material D t e s t s above 1/2 Tm are 
in progress. The source of the ine las t i c s trains is believed to be 
primarily due to creep e f f e c t s , and i s discussed l a t e r . 

Thi? transition temperature, with b r i t t l e fracture at temperatures 
below i t , and more duct i le behavior at temperatures above i t , has a lso 
been observed for alumina ceramic 4 0 for which at 2300°F (1260°C) the 
failure is by fracture, and at 2313°F (1270°C) an upper f i e ld s tress 
and a lower yield plateau are observed. 

The parameters that are going to be exami ed in further deta i l are 
the strength, the i n i t i a l modulus of e l a s t i c i t y , the associated peak 
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s tra in , the variation of the material's density after t e s t ing , and the 
e f fec t of cyc l i c mechanical loads. 

The strength of the material, s imi lar ly to the fai lure behavior, 
follows two different mechanisms: one below a transit ion temperature 
(roughly eqaal to 1/2 T m ) , and ore above th is transit ion temperature. 
Decrease in the material's strength with temperature is proportional to 
the square root of T below the transit ion temperature; and i s 
proportional to T above the transit ion temperature. This i s shown in 
Pig. 13 for Material 8. For the temperature leve ls below the transit ion 
temperature, the strength i s found to degrade as a function of the 
square root of temperature, governed by an equation of the type: 

S - T [1 - (T / TQ )>/* ] (1) 

where S is the strength of the material, and TQ a n < i t are f i t t ing 

parameters. T i s linked by some researchers to inherent material 
proper t i e s^ , and represent the ide^l strength of the material at <<°K. 
TQ i s the temperature (in °K) at which the strength is reduced to zero. 
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For temperatures above the transition temperature, the strength 
degradation is found to be proportional to the temperature, and is 
governed by an equation of the type: 

S = T [1 - (T / T 0 )] (2) 

where the symbols are as defined for Equation (1). 
This strength behavior has been reported for ceramics in general*1 

where the fracture stress decreases slowly at low temperatures, 
controlled by a simple crack propagation. At intermediate to high 
temperatures, the fracture stress decreases much faster, governed by a 
deformation assisted brittle fracture. And finally, there is a third 
region, where ductile fracture occurs at higher temperatures. Our tests 
represent the first two behavioral regions. 

Tests were conducted on Material D at temperatures below the 
transition temperature. The behavior is similar to that found for the 
sintered materials, and the strength is governed by Equation (1). This 
is shown in Fig. 14. The strength of hot-pressed high-chromia to 
sintered high-chromia is a constant, which is roughly equal to the 
inverse ratio of the maximum grain size to the 1/4 power. This is given 
by: 

S d'/4 - constant (3) 
max 

where S is the strength of the material, and d m a x is the maximum 
grain size. Assuming that below the transition temperature weak grain 
boundaries act as initial flaws, one can assume that: 2c « d, where 
2c i? the crack length, and d the grain size. Assuming that below the 
transition temperature failure is governed by a constant fracture 
toughness criterion the following expression is obtained: 

3 d 1/ 2 • constant. (4) 

The discrepancy between Equation (3) and Equation (4) can be 
explained by the fact that the tested sintered high chromia does not 
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have a uniform grain size, but that it is made by a gradation of 
different grain sizes. The maximum grain size might not be the 
controlling factor, but rather the grain size distribution. The hot-
pressed material has a roughly uniform grain size distribution. Thus, 
if instead of considering the maximum grain size, one considers 
the average grain size, it will lead to a higher exponent in Equation 
(3). 

The next parameter of interest, is the initial slope of the stress 
strain carve. The variation of the initial modulus of elasticity with 
temperature is shown in Fig. 15. The rate of decrease of the modulus 
with temperature is noticeably higher at temperatures above the 
transition. I* is found that the ratio of the material's strength to 
the cubic roi t of the initial modulus is a constant, for temperature 
levels below the transition temperature. This is shown in Fig. 16 for 
Material 3. Similar results are obtained for Material A. 
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The variation with temperature of the peak strain values 
associated with the peak stress, for Material A, is shown in Fig. 17. 
The rate of increse in the peak strain is lower for temperatures below 
the transition level than those abce the transition temperature. 

Below the transition temperature, the specimen fails in a brittle 
mode, and the fracture strain is fitted by the following expression: 

-C 2 S (1 - (S / TJ ?) 
e f » c, ex P ( ) (5) 
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where S is the material strength given by Equation (1), T is the 
temperature in °iC, T is defined in Equation U ) , and C^ and C2 are 
constants. This behavior is shown in solid line in Fig. 18. In 
materials such as metallic glasses39 Equation (5) applies for 
temperatures below 0.6T„ (T g defined as the glass transition 
temperature) and Cj and C2 are related to well-known 
material properties. 

The density of tested specimens was measured after testing at 
elevated temperatures, and compared to density after room temperature 
testing. At elevated temperatures the density decreases, which 
indicates that more cracking is developing at high temperatures. 
Below the transition temperature, the fracture strain is related to 
the density decrease by the following relationship: 

ef 

'room 
= 1 + (Ap)V2 (6) 

where ef is the fracture strain below the transition temperature, 
eroom i-s t h e fracture strain at room temperature, and Ap is the 
density decrease in percent. This is shown in Fig. 19. At 
temperature levels above the transition temperature, Equation (6) 
predicts lower fracture strains than those observed. This is due 
to the increased ductility of the material above the transition 
temperature. 
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Cyclic mecha.iical lo^. i t e s t s were conducted on Material \ a t 
d i f f e r e n t temperature l e v e l s . A typ i ca l cyc l ic t e s t i s shown in 
F ig . 20. I n i t i a l cycles (cycles 0 to 18) accumulate s i g n i f i c a n t 
amounts of i n e l a s t i c s t r a i n . Later cycles (cycles 23 to 36) 
accumulate less i n e l a s t i c s t r a i n . Large amounts of accumulated 
i n e l a s t i c s t r a i n s usaual ly form immediately before f ina l f a i l u r e . The 
specimen shown in Fig . 20 was cycled to 75% of the raonotonic s t r e n g t h , 
a t 1500°F. I t did not f a i l a f t e r 60 c y c l e s . High-temperature cyc l i c 
t e s t s a re s t i l l underway to confirm the r e s u l t s . 
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Constant Load, Varying Temperature Tests 

In this section constant load tests accompanied v»ith constant 
predetermined, or monotonically Increasing temperature levels are 
examined. Comparison with published deformation maps is made. 

A stress temperature-map for CT2O5 with a grain size of 10 urn is 
extracted from Ref. 42, and the features relevant to the present 
discussion are shown in Fig. 21. It is interesting to study, using 
this map, the behavior of tested sintered high-chromia (Material B) , 
keeping in mind that there is 18Z MgO in Material B, and that the 
grain size and porosity are different. Two points are used to define 
the brittle fracture line on the ••ap, and they are: point I at room 
temperature: 23°C (73°F) and a strength of 133 Mpa (19300 psi) and 
point II at 538°C (1000°F) and a strength of 113 Mpa (16461 psi). 
Point III is then added to the map, at 1346*C (2400°F), and a strength 
of 45 MPa, (6500 psi). Point I and II clearly are outside the creep 
regime, while point III falls in the power law creep region, below the 
brittle fracture line defined by points I and II. The stress-
temperature map predicts a strain rate of 10~5 sec -*. The test strain 
rate was 4 x 10~3 sec -! which is close enough, since the map is for 
pure Cr 203, and a different porosity. This seems to indicate that the 
Inelastic strains present at higher temperatures may be due to 
creep. 

Creep data available In the literature for sintered high-
chromia and high-alumina refractories is generally for small creep 
load levels (usually less than 1000 psi). To be able to Interpret the 
results of current tests, short-term creep tests at high loads (In the 
range of 75% of the peak strength) are needed. Preliminary creep 
tests at 1500'F, and 70% of the monotonic strength showed that the 
contribution of the short-term creep deformation (during the 5 to 10 
minutes duration of monotonic tests) to the total deformation is 
negligible (Fig. 22) at temperatures below 1/2 T m. Tests at higher 
temperatures are being carried out, and effect of creep is expected to 
be determined, especially in the zone above the transition 
temperature. 
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0039 

230 F / hour 

Figure 23 - Creep Strain Under 75% of Monotonia strength, Under 
an Increasing Temperature a t a Rate of 250°P 

Constant load, increasing temperature t e s t s were a l s o conducted 
on sintered re fractor ies . Figure 23 shows the s train af ter 
application of the load, v s . t ine , for Material A, under 75% of the 
monotonic strength, and a heat-up rate of 250°F/hour. I t appears that 
the creep strain rate at low temperatures reduces with time u n t i l a 
transit ion temperature l e v e l . At high temperatures, above th is new 
transi t ion temperature (deterained to be 1330°F for th i s combination 
of load and heat-up r a t e ) , the creep strain rate reaches a steady 
s tate value. This i s an interest ing resu l t , and could prove useful in 
the design of refractory l i n i n g s . 

ENVIRONMENTAL EFFECTS 

Effect of Partial 9JE v < i e n __? r Jl S 8 a r e 

The effect of part ial oxygen pressure on the behavior of a s -
manufactured materials i s examined f i r s t . The specimen i s tested in a 
muffle tube in which the gas environment i s control led. Helium gas i s 
f i r s t used to flush the system and drive the air out. A mixture of 
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95% N2 - 5% SH3 is then used to achieve a low Po7« The PQ value inside 
the muffle tube has been calibrated by Measuring the voltage across a 
zirconia tube with one of its ends in the output gas, and the second 
end in air. The PQ is then calculated using the Nernst equation: 

Po 2 - <P02>ref e"«V/RT ( 7 ) 

where T is the temperature, (PQ.J ref i s °' 2 1 a t m f o r a i r » v i s t h e 

measured voltage, and R and f are constants. Partial oxygen pressures 
of 19~15 atM vere measured using the gas mixture described above (5% 
HH 3/N 2). 

During testing a PQ value of 10~ 8 atm was used to represent 
the gasifiers* environment for sintered as-manufactured refractories. 
The initial elastic modulus in low r-0„ environnent was compared to the 
one in air. The low PQ atmosphere used was found not to affect the 
behavior of Material A. Por Material B an effect was observed at 
higher temperatures. Figure 24 shows the ratio of the initial elastic 
modulus in low P 0 environment to the one in air for different 2 
temperature levels, for Material 8. At low temperatures the low PQ. 
atmosphere does not have any effect. But at 2200°F, under a PQ of 
10~ 8 atm, a 35% increase in modulus is consistently observed for 
Material B. This might suggest that at high temperatures, under 
reducing atmosphere, a subtle change of phase of Material B is 
happening. It is difficult to observe the change of phase, because it 
is expected that it reverses when the specimen is brought back to air 
(i.e. oxidizing atmosphere). 

Effect of Slag-Impregnation 

Slag-impregnated specimens were tested under both air and low P 0 

2 atmospheres. The purpose of duplicating the same thermomechanical 
loading conditions, in two different gas environments, is to be able 
to separate the slag effect from the P Q effect, for modeling 

2 
purposes. This section describes testing of slag-impregnated 
specimens in air, As discussed previously, slag-impregnated specimens 
show an increased strength at room temperature, but the strength at 
higher temperature drops below the value corresponding to that of 
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as-manufactured s trength. Figure 25 shows the s t r e s s - s t r a i n curves 
for as-aanufactured and slag-impregnated material A at 75°F and 
2400°F. The strength at 2400°F i s below the strength of the 
as-manufactured specimen. At room temperature the slag-impregnated 
material f a i l s in a b r i t t l e manner. As temperature increases, a 
duct i le post-peak behavior i s observed, such as the s t re s s - s t ra in 
curve at 2400°F in Fig. 25. The rate of decrease in the i n i t i a l slope 
of the s t res s - s t ra in curve i s a l so lower for the slag-impregnated 
specimens than that for as-manufactured ones. As-manufactured 
specimens exhibit a l i n e a r - e l a s t i c behavior i n i t i a l l y a t a l l 
temperature ranges while slag-impregnated specimens deviate from the 
i n i t i a l e l a s t i c behavior at high temperatures. Similar work has been 
completed on Material B in a ir atmosphere. The behavior of 
slag-impregnated Material B i s similar to that of slag-impregnated 
Material A. 

Combined Effect of Slag and Pp 

Finally, slag-impregnated materials tested under controlled PQ 
atmosphere are studied. The low Pn atmosphere did not have much 
e f f ec t on the behavior of slag-impregnated Material A. But as in the 
case of as-manufactured specimens, the low PQ atmosphere had an 
e f f ec t on slag-impregnated Material B at high temperature. A 
substantial strength decrease i s observed for slag-impregnated 
Material B at 2200°P and a P Q of 10~ 8 atm. This i s shown in Pig. 26. 
This result s t i l l needs to be further ver i f i ed . 

SYSTEM ANALYSIS 

The developed data represents a substantial and complemetary 
contribution to the ex i s t ing data on the thermomechanical behavior of 
materials used in refractory l in ings . Previous work at MIT 12,13,19, 
has led to the development of extensive predictive capabi l i t i e s for 
the analysis of refractory l ining systems. The main drawback to the 
use of this capabil ity for predictive analysis has been the lack of 
re l iable material data. 
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The newly acquired data described in this paper, therefore, 
constitutes an essential part of this predictive capability, on the 
basis of which calibration of the nodel and refineiaent of the analysis 
for aore accurate predictions will be possible. 

SUMMARY, CONCLUSIONS AND FUTURE WORK 

SUMMARY AND CONCLUSIONS 

A high temperature testing facility, including a furnace, retort 
system, and a fully computerized automatic data acquisition and 
control system was developed. Various techniques were studied and 
further developed for preparing as manufactured and slag-impregnated 
refractory specimens. 

A total of 148 tests (excluding the test's made for the trial 
purposes and those that were not successful) were performed on 
selected refractory materials. Compressive stress-strain response of 
the materials in room and elevated temperatures up to 2400"P was 
obtained. Deformation and failure mechanism, short-term creep 
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response, the e f f ec t s Pg and slag impregnation were studied. 
2 

The following are the highl ights of the findings from this work at the 
present time. 

(1) Essential ly two deformation mechanisms were ident i f i ed: (a) 
low temperature mechanism for temperature below approximat
e ly 1/2 T B (Tm i s the melting temperature of the material) 
where a linear e l a s t i c behavior with a b r i t t l e fa i lure was 
obtained and (b) high temperature mechanism for temperatures 
above approximately 1/2 T B where a non-linear i n e l a s t i c 
deformation response with a duct i le fa i lure was obtained. 

(2) Strength (maximum s t re s s l eve l s on the s t res s - s t ra in curve) 
decreased with temperature. The strength for temperatures 
below a transit ion l eve l (approximately equal to 1/2 T m ) , i s 
found to be decreasing proportionally to T 1 / 2 , and for 
temperatures above the transit ion leve l the strength appears 
to be decreasing proportionally to T. 

(3) Peak strains associated with the peak s tress l e v e l s on the 
s tres s - s tra in curve showed higher rates of increase with 
temperatures above approximately 1/2 T B . 

(4) I n i t i a l Young's modulus of the materials showed higher rates 
of decrease with temperatures above approximately 1/2 Tm . 

(5) The contribution of short-term creep deformation 
(approximately 10 minutes) under high s tress (approximately 
70 to 75 percent of the peak s tress ) to the tota l deforma
tion was found to be negl ig ible at temperatures below 1/2 T m . 
Short term creep t e s t s have to be run at higher 
temperatures (above 1/2 Tm). 

(6) P 0 values of approximately 10~ 8 atm representative of a 
coal gas i f ier environment seemed to have l i t t l e e f f ec t on 
the thermomechanical material beuavior of high-alumina 
sintered refractory, but affected the behavior of high 
chromia refractory. 

(7) Por temperature l eve l s up to below 1/2 Tm the specimens impreg
nated with the western acid slag showed increased strength and 
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stiffness compared to as-manufactured specimens. However, 
in the same range of temperatures, an increased rate of 
stiffness degradation with temperature was observed in the 
slag-impregnated specimens in comparison to the as-manufac
tured ones. Combination of higher temperatures and reducing 
atmospheres seem to have a critical effect on the strength 
of refractories. 

(8) For temperatures below 1/2 T m, the ratio of the strength of 
hot-pressed material to the one of sintered material with 
similar chemical composition is a constant. This constant 
is related to the maximum aggregate size in the material. 

(9) Our experience from this experimental program indicates that 
adoption of a standard specimen preparation technique is 
necessary to get consistent and representative data. Varia
bility in material data may occur due to differences in the 
methods of preparing the specimen, the specific location of 
the specimen from a block, and the coring direction of the 
specimen in a block from which the specimen was extracted. 

The test program conducted led to the development and evaluation 
of new material data which provides insight into the understanding of 
the thermomechanical behavior of refractories. The quantitative 
information developed constitutes a part of the data base necessary 
for use in the development of predictive design methods. 

FUTURE WORK 

Future work i s needed to focus on the thermomechanical behavior 

of hot-pressed and fused-cast refractor ies . Additional t e s t ing w i l l 

concentrate on the behavior of as-manufactured and slag-impregnated 

Material C, and as manufactured Material E. Obtained results w i l l be 

compared with the testa performed on Materials A, B and D. Experience 

we have gained from the experimental work wi l l be u t i l i z ed to produce 

most relevant and comprehensive se t of data. The new data wi l l be 

added to our current material database. Additional analyt ical 
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parameter studies on refractory linings will be performed to include 
the new materials tested. 
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MATERIALS DEVELOPMENT FOR SOLID OXIDE OXYGEN PRODUCTION UNIT 

T. E. Easier and R. B. Poeppel 
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9700 South Cass Avenue 
Argonne, Illinois 60439 

ABSTRACT 

The implementation of a solid oxide oxygen pump in coal gasifica
tion systems is believed to have the potential for significantly 
reducing the cost of oxygen generation for the gasification process. 
The solid oxide oxygen pump concept is based on the oxygen-ion con
ducting behavior of zirconia ceramics. The approach being taken to 
fabricate the oxygen pump involves fabrication of thin multilayer 
structures of ceramic electrode and electrolyte materials by the tape 
casting process. It is desii»d to make the laminated structures as thin 
as possible to minimize internal power losses which are the result of 
the high resistances of the individual ceramic oxide layers. Both the 
air and oxygen electrodes are made of strontium-doped lanthanum man-
ganite. The particular ceramic electrolyte under development in this 
project is zirconia doped with 8 mol X Y2O3. This study is particularly 
concerned with determining the types of failure modes that may be asso
ciated with the very thin ceramic layers. The fabrication of the 
layers, and the initial failure mode identification tests, are described 
in this paper. 

INTRODUCTION 

The development and implementation of a solid oxide ceramic oxygen 
pump in coal gasification systems is believed to have the potential for 
reducing cost, when compared to other oxygen production systems such as 
cryogenic pumping. However, the economic success of the solid oxide 
oxygen pump is dependent on the reduction of internal power losses 
caused by high Internal resistances in the individual ceramic oxide 
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components. For a given component, in particular the electrolyte, the 
power loss is directly proportional to the electrical resistance, which 
in turn is proportional to the resistivity of the material multiplied by 
the thickness of the component. 

The electrolyte may be the single most critical material in the 
solid oxide oxygen pump. In addition to being a conduit for oxygen 
ions, the electrolyte must prevent the intermixing of the depleted air 
and enriched oxygen streams. Yttria-stabilized zirconia has been chosen 
for the electrolyte because it has the best combination of chemical 
stability, low resistivity, and low parasitic losses of all known oxygen 
ion conductors. The internal resistance of the electrolyte may be 
reduced by reducing its thickness. The minimum practical thickness, 
however, is determined by Che mechanical integrity of the electrolyte. 

The results discussed in this paper include the characterization of 
th» ceramic powders used for the electrode and electrolyte, the 
development of a tape casting slip formulation, and characterization of 
>.he tapes. In addition, the initial results of the first failure mode 
identification test, which was the clamping bend test, are discussed. 

CERAMIC LAYER FABRICATION 

TAPE CASTING 

Tape casting is a fabrication process which is used extensively in 
the ceramic industry for manufacturing substrates, capacitors, and 
microelectronics. It is the technique that has been chosen for forming 
the thin ceramic layers required for the oxygen pump. Tape casting 
involves incorporating a ceramic powder of the desired composition into 
a slurry or slip which can be poured out onto a suitable substrate, such 
as glass or a Teflon surface, and spread into a thin layer with a knife-
edge or doctor blade. The slip formulation, including the choice of 
binder, is critical to the process. Many types of binder systems are 
commercially available. The binders are typically thermoplastic resins 
or plastics, or cellulosic materials. Each type of binder is compatible 
with different types of solvents, and the choice of binder system must 
be made with consideration to its compatibility with the ceramic powder 
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characteristics, and the properties required of the tapes that will be 
derived from it. In addition to the binder and solvent, other compo
nents of the slip include a dispersant to deflocculate the ceramic 
particles, and a plasticizer to change the glass transition temperature 
of the binder. In some systems, a lubricant or release agent is 
incorporated to facilitate release of the tape from the substrate after 
the solvent has evaporated. 

CERAMIC POWDER CHARACTERIZATION 

Several characteristics of the ceramic electrode and electrolyte 
powders must be known in order to successfully develop tape casting 
slips for the fabrication not only of single layers of these components, 
but also of successively cast layers for single oxygen-pump cells 
comprising air-electrode/electrolyte/oxygen-electrode. One of the most 
important characteristics is the particle size distribution of the 
powder. The range of particle sizes and their number distribution are 
directly related to the surface area of the powder, which dictates the 
amounts of binder and other organic slip components required. The 
particle size distributions for the electrolyte and electrode powders 
are given in Fig. 1. The zirconia electrolyte material has an average 
grain size of about 5 urn. Very few grains are larger than about 20 um 
in size, and a sizable volume fraction ("30 vol Z) is finer than 1 um 
The lanthanum manganite electrode powder is consideratly different. 
An average grain size of approximately 35 um is observed, with a rela
tively small volume fraction less than 5 ur>. Because of the differences 
in these distributions, the surface area of the zirconia powder is sub
stantially larger than that of the lanthanum manganite powder. As a 
result, a greater amount of binder is required for the zirconia tape 
casting slip. 

When necessary, particle size distributions can be altered to some 
extent by milling the powder to reduce particle sizes, or by calcining 
the powder to increase the particle sizes as a result of agglomera
tion. When the sensitivity to changes In organic components is not 
sufficient to produce the desired tape characteristics, alterations in 
the ceramic powder particle dize distributions are another means of 
effecting changes. 
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Fig. 1. Particle Size Distributions for (a) the Zirconia Electrolyte 
Powder and (b) the Lanthanum Manganlte Electrode Powder. 
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TAPE-CASTING SLIP FORMULATION 

The slip formula used for fabrication of the electrolyte t^^s is 
given in Table 1. The binder system is a thermoplastic acrylic ester 
resin from Rohm and Haas Company, designated Acryloid B-98. This binder 
is used with a toluene/ethanol solvent system and a plasticizer desig
nated PX316 (manufactured by USX Corporation). The lubricant and 
release agent is UCON 50-HB-20O0 from Union Carbide. Solsperse 9000 
dispersant from ICI Americas was used to deflocculate the slip. Yttria-
stabilized zirconia (8 mol Z Y 20 3) from Toyo Soda Company, designated 
TZ-8Y, has given the best sintering results to date. This slip is cast 
on a glass substrate and dries relatively quickly, such that the tapes 
may be stripped from the glass after about 20 min. The flexibility of 
the tapes can be altered by changing the amount of plasticizer in the 
slip. 

The slip formula for the electrode tapes is given in Table 2. 

CHARACTERIZATION OF TAPES 

After the tapes are stripped from the substrate, disk-shaped 
specimens are cut with a punch and sintered to allow the determination 
of firing shrinkage and density. The unfired specimens are approxi
mately 1.5 in. in diameter and 0.004 in. thick. Total firing shrinkages 
of about 28 to 30% were observed. The densities of the electrolyte 
specimens were at least 97% of theoretical. In addition to measuring 
the total shrinkage of the disks, a dilatometer was used to investigate 
the shrinkage behavior as a function of temperature. Such a shrinkage 
profile is illustrated in Fig. 2. Two regions of shrinkage behavior are 
exhibited: that which occurs at low temperatures (200 to 300°C) when 
the organic components burn out, and that which occurs during high-
temperature sintering. Generally, a burnout shrinkage in the range o_ 
2 to 4% is observed when the amount of binder is at its optimal level. 
Excess binder results in greater shrinkages at low temperature, which 
may be difficult to tolerate in multilayer systems. The amount of 
shrinkage during sintering is dictated by the degree of densification of 
the sample; when densifIcation ceases, shrinkage no longer occurs. 
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Table 1. Electrolyte Tape Casting Slip Formulation 

Supplier Component Amount, g 

Rohm and Haas B-98 Binder 3.4 
J. T. Baker Toluene Solvent 18.4 
J. T. Baker Ethanol Solvent 12.2 
USX Corp. PX316 Plasticizer 1.1 
Union Carbide UCON Lubricant 2.7 
IC1 Americas Solsperse 9000 Dispersant 1.0 
Toyo Soda TZ-8Y Zirconia 50.0 

Table 2. Electrode Tape Casting Slip Formulation 

Supplier Component Amount, g 

Rohm and Haas B-98 Binder 3.25 
J. T. Baker Xylene Solvent 17.8 
J. T. Baker Ethanol Solvent 9.5 
USX Corp. PX316 Plasticizer 1.0 
Union Carbide UCON Lubricant 2.0 
1C1 Americas Solsperse 9000 Dispersant 1.6 
Anderson Tech* * L a0.8 S r0.2) M n O3 35.0 

FAILURE MODE IDENTIFICATION 

Several anticipated failure modes have been identified for study. 
The disk-shaped specimens described above will be used to test the 
effects of various internal and external stress fields on the failure 
behavior of both single-layer and multilayer samples. One of the anti
cipated failure modes for thin ceramic layers is related to stresses 
that may arise when the membranes are clamped between manifolding 
surfaces. Although the ceramic layer and the clamping surfaces should 
be flat, typically some curvature is expected. The first type of 
failure mode investigation that was carried out was a clamping bend 
test, which measures the ability of the electrolyte to conform to the 
shape of a clamping surface. For this test, curved electrolyte disks 
were compressed between flat clamping surfaces and loaded to failure. 
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Zirconia Electrolyte Tape. 

Curved specimens were obtained by placing the disks on zirconia setter 
plates during firing. Since tape-cast specimens frequently do not fire 
flat without some type of restraint during firing, the lack of restraint 
on these samples allowed them to warp slightly, such that varying 
amounts of curvature resulted. 

The test data are presented in Fig. 3, which is a plot of the load 
at failure as a function of the degree of nonlinearity of the disks. 
The values on the x-axis were obtained by measuring the gap between the 
loading surfaces at the point where they first came into contact with 
the specimen. This value is largest for the specimens with the greatest 
degree of curvature. A trend of increasing load at failure was observed 
with increasing flatness of the disks. The equation on the plot corre
sponds to a logarithmic tit of the data, which yields a coefficient of 
determination of 82%. These data are being analyzed, with consideration 
given to existing theories for stress distributions in cylindrical 
plates and shells. A micrograph of a typical fracture surface is shown 
in Fig. 4 to illu»trate the microstructure of the electrolyte material. 

Sintering Shrinkage 

Burnout Shrinkage z 
I I I I I 
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Fig. 3. Load at Failure Determined by Clamping Bend Test, 
as a Function of the Loading Platen Gap. 

Fig. 4. Micrograph of Typical Fracture Surface of the Zirconia 
Electrolyte Material. Average grain size about 5 MID. 
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SUMMARY 

The first months of effort on this project have yielded the 
following accomplishments 

1. Characterization of the electrolyte and electrode ceramic 
powders was completed. Powder analyses included particle size 
distributions, surface areas, and powder morphology. 

2. Tape casting slips were developed with the aid of the results 
of the powder characterization analyses. Single layers of 
electrolyte and electrode tapes were successfully cast. 

3. Specimens were cut from the electrolyte and electrode tapes, 
and fired densities and shrinkages were determined. 

4. Firing shrinkage rates were determined by dilatometry to 
investigate firing shrinkage behavior as a function of 
temperature. Values for the binder burnout shrinkage and 
sintering shrinkage components of the total tape shrinkages 
were obtained. 

5. On the basis of the firing shrinkage results described above, 
slip formulations were adjusted to allow multilayer tape 
casting of electrode/electrolyte/electrode composites. 

6. The first of six failure mode identification tests was carried 
out. This was the clamping bend test, which involved the 
investigation of the dependence of load at failure on the 
degree of curvature of thin layers of the electrolyte 
material. Higher failure loads were observed for specimens 
with smaller amounts of curvature. 
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FIBER-REINFORCED COMPOSITE HOT-GAS FILTERS 

D. P. Stinton, R. A. Louden and R. Chang' 

Metals and Ceramics Division 
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P. 0. Box X 
Oak Ridge, Tennessee 37831 

ABSTRACT 

A chemical vapor deposition process was developed for the 
fabrication of high-temperature particulate filters. Fibrous 
materials such as Nicalon (SiC) felt and aluminosilicate papers 
were used as the filter material. Preliminary evaluation of 
filter specimens fabricated from Nicalon revealed extremely 
encouraging results. Cleanable filters with collection 
efficiencies of >99.9X were recorded for both PFBC flyash and 
gasifier char. 

INTRODUCTION 

The Department of Energy Office of Fossil Energy is providing support 
for the development of several technologies which will utilize coal in an 
environmentally acceptable manner. Several of the technologies being 
developed, such as combined cycle coal gasification, combined cycle 
pressurized fluidized bed combustion (PFBC), direct coal-fired gas 
turbines, and coal gasification molten carbonate fuel cell systems, would 
benefit significantly from the development of hot-gas cleanup technology. 
Sulfur, alkali metals, N0 X, and solid particulates must be removed from the 
gas stream to protect metallic components of the turbines from corrosion 
and erosion. A number of techniques are being investigated for the removal 
of particulates from hot gas streams, including ceramic bag filters, 
ceramic cross-flow filters, particle bed filters, and ceramic candle filters. 

Acurex Corporation, Mountain View, California. 
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Coaposites consisting of a silicon carbide matrix reinforced vith 
continuous Nicalon fibers have been developed by the AR&TD Fossil Energy 
Materials Program.1>2 Composites of this type are light, chemically inert 
in fossil energy systems at 1000°C, and exhibit high strength and 
exceptional fracture toughness. The goal of this work is to produce a 
composite filter that has the requisite strength and toughness as well as 
sufficient porosity to be permeable to the gas stream with a pore size 
distribution necessary for an effective filter. 

EXPERIMENTAL 

High-temperature particulate filter specimens (7.5-cm-diam disks) were 
fabricated at ORNL by a chemical vapor deposition process that placed a 
free-standing fibrous material (felt) within a constant temperature region 
(~1200°C) of the resistively heated deposition furnace (Fig. 1). The 
reactants, methyltrichlorosilane (CH3SiCl3) plus hydrogen, were forced 
through the felt and deposited a thin layer of SiC on the individual 
fibers. The process has been developed to the extent that SiC is uniformly 
deposited across the diameter ard thickness of the felt. 

Filter medium designs being investigated include free-standing fibrous 
Nicalon felt, or felt with Nicalon cloth applied to the inner (upstream) 
surface, the outer (downstream) surface, or both the inner and outer 
surfaces (Fig. 2). The fait functions as the filter medium and the thin 
layer of silicon carbide bonds the fibers together providing the necessary 
mechanical strength to stabilize the felt (bond individual fibers together) 
to prevent fiber movement or loss during pressure-pulse cleaning. 
Deposition of SiC on the fibers also firmly bonds the cloth to the felt. 
Interlocking of fibers as demonstrated in Fig. 3 not only provides the 
mechanical strength but also gives the composite filter very high fracture 
toughness. In order to minimize the weight of the filter, thin layers of 
felt were used with a minimum deposition of SiC. 

Nicalon, Nippo.i Carbon Co. , Tokyo, Japan. 
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,200 pm . 

Fig. 3. Photograph showing the interlocking of Nicalon fibers with CVD 
SiC. The deposition of SiC in this photo is much greater than that needed 
for filter applications but better illustrates the interlocking of fibers. 

Screening tests of composite filters were undertaken at Acurex 
Corporation to assess their filter efficiency and cleanability.' Figure 4 
shows a sketch of the filter holding arrangement. The filter specimen was 
loaded in a horizontal position with the contaminated gas flowing up 
through the filter. Six specimens (7.5-cro-diam flat disks) were screened 
using both PFBC flyash and gasifier char at 200°C and 800°C. Note that 
there was no other structural support for the filter disk. 

When the first specimens were tested, the edges of the filter were 
sometimes broken by the restraining fixture. This was corrected by using a 
ceramic gasket that expanded when heated. With this arrangement, the room-
temperature clamping force could be reduced significantly. The gasket also 
prevented the edge of the fixture from cutting into the filter. 
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Fig. 4. Filter specimen clamping arrangement. 

Filter specimens were constructed of a layer of Nicalon felt 
sandwiched between two layers of Nicalon cloth, with the exception of one 
sample which had the cloth on one side only. Nicalon felt consists of a 
three-dimensional array of continuous filaments 15 urn in diameter. The 
average pore size as shown in Fig. 5 is about 100 urn. Because of bridging 
and agglomeration of the particulates, the Nicalon felt can effectively 
filter particles significantly smaller than 100 um. Table 1 describes the 
conditions under which the various filters wer<: prepared. 
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Fig. 5. Nicalon felt showing a pore size of about 100 microns. 

Table 1. Composite Filter Samples 

Reactant gas Run 
Number concentration time 

(g/min) (h) 

Deposition 
temperature 

(°C) 
Filter design 

23 

20 

0.21 

0.42 

1200 Plain weave Nicalon upstream 
and downstream, felt in middle 

1200 Plain weave Nicalon upstream 
and downstream, felt in middle 

17 

24 

16 

21 

0.42 

0.21 

0.24 

0.42 

1200 Open Satin weave upstream 
only, felt backing 

1200 Plain weave Nicalon upstream 
and downstream, felt in middle 

1200 Plain weave Nicalon upstream 
and downstream, felt in middle 

1300 Plain weave Nicalon upstream 
and downstream, felt in middle 
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RESULTS 

PFBC flyash and gasifier char as descried in Table 2 were used as 
test dusts. The PFBC flyash has a higher particle density, a snaller 
particle size, and, as revealed by optical microscopy, a rougher surface. 
Earlier tests had shown the gasifier char to be less efficiently filtered 
than the PFBC flyash.*»s The char did not form a cohesive filter cake, 
which is probably the reason for less efficient collection. 

Table 2. Description of Test Dusts 

PFBC flyash Gasifier char 

Particle density 2.87 g/cm* 2.18 g/ca1 

Particle diameter 4.5 urn 5.5 urn 

The initial tests described in Table 3 were performed at face 
velocities of 11 to 22 cm/s using PFBC flyash at 200°C. The test specimen 
with the highest amount of deposited silicon carbide (No. 20) and the 
specimen with the least amount (No. 23) showed about the same results 
at these high face velocities. For specimen 20, decreasing the face 
velocity from 22.2 cm/s to 11.0 cm/s did not appear to have any major 
effect on dust removal efficiency or cleanability of the fabric. At the 
end of testing both filter specimens had areas on the clean side which 
showed evidence of some dust penetration, probably through pinholes in the 
felt. The edges of the filters had cracked and the layers were starting to 
delaminate. However, measured collection efficiencies were high 
considering the high filter face velocities. 

Specimen 17 had woven fabric on the upstream side only. The pressure 
drop across the filter increased rapidly after about 3 h of testing. 
Use of a higher cleaning pujse pressure (0.36 MFa versus 0.18 MPa) or 
increasing the cleaning frequency did not slow the increase in the 
pressure drop. 
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Table 3. Summary of Test Results* 

Test Specimen number/ Test Collection Test time 
number test dust conditions efficiency (h) 

1 23/PFBC flyash 200°C 99.7X 4 
21.7 cm/s 

2 20/PFBC flyash 200°C 99.31 4 
22.2 cm/s 

3 20/PFBC flyash 200°C 99.4% 4 
11.0 cm/s 

4 17/PFBC flyash 200°C 99.5X 4 
20.5 cm/s 

5 24/PFBC flyash 200°C 99.2% 4 
2.5 cm/s 

6 24/PFBC flyash 800°C >99.9% 4 
2.5 cm/s 

7 24/PFBC flyash 200°C >99.9% 4 
2.7 cm/s 

8 24/Gasifier char 200°C 97.OX 5 
2.7 cm/s 

9 20/Gasifier char 200°C 99.7* 5 
(Retest) 3.0 cm/s 

10 16/Gasifier char 200°C 99.4% 11 
3.0 cm/s 

11 21/Gasifier char 800°C >99.9X 50 
3.5 cm/s 

*Tests were conducted at 200°C with dust-laden air rather than 
combustion prod. s. Air or nitrogen (room temperature) was used as 
the pulse gas for periodically removing dust from the filter surface. 
A pulse pressure of 0.18 MPa was generally used with a pulse duration 
of 0.05 s. 
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Specimen 2U was tested at a lower face velocity of about 2.5 cm/s and 
at 200°C and 800°C. With the exception of the first four hours of testing 
(test 5), the collection efficiency was higher at the lower face velocities 
(>99.9% for tests 6 and 7). At the end of testing with PFBC dust, specimen 
24 was reused for testing with gasifier char. The collection efficiency 
kept dropping during the test, and later it was found that the edge of the 
filter had broken. There was also a large amount of char between the woven 
material and the felt on the upstream side. The restraint arrangement was 
then modified with an expandable gasket material, which extended beyond the 
edge of the clamp to prevent excessive stress on the filter. 

Specimen 20 was also retested using gasifier char at 200°C and at a 
face velocity of 3.0 cm/s. The initial collection efficiency of 99.5% 

gradually improved to 99.7%. When the filter specimen was removed, no 
char was noticeable on the downstream side. 

Specimen 16 was tested with gasifier char at 200°C and a face velocity 
of 3.0 cm/s. Specimen 16 was a new sample as compared to specimen 20 
which had been used for testing with PFBC dust prior to testing with char. 
Slightly lower collection efficiencies were measured. 

After the short duration tests showed promising results, a specimen was 
selected for longer duration testing at high temperatures. Specimen 21 was 
tested at 800°C for SO h. After an initial collection efficiency of about 
99.6%, the filter collection efficiency improved to >99.9%. There was no 
noticeable damage to the filter and no char was observed on the downstream 
side of the filter. 

DISCUSSION 

The ideal filter should retain 100% of the particulates at the surface 
since particulates that penetrate the filter medium could not likely be 
removed during the cleaning cycle. Results from testing the first set of 
composite filter specimens are very encouraging since collection 
efficiencies were uniformly high fiven at very high face velocities. There 
did not appear to be cleanahi1ity problems with the small filter specimens. 
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Edge fractures occurred in the first few filter specimens tested. A 
slight change in the fixt ire and gasketing material appeared to resolve the 
problem. The edge weakness can be partially attributed to reduced 
deposition of silicon carbide at the edge during fabrication of the filter. 
The rest of the filter, although unsupported, had no cracks or other 
structural failures. Delamination of the felt from the cloth layers was 
*.!so observed. Better bonding between layers could be obtained with 
heavier deposits of silicon carbide. 

Use of simpler base filter construction will make fabrication of 
commercial-scale filters easier. Besides the multiple-layered 
construction used, single-layer construction will also be examined. Use 
of ceramic paper material or a single layer of texturized ceramic cloth as 
the base material for chemical vapor deposition of silicon carbide are 
possible approaches. Filters fabricated from aluminosilicate papers have 
been prepared but not yet tested. The papers offer the additional 
advantage of having controlled pore sizes. Figure 6 shows ceramic papers 
fabricated from continuous filaments 1 to 2 um in diameter. These papers 
have pore sizes between 1 and 10 um. Eventually, tubular preforms con
sisting of a cylinder of felt, possibly wrapped with continuous filaments, 
will be infiltrated to produce candle filters. 

The use of different base fiber material and different materials for 
deposition will also be investigated for composite filter construction. In 
any case there needs to be a better understanding of how the interaction 
of the different components of the composite filter effect the performance 
of the filter. 

Chemical compatibility of the filter materials with hot combustion 
gases must be determined. Composite filters are currently being tested by 
the National Coal Research Establishment at Stoke Orchard, England, in a 
coal gasification system. After testing, the filters will be returned for 
further testing and evaluation. Potential problems could arise because 
silicon carbide is susceptible to attack by alkali metals at elevated 
temperatures. For example, sodium could form a low melting (87G°C) 
eutectic with the protective SiO? film that forms on the surface of the SiC 
at elevated temperatures. Attack of the protective layer leads to rapid 
degradation of the SiC. If the reaction causes a significant problem, 
another material less susceptible to alkali attack will be deposited by 
CVf) in place of tlu- SiC. 
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CONCLUSIONS 

A process utilizing chemical vapor deposition was developed for the 
fabrication of high-temperature particulate filters. Fibrous materials 
such as Nicalon felt with a pore size of about 100 urn were evaluated 
as filter mediums. For additional strength Nicalon felt was sandwiched 
between layers of Nicalon cloth. Preliminary evaluation of the initial 
Nicalon filters revealed that cleanable filters with collection 
efficiencies of >99.9!S for either PFBC flyash or gasifier char could be 
produced. Simpler filter designs need to be investigated since 
particulates were often trapped between the cloth layer and felt and 
delamination of the filters was occasionally observed. Filters consisting 
of aluminosilicate papers with pore sizes ranging from 1 to 10 um were 
successfully prepared but have not been tested. The relationships between 
filter efficiency, cleanability, strength, toughness, preform design, and 
deposition conditions need to be established to optimize the properties of 
the filter materials. 
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ABSTRACT 

Ceramic composites are an important new tvpe of material being 
developed for applications requiring high strength at high temperatures. 
Considered here are composites of a SiC matrix reinforced with SiC fabric 
which is formed bv chemical vapor infiltration of the fabric. An 
important aspect of this process is the formation of extensive porositv 
which limits the strength of the material. Effective nethods of 
nondesr.ruct ivclv detecting and characterizing porosity in the material atv 
needed. This is a challenging task for ultrasonic techniques because of 
the high levels of porosity (typically 10-50%) found in the material and 
because of the intrinsic heterogeneity and anisotropy of the material, a I ! 
of which strongly affect ultrasonic wave propagation. 
Through-transmission techniques for measuring ultrasonic properties asv 
described, including the use of time delay spectrometry and laser 
feneration of ultrasound. Acoustic properties and area scans are 
presented for samples containing a range of porosity. It. is concluded 
that the techniques are adequate to form a technical basis for developing 
effective ultrasonic NDF. methods. 

INTRODUCTION 

The objective of this program is to evaluate and develop 
nondestructive evaluation (NDF.) techniques for advanced ceramic composite 
materials. The capabilities of current state-of-the-art. NDK techniques •> 

reliably detect and characterize defects will be determined. New and/or 
improved techniques will be developed as the needs are identified. 
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NDE is needed in applications where material failure is critical and 
no basis for lifetime prediction exists, as, for example, in ceramic 
composite heat exchangers. It is important to develop NDE methods in 
concert with material development so that the techniques can be used as 
material process development tools, be available when in-service problems 
occur, and be use* for in-process sensing and control. 

A large technology base exists for NDE of monolithic materials 
(primarily metals). However, NDE of ceramic composites is a significantly 
more complex problem requiring research and development. Ultrasonic 
techniques ai-i considpied the most promising and are being investigated 
first. Other techniques, primarily radiography, are being used to 
complement ultrasonics and corroborate the results. 

SiC-reinforced SiC is the first material system being studied. 
Porosity is of primary concern, because its formation is inherent in the 
production of the material, and because it reduces the strength of the 
composite. Thus techniques to detect and characterize porosity are being 
investigated first. 

During the reporting period, test samples of SiC cloth-reinforced SiC 
matrix material containing varying degrees of porosity have been 
obtained. Through-transmission ultrasonic techniques have been developed 
to measure the acoustical properties of the coupons, and correlation'; of 
the ultrasonic properties with the porosity in the samples have been 
observed. A pulse/echo method for measuring ultrasonic properties and 
detecting individual pores or groups of pores has also been examined. 
Laser-generated ultrasonic waves have been investigated and found to 
significantly increase the ultrasonic energy coupled into these highly 
porous materials. Time delay spectrometry has also been found to improve: 
the signal-to-noise ratio, and was especially useful for 
through-transmission attenuation measurements. 

COMPOSITE SAMPLES 

The first material system being addressed con.sists of continuous Sic 
fibers in a SiC matrix. A preform is built up from layers of Nicalon'1 

aNippon Carbon Co., Tokyo, Japan 
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cloth. A matrix of SiC is added to the preform by a chemical vapor 
infiltration (CVI) process. These samples typically have high porosity 
content, because as more and more of the matrix is deposited on the fibers 
in the preform, further infiltration of the gasses which react to form the 
matrix is inhibited. 

Test coupons have been received from Refractory Composites Inc. (RCI) 
and the AR&TD program at ORNL, which produce the composites by different 
CVI processes. The samples include 5 different fiber volume fractions, 
and have porosity volume fractions ranging from 10 to 50%, as shown in 
Figure 1. The majority of the specimens were manufactured by RCI; a few 
low porosity, high fiber samples were contributed by ORNL to help fill out 
the sample set. 

ULTRASONIC ATTENUATION 

Through-transmission measurements of the ultrasonic attenuation have 
been made using both pulsed and continuous-wave (CW) techniques. The 
through-transmission arrangement of the transducers and sample are shown 
in Figure 2. The SiC-SiC samples were typically 3.3 mm thick, with bulk 
porosity between 26 and 42 vol.%. Standard piezoelectric, broadband, 
12 mm diameter transducers were used in both cases. The attenuation 
values were determined from the response of the receiving transducer with 
and without the sample present. A correction for reflection at the 
surfaces of the sample was applied, treating the sample as homogepeous. ' 

The pulsed work used a standard pulser/receiver which delivered a 
voltage pulse to the transmitter, generating an acoustic pulse. The pulse-
traveled through the water bath and the sample to the receiver. The 
voltage output of the receiver (standard A scan) was digitized by a 
transient recorder and transferred to a computer. The A scan was Fourier 
transformed to the frequency domain, where the attenuation was calculat:ed. 

The samples are of course anisotropic. However, the wave, length in the 
sample generally exceeds 2 mm, which is large compared to the thi C'KM.-T,:, 
of the layers. For the higher porosity .samples, whore the wavelongt h a' 
? MHz can be a?; short, as 1 mm, the correction for reflection i r; .small 
compared to the attenuations observed. 
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Fig. 2. Through- transmission measurement system using two piezocl <-c.\ r i 
tian:ducers coupled to the sample by the water bath. 
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Measurements were made at an array of points distributed over the central 
area of the sample to obtain an attenuation which could be compared with 
the overall sample porosity. Figure 3 shows the measurements with 2.25 
MHz transducers for six samples with 37% fiber reinforcement. The coupon 
with 26% porosity shows an attenuation varying from 3-12 dB/mm, and the 
coupon with 39% porosity has about 10 dB/mm greater attenuation. Figure 4 
shows that at 1.6 MHz the attenuation increases by about 0.5 dB for each 
percent porosity. 

The CW work was a collaborative effort with P. M. Gammell, Naval 
Surface Weapons Center, Silver Spring, Maryland.0 Time delay 
spectrometry (TDS) uses a long duration CW signal, and has been effective-
with other highly attenuating materials. This is because the 
ultrasonic *sigr.=»l is being continuously transmitted and received, 
providing i -;.•-,' factor near 1, in sharp contrast to pulsed systems. The 
frequency of * !;e transmitter is swept through a range of frequencies which 
the receiver tracks, allowing for the travel time of the ultrasonic 
signal. An added benefit occurs because the received signal is envelope 
detected, providing a slowly varying signal which can be recorded with a 
100 kHz, 12 bit digitizer, in contrast to pulsed systems which record 
signals in the megahertz range with at best 8 bit accuracy. This 
translates to 24 dB added dynamic range. TDS provides directly a 
frequency domain display of the amplitude of the ultrasonic signal 
transmitted through a sample, because for any portion of the signal, the 
time? it is received is a linear function of frequency. Figure 5 shows 
attenuation measuren.c-nts for two samples with 35% and 42% porosity 
measured with 10 MHz transducers. The measurements ^ere done for only a 
single location on the sanple, however the benefits of using TDS are 
clear. The measurement', are useful at frequencies as high as 4 MHz for 
the 35% porosity sample, and as high as 3 MHz for the 42% porosity .sample, 
which transmitted .'.nsuf f icient ultrasonic energy for measurements with the 
pulsed technique. The cusps evident., particularly for the 4?% *ioror,iry 
sample, are not actual changes in attenuation, but are measurement 

^Supported by the Materials Block Program and the Interna] Exploratory 
DevelopTie.it. Program at the Naval Surface Weapons Center. 

http://lopTie.it
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Fig. 3. Attenuation measured for six SiC-SiC samples with porosity content 
ranging from 26 to 39 vol.%. The attenuation increases by about 
5 dB/MHz. 

artifacts due to destructive interference between portions of the 
ultrasound which travel through the sample with different velocities. 

PROPAGATION VELOCITY 

The velocity of the ultrasonic pulse in the samples was also studied 
with the through-transmission arrangement <n Figure 2, using the pulsed 
technique. Figure 6 shows ultrasonic pulse.} at the receiving transducer 
with and without the sample interposed between the two transducers. The-
delay evident for the sample absent reflects the faster velocity in the 
sample. The appearance of the ultrasonic pulse is distorted by the 
sample, because the higher frequencies are preferentially attenuated. 
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Fig. 4. Attenuation at 1.6 MHz as a function of sample porosity. The 
attenuation increases at about 0.5 dB/% porosity. The error bars 
are the standard deviation values measured at different points on 
the sample. Two sets of measurements are shown for two of the 
samples. 

The delay was measured between the leading edges of the pulses, indicated 
by the arrows. The accuracy of the delay measurement was about 10 ns, thft 
digitizing period of the transient recorder used, which corresponds to an 
accuracy in the velocity of a few percent. 

Figure 7 shows a strong dependence of propagation velocity on porosity 
for 6 samples having porosities ranging from 25% to 40%. Tne error bars 
show the standard deviation of the measurements for an array of points 
distributed over the central region of the sample, and indicate the &k?tr<i-

of variability in the sample. Porosity was calculated from the bulk 
density of the sample, and represents the average porosity in thf sample. 
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Frequency (MHz) 
Fig. 5. Attenuation measured by time delay spectrometry for SiC-SiC 

samples with 35% and 42% porosity. The inherent averaging in thr-
technique provided more accurate measurements, at higher 
frequencies than was possible with a conventional pulsed 
technique. Interference effects are evident in the cusps present 
for the 42% porosity sample. 
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(a) 

(b) q 

Fig. 6. Typical examples of the recorded ultrasonic pulses for the 
conventional, pulsed, through*transmission system with the sample-
(a) Interposed and (b) not Interposed between the transmitter arid 
the receiver. The distortion In the ultrasonic pulse Is caused 
by the frequency dependent attenuation In these highly 
attenuating SIC-SIC samples. The arrows Indicate the arrival 
times of the pulses at the receiver. 
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Porosity (t) 
Fig. 7. Acoustic velocity measured with the conventional pulsed system. 

Velocity is seen to depend strongly on the sample porosity. The 
error bars are the standard deviation of measurements at 
different points on the sample. Two sets of measurements are 
shown for one sample. 

ULTRASONIC TRANSMITTANCE 

The ultrasonic energy transmitted through a sample has been examined 
using both the conventional arrangement in Figure 2 and the thermoelastic 
setup In Figure 8, where the transmitting transducer is replaced with a 
laser. The transmitted energy includes all the ultrasonic energy In the 
pulse which reaches the receiving transducer. It is determined by the 
content of the initial ultrasonic pulse, the thickness and frequency 
dependent attenuation of the sample, and the coupling efficiency of the 
ultrasonic pulse into and out of the sample. The content of the 
ultrasonic pulse and the coupling efficiency will not change with position 
on the sample. The technique is intended for samples of uniform 
thickness, for which variations In trie transmitted energy will reflert 
differences in the attenuation. 

Good correlation has been noted between the transmitted energy and the 
porosity of the material using the piezoelectric setup, however the 
thermoelastic arrangement couples more acoustic energy into the sample «m<t 
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Fig. 8. Through-transmission measurement system using a pulsed laser to 
generate an acoustic pulse at the surface of the sample by 
thermoelastic conversion. The transmitted acoustic pulse is 
detected by a conventional piezoelectric transducer, coupled to 
the sample by a water bath. 

provides much better results. A pulsed, Nd.YAG laser Is used to deliver a 
10 ns, 90 mJ pulse to the surface of a sample. An ultrasonic pulse is 

2 generated by thermoelastic conversion of the deposited heat energy. 
Increases of approximately 20 dB have been observed in the received signal 
levels compared to the piezoelectric setup, resulting in improved 
characterization of all samples. 

Samples representing a range of porosities have been characterized 
using the laser generation system. The laser beam was defocused to about 
a 6 mm spot size to minimize effects from surface roughness (and 
inhomogeneities on the order of the fiber bundle spacing of 1 mm) . 
Figure 9 shows the measured correlation between transmitted energy and 
porosity. Each point represents an average of 15 measurements for the 
sample, distributed across the width of the sample at 2 mm intervals. The 
error bars show the standard deviation of the values measured for the 
sample. The line is a least squares fit to the points. 

AREA SCANS 

The transmitted energy and propagation velocity measurements have been 
employed in scanj of samples, resulting In maps of the sample which can 
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Transmitted acoustic energy measured with the thermoelastic 
system. The dependence of ultrasonic transmission on porosity is 
clear. The error bars are the standard deviation of values 
measured at different points on the sample, and reflect the 
point-to-point variation in the ultrasonic transmission. 

be correlated with radiographic examinations. Figure 10 shows a positive 
print of an x-ray radiograph of a sample having large variations in 
porosity. Measurements of the fflm density, calibrated with penetrametcrs 
included in the exposure, reveal that the porosity varies from 31% in the 
dark region to 43% in the light region. Ultrasonic scans with 2.25 MHz, 
6 mm diameter transducers show the same pattern. Figure 11 shows a map of 
the transmitted energy, with regions of higher ultrasonic transmittance 
appearing darker. Figure 12 shows a map of the propagation velocity, with 
regions of higher velocity appearing darker. In all three, a darker band 
is seen which curves from the upper left, across the middle, to the upper 
right. 
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Fig. 10. Positive image of X-ray radiograph of a SiC-SiC sample containing 
large variations in porosity. Porosity varies from 31% to 43%. 
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Fig. 11. Map of the transmitted ultrasonic energy for the sample in 
Figure 11. The darker areas have higher transmitted energy. 
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Despite the clear correlations evident between the radiographic and 
ultrasonic measurements, it should be noted that the techniques do not 
measure exactly the same properties. While radiography measures de:.-!ty, 
the ultrasonic techniques measure how well and how fast ultrasonic energy 
is propagated through the material and thus depend on the structure of the 
material in addition to the overall density. Ultrasonics is potentially 
capable of providing additional detailed information about the 
characteristics of porosity which radiography can only locate. 

ULTRASONIC PULSE/ECHO 

The potential use of a pulse/echo ultrasonic technique has been 
investigated using both conventional piezoelectric and thermoelastic laser 
generation of ultrasonic pulses, as shown in Figure 13. The use of the 
laser in pulse/echo is similar to its use above in through-transmission, 
with two added benefits. Since in the thermoelastic configuration the 
ultrasonic pulse is generated at the surface of the sample, the large 
front surface echo is absent. The first signal arriving at the receiver 
is a pulse which travels back into the water away from the sample. Ic was 
experimentally observed that besides being much smaller, it is also 
shorter than the front surface echo obtained with typical piezoelectric 
transducers. Figure 14 compares these two cases, showing the improvement 
obtained with the thermoelastic generation. The laser produces a shorter, 
cleaner pulse, important for near-surface investigation. 

This technique is promising for ultrasonic backscatter and flaw 
detection in denser samples. The high attenuation observed in Figure 3 
has serious implications for application of pulse/echo techniques with 
these highly porous SiC-SiC samples. An attenuation of 4.5 dB/mm, 
corresponding to the least attenuating sample at 1 MHz, means that half of 
the ultrasonic energy which enters the sample penetrates only to a depth 
of 0.7 mm. Since the propagation velocity is 5.4 km/s in this sample, 
half of the energy is removed from the ultrasonic pulse in an eighth of ,i 
wavelength, or 99.6% in one wavelength. The attenuation per wavelength \r, 

about the same at 2 MHz. For the data In Figure 6b, the ultrasonic 
activity at 5 MHz for times corresponding to echoes at depths between 0./'> 
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Fig. 13. Pulse/echo measurement systems using (a) conventional 
piezoelectric and (b) thermoelastic laser generation of 
ultrasonic pulses. In both systems, the reflected and scattered 
ultrasonic pulse is received by the piezoelectric transducer, 
coupled to the sample by a conventional water bath. 

and 2 wavelengths is down by only 24 dB from the front surface. An echo 
from a back surface at 0.75 wavelengths would have travelled through 1.5 
wavelengths of material, and be down by 36 dB, insignificant compared to 
the 24 dB observed. Pulse echo techniques may be viable for wavelengths 
which are long compared to the depths of interest, or for examining the 
initial signal for interference between a flaw signal and the front 
surface signal. 

SUMMARY AND CONCLUSIONS 

In order to develop ultrasonic NDE techniques for advanced ceramic/ 
ceramic composites, the basic ultrasonic properties of the m«?terial must 
be known, as well as how they are affected by material propr-rt. ins arid 
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Fig. 14. Typical examples of the recorded ultrasonic pulses for the 
(a) conventional and (b) thermoelastic pulse/echo systems. The 
thermoelastic generation technique produces a shorter, cleaner 
pulse, important for near surface investigation. 

conditions of interest. Because of the nature of ceramic composites, 
ultrasonic measurements are difficult to make, requiring special measuring, 
techniques tc be developed. Several experimental measuring technique 
have been developed to measure ultrasonic propagation velocity, 
attenuation, and transmitted energy. 
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Because of high attenuation in the inhomogeneous and porous material, 
measurements are restricted to relatively low frequencies (<5 MHz) in 
order to transmit sufficient acoustic energy through samples for 
meaningful measurements. In addition, measurements are restricted to 
through-transmission methods using separate pulsing and receiving 
transducers. This requires the acoustic wave to make only one transit 
through samples, in contrast to conventional pulse-echo measurements where 
.-wo or more transits can normally occur. For the most porous, highly 
attenuating samples, conventional piezoelectric generation of ultrasound 
is inadequate. However, laser thermoelastic generation of ultrasound 
directly in the samples was found to produce approximately 20 dB higher 
ultrasonic amplitudes, making measurements of ultrasonic properties 
possible in these samples. 

Techniques were successfully applied to a set of samples containing a 
range of porosity, enabling correlations to ultrasonic properties to be 
made. It is concluded that the techniques developed i adequate to 
determine the ultrasonic properties of ceramic composites and to form a 
technical basis for developing effective ultrasonic NDE methods. 
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ADVANCED MATERIALS FOR SOLID OXIDE FUEL CELLS 

C.U. Griffin and J.L. Bates 

Materials Sciences Department 
Pacific Northwest Laboratory ̂ a* 

P. 0. Box 999 
Richland, Washington 99352 

ABSTRACT 

Materials based on the In203-Pr0i.g3-Zr02 system were examined 
as potential electrodes and current interconnects for solid oxide 
fuel cells (SOFC). The electrical transport, thermal, and 
electrochemcial properties are described in relationship to 
structure, phase equilbria, and composition. The electrical 
conductivity was dependent on structure and composition, and can 
exceed the conductivity of the state-of-the-art 
electrode /interconnect materials. The instability of the 1^03 in 
reducing environments may eliminate this system as SOFC anodes or 
interconnects. This system may be used as cathodes if indium does 
not diffuse into the electrolyte aud degrade fuel cell performance. 

(a)Pacific Northwest Laboratory is operated by Battelle Memorial 
Institute for the U.S. Department of Energy under Contract 
DE-AC06-76RLO 1830. 
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INTRODUCTION 

Solid oxide fuel cells (SOFC) are direct er.ei*y conversion 
devices requiring materials to operate at high temperatures for 
long times. High-temperature oxide materials based on rare-earth 
(Re xO v) stabilized ZrO^ (Hf02> are being studied as advanced SOFC 
electrode and interconnect materials. The objective is to develop 
high-electronically conducting oxide materials with thermal and 
fabrication characteristics similar to i.he solid electrolyte. 
Ionically conducting Y2O3 or Ke xO v stabilized Zr02 (Hf02) solid 
electrolytes are made electronically conducting with additions of 
other oxides, e.g., 1^03, while retaining structures similar to 
the electrolyte and interconnects. These structures may provide: 
1) thermal expansion match with the electrolyte, 2) simultaneous 
fabrication of electrode and electrolyte as an Integral cell 
component, 3) compositions that minimize material interactions 
between SOFC components, and 4) improved electrode/electrolyte 
reaction rates. This paper describes the research and development 
of materials based on the In203-Pr0i#g3~ZrO2 system as potential 
electrodes and current interconnect for SOFC. The electrical 
transport, thermal, and electrochemical interaction properties are 
described in relationship to structure, phase equilibria and 
composition. 

EXPERIMENTAL PROCEDURES 

Sarole fabrication and the techniques used to determine the 
electrical and thermal phase equilibria and electrochemical 
properties are described. Property measurements included 
electrical conductivity, Seebeck coefficient, ionic transference 
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numbers, thermal expansion, and thermal stability. Electrochemical 
interdiffusion tests were also performed. 

SAMPLE FABRICATION 

Samples were fabricated by pressing and sintering 
coprecipitated powders. Sulfate solutions with desired cationic 
(In, Pr, Zr) ratios were sprayed into ammonium hydroxide to 
coprecipitate mixed oxide powders. The precipitate was filtered, 
washed sequentially with water, acetone, toluene, and acetone, 
dried in air at 373 K before being calcined in air for 5 hours at 
973K. The calcined powders were cold-pressed and granulated 
through a 45 mesh screen before pressing uniaxially at 152 MPa as 
parallelepipeds and isostatically pressed at 228 MPa. The pressed 
bars were sintered for 12 hours at 1823K in air. A cover powder 
prevented the loss of I112O3 during sintering. The farnace was 
rapidly cooled to 1273K before cooling to room temperature at 
300°/h. 

PHASE EQUILIBRIA 

Quantitative energy dispersive x-ray (EDX) analysis coupled 
with scanning electron microscopy (SEM), ceramography, and x-ray 
diffraction (XRD) were used to determine the In203-PrOj(g3-Zr02 
ternary phase diagram. The crystal structure and quantitative 
estimate of each phase was determined by XRD. The overall 
composition and the composition of each individual phase was 
determined by quantitative EDX analyses of large, representative 
areas. The weight percent of each ele-nent**' was computer 
calculated from the EDX peak height and width. The EDX system was 
calibrated with oxides of known compositions. 

(a) Present EDX capabilities only detects elements with atomic 
number greater Chan 11. 
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ITLECTRICAL CONDUCTIVITY 

The electrical conductivity was measured in air using a four-
cjntict dc probe method in ... resistance-heated furnace with 
platinum knife-edge contacts. The temperature of the furnace was 
measured and controlled with calibrated Pt-Pt 10Z Rh thermocouples 
to within * IK from 500 to 1500K. The direct current and voltages 
were measured in both directions using a high-impedence digital 
voltmeter and a digital microammeter. The electrical conductivity 
measurements were accurate to * 10X. 

SEEBECK COEFFECIENT 

The absolute Seebeck coefficients were determined on similar 
samples by applying a temperature gradient along the length of a 
sample and measuring the potential difference (AV) and temperature 
difference (AT) at points along the length of the specimen bar. 
The absolute Seebeck coefficient determined from a least squares 
analysis of six AV versus AT data points. This technique minimized 
radial temperature gradients and composition changes and provides 
optimum control of the temperature gradients. This technique was 
nqed previously to determine the Seebeck coefficient in the I^Oj-
: a02 system. 

IONIC TRANSFERENCE NUMBER 

The transference numbers were measured using a half cell 
technique to 127SK in high oxygen pressures using the emf induced 
by an oxygen gradient maintained across the sample. The ionic 
transference number (tj) was calculated from the Nernst equation: 

t ± • _E_ - 4FE • In Po 2
I/Po 2

1 1 

E RT o 
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where E and E 0 are the uiasured and theoretical emfs respectively , 
expected at temperature ,T(\), across an oxygen gradient Po_ and 
P02 • The gap constant is R and the Faraday constant is F. 

THERMAL EXPANSION AND STABILITY 

Thermal expansion was measured using a high temperature push-
rod dilatometer to !275K with a linear variable differential 
transducer, sensitive to * 0.25 fna with temperatures accurate to ±5 
K. The coefficient of thermal expansion (CTE) was determined from 
a linear regression analysis of the expansion versus temperature 
data points. 

The thermal stability was determined from the weight change 
after prolonged exposure in air or hydrogen at temperatures up to 
1473 K. The samples were heated tc the test temperature and held 
for a predetermined time, cooled and weighted. The weight change 
was determined to 0.01 wt Z. 

ELECTROCHEMICAL INTERDIFFUSION TESTS 

Electrochemical interdiffusion (EID) tests were performed on 
simple half-cells consisting of an In203-Pr0i,g3-Zr02 cathode and 
yttria stabilized zirconia electrolyte. The half-cells were 
fabricated by simultaneously pressing layers of the cathode and 
electrolyte together into half-ceil discs. The disc was sintered 
in air at 1823K for 12 h. The disc was reduced in thickness and Pt 
leads attached to both surfaces and connected to a dc power supply 
outside the EID test furnace. At temperature, a constant current 
was maintained across the half-cell disc by adjusting the voltage 
with current and voltage monitored during the test. After the EID 
test, the disc was examined to determine inCerfacial interactions, 
compositional changes, and interdiffusion of cations. 

The phase equilbria, electrical and thermal properties, and 
electrochemical tests are presented below. The relationships 
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between the phase equilbria and the electrical and thermal 
properties are discussed. 

PHASE EQUILIBRIA 

The isothermal ternary phase diagram at 1823K for the 1^03-
prO, o--Zr0 0 system is shown in Figure 1 where each triangle 1.83 2 
represents a measured composition. The individual compone. £.s form 
three different phases within the In203-PrO*.83-Z*°2 ternary. 
Indium oxide forms a body-centered cubic (BCC, B) phase and 
praseodymium oxide forms a face centered cubic (FCC, C) phase. 
Zirconia forms an unstable monoclinic phase (H), but a stable ZrO£ 
FCC (F) phase forms when sufficient amounts of L12O3 and/or Pr0i.g3 
are present. 

In addition, two binary compounds were found. A single 
orthorhombic phase (0) forms when the Pr:In ratio is 1:1 or 67 molZ 
Pr0i,g3 and 33 molZ In203 and appears similar with the orthorhombic 
pattern for InNdOj. When the Pr:Zr ratio is 1:1, a second binary 
compound with a pyrochlore (P) structure forms. The XRD pattern 
matches that for P^Z^Oy. 2 The addition of Zr<>2 to 9tO^ g^ 
appears to reduce the Pr to the 3 state (P^t^) to form the 
pyrochlore composition. 

The exact boundaries between the C, C+P, and P phase regions 
were difficult to define because of structural similarities. 
Pyrochlore is a FCC fluorite structure with a defective fluorite 
super structure (A2B2X;VX) containing anion vacancies (Vx) very 

3 similar to cubic PrOl.83- These structural similarities allow a 
gradual transition between the pyrochlore and fluorite structures, 
which results in additional x-ray diffraction lines that are 
resolved by doubling the size of the unit cell. These additional 
lines are difficult to detect until a large quantity of the 
pyrochlore phase is present. The phase boundaries are represented 
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ZrO* 

Figure 1. ^C^-PrOj^-ZrC^ Phase Diagram at 1823K 

by dashed lines to indicate a gradual transition between the cubic 
PcO, _ anJ pyrochlore phases without a definite phase boundary. 

ELECTRICAL CONDUCTIVITY 

The electrical conductivity varied with composition and 
structure over eight orders of magnitude between 500 and 1500 K. 
The electrical conductivity Increased with the BCC phase, Figure 2 
and was dependent on the presence of second and/or third phases. 
For example, comparing compositions with equal amounts of the 11*203 
BCC phase, higher conductivities result for compositions with the 
pyrochlore or Zr02 FCC second phases than with an orthorhombic 
second phase. The electrical conductivity also increased at all 
temperatures with the concentration of In203 as shown at 1300K in 
Figure 3. This trend was not as dependent on structure as was seo 
for the 1^03 BCC phase in Figure 2. 
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There are a number of compositions within the 1^03- PrO. ,-
Zr02 system with higher electrical conductivities than the present 
cathode (La_ ~, SrQ ,)MnO_ and interconnect (Lan.85» S r0.15) C r O3 
materials, Figures 2 and 3. However, compositions containing 
between 35 and 50 moll 1^03 BCC phase are required. 

SEEBECK COEFFICIENT 

The Seebeck coefficients for compositions containing 1^03 BCC 
and Zrf>2 FCC phases are 3hown in Figure 4. Compositions containing 
a large fraction of 1^03 and the BCC phase exhibit negative 
Seebeck coefficients (n-type conduction) that become more negative 
at higher temperatures. The sign of the Seebeck coefficient 
changed from negative at low temperatures to positive at high 
temperatures as the fraction of the ZrC>2 FCC phase increased. The 
sign change suggests mixed ionic and electronic conduction with 
predominately oxygen ion conduction at higher temperatures. As the 
amount of the FCC phase increased further, the Seebeck coefficient 
was positive over the entire temperature range. 

TRANSFERENCE NUMBERS 

Transference numbers define the relative amounts of Ionic and 
electronic conduction. The electrolyte should be a total ionic 
conductor and the electrodes should be predominately electronic 
with some ionic conduction. Mixed conduction of the electrode can 
potentially improve oxygen adsorption and charge transfer at the 
electrode-electrolyte interface thereby improving fuel cell 
efficiency. 

The transference number was determined for a number of 
compositions within the B + F phase field. The ZtOi FCC phase 
exhibited >99X ionic conduction (tj - >0.99). As the fraction of 
the 10203 BCC phase increased, the ionic transference number 
decreased to 1Z as shown in Figure 5. Within the IruO^-PrO, . ̂ -ZrO^ 

2 3 l.o3 2 
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Figure A. Seebeck Coefficients as a Function of Temperature 

system, compositions with high electrical conductivity (>60 molZ 
BCC phase) are predominately electronic conductors with ionic 
transference numbers less than 0.01. However, the absolute ionic 
conduction in these electronic conductors may actually be as great 
as the nearly 100X ionically conducting Zr02 FCC phase. The total 
conductivity (a T) of these electronic conductors (tA « 0.01) is 
more than 100 times higher than the ionically conducting FCC phase 
(Ti • 0.99). Therefore, the ionic contribution (<rj) can be greater 
(o^-ffXt^-l.O ohm"1-cm"1) in the electronic conductor than in the 
ionic conductor (a^ajt^-LO ohm^-cm" 1). High absolute ionic 
conduction makes these predominately electronic conductors 
attractive electrode materials for solid oxide fuel cells. 
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Figure 5. Ionic Transference Number as a Function of InoOi BCC 
Phase L •* 

THERMAL EXPANSION AND STABILITY 

The thermal expansion of electrodes must match the electrolyte 
to minimize thermally induced stress during fabrication and 
operation. The thermal expansion of the compositions shown in Table 
1 were linear over the entire temperature range. The coefficients 
of thermal expansion (CTE) are shown in Table 1. The measured CTE 
of an 9.4 molt Y 2 0 3 - 90.6 molZ Zr0 2 electrolyte was higher, 11 x 
10" /K, than reported by Feduska et al 4 for yttria stabilized 
zirconia and may be attributed to different electrolyte 
compositions. The thermal expansion of the ln 20 3 BCC phase was 
lower (9.2 x 10"6/K) than yttria stabilized zirconia. As the 
pyrochlore fraction increased, the CTL increased to 9.6 x 10 _ 6/K 
for a composition containing 50 molZ pyrochlore. The CTE also 
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Table 1. Thermal Expansion ot In203-PrOi>g3-Zr02 and Y2O3 
Stabilized Zr0 2 

Coefficient of 
Compos ition, molZ St ructure . mol*<*> Thermal Expansion 

IniOj ?r0l.83 2r0 ? Pvrochlore BCC FCC 10"6/K 

100 100 9.2 

78 12 10 10 90 9.4 

70 16 14 25 75 9.1 

50 26 24 50 50 9.6 

79 6 15 80 20 9.3 

69 6 25 51 49 9.7 

40 12 48 31 69 

100 

10.2 

11.0 
9.4 molZ Y 2 0 3 - 90.6 roolZ Zr0 2 

(a) Determined from the In203-Pr0j>g3~ZrO2 phase diagram or by x-
ray diffraction. 

increased from 9.3 to 10.2 x i0 /K as the fraction of the Zr0 2 FCC 
phase increased from 20 to 69 molX. The compositions containing 
FCC + BCC have the closest thermal expansion match to the Y2O3 
stabilized Zr02 electrolyte. 

Compositions containing B • F and B • P phases have thermal 
expansions similar to the electrolyte providing a sufficient amount 
of the ZrC<2 FCC or pyrochlore second phase is present. The ratio 
between the In203 BCC and second phases would have to be adjusted 
to balance the thermal expansion and electrical conductivity 
requirements for S0FC components. 
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THERMAL STABILITY 

The In203-FrOi.g3-Zr(>2 compositions shown in Table 2 are 
thermally stable in air up to 1A73 K, Table 2. After 98 h at 1273 
K and 1473 K in air, "he samples weight changed less than 0.1 wt Z 
The stability of these materials in air makes them potential 
candidates for the cathode. 

The In2(>3-Pr0i.g3-Zr02 samples shown in Table 3 were held at 
1473K for one hour in a reducing environment of 4ZH2 - 96ZAr. 
During these tests* samples were reduced tc In metal with 25 and 64 
wtZ weight loss. These compositions with high 1^03 can not, 
therefore, be used as anodes or interconnectors because they are 
unstable in a reducing environment. 

ELECTROCHEMICAL INTERDIFFUSION 

Two EID tests were performed using a cathode with an overall 
composition of 43 molZ 1^03, 24 molZ Pr0i,g3, 33 molZ ZrC<2 and 
yttrla stabilized zirconia electrolyte containing 9.4 molZ Y2O3. 
This particular cathode was chosen because it has high electrical 
conductivity and a structure similar to the electrolyte. The 
microstructure of a pretest sample is shown in Figure 6. A 
significant arpount of porosity is found at the cathode-electrolyte 
interface, which could result in localized, higher current 
densities than the overall average current der ' - - T^e cathode 
contains equal molar amounts of two phases: rn< 1 -, • ZrOg 
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Table 2. Weight Change After 98 h at 1273 K and 1473 K in Air 

Composition, moll 1273 K 147? K 
Weight Change,<*' Weight Change, 

In203 Zl2l.83 Z r 0 2 ? ? 

40 60 +0.02 +0.13 

60 40 +0.01 +0.05 

30.6 28. 6 34.8 -0.06 +0.01 

23 34. 3 42.7 +0.03 +0.02 

20.1 39. 6 40.3 0.00 -0.04 

75 25 -0.02 -0.09 

50 20 30 +0.04 -0.05 

30 50 20 -0.01 -0.05 

50 10 40 -0.01 -0.05 

40 10 50 +0.01 -0.03 

90 5 5 +0.01 -0.03 

80 10 10 +0.02 -0.06 

70 15 15 +0.01 -0.05 

(a) Plus sign indicates a weight gain and a minus sign a weight 
loss. 
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Table 3. Weight Loss of Ar-4ZH2 at 1473 K 

Composition, molZ Structure, molZ 

*22°-3 P£2l.83 Zr0 ? Pvrochlore BCC FCC Weight Loss,* 

70 15 15 17 83 44 

50 23 27 46 54 34 

80 5 15 TO 20 50 

75 25 57 43 64 

60 10 30 74 36 25 

70 5 25 51 49 48 

50 10 40 31 69 40 

FCC phase composed of 16 molZ I^C^, 56 molZ Pr0jg3, and 28 trolZ 
Zr02 and a discontinuous In203 BCC phase composed of 92 inolZ In203, 
2 molZ Pr0 1 #g3, and 6 molZ Zr0£. The BCC phase exhibits elongated 
shape with a major axis 5 to 10 ftm and and a minor 1 to 2 ftm. 

The electrolyte is composed of a single FCC phase of yttria 
stabilized zlrconla containing a significant amount of In203. For 
example, an area in the electrolyte 150 fm from the interface 
contained 5.6 molZ 1^03. Apparently, the In£03 mobility is great 
enough to diffuse into the electrolyte from the electrode during 
sintering. 

One EID test (5) was conducted at a constant current density 
of 0.3 A/cnr for 316 h as summarized in Table 4. The voltage 
increased slowly from 1.7 to 3.2 V during the test. There were no 
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Figure 6. Half-cell Microstructure Before 
Electrochemical Interdiffusion Test 

BCC Phase 
FCC Phase 

lnt«r(ace 15>/rn 

Electrolyte 

FCC Phase 
High InjO) Phase 

Figure 7. Half-cell Microstrucr.urc FolJnwing 
Electrochemical Interdlffusion Tcr.t 5 
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Table 4. Electrochemical Interdiffusion Test C. iditions and 
Results 

Current Temperature 
EID Density.**' Voltage Range, Duration, 
_#_ A/caT Start Finish C h. 

5 0.3 1.7 3.2 979 - 1004 316 

6 0.5 1.8 4.0 924 - 1027 332 

(a) Localized current densities in areas of contact were 
significantly larger. 

visible degradation of the disc following this test. A small 
portion of the sample disc was sectioned for analysis; the 
remainder was used to conduct EID test 6. 

The microstructure of the disc following EID test 5 is shown 
in Figure 7. About 3 mol Z 1^03 was found in the elertrolyte 150 
pa from the interface; slightly less than found in the pretest 
disc. The large second phases observed in the electrolyte neat the 
interface contained 96 to 98 molZ 1^03 with 2 to 4 molZ Pr0 l t 83 
and Zr02> v2^3 w a s n o t £ound in this phase. This phase is 
probably the Tn2(>3 BCC phase based on the In2O3-Pr0i#g3-Zr02 phase 
diagram. This large 10203 phase was not found ir. the pretest disc 
and was much larger Than the 10203 BCC phase found in the cathode. 
This In203 phase may result from a consolidation of the smaller BCC 
I02O3 phases io the cathode. 

The second EID test (6) was conducted at a higher curreot 
deosity (0.5 A/cm 2) for 332 h, Table 4. This test was similar to 
EID test 5 io that the voltage iocreased with time and the disc wa : 
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Figure 8. Half-cell Mlcrostructure Following 
Electrochemical Interdiffusion Test 6 

not visibly degradated. The interface microstructure shown in 
Figure 8 was similar to the microstructure after the lower current 
density test, Figure 7. I0203 was found in the electrolyte aoout 
150 fan from the interface, although the concentration (1.2 molZ) 
was less than either EID test 5 or the pretest disc. The postest 
In£03 concentration in the electrolyte suggest the electric field 
is driving the I112O3 toward the cathode. The large high 1^03 
phases observed after EID test 5 were also observed following EID 
test 6. The IT\20^ appears to be very mobile in the FCC phase, 
which could be a problem if it diffused to the anode-electrolyte 
interface. At the anode, In2C>3 will be reduced to the metal and 
volatalize in the reducing atmosphere. The large high In£03 phases 
observed at the electrolyte interface following the EID tests Are 
due to either prolonged tim* At high temperatures or to an 
electrochemical process. 
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CONCLUSIONS 

Material properties requited the electrode and interconnects 
in a SOFC were measured for compositions in the InJDJ?vO, -.--ZrOj 
system. Electrical conductity was dependent on structure and 
composition and exceed the conductivity of present electrodes and 
interconnects. In addition, the high absolute ionic conductivity 
of these materials will result in mixed electronic and ionic 
conductivity and improve the efficiency of SOFC. 

For all their attractive features, In^O^-PrO, a 3-ZcO_ 
compositions cannot be used for the anode or interconnect 
components because the In£03 was unstable in the reducing 
environment these components must operate. Compositions in this 
system could be used for the cathode. However, the effect of the 
^n2^3 diffusion into the electrolyte on the operation of the fuel 
cell would have to be determined. 
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ABSTRACT 

A VLS whisker growth process, optimized for the production of 
short (MO am lengths) SIC whiskers, was modified to produce ^ 25 m 
long whiskers. In conjunction with this modification, a plan was 
developed for incorporating an AI system to enhance the whisker growth 
process. An oriented whisker ribbon was produced from the long 
whiskers, as a step toward the development of a staple whisker yarn. 

INTRODUCTION 

It has long been recognized that there is a need for a high 
strength fiber that is resistant to high temperature oxidizing en
vironments. Hence, one reason why the Dow Corning Corporation was 
awarded a contract in 1983 by the Defense Research Projects Agency 
(DARPA) to develop a silicon-carbon based fiber whose properties 
surpassed the Nicalon fiber developed in Japan. ' The need for 
such a fiber was again emphasized in January 1987 by two keynote 

aAir Force Contract F33615-63-C-5006; DARPA funding administer
ed by Major Steven G. Wax through Dr. Allan P. Katz of the Air Force 
Wright Aeronautical Laboratories (AFWAL). 

Product of the Nippon Carbon Co., Tokyo, Japan; distributed in 
the U.S. by the Dow Corning Corp., Midland, MI 48686-00995. 
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speakers, Persh and Stein, at the.11th Annual Conference on Composites 
and Advanced Ceramic Materials. ' Most recently, in March 1987, 
AFWAL published a Program Research and Development Announcement, in 
which the requirements for a high temperature fiber were7outlined.__._ 

Los Alamos has been involved in the synthesis and use 
of silicon carbide (SIC) whiskers, produced by a vapor-liquid-solid 
(VLS) crystal growth process, since 1982. These whiskers display an 
average tensile strength in the range of 8.4-14.6. GPa (1.2-2.1 Mpsi) 
and an elastic modulus of 578 GPa (83.8 Mpsi). ' These tensile 
strengths are markedly, higher than the 2 GPa (0.3 Mpsi) average 
reported for Nicalon. The whiskers are normally grown in *vl0 mm 
lengths but experimentation revealed that the whiskers could be grown 
in 25-75 mm lengths. Consequently, it was concluded that the long VLS 
SIC whiskers might lend themselves to the fabrication of a staple yarn 
which could be evaluated as a candidate high temperature "fiber." 

Review of staple yarn theory showed that, depending upon the 
length and twist of discontinuous fibers within a staple yarn, one can 
observe up to *v»90Z of the modulus of a continuous fiber. 
Therefore, the potential exists to achieve staple yarn strengths that 
represent a considerable fraction of the strength of the discontinuous 
fiber, or whisker, in this case. Assuming this translated to only 25Z 
of the tensile strength of the whiskers, this would still represent a 
minimum average value of 2.1 GPa (0.3 Mpsi), which would be equivalent 
to the Nicalon. However, it should be noted that the single crystal, 
highly stoichiometric nature of the whiskers lends itself to enhanced 
elevated temperature resistance, compared to that expected for the 
predominantly amorphous Si-C-0 Nicalon fiber. 

The remainder of this paper addresses the VLS growth of long SIC 
whiskers and initial attempts at producing a staple yarn from such 
whiskers. In addition, plans for incorporation of an artificial 
intelligence (Al) system in the whisker growth process are discussed. 
An AI system offers the potential for further improving the yield, 
quality and reproducibility of the whisker growth process at a 
fraction of the human resources. Such a payoff is especially attrac
tive from the standpoint of technology transfer. The timing for 
incorporation of the AI system is ideal since a new, more meaningful 
database is being generated in conjunction with the shift from growing 
short whiskers to growing long whiskers. 

PROGRESS DURING FISCAL YEAR 1987 

LONG SIC WHISKER GROWTH 

Crowth of long VLS SiC whiskers required a modification of the 
well understood, controllable process for growing short whiskers. A 
brief review of the short whisker growth process is presented as 
background information. The process makes use of the reactor shown in 
Fig. 1. The wh<«?kers are grown from a metallic catalyst distributed 
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Fig. 1. Type of reactor used in growing short VLS SiC whiskers. 
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on vertical graphite plates. The methane (CH,) reactant in the 
process gas stream mixes with the silicon monoxide (SiO) reactant 
being generated in situ to nucleate whisker growth. Figure 2 
illustrates the uniform yield of prime whiskers (4-8 um diameter) that 
could be obtained throughout the reactor when the process parameters 
were optimized. These whiskers were produced from the Alloy 62 
(manganese-based) catalyst, which always gave the highest weight 
yield. 

In order to obtain the prime whiskers, it was necessary to 
control the reactant gas composition so as to nucleate whiskers in the 
appropriate portion of phase area A of the phase diagram shown in Fig. 
3. In this diagram, the reactant composition (carbon-to-silicon 
(C/Si) ratio) is on the horizontal axis, the reactant pressure 
(silicon (Si) supersaturation) is on the vertical axis, and the phase 
areas represent different morphologies of SiC whiskers that are 
nucleated and grow there. 

One of the most important factors contributing to good whisker 
growth was the homogeniety of the reactant gas (SiO, CH,) mixing. 
Flow visualization studies showed that vigorous jet action was needed 
to achieve optimum mixing. In actual practice, it was found that 
diffusion of the process gases through the plenum porosity was 
necessary, in concert with the jet action, for optimum mixing (Fig. 
4). The plenum porosity, however, was not stable over a long period 
of time, as it progressively filled with SiC reaction product with an 
eventual deterioration in the quality and amount of whisker growth. A 
new plenum designed for long term stability is under evaluation, where 
the bulk porosity is purposely sealed and then simulated with a 
pattern of fine holes, as shown in Fig. 5. 

Numerous modifications were made to the short whisker reactor 
configuration in an attempt to grow long whiskers. The modification 
shown in Fig. 6 has proven to be the best thus far; the center of the 
reactor has been opened up and the same generator weight is used but 
in a vertical rather than horizontal array. A stainless steel 
catalyst is used instead of Alloy 62 because it has proven to grow the 
longest whiskers. Other process conditions such as heating cycle, gas 
composition and flow rate remain essentially the samr. 

Some long whiskers grown in the modified reactor are shown in 
Fig. 7. At the end of the run, they vere almost perpendicular to the 
plates with some of about 76 mm in length extending to the center of 
the reactor, having since settled. Yields of up to 6 grams per run 
have been obtained, compared to about 12 grams per run for the short 
whisker setup, in the same, small developmental reactor. 

Product of Coast Metals Inc., Little Ferry, N.1 (no longer a 
supplier). 
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Fig. 2. Copious, uniform growth of prime VLS SiC whiskers resulting 
from optimized process, as seen (a) across plates and (b) 
across reactor. 
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Fig. 4. Jet action coupled with diffusion through a porous plenum 
has given thf most favorable reactant gas mixing for whisker 
growth. 
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Fig. 5. Stable VLS SiC whisker growth reactor design (under pval-
uation) utilizing a bored plenum, jet mixing and simulated 
diffusion. 
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Fig. 6. Current reactor configurations (semi-stable) for VLS SiC 
whisker growth; both utilize a bored plenum, jet mixing and 
natural diffusion. 
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In order to increase the yield of long whiskers, a higher SiO 
concentration must be maintained in the reactor. The in situ 
generator process presents a problem in that the SiO generation starts 
at a very high level, then falls off rapidly with time, as shown in 
Fig. 8. The reactant composition thus follows the paths shown by 
dotted lines a-c and d-e in Fig. 3. Good growth, as shown in Fig. 2, 
is obtained when the reactant composition stays within phase area A 
for the entire run (path d-e). A path such as a-c, however, can 
result in the nucleation of secondary phases on the prime whisker 
growth, as shown in Fig. 9. 

Two approaches are presently being investigated to increase long 
whisker yield and eliminate secondary growth. One involves tailoring 
the SiO concentration-time profile by programming the partial pressure 
of carbon monoxide (CO) to give constant SiO generation, and therefore 
a constant C/Si ratio. This will eliminate secondary growth and will 
allow an increase in generator weight for significantly increased 
yield. A numerical program is in place for determining the CO 
overpressure profile. The second approach entails programming the 
partial pressure of CH, to match the decline in the partial pressure 
of SiO. This will eliminate secondary growth but gives only a small 
increase in yield. This approach is the easier of the two to 
implement. 

INCORPORATION OF ARTIFICIAL INTELLIGENCE 

An AI scheme will be applied to the VLS SiC whisker growth 
process by developing two expert systems, or more precisely, one 
expert system in two stages that will do two distinct jobs. Work has 
commenced in laying the groundwork for a whisker growth consultant, 
the first expert system or the first stage of the final product. The 
whisker growth consultant will help the current user set up whisker 
growth experiments and future users set up production runs. The 
second expert system will be a control program for the whisker growth 
process that will be piggy-backed upon the knowledge base of the 
whisker growth consultant. This two phase plan Is illustrated in Fig. 
10. 

Artificial intelligence programs, or in this case expert systems 
(which are a subset of AI programs), differ from conventional programs 
in severnl ways. The most significant difference is that expert 
systems use symbol manipulation to solve problems that require heuris
tic solutions, whereas conventional programs manipulate numbers to 
solve problems that can be solved algorithmlcally. 

Some of the reasons why AI will be particularly useful for VLS 
whisker growth are as follows: 

1. The process cannot be described adequately with a 
mathematical model. Therefore, one cannot develop a control algorithm 
for the whisker growth process. Control will have to be rule-based. 
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Fig. 8. Change in SiO concentration with time for reactor with in situ generators. 
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Fig. 10. Conceptual representation of expert systems envisioned for the VLS SiC whisker 
growth process. 
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2. We can make the process work because we have experienced 
experts who use hueris.ic rules in addition to understanding the 
physics and chemistry of <.ne process. The AI system would function in 
the same way. 

3. Technology transfer of a rule-based process will take place 
easier if the rule set and knowledge base are defined and compu
terized. In other words, we cannot readily transfer the actual 
experts. 

The major challenge impeding the development of an expert system 
for the VLS whisker growth process is that all of the rults have yet 
to be identified and defined. The first step toward remedying this 
situation entailed building a relational database using the INGRES 
database management system. Correlations, obtained by manipulation of 
the database, will be used to develop rules and confidence levels for 
those rules. A partial list of categories from that database that 
will be examined is as follows: 

1) amount of SiO generation, 
2) catalyst characteristics, 
3) substrate characteristics, 
4) inlet gas composition and flow rate, 
5) reactor characteristics, and 
6) exit gas composition as a function of time. 

When the whisker growth consultant is completed, a dialogue 
between a user and the expert system may proceed like this: 

USER: 

"I have catalyst X and reactor Y, and I wish to produce Z 
grams of whiskers of type W. What shot Id my initial conditions 
be?" 

COMPUTER: 

"The initial temperature should be A, the initial flow rate 
B, and the initial composition C, with an initial peak concen
tration of CO of D." 

OR 

"If I know more about the substrate I could answer that 
question with greater confidence." 

Product of Relational Technology, Inc., Berkeley, CA 94705. 
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The control system will be a direct outgrowth from the consul
tant, and in fact, will use the same knowledge-base. The expert 
control system will sense the reactor temperature and exit gas compo
sition, use the information provided to the whisker growth consultant, 
and adjust the inlet gas composition and possibly the reaction temp
erature to achieve the required results. 

VLS SIC WHISKER STAPLE YARN DEVELOPMENT 

Progress in developing a staple yarn from VLS SiC whiskers has 
proceeded along two paths. The first attempt entailed folding ^25 wtZ 
of as-grown (i.e., not beneficiated) VLS SiC whiskers, measuring <_ 20 
mm long, into the core of a rayon sliver. The purpose of the rayon 
was to serve as a carrier and lubricant during subsequent yarn pro
cessing. The handmade "composite" sliv;r is shown in Fig. 11; the 
dark gray material is the whiskers and the white fibers are the rayon. 
Scanning electron microscope (SEM) examination of this sliver, Fig. 
12, revealed that the whiskers (the slender, straight rods) were quite 
disoriented while the rayon fibers (the thicker, curved fibers) 
displayed considerable orientation. This sliver was then rotor spun 
to produce the yarn shown in Fig. 13. This prov*-* to be too 
aggressive a treatment for the whiskers in that the whisker length was 
reduced to <_ 4 mm and M>0Z of the whiskers was lost as powder that 
accumulated in the rotor spinner. A high magnification view of the 
rotor spun yarn is presented in Fig. 14. Few whiskers could be easily 
identified amongst the rayon and those that were present, though 
displaying some orientation, were quite short. 

In view of these results, it was concluded that a second, much 
less aggressive, non-conventional approach would have to be explored 
to develop an acceptable staple whisker yarn. To that end, three 
basic processing steps were identified. The first was to disrupt the 
as-grown whisker bundles in such a way so as to not reduce the whisker 
lengths. This was accomplished by air agitating the whiskers while 
immersed in glycerine. The second step was to orient and collect the 
whiskers in a form that would facilitate the production of a yarn. 
This was accomplished by vacuum casting onto a translating piece of 
filter paper to produce the oriented whisker ribbons shown in Fig. 15. 
Concurrent with the vacuum casting operation, the whiskers were washed 
with water to remove the glycerine. SEK examination of the ribbon 
revealed that the whiskers displayed a considerable degree of orien
tation and that not all of the glycerine was removed during washing, 
as shown in Fig. 16. The third step is envisioned to involve rolling 
up and rayon wrapping the ribbon to produce a yarn. 
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Fig. 11. Handmade "composite" sliver consisting of -v25 wtZ VLS SIC whiskers folded into 
the core of a rayon sliver. 
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Fig. 12. SEM photomicrograph of handmade whisker-rayon sliver; 
whisker length is <_ 20 

SUMMARY 

A VLS whisker growth process, optimized for the production of M O 
mm long SiC whiskers, was modified to produce longer whiskers measur
ing >_ 25 mm in length. Efforts are underway ro tailor the partial 
pressure of CO and/or the partial pressure of CH, to 1) achieve more 
stable SiO generation, 2) increase the yield of long whiskers, and 3) 
eliminate undesirable secondary whisker growth. A plan was developed 
for incorporating an AI system to enhance the quality and 
reproducibility of whisker growth. Attempts at producing a staple 
whisker yarn by rotor spinning revealed that this technique was too 
aggressive. A non-conventional approach was developed in which an 
oriented whisker ribbon was produced as a predecessor to a staple 
yarn. Future work in this area will focus on twisting the ribbon and 
incorporating a fugitive rayon fiber around the ribbon to facilitate 
subsequent handling and actual yarn production. 
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Fig. 13. First iteration staple whisker yarn with rayon carrier. 
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Fig. 14. SEM photomicrograph of whisker-rayon rotor spun yarn; 
whisker length is ̂  4 mm. 
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MODELING OF FIBROUS PREFORMS 
FOR CVD INFILTRATION 

T- L- Stair 
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ABSTRACT 

Chemical vapor infiltration using combined pressure and 
temperature gradients results in dramatically shorter 
fabrication times for ceramic composites- A 
microstructural model for the fibrous preform and the 
intermediatei partially densified composite is used to 
predict gas flow and temperature throughout the body-
Combined with kinetics data, the model allows 
calculation of the density distribution during the 
infiltration process- Predicting the effect of 
modifications to the process and of changes in preform 
structure, the model aids optimization of processing 
conditions, structure and properties-

INTRODUCTION 

Ceramic matrix composites can be fabricated by chemical vapor 
infiltration (CVI) of a fibrous preform- Recent development of a forced 
flow, thermal gradient technique can reduce Infiltration time to several 
hours*- In this technique, the rcactant gas Is forced to flow through the 
preform from the cool face to the hot face as indicated In Figure 1- While 
successful composites have been produced, a fundamental understanding of 
the process and Its critical parameters Is lacking. In order to gain this 
Insight an analytical model of this process Is being developed-
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The overall scheme for this model Is shown In Figure 2- The starting 
point Is a geometric description of the microstructure of the fibrous 
preform prior to Infiltration- Gas permeability and thermal conductivity 
are calculated from this structure model and fiber material properties -
Thesei combined with the appropriate boundary conditions, '.re used to 
calculate the pressure and temperature variation across the preform- The 
deposition rate is determined as a function of position within the preform, 
resulting lr. a partially dense comr-site microstructure- Iteratlvely, ''his 
Intermediate structure is used to calculate new temperature, flow and 
deposition rate values-

STRUCTURE MODEL 

Initial development has focused on random short fiber preforms- The 
model used for such a preform and the partially denslfied composite 
structure consists of an array of intersecting cylinders with cubic 
symmetry (Figures 3 and 4). The density of such a structure depends only 
on the ratio of fiber diameter to unit cell length: 

where c - the fraction dense volume 
d - the fiber diameter 

and L • unit cell length 

For a known preform density and fiber diameter, the average unit cell 
length can be calculated- This Is used to calculate other mlcrostructural 
parameters such as surface area per unit volume and pore size'- To better 
represent the microstructure of real random, short fiber preforms, one 
additional constraint Is placed on the model- A range of cell sizes Is 
assumed, following a log-normal distribution^- As Infiltration proceeds, 
the effective fiber diameter increases while the unit cell lengths remain 
constant. New values for pore size and surface area can be calculated for 
any value of density. 
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CAS PERMEABILITY 

The pressure drop across a porous prefora Is proportional to the gas 
viscosityi the aaterlal thickness and the flow ratei and is inversely 
proportional to the permeability of the preform- The permeability depends 
on the preform aicrostructure, 

C - B (l_l_fl 3 

S2 

where K - permeability, 
S - surface area per unit volume, 

and B - constant related to the alcrostructure 

For the Initial preform the surface area Is Inversely proportional to 
the fiber diameter- (Thus, a preform made with 15 aicron diameter fibers 
will be 900 times more permeable than one with 0-5 aicron fibers-) As 
density Increases the surface area Initially Increases but then decreases 
as the smaller pores are filled or closed (Figure 5). Permeability 
decreases, resulting In an increase in the pressure rise across the 
preform-

THERMAL CRADIENT 

The thermal gradient through the prefora can be calculated assuming 
that the temperatures are fixed at the boundaries and that solid state 
conduction Is the doalnant mode of heat flow- In this case, the 
temperature profile depends only on the relative thermal conductivity of 
different regions of the prefora, not on Its absolute "alue- For solid 
state conduction the thermal conductivity increases with density. The 
temperature profile depends on the density gradient through the preform and 
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changes as infiltration proceeds-

In the particular experimental arrangement used in the Oak Ridge CVI 
process the cool face of the prefora is separated from the water cooled gas 
Injector by a graphite holder. Thus the temperature of this face is not 
controlled directly but depends on the temperatures at the hot face and 
injector, and on the relative thermal conductivities of the holder and the 
preform- Since the latter will change with density, the cool face 
temperature will change as infiltration proceeds. F^c the case wh~re the 
holder thickness is equal to the preform thickness, the cool face 
temperature is given by 

T c - T t • T " ~ T 1 
1 • X h / > P 

where T n < T c. and T^ are the hot face, cool face and injector temperatures 
and n and p are the holder and preform thermal conductivities- The 
variation in this temperature can be illustrated by assuming reasonable 
values for thermal conductivities, 100 W/mK for the graphite holder and 1 
and 100 W/mK at the initial and final densities for the preform. Injector 
and hot face temperatures are constant at 60 and 1200°C This gives an 
Initial temperature at the cool face of 71°C, rising to 630°C at the final 
density. Comparable variation in temperature is expected within the 
preform as infiltration proceeds* 

The deposition kinetics depend critically on temperature* The 
uncertainty in the thermal conductivity of the partially denslfied 
composite is a major factor in the overall uncertainty in the CVI model-

DEPOSITION KINETICS 

Micrographs of partially denslfied preforms show clearly that the CVI 
proceeds as an extended fiber coating process, building up successively 
thicker layers of relatively uniform thickness- This is the basis of the 
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structure aodel described above- In seeking kinetic data, the work of 
Brennfleck et al- in coating of continuous fibers appears to be 
transferable to CVI<>- In this work. SIC was deposited fro* 
methyltrlchlorosllane (MTS) in excess H2 at teaperatures froa 800 to 
1000°C- They found a linear dependence on NTS concentration and an 
exponential dependence on teaperature giving an overall rate equation of 

D X - 2.8X10"2 MHTS e " E a / R T 

where D^ - the Heposi •"'«-"' rate In ca/* 
MMTS * t n e *ole fraction HTS 
R m the gas constant 
T - the teaperature in K 

and E a - the activation energy and is equal to 120 kJ/aole. 

This can be converted to a voluae deposition rate by aultlplylng both sides 
of the equation by the surface area available to deposition, S, and to a 
aolar deposition rate using the density and aolecular weight of SIC- This 
gives 

D. - 2.3xlO-3 M^rs S e " E * / R T 

for the aolar deposition rate in aoles/s/ca. 
A one-dlawnslonal aodel of the forced flow, theraal gradient C7I 

process is a reasonable approximation to the actual experiaental 
arrangeaent and allows straightforward calculation of flow, teaperature and 
reaction rates- This aodel. shown In Figure 6. represents a cylindrical 
section through the prefora and Is divided into a finite number of disc 
shaped elements- Each eleaent is considered hoaogenrous. and teaperature, 
density, permeability and pressure gradients through the prcfora are 
approxlaated by varying these properties froa element to element -

The deposition rate within an eleaent can be calculated knowing the 
temperature, surface area and MTS concentration- The teaperature is 
calculated using standard heat flow techniques and the hot face and gas 
Injector temperatures and the thermal conductivity of each element. (The 
graphite holder 1* Included as the first clement In the model-) Surface 
area Is calculated from the structure mode1 The MTS concentration Is 
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computed stepwise for each element using the gas flow rate and Initial 
concentration, diminished by the deposition occurring In the preceding 
elements -

While the uncertainty In thermal conductivity does not allow 
quantitative calculations at this time, the model provides considerable 
Insight Into the effect ot process variables on Infiltration- Several 
trial calculations have been performed for a preform of fifteen micron 
diameter fibers packed to 20* density, a hot face temperature of 1200°C. a 
gas Injector temperature of 60°C. and 10:1 H2 to NTS ratio- The preform Is 
1-27 cm thick and 4-51 cm In diameter- The graphite spacer is 1-10 cm 
thick-

The effect of the temperature gradient can be seen In Figure 7 for a 
gas flow rate of 550 cc/mln STP- Assualng a linear temperature gradient 
through the preform, the deposition rate Is calculated as a function of 
position for four different cool face temperatures- In the Isothermal case 
(Tc - 1200°). the deposition Is most rapid at the Inlet, decreasing through 
the preform as NTS is depleted from the reaction gas- At the lowest cool 
face temperature the deposition rate continually increases through the 
preform as the temperature rises- Depletion of the reactant gas Is not 
great enough to reverse this trend- In the Intermediate cases, the two 
opposing factors, thermal gradient and gas depletion, are of comparable 
Importance and the deposition rate shows less variation-

The effect of gas flow rate also is shown in Figure 8 where the 
deposition rate profile is calculated for a 600° cool face temperature and 
two different gas flows- The effect of NTS depletion is seen In the 
reduced deposition rate near the hot face at the lower flow. These model 
calculations suggest that fine tuning of the infiltration process is 
possible by controlling the cool face temperature and the gas flow rate-

Continued development of this model is in progress. Comparison of 
predictions with experimental results will allow adjustment of model 
parameters and result In quantitative calculations. Extension to 
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three-dlaenslonal Modeling will allow optimization of the infiltration 
process for general shapes-
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INTRODUCTION 

Recent advances in polymer and metal matrix composites have elevated 
them to the status of practical engineering materials. These advances 
have also prompted intensive research efforts to develop advanced ceramic 
fiber/ceramic matrix composites for high temperature applications. To 
fully realize their potential in these applications, reliable and 
practical joining techniques must be developed that will permit the use of 
engineering designs. Such joints require sufficient strength and 
toughness for projected applications as well as resistance to 
environmental and thermal degradation comparable to that of the composite 
joined. 

This research program will Identify and develop techniques ior 
joining silicon carbide fiber-reinforced ceramic composites of tubular 
geometries, primarily through the use of glass joining materials. The 
general tasks of this program include: identifying, preparing, and 
characterizing glass compositions suitable for joining ceramic/ceramic 
composites; developing a joining methodology an evaluating the effects of 
process parameters on joint characteristics; fabricating and 
characterizing joints; and determining physical/mechanical properties and 
failure behavior of joints under ambient conditions, elevated 
temperatures, and simulated service environments. 

The uajority of the effort in this research program during the last 
year has been directed towards characterization of glass compositions for 
use as joining materials. The following requirements for the glass 
brazing material were identified early in the program: 
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1. The glass joining Material should melt and flow at temperatures below 
those reported to degrade the properties of the composite material 
(approximately 1200*C). 

2. The glass joining material should not exhibit excessive chemical 
reactivity with SiC. 

3. Ideally, the devitrifled glass joint should exhibit good mechanical 
properties to ICOO'C. 

4. The glas* composition should devitrify to crystalline phases which 
exhibit low thermal expansion and good chemical resistivity to 
promote thermal and chemical stability of the resulting joint. 

This review discusses the results of characterization studies of candidate 
joining glasses with respect to the above criteria. Also discussed are 
the results of some initial joining experiments. 

EXPERIMENTAL PROCEDURE 

The batch compositions of glasses prepared in this study are given in 
Table 1. These compositions represent systematic variations of MgO, 
Li 20, AI2O3, and Si0 2. Nucleating agents (Ti02 and ZrOj) were 
also added to selected compositions. These variations permit the 
examination of the effects of compositional changes and nucleating agents 
on the characteristics of the glass. 

Glasses were prepared by mixing reagent grade powders for 2 h in 
polyethylene bottles using alumina mill balls. The mixed powders were 
melted in alumina or platinum crucibles at 1400*C in air for 1 h. The 
resulting glasses were crushed, remixed, and rente 1 ted for 6 h at 
1400*C in air. The melts were poured into preheated boron nitiide 
molds, placed in an oven, and held at the appropriate annealing 
temperature for 4 h. After annealing, the oven was shut off and the 
glasses allowed to cool to room temperature. Glass of each composition 
was mechanically crushed into a powder (38-63 pm) for differentia] 
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TABLE 1. MAGNESIUM-LITHIUM-ALUMINOSILICATE GLASS COMPOSITIONS PREPARED 
FOR USE AS JOINING MATERIALS (wt%) 

Composition 
Number Si0 2 

60 

A l2°3 
20 

Li 20 

20 
MgQ_ 
0 

TiO* 

3 

ZrO* 

3a-T 

Si0 2 

60 

A l2°3 
20 

Li 20 

20 
MgQ_ 
0 

TiO* 

3 
3b-T 60 20 15 5 3 --
3c-T 60 20 10 10 3 --
3d-T 60 20 5 15 3 --
3e-T 60 20 0 20 3 

3b 60 20 15 5 
3b-Z 60 20 15 5 -- 3 

4a 65.2 19.2 15.6 

5a 65 10.5 14 10.5 
5a-T 65 10.5 14 10.5 
5a-Z 65 10.5 14 10.5 

6a 60 10 10 20 
6a-T 60 10 10 20 
6a-Z 60 10 10 20 

7a 65 10.5 10. 5 14 
7a-T 65 10.5 10. 5 14 
7a-Z 65 10.5 10. 5 14 

a. Ti0 2 and ZrOj are in addition to 100%. 

thern.nl analysis (DTA), quench tests to determine the crystalline phases 
evolved oaring devitrification, and examination of the compatibility 
between the glass compositions and SiC at high temperature. Selected 
glass compositions were prepared as slices (2.5 x 12.7 x 12.7 mm), cubes 
(1.75 x 1.75 x 1.75 mm), and flexure bars (3 x 4 x 45 mm) by diamond 
sawing. All samples were stored in a desiccator until used. 

DIFFERENTIAL THERMAL ANALYSIS 
Glass powders were examined by differential thermal analysis (DTA) 

to Identify glass transition, crystallization, and melting temperatures. 
The DTA thermograms were obtained using approximately 45 mg of glass 
powder and an alumina reference material. A constant lO'C/min heating 

http://thern.nl
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rate and static air environment were employed. A thermogram of kaolinite 
was obtained and compared to reference patterns to ensure the DTA was in 
proper working condition prior to examining the glass materials. 

QUENCH TESTS 
Based on results of the DTA thermograms, selected glass powders were 

encapsulated in platinum foil, placed in a preheated furnace, held for a 
finite length of time, and quenched to room temperature in air. The 
crystallization temperatures were identified by the DTA results. The 
treated powder was examined by x-ray diffraction to determine the 
crystalline phases evolved. 

COMPATIBILITY TESTS 
Selected glass powders were mixed with ethyl ;lcohol to form a 

slurry, and a drop of the slurry was placed on the surface of a slice of 
monolithic silicon carbide. This slice was then dried to remove the 
alcohol, and the dried samples were heat treated. The treated samples 
were cross sectioned, polished, and examined by scanning electron 
microscopy (SEM) to determine the extent of any chemical reaction with the 
silicon carbide, and the nature of any crystalline phases evolved. 

WETTING BEHAVIOR 
The wetting behavior of glass compositions 5a-T, 6a-T, and 3b-T was 

examined by sessile drop experiments as a function of time and temperature 
in air. Glass cubes were placed on a silicon carbide slab (the surface of 
the silicon carbide in contact with the glass was polished) and placed in 
a furnace preheated to the desired temperature. After holding for a 
specified time, the specimen was lowered out of the furnace on an 
elevator, and a photograph of the drop geometry was taken while the 
specimen was still hot. The time from removal from ths furnace until the 
photograph was taken was less than two seconds in each case. The furnace 
was allowed to equilibrate to the test temperature before another specimen 
was tested. Each time-temperature-composition datum point represented n 

separate specimen. The photographs were used to measure drop geometry, 
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i.e. contact angle (Figure 1). The contact angle was measured on each 
side of the drop and the results averaged. The maximum difference in 
ccntact angle observed between the two sides was 3°. 

CRYSTALLIZATION RATES OF GLASS COMPOSITION 5a-T 
Crystallization experiments were conducted by heat treating slices 

(3 x 12 x 12 mm) of glass composition 5a-T at temperatures between 700 and 
900°C. Since no low temperature nucleation treatment was used, 
crystallization occurred predominately from the surface. The specimen v.-is 
cross sectioned and the thickness of the crystalline surface layer was 
measured as a function of time. The crystallization rate was calculated 
according to: 

X - kt (1) 

where: X - the thickness of crystalline surface layer 
t - time 
k = crystallization rate. 

STRENGTH OF DEVITRIFIED GLASS COMPOSITION 5a-T 
Billets of glai.s composition 5a-T were machined into flexure bars 

with a surface finish of approximately 230 grit, and the tensile edges 
were beveled. Selected bars were heat treated to obtain approximately 
70-80 vol.% crystalline content. The strength of both treated and 
untreated bars as a function of temperature was tested in three-point 
bending with a lower span of 40 mm. 

The heat treatment schedule used to crystallize the flexure bars is 
shown in Figure 2. A low temperature nucleation treatment (U h at 
600"C) was used to promote uniform bulk crystallization. The furnace 
temperature was then increased to 750°C for 30 min. This amount of 
time was expected to yield the desired crystalline content. After the 
high temperature heat treatment, the bars were transferred to an annealing 
oven at SOCC, held for 2 h, and allowed to cool to room temperature 
overnight. 
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Fig. 1. Geometry of liquid drops 
on solid surfaces showing 
wetting (top) and nonwetting 
(bottom). 

Fig. 2. Heat treatment schedule 
used to devitrify flexure 
bars of glass composition 
5a-T. 

SIMULTANEOUS CRYSTALLIZATION AND SINTERING OF A GLASS POWDER 
Two alternative routes in the preparation of a glass-ceramic from a 

glass powder are possible, as shown in Figure 3. The three-step process 
(melting, nucleation, and crystallization) is the preferred route since 
the melting step enhances glass flow and minimizes potential defects 
(strength limiting flaws) in the joint. The melting step also provides a 
degree of tolerance to surface imperfections on the composite surface. 
However, if the brazing materials are amenable to the single-step process 
(simultaneous crystallization and sintering), more refractory joining 
compositions could be used without degrading the composite properties. 
Also, the possibility of reduced time at temperature could result in 
potentially large energy savings. 

Crystallization-sintering experiments were conducted with glass 
composition 5a-T. Glass powder (<63 prn) was pressed at 20 ksi into 
pellets (2.5 mm in height x 12.7 mm in diameter) without using a binder. 
The density of the pellets was determined from the dimensions and mass '" 
be 1 .(A g/cm . The density of glass composition r>a-T was determined fo 
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Fig. 3. Alternative methods for the preparation of a glass-ceramic from a 
glass powder. 

be 2.46 g/cm by the Archimedes' immersion method. The pellets were 
then dried at 400"C for 10 min and treated at 750°C for times 
ranging from 15 min to 6 h. The density of the treated pellets was 
determined by the Archimedes' immersion method. The densification 
behavior of a soda-lime-silica standard glass (NBS 710) was also 
determined. 

JOINING EXPERIMENTS 
Two hundred and twenty-two composite bars (5 y. 6 x 48 mm) were 

procured from Refractory Composites, Inc. with either 37 or 41 vol.% 
fiber. The density of each type of bar was determined by the bulk den.sirv 
method (measure dimensions and weight) and the Archimedes' immersion 
method. 

The composite bars will be cut in half, perpendicular to the 48 mm 
dimension, and the two halves rejoined to form a butt joint. A fixture ' <> 

maintain alignment of the halves during joining and post-joining hear 
treatments was fabricated from boron nitride. Flexure tests will \>e. use! 
to examine joint properties because they are simple (both at room 



temperature and high temperature) and amenable to the butt joint 
geometry. Shear testing will be conducted to provide supplemental 
information as appropriate. 

Initial joining experiments have concentrated on glass composition 
5a-T. The glass was prepared as a powder with particle sizes between 38 
and 63 pm. The powder was mixed with acetone to form a paste and 
applied to the surface with a spatula. The coated composite was then 
dried at 125"C for 15 min to remove the acetone. The composite halves 
were removed from the drying oven, placed in the joining fixture, and 
heated in air to 1150*C and held for 15 min. After joining, the 
sample was transferred to an annealing oven, held at the appropriate 
annealing temperature for 2 h, and cooled to room temperacure in Che oven. 

RESULTS AND DISCUSSION 

CHEMICAL ANALYSES 
The analyses of Che glass compositions prepared are given in Table 2 

along with the compositions expected from batch calculations. For 
simplicity, the concentrations of TiC^ and ZrOo are not listed. 
Compositions 3a-T through 3e-T showed about 4-5 wt.% increases in the 
AI2O3 concentration. These A^C^ additions are due to limited 
dissolution of alumina crucible material during melting. Minor decreases 
in the SiC^, Li20, and MgO concentrations were also observed, which 
are consistent with decreases expected as a result of simply adding more 
A^Oj. The small losses of Li20 and MgO observed indicate ti.at 
volatilization of alkali c''Jes and alkaline earth oxides was not a major 
problem. 

Compositions 3b through 7a-Z show some interesting trends. 
Compositions 3b and 3b-Z exhibited large increases of AI2O3, 
presumably due to exaggerated attack of the crucible during melting. 
Large decreases in Si02, Li^O, and MgO were observed, and are 
consistent with the large AI2O3 increase. The TI02 addition to 
series 3 compositions (3b-T) limited the attack, resulting in smaller 
AI2O3 increases. Compositions 5a, 5/i-T, 5a-Z, 6a, 6a-T, 6a-Z, 7a, 
7a-T, and 7a-Z exhibited AI2O3 additions and S ^ , Li?0- »nd MgO 
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reductions. The TiC>2-containing composition, 5a-T, appeared to limit 
attack of the crucible, resulting in smaller AI2O3 increases. On the 
other hand, ZrO? additions to series 6 compositions, 6a-Z, exhibited 
lower AI2O3 increases than either 6a or 6a-T. In the series 7a 
compositions, a ZrO? addition (7a-Z) exhibited a larger A^O-j 
increase than either 7a or 7a-T. 

The addition of Al^O? due to attack of the crucible was eliminated 
by melting in platinum crucibles. The degree of attack was dependent on 
glass composition (Table 2). 

DIFFERENTIAL THERMAL ANALYSIS 
The transition, crystallization, and melting temperatures identified 

from the DTA thermograms are given in Table 3 for all glass compositions. 
These results have been discussed in detail elsewhere; here we will 
concentrate on the results for glass compositions 3a-T through 3e-T. 
Figure 4 shows that :he glass transition temperature increased nonlinearly 
with MgO additions from 490'C for the KgO-free composition (3a-T) to 
780°C for the Li 20 free composition (3e-T). The devitrification 
temperature increased from 620*C for composition 3a-T to 975*C for 
composition 3e-T. Figure 5 shows the effect of MgO additions on the 
melting temperature. Initial MgO additions depress the melting 
temperature slightly; however, continued MgO additions increase the 
melting temperature dramatically. Additions of 10 wt.% MgO or more 
increase the melting temperature above the proposed joining temperature 
range. 

The composition changes investigated with glass compositions 3a-T 
through 3e-T can have two effects on the glass structure. First, the 
nonbridging oxygen (NBO) concentration can be altered. Second, th': 
strength of the modifying ion-oxygen bond can be altered. It has been 
proposed that both of these effects will alter the transition temperature 
since they affect th" viscosity-temperature relationship. Previous 
investigators have suggested that each change alone has a dominant etfet 

on the glass transition temperature (T ). 
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TABLE 3. THERMAL CHARACTERISTICS OF GLASSES PREPARED IN THIS STUDY AS 
DETERMINED BY DTA 

Composition 
Number 

Transition 
Temperature 

cm 
Crystallization 
Temperature 

f « 

Onset of 
Melting 

CO 

3a-T 
3c-T 
3d-T 
3e-T 

490 
565 
640 
780 

620 
720 
810 
975 

1040 
1125 
1260 
1325 

4a 485 615 1015 

3b 540 
3b-T 505 
3b-Z 595 

5a 505 
5a-T 505 
5a-Z 515 

6a 550 
6a-T 555 
6a-Z 550 

7a 525 
7a-T 530 
7a-Z 545 

645 
640 
/05 

660/690* 
675 
695 

710/735a 

725 
750/735* 

705 
700 
735 

1075 
V75 
1175 

925 
925 
1000 

940 
1025 
930 

920 
920 
910 

a. Two exothermic peaks were observed. The maximum peak is listed first. 

Gutzow derived the following relationship for polystyrene-

(Tg)'1 - a + b(P)"1 (2) 

where P defines the degree of polymerization. This indicates that as the 
structure becomes more "cross-linked" the transition temperature (T ) 
increases. 

2 Eisenberg and Takahasi defined P for alkali-silicate systems in 
the following way: 

[Si02] P 
O) 
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where the concentration of alkali oxide is given by [M2O] and the 
concentration of silica is given by [S102J. 

Using Equations 2 and 3 along with the glass compositions, the 
following relationship was developed: 

(T ) ~ l - A + B(NB0) 
g 

<U) 

This equation predicts the expected trend that as more NBO are present In 
the structure, the transition temperature decreases. As can be seen from 
Figure 6, which gives data for compositions 3a-T, 3b-T, 3c-T, 3d-T, 3e-T. 
5a-T. 6a-T, and 7a-T, this relationship describfes the data w*ll for 
NBO'-0.5 but yields unsatisfactory results at higher NBO value.';. 

Eisenberg and Takahasi related the transition temperature to r he 
roulombic force between the modifying ion and oxygen: 
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Fig. 6. Effect of the calculated nonbridging oxygen concentration on the 
glass transition temperature. 

T - C(Z/r) + D 
g e>) 
The coulombic force between the modifying ion and oxygen ion is 
proportional to (Z/r), where Z is the charge on the modifying ion nnd r i •• 
the ionic radius. This relationship was shown to hold for silicate- and 
phosphate glasses. 
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A similar re lat ionship was developed which suggests that T i s 

o 

proportional to the average work required to break a modifying ion-oxygen 

bond (W): 

T - a + b(W) (6) 
g 

The data for compositions 3a-T, 3b-T, 3c-T, 3d-T, 3e-T, 5a-T, 6a-T, and 
7a-T are plotted in Figure 7. There is a significant amount of scatter in 
the data as indicated by the correlation coefficient of 0.74 for the 
linear regression. 

Since NBO correlates well to T for NBCK0.5, and U gives a fair 
correlation over the entire range, it is reasonable to expect that both 
parameters affect the transition temperature to some extent. With this in 
mind, the data were fit to the two-parameter linear relationship: 

T - a + b(NBO) + c(U) (7) 
g 

Using standard regression techniques, the constants were determined to be: 
a - 252.5 + 1.0 
b - -115.8 + 0.7 
c - 146.5 + 0.4 

The plus-or-minus value indicates the 95% confidence interval. The 
correlation coefficient of the multivariate regression was 0.96, 
indicating an excellent fit to the experimental data. These constants 
indicate that as the average nonbridging oxygen concentration increases, 
the transition temperature decreases. Also, as the average strength of 
the modifying ion-oxygen bond increases, the glass transition temperature 
increases. These trends are consistent with the effect of MgO additions 
on the transition temperature (Figure 4). 

QUENCH TESTS 
The results of x-ray analyses for selected compositions which have 

been heat treated are given in Tables 4 and 5. The crystallization 
temperature listed in the tables is that identified by the maximum on r.h< 
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Fig. 7. Effect of the calculated average strength of the modifying 
ion-oxygen bonds on the glass transition temperature. 

TABLE 4. RESULTS OF X-RAY ANALYSES OF CRYSTALLINE PHASES IN BASE 
COMPOSITIONS 

C r y s t a l l i z a t i o n 
Tenperature Hold 

C r y s t a l l i n e Phases 
Composition 

C r y s t a l l i z a t i o n 
Tenperature Hold 

Number rc> Time 

1 h 

Ma lor Minor 

3b-T 640 

Time 

1 h L l 2 A l 2 S I 3 ° 1 0 L i 2 S i 0 3 

3c-T 720 1 h L i A l S i 2 0 6 L l 2 M 2 S i 3 ° 1 0 

M g 2 S i 0 6 

U ? S i 0 3 

3d-T 910 2 min "S/WlB J 

1 h L iAlS i„0 , 
/ 0 

M R Si0 / t 
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TABLE S. RESULTS OF X-RAY ANALYSES OF CRYSTALLINE PHASES IN MODIFIED 
COMPOSITIONS 

Crystallization 
Temperature 

rci 
Hold 
TiP« 

1 h 

Crystalline Phases 
Composition 

Number 

Crystallization 
Temperature 

rci 
Hold 
TiP« 

1 h 

Major Minor 

4a 615 

Hold 
TiP« 

1 h Li 2Al 2Si 30 1 ( ) Li 2Si0 3 

5a 650 2 min. 
5 min. 

Amorphous 
Li 2Al 2Si 30 1 Q + glass 

15 min. Li 2Al 2Si 20 1 ( ) Li 2Si0 3 

30 min. Li 2Al 2Si 20 1 ( ) Li 2Si0 3 

1 h Li 2Al 2Si 30 1 ( ) Li 2Si0 3 

6.5 h Li 2Al 2Si 30 1 ( ) Li 2Si0 3 

MgSi0 3 

6a 700 1 h Li 2Al 2Si 30 1 ( ) Li 2Si0 3 

MgSi03 

DTA thermogram. Each sample was heated to 1250*C and held for 15 
minutes before lowering the temperature to the crystallization temperature 
and holding for the listed time. The high temperature heat treatment 
(1250"C) was used to simulate expected joining cycles. 

The major phase evolved from composition 3b-T after treating at 
6A0'C for one hour was Li^^SijO^Q. Chemically, this phase 
is equivalent to a solid solution of /T-spodumene (LiAlSl20g) and 
fl' -eucryptlte (LiAlSiO^) . A minor amount of lithium metasilicate 
(I^SiO-j) was also observed. When composition 3c-T was held at 
720*C for one hour, 0'-spoduraene was the major phase analyzed, and 
minor phases (Li2Al2Sl30iQ, Mg2SI0^, and L^SlOj) were 
also detected. Heat treating composition 3d-T for two minutes at 
010'C resulted in the presence of cordierite (l^Al^Sl^Ojg) 
and enstatite (MgSiO-j). A treatment time of one hour resulted in the 
presence of LiAlSi 20 6 and forsterlte (MgSiO^). 
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Heat treating compositions 4a, 5a, and 6a at the appropriate 
temperatures for various times resulted in LioA^SioOiQ as the 
primary crystalline phase. A minor amount of I^SiO^ was observed 
when composition 4a was held at 615"C for one hour. Similarly, when 
composition 6a was held at 700*C for one hour l^SiO-j and 
Mg2SiO^ were observed in minor amounts. Composition 5a was x-ray 
amorphous after being held for two minutes at 650°C; after five 
minutes at 650°C, LioA^SioOiQ began to appear. This phase, 
along with Li^SiOo, was detected for heat-treatment times of 15 min, 
30 min, 1 h, and 6.5 h. The x-ray pattern of the samples held for 6.5 h 
also indicated small amounts of MgSiO-j. 

Two results of the quench tests are of interest. First, for glass 
compositions which melt in the appropriate range, Li^A^Si^O^Q is 
the predominant crystalline phase evolved. In the temperature range 25 to 
1000"C, this phase exhibits a slightly negative linear thermal 
expansion. The crystallization of this low expansion phase will lower the 
overall expansion of the glass-ceramic as crystallization proceeds. The 
reduced thermal expansion of the devitrified material provides some built 
in resistance to thermal shock during temperature cycling. 

Second, the effect of crystallization on the residual glass 
composition is of concern since mechanical properties at high temperature 
are dependent on the refractory nature of the residual glass. The more 
refractory the glass, the greater the strength retention, and the higher 
the possible application temperatures. Figure 8 illustrates the effect of 
devitrification on the residual glass composition as the crystalline 
phases l^A^Si-jO^Q, I^SiOj, and MgSiO-j are evolved, in 
that order, assuming that crystallization goes to completion for one phase-
before the nest phase begins to evolve. The amount of 
l^A^Si-jOiQ which develops is limited by the available aluminum 
concentration, whicn decreases to zero. A slight decrease in the silicon 
concentration, a slight increase in lithium concentration, and a 
relatively large increase in magnesium concentration of the residual gl<i.<;.<; 
results. The amount of the second phase evolved (Li^SiO-j) is limited 
by the available lithium concentration, which decreases to zero. A slight 
increase in the silicon concentration of the residual glass in 
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anticipated, along with a very large increase in magnesium concentration. 
The third phase evolved (MgSiO^) is limited by the available silicon 
concentration, which decreases to zero leaving magnesium as the only 
cation present in the residual glass. At this point, the residual glass 
is chemically equivalent to MgO. Although Figure 8 assumes that all 
crystallizations go to completion, this would rarely be the case in 
reality; however, the general trends are valid. As lithium-containing 
phases evolve from the parent glass, the composition of the residual glass 
must be higher in magnesium. These results, coupled with the effect of 
composition changes on the transition temperature, suggest that the 
residual glass component becomes more refractory as crystallization 
proceeds. 

COMPATIBILITY TESTS 
Composition 3b-T exhibited complete melting and flow when held at 

1250°C for 15 min on the silicon carbide surface. Optical examination 
indicated that the glass contained cracks resulting from thermal expansion 
mismatch and/or thermal shock damage due to the rapid quench. Some 
bubbles remained in the glass. Figure 9 shows a scanning electron 
microscopy (SEM) photograph of the glass/SiC interface obtained from a 

1 
Glass composition 5a-T 
Crystallization 
temperature = 650°C 

r*-Starting glass 
1 composition 

Si 
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and then quenching. 
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polished cross section. Also shown in Figure 9 are data obtained from 
this sample by energy dispersive spectroscopy (EDS). The EDS data are 
given in cation atom percent, but lithium is not shown because it cannot 
be detected by EDS. The silicon carbide contains predominately silico.i 
with small amounts of aluminum. The aluminum observed probably is residue 
of the alumina polishing compound. Also detected in the silicon carbide, 
but not shown in Figure 9, was 3-4% tungsten. The tungsten was 
incorporated as an impurity during comminution of the silicon carbide 
powders before densification. 

On the glass side of the interface, reduced silicon, and increased 
aluminum are observed. The expected values listed were calculated from 
the analyzed composition of the glass, and show fair agreement with those 
obtained by EDS. At the interface itself, the glass appeared to 
delaminate fro.-n the silicon carbide. These results suggest that the glass 
is chemically compatible with silicon carbide. Extensive reaction was not 
observed at 1250*C in 15 min. 

Similar results have been obtained for compositions 3c-T, 4a, and 
5a. The details of those results have been reported elsewhere. None 
of the compositions investigated exhibited extensive reaction with silicon 
carbide at 1250*C in 15 min. Glass composition 3c-T was observed to 
be partially crystalline after this heat treatment cycle. These 
experiments did indicate that the onset of melting, as determined by DTA, 
must be 1150*0 or less to ensure complete melting and flow at 
1250°C in 15 min. 

VETTING BEHAVIOR 
The effect of time on the contact angle ot glass composition 5a-T in 

contact with silicon carbide at 950, £75, and 1000'C is shown in 
Figure 10. The temperatures given in Figure 10 are normalized to the 
onset of melting, T m, as determined from the DTA thermogram. As 
expected, the contact angle decreased from that of a cube (90'; to 
some equilibtium value. The equilibrium contact angle was 30.5, '}?, arcl 
V»° for temperatures of 1000, 975, and 950*C respectively. A 
slight increase in the contact, angle was observed for specimen?; hi:nu-t\ ,,r 
r>50'>C for long times It is hypothe.*;lzed that such a change in 
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geometry occurred because limited crystallization occurred over these long 
times. The expectation of limited crystallization is reasonable since the 
test temperature was only slightly above the onset of melting. At the 
higher temperatures, no crystallization effects were observed. It has 
been noted that crystallization of this composition results in surface-
distortion, and, hence, changes in the drop geometry. 

Figure 11 shows the effect of time on the contact angle for glass 
composition 3b-T at temperatures of 1100, 1125, and 1150°C. Again the 
temperature has been normalized to the onset of melting observed on the 
DTA thermogram. The contact angle decreased from the initial 9G° to 
an equilibrium value after some time, with equilibrium contact angles of 
35, 40 and 50° observed at temperatures of 1150, 1125, and 1000°C 
respectively. The time required to reach the equilibrium value decreased 
with increasing temperature. 

Changes in the contact angle with time at 1100, 1125, and 1150°C 
for glass composition 6a-T are shown in Figure 12. As before, the test 
temperatures are normalized to the DTA melting temperature, and the 
contact angle decreases from 90" to an equilibrium value after some 
finite time. Equilibrium contact angles of 44, 39, and 33° were 

100 

400 800 
Tim* (MC) 400 800 

Tim* (s«c) 
1200 

Fig. 10. Effect of time and tem
perature on the contact 
angle of glass composition 
5a-T in contact with SiC. 
The onset of melting (Tffl) 
in composition 5a-T was 
determined to be 925*C. 

Fig. 11. Effect of time and tem
perature on the contact 
angle of glass composition 
3b-T in contact with SiC. 
The onset of melting in 
composition 3b-T was de
termined to be 975V;. 
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Fig. 12. Effect of time and temperature on the contact angle of glass 
composition 6a-T in contact with SiC. The onset of melting 
(T m) in composition 6a-T was determined to be 1025°C. 

observed at test temperatures of 1100, 1125, and 1150°C respectively. 
Interestingly, the data indicate that the equilibrium contact angle is 
obtained after 300-400 s, and is essentially independent of test 
temperature. 

The equilibrium contact angle is a measure of the ability of the 
glass to wet a silicon carbide surface, and is determined by the 
thermodynamic interfacial energies of the surfaces in contact. The 
interfacial energies are represented by forces acting at the triple point 
along the interface in question (Figure 1). The interfacial energy 
between the solid and the gas (atmosphere) is shown by a force acting away 
from the drop along the solid surface (yBa). The interfacial energy 
between the solid and liquid is represented by a force acting along the 
solid-liquid interface (7 si). The force y acts In a 
direction opposite to that of force y , . A force representing the 
third interfacial energy, that between the liquid and gas (l\g) and 
acts in a direction parallel to the liquid-atmosphere interface. The 
force vector which represents the liquid-gas interfacial energy can br-
projected on the the plane of the substrate or solid. The projection is 
calculated numerically as 7* (cos $). 
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The sun of all forces acting at the triple point must be zero to 
maintain equilibrium. The following equation (Young's equation) describes 
the drop geometry at equilibrium: 

7 s g - ? s i + n g

c o s * ( 8 > 

If the energy of the solid/gas interface is larger than tht energy of the 
solid/liquid interface, the liquid/gas energy must act as shown in 
Figure la. In this case, the equilibrium contact angle is less than 
90", and the liquid is said to wet the solid. If the energy of the 
solid/gas interface is less than the energy of the solid/liquid interface, 
the liquid/gas interface energy must act as shown in Figure lb. In this 
case, the liquid is said not to wet the solid, and equilibrium contact 
angles of greater than 90" are observed. 

All of the glasses used in this investigation wet the silicon carbide 
as evidence by equilibrium contact angles of 50" or less. It has been 
shown that no severe chemical interaction between the glass compositions 
under investigation and SiC was detected at 1250"C. Therefore, it is 
unlikely that a reaction at lower temperatures would exist and confuse Lhc-
results of wetting. Figure 13 illustrates that the equilibrium contact 
angle decreased with increasing test temperature for all glass 
compositions studied. All of the glass compositions resulted in 
equilibrium contact angles between 30 and 50*. The temperatures 
required to obtain these angles were dependent on the composition of the 
glass. Glass composition 5a-T produced the measured contact angles at 
temperatures just above its DTA melting point (1.03<T/Tm<l.08). Glass 
composition 6a-T required slightly higher temperatures relative to its [JTA 
melting point (1.07<T/Tm<l.12) to yield the same contact angles. Glass 
composition 3b-T had to be heated well above its DTA melting point 
(1.13<T/Tm<1.18) to produce similar equilibrium contact values. The 
actual test temperatures required to produce similar equilibrium contact, 
angles were similar for compositions 6a-T and 3b-T (1100-1150,C). The 
actual test temperature required to produce similar equilibrium contact 
angles with composition 5a-T was much lower (950-1000°O). These 
results suggest that wetting behavior as a function of temperature is 
directly related to the glass chemistry. 
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Comparing the chemistries of glass compositions 5a-T and 6a-T 
(Table 1), composition 6a-T is higher in MgO and lower in both U^O and 
Si02 contents than composition 5a-T. The glasses used to study the 
wetting behavior were melted in platinum crucibles and are expected to 
have a composition similar to that expected from the batch materials. 
This difference in composition resulted in a shift to temperatures farther 
above the melting point to obtain contact angles between 30 and 50° 
with composition 6a-T. These trends would be observed if the increase in 
MgO content, accompanied by decreases of LioO and SiO^, resulted in a 
less thermodynamically favorable system. In other words, the energy of 
the glass composition 5a-T interface is less than that of the glass 
composition 6a-T interface at the same temperature, relative to its 
melting point. 

Comparing the chemistries of glass compositions 5a-T and 3b-T 
(Table 1), composition 3b-T is lower in MgO content and higher in 
A^O-i content. The Si02 and Li^O contents of compositions 5a-T 
and 3b-T are similar with 3b-T being slightly lower in SiOj content an'! 
slightly higher in Li^O content. These compositional changes resulted 
in a large shift to higher temperatures, relative to the melting point 
("Figure 6b), to obtain similar equilibrium contact angles. Again, ther,<-
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results indicate that a composition 5a-T-SiC interface is more 
thermodynamically favorable (lower interface energy) than a 
composition 3b-T- SiC interface at similar temperatures relative to their 
respective melting points. 

An additional relationship can be developed to describe the 
inte; facial energies of the sessile drop experiment. . The adhesive 
energy (E <j) can be describe as: 

Ead ~ ?sg - 7 s l + 7 l g (9) 

This relationship says that the adhesive energy is simply the amount of 
energy reduction due to the replacement of a solid/gas interface with a 
lower energy solid/liquid interface plus the addition a new interface, the 
liquid/gas interface. Substituting Equation 8 in to Equation 9 and 
rearranging, the Young-Dupre relationship is obtained: 

E a d / 7 l g - 1 + cos* (10) 

The term Ea(j/7i„ describes a normalized adhesive energy, and in a 
sense is a multiplier. This term quantitatively addresses the amount of 
adhesive energy expected relative to the introduction of a liquid/gas 
interface into the system. In terms of forming a bond between the liquid 
and solid, the term Ea{j/7icr should be as large as possible, and 
must be larger than one for wetting to occur. 

Figure 14 shows the effects of glass composition and temperature on 
the data plotted according to Equation 10. The normalized adhesive 
energy, Ea<i/7ie. ranges from 1.64 to 1.86 for *:he glass 
compositions studied. The effect of glass composition on the normalized 
adhesive energy (Figure 14b) is analogous to the effect of glass 
composition on the equilibrium contact angle. Class composition 6a-T, 
with an addition of MgO and reductions of I^O and Si02 relative to 
composition 5a-T, results in a shift to higher temperatures, relative to 
the melting point, to obtain similar normalized adhesive energies. Class 
composition 3b-T, with an addition of A^Oj and reduction of MgO 
relative to composition 5a-T, resulted in a large shift to higher 
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compositions 5a-T, 6a-T, and 3b-T. 

temperatures to obtain similar adhesive energies. These results suggest 
that the composition changes made to 5a-T result in a less 
thermodynamically favorable system with lower adhesive energies. 

Summing all of these results, the following conclusions can be made. 
The addition of MgO r.o a MgO-I^O-A^C^-SiC^ glass moderately 
reduced its wetting ability at any given temperature relative to its 
melting point, and lowered the expected adhesive energy of the 
liquid/solid interface. The addition of AI9O3 to a 
MgO-I^O-A'l^O^-S^ glass greatly reduced its wetting ability at 
any given temperature relative to its melting point, and greatly lowered 
the expected liquid solid adhesive energy. 

CRYSTALLIZATION RATES OF CLASS COMPOSITION 5a-T 
The thickness of crystalline surface layers formed on slices of glass 

composition 5a-T as a function of temperature and time are shown in 
Figure 15. The regression lines were forced to pass through the origin, 
which corresponds to no crystal growth at time t - 0. The growth rates 
are plotted in Figure 16 as a function of temperature, and are observed to 
increase with increasing temperature. The growth rate appears to be 
levelling off and the scatter in the data is more extreme at the higher 
temperature. The increased scatter in the data indicates a 

crystallization process which is more difficult to control at the higher 
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Variation of crystallization rate as a function of temperature 
for glass composition 5a-T. 

temperatures where the kinetics are faster. It is expected that the 
growth rate maximizes at some temperature just below the onset of melting 
(925°C). 

In the lower temperature region, the growth rate can be modelled by 
an Arrhenius-type law: 

k - A exp[-E/RT] (12) 

where: E - activation energy of the crystallization process 
R - gas constant 
T - temperature 
A - constant 

Equation 12 can be linearized such that a plot of ln(k) vs. T permits 
calculation of the activation energy as shown in Figure 17. The 
activation energy for the crystallization of 5a-T is 294 kJ/mole. The low 
activation energy suggests that the magnesium modified 
lithium-aluminosilicate prepared in this study will crystallize readily as 
expected. 
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-1 for glass composition 

Samples of glass 3b-T were heat treated at 640 and 725°C for 
various times. After approximately 60 min at 640°C and 1,0 rain at 
725°C, the specimens were observed to fracture into small pieces. It 
is hypothesized that the surface crystallization combined with a volume 
change upon crystallization resulttl in mechanical stresses which exc^edc-d 
the fracture stress. Similar fractures were observed with attempts to 
crystallize glass composition 6a-T at 725°C. Both sets of experiments 
were designed to promote surface crystallization. Experiments are 
underway to determine if glass compositions 3b-T and 6a-T can be uniformly 
crystallized throughout the bulk to prepare a glass-ceramic. 

STRENGTH OF DEVITRIFIED GLASS COMPOSITION 5a-T 
The thermal expansion of the phase LioA^Si^OiQ has been 

reported to be very low. Mechanical stresses result from the expansion 
mismatch and cause some cracking. The annealing treatment minimized 
transient stresses due to thermal fluctuations and limited the amount of 
cracking. 
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The variation of fracture stress with temperature for the treated and 
untreated bars is shown in Figure 18. Two to five bars were tested at 
each temperature; the data represent the average and the range (minimum 
and maximum values). Each specimen was allowed to equilibrate to the 
furnace temperature for 5 min before testing at a crosshead speed of 
8.5 x 10 mm/s. Since the crystallization treatment was performed on 
machined bars, and some cracking resulted from expansion mismatch, the 
flaw size distributions in the treated and untreated bars do not 
correspond. The fracture stresses are normalized to the respective room 
temperature values. For this reason, the fracture stresses of the treated 
bars are normalized to the average room temperature fracture stress of the 
treated bars, and the fracture stresses of the untreated bars are 
normalized to their average room temperature fracture stress. The treated 
bars had about 15-20% of the strength of the untreated bars at room 
temperature due to a change in flaw population. 

The untreated bars exhibited about a 25% reduction in strength when 
heated to 450*C. Viscoelastic deformation was observed in these 
materials at 490*C, which is very close to the transition 
temperature. It can be concluded that the useful maximum temperature for 
mechanical stability of the untreated material is less than 490°C. 

The treated bars showed a 40% increase in strength upon heating to 
500°C. Large increases in strength, compared to the room temperature 
values, were observed upon heating to 710 and 785*C. The treated bars 
tested at 785°C were as strong or slightly stronger than the untreated 
bars at room temperature. The increase in strength is presumably due to a 
change in flaw characteristics at the high temperature. The important 
thing to remember is not the strength values, but that no deformation was 
observed in the treated bars at temperatures at least as high as 
785"C. The loading curves were perfectly linear indicating brittle 
behavior throughout the entire range. 

SIMULTANEOUS CRYSTALLIZATION ANu SINTERING OF A GLASS POWDER 
The densification behavior of powdered glass composition 5a-T at 

750*C is shown In Figure 19. The data suggest that densif{cation 
occurred very rapidly. The slight decrease in density at long times i«; 
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associated with the formation of small pores during crystallization. Mso 
shown in Figure 19 are the densification data for a NBS 710 glass. The 
densification rate calculated from the NBS 710 data was 13.2 x s . 
This densification rate is in excellent agreement with number reported in 
the literature and confirms the validity of the experimental approach 
and results observed for glass composition 5a-T. 

While the possibility of a single-step joining process is apparent, 
initial joining experiments will utilize the more conventional three-step 
process. The "proof-of-concept" of vitreous brazing of silicon carbide 
reinforced composites will be accomplished in this manner. The use of the 
single-step process to allow more refractory brazing compositions will be 
pursued as appropriate. 

JOINING EXPERIMENTS 
Initial experiments indicated that glass composition 5a-T did melt at 

1150°C in 15 min. Large bubbles remained in the glass after heat 
treatment. More satisfactory results were observed when the pieces to be 
joined were pretreated at 1050°C to melt the glass powder and coat the 
surfaces prior to the joining heat treatment. However, small bubbles were 
still observed in the glass. Experiments are continuing to optimize the 
time-temperature relationship required to eliminate these bubbles. 

CONCLUSIONS 

The following conclusions are based on experiments performed during 
the preceding year: 

1. The transition, crystallization, and melting temperatures of glasses 
in the Mg0-Li2O-Al2O-j-SiO2 system can be adjusted by altering 
the glass composition. 

2. Although limited dissolution of alumina crucible material occurred 
during melting, large losses of Li^O and MgO due to volatilization 
were not observed. Melting in platinum crucibles eliminated 
compositional changes. 
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3. Low expansion lithium-aluminosilicate phases were observed to 
crystallize from compositions which melt in the appropriate range for 
joining. These phases will provide inherent thermal shock resistance 
of the joint. 

4. As lithium-containing phases crystallize from the glass compositions 
of interest, the residual glass phase becomes more concentrated in 
MgO and SiC^. Thia observation implies that the residual glass 
phase shifts to n>.re refractory compositions as crystallization 
proceeds. 

5. None of the glass compositions examined exhibit severe chemical 
reaction with hot-pressed silicon carbide at temperatures to 
12r)0*C. Melting temperatures as determined by DTA must be 
1150°C or less to ensure complete melting in contact with silicon 
carbide at 1250°C in 15 min. 

6. Equilibrium contact angles between 30 and 50° were oDserved for 
glass compositions 5a-T, 3b-T, and 6a-T in contact with silicon 
carbide at temperatures between 950 and 1150°C. Low MgO and 
A^O-j concentrations resulted in the lowest equilibrium contact 
angles, and, hence, the largest expected adhesive energy, at 
temperatures just above the melting point. 

7. Class composition 5a-T crystallized readily at temperatures between 
700 and 9aO°C. The activation energy associated with the 
crystallization process was 294 kJ/mole. 

8. The segregation of magnesium and silicon into the residual glass 
phase with crystallization shifts the onset of viscoelastic 
deformation to higher temperatures. The end result is that higher 
application temperatures of joined silicon carbide composites can he 
obtained by crystallizing the braze material. 
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9. Although MgO and AI2O3 additions inhibited the wetting ability of 
the glass, AI2O3 is necessary for crystallization of 
Li^A^Si^OiQ, and MgO is necessary to increase the refractory 
nature of the residual glass. 

10. The possibility of simultaneously crystallizing and sintering the 
glass composition from a powder to a glass-ceramic was demonstrated 
and will be pursued as appropriate. 

11. A joining geometry has been selected to prepare butt joints for 
flexure testing, and a joining fixture to maintain alignment of the 
composite during joining has been demonstrated. 
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ABSTRACT 

Advanced nondestructive evaluation methods are being developed to 
characterize ceramic materials and allow improvement of process 
technology. If one can spatially determine porosity, map organic binder/ 
plasticizer distributions, measure average through-volume and in-plane 
density, as well as detect inclusions, process and machining operations 
may be modified to enhance the reliability of ceramics. Two modes of X-
ray tomographic imaging -- advanced film (analog) tomography and computed 
tomography -- are being developed to provide flaw detection and density 
profile mapping capability. Nuclear magnetic resonance imaging is being 
developed to determine porosity and map the distribution of organic 
binder/plasticizer. Ultrasonic backscatter and through-transmission are 
being developed to measure average through-thickness densities and detect 
surface inclusions. 

INTRODUCTION 

The sensitivity of ceramics to flaws necessitates carefully 
controlled processing and finishing operations. The flaw sizes that 
affect load-bearing capabilities are dependent upon the stress levels in 
the part, but are frequently on the order of 10-100 urn. Nondestructive 
evaluation (NDE) methods (methods which detect flaws of interest without 
damage to the part) are being developed for defect screening as well as 
for characteriz-"' Ion of ceramic materials: e.g., mapping of density 
gradients, blnder/plasticlzer (B/P) distribution In the green state, and 
porosity distributions. 
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Since ceramic materials compete with metal materials for many market 
applications, the need to hold down fabrication costs becomes a driving 
force for the development of effective NDE methods. Finishing (grinding, 
machining, etching, etc.) can be a costly step in ceramic processing. 
Any NDE method that can be used to screen parts prior to densification or 
final machining may increase yield by allowing final operations to be 
done only on parts that have a high probability of being acceptable 
(i.e., flaw-free). NDE techniques, therefore, must be developed with the 
following in mind: (a) Uhat is the sensitivity (i.e., minimum detectable 
flaw size)? (b) Uhat is the cost of the inspection system? (c) How 
difficult is the system to implement? and (d) Uhat throughput can be 
handled? At this time, few of these questions can be adequately 
answered. However, several advanced NDE methods are being developed 
which appear to be very promising and these will be discussed here. To 
date, our NDE efforts have concentrated on characterization of monolithic 
ceramics after the forming step (see Table I); however, we have also 
conducted a significant amount of work on densified monolithic and 
SiC/SiC composites. 

Porosity 

Porosity is a characteristic of ceramics formed from compaction of 
the powder. Measurement of open porosity (volume fraction, size, shape, 
and distribution) can yield information on how the body will densify. A 
common method currently used to characterize open porosity is mercury 
porosimetry. However, this method does not yield information on the 
spatial distribution of porosity. A method currently being developed to 

•i map porosity distribution is nuclear magnetic resonance (NMR) imaging. 
To image the open porosity of green-state (or partially densified) 
ceramics, a "filler" fluid is used as a marker. Fluid is introduced Into 
the test samples by vacuum impregnation to ensure adequate penetration 
into all the internal volumes of interest. The fractional open porosity 
is related to the fractional image intensity (NMR signal strength). 
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Table I Common Processing Operations for 
Advanced Ceramics 

Operation Method Examples 

Powder 
preparation Synthesis SiC 

Sizing Si 3N 4 

Granulating 
Blending 
Solution 

Zr0 2 

chemistry Glasses 
Forming Slip casting Combustors 

Stators 
Dry pressing Cutting tools 
Extrusion Tubing, 

honeycomb 
Injection molding Turbocharger 

rotors 
Tape casting Capacitors 
Melting/casting Glass ceramics 

Densification Sintering Al 20 3 

Reaction bonding Si 3N A 

Hot pressing Si 3N A, SiC, BN 
Hot isostatic 

pressing 
S i 3 N v SiC 

Finishing Mechanical Diamond grinding 
Chemical Etching 
Radiation Laser, 

electron beam 
Electric Electric 

discharge 

Exploratory work ' was performed with samples of several different 
ceramic materials. Sample 1 was a green-state MgO compact containing 300 
g of MgO powder and 20% polyethylene glycol (PEC) binder (mw - 3200), 
cold pressed ct 345 MPa (5000 psi) into a 31-mm-diam x 27-mm-high 
cylinder. Six holes, ranging in diameter from 330 pm to 1390 pm, were 
drilled parallel to the cylinder axis to provide recognizable void 
features, as shown in the diagram of Fig. 1. Sample 2 was a 25-mm-di,'ire 
green-state SiC compact, similarly prepared and drilled. Sample 3 
consisted of three partially sintered MjQ-* disks, 25 mm in diameter, 
with densities of 1.648, 1.703, and 1.720 g/cm , respectively. Sample 4 
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1 a 330 ^ (.013 m) 

Fig. 1. Schematic Diagram of Ceramic Test Phantom Used for Initial NMR 
Imaging Studies. 

consisted of two sets of AloO^ disks specially prepared by ALCOA. The 
powders used in the two sets had mean particle sizes of 4.5 and -0.4 fm, 

respectively. Each set consisted of three sample groups with a green-
state diameter of nominally 25 mm and length/diameter ratios of 0.17, 
0.58, and 1.13, respectively. (Different powder sizes and different L/D 
ratios were used to see whether the NMR porosity measurements were 
sensitive to these parameters.) Each group consisted, in turn, of three 
different types of specimens with nominal densities as follows: (a) 
green, 56.4% theoretical density; (b) bisque-fired, 54.9% theoretical 
density; and (c) partially sintered (prepared by heating bisque-fired 
compacts), 86.5% theoretical density. All samples were prepared in a 
single-ended press at a pressure of 689 MPa (10,000 psi). 

All preliminary NMR imaging work was done with a filler fluid 
consisting of benzene, paramagnetically doped with 10.3 ± 0.6 mM chromium 
acetyUcetonate [C^CHjCOCH^COCHj) 3] or 20.6 ± 1 2 mM Cr(acac)3 to give 
proton Tj's of 237 ± 12 or 122 ± 11 ms, respectively. 

Figure 2 shows a 2-mm-thick transaxial NMR image of the hole pattern 
(see Fig. 1) ol the MgO sample, taken about 1 mm from the face of rhe 
sample. The smallest hole, 330 pm in diameter (on the order of the pixel 
size), is imaged. 
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Fig. 2. Transaxial Spin-Echo NMR Image of An MgO/20% Polyethylene 
Glycol Green Ceramic Compact with the Hole Pattern Shown in 
Fig. 1. Benzene was used as the filler fluid. The bright rim 
is pure benzene. The bulk of the ceramic body exhibits an NMR-
derived porosity of 15.5 ± 6.2%, and the dark, round patch has 
a porosity of 7.4 ± 1.7%. The background (noise) value is 
2.1 ± 1.1%. 

An NMR image was taken of the three partially densified A^O-j disks 
of Sample 3; the image plane approximately contained the axes of all 
three disks. NMR signal intensities for each disk were measured near the 
disk axes and near the peripheries. Figure 3 shows the relationship 
between the NMR-derived fractional porosities and the densities of the 
Al2°3 specimens. The vertical bars on the experimental points represent 
standard deviations within each region of interest, and the solid lines 
are linear least-squares fits. The higher porosity and increased 
porosity variance at the periphery are roughly In accord with what is 
known about density distributions after compaction. 

An experiment was conducted on one A^O-, specimen from Sample 4. 
Specimen l-F-3 (set number 1, particle size -0.4 pm), partially sintered 
to 86.5% of theoretical density, was vacuum impregnated with '"he 
paramagnetically doped benzene. A sagittal NMR image (image taken along 
the longitudinal axis) of this sample is shown in Fig. 4. The gray :;ca]e 
values of the individual pixels of the sagittal NMR image correspond to 
the filler fluid concentration, and hence to the local porosity. The 
bright region outside the specimen represents the gray-scale value of the 
pure benzene. 
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SPECIMEN 

Fig. U. Sagittal NMR Image of 
Partially Densified A^Oj 
(p - 3.47, 86.5 ""D, slice 
thickness - 2 mm). LLER IFLUID 
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In order to better display the NMR-measured porosity, a surface 
diagram was made to display the gray scale (porosity) in three 
dimensions. In the 3-D map of Fig. 5, the surface represents the 
relative gray scale (porosity) of the sample. Two important observations 
can be made from this map: (i) the radial distribution of porosity, as 
measured by NMR, changes along the axis of the cylinder; and (2) the 
apparent porosity is significantly different at the two ends of the 
sample (one end was at the fixed end of the ram, and the other at the 
movable end). This is in agreement with previous work relative to 
measuring pressure variation along the axis of a right-circular cylinder 
that was compacted with a single-acting ram. Figure 6 shows a typical 
pressure distribution (in percent of applied load) in a granular compact 
for an L/D ratio of 1.75. Note that as one proceeds towards the fixed 
end of the specimen, the pressure gradient changes significantly. 

$k 

f l x E D END 
OF DIE 

'\ 

RELATIVE 
POROSITY 
SCALE 

Fig. 5. Three-Dimensional Surface Diagram of NMR Signal Intensity 
(Porosity) for Sagittal Image Shovn in Fig. U. 
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Fig. 6. Typical Pressure Distribution (Percent of Applied Load) in 
Right Circular Cylinder of Granular Material Compacted Green 
Ceramic with Single-acting Ram [from Ref. 7]. 

Binder/Plasticizer Distribution 

o Injection molding problems have been identified which can cause 
defects in final parts. Table II lists typical defects and some of the 
potential causes of these defects, many of which can be traced to a poor 
distribution of organic B/P. For example: (a) incomplete parts, due to 
an improper feed material which is the result of poor mixing of the 
ceramic powder and the B/P; (b) large failure-causing pores, caused 
either by large pockets of the B/P itself (left by poor mixing) or by 
agglomerates lines (regions within the part where injected material folds 
on itself but does not join completely), possibly caused by improper feed 
material; and (d) cracks in the final product, perhaps caused by a high 
local concen-tration of B/P (low ceramic green packing density) with 
resulting locally high differences in densification rate and thermal 
expansion. Clearly, the ability to map the distribution of organic B/P 
would improve the under-standing of the injection molding process. 
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Table II. Injection Holding Defects and Causes' 

Type of Defect Causes 

Incomplete part 

Large pores 

Knit lines 

Cracks 

Improper feed material 
Poor tool design 
Improper material and/or tool 
temperature 

Inadequate tool lubrication 

Entrapped air 
Improper material flow and 
consolidation during injection 

Agglomerates 
Large pockets of the organic 
due to incomplete mixing 

Improper tool design or feed 
material 

Incorrect temperatures 

Sticking during rjtnoval from tool 
Improper tool design 
Improper extraction of the 

organic 

We recently used a medical 1.5-T superconducting-magnet NMR imaging 
system (Siemens Magnetom*) to evalute the feasibility of imaging the B/P 
directly. A green-itate test specimen was made by mixing 25 wt.% 
binder with SIC powder. Stark SiC powder was used as the starting 
powder. The binder was PEC with mw - 8000, which has a higher molar 
concentration of hydrogen protons than the lower-mw form. The SIC/PEG 
mixture was cold-pressed to 517 MPa (7500 psl) at room temperature to 
obtain a 25-mm-diam, 25-nun-high right circular cylinder. Five 5-mm-diam 
glass beads were incorporated at the midsection of the specimen to 
simulate defects, as shown in Fig. 7. 

Fig. 7. Schematic of r,iC/25% 
Polyethylene Glycol Used 
in Initial Test of Direct 
NMR Imaging of 
Binder/Plasticizer. 

\ 
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T,-weighted, proton-density weighted, and To-weighted images were 
obtained with standard (medical imaging) spin-echo and inversion-recovery 
pulse sequences. The slice thickness was 5 mm and the in-plane 
resolution was 0.59 mm. Figures 8 and 9 are axial and sagittal images 
obtained with a Ti-weighted spin-echo sequence (repetition time - 0.5 s, 
echo time - 17 ms, pixel size - 600 ftm). 

The imaging time for Figs. 8 and 9 was 4.3 min (4 excitations x 128 
matrix x 0.5 s). Not only are the five glass beads well visualized, but 
the image inhomogeneity in the surrounding B/P suggests nonuniformity in 
its distribution. The T2-weighted (second echo) images had very low S/N 
ratios, indicating a relatively short To relaxation time for the B/P. 
The S/N ratios were also low for the proton-weighted images. 

Fig. 8. Tomographic NMR Image of Binder Distribution and Defects at 
Midsection of Specimen Shown Schematically in Fig. 7. The 
light-colored circles are the 5-mm-diam glass beads inten
tionally introduced at the midsection to simulate known 
defects. 



280 

Fig. 9. Direct NMR Image of Binder Distribution and Intentional Defects 
in the Same Specimen Shown in Fig. 8. In this case, the image 
is taken sagittally (see Fig. 8 for sagittal plane location). 
The axial location of the 5-mm glass beads is clearly detected. 

Density 

Density gradients are of fundamental importance to ceramic 
processing. They are responsible for many of the problems with 
"shrinkage" cracking, warping, and deviations from near-net shape that 
have traditionally frustrated the ceramic engineer. X-ray computed 
tomography offers a method of nondestructively mapping the density 
gradients in green (unsintered) or sintered ceramic parts without tedious 
sectioning, measuring, and weighing. 

Accurate two-dimensional attenuation mappings of cross sections 
through an object can be produced; from these, density variations can be 
obtained within the limits of the contrast of the computed tomographic 
(CT) image. • Since small density gradients and small defects are 
to be observed, X-ray CT imaging for industrial ceramics must provide 
images that have very good attenuation resolution and no artifacts. The 
attenuation can be measured within each pixel of the image with an 
accuracy equal to the noise of the image. The pixel-to-pixel statistical 
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noise, which determines the attenuation resolution, depends on several 
factors. The contrast of the CT image (i.e., the inverse of the noise) 
for fixed scan paraaeters depends on the value of the absorption 
coefficient (and therefore the energy of the source) and the intensity of 
the radiation transmitted through Che object (and therefore the source 
intensity and the sample thickness). Thus, for industrial CT 
applications, one would like to both optimize the photon (X-ray) energy 
and increase the beam intensity (photon flux). Polychromacic X-ray 
sources are generally considered preferable to isotopic sources because 
of their grer.ter intensity. 

The optimum photon energy choice can be esticated by using the 
relationship jt*x - 2, w'nere p is the attenuation coefficient at a given 
photon energy and x is the part thickness. This relationship, which, 
comes directly from the formulas for the CT noise, yields an optimum 
photon energy *»f about 1.25 MeV for 10-cm-thick objects of both A^O-j 

3 3 
(p - 3.95 g/cm ) and zirconia (p - A.65 g/cor); this value is approxi
mately equal to the photon energy of a Co source. In comparison, the 
use of a photon energy of 60 keV, which is about the peak effective 
energy of a 120-kVp X-ray tube, decreases the S/N ratio (for the same 
scan parameters, source intensity, and scan time) by a factor of 10 in 
the case of AI2O3, and by -8 orders of magnitude in the case of 
zirconia. For a 10-cm AI2O3 object, this increase in noise can be 
compensated for by using a source 100 times as intense, which is possible 
for an X-ray source relative to an isotopic source. However, for a 10-cm 
zirconia object, the lowest practical energy is about 150 keV (which 
corresponds to a tube voltage of -300 kV), and thus the intensity must be 
a factor of 10 greater in comparison U> an iso~opic source. 

In order to examine the quantitative capability of X-ray CT imaging, 
two 146 x 146-mm densified Al 20 3 tiles (p - 3.93 g/enr), one 6 mm thick 
and one 2?, mm thick (see Fig. 10), were examined. As part of this study, 
low-kV contact radiographic images were obtained with a Picker 110 Hot-
Shot X-ray imaging system. The system was operated at 70 kVp and 8 mA, 
with a 76,2-cm (30-in.) source-to-film distance, type M-8 Ready Pack 
film, and a 0.05-mm (0.002-in.) Pb screen to reduce radiation scatter; 
the resulting film densities were 3.2. 
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Fig. 10. Photograph of Sintered Al 20, Ceramic Tiles Used for X-Ray CT 
Imaging Tests. Tiles arc 146 mm square, with thicknesses of 
(A) 6 mm and (B) 23 mm. 



283 

Low-kV radiographs of the 6-no-thick tile (see Fig. 11) suggested 
that this tile had three regions with either somewhat lower density or 
decreased thickness. Thickness measurements showed no appreciable change 
in dimension; thus, the change in optical film density indicated regions 
of lower ceramic density. From the radiographs, one cannot determine the 
absolute density to quantify the density decrease in the three regions, 
nor can one determine how far these regions extend through the tile 
thickness. 

Fig. 11. Low-kV Contact 
Radiographic Image of 
6-mm-thick Al 20 3 tile. 

CT scans of this tile were made in two planes, one parallel and one 
192 normal to the square face. A Ir source was used. Figure 12 shows a 

CT image of a section parallel to the large face at the raidplane. The 
image is presented with a thresholded scale, so that the dynamic range of 
the scale extends only from 98% to 100% of the nominal density (i.e., 

3 -i 
densities below 3.85 g/cm are presented as black, those above 3.93 g/cm 
are white, and the densities between these limits are shown by various 
tones of gray). The three lower-density regions observed in the 
radiograph of Fig. 11 are clearly visible. Ths aver*** density obtained 
frou the CT image in various locations outside of these regions is 3.92-
3.93 g/cm , which agrees perfectly with the nominal density of the tile 
determined by weighing. In the three lower-density regions, the average 
densities determined from the CT data over an area of 10-20 pixels were 

•» 3.87, 3.81, and 3.84 g/cm , respectively, with an uncertainty of less 
•i than ±0.01 g/cm . The three low-density regions therefore have a density 

chat is lower than the nominal density of the tile by 1, 3, and 2%, 
respectively. To examine whether the density variation extended through 
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the tile thickness, a cross-sectional CT scan was made across the 3.81-
g/ca region. The pixel size in this scan was 0.7 HI. Figure 13 shows 
the image of this cross section (6 x 146 mm). The data show that the 
low-density region extends throughout che thickness of the sample and is 
not just in the midplane. 

Fig. 12. CT Image Through the Midplane of the Same Tile Shown in 
Fig. 11. The gray scale of the image is adjusted so that the 
range from black to white encompasses densities between 98% and 
100% of the average specimen density. 

Fig. 13. Cross SecCional CT Image of Che Tile of Figs. 11 and 12, Taken 
Through Midline of Tile. The gray scale of che image is 
chresholded Co cover densicies between 97% and 100% of che 
maximum density. 
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Visual examination of the 23-mm-thick tile (see Fig. 10b) showed 
significant surface-breaking cracks. Not known was the depth to which 
the cracking extended or whether the cracking was caused by a significant 
density gradient in the specimen. Low-kV contact radiographic images 
were obtained (Fig. 14). Cracks are visible, but the depths are 
unknown. A CT image (Fig. 15) was obtained at the midplane of the 23-mm-
thick tile in a similar manner to the image shown in Fig. 12. In this 
case, the gray scale ranges from about 90% to 100% of the maximun density 

3 •» 
(i.e., densities below 3.7 g/cm are black, and those above 3.95 g/cm 
are white). 

Fig. 14. Low-kV Contact Radiographic 
Image of 23-mm-thick Al 20 3 Tile. 

Fig. 15. CT Image of the 23-ram-thick Tile, Displayed on a Scale that 
Covers a Density Range froa about 3.7 to 3.95 g/cm . 
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From the CT image, densities in various regions of the tile were 
calculated as before. The density is generally higher at the edges of 
the tile (3.93 g/cm ) and decreases towards the center to form two large 
low-density regions separated by an S-shaped ribbon of denser material. 
The high-density ribbon is quite narrow in the center of the tile (S 
pixels, i.e., 5 mm or less), and widens towards the edges of the tile. A 
crack is seen in the CT image, running along the center of the high-
density ribbon. It is estimated to be 4 cm long and -0.4 mm wide. 

A comparison of the CT image with the low-kV contact radiograph 
shows several interesting features. First, the three cracks observed in 
the CT image are more clearly observed in the radiograph (indicating that 
a higher CT spatial resolution would be desirable). Second, the low-kV 
radiograph is not as sensitive to density gradients as the CT image, 
which shows that the cracks lie along high-density ribbons. Third, the 
smaller cracks in the radiograph are not visible in the CT image. Either 
these cracks are not located in the midplane or the resolution of the CT 
image is too low. 

Inclusions 

Another NDE method for detecting flaws (e.g., inclusions) within a 
body is analog tomography. It is similar to computed tomography in 
that only a single plane is imaged within a body. The general principle 
of a linear analog tomogram is illustrated in Fig. 16, in which aa 
denotes the plane of interest (sometimes called the fulcrum plane) in an 
object 0. A photographic plate lies in the plane ZZ (parallel to aa). 
In the production of a "conventional" two-dimensional X-radiograph, the 
X-ray source, s, is fixed at a particular point, say s Q. The X-ray beam 
passes through A and B and impinges on the photographic plate at the 
point p Q. The optical transair.tance of p Q on the developed plate is 
related to the sum of the X-ray absorptivities at all points along the 
line s Qp 0. In the production of a linear analog tomogram, the source s 
is moved along the linear path QQ while the photographic film undergoes 
coordinated motion in the opposite direction, such that an X-ray beam 
passing through point A maintains a constant position relative to the 
film. The coupled linear motion of s and the film ensures a one-to-one 
correspondence between points on the film and points on the plane aa. 
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However, as S moves, the X-ray beams passing through a given point on any 
other plane (exemplified by point B on plane bb) will impinge at 
different positions on the film; consequently, all planes other than the 
one of interest are blurred. Thus, unlike an ordinary X-radiograph, the 
linear tomogram contains a selectively focused image of the fulcrum 
plane. However, it also contains the deliberately blurred X-ray 
information from other planes parallel to the fulcrum plane; this 
complicates the interpretation of its diagnostic content. 

Fig. 16. Schematic Diagram 
of Arrangement Used to 
Make Linear Analog Tomo
graphic X-Ray Images. 

" MOVEMENT OF SOURCE 
OBJECT "0* 

P . 
MOVEMENT OF PHOTO0UPMC PLATE 1 

In an initial experiment with a medical analog tomographic imaging 
system (a Siemens OptiplanimaC), we used a special Kodak AR film with no 
Pb screen. The X-ray head had a 300-pm focal spot size set to a 40* 
circular orbit (at 2 . 5 s ) and was operated at 44 kvp at 250 mA*s. The 
nominal in-plane slice thickness for thi3 setup was estimated to be 1 
mm. The test specimen was a green-state SijN^ billet 5.1 x 5.1 x 0.5 cm 
in size, containing seeded inclusions as shown in Fig. 17. Figure 18 
shows a series of tomographic images taken at four different planes 
parallel to the face of the billet, with 1-mra depth increments. The 
reason for the blurring of certain features at different "cuts" can be 
seen from a conventional X-ray image taken of the object on its side 
(Fig. 1 9 ) . The side-view X-ray shows that the inclusions do not lie in a 
single plane, but vary in depth near the midsection. To date, we have 
been able to detect inclusions down to 100 pra in size with analog 
tomography. 
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Fig. 17. Schematic Diagram of Green-state Si 3N 4 Test Piece, Showing 
Pattern of Seeded Inclusions. 

Backscatter ultrasonic imaging 1 5 is an NDE technique that is 
sensitive primarily to near-surface inclusions. The technique exploits 
the generation of surface waves occurring when an ultrasonic beam is 
incident on a water/ceramic interface at a critical (Rayleigh) angle. 
The experimental configuration for this technique is presented in 
Fig. 20. A single focused transducer is positioned such that the focal 
zone is located slightly below the specimen surface, and the central axis 
of the focused beam is oriented at approximately the critical angle for 
surface waves (-75* for SijN 4). The transducer is used in a pulse-echo 
mode. The propagating surface-wave pulses are reflected by any near-
surface defects, and the reflected pulses propagate back toward the 
transducer. The surface-wave pulses are coupled to the fluid medium; 
hence, the pulses are continuously radiating or "leaking" energy back 
into the water at the critical angle. The transducer thus detects the 
reflected surface-wave pulses as the pulses pass beneath the trans
ducer. The surface waves penetrate the specimen to a depth of approxi
mately one wavelength (-200 pm at 25 MHz). Images of the ceramic surface 
are formed by mechanically scanning the focal zone over the surface of 
the specimen, and recording the amplitude of the reflected surface-wave 
pulses at each scan position. 
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Fig. 18. Series of X-Ray Tomographic Images of Test Piece Shown in 
Fig. 17. (a) 2 mm above major defects , (b) 1 mm above major 
defects , (c) in-plane of major defects , (d) 1 nun below plane of 
major defects . 
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Fig. 19. Side-View X-Ray Image of Test Piece Shown in Fig. 17. 

FOCUSED TRANSDUCER 

RAYLEIGH 
ANGLE 

'LEAKAGE* BACK TO TRANSDUCER 

souo 
REFLECTED INCIOENT V L A W 
SURFACE SURFACE 
WAVE WAVE 
PULSE PULSE 

Fig. 20. Schematic Diagram of Ultrasonic Backscatter Arrangement 
(Ref. 15). 

Surface-wave images of live MOR bars (SijN^ + 6 wt.% Yo^3 + 

0.5 wt.% Fe) are presented in Fig. 21. The images were obtained withg a 
25-MHz transducer having a 1.0-in. focal length in water, and a 100-ftm 

scanning step (pixel) size. Several indications of near-surface 
inclusions were obtained. As before, three or four of the largest 
indications located within the constant-moment cross section in the four-
point bending were identified as potential failure-initiating flaws. 
Fractography data obtained on these bars after fracture reveal that the 
surface-wave NDE data identified, a priori, the failure site in all five 
specimens. The observed failure sites are circled in Fig. 21. 
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Fig. 21. Backscatter Ultrasonic Images of MOR Bars Cut from an Si3N^ 
Specimen Seeded with 0.5 wt.% Fe. The circled indications were 
the failure sites in subsequent four-point-bending fracture 
tests. 

CONCLUSIONS 

Encouraging results have been obtained in applying several advanced 
nondestructive evaluation methods to the characterization of porosity 
distribution, binder/ plasticizer distribution, density distribution, and 
inclusions in structural ceramics. These methods have the potential of 
helping to reduce costs associated with ceramic processing. 
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ABSTRACT 

Extensive research has been performed over the past 10 years to 
evaluate the compatibility of engineering materials and model alloys in 
oxygen-sulfur mixed-gas environments that are relevant to both coal 
gasification and coal combustion schemes. This paper briefly summarizes 
the available information to give insight into the developmt nt of 
protective oxide scales in high—temperature alloys exposed to complex 
gas atmospheres. Resales from ongoing research activities on the 
corrosion of high-chromium alloys are used to examine the roles of 
several factors such as cation and sulfur transport through the scales, 
mechanical effects, sulfur segregation, and time-dependent morphological 
changes in the scale, in the onset of breakaway corrosion in structural 
alloys. From current knowledge of the combustion and gasification 
environments and of the behavior of structural alloys exposed to them, 
several requirements that a suitable alloy should meet are presented, 
and possible avenues for modification of alloys to achieve improved 
corrosion resistance are discussed. 

INTRODUCTION 

Corrosion of materials at elevated temperatures is a potential 
problem in many systems within the cnemical, petroleum, and power-
generating industries. The corrosion phenomenon involves an interaction 
between a metal or an alloy and its environment. The Interactions are 
generally undesired chemical reactions which can lead to wastage and 
altered structural integrity of the materials. Therefore, alloy 
selection tor high-temperature applications is based not only on the 
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strength properties of the material, but also on its resistance to 
complex atmospheres that are prevalent in the anticipated exposure 
environment. 

The gas environments that result from the reaction of coal with 
steam and oxygen in syngas processes consist predominantly of CO and 
H2, with minor amounts of CO2, H2O, H 2S, and NH3. An understanding has 
been developed of the environments prevalent in various gasification 
processes to explain material behavior in such environments. •* In coal 
gasification atmospheres that involve species such as oxygen, sulfur, 
and carbon, it has been well established that the reliable performance 
of various components strongly depends on the sulfur content of the gas 
phase and on the duration and temperature of exposure. On the other 
hand, combustion of coal in a fluidized bed (FBC) generates an environ
ment that includes 0 2, N 2, S0 2, C0 2, and small amounts of CO. One of 
the major material concerns in FBC systems is the oxidation-sulfidation 
behavior of the in-bed heat exchanger tube alloys and uncooled struc
tural supports. Over the past several years, a number of investigations 
have been conducted to evaluate the corrosion/erosion performance of 
engineering materials. These investigations have been conducted with 
either small-scale fluidized bedsJ li- or laboratory setups with 
simulated combustion gas chemistry. > 

Figure 1 depicts the oxygen-sulfur-temperature conditions in coal 
gasification and FBC schemes and those prevalent in gas-cooled reactors 
and oil-refining processes. In coal combustion and gas turbine systems, 
the oxygen partial pressure (pjO in the gas phase is generally high, 
and the sulfur partial pressure (pg 2) (present as S0 2) is generally 
low. The gas itself has very little effect on the material behavior 
under these conditions; however, the environments are conducive to 
formation of solid sulfates (CaSO^) in FBC systems and liquid alkali 
sulfates and chlorides in turbine systems, which deposit on the metallic 
components and lead to material degradation in service. In both oil 
refinery and coal gasification processes, the prevalent environments 
have negligible to low pQ„ a n a < moderate to high pg . The contracting 
feature is that the temperature range in the former Is ~300 to 600'C, 
while In the latter it is -400 to I500°C. 
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Fig. 1. Oxygen-Sulfur-Temperature Diagram Indicating 
Operating Conditions Prevalent in Coal Gasifi
cation, Combustion, Gas-cooled Reactors, and 
Oil Refining Systems. 

The expected or desired lifetimes of various plant components are 
important in assessing the performance of different materials. For 
conceptual commercial plant design studies, a plant life of at least 
20 years has been assumed for major vessels and piping. In ary-ash 
gasifiers, metallic alloys must have lifetimes of at least 20,000 h if 
they are to be used for such gasifier internal components as solid 
transfer lines, valves, dip legs, grid supports, refractory anchors, and 
for such external components as hot-gas piping and cyclones. In the 
case of entrained slagging gasifiers, no metallic internal components 
will be used because the reaction temperatures are in the range of 1400 
to 1600°C; however, cyclones, piping, and refractory anchors will be 
required in these processes. Although the majority of internal compo
nents will be refractory lined, the metal temperatures can range from 
~500 to J000°C in these applications. 
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A major metallic component with a desired lifetime of 10 years or 
•ore is the heat exchanger required in both gasification and FBC 
schemes. In this case, the metal itself is subjected to lower 
temperatures (because of internal cooling of thv tubes by the working 
fluid), while the gas temperatures can approach the gasifier outlet or 
the FBC bed temperature. The actual metal temperature can range from 
~370*C in systems designed to produce saturated steam, to 650°C in 
systems designed to generate superheated steam at elevated pressures, 
and to ~900°C in in-bed air heater applications in cogeneration 
plants. As a result, material wastage by sulfidation, corrosion induced 
by deposition of condensed phases, and changes in mechanical properties 
of tube materials are of concern. 

The purpose of the p.esent paper is to briefly summarize the 
available information of< metallic materials to give insignt into the 
development of protective scales on alloy surfaces and causes of 
breakdown. In addition, corrosion test results from ongoing research 
activities are used to establish the mechaiiisms of oxidation/*ulfidation 
of materials exposed to both coal gasification and FBC environments. 

CHARACTERIZATION OF GASIFICATION AND FBC ENVIRONMENTS 

Figure 2 shows the dependence of the pg« and p$_ on temperature 
at the design pressure of 30 atm for several oxygen-blown medium-Btu 
gasification processes. The calculated results show that the temper
ature dependence of pQ is almost the same for all of the medium-Btu 
processes; the variation in p§ ? with temperature of these processes 
depends directly on the h^S content of the raw product gas generated, 
which, in turn, is predominantly determined by the sulfur content of the 
coal feedstock. The results show that the pg„ can vary by at least two 
orders of magnitude, while the po? value remains the same as the HjS 
content of the gas increases from 0.II vol X (typical of low-sulfur coal 
feedstocks) to 1.30 vol X (typical of high-sulfur feedstocks). Several 
important observations have been made from an analysis of the gasifier 
characteristics in various process schemes. On an absolute basis, 
the PQ decreases with a decrease in temperature at a much higher rate 



299 

-m 

-22 

"T~ 
OUTGEW-BLOim MEOWM-Sl* 
SYSTEM PRESSURE 3 0 «W 

CASTPB 

U-G»5 

" M C O 
SHELL HOPPERS 
SUGCMGLUDGI 

no 900 1000 1100 
TEMPERATURE (K) 

-5 — 

Z -7 

-81 

•10 

1 "V 

. 1 
1200 

T 

1300 

(BYGCH-BlOWM MEDIUM-St. GASTCRS 
PROCESS SYSTEM PRESSURE 30 o f 

(DTEJUCO V Q L \ H Z S I N 
(2> KSTMGHOUSE 
(J) U -«S I 36 
( $ SHELL K0PPER5 
& SLAGGMG LURGI 
©TEXACO 

RMUS 

BUU 900 
TEMPERATURE (K) 

Pig. 2. Oxygen and Sulfur Partial Pressures as Functions 
of Temperature for Several Medium-Btu Gasifiers. 

than does the p s.. At a given temperature, the PQ. is generally higher 
in medium-Btu processes than in low-Btu systems; this difference is more 
pronounced at lower temperatures* A comparison of gaseous environments 
in high-Btu gasification schemes with those of medium- and low-Btu 
systems showed that the PQ ? can be lower by a factor of 10 in the latter 
systems. 1 - 3 This Is particularly important because it suggests that 
both medium- and low-Btu processes have, in general, more reducing 
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atmospheres and higher p s , values a combination that can lead to more 
severe material degradation by sulfidation than is experienced in high-
Btu atmospheres. 

In contrast with coal gasification systems, the FBC syr.terns 
generally are operated under excess air conditions, and the combustor 
flue gas usually contains S to 10Z oxygen. However, when in-situ 
oxygen probes have been used to evaluate the local chemistry in the 
beds of a number of FBC systems, the results indicate that the time-

—7 —14 
averaged pg. values ranged between 10 and 10 atm for extended time 15—18 periods. i U The calculated pg- in the gas phase is determined largely 
by the thermodynamic equilibrium between calcined limestone (CaO) and 
sulfated lime (CaSO^), both of which are present in significant quantity 
during the bed operation. Figure 3 shows the CaO-CaS-CaSO^ phase 
stability fields calculated for temperatures of 704, 840, and 900°C. 
Superimposed on this plot is the POo'PSo curve (dashed line) calculated 
using thermodynamic equilibria between various gas species in the 
combustion environment at 900°C. It is evident that, at a given DQ- in 
the environment, the pg ? established in the gas phase will be orders of 
magnitude higher in the absence of sulfur sorbent. Since the CaSO^ and 
CaO are always present in the in-bed environment, the pg. and pg 2 in the 
bed will follow along the Ca0-CaS04 equilibrium line. On this basis, 
the lowest value of PQ_ that can be attained is ~2 x 10"*2 atm at 900 aC, 
and the corresponding sulfur pressure is ~10~° atm. The combination of 
a low'Po^ environment and the presence of deposits on the tube surface 
can lead to sulfidation corrosion of in-bed materials. Extensive 
studies are in progress at Argonne National Laboratory to understand the 
mechanisms of corrosion and the effect of several key variables on the 
corrosion process. 

SCALING OF ALLOYS IN OXYGEN-SULFUR ATMOSPHERES 

The formation and maintenance of protective surface oxide scale-
are essential in preventing rapid degradation of structural alloys used 
in elevated-temperature applications. In principle, one of three 
oxides, Cr203, A1203, or S102, will constitute the major component of a 
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thermally formed surface scale. Extensive research has been conducted 
on C^O-j-forming alloys and the present paper addresses the oxidation/ 
sulfidatlon behavior of only these alloys when they are exposed to both 
gasification and combustion environments. 

^203 is the predominant constituent of surface scales formed on 
heat-resistant austenitic Fe-Cv-Ni alloys. Under isotherma. conditions, 
alloys containing a minimum of about 14 wt Z Cr can be expected to form 
protective Cr-rich oxide scales in oxygen-rich (single oxidant) environ
ments at temperatures in the range 600 to 800°C, while about 20 wt Z Cr 
is required at temperatures near 1000'C. In oxygen-sulfur mixed-gas 
environments, typical of those encountered in gasification atmospheres, 
experience shows that a thermodynamically stable protective oxide may 
not form, owing to the presence of sulfur originating in the coal 
feedstock.19 In practice, an excess of oxygen above the level defining 
thermodynamic equilibrium between C^Oj and "CrS" is required to form 
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20 21 Cr2©3 as a continuous surface layer. » As shown in Fig. 4, results 
indicate that the "transition" or "kinetic" boundary for oxide formation 
in the high-Cr alloys is at a threshold p 0 ? ~10 J times the DQ- value for 
Cr oxide/Cr sulfide equilibrium at a temperature of 750"C or above, and 
increases to 10 times the equilibrium value at 650°C. The consequences 
of oxygen pressures lover than the threshold value in the environment 
are increased rates of scale growth and substantially deeper penetration 
of sulfur into the alloy substrate. On the basis of the morphological 
information developed on a number of commercial engineering alloys, 
advanced highly alloyed metallic materials, and model alloys exposed to 
oxygen-sulfur mixed-gas environments that simulate coal gasification 
atmospheres, three regimes have been defined to describe the oxidation-

19 sulfidation behavior of the alloys at elevated temperatures. 
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Fig. 4. Calculated Thermochemical Diagram for 
Type 3x0 Stainless Steel at 923 K, Showing 
the Experimental Cas Potential, Experi
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and High-Btu Gasifier Conditions at 923 K. 

In contrast to the gasification atmospheres that have generally 
low P Q 7 and moderate to high p s resulting in sulfidation of the alloy*, 
the PQ. range in FBC systems is generally high enough to develop iron 
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and/or chromium oxide scales on heat-resistant alloys. The oxygen-
sulfur themochemical diagrams shown in Fig. 5 for Fe, Cr, and Ni at 
several temperatures indicate the thermodynamic stability of various 
oxide and sulfide phases. Superimposed on these diagrams are the CaO-
CaS-CaSO^ phase fields at the corresponding metal temperatures. In FBC 
systems, due to the presence of large quantities cr CaSO^ and CaO, the 
deposit on the tube surfaces is generally comprised of CaO and CaSO^ and 
the Pc<2~PS2 r a n 8 e i n the exposure environment is dictated by the 
CaO/OSO^ phase boundary line. As a result, the extent of interaction 
between the deposit and the substrate, or the deposit and the scale, 
depends on three factors: the porosity of the deposit layer and the 
transport of gaseous molecules containing sulfur; the dissociation of 
CaSO^ to establish a sulfur pressure at the underside of the deposit; 
and the rate of reaction between the underlying alloy elements and the 
reactants such as oxygen and sulfur to form oxide/sulfide scales and 
internal penetration of oxygen/sulfur into the substrate. Extensive 
research has been conducted at Argonne National Laboratory to evaluate 
the roles of key variables such as gas chemistry, sorbent, metal tem
perature, and gas-cycling conditions, in the corrosion of candidate heat 

22 23 exchanger materials; the results have been reported elsewhere. » J In 
the case of high-chromium alloys exposed to combustion atmospheres, the 
dominant reaction between the CaSO^-rich deposit and the substrate is 

Cr + CaSO^ * CaCr204 or C^Oj • sulfur. 

The sulfur that is released by this reaction migrates into the substrate 
alloy leading to intergranular sulfidation. 

BREAKDOWN OF SCALES IN OXYGEN-SULFUR ATMOSPHERES 

The mechanism by which the corrosion process proceeds in a given 
alloy strongly depends on both the alloy chemistry and the oxygen/sulfur 
partial pressures in the exposure environment. The threshold PQ. values 
for oxide formation are temperature dependent, but are Influenced little 
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Fig. 5. 
Oxygen-Sulfur Thermochemical 
Diagrams at 866, 977, and 1113 K. 
Depicting Regions of Stability of 
Various Oxide and Sulfide Phases. 
The phase fields for the CaO-CaS-
CaSO^ system (dashed lines) are 
also shown. 

by the Cr content of the alloy in the range 20 to 50 wt X. Minor 
alloying additions prinarily influence the type (binary oxides, spinels, 
and duplex layers) and porosity of the scales as well as the adhesion of 
the oxide scale to the substrate material. Even if an alloy develops a 
protective oxide scale after short-tern exposures to nixed-gas environ
ments, the long-tern behavior and thus, life expectation for the alloy, 
is strongly dependent on whether the alloy exhibits "breakaway" or 
"accelerated" corrosion. 
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Several possible breakaway processes can be identified, including 
the following: 

1. Mechanical and thermal-cycling damage* 

2. Development of short-circuit and impurity transport paths in 
the oxide scale. 

3. Changes in the oxide composition with rime. 

4. Depletion of the protective scale—forming element in the 
substrate as a result of repeated spalling and reforming of the 
protective scale. 

5. Transport of base-metal cations through the oxide scale to the 
gas/scale interface and subsequent sulfidation of these 
elements. 

6. Transport of sulfur through the oxide scale into the substrate 
and sulfidation of the Cr- or Al-depleted (Fe, Ni, Co) region 
in the vicinity of the scale/metal interface. 

In general, most of the alloys exhibit breakaway corrosion, 
especially in oxygen-sulfur mixed-gas atmospheres; the exposure time at 
which it occurs is dependent on temperature, gas chemistry, alloy 
composition, and microstructure of scales. In most applications of 
heat-resistant alloys, the materials are subjected to temperature 
cycling conditions. Breakdown of scales can occur as a result of the 
difference in thermal properties between scales and alloy substrates and 
as a result of growth stresses that are generated during oxidation. 
Baxter and Natesan have discussed various mechanical considerations in 
the degradation of structural materials exposed to several environments 
at elevated temperatures. 
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In the presence of oxygen-sulfur mixed-gas atmospheres, processes 2 
through 6 listed above can play dominant roles in the development of 
breakaway corrosion in structural alloys. The effect of initial compo
sition of preformed oxide scale on subsequent sulfidation has been 
studied by Natesan'-'*''0 using Incoloy 800 and pure Cr specimens. In 
this study, the preformed oxide scales in Incoloy 800 consisted of 
(Cr,Mn) spinel, while those in pure Cr specimens were C^C^. Exposure 
of the preoxidized specimens to sulfur-oxygen mixed-gas atmospheres 
resulted in the formation of (Mn,Cr) sulfide crystals on the external 
surface. Figure 6a shows the surface morphology of preformed oxide 
scale on an Incoloy 800 specimen, and Figs. 6b-d show specimen surfaces 
after exposure to sulfur-containing environments. X-ray analysis snowed 
that the crystals on these specimens were (Mn.Cr) sulfide, whereas the 
oxide underneath consisted of (Cr,Hn) oxide. Figure 7 shows the SEM 
photomicrograph and elemental mapping for Cr, Mn, 0, and S for the 
specimen in Fig. 6d, mounted in a tapered section; it should be noted 
that in these pictures the thicknesses of the sulfide and oxide scales 
are exaggerated significantly as a result of the taper mounting of the 
specimen. The figure shows that the (Mn.Cr) sulfide crystals were 
located predominantly at the preformed-oxide/gas interftce; virtually no 
sulfur was detected either in the oxide itself or in the substrate 
alloy. In the case of pure Cr specimens in which the preoxidized layer 
consisted of C^C^, subsequent exposure of the specimens to sulfur-
containing environments only resulted in Cr sulfide particles at the Cr 
oxide/gas interface. Although the scale structure exhibited discrete 
particles of Cr̂ O-j with some porosity, no sulfur was detected in the 
interior of the scale, indicating that the scale formation in mixed gas 
is largely determined by the Cr rather than by sulfur diffusion in the 
C^O^ scale. 

Another aspect to the oxidatlon-sulfidation of structural alloys is 
the transport of the more noble base-metal elements such as Fe, Ni, and 
Co from the substrate to the gas/scale interface. Recently, Natesan and 
Veal have examined the influence of sulfur in the gas environment on 

the chemical changes in Cr oxide scales that were preformed on high-
purity Fe-25 wt % Cr-20 wt % Ni alloy. The x-ray photoelectron 
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Fig. 6. SEM Photomicrographs of Incoloy 800 Specimens that were 
Preoxidized at po 2 » 9 x 10 _ I atm (a) and Subsequently 
Exposed to Oxygen-Suliur Mixed-Gas Atmospheres at 
p 0 2/pg 2 Values of (b) 1834, (c) 234, and (d) 331. 

spectroscopy (XPS) technique was used to evaluate the compositional 
changes at the scale surfaces. Figure 8 shows the XPS spectra of tne 
surfaces of preformed oxide layers before and after exposure to sulfur-
containing environments. For comparison, the spectra tor the C^O-j and 
^r2*V3 phases are also shown. The data, with a lineup of Cr 3p peaks, 
show that the counts for Fe 3p increase with an increase in time of 
exposure in a sulfur-containing atmosphere. Further, there exists a 
shift in >e energy level for the Fe 3p peak an the time of exposure 
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Fig. 7. SEM Photomicrograph and Elemental Mapping for Hn, Cr, 
0, a id S of the Specimen Shown in rig. 6d, Taper Mounted 
to Accentuate the External Scale and Preformed Oxide Layer. 

increases, which will be correlated at a later date with the chemistry 
of the interactions at the oxide surface. In addition, with an increase 
in the Fe 3p peak, the S 3a peak also increases, indicating that the 
sulfur adsorption is associated with the iron content of the oxide 
surface. Figure 9 shows the counts as a function of binding energy for 
Fe 2p in the two states, normalized with respect to the Cr peak. With 
such a normalization procedure, the Fe/Cr ratio at the surface of the 
oxide scale can be quantified as shown in the figure. With an increase 
in exposure time to a sulfur-containing environment, the Fe/Cr ratio 
increases by a factor of 4.5 after 24 h. The enrichment of iron at the 
gas/oxide scale interface of the scale is an essential step in the 
eventual breakdown of the scale in the bioxidan' environments. 

In general, the diffusivitics of various elements in decreasing 
order are as follows: f)„ > I)pe > UQ > IV > l)Nj . As a result, even 
among chromia-forming alloys, high Ke- and Mn-rontainlng alloys art- much 
more susceptible to sulfidation than are the Co- and Nf-base alloys; 
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however, sulfur can and does transport through the C^O-j scales, and 
formation of low-melting Ni-Ni sulfide eutectic in the scale/substrate 
interface can lead to catastrophic corrosion in Ni-base alloys. 

MORPHOLOGICAL DEVELOPMENTS LEADING TO BREAKAWAY CORROSION 

Although the onset of breakaway corrosion is difficult to predict, 
the influence of alloy and gas chemistries on the catastrophic nature of 
the corrosion process is of concern in the application of materials at 
elevated temperatures. The scale morphologies that develop on alloys 
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exposed to mixed-gas atmospheres strongly depend on the amount of sulfur 
present as H^S or SO2 in the gas phase. Nucleation and subsequent 
growth of tenacious protective oxide scales can be affected by the 
adsorption onto, and transport of sulfur through, the scale layers. 
Further, a knowledge of time—dependent variations in the composition of 
scale layers and the development of new reaction-product phases, as well 
as changes in the physical properties of the scale, is needed to estab
lish the susceptibility of an alloy to breakaway corrosion. 

Based on available Information on the oxidation-sulfidation 
behavior of structural alloys discussed thus far, one can categorize the 
alloys in terms of two distinct corrosion scale morphologies. For 
example, Fig. 10 shows the scale morphology in specimens of Fe-25 wt X 

Cr-20 wt % Ni alloy that have been preoxidized for 72 h at 875°C in a 
— 18 sulfur-free atmosphere with P Q 2 **2 x 10 *° atm and subsequently exposed 

to an H 2 - H 2 S atmosphere (p s ~4 x 10"8 atro) for 5, 7, and 22 h. The 
preoxidation of the alloy in a low-p02 environment resulted in an 
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external C^O-j scale of ~4 in In thickness. After a 5-h exposure to 
H2 - , ,2^ atmosphere, the preoxidized specimen developed a (Fe,Cr) sulfide 
phase at the gas/oxide interface, indicating significant transport of Fe 
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and Cr through the oxide scale and subsequent sulfidation of the trans
ported elements. Small precipitates of Cr-rich sulfide particles can 
also be observed at the grain boundaries in the substrate material, 
indicating some transport of sulfur inwards. After a 7-h exposure, the 
continuous oxide scale was breached, and sulfidation at the substrate/ 
oxide interface was noted. The sulfide particles at the grain bound
aries became larger due to increased sulfur penetration. After 22 h of 
exposure, the oxide scale was virtually destroyed, and the scale 
consisted of predominantly (Fe.Cr) sulfide accompanied by substantial 
internal sulfidation of the alloy. 

The morphological features that develop in high-Cr alloys exposed 
to O2-SO2 mixed-gas environments are somewhat different compared to 
those obtained in an H^-U^S environment described above. In general, 
the O2-SO2 gas mixtures establish much higher py ? values in the gas 
phase (than those of I^-h^O-h^S mixtures); as a result, the alloys 
exposed to such environments develop predominantly oxide scales. 
However, the oxide scales are porous in nature and also generally 
contain a sulfide phase that results from the reaction between the base-
metal constituents and the sulfur released from the oxidation of Cr or 
Al with S(>2. The porous oxide scale enables SO2 gas molecules to 
permeate to the scale/substrate interface and cause internal sulfida
tion. Figure II shows the morphological features that developed on 
Type 3'0 stainless steel and Incoloy 800, respectively, after a 500-h 
exposure at 840°C to 0 2-S0 2 gas mixture with po, - 7 x 10 J atm 
and psOo * 1*7 x 10"^ atm. The pg. corresponding to this O2-SO2 gas 
mixture is 2.6 x 10~ 2 8 atm, which Is extremely small for sulfidation of 
Cr or any of the other elements in the alloy. However, the pgQo value 
is orders of magnitude larger than that required for sulfidation of Cr 
and re in the alloy, and the internal sulfidation of the substrate 
material occurs via reaction between SO2 gas transported through the 
porous oxide and the subscrate elements. In such environments, deep 
internal sulfidation of the material prevents the alloy from developing 
protective oxide scale and eventually leads to breakaway corrosion. 
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Figures 12 and 13 are schematic representations of corrosion scale 
development and morphological changes that occur in C^Oj-forming alloys 
exposed to low-py- (with H 2S) and high-po2 (with S0 2) atmospheres, 
respectively, at elevated temperatures. In the former atmosphere 
(at P Q 7 values above the threshold value), the alloy In the early stages 
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of exposure develops oxide and sulfide nuclei. Eventually, the ther
modynamic conditions establish a continuous C^O-j scale via reoxidation 
of sulfide particles, while the sulfur released is driven into the 
substrate along the grain boundaries. The oxide growth occurs via Cr 
transport across the scale to the scale/gas interface, where it is 
oxidized, leading to increased thickness. At the same time, the sulfur 
in the gas phase is adsorbed onto the scale/gas interface, and channels 
are established in the fine-grain oxide scale through which the 
transport o:: base-metal cations (Cr, Fe, Ni, Co, etc.) to the scale/gas 
interface is accentuated. If the sulfur pressure in the gas phase 
exceeds the metal/metal sulfide equilibria for the base-metal elements, 
their sulfides form at the oxide scale/gas interface. As the sulfide 
grows, stresses develop in the oxide scale, which eventually fails and 
leads to sulfidation at the oxide scale/substrate interface. Since the 
transport rates of cations and sulfur through the sulfide phase are 
orders of magnitude faster than those through the oxide scale, the 
sulfidation attack continues in an accelerated manner. At longer 
exposure times, the oxide is virtually destroyed, and a massive sulfide 
scale develops — a condition that represents breakaway corrosion for 
the alloy. 

In the case of high-po2 (with SC^) atmospheres, the high-Cr alloys 
generally develop porous oxide scales, and some sulfides are observed in 
the inner portions of the scale (in the vicinity of scale/substrate 
interface). The sulfides form via reactions between substrate elements 
and sulfur that is released when Cr reacts with S0 2 to form external 
oxide scale. The porosity present in the scale enables further 
molecular transport of SO2 in the gas phase to the scale/substrate 
interface, leading to further oxidation/sulfidation. The sulfur that is 
released is transported along the grain boundaries in the metal, leading 
to internal sulfidation of the alloy. Generally, the acceptable 
lifetimes for high-Cr alloys exposed to these atmospheres are determined 
by the depth of Internal sulfidation, which is largely determined by the 
alloy chemistry, temperature, and S0 2 content of the gas phase. 
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ALLOY MODIFICATION FOR IMPROVED CORROSION RESISTANCE 

Based on the information presented thus far, it is evident that an 
alloy suitable for application in oxygen-sulfur environments at elevated 
temperatures should develop protective oxide scales in the exposure 
environment. The long-term performance of an alloy, even if it 
initially develops an oxide scale, will be determined by the onset of 
breakaway corrosion in the service environment. Four avenues to 
minimize the outward transport of cations and inward transport of sulfur 
can be envisioned: (1) develop a acale whose growth rate is faster than 
the transport rate of either base-metal elements or sulfur, (2) control 
the sc? 1 n mitrostructure (grain size, grain boundary distribution, 
porosity, beneficial segregation, etc.) to minimize cation and sulfur 
transport through the scales, (3) develop a barrier layer, which may or 
may not be oxide, with an inherently lower diffusivity for cations and 
sulfur, that possesses adequate adhesion to the external scale and the 
substrate material, and (A) apply a corrosion-resistant coating that is 
chemically compatible with the substrate while maintaining adequate 
physical and mechanical integrity in a service atmosphere. In general, 
avenue 1 can rarely be achieved in Cr203~forming alloys. Other scales 
such as refractory metal oxides should be examined; however, a higher 
growth rate of oxide will lead to thicker scales which may be suscepti
ble to mechanically or thermally induced spallation. Control of scale 
•icrostructure (avenue 2) has potential as a means to minimize breakaway 
corrosion, and the influence of various physical and chemical parameters 
on the scale morphology and micrestructure needs to be quantified. 
The concept of a barrier layer (avenue 3) is being examined in tne 
oxidation/sulfidation studies of Pe-Cr-Ni alloys with either Zr or Nb 
additions in a concentration range of 1 to 6 wt %. » Both Zr and Nb 
promote the formation and maintenance of chromium-rich oxide scales. 
Thermogravlmetric studies have shown that the alloys with 3 wt % 
addition of either Zr or Nb exhibit protective oxide scales, while the 
commercial Type 310 stainless steel exposed to the same oxygen-sulfur 
atmosphere underwent breakaway corrosion (see Fig. 14). In addition, 



317 

TMCCkS 

Fig. 14. Theraograviaetric Test Data for Commercial Type 310 
Stainless Steel and Fe-25Cr-20Ni Alloys Containing 
3 vt Z Zr or Nb after Exposure to Oxygen-Sulfur 
Atmospheres at 1000'C. 

the long-tern studies have shown that these alloying additions form a 
Zr- or Nb-rich interfacial layer at the chromium oxide/substrate 
interface, thereby extending the tine for the onset of breakaway 
corrosion in Fe-Cr-Ni alloys exposed to aixed-gas environments. 

Several MCrAl coatings and electrospark-deposited coatings (avenue 
4) .iave been evaluated for their resistance to oxidation/sulfidation at 
elevated temperatures in aixed-gas ataospheres. The results have been 
reported elsewhere.-'"'3' Among the MCrAl coatings evaluated, the high 
aluminum Co-Cr-Al-Y and Ni-Co-Cr-Al-Y exhibited superior sulfidation 
resistance over a wide range of pg-. Electrospark deposition of 
chromium carbide coating seemed to decrease the parabolic rat* of 
oxidation/sulfidation while maintaining a high hardness value in the 
surface region of the coated material. Additional research effort is 
needed in the coating areas to establish the gas/coating and coating/ 
substrate Interactions and to correlate the beneficial effects of coated 
layers with the chemistry of exposure environment, teaperature, and 
tiae. 
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SUMMARY 

Oxidation of alloys exposed to mixed-gas environments is a complex 
process in view of Multiple reactants present in the exposure atmo
spheres and time-dependent transport of various substrate elements to 
the reaction front. The research results from this program show that 
thermochemistry is a viable and important tool for understanding and 
evaluating corrosion processes In these environments. The requirements 
for protective scale development and causes of scale breakdown have been 
examined in detail. While molecular transport of SO2 inward through a 
porous oxide scale is responsible for sulfidation attack of materials 
exposed to Sf^-containing atmospheres, the transport of base-metal 
cations outward through the scale and subsequent sulfidation of them 
seems to initiate breakaway corrosion in H^S-containing atmopsheres. 
Several avenues have been considered for modification of bulk composi
tions of alloys and alloy surfaces to achieve improved corrosion 
resistance for materials exposed to mixed-gas environments. 
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CORROSION-RESISTANT SCALES ON IRON-BASED ALLOYS 

H. S. Hsu 

Metals and Ceramics Division 
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P.O. Box X 
Oak Ridge, Tennessee 37831 

ABSTRACT 

Corrosion tests were conducted at 800°C on iron-based alloys in a 
H 2 ~ H 2 s _ H 2 ° ~ A r 8 a s "ixture wit" ?s7 * 1 0 ~ 6 a o d p 0 2 " 10~ 2 0 atm that simula
tes severe coal gasification environments. Al203-forming ircn-based 
alloys were more corrosion resistant than Cr203-forming iron-based alloys 
in this environment. Rapid sulfidation of A^Oj-forming iron-based alloys 
with and without preoxidation proceeded initially by nucleation and growth 
of chromium-rich sulfides and later by formation of iron-rich sulfides. 
To increase the corrosion resistance of Al203-forming iron-based alloys, 
the formation of fast-growing sulfides, such as CrS, FeS, and sulfide mix
tures containing CrS and/or FeS, should be minimized or avoided comple
tely. A new iron-based alloy developed in this study has shown very good 
corrosion resistance. Only small metal sulfide particles formed on the 
alloy surface with no observable internal sulfidation. 

INTRODUCTION 

Because of high temperatures and the presence of sulfur, chlorine, 
and other impurities in coal-derived environments, metal components in 
coal utilization and coal conversion systems are subject to severe corro
sion. These components include gas coolers in coal gasification systems, 
superheaters and reheaters in pulverized-coal boilers and industrial coal-
fired boilers, and heat exchangers in fluidized-bed combustors, hot-gas 
cleanup systems, and direct-coal-fired heat engines. Both ferritlc and 
austenltlc iron-based alloys are frequently employed in these coal-related 
applications. 
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Most high-temperature alloys or Metallic coatings designed to 
withstand oxidizing environments rely on the formation of protective 
Cr^0 3 or AI2O3 scales. However, when operating in mixed-oxidant environ
ments containing sulfur, protective oxide scales may not form or nay 
eventually break down thus allowing rapid corrosion of the base alloy. 
Therefore, the protective oxide scale formed on high-temperature alloys 
exposed to mixed-gas environments must be chemically stable and an effec
tive barrier to sulfur/chlorine transport. For long-term applications it 
must also resist mechanical breakdown. Previous work on the development 
and breakdown of protective oxide scales on alloys exposed to coal-derived 
atmospheres have recently been reviewed in detail. l 

Although extensive studies have been conducted in the past few 
decades to characterize the corrosion behavior of heat-resistant alloys in 
coal-derived environments, protective scales with optimum performance 
in mixed-gas environments have not yet been found. The purpose of this 
study is to develop corrosion-resistant scales on iron-based alloys that 
are effective in mixed-oxidant (oxygen-sulfur) environments at 500 to 
800°C. In this paper results of corrosion tests at 800°C on Fe-25Cr-20Ni 
and Fe-17Cr-6Al alloys exposed to a I^-H^S-R^O-Ar mixed-gas of a com
position yielding equilibrium values of P$ - 10~ 6 and ?Q • 10" 2 0 atm 
will be discussed. Based on experience gained during testing of the 
Fe-25Cr-20Ni and Fe-17Cr-6Al alloys in the mixed-gas environment, two new 
iron-based alloys were developed. Corrosion results of these two Iron-
based alloys exposed to the same raixed-gas environment will also be 
addressed. 

EXPERIMENTAL 

Four Iron-based alloys including a chromia and alumina former and 
two proprietory alloys were studied. Compositions of the first two alloys 
are listed in Table 1; however, because of patent restrictions, com
positions of the alloys designated as C and D cannot yet be disclosed. 
Alloy A (Fe-25Cr-20Ni), which simulates the composition of type 310 
stainless steel, was used as a model for Cr^Oj-forming iron-based alloys. 
Alloy B (Pe-17Cr-6Al) was used as a model for Al203—forroing iron-based 
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Table 1. Nominal composition of alloys (wt Z) 

Alloy Fe Cr Ni Al SI Mn Mo Cu C P S 

A balance 24.87 19.83 0.01 0.04 <0.01 <0.01 <0.0I 0.OO2 0.003 0.006 

B balance l/.iC 0.05 S.S1 0.02 0.04 0.02 0.02 0.003 0.004 0.004 

C Iron-based alloy (4 components) 

D iron-based alloy (3 components) 

alloys. These alloys were prepared by arc melting and drop casting. They 
were then homogenized at 1200°C in high-purity argon for 4 h and hot 
swaged at 1120°C to 12.7-mm-diam bars. After hot swaging, the materials 
were annealed at 1120°C for 20 min. Alloys C and D exhibited surface 
cracks when swaged at 1120°C; they were subsequently swaged and then 
annealed at 1200°C. Specimens cut from the bar were about 0.7 mm thick. 
The specimens were ground with 600-grit SiC paper, cleaned with acetone, 
and rinsed with distilled water. 

During exposure to the mixed gas atmosphere weight changes of samples 
were continuously measured by an Ainsworth microbalance. In order to pre
vent separation due to thermal diffusion, the gas mixture was preheated 
and flowed upward within the reaction tube at a linear flow rate of about 
1.55 cm/s. Platinum foil was located inside the hot zone of the reaction 
tube to enhance the gas mixture reaching its equilibrium state. To 
control the sample's position, a magnetic device was used to lower the 
specimen into the hot zone of the furnace which was purged with the gas 
mixture for at least 2 h prior to the start of the corrosion experiment. 

Gas mixtures used i.i this study contained hydrogen, hydrogen sulfide, 
and argon that were premixed to the desired compositions by the Matheson 
Gas Products Company. Moisture was added to the gas mixture by bubbling 
the gas through a temperature-controlled water bath. The oxygen partial 
pressure in the g?d was continuously monitored by a Y203-stabilized Zr0 2 

oxygen sensor, fhe equilibrium partial pressures of sulfur at the reaction 
temperature were calculated from known compositions of the gas mixture 
by using thermodynamics data in the JANAF Tables.2 The compositions of 
the gas mixtures and their equilibrium pressures of oxygen and sulfur used 
in the present work are given 'n Table 2. The #18 mixture and test 
temperature were selected to simulate severe coal gasification 
environment*.3 
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Table 2. Compositions of the gas mixtures employed 

Z H 2 Z H 2S X H 20 Ar log P s
 a log P 0

 a 

8.33 0.55 1.12 90.0 -6 .0 -20.0 

0.83 0.055 1.12 98.0 -6 .0 -18.0 

Calculated at 800°C. 

Experiments were begun by lowering a cold specimen into the hot zone 
of the furnace, and stopped by quenching the specimen to room temperature 
in high-purity argon. Both optical and scanning electron microscopes 
(SEM) were employed to examine the morphology of corrosion scales, while 
energy-dispersive x-ray spectroscopy (EDS) was used to determine the 
chemistry of scales. 

RESULTS AND DISCUSSION 

Results of thermogravimetrlc analyses (TGA) from alloys A and B are 
shown In Fig. 1. Alloy B corroded at a much slower rate than alloy A. 
Since Cr20 3 is thermodynamically unstable in this environment, it may not 
form or may rapidly convert to fast-growing chromium sulfides or sulfide 
mixtures containing chromium. Alloys that rely on the formation of Cr 20 3 

for protection in high-temperature oxidizing environments are not 
necessarily corrosion resistant in high-temperature aggressive atmospheres 
with high Pg and low PQ . Similar results have been reported in coal-
gasification pilot plant components by Danyluk and Dlercks1* (Table 3). 
Material failures due to severe sulfidation were all Cr203-forraing alloys. 
Thus, Cr20 3-forming alloys cannot be used In high-temperature aggressive 
environments with high Pc and low ?Q . In addition, because of their 
potential for forming low-melting metal-metal sulfide eutectlcs, nickel-
and/or cobalt-containing alloys are also unsuitable for application in 
high-temperature aggressive environments with high Ps and low ?Q . 
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Fig. I. TGA data from corrosion of alloys A and B to the gas mixture 
with P s = 10" 6 and P 0 = 10~ 2 0 atra at 800°C. 

Table 3. Material failures reported in coal-gasification 
pilot plant components'* due to severe tsuifldatton 

Material failures reported in 
Composition (wt X) 

Fe Ni 

Inconel 182 
Inconel 600 
Hastelloy G 

310 SS 
347 SS 

Cr Mn Mo Si 

Ni-based alloys 

8 bal 14 8 
8 bal 16 1 

20 bal 22 2 

Fe-based alloys 

bal 20 25 2 
bal 11 18 2 

(Fe.Ni)-based alloys 

Incoloy 800 46 33 21 1 
RA 330 43 35 19 2 

2 
1 
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The equilibrium oxygen partial pressure of AI2O3/AI2S3 is more than 
'even orders of magnitude lower than that for Cr203/"CrS" at the same 
partial pressure of sulfur, and A1 20 3 is thermodynamically stable in most 
coal-related environments. ("CrS" is used here to represent chromium 
sulfides with different stoichiometrics.) However, due to significant 
stress build-up in the oxide during corrosion, A1 20 3 scales crack easily 
and allow rapid reaction between other elements in the base metal and 
sulfur from the gas. Additionally, because the pres»ice of aluminum in an 
alloy generally tends to diminish its mechanical properties, aluminum con
centrations are normally kept at the lowest possible level. As a result, 
once the M.fl-± scale cracks or spalls, it is very difficult to reform new 
AI2O3 on the surface. Even so, Al203-forming iron-based alloys (alloy B) 
should, in general, have better corrosion resistance than Cr203-forming 
iron-based alloys (alloy A) in mixed-gas environments containing sulfur 
(such as coal gasification systems). Unfortunately, few Al203-formlng 
alloys have been actually used in coal-related applications with high-
temperature aggressive environments. In order to better understand the 
development of corrosion-resistant scales on Al 20 3-forming alloys, a study 
or. both the nucieation pnd growth of corrosion scales and the breakdown of 
preformed A1 20 3 scales in the mixed-gas environment is essential. 

Figures 2(a) and (b) show surface topographies of alloy B exposed to 
the mixed gas (Ps - 10~ 6 and ?Q - 10" 2 0 atra) at 800°C for 5 and 10 min, 
respectively. During the early stage of corrosion, only spherical or 
crystalline sulfide nuclei formed on the alloy surface. Nonstandard 
semiquantitative EDS analysis indicated that the sulfide nuclei contain 
(Cr 0 > l t 8Fe 0 # 3A1 0 # 2 2)S, where the total of cations in the sulfide Is nor
malized to one. Because of the Inability to detect light elements by EDS, 
the oxygen content of the nuclei is not known. Therefore, the corrosion 
product formed on alloy B can be a mixed sulfide (Cr,Pe,Al)S or a mixture 
of (Cr,Fe)S and A1 20 3. Further verification of the form of the corrosion 
product Is needed. 
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5 mln 

10 mln 

Fig. 2. Surface topographies of al loy B exposed to the gas mixture 
with P $ 2 - 10_<> and P 0 - 1 0 ' 2 0 atra at 800*C. (a) 5 mln. (b) 10 min. 
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After a 30-min exposure to the mixed gas with Pg = 10~ b and 
P() * 10~ 2 0 atm at 800°C, platelet sulfides began to form as shown in 
Fig. 3(a). These platelet sulfides, (Fe0./?Cro.2**0.08^s» n a v e a m u c h -
higher concentration of iron compared to the spherical sulfides formed 
during the early stage of exposure. Besides the formation of iron-rich 
sulfide platelets, an iron-rich sulfide, (Fe n > 72^r0.2**0.08^, has also 
grown on some surfaces of the crystalline chromium-rich sulfide. 
(Cr 0 > m^Feg. 3eAl 0.2^5 can be seen in the upper left of the micrograph in 
Fig. 3(b), but the chromium-rich sulfide grain in the lower right of the 
micrograph is covered almost entirely with the Iron-rich sulfide. 
Apparently, the growth of the iron-rich sulfide is faster than chat of the 
chromium-rich sulfide. Therefore, after a long period of exposure of 
alloy B to the mixed gas, the iron-rich sulfide outgrows the chromium-rich 
sulfide and becomes the major corrosion product In the scale. 

Figures 4(a) and (b) show the topography and the cross section of 
the scale, respectively, after a 24-h exposure of alloy B to the same 
mixed gas. The Iron-rich sulfide, (Feo. 73('r0.2"«A^0.03^S» continued growing 
Into a thick, porous layer on alloy B. Only a relatively thin layer of 
sulfide enriched with chromium and aluminum was detected between the Iron-
rich sulfide scale and the metal substrate. In addition, some internal 
sulfldatlon can also be observed In Fig. 4(b). 

One approach being widely used to Increase corrosion resistance of 
alloys is preoxidatlon: the alloy is exposed to an oxidizing environment 
in order to develop a protective oxide scale prior to exposure to an 
aggressive atmosphere. In general, such preoxidatlon treatments have, at 
least initially, improved the subsequent resistance to sulfur-containing 
environments. Upon exposure to sulfur-contalnlng gases, the preformed 
oxide scale results In an Initial Incubation period during which the scale 
remains protective, followed by relatively rapid growth of sulfides. It 
was found that preoxidatlon only extends the useful life of many alloys 
from a few hundred to perhaps a thousand hours.5»fe Although preoxidatlon 
may have only limited advantages for practical applications In mixed-gas 
environments, it can be a useful means to understand the breakdown of 
corrosion scale exposed to mixed-gas environments. 
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Fig. 3. (a) Surface topographies of al loy B exposed to the gas 
nlxture with P$ - 10~ 6 and P 0 - 1 0 " 2 0 atm at 800'C for 30 « ln . 
(b) A higher aagnifixation of (a). 
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(b) 
Fig. 4. (a) Topography of Che scale, (b) Cross section of Che scale 

froa alloy B exposed Co Che gas mixture wlch Pg - 10" 6 and ?Q » 
10" 2 0 acm ac 800°C for 24 h. 2 2 



331 

Comparison of results of corrosion of alloy B with no preoxidation 
and with preoxidation at either 800 or 1000°C for 20 h in Ar-lC0-lH20 
(PQ. ~ L0~ 1 5 atm) followed by exposure to the mixed gas at 800°C are shown 
in Fig. 5. The alloy B with preoxidation shows much better corrosion 
resistance than the same material with no preoxidation. The corrosion of 
alloy B with a 1000°C preoxidation is slower than that with an 800°C 
preoxidation. The primary difference between preoxidations at 800 and 
IOOO'C of alloy B is the difference in the amount of stress build-up in 
the scale as well as stress-relaxation processes. At 1000°C, the oxida
tion stresses in the oxide can be partially relieved by the wrinkling of 
the scale. At lower oxidation temperatures, however, the oxide tends to 
crack and spall instead (see Fig. 6). 

No preoxidation 

Preoxidation at 800°C 

Preoxidation at 1000°C 
o o o o o—& o o o—o o o o 

_L _L -L 
40 60 

Time (h) 
80 100 

Fig. •>. TGA data from corrosion of alloy B with no preoxidation and 
with preoxidation at 800 and 1000°C exposed to the gas mixture with 
PS 2 - 10"fc and P Q 2 - 10~ 2 0 atm at 800°C. 
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Fig. 
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6. Scale topographies from alloy B preoxldlzed In Ar-lC0-lH70 
(log ?0i> --15) for 20 h. (%) 900°C. (b) 1000°C. 
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Although alloy B preoxidized at 1000°C showed very good corrosion 
resistance for a 100-h exposure to the mixed gas, some catastrophic sul-
fidation was observed on a microscopic scale. Figure 7 shows the scale 
topography of an alloy B specimen that was preoxidized at 1000°C in 
Ar-lCO-lH^ for 20 h and then exposed to the mixed gas atmosphere at 800°C 
for 100 h. Most sulfides formed on the preformed alumina scale have the 
same pattern. Small sulfide nodules, which formed for only a relatively 
short period of time, were primarily chroaium-rich sulfides. Meanwhile, 
large sulfide panicles, which formed over a much longer period of time, 
were composed of iron-rich sulfide platelets, (Fe 0 > 7iCr 0 > 2<»^^0.05^» 
surrounded by cauliflower-shape chromium-rich sulfide crystallites, 
^ r0.61 F e0. 3H A^O.0 5 ^ # These results indicate that initially small 
chromium-rich sulfide nodules are nucleated on the preformed alumina scale 
and later iron-rich sulfide starts to overgrow the chromium-rich sulfide 
nodules. 

Fig. 7. Scale topography from alloy B that was preoxidized in 
Ar-lCO-lH^ (log P 0 ~-15) for 20 h at I000°C and exposed to the gas 
mixture with P s - TO"*- and P 0 - 10" 2 0 atra at 800*C for 100 h. 
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Two major modes for initiation of rapid sulfidation on the preformed 
alumina in the mixed-gas environment are cracks ir. the oxide scale and the 
conversion of alumina to mixtures of alumina and metal sulfides. Examples 
of breakdown of preformed alumina scales are shown in Fig. 8. Cracks in 
the oxide scale generally occur in the area with high stress density such 
as the crossing of two wrinkles, where sulfide nodules begin to grow as 
shown in Fig. 8(a). The conversion of alumina to alumina plus metal 
sulfides normally occurs at preformed oxides that contact the metal 
substrate. The cause of the conversion of alumina is not known. It could 
be due to inward sulfur diffusion through microfissures or short-circuit 
diffusion paths that allow the formation of metal sulfides in the oxide. 
However, if the preformed oxide separates from the metal substrate, the 
supply of metal ions to the oxide is interrupted, and the conversion of 
alumina to alumina plus metal sulfides will not occur (as shown in 
Fig. 9). The conversion of alumina to alumina plus metal sulfides 
decreases the protectiveness of alumina scales, and sulfide nodulec start 
to form eventually [as shown in Fig. 8(b)]. 

In conclusion, the corrosion study of both unoxldized and preoxidized 
alloy B exposed to the mixed gas with P$7 * 1 0 - 6 and ?Q - 10~ 2 0 atra at 
800°C showed that chromium-rich sulfides form initially on the surface of 
the alloy or on the preformed alumina scale but later are outgrown by 
iron-rich sulfides. Because the growth rate of "CrS" is more than six 
orders of magnitude greater than that of CY2O3, the fast-growing "CrS" or 
chromium-rich sulfides provide no protection to the alloy. This is also 
true for FeS and sulfide mixtures containing FeS and/or "CrS." Tnus, if 
the formation of the fast-growing FeS, "CrS," or their sulfide mixtures 
can be minimized or eliminated completely, the corrosion resistance of 
Al2O3-forming iron-based alloys to mixed gas containing sulfur can be 
Improved greatly. It Is also believed that if the initially formed "CrS" 
or chromium-rich sulfides can be suppressed, catastrophic suifldatlon due 
to the outgrowth of iron-rich sulfides can be subsequently reduced. 
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<b) 

Fig. 8. After p.eoxidatlon In Ar-lCr-lH20 (log P 0 15) for 20 h 
at 1000°C and exposure to the gas mixture with Pg - 10 6 and ?Q « 
10" 2 0 atra at 800°C for 100 h. (a) Cracks where wrinkles Intersect 
provided nucleatlon sites for sulfides, (b) Alumina became alumina plus 
metal sulfides. 
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1 0 . 0U 
Fig. 9. After preoxidatlon in Ar-iCO-lHjO (log P 0 15) for 20 h 

at 1000°C and exposure to the gas mixture with Pg = 10 6 and 
p 0 , " 10" 2 0 atm at 800°C for 100 h, areas where A r ^ separated from metal 
did not undergo suifldation while areas where M2O3 remained attached 
underwent a conversion to alumina plus metal sulfides. 

In order to minimize the nucleation and growth of fast-growing 
sulfides, iron-based alloys C and D were developed. For comparison, 
corrosion results from alloys A, B, C, and D exposed to the mixed gas 
< P S 2 " 10" 6 a n d p 0 2 " 1 0 " 2 0 a t r a ) a t 8 0 0 ° c a r e Plotted in Fig. 10. 
Corrosion of alloy C is only slightly less than alloy B. Figure 11 shows 
the scale cross section of alloy C exposed to the mixed gas at 800°C for 
Ik h. It formed an outer iron-rich sulfide (Fe 0 > 8^ r0.2^ layer and an 
inner porous sulfide layer. Formation of the inner porous layer is caused 
by internal sulfidatlon which is more severe in alloy C than in alloy B. 
Therefore, alloy C cannot be considered as a good corrosion-resistant 
material. 

Alloy D is significantly more corrosion resistant in severe sulfi-
dizlng environments. Corrosion of alloy D is about a factor of five 
slower than chat of alloy B and proceeds by the formation of metal sulfide 
particles on a thin sulfide layer as shown in Fig. 12. The growth of 
these metal sulfide particles is responsible for most of the corrosion 
reactions on alloy 0. No internal sulfidatlon was obser/ed. 
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Fig. 10. TGA data from corrosion of alloys A, B, C, and 0 exposed to 
the gas mixture with Pg- * 10~ 6 and P 0 - 10~ 2 0 atra at 800°C. 

Pig. 11. Corrosion of alloy C in the gas mixture with Pg - 10""& and 
p 0 2 - 10" 2 0 atm at 800°C for 74 h form* metal sulfide particles on the 
surface of sample. 
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Fig. 12. Corrosion of alloy D in the gas mixture with Ps_ * 10~ 6 and 
PQ - 10~ 2 0 atra at 800°C for 74 h forms metal sulfide particles on the 
surface of sample. 

To understand how alloy D corrodes in mixed gas environments, the 
alloy was exposed to a less aggressive gas mixture. The TGA data from 
alloy D exposed at 800°C to the gas mixture with Pg * 10~fc atra and two 
different oxygen partial pressures of 10" 1 8 and 10~ 2 0 atra are shown in 
Fig. 13. Topography and cross section of the scale formed on alloy D 
exposed to the mixed gas with P$ * 10~ 6 and PQ « 10" 1 8 atm at 800°C for 
92 h are shown in Fig. 14(a) and (b), respectively. Figure 14(a) indi
cates that some metal sulfide particles also formed on the surface of 
alloy D under this less aggressive environment. Figure 14(b) shows that 
alloy D is a two-phase material and the metal sulfide particles formed 
primarily on only one of the phases. If the corrosion resistance of the 
phase ir. alloy D that is responsible for the formation of metal sulfide 
particles can be improved, the corrosion resistance of this material will 
Increase significantly. Further development of corrosion-resistant 
Alg03-forming iron-based alloys is in progress. 
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Fig. 13. TGA data from corrosion of alloy D exposed to the gas 
mixture with P5, 10" 6 at* with two different PQ at 800°C. 
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Fig. 14. (a) Topography of the scale, (b) Cross section of the 
scale from corrosion of alloy D in the gas mixture with P§^ - 10~ 6 and 
PQ, • 10~ 1 8 atm a: 800°C for 92 h. 
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CONCLUSIONS 

Cr20 3-forming alloys (such as alloy A) cannot be used in high-
temperature aggressive environments with high P$ and low ?Q because 
Cr^0 3 is thermodynamically unstable. Due to their potential for forming 
low-melting metal-metal sulfide eutectics, nickel- and/or cobait-
containiig alloys are also not suitable for application in 
high-temperature aggressive environments containing sulfur. 

Rapid sulfidation on Al203-foruing alloys (such as alloy B) with and 
without preoxidatlon proceeds initially with nucleatton and growth of 
chromium-rich sulfides and later with formation of iron-rich sulfides. In 
order to develop corrosion-resistant scales, the formation of fast-growing 
sulfides, such as CrS, FeS, and their mixtures, must be prevented. 

Two iron-based alloys were developed as corrosion-resistant 
materials. Alloy D, one of those, was significantly more corrosion 
resistant to the mixed gas with P s * 10" & and PQ = 10" 2 0 atm at 800°C. 
The corrosion rate of alloy D was about a factor of five lower than that 
of alloy B. By improving the corrosion resistance of the phase in alloy D 
that is responsible for corrosion, the resistance of this material to 
mixed gas environments could be increased significantly. Further 
development of more corrosion-resistant iron-based alloys is in progress. 
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ABSTRACT 

The ferrous alloys (Fe-18Cr-6AI, Fe-18Cr-6AMTi, Fe-18Cr-6AHHf, Fe-
25Cr and Fe-20Si) were studied between 700 and I100°C in an oxidizing (air or 
H2/H2 0 ) atmosphere. Then the breakdown of preformed oxide scales on these 
alloys was studied in a sulfidation/oxidation (H2/H2O/H2S) atmosphere at the same 
temperatures. 

The resistance to isothermal oxidation, thermal cycling in air at 950°C, and 
sulfidation/oxidation increases in the order of Si02 former > AI2O3 former > 
Cr203 former. The addition of Ti to Fe-18Cr-6Al improves the resistance to 
cyclic oxidation and sulfidation/oxidation at 950°C. The addition of Hf to Fe-
l8Cr-6Al improves cyclic oxidation resistance but also provides rapid transport 
paths for sulfur through the scale. 

The breakdown of Cr203 films on Fe-25Cr initiates at the scale/gas 
interface. 

Silica scales formed on Fe-20Si are extremely resistant to sulfur penetration 
but may break down eventually due to the outward transport of Fe through the 
scale. 

Key Words; isothermal and cyclic oxidation, sulfidation/oxidation, ferrous alloys. 
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INTRODUCTION 

The development of high temperature alloys which are resistant to surface 
degradation has been based upon the desirability of forming protective oxide scales 
in which the transport of cations and anions is extremely slow. The most 
commonly used protective oxides are 0 2 0 3 , AI2O3 and S1O2. The alloys and 
metallic coatings in coal gasification processes are exposed at high temperature to 
a low potential of oxygen and a high potential of other reactant gases (mainly 
sulfur). If2 The oxygen potential in these environments is sufficiently high for 
AI2O3, 0 2 0 3 and Si02 to remain thermodynamically stable. *>2 Therefore, 
preformed oxide scales are expected to grow in these environments at least until 
the scales break down due to the formation of less protective reaction products. It 
is necessary to understand how the preformed oxide scales are degraded by the 
reactive species (especially sulfur) of the coal gasification processes. 

Basically three types of ferrous alloys were chosen. 
0 2 0 3 former : Fe-25Cr 
A1 2 0 3 former : Fe-18Cr-6Al, Fe-15Cr-6Al-IHf, Fe-18Cr-6AMTi 
Si02 former : Fe-20Si 

The oxidation and mixed gas corrosion of these ferrous alloys have been the subject 
of numerous investigations.^ * 

The objective of this research is directed toward studying the mechanisms by 
which preformed oxide layers are degraded in the high P$- and low P Q . 
environments. 

EXPERIMENTAL 

The al!oys(Fe-25Cr, Fe-l8Cr-6Al-lTi, Fe-l8Cr-6AWHf, Fe-18Cr-6Al and 
Fe-20S0* were preoared fro n 99.9% pure raw materials by arc melting in argon 
and drop casting in a chilled copper mold, 9.5 x 25.* x 152.4 mm in size. The ingots 
were homogenized at 1100°C for 100 hours in an argon gas stream. Test 
specimens, approximately 1 2 x 9 x 2 mm in stee, were ground on all surfaces 
through 600 grit on wet silicon carbide papers and ultrasonically cleaned in 
methanol. 

Alloy compositions are given in weight percent. 



345 

The specimens were oxidized isothermally and the weight changes due to the 

oxidation were monitored continuously by a Cahn 2000 microbalance in conjunction 

with a strip chart recorder. The cyclic oxidation tests were carried out by 

cyclically oxidizing the specimens in an apparatus which periodically removed the 

specimens from the furnace and reinserted the n. Sulfidation/oxidation 

experiments were carried out at 950°C in H2/H2O/H2S gas mixtures with P $ 2 

= I D - 6 - 1 and P o 2 = 1 0 " 1 S - 7 atm. For reference, the position of this gas 

composition has been indicated on the thermodynamic stability diagrams for Al, Ti, 

Si, Cr, Fe and Hf in Figure l . l M 5 (The thermodynamic data for HfS2 are not 

available and have been estimated.) The experimental setup for 

sulfidation/oxidation has been described elsewhere. 1 6 

Most of the reaction products were identified by X-ray diffraction (XRD) 

techniques. The surface morphology and cross section of the scales were examined 

by scanning electron microscopy (SEW) with energy dispersive x-ray analysis (EDX) 

and wave length dispersive analysis (WDX). Observation of the underside of the 

scale and alloy substrate were carried out on scales spalled from the alloys djring 

cooling or mechanically pulled from the alloy by a Sebastian adherence test 

machine. Prior to examination in the SEM, specimens were coated with palladium 

by evaporation to prevent charging effects and to increase contrast. 

Q5° 
S 

Figure l:Stability Diagrams for the M (Al, Ti, Si, Cr, Fe and Hf)-S-0 systems at 

950°C. Gas composition is illustrated. 
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RESULTS AND DISCUSSION 
Oxidation in Air 

Specimens were oxidized isothermally for a week at 950°C in flowing air. 
The weight changes of the specimens were continuously recorded dui ing oxidation 
using a Cahn 2000 microbalance. The results are shown in Figure 2. Differences in 
the rates of scale growth were significant depending on the types of oxide scales 
formed on the alloy surface. The relative growth rates of the scales were in the 
order of Cr2©3 forming > AI2O3 forming > SK>2 forming alloys. 

Fe-20Si exhibited the best oxidation resistance among the alloys, but the rate 
of scale growth on Fe-20Si was significantly larger than that on Ni-20Si. It has 
been reported that Ni-20Si formed a vitreous silica layer with a small amount of 
transient oxides of N^SiO^ during oxidation.16 A vitreous Si02 layer was also 
reported to form on Fe-Si alloys*7 along with a significant amount of Fe203» It is 
believed that the larger weight gain for Fe-Si as compared to Ni-Si is due to the 
formation of Fe203» 

Figure 2: Weight changes vs. time for the alloys during oxidation in air at 950°C. 



347 

The scale growth rate of Fe-18Cr-6Ai-IHf was greater than that of Fe-ISCr-
6AI in the early stage of oxidation (up to 100 hours) and then both rates became 
comparable. The increase in weight during the early stage of oxidation of alloys 
containing Hf has been attributed to the development of oxide pegs at the 
scale/alloy interface, providing rapid diffusion paths for oxygen through the oxide 
scale.* Loss of contact between the alloy and the oxide on Fe-18Cr-6AI may be 
one of the reasons for the lower growth rate, due to the reduced transport of 
elements across the scale/alloy interface.* * Fe-18Cr-6Al formed an a -AI2O3 
layer on the alloy surface after a week of oxidation in air at 950°C. Convoluted, 
wrinkled scale and voids at the scale/alloy interface were observed, as presented 
eisewhere.8»9»* * The AI2O3 scale formed on Fe-18Cr-6Ai-lHf contained a small 
amount of Hf-rich oxides in the AI2O3 layer after a week of oxidation at 950°C. 
This scale was relatively flat and nonwrinkled. The addition of Hf to Fe-18Cr-6Al 
provides a more flat scale surface and results in the formation of less porosity at 
the scale/alloy interface. However, the PI2O3 scales formed on both Fe-18Cr-6Al 
and Fe-18Cr-6AMHf remain protective during isothermal oxidation at 950°C in 
the range of one week. 

Fe-25Cr formed a O2O3 layer after a week of oxidation in air at 950°C and 
showed the fastest scale growth rate among the alloys. 
Cyclic Oxidation in Air 

These tests were conducted to study the integrity and adherence of the oxide 
scale during thermal cycling. Each cycle consisted of *5 minutes of isothermal 
oxidation at 950°C in flowing air followed by 15 minutes of cooling to room 
temperature. The weight changes per unit area(mg/cm2) versus the number of 
cycles (hours) are plotted in Figure 3. 

Fe-2QSi and Fe-18Cr-6AMHf exhibited excellent cyclic oxidation resistance. 
Furthermore, although this test was extended to over 3000 cycles in a separate 
experiment with the same experimental conditions for Fe-l8Cr-6AMHf, these 
alloys maintained good resistance to thermal cycling. Initially the thermal cycling 
of Fe-lSCr-6Al shows a similar weight gain trend as Fe-18Cr-6Al-
IHf, but after 300 cycles, Fe-18Cr-6AI continues to gain weight until breakdown. 
During the initi-il stage of thermal cycling of Fe-18Cr-6Al, the processes of scale 
damaging and rehealing continue as long as the supply of Al is enough to reheal the 
AI2O3 scales. When Al is depleted in the alloy (about 300 cycles), non-protective 
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800 

Figure 3: Weight changes versus time for cyclic oxidation (one hour cycles) for the 
alloys in air at 950°C. 

base metal oxides are developed, leading to large weight gains. It is apparent from 
kinetic measurements and morphological examination, that the addition of Hf to 
Fe-lSCr-6Al improved the scale adherence and integrity. Figure * shows the 
effects of the addition of Ti and Hf to Fe-18Cr-6Al on thermal cycling at 1100°C. 
Ti and Hf greatly improve cyclic oxidation resistance. There are several 
mechanisms to account for the improved adhesion of alumina layers due to the 
reactive elements. These include: i) reduction of growth stresses in the oxide scale 
due to the- formation of new oxide in the oxide scale, ii) elimination of the 
interfacial porosity, iii) the formation of a stronger scale/substrate interface, and 
iv) mechanical keying. The present data indicate that the formation of oxide pegs 
(mechanical keying) is not essential for good adherence since the oxides of Ti are 
not stable enough to form beneath AI2O3. Metallographic analysis indeed shows 
the complete absence of oxide protrusions for FeCrAI + Ti whereas profuse peg 
formation was observed for FeCrAI • Hf. 
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Figure *: Weight change versus time for cyclic oxidation (one hour cycles) for Fe-
l8Cr-6Al, Fe-l8Cr-6/U-lHf and Fe-18Cr-6Al-lTi in air at 1100°C. 

Fe-20Si showed good cyclic oxidation resistance but underwent a marked 
shape change and eventually fractured. The cause of this shape change is not 
clearly understood, but is believed due to gradual shape changes from repeated 
eutectoid decomposition at S25°C upon cooling and heating during thermal 
cycling. 19 

Sulfsdation/Oxidation 
The degradation resistance of high temperature alloys and coatings can be 

improved by the preformation of protective oxide scales prior to exposure to sulfur 
bearing gases. In these experiments, all specimens were preoxidized for 30 minutes 
at 950°C in a H2/H2O gas mixture ( P Q 2 = 1.95xl0 - 1 9 atm) to provide preformed 
oxide scales on the alloy surface prior to exposure to a H2/H2O/H2S gas mixture 
(P§7 = 8x10"^, P o 7 - 1.95xl0"l9 atm) unless otherwise specified. Table 1 shows 
how oxide scales formed on the different alloys compare in sulfur bearing gases in 
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Table 1: Weight changes after * hours of sulfidation/oxidation at 950°C. 

Alloy H 2 /H 2 0 
for 30 min. 

Fe-18Cr-6Al 0.11 
Fe-18Cr-6Al-lHf 0.10 
Fe-18Cr-6Al-lTi 0.10 
Fe-25Cr 0.15 
Fe-20Si negligible 

(mg/cm2) 
H2/H2O/H2S 
after 30 min. of preox. 
1.65(3H) 
0.30 
0.15 
5.20 
0.0* 

terms of weight gain. The relative resistance of preformed oxide scales to this 
sulfidation/oxidation atmosphere is in the order of S1O2 former >A^03 former > 
O2O3 former. Figure 5 shows Fe-20Si which was preoxidized in a H2/H2O gas 
mixture at 700°C for 30 minutes and subsequently exposed to a H2/H2O/H2S gas 
mixture for * hours at the same temperature. Small particles of iron sulfides were 

Figure 5:Fe-20Si exposed to a H2/H2O mixture for 30 minutes and subsequently 
exposed to a H2/H2O/H2S mixture for k hours at 700°C. (a) external oxide 
scale, (b) underside of the oxide scale and (c) EDX of partic'es in (a). 
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observed at the scale/gas interface but not at the scale/alloy interlace. Overall 
sulfidation attack was not significant. The long term stability of these alloys in 
high-pSj, IOW-PQO atmospheres still must l»e determined as considerable outward 
diffusion of Fe through the Si(>2 surface scales has been observed for exposures in 
pure O2I7. This transport may eventually result in scale breakdown initiating at 
the scale/gas interface. 

Breakdown of preformed AI2O3 scale on Fe-13Cr-6Al-lHf and Fe-lSCr-6Al 
in sulfur bearing gases has been studied at 950°C.^6 The oxide scale adherence and 
the sulfidation/oxidation resistance of Fe-lSCr-6Al was improved by hafnium 
addition. The addition of Ti to Fe-18Cr-6Al improved the sulfidation/oxidation 
resistance in addition to the resistance to thermal cycling, as shown in Table 1. 
Figure 6 shows a comparison of the effect of Ti and Hf in Fe-18Cr-6Al on 
sulfidation/oxidation resistance. Fe-18Cr-6Al-lTi shows better resistance in sulfur 
bearing gases than Fe-18Cr-6AMHf. The corresponding surface morphologies of 
Fe-18Cr-6Al-lTi and Fe-18Cr-6Al-lHf after 12 hours of sulfidation/oxidation in a 
H2/H2O/H2S gas mixture following 30 minutes of preoxidation in a H2/H2O gas 
mixture at 950°C are shown in Figure 7. The AI2O3 scales on both Fe-18Cr-6Al-
lTi and Fe-18Cr-6Al-lHf were cracked and spalled during cooling. The alloy 
substrate of Fe-lSCr-6AMTi was smooth and appeared to be intact but that of Fe-
18Cr-6Ai-lHf was significantly degraded. It has been shown that the Hf02 oxide 
pegs formed in FeCrAl + Hf provide rapid transport paths for sulfur through the 
AI2O3 scale and initiate scale breakdown. Thus, while Hf additions extend the life 
oi FeCrAl alloys by improving adherence they also provide phases in the scale 
which are vulnerable to sulfur penetration. Additions of Ti to FeCrAl, on the other 
hand, provide improved scale adherence without providing paths for sulfur ingress. 
This is believed to be responsible for the difference in corrosion rates shown in 
Fig. 6. 

Fe-25Cr exhibited the worst sulfidation/oxidation resistance among the 
alloys, shown in Table I. Figure 8 shows Fe-25Cr which was preoxidized in a 
H2/H2O gas mixture at 700°C for 30 minutes and subsequently exposed to a 
H2/H2O/H2S gas mixture for k hours at the same temperature. The sulfides at the 
scale/gas interface are considerably larger than those at the scale/alloy interface 
and by all indications, form first. This observation has been reported by Stirling^ 
and by Perkins^ and is in contrast to the breakdown of Cr203 scales on Ni-Cr 
alloys which initiates at the scale/alloy interface. 
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Figure 6: Weight changes vs. time for Fe-18Cr-6AMTi and Fe-ISCr-6AJ-IHf which 
were preoxidized in a H2/H2O mixture and subsequently exposed to a 
H 2 /H 2 0/H 2 S mixture at 950°C. 

a) F« -18Cr-6AMTi h) Fe-18Cr-6AI-1Hf 

Figure 7:Surface morphologies of (a) Fe-Cr-Al-ITi and (b) Fe-Cr-Al-lHf which 
were preoxidized in a H2/H2O gas mixture for 30 minutes and subsequently 
exposed to a H2/H2O/H2S gas mixture for 12 hours at 950°C. 
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Figure 8:Fe-25Cr which was preoxidized in a H2/H2O gas mixture for 30 minutes 
and subsequently exposed to a H2/H2O/H2S gas mixture for 4 hours at 
700°C. 

CONCLUSIONS 
The ferrous alloys (Fe-18Cr-6Al, Fe-18Cr-6AI-lTi, Fe-18Cr-6AMHf, Fe-

25Cr and Fe-20Si) were studied between 700 and 1100°C in an oxidizing (air or 
H2/H2O) atmosphere. Then the breakdown of preformed oxide scales on these 
aJloys was studied in a sulfidation/oxidation (H2/H2O/H2S) atmosphere at the same 
temperatures. 

1. The resistance to isothermal oxidation and thermal cycling in air at 950°C 
increases in the order of S1O2 former > AI2O3 former > C^O? former. 

2. The addition of Ti to Fe-ISCr-6AI improves the resistance to cyclic 
oxidation and sulfidation/oxidation at 950°C The addition of Hf improves 
cyclic oxidation resistance but provides rapid transport paths for sulfur 
through the scale. 
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3. The breakdown of O2O3 scales on Fe-25Cr in high-ps2» * o w _ P02 
atmospheres initiates at the scale/gas interface. 

*. The Si02 scales formed on Fe-20Si are resistant to sulfur penetration but 
the outward transport of Fe through the scales raises questions concerning 
their long term stability in high-ps_, low poj atmospheres. 
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OBJECTIVES 

The objectives of this program are (1) to gain an improved 
understanding of the effects of alloying constituents present at low 
levels on the development and mode of breakdown of protective oxide 
scales in conditions representing those encountered in combustion and 
gasification processes, and (2) to achieve better control over the 
growth of scales which will contribute to improvements in long-term 
high-temperature corrosion resistance of heat exchanger and heat 
recovery materials. 

ISSUES 

The intended operating conditions of the alloys studied in 
this program are the temperature range of 500 to 700C, in an environ
ment representative of the most severe encountered in projected combus
tion or gasification processing. These raise two major issues. The 
first concerns the compatibility of the information to be produced with 
the existing database for alloys of the type considered: essentially 
all of the mechanistic understanding for microalloying effects was 
developed at temperatures above 800C, with most studies concentrated in 
the range 1000 to 1100C. It is therefore likely that the accepted 
mechanisms of oxidation will be significantly modified in the tempera
ture range of interest, since the relative kinetics of the competing 
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reactions may be different. This will affect the assumptions based on 
the oxidation behavior of alloys known to reliably form given protec
tive scales at higher temperatures (minimum alloying Levels to form 
particular oxides), and will directly impact the tentative under
standing of the ways in which the often powerful effects of micro-
alloying additions are brought about. The second issue concerns the 
choice of environment to be used in this study. It is imperative that 
the gas mixtures used be sufficiently well characterized that mechanis
tic interpretations can be made from the results, while maintaining a 
close relationship with real process environments. As discussed later, 
this forces some difficult choices, which must be resolved by initial 
experimentation. 

APPROACH 

The approach adopted involves the evaluation of the effects 
of a range of elements used as minor additions to three base alloy com
positions. The effects of these additions on the development of pro
tective scales will be assessed through comparison with the corrosion 
kinetics and scale morphologies of the base alloys developed in expo
sures in specific gas mixtures. In addition, limited comparisons will 
be made of the initial stages of scale development on the base alloys, 
and of the effects of some of the minor additions, using an Auger elec
tron spectroscopy/X-ray photoelectron spectroscopy (AES/XPS) analytical 
chamber equipped with a scanning electron microscope. In this, the 
surface composition and chemical bonding in the scales will be moni
tored as a function of time in a constant gaseous environment, and as a 
function of variations in a changing gaseous environment. Experiments 
are also planned to provide links with the more conventional thermo
balance studies, to ensure the validity of these in situ studies. 

The effects of selected additions on the breakdown of protec
tive scales will be characterized from the exposure in aggressive gas 
mixtures of pre-formed scales on the base alloys and on alloys con
taining these alloying, additions, using a combination of thermobalance 
and muffle furnace exposures. 
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The rationale for the choices of base alloys, additions, and 
exposure conditions is discussed in the following sections. 

BASE ALLOYS 

The base alloys chosen for study contain 25 percent by weight 
of cbroaiua to ensure that continuous, protective scales of C^Oj are 
reliably formed. The 18Cr-based stainless steels are widely used in 
practice in the temperature range of interest, but 18Z Cr is considered 
marginal for the formation and maintenance of a continuous, protective 
scale. In this program it was considered prudent to select alloys with 
an effective reservoir of the basic scale-forming element. It is noted 
that the choice of 25Z Cr as a baseline does not allow for the exploi
tation of the possible effects of some microalloy additions to reduce 
the bulk chromium level necessary for the formation of a protective 
scale; such effects, if suggested by results, could be further explored 
later in the program if warranted by considerations such as alloy 
fabricabiiity. 

The base alloy compositions are: 

(a) Pe-25Cr, which is essentially an analogue of type 446 stainless 
steel, 

(b) Pe-25Cr-20Ni, an analogue of type 310 stainless steel, and 
(c) Fe-25Cr-6A1, which is based on the basic Kanthal-type chemistry. 

While alloys (a) and (b) are expected to form continuous, 
protective chromia scales, alloy (c) is intended to be an alumina-
former. Alloys of the PeCrAl-type intended for use at temperatures of 
10O0C or higher typically contain up to 41 Al; information from the 
literature indicates that such alloys do not form a continuous film of 
alpha alumina at temperatures below 800C or so. The aluminum content 
of alloy (c) was boosted to 6Z in an attempt co increase the prob
ability of forming an alumina scale, although there is little evidence 
to suggest that this will occur. In addition, 62 Al is near to the 
practical limit in a wrought alloy. 
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ALLOYING ADDITIONS 

The alloying additions of interest in this program can be 
categorized as: 

(i) Common alloying additions, which include those typically present 
as a result of refining operations and elements added for high-
temperature strenghtening purposes. Elements chosen in this 
category are Hn, Si, and AL (Al added to alloys (a) and (b)). 
All three of these elements have a high affinity for oxygen, 
while Mn forms very stable sulfides and may play a key role in 
determining the sulfidation resistance of alloys. 

(ii) Reactive elements added for their special effects on grain 
refining or on oxidation resistance. Additions representative 
of this class are Y and Hf. 

(iii) Stable oxide dispersions, initially incorporated for improved 
high-temperature creep strength, but also found capable of 
exerting significant beneficial effects on oxidation behavior, 
especially for chromia-formers. Yttria, Y2O3, was chosen in 
this category. 

(iv) Other elements chosen for specific effects. Examples are Pt, 
which has been used to improve the performance of protective 
aluminide coatings for gas turbine blades, ostensibly by 
increasing the activity of aluminum in the coatings, and Nb (as 
NbC) which is employed to stabilize the carbides in some auste-
nitic stainless steels, and which becomes effectively distrib
uted in the alloy grain boundaries, possibly modifying their 
character. 
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OTHER CONSIDERATIONS 

The sequence of kinetic events which occurs in the initial 
stages of high-temperature corrosion has a large influence on the 
detailed morphology of the scale, hence on the subsequent corrosion 
behavior of the alloy. Among other factors besides bulk alloy chemis
try which can affect this sequence of events, are the distribution of 
reactive elements in Che alloy surface, and the alloy surface finish. 
In order to exert control over the distribution of the microalloy con
stituents in the experimental alloys, different methods will be used to 
incorporate some of them into the base alloys. These incli-de: 

(1) bulk alloying, of elements at levels above and below their solu
bility limits in the base alloys, 

(2) rapid solidification followed by consolidation, with levels of 
elements significantly above, as well as below their solubility 
limits, to obtain controlled microstructures with uniform distri
butions of the elements of interest, 

(3) solid state alloying through high-energy milling and consolidation 
of alloy powders, to introduce controlled dispersions of yttria, 

(4) ion implantation to achieve uniform surface distributions of 
yttrium, hafnium, and platinum, and 

(5) overlay coating by sputtering of platinum (followed by a diffusion 
treatment) or by physical vapor deposition of yttrium- or hafnium-
containing base alloys, to achieve high concentrations and uniform 
distributions of the desired elements. 

Details of the elemental additions to be made to the base 
alloys, alloy compositions, and methods of incorporation are given in 
Table 1. 
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Table 1 
NOMINAL COMPOSITIONS OF MICROALLOYED MATERIALS 

Concentration, weight percent 
Base Alloy Y Hf Si Al Mn NbC Pt 

(a) Bulk Alloying 
Fe-25Cr 0.1, 1.0 0.1, 1.0 1.0, 3.0 1.0, 2.0 
Fe-25Cr-20Ni 0.1, 1.0 0.1, 1.0 1.0, 3.0 1.0, 2,0 
Fe-25Cr-6Al 0.1, 1.0 0.1, 1.0 1.0, 3.0 

(b) Rapid Solidification 
Fe-25Cr-20Ni 0.1, 1.0 -- 1.0, 6.0 -- — 1.5 
Fe-25Cr-6Al 0.1, 1.0 -- 1.0, 6.0 

(c) High Energy Milling 
Fe-25Cr-20Ni 2.0 (Y 20 3) 
Fe-25Cr-6Al 2.0 (Y 20 3) -- -- --

(d) Ion Implantation 
Fe-25Cr-20Ni 10 1 7 10 1 7 -- -- -- -- 10 1 6 

Fe-2SCr-6Al 10 1 7 10 1 7 -- -- — — 10 1 6 

(e) Overlay Coating 
Fe-25Cr -- -- -- -- -- — TBD 
Fe-25Cr-20Ni 1.0 1.0 -- -- — — TBD 
Fe-25Cr-6Al 1.0 1.0 -- -- — -- TBO 
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The effects of surface finish on the development of scales on 
these alloys will not be investigated in any detail this program. A 
single surface finish, for instance 0.5 micron diamond, will be used as 
a basis for comparison. 

PROGRESS 

LITERATURE REVIEW 

As mentioned above, the majority of the studies of high-
temperature corrosion repotted in the open literature are concerned 
with temperatures significantly higher than those of interest in this 
program. Nevertheless, it is anticipated chat there is a mechanistic 
thread that can be traced back from these studies to provide at least 
some guidelines for use at lower temperatures. The literature survey 
was organized so that a detailed search was made for the last ten 
years, while reliance was placed on available reviews and compilations 
for earlier work. 

Information of direct relevance was found in three areas: 
oxidation studies of FeCrAl-type alloys by Bennett and co-workers at 
Harwell, UK"', mixed gas (coal gasification) studies by Matesan and 
co-workers at Argonne National Labs.^', and by Japanese groups^', and 
alloy development programs for improved steam boilers, particularly by 
Rehn et al at Foster Wheeler**' and by Babcock-Hitachi'*' and 
Mitsubishi'^) i n Japan. Essentially no information was found co allow 
comparisons of the extent of the effects to be expected of microalloy 
additions on the high-temperature corrosion behavior of austenitic 
versus ferritic alloys, with or without microalloy additions, in Che 
500 co 700C temperature range. 

At higher temperatures, there have been significant advances 
in approaches to explaining some of the effects of rare earth and rare 
earth oxide addicions. In particular, Nagai's group at Osaka Univer
sity has made some valuable contributions*'', using electrical conduc
tivity measurements to demonstrate the cypes of effects exerted by 
dopants such as NiO, Ce02, and Cd2C>3 on the oxygen pressure dependence 
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of the conductivity of 0203. A number of studies has made use of 
modern surface analytical tools in the characterization of scales 
formed in various environments, but in general these have not been 
Linked to questions raised by mechanisms proposed to explain critical 
high-temperature corrosion issues. 

Little prcgress was reported in the measurement of stresses 
or strains experienced by growing oxide scales, or in understanding the 
interactions between corrosion and applied stress. 

ALLOY PREPARATION 

Master heats of the three base alloys were prepared by Car
penter Technology Corp. for use by all participants in the program. 
These were nominally 60 kg. heats which were produced by induction 
melting in vacuum, followed by electro-slag remelting, casting into 7.6 
to 8.3 cm round ingots, and hot forging into bar stock of 2.5 x 2.5 cm 
cross section. The analyses of the finished alloys are given in Table 
2; the desired compositions were accurately met, and the content of 
tramp elements (especially Mn, Si, and S) was commendably low. 

The alloys containing the microalloying additions specified 
in Table 1, which are to be added by bulk alloying, will use the master 
alloy stock as starting material. These alloys will be produced by the 
Ames Laboratory Materials Preparation Cencer by vacuum tungsten arc 
remelting and drop casting into 1.5 cm x 9.0 cm ingots. The master 
alloys will also be used as the starting materials for those alloys to 
which additions are to be made by ion implantation, and by overlay 
coating. Pure elemental sources have been used for the alloys prepared 
by rapid solidification processing and by powder processing in order to 
expedite their production. 

EXPOSURES 

In order to assess the likely oxidation rates, and the compo
sition, morphology and mechanical behavior of the scales formed on the 
base alloys, isothermal, and cyclic oxidation runs were made in dried 
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oxygen a/ 700C using saaples of types 310 and 446 stainless steels. The 
compositions of these alloys are shown in Table 2. The isothermal oxi
dation kinetics at 700C in 0.13 atm. dry oxygen for both alloys were 
very slow, with rates approximating to a parabolic rate constant of 
about 2.SxlO'1* g Cm-4 9~ l, and scale thicknesses after 25hr. of about 
0.25um. Exposure to thermal cycling, in which each cycle comprised 
0.75hr. at 700C and 0.25 hr. cooling to about 100C and then reneating 
to 700C, resulted in some scale spallation from both alloys, with the 
greatest effect on type 446 stainless steel. Examples of the cyclic 
oxidation kinetics and of the oxide scales formed are shown in Figs. 1 
and 2. Note the very small weight changes experienced by type 310 
stainless steel, and the thin (about 0.3um) uniform external oxide 
formed. While type 446 stairless steel suffered relatively nore scale 
spallation, which resulted in the formation of some iron-rich transient 
oxide, protective chromium-rich scales always reformed after the maxi
mum exposures of 300 hr which were made. Based on these results, it is 
clear that relatively short duration cyclic runs in air will not be 

sufficient to develop easily discernible differences between the vari
ous microalloy additions on the type 310 analogue. Consequently, 
future work will concentrate on more aggressive en/ironments which con
tain sulfur. 

As a means of selecting a sulfidizing environment which is 
consistent with the goaLs of this program, namely that the corrosion 
conditions be sufficiently well defined and controlled to allow unam
biguous interpretation of the corrosion morphologies and the effects of 
the alloying additions, the Ellingham-Pourbaix phase stability diagrams 
for the Pe-O-S, Ni-O-S, and Cr-O-S systems at 70CC were constructed. 
These are shown in Pig 3. A gas mixture that has the same general oxy
gen and sulfur partial pressures as those generated in combustion and 
gasification processes, that is sufficiency removed from the thermo
dynamic phase boundaries that the expected corrosion products can be 
identified with some confidence (while taking note of the concept of 
kinetic phase boundaries), snd that can be experimentally attained with 
good accuracy, is represented by oxygen and sulfur partial pressures of 
lO"2^ and 10"6«5 atm. f respectively. This is noted by the star on each 



Table 2 
BASE AU.OY COMPOSITIONS 

Weight Percent 
Allov Meat No. Producer Hi Cr Al C Mn SI P S 

Ke-25Cr T08007 Carpenter 0.01 25.04 <0.01 0.001 <0.01 <0.01 <0,005 0.003 
Technology 

te-20Ni-2SCr T0800d Carpenter 10.91 24.84 0.01 0.004 <0.01 <0.01 <0.005 0.002 
Technology eJ? 

Ke-25Cr-hAl T08009 Carpenter vO.Ol 24.62 5.88 0.004 <0.01 <0.01 <0.005 0.003 
Technology 

AISI 310 19.02 24.71 -- 0.06 1.76 0.72 0.027 0.017 

A1SI 44b 6050210 Republic 0.26 24.00 -- 0.146 0.78 0.44 0.020 0.011 
Steel 
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Figure 1. Oxidation kinetics and cross section of final 
scale on type 310 stainless steel subjected 
to cyclic oxidation at 700"'C in 0.13 atm dry 
oxygen for 262 hr. (One cycle • 0.75 hr at 
700°-:, then cooled to '"100''C for 0.25 hr.) 
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Figure 2. Oxidation kinetics and cross *f ion of 
final scale on type 446 stainless steel 
subjected to cyclic oxidation at 700°C 
in 0.13 atm dry oxygen for 235 hr. (One 
cycle • 0.75 h at 700°C, then cooled to 
<vlOO°C for 0.25 hr.) 

(A) Fe-Hch 
(B) Cr-rich 
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of the diagrams in Figure 3. Such conditions are most simply attained 
through the use of gas mixtures of H2/H2O/H2S or CO/CO2/COS, which can 
be equilibrated in typical laboratory corrosion apparatus by standard 
techniques. A point of considerable interest is that, for the desired 
gas partial pressures, the total number of moles of sulfur required by 
the H2/H2O/H2S mixture is ten times that required by the CO/CO2/COS 
mixture. This difference, together with the possibility of the reac
tion of carbon in the latter mixture with the alloys at some point in 
the corrosion process, suggests that there is the possibility that the 
kinetics of the corrosion process in the CO/CO2/COS mixture may signif
icantly modify the corrosion morphologies expected from thermodynamic 
considerations. These gas mixtures with nominally equivalent oxidizing 
and sulfidizing potentials may, in fact, lead to quite different corro
sion morphologies. Since all of the gaseous species represented in 
these mixtures are likely to be present in process gases, careful jus
tification is required before one of these mixtures is rejected from 
further consideration. 

FUTURE PLANS 

The next series of corrosion exposures will involve a com
parison of the isothermal kinetics and scale morphologies resulting 
from reaction of the three base alloys with CO/CO2/COS and H2/H2O/H2S 
gas mixtures intended to have identical oxygen and sulfur partial pres
sures (10"20 and 10"°** atm. respectively) at 700C. Analysis of these 
results will be used to select the exposure conditions to be used for 
the initial characterization of the corrosion behavior of the range of 
alloys listed in Table 1. It is intended that the conditions selected 
will be sufficiently severe to discriminate among the effects of the 
various alloying additions, while being sufficiently well-controlled to 
facilitate characterization and interpretation of the reactions which 
have occurred. The exposures will be made at 700C. The first runs 
will employ isothermal conditions; if the use of only one gas mixture 
can be justified for screening the corrosion behavior, consideration 
will be given to additional runs under thermal cycling conditions. The 
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techniques to be used for characterisation of the scales are standard 
optical metallography (where sufficiently thick scales are formed), X-
ray diffraction analysis of specific areas or layers, and energy dis
persive X-ray analysis/electron microprobe analysis of polished or 
fractured cross sections. 
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I . Grobis and S . Chang 

Department of Metallurgy and M a t e r i a l s Sc ience 
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ABSTRACT 

The initial results of a program designed to define the factors 
that effect the protectiveness of oxide scales formed in mixed S2/O2 
atmosphere environments are presented. Scale formations on Fe-25Cr 
and Fe-25Cr-20Ni alloys which are chromia formers and an Fe-25Cr-6Al 
alloy which is an alumina former have been determined at 700°C under 
an SO2 atmosphere. These preliminary results indicate that the 
alumina forming alloy is superior to the chromia forming alloy under 
the conditions examined. An analysis of the thermodynamic activities 
of the major constitutents of the three alloys has been conducted, 
and oxide/sulfied stability diagrams for the elements Fe, Cr, Ni 
and Al at these activity levels have been constructed. 

INTRODUCTION 

The focus of the current program is to obtain a better under
standing of material behavior in fossil energy environments. The 
particular emphasis is on the effects of reactive element additions 
or the protectiveness of oxide scales formed in atmospheres con
taining high PS2/PO2 ratios. Iron based alloys, including Fe-25Cr 
and Fe-25Cr-20Ni which are Cr203formers and Fe-25Cr-6Al which is 
an AI2O3 formers, are the base alloys for this investigation. 
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Conventional alloying as well as ion-implantation will be the tech
niques for incorporating the reactive elements into the base alloys. 

The results of preliminary testing of the three base alloys 
are presented and discussed herein. Scale formation on the base 
alloys subjected to an atmosphere of pure SO2 at 700°C has been 
determined using optical and scanning electron microscopy (SEM) 
and energy dispersive X-ray spectrocopy (EDS). Also included is 
an analysis of the theremodynamic activities of the major constituents 
of the base alloys and oxide/sulfide stability diagrams for those 
elements determined for those activity levels. 

MATERIALS AND EXPERIMENTAL PROCEDURES 

The three base alloys were obtained from Carpenter Technology 
Corporation. The alloys were prepared by Vacuum Induction Melting 
(VIM) followed by Electro-Slag Refining (ERS) to minimize undesirable 
contaminants. After VIM the alloys were cast into 3.25" round ingots. 
The chemical analyses of these ingots (provided by Carpenter Technology) 
is shown in Table I: 

Table 1. Chemical Analyses of VIM Ingots (weight per cent) 
Alloy C Mn Si P S Cr Ni Al 
Fe-25Cr .001 <.01 <.01 <.005 .003 25.04 <.01 <.01 
Fe-25Cr-20Ni .004 <.01 <.01 <.005 .002 24.84 19.91 .01 
Fe-25Cr-6Al .004 <.01 <.001 <.005 .003 24.62 <.01 5.88 

After ESR, the alloys vert cast into 5.80" round ingots. These 
ingots wer* then soaked at 1176C (2150F) for the Fe-25Cr-20Ni alloy 
and at 1065C (1950F) for the other two alloys for two hours, before 
forging into 2.25" squares. The forged alloys were hot cut and 
reheated to the soaking temperature, except for the Fe-25Cr-6Al 
alloy which was cold cut before reheating. The reheated alloys 
were soaked for half an hour, hot rolled into 1" suqares and slowly 
cooled into vermiculite. 



373 

Two sets of experiments were conducted on coupons from the 
as-hot-rolled alloys 1mm thick, sliced perpendicular to the roiling 
direction. In the first set of experiments, one coupon of each 
alloy was tested. One side of each coupon was polished to 600 micron 
grit paper and the other side was polished to 0.25 micron diamond 
paste. The coupons were placed in an alumina crucible in an inclined 
position. In the second set of experiments, three coupons of each 
alloy were tested. Each coupon was given the identical surface 
polish on both sides this time. One coupon of each alloy was polished 
to 600 micron grit paper, another coupon to the 0.25 micron diamond 
paste and the third coupon to a 0.05 micron A^O? paste finish. 
For both sets of experiments the coupons were exposed to SO2 at 
atmosphereic pressure at 700°C for 162 hours in a horizontal tube 
furnace. 

EXPERIMENTAL RESULTS 

FIRST SERIES OF COUPONS 
The major observation was that the (^03 forming alloys (Fe-25Cr 

and Fe-25Cr-20Ni) corroded severely, whereas the AI2O3 forming alloy 
(Fe-25Cr-6Al) remained almost unaffected. Figure 1, which is a 
macro picture comparing the 600 grit surfaces of the three coupons 
illustrated some of the differences, although the contrast is lost 
to some extent in the pictures. Another significant observation 
was that the 600 micron surface showed much more severe reaction 
than the 0.25 micron surface in the Cr203 forming alloys. 

Scanning electron micrographs of the Fe-25Cr-20Ni alloy afCer 
testing show that the morphology of the scale is somewhat different 
on Che two sides of the coupon as shown in Fig, 2, suggesting that 
Che corrosion process is very sensicive to the surface preparation. 
However, Che 600 micron surface was directly exposed Co Che flowing 
gas, whereas Che 0.25 micron surface may have been shelCered due 
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Figure 1. Tested specimens from first experimei. 
to the positioning of the coupon in the crucible. The origin of 
the differences in the scale formed on the two sides of the coupon 
needs to be investigated further, particularly since the differences 
were not as dramatic in the second experient to be described later. 

The EDS sulfur map of the areas in the micrographs in Fig. 
2 show that Che protrusions on scale surface are sulfur rich and 
hence, probably sulfides. The background on the 0.25 micron surface 
shows evidence of cracking. 

The corroded sample of Fe-25Cr-20Ni was fractured to reveal 
the transverse morphology of the scale. Figure 3 shows a portion 
of the cracked, partially adherent scale sitting on the 600 micron 
side of the alloy substrate along with some of the obviously spalled 
regions on the alloying surface. EDS analysis shows that the alloy 
substrate away from the interface (region A) contains the expected 
elements Fe, Ni and Cr. The alloy substrate adjacent to the scale 
(region B) reveals a significant depletion of chromium. The exposed 
surface of the spalled region (region C) also indicates a depletion 
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Figure 2. SEM micrographs and corresponding EDS sulfur maps for 
Fe-25Cr-20Ni specimen surface tested at 700C for 162 
hours in SO2 at 1 atmosphere: (a,b) 0.25 micron side 
and (c,d) 600 grit side. 
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a 

Figure 3. SEM micrographs of transverse fracture of Fe-25Cr-20Ni 
tested at 700C for 162 hours in SO2 at 1 atmosphere. 
(a) Low magnification view of the scale layers. 
(b) Enlargement of regions A and B, (c) Enlargement of 
region C, (d) Enlargement of region D and E. 
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of chromium along with a small amount of sulfur. The actual scale 
consists of two layers (as shown in the enlarged Fig. 4 as well): 
i) a more compact inner layer which is chromium rich and has only 
a small amount of sulfur (region D) and ii) a layer on top of it 
which consists of nodules and blades (region E). The top layer 
consisting of blades and noduules is very rich in sulfur as well 
as in chromium. 

These observations suggest that chromium has diffused out 
of the alloy substrate and formed a scale which appears to be a 
chromium rich sulfide on the outside and an inner layer which may 
be a chromium rich oxide or a mixture of chromium rich oxide and 
sulfide. The gaps between the scale and the alloy as well as the 
cracks in the scale suggest that the scale is very unprotective. 
The cracks and gaps may have formed during the cooling of the specimen 
or during the fracture of the specimen. 

The scale on the Fe-25Cr alloy appe. to have features similar 
to that on the Fe-25Cr-20Ni alloy described above, whereas the scale 
on the Fe-25Cr-6Al alloy is almost non-existent except for a few 
aluminum rich nodules (presumably oxides). Figure 5 illustrates 
the scales of these two alloys on the 600 grit side of the coupons. 

SECOND SERIES OF COUPONS 
The dramatic differences bet.-een the 0^03 forming alloys 

and the AI2O3 forming alloy were reproduced as shown in macro pictures 
of the 0.25 micron surface of the three alloys in Fig. 6. The Fe-25Cr-6Al 
alloy remained intact, whereas the other two alloys corroded badly. 
In fact, a distinct difference between the two Cr203 forming alloys 
was observed in this experiment. The ferritic Fe-25Cr alloy developed 
a uniform dark bluish green scale which remained intact during cooling 
of the specimen, whereas the au«ttenitic Fe-25Cr-20Ni alloy developed 
a more greyish scale which spalled extensively during the cooling 
to room temperature. 
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Figure 4. SEM micrograph (4000X) of transverse surface of scale 
including regions D and E from Fig. 3 for Fe-25Cr-20Ni 
specimen tested at 700C for 162 hours in SO2 at 1 atmosphere. 

43^ M* 

Figure 5. SEM micrographs of (a) Fe-25Cr and (b) Fe-25Cr-6Al 
specimens tested at 7Q0C for 162 hcurs in SO2 at 1 atmosphere. 
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Figure 6. Tested specimens from second experiment. 
It is interesting that the different types of surface finish 

did not result in any dramatic differences in the corrosion of the 
three alloy; in this expiraent. The undersides of each of the 0^03 
forming alloys, however, showed somewhat less degradation compared 
to the upper sides which were more openly exposed to the flowing 
gas. These observations suggest that surface finish may not have 
been the major cause for the differences observed on two sides of 
the coupons in the first experiment. 

DISCUSSION OF THERMODYNAMIC FACTORS 

Oxide/sulfide stability diagrams for the base alloys have 
been constructed. Diagrams of this type form the cornerstone for 
predicting possible scale constituents under combined oxidation/ 
sulfidation conditions. Such diagrams for pure metals, iron, chromium, 
nickel and aluminum are well established. In those cases, the metal 
has unit thermodynamic activity by definition. In the base alloys 
used in this study, the activities of the four major elements are 
reduced by various degrees depending upon their concentrations and 
vhethcr they are in a BCC or a FCC matrix. Through a review of the 
thermodynamic data on solutions of iron, chromium, nickel and aluminum, 

25Cr-20Ni Fe-25Cr-6AI 
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the activities of these four elements at 700C in the three hase 
alloys were estimated. These activity values are listed in Table 2 
below: 

Table 2. Thermodynamic Activity Data for the Base Alloys at 700C 
Alloy Element Weight Atomic Activity Activity 

percent percent Coeff. 

Fe-25Cr Fe 74.96 73.3 J.05 0.770 
Cr 25.04 26.7 1.58 0.432 

Fe-25Cr-20Ni Fe 55.25 54.6 1-00 0.546 
Cr 24.84 26.4 1.72 0.454 
Ni 19.91 19.0 1.00 0.190 

Fe-25Cr-6Al Fe 69.50 64.3 0-95 0.611 
Cr 24.62 24.6 1.42 0.351 
Al 5.88 11.1 0.001 0.00011 

This table shows that the activities of nickel and iron are 
nearly ideal- > z. Chromium exhibits a small positive deviation from 
ideality in both the BTC-*'^ and FCC^ solid solutions:. Aluminum 
exhibits a strong negative deviation from ideality^'*. 

Based upon the activity data listed in Table 2, the oxide/ 
sulfide stability diagrams for Fe, Cr, Ni and Al in r-ach of the 
three base alloys were calculated. These diagrams are shown in 
Fig. 7 along with the superimposed diagrams for the pure elements. 
The shaded regions between the alloys and the corresponding oxides 
and sulfides indicate the extent to which these boundaries shift 
due to changes in the activities in the alloys compared with the 
pure metals. The diagrams show that the driving force for the formation 
of a particular oxide or sulfide phase is re' iced depending on the 
deviation from unit activity. The relatively low stability cf .luminum 
in one base alloy causes a significant shift in the stability lines 
for aluminum sulfide or oxide. In fact, Ihe sulfide phase, A1S, 
becomes unstable at the activity level of aluminum in the base alloy 
and disappears from the stability diagram. 
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Figure 7. Changes in the Stability Diagrams for (a) Fe, (b) 
Cr, (c) Ni and (d) Al in the base alloys compared 
to the pure element at 700°C. The S2/O2 activity 
of dissociated SO2 is indicated. 

The oxygen and sulfur partial pressures at equilibrium with 
SO2 gas at 700C are also indicated on each of the four diagrams. 
In the case of nickel Che atmosphere used in the preliminary experiments 
discussed before, is in the oxide field but close to the triple 
point between the metals, the oxide and the sulfide. 
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In the case of Al, Cr and Fe, the SO2 atmosphere is veil within 
the respective oxide phase fields. Hence at thermodynamic equilibrium, 
only oxides should form when the base alleys are exposed under the 
conditions used. 

However, it is well known that the kinetic boundaries can 
be shifted substantially from the thermodynamic equilibrium, and 
the preliminary experimental indications of sulfide formation on 
'-he Cr2C>3 forming base alloys must be due to kinetic factors. 

SUMMARY 

The preliminary results indicate that the alumina forming 
alloy is far superior to the chromia forming alloys under the conditions 
of interest. The thermodynamic boundary between oxides and sulfides 
is not valid, at least for the chromia formers, since the atmospheres 
used should have only resulted in the formation of oxides under 
equilibrium conditions. 

In the Fe-?5Cr-20Ni alloy, the scale formed in S0 2 at 700C 
after 162 hours is very non adherent and consists of blades and 
nodules of predominantly chromium rich sulfides on top of a more 
compact scale which may be predominantly chromium rich oxide. 

The surface conditions and exact positioning of the specimens 
in the flowing gas may play an important role in the kinetics of 
attack. 

ACKNOWLEDGEMENT 

The support of this project by the Department of Energy, through 
Martin Marietta Energy Systems, Inc., Subcontract Number 86-95900C, 
is aporeciated. 



383 

REFERENCES 
R. A. Oriani, Acta Met., Vcl. 1, 448 (1953). 
E. A. Culbransen and K. F. Andrew, Trans. TMS of AIME, Vol. 
221, 1247 (1961). 
Y. Yeannin, C. Mannershanty and F. D. Richardson, Trans. TMS 
of AIME, Vol. 227, 300 (1963). 
R. Hultgren et al., in Selected Values of Thermodynamic Properties 
of Binary Alloys, ASM, 1973, p. 147, 156, 694, 708, 847. 



384 

THE EFFECTS OF MICBOALLOY, CONSTITUENTS, SURFACE. TRRATMEMT 
AMU OXIDATION CONDITIONS ON THE DEVELOPMENT 
AMP BREAKDOWN OF PROTECTIVE OXIDE. SCAI.ES 

V. Srinivasan 

Universal Energy Systems, Inc. 
4401 Dayton Xenia Road 
Dayton, Ohio 45432 

INTRODUCTION 

A major material problem in superheaters, reheaters, syngas 
coolers and heat exchangers or recovery systems in coal - derived 
energy systems is gaseous corrosion in the temperature range of 500* 
to 700*C induced by the multioxidant environment. These components 
are made of ferritic or austenitic steels that have adequate 
mechanical Strength in the above temperature span. They depend for 
their corrosion resistance on the formation of continuous scales 
with protective * 1 2 ° 3

 o r C r2°3 layers as major components. 
Such protection does not long last as the mechanical breakdown of 
the protective oxide scales and the penetration of corrosive species 
soon follow. Both of the above degradation processes depend on the 
scale microstructure, morphology and adhesion, substrate chemistry 
and microstrueture and the environment. An understanding of theit-
dependencies is essential for the development of new generation of 
corrosion-resistant alloys for long term applications in coal 
combustion or conversion systems. 

Much of our current knowledge on the oxidation and corrosion 
behavior of Fe , Ni- and Co base alloys comes from investigations at 
temperatures above 850*C (Ref. 1). An important contribution of 
these investigations is the discovery of the beneficial effects of 

2 oxygen active elements and oxide dispersoids on scaling . 
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Minor additions of these elements or dispersoids improve the 
oxidation resistance considerably by enhancing the scale adhesion 
and modifying the scale morphology and growth process. These 
improvements are likely to provide resistance to scale breakdown and 
the transport of corrosive reactants. 

Extrapolation of the results of oxidation/corrosion studies at 
temperatures well above 850*C will not lead to a meaningful 
understanding of the corrosion behavior of ferritic and austenitic 
steels with and without oxygen active elements "n the temperature 
range of 500* to 700*C. Kinetic factorr. are likely to dominate the 
oxidation/corrosion behavior in this temperature range with possible 
changes in the mechanisms of reactant transport across the scale and 
in the substrate. It is therefore, the purpose of this program to 
investigate the effect of additions of several microalloy 
constituents, their concentration, the method of incorporation, the 
surface pretreatment and the oxidizing conditions on the nucleation, 
growth and breakdown of Al-O. and C r o ° 3 scales on ferritic 
and austenitic steels. The ultimate goal of this program is to 
identify the factors that lead to corrosion resistant 
microstructures and morphology of protective oxide scales and 
implement the findings in alloy development. 

EXPKR1MKMTAL MATERIALS AMD MKTHODS 

Commercial ferritic steel, AISI 446 was chosen for this 
preliminary study. Model alloys that will be extensively 
investigated are Fe 25Cr-20Mi, Fe 25Cr-6Al and Fe 2SCr. The 
chemical compositions of these materials are given in Table I. 
Coupons of nominal size 1 cm x 1 cm x 0.2 cm were machined from 
annealed bars and had holes for suspension into a reaction quartz 
tube. They were metallographically polished upto 0.05vm and 
washed throughly. After measuring the dimensions and initial 
weights they were exposed to flowing 0. at 1 atm. and to 700 and 
850*C. Thermogravimetric measurements were made using Cahn 
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balance. A few coupons were implanted with Ce on both sides. The 
implantation was carried out in an high current iraplanter at 
160 KeV, and the fluence was 4 E 15 ions per sq.cm. 

TABLE 1 

NOMINAL CHRM1CAL COMPOSITIONS, WT.% 

Designation Cr Ni Al Mn Fe 
Fe 25Cr 
Fe- 25Xr-20Ni 
Fe 25Cr-6A1 
A1S1 446 

25-04 <0.01 <0.01 0.001 <0.005 0.003 <0.01 Bal 
24 84 19.91 0.01 0.004 <0.005 0.002 <0.01 Bal 
24.61 <0.01 5.88 0.004 <0.005 0.003 <0.01 Bal 
24.0 0.26 - 0.146 0.02 0.011 0.78 Bal 

*F Mixed gas corrosion tests were run on unimplanted and 
Ce-implanted coupons at 850*C for 4 hours. The gas mixture 
consisted of H^/H^/H^/Ar in the ratio by Vol.X 19.03: 
0.33: 3.74: 76.9 to give partial pressures, Ps. * 10 atm. 
and Po. 3 io~ atm. at the test temperature. The gas 
mixture was equilibrated by passing through a platinum honeycomb at 
850*C placed upstream to the sample. 

Scales and the substrates were examined using optical 
microscopy, SEM/EDX, Rutherford backseattering (BBS), sputter Auger 
electron spectroscopy (AES) and x-ray diffraction (XRD). 

RESULTS AND DISCUSSION 

Thermogravimetric data showed insignificant weight gain at 
700*C after about 120 hours While the weight gain was significant at 
850*C in flowing O- at 1 atm. Figure 1 shows the result of 
thermogravimetric measurements. The same data were plotted in 
log-log scale in Figure 2. The oxidation kinetic wa? not parabolic. 
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Figure 1. Weight gain as a function of time. 

The x-ray diffraction peaks observed on the sample exposed to 
700*C contained those corresponding to Fe and Cr, the major alloying 
elements in the substrate suggesting very thin scale. However, the 
ISO peaks obtained from the sample exposed to 850*C contained a set 
identified as those of Cr 20». The diffraction peak.: (oraing the 
second set seem to have been shifted from positions corresponding to 
possible mixed oxides to be expected on alloys of similar 
composition. 

Figure 3- 5 show oxide scale surface and the transverse section 
of the oxide scale. At 700*C thick scale growth was seen along the 
grain boundaries and nodules were present on the oxide surfaces. 

RBS spectra taken from the pretest coupon and coupons oxidized 
at 700* and 850*C are shown in Figure 6. RBS analysis suggested 
that the outer scale was rich in metal-deficit oxides suggesting 
mixed or non- stoichiometric oxides. 
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Figure 2. Weight gain as a function of time. 

The results of sputter AES analysis on the sample oxidized at 
850*C are shown in figure 7-9. The outer oxide scale is rich in Mn, 
and the scale thickness was estimated about &\tm. 

This preliminary work suggests that oxidation kinetics is very 
slow at 700*C even in unimplanted AISl 446 and therefore, corrosion 
tests besides cyclic oxidation test may have to be used to assess 
the effect of roicroaHoy constituents. However, scale growth at 
850*C was faster, and the scale formed in 120 hours was thick 
consisting of Cr

2°3 scale near the scale/substrate interface and 
metal deficit non stoichimctric scale rich in Hn at the gas scale 
interface. 
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Pisure 3. SEM of oxide scales themalljr grown at 700*C 
on AlSl 446 in flowing <>2 at I atm. for 120 hrs. 
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Figure 4. SEM of oxide scales thermally grown at 850*C on 
A1SI 446 in flowing 0. at 1 at»n. for 120 hrs. 
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Figure 5. Optical micrograph of transverse section showing 
the oxide scale and the substrate, A7SI 446 after 
120 hrs. exposure «-̂  850*C in flowing 0 , at 1 atm. 
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Figure 6. BBS Spectra from pretest, 446, and oxidized 
coupons, 446,1 and 446.2. 446.1 and 446.2 
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exposed to 850'C for 120 hrs. in flowing o. at 1 atm. 
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MECHANISMS OF GALLING AND ABRASIVE WEAR 
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ABSTRACT 

Galling is a severe for* of wear which has been recognized 
as a serious problem affecting the operation of control 
valves and other components used in fossil energy conversion 
systeas. Recent results obtained in a prograa of research 
aiaed at advancing the basic understanding of the process 
of galling are presented. The galling test aethod and a 
•ethod which has been developed to aeasure quantitatively 
the aaount and character of galling daaage are described. 
Data on the galling behavior of pure aetals, experiaental 
alloys, and coaaercial alloys are presented. The influence 
of hardness, crystal structure, stacking fault energy and 
other materials properties are discussed. 

INTRODUCTION 

Galling is a fora of severe wear that occurs at sliding 
contacts. It is recognized by the development of a significant 
increase in surface roughness as a result of local plastic 
deforaation, fracture, and often the transfer of aaterial froa 
one surface to the other. The onset of galling is usually 
sudden and is accoapanied by a large and varying coefficient 
of friction. Continued sliding once galling has occurred 
•ay result in seizure. Whether or not galling occurs at a 
sliding contact is determined by such operating variables 
and conditions as load, sliding speed, teaperature, the 
type of lubricant, and the cheaistry of the surrounding 
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environment. The nature of the Materials in contact can 
also have a substantial influence on the tendency to gall 
and on the severity of the damage that occurs should calling 
take place. The coaposition, Microstructure, crystal 
structure, and Mechanical properties of each Beaber of the 
sliding pair are of great importance. 

A' was pointed out in a recent review of the literature,* 
relatively few publications are available that deal strictly 
with the subject of galling. However, this apparent neglect 
is largely a consequence of terminology. In studiee of the 
fundamental mechanisms of friction and wear, the term 
adhesive wear is commonly used even though the damage 
process may be that of galling. In field service situations 
damage processes that could be described as galling are 
frequently referred to as scoring, scuffing, or even seizure. 
The term scuffing is favored when the system is lubricated, 
such as between the piston ring and cylinder wall of an 
internal combustion engine. The term galling is frequently 
preferred when the damage is sufficiently gross to be 
easily visible to the unaided eye. If one is not restricted 
by some rather arbitrary considerations pertaining to the 
scale of the damage and exposure conditions, then there is 
in fact a fairly large body of literature concerned with 
the process of galling. 

A principle means to prevent galling is to apply a 
suitable lubricant and to operate under design conditions 
that do not exceed the load carrying capacity of the lubricant. 
In many applications it is not possible to apply a lubricant. 
An important example is that of valves used for fluid flow 
control. Ths valve face and seat usually can not be lubricated 
and the fluid itself may not act as a lubricant. If galling 
occurs, the roughened surface may prevent proper sealing and 
leakage can result. Additional damage may develop if 
abrasive particles are present in the fluid steam, such as 
is often the case in fossil energy conversion systems. 
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High velocitiea say be attained in the leakage path and 
••vera solid particle erosion can occur. Under these 
circumstances the best approach ia to employ valve deeigne 
that minimize sliding And to select materials that are 
resistant to galling. Unfortunately, there ia a serious 
lack of information regarding the galling behavior of different 
Materials and almost no information on the relationship 
between Material properties, exposure conditions and the 
severity of the damage should galling take place. 

The purpose of this project has been to develop an 
improved understanding of the galling process, particularly 
as it relates to materials properties. An important aspect 
of the work has been the development of a method to measure 
quantitatively the amount and character of galling damage. 
In what follows, a brief review will be given of some of the 
work carried out in this project with emphasis on current 
results. The galling test procedure, the method developed 
to measure surface damage, the mechanism of galling, and 
the influence of various materials properties on galling 
will be discussed. Representative results obtained on high 
purity experimental metals and on selected commercial 
alloys will be presented. 

GALLING TEST METHOD 

The galling test used in the majority of the experiments 
has consisted of a spherically tipped pin sliding on a 
specimen flat. The test specimen configuration is illustrated 
schematically in Fig. 1. A number of other configurations 
have been employed by investigators in the study of galling. 
Perhaps the most widely ussd is the button on block 
arrangement? illustrated in Fix. 2. Recently, in a study 
of the galling behavior of two steels^, experiments were 
conducted to compare the pin-on-flat and the button-on-
block tests. Although soms differences were noted, both 
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tests save the ease relative ranking of the steels in terns 
of the severity of the calling daaage. 

Load 

rT-fl 

c. _ - _ - . - v ^ 

F i g . 1. Schematic drawing of the p i n - o n - f l a t t e s t specimen 
c o n f i g u r a t i o n . 

Load 

Fig. 2. Schesiatic drawing of the button-on-block test specisten 
configuration. 

The pin on flat configuration was selected for several 
reasons. First, there is no problest in obtaining precise 
alignment between the contacting specimens as there is with 
•any designs involving the sliding of one flat surface against 
another. Second, the location on the flat where galling is 
first initiated is easily recognized. With the button on 
block test, as well as with other tests that Involve large 
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area contact, sailing aay basin at aore than one aite, and, 
unleaa the sliding diatance ia saall, the initial aite aay 
be obliterated by subsequent contact. In the pin on flat 
test this aaauaea that only a tingle pass ia eaployed. 
Repeated paaaea ovar tha saae track would alao altar the 
evidence of previous events. The experiaenta carried out 
in thia investigation have all conaiatad of a single pass, 
with a eliding diatance of 4-5 ca. 

Two different galling teat aachines have been eaployed. 
They are a hydraulically operated machine suitable for loada 
in tha range 1500 N to 100,000 N and a aechanical acrew 
driven aachine for loada of froa about 1 N to 1500 M. Dejd 
weight loading ia eaployed with the ecrew driven aachine. 
With the hydraulic aachine the desired load ia appliad by 
aeana of a hydraulic cylinder and indicated by a load call. 
There ia no provieion for Maintaining thia load conatant 
during the teat. However, tha load ie carefully aonitored 
and in aost testa variations ware no aore than a few percent 
of tha selected load. Both aachinas are equipped for 
continuous aonitoring of friction force and speciaen 
tranalation diatanca. 

SPECIMEN PREPARATION 

Tha speciaena are prepared to near final diaansions by 
aachining or aurfaca grinding aa required. Tha radiua of tha 
spherical tip at tha and of tha pin ia 2.54 ca while the pin 
diaaeter and length are typically 1.2 ca nnd 2.0 ci, 
reepactlvely. Typical dlaansiona of tha flata are 6 ca long, 
1.2 ca wide, and 1 ca thick. After aachining, tha epeciaene 
are heat treated or given tha desired surface treataent, as 
waa tha case for two steel* that ware studied in tha 
carburlzed' and nitrlded* conditlona. In a few caeee 
additional surface grinding has bean carried oat after the 
latter stage of treataent. Tha final preparation of tha 
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test surfaces consists of grinding on SiC abrasive papers 
to 600 grit followed by lapping with 6 we diasiond compound. 
The specimens are then carefully cleaned by ultrasonic 
agitation in solvents and exposed to ultraviolet light as a 
further means to eliminate contaminants. The above cleaning 
procedure is regarded as the standard prepaiation procedure. 
For certain experiments, however, etching, chemical polishing, 
electropol ishing, or machining to obtain a particular texture** 
have been used to prepare the surface. 

CHARACTERIZATION OF DAMAGE 

Host reported investigations of galling have been 
concerned with determining the conditions for the onset of 
damage, with load being the primary variable of interest. 
Uhether or not galling has occurred is usually assessed by 
visual examination of the surfaces with the unaided eye. 
With few exceptions 0*' quantitative measurements have not been 
employed to determine the amount or character of the damage. 
A major feature of galling is the development of a significant 
increase in surface roughness. It follows that parameters 
based on surface topography might logically be chosen to 
measure the damage due to galling.' This has been the approach 
taken in this program. 

A detailed description of the damage measurement 
method can be found in reference 8 so only a brief outline 
will be given here. Surface topography measurements are 
made with a computer controlled stylus profilometer system. 
Only damage on the specimen flat is measured, although the 
method could be adapted to measure damage on the pin. A 
series or parallel, equally spaced profile traces is made 
across the vear track. These traces yield the x-, y- and 
z-coordinates of ths surface topography. A number of 
different parameters to represent the amount and character 
of the damage are calculated from these topography data. 
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Ona parameter that has baan found useful is the average •axiauai 
peak to valley paraaeter, R^. defined by 

R t = (1/n) I (R t)j (J - 1 to n) (1) 

Hare, the specimen surface is the xy-plane with the y-axis 
parallel and the x-axis perpendicular to the direction of 
eliding. (Rt)j i s t n * ••xiaua peak to valley distance for 
the jth trace, and R t is the average for all n traces. 

Another parameter, R^(ras), that has been used is the 
root mean square deviation of the 9± values. A relatively 
hard slider sight produce a deep but smooth groove in the flat 
without appreciable daaage due to galling. However, the 
resulting R t value would be large. On the other hand, R^(rsjs) 
wculd be aaall giving in this case a batter representation 
of the actual aaount of daaage due to galling. 

A third paraaeter that has been used to indicate the 
severity of the daaage is ths displaced voluae, DV, defined 
by 

n a 
DV * AxAy I I Izijl, (2) 

J-l l-l' ' 

where Z|j is the elevation of the i j t n point on the surface 
nsasured with respect to the original rurface plant and Ax 
and Ay are the spacing between points in the x- and y-
directions, respectively. The displaced voluae is the sua 
of the voluaa of the peaks above the original surface plane 
and the voluae of the valley below that plane. 

The above paraaeters measure the aaount of daaage. A 
paraaeter that has been eaployed to provide information on 
the shape of topographic features is the aspect ratio 
paraaeter, AR. This paraaeter is defined by 
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• n-1 
Ax £ I | Z i j - z i f J + 1| 

1 = 1 j = 1 (3) 
AR = - K*' 

n m-1 
Ay Z Z jzij - 2i + i,j| 

j=l i=l 

A value of AR2I wouli' be obtained if the damage consisted of 
peaks and/or valleys with dimensions approximately equal in 
the x- and y-directions. Damage that consisted primarily 
of long grooves or ridges parallel to the direction of 
sliding would give a value <<1 while a predominance of 
grooves or ridges perpendicular to the sliding direction 
would give 4 value >1. 

In addition to the profilone try measurements which are 
employed for the quantitative measurement of damage, further 
analyses of the damaged surfaces have been conducted using 
opt ical microscopy , scanning electron microscopy, transmission 
electron microscopy, and micro-indentation hardness methods. 
These latter characterization methods are indispensible for 
the analysis of galling mechanisms, particularly with 
respect to studying the details of the deformation, fracture, 
and transfer behavior of different materials. 

RESULTS AND DISCUSSION 

Studies have been conducted on a variety of pure metals, 
experimental alloys and commercial alloys. The effects of 
materials properties and various test conditions have been 
investigated. Some recent results will be presented and 
discussed here. 
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GALLING OF PURE METALS 

Figure 3 shows the sliding daaage on specimen flats of 

eleven different pure settle. In each case the pin was of 
the same Material as the flat. The applied load for all 
•etals was 130 N. Sliding coaaenced at the top of each 
flat shown in the figure and was terainated after a single 

1 
1 C m 

Fig. 3. Photograph of specimen flats of pure metals after 
eliding with pins of like materials at a load of 130 N. 

stroke at the bottom. There are three fee metals (Al, Cu, 
Ni), four bec metals (Fe, Mo, Nb, Ta), and four hep metals 
(Co, Mg, Ti, Z n ) . Some important properties of these 
metals are listed in Table 1. The last column in the table 
gives the critical Hertz load for each aetal. This is the 
load computed from Hertz's equations for a spherical indentor 
at which the maximum shear stress, occurring at a dspth of 
about one half the radius of the contact circle below the 
surface, Just equals the yield stress of the material. 9 In 
each case the applied load of 130 N employed in the tests is 
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substantially greater than the critical Hertz load and as a 
consequence plastic deformation of the specimens occurred 
as a result of the application of this load. 

although the pattern of dasiage differs somewhat among 
the various fee and bee metals, all exhibit features that are 
characteristic of galling. Damage to the hep metals is 
significantly less than for the fee and bee metals, and in 
LWO cases, for Hg and Co, there was essentially no evidence 
of galling. 

Table 1. Pure metals and properties. 
Critical 

Crystal Elastic Hertz 
Hetal Purity Structure c/a Hardness Modulus Load 

(wt.X) (kg/mm 2) (Kg/mm 2) (M) 

Al 99.99 
Cu 99.99 
Mi 99.5 
Fe 99.98 
Ho 99.5 
Nb 99.9 
Ta 99.9 
Ti 99.2 
Co 99.998 
Hg 99.95 
Zn 99.995 

fee 1.633 28 
fee 1.633 123 
fee 1.633 318 
bee — 179 
bec — 259 
bec — 108 
bee — 182 
hep 1.587 216 
hep 1.624 243 
hep 1.624 34 

7.4E3 9.7 
12.3E3 30 
21.4E3 55 
21.1E3 31 
29.5E3 36 
10.5E3 29 
19.0E3 34 
11.2E3 57 
21.1E3 43 
4.6E3 16 

hep 1.856 45 9.8E3 12 

As a typical example of galling in these experiments, 
the damage to the Fe specimen will be examined in more 
detail here using the SEH micrographs shown in Fig. 4 and 
5. In Fig. 4a the initial part of the tram on the flat is 
shown. The observed damage can be accounted for as follows: 
As sliding began, a cap of material within the flat below 
the pin was plastically deformed and was displaced to form 
a prow. Fracture as a result of tensile and shear stresses 
behind the prow accompanied the motion of the prow. However, 
the growth in size of the prow and work hardening of the 
deformed material caused an increasing resistance to motion. 
Eventually, the resistance became so great that the prow 
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could no longer be Moved by the pin. The pin then slid 
over the prow, probably leaving some prow material attached 
to the pin and perhaps transferring pin material to the 
prow. In addition, a lip cf material at the rear of the 
prow, clearly visible in Fig. 4a, was caused to curl away 
from the flat. 

With continued sliding, the deep groove shown in Fig. 
4b was formed by a prow being translated along the surface 
of the flat by the pin. Again, there are raised lips of 
material left in the groove. This process continued until, 
at approximately 3 cm sliding distance, the entire prow was 
torn away from the pin and left behind, Fig. 4c. Finally, 
the prow that was being moved along with the pin when the 
experiment was terminated is shown in Fig. 4d. At higher 

Fig. 4. SEH micrographs of sections of track on Fe specimen 
flat, a) At beginning, b) After 0.5 cm sliding distancs. c) 
After 3 cm sliding distance, d) At terminus. 
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significations the details of the damage vary. Grooves and 
lamellar features are present as a result of the sliding 
and shearing action. In addition, areas with aoaewhat 
elongated di spies were seen, Fig. 5. Diatples are a 
characteristic feature of ductile fracture in tension. 

Among the hep metals that were studied, Ti and Zn were 
found to gall, but the damage, particularly for Zn, was 
less than for the bec and fee metals. Furthermore, for Zn 
the character of the damage was somewhat different. A SEN 
micrograph of a section of the track on the Zn specimen is 
shown in Fig. 6. The damage consists of numerous small 
prows. Each prow was sustained for only a short distance 
and was then left behind. The process appeared to have 
occurred simultaneously on both the flat and the pin. 

Figure 7 shows an optical micrograph of a section of 
the track on the Co specimen. The damage consists of 
smooth grooves. The micrograph in Fig. 7 was taken under 
Nomar8ki interference contrast conditions to reveal the 

Fig. 5. SEN micrograph showing dimple features in track on 
Fe specimen flat. 
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Fig. 6. SEH aicrograph of section of track on Zn apeciaen flat 

F i e 7. Optical Micrograph of faction of track on Co speciasn 
flat. Noaartki intarfaranca contrast. 
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slight differences in topography. This Co speciaen surface 
was eleetropolished prior to testing. A saall aaount of 
grain relief was present and this is visible in the micrograph. 
There was no evidence of galling in this test. Even when a 
test was conducted at a load of 1400 N (coapared to 130 N 
for Fig. 7) galling did not occur. 

In Fig. 8, damage severity indicated by the average 
aaxiaua peak to valley paraaeter R^ is plotted as a function 
of hardness for Lhe pure «etals. It is clear that there is 
no correlation between damage severity and ha.dness. The 
Rt value for Al is very high while that for Hg is very low 
and Hg is nearly as soft as Al. Siailarly, Ho s.nd Co differ 
only slightly in hardness but have significantly different 
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Fig. 8. Oaaage severity aeasured in teras of R t plotted as 
a function of hardness for purs aetal spsciaens. 

Rt values. In connection with these data it should bs 
pointed out tha. all specimens were tested in the as-received 
condition. The grain sizes and aaount of work hardening 
introduced during processing were not all the same. Both 
of these factors could affect daa«gs severity. 



411 

The aain factor which appears to influence falling 
severity in Fig. 8 is crystal structure. The gelling 
severity for the hep aetals is, in all cases, lower than for 
the fee and bec aetals, although for Ti it ia only slightly 
lower. Ti differs froa the other hep actals studied here 
in that the lowest critical resolved shear stress is on the 
pyraaidal planes rather than on the basal plane. 

MECHANISM OF GALLING 
The sl.udy of the pure aetals has provided a clear 

deaonstration of the priaary aechaniaa of galling. Although 
it was recognized early that a high coefficient of friction 
and plastic deforaation were associated with severe adhesive 
wear, it was not until the work of Cocks 1 0 that the daaage 
aechaniaa was studied in any detail. In experiaents Involving 
the sliding of copper pins on the surface of a copper cylinder, 
Cocks recognized that sliding took place beneath the pin in 
a wedge of aetal froa the cylinder. The process is illustrated 
scheaatically in Fig. 9. At about the saae tlae as Cocks' 
work, Antler 1 1, in studying the saae phenoaenon, used the 

Load 

I 

<^>y^ 

Fig. 9. Scheaatic Illustration of prow (wedge) foraation 
aachanisa. Upper body is assuaed to be harder then lower. 
Prow foraation progresses froa top to bottoa of figure. 



412 

tersi prow instead of wedge. The ters prow now appears to be 
used tore often than wedge in describing the damage feature. 
It should also be pointed out that, in his early work, 
Antler considered the growth of prows to be the result of 
the accretion of Material by repeated events rather than by 
a single event as was proposed by Cocks. In later work, 
Antler'* considered several mechanisms including that of 
Cocks. In the single pass experiments employed in this 
investigation, the primary damage event was the wedge 
formation process described by Cocks and illustrated in 
Fig. 9. 

THE INFLUENCE OF STACKING FAULT ENERGY 

Bhansali and Miller 1 3 hypothesized that materials with 
low stacking fault energies (SFE) should be more resistant 
to galling than materials with high stacking fault energies. 
In order to test this hypothesis in the present work, 
experiments were conducted on a series of Cu-Al and Cu-Ge 
alloys with different stacking fault energies. The alloys 
studied are listed in Table 2. Galling tests on these 
alloys were conducted at a load of 130 N. Pins and flats 
were of the same alloy in each test. The damage, measured 
in terms of the parameters discussed above, is plotted as 
function of stacking fault energy in Fig. lOa-d. In Fig. 

Table 2. Alloys for the study of galling vs. SFE. 

SFE Hardness 
(mJ/m 2) <Kg/mm 2) 

7 74 
4 100 

35 50 
16 60 
6 88 

182 

Solute 
Metal Concentration 

<at.») 

Cu - 6 Al 13.07 
Cu - 8 Al 17.00 

Cu - 2 Ge 1.75 
Cu - 6 Ge 5.29 
Cu - 10 Ge 8.86 
Cu - 15 Ge 13.38 



AVE. MAX. PEAK TO VALLEY, fit (ym) DISPLACED VOLUME (mm* 3) 

u o o o 8 S 8 o 

Ifl -2 ° o 
X 
z o 
•n > C r 
- N 
PI O 

o 

\ 8 

- - * 
o 

D 

1 1 1 1 1_ 1 1 1 1 

_ 
• 0 
on c c 
1 1 • 

-

o 
*> 

u> 



414 

• 

6 0 -

50 -

30 -

• 
2 0 -

a C U - A I 
1 0 - hep 

• • o 

• Cu—C« 
hep 
• • o 

0 -
a 

• - r- —r - • - 1 r- — I— -I 
10 20 30 

STACKING FAULT ENERGY ( m j / m ~ 2 ) 

4 0 

F i g . 10c 

0.34 

0.32 

0.3 

0 2 8 

0.26 

0.24 

0.22 

0.2 

0.18 

0.16 

0.14 

0.12 

0.1 

0.0.1 

O.Ot 

0.04 

0.02 

ncp D 
| a CU-A I I 
! • C u - G e I 

10 20 30 

STACKING TAULT ENERGY ( m j / m ~ 2 ) 

40 

Fig- 10d 

f unction of Variation of damage parameters as a 
fault energy for Cu - Al and Cu - Ge alloys after 
130 N. a) Displaced volume parameter. b) g 

" t 
c) R* (rms) parameter, d) fcepect ratio parameter. 



415 

lOa-c, it can ba aaan that aach damage paraaatar dacraaaaa 
in about tha m i manner with decreaeing atacking fault 
energy. Ona of tha alloya, Cu - 15 6a, haa tha hep atructura 
and in thia raapact doaa not belong with thia comparison 
••oni fee alloya. It ia included, howavar, becauaa ona 
affact of decreasing tha stacking fault energy ia to incraaaa 
tha tandancy towards coplanar slip. Coplanar slip in fee 
alloya can ba coaparad to tha prafaranca for basal slip in 
•any hep aatals. Thua, fee alloya with vary low stacking 
fault energiaa tand to bahava lika hep metals exhibiting 
primarily baaal alip. For the purpoae of plotting 
tha data, tha stacking fault energy of tha Cu - 15 Get alloy 
haa been aaaignad arbitrarily the low value of 1 sJ/m^, 
The actual atacking fault energy for thia alloy could, of 
course, be determined for extended dialocationa lying on 
the basal plana, but it would not ba the relevant quantity 
for use in this comparison. 

In Fig. lOd the aspect ratio parameter is plotted as a 
function of stacking fault energy. Values <<1 are obtained 
for alloys with low atacking fault energies. Tha damage on 
specimen flata of these materials consisted of fine grooves 
parallel to tha direction of sliding, similar in appearance 
to tha damage on Co shown in Fig. 7. For higher stacking 
fault energies, the aspect ratio parameter in Fig. lOd 
remains leas than one but haa increased significantly in 
magnitude compared to the low atacking fault energy alloys. 
In this case, aicroecopy examination of tha surfaces showed 
that tha damage consisted of lumps and grooves, commensurate 
with the occurrence of galling. 

In Table 2 it may be noted that as the stacking fault 
energy decreaaaa the hardness increasee. Tha R^ parameter 
is plotted as a function of hardness in Fig. 11. As wae 
found for the stacking fault energy, the damage decreases 
with increasing hardness. Although an increase in hardness 
probably contributes some to tha reduction in damage severity, 
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Fig. 11. Variation of R\ parameter as a function of hardness 
for Cu - Al and Cu - Ge alloys. 

we attribute the majority of the effect to the decrease in 
stacking fault energy which influences the mode of deformation. 
For the pure metals, it wat clear that the node of deformation 
was the predominant factor influencing galling behavior, 
for example, compare Zn or Hg with Al. The former two 
metals deform primarily by basal slip while the latter 
metal deforms more or less homogeneously because of easy 
cross slip among the {111} glide planes. Also, it is 
difficult to explain solely on the basis of hardness the 
sharp drop in daaage that occurs between 50 and 70 kg/mm^ 
and the relative insensitivity to hardness thereafter. 

GALLING OF COMMERCIAL ALLOYS 

The galling severity of a number of commercial alloys 
has been measured. For exaaple, a comparison was made of 
AISI 1541 steel in the soft, hot rolled condition (94 HRB) 
and the hard, quenched condition (54 HRC).^ The results 
are shown in Fig. 12 where damage severity, in terms of R t, 
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Fig. 12. R t is plotted as a function of load for AISI 1541 
steel in the hot railed (94 HRB) and quenched (54 HRC) 
conditions. 

is plotted as a function of applied load. Here, it is 
clear that 1541 steel in the quenched condition is Much 
• ore resistant to sailing than it is in the hot rolled 
condition. Although the high hardness of the quenched 
Material probably contributes to the reduction in damage, as 
was discussed above in connection with the influence of 
stacking fault energy, the decrease nay not be due just to 
the increase in hardness. In the hot rolled condition, the 
microstrueture cf 1541 steel consists of pearlite and 
ferrite. After quenching, the structure is martensite with 
a small amount of retained austenite. The deformation 
behavior of these two microstructures differs significantly, 
and this almost certainly will influence the galling response. 

It may also be noted in Fig. 12 that the damage measured 
by Rt increases with increasing load. Since the local stresses 
responsible for galling are proportional to the applied load, 
this dependence would be expected of a parameter that is 
used to measure damage severity. 

• HOT ROLLED 1541 vs. 1541 

• QUENCHED 1541 vs. 1541 

LOAD (kN) 
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In addition to investigating the influence of heat 
treatment, the effect3 of carburizing and nitriding have 
also been studied.^'^ Both of these surface treatments Mere 
found to result in a significant reduction in galling severity. 

Stainless steels are oiten cited as being susceptible 
to galling. This is probably because the very thin adherent 
passive f i 1 at that foras on the surface of these alloys does 
not provide the saae aaount of protection as the thicker, 
aore easily sheared filas that are normally present on less 
corrosion resistant aetals. Also, stainless steels do not 
respond well to aany of the lubricants that are used. The 
galling severity of several stainless steels and a nuaber 
of other alloys is plotted as a function of hardness in 
Fig. 13. It can be seen that the stainless steels as a 
ftroup do not, in fact, behave aore poorly than the other 
aetals. Since the surfaces were clean and had not been 
exposed to conditions that would lead to aore than a thin 
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Fig. 13. Rt for various coaaercial alloys tested at a load 
of 1500 N. 
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oxide file for all aetals, the surface fila was not a 
critical eleaent in differentiating between the calling 
behavior of these aetals. 

Two of the aetals, Nitronic 60 and leaded brass, stand 
out as being less severely daeaged than the others in Fig. 
13. Nitronic 60 id an austenitic stainless steel that is 
specifically recoaaended for applications where galling aay 
be a problea.** 

He have conducted transaission electron aicroscopy studies 
on this alloy and have found that it has a low stacking fault 
energy, considerably less than 304 or 316 stainless steels. 
It appears that this property is the basis for ths iaproved 
galling resistance of Nitronic 60. 

Leaded brass, on the other hand, is a two phase alloy 
contesting of saall particles of lead in a aatrix of alpha 
brass. It is thought that during sliding the lead aay be 
saeared over the surface and in this way provide what is in 
effect a thin lubricating fila. 

CONCLUSIONS 

1. Paraaeters based on surface topography provide a useful 
aeans to aeasure galling behavior 

2. Hardness and galling severity do not, in general, correlate 
for different aetals 

3. Hexagonal close packed aetals are aore resistant to galling 
than body centered cubic and face centered cubic Betels 

4. Alloys with low stacking fault energies gall less severely 
than those with high stacking fault energies 

5. 1541 steel in the non-hardened, hot rolled condition galls 
aore severely than the saae steel in the quenched, hardened 
condi tion 

6. Galling severity increases with increasing load 
7. Carburizing and nitridlng increase the resistance to 

galling 
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PARTICLE EROSION IN TURBULENT FLOW PAST TUBE BANKS 
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ABSTRACT 

Measurements and calculations are reported for particle-laden 
flovs past single tubes and two in-line tubes. The measurements are 
for particle flux in the turbulent flow regime. This is a more fun
damental quantity to determine than erosion since the latter is 
complicated by the nature of the particle-surface Interaction and the 
material properties. The calculations are for fluid and particle 
motion in the laminar regime. They have required the development and 
testing of a body-fitted coordinate numerical procedure for deter
mining fluid motion past single tubes, two in-line tubes and a tube in 
an infinite tube bank. Current work is addressing the extension of 
the numerical procedure to turbulent flow. 

INTRODUCTION 

Flows past single tubes or multiple tube arrays arise in numerous 
engineering applications involving heat transfer. Of special interest 
here is the case when the bulk flow is aligned normal to the tube(s). 
Much of the work performed for this configuration, especially for 
single tubes (or cylinders), has been reviewed by Zukauskas and 
Zlugzda [1985]. A summary of Investigations performed in staggered 
and In-line tube banks has been given by Chen et al. [1986] for flows 
in the laminar regime. Corresponding studies for flows in the tur
bulent regime have been reviewed b" Antonopoulos [1985]. 
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Frequently, the flow normal to a tube bank carries solid par
ticles in suspension that erode the tub**. This is the case in the 
convective zone of a fluidized bed combubtor, and in the primary 
superheaters, reheaters and economizers of coal-fired boilers. These 
systems present complex erosion problems of great practical con
sequence and considerable fundamental interest. 

In contrast to the relatively large number of experimental and 
computational investigations conducted to clarify the flow and heat 
transfer characteristics of tube bank configurations, little work of 
comparable extent has b*»c-n done to improve understanding of the 
corresponding particle-impact erosion problem. While interesting in 
their own right, numerical studies of particles impacting single 
tubes, such as have been performed by Tilly (1969], Healy [1970], 
Laitone [1983] and Vittal and Tabakoff [1986], are of limited value 
for rendering predictable the erosion of tubes in tube banks. 
Similarly, the experimental data available, particularly that 
pertaining to particle motion in turbulent flow, are of limited use 
for advancing fundamental insight of important basic mechanisms. This 
is because in attempting to simulate systems of practical (industrial) 
interest, various factors such as temperature, particle size and con
centration, material properties, and fluid flow conditions (especially 
turbulence, unknowingly) are frequently varied simultaneously. Thus, 
often the experimental task is reduced to simply obtaining a correla
tion for erosion, in terms of the independent variables, that Is 
highly specific to the system under investigation. See, for example, 
Tsai et al. [1981], aauver et al. [1984], Gilmour et al. [1985] and 
the various references therein. 

To our knowledge, an in-depth study of particle-laden erosive 
flows in tube banks has not yet been performed. This Is not 
surprising given the complexity of the problem. It is the purpose of 
this work to partly overcome the knowledge gap by performing an 
experimental and numerical Investigation of a simpler flow con
figuration. 
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In the experiment, attention is focused on the flow of air at 
high speeds through a vertical duct with two in-line tubes of discre
tely variable spacing aligned normal to the flow. (The single tube 
configuration is also documented as a reference standard.) The air 
carries a dilute concentration of glass beads of mass loading 

-3 
T < 7 x iO and of nominal diameter d * 97pm. The speed and tur
bulence levels of the air approaching the tubes can be altered to 
investigate their respective influence on particle flux to the tube 
surfaces. In addition to particle flux, the study calls for measuring 
particle and fluid-phase velocities using a laser-Doppler velocimeter. 
This is part of the plan for continuing work. 

The numerical simulation has two principal objectives: 
a) to predict as validation test cases the one- and two-tube con

figurations investigated experimentally; 
b) to extrapolate the use of the validated numerical procedure to 

predict particle-laden gas flows in tube banks. 
A related important objective is to calculate the relative 

erosion in configurations "a" and "b" above, using a cutting wear 
model as in, for example, Dosanjh and Humphrey [1985]. 

While turbulent flow conditions are of primary concern, because 
the laminar flow regime is free of modeling uncertainties and offers 
valuable qualitative insight, it is also the subject of numerical 
research. We report here on the laminar flow calculations. 
Theoretical and numerical work is currently underway that addresses 
the turbulent motion of the fluid and of the particles in suspension. 

The remainder of this report is divided in three parts. First we 
present ongoing experimental work. This is followed by a description 
of the ongoing numerical activity. The report concludes with a sum
mary of achievements and plans for continuing work. 
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DISCUSSION OF CURRENT ACTIVITIES 

EXPERIMENTAL WORK 

A schematic of the experimenlal apparatus is provided in Figure 
1. Air at high speed is drawn from a stagnation chamber into a ver
tical duct of square cross-section (hydraulic diameter D » 10cm) by a 
continuously variable speed, axial-flow, Lansom blower. Measurements 
of the air velocity through the duct are obtained with a static 
pressure pitot tube connected to an oil manometer. The air speed 
range used in the experiments to date is 10-30 m/s, although higher 
speeds can be achieved. The blower has been sound-proofed for ease of 
operation. 

A 4 to 1 contraction at the duct inlet is followed by two screens 
of discretely variable spacing. The screen characteristics are: width 
of grid element, b - 3.175mm; distance between grid element centers, 
M * 6.845mm. Two in-line tubes of diameter d - 2.32cm are located 
downstream of the screens in the vertical duct. Their axes are 
aligned normal to the main flow (as well as to two facing side walls) 
and contained in the duct center. The spacing between the two tubes 
is discretely variable. The distance between the second (downstream) 
screen and the first (upstream) tube determines the level of the tur
bulence fluctuations at the first tube location. To find this, the 
experimental correlations given by Naudascher and Farell [1970] are 
used. 

Particles of diameter d • 97pm (approximately) are Introduced 
into the duct flow by gravity feed from a hopper whose mass flow ver
sus time has been previously calibrated. The flow of particles is 
controlled by the size of the orifice through which they pass. The 
particles fall onto a vibrating screen (isolated from the vertical 
test section) which distributes them evenly over the duct cross-
section. A filter box downstream of the duct test section removes 
most of the particles from the flow. A cyclone separator removes 
those particles that have been comminuted and have escaped the screens 
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in the filter box. Additional filters at the end of the diffuser con
nected to the blower ensure that very small particles that might 
damage the blower are removed. The filtered air from the blower is 
exhausted to the atmosphere. 

The upstream tube in the test section is constructed from steel 
and is perfectly circular. The downstream tube is machined from alu
minum. Its cross-section is shown in Figure 2 where it is seen that 
36 shallow grooves of triangular cross-section are evenly distributed 
around the periphery of the tube. Crisco shortening (hydrogenated 
palm and soy oil) is carefully packed into the grooves and serves to 
trap any particles that strike a groove cross-section. The Crisco-
particle mixture is carefully removed from a groove and placed on a 
pre-weighed screen after a run. The Crisco is then removed by care
fully washing with a warm mixture of isomer hexanes (CH.,). The mass 
of particles remaining after washing is dried and then weighed on a 
Mettler balance to within i 4 x 10 gr. In this way, the circum
ferential distribution of particles deposited in the grooves around 
the aluminum tube during an experiment can be determined. Although 
laborious, the procedure is simple, accurate and inexpensive. 

The tubes are positioned at their respective location by 
insertion through snug-fitting holes in two facing walls of the test 
section. By aligning twc uarks, one on a tube and one on a wall, the 
relative orientation is saintained between a tube and the flow. For 
experiments involving a single tube, the aluminum tube was always 
used. For experiments involving two tubes, the aluminum tube was 
always the second (downstream) tube. The walls of the vertical duct 
are constructed from 3/8" (9.5mm) thick transparent plexiglass for 
ease of optical access. 

Some of the results obtained to date are shown in Figures 3 - 4 . 
The experimental conditions are given in the figure captions where: 
x/D denotes the distance in duct hydraulic diameters between the 
second grid and the first tube; 
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u (= u 2 x 100/U_) 
D 

is the percent turbulence Intensity based on the bulk average velo
city, U R, though the duct; Re d (= dUg/v) is the Reynolds number of 
the flow based on the tube diameter, d; and Re,. (= DU./v) is the 

U D 
Reynolds number of the flow based on the duct diameter D. 

The curve in Figure 3-a represents the total particle mass cap
tured by a single tube as a function of time. This shows that after 
about 10 seconds, for the experimental conditions investigated, a 
"surface saturation" condition occurs. The figure suggests that after 
one or two layers of particles are embedded in the grooves, further 
embedding is inhibited, presumably by rebounding of the particles from 
encrusted portions of the tube surface. The conclusion is that sur
face flux measurements using this technique must be limited to short 
run-times (or, equivalently, low values of the total particle phase 
mass) to avoid a bias in the measurement of particle surface flux. 

Figure 3-b shows the circumferential distribution of particle 
flux (mass/(time x area)) normalized by the particle flux through the 
duct (labeled "channel" in the figure) at the end of a 5 second run. 
It is important to note that the real groove area, as opposed to the 
projected area, has been used in determining the particle flux to a 
groove. Results shown for 100, 140 and 180 seconds in Figure 3-c 
illustrate the problem referred to for long run-times. In particular, 
the profiles obtained at 140 and 180 seconds display circumferential 
variations that are absent in the short run-time case in Figure 3-b, 
due to the cummulative bias in the surface flux measurement. 

The particle flux data shown in Figure 3-b is especially 
interesting for two reasons: i) it shows a maximum flux at 180 
degrees, corresponding to the stagnation point on the tube; il) it 
shows a small (but measurable) number of particles impacting the tube 
below 50 and above 270 degrees. 

The first point is important because for ductile metals maximum 
erosion Is expected to occur at circumferential locations ± 45 degrees 
with respect to the normal (180 degree) location; see Bauver et al. 
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(1984). Thus, the combined effects of higher speed and sharper angles 
of attack at these locations must be overcoming the significantly 
lower particle fluxes there (relative to the stagnation point 
location.) The second result points to the unavoidable reentrainment 
of some (albeit few) slower moving particles in the wake region of the 
tube, which are redirected toward the tube's rear surface where they 
are embedded. 

Results for the flux of particles towards the second of two in
line tubes are shown in Figure 4. The conditions stipulate tubes 2d 
apart from their centers in a flow with 57. turbulence intensity. The 
protective influence of the upstream tube is obvious in two ways: 

i) first, In L.ie total reduction of mass flux to the second tube 
(compare with Figure 3-b); 

il) second, in the minimum displayed at 180 degrees, resulting 
from the upstream tulie wake. 

Additional experiments are underway to investigate the influence 
of turbulence intensity and tube spacing on the particle flux to two 
in-line tubes. The data obtained, of which a representative sample 
has been shown here, will serve to evaluate the numerical calculation 
procedure under development. In this regard, it is especially impor
tant to note that the measurement of the circumferential particle flux 
distribution over a tube surface is a much more fundamental experimen
tal quantity to determine than a corresponding measurement of erosion. 
This is because the prediction of the latter quantity Is subject to 
serious uncertainties related to the specitication of material proper
ties, particle-surface interactions and, ultimately, the erosion model 
used. As a result, erosion measurements are, in general, poor can
didates for testing the influence of fluid motion on impacting par
ticle speeds and trajectories. 

Continuing work includes making measurements of fluid and par
ticle velocities for the one and two-tube configurations discussed 
above using a laser-Doppler velocimeter In conjunction with a com
puterized data acquisition/processing system. 



429 

NUMERICAL WORK (LAMINAR FLOW) 

The prediction of particle motion and erosion is broken into four 
stages. First, a nonorthogonal boundary fitted coordinate system is 
generated for the geometry of interest (single tube, two tubes in
line, a tube in an infinite in-line tube bank). Second, the finite 
difference method Is used to calculate the laminar flow field by 
solving the steady state Navier Stokes equations of motion on the 
boundary fitted coordinate system. Third, a Runge-Kutta method is 
used with a drag model to track the particles through the calculated 
flow field. Fourth, the particle impact information is used with a 
wear model to predi'r erosion. This section discusses each of the 
first three stages *~A presents the equations and boundary conditons 
used. The fourth stage is the subject of ongoing work. 

Grid Generation 

Essentially one type of grid is used for all of the calculations. 
A typical grid is shown in Figure 5. The grid is generated in two 
parts. The first part generated is near the tube(s) (approximately 
the center two quarters in the upstream and downstream direction and 
from the bottom to the top of the grid). These grid lines are 
generated by using an elliptic grid generation method as discussed by 
Thompson et al. [1985). The second part consists of putting upstream 
and downstream ends on this grid with a cubic spline. The spline is 
used to make the grid orthogonal at the inlet and exit planes for ease 
in implementing boundary conditions; see Figure 6. 

In the two dlmensi>nal body-fitted curvilinear coordinate system, 
there are two coordinate lines that will be represented by £ and n in 
this report. These lines correspond to x and y respectively in the 
Cartesian coordinate system. Conceptually, it is easier to solve the 
conservation equations in what is referred to as the computational 
domain or transformed field. The computational field is a rectangle 
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for all of the cases in this report with square cells having sides of 
unity length. In the computational domain, the curvature of the grid 
lines in the physical field is accounted for by the metric coef
ficients which appear in the transformed equations. The elliptic part 
of the grid generation Is accomplished by solving the following 
Polsson equation in the computational domain, where the derivatives 
are in terms of the new coordinate lines ( and n : 

g22 t r« + P V + «ll i r
n„ + Q V " 2 « i 2 r

w " ° ( 1 ) 

where 

gij " ai * aj ( 2 ) 

and 

ai = rl r « xi + yj + zk (3) 

In all equations (like Equation 1), subscripted coordinates represent 
partial differentiation. The source terms P and Q are used to control 
the point distribution of the tfrid. These source terms are referred 
to as control functions (functions because they may vary throughout 
the grid). They can be calculated in a variety of ways. The tech
nique called "derivative line spacing" was used in this work. 
Derivative line spacing control functions work to maintain the boun
dary point distribution throughout the grid. P controls the location 
of vertical lines and Q controls that of the horizontal lines. The 
control functions are calculated from: 

r • r r • r 
p 5 « - S ™ (4) 

r I I r | 

r • r r • r 
- -2- j- O ) 

n C 
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where 

r » \ r • r 

and (6) 

r ={r • r } I n I l n V 

In Equations 4-6, £ derivatives are calculated on the top and bottom 
boundaries and linearly interpolated towards the center of the calcu
lation domain* Similarly, n derivatives are calculated on the left 
and right boundaries and linearly interpolated towards the center of 
the domain. These control functions yield consistently smooth grids 
without further modification. 

The use of Equation 1 generates a grid with a suitable poiat 
distribution but does not allow the implementation of orthogonality at 
the boundaries. At the inlet and exit planes, this deficiency was 
overcome by using a cubic spline to fit horizontal lines that are 
orthogonal to these boundaries while joining smoothly to the grid 
generated by the Poisson equation. An additional vertical grid line 
is added at the inlet and exit plane locations to facilitate the 
implementation of the fully developed exit flow boundary condition; 
see Figure 6. 

Flow Field Calculation 

The steady state continuity and Navier Stokes equations are 
solved by a finite difference method on the nonorthogonal curvilinear 
grid. The equations in Cartesian coordinate notation are: 

IP"1} j - 0 (7) 
x 
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[u pu - uu ± \ t + P t = 0 (8) 
X X X 

[u-pv - uv ±) t + P 2 = 0 (9) 
X X X 

where 

1 2 
x " x and x * y (10) 

The steady s tate conservation forms of the continuity and Navl^r 
Stokes equations In the computational or transformed region are: 

1 / " T P " 1 } , - o d o 

[ • g (pl^u - y g i J u } ] + (y ,P) - (y P) 2 - 0 (12) 

[ • g [ 0 v \ - u g l j v \ ] - (x ,P) . + (x jP) 2 = 0 ( 1 3 ) 

where 

C 1 - C and C 2 « n (14) 

U1 - a 1 • (ui + vj) (15) 

a 1 H vr (16) 

g l j - a 1- a J (17) 

The equations are solved by an Iterat ive procedure similar to 
that In Patankar [1980]. The curvilinear grid requires that all the 
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variables (u, v, and p) are calculated at the intersection of each 
grid line rather than at staggered locations as in Patankar's work. 
The u-momentum equation is discretized and solved with all values 
taken as constant from the previous iteration except the u velocity. 
The same procedure is followed for the v-momentum equation. The 
pressure is calculated by adjusting the pressure from the previous 
iteration until the velocities calculated by the momentum equations 
satisfy continuity. This is again similar to the method in Patankar 
but with two important differences. First, while a central difference 
is used for the pressure derivatives in the momentum equations in both 
the present work and in Patankar's work, the central difference has a 
2 A£ dependence on the nonstaggered grid but a A£ (Ax on a car
tesian grid) dependence on a staggered grid. A dependence 2 A£ 
results in a pressure oscillation when the velocities are averaged to 
obtain the flux into the control volume used for the pressure calcula
tion. (It is exactly this problem that the staggered grid was created 
to solve. The staggered grid does not require averages to obtain the 
fluxes into the control volume used in the pressure calculation.) To 
obviate velocity averaging at the control volume walls, a linearized 
version of the momentum equation is solved at each control volume 
wall. The linearized version of the momentum equation has a 
A^ dependence in the direction of the two nodes normal to the control 
volume wall and a 2 AC dependence in the tangential direction. 
Solution of the linearized momentum equation eliminates all pressure 
oscillations in the calculation. The second point is that pressure 
corrections of the velocities, as performed by Patankar in the 
pressure equation subroutine, are dispensed with. While this slows 
down convergence, it does not affect the accuracy of the calculations. 

Typical numerical results obtained for the laminar flow regime 
are shown in Figures 7-9. Figures 7-a and b are complete and close-up 
views respectively of the 61 x 20 body-fitted coordinate grid used to 
calculate the flow around a single tube at Re. - 26. This choice of 
Re. coincides with flow visualization results presented by Van Dyke 
[19821. Figure 8 shows a close-up view of the flow field around the 
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tube. The separation and reattachment points of the wake agree very 
well with the flow visualization result. The boundary conditions used 
for this calculation are indicated in Figure 7-a. 

Figure 9 shows the flow past two in-line tubes for three spacings 
between tubes. Except for the exit plane, the same boundary con
ditions shown in Figure 7-a were used for these calculations. At the 
exit plane v = 0 and 3u/3x « 0 were imposed. For small spacings the 
wake of the upstream tube projects onto the downstream tube suggesting 
that in the presence of particles there may be a mitigation of erosion 
in the vicinity of the stagnation zone of the downstream tube. 
Although restricted to low Re,, the results are of qualitative value 
and considerable practical interest. 

Figure 10 illustrates three cases of flows past tubes in an infi
nite in-line tube bank. In actual fact, it suffices to calculate the 
flow around one tube with inlet and outlet boundaries located midway 
between tubes. (The figures show two tubes for ease of presentation). 
As in the cases shown in Figures 7 - 8 , the top and bottom planes are 
symnetry planes. At the inlet and exit planes, however, periodic 
boundary conditions are imposed that must be solved for iteratively in 
the course of calculation. The present case shows wake reattachment 
between tubes 2d and 3d apart, similar to the in-line two-tube con
figuration. 

Particle Tracking 

In this study the following equation is used to describe the 
motion of an arbitrarily accelerated particle in the fluid flow field 

dU * . d • + + • 
m

P ir m v * T * ^ p f C D i u f " U

P I ( u f " V ( 1 8 ) 

where m is the particle mass, U is its vector velocity, Uf is the 

fluid vector velocity and Cp is the drag coefficient. This equation 
is the result of a differential force balance where, due to the large 
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3 
value of the ratio p /p f (about 2.25 x 10 for glass particles In 
air), acceleration dependent drag terms (the "added mass" and "Basset 
history integral" terms) and lift forces (such as "Magnus" and 
"Saffman" forces) are negligible. Also small are the pressure gra
dient forces omitted in the equation. Consequently, particle motion 
is attributed entirely to drag and the gravitational force. Equation 
(18) is taken from Clift et al. [1978], where it is shown that the 
terms neglected are indeed small compared to those retained. 
Furthermore, Eq. (18) is only valid for non-interacting particles. 

The particles are assumed to be spherical so that Stoke's drag 
formula can be used. Since this formula is only valid when the 
Reynolds number (based on the particle diameter and the relative velo
city between the two phases) is much less than unity, an empirically 
determined correction factor f is employed when the particle Reynolds 
number is of order unity or larger* As a result, Eq. (18) can be 
rewritten as 

dU f
 + * 

dt* - 7 (uf ' V + g ( l 9 ) 

where x Is the particle response time given by 

d 2 p 
T - _ P—B (20) 

18 M 

Since the fluid velocity Is calculated at fixed grid points using 
an eulerian formulation of the equations of motion, the fluid velocity 
along the trajectory of a particle must be found by interpolation. 
Special care Is required since the grid used for calculating the velo
city field is nonorthogonal. In the present study an algorithm 
embodying the following steps is used: 

1. Find the grid point closest to the current particle location. 
(This Is called the search step.) 
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2. Find the neighboring cell in which the particle is located. 
(See Figure 11.) 

3. Divide the cell found in Step 2 into four triangles, and find 
the triangle in which the particle is located. (See Figure 
12.) 

4. Assume that properties at the center of the grid (point c) 
are the mean of the values at the corners of the cell. 
Interpolate for properties at the particle location using the 
values at a, b and c in Figure 12. 

This procedure ensures continuity of the interpolated properties fron 
cell to cell. It has also proven to be fast to execute. 

Special care is required when the particle approaches the tube 
surface. Because the solution scheme Is parabolic in time, a trial 
and error scheme has to be implemented to determine the instant and 
position of impact. For this, a small region around the tube of 
thickness 6 is defined. When the particle first approaches the sur
face, the solution algorithm is "unaware" of its presence and forces 
the particle to cross the surface. When this happens, the particle is 
returned to its previous position, the time step is decreased, and 
computation is retried. This procedure is repeated until the particle 
falls into the 6 region defined. Assuming that the particle velocity 
remains constant within 6, Euler's method is used to determine the 
position and time of particle impaction. Finally, the rebounding par
ticle velocity is calculated assuming specular, elastic reflection. 
(Of course, more practical, empirical relations can be used.) When 
the particle is very small (T < 1), it may rebound from the wall 
several times. In this case 6 must be very snail and a very small 
calculation time step must be used. Consequently, an adaptive time 
step algorithm Is recommended. Work along these lines is in progress. 

Extensive testing of the particle-tracking algorithm was per
formed by reference to the numerical results obtained by Laitone 
(1983] for the case of a stagnation point flow. Although not shown 
here, very good agreement was obtained between the two sets of calcu
lations. 
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Figure 13 shows the trajectories of 200um glass spheres 
rebounding specularly and elastically from the surface of a single 
tube in a flow with Re d - 50. At this low Re. the particle velocity 
is strongly influenced by the gravity term In the equation of motion. 
The particles in this flow are fairly inertial, having momentum 
equilibrium numbers A (= T Ug/d) - 0.44 approximately. The figure 
also shows how particles crossing the symmetry plane are restored to 
the flow, as if elastically colliding with the symmetry plane. (This, 
in fact, is a simple way of ensuring particle mass conservation in the 
flow field.) 

Figure 14 illustrates multiple impacts by a d « 60um particle 
(A - 0.04) in a single tube flow with Re d - 50. In this case the par
ticle rebounds three times before clearing the tube. As in the pre
vious case, specular, elastic particle-tube collisions are assumed. 
Both the particle impact velocity and impact angle vary around the 
tube, which will affect the secondary erosion. This is a subject of 
continuing research. 

CONCLUSIONS AND CONTINUING WORK 

A technique for measuring the particle flux to a tube surface In 
turbulent gas flows has been successfully developed. Work is underway 
to obtain measurements of circumferential particle flux distributions 
on tubes as a function of the turbulence intensity and tube spacing in 
the flow. Future work includes using a laser-Doppler velocimeter to 
make corresponding measurements of particle and fluid phase velocities 
in the vicinity of the tubes. 

A numerical procedure has been developed and tested that calcula
tes laminar flow past tubes in body fitted coordinates. Results have 
been generated for configurations corresponding to a single tube, two 
in-line tubes and In-line tubes in an infinite tube bank. Work is 
presently underway to extend the numerical procedure to turbulent 
flow. 



438 

A numerical procedure has been developed and tested that calcula
tes particle trajectories in the laminar fl^w regime. This has been 
applied to some of the tube configurations referred to above. The 
procedure is limited to dilute systems of spherical particles that are 
denser than the carrier fluid U>D/pc » O ; a condition characterizing 
many particle-laden aerodynamic flow configurations. Continuing work 
will address the extension of the procedure to turbulent flows using a 
stochastic approach to account for random particle-eddy interactions. 
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Figure 3-b: Circumferential distribution of normalized particle flux 
to the surface of a single tube at the end of 5 seconds. Conditions 
are as specified in caption to Figure 3-a. 
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Ju/^y = 0 , v = 0 

u = 1 
v = 0 

iu/iy = 0 , v = 0 

Figure 7-a: Illustrating a 61 x 20 body-fitted coordinate grid for 
calculating laalnar flow around a single tube. 

Figure 7-b: Clo«.*-up view of Figure 7-a In the vicinity of the tube. 
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Figure 8: Cloae-up view of flow around a tube with Re. - 26, 
calculated on the grid shown In Figure 7-a. Flow la from left to 
right. Experimentally determined wake length la marked In the figure. 
Boundary conditions uaed are given In the figure. 
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Figure 9: Streamlines for flow around two In-line tubes with centers 
spaced 2d, 3d and 9d respectively; Red - 50; flow is from left to 
right. Boundary conditions are as shown In Figure 7-a except that at 
exit plane 3u/3x - 0 and v - 0 are specified. 
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Figure 10: Streaallnee for flow around a pair of In-line tube* in an 
Infinite tube bank with (pacing* 2d, 3d and 9d respectively; Re. - 50; 
flow Is froa left to right. Boundary conditions are aa shovn In 
Figure 7-a, except that Inlet and exit planes are periodic and 
boundary condltlona there are evaluated lteratlvely. 
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Figure 13: Rebounding trajectories of 200^1 glasa apheres released 
In air at different dlatancea froa the center-l ine ayaaetry plane. 
Gravity la aligned In the flow direction ( l e f t to right) and Re. - 50. 

I l l u s t r a t i n g mult iple rebounding 
Figure 14: Trajectory of a Mum glass sphere released In a i r 

; mult iple rebounding 
d i rec t ion ( le f t to r igh t ) and Re 

Cravlty Is aligned in the flow 
50. 
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ALKALI ATTACK OF COAL GASIFIER REFRACTORY LININGS 

Jesse J. Brown, Jr. 

Department of Materials Engineering 
Virginia Polytechnic Institute and State University 

Black.'burg, Virginia 24061 

ABSTRACT 

Thermodynamic calculations were used to study the alkali and/or 
flkali-sulfur species present under coal gasifying conditions and the 
phases present when alkali and sulfur react with the calcium alumirate 
cement in the gasifier refractory lining. Phase maps were prepared 
covering temperatures from 800K to 1900K and pressures froti acibient to 
10.4 MPa. From a thercodynan-ic point cf view, alkali reactions appear 
to be inevitable when refractories of the Ca0-Al„0„-Si0_ system are 
expc-£.ed to alkali-contcining coal gasi f ier environments. Because the 
total energy of the systoir is lowered by the formation of alkali 
compounds, the compounds forced are usually much less dense than the 
original refractory. The attack n,ay be retarded by slowing the rates 
of reactions by elevating operating pressures rather than 
temperatures, nonionizing refractory porosity, and niaxiniisr ing 
refractory bonding phase maturity prior to initial gasifier operation. 

INTRODUCTION 

Refractory faxlure is often the result of alkali attack xn many 
high temperature technologies, including all coal gasification 
processes where alkalies from the coal are present. Alkali corrosion 
involves a series of reactions which may either degrade the refractory 
materials or cause premature failure. In most refractory systems, the 
presence of alkali tends to lower the liquidus temperature with 
consequent localized melting. Alternatively, when alkali reacts with 
refractory linings, compounds with lower densities often form which 
tend to spall oft when subjected to thermal cycling. In cases where 
the atmosphere is rich in steam, the hydration-dehydration cycle of 
the alkali compound formed may increase refractory spelling. Alkali 
impurities also decrease the viscosity of silicate melts; therefore, 
refractories with high silica contents may show gradual softening 
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after long exposure to the alkali atmosphere. Alkali corrosion is 
affected by porosity of the refractory. Either by melt infiltration 
or vapor penetration through the pores, alkalies may penetrate belov 
the surface and cause even more severe problems. 

In addition to alkali, sulfur is constantly present in coal 
gasifiers. For calcium aluainate bonded refractory castables, which 
are almost exclusively used in dry ash gasifiers, the presence of 
sulfur impurities can result in sulfur corrosion. Sulfur impurities 
have been found to preferentially attack the calcium aluainate bonding 
phase of refractory castables by forming calcium sulfide. The 
sulfidation of lime and iron oxide will lead to substantial volume 
change due to the significant difference in densities of the oxides 
and sulfides. It appears that sulfur and alkali impurities may act 
synergistically in attacking the gasifier linings, and lead to a 
dramatic reduction in the durability of refractory linings. 

The mechanism and the state of the release of alkali and sulfur 
impurities from coal are pooily understood. Experimental 
identifications of the species existing is the gasifier atmosphere are 
extremely difficult due to the combined aggressive conditions of high 
temperature, high pressure, and high chemical reactivity in coal 
gasification atmospheres. In order to understand the release of 
alkali and sulfur, a thermodynamic approach is adopted in the present 
study to calculate the equilibrium states of these impurities under 
the coal gasification atmosphere using the SOLGASMIX-PV computer 
program.2 The SOLGASMIX-PV is capable of calculating chemical 
equilibrium at various temperatures and pressures. In addition, 
phases formed from the reactions of alkali and/or alkali-sulfur 
impurities with the gasifier linings can also be predicted. 

It is reasonable that investigations should concentrate on the 
bonding phase of refractory castables because corrosion generally 
starts at the bonding phase and the aggregate remains largely 
unreacted. Although much work has been done on the alkali attack of 
various refractories, very little information has been published 
on the alkali-cement reactions. Therefore the present study involves: 
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1. Calculation of equilibrium alkali and sulfur species existing in 

the coal gasification atmosphere. 
2. Calculations of the phases formed from the reactions of alkali 

and/or alkali-sulfur impurities with calcium aluminate cement. 

CALCULATION OF EQUILIBRIUM COMPOSITIONS 

The calculation of equilibrium compositions in a given system is 
based on the minimization of the total Gibbs free energy under the 
constraint of mass conservation. The basic equations used are*. 

m 
G/RT - £ x*[(g°/RT)* + In P + In (x^X) 8] + 

i-1 

n s 
£ x*[(g°/RT)* + In (x^x/] + £ x£(g°/RT)J (1) 
i-1 i=l 

f ai! *i + i ai5 4 + 1 a i J < - b j <J •*• 2> — » k ) ( 2 ) 

i-1 i=l i-1 

where 
G # = Gibbs free energy 
R = gas content 
x^ = number of 

moles of species I 
P = total pressure 
X = total number of moles 

The indices of g, 1, and c represent the gaseous state, liquid state, 
and solid state, respectively. Equation (1) expresses the total free 
energy of the system contributed from the gaseous, liquid, and solid 
components, and equation (2) checks the mass balance relation in the 
system. By iteration, the equilibrium compositions, x^, of each 
species in the fiysteo can be determined. The assumptions in the 

a . = number of atoms of the j 
elements of the i t n species 

b- = total number of moles of 
the j t h element 

g° = chemical potential of 
pure component i 
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calculations are that all liquids form ideal solutions and that pure 
solid phases occur at stoichiometric compositions. 

Two series of calculations were carried out in studying alkali 
and/or alkali-sulfur corrosion. The first series deals with the 
identification of the alkali and/or alkali-sulfur species existing in 
the coal gasification atmosphere. The second series predicts the 
phases formed from the alkali-cement and alkali-sulfur-cement 
reactions. The thermodynamic data used in the calculations were 
compiled from various sources. *~^° 

ALKALI AND/OR ALKALI-SULFUR SPECIES 

The stable alkali and/or alkali-sulfur species released from coal 
in gasifier atmospheres were predicted in the first series of 
calculations. The gasifier atmosphere used in these calculations had 
the composition (in mole X) - 20 H 2, 20 N 2. 18 CH^. 17 CO. 12 H 2. 
12 CO-, and 1 alkali impurity. Since the operating conditions of the 
coal gasifier vary with different processes, calculations were 
performed at temperatures from 800 K to 1900 K and pressures from 
ambient to 10.4 MPa. 

The species considered corresponding to different impurities are 
listed in Table 1. In each case, the sodium (or potassium) content 
was fixed at a level such that when all the sodium (or potassium) 
species vaporize, the total sodium (or potassium) concentration in the 
gas phase is approximately 1 mol 2. The sulfur content was fixed at a 
level such that the concentration of H 2S in the gas phase is 
approximately 0.7 mol I. 

ALKALI-CEMENT AND/OR ALKALI-SULFUR-CEMENT REACTIONS 

The alkali corrosion, or the combined alkali-sulfur corrosion, is 
assumed to first start on the surface of the refractory lining. In 
order to simulate the corrosion process, only the surface layer was 
considered to participate in the reactions. The successive layers can 
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Tabic I. Chevicel Species Considered in Calculation:; 

Phase State 

Xapurity Caseous Liquid Sv<id 

Sodiua H,. Ka. CH,. Ka, Ha_0, KaOH. C. Ha_0_. r.-,0. 

Na*. CO. NJ,„ Na^CO.. NaCH K*G_. NaGH. N*_CG,. 
2 «. J 2 2 3 

C0 2, NaO. HjO, KaC:» 

KaO". KH KaCN 

0 NaOH, K. 

Sodiua 4 H SO . CH , Na. Na,0. [laOII. C. K«,0,. NaO-, 

Sulfur SO CO. CO . N*2 C°3" " • C N * H 2 S ( V N«°H. N * 2
C 0 V , U C K , 

K 2 S O v NH 3. H 4S0j. H 6 S 0 6 , HgSO,. N a ^ . N.jS 

H 20. Na. NajSO^. H 1 ( )SO g. NajSO,. KajS 

N . \ 0 2 . N. 2. 

N 2. NaO. Sj. 

NaO", CS 2. NaCN. 

COS. KaOH. H S 

Potasaiup Hj. K. CH^, K, KOH. K,CO J t C. i.'jOj. K,0. 

K*. CO, K , KOI KOH, K-CO KQl 

CO . KO. H,0. 

KO'.MH , KCN. 

0 2 . KOH. Nj 

Pocaaaiua • H , K. CM . K, KOK. KCN, C. KjO *->°' 

Sullur K*. CO, K S ^ V H 2 S C V H* S°5" K ° H ' * l^Y K C N* 
C0 2, KO. H 20. H 6S0 6. H g S 0 7 , H | 0BO,. KjSO,. K j S 

KO", HH,, KCN, K,SO., K,S 3 2 4 2 
P 2, KOH, Nj, 

s 2, cs 2, cos 
H,S. SOj. SOj. 

H 2SO<. K SO, 
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be treated in the same manner as the surface layer. Therefore, in the 
simulated system, the amount of the cement tested was taken to be much 
l e s s than the t o t a l gas quantity. This also ensured consistent 
composition of the gas phase upon reactions with the cement. 

Both 53% and 72% alumina cements were tested in th is ser ies of 
calculat ions . The compositions of the cement are l i s t e d in Table 2 . 
In addition to the coal gas i f i ca t ion atmosphere, the equilibrium 
alkal i and/or a lka l i - su l fur species obtained from the previous 
c a l c u l a t i o n s were a l s o included in the t e s t i n g atmosphere. 
Calculations were carried out at ambient pressure. 

Table 2. Composition of Alumina Cement (wtZ) 

A1„0, CaO 
2 3 

Intermediate purity 53.5 40.5 1.6 4.4 

High purity 71.5 27.9 0.17 0.16 

Each alumina cement was tested under four different atmospheres 
corresponding to the type of impurity present in the gasification 
atmosphere. Therefore, eight sets of results were obtained from this 
series of calculations. The results show the mineralogical changes of 
the alumina cement under the influence of alkali and/or alkali-sulfur 
impurities. 

RESULTS AND DISCUSSION 

STABLE ALKALI AND/OR ALKALI-SULFUR SPECIES 

The stable alkali ar.d/or alkali sulfur species obtained from the 
calculations are shown in Fig. 1 through 4. The alkali vapors in 
these cases are likely to be generated by the reactions: 

Fe 20 SiO„ 
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Na 2 C0 3 + 2C(s) = 2Na(g) + 3CO(g) 

i la 2 C0 3 (d) + H 2 0(g) + C(s) = 2Na0H(g) + 2C0(g) 

or 

K 2 C 0 3 ( s ) + 2C(s) = 2E(g) • 3C0(g) 

K 2 C 0 3 ( s ) + H 2 0(g) + C(s) = 2K0H(g) + 2CO(g) 

At ambient pressure, the alkali-vapor can exist at a temperature 
as low as 1270 K for sodium species (Fig. 1), or 1200 K for potassium 
specie? (Fig. 3). However, when sulfur impurities are also present, 
the alkali vapor forming temperatures are increased, while the liquid 
forming temperatures are decreased, as shown in Fig. 2 and 4. This 
can be attributed to the eutectic reaction present in the binary 
system of the alkali carbonate and alkali sulfide, e.g. Na 2C0 3~Na 2S 
system, and also to the high stability of the liquid alkali sulfide. 
By increasing pressure, the alkali vapor can be condensed. However, 
when the temperature is sufficiently high, the presence of the vanor 
species is independent of pressure. In this case, increasing pressure 
can only condense part of the vapor species. 

At low temperature, carbon is deposited without the presence of 
an iron catalyst. It should be noted that potassium cyanide is formed 
at high pressure, as shown in Fig. 3 ana 4. 

The state of alkali and/or alkali-sulfur species In contact with 
the refractory lining depends on the local temperature and pressure. 
If the temperature and pressure distribution in the gasifier are 
known, the cause and the type of reactions can be understood from the 
pressure versuc temperature (P-T) diagrams. 

At low temperatures, alkali corrosion is due to the presence of 
solid alkali carbonate. The reaction ia either diffusion-controlled 
or interface-controlled. Corrosion in this region is relatively slow 
and less severe because the reactions involved are solid state and 
sluggish. If the temperature and pressure .e such that liquid alkali 
is in contact with the refractory lining, corrosion may become 
serious. Apart from surface reactions, the liquid alkali can 
infiltrate below the surface and form compounds there which generate 
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internal stresses. In the region where alkali liquid and alkali vapor 
are in contact with the refractory lining, both liquid infiltration 
and vapor penetration may occur. In the region where temperature is 
the highest, the refractory lining is directly exposed to the alkali 
vapors. The corrosion problem may be threefold at this stage, i.e., 
undesirable compound formation, direct surface fusion, acd alkali 
circulation through the gasifier. Refractories exposed to this 
temperature range will undergo the most serious attack. 

REACTION PRODUCTS 

Using the a lka l i and/or a lkal i - su l fur species obtained above, the 
phases formed for both types of alumina cements upon reaction under 
different atmospheres are predicted. Table 3 show*; the mineralogical 
changes of the 53% and 72% alumina cement after exposures to the 
godium, sodium-sulfur, potassium, and potassium-sulfur atmospheres, 
respect ively . Secondary phases are those present in only minor 
amounts. 

When only sodium or potassium species are present in the 
atmosphere, calcium alummate (CaO-Al-O,) i s attacked by the reactions 

CaOAl 2 0 3 + 2Na + l / 2 0 2 = Na 2 0-Al 2 0 3 + CaO 
or 

CaO-Al 20 3 + 2K + l / 2 0 2 = K^-AljOj + CaO 

For s impl ic i ty , Na and K are used to represent the reacting 
a lkal i spec ies . The actual a lkal i species may be so l id a lka l i 
carbonate, a lkal i l iqu id , or a lkal i vapors, depending on the P-T 
diagrams. Lime (CaO) i s released when e i ther sodium aluminate or 
potassium aluminate i s formed. In a steam-rich atmosphere, the free 
lime may pick up water and cause the refractory l in ing to degrade. 
The formation of sodium aluminate or potassium aluminate i s 
accompanied by a large volume expansion. For example, the volume 
expansion associated with the formation of sodium aluminate i«. 
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Table 3 . - Phases Pred ic ted by Thersvodynaciic C a l c u l a t i o n s f o r Reactions a t 
Atmospheric Pressure 

53Z Al 0 , Ceuent 7 3 A 1

2 ° 3 Repent 

Raact ion Tesiperature(K) P r i s ^ t y Phase Secondary Phase P r i a a i y Phase Secondary Phase 

Sodiu«- 1200 CaO.Na.O-Al jO- Fe.NaOH.Na.O SiOj CaO.Na.O-A1,0 3 F e . N a j O - S i O j 

Ccaent 1300 C a O . N a ^ A l j O j Fe .Na jO-S iO j C a O . N a j O A l j O j F t . N a j O - S i O j 

1400 C a O . N a 2 O A l 2 0 3 F e , 2 C a O - S i 0 2 CaO.NajO-Al jOj F t . 2 C a C - S i 0 2 

Sodiua- 1200 CaS.CaO.NajS. F e . 2 C a O - S i 0 2 CaS.NajS. F e . N ^ O S i O . , 

S u l f u r - f l a 2 O A l 2 0 3 N a 2 0 - A l 2 0 j 

Cement 1300 CaS.CaO.KajS, F e . 2 C a O S i 0 2 CaS.NajS. F e . 2 C a O - S i 0 2 

N a 2 0 A 1 2 0 3 N a j O A l j O , 

1400 CaS.Na 2 S. F e . 2 C a O S i 0 2 CaS.NajS. F t . 2 C a C - S i 0 2 

N a 2 0 - A l 2 0 3 N a 2 O A l 2 0 3 

Potass iua - 1200 CaO.KjO- A l j O j F e . 2 C a O - S i 0 2 # CaO.KjO-Al jOj F e . ^ O - S x O j 

Ceaient X 0 - S i O , 

1300 C a 0 . K 2 0 A l 2 O 3 F e . Z C a O S i O j CaO.KjO-Al jOj F e . 2 C a O - S i 0 2 

1400 C a O . K j O A l j O j F e . 2 C a O S i 0 2 CaO.K jOAl 0 Pe.2CaO-SiC> 2 

Potass iua - 1200 CaS.KjS. F e . 2 C a O S i 0 2 CaS.KjS, Fe .K jO-S iO j 

S u l f u r - K 2 O A 1 2 0 3 K 2 0 A 1 2 0 3 

Caiient 1300 CaS.KjS, F e , 2 C a O S i 0 2 CaS.KjS. F * . 2 C « O . S i 0 2 

K 2 0 - A 1 2 0 3 K 2 C - A 1 2 0 3 

1400 C a S . K 2 O A l 2 0 3 F e . 2 C a O - S i 0 2 > CaS.KJD-Al .O, Fe .2CaO-S i0 2 

KjO-SiOj 
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approximately 471 ( c a l c u l a t e d from s p e c i f i c g r a v i t y ) . 

When s u l f u r i m p u r i t i e s are a l s o p r e s e n t , the f r e e l ime r e l e a s e d 

from the a l k a l i - c e m e n t r e a c t i o n i s s u l f i d i z e d t o form calc ium s u l f i d e . 

The r e a c t i o n sequence can be reversed , i . e . , s u l f i d a t i o n occurs f i r s t 

in the cement matrix and then a l k a l i r e a c t s w i t h the r e l e a s e d alumina. 

E i ther process w i l l y i e l d the r e s u l t a n t r e a c t i o n : 

C a O A l 2 0 3 + 2Na + 1 / 2 S 2 = N a 2 O A l 2 0 3 + CaS 

or 

CaO-Al 2 0 3 + 2K + 1 / 2 S 2 = K 2 0 - A 1 2 0 3 + CaS 

The volume expansion corresponding to the formation of Na 20- A 1 2 0 3 and 

CaS i s approximately 6 9 1 . 

The a l k a l i s u l f i d e (Na 2 S or fUS) obtained from the c a l c u l a t i o n s 

may g i v e the impress ion that i t can decrease the a l k a l i and s u l f u r 

c o n c e n t r a t i o n s , and t h e r e f o r e reduce the a l k a l i and/or a l k a l i - s u l f u r 

a t t a c k . However, i t was found from the c a l c u l a t i o n s that a l k a l i 

s u l f i d e e x i s t s on ly when exces s a l k a l i and s u l f u r are present a f t e r 

tin. a l k a l i and s u l f i d a t i o n r e a c t i o n s have taken p l a c e . If the amounts 

of a l k a l i and s u l f u r are not s u f f i c i e n t t o complete ly decompose 

calcium aluminate , a l k a l i s u l f i d e w i l l not form. The phases formed 

are calcium s u l f i d e , a l k a l i a luminate , and res idua l calcium a luminate . 

Based on thermodynamic c o n s i d e r a t i o n s , adding e x c e s s s u l f u r or a l k a l i 

t o the a l k a l i - c o n t a i n i n g system w i l l not counteract the a l k a l i or 

s u l f i d a t i o n r e a c t i o n s . 

CONCLUSIONS 

The mechanism of a l k a l i and/or a l k a l i - s u l f u r a t tack on coa l 

g a s i f i e r l i n i n g s c o n s i s t s of two s t e p s : 1) the r e l e a s e of the a l k a l i 

and/or a l k a l i - s u l f u r s p e c i e s from c o a l , and 2) the r e a c t i o n s wi th the 

g a s i f i e r l i n i n g . The a l k a l i and/or a l k a l i - s u l f u r s p e c i e s present i n 

the coa l g a s i f i c a t i o n atmosphere can be pred ic ted from thermodynamic 

c a l c u l a t i o n s . The a l k a l i and s u l f u r compounds formed by the r e a c t i o n s 
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of these species with the refractory cements can also be calculated. 
Results strongly depend on the accuracy of the thermodynamic data, 
especially when handling a system of more than 50 species. 

The alkali and/or alkali-sulfur attack can result in: 
1. Incipient melting of the hot face due to alkali fluxing; 
2. Thermal spelling due to differential thermal expansion of 

the bulk and the surface compounds; 
3. Traverse cracking due to internal stresses generated under 

the surface; and 
4. Surface washout by dissolution of alkali compounds. 
When refractories made from the A^Oj-SiC^-CaO system are exposed 

to alkali atmospheres, alkali reactions appear to be an inevitable 
consequence from the viewpoint of thermodynamic considerations. Since 
the total energy of the system will be lowered by the formation of 
alkali compounds, the compounds formed are usually far less dense than 
the bulk. The attack can only be retarded by slowing the rate of the 
reactions. From these results, the recommended methods for retarding 
alkali attack are: 

1. Elevate pressures rather than temperatures in operating 
conditions; 

2. Improve the reactor cooling system; 
3. Minimize the refractory porosity; and 
4. Maximize the maturity of the bonding phase to develop a 

strong ceramic bond (this can be done by pre-finng the 
gasifier without the presence of alkali). 

The last point is especially important in that the aggregates 
remain unreacted to alkali impurity. This is attributed to the larger 
grain size and smaller surface area of the aggregates when compared to 
the cement bonding phase. Therefore, with improved bonding phases, 
the gasifier lining can be expected to last longer. 
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ABSTRACT 

Investigations have been completed to determine how the mechanical 
and physical properties of iron, nickel, and cobalt base alloys could 
be modified by composition changes and mechanical or thermal treatments 
to improve their solid particle erosion resistance. It has been 
determined that essentially all structural alloys behave in a very 
similar manner in near room temperature erosion regardless of their 
strength or other property levels. No definitive alloy selection 
criteria for erosion have been established. The addition of hard, 
carbide particles to metal matrices does not improve erosion resistance 
until approximately 80 vol. % of the composite is carbide particles. 

In combined erosion-corrosion ot the type that occurs in coal 
burning energy generation equipment it is the nature of the scales that 
form on the metals and not the erosion behavior of the metals that 
govern metal wastage. Relatively low alloy steels with scale morphologies 
that are segmented in nature have much lower metal wastage rates than 
higher alloy content steels whose scales may be more consolidated. 

INTRODUCTION 

The selection of alloys for use in various types of service 
environments is generally dependent on various combinations of their 
microstructures and mechanical and ph sical properties. Extensive 
efforts have been made to learn which microstructures and properties of 
metals enhanced their resistance to erosion by small solid particles. 
It has been determined th.it structural alloys of irun, nickel and cobalt 
that are ust-d in elevated temperature applications in energy generation 

http://th.it
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and utilization equipment have very similar erosion behavior over a 
broad spectrum of mechanical and physical properties. 

The differentiation in their performance occurs when combined 
erosion-corrosion environments occur at sufficiently elevated 
temperatures to develop scales on the alloys' surfaces. It is the 
behavior of the scales that provides a selection criteria for solid 
particle impact environments and not the mechanical or physical pro
perties of the base metals. The base metal properties can be used to 
provide for such requirements as load carrying and heat transfer 
without having to factor in erosion resistance. 

The DOE-Fossil Energy Materials Program has supported erosion and 
erosion-corrosion research at the Lawrence Berkeley Laboratory (LBL) 
for several years. During that period the relations between properties 
and erosion behavior have been investigated in depth. Contained in 
this paper is a brief background of earlier work to provide a summary 
of what had been learned, a somewhat more detailed but still limited 
review of the knowledge gained in this past year about the relationship 
between properties and erosion, and a more extensive presentation of 
how the oxidation scales that form on alloy surfaces determine the 
metal wastage rates that occur. 

TEST CONDITIONS 

All test were carried out in the LBL room and elevated temperature 
1 2 erosion testers. ' The test conditions varied and are indicated on 

each table or figure 

RESULTS 

LOW ALLOY STEELS 

The initial effort to determine how mechanical properties and 
hardness affected erosion resistance utilized 1020 plain carbon steel 
and martensitic hardened AISI 4340 steel. Table 1 shows the erosion 
rates of annealed and cold worked 1020 steel and Table 2 shows the 
erosion rates of as-quenched, quenched and tempered and spheroidized 
annealed AISI 4340 steel. It can be seen that large differences in 
strength and hardness had, essentially, no effect on erosion rate. If 
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anything, the more ductile but distinctly softer versions of each steel 
had lover erosion rates than the stronger, harder conditions. 

TABLE 1 

Effect of ductility, strength and hardness on erosion behavior of AISI-SAE 1020 steel 

Condition Ultimate tensuV 
$trtngth iklbt ia1) 

Hardnem 
(HUB) 

Elongation 
(%) 

Erotionmou 
<oar*(mg) 

Hot rolled 
CoM rolled 

55 
61 

65 
10 

25 
15 

2.8 
4.0 

'Statistical average of incremental mass loss per 30 g load of Alfit particles (average size. 
140 ]tm) at steady state erosion (a - 30*; V • 30 m s~ l; T • 25 *C). 

TABLE 2 

Effect of ductility, strength a id hardness on the erosion behavior of AISI-SAE 4340 steel 

Mm* Ultimate Hmrdnem Elongmtion Reduction * * Chmpy Eronon 
treatment Until* (HBC) (%> WIOTM (*) (Ubf impost mmnlom* 
condition ttrengtk 

(klMuT*) 
i n - " ) ttrength 

(ftlbf) 
<"•) 

As quenched 307 60 8 24 34 10 1.03 
Tempered st 273 53 11 36 58 16 0.97 
too *c 

Tempered st IBS 39 14 47 62 12 0.97 
500 *C 

SphtfOidtied - 1 0 0 • 19 • 25 0.90 
by annealing 

'Statistical average of incremental weight tost per 30 gf load of AI,Oj particles (average 
site. 140Mm) at steady state erosion (O - 30*; V - 30 m s~'; T - 25 *C). 

HIGHER ALLOY CONTENT ALLOYS 
A group of 10 alloys of iron, nickel, or cobalt base from the 

Cabot Corp. were erosion tested in various annealed, cold worked, or 
precipitation hardened conditions. Their compositions are listed in 
Table 3. They were prepared in sevaral different manners, i.e. cast, 
wrought, deposited, and, as a result, had a wide range of micro-
structures and resulting properties. The Stellite and Tristelle alloys 
had 2nd phase carbide particle contents from 8 to 21 vol. %. Table 4 
lists the erosion rates of the alloys and their hardnesses. It is 
rather remarkable that such a wide range of materials of different 
compositions, microstructures and properties have such similar erosion 
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rates. In particular the nickel and cobalt base alloys Haynes 188, 
Hastelloy C-276 and Cabot 718 in both the annealed and strengthened 
conditions had erosion rates that were nearly identical at each of 
several different impact angles and eroded by two different, but both 
angular, erodents. 
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CARBIDE-DUCTILE METAL MATRIX COMPOSITES 
In an effort to increase the erosion resistance of metals by 

adding hard, carbide particles to a metal matrix, a group of materials 
was tested and compared. Table 5 (ref. 6) lists the materials and the 
results. While increasing the carbide content of metal matricies aids 
in resisting sliding and abrasive wear, until the carbide content exceeds 
approximately 80 % ' and becomes a continuous skeleton, the erosion 
resistance decreases with increasing carbide content. Even such high 
carbide content materials as K90, K352Q, and K162B had higher erosion 
rates than pure iron and low carbon steels at the higher impact angles. 

TABLE S 

Erosion l a t e s of CarbltU-ftetal Matrix Coapocites 

Alloy Vol%C«rbide Volume Erosion Rate f m'c -' xl0- , 2l Alloy Vol%C«rbide 30* 60* 90' 
Pure Iron 0 9.70 7.76 5.77 
1020 3.1 10.05 7.86 5.67 
1080 12 0 9.99 8.19 6.22 
Stellttc Mo6 10.4 10.8 14.8 13.4 
Htynes 6B 10 4 11.4 12.8 12.9 
Tristelle TS-1 8.3 11.78 1218 1151 
TrateUeTS-2 16.8 14.43 20.87 18.54 
TristeUe TS-3 21.4 15.94 24.37 19.02 
White Iron 23.1 10.61 1333 12.27 
K90 63.1 7.04 11.47 12.12 
K3520 69.5 4.83 10.21 10.73 
K305S 83.7 2.21 470 4.10 
K701 76.2 0.11 0.10 0.20 
K801 89.9 0.46 0.77 0.61 
K162B 78.5 5.33 10.29 12.59 
K165 88.8 1.23 2.51 1.95 

SJLUD SOLUTION STRENGTHENED ALLOYS 
A number of iron and copper base soli*4 solution strengthened alloys 

were prepared and tested to determine if solid solution strengthening 
g 

could enhance the erosion resistance of metals. Tables 6 and 7 lists 
the alloys and their erosion rates. As in previous efforts to improve 
the erosion behavior of metals, strengthening by solid solution alloying 
did not Improve the alloys; if anything the stronger alloys had somewhat 
greater erosion rates. 
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TABLE 6 
Erssion Rates of Iron Base Solid Solution Strengthened Alloys (.is cast condition) 

A l l o y Baroness Density Erosion Rate a t I n v l n * e n n i t ancle A l l o y Baroness Density 
I B * «r* "tf A l l o y Baroness Density 

g /g Z 1 0 " 5 c s j ' / g l I 0 " 5 tit * 1 0 " 5 c a V g X 10-5 tit * » 0 " 5 

~~5Tso " 
c a 3 / g X 10"* 

0 .704 F« 69 7 . * 1 8 .64 1 . 1 0 * 8.57 1.097 
tit * » 0 " 5 

~~5Tso " 
c a 3 / g X 10"* 

0 .704 

Fe--102A1 99 * . M 7.JS I . 101 7.29 1.063 5 .01 0 .730 

F « - 2 0 U 1 100 6 .47 7.34 1.134 4 . 6 3 1.025 3 .20 0 .803 

• c - I S S t o 92 8 . I t 10.14 1.243 9 .07 1.110 7 .00 0 .858 

Fe-30ZHo 102 8 . 7 1 10.37 1.191 10.14 1.160 8 .35 0 . 9 * 9 

TABLE 7 
Erjslon Rates of Copper Base Solid Solution Strengthened Alloys 

Hardness Density 
8 / o . J 

Erosion Rate a t ; s » l n n n * n t a n i l e 
A l l o y M 

Density 
8 / o . J 30* vt 1 Jff A l l o y M 

Density 
8 / o . J 

g /g I 1 0 " 5 c » 3 / g X I 0 - i g /g I 1 0 - S e « 3 / g X I 0 - 5 J g / g X I 0 _ s c » J / g S I 0 - * 
C O 0 2 0 0 ) 
Annealed - 3 0 8 .92 11 .8 1.32 8 . 7 0 . 9 8 7.40 0 . 8 3 

Cu< 10200) 
SOiColdworked 52 8.92 12.1 1.36 9 . 0 1.01 7.25 0 . 8 1 

Cu-4XA1* -15 8 .20 12.2 1.49 10.2 1.24 7.76 0 .95 

1.10 Cu-8XA1* 41 7.60 12.5 1.64 9 . 6 1.26 8 .33 

0 .95 

1.10 

C u - 2 t T l * 48 8.55 13.0 1.52 10.4 1.22 8 .30 0 . 9 / 

Cu-4XT1» 93 8 .11 14.5 1.79 12.4 1.53 9 .50 1.17 

Cu-2IT1 
SOZHot Rol led 

71 8 .61 14.8 1.72 I I . 14 1.29 8 .64 1.00 

C « - 4 I T I 
50IHoc Rol led 99 8 .50 15.2 1.79 12.4 1.4o 10.28 1.21 

* As cast condition 

COMBINED EROSION-CORROSION 
The metal wastage of steels used in energy generation equipment, 

such as tube heat exchangers in fluidized bed combustors (FBC's) occurs 
in an environment where both erosion and corrosion occur simaltaneously. 

9 
In earlier work it has been determined that C:he dominant mechanism is 
corrosion and that the morphology of the scale that forms determines 
the mechanism and metal loss rates of the alloy steels, the same behavior 
has been observsd in laboratory and actual fluidized bed combustor test 
environments in the 430° - 850°C temperature range that occurs in FBC's. 

When scale forms on a metal surface that is being impacted by small 
solid particles it nucleates and grows in the form of oxide nodules. A 
typical nodule is shown iti Figure 1. In the lower particle velc^ity 
regime that generally occurs in energy generation equipment combustion 
zones, the size, shape and impact angle of the impacting particles 
causes the nodular scale to develop in segmented clumps, see Figure 2. 
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This type of scale is not capable of developing internal stresses from 
thermal gradients sufficiently high to result in spalling of the scale 
and it, therefore, loses material by a slow rate, cracking and chipping 
mechanism. 

|20-»t 

1 • 1 
T J 

m^E^ 1 dM 
1 Jl • l . mm? 

1 
'"WW-

It .' 

9Cr- I Mo Steel 

Nozzle Tester 
Ero»lon-Corro»ion 
Air 
130v« ^ 1 2 0 3 

T - 850°C 
! - 30° 
V - 35 • / • 
t m S hrs 

XB8 8411-8502 

Fig. 1 Typical oxide nodule formed on 9Cr1Ko steel during ercsi n-
oorrosion. 
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422a JQQ-, 

.10i». 

XM M»-M13 
9Cr INo Steel 

Nozzle Tciccr 
Erosion-Corroclon 
Air 
IJOui A l ,0 . 

V • 25 • / * 
T - 8J0°C 
a . 30° 
t - 5 hr 

Fig. 2. Morphology of primary zone of 9Cr1Mo steel F.-C tested at 
V=?5m/s, i=30°. 
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When the velocity is somewhat higher and the impact angle of the 
particles steeper or when the temperature is near the top of the range, 
the particles striking the growing scale cause it to consolidate, 
effectively hot pressing it, see Figure 3. In the consolidated 
condition it can develop internal stresses sufficiently high to cause 
localized spalling and scale loss occurs at a faster rate as larger 
pieces are removed. 

It is the segmented and the consolidated scales that are eroded in 
combined erosion-corrosion and not the metal, directly. Metal wastage 
occurs by the oxidation of the base metal to, in effect, replace the 
scale that is being removed by either the faster or the slower erosion 
mechanism. Figure 4 shows the difference in mecal thickness loss as a 
function of particle imnact velocity at a shallow impact angle, u=30° 
and a steep angle, a=90°. The a=90° curve shows that as the particle 
velocity increases to a level where it can consolidate the scale, the 
loss of metal changes from the segmented scale's low rate to the much 
higher rate of ".he consolidated, spalling scale. The lower, a=30° 
curve indicates that there is insufficient force at all of the test 
velocities to consolidate the scale; so it remains segmented and scale 
loss is by the slower cracking and chipping mechanism at all impact 
velocities. 

EROSION-CORROSION OF ALTERNATE STEELS 
The behavior described above has been observed on all of the 

steels tested to date, even the higher chromium austenitic stainless 
steels which form thin, yet segmented, scales. An effort was 
undertaken in the last year to find steels that would form and maintain 
segmented scales over a wider range of test conditions. Since the 
mechanism for forming and maintaining segmented scales was not known, 
four steels that have been produced in pipe form at one time or another 
were tested. Based upon the results obtained a fifth steel was tested. 
The compositions of the steels tested are listed in Table 8. 

The tests were carried out in the elevated temperature, nozzle 
type erosion tester. 850°C was used for most of the tests; the 3.5N1 
steel was tested at 650°C and 850°C. The erodent particles were rounded, 



10 a/a 
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XBB 847-5669 
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Nozxla Tatcar T 8S0°C 
Eroaion-Corroalon 

130iai AljOj 

a - 90 u 

r • S Hrt, 
Prtaary Zona 

Fig. 3. Effect of p a r t i c l e v e l o c i t y on scale morphology In u=90° 
tests of 9Cr1Mo stee l . 
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= 850°C 
5hr 

9Cr-1Mo Steel 

6 ' o 

5 O) 

CO 
09 

-\4 O 

20 30 40 50 60 
Velocity of Particle m/s 

80 

XBL 8410-4619A 
Fig. 1. Ketal thickness loss V A particle velocity for 9Cr1Ko steel 

at a=20°, 90°. 

TABLE S 
Coapodtlons of Alternate St te l s (wt.X) 

ALLOY r« C Cr Ml No Mn SI s T Other* 
3.3M Sal 6.15-

0.20 
— - 3.25-

3.75 
6.40-
0.60 

0.20-
0.35 

<0.04 <0.04 

5CrO.5Hol.5Sl Bal 0.11 4.14 0.2* 0.51 0.51 1.46 0.013 0.013 Co 0.11 
1 BCr12*12.25S1 Bal 0.07 1«. 12 12.74 0.01 1.68 2.11 
20Cr2.5AllSl Bal 0.047 20.47 0.14 0.35 1.02 0.02 0.017 Al 2.47 

SCrO.SHo Bel 0.15 5 0.5 <1.0 <1.0 <0.03 <0.04 SCrO.SHo Bel 0.15 5 0.5 <1.0 <1.0 <0.03 <0.04 

http://5CrO.5Hol.5Sl
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agglomerated alumina with an average particle size of 90ym. Particle 
velocities of 30, 40 and 70 m/s were used at a solids loading of 
2.5 g/min. at ci=90° impact angle. A test time of 5 hours was used which 
resulted in steady state conditions. The scale compositions of the 
four kinds of steel tested are listed in Table 9. The Al 0. listed 
was erodeut particles that had adhered to the surface. Table 10 lists 
the metal losses of the tested specimens. 

TABLE 9 
X-Ray Diffraction Analysis of Eroded-Corroded Surface of Alternate Steels 

ALLOY PHASE 

3 .5W a-Fe o-FejOj FejQi ViO c-JU,Q> 

SCrO.5Nol.5Si • - F e «-Fej0» FeCrjO. o-AliOj 

18Crl2Ni2.25Si T-Fe a-Fei0k FeCr.0. Crj0» Bij0> a-AliOk 

20Cr2.5Al lSi o-Fe FeCtjO, CrjO. e-AbO) 

TABLE 10 
Metal Thickness Loss (am) of Alternate Steels After 5 Hours Exposure 

Test Condi t ions 5Cr0.5.Mol.5Si 
( 8 5 0 * 0 

5Cr0.5Mo 
f850"C) 

l8Crl2Ni2.25Si 
(850*C) 

20Cr2.5Al lSi 
(850*C) 

3.5Si 
(650'C) 

30 
0.0105 

0.096 
0.0086 0.034 0.021 -

30 0.0115 0.096 0.0095 0.037 0.025 

*0 0.0140 
0.125 

0.0105 0.042 i 0 .032 *0 
0.0155 0.125 o.oni 0.053 0.026 

;o 0.0265 
0.179 

0.0150 0.098 0.042 ;o 
0.0295 0.179 0.0175 0.089 0.034 

* 
n 1.3 0 .93 0.66 1.20 0 .55 

E"V 
E - Metal thickness Ions 
V « Parclcle velocity 
n • expor.cn t 

MATERIAL LOSS RATES 
Table 10 and the curve in Figure 5 show that a distinct difference 

in performance occurred that was not a function of chromium content. 
In fact, the highest chromium content steel with 20% Cr had the highest 
metal loss rate. The steel with 5% Cr and 1.5% Si was particularly 
...iteresting because of its low metal loss rate. At the 30 m/s particle 
velocity, which is more representative of FBC particle velocities than 

http://SCrO.5Nol.5Si
http://expor.cn


480 

the higher velocities used, the steel with 5% Cr had nearly as low a 
metal loss rate as the 18Cr-12Ni containing steel. It had the same 
rate of loss at an impact velocity of 30 m/s as that experienced by 
9CrlMo steel at somewhat lower velocity of 25 m/s. 9 The presence of 
the 1.5 Z silicon in the 5Cr steel can be seen by comparing its behavior 
to that of the normal Si content 5Cr0.5Mo steel. There was a major 
reduction in metal thickness loss at all test conditions. 

:Tcst Conditions : Dynastic Corrosion,V-7CW* 

] •»I ta l t t - i •.-•I:' i i , 1 Cosfclned Corrosion-Erosion" 
i V>30n/s.90us*liO t 

*h!-:t!?-:i:;&:l: 
;V*M>B/S.90|M*1IO| 

Comparison of Ketai Loss mite Between Dynamic" Corrosion And Combined Erosion Corrosion of 
Different Steels 

XBl 873-1071 

Pig. 5. Effect of velocity on metal loss of alternate steels. 

Figure 6 shows the surface morphology of the scale of the 
5Cr0.5Hol.5Sl steel. The desired segmented, nodular formation was 
observed at all test velocitiec. Many individual nodules of iron oxide 
in the halo zone can be seen. The scale in the center of the primary 
zone consists of nodules which are growing together. The occurrence of 
the clumps of nodules in the center of the primary zone relates to the 
mechanism of scale loss. The nodules grew together to form a 
segmented scale rather than a consolidated scale as formed in previous 
tests on the 9CrlMo t»ceel at a-90° at the same particle velocities. 

http://5Cr0.5Hol.5Sl
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M l * 

Halo « m e ( » • / » ) 

One erf 70w/t i 
l__J 

Halo <nne(70*/») 

tUl-» / . , n * ' ^f»w/4i 
I J 

Otmpn* I t ion " f p o s i t i o n I 

*« r ' i . 'i*f..J V.J 

( . , r r . .s( ' .n i f-,<, t..n ' •'*')" 

Al r V* f i . V I , iU*' •• 

x§ i «6to-«?o; 

Fig. 6. Surfacr; of 5CrO.5Ko1.5Si steel a f te r V=30, 70 m/s tests . 

http://5CrO.5Ko1.5Si
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These discontinuities are present on the 5Cr0.5Mcl.5Si steel even 
at V=70 m/s. They account for the inability of the scale to build up 
the stresses required to cause the faster, periodic spalling scale loss 
mechanism which occurred in the 9CrlMo steel tests at V=7C m/s. The 
segmented morphology of the scale which caused it to erode slowly is 
presumed to have caused the lower metal loss of the 5CrO.5MoI.5Si steel. 

Figure 7 shows the surface morphology rf the scale on the 
18Crl2Ni2.25Si steel. The scale in both the center of the primary zone 
and in the halo zone contains many segmented flakes occurring on top of 
the thin base scale. The EDX peak and x-ray diffraction analyses 
indicates that the flakes were Fe?0_ in the primary zone and FeCr 0, in 
the halo zone with some embedded Al-0 erodent material. In the halo 
zone, the flakes were relatively dense. In the center zone, the flakes 
were chipped out. Many small craters occurred which indicated that the 
base metal was being deformed as well as the scale. This means that 
the scale was relatively thin, was quite segmented, and had plastically 
deformed into the base metal. The scale loss mechanism was the slow 
cracking and chipping one. 

The surface morphology of the scale on the 20Cr2.5AllSi steel is 
shown in Figure 8. In both the center and halo zones the scale was 
essentially consolidated with overlapping clumps. This morphology was 
different from that of the scales that formed on the 5Cr and 18Cr steels. 
No division or cracks were discernable and individual crystallites could 
not be observed at the magnification used. The consolidated scale mor-
phoLogy resulted in the generation of stresses in the scale that caused 
spalling at higher rates of loss than occurred In the other alloy's 
scales, see Figure 5. Increasing the velocity of the erodent particles 
caused no distinct changes to occur in the morphology of the scale but 
the clumps became mo e dense, thick and bulky. 

Figure 9 shows that the morphology of the scale on the 3.5Ni steel 
at 650°C. The scale in both the center and the halo zones consists of 
small rounded grains. At V»30 m/s and 40 m/s the morphology of the 
scale appeared to be the same. At V»70 m/s the round grains became 
finer and denser. The morphology of the scale on this steel is quite 
different from that on the Cr-Si steels. Yet the same principle of 

http://5CrO.5MoI.5Si
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scale loss mechanism prevails. The nature of the scale on the 3.5Ni 
steel is not attractive for use of the alloy in erosion-corrosion 
environments. 

NODULAR OXIDE SCALE FORMATION 
Nodules have been observed and reported in the previous vork on 

9 
9CrlMo steel. In the current tests the nodular oxide scale occurred 
during the E-C of the lowest chromium containing steel, 5CrO.5Mol.5Si, 
at all particle velocities. Figure 6 shows the morphology of the 
surface of the distinctly nodular scale on the 5CrO.5Mol.5Si steel. 
The composition of the outer surface of the nodule is predominantly 
Fe„0 with a little Cr dissolved in it. A considerable amount of AlJ)., 
erodent adhered in the surface crevices of the nodules, resulting in an 
EDX aluminum peak. 

The cross section of nodules formed at both V=30 m/s and 70 m/s is 
shown in Figure 10, along with EDX peak analyses identifying their 
compositions. The nodules are the same as that shown in Figure 1 which 
formed on the 9CrlMo steel. Each nodule has an upper element above the 
general plane of the scale and a lower element that extends down into 
the base metal. It appears that the nodule system must be in direct 
contact with the base metal to form and grow. Nodules were not observed 
to grow on top of an already established thick scale layer. The EDX 
peak analyses, as verified by u-ray diffraction, indicated that the upper 
element of the nodule is Fe_0, and did not contain any chromium. The 
lower element of the nodule is shown to be Cr containing Fe ?0, which 

9 conforms with that reported for th? 9CrlMo steel. 

DISCUSSION 
The results presented in this paper cover some of the highlights 

of the work at LBL to determine and understand the erosion and erosion-
corrosion of commercially available steels that are produced in forms 
that can be used in energy generation equipment. The work was carried 
out to determine which properties of structural alloys related to their 
erosion behavior so that alloys could be selected for erosion 
environments based upon their resistance to erosion. Unfortunately, no 
useable relationship was ever determined between mechanical or physical 
properties and the erosion resistance of structural alloys. 

http://5CrO.5Mol.5Si
http://5CrO.5Mol.5Si
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The on!" property that exhibited some relationship was a loosely 
12 defined ductility as indicated by the elongation in a normal strain 

rate tensile test. The obvious difference between the slow strain rate 
of a standard tensile test and the extremely rapid strain rates which 

13 occur when an erodent particle strikes and deforms a metal surface 
precludes the direct use of any ductility term in indicating the 
erosion resistance of an alloy. 

The data on the erosion of ductile metals presented in this paper 
has a consistency regarding the inability of any strengthening or 
hardening mechanism to affect erosion behavior in a positive manner. 
Work hardening, thermal treatments such as martensitlc hardening and 
precipitation hardening, solid solution strengthening, even the 
addition of up to 80 vol. Z of hard carbides to a ductile matrix did 
not improve the erosion resistance of the metal for the kind of erosion 
environments r.hat are present in energy generation equipment. 

There is some combination of at least three reasons why if a, 
nickel and cobalt base structural alloys do not have their room and 
near room temperature erosion resistance improved by some type of 
alloying or thermal or mechanical treatment. They are: 1) the 
tempetature rise as the result of the severe straining of the metal's 
surface that occurs when erodent particles strike, (ref. 12) 2) the 
extremely high strain rates which occur,(ref. 13) and 3) the large 
strains which occur. These effects negate any lattice strain or solid 
solution strengthening present in the alloy. 

The carbide-metal matrix composite's hardness increases are 
overcome by the disruption in plastic deformation which the brittle 
carbides cause in the immediate vicinity of the impacting particles. 
This concentrates the particle's force and causes the critical strain 
to remove metal matrix material along with the carbide particles to be 
more easily reached. 

However, as it turns out, for applications in the elevated 
temperature regions of energy generation equipment, the erosion behavior 
of the base metal is of relatively little Importance compared to the 
nature and behavior of the combined erosion-corrosion produced scales 
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which form on the alloys' surfaces. The metal wastage rate is a direct 
function of the formation and removal rate of the scale; the metal 
substrate is never directly impacted by the erodent particles. 

The material removal rate of the scale is a function of its 
morphology, which is determined by a combination of the basic nature of 
the scale and the particle impact conditions. The composition of the 
alloy is the primary variable in determining the nature of the scale 
formation. Therefore, there is an alloy selection criteria that can be 
used for erosion-crrrosion service. In the work presented in this paper, 
a relatively low chromium content alloy with extra .silicon in it, the 
5CrO.SHol.5Si alloy, had a scale morphology that resulted in low metal 
wastage rates compared to higher chromium content alloys and the same 
5Cr0.5Ho steel with a normal silicon content. 

The knowledge developed on the behavior of alloy steels in combined 
erosion-corrosion environments hopefully is the beginning of the 
selection/development of even lower alloy steels whose scales behave 
in the f.articular manner that results in low metal wastage rates in coal 
burning energy generation equipment. 

CONCLUSIONS 

1. The erosion resistance of commercial iron, nickel and cobalt base 
alloys cannot be effectively modified by compositional, mechanical 
or thermal strengthening mechanisms. 

2. Until approximately 80 % of the volume of carbide-metal matrix 
composites consists of carbide particles, carbide additions to 
ductile metals decreases the erosion resistance of the composites. 

3. In combined eroison-corrosion environments, iron base alloys 
undergo metal wastage rates that are dependent on the nature of 
the scales that form on their surfaces. 

4. The addition of 1.5 wt. % Si to 5Cr0.5Mo steel markedly decreases 
its metal wastage rate compared to normal 5Cr0.5Mo steel and to 
higher chromium content steels. 

http://5CrO.SHol.5Si
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ABSTRACT 

The Laser Doppler Velooimeter (LDV) system was used to measure the 
rebounding character is t ics of 15 micron mean diameter fly a3h par t ic les 
impacting several target materials. The rebounding velocities and angles 
were determined for 110 s ta inless 3 tee l , 6A1-1V titanium, INCO 718, RENE 
* 1 , AM355, and L605 cobalc target materials at different impact angles. 
In addition, an erosion study was conducted to measure the Erosion r a t e 
for the AM355 target material impacted by fly ash and s i l i c a sand 
pa r t i c l e s . The effect of the following parameters on erosion wa3 
investigated: par t ic le s izes , velocity. Impingement angle and 
temperature. 

INTRODUCTION 

The use of pulverized coal as fuel in many power plants and 
industrial establishments i s Inevitable both a t present and in the future. 
The major problem confronting ear l ier developers of coal-burning turbines 
is the serious erosion of turbine blades and other metal parts by the 
suspension of fly ash in hot combustion gases. Under two-phase flow 
conditions, the gas and part icles experience different degrees of turning 
as they flow through the blade channels, due to the difference in their 
ine r t i a . This resul ts in part icle concentration gradient across the blade 
channel, and cau3e3 a change in the properties of gas and par t ic les . The 
net resul t i s a change In the blade surface pressure dis t r ibut ion, which 
a l te rs the engine performance during the period of part icle Ingestion. 
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If the particles are erosive, the problem becomes more complicated. 
The impact of the blade surfaces by the solid particles can cause severe 
erosion damage, leading to structural failure of the blades. The maximum 
erosion damage occurs at the leading and trailing edges of the stator and 
rotor blades. This damage is manifested by pitting and cutting of the 
blade leading and trailing edges, and a general increase in the blade 
surface roughness. The overall effect of the above phenomena, from the 
aerodynamic viewpoint, is a loss of performance and the deterioration of 
these engines both structurally and aerodynamically. It is possible to 
remove approximately 85 percent by weight of the ash in these gases using 
cyclones. However small particles ranging in size between 1 and 15 
microns still pass through the cyclones and enter the turbine. Typical 

3 ash concentrations for such a turbine are about 0.000027 mg/cm (7.8 

mgm/ft3) [1]. 
A thorough knowledge of the various parameters which influence the 

erosion damage, is required to improve the l i f e and the aerodynamic 
performance of turbomachinery operating in an ambience of particulate 
flow. This papar presents an experimental investigation of the particle 
restitution characteristics for several gas turbine component materials. 
The restitution coefficients are essential for particle trajectory 
calculations in tur'oomachinery, and for the prediction of material erosion 
using semi-empirical erosion correlations. 

EXPERIMENTAL SET-UP 

The experimental set-up i s shown schematically in Figs. 1 and 2. It 
consists of the erosion wind tunnel, the laser doppler veloclmeter (LDV) 
system, the <J<*ta acquisition system and the solid particle feeder. 

Erosion Wind Tunnel 
In this tunnel, the following variables are controlled: fluid 

velocity, particle velocity, temperature, particle flow rate and particle 
sizes in a representative aerodynamic environment. Provisions 
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were made in the test design to a?low for changing the impact angle of the 
abrasive particle relative to the surface of tne test specimen. 

A schematic of the tunnel i s shown in Fig. 1; i t consists of the 
following components: particle feeder (A), main air supply pipe (B), 
cambustor (C), particle preheater (D), particle injector (E), acceleration 
tunnel (F), test section (G), and exhaust tank (H). 

The equipment functions as follows. A measured amount of abrasive 
grid of a given constituency i s placed into the particle feeder (A). The 
particles are fed into a secondary air source and blown up to the particle 
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STEAM 

ACCELERATION TUNNEL ( ? ) 

STEAM JACKET 
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CHAHBE* (H) 

Fig. 1. Schematic of Erosion Test Facility. 
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preheater (D), and then to the injector (E), where they mix with the main 
air supply (B), which i s heated by the combustor (C). The particles are 
then accelerated by the high-velocity air in a constant-area steam-cooled 
duct (F) and impact the specimen in the test section (G). The particulate 
flow is then mixed with the coolant and dumped in the exhaust tank. This 
faci l i ty i s capable of supplying erosion data at temperatures in the range 
of ambient to 1093°C, and particle velocities from 60 to M50 m/s. In this 
fac i l i ty , the particle velocity i s controlled by adjusting the tunnel air 
flow, while the impingement angle i s set by rotating the sample relative 
to the flow stream. The sample temperature is controlled through the 
combustor heating the flow stream, which in turn affects the material 
sample temperature. Further description of the fac i l i ty may be found in 
reference [ 2 ] , 

The test section i s designed such that the particle laden air i s 
channeled over the specimen and the aerodynamics of the fluid surrounding 
the blade sample is preserved. This section contains several 
interchangeable inserts such that the fluid profile can be determined 
using conventional instrumentation and the particle trajectories can be 
recorded using high speed photography or laser methods. 

Particle Feeder 
The particles from the feeder A (Fig. 1) are carried up to the 

particle injector. The feeder was designed as a vessel to operate at high 
air pressures. However, this pressure i s equalized above and below the 
plunger by a bypass l ine . This allows the system to be calibrated under 
gravity feed conditions. Further, an electric eye records the plunger rpm 
such that the operating conditions are maintained. The metering orifice 
was designed to be replaceable. In this manner, a larger (or smaller) 
orifice may be used, along with corresponding rod diameter, to allow 
versatility of the feeder. In this investigation the air flow was seeded 
with fly ash particles with the following size distribution: under 5 
microns 62%; 5-10 microns 17%; 10-20 microns 20%, and over 20 microns 1%. 
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Laser and Optics (LDV System) 
The optical components of the laser-doppler velocimeter are arranged 

in the backward scatter mode, Fig. 2, to measure two non-collateral 
simultaneous velocity components of a single particle. A two-color, 5 
watt argon-ion Spectra physics, model 164-09 i s used as laser source. The 
laser beams are brought into one common measuring volume using a 
transmitting lens of 150 mm focal length. The crossing angle for the 
incident 1.5 mm diameter beams i s 11.05 degrees. 

I 
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Fig. 2. Schematic Showing the Experimental Set-Up. 
Data Acquisition System 

Two signal processors TSI model 1990 and on-line Mine 11/23 
microcomputer are used to acquire synchronized data for the simultaneous 
measurements of two non-collateral velocity components. The minimum time 
for a particle to cross the measuring volume was found to be 1.4 mlcrosec. 
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Accordingly, the syncronization condition was s e t to 1 microsec, which i s 
the time out between the two data ready pulses received from both signal 
processors. A time out of 5 microsec a f t >r each val id syncronized data 
point i s tagged in the computer, allows the par t i c l e to clear the 
measuring volume. The data acquis i t ion program thus ensures that the 
sampling data are nor. obtained more than once from the same part i c l e . 

DEVELOPMENT OF PARTICLE REBOUND CORRELATIONS 

The rebound character is t ics of part ic les impacting metal targets can 
only be described in a s t a t i s t i c a l sense. This becomes obvious when one 
examines the number of geometric s i tuat ions that night occur at impact. 
After a given incubation period, the target material wi l l become pit ted 
with craters , and in fac t after a s l i gh t ly longer period, a regular ripple 
pattern wi l l form on the eroded surface. Thus, the local impact angle 
between the small part i c l e s and the eroded surface may deviate 
considerably from the geometric average. Further, the part ic les 
themselves are c r y s t a l l i n e and irregular in shape with Several sharp 
corners. As the part ic le approaches the specimen, the orientat ion of the 
part ic le i s , for the most part, random. Thus, some part ic les w i l l impact 
on a f l a t surface and do very l i t t l e work on the target material . Others 
w i l l Impact with a corner oriented in a manner s imilar to that of a 
cutting tool and wi l l remove surface material . 

The restitution coefficient or restitution ratio i s a measure of the 
kinetic energy exchange between two objects upon impact. In this 
investigation, an erosive impact occjrs when the contaminant particle i s 
much harder than the target materia,., Therefore, the restitution ratio 
will be a measure of the distortion of the target material rather than 
distortion of the erosive particle. In addition, this investigation i s 
mostly for ductile target materials, upon which the particle will create 
local stresses high enough to cause plastic flow in the target material. 

Grant and Tabakoff [3] were the f irst to investigate thoroughly the 
rebound characteristics of high speed erosive particles. The study was 
carried out on annealed 202^ aluminum alloy. The data were described 
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using histograms to i l lus t r a t e these s t a t i s t i c a l dis t r ibut ion. Referring 
to Fig. 3, the measured part icle rebound character is t ics are expressed in 
terms of a normal velocity res t i tu t ion r a t i o V„_/V„, (the r a t io between 

the normal component of the part icle velocity after impact to that before 
impact), and a tangential velocity r e s t i t u t ion ra t io VT_/VT, (the r a t i o 

between the tangential component of the part ic le velocity after impact to 
that before impact). 

V T1 *T2 

Fig. 3 . Velocity and Angle Notat ions. 

MEASUREMENT TECHNIQUE 

The LDV system was used t o measure two non-co l l a t e ra l veloci ty 
components of the impact and rebound v e l o c i t i e s for several mate r ia l s used 
in turbomachinery. However in t h i s paper only s i x mate r ia l s a re r epo r t ed , 
namely INCO 713, Rene i»l, L605 Cobalt , 6A1-4V Titanium, 110 S t a i n l e s s 
Steel and AM355. I n i t i a l l y , the impacting p a r t i c l e v e l o c i t i e s were 
measured a t four d i f ferent points above the sample as shown in F ig . M. I t 
was found tha t the measured impacting v e l o c i t i e s were cons i s ten t at points 
2 through H. However the measurements a t point 1 were somewhat d i f f e r e n t . 
This was attributed to the fact that the data was distorted by the smaller 
fly ash par t ic les , less than 2 microns, which follow the air flow 
streamlines without hi t t ing the specimen surface. Therefore point 2 was 
selected to measure the impingement velocity for the res t of the t e s t s . 
Measurements for five incidence angles 6. were performed and a summary of 

the normalized average and standard deviation of the impingement 
velocities are shown in Table 1. The velocit ies are normalized with 
respect to the part icle velocity at the center of the te3t section which 
was 98 m/s (320 f t / sec) . The standard deviation i s large due to the fly 
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ash particles irregular shapes and the size variation causes the particles 
to randomly deviate from the air flow path. 

The rebounding velocities were measured at four points located on a 
line 2 mm above and parallel to a specimen surface as shown in Fig. 5. It 
was found that the variation in the rebounding velocities at these four 
points were within the standard deviation. The average rebounding 
velocities were measured and normalized with respect to the corresponding 
impact velocities for the different impacting angles and the results are 
shown in Table 1. 

Fig. 4. Impingement Measurements Fig. 5. Rebounding Measurements 
Locations. Locations. 
TABLE 1: THE NORMALIZED AVERAGE RESTITUTION COEFFICIENTS 
FOR 6A1-4V-T1 TARGET MATERIAL AT DIFFERENT INCIDENCE ANGLES 

Directional Velocity Restitution Coefficients 
icidence C o e f f i c i e n t Tangent ia l Normal To ta l 
Angle e-B2/e 1 V V T 2 / V T 1 V V N2 / V N ! e -V /V V 2 1 

• l SSM* SD»» SSM SD SSM SD SSM 

15 1.0 0.4 0.941 0.24 0.95 0.453 0.935 

30 0.989 0.217 0.614 0.195 0.589 0.252 0.608 

45 0.7 0.158 0.825 0.2 0.523 0.318 0.668 

60 0.765 0.128 1.025 0.215 0.628 0.128 0.752 

75 0.75 0.114 1.43 0.261 0.526 0.26 0.619 

* SSM - sample Statistical Mean; »»SD - Standard Deviation 
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Figures 6 through 9 i l lustrate typical histograms of the restitution 
ratios for the f ly ash impacting over a cobalt sample target material at 
B. • 15°. The vertical axis in these figures represent the frequency of 

occurrence that the restitution ratio was found to be between the limits 
designated by the scale at the horizontal axis. The distribution of the 
data i s due to the particle s ize variation and irregular particle shapes. 
The ratio of the particle velocity after and before impact, V_/V., i s 

plotted against the impingement angle (6.) as shown in Fig. 10. Since the 

s tat is t ical distributions are of importance, the shape of these 
distributions are of importance, the shape of these distributions are 
cross plotted on the figure. The parameter V?/V, i s directly related to 

the kinetic energy lost during impact. The spread in this data indicates 
the variable condition of the surfaces and the orientation of the particle 
at impact. It i s evident from this figure that V_/V. decreases as the 

impact angle B. increases from zero to 75 degrees. 

Figures 11 and 12 show the normal (V N 2

/ V wi " V.sinB /V.sinB.; and 

tangential (V-p/V-. - V2cosB2/V.co3B.) restitution coefficients 

respectively plotted against the impact angle B.. 

The solid lines in Figs. 10 through 12 represent a least squares 
polynomial curve f i t of the mean value of the restitution parameters which 
were measured for impingement angles ranging between 15° and 75°. For 
cobalt, these restitution parameters may be expressed by the equations: 

eV " V 2 / V 1 " ° ' " 1 0 6 " 0-80"8 6, • 2.3"602 B̂  - 3.21091 B 3 

• 1.26001 BJ 

e T " VT2 / VT1 " 1 ' 0 0 6 9 1 " 1 - 1 6 1 ^ 8, • U. 39067 8* - 5.78692 B 3 

• 2.2H766 BJ* 
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• 2.29569 B 1 

eB • V * ! 0.99255 - 2.60506 6, • |l- l»7339 B1 
2.16638 B 

0.38722 B 1 

where B. is measured in radians. 

Similar measurements and empirical expressions for r e s t i t u t i o n ra t ios 

have been reported by the author in reference [1 ] for various target 

mater ia ls . Some of the measured experimental data for s ix d i f ferent 

alloys are presented In Figs. 13 through 20. Figures 13 through 16 

compare the four res t i tu t ion parameters for 6A1-1V t i tanium, 110 stainless 

steel and AM355 a l loys. The same parameters are presented for other three 

al loys: INC0 718, Rene 11 and L605 Cobalt in F igs. 17 through 20. These 

data may be used with well documented erosion equation developed by Grai.t 

Tabakoff [3 ] for ambient gas temperatures. 
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Fig. 19. Comparison of the Normal Velocity Restitution Ratios for 
Diffei»nt Target Materials. 
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Prediction of Erosion for Different Materials 
The following equations were developed by Grant and Tabakoff to 

predict the erosion of ductile alloys: 

e - ^ f(B t ) V2 c o s ^ [1 - R 2] • f<V I M) 

R - 1 - 0.0016 V sinB 1 

fCB,) - [! • CK {K 1 2 sinc|^) B , } ] 2 

F(V I M) - K3 (V, s i n B ^ 4 

where e - erosion per unit mass of impacting particles, 

B. - relative angle between particle path and specimen surface, 

8 - angle of maximum erosion, 

V. - particle velocity, 

R_ - tangential restitution ratio, 

CK - 1 f o r 6 , < 3 B 0 

CK - 0 f o r B 1 > 3 B Q 

Tie above equation was developed assuming that the erosion process i s 
characterized by two mechanisms at low and high impingement angles. The 
above equations lnclide the relationship for erosion damage at low angles 
of Impingement, at high angles of Impingement and a combination of the two 
at intermediate approach angles. 

The experimental data for ash impacting the aluminum, titanium and 
stainless steel alloys were substituted Into the above equation and from 
the corresponding results i t was possible to determine the empirical 
constants, K , K and K_. This was accomplished numerically to obtain a 

least squares f i t to a nonlinear function. The empirical constants for 
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the different materials erosion by coal ash particles were found to be as 

follows: (a) For aluminum, K̂  - 1.56988 x 10 , K - 0-3193 and 

K - 2.0 x 10~ 1 2 ; (b) For titanium, K} - 1.56*951 x 10~ 6, K 1 2 - 0.173636 

and K_ - 3.0 x 10~ 1 2 ; (c) For stainless s tee l , K} - 1.505101 x 10~ 6, 

-12 K - 0.296077 and K, • 5.0 x 10 . These constants were used in tho 

empirical equation and the computed erosion rates are compared to the 
experimental results. The predicted curves are found to fa l l generally 
within the experimental points, but the predicted angle of maximum erosion 
i s s l ightly higher than the experimentally determined value. 

The basic information developed and the empirical relations derived, 
provide the necessary data for the material removed by erosion. However, 
presently we are developing new erosion equation based on the restitution 
ratios for high temperatire material erosion. In addition, these 
restitution ratios are very important for the calculation of particle 
trajectories in turbomachinery or other Industrial systems exposed to 
particulate flows. 

Particle Velocity Effect on Rebounding Characteristics 
Experiments were performed using AM355 steel alloy target material 

and fly ash particles at five different impact velocit ies . The particle 
impact velocities for this investigation were 75, 150, 320, 150 and 650 
f t / sec . The least squares polynomial curve f i t s for the mean values of 
the experimental data restitution parameters are plotted for the five 
different impact velocities in Figs. 21 and 22. The curves for the 
different impact velocities exhibit similar trend with respect to the 
incidence angle. However, the variation of the restitution ratios does 
not demonstrate specific trend with Impact velocit ies . Further research 
Is needed to have a better understanding of this problem. 
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Effect of Impact Velocity on Erosion at Elevated Temperatures 
Some of the experimental results which were obtained for the erosion 

ra te of steel alloy (AM355) at 538°C are shown in Fig. 23 for fly ash. 
This f igi."*e shows plots of the erosion volume parameter ver: us the 
impingement angle for different par t ic le ve loc i t i es . One can observe an 
increasing trend in the erosion ra te with impact velocity. The increase 
in the erosion ra t e i s much larger at the maximum erosive impingement 
angle (around 30°) than at a l l the other impingement angles. 

PARTICLE: FLT ASH 
PARTICLE VELOCITT 

O 122 mis 

O 213 ml, 

A 305 «/s 

ANCLE OF ATTACK IN DECREES 

Fig. 23. Effect of Particle Velocity and Impingement Angle on 
AM355 Alloy at 533°C. 
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Effect of Part ic le Size on Erosion at Elevated Temperatures 
Some of the experimental erosion resu l t s for AM355 alloy impacted by 

larger s i l i ca sand part icles at nine different impingement angles are 
shown in Fig. 24. One can see from th is Figure, and also from comparing 
the same particle velocity, the erosion r a t e i s higher for larger size 
par t ic les . The same trend was observed in other erosion experiments for 
particles up to 2,000 microns. An examination of Figs. 23 and 24 reveals 
that the erosion ra te shows a typical trend of ductile behavior with the 
impingement angle. The erosion ra te increases to a maximum at about 25° 
and then decreases to a residual value at the normal impact. This 
behavior was always observed in the case of the s tee l al loy, independent 
of the part icle velocity, the temperature, or the type of impinging 
par t ic les . 
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Fig. 24. Effect of Particle Size and Impingement Angle on 
AM355 at 538°C. 
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Scanning Electron Microscopy Studies of Abrasive Part ic les and Eroded 
Surfaces 

One of the object ives of the present study was to observe the 
abrasive p a r t i c l e s , as well as the topography of the eroded specimen. The 
observations were iuad? using a scanning e lectron microscope (25 kw 
Cambridge Stereoscan 600) equipped with an energy dispersive X-ray 
analyzer (EDAX). Figures 25 and 26 show the scanning electron micrographs 
of two samples of f l y ash, and s i l i c a sand part ic les used in the present 
study. I t i s seen from Fig . 25 that the f l y ash i s composed of d i s c r e t e , 
sp»-erical par t i c l e s . The observations under the microscope revealed that 
the majority of the part ic les are smaller than 30 microns. The scanning 
electron micrograph of the s i l i c a abrasive are shown in Fig. 26. The 
s i l i c a part ic les character is t ics were found to be very different depending 
on the part ic le s i z e s . The micrograph of the 150 microns s i l i c a part ic les 
shows that their corners are not very sharp for t h i s part ic le s i z a , 
however, larger part ic les were found to have sharp corners. 

Fig. 25. Scanning Electron Micrograph Fig. 26. Scanning Electron Micrograph 
for Kly Ash Part ic les for 150 Microns S i j ica Sand 
(Magnified 500Xj. Particles (Magnified 500X). 
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Figures 27 through 29 show the eroded surfaces of three steel alloy 
(AM355) specimens impacted by fly ash particles at 30° angle of attack. 
The test temperatures were 20°Cf 316°C and 538°C, and the impacting 
velocities were equal TO 99 ni/s and 305 m/s. The general appearance of 
the eroded surfaces ir, that of intensive surface material flow and plastic 
deformation. Scanning electron micrograph of steel alloy (AM355) impacted 
at 30° impingement angle by 150 microns s i l i ca sand at 99 m/s and 538°C 
temperature i s shown in Fig. 30. Inspection of this figure demonstrates 
the increase in the surface erosion damage with increased particle sizes 
when the rest of the test conditions are unchanged. The last figure shows 
that the maximum surface damage i s produced by the largest particles. 

CONCLUSIONS 
The dynamic impact characteristics of erosive f ly ash particles 

impacting INC0 718, Rene 11, L605 cobalt, 6A1-4V Titanium, 410 stainless 
steel and AM355 materials with resulting rebound have been experimentally 
investigated. The results of this investigation have led to the following 
conclusions: 
1. The kinetic energy lost by the particle can be expressed in terms of 

restitution coefficients. In theory, this parameter should then be 
proportional to the resulting erosion. 

2. The restitution ratio decreases as the particle impact velocity 
increases. 

3. Directional coefficients ( 8 - / 0 ^ and restitution ratios for different 

alloys are different. 
1. Particle restitution coefficients for particle sizes below 10 microns 

can be measured only with LDV system. 
5. The effect of temperature on the erosion rate was found to be 

dependent on the target material. The steel alloy exhibited an 
increasing erosion rate with Increasing temperature. 

6. Scanning Electron Micrographs proved that the volume loss of steel 
alloy (AM355) i s large and proportional to the sizes of the impacting 
particles. 



515 

W/ • 

Fig. 27. Scanning Micrograph of Eroded 
Surface by Fly Ash at T>20°C, 
ex »30° and V-99 m/s 
(Magnified 500X). 

Fig. 28. Scanning Micrograph of Eroded 
Surface by Fly Ash at T-316°C, 
a -30* and V-305 m/s 
(Magnified 500X). 

Fig. 29. Scanning Micrograph of Eroded Fig. 
Surface by Fly Ash at T-538°C, 
x-30° and V-305 m/s 
(Magnified 500X). 

30. Scanning Micrograph of Eroded 
Surface by 150 Microns Silica 
Sand at T-538°C, M -30° and 
V-122 m/s (Magnified 500X). 
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ABSTRACT 

This paper describes a research project designed to provide a 
systematic investigation of the effects of material's properties and 
experimental variables on the rebound directions and velocities of 
erodent particles. The primary purpose of the project is to develop 
the capability to accurately predict rebound parameters. The general 
approach is to develop computer models for the impact of spherical and 
angular particles, and to compare the predictions with experimental 
measurements of both single and multiple impact rebound parameters. 
Initial results are discussed for computer modeling of the impact of 
spherical particles. 

INTRODUCTION 

The project discussed herein will meet several needs. First, as 
has been studied in detail by Tabakoff and coworkers over a period of 
several years, the rebound problem is an essential component of the cal
culations required to pndict the velocities and directions of the paths 
of erodent particles as they pass through multi-stage rotating turbines. 

1 2 Tabakoff's group has developed computer techniques ' which allow the 
calculation oi the effect of the complex gas streams within turbines on 
the paths of erodent particles, and the resultant effect on the distri
bution of erosive impact damage within the turbine. However, the computer 
models require experimental data regarding the distribution of rebound 
directions and velocities when the particles are deflected by surfaces 
such as turbine blades within the turbine. A model which could correctly 
predict rebor iu velocities and directions vould preclude the need for the 
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the many rebound experiments necessary to provide the input to the particle 
flow models, but most existing models of erosive particle impact have 
concentrated more on the prediction of the volume of the impact crater 
than on the rebound problem. 

The rebound problem is also of interest from the point of view of 
predicting erosion rates, since the energy lost during rebound is related 
to the erosion rate of a material. Erosion is recognized as a significant 
problem in many energy-production technologies. 

Finally, the rebound problem is directly related to the measurement 
of dynamic hardness or flow stress under the high-strain, high strain-rate 
conditions pertinent to nearly all types of wear. Thus, part of the work 
will involve the measurement of the rebound velocities and crater dimen
sions for the purpose of determining dynamic hardness values, which will 
serve as input to the computer model for the rebound problem as well as 
providing a technique and data for dynamic hardness values for correlation 
with other wear measurements. Dynamic hardness measurements on the work-
hardened eroded surface will be included or at least attempted, as well as 
the more straightforward measurement of dynamic hardness on metallograph-
ically prepared specimens. 

The computer models which will be developed will calculate the path 
of a spherical or an angular erodent particle as it moves through the 
surface material of a planar specimen. In this respect, the models will 
be similar to several previously published computer models of the erosion 
Impact problem. However, they will also extend the analysis to take into 
account and evaluate the importance of several effects neglected in 
previous models. In addition, they will be used to concentrate primarily 
on the rebound problem, which has not received primary attention In most 
previous models. The new effects to be evaluated will include the effect 
of elastic stored energy in the material, the effect of the rotational 
energy gained by the particle during impact, and the effect of the kinetic 
energy of the plastically displaced material. All of these effects change 
the kinetic energy of the particle and affect the direction and velocity 
of its path through the material, and have been ignored in previous models. 
The primary goal of most previous models was to calculate the crater 
volume, since this is assumed to be related to erosion rate. While it 
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may be that the effects mentioned above will not significantly affect the 
calculated crater volume, they may significantly affect the calculated 
rebound direction and velocity. This is particularly true for the effect 
of elastic stored energy on rebound velocity for angles of incidence near 
90°. 

The project will include experiments for the determination of the 
distribution of rebound directions and velocities for multiple-particle, 
steady-state erosion with typical angular and spherical erodent particles, 
ana measurement of rebound parameters for single-impact tests with 
spherical particles on flat surfaces. The latter will allow a more direct 
comparison with the spherical impact model, in which the surface roughness 
present in realistic erosion experiments will be neglected. 

Since the project is relatively new, having begun December 1, 1986, 
the design of experimental apparatus is still in progress. Optoelectronic 
time-of-flight measurements will be used to measure rebound velocities. 
Since some work on the computer modeling of the impact problem for 

3 spherical particles has been completed and submitted for publication , 
the present paper will describe the background leading to this modeling 

work, and summarize the existing results. 

COMPUTER MODELING 

A number of studies which have appeared in the recent literature on 
erosion have dealt with single or multiple impacts of spherical erodent 4-8 particles . Unfortunately, in many of these studies the rebound velocity 
and direction have been ignored or discussed only briefly. A number of 

4-7 studies have employed computer calculations of the trajectory of the 
incident particle through the surface, primarily in order to predict 
crater dimensions. These models would generally have yielded information 
concerning the rebound direction and velocity, since they computed the 
change in the velocity vector due to the forces acting on the particle 
during successive short time intervals. However, since the rebound 
parameters were not of primary interest to the authors, they were dis
cussed either briefly or not at all in most of the published results. 
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4 Hutchings, Winter and Field experimentally studied the removal of 
material from solid surfaces by spherical particles, and also numerically 
solved the equation of motion of the sphere through a planar surface, 
using two forces exerted on the particle. The first force, due to the 
flow pressure of the material, was assumed to be normal to the instant
aneous area of contact, while the second force was tangential to the con
tact area and related to the first by a friction coefficient. The validity 
f the assumption of a constant flow stress during indentation has been 

9 
discussed in some detail by Tabor in his book on hardness , and is reason
ably valid for larger indentations. The neglect of work hardening would 
be especially well justified for steady-state eroded surfaces, by virtue 
of the very high degree of surface deformation they have undergone. The 
flow stress should be a dynamic flow stress relevant to the high strain 
rates and possible temperature rises inherent in the impact process, and 
will be higher than that measured by conventional hardness test by a 

9 5 factor of about 1.3 to 2 . The use of a friction coefficient for the 
tangential force on the particle will be discussed later. 

Rickerby and Macmillan ' later developed a computer model which was 
4 based on the same concepts as employed by Hutchings et al. . The essential 

difference between the two models was that the Rickerby and Macmillan 
model employed a more accurate method for calculation of the area of 
contact between the sphere and the material, as described later. The 
agreement between the model and the experiments was quite good for the 
dependence of crater volume on both velocity and angle of incidence. It 
is to be noted that Rickerby and MacmiHan's model was much more successful 
in fitting the crater volume vs angle of incidence data than that of 

4 Hutchings et al. , as was pointed out in a preliminary publication or 
the model by Rickerby and Macmillan . Some discrepancy existed between 
Rickerby and MacmiHan's calculated and measured cross-sections of impact 
craters at 30 degrees, in that the model ignored the displacement of 
material above the original flat surface and that the rebound slopes of 
the measured craters were steeper than those predicted. No data regarding 
energy loss or angle of rebound calculations or measurements were 
discussed by Ri. '.erby and Macmillan . 
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Hutchings, Rickerby and Macmillan published an analysis of many of 
the results of Hutchings' Ph.D. thesis using the modified computer 
model developed by Rickerby and Macmillan * . This paper noted that the 
existing computer models neglect the elastic energy contribution to the 
rebound energy of the particle. The neglect of this contribution leads 
to a prediction of zero rebound velocity for 90 incidence, since no 

4 7-9 energy is returned to the particle after it stops ' . They also noted 
that neglect of elastic energy only appeared to cause an "appreciable 
discrepancy" between their model and experiments for 90 incidence. 

The elastic energy stored in the material and -incident particle 
have been included in previous analytical treatments of the rebound 

o 8 9 problem at 90 incidence ' . However, existing computer models of the 
non-normal impact problem have ignored this. For 90 impact, the elastic 
energy stored in tne target and erodent particle at the instant when the 
particle stops its forward motion is released to the erodent particle as 

7-9 the target elastically repels it . It is worth noting that while the 
4 model of Hutchings et al. incorrectly predicted zero rebound velocity 

for 90 Incidence, this discrepancy did not appear significant in most 
plots of the data due to the small relative rebound velocities predicted 
by Tabor's model at the high incident velocities (>200 m/s) used. The 
discrepancy increases as'velocity decreases. 

9 
Tabor discussed a treatment of the rebound of a spherically tipped 

indenter striking a flat specimen, and quoted earlier discussions of the 
subject. His treatment employed Hertzian analysis to calculate the 
elastic energy released to the impacting particle, and assumed that the 
material was purely elastic until a critical indentation depth was 
reached, and that thereafter it was purely plastic in the sense that the 
force on the indenter was given simply by P times the area of cont.«rt. 
Actually, between the case of initial elastic indentation and that of 
^urrly plastic indentation there is an elastic-plastic range, in which 
only part of the material immediately under the indenter has reached a 
high enough stress to yield. This occurs for mean contact pressures P 
between about 1.1 and 2.8 Y, where Y is the uniaxial yield strength. 
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Levy and Parry presented a more complete model of 90 rebound than 
9 that of Tabor by including an analytical treatment of the elastic-plastic 

range of indentation sizes. This treatment employed different expressions 
for the mean contact pressure in the elastic, elastic-plastic and plastic 
indentation ranges, using an expression given by Johnson for the mean 
pressure in the elastic-plastic indentation range. In Levy and Parry's 
model, integration of the resulting force on the particle with respect 
to the indentation depth gave the energy lost, and yielded better agree
ment with experiment than the treatment of Tabor for the low range of 
impact velocities which produce indentations in the elastic-plastic range. 

DESCRIPTION OF THE SPHERICAL PARTICLE MODEL 

The Rickerby and Nacmillan model has been extended in the present 
project to include the elastic stored energy. This has been done by 
increasing or decreasing the kinetic energy of the sphere during each 
iteration so as to compensate for the change in elastic stored energy 
calculated from the change in contact area during the iteration. In 
addition, the rotational energy of the particle, which was not included in 
the previous models, is computed and similarly adjusted for. The present 
model also differs in that it employs a flow stress term rather than a 
frictional force tangential to the direction of travel. The predictions 
of the model are compared with the model and data of Hutchlngs, Rickerby 
and Macmillan . 

A more complete description of the mathematical formulation of the 
model and the differences between it and that of Rickerby and Macmillan 

3 is included in the paper which has already been submitted . It is 
described here, and its results are compared with some experimental 
results of Hutchings et al. . 

The basic principle of the model is to compute the changes in 
position and velocity of the sphere after successive short (0.2 ps) 
time increments. During each increment, a force P„ equal to the product 
of the mean flow pressure and the current area of contact is assumed to 
act normal to the contact area, while a force P_ tangent to the surface 
of the sphere and normal to the first force is also Included. 
Figure 1 shows a cross-sectional view of the geometry. In the present 
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Figure 1. Cross-sectional view of the contact geometry after 
breakaway; adapted from Rickerby and Macmillan-*. 

model, P_ is considered to be due to plastic displacement of the material 
ahead of the moving particle, and is calculated as the product of P and 
the area of the spherical sector represented by RQ. In the original 
Rickerby and Macmillan model , the tangential force was taken to be a 
frictional force yP, which seems less physically justified since this 
would essentially give the force resisting a sliding rotation of the 
sphere in a spherical seat. 

The model recognizes two regines of contact. Initially, the entire 
portion of the sphere which lies below the original surface is in contact, 
but later (as in Figure 1) it is only in contact along the forward portion. 
The instant dividing these regimes is termed breakaway, and is defined by 
the point at which point B first reaches the surface. 

The Rickerby and Macmillan model ignored the contribution of the 
elastic energy stored in the material to the forces on the particle. This 
leads to a prediction of zero rebound velocity for 90 incidence, since 
the sphere simply decelerates due to the work done against the plastic 
force until it stops. Once it stops, in a real impact the material 
elastically repels the particle, resulting In a slight increase of the 
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radius of curvature in the indentation. Tabor presented an elegant 
analysis of this problem in his 1951 monograph, assuming that the mean 
contact pressure P over the surface of the indentation could be taken to 
be simply 2.8Y, where Y is the yield stress of the material. His analysis 
was discussed in relation to the Scleroscope hardness test, which employs 
the rebound height of a spherically tipped indenter to determine hardness. 
Actually, during a quasi-static hardness indentation, between the range of 
completely elastic contact at extremely low loads and full plasticity at 
high loads (P=2.8Y) there is a range of elastic-plactic contact during 
which part of the material under the indenter flows plastically and the 
rest behaves elastically. This has been discussed at length by Levy and 
Parry , who developed an analytical treatment of the 90 impact of spheres 
on metal surfaces in a ri_nge of velocities ranging from extremely low 
velocities producing only elastic contact to velocities high enough to 
reach full plasticity under the indenter. In the present work, it is not 
necessary to include this sophisticated analysis, since at the velocities 
in erosion problems of practical interest most metals would reach full 
plasticity. 

In the present model, the elastic energy is taken into account for 
any angle of incidence, by calculating the change in the area of contact 

9 
and applying Tabor's analysis to find the change in elastic energy stored 
in the material. At the end of a time increment in which only the plastic 
forces P N and P_ were taken into account, the velocity vector length is 
increased by an amount which increases the kinetic energy of the particle 
by an amount equal to the change in stored elastic energy in the material. 
The direction of the change of the velocity vector due to elastic energy 
is taken to be normal to the original flat surface. 

In addition to the inclusion of the elastic energy, the model includes 
the change in rotational energy of the particle due to action of P„ during 
each iteration. This energy is subtracted from the kinetic energy of the 
particle, along the direction of the existing velocity vector as determined 
by the plastic forces. 

The predictions of the model are compared here with those of the 
Rickerby and Macmillan model and with the data of the Ph.D. thesis of I. 
Hutchings as presented by Hutchlngs, Rickerby and MacmilJan . The data 
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concern the impact of 9.5 mm hardened steel spheres on mild steel. The 
4 mean flow pressure of 3.00 GPa used for the steel by Hutchings et al. is 

also employed here, and is higher than the static hardness due to the fact 
that it is a dynamic hardness representing high strain rates (and assoc
iated temperature effects). 

RESULTS OF THE SPHERICAL PARTICLE MODEL 

The effect of the inclusion of the increase in rotational energy of 
the sphere due to the tangential force is very small in all cases. For 
instance, at lOOm/s the final velocity is decreased by only 0.02Z by 
including rotational energy for 30 incidence, and by only 0.04Z for 70 
incidence. This is qualitatively consistent with the low rotational rates 
observed for marked F.theres by high-speed photography by Hutchings, Winter 

4 and Field . The effect was included in the present model as a consistency 
check, since it is easily shown that if the tangential force were to 
cause sufficient angular acceleration so that the sphere reached an 
angular velocity such that it was rolling, the rotational energy would be 
exactly 40% of the translational kinetic energy. The small effect of 
rotational energy in the computer model is a reflection of the fact that 
the surface of the sphere is actually sliding through the impact crater, 
assuming no initial rotation. The present work thus justifies the ex-

4 elusion of rotational energy from the work of Hutchings et al. and later 
workers , and shows that rebound parameters are affected only slightly. 

Under most conditions, the effect of using the flow stress approach 
of the present model in place of the coefficient of friction approach 
of Rickerby and Macmillan for the tangential force on the sphere also 
results in only small changes in predictions. To test this, the model 
was run using each of t^ese methods separately, with the rotational and 
elastic energy subroutines turned off. The predicted rebound velocity 
for 30 incidence is slightly higher for the flow stress approach, by 1% 
at 100 m/s and 0.3% at 200 m/s. For 70° incidence, the rebound velocity 
is lower for the flow stress approach by 13% at 100 m/s and by 33% at 
200 m/s. The increased magnitude of the effect at high angles and vel
ocities is probably due to the greater depth of penetration, which would 
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increase the ratio of tangential to normal force for the flow stress 
approach. The angles of rebound were affected by a maximum of about one 
degree by the choice of tangential force approach. 

The effect of the length of the time interval used was small. De
creasing the interval from the value of 2 x 10 s used for the data 
presented herein to 2 x 10 s changed the predicted rebound velocities 
by at most 1% and "he rebound angles by at most 1.5 • 

Effect of Elastic Energy 

For 90 incidence, it was verified that the discrete interval method 
of calculation of the elastic energy in the present model predicts the 
same final rebound velocity as the Tabor model. 

The results of the model for the dependence of rebound velocity on 
incident velocity are summarized in Figure 2, which shows the results of 
the present model as solid lines, chose of the model of the Rickerby and 
Macmillan model as dashed lines, and the experimental data of 
Hutchings ' . Both models provide a good fit to the experimental .̂ ata 
for angles of incidence up to about 45 . For all angles of incidence, 
the present model predicts consistently higher rebound velocities, and 
this effect becomes more significant with increasing angle of incidence. 
At 75 incidence, the discrepancy is nearly a factor of two. It is 
natural that the present model should predict a higher rebound velocity 
than the Rickerby and Macmillan model , since the present model includes 
the elastic energy. For 90 incidence, the neglect of elastic energy 
causes the older model to predict a zero rebound velocity, while the 
present model predicts the same value as that obtained from the analytical 
Tabor model, because it returns the stored elastic energy to the sphere 
once the velocity reaches zero. 

Figure 3 shows a comparison of the model predictions for 75 and 
90 incidence, together with the 90 data of Hutchings et al. . The 
predictions of the model :»re consistently higher than the experimental 
data, by a mtio which increases with increasing velocity, since the 
data show an approximately constant rebound velocity above an incident 
velocity of about 100 m/s. It can be shown that the discrepancy between 
the present computer model (which gives the same results as Tabor's 
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Figure 2. Effect of incident velocity on rebound velocity for 
angles of incidence up to 75 . 
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Figure 3. Effect of incident velocity on rebound velocity for 
75 and 90 incidence. 
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analytical model ) and the data can be accounted for by taking into account 
the energy lost to elastic waves in the solid. A method for calculating 
this energy has been described by Hutthings for the case of 90 inci-

12 dence . In the actual restitution coefficient (rebound divided by 
incident velocity) is known, the amount of energy which was dissipated in 
elastic waves can be calculated. For the 270 m/s data of Hutchings 
(Figure 3) the restitution coefficient is approximately e = 0.10, which 

12 according to Hutchings' model for elastic wave energy would mean that 
about 9% of the initial energy was lost in elastic waves. Since the 

2 fraction of energy lost is easily shown to be (1-e ) = 0.99, in the absence 
of*elastic waves the fraction lost would have been only 0.90, and the 
restitution coefficient would have been about 0.33. This is quite close 
to the value of 0.30 predicted by the present model. Since the energy 
lost to elastic wavec decreases with decreasing incident velocity, the 
model approaches the data more closely as velocity decreases. While it 
would be possible to take the elastic wave energy into account in the 
present model for 90 impact, this has not been done since it would not be 
consistent with the fact that the effect is ignored for non-normaJ inci
dence. Development of a model to take elastic waves into account for 
non-normal incidence would be desirable. 

The 75° .model predictions are included in Figure 3 because the 
rebound velocity predicted at 90 is higher than that at 75 by about 
one third. This is because for 75 the breakaway condition is satisfied, 
whereas it is not for 90 , and elastic energy is taken into account 

3 somewhat differently. As discussed more completely in another paper , 
this is believed to be due to the effect of the neglect of the material 
ploughed up in front of the sphere on the area of contact. 

Rebound Angles 

As can be seen from Figure 4, the present model (solid lines) and 
that of Rickerby and Macmillan ' predict very similar variations of 
rebound angle on incident velocity for low angles of incidence (up to 
45 ). At higher angles however, the present model predicts a signif
icantly less rapid rise of rebound angle with velocity, especially at 
low incident velocities, where a slight decrease is actually predicted. 



J O 

0 SO 100 150 200 2S0 300 350 400 
MCDSfT VELOCITY (m/s ) 

Figure 4. Dependence of rebound angle on incident velocity. 

The smaller dependence of rebound on Incident angle appears to be more 
consistent with the data, especially for 60 . Unfortunately, there is 
Insufficient data at 45 and 75 to make a conclusive comparison between 
the correctness of the models. 

Figure 5 compares the predicted dependence of rebound angle on angle 
of incidence, along with the data of Hutchings et al. . The rebound 
angle is comparable to but lower than the angle of incidence for angles 
less than 90°. 

Coefficient of Restitution 

Figure 6 shows a plot of the model predictions for the coefficient of 
restitution, defined as the ratio of total final to initial velocity, as 
a function of incident velocity. Also included are the data of Hutchings 

4 
et al. ; the data and model predictions are both the same as was prev
iously seen in Figure 2, but it is now clear that for the range of 
velocities from 50 to 350 m/s, the predicted coefficient of restitution 
is a nearly linear function of incident velocity for angles of incidence 
up to 60 . This contrasts with the nonlinear behavior seen for 75 and 
90 incidence in Figure 7; the 90 behavior is similar to th.'.t previously 



s i n 

90 

80 

S 70 

I 6 0 

3 50 

< 40 
O 

3 " 
10 

n 210 m* 
O 274m* 

274 m* 

_ l _ 
0 10 20 30 40 50 60 70 80 90 

MCIDENT ANGLE (dagrett) 

Figure 5. Dependence of rebound angle on angle of incidence. 

200 

Incident Velocity (m/») 

300 400 

Figure 6. Coefficient of restitution as a function of incident 
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Figure 7. Coefficient of restitution as a function of incident 
velocity for 75 and 90 incidence. 

9 8 o 
predicted by Tabor and Levy and Parry , and 75 incidence is close enough 
to 90 to behave similarly. Physically, the dependence of e on velocity 
is due to the decrease of indentation size with velocity, resulting in 
smaller energy losses due primarily to the plastic work. The linearity of 
the predicted value of e for angles below 60 could not in practice extend 
all the way to zero velocity, since at sufficiently low velocities the 
indentation would be elastic and the primary energy losses would be due 
to elastic waves and rotation of the particle. The point at which the 
curves bend upwards toward 1.0 at low velocity would not be predicted 
accurately by Che present model, since it assumes the force on the 
particle is given by the fully plastic flow pressure P. This is not 
accurate for very small indentations, which are elastic-plastic as dis
cussed for the case of 90 incidence by Levy and Parry and give a smaller 
mean indentation pressure. Thus, for very low velocities, the presenc 
model would predict a higher restitution coefficient due to its 
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overestimate of mean indentation pressure and the resulting shallower 
indentation. The model predictions for velocities lower than 50 m/s 
can be compared with experiment later in the project. Qualitatively, the 
model predicts that the curve for 60° turns upwards just below 50 m/s, 
while those for lower angles turn much closer to zero velocity. 

The plot in Figure 8 of the dependence of coefficient of restitution 
on angle of incidence for a few velocities shows that the general trend of 

1 2 decreasing e with angle observed by Tabakoff * is also predicted by the 
present model and observed for single impacts of spherical particles. The 
rise predicted at 75° is, as menti-oned earlier, due to a difference in 
the method of computation of contact area before and after breakaway 
and the neglect of displaced material in computing this area. The co
efficient of restitution is seen to be more velocity dependent at higher 
angles of incidence in both Figures 7 and 8. 
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SUMMARY 

The spherical-particle model provides a generally suitable pre
diction of the spherical-particle single impact results. Improvements to 
the model could include a method for predicting the effect of displaced 
material on area of contact, correction for the kinetic energy of the 
displaced material, and possibly inclusion of the effect of elastic wave 
energy losses. The model must also be tested by further experimental 
measurements for different materials and impact conditions, and the 
results of the single-impact spherical particle model should also be 
compared with nodeling and experimental results for angular particles. 
In addition, the model predictions need to be compared with multiple-
impact experiments with spherical particles impinging on surfaces eroded 
to steady state, and dynamic hardness measurements need to be used tc 
obtain appropiate input data for the models. 
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ABSTRACT 

Impacts by erosive particles result in the high strain rate deposi
tion of an appreciable amount of energy into the deformed volume of the 
target material. This energy can be manifested as local heating; sof
tening or even melting has been observed in many materials. Hardening 
caused by the high strain rate deformation has also been reported for 
strain hardenable materials. The effect of individual impacts on the sur
face of selected materials was determined for 343-um-diam tungsten carbide 
balls impacting at about 30 m/s and 30° incidence angle. A mechanical 
properties microprobe was used to measure the hardness of the crater bot
tom, and just below the original surface. Strain hardening but no 
evidence of softening was observed in these materials. 

INTRODUCTION 

During the last decade, considerable effort has been made to develop 
improved coal conversion and utilization processes in order to make better 
and more extensive use of our fossil resources. Materials problems 
involving erosion, corrosion, or both have been encountered, and a 
significant amount of research has been directed to determine the cause of 
the problems and to identify suitable materials. The presence of a 
nontrivlal amount of noncombustlble mineral matter in coal can result in 
serious degradation of metallic components of coal conversion plants. 



Figure 1 shows a piece of failed steel pipe fro* a coal liquefaction plant. 
This pipe carried a mixture of noncoabustible aaterial in a hydrocarbon 
streaa, and the wear of the elbow caused by the Impacts of the hard 
particles eroded a hole in the pipe. Erosion failures of pipe 'Jid letdown 
valves were not infrequent occurrences during early operation o: coal 
liquefaction plants, and considerable effort was directed to identifying 
materials that were aore erosion resistant. In addition, the study of 
erosion mechanisms also received increased attention. 

Fig. 1. Cross section of failed steel pipe from a coal liquefaction 
plant. The pipe carried coal ash in a heavy organic oil at a temperature 
above 260°C. 

As has been well documented in recent papers on erosion, many studies 
of erosion mechanisms have been performed during the last 3C years. 
Researchers have tried to relate a material's erosion resistance to one or 
several of the material's mechanical or physical properties, and a number 
of mechanistic theories have been proposed. In fact, as demonstrated by 
Finnle,* for pure, annealed materials a good relationship can be 
demonstrated between erosion resistance and indentation hardness. 
However, this relationship breaks down when alloys or work hardened metals 
are included.2»3 Despite different properties (Including greater hard
ness) in the aged or worked material, no significant Increase in erosion 
resistance of these materials is observed. There are several theories to 
explain this lack of change In erosion resistance. One is that the 
properties that control erosion resistance are not changed by aging or 
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working. Another possible explanation is that multiple particle impacts 
change the surface of every material to some steady state condition so 
that the measured erosion resistance is just an indication of this steady 
state condition. 

Because of the lack of correlation between mechanical properties and 
erosion resistance, other researchers have tried to relate erosion beha
vior and metal-metal bond energy,1* melting point,5 and elastic modulus.6 

Although erosion behavior can be related to some physical or mechanical 
property for a carefully defined set of materials, none of these 
relationships holds for materials in all conditions of heat treatment or 
mechanical working. 

A relationship between erosion behavior and some thermal property has 
been demonstrated by a number of researchers. Ascarelli7 related erosion 
behavior to a thermal pressure, a x r x AT, where a is the coefficient of 
linear thermal expansion, K IS the bulk modulus, and AT Is the difference 
between ambient temperature and the melting point of the target material. 
Hutchings8 proposed using the product p x c. x 11, where p is the density, 
Cp is the specific heat at constant pressure, and AT is as previously 
defined. Malkin9 related erosion resistance -. ̂  the specific melting 
energy p x AH/a, where AH is the enthalpy change associated with trans
forming a solid target material at ambient temperature to liquid at the 
melting temperature, and a Is the atomic number. A dimensional analysis 
was developed by Jennings et al. 1 0 in which several material properties 
that might be expected to influence erosion resistance were Incorporated. 
Under certain test conditions, a correlation between any of these thermal 
parameters and erosion resistance can be shown. However, as in the case 
with parameters developed using physical properties, none provides a 
satisfactory correlation for all metals and alloys under all test 
conditions. 

The association of erosion behavior with thermal properties is at 
least In part related to the observation that significant heating of the 
surface can occur as the result of a particle Impact. Calculations have 
shown that if a major portion of the energy of the Incident particle is 
transferred to the target, and if adiabatlc behavior is assumed, the tem
perature can be raised appreciably; even to or above the melting poi.it of 
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the target. 1 1' 1 2 Melting of the target material has been reported by a 
number of researchers, 1 3 - 1 5 and there are many reports of annealing or 
softening of the surface of the target; most likely as a result of heat 
introduced by the particle impacts. 1 6 - 1 8 Observations of softening were 
made through hardness measurements and microstructural studies on samples 
previously exposed to a stream of erosive particles. 

Transmission electron microscopy (TEM) has provided evidence of work 
hardening below eroded surfaces. Ives and Ruff 1 9 studied annealed 310 
stainless steel that had been impacted by angular AI2O3 and spherical 
glass particles approximately 50 pm in diameter and projected at a velo
city of 59 m/s at impact angles of 20 and 90°. High dislocation density 
zones were found around the impact craters. Selected-area electron chan
neling patterns were also used to study the plastic strain associated with 
impact craters in 310 stainless steel and copper. The strains appeared to 
be localized near the impact crater and decreased with distance from the 
crater. 

Cdington and Wright 2 0 studied Stelllte 6B that had been eroded by 
15 un diameter AI2O3 at velocities of 19 and 52 m/s (63 and 170 ft/s). 
They found a rapid build-up of a high dislocation density in the surface 
layer of the eroded material. They also noted that close examination of 
the dislocation arrays around individual indentations failed to provide 
any evidence for local heating during impact. 

Scattergood and Kosel 2 1 used TEM to study the density of dislocations 
beneath eroded surfaces on nickel. They found the highest density was 
just below the surface, and the density decreased with distance from the 
surface. For a surface eroded by 130 pm AI2O3 particles at 20° incidence 
angle, the affected material extended to about 70 pm. 

There is considerable evidence indicating that appreciable heat is 
produced as the result of erosive particle Impacts. However, as in the 
papers just cited, there is also a significant collection of data indi
cating the heat produced by Impacts has no measurable effect on the target 
material. Clearly, for impacts on ductile metals, appreciable energy must 
be deposited In the target. The manner In which this energy is manifested 
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is likely controlled by the impact conditions and the properties of the 
erosive particle and the target; determination of the controlling factors 
and their limits is a subject that warrants further study. 

Unfortunately, there have been few, if any, studies of the effect of 
appropriately small, single impacts on the properties of the target, in 
part this has been due to the difficulties associated with making single 
impacts with very small particles under well controlled conditions and 
then measuring the change in target properties in such a small volume of 
material. The work dascribed in this paper has utilized two unique pieces 
of equipment at our laboratory to study the response (as measured by 
hardness changes) of a Hastelloy C-276 sample and three aluminum samples 
to impacts by erosive particles of approximately the same size as 
particles in coal conversion and utilization plants. 

EXPERIMENTAL SYSTEM 

The experimental system is based on an 1SI Super IIIA scanning 
electron microscope* (SEM) specially modified to permit ln-situ studies of 
the erosion, corrosion, and erosion-corrosion characteristics of metallic 
or ceramic surfaces 2 2* 2 3. The major additions to the SEM are a gun, which 
shoots individual particles at a sample at high velocity, and a hot stage, 
which heats the specimen and the corrosive gas and directs the gas onto 
the sample surface. For the studies described in this report, the hot 
stage and hot gas delivery system were not used. 

The erosive particle gas gun, shown in Fig. 2, is bv.ilt on a flange 
that mounts directly on the SEM chamber. A pulse of carbon dioxide of 
controlled pressure and duration projects the ball through the barrel. 
Particle velocities used in experimental studies are generally in the 
range of 15 to 45 m/s (50-150 ft/s), but velocities as high as 90 m/s 
(300 ft/s) have been attained. 

international Scientific Instruments, Inc., Milpltas, California. 
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Fig. 2. Miniature air gun used to shoot 0.343-um-diam tungsten 
carbide balls. The gun is built on a flange that mounts on the side of a 
SEh. 

The tip of the barrel is visible in Fig. 2, which also shows the 
wiring harness and printed circuit (pc) boards that are mounted on the 
brass piece that supports the barrel. This wiring harness and the pc 
boards are components of the velocity measurement system. The barrel for 
this gun was fabricated from type 316 stainless steel capillary tubing 
[1.59 am (0.0625 in.) outside diam, 0.254 mm (0.010 in.) inside diam). 
The inside diameter is enlarged by drilling it slightly larger than the 
ball diameter. The other large pieces of the gun, including the large 
gear, are made of braes. 
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The gun is firmly attached to the SEM sample chamber, and the speci
men holder and hot stage are tilted to change the angle of Impact of the 
erodent particles on the specimen surface. The impact angle can be varied 
from 10 to 90° (at 90 s the plane of tiie specimen surface is normal to the 
flight path of the erodent particles). 

As built, this gun shoots standard 0.343-am-diam (0.0135-in.) 
tungsten carbide balls, which are purchased from a ball bearing manufac
turer. Cobalt-bonded tungsten carbide is used because of its high hard
ness. The 0.343 mm size was chosen because of the limited availability of 
smaller sizes, and formidable machining difficulties would be encountered 
in building a gun for much smaller balls. This size is within the range 
of particles encountered in most coal conversion and utilization systems. 

The velocity of a ball is determined with the commonly used technique 
of measuring the time it takes the ball to travel between two light beams 
a known distance apart. The light beams pass through two small holes in 
the barrel, each 0.25-mm-diam (0.010-in.). TM«? results in a relatively 
small steady state source of light energy reaching the collector; con
sequently, the electrical current signal is relatively weak. In addition, 
a ball traveling 30 m/s totally interrupts the light beam for only about 
10 ye; thus, the electrical signal pulse is very short. Fast, high-gain 
preamplifiers are used to convert the two current pulses into signals that 
start and stop a 1-MHz clock that is connected to a counter. With this 
system, the particle's time of flight can be measured with +l-ps accuracy. 

The craters produced by the erosive particle impacts are charac
terized through examination with the SEM and by measurement of the surface 
profile with a profilometer. Impact crater depths and diameters can be 
determined from recorder traces of the profilometer scans, and the height 
and extent of extruded lips can be estimated. 

Hardness measurements were made in and around an impact crater with 
the Nanoindenter mechanical properties microprobe (MPM). This recently 
developed system is a fully computerized, ultralow load, microindentation 
hardness tester. The indenter load and displacement are continuously 
measured as the load is applied and removed, with a resolution of 0.3 pN 
(30 pg) and 0.16 no, respectively. Loading was done at a constant 
displacement rate of 5 nm/s, and hardness was calculated directly from the 
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load and depth measurement. (Calculated hardness is considered to bt- only 
a relative value since the mathematical description for the indenter area 
does not account for any rounding or blunting of the tip or edges.) A 
triangular-based diamond indenter similar to a Vickers indenter was used. 
The hardness measurements at the bottom of the craters were accomplished 
with a similarly shaped diamond indenter that had been reduced in width to 
approximately 60 um. This measuring capability is unique in that the 
hardness of the surface of these very small craters can be measured as 
well as the hardness very near the edge of cross-sectioned materials. 

SXIERIMENTAL PROCEDURE AND RESULTS 

Materials used in this study included HasteHoy C-276, a relatively 
high melting, ductile, nickel-based alloy, and a series of aluminum alloys 
that have relatively low melting points and display a wide range of 
mechanical properties. The aluminum alloys used were annealed I LOO, 
6061-T6, and 7075-T6. Compositions of these alloys are given in Table 1, 
and room temperature properties are listed in Table 2. Steady state ero
sion rates have been previously measured for some of these aluminum 
alloys, and the results are Included in Table 2. The softer, weaker, but 
higher melting annealed 1100 has a lower erosion rate than 7075-T6.2i*»25 

Table 1. Nominal compositions of alloys used in 
erosion studies 

Hastelloy 1100 6061 7075 
C-276 Aluminum Aluminum Aluminum 

Nickel Balance 
Cobalt 2.0 
Chromium 15.5 0.2 0.23 
Molybdenum 15.7 
Tungsten 3.8 
Iron 5.8 
Silicon ^.04 0.6 
Manganese 0.4 
Carbon 0.003 
Aluminum 99,00 min 97.9 90.0 
Copper 0.12 0.28 1.6 
Magnesium K0 2.5 
Zinc 5.6 



543 

Table 2. Selected properties of alloys used for erosion studies 

Material property Hastelloy C-276 
30Z cold reduced 

Annealed 
1100 6061-T6 7075-T6 

Hardness 
500 kg-10 mm ball (Re 35) 23 95 150 

Shear strength (MPa) 62 205 330 

Yield strength (MPa) 10S3 34 275 505 

Ductility (Z) 15 35 12 11 

Solidus 
temperature (°C) 1323 643 582 477 

Relative erosion 
rate 1.0 1.5 

Samples were first polished to a 0.5 \n diamond finish followed by 
etching for a few seconds in a 10Z HF solution to remove most of the work 
hardened surface created by mechanical polishing. Single, 30° impacts 
were then made at room temperature with 343-pm-diam tungsten carbide 
balls. Ball velocity was 30 m/s for the Hastelloy C-276 and was 
controlled at 28.5 ±1.0 m/s for the aluminum samples. Hardness measure
ments were made on the bottom of the Impact craters of the Hastelloy C-276 
sample and one set of aluminum samples. Another set of aluminum samples 
was cross-sectioned and polished through the Impact crater. The second 
8c: was lightly etched as described previously, then the MPM was used to 
measure the hardness immediately beneath the impact crater. Hardness 
indentations were made to a depth of 300 nm, and spacing between inden
tations, in keeping with ASTM recommendations, was generally at least 6 pm 
center to center. 2 6 The indentations were limited to 300 nm depth so that 
measurements could be made fairly close to the unsupported edge without 
the edge affecting the measurement. 

Figure 3 shows two typical Impact craters with hardness Indentations 
on the bottom, while Fig. 4 shows cross sections of the Impact craters on 
the aluminum alloys with the array of hardness indentations made around 
the craters. Altnough the hardness was determined as a function oi depth 
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Hastelloy C-276 

6061-T6 

Fig. 3. Photomicrographs of Impact craters with a row of hardness 
Indentations along the bottom of the crater. The indentations were made 
with the Nanoindenter mechanical properties mlcroprobe using a specially 
modified indenter. 
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Annealed 1100 

6061-T6 

i-52-i=-i 

50 urn 

7075-T6 

Fig. 4. Cross-sectional view of lapact craters showing the array of 
hardness Indentations used tu characterize the properties of the material 
beneath the lapact craters. 
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for the full 300 na depth of the indentation, only the values of hardness 
aeasured at 250 na were used in the analyses. This depth was chosen over 
a shallower depth to lessen the error in calculated hardness resulting 
froa the inexact mathematical aodel used for calculating the indenter tip 
area. The results of hardness aeasureaents on the aluainum samples are 
summarized in Figs. 5 through 7. Each of the data points shown is an 
average. With only a few exceptions, the points shown represent at least 
five hardness indentations and in some tases as many as 15 indentations. 
This hardness measuring capability is unique in that the hardness of the 
surface of these very small craters can be measured and the hardness of 
the cross-sectioned aaterial can be measured on a smaller scale than 
previously possible. 
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Fig. 5. Relative hardness versus depth below single impact crater on 
annealed 1100 aluminum. 
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Fig. 6. Relative hardness versus depth below single impact crater on 
6061-T6 aluminum. 
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Fig. 7. Relative hardness versus depth below single impact crater on 
7075-T6 aluminum. 
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DISCUSSION 

Hardness Measurements on the crater bottom of Hastelloy C-276 com
pared to measurements on the unimpacted surface show that the surface 
underwent appreciable hardening as a result of the Impact even though the 
sample was already significantly cold worked. The hardness at the bottom 
of a 30° impact crater on a 30Z cold worked sample was about 15Z greater 
than on the unimpacted surface near the crater. Although heating occurs 
when an erosive particle impacts the surface, no evidence of softening was 
noted for the relatively high melting Hastelloy C-276. With lower melting 
point materials (i.e., aluminum alloys), we expected that the effects of 
local heating would be increased. 

As is evident in Figs. 5 through 7, the hardness below the uneroded 
surface of the aluminum samples was constant or slowly decreased as the 
surface was approached. In all cases the data from indentations made on 
the surface showed some hardening, possibly the remnants of work hardening 
that occurred during polishing. Even though there was only a single 
impact by a smooth projectile, significant hardening was detected on and 
beneath the surface of the impact crater. However, the hardening measured 
on the bottom surface of the crater was appreciably greater than that 
measured anywhere else. 

Table 3 shows that the impact crater was largest on the annealed 1100 
aluminum sample. The data shown in Fig. 5 indicate the hardness on and 
just below the surface of 1100 aluminum increased about 10Z as a result of 
the impact. Hardening by the impact decreased with depth, but affected 
material extended to about 100 pn. This is on the order of the affected 
depth reported after multiple particle impacts under somewhat similar 
Impact conditions (30°, 61 m/s, 250-300 um silicon carbide) on annealed 
1100 aluminum.16 However, unlike the Bellman and Levy work on 
annealed 1100, our single impact results do not show any evidence of soft
ening at the surface. The Bellman and Levy study utilized a multiply 
impacted sample that had reached steady state erosion. The possible cumu
lative effects of the multiple impacts could explain Che difference in the 
hardening and softening observed on the samples. It Is also possible that 
the higher velocity, more angular particles used in the work cited 
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transferred more energy to the target, but the greater size and density of 
our particles should have offset most of the velocity and shape effects. 
Additional study on the effect of particle size and velocity is planned. 

Table 3. Length of impact craters formed on 
aluminum alloys by the 28.5 m/s 30° 

incidence angle impact of 
343-um-diam tungsten 

carbide balls 

Material Annealed 1100 6061-T6 7075-T6 

Crater diameter (urn) 175 51 46 

The 6061 aluminum alloy is strengthened by heat treating, and the T6 
treatment puts the alloy near its maximum strength and hardness. As indi
cated by the much smaller impact crater, the alloy's resistance to defor
mation by a high strain rate impact is considerably greater than that of 
annealed 1100 aluminum. As shown in Fig. 6, 6061-T6 aluminum exhibited 
a greater increase in surface hardness as well as a decreased depth to 
which a measurable hardness change could be measured (about 80 urn for this 
sample). Once again no decrease in hardness was seen indicating no 
localized overheating or melting had occurred. 

The 7075 alloy was also tested in the T6 heat treatment condition 
that raised its strength and hardness to very high levels. The impact 
crater formed was somewhat smaller than that on 6061-T6, but it is clear 
that the high strain rate, single particle impact caused considerable 
hardening at the surface. Scatter in the data shown in Fig. 6 makes it 
difficult to determine if the depth of hardening was different for 7075-T6 
and 6061-T6. It is apparent that in going from annealed 1100 aluminum to 
the precipitation strengthened alloys there was a decrease in the depth to 
which a single impact affects the material. No evidence of softening near 
the impacted surface was apparent. 

Several relationships between erosion resistance and mechanical 
properties are suggested as a result of this study. The materials that 
showed greater steady state (multiple impact) erosion resistance developed 
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larger craters in our single impact tests, and they hardened to a greater 
depth. The combined results of single and multiple impacts suggest that 
the weaker, aore ductile materials dissipate the energy of the impact over 
a greater volume and consequently suffer a lower rate of erosion. 

For both the high and low melting point materials studied, all single 
impacts showed hardening; no softening was seen. It is possible that 
softening does not occur until the surface undergoes more extensive 
deformation and energy deposition such as would occur from multiple 
Impacts. An answer to this question may be provided by NPM charac
terization of the material beneath the surface of samples eroded to the 
steady state condition. 

The proposal that thermal properties have a major role in determining 
erosion resistance is supported in the present study by the observation 
that the aluminum alloys with the higher solidus temperatures are more 
erosion resistant. Consequently, additional studies at different veloci
ties and temperatures are planned to apply our unique systems to gain 
further understanding of erosion behavior. 

CONCLUSIONS 

The following observations can be drawn from this work. 
1. Single impact craters can be made using particles of approxima

tely the size encountered in fossil fuel conversion and utilization 
systems. Using the specially fabricated indenter, hardness can be 
measured in the bottom of these single impact craters. By sectioning the 
sample through the crater, the hardness profile of the material can be 
determined in the material beneath the crater. 

2. Clear evidence of work hardening was observed; we saw no indica
tion of softening as a result of heat produced by single Impacts. For the 
aluminum alloys, the greatest hardening occurred at the bottom of the 
impact crater with the hardness decreasing with depth; the total depth of 
hardening was less for the harder, stronger alloys. 

3. The high strain rate Impacts rebulted in localized hardening 
significantly greater than that accomplished by 502 cold working or by 
heat treatment designed to optimize the strength of the alloys. 
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ABSTRACT 

Screening tests were performed on a series of Modified type 316 
stainless steels and modified 8C0H alloys to identify candidates for use 
as tubing in advanced boiler superheaters/reheaters producing steaa jt 
650°C (1200°F) and 35 MPa (5000 psi) pressure. Alloy evaluations included 
fabricability, tensile and creep behavior, weldability, metallurgical sta
bility, and response to chromizing. The modified type 316 stainless 
steels exhibited sufficient strength and ductility to meet a target design 
strength of 60 MPa at 700°C but wer.2 difficult io weld and had very poor 
oxidation resistance. The compositions based on alloy 8C0H were weaker 
than the modified type 316 stainless steels a. d exhibited similar problems 
in regard to weldability. All alloys were stronger when cold worked to 
small strains (2 to 10X). The most promising compositions contained low 
levels of phosphorus. Based on the results of the screening tests, com
positions were selected for the production of small heats of tubing. 

INTRODUCTION 

In ovder to be a viable candidate for service as tubing in an 
advanced steam cycle supt rheatei/reheater, an alloy must have strength 
exceeding twice that of type 316 stainless steel, 'ireside corrosion 
resistance at 700°C equivalent to alloys contain...g more than 30% chro
mium, a.id steamside corrosion resistance equivalent to alloy 800H.' The 
commercial and near-commercial tubing alloys worth consideration have been 
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investigated by Gold and Jaffee* and others.J>* They find that the only 
alloys meeting all requirements are highly alloyed. Examples include 
alloy 617 and a Nippon-Kokan developmental alloy, CR30A. However, the 
cladding and surface treatment of lower chromium-bearing alloys provide 
options that need to be examined. 

The program at Oak Ridge National Laboratory investigates the 
potential of several groups of alloys for service as tubing in advanced 
steam cycle superheaters and reheaters. One group of alloys consists of 
"lean" stainless steels, with chromium less than 20%, that have been devel
oped by modifying type 316 stainless steel to produce improved strength 
and metallurgical stability.5 A commercial alloy in this category is the 
17-14 CuHo stainless steel that is used in the Eddystone Unit 1 Fossil 
Plant power boiler.* Such alloys have good strength but must be surface 
treated or clad for improved corrosion resistance. A second group of 
alloys contains 20 to 30% chromium, 20 to 30% nickel, plus strengthening 
additions, and nay be classed as modified 310 stainless steel or modified 
alloy 80C. Near-commercial alloys include the niobium-modified 
20-25 stainless steels.7** Such alloys have potentially good strength, 
weldability, and steamside corrosion resistance, A third group of alloys 
contains aluminum in the range 4 to 8% and has excellent steam cortosiun 
resistance. These alloys include an aluminum-silicon-modified stainless 
steel,' aluminum-modifiet* stainless steel, 1 0 and nickel-iron aluminides.'' 
A final group of alloys includes commercial nickel-chromium alloys such as 
Inconel 617,* Incone 1 690,* and Inconel 671.* 

The program is moving through the logic diagram provided in Fig. 1, 
which addresses three of the five tasks i.i the p-ogram. The first task 
involves screening evaluations of laboratory heats from the four alloy 
groups mentioned above, and ends with the selection of alloys for pilot 
heats of tubing. The selections are primarily based on results from 
mechanical, microstructural, and weldability evaluations. The second task 
involves a broadened experimental program on a smaller number of alloys 
and includes laboratory fireside and steamside corrosion testing of tubu
lar products. It is expected that the second task will lead to the 

'Registered trademark of Huntington Alloys, Inc. 
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a reference location. Here we see that chromium may be increased to 
levels around 25% for a depth of about 100 urn from the surface. This con
tent may be adequate for the steamside of tubing. 

RESEARCH PROGRESS ON MODIFIED ALLOY 800H 

Four heats of modified alloy 800H were provided by AMAX; and the 
chemistries are provided in Table 2. Heats AXl, AX2, and AX3 were procured 
to examine phosphorus effects; heat AX4 was investigated for high chromium 
in addition to high phosphorus. The fabricability of the four heats was 
similar to that of the lean stainless steels, and the same sequence of 
solution treatment at 1200°C and rolling at 1100°C was followed. The 
heats were delivered following a 1200°C solution treatment and 10% cold 
rolling in the mill-annealed condition. Tensile data at 25 and 700°C are 
compared in Fig. 11. These indicate that ill four heats met or exceeded 
the strength and ductility requirements of ASTM B-409-73. Reannealing at 
1^00°C decreased the yield strength significantly, but in contrast to the 
lean stainless steels, the yield strengths exceeded the minimum room tem
perature requirement (170 MPa). 

Table 2. Composition of modified 
alloy 800H (wt X) 

Alh>y 
Element 

AXl AX2 AX3 AX4 800H 

c 0.087 0.090 0.092 0.091 0.08 
Si 0.20 0.23 0.22 0.22 0.24 
Mn 1.99 1.96 2.00 1.97 0.83 
Ni 29.8 30.4 30.6 30.3 31.9 
Cr 19.6 20.4 20.6 25.2 19.5 
n 0.27 0.36 0.36 0.36 0.42 
Nb 0.21 0.24 0.24 0.24 
V 0.52 0.53 0.52 0.53 
Mo 1.98 1.96 2.00 1 .97 
P 0.074 0.045 0.031 0.072 
B 0.005 0.011 0.010 0.011 
S 0.012 0.009 0.C10 0.009 0.003 
N 0.024 0.028 0.029 0.030 
Cu 0.003 0.54 
Al 0.43 
Ye Bal Bal Bal Bal Bal 
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selection of no more than four alloys for study in a third task. The 
third task involves a demonstration to show that the major issues 
concerning fabricability, mechanical behavior, fireside corrosion, and 
steamside corrosion can be clearly identified and resolved in any 
commercialization project, should industry decide to proceed with the 
development of an advanced cycle steam plant. Two additional tasks in the 
program involve the evaluation of "control alloys" and technology 
transfer. 

RESEARCH PROGRESS ON LEAN STAINLESS STEELS 

Eight heats of lean stainless steels were procured for evaluation in 
the first task. The compositions are identified in Table 1. The first 
four heats, CEO, CEl, CE2, and CE3, were procured from Combustion 
Engineering as 25-kg ingots produced by argon-induction melting with 
electroslag remelting. The reference composition was heat CEl. The other 
compositions were selected to examine increased silicon content (CEO), 
increased chromium content (CE2), and a copper addition (CE3). Four other 
heats were procured from AMAX and are identified in Table 1 as AX5, AX6, 
AX7, and AX8. Heats AX5 and AX6 were obtained to determine the effects of 
reduced phosphorus content; heat AX7 was a repeat of CE3, and AX8 was pro
cured to examine the influence of reduced phosphorus and vanadium content. 
All eight heats were processed by the mills to a 13-mm-thick plate. The 
"mill annealed" condition involved a 1200°C solution treatment followed by 
hot or cold rolling to produce the final flattening and surface finish. 
Except for CEl, the estimated work in the mill-annealed condition was 8 to 
10%. The CEl alioy received 2% equivalent work. 

Generally speaking the alloys exhibited satisfactory fabricability; 
however, some problems were encountered. For example, the centrifugal 
casting of tube hollows produced the segregation of titanium, and the 
method could not be used. The CE alloys exhibited centerline delamina
tions in the rolled plates, and as much as 40% of the plate material had 
to be scrapped. The CE3 heat produced the highest yield. The AX series 
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Table 1. Composition of lean stainless steels (wt %) 

:»*nt 
Alloy 

:»*nt 
CEO CE1 CE2 CE3 AX5 AX6 AX7 AX8 !7-14Cu.1o 

C 0.072 0.085 0.079 0.086 0.076 0.074 0.073 0.074 0.098 
Si 0.41 0.21 0.26 0.21 0.12 0.12 C.ll 0.12 0.95 
Hn 1.80 1.64 1.89 1.75 2.04 I 96 2.0 2.05 0.83 
Si 16.0 16.2 16.0 16.2 16.2 16.0 16.0 15.9 13.9 
Cr 14.2 13.1 16.0 14.5 13 9 14.3 14.2 13.9 16.5 
Ti 0.24 0.21 0.31 0.27 0.27 0.28 0.28 024 0.21 
Kb 0.10 0.12 0.11 0.11 0.15 0.15 0 15 0.15 0.45 
V 0.57 0.52 0.58 0.56 0.52 0.51 0.53 0.15 0.07 
Mo 2.45 2.30 2.26 241 2.46 2 48 2.48 2.48 1.96 
P 0.071 0.076 0.069 0.071 0.024 0 04: 0.073 0.043 0.014 
B O.OOS 0.005 0.005 0.007 0.005 0 005 0.005 0.005 

</i 0.007 0.008 0.008 0.008 0.015 0.015 0.014 0.015 0.005 
S 0.015 0.016 0.017 0.012 0.021 0 020 0.024 0.022 0.025 
Cu 0.03 0.04 0.03 J 96 0 005 0 004 !.50 0.14 3.07 
Ft Bal Bal Bal Bal Bal Bal Bal Ba! Bal 

of alloys could not be rolled at 120C*C without severe cracking, and ingots 
had to be Machined before rolling in order to produce an acceptable sur
face finish. Soae of the products exhibited variable grain sizes through 
the section. These problems were not serious; one would expect that they 
could be resolved in the course of a co—crcializatlon effort 

Tensile testing of the lean stainless steels was performed at room 
temperature and 700°C. Data are summarized in Fig. 2, which is a bar chart 
comparing the yield strength, ultimate strength, elongations, and reduc
tion of area data for alloys in the mill-annealed condition. All alloys 
met room temperature minimum strengths and ductility requirements per 
ASTM A-240 specification for H-grade austenitic steels. The type 
17-14CuMo stainless steel and heat CE1 had the lowest yield strength. 

A few tensile tests were performed on materials reannealed at 1115 
and 1200°C, respectively. These tests indicated a significant decrease in 
yield strength relative to the mill-annealed condition. Some of these 
data are provided in Fig. 3, which plots flow stress vs nominal strain. 
The 1200°C reanneal produced a yield strength below the minimum specifica
tion (205 MPa) of ASTM A-240; however, this low strength is not unusual 
for austenitic stainless steels." 

The relative creep-rupture behavior of the alloys was evaluated by 
comparing results from tests at 700°C and 170 MPa. All alloys were tested 
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Fig. 3. Effect of reannealing on the tensile curves of lean 
stainless steel at room temperature. 

in two conditions: Bill innealed and after reannealing at 1200°C. The CE 
series of alloys (CEO, CE2, and CE3) was also tested after a reannealing 
at 1115°C. Aging effects were exaained in the CEO alloy, and stress and 
temperature effects were exaained in the CE2 alloy. These choices were 
necessary because there was insufficient material of any one alloy to 
complete a comprehensive program. 

A comparison of the creep curves at 170MPa and 700°C is made in Fig. 4 
for the CE series of alloys. Data for the "control alloys," 17-14CuHo 
stainlless steel, alloy 800H, -nd type 316 stainless steel, are included. 
The CE alloys varied in rupture life by a factor of 5, with heat CE1 
being the weakest and CEO the strongest. This difference probably 
reflects differences in the hot or cold work from one heat to another. 
When reannealed at 1115°C, all of the heats tested (CEO, CE2, and CE3) 
exhibited similar creep behavior, and curves were similar to those for 
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Fig. 4. Creep curves for the mill-annealed CE series of lean 
stainless steels compared with commerical alloys at 700°C and 170 MPa. 

heat CE1 (in the mill-annealed condition) and 17-14CuMo stainless steel. 
More details are provided elsewhere.11 When reannealed at 1200°C, the 
creep strength was improved over the 1115°C annealing treatment; therefore, 
the screening tests were focused on this reannealing condition for the 
AX series of alloys. A trend of creep curves is shown in Fig. 5 for the 
standard condition of 170 MPa and 700°C. Here we see that the eight heats 
of lean stainless steel fall into a band that covers less than a factor of 
2 in time for heats reannealed at 120Q°C. The mill-annealed heats of the 
AX series of alloys exhibited remarkable strengths, with less than 1% 
creep after 6000 h. Further optimization of the reannealing temperature 
has been undertaken by Liu and co-workers at Cornell,1* who are also 
examining cold work and aging effects in more detail. Some trends showing 
the cold work and aging effects in heat CEO are illustrated in Fig. 6, 
which plots creep curves for mill-annealed, oil 1-annealed and aged, 
1200°C reannealed, 1200°C reannealed plus 5% cold worked, and a series of 
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cold-vorked and aging treatments for the 1115°C annealed condition. Here 
we see that for all conditions, the 1200°C reannealing is best. The 
1115°C reannealing plus aging drastically reduces the creep rupture life 
for the testing conditions examined. Similar loss in life was observed at 
a much lower stress (100 MPa). 

The effect of stress and temperature on creep rupture is being 
studied on heat CE3. Testing at 700°C has covered the stress range from 
100 to 240 MPa and at times to beyond 10,000 h. Other test temperatures 
include 650, 730, 760, and 800°C. These data were used to calculate the 
parameters in models to correlate the time to IX creep, the minimum creep 
rate, and the time to rupture with stress and temperature. A typical 
correlation for rupture life is shown in Fig. 7. Trends indicate that 
the target strength of 100 MPa at 700°C and at 100,000 h can be met. 
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Fig. 7. Long stress vs log rupture life for mill-annealed heat CE3. 
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Exploratory studies of creep crack growth behavior are under way at 
700°C. One test on heat AX5 has been completed. Here, a one-half CT spe
cimen was tested over a period of 1300 h by holding at constant load 
(starting at 2.6 kN) for 1 week, then increasing the load by 0.53 kN until 
significant creep crack growth was noticed, which occurred after 1100 h 
when the load reached 5.3 kN. The data produced at a 5.3-kN load were 
analyzed on the basis of several parameters of interest in correlating 
creep crack growth with test paraaeters. Typical results are provided in 
Fig. 8, which plots the crack growth rate, da/dt, against the path-
independent line integral, C*. often used to represent creep crack 
growth.1* Included in the figure are scatterbands representing experimen
tal data for type 316 stainless steel and alloy 800H.1' The data for heat 
AX5 at 700°C are comparable with the trends for type 316 stainless steel 
in the temperature ra ige 593 to 649°C. 

C' (in - lb/io*-h) ORNL-DwQ (7C-H046 
10 ' 10° 10' 10* .. 

10° 

10 ' 

"c. 

« 10 2 

10 J 

10 ' 10° 101 

C' (kj/m2-n) 

Fig. 8. Comparison of the creep crack growth behavior of heat AX5 
with type 316 atainlata atael and alloy 800H. 
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Sigmajig tests indicated that all of the developmental alloys would 
be susceptable to hot cracking, and even the commercial alloy 17-14CuMo 
stainless steel was marginal.11 For this reason, none of the developmental 
compositions were used to produce filler metal. Heat CE1 was joined with 
Inconel 82 using the gas tungsten arc (GTA) process, and heat CE2 was 
joined with a 17-14CuMo stainless steel electrode using the shielded 
metal arc (SMA) process. The joints exhibited small cracks at the toe of 
the welds, and a few very small cracks appeared in the fusion line after 
side bend tests and tensile tests. Heat CEO was also joined using 
17-14 CuHo stainless steel and the GTA process. This weldment exhibited 
cracking in the weld metal. Heats AX5 through AX8 were joined with the 
17-14CuMo stainless stetl stick electrodes. The high phosphorus heat, 
AX7, was badly cracked, and all other heats exhibited some evidence of 
fusion line cracking when the weldments were examined metallographically. 
Gleeble data indicated that heat-affected zone cracking would be a problem 
in all heats. 

Tensile heats were performed at 25 and 700°C, and results are sum
marized in Fig. 9, which is a bar chart showing the ultimate strength and 
reduction of area data produced on the weldments at 25 and 700°C. All 
weldments exceeded the minimum ultimate strength for base metal at room 
temperature, but the GTA weld in heat CE1 and the SMA welds in the A)C 
series of alloys exhibited poor reduction of areas at 700°C. Even at 
25°C, where area reduction was good, there was evidence of hot cracking on 
the fusion line. 

Creep rupture tests were performed on weldments of heats CE1, CEO, 
and AX5 through AX8 at 700°C and 170 MPa. The GTA/I82/CE2 weldment failed 
in the weld metal .'n 771 h; the GTA/17-14CuMo stainless steel/CEl weld
ment failed in the weld metal after 863 h; the SMA/17-14CuMo stainless 
steel/CF,1 weldment failed in the base metal after 1758 h. The AX5 through 
AX8 weldment tests are still in progress. 

Although task I of the program does not involve fireside and steam-
side corrosion tests, it was apparent from the condition of the air-tested 
specimens that the lean stainless steels have very poor oxidation 
resistance. Some exploratory studies regarding the response to chromizing 
were performed by Turner.17 Typical results (obtained on heat AX6) are 
shown in Fig. 10, which plots weight percent chromium vs distance from 
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Fig. 11. Tensile properties for experimental heats of modified 
alloy 800H. 

The trend of the creep curves for 700°C and 170 MPa is illustrated in 
Fig. 12 for heats AXl, AX2, and AX3. Both the mill-annealed and 1200°C 
reannealed conditions are represented. All show significant improvement 
in life over the commercial heat of alloy 800H. Heat AX4, with 25% chro
mium, is not plotted in the figure. The mill-annealed specimen ruptured 
after 1090 h with a 2.4% reduction of area, and the 1200°C reannealed spe
cimen ruptured in 2232 h with a 9.2% reduction of area. Heats AXl and 
AX3 were selected to examine cold work and aging effects. Test.'rig is 
still in progress, but trends suggest that small amounts of cold work do 
not improve phe cre^ep-rupture strength at 700°C and 170 MPa. Further, 
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aging at 850*C for 24 h greatly reduces life. Heat AX2 (reannealed at 
1200°C) vas selected to exaaine the stress and temperature effects on 
creep. Stresses ranged froa 100 to 240 MPa, and temperatures were froa 
650 to 800°C. Rupture data are provided in Fig. 13. These data show that 
the target strength of 100 KPa at 700°C (in 100,00C h) cannot be aet for 
the AX2 alloy in the 1200°C reannealed condition. 

Sigaajig tests on heat AX1 indicated the likelihood of severe hot 
cracking for the modified alloy 800H group; hence, the 17-14CuMo stainless 
steel stick electrodes were used to produce SMA welds in the plates of AX1 
through AX4. Metallography revealed the presence of fusion line cracks, 
and severe cracking was observed in the fusion line of side bend test spe-
ciaens. Heats AX1 and AX4 with high phosphorus were the worst. The 
results froa tensile tests at 25 and 700°C, suaaarized in Fig. 14, 
revealed low ductility fusion line failures. Heats AX1 and AX4 vere the 
worst failures. Metallography and scanning electron aicroscopy indicated 
that both hot cracking and heat-affected zone cracking were present. Heat 
AX2 exhibited the best wtidability and fewest cracks. 

RESEARCH PROGRESS ON ALUMINUM-BEARING AUSTENITIC ALLOYS 

In their evaluation of aaterials for the advanced steaa cycle 
superheater/reheater tubing, DiStefano et al." concluded that nickel 
aluainides have greater potential than lean stainless steels and modified 
alloy 800H. Partly for this reason, two compositions of nickel aluainide 
were selected for production into 13-mm (1/2-in.) plate. The aluainides 
are identified in Table 3, along with the composition of a strong cast 
nickel aluainide, IC221. Heat NA1 was selected for its good workability 
and NA2 for its good weldability. Both assessments were based on 
experience with compositions at ORNL. Ingots of 100 ma diameter, needed to 
produce the wrought plate products, were cast at Combustion Engineering. 
Both compositions produced inhomogenuclies that impeded subsequent working 
by either cold or hot deformation processes. Casting of thinner sections 
appears possible, as well as powder consolidation methods, which are being 
examined. Meanwhile, some testing of the investment cast IC221 is In 
progress. Creep curves plotted in Fig. 15 for tests at 760°C attest to the 
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Table 3. Compositions for 
nickel aluminides (wt X) 

Element 
Alloy 

NA1 NA2 IC221* 

Cr 
Al 
Zr 
Fe 

6.9 
9.0 
0.35 
13.1 

8.3 
8.5 
0.35 

7.8 
8.2 
1.7 

B 
Ni 

0.02 
Bal 

0.02 
Bal 

0.02 
Bal 

*Cast. 
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Fig. 15. Comparison of creep curves for nickel aluminides cast IC221 
and mill-annealed heat CE3 at 760°C. 

excellent strength and ductility of cast nickel aiuainide at high 
temperatures. For example, creep curves for heat CE3 from lean stainless 
steels are included in Fig. 15 and indicate that cast IC221 has about tvice 
the creep strength. 

DISCUSSION AND CONCLUSIONS 

Screening tests on various compositions of lean stainless steels is 
virtually complete, and several of the advantages and disadvantages of this 
group of alloys havs H»«n identified. The alloys were easy to produce and 
had good crep-rupture strengths in the 1200°C annealed condition, espe
cially when cold or warn working was introduced. Creep rupture ductility 
was excellent. Relative to the commercial alloy 17-14CuMo stainless 
steel, there was an improvement in strength and ductility. The dependence 
of properties on composition was not very pronounced in the eight heats 
that were produced, further optimization of heat treatment for strength 
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and ductility is possible,1* and aicrostructural studies nay show ways to 
futher iaprove the alloys.s On the problea side, there is evidence that 
soae coabinations of reannealing teaperatures and aging conditions degrade 
strength substantially. Voidability is aarginal at best, and even with a 
suitable filler metal, there is a tendency for hot cracking and heat-
affected zone cracking. Reducing the phosphorus content to a aaxiaua of 
0.041 aay relieve but not eliainate the problea. Poor oxidation resistance 
aakes cladding on the fireside and chroaizing on the steaaside iaperative. 

The modified 800H alloys do not appear to offer any advantages over 
the lean stainless steels, other than improved oxidation resistance. The 
aodified alloys are weaker and less weldable. Optimization of reannealing 
teaperatures could iaprove creep rupture strength, however, and steels do 
seea to be stronger than alloy 800H. 

Early efforts on nickel aluainides indicate aajor difficulties Bust be 
overcoae in fabrication. Additional work on screening of candidate coa-
positions and fabrication methods is needed. 

In regard to control and near-comaerical alloys, the screening tests 
on 17-14CuMo stainless steel continue to show this alloy to be a good can
didate. Cr»ep-rupture ductility could be improved by boron additions, 
which would bt examined in task 2 of the program. 
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THE HIGH TEMPERATURE DEFORMATION AND MICROSTRUCTORAL STABILITY 
OF ADVANCED STEAM CYCLE MATERIALS 

R.A. Carolan, B. Coulombe, and Che-Yu Li 

Department of Materials Science and Engineering, Cornell University, 
Ithaca, NY 14853-1501 

ABSTRACT 

A series of modified austenltic type AISI 316 stainless steels 
have been evaluated, in terms of high temperature flow strength, for 
potential use in fossil energy plants. This series includes Ti/V/Nb 
stabilized 316 steels, and two copper modified 316 steel one stabilized 
with vanadium, titanium, and niobium, and a second stabilized with 
titanium and niobium. The effects of thermo-mechanical pre-treatment 
on alloy flow strength have also been investigated to optimize alloy 
strength before use. Load relaxation testing has been the primary 
technique used in this Investigation. 

INTRODUCTION 

This paper reports the evaluation of the deformation characteris
tics of several candidate, advanced steam cycle materials, which are 
based on the stabilized ATSI type 316 stainless steels strengthened by 
MC carbides with and without copper additions. These alloys were de
veloped at Oak Ridge National Laboratory. 

The mechanical design requirements for advanced steam cycle 
materials specifies a stress to rupture life of at least 14,000 psl (96 
MPa) for 10,000 hrs at 700°C. A more desirable target is a rupture 
strength of 17,000 '>si (117 MPa) for the same conditions. The evalua
tion of the flow strength of candidate alloys has therefore been a 
primary concern of this work. Another important objective of this work 
is to optimize the alloy composition and thermo-mechanical pre-treatment 
to achieve improved mechanical properties at elevated temperatures. 
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The high temperature microstructural stability has also been investi
gated. 

The use of refractory metal additions such as Ti, Nb or V, to 
AISI type 316 stainless steel to form NC type carbides in the grain 
matrix to enhance creep strength is well known. MC type carbides are 
more thermodynamlcally stable than the more common M„_C type chromium 

i j O 

rich carbides; having a higher melting point and a lower free energy of 
formation. In the normal range of service temperatures for type 316 
type steels the lower (more negative) Gibbs free energy of formation of 

2 MC carbides ensures small ripening rates. 
The addition of copper is also known to improve the creep 

strength of type 316 steel although the strengthening mechanism is not 
clear. ' ' * Possible explanations of the copper effect are solid 
solution hardening and an increase in the stacking fault energy of the 

4 
austenite lattice. A representative alloy of this class Is the 17/14 
CuMo steel. 

Additional factors Influencing the high temperature strength of 
type 316 steel Include: 1) Solution treatment temperature, which changes 
the solubility of the MC type carbides and therefore the residual car
bide content, as well as the austenite grain size. 2) Segregation 
effects that are Influenced by both solution treatment temperature and 
quench rate; these effects can reduce matrix precipitation in favor of 
grain boundary precipitation of MC leading to a loss of matrix strength. 
3) Cold work, which Introduces a dislocation substructure to provide 
extra sites for MC nucleatlon. 4) Prior stabilization aging treatment 
that is often desired in the case of a stabilized steel to allow the 
precipitation of MC carbides. 

This paper contains experimental results of an Investigation of 
the effects of alloy composition thermo-mechanlcal pre-treatment and 
long term aging on the deformation properties at temperatures typical 
of the service temperatures of these materials. A brief discussion on 
the mechanisms involved will also be made. 
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EXPERIMENT 

The alloys testeJ were received in the mill annealed condition, 
which contains a low level of cold work after casting by the vacuum 
induction melting process followed by electroslag remelting. Composi
tions are given in Table 1. CE 3 is a 316 steel that is both copper 
modified and MC stabilized with Ti, Nb, and V additions. CE 2, CE 1 
and CE 0 steels are only stabilized with Ti, V, and Nb additions. The 
17/14 CuMo steel is a commercial alloy containing copper additions and 
the stabilizing elements Nb and Ti. Hence the 17/14 CuMo steel is 
stabilized by using only two of the usual refractory element additions. 
CE 3 has three stabilizing additions. 

The plates received were solution treated at 1150°C for 45 
minutes except in the cases of specimens used to examine the effects of 
solution treatment temperature. Solution treatment was carried out in 
an inert atmosphere of argon. An argon gas stream was used to cool the 

Table 1. The Compositions of the Modified 316 Alloys Tested. 

Content (wt Z) 
Element CE 0 CE 1 CE 2 CE 3 AX7 17/14 CuMo steel 

CR 14.21 13.41 16.13 14.53 14.2 16.29 
Ni 16.00 16.19 16.00 16.18 16.0 13.86 
Al 0.05 0.03 0.04 0.03 — — 
Mo 2.45 2.30 2.25 2.41 2.48 1.96 
Cu 0.03 0.04 0.03 1.96 1.50 3.07 
P 0.071 0.076 0.069 0.071 0.073 0.014 
B 0.005 0.005 0.005 0.007 0.005 — 
N 0.015 0.016 0.017 0.012 0.024 0.025 
V 0.57 0.52 0.58 0.56 0.53 0.07 
Ti 0.24 0.21 0.31 0.27 0.18 0.21 
C 0.072 0.085 0.079 0.086 0.073 0.098 
Mn 1.80 1.64 1.89 1.65 1.65 0.83 
S 0.007 0.008 0.008 0.008 0.008 0.015 
Si 0.41 0.21 0.26 0.21 0.21 0.95 
Nb/Ta 
Ta 
Co 

0.10 0.1? 0.11 0.11 0.15 0.45 Nb/Ta 
Ta 
Co <0.01 <0.01 <0.01 <0.01 0.009 0.04 
Pe bal. bal. bal. bal. bal. bal. 
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specimens to room temperature. Dog-bone type tensile specimens had a 
gauge lengch of 2.28 cm (0.9 in), width 0.15 cm (0.06 in) and thickness 
0.101 cm (0.04 in). After fabrication the specimens were given a 
further solution treatment for 15 min at 1150°C both to restoie the 
full solution treatment '.nd remove any cold work effects of fabrication. 
Precise levels of cold work were introduced by pre-staining with an 
Instron Universal Mechanical Testing System Model No. 1102 to deform 
the specimens to nominal tensile strains of 2 and 5Z. Some specimens 
were tested in the solution treated and aged condition without cold 
work. 

All the specimens except those for long term aging were given a 
stabilization aging treatment of 2 days ar 850°C to precipitate MC type 
carbides. This is a standard heat treatment used for stabilized steels 
(840-900CC). To examine long term aging effects some materials were 
given a treatment of 30 days at 800°C. This longer treatment is 
roughly equivalent to 50,000 hrs at 700°C the expected service tempera
ture of these materials. This equivalence assumes no different phase 
boundaries are crossed aa the aging temperature is decreased. 

Load relaxation testing WAS used as the principle experimental 
tool for evaluating the flow properties. Testing was performed in the 
same Instron machine mentioned above. The principles of the load re
laxation test and the mechanical data analysis are described else-
where. The load relaxation test consisted of deforming a tensile 
specimen at a constant displacement rate to a chosen plastic strain. 

_3 
The displacement rate used throughout this work was 4.23 x 10 cm/s 

-4 (1.667 x 10 , ln/s). Once a preselected plastic strain was reached, 
the crosshead of 'V Trstron was fixed. The specimen continued to 
deform due to th- e • i- iding of the test machine. The specimen 
deformed resulting o. .laxation. The output of a load cell, was 
monitored with respect to time by a digital acquisition system. From 
the accumulated data the stress/strain rate relationship can be found. 
The rate of relaxation is related to the plastic strain rate of the 
specimen through the modulus of th«! test system Including that of the 
specimen. The data is presented in the form of a logarithmic plot of 
stress/plastic strain rate or flow curve typically over a strain rate 
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—3 —8 —1 range of about 10 to 10 s . To examine the flow properties of a 
specimen after a given thertco-mechanical pre-treatment, the relaxation 
runs were made at a plastic state near the yield strain (0.2Z strain) 
so that the effect of work hardening during preloading is negligible. 

Comparison of the flow curves produced at the yield strain are 
used for the purpose of evaluating alloy composition and thermo-mechan-
ical pre-treatment effects. The strain rate of a specimen in load 
relaxation can be shown to be comparable to the steady state creep rate 
under similar loads as shown in Fig. 1 provided the specimens have 

q similar thermo-mechanlcal histories. 
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Fig. 1. Comparison of the load relaxation data of alloy CE 3 condi
tions solution treated for 1 hr, at 1150°C, creep aged for 2 days at 
700°C with and without prior cold work and tested at 700°C (e - 0.2Z 
nominally) with creep data. 

RESULTL 

THE EFFECT OF COLD WORK AND ALLOY COMPOSITION 

Figure 2 shows the effect of cold work on alloy CE 3, one of the 
copper modified and stabilized steels after a solution treatment of 1 
hr at 1150°C, cold working, and a stabilization treatment of 2 days at 
850°C and testing at 650°C. The load relaxation test was made at the 
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Fig. 2. The effects of cold work on the load relaxation data of alloy 
CE 3 solution treated for 1 hr at 1150°C, aged for 2 days at 850"C and 
tested at 650°C (e = 0.2% nominally). 

yield strain. The relaxation data shows a large increase in flow 
strength over the 0-2% cold work interval but a much smaller increase 
over the 2-5% cold worked interval. Alloy CE 3 is the most promising 
alloy of the series. It derives its strength mainly from a favorable 
response to cold work as shown in Fig. 2. Figure 3 compares the 
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Fig. 3. Comparison of the load relaxation data of alloys CF 0, CE 2, 
and CF 3 solution treated for I hr at 1150°C, 2% cold worked, aged for 
2 days at 850'C and tested at 650°C (e - 0.2% nominally). 
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effects of IX cold work on alloy CE 3 with the alloys CE 2, and CE 0. 
CE 2 and CE 0 are MC stabilized 316 stainless steels. The alloys were 
solution treated for 1 hr at 1150°C, 2% cold worked, stabilized by 
aging for 2 days at 850°C and tested at 650°C. The load relaxation 
tests were made at the yield strain. Alloy CE 3, the copper codified 
and stabilized steel performs better than the other stabilized steels 
CE 2 and CE 0, after cold working according to Fig. 3. Figures 4 and 5 
compare alloy CE 3 with incoloy 800H and another alloy AX7. All speci
mens were given a solution treatment of 1 hr at 1150°C, 21 cold worked, 
aged for 2 days at 850°C and tested at 650°C. The load relaxation 
tests ware made at the yield strain. Both figures show that CE 3 has 
superior flow strength in this condition compared to both Incoloy 800H 
and alloy AX7. It should be noted that alloy AX7 has virtually the 
same composition as CE 3 except a lower Titanium level. Titanium is 
one of the stabilizing additions to the steel. Apparently minor compo
sitional changes of this nature can be significant. Incoloy 800H is a 
higher Ni/Cr austenitlc stainless steel that does not have a stabilized 
structure. 
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Fig. 5. CoaparJson of the load relaxation data of alloys 800H and CE 3 
solution treated for 1 hr at 1150°C, 2Z cold worked, aged for 2 days at 
850*C and tested at 650°C (e » 0.2Z nominally). 

THE EFFECTS OF TEST TEMPERATJRE 

Figure 6 shows the effect of temperature on alloy CE 3. All 
specimens were solution treated for 1 hr at U50°C, 2Z cold worked, 
aged for 2 days at 850°C and the load relaxation tests were performed 
at the yield strain. This data suggests, that even at a test tempera
ture of 750°C, the flow strength of this alloy is retained to an ade
quate level. 

THE EFFECTS OF LONG TERM AGING 

Figure 7 shows the effect of long term aging on three selected 
alloys that represent the three classes of stabilized steel tested 
here. All the alloys received a solution treatment of 1 hr at 1150°C, 
5Z cold work, and were aged for 30 days at 800°C. The load relaxation 
data was obtained at 650°C at the yield strain of the specimen. The 
effects of copper modification/stabilization on the load relaxation 
properties of CE 3 become more pronounced after a longer aging treat
ment (compare Figs. 3 and 7). The vertical stress scale in these 
figures Is split so that the data of the three alloys can be Included. 
The left hand scale repiesents the 17/14 CuMo steel and CE 3, CF. 1 is 
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Fig. 7. Comparison of the load relaxation data of alloys CE 3, CE 1 
and 17/14 CuMo steel (RA) solurion treated for 1 hr at 1150°C, 21 cold 
worked, aged for 30 days at 800' r . (e - 0.2% nominally). 

represented by the right hand scale. Figure 7 shows that with 51 cold 
wf rk prior to stabilization aging both the copper containing steels 
(17/14 CuMo and CE 3) have remaining strength of about twice that of 
the stabilized steel (CE I) In the same pre-treated condition. Also 
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significant is that CE 3 has a higher strength than the 17/14 CuMo 
steel after long term aging. 

Figure 8 shows the effect of long tern aging on the 17/14 O *o 
steel. The material was solution treated for 1 hr at 1150*C, 52 cold 
worked, aged, and then tested at 700°C. The load relaxation tests 
were performed at the yield strain. It is clear that significant 
hardening of this alloy occurs compared to the short term agln^. Ade
quate flow strength is retained apparently at the test temperature of 
700°C showing the advantage of combined copper and stabilizing addi
tions. 
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Fig. 8. The load relaxation data of the 17/14 CuMo alloy solution 
treated for 1 hr at 1150*C, 5Z cold worked, aged for various times and 
tested at 700°C (e - 0.2Z nominally). 

THE EFFECTS OF SOLUTION TREATMENT TEMPERATURE AND QUENCH RATE 

Figure 9 shows the effect of solution treatment temperature on 
alloy CE 3. All the material was gas quenched from solution treatment 
temperature to ambient temperature, 2Z cold worked, aged for 2 days at 
850°C and tested at 700°C. The relaxation tests were performed at the 
yield strain. Figure 9 shows clearly that the I150°C solution Treat
ment teaperature gives the optimum flow strength. Figure 10 shows the 
effect of quench rate at the optimum solution treatment temperature 
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Fig. 10. The effects of quench rate on the load relaxation data of 
alloy CF. 3 solution treated for 1 hr at I150°C, 21 cold worked, aged 
for 2 days at 850°C and tested at 700°C (z * 0.22 nominally). 

(II50°C). The specimens were solution treated for 1 hour, quenched, 21 

cold worked, aged for 2 days at B50°C and tested at 700°C. The load 
relaxation testa were performed at the yield strain. There Is a clear 
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quench rate effect, the gas quenched material being stronger. No quench 
rate ef 
1115°C 
rate effect was found at the lover solution treatment temperature of 

9 

THE EFFECTS OF STABILIZATION AGING TREATMENT 

Figure 11 shows the effect of stabilization treatment on alloy 
CE 3. The specimens vere solution treated at 1150°C for 1 hr, 2Z cold 
worked, stabilized and then tested at 700°C. The relaxation tests vere 
performed at the yield strain. It is clear that the 2 days at 850*C 
treatment offers the optimum treatment in terms of time and flov 
strength. 
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Fig. 11. The effects of stabilization treatment on alloy CE 3 solution 
treated at 1150'C for I hr, 2% cold worked, and tested at 700aC (c -
0.2X nominally). p 

DISCUSSION 

The results of mechanical testing have shown that alloy CF. 3 
performs better than all the other alloys when given an optimum pre-
treatment. This involves a solution treatment at 1150°C, gas quench
ing., a small amount of prior cold work (typically 22), and stabiliza
tion aging of 2 days at 850CC. Alloy CF 3 is a copper modified, Ti, 
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Nb, V stabilized alloy. The effects of copper addition have been de
scribed elsewhere » • * • * a n <i will be given a brief discussion here. 
Basically copper is thought to Increase the stacking fault energy of 
the austenlte lattice and make che nucleatlon of MC stabilizing car
bides on stacking faults and dislocations more favorable. Thus the 
copper containing steels show better flow strengths due to the more 
heavily MC decorated dislocation networks in the grain matrix after 
cold work. This proposed mechanism is supported by transmission elec-

13 tron microscopy investigations. That CE 3 performs better than the 
17/14 CuMo steel is due to the use of vanadium as an extra stabilizing 
element and probably due to its lower silicon content. Since the 
essence of stabilized steels is the formation of a strong MC type pre
cipitate/dislocation network it is clear that they require prior cold 
work to form the dislocation networks before stabilization aging. The 
effects of the different stabilization treatments are related to the 
amount of supercooling, that effects nucleation rates and to diffusion 
rates which will be lower for the lower stabilization temperatures. 

During this work it has also been shown that solution treatment 
has a strong effect on alloy strength. The reason for the 1150°C peak 
in flow strength appears to be due to two competing effects. The 
first is that higher solution treatment temperatures enable better 
dissolution of any stabilizing element compounds (nitrides* carbo-
nltrides and carbides) that can result in finer re-precipitation of MC 
carbides during stabilization. However when higher solution treatment 
temperatures are used alloys are more likely to experience non-equilib
rium segregation effects during cooling and it has been shown that the 

14 stabilizing elements can segregate particularly to grain boundaries. 
This leads to the precipitation of grain boundary MC and less grain 
matrix MC on the dislocations. The effects of quench rate are also 
related to non-equilibrium segregation. 

CONCLUSIONS 

1) Alloy CR 3 the copper modified Ti/Nb/V stabilized 316 steel is the 
strongest alloy tested here when it Is used with an optimum pre-
treatment. 
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The optimum pre-treatment involves solution treatment at 1150°C 
followed by 2Z cold work and a stabilization aging treatment of 2 
days at 850°C. 
The effects of copper are to increase the stacking fault energy of 
the austenite lattice that favors enhanced nucleation of MC type 
precipitates on the dislocation structure developed during cold 
work when the material is given a stabilization aging treatment 
before use. 
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ABSTRACT 

The object ive of th i s program i s to design and characterize new, 
improved high-temperature materials based on boron-^doped NI3AI + Fe for 
structural use In advanced coal conversion systems. Chromium i s a key 
al loying element that promotes a rapid formation of protective oxide 
sca les and improves oxidation and corrosion resistance and environmental 
embrlttlement in nickel - iron aluminldes. Alloying with 3 to 7 a t . Z Cr 
dramatical]" reduces dynamic embrlttlement in oxidizing environments at 
400 to 800°C Chromium and iron additions increase the s t a b i l i t y of the 
bcc-ordered B2 phase which i s b r i t t l e at room temperature and weak at e l e 
vated temperatures. The formation of the B2 phase in the aluminldes leads 
to lowering the t e n s i l e d u c t i l i t y at lower temperatures and the strength 
at higher temperatures. The study of the al loying e f fec t s has led to the 
development of the aluminlde with the composition: 
Nl-18.5 ± 0.5Z Al-10 ± I.OZ Fe-7 t 0.5Z Cr-0.2Z Zr-O.U B (a t . X). 

Corrosion studies have demonstrated that chromium additions of 7% or 
greater were very e f f ec t ive in minimizing sulfur attack on nickel-Iron 
aluminldes. Sulfldatlon protection can also be afforded by oxide films 
produced in a ir; however, the oxidation temperature should be 1000 to 
1050°C, and the a l loys must contain 3% or greater of chromium. The 
nickel- iron aluminides developed were successfully welded using both the 
electron beam and gas tungsten arc processes. 

*Re8earch sponsored by Che U.S. Department of Energy (DOE), AR&TD 
Fossi l Energy Materials Program (D0E/FE AA 15 10 10 0 ) , under contract 
DE-AC05-840R21400 with Martin Marietta Energy Systems, Inc. 
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INTRODUCTION 

Current structural alloys including austenltic stainless steels and 
nickel-base superalloys generally do not have an adequate combination of 
strength, ductility, and corrosion resistance required for structural uses 
in advanced coal conversion systems. Coating materials such as FeCrAl, en 
the other hand, possess good corrosion resistance but lack adequate 
strength at high temperatures. There is thus a strong need for the 
development of new, improved alloys for structural applications in hostile 
environments at elevated temperatures. The objective of this task is to 
design and characterize new structural materials based on NI3AI alloyed 
with iron additions. 

The ordered Internetallie alloy, Ni 3Al, has unique properties that 
make it attractive for structural use at elevated temperatures.1-3 The 
aluminide is resistant to oxidation because of its ability to form protec
tive oxide scales. Unlike conventional alloys, the yield stress of the 
aluminide displays an increase rather than a decrease with increased tem
perature. The major obstacle that limits the use of the aluminide as an 
engineering material is its low ductility and brittle lntergranular frac
ture in polycrystalline forms. This problem has been solved recently by 
microalloying the parts-per-mlllion range of boron additions, which drama
tically improve the ductility and reduce the tendency for brittle grain-
boundary fracture. 4 - 7 By control of boron content, aluminum level, and 
thermomecharacal treatment, a tensile ductility of greater than 50% was 
achieved at room temperature.1* »& 

The ductile nickel aluminide was selected as the base material 
for development of nickel-iron alurainides.8-15 Iron additions were made 
to boron-doped Ni3Al for the purposes of (1) strengthening NI3AI by solid-
solution hardening, (2) lowering the material cost by reducing the nickel 
content, and (3) improving the hot ductility of M3AI through formation of 
a B2 phase (ordered bec phase). Our previous work showed that alloying 
with 107. Fe or above effectively increases the strength of Ni 3AI below 
800°C.1') The hot ductility and fabricabiHty of Ni 3AI can be substantially 
improved by adding about 15 at. % Fe. Hence, the current development 
of nickel-iron alumlnldes has focused on Nl-20% Al-15% Fe-O.lX B (at. X). 
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This alloy development program includes three subtasks. The f i r s t 
one i s a basic al loy development e f for t , which attempts to improve the 
mechanical and metallurgical properties of nickel- iron aluminides by 
control of alloy compositions and al loy additions. Both micro- and 
macr^al.loying processes were employed to improve the properties of the 
aluainides , particularly at elevated temperatures. The second subtask i s 
to determine the corrosion behavior of nickel-iron aluminides in s u l f i -
dlzing environments. This study provides input into the development of 
corrosicr. r e s i s tant aluminides suitable for use in advanced coal conver
sion systems. The third subtask id to evaluate the weldabil ity of n icke l -
iron aluminides. The primary goal of th i s subtask i s to understand and 
improve the weldability of selected aluminides through control of welding 
parameters and al loy composition. 

BASIC ALLOY DEVELOPMENT 

The al loy development started with the composition of Ni—20Z Al— 
15Z Fe-O.lZ B, in which 15 a t . Z Fe was added to boron-doped Ni 3 Al.* 
The alloy development involved the following steps: (1) characterization 
of the mechanical and metallurgical properties of base compositions, 
(2) ident i f icat ion of problem areas for improvement, and (3) improvement 
of the properties by al loy additions. The se lec t ion of alloy additions 
was based on empirical relationships and physical metallurgy pr inc ip les . 

Aluminlde al loys with nominal compositions were a l l prepared by 
arc melting and drop casting, using pure metals and Ni—4 wt 1 B and 
Ni—4 wt X Ce master a l loys . Cerium at a level of 5 wt ppm was added to 
t i e up sulfur, a trace impurity in nickel-base a l l o y s . The Ingots were 
homogenized for 5 h at 1000°C and then sectioned for cold and hot fabrica
t i o n . The cold fabrication involved repeated rol l ing at room temperature 
with Intermediate anneals at 1000 and 1050°C. The hot fabrication was per
formed by forging or rol l ing at 1100 to 1200°C in s ta in le s s s tee l jacket. 
The hot-fabricated alloy plates about i .5 mm thick were then cold rolled 
to 0.8 ran for property evaluation. 

*Unless otherwise noted, al l alloy concentrations in this paper 
are given in atomic percent. 
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Tensile properties of alutninides were determined at temperatures to 
1200°C either in vacuum or in a i r . Tensile t e s t s were performed on 
0.8 mm-thick sheet specimens with a gage section of 12.7 * 3.1 am at a 
crosshead speed of 2.5 mn/mln. All specimens were heat treated at 1050°C 
for recrys ta l l l zat ion and 1 d at 800°C for fee (LI2) ordering. The tes t 
temperature was monitored by a Ft VB Pt-IOZ Rh thermocouple located at 
the center of the gage sec t ion . Creep te s t s were conducted at 760°C at 
138 MPa (20 ks i ) in a i r . Un i t ed data were also obtained at 138 and 
276 MPa in vacuum. 

BORON-DOPED NICKEL-IRON ALUMIN1DES CONTAINING 15.5Z Fe AND 0.25Z Hf(Zr) 

Previous studies indicated that the high-temperature properties of 
N13A1 can be improved by alloying with hafnium 01 z i r c o n i u m . 2 » B » 1 6 

Accordingly, small amounts of Hf or Zr were added to the Nl—19.8Z Ai— 
15.5Z Fe base. The Hf or Zr content i s limited to l ess than 0.3Z; 
otherwise, i t lowers the hot fabr lcabl l l ty of the nickel-Iron aluminides. 
Extensive characterization was made on two base compositions (a t . Z): 

IC-159: NI-19.8Z A1-15.5Z Fe-0.25Z Hf-0.07Z B, 
IC-165: N1-19.8Z A1-15.5Z Fe-0.25Z Zr-0.07Z B. 

These two alumlnldes were successfully fabricated into sheet stock by 
repeated cold rol l ing or hot working at 1100°C. 

The mlcrostructure of IC-159 was examined by transmission electron 
microscopy (TEM). Two heat treatments of IC-159 were examined: (1) after 
a standard anneal for 1 h at 1050°C for recrysta l l l zat ion and (2) after 
extensive aging at 760°C ( e . g . , 24 to 200 h) for maximizing the ordered fee 
phase (LI 2), Y'» The ordered bec phase (B2), $, i s present after the 
high-temperature age but almost completely transforms to y" structure upon 
aging at 760°C (Fig. 1). Some small regions of y' +• y (disordered fee) 
are present even after aging at 760°C. The composition of the S phase, as 
compared to the adjacent matrix (y')f was aluminum enriched by I2Z, same 
Iron l e v e l , and depleted in Ni by 12% and Hf by 0.2%. A small amount of ?, 
part ic les was observed in IC-159 annealed at 760°C (Fig. 2 ( a ) ] . 

Tensile properties of IC-159 and IC-165 were determined In both 
vacuum (I * W~L' torr) and a ir . The al loys exhibited an increase In yield 
strength with temperature, with a peak strength of 680 MPa around 600°C. 
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Pig. 1. TEM micrographs of IC-159 annealed for (a) 1 h at 1050°C, 
and (b) 2 d at 1000°C followed by 200 h at 760°C. Regions 
marked y' have the LI2 ordered structure, p' have an ordered B2 
structure, and y have a disordered fee structure. Note that p' 
region in (a) is twinned with a martensitlc appearance. 

Fig. 2. Optical micrographs of nickel-iron aluminldes: (a) IC-159 (07. Cr) 
annealed 2 d/1000 + 1 d/760°C; 200x. (b) IC-296 (5% Cr) 
annealed 1 h/l050°C + 1 d/800°C; 3C0x. 
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Above that temperature, the strength decreases with temperature, and 
approaches 200 MPa at 1000°C. Figure 3 compares the tensile ductility of 
IC-159 tested in air and in vacuum. The alloy has a tensile elongation of 
about 401 at room temperature. The alloy showed distinctively lower duc
tility when tested in air than in vacuum at temperatures above 400°C, and 
the worst embrittlement occurred around 600 to 800°C. The loss in duc
tility is accompanied by a change in fracture mode from transgranular to 
intergranular, indicating the ombrittlement of grain boundaries during air 
tests. 

In order to understand the embrittlement mechanism, a set of IC-159 
specimens was preoxldized in air for 30 min at i000°C plus 5 h at 850°C 
and then tensile tested in vacuum at temperatures to 1200°C. The purpose 
of these tests was to study the effect of preoxldation and oxygen penetra
tion on tensile properties. The test results show that the tensile 
properties of the aluminides are not much affected by the preoxidation, 
indicating that the embrittlement is not associated with oxygen penetra
tion along the grain boundaries. A detailed study of environmental 
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Pig. 3. Comparison of tensile ductility of IC-159 tested in vacuum and 
air, showing environmental embrittlement in air at temperatures 
400 to 800°C. 
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eabrittlenent in N13A1 alloys1' reveals that the embritt lenient is due to a 
dynamic effect rather than a static one. The embrittlement mechanism 
involves chenlsorption of oxygen on specimen surfaces and weakening of 
atomic bonding across grain boundaries during testing of the aluminides in 
oxidizing environments at elevated temperatures. The localized high 
stresses, generated during early stages of plastic deformation, nucleate 
and subsequently propagate microcracks along grain boundaries, leading to 
a premature failure. 

CHROMIUM-MODIFIED NICKEL-IRON ALUMINIDES 

15.52 Fe Nickel-Iron Alumlnides Containing 0 to 7X Cr 

A potential solution to the environmental embrittlement is to add 
alloy additions that promote a rapid formation of protective oxide films 
that separate base vecal from gaseous oxygen. Our alloy development of 
nickel aluminides Indicates that no elements except chromium have a 
beneficial effect on reducing dynamic embrittlement in oxidizing environ
ments at elevated temperatures.17 Accordingly, a series of nickel-iron 
aluminide alloys was prepared in which chromium was added and the nickel 
content, correspondingly reduced. All the alloys were fabricated into 
sheet stock without difficulty. Table I lists the chromium concentration 
In th« alloys together with tensile properties obtained at temperatures to 
850°C in a'r. The yield strength increases with chromium and reaches a 
maximum around '>'/. Cr. The chromium addition has a dramatic effect on the 
600 and 760°C ductilities of the nickel-iron alu.ninide (IC-159), as shown 
in Fig. 4. The base aluminide containing no chromium elongated less than 
42 at these temperatures. The elongations Increase sharply with 
increasing chromium and reach 35% for the alloy with 7% Cr. These results 
clearly demonstrate that the environmental erabrlttlement can be effec
tively reduced by alloying with chromium. 

The creep properties of thet. chromium-modified alloys were deter
mined at 138 MPa and 760°C. Limited creep data In Table 2, Part (a), 
indicate that the creep resistance of the nickel-iron aluminides decreases 
with increasing the chromium content. Alloying with 7% Cr lowers the 
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Table 1. Effect of chromium content on t ens i l e properties of 
nickel- iron aluminides containing 15.52 Fe 

( tes ted in air at a crosshead speed of 2.5 nm/min) 

A l l o y nuaber Ct r o a c e n c r a t i 
t at * * 

S t r e n g t h , on HP* (k s i ) E l onga t i on A l l o y nuaber Ct r o a c e n c r a t i 
t at * * ( I ) l « t • Ti e l d U l t l M t e ( I ) 

loos tcapcra ta r * 
IC-159 j (base • 1I<-JF) 533 ( 7 7 . 4 ) 1343 (195) 40 .3 
IC-197 1 5 531 ( 7 7 . 1 ) 1323 (192) 41 .3 
IC-167 3. 0 618 ( 8 9 . 7 ) 1399 (203) 28 .0 
IC-199 6 0 594 ( 8 6 . 2 ) 12*8 (184) 31.5 
IC-168 7 0 624 

600*C 

( 9 0 . 6 ) 1357 (197) 24 .6 

IC-159 648 ( 9 4 . 0 ) 737 (107 ) 3.4 
IC-197 641 ( 9 3 . 0 ) 779 (113) 8 .3 
IC-167 687 ( 9 9 . 7 ) 965 (140) 22 .9 
IC-199 650 ( 9 4 . 3 ) 978 ( 1 * 2 ) > I 6 . 0 
IC-168 515 

7*0*C 

(74 .7 ) 909 ( 1 J 2 ) 35.6 

IC-159 503 f / 3 . 0 ) 503 ( 7 3 . 0 ) 0 .4 
IC-197 562 >81.5) 662 ( 9 6 . 1 ) 13.0 
IC-167 587 ( 8 5 . 2 ) 663 ( 9 6 . 2 ) 28.2 
IC-199 5*8 ( 7 9 . 5 ) 656 ( 9 5 . 2 ) 22.7 
IC-168 548 

850-C 

( 7 9 . 6 ) 610 ( 8 8 . 5 ) 35.4 

IC-159 379 ( 5 5 . 0 ) 402 ( 5 * . 3 ) 38.8 
IC-197 397 ( 5 7 . 6 ) 426 ( 6 1 . 9 ) 37.7 
IC-167 360 ( 5 2 . 3 ) 407 ( 5 9 . 0 ) 27 .1 
IC-199 342 ( 4 9 . 7 ) 393 ( 5 7 . 0 ) 14.8 
IC-168 285 ( 4 1 . 3 ) 319 ( 4 6 . 3 ) 34.7 
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4. Plot of t»nsile elongation as a function of chromium con
centration in nickel-Iron alumlnldes containing 15,5 at. % 
tested in air at 600 and 760°C. 

Fe 
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Table 2. Creep properties of nickel-Iron alualnldes 
tested at 760*C and 138 MPa (20 ks i ) 

Al loy nuaber A l loy add i t ion Creep rupture t l a e 
( a t . X) ( h ) 

Rupture d u c t i l i t y 
(X) 

( a ) 15Z Fe + EC Cr 
IC-165 0 (base composition) 156 25.8 

-197 1.5 Cr — — 
-167 3.0 Cr 61 3?.« 

• M A 6.7 Cr • — — 
-168 7.0 Cr 31 

( b ) 12 .0 -12 .5Z Fe + XX Cr 

45.4 

1C-205 3.0 Cr 289 22.6 
-258 3.5 Cr 383 — 
-296 5.0 Cr 30 66 .2 
-297 7.0 Cr 26 52.7 
-298 9 .0 Cr 

( c ) JZ Cr •#• ZZ r e 
IC-238 12.0 Fe 153 15.3 

-205 12.5 Fe 289 22.6 
-236 13.0 Fe 71 35.3 
-237 14.0 Fe 39 41.0 
-167 15.5 Fe 61 

( d ) 7X Cr - H Z Fe 

33.4 

IC-304 12.3 Fe 31 48.9 
-333 10.0 Fe 77 60.7 
-334 9 .0 Fe 89 40.6 
-335 8 .0 Fe 167 33.5 

1*2 7X Cr • 10 ~ 10.5Z Fe • ZZ Al 
IC-320 20 Al 18 64.0 

-331 19.8 Al 40 52.8 
-333 19.0 Al 77 60.7 
-347 18.5 Al 173 35.7 
-336 18.0 Al 245 48.2 

creep rupture l i f e by a factor of f ive . Chroaium, although i t Is 
beneficial Co che cens l le ducci l icy In oxidizing environments, is d e t r i 
mental Co Che creep resistance of Che nickel-iron aluminides. 

12.0-12.52 Pe Nickel-Iron Alumlnides Containing 3 to 92 Cr 

A second ser ies of chromium-modified a l loys was prepared that con
tained 12.0-12.52 Fe Instead of the 15.52 as used in che f i r s t s e r i e s . Ail 
the al loys here were fabricated into sheet materials by cold or hot rol l ing 
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without difficulty. Table 3 summarizes the tensile properties of these 
aluainides tested at teaperatures to 850°C in air. The rooa-teaperature 
ductility decreases with increasing chroaiua concentration. At elevated 
teaperatures, the aluainides show a clear trend of increasing ductility 
with chroaiua, except for the 92 Cr alloy. The increase in ductility is 
attributed to a rapid formation of protective chroaiua oxide scales, which 
alleviate dynamic eabrlttleaent in nickel-iron aluainides at elevated tea
peratures in oxidizing environments. 

The yield strength at rooa teaperature shows a general trend of 
increase with tie chroaiua concentration. The strength is relatively less 
sensitive to chroaiua content at 600*C. However, the aluainides exhibit a 
decrease in strength at 760 and 850°C with Increasing chroaiua above 3.5Z. 
The change in mechanical properties can be rationalized by considering 
the effect of chroaiua and irop additions on the stability of the B2 phase. 
The study of aicrostructure and phase relationship indicates that chroaiua 
and iron additions increase the stability of the B2 phase relative to the 
Ll 2 phase.8,lb,18,19 wigure 2 shows an Increase in B2 particles with 
increasing chroaiua concentration in the aluainldes. The bcc-ordered 
B2 phase is more brittle (as coapared to the fcc-ordered LI 2 phase) at 
rooa teaperature and is weaker at high teaperatures. Hence, the formation 
of larger amounts of the B2 phase in higher chroaiua and Iron alloys 
lowers the tensile ductility at rooa teaperature and reduces the tensile 
strength and creep resistance of nickel-iron aluainides at elevated 
teaperatures. 

32 Cr NICKEL-IRON ALUMINIDES CONTAINING 12 TO 15.52 Pe 

Tables 1 through 3 indicate that the nickel-iron aluainides containing 
about 32 Cr have the best combined ductility and strength at room and ele
vated teaperature. To further characterize the iron effect, a series of 
nickel-Iron aluainides containing 32 Cr (see Table 2, Part (c)\ was pre
pared and fabricated into sheets by hot or cold rolling. The tensile results 
show that the yield strength Increases with the iron concentration at rooa 
teaperature but decreases at 850°C. The room temperature ductility Is 
Insensitive to Iron concentration to 142, above which a drop lr. ductility Is 
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Table 3. Effect of chroaiua concentration on tensile properties 
of nickel-iron aluainid.es containing 12—12.5 at. X Fe 

(tested in air at crosshead speed of 2.5 ••/•in) 

Alloy nuaber Cr concentration S t r e n * t h -
( a t ' Z ) Yield 

MPa (ks l ) 

Ultlaate 
Elongation 

(X) 

looa teaperature 
IC-205 3.0 435 (63.2) 1316 (191) 41.2 
IC-258 3.5 506 (73.5) 1461 (212) 38.0 
IC-296 5.0 655 (95 .1) 1461 (212) 32.8 
IC-297 7.0 827 (120) 1102 (160) 11.1 
IC-298 9.0 779 

600*C 

(113) 1013 (147) 6.2 

IC-205 651 (94.5) 799 (116) 9.4 
IC-258 723 (105) 937 (136) 11.0 
IC-296 723 (105) 999 (145) 28.5 
IC-297 737 (107) 1026 (149) 35.6 
IC-298 716 

760*C 

(104) 1013 (147) 18.1 

IC-205 637 (92.5) 744 (108) 15.1 
IC-258 696 (101) 834 (121) 20.4 
IC-296 601 (87.2) 703 (102) 21.2 
IC-297 512 (74.3) 581 (84.3) 32.4 
IC-298 501 

850*C 

(72.8) 601 (87.2) 21.7 

IC-205 486 (70.6) 515 (74.7) 17.9 
IC-258 533 (77.4) 576 (83.6) 22.0 
IC-296 399 (57.9) 438 (63,5) 35.5 
IC-297 — — — 
IC-298 342 (49.7) 376 (54.6) 23.5 

observed. At elevated temperatures, the ductility increases steadily with 
Increasing Iron. This increase is clearly demonstrated in Fig. 5, where 
tensile elongation at 600 and 760°C is plotted as a function of iron 
concentration. Thus, Iron is also beneficial to the ductility of nickel-
Iron alualnldes tested In oxidizing environments. The Iron level in these 
aluminldes has to be limited to less than 13Z; otherwise, it causes a 
sharp drop in creep resistance, as Indicated In Table 2, Part (c). Micro-
structural examination also Indicates an increase in the B2 phase with 
iron, resulting in weakening the aluminldes at elevated temperatures. 

http://aluainid.es
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Fig. 5. Plot cf tensile elongation as a function of iron concentration in 
nickel-iron aluainides containing 31 Cr, tested at 760 and 600*C 
in air. 

Figure 6 compares the tensile properties of IC-205 (3Z Cr) and 
IC-258 (3.5Z Cr) alloys with the commercial alloy Hastelloy X. The nickel-
iron aluminides are ouch stronger than Hastelloy X, particularly at ele
vated temperatures. The yield strength of the alumlnides is more than 
double the strength of Hastelloy X at 500 to 800°C. In terms of duc
tility, the aluminides have the room-temperature ductility comparable to 
that of Hastelloy X. The ductility of the alumlnides is lower at elevated 
temperatures; however, it is adequate for engineering use. 

7Z Cr NICKEL-IRON ALUMINIDES CONTAINING 8 TO 12.32 Fe 

Corrosion studies discussed in the next section indicate that a 7X Cr 
addition is needed to protect nickel-iron aluminides in sulfur-bearing 
environments. We thus studied the effect of iron on IX Cr nickel-iron 
alumlnides containing 8 to 12.3% Fe (see Table 2, Part (d)]. All alloys 
were successfully fabricated into sheet materials by hot or cold rolling, 
except that IC—335 containing the lowest iron (8% Fe) cracked quite badly 
during hot rolling at 1150oC. 

— I — 1 . ' 1 1 

760 «C T E S T - ^ ^ 

/A 
-

A 

' ^-eOO*CTEST -

->J o — 



605 

800 
700 
600 
500 

YIELD 
STRESS 400 
(MPs) 

300 
200 
100 
0 
60 

TENSILE 4 0 
ELONGATION 

20 

0 
0 200 400 600 800 1000 

TEST TEMPERATURE PC) 

Fig. u. Comparison cf t ens i l e properties of nickel- iron alumlnides 
IC-205 and IC-258 with Hastelloy X. 

Tensile t e s t s indicate that IC-304 with the highest Iron con
tent (12.3Z) has the lowest d u c t i l i t y at room temperature but the highest 
one at 760 and 850°C. The d u c t i l i t y i s not sens i t ive to iron content in 
the range of 8 to 102. The yield strength of the nickel- iron aluminides 
increases with Increasing iron at room temperature but decreases at 850°C. 
All these resul ts can be rationalized from considering the effect of iron 
on the s t a b i l i t y of the B2 phase formed in nickel-iron alumlnides. 

The creep properties of this series were also determined at 178 MPa 
and 760°C, and are l i s ted n Table 2, Part (d) . The aluminides show a 
general trend of increasing creep resistance with decreasing the iron con
tent . Among the a l l oys , IC-335 with the lowest Iron (8%) has the longest 
creep rupture l i f e . 

IX Cr + 10.0-10.52 Fe NICKEL-IRON ALUMINIDES CONTAINING 18 TO 20% Al 

The second series of 7% Cr al loys [see Table 2, Part (e)) was pre
pared for studying the effect of aluminum content on the properties of 
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nickel-iron aluainides containing 10.0-10.5Z Fe and 7Z Cr. All alloys 
were fabricated into sheets by cold or hot rolling without aajor dif
ficulty. The tensile data indicate that the rooa-teaperature yield 
strength decreases and the ductility increases with decreasing alualnua 
content. At elevated temperatures, the alloys show an increase in the 
strength with decreasing alualnua, with ductility essentially insensitive 
to alualnua. 

The alcrostructure of IC-336 was exaalned in detail by TEM. The 
dark-field aicrograph in Fig. 7 was aade using a superlattice reflection. 
Dark areas are disordered fee (y) while light areas are ordered with the 
LI2 structure (y'). The structure basically consists of ordered regions 
with patches of disorder «10Z by area) which theaselves contain ordered 
precipitates. Upon cooling froa an elevated temperature, the speciaen 
first foras disordered regions with associated elemental partitioning 
within an ordered aatrix. Further cooling results in a precipitation of 
an ordered phase within the disordered regions. Note that all three 
regions have the same crystallographlc alignment. The interfacial boun
daries between the ordered and disordered regions tend to follow {lOO} 
planes, suggesting a lower energy on these planes than on a plane with a 
randoa orientation* 

Fig. 7. TEH dark-field aicrograph of IC-336, showing disordered patches 
with ordered blocky particles within them. 
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The creep properties of these alloys were summarized in Table 2, 
Part (e). The results clearly show an increase in rupture life with 
decreasing aluminum concentration. A decrease in aluminum from 20 to 
18Z results in an Increase in rupture life by more than an order of magni
tude. Among all 7Z Cr alumlnides, IC-336 has the best creep resistance. 

CORROSION BEHAVIOR OF NICKEL-IRON ALUMINIOES IN SULFUR BEARING ENVIRONMENTS 

Many nickel-base alloys are known to corrode readily in sulfur 
containing atmospheres because of the tendency for the formation of the low 
melting eutectic between nickel and W3S2 (ref. 3). This problem may be 
overcome either by providing a suitable coating for the alloy or by 
designing the alloy in such a way that the naturally occurring oxide scale 
serves to protect the alloy against sulfur attack. The latter solution is 
obviously the more desirable one, and the goal of this phase of the 
research is to identify the most promising alloy compositions based on 
nickel-iron aluminides. 

TESTING PROCEDURES 

A simple screening test was used to evaluate the alloys. It con
sisted of exposing a test specimen to the gaseous decomposition products 
of CaSOi, in a sealed, evacuated quartz capsule.8 The standard tests 
lasted for 168 h at 871°C. 

This test was chosen because It Is both severe and convenient. Any 
alloy surviving the test is considered worthy of further, more systematic 
study. It is Important to recognize, however, that both oxygen and sulfur 
pressures inside the capsule change as the test proceeds. A brief 
description of the sequence of events that occur during the test is help
ful in interpreting the results. 

The CaSOi, in the capsule will decompose at 871 °C according to the 
equation 
CaSO,, - CaO + (1/2)S02 + (1/2)S03 + (l/4)02 - CaO + (1/2)S^ + (3/2)02 , 

and the equilibrium constant k is given by 

k - ( P s 2 ) 1 / 2 * ( P o 2 > 1 / 2 • < n 
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At 87l°C the equilibrium partial pressures of S2 and 0 2 are 10~^6 

and 10~6 atm, respectively. Corresponding partial pressures for SO2 and 
SO3 are I0~6 and 10~ 9 atm, respectively. Thus at the start of a screening 
test, the sulfur pressure is far too low to form nickel sulfide, but the 
oxygen pressure is adequate to cause an oxide scale to begin to form on 
the sample. However, because the reaction is occurring in a closed 
system, as the oxygen is depleted by the oxidation reaction, the sulfur 
partial pressure will increase to satisfy the equilibrium constant. Thus 
while a screening test begins under oxidizing conditions, the sulfur 
pressure immediately begins to increase relative to oxygen. Experimentally 
the formation of the NI-NI3S2 eutectic is observed, indicating that the 
sulfur pressure oust increase at least to the decomposition pressure of 
Ni 3S 2. 

Both alloying additions and preoxidation procedures were investigated 
as a means of developing an alloy that exhibited significant resistance to 
sulfur attack. Prior to testing, all alloys were polished mechanically 
with 4/0 emery paper, washed in water and ethanol, and dried. These 
samples were subjected to screening tests either in the preoxidized or as-
polished condition. The results of screening tests were evaluated in 
terms of weight gain measurements and through examination of the specimens 
in a scanning electron microscope (SEM) equipped with an energy dispersive 
X-ray spectrometer (EDS). While recognizing the need for the use of SEM 
techniques to identify spalling or crack formation in the oxide scale, we 
concluded that weight gain measurements are a good general guide to the 
extent of sulfidation attack. 

ALLOYING ADDITIONS TO NICKEL-IRON ALUMINIDES 

On the basis of previous studies17 of the effect of alloying additions 
to N13A1, it was concluded that only chromium and/or silicon additions to 
the nickel-iron aluminides were likely to be effective in reducing sulfur 
attack. The alloy compositions were selected in an effort to determine 
the optimum concentrations of chromium or silicon that should be added. A 
second goal was to optimize the relative proportions of aluminum and iron 
in the alloys. 
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As described in tore detail below, chromium additions above a certain 
critical level are very effective in preventing sulfur attack. Silicon, 
on the other hard, was not effective at concentrations (<3Z) sufficiently 
low to avoid adverse effects on the mechanical properties of the alloy. 
Iron concentrations were varied from 8 to 15.5 at. Z. Only a weak depen
dence t corrosion resistance on the iron concentration was found in tests 
of as polished alloys containing 7 at. Z Cr; however, a minimum in weight 
gain w *rs in the 10 to 12 at. Z range. The screening tests revealed no 
trend in resistance to sulfur attack when the aluminum content of the 
alloys was varied from 18 to 20 at. Z, but aluminum concentrations near 
20 at. Z are favored simply to assure an adequate supply of aluminum for 
the formation of AI2O3 scales. 

EFFECT OF PRE0X1DATI0N ON SULFIDATION RESISTANCE 

Alloy samples were preoxidized in both wet hydrogen and in air in 
an effort to form an oxide scale that was resistant to sulfur penetration. 
Oxidation temperature, oxygen partial pressure, and oxide thickness were 
identified as the three most important parameters in determining the 
effectiveness of preoxidation procedures. Preoxldatlon in air can also 
provide protection, but only if the oxidation temperature is sufficiently 
hign. Figure 8 shows the weight gains during standard screening tests for 
a series of N1-19.8Z Al—15.5Z Fe alloys containing varying concentrations 
of chromium. Preoxidation at 950°C is useful only for chromium con
centration near 7 at. Z, but after preoxidation at 1050°C, only a ver/ 
minor weight gain was observed for alloys containing as little as 
1.5 at. Z Cr. The higher oxidation temperature again favors the formation 
of alpha alumina as was demonstrated by both X-ray and EDS measurements. 

Preoxidation times were varied from 24 to 168 h, and the oxide scales 
developed in the longer experiments proved to be roughly an order of 
magnitude more effective in preventing sulfur attack than scales formed in 
a 24-h exposure. The thickness of the oxide formed is clearly a function 
of the total time of oxidation, but as shown below, the morphology of the 
oxide scales formed on these alloys is complex. The layer of oxide that 
provides the actual barrier to sulfur penetration can be only a few tenths 
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Fig. 8. Screening tes t weight gain data for a ser ies of preoxidized Ni-
19.8Al-15.5Fe al loys containing various amounts of chro
mium. Preoxidation at 950°C was much l e s s e f fec t ive than 
preoxidation at 1050°C. 

of a micrometer thick, and the beneficial e f fec t s of the longer preoxida
t ion times may re late mainly to the f i l l i n g up of cracks or pores in this 
scale rather than to a major increase in I t s thickness. 

SCREENING TESTS OF AS-POLISHED SAMPLES 

Neither iron nor chromium additions alone improve the sulf ldation 
res is tance of Ni 3 Al. Figure 9 shows the weight gains after standard 
screening t e s t s of a Ni—19.8Z Al—15.5% Fe alloy and three nickel- iron 
a l loys containing chromium tested in the as-polished condition. All 
a l l o c s suffered severe attack. When both iron and chromium are added to 
the base a l l o y , however, a dramatic decrease in sulfur attack occurs if 
the chromium content of the al loy i s 7 at . % or higher. Figure 10 
i l l u s t r a t e s th i s result in the form of a bar graph showing the weight 
gains for a ser ies of Ni—20? Al—12.3% Fe al loys containing various amounts 
of chroulum. Although not shown in the f igure, t e s t s were also made with 
an al loy containing 6% Cr. The results were erra t i c , suggesting that 62 i s 
a marginal leve l for the chromium content. 
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Fig. 9. Height gain data from screening tests of W.3AI alloys with chro
mium or iron additions. Neither chromium nor Iron additions 
alone Improve resistance to sulfur attack. 
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Fig. 10. Weight gain data for screening tests of as-polished N1-20A1-
12.3Fe alloys containing various amounts of chromium. 
The data show the dramatic decrease in sulfur attack that occurs 
for chromium additions of 7 at. X or greater. 

As shown previously,8 silicon additions to NI3AI can be very effective 
in preventing sulfur attack on preoxidlzed specimens because the silicon 
forms a very thin, amorphous layer of silica on the surface of the sample. 
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MD such ef fect was observed with s i l i c o n additions to nickel- iron alumini-
d e s . Additions of 1.5 a t . Z Si to N1-19.3Z A1-14.5Z Fe and of 3.0 a t . Z Si 
to Ni—16.8Z Al—15.5Z Fe produced al loys that were heavily attacked In 
screening t e s t s even after preoxidatlon in wet hydrogen at 1100°C. 

S i l i con was also added to N1-18.8Z A1-12.3Z Fe-7Z Cr. A sample 
containing 1 a t . Z Si was heavily attacked in a standard screening t e s t . 
An increase of the s i l i c o n content to 3 a t . Z resulted in a large improve
ment, but the corrosion res istance of the al loy was no better than the 
same al loy without s i l i c o n . It was concluded, therefore, that s i l i c o n 
additions to the nickel-Iron aluminides are not l ike ly to be useful . 

Figure 11 shows the morphology of the oxide-gas interface of IC-297 
(Ni—20Z Al—12.3Z Fe-7Z Cr) after a standard screening t e s t . The oxide 
surface i s covered with raised hi l locks that are rich in aluminum (see the 
X-ray spectrum). The oxide between the hi l locks has a much different com
posi t ion and shows substantial Cr, Fe, and Ni peaks as well as a strong 

;• * > * 

i ' » " i f . 
ALLOY C O T 

X-RAY SPECTRA 

Fig. 11. SEM photograph of the oxide-gas interface of a Nl-20Al-12.3Fe-
7Cr al loy after a screening t e s t . The accompanying X-ray 
spectra are fiom the energy dispersive spectrometer of the SEM. 
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aluminum peak. Small particles of the N1-N13S2 eutectic are also present 
on the sample surface. They appear as approximately spherical particles 
because they were molten at the test temperature. One such particle is 
the white circular object, 2 urn in diameter, near the top center of the 
picture. Such features are frequently observed on as-polished specimens 
after the screening test even on those alloys where only very small weight 
gains are observed and where the oxide scale remains uncracked. The 
molten eutectic does not appear to wet the oxide scale, which may be why 
no appreciable additional attack occurs in tests lasting almost 500 h. 
X-ray powder diffraction measurements on the oxide scale from this speci
men showed the existence of Zr02, NI3S2, alpha AI2O3, and a Ni-Cr-Al spinel. 

WELDING BEHAVIOR OF NICKEL-IRON ALUMINIDES 

Although substantially more work has been done on characterizing the 
weldability of iron-free nickel aluminides, the iron-bearing alloys show 
good promise in this area based on previous studies 8> 9» l l> l 2» 1 3 and 
limited data available for the current nickel-iron aluminides. The iron-
containing al.oys which have been studied include IC-205, -261, and -306 and 
will soon include IC-336 and othe: 72 Cr aluminides. 

Nickel-iron aluminides had been successfully welded using both the 
electron beam and gas tungsten arc processes. Figure 12 shows metallo-
graphic sections of both types of IC-205 weldment. The electron beam weld 
[Fig. 12(a) and (b)], made at 4.2 mm/s (10 in./min), is full penetration 
and shows a slight amount of porosity in the fusion zone, but no indica
tion of any cracking in either the fusion zone or heat-affected zone. The 
gas tungsten arc weld [Fig. 12(c)], made at 14.7 rnm/s (35 ln./min) shows a 
substantially different solidification substructure, but also shows no 
indication of cracking. 

Heat 10-306 was available in sufficient quantity that the Sigmajig 
weldability test could be applied. At a preapplied transverse stress 
level of 69 MPa (10 ksi), no cracking was observed; even small transverse 
cracks usually present in un-stressed test specimens were absent. In 
general, additions of iron at the levels involved here appear to markedly 
improve the weldability, specifically the resistance to hot cracking, of 
the nickel aluminides. 
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Fig. 12. Metallographlc sections of welds made In IC-205; (a) and (b) 
are transverse and top views of an electron bean weld and 
(c) Is a top view of a gas tungsten arc weld. 
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SUMMARY AND CONCLUSIONS 

We have conducted a systematic study of alloying effects on nickel-
iron aluminldes based on boron-doped N13A1. The alloying effects of 
Cr, Fe, and Zr(Hf) on metallurgical and mechanical properties of the 
aluminide8 are summarized below. 

(1) Chromiua — Chromium Is a key alloying element, and chromium atoms 
occupy both nickel and aluminum sublattice sices in NI3AI. Chromiua has 
the beneficial effect of promoting a rapid formation of protective oxide 
scales on alloy surfaces. As a result, alloying with >3Z Cr improves air 
oxidation resistance and reduces dynamic embrittlement in oxidizing 
environments at intermediate temperatures (400 to 800°C). Alloying with 
7Z Cr dramatically improves corrosion resistance of nickel-iron aluminldes 
In sulfldlzlng environments. Chromium increases the stability of the bec-
ordered phase (B2), which is brittle at room temperature and weak at 
elevated temperatures. The formation of the B2 phase in nickel-iron 
aluainides leads to lowering the ductility at lower temperatures and the 
strength at higher temperatures. 

(2) Iron — The alloying effect of iron is similar to chromium, both of 
these elements occupy aluminum and nickel subsltes in NI3AI. Iron in com
bination with chromium Improves tensile ductility in oxidizing environments 
and corrosion resistance in sulfur-bearing atmospheres. It also promotes 
the formation of the B2 phase, and hence Improves the hot fabricability of 
nickel-Iron aluminldes. The optimum level of (Fe + Cr) depends on the 
aluminum concentration in nickel-iron aluainides. In general, the level 
increases with decreasing aluminum; for example, 15.5Z of (Fe + Cr) in 
19.5Z Al aluminldes, and 17Z of (Fe + Cr) in 18* Al aluminides. 

(3) Zr(Hf) — Zirconium and hafnium are the most prominent solid-
solution strengtheners in nickel-iron aluminldes as well as in nickel 
aluminides. Alloying with Zr(Hf) effectively Improves the high-temperature 
strength and creep resistance. However, Zr(Hf) has a low solubility limit 
(<0.3 at. Z) in the ordered y ' phase. Excess Zr(Hf) causes an Incipient 
melting of the nlckel-lron aluminides at about 1200°C and thus lowers 
their hot ductility and fabricability. The optimum level of Zr(Hf) is 
around 0.20 • 0.05Z. 
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The study of alloying effects has led to the development of nickel-
iron aluRiinides for structural use at elevated temperatures. The optimum 
cooposicion of the alumlnide i s determined as follows: 

N1-I8.5 t C.5Z Al-10 t 0.5Z Fe-7 t 0.52 Cr-O.IZ B (at . Z). 
The aluminide has excel lent t ens i l e streagth, and is much stronger 

than commercial a l loys such as Hastelloy X and s ta in l e s s s t e e l s , in par
t icular at elevated temperatures. The creep resistance of the alumlnldes 
i s much better than that of austenit ic s t e e l s and moderately better than 
that of Hastelloy X. The aluminide exhibited grain boundary s l id ing , 
which leads to high creep rates and formation of intergranular c a v i t i e s . 
The future work on al loy design wi l l focus on the strengthening of grain 
boundaries by al loying with Groups IVA to VIA elements such as molybdenum 
and titanium. 

A simple screening tes t in which samples are exposed to the decom
posit ion products of CaSOi, was used to evaluate the sul f ldat lon resistance 
of a variety of nickel-iron alumlnides containing chromium and/or s i l i c o n . 
Chromium additions of 7 a t . Z or greater were very e f f ec t ive in minimizing 
sulfur attack on as-polished specimens. The optimum iron content for 
these al loys was found to be between 10 and 12 at . Z, and an aluminum con
centration near 20 a t . Z i s recommended. Si l icon additions, e i ther alone 
or in combination with chromium, were either inef fect ive or produced no 
improvement over chromium additions alone. Sulfldatlon protection can 
also be afforded by oxide films preformed in a ir ; however, the oxidation 
temperature should be 1000 to 1050°C, and the a l loys must contain 3 at . Z 
or greater of chromium. 

Studies of weldability of nickel-iron alumlnides Indicate that addi
t ions of iron at l eve l s of 10 to 15 a t . Z appear to improve markedly the 
weldabil i ty of nickel alumlnldes. The nlckel- lron alumlnldes modified 
with 3 to 7Z Cr were successful ly welded using both the electron beam and 
gas tungsten arc processes. Further studies wi l l emphasize the Sigma Jig 
weldabil i ty t e s t s , i . e . , evaluation of hot cracking under preapplled 
s t res s conditions. 
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ABSTRACT 

The compositions of several 14Cr-16Ni austenitic stainless steels 
were Modified with combinations of Minor and residual alloying elements to 
produce excellent creep strength based on unique precipitate 
Microstructures. These Modifications produce fine MC and phosphide 
precipitates in the Matrix for strength and various coarser carbide phases 
along the grain boundaries for ductility and rupture resistance. Creep-
rupture resistance of these Modified 14-16 steels is Much better than that 
of type 316 or Inconel 800H and better than that of 17-14CuMo at 700*C in 
the Mill-annealed condition. Analysis of microstruc-ture and correlation 
with creep properties suggests that precipitate effects are primarily 
responsible for the properties improvement. The ideas and insight for 
design of the novel precipitate microstructures stem from 
microcompositional information obtained using state-of-the-art analytical 
electron microscopy (AEM). 

INTRODUCTION 

The desired creep strength requirement for candidate advanced 
superheater/reheater alloys is that they withstand 100 MPa at 700*C for 
100,000 h. Stainless steels like AISI type 316 can withstand only 40 MPa 
under those conditions. However, these "lean" (i.e., lower Cr and Ni) 
stainless steels are attractive candidates for alloy development because 
they provide a lower cost alternative to superalloys like Inconel 617. In 
another paper in these proceedings, Swlndeman et al.flj describe the 
overall program to develop advanced superheater/reheater alloys and the 
various properties evaluations conducted to date. A 14Cr-16Ni austenitic 
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stainless steel Modified with additions of Ti, V, Nb, C, P, and B has been 
developed at ORNL; this alloy exceeds the creep strength requirements at 
700*C and has significantly better creep resistance than the commercially 
available reference alloy, 17-14CuMo. One purpose of this paper is to 
provide the background on the ideas and insight that allowed selection of 
specific precipitate phases and distributions in the matrix and grain 
boundaries of these new alloys. The minor and residual element 
compositional modifications were specifically chosen to produce these 
tailored precipitate micrestructures. The other purpose is to show the 
actual microstructures obtained in heats of the new modified 14-16 steel 
produced by commercial vendors and to evaluate the role of aicrostructure 
in the large improvement observed in creep resistance at 700*C. 

BACKGROUND ON ALLOY DESIGN AND DEVELOPMENT 

Insiyht on Microstructural Evolution and Phase Stability in Irradiated 
Stainless Steels 

A substantial portion of the ideas and insight employed in designing 
the matrix and grain boundary precipitate microstructures came from 
transmission electron microscopy studies of neutron irradiated type 316 
and Ti-modifled austenitic stainless steels. These studies were directed 
at correlating microstructural evolution during irradiation with 
macroscopic changes in density or mechanical properties. Many detrimental 
properties changes are induced by irradiation, such as swelling, 
hardening, and grain-boundary embrittlement. These are either closely 
related to or directly caused by changes in th^ microstructure produced by 
irradiation. Irradiation-induced properties changes often showed varying 
sensitivity to changes in metallurgical parameters, such as alloy 
composition or thermal-mechanical pretreatment. It appeared that 
radiation resistance was linked to the ability to control microstructural 
evolution during irradiation.[2,3] 

From the standpoint of microstructural phenomena, the most severe 
irradiation environments were the fast breeder reactor (FBR) environment 
and the mixed fast and thermal neutron light-water reactor environment 

used to study magnetic fusion reactor (MFR) materials. These environments 
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subject irradiated materials to elevated temperatures (300 to 750*C), 
crystalline damage due to point defects created by atomic displacements, 
varying degrees of insoluble He gas atom generation, and varying rates of 
radiation-enhanced diffusion and/or induced solute segregation (depending 
on irradiation temperature).[4] These factors often combined to produce a 
microstrueture of dislocation loops (Frank interstitial) and network 
dislocations, gas-driven He bubbles, bias-driven voids (net excess vacancy 
supersaturation), and precipitate pha-e particles. Each of these 
microstruetural phenomena has a complex sensitivity to the irradiation 
environment parameters as well as to metallurgical variables. Moreover, 
they are strongly interrelated. Dramatic changes of one microstructurai 
component will affect the evolu ion or stability of the others. 

The microstructurai objectives for irradiation resistance, 
particularly in a fusion first-wall environment where displacement damage 
and He generation rates are substantial, are fairly straightforward. 
Voids are cavities which grow rapidly by absorbing supersaturated 
vacancies produced by irradiation in the matrix and produce substantial 
swelling. To achieve swelling resistance, fine, stable He bubbles must be 
prevented from becoming larger than some critical size at which they 
convert to unstable voids. The formation of He gas bubbles along grain 
boundaries can be a major cause of intergranular embrittlement. To 
achieve resistance to grain boundary He embrittlement, one must either 
refine the bubble microstructure nucleated by He diffusing into the 
boundary from the matrix or reduce He diffusion to the boundary by 
altering its efficiency as a sink. 

Precipitate effects are crucial to obtaining either facet of 
radiation resistance, but precipitation during irradiation is quite 
difficult to control. Of the various microstructurai phenomena produced 
by irradiation, precipitation has been the last to be properly 
characterized and understood. The development and application of 
analytical electron microscopy (AEM) since about 1978 has contributed 
greatly to unraveling the nature of the various phases formed during 
irradiation and to sorting out the factors affecting their formation and 
stability.(4,5) 
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With regard to identity and nature, the precipitates in neutron-
irradiated austenitic stainless steels can be classified as radiation-
induced phases or as radiation-enhanced, -modified, or -retarded thermal 
phases. Characteristic compositions (obtained via X-ray EDS analysis) of 
the various thermal phases produced in either type 316 or in related Ti/P 
modified austenitic stainless steels by thermal aging are show in Fig. 1. 
The thermal phases are M 2 3 C 6 (tau), MgC (eta), NC, Laves, sigma, chi, and 
FeTi-phosphide. Except for MgC and Laves, the thermal phases are fairly 
poor in Ni and Si; and except for the MC and phosphide phases, they are 
quite rich in Cr and Mo. Compositions of the radiation-induced or -
modified thermal phases are shown in Fig. 2. For the most part, these 
phases are rich in Ni and Si, and poor in Cr and Ho compared to the 
ensemble of thermal phti.es in Fig. 1. The gamma-prime, G, and A and B 
type Ni-rich phosphide p.tases are usually induced by the irradiation 
environment, while the thermal MgC and Laves phases undergo compositional 
modification during irradiation. 

Once the phases were properly identified and their compositions were 
characterized, factors affecting their formation and stability could be 
identified. Radiation-induced solute segregation (RIS) was found to be 
the primary driving force for precipitation at 400 to 600*C, concurrent 
with other radiation-induced phenomena such as void swelling. RIS is a 
non-equilibrium segregation caused by the coupling of solute atoms to 
irradiation-produced point defects flowing toward microstructural features 
that serve as sinks for vacancies and interstitials. RIS in austenitic 
Fe-Cr-Ni-Mo alloys is an anti-thermal process that causes unnatural 
demixing of the initially uniform solid solution. During irradiation, 
elements like Ni that are normally soluble in the austenite segregate to 
sinks (i.e., dislocations and precipitate particles), while elements like 
Cr and Ho that are normal1/ supersaturated desegregate. RIS causes 
abnormally strong segregation of Si during irradiation. RIS was, 
therefore, identified as one of the dominant factors causing the formation 
of the irradiation-induced phases and the modification and enhancement of 
certain thermal phases. Conversely, when RIS was suppressed by conditions 
favoring radiation resistance, none of these phases formed and the 

http://phti.es
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Fig. 1. Histograms of elemental composition of precipitate phases 
formed during thermal aging in AISI type 316 stainless steel or similar Ti 
or P modified steels, as determined by quantitative X-ray EDS analysis. 
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otherwise retarded thermal phases then formed abundantly durin. 
irradiation due simply to enhanced thermal diffusion. 

This overall picture of precipitation duri^ irradiation suggested 
that there was always seme competition between irradiation-induced effects 
like RIS and thermal solute supersaturations and diffusion. The net 
difference between these opposing phenomena then determined which phases 
formed and which did not, and the degree to which certain phases were 
compositionally modified. This simplifying assumption then allowed 
further insight into the basic principles governing phase formation and 
stability during irradiation. One example of such insight was the fact 
that compatibility was required between the solubility characteristics of 
a particular phase and the solute environment of the adjacent surrounding 
matrix, as illustrated by the lock and key analogy of Fig. 3. If RIS was 
intense, then phases like gamta-prime (MjSi) would form during irradiation 
because of the good match between enrichment/depletion characteristics of 
that phase and the RIS process. Conversely, the normally dominant M^Cg 
carbide phase was retarded under the same irradiation conditions, because 
the enrichment/depletion characteristics of that phase and the RIS process 
do not match. This concept was further supported by the fact that when 
RIS was suppressed for the same irradiation conditions (temperature, 
dose), the radiation-induced phases were not observed, while the otherwise 
retarded thermal phases were then enhanced.(3] Another example was that 
most of the radiation-induced, -enhanced, or -retarded phases show very 
little change in composition despite variations in irradiation conditions. 
This suggested that these compounds existed over narrow regions of the 
phase diagram involving the reactant elements, and that they had limited 
solubility ranges for other solutes in the alloy. By comparison, the 
compositional flexibility exhibited by the radiation-modified phases 
suggested wider phase fields for precipitates and larger solubility ranges 
for other elements. This insight into the nature and the behavior of the 
various precipitate phases during irradiation then provided useful ideas 
for carefully manipulating the alloy composition to control their 
formation characteristics in a nonirradiation environment. 
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Fig. 3. A schematic diagram to illustrate the idea that phase 
formation during irradiation is due to compatibility between the solute 
enrichment/depletion characteristics of various phases and the segregation 
process driving the precipitatiot , analogous to a lock and key. When 
radiation-induced solute-segregation (RIS) is the driving process, a good 
match between the composition of the radiation-induced gamma-prime phase 
and the RIS process unlocks formation of that phase. Conversely, a 
complete mismatch between the normal thermal tau carbide and RIS prevents 
it from forming during irradiation. 
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Insight and Ideas for Precipitate Phase Selection for Creep 
Resistance Through Allov Compositional Modification 

Lean stainless steels for improved thermal creep resistance are a 
direct spin-off application of alloys originally developed as advanced 
radiation-resistant steels for fusion first-wall applications. Radiation-
resistant steels were developed on the basis of fine matrix MC carbides 
and fine phosphide needles providing resistance to irradiation-induced 
void swelling and grain boundary carbides providing resistance to 
intergranular helium embrittlement.[3] The radiation-resistant alloy 
composition was the result of ideas developed from the studies on 
irradiation-produced precipitation and from aging studies on experimental 
alloys designed to optimize MC and phosphide formation and stability. 
These alloys were suspected to have good high-temperature creep resistance 
for several reasons. First, thermal creep resistance in lean stainless 
steels seems to depend on their precipitate behavior, which appeared non-
optimum in the alloys developed to date.[6] Second, radiation resistance 
in these alloys stems in part from a strong pinning interaction of the 
fine matrix MC and phosphide particles with irradiation produced 
dislocations. This interaction ought to carry over to provide resistance 
to dislocation climb during creep. Third, resistance to radiation 
embrittlement was due both to the production of carbide phases and to 
resistance toward formation of coarse internetallie phases, like sigma and 
Laves phases, along grain boundaries. Again, these effects were expected 
to carry over directly to provide enhanced rupture resistance and 
ductility for improved creep lifetime. Minor element compositional levels 
and combinations were deliberately chosen to produce these precipitate 
effects. 

Several simple effects summarize the roles envisioned for the various 
minor alloying elements on precipitate formation and stability, and their 
manipulation to produce the desired microstructures. These are reactant, 
catalyst, inhibitor, and interference effects. The matrix composition of 
l4Cr and 16Ni was selected from earlier studies which indicated that 
austenite of this composition was more stable against intermetallic phase 
formation than the 16-18Cr/12-14Ni composition of AISI type 316(7], 
particularly when Ti is added. The compositions of various heats 
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of modified 14-16 steel melted by commercial vendors are listed in 
Table 1. The compositions of various commercially available reference 
alloys that could be used to produce superheater/reheater components are 
also listed in Table 1. Comparison of the new codified 14-16 alloys with 
the commercial alloys shows that both the combinations and levels of minor 
elements chosen for the former are unique. 

The reactant effect is the most straightforward effect. The alloying 
elements were directly chosen to react and produce the desired precipitate 
phase. Ti and C were added to produce the MC carbide. Ti and P were 
added to react with Fe to produce the FeTiP phosphide. Relative to 
previous work, alloy development studies at ORNL suggested that slightly 
higher levels of Ti and C could be dissolved in the new lower Cr and 
higher Ni austenite relative to earlier type 316 + Ti steels (0.25 wt % 
Ti, 0.05% C).[7] 

The catalytic effect is a more subtle effect, but can still be quite 
easily discerned, particularly when AEM results on phase composition are 
correlated with microstruetural results. Alloying elements that manifest 
this effect enhance the reaction of other elements to form a particular 
phase. The precipitate phases are always most enriched in reactant 
elements. Catalytic elements are either present in the phase to much 
lower concentrations than the reactant elements (even though they may be 
enriched in the precipitate phase relative to the matrix) or not present 
at all (within X-ray EDS detection limits). A schematic diagram of the 
standard effect of catalysts on chemical reactions in terms of free energy 
driving forces is shown in Fig. 4a. Catalytic effects were Identified for 
both desirable and undesirable phases, and then manipulated accordingly. 
Laves phase appears to be catalyzed by Si because its formation is far 
more sensitive to the concentration of that element than it is to the 
primary reactants Fe and Mo.[3] Laves formation may also be catalyzed by 
Nb. Therefore, the Si level was reduced to a very low level to help 
minimize Laves formation, particularly since Nb was being added for a 
positive affect on the MC phase. Phosphide formation was found to be 
catalyzed by V.[3] This was particularly Important because P was 
suspected to cause welding problems if too much was present (above 0.07-
0.08%). Catalysis with V appears to contribute to better phosphide 



Table 1. Compositions of Commercially Available and New Developmental Candidate Austenitic 
Stainless Steels tor Superheater/Reheater Application 

COMPOSITION (wt %) (Balanca-Fa) 

Alloy Cr Nl Mn Mo Tl Nb SI Othor 

Commercial Roforonco Alloys 

316 S S 16 13 2 2.5 04-.06 0.4-1 
321 SS 17 11 15 0.39 0.06 0.4 
Alloy 800H 32 195 1 04 0.08 0.2 0.4 Al, 0.5 Cu 
Alloy 617 23 55 0 2 9 0.5 0.06 0.2 12 Co, 1 Al 
1 7 - U CoMo 163 14 0 8 2 0 2 045 0.07 0 1 1.0 3 Cu 
"TempaloyAi 18 11 16 0.1 0.15 0.09 0.5 
*TempaloyA2 18 14 15 1.5 016 0.23 0.09 0.003 0.05 
'Tempaloy CR30A 3C 51 0 2 2.1 0.2 0.06 0.3 0.14 Al. 0 05 It 

Advanced Austanltlcs Irom Combustion Engineering (August 1985) 

CEO 14 16 2 2 5 0 3 0 1 0.5 0.08 0.07 0.005 04 
CE1 14 16 2 2 5 0 3 0.1 0.5 008 0.07 0.005 0.2 
CE2 16 16 2 2.5 0.3 0.1 0.5 0.08 0.07 0.005 0.2 
CE3 14 16 2 2.5 0 3 0.1 0.5 0.08 0.07 0.007 0.2 2 Cu 

Advanced Austsnltics Irom AMAX (July 1M6) 

AX5 14 16 2 2 5 0.27 015 0.5 0.075 0.02 0.005 0.1 
AX6 14 16 2 2 5 0 28 0 15 0.5 0.075 004 0.005 0.1 
AX 7 14 16 2 2.5 018 015 0.5 0.075 0.07 0.005 0.1 V5 Cu 
AX8 14 16 2 25 0.24 009 0.15 0.075 0.04 0.005 0.1 

N) 

•Registered trademark of NKK 
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Fig. 4. Schematic diagrams of free energy changes as a generalized 
chemical reaction proceeds from the starting components to the final 
product phase. (a) Illustrates the effect of a catalyst lowering the 
activation barrier to the forward reaction to allow it to proceed easier 
or faster, and (b) shows the effects of inhibitors to either make the 
activation barrier greater or to raise the energy of the product phase to 
make the reaction more difficult. 
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formation at lower alloy levels of P, as shown in Fig. 5. Previous 
studies of similar lean stainless steels suggested th<*t P and B additions 
to the alloy enhance HC formation and stability(8], suggesting a possible 
catalytic role of these elements as well. Finally, Ti addition may 
catalyze the formation of sigma phase. 

The inhibitor effect is not obvious at first sight, but is a product 
of the understanding gained from studying precipitation during 
irradiation. Alloying elements exhibiting this behavior hinder or block 
the formation of phases that are the products of other reactant elements. 
The first hints of such an effect were inferred from the effects of RIS to 
retard the formation of various thermal phases during irradiation, as 
depicted in Fig. 3. From the standpoint of reaction energetics, one can 
visualize inhibition to be by either an increase in the activation barrier 
to the reaction or by an increase in the free energy of the product phase, 
which lowers the driving force for the reaction (Fig. 4b). Figure 6 is a 
a schematic diagram of the composition profile that results from a phase 
rejecting an insoluble element into the matrix as the particle grows. If 
rejection must be accomplished before the reaction can proceed, then any 
difficulty in removing the solute (i.e., low diffusivity or 
supersaturation in the matrix) would hinder the reaction. This behavior 
is directly related to the new information provided by AEM which shows 
little or no concentration of elements in small phase particles that are 
present in the matrix, like Si or Ni for the MC carbides. Another reason 
for keeping the Si level in the alloy as low as possible was the idea that 
Si inhibited formation of most of the carbide phases. However, two 
important inhibitor effects had to be inferred from a variety of TEM 
observations because they involved the elements C, P, and B, which are 
extremely difficult to detect using X-ray EDS. In particular, additions 
of B and C appear to reduce the formation of Laves phase[3,7,8], and C 
appears to strongly suppress sigma phase formation. Therefore, higher 
levels of both of these elements were incorporated to improve the 
resistance of the new 14-16 alloys to intermetallic phase formation. 

The last effect, the interference effect, is a negative effect. An 
alloying element is either a reactant for more than one precipitate phase 
so that they compete for it, or it is a soluble element that reduces the 
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Fig. 5. Comparison of two lACr/16Ni alloys after aging in the 
solution-annealed (SA) condition for 166 h at 800*C shows that phosphide 
formation is enhanced by V and Nb additions to otherwise identical alloys 
that contain 0.03 wt % P. 
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it was in the parent phase. 
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stability of the precipitate phase. An exaaple of the first case is the 
eoapetition between the MC and FeTiP phases for Ti. This coapetitlon 
possibly restricts both phases fro* achieving optiaua formation 
characteristics simultaneously. The idea behind adding V and Nb together 
with Ti was to substitute these eleaents for Tl in the MC phase, leaving 
•ore Ti free to fora the FeTiP phase. The combination of Ti, V, and Nb in 
the saae alloy is one of the unique features of the new Modified 14-16 
steels[3] (Table 1). An exaaple of the second case was the fact that 
saall MC particles were found to incorporate surprisingly large aaounts of 
Ho and/or Cr, which aay not be beneficial to their long-tent 
stability.[3,7] Another reason for adding V and Nb was to have these 
eleatnts displace Cr and Mo froa MC carbide foraed when only Ti is 
present, which could possibly increase the stability of the phase. Such 
compositional tailoring of an individual precipitate phase foraing within 
a coaplex alloy does not appear to have been done before.[3] 

RESULTS ON CREEP PROPERTIES AND MIC*OSTRUCTURAL ANALYSIS 

The new lean modified 14-16 austenitic stainless steels have 
substantially improved creep resistance at 700*C relative to other 
coaaercially available alloys that could be considered for 
superheater/reheater application. This can be seen by coaparing the creep 
strain vs tiae curves shown in Fig. 7 for various alloys tested at 700*C 
and 170 MPs. Significant improvements in creep strength for the new 14-
16 steels relative to the saae reference Materials can be seen from plots 
of time to rupture vs applied stress in Fig. 8, for creep testing at 
700*C. These new steels approach the creep strength of the superalloy 
INC0NEL 617. More details on the experimental test methods and details of 
the mechanical property results can be found elsewhere.[1,9] The main 
focus of this aection is to present a portion of the microstructural 
analyses that has been conducted of creep-tested specimens, and to 
correlate those with the mechanical properties. 

If we look at the TEM microstructure of several of the creep-tested 
alloys, whose creep are shown in Fig. 7, we can appreciate that the matrix 
precipitation developed in the new modified 14-16 steels (CEO) is unique. 
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Fig. 7. A plot of creep strain vs time for specimens of various steels tested to rupture in the 
mill-annealed condition at 700°C and 170 MPa. Alloy compositions are listed in Table 1. 
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The micros cructures of mill-annealed type 316, alloy 800H, 17-14 CuMo, and 
heat CEO of the modified 14-16 steels developed during creep at 700*C are 
shown in Fig. 9. The type 316 alloy has virtually no fine-scale matrix 
precipitation and also has no creep resistance under these conditions. 
This sample also has large dislocation-free regions adjacent to regions 
with highly tangled network dislocations (Fig. 9a), suggesting that 
recovery processes are counteracting dislocation generation processes. 
Alloy 800H develops a dense dispersion of fine HC carbides together with a 
coarser distribution of M23C5 (Fig. 9b). Although the dislocations are 
pinned on some of the precipitates, many dislocations appear to be bowing 
or climbing past most of the MC particles. The rupture life of alloy 800H 
exceeds that of type 316 (Fig. 7), but is much less than chat of tiit 
modified 14-16 steels. The 17-14CuMo develops a microstructure of fine MC 
particles that appear distributed in coarser clusters, together with 
particles of an unidentified phase that may be a gamma-prime, during creep 
at a slightly lower stress of 140 MPa (Fig. 9c). In addition, the 17-
14CuHo has many coarse Laves particles distributed throughout the matrix. 
Many dislocations appear to be pinned at the clusters of finer particles. 
The 17-14CuMo is significantly more creep resistant than either alloy 800H 
or type 316 in Fig. 7 at 170 MPa, but it is still 4 to 5 times less creep 
resistant than CEO. The microstructure produced during creep in CEO is a 
fine dispersion ->f phosphide needles together with a finer dispersion of 
MC particles, both distributed uniformly throughout the matrix (Fig. 9d). 
These phases aud their distribution and interaction with the dislocation 
network are different from those found in the other alloys. In 
particular, toe fact that all of the dislocations in the loose network are 
associated with fine precipitate particles suggests effective pinning is 
strengthening the modified 14-16 steels. 

Interrupted creep tests at 700*C and 100 MPa from another heat (CE3) 
of the modified 14-16 steels demonstrate that the dislocations are being 
effectively pinned (Fig. 10). The CE3 heat of steel is modified with Cu, 
but has a nearly identical precipitate microstructure of fine MC particles 
and phosphide needles compared to the CEO heat in either the mill-annealed 
or the reannealed (1 h at 1200'C) condition. The interruption periods at 
700*C, during which the load is removed, should allow dislocations to 
recover. The fact that creep resumes as though It were following an 



Fig. 9. Matrix microstrueture of TEM discs cut from the gager of 
specimens creep tested in the mill-annealed condition at 700*C. 
(a) Type 316, 170 MPa, time to rupture(tr) • 12 h, (b) alloy 800H, 
170 MPa, t r - 120 h, (c) 17-14CuMo, 140 MPa, t r - 3446 h, (d) modified 14-
16 steel (heat CEO), 170 MPa, t r - 6174 h. 
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Fig. 10. A plot of total strain vs time for specimen of modified 13-16 steel (heat CE3) creep 
tested at 700°C and 100 HPa in the reannealed (mill-annealed plus 1 h at 1200°C) condition. The test 
was interrupted intermittently by removing the load while leaving the specimen at temperature. This 
short-term anneal was intended to provide an opportunity for dislocation recovery and softening. 
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uninterrupted creep curve indicates that the material has lost no 
strength, implying no recovery of the dislocation structure. This 
suggests very strong pinning of the dislocation structure by the 
precipitate particles. 

Another facet of the improved creep resistance of the modified 
14-16 steels is their ductile failure mode, relative to either alloy 800H 
or 17-14CuMo, despite their increased creep strength. Microstructural 
comparison of CE3 with 17-14CuMo in Fig. 11 suggests that the differences 
in fracture behavior correlate with differences in grain boundary 
precipitation. The 17-14CuMo has only coarse Laves phase particles along 
the grain boundaries, whereas CE3 has primarily NC and M 2 3 C 6 and a few 
Laves particles along the grain boundaries. In terms of fracture 
behavior, the 17-14CuMo has completely intergranular failure, whereas the 
CE3 fails by plastic instability in a completely ductile manner. The 
ductile-failure mode produced by grain boundary carbides may also 
contribute to the improvements in rupture life observed in Figs. 7 and 8 
for the modified 14-16 steels. This difference in grain boundary 
precipitation and in failure mode punctuates the importance of correctly 
anticipating the benefits of carbides and then deliberately designing the 
modified 14-16 steels to enhance carbide formation and minimize 
internetallic formation. 

The differences in fracture behavior are amplified when crack growth 
sensitivity during steady state creep is examined. Creep specimens were 
precracked by room-temperature fatigue prior to creep testing at higher 
temperatures. Figure 12 shows creep crack growth rates measured at 700*C 
as a function of stress intensity factor calculated from the applied load. 
Heat AX5 of the modified 14-16 steels exhibits much better resistance to 
crack growth than 17-14CuMo when tested at 700*C. Surprisingly, the crack 
growth resistance is also much better than either types 304 or 316 
stainless steels tested at lower temperatures. A crack-resistant material 
would show less sensitivity to flaws introduced during fabrication than 
one prone to cracking, and hence promise more reliable service. 

Finally, we will touch on one facet of the detailed analysis of 
precipitates being conducted using AEM on particles extracted from the 



17-14 CuMo. 700*C, 140 MPa, 
ORNL PHOTO 4429-87 

Fig. 11. Grain boundary microstructure of TEM discs cut from the 
gage lengths of specimens creep tested at 700'C in the mill-annealed 
condition. Inserts with schematic drawings of the specimen after fracture 
are included above, (a) 17-14CuMo, 140 MPa, t c • 3446 h, (b) modified 14-
16 steel (heat CE3) , 170 MPa, t r - 4960 h. 
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steels. Cracks were introduced prior to creep by room-temperature 
fatigue. Specimens tested at 700*C had identical geometries, whereas 
specimens tested at lower temperatures were slightly different. 
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material on replicas for identification and compositional study. The 
composition of the fine MC phase in the modified 14-16 steels (CE3) shows 
that in addition to Ti, Nb and especially V have been incorporated 
(Fig. 13), as was intended in the desigr of these alloys. The large 
amount of V in the MC phase is surprising, because it is far more soluble 
in the austenite than Ti or Nb are. This may indicate an important 
synergistic effect between Ti and V that causes this behavior. By 
comparison, the MC carbide found in alloy 800H has mainly Ti with some Cr 
and Mo, and the MC phase formed in 17-14CuMo has substantial amounts of 
Ti, Nb, and Mo, in addition to some Cr and Si (Fig. 13). We cannot yet 
confidently interpret the significance of these MC phase compositional 
differences. However, it is possible that these differences play a role 
in making MC formation and stability characteristics and their interaction 
with dislocations better in the modified 14-16 steels. 

Much more mechanical properties and microstructural analysis 
work has been conducted than is reported here, and a great deal of work is 
still in progress. More work is needed to confirm the mechanisms 
suggested for microstructural effects on properties. However, these 
results do indicate that our alloy development efforts have delivered on 
their promises and may be even more successful than initially 
anticipated.[3,6] 

SUMMARY AND CONCLUSIONS 

The compositions of new modified 14-16 steels developed as advanced 
steam cycle superheater/reheater materials were selected to produce unique 
precipitate structures in the matrix and at grain boundaries. Insight for 
these microstructures and the Alloy compositional modifications necessary 
to produce them are a spin-off from the fast breeder and fusion reactor 
materials programs. The insight and new ideas for controlling and 
tailoring precipitation came from studies of precipitate behavior during 
irradiation and from efforts to develop radiation-resistant steels. 

The creep resistance of the new modified 14-16 steels is clearly 
better than conventional alloys like 316 and alloy 800H, better than 
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Fig. 13. TEH of precipitates extracted on replicas produced from the 
gage lengths of various steels creep tested in the mill-annealed condition 
at 700*C, together with compositions of HC phase particles determined via 
quantitative X-ray EDS analysis performed on those replicas. 
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17-14CuMo and approaches the behavior of Inconel 617 at 700*C in the mill-
annealed condition. Correlation of nicrostructure vith properties 
suggests that strong precipitate effects are primarily responsible for the 
improved creep resistance of the modified 14-16 steels. Fine matrix MC 
particles and phosphide needles appear to strengthen the material against 
creep by effectively pinning dislocations. The dispersions of carbides 
along grain boundaries that form with a minimum of embrittling 
intermetallic phases appear to contribute to the rupture resistance and 
ductile-fracture behavior of these steels. 

The overall phase selection and the specific compositional tailoring 
of the MC phase would not be possible without the use of AEM. This work 
is a general example of how the use of state-of-the-art high technology, 
in this case compositional microanalysis, can reveal new information, 
which can then be used to guide precise and efficient alloy development. 
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ABSTRACT 

Consideration is being given to using low alloy steels, such as 
2.25 Cr 1 Mo steel, in a heat treated form to produce a bainitic miri-o-
structure with improved short term strength compared with the more 
commonly used annealed form. It has been found, however, that the 
bainitic structure softens significantly under cyclic loading, as a 
secondary effect of which the creep strength is also snown to be 
reduced. Tests in which periodic load reversals were superimposed on a 
steady load creep test have shown reductions of creep life of an order 
of magnitude or more. One major mitigating factor is that it appears 
that cyclic softening only occurs in material subjected to significant 
strain reversals. In a typical pressure vessel such conditions are only 
achieve' typically in localized areas such as notch-like details and 
areas experiencing high cyclic thermal gradients. The investigation 
described here Is aimed at determining the effect of local cyclic 
softening on residual strength of components. This has been done by 
performing load controlled tests on two types of notched bars, a 
relatively blunt Brldgman notch with an elastic SCF of 1.6, and a 
sharper Vee-notch with an SCF of I.1*, together with a small number of 
uniaxial specimens as controls. Some theoretical results, which attempt 
to characterize component behavior In a very generalized way, are 
described, and plans for developing design rules are discussed briefly. 
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INTRODUCTION 

Several CrMo low allow steels are currently being considered for 
pressure vessel construction in quench and tempered fo^ms. While this 
provides a considerable enhancement of the monotonic strength 
characteristics, materials tested in this way suffer a significant loss 
of strength due to cyclic softening. In simple axial loading, thi3 
effect has been found to significantly reduce the long term creep 
strength, even when the 3tress range is well below the initial yield 
strength of the material. On this evidence alone it might be concluded 
that, where cyclic loading is expected, there may be little or no 
advantage in using the bainitic structured material in preference to the 
more common ferritic-peariitic form. On the other hand, most practical 
instances of significant stress reversal in components only occur in 
localized regions such as notch details or surface layers in pipes under 
cyclic thermal gradients. It is therefore feasible to suppose that con
ditions may arise where local softening has an insignificant effect on 
the overall load carrying capacity of the component, thus allowing the 
full strength attained by heat treatment to be utilized in determining 
primary stress limits for design. 

In order to explore the influence of cyclic softening on component 
load carrying capacity, a series of tests has been performed on plain 
and notched, axiaily loaded specimens. The object was to determine the 
relative effects of periodic load cycles on creep strength of the 
material alone as opposed to its response to complex strain reversals in 
which local behavior is klnematically constrained to some extent by the 
remainder of the structure. 

EXPERIMENTAL WORK 

MATERIAL 

The material Is a 2.25 Cr 1 Mo steel containing reduced residual Im
purities. The chemical composition of this alloy is given in Table 1. 
This material was produced by Kawasaki Steel and was supplied to the 



649 

University of Illinois by Oak Ridge National Laboratory (ORNL) in the 
form of sections from a 400 mm thick ring forging. 

The heat treatment involved holding the material isothermally at 
1070°C for 18 hours followed by a water quench. The material was then 
tempered at 650°C for 17 hours and air cooled to ambient. This was 
followed by a simulated post weld heat treatment at 695°C for 19 
hours. From this heat treatment the material near to the surface has a 
coarse ferrite lath structure with local regions that are more equiaxed 
in shape. The ferrite lath or sub-grain boundaries comprise regular, 
fine dislocation networks and there is much less evidence of fine scale 
precipitation at these boundaries. For specimens cut from approximately 
the center of the 400 mm forging, the microstructure comprises a mixture 
of fine-structure similar to that observed in surface sections and 
coarse grains of polygonal ferrite. The coarse ferrite grains contain a 
uniform fine dispersion of M 2C carbides. 

TEST EQUIPMENT 

Two 5-ton load capacity screw-driven electromechanical test machines 
manufactured to an ORNL mechanical design by Applied Test Systems, Inn. 
(ATS), provide the oasis of the creep-fatigue testing performed in this 
study. The combined stepper-motor screw-jack driven features of this 
equipment produces low strain rate machine capable of producing strain 
rates from a maximum of 0.05J/3 to aa low as 6E-6f/hr. Thia capability 
allows the performance of creep-fatigue testa containing very slow ramp 
loadings and hold times of almost indefinite duration. This ability 
allows long term creep-fatigue teata to be completed which approach a 
more realistic representation of actual service conditions. For 
elevated temperature (up to 1000°C), these teat frames are outfitted 
with three zone resistance spilt furnacea, each zone containing an 
Independent temperature controller. Further details of the teat 
equipment are giv<>n in Ref. 1. 
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TEST SPECIMENS 

Three types of specimens were used in this test program, the 
dimensions of which are given in Fig. 1 

The second two types of specimens consist of notched bars, the 
first of which contains a Bridgman notch with a moderate stress concen
tration factor (SCF) of 1.6. The second type of notch is a BS standard 
Vee-notch having a relatively high SCF of M.4. 

PRESENTATION OF RESULTS 

Basic Fatigue Test Results 

Strain controlled fully reversed fatigue tests performed by Pejsa2 

show this material to experience significant cyclic softening. Tests 
were conducted on material in the as-received condition at 5o5°C for a 
variety of waveforms at total strain ranges of 0.5J and 1,0J. The 
softening behavior is a nearly continuous process from initial cycling 
right up to the point of failure. In all cases though, a significant 
portion of the softening occurs in the initial portion of the fatigue 
life. 

From Pejsa's original data, it is possible to plot the maximum and 
minimum stress as a function of log cycles and strain range for each of 
the waveforms tested. Such a plot is shown in Fig. 2 for selected 
cyclic conditions. These results in effect represent the strength of 
the material under conditions of cyclic softening and will later be 
shown to correlate very well with load control tests performed on both 
plain and notched bars. 

Constant Strain Rate Tests 

Constant strain rate tensile tests have alao been performed on 
smooth specimens to obtain elevated temperature strain rate effect data 
for this material under monotonia loading. For comparison room tem
perature teats (20°C) were completed at strain rates of 0.5</mln and 
0.05X/min from 0 to 10$ strain. Elevated temperature tests (565°C) were 
completed at strain rates of 0.5$/mln, 0.05J/mln, 0.005J/mln, and 
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0.0005X/min. The stress versus strain data from these tests are plotted 
in Fig. 3. The roan temperature tests showed essentially no strain rate 
efTect. When tested at elevated temperatures (565°C) this material 
shows a much different stress-strain response. After reaching the 0.2% 
yield strength, the material experienced a small amount of hardening 
after which softening was observed. Not only was the amount of 
hardening very alight (maximum strength equal to 1.02 to 1.08 times the 
yield strength), the region over which hardening occurred was much less 
than that experienced at room temperature. 

The elevated temperature tests also show significant strain rate 
effects. As strain rate increases, both the yield strength and the 
ultimate strength increase. Figure 3 shows that the rate of increase of 
the yield and ultiuate strengths decreases slightly with increasing 
strain rate. After reaching the ultimate strength, the material softens 
at a rate which, to a first approximation, i-» insensitive to strain 
rate. 

Periodic Load Reversals On Plain And Notched Bars 

The phenomenon which focused this program on strain softening Is tho 
observation that low alloy steels In quenched and tempered form have 
been shown by Swindeman^ to display considerable loss of creep endurance 
as a result of periodic load reversals even when the stress range Is 
significantly lower than the Initial yield stress range. 

Tne effect of cy.Lic loading on strength is shown clearly by 
plotting the oeaK maximum and minimum stresses In strain controlled 
fatigue tests against the log cycles (see F g. 2). Unlike the linear 
plots, these cur\es show no plateau, but inscead a continuous, 
exponential decrease In strength with time. Cyclic strength appears to 
be strongly deperdent on the frequency of the cycle but only weakly 
dependent on the wave shape of the strain history or the strain range. 
This suggests a simple first-order model of cyclic softening ir, which 
the current strength Is represented as a function of the number of load 
cycles and the load cycle frequency o (N) - f.(N) • f?(f) where M • 
number or load cycles and f - frequency In cycles/unit time. 
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To test the hypothesis, the uniaxial creep tests with interspersed 
load reversals have been plotted on the same graph as the softening 
curves in Fig. 1. These points fall close to the tensile stress 
softening line, and the specimen lives would be reasonably accurately 
predicted by simply assuming the strength to decrease with number of 
cycles until the tensile strength of the specimen is exceeded. 

The same hypothesis holds for more complex stress situations. As 
also shown in Fig. t, the lives of all notched specimens undergoing full 
load reversals are predicted quite well by the number of cycles required 
to reduce the cyclic strength to the effective stress at the notch net 
section at the specified cycle frequency. 

The frequency dependence of cyclic strength can also be 
approximated relatively simply. The rate dependence of this material 
has been examined over a wide range of strain rates, and it is observed 
that the cycle-dependent softening curves for different frequencies vary 
in a way similar to the monotonic rate dependence. Figure 5 includes 
such a curve for a 1-hour cycle time, constructed theoretically on the 
above hypothesis, which corresponds very well with the one Bridgman 
specimen tested at that frequency. 

From the results of fully reversed load tests on notched bars, it 
is clear that cyclic softening can have a profound effect on component 
life, reducing the number of cycles to failure Dy fatigue and creep life 
In hours by factors of 10 to 20, and this despite the fact that the 
cyclic stress range Is well below the initial yield range in some 
cases. For instance, in the testing of a Bridgman notch bar with a 
nominal net stress at the root of 171 MPa, the Mlses effective stress Is 
only 128 MPa, well below the Initial yield stress of 310 MPa. The life, 
however, la only 1372 cycles. From the extrapolation of the rapid cycle 
data, the cyclic life at this load level la predicted as about 30,000 
cycles, and a theoretical prediction based upon initiation at the notch 
root is nearly 70,000 cycles. Similarly, the creep life predicted from 
the steady load effective stress at the notch is approximately 3700 
hours. In view of the fact that the load reversal is rapid, so that the 
cyclic stress distribution la approximately elastic, the stress range 
through most of the notch section is considerably less than the steady 
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creep effective stress reaching only 121 MPa at the center. This 
demonstrates that cyclic softening can cause serious reduction of cyclic 
life at even modest strain level?. 

On the basis of this evidence alone, it might be concluded that 
there is little point in heat treating a low alloy steel to improve its 
initial strength, if this is to be lost later as a result of cyclic 
softening. Before accepting this as a general conclusion, it should be 
observed that a notched bar is a very severe test of stre33 con
centration effects because the entire cross-section of the component is 
affected by any stress redistribution which may result from plastic de
formation at the notch root. In an effort to simulate a more realistic 
situation, some of the notched bar tests were performed under an R-ratio 
of 0, thus ensuring that only a small volume of material near the notch 
root experienced stress reversals. These tests show little or no 
overall deterioration due to softening. As shown in Table 2, the 
Bridgman specimen showed no significant reduction in life compared with 
a similar steadily loaded specimen. 

DISCUSSION OF EXPERIMENTAL FINDINGS 

It is concluded that the effect of cyclic softening or. component 
behavior la extremely complex and far from being understood well enough 
to make full use of materials displaying this phenomenon. Clearly the^e 
are some situations in which the residual strength Is little different 
from the same material In the annealed form, and In such cases there Is 
no advantage In performing expensive heat treatment. A situation like 
this might arise, for Instance, in a tube wall experiencing severe 
thermal gradients. On the other hand, there are many practical 
situations where cyclic stress reversals are confined very locally, to 
notches or thin surface layers In thick vessels, or where there are 
clearly no cyclically reversing stresses at all. It would be 
unjustifiably conservative, In these cases, not to utilize the Improved 
strength gained by heat treatment. It is easy to identify the extremes 
of the apectrum. What remains to be done is to determine some reliable 
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criterion for distinguishing between situations in which cyclic 
softening can be ignored from those in which it cannot. 

There are two aspects to the problem just identified, the first 
relating to material behavior, and the second to component response to 
cyclic load. 

i) Cyclic softening seems to require at least sign reversal of 

stress. Uniaxial creep tests in which the load was simply removed and 
replaced have shown no reduction in life compared with steady load 
tests. On the other hand, the required degree of reversal to cause 
softening appears to be significantly less than the initial, or even the 
cyclically softened, yield range as shown by the strong effect displayed 
by the notched tests under full load reversal. In order to investigate 
this point further, and to provide some theoretical backing for the 
simple cycle dependent yield criterion obtained empirically, some 
progress has been made in developing a constitutive model describing the 
cyclic softening effect. This work is described briefly in the next 
section. 

il) The component design problem, which applies not only to cyclic 

softening but to a wide range of other design situations such as elastic 
follow-up and inelastic notch strains, is the need for a criterion to 
Judge whether local strain concentrations are strain- or load-
controlled. Local 3train control amounts to saying that local cyclic 
softening will not Interact with the component load carrying capacity. 
If condi\.-ons in highly strained regions can be determined as a property 
of the component and the load level only weakly dependent on material 
strength, then a detailed understanding of cyclic softening is not 
necessary to evaluate component performance. Some preliminary studies 
indicate that aspects of local strain behavior in components are, in 
fact, relatively independent of material constitutive behavior, and that 
It may be possible to define some classes of problems as Insensitive to 
cyclic softening. These findings are discussed in the section on 
COMPONENT ANALYSIS. 
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THEORETICAL MODELING OF SOFTENING 

The softening model described in this section is confined for the 
present to time independent cyclic loading. 

The data was obtained from smooth specimen strain controlled fully 
reversed fatigue tests. Two strain ranges, 0.5 percent and 1.0 
percent, were used with both tests performed at a strain rate of 
O.OOVsec. 

In principle, several unified constitutive models are capable of 
modeling cyclic softening behavior. '^ In practice, fitting the form of 
the constitutive equations to experimental data was found to be more 
complex than first appearances suggest. This was not simply a case of 
computational difficulty. The functional forms offered by these con
stitutive models were inconsistent with the type of behavior observed 
experimentally. For this reason the model described here is developed 
as an extension of an existing simple model of stable cyclic Inelastic 
behavior, that Mas been used extensively and found to represent real 
material behavior with reasonable fidelity. 

The model presented here assumes that the loading and unloading 
regions of the ere hysteresis loop may be represented by a Ramberg-
Osgood form. Full details of the model are given in Ref. 8. For the 
uniaxial case 

Total Strain Ac* - Ae* + Ae* (1) 
e p 

Elastic Strain Ae» - ^— (2) 
e E 

Inelastic Strain Ae» - {££i) 1 / r a (3) 
P ' 

An asterisk (*) superscript is used to indicate specific stress and 
strain values In individual hysteresis loops. For notation see T̂ bl'i 3 
and Fig. *>. It snould be noted that the use of a nonoonventlona] 
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Fig.6 Definition of stress and strain ranges for a typical 
hysteresis loop 
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notation for the constants in Eq. (3) above was done deliberately so as 
to eaphasize the difference between these values and those commonly used 
to describe a aaterials cyclic c-e curve. 

To include strain induced softening, it is assumed that C and m are 
functions of the cumulative plastic strain only. This is an intuitive 
assumption based on empirical observations of softening behavior in a 
number of diverse situations . It appears to be the simplest assumption 
that is capable of capturing the essentials of softening. 

This means that 

m(EAe ) 
Ao* - CttAe ) • (Ae») P . (4) 

Q 

Experimental evidence shows that C(ZAe ) has an n-power form, 

C(£Ae ) - h • (EAe )" (5) 
P P 

where ZAe > critical strain, and n < 0 necessarily, to model softening 
behavior. 

Figure 6 provides a graphical representation of these terms. As 
shown, the origin of the stress-strain axis Is located at the beginning 
of the reversal. An asterisk (*) superscript is used to differentiate 
between relative stress/strain values (such as Ao* and Ae*) and absolute 

e 
stress/strain ranges (such as AO and Ae.). 

It can be shown for the material under consideration, that the 
relationship between stress range and strain range can be represented by 

Ao* - h • (lAe )" • (Ae*) m (6) 
P P 

where h - 8^3 MPa, n - -0.0661, and m - 0.0905. 
The above relation provides a model of the stress-strain response 

of a softening material subjected to a cyclic loading. This model was 
developed from data obtained from a fully reversed 1.0 percent strain 
range cyclic test. The predictive capability of this model was 
evaluated by comparing predictions with the experimental results of a 
fully reversed 0.C percent strain range cyclic test. In predicting 
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material response, a forward solution method was used to estimate the 
accumulated plastic strain at a variety of cycle numbers. This solution 
process involves determining, through an iterative procedure, the 
absolute stress and plastic strain ranges at each of the cycle numbers 
of interest. 

Considering the limited objectives of the work reported here, the 
approximate constitutive relation appears to work very well indeed. As 
shown by Fig. 7, the cyclic stress range for a 0.5 percent strain range 
is predicted very closely from an equation which was derived entirely 
from 1.0 percent strain range data. Figure 8 shows comparisons between 
experimental and predicted hysteresis loops which also display good 
correspondence. 

Since creep deformation is indistinguishable from time-independent 
plastic deformation in this material, even at the microstructural 
level, the extension of the model to time-dependent conditions should 
be relatively straightforward. The hypothesis has yet to be tested, but 
future work in this direction will assume that creep and plastic 
deformations are additive where strain induced softening is concerned. 

COMPONENT ANALYSIS 

This section summarizes initial attempts to explore simple methods 
of analysis for components composed of strain softening material. 
Finite element analysis of a notched bar and a cylindrical bar 
containing a spherical cavity has been performed using a linear strain 
hardening material model in which softening has been represented by a 
negative hardening coefficient.10 The object is to determine the extent 
to which localized plastic deformation may propagate, as the result of 
strain induced softening, causing the component as a whole to fail by 
gross yielding. 

The approach is an approximate one, in which the cyclic material 
behavior is summarized as a series of cyclic stress-strain curves, 
Fig. 9, and the component analyzed for the simple case of monotonia 
loading into the plastic range, with the assumption of negative strain 
hardening. 
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DESCRIPTION OF EXAMPLE COMPONENTS 

The elastic-plastic behavior of two staple component geometries, 
shown in Fig. 10 are examined. 

The constitutive relationship used was an elastic, linear strain 
hardening model with the degree of hardening or softening defined by a 
variable strain hardening coefficient, a, which could take negative 
values to represent softening behavior as illustrated in Fig. 11. 

The analyses are described more fully in Ref. 10. 

DISCUSSION OF RESULTS OF ANALYSIS 

The only result to be discussed here is the relationship between the 
stress and the strain at the point of maximum strain concentration. As 
illustrated in Pigs. 12 and 13, this relationship traces out a 
generalized hyperbolic locus, for a fixed load level, as the strain 
hardening/softening coefficient varies. In the case of a pure strain 
controlled situation, the locus is a vertical line at constant strain 
while, for load control (i.e. statically determinate), the locus is a 
horizontal line at constant stress, Fig. 14. Neuber's hyperbolic rule 
is Intermediate between these extremes and is adopted in this paper as 
an arbitrary dividing line between local behavior which is strain or 
load dominated. 

Results are summarized in Figs. 12 and 13* The stresses and 
strains refer to the mid-element M.'.ses effective stresses and strains in 
the most highly strained element. 

In all cases the LKJUS of stress versus strain with changing strain 
hardening index shows a clear trend which extends continuously from 
pcjitive to negative values of the hardening coefficient. Not 
surprisingly, the Neuber rule is not correct for any of the geometries 
examined although lc could present a first-order approximation for 
initial design scoping calculations. The main observation is, however, 
that the relaxation characteristics at a point of local inelastic 
deformation follows a trend wiich is not strongly dependent on the 
particular mattrial constitutive relation and applies equally well 
whether the material hardens or softens as long a* the Inelastic strain 



666 

Y I W M I I 

Fig. 10 Geometries of notched bar and bar with spherical 
cavity 

/ 

aZ 

St
re

ss
 

/ 

yS I 

e 

- . — a + 

/ 

1 

yS I 

e 

- . — a + 

Stroin 

Fig.11 Schematic representation of the constitutive 
relation (a Is the strain hardening coefficient 
nondlmenslonallzed with respect to Young's modulus, 
E) 



667 

13 

~ 12 <g «n 
a> 
to LI 

</» 
•Ji 
O) 
~ 09 
CO W 

\ 
08 

0.7 

°& 0 VW 

• \ 

V \ 

\ 

a 
O 
A 

P/Py=l 
1.35 
176 

Neuber's Line 
Non - Lineor Hyperbola 

1.5 20 
(Strain/Yield Strain) 

0.03 
0 -Q03H 

•-Q1 
(0016L 

25 

Fig.12 C-notch: peak stress versus peak strain relationship 
for Dost highly strained element 



668 

°pw 

\ 

K \ > 

0 
-Q03 

-0.1 

a P/P y=l 
O L04 
A 1.24 
o 1.336 

Neubefs Line 
, Kion-Lir.80r Hyperbolo i 

10 15 2.0 
(Stroin/Yield Stroin) 

2 5 

Fig,13 Cavity 1n cylinder bar: peak stress versus peak 
strain for Most hghly strained element 



669 

Pore Lood Control 

Neubers Line 
rPure Strain Control 

Strain 

Fig.14 Schematic representation of redistribution behavior 
at point of peak stress 

3 

a 5 

sormiwj (riMcmnBATDiB) p« 

,*? KT,t>, COttToOBS 

^ ^ ^ "ZS\ 

J J , IHCRXASIIK P ( T . t ) 

CKKKP / 
;' FATIGUE 
1 
/ 
1 
1 

_ i k 

STRAIN CONCENTRATION FACTOR 

F1g.l5 Conceptual form of proposed dam&ge mechanism map 



67P 

Currently models of an n-bar structure and a bean in bending are 
under developoent to examine the cycle-by-cycle progression of softening 
throughout a component. Simplified models-of complex notch geometries, 
based on the invariance of strain in the notch neck, are also under 
development. 

An important extension of the constitutive model is the inclusion 
of time dependence or creep. This is being done at present, following 
the assumption that, in this material, creep and plastic components of 
inelastic strain are indistinguishable. The resulting model will be a 
simple one but, since the object is primarily to investigate component 
sensitivity to softening, the simple model will be adhered to as long as 
it suffices. If this route encounters difficulties it is possible, once 
again, to consider a unified, state-variable approach. 

In the course of testing this material, it has become apparent that 
the softening effect has very definite limits of applicability. For 
instance, it is not experienced to any significant extent at the high 
temperatures of 565°C used for most of the program, because creep 
failure occurs rapidly enough for cyclic softening not to have its full 
Affect. In fact, the most dramatic cyclic softening effects have been 
observed in ambient temperature tests where no creep is experienced. 
Secondly, it appears that local high strain concentration tend to cause 
premature failure by fatigue. The window of possible softening failure 
is therefore defined by an upper temperature and a maximum limit on 
strain concentration. It is also apparent that softening effects con
tinue down to strain ranges where macroscopic inelastic strains are not 
observed. There is a need to explore the limits of softening as a prob
lem and present them in a way which is meaningful in material selection 
and design. A method which is being considered at present is a form of 
Ashby mechanism map. Figure 15 s.howa a conceptual form for this prop
osed map. Work still needs to be done to Identify mechanism boundaries. 

The current understanding is that cyclic softening Is likely to 
have its greatest impact in relatively uniformly stressed components, 
such as Yearns in bending, and tubes under pressure, subject to cyclic 
strains approaching the yield range. In practice this probably means 
Inelastic strains caused by thermal gradients. 
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is not too much greater than the elastic strain. To a first 
approximation, therefore, if a Neuber analysis is considered adequate 
for dealing with local inelastic deformation of a strain hardening 
nature, the same form of analysis should be acceptable if the material 
strain softens. 

It can be inferred from the observations described in the previous 
paragraph that local deformations are largely a function of the 
component geometry. If so it should be possible to isolate this 
dependency as a parameter of the component without any reference to the 
detailed material behavior. So far no clear candidate for this purpose 
has been identified but work with simpler structures, such as three-bar 
structures, is being done to develop better understanding.10 

SUMMARY 

Inelastic deformations of a component can be reduced to a small 
number of elastic calculations to produce the peak stress/strain locus 
while the constitutive behavior can be considered as a virtually 
independent problem. Separation of essentially structural behavior from 
material behavior is a considerable simplification which should 
significantly reduce the amount of computation needed when complex con
stitutive relations are involved. More importantly, this separation 
allows predictions to be made for situations where the current knowledge 
of material constitutive behavior has not yet advanced to the state 
where It can be represented in the explicit form required for input to a 
full analysis - as is the case at present with strain softening. 

FUTURE WORK 

As yet, understanding of complex component behavior is a long way 
from complete. However, the simple softening constitutive model will 
allow theoretical Investigation of a range of geometries to be 
performed. From this work It is expected that some general rules will 
be forthcoming. 
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CONCLUSIONS 

1. Cyclic softening has been shown, under some circumstances, to cause 
general loss of component strength, and in others to have onlv local 
effects. This introduces the question of how to select allowable 
design stresses for materials which display this type of behavior. 

2. A simple method, based on the empirical observation that cyclic 
softening is relatively insensitive to anything but number of 
cycles, has been shown to give reasonable predictions of component 
life. 

3. A constitutive model is presented which predicts strain induced 
softening very accurately. This model will ae used to investigate 
the effect of complex component geometry. 

4. Some theoretical studies of complex geometry have shown that local 
softening effects can be dealt with by a modified Neuber type 
analysis. This method has the attribute that complex material and 
geometric effects can be treated separately. 
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Table 1 Chealcal composition of low alloy 
steel used In Investigation 

Component 

C 
Nn 
P 
S 
Cu 
SI 
N1 
Cr 
No 
Sn 
Al 
V 
As 
Sb 
Fe 

0.13 
0.53 
0.003 
0.003 
0.16 
0.25 
0.15 
2.33 
0.96 
0.001 
0.011 
0.01 
0.002 
0.0005 
Remainder 

Table 2 Low frequency creep-fatigue test results on smooth and notched 
bars (tests conducted on Arcweld deadweight creep machines) 

Specimen 
s3fl. "eff Cycles to Time to Hold R 

Type s3fl. Stress Failure Failure Time Ratio 
HPa HPa •f Hours Nln 

S 152 152 1581 1 
S 172 172 476 1 
B 226 169 665 I 
6 226 169 6130 613 5 0 
V 232 166 594 1 
V 232 166 2250 225 5 0 

S » Smooth specimen, B > Brldgman specimen, V » Vee-notch specimen. 
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Table 3 Nomenclature for cyclic softening constitutive Model 
C Hysteresis loop strength coefficient 
C 0 Cutoff value of C for small values of accumulated plastic strain (1068 MPa) 
E Young's Modulus (159 GPa) 
h Strength coefficient Material constart (843 NPa) 
log Common logarithm (base 10) 
M Hysteresis loop strain hardening exponent (0.0905) 
n Strength exponent Material constant (-0.0661) 
N Specific cycle number 
Ac Absolute total strain range 
Ac* Relative total strain range 
Ac Absolute elastic strain range 
Ac* Relative elastic strain range 
Ac Absolute plastic strain range 
Ac* Relative plastic strain range 
Ao Absolute stress range 
to* Relative stress range 
EAC Accumulated plastic strain 
z(|Aeeff|) Accumulated Hlses plastic strain 
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PROTECTIVE COATINGS AND CLADDINGS: APPLICATION/EVALUATION 

N. Gopalsami, 3. A. Ellingson, and R. A. Roberts 

Materials and Components Technology Division 
Argoime National Laboratory 

9700 South Cass Avenue 
Argonne, Illinois 60439 

ABSTRACT 

Nondestructive evaluation (NDE) plays an important role in the 
development of coatings/claddings for heat recovery systems of coal 
gasifiers. It must characterize coating defects and establish a 
relationship between the nature of the defects end observed corrosion 
behavior in typical heat recovery system environments. A review of 
potential NDE methods lias been made with reference to the type of 
coatings in this application. The review focuses, in particular, on 
aluminized, chromized, and simultaneously aluminized/chromized coatings 
which are produced by pack-diffusion processes on low-alloy and carbon 
steels. A candidate NDE technique must ideally be capable of detecting 
fine cracks, inclusions, voids, and Al/Cr concentration profiles. The 
NDE methods reviewed are thermal-wave imaging, scanning acoustic micro
scopy, backscattered surface waves, eddy-current testing and X-ray 
fluorescence. Although each of these methods appears to have appli-
cablity in one respect or the other, we have made an initial selection 
of thermal-wave imaging and backscattered surface-wave techniques for 
experimental investigation. Some preliminary results on these methods 
will be presented. 

INTRODUCTION 

The primary objective of this program is to develop corrosion-
resistant coatings on low-alloy steels for application in downstream 
waste heat recovery systems of coal gasifiers. A further objective is 
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co develop nondestructive evaluation (NDE) methods for inspection of the 
coatings that are developed in this program. The NDE work should play 
an integral iole in formulating the eventual coating specifications. 

The previous work on this program included micros true tural exami
nation of as-received coated materials and the investigation of the 
corrosion behavior of these Materials in two different gaseous environ
ments under both isothermal snd thermal-cycling conditions. One of the 
conclusions/recommendations arising from this work was that methods must 
be developed to characterize coating defects and to establish a rela
tionship between the nature of the defects (e.g., type, size, shape and 
crientation) and the observed corrosion behavior. Consequently, efforts 
in this fiscal year were directed toward development of NDE techniques 
for coatings. 

The NDE pait of this project consists of (i) determining the NDE 
requirements, (ii) reviewing potential NDE techniques in the literature, 
and (iii) testing the performance of delected techniques. The na'jû e 
and size of defects that one must be able to characterize in pack-
diffusion coatings by NDE techniques can be seen from .micrographs of 
coated specimens. Figure 1, for example, shows a cross section of an 
as-received aluminized carbon steel specimen and the corresponding Al 
concentration profile. The presence of discrete Al oxide particles and 
oxide colonies has been observed in the outer Al-rich region of several 
coatings, along with fine cracks extending mainly perpendicularly from 
the surface. 

The above and other microstructural observations suggert that an 
NDE technique for coatings should ideally be capable of detecting fine 
cracks, inclusions, voids, and Al/Cr concentration profiles. The defect 
sizes are on the or^er of tens of micrometers, and therefore require a 
high rpatial resol. w» . >• NDE system must be adaptable to complex 
(particularly tubule. :' « and varying surface conditions (a 
coating surface roughness of up to sevtral tens of micrometers is 
estimated from visual examination). 
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Fig. 1. Cross Section of an As-received Aluninized Carbon Steel 
Specimen Showing Internal Oxide Particles, Acicular (Fe.Al) 
Carbide Phase, and Al Concentration Profile. From Ref. 1. 

RESULTS/ACCOMPLISHMENTS 

NDE techniques that hold promise for the present application are 
reviewed, followed by a discussion of preliminary experimental results 
on a selected technique. 

THERMAL-WAVE IMAGING 

Thermal-wave imaging is receiving increased attention as a tech
nique for NDE of surface and subsurface features of opaque solids. * 
In this technique, an intensity-modulated, finely focused laser or par-
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tide (electron or ion) beam is used to produce a periodic, localized 
heating in the specimen. This periodic localized heating generates 
thermal waves, which propagate from the heated region. In the same way 
as conventional waves are reflected and scattered at discontinuities, 
thermal waves are reflected and scattered by surface and subs jrface 
thermal features. The reflected or scattered thermal waves may be de
tected by a variety of means: optical beam deflection, reflective 
optical bean, deflection, photothermal radiometry, piezoelectric de
tection, sntf gas-cell detection. 

Thermal-wave imaging is capable of mapping surface and subsurface 
features with micron-scale resolution. With a wide range of sources and 
detection methods available, it Is possible to image most types of 
defects. The imaging system can be totally noncontacting and can be 
adapted to complex surfaces. A major limitation of current thermal-wave 
imaging systems appears to be the slow speed of imaging. More theo
retical development is needed to permit quantitative interpretation of 
thermal-wave imaging features. 

SCANNING ACOUSTIC MICROSCOPY 

The scanning acoustic microscope (SAM) is becoming increasingly 
important in materials research because it offers the possibility of 
imaging the structural features of materials with high spatial reso
lution. ' In a reflection-mode SAM, which is appropriate for the 
present application, a transducer on the top of an acoustic lens 
launches a pulsed ultrasonic beam and the lens then focuses this beam 
into a diffraction-limited spot on or below tl.e object surface. The 
geometry of the lens system is such that it generates Rayleigh waves on 
the object surface and the leaky Rayleigh waves carrying the object-
related information are mode converted and reflected back to the same 
lens system. 

A reasonable imaging speed is possible with the SAM (one commercial 
vendor quotes approximately 10 seconds per image). The variation of 
transducer output signal V with respect to the distance z of the object 
surface from the focal plane, called the V(z) curve, may bear some 
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relevance to the coating composition of the outer layer. However, 
features lying deep inside the sample are not imaged with adequate 
sensitivity and resolution. Also, surface roughness and complex shape 
may affect the output voltage because of their varying reflection 
characteristics. 

BACKSCATTERED SURFACE WAVES 

Like the SAM method, the backscattered surface-wave technique 
employs leaky Rayleigh waves for imaging near-surface flaws in ma
terials. A focused transducer produces a pulse of longitudinal waves 
focused at the rater-sample interface at an average angle of incidence 
near the Rayleigh critical angle. A pulse of propagating Rayleigh waves 
is thereby generated in a small volume below the focal spot. The sur
face waves, when incident on a flaw near the focal spot, are reflected 
or backscattered. The backscattered pulse carrying the flaw infor
mation, because of its leaky nature, will be received by the trans
ducer. A delay time-gate is used to image a narrow region/volume near 
the focal spot. 

This method may be well suited for detecting a vertical surface-
breaking crack because of the normal incidence of the waves on the 
crack. It is also suited for fast Imaging of large inclusions and voids 
near the surface. The resolution and sensitivity afforded by this 
method are generally low, compared to SAM or thermal-wave imaging. Sur
face roughness may be a problem since the coupling of energy to surface 
waves will be affected by surface scattering. 

EXPERIMENTAL INVESTIGATION 

Based on the review of potential applicability of the various tech
niques and the availability of experimental facilities, backscattered 
surface waves and thermal-wave imaging were chosen for experimenta
tion. Preliminary experiments on the use of backscattered surface waves 
were conducted with a simultaneously aluainized/chroalzed sample of 
tubular geometry and a 25-MHz focused transducer. A rectangular slot 
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70 §m wide, 8 mm. long, and 800 pa deep at the center was made on the 
sample surface in the transverse direction, and ultrasonic scans were 
made in the axial direv .ion (perpendicular to the slot orientation). 
Distinct surface wave echoes were observed when the ultrasonic beam 
approached the slot as well as the edge of the sample. The peak ampli
tude of the signal from a narrow-time gate set behind the direct back-
scattered signal with a delay of about 1 ps was digitized and mapped 
with respect to x-y movements. Figure 2 gives such a digitized image 
with a resolution of 100 im per pixel; both the slot and the end cf the 
sample are seen clearly. The analysis of the data is continuing in an 
effort to correlate Jther observable image features with the coating 
nonuniformities. 

Fig. 2. Backscattered Surface-Wave Image of a Slot in an Aluminized/ 
Chromized Sample. 

FUTURE PLANS 

Further testing of the backscattered-surface-wave technique will be 
carried out with an emphasis on determining the type and size of coating 
defects that can be imaged. Preliminary experiments, on thermal-wave 
imaging of coated samples will be conducted at outside facility (in 
collaboration with Dr. Doug Rose, U.S. Army Tank-Automotive Command, 
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Warren, NI). In close coordination with coating vendors, coatings with 
well-defined defects will be produced to enable efficient testing of the 
SIDE techniques. 
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DEVELOPMENT OF Fe3Al-BASED ALUMINIDES* 
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J. A. Borton, and J. V. Cathcart 
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ABSTRACT 

Iron aluminides based on Fe3Al possess many attractive properties 
for structural »'8e. However, Halted ductility at aablent teaperatures 
and a sharp drop in strength above 600°C restrict their use as structural 
aaterials. The goal of the present study is to develop Fe3Al-based 
aluainides with optima combinations of strength, ductility, and 
corrosion resistance for use as hot components in advanced fossil energy 
conversion systems. 

Froa a study of the properties of alloys of 24 to 30 at. Z Al, it has 
been determined that the most promising alloy for further development is 
Fe-28 at. Z Al. A discussion of the effect of aluminum concentration on 
mechanical properties is included in this paper. Initially, 0.5 wt Z 
TiBj was added for grain refinement. It has since been determined that 
these precipitates are deleterious to the weldability, and for future 
alloy development they will not be added. Alloy additions, have been shown 
to Improve both the high-temperature strength and room-temperature duc
tility. Results of weldability and tensile and creep tests, as well as 
the present status of oxidation and aqueous corrosion tests, are reported. 

^Research supported by the U.S. Department of Energy, Morgantown 
Energy Technology Center, Surface Gasification Materials Prograa, under 
contract DE-AC05-840R21400 with Martin Marietta Energy Systems, Inc. 
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INTRODUCTION 

The objective of this task is to develop low-cost, low-density inter-
metallic alloys based on Fe3«l with an optimum combination of strength, 
ductility, and corrosion resistance for use as components in advanced 
fossil energy conversion systems. Initial emphasis will be on the devel
opment of iron aluminldes for heat recovery applications in coal gasifica
tion systems. Iron alumiildes near the Fe3«l composition are expected to 
be resistant to corrosion and sulfldation in high-temperature fossil 
energy systems because of their ability to form protective aluminum oxide 
scales. Presently, however, their usefulness is limited by their low 
room-temperature ductility («>1-2Z) and their poor hot strength above 
600 c€. The current efforts of this task focus on developing alloys with 
base compositions near Fe3Al which have improved hot strength and room-
temperature ductility, while retaining the oxidation and corrosion 
properties of the base alloy. 

In previous publications1»2 we have presented results of our prelimi
nary study of the fabricability, microstructures, mechanical properties, 
oxidation and sulfidation properties, and weldabillty of several iron-
aluminum alloys near the Fe3Al composition. Since the completion of that 
work, our program has centered around two technical tasks: (1) a more 
in-depth study of the correlation between aluminum content, mlcrostructure, 
and mechanical properties in binary iron-aluminum alloys of 24 to 
30 at. Z Al; and (2) the effect of macroalloylng «10 at. Z) and micro-
alloying « 1 at. Z) on the metallurgical and mechanical properties of our 
selected base alloy, Fe-28 at. Z Al. This paper describes recent results 
of these two tasks. 

EXPERIMENTAL PROCEDURES 

Alloys with compositions of Fe-24 to 30Z Al, each containing 0.5 wt X 

TIB2 added for grain refinement, were prepared by arc-melting under argon 
and drop-casting into water-cooled copper molds. After homogenizing for 
5 h at 1000°C, the alloys were hot-rolled to a thickness of approximately 
0.9 on, starting at 1000°C and finishing at 650°C. Final warm rolling 
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to approximately 0.76 mm was done at 600°C. All multicoaponent alloys 
were prepared in the saae manner. 

Tensile saaples with a gage section of 0.76 » 3.18 x 12.70 aa were 
punched from the rolled sheet. After a standard heat treatment of 1 h 
at 850°C (for recrystallization) plus 7 d at 500°C (for ordering), tensile 
tests were conducted in air on an Instron testing machine at a strain rate 
of 3.3 x 10~ 3 s" 1. Saaples to be tested at less than 400°C were first 
cleaned and deburred by either electropolishlng or vapor blasting. 

The creep properties of selected iron aluainide alloys were determined 
at a stress of 207 MPa (30 ksi) at 593*C in air. The temperature was moni
tored by a platinua versus platinum-lOZ rhodium thermocouple located at the 
center of the gage section, and the creep elongation was measured using a 
dial gage. 

Specimens were prepared for transmission electron microscopy (TEM) by 
spark discharge machining 3 ma disks from the 0.76 mm tensile samples, 
grinding to a thickness of 0.3 mm, and electropolishlng in one part nitric 
add to four parts methanol in a Struers Tenupol jet polishing unit at 
-28°C. Electron microscopy was performed in a Philips EM430. 

EFFECT OF ALUMINUM CONCENTRATION ON MECHANICAL PROPERTIES 

Figure 1 shows the room-temperature tensile properties as a function 
of aluminum concentration. The 0.2Z yield strength (o v) was highest for 
the 24 to 26Z Al alloys ("750 MPa) and then decreased rapidly to about 
350 MPa for the 30Z Al alloy. This transition from high o y values at 
26Z Al to lower values at 27Z Al coincides with the boundary between the 
a+D03 and D0 3 phase fields (see phase diagram, ref. 3) at •500°C (the tem
perature used for our ordering heat treatment). Previous studies have 
shown that, at this temperature, compositions near 24 to 25Z can be age-
hardened by precipitation of disordered a from the ordered D0 3 phase.1* 
Our heat treatment at 500*C for 7 d was sufficient to cause this reaction 
to occur, as indicated by the presence of the disordered a phase between 
ordered thermal DO3 domains In the TEM micrograph shown in Fig, 2. Dark-

l 

field images using <111> and <002> diffraction vectors show the dark 
regions to be disordered and bright region ordered* The higher strength 
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of these alloys at room teaperature aay therefore be related to the pre
sence of both disordered and ordered phases, i.e., a precipitation-
hardening effect. 
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Fig. 1. Room teaperature yield strength and elongation versus 
coaposition of iron aluainides. 

Fig. 2. A <111> dark-field transmission electron micrograph of 
Fe-24Z Al showing its two-phase nature: bright regions are ordered 
DO3 phase, dark regions are disordered o phase. 
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In teras of dislocation structures, the studies of Stoloff and 
Davies,5 Morgand et al., 6 Saburi et al., 7 and Mendiratta et al. 8 show that 
the 24 to 261 Al composition is in the range where the dislocation mode 
changes from the glide of single l/4a0<lll> dislocations (where a 0 is the 
lattice parameter for the D0 3 structure) associated with the a phase to 
glide of l/4a0<lll> dislocation pairs in the D0 3 superlattice. However, 
any possible fault contrast associated with slip dislocations in the 24 and 
25Z Al saaples of this study were obscured by the saall scale of the 
ordered and disordered regions. The sharp decrease in oy with increasing 
alualnua above 26Z is due to the foraatlon of paired dislocations, i.e., 
superlattice dislocations which glide easily in the ordered D0 3 lattice.9 

(Kir study of dislocation structures as a function of composition is 
continuing. 

Figure 1 also shows that the ductility exhibited a fivefold increase 
froa 1Z at 24Z Al to 5% at 30Z Al. This increased ductility is apparently 
due to the decreased yield stress with increasing alualnua content. Note 
that all the alloys in this study exhibited essentially intergranular 
fracture,10 and this behavior was not affected by the increase in alualnua 
content. 

Figure 3 shows the 0.2Z yield strength as a function jf teaperature 
for several of the coapositions studied. For clarity only the dat~ for the 
24, 28, and 30Z Al alloys are included. The curve for the 25Z Al alloy was 
siailar to the 24Z; the curves of the 26 and 27Z Al alloys were similar to 
those of 28 and 30Z. It has been shown by other researchers that o» near 
the Fe3Al composition increases with teaperature above 300°C to a maximum 
value near 550°C and then decreases sharply. 5 - 7 This teaperature 
corresponds to the second-order phase transformation teaperature between 
the D0 3 and the B2 ordered structures.3 Morgand et al. 6 showed that this 
peak in o v occurs clearly at coapositions froa about 23 to 32Z Al which 
coincides with the coaposition range of the D0 3 phase. This type of yield 
behavior has been observed in aany other ordered systeas including 
Ni3Al (ref. 11), CuZn (ref. 12), Nl3Mn (ref. 13), and FeCo (ref. 5). 
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Fig. 3. Yield stress of iron alumlnides versus test temperature. 

Different mechanisms have been proposed to explain its presence as a func
tion of temperature, including the cross slip aodel proposed by Rear and 
Wilsdorf11* and Takeuchi and Kuramoto15 and a change in dislocation con
figuration with degree of order proposed by Stoloff and Davies. l 6 Hovever, 
none of the proposed Mechanisms appears to be entirely applicable to the 
Fe3Al system. It is seen from this figure that, under the conditions of 
our test, the alloys containing 24 and 25Z Al did not show the same yield 
behavior as was seen for the 26 to 30Z Al alloys. As noted above, Inouye1* 
reported that alloys of 24 and 25% Al are age-hardenable above 400°C due 
to the precipitation of a frcm the ordered D0 3 phase. The higher yield 
strength of these alloys at ambient temperatures is a consequence of that 
age-hardening reaction produced by our ordering heat treatment of 7 d at 
500'C. Inouye also showed that by slow cooling from above 550°C, with no 
aging, the anomalous yield strength peak could be produced at these 
compositions. 

Our data for the 26 to 30Z Al alloys showed the expected anomalous 
yield behavior with a maximum between 550 and 600eC. This composition 
range coincides with the presence of the D0 3 phase field, as evidenced by 
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the phase diagraa. As noted above, slailar maxima, lying at or near the 
critical ordering temperature, have been reported to occur in other 
superlattlces. However, whether this phenomenon is associated with the 
presence of the ordered DO3 lattice is not clear. Our studies have 
Indicated that, even though the DO3 to B2 transformation can be raised to 
higher teaperatures by alloying' with other elements, the anomalous yield 
peak remains near 550° C (ref. 17). It has also been shown that an alloy 
of Fe-35Z Al, which is outside the D0 3 phase field, exhibits some degree 
of anomalous yielding.6 

EFFECTS OF ALLOYING ELEMENTS 

From our study of the properties of Fe-Al binary alloys with com
positions between 24 and 30 at. Z Al (refs. 1,2), we have chosen the 
Fe-28 at. Z Al alloy as our base material for further development. 
Table 1 lists the alloys which are presently being studied. All were pre
pared by conventional arc-melting, drop-casting, and hot-rolling proce
dures, as described above. Only alloy FA-54 containing 2 at. Z Zr and 
1 at. Z Ti 2 experienced difficulty during fabrication. That alloy was 
very brittle and cracked excessively during rolling at temperatures of 
less than 800*C. 

TENSILE PROPERTIES 

Figures 4 and 5 show the room-temperature yield strength and ductility 
for the iron-aluminium alloys tested. The alloy designated FA-37 is the 
base alloy of Fe-28 at. Z Al with 1 at. Z TiB 2 (0.5 wt Z). Compared to 
this alloy, Improvements in room-temperature yield strength were seen in 
alloys FA-56, -80, -82, -59, -66, -79, -60, and -54. Alloys FA-82, -66, 
-79, and -54 reached yield strengths of above 550 HPa, making them com
parable or stronger than modified 9Cr-lMo alloy. In terms of room tem
perature ductility, only alloys FA-73, -77, -72, -78, -81, and -83 showed 
real promise, reaching elongations of more than 7Z. With a different 
heat-treating condition, the elongations of alloys FA-77 and -72 were 
recently pushed to above 10Z. 
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Table. 1. Alloys presently being studied 

Alloy designation TIB2 added* Alloying element 
FA-

37,61 Y,H Base a l loys 
52,53,56 Y.T.Y Ho 
62 N Ho 
69,70 Y.Y Mn 
71 N Mn 
63,64,65 *,Y,Y Cr 
77,72,78 H,N,N Or 
59,66 Y,Y Nb 
79 N Nb 
57,58 Y.Y Ce 
67,68 Y,Y Y 
60 Y B 
54 Y Zr 
55 Y 11 
73,74,75 N,N,N Coabin&tions of 
80 ,81 ,82 b N,R,N the above 
83 H 

aTlB 2 was added to soae alloys as precipitates 
to refine grain size (Y-yes, N-no). 

bAlualnua concentration was varied froa 24 to 
28Z. 

Alloy D«*'9r*atiO" f * 

Fig. 4. Room temperature yield stress of multlcomponent iron-
aluminum alloys. 
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Fig. 5. Room temperature duc t i l i t y of railticomponent iron 
a l l o y s . 

-aluminum 

Figure 6 shows the yield strength for alloys tested at 600°C. Values 
in excess of 300 MPa were seen for all alloys tested, with a maximum of 
516 MPa for alloy FA-66. These strengths are much higher than either the 
modified 9Cr-lMo alloy or type 316 stainless steel. Elongations at this 
temperature were in excess of 30% for all alloys except F/,-62, -74, and 
-75. 
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CREEP PROPERTIES 

Table 2 summarizes the creep results obtained on four alloys. The 
base alloy FA-61 is weak in creep resistance. The creep properties of the 
iron alumlnldes can be improved by alloying additions. The creep proper
ties of FA-73, are comparable to type 304 austenitic stainless steel at 
the same test condition. All the alloys showed excellent ductilities 
(>20Z) iu creep. 

Table 2. Creep properties of 
iron-alualnide alloys3 

Alloy Rupture Creep 
designation life ductility 

FA- (h) (X) 

61 1.6 33.6 

77 3.6 29.2 

81 18.8 64.5 

7 3 57.4 24.9 
aTested at 207 MPa (30 ksl) 

and 593°C in air. 

OXIDATION AND CORROSION STUDIES 
Studies are just beginning of the oxidation resistance of alloys 

FA-72, -79, -81, and -83. These alloys are being tested in air at. tem
peratures of 800 and 1000°C, with weights being taken every 24 h. After 
almost 500 h, all alloys have shown excellent resistance to oxidation, with 
no alloy gaining more than 7 mg/cm 2. Some spalllng of the AI2O3 film has 
been observed from alloy FA-72 containing chromium. However, this problem 
can be corrected easily by alloy additions. This has been corrected in 
alloys FA-81 and -83. Alloy FA-81 appears to exhibit the best oxidation 
resistance « 1 mg/cm 2 at both 600 and 1000°C). 

Several of our original base alloys (Fe-24 to 30% Al) plus alloys 
FA-72, -77, and -78 are presently being tested statically in distilled 
water. These samples were given a recrystallization heat treatment of 1 h 
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at 800°C followed by polishing with 320 grit emery paper to reaove any 
surface flaws. To date the Fe-Al base alloys have survived 6 souths 
without measurable weight gain (weight changes are Measurable to 
±0.00005 g) and still show the original shiny polished surface. The ter
nary alloys being tested in this aanner have also shown no weight change 
and remain shiny after 3 wraths. 

WELDABILITY 

Table 3 lists some of the alloys.whose weldability has so far been 
studied. After testing several of the Fe-Al base alloys (alloys FA-36 
through -41) using both electron beaa (EB) and gas tungsten arc (GTA) 
welding, it has been determined that the TiB 2 dispersion, which was 
originally added for grain refinement, is deleterious to the weldability, 
producing hot cracks along the fusion line (Fig. 7). Most of the ternary 
and quaternary alloys tested also experienced cracking when TiB 2 was pre
sent, but nc cracking otherwise. Note that FA-66 showed no cracks during 
both EB and GTA welding, indicating that niobium is beneficial to the 
weldability of iron aluminides, even in the presence of T1B2. 

Table 3. Weldability of 
iron aluminides 

Alloy Weldability8 

designation 
FA- EB GTA 

39 C C 
41 C C 
61 NC NC 
64 NC C 
66 NC NC 
69 NC C 
72 NC NC 
79 NC NC 

a C - Cracked. 
NC - No cracking. 
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Fig. 7. Effect of the addition of T1B2 on the electron-beam voidability of iron alualnldas 
) Hot cracking along the fusion line with addition of TiB2. (b) No cracking when T1B2 la 
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CONCLUSIONS 

Froa the studies conducted so far, the following conclusions can be 
drawn: 

1. Using the heat treataent described above, alloys of 24 to 26Z Al 
exhibit a o„ at rooa temperature which is such higher than alloys of 
27 to 30Z Al. This higher o y is the result of age-hardening by precipita
tion of disordered a phase in alloys of 24 and 25Z Al. The higher 
strength of the 26Z Al alloy is believed to be related to the low •obility 
of dislocations in the alloy. The sharp decrease in o v above 26Z Al can 
be correlated with the formation of paired superlattice dislocations which 
glide easily in the ordered DO3 lattice.9 The Increased ductility with 
aluminum content is apparently due to the decreased o v. 

2. The yield strength increases with temperature above 300°C, 
reaching a maximum around 550 to 600°C, then decreases sharply. This 
anomalous peak is characteristic of many ordered systems and the reasons 
for its occurrence in Fe3Al are still not fully understood. Its presence 
in iron aluminides occurs near the DO3 to B2 transformation temperature, 
but it is still not clear whether it is associated with this 
transformation. 

3. Minor additions of certain elements have been shown to improve 
properties of iron aluminides. 

4. The addition of TiB 2, initially added for grain refinement, is 
deleterious co the weldability. 

5. Iron aluminides have excellent oxidation properties. The testing 
of alloys at temperatures to 1000°C reveals no serious problems due to the 
addition of these elements. Also, static aqueous ccrroslon tests of 
annealed samples indicate that these alloys are highly resistant to corro
sion in atmospheres with high moisture content. 
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ABSTRACT 

The veldability of four Ni^l-St Cr alloys (IC-218, IC-221, and two 
low-Zr modifications) was investigated. Solidification segregation 
during base metal production decreases weldabillty by creating low-
melting regions susceptible to hot cracking during welding. Extrusion, 
hot rolling, and annealing homogenize the base metal nlcrostrueture, 
solving this problem. Veldability was evaluated with the GTAW process 
and HAZ simulation (Gleeble tes ing) as a function of Zr content, 
preheat temperature, and weld travel speed. Weld cracking occurred in 
the fusion zone; no cracks originated in base material or HAZ. Cracking 
increased with Zr content at low Zr levels, increased with welding 
speed, and decreased with preheat. At higher Zr levels, hot cracking, 
possibly due to a Zr-Ni eutectic, was severe. An interdendritic phase 
present at higher welding speeds, apparently 0', is strongly enriched in 
Zr. 

INTRODUCTION 

Advanced i,luminides have substantial potential as high'temperature, 
high-strength materials. Thii. is a result of the intrinsically good 
high temperature mechanical properties of ordered Internetallic 
compounds, the oxidation resistance provided by a high aluminum concent, 
and alloy development work leading to the economical production of 
boron-modified, relatively ductile polycrystalline alloys.! 

Applications for these materials will be very limited, however, 
unless practical methods of joining them are found. The objectives of 
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the present INEL task are to define the weldability problems Halting 
the use of the most recently developed ductile aluainldes in welded 
structures, and to develop joining processes to solve these probleas. 
This requires a basic understanding of their Metallurgy under welding 
conditions. Major areas of work include: (a) the characterization of 
the welding Metallurgy of wrought NI3AI and Modified OBML advanced 
alloys; (b) scoping studies on die weldability of rapidly solidified 
alueinldes produced in the concurrent consolidation task; (c) studies of 
microstructural and residual stress effects on weldability and 
Mechanical properties in heavy section aluainide weldMents; and (d) the 
investigation of criteria for the developMent of advanced aluMinide 
filler Materials. 

BACKGROUND 

Previous weldability work a. ORNL in conjunction with alloy 
developMent activities indicates that the advanced aluainides are 
sensitive to various kinds of weld cracking. Early work on IU3AI and 
nickel-iron aluainides? established that (a) an InterMediate boron 
content of approximately 200 ppm was a good coMpronise between base 
netal ductility, requiring high B concentrations, and fusion zone hot 
cracking, which was exacerbated by high B contents; (b) weld cracking 
was a strong function of welding speed; (c) second phases, notably 
fusion zone interdentritic and HAZ intergranular 0' (a aartensitic 
transformation of the NiAl ft phase), are formed by solute partitioning 
under solidification segregation or HAZ thermal cycles; and (d) most 
weld cracking was seen in the HAZ rather than the fusion zone. Further 
work 3 suggested that iron additions improve weldability over the NI3AI, 
and that the $' phase did not seea to cause HAZ cracking. A more 
comprehensive paper on the weldability of the nickel-iron aluainides* 
(alloys IC-25 and IC-103) showed that boron degrades high temperature 
ductility by weakening HAZ grain boundaries, the opposite of its effect 
at room temperature, and again that cracking depends on welding speed. 
Kore recent work5 on IC-50, a Hf-containing alloy based on IU3AI, shows 
that Hf additions improve weldability, although Hf also solid solution 
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strengthens the matrix and strongly segregates in solidification, 
forming a eutectic with Ni, both of which were suggested as a cause of 
weld cracking in thin cast sheet material. 

While these welding studies on the Fe- and Hf-containing aluminides 
were underway, alloy developaent had progressed to the point that the 
aost promising alloys6 were the 8 wt.% chroaiua alloys IC-218 and IC-
221, containing 0.9 and 1.8 wt.% Zr, respectively; the Zr was added for 
high teaperature strength and creep resistance. Like iron, Cr replaces 
both Hi and Al atoas in the ordered lattice,' produces an order-disorder 
transition in the Baterial at 900-1000'C, and, as in stainless steels, 
aight be expected to iaprove oxidation resistance. 

Initial weldability studies on these aaterials using the Sigaajig8 

showed fusion zone cracking, and suggested not only that the higher-Zr 
IC-221 was more crack resistant than the IC-218, but that the surface 
condition of the aaterial aade a difference in its crack resistance: 
after the repeated annealing cycles involved in cold rolling the 
aaterial to its sheet fora, a dark adherent oxide foraed; when cleaned 
electrochealcally, the aaterial showed a drastic increase in strength. 
The aaount of Baterial involved in a surface oxide, perhaps of the order 
of te.ts of nanometers in thickness, would not appear to be enough to 
affect bulk properties, even in the relatively thin (-1 mm) Baterial 
used here. Conclusions as to the weldability effects of Zr, such as 
whether there is an optimal amount, as with boron, reaained to be drawn. 

Most recently, further base material studies' have shown that even 
the 0.9 wt.% Zr level might be excessive. The solubility of Zr in the 
ordered lattice is about 6 at.%, while in the disordered 7 phase it is 
only about 0.3 at.%. This Beans that as the lattice disorders with 
increasing temperature, the Zr is rejected by the growing regions of 
disordered 7, eventually resulting in compositions allowing incipient 
melting at about 1200*C, leading to a loss of high teaperature strength. 
The apparent solution is to work with Zr levels less than about 
0,3 wt.%, and to add an as-yet undetermined other element to recover 
some of the high temperature strength and creep resistance. 
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EXPERIMENTAL 

MATERIALS 

The only compositional difference between IC-218 and IC-221 is the 
Zr level, yet preliminary welding studies suggested a weldability 
difference.' The weldability effects of zirconium were therefore chosen 
for study. In addition to IC-218 at 0.9 wt.% Zr and IC 221 at 1.8 wt.% 
Zr, zero and 0.3 wt.t alloys were obtained, so that a range of Zr levels 
could be examined. 

Alloys were produced by Cabot Corporation by vacuum induction 
melting and electroslag remelting. Compositions of the modified IC-218 
heats are shown in Table 1; an M3AI+B heat was also produced. It had 
been intended to slice the 4 in. (10 cm) diameter Ingots into discs and 
reduce them to welding study shapes by hot or cold rolling. As shown in 
Figure 1(a), however, there was a substantial amount of segregation and 
cracking present, suggesting that such a breakdown would not be 
possible. The alloys were therefore returned to 0RNL where they were 

TABLE 1. Modified Reduced-Zr IC-218 Study Alloy Compositions 

Z*ro Zr 
vt.» 6 « t , f wt.t fft.l 

Ni 84.18 75.25 83.71 74.72 
Al 8.69 16.97 8.69 16.95 
Cr 7.67 7.78 8.08 8.18 
Zr <0.01 <0.01 0.25 0.14 
B 0.025 0.12 0.022 0.105 
C 0.006 0.026 0.014 0.061 
N 0.001 0.004 0.001 0.004 
0 0.002 0.007 0.002 0.007 

s <0.002 <0.002 <0.002 <0.002 
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100 urn 100 jim 

Figure 1. Modified IC-218, Cabot Heat 870, 0.251 Zr. (a) VIM/ESR i. got 
as received; (b) after hot extrusion; (c) after 50% cold 
rolling; (d) after 1100*C/1 h heat treatment, the baseline 
condition for welding studies. 
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canned in stainless steel and hot extruded at 1000" C to a 1 x 3 in. 
rectangular cross section. These rectangular shapes were then hot 
rolled 50% in one pass. The low-Zr alloys hot rolled more successfully 
than similar IC-218/221 compositions, and. as expected, the Ni3Al+B 
compositions were not hot workable. Tensile results indicate that the 
high temperature strength and ductility of the 0.25% Zr material are 
comparable to, or exceed, those of IC-218.*u 

Although hot extrusion and rolling successively refined the 
microstructures, the material was still not completely recrystallized 
and showed substantial segregation from the original ESR ingot 
(Fig. 1(b) and (c)). Welds in this material suffered from apparent 
liquation cracking in the HXZ, which propagated through the fusion zone 
(Fig. 2(a)). Gleeble tests of this material exhibited zero ductility at 
1000'C. Annealing studies showed that 1 h at 1100'C produced a 
completely recrystallized microstructure with a grain size of 40-50 /im, 
as shown in Figure 1(d); Gleeble tests under the same conditions showed 
substantial ductility. Velds in this material showed fusion zone 
cracking under some circumstances, but the cracks did not propagate into 
the base material (Fig. 2(b)). This thermal cycle was chosen as the 
baseline pretreatment for the modified IC-218 alloys. 

GTA WELDING 

The heat-treated, hot-rolled 0 and 0.25% Zr material was sliced into 
wafers approximately 12 x 80 mm, including the stainless steel cladding, 
by about 3 mm thick. GTA welds under argon shielding were made 
according to the parameters in Table 2. Current was increased along 
with travel speed to produce welds of approximately the same melted 
cross sectional area. Each weld was approximately 50 mm long. The 
coupons were welded on a large copper heat sink to maintain the preheat 
temperature, with the copper block and specimen equilibrated before 
welding. Ambient (20*C) and 200*C preheats were used. Similar welding 
conditions, though at somewhat higher heat inputs, were used for welds 
in powder metallurgy IC-218 (0.9% Zr) and IC-221 (1.8% Zr). 

Figure 3 shows cracked (20 in./min) and uncracked (2 in./""In) welds 
in 0.25% Zr modified IC-218 material. Cracking was quantified by 



0.5 mm 
Figure 2. Velds in 0.25% Zr modified IC-218 al"oy; (a) as-rolled, 

showing HAZ liquation cracks extending into the fusion zone; 
(b) after 1100'C/l h heat treatment, showing lack of HAZ 
cracking and arrest of fusion zone cracks at the fusion line, 

o 



1 mm 

Figure 3. GTA welds in 0.25% Zr modified IC-218 alloy: (a) 20 in./min 
travel speed, shoving ext*naive cracking; (b) 10 in./tain, 
showing reduced cracking; (c) 2 in./min, showing no cracking. 
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TABLE 2. GTA Welding Parameters 

Travel Speed Preheat temperature Current 
in,/win !£ (A) 

2 20 40 
2 200 40 

10 20 100 
10 200 100 

20 20 130 
20 200 130 

measuring total crack length on a photomicrograph (at approximately 2Ox) 
of a polished and etched weld top surface, and dividing by the apparent 
weld surface area. Multiplying the result by 100 produced a low integer 
cracking index number ranging from 0 (no cracking) to about 11 in the 
worst cases observed. This cracking index is nonstandard but useful for 
comparison among materials and welding parameters. 

In addition to standard optical metallography, TEH specimens were 
taken from those welds where the cracking was not so severe as to 
prevent the extraction of a whole foil. Since cracking appeared to be 
confined to the fusion zone, most TEM work was done in this area. The 
amount of Interdendritic phase apparently varied with Zr content; in the 
1.8% Zr IC-221 material, the large amount of this phase produced holes 
during electropolishing, and no foils were obtained. 

RESULTS 

CRACKING 

Figure 4 summarizes the cracking indices for three welding speeds, 
two preheats, and two Zr levels. It is apparent that at very slow 
welding speeds none of the alloys cracked; at higher welding speeds the 
0.25% Zr material showed much more cracking than the 0% Zr material, 
though in both cases the amount of cracking was reduced by preheating at 
200*C. 

The nature of the cracking is not obvious. As seen in Figure 2, HAZ 
liquation cracking can extend into the fusion zor»; this is a result of 
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Weld travel speed (inimin) 
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7-1371 

Figure 4. Cracking indices for CTA welds in modified IC-218 alloys as 
functions of weld travel speed, Zr content, and preheat. 

insufficiently homogenized base material. Figure 5 shows the surface of 
a fusion zone crack in IC-218 (0.9% Zr); the surface has the almost 
classical melted appearance of a hot crack, with extremely weak bonding 
between the dendrites, which have broken off as the crack widened. It 
is highly enriched in Zr (about 7%), suggesting that low-melting 
eutectics with Ni may be responsible. The cracks in Figure 3 lie 
between dendrites when seen in plan view, suggesting that they are 
either hot cracks due to segregation or form in the solid state at weak 
interdendritic boundaries. Their propagation through the weld metal, 
however, tends to follow grain boundaries but cross prior interdendritic 
boundaries, suggesting that grain boundary weakness normal to the 
residual tensile stresses in the solidified material dominates any 
interdendritic fracture paths. The cracks may also be due to a 
combination of mechanisms, for example, a hot crack which concentrates 
stress along a weak boundary, allowing further crack extension in the 
solid state. These crack surfaces are presently being examined. 
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Figure 5. Surface of fusion zone crack in IC-218 alloy, showing surface 
appearance typical of a hot crack. 

MICROSTRUCTURE 

Fusion Zone 

The fusion zones of all welds showed a dendritic microstructure; the 
fusion zones of the slower welds, particularly in the 0% Zr material, 
were recrystallized, but a dendritic pattern was still recognizable. An 
interdendritic phase was present in the IC-218 (0.9% Zr) and in welds in 
the 0.25% Zr material made at 10 in./min and above. The appearance and 
distribution of this phase (Figures 6 and 7) suggest that it is similar 
to the fi' phase seen in nickel-iron aluminides in previous work.2,4 in 
the nickel-iron aluminides, the 0' phase was found to be depleted in Ni 
and Fe, and enriched in Al and Mn. STEM analysis of this phase in the 
IC-218 alloy, however, shows that it has a very high Zr content, as much 
as 30%. This large proportion of a high-Z element precluded accurate X-
ray energy dispersive spectroscopy, and hence accurate chemical 
analysis, particularly of the low-Z Al. 

As expected,11 the relatively rapid cooling associated with welding 
quenched in an antiphase domain structure smaller than the grain size. 
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Figure 6. IC-218 GTA veld interdendritlc second phase. 

0.2/im 

Figure 7. Second phase in 0.25% Zr GTA weld, 10 in./min. 
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As seen in Figure 8, the size of these domains increases with decreasing 
cooling rate, whether the result of preheat or of welding speed. 
Figure 9 shows the difference in domain size near the center of the 
dendrite core for two welding speeds. Figure 10 illustrates the 
observation that, in general, the domains at the interdendritic 
boundaries are several times the size of those sway from the boundary. 
As in nickel-iron aluminides, the regions separating the domains are 
distinct volumes of disordered material, sometimes containing very small 
ordered regions, rather than planar APB's. 

Heat-Affected Zone 

Figure 11 shows a transverse section through a weld in IC-218 
material produced via powder metallurgy. There is evidence of a second 
phase at grain boundaries in the HAZ, apparently analogous to the /?' 
precipitate seen in iron-nickel aluminides.* There is little or no 
evidence of this phase in the 0 and 0.25% Zr welds, which were, however, 
made in ingot metallurgy material at somewhat lower heat inputs. 

0.2 

fcE I * 88 
6 in 
1 c £ * c E 
« O 

0.1 

i—i—I—I—r 

200*C preheat 
' No preheat 

No preheat f 

J I I L__L 
6 

Weld speed ipm 
12 

7-14M 
Figure 8. Antiphase domain size (average center-to-center distance) in 

0.25% Zr modified IC-218 alloy. 
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Antiphase domain size in 0.25% Zr modified IC-218 alloy: (a) 
welded at 10 in./min; (b) welded at 2 in./min 
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Figure 11. Transverse section of GTA weld in IC-218 powder metallurgy 
material. 

As mentioned previously, Che HAZ did not seem susceptible Co 
cracking, whecher or not associated with a second phase; fusion zone 
cracks were generally arrested near the fusion line, 

DISCUSSION 

BASE METAL 

It is evident that zirconium is segregated severely in ingot 
solidification of the aluminides, and possesses several low-melting 
eutectics with Ni which could be responsible for hot cracking. Even the 
severe deformation involved in hot extrusion and rolling preserved 
evidence of Che ingot solidification structure, which, when incorporated 
into a weld heat-affected zone, showed low-melting zones which nucleated 
cracks in fusion zone and base matetial. A 1-h anneal at 1100'C was 
required to completely recrystallize the material, and may also have 
served to homogenize it chemically. The lower Zr levels of the study 
heats prepared for this weldabillty work do seem, however, to improve 
Che hoc workabilicy over Che IC-218/221 materials. While extra 
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processing steps in the breakdown of a material are expensive, in an 
intrinsically crack sensitive material like the aluminides, such base 
material processing steps may be crucial for resisting the inevitable 
thermal and residual stresses encountered in welding. Anticipated work 
in the weldability of powder metallurgy versions of these same alloys 
should clarify the benefits of this alloy production route. 

FUSION ZONE MICROSTRUCTURE 

In some ways, the fusion zone microstructure observed in the IC-218-
type alloys is a hybrid of those seen in nickel-iron aluminides on the 
one hand (e.g., IC-103),4 and the Hf-containing IC-50 on the other.5 

Like the nickel-iron aluminides, there is an order-disorder phase change 
at elevated temperatures, solidification segregation appears to promote 
the formation of fi and fj' interdendritically, and a /?-/?' precipicate can 
appear on HAZ grain boundaries under appropriate thermal conditions. 
Like Hf in IC-50, the Zr strongly segregates to the interdendritic 
spaces during solidification, and may influence the ordering reactions, 
depending on concentration. The unique features of the IC-218 system 
include the large Zr enrichment of the $' phase, the apparent resistance 
to heat-affected zone cracking relative to that seen in the nickel-iron 
aluminides, and the apparently detrimental effects of Zr, whereas Hf 
appears to improve the weldability of IC-50 over that of straight Ni3Al. 

The change in antiphase domain size was expected from previous 
work.2.11 It appears that solidification is complete before ordering 
occurs, and that cooling rates in the solid state are essentially the 
same across the very small distances separating different domain size 
regions. Microcheraical analysis is as yet incomplete in the present 
work, but it is anticipated that chemical segregation will prove Co be 
responsible, by affecting the ordering temperature and hence domain 
size. 

FUSION ZONE CRACKING 

Fusion zone cracking, as summarized in Figure 4, appears to depend 
on interdendritic fracture, whether by hot or cold cracking, or a 
combination of the two. There are several factors contributing to 
cracking that are affected by welding parameters, including: (a) thermal 
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and residual stresses before and after welding; (b) the degree of 
segregation of both major and minor alloying elements during 
solidification; (c) the degree of homogenization after solidification, 
including recrystallization and the possible dissolution of second 
phases, and (d) the antiphase domain size, to the extent the APBs act 
like grain boundaries in Hall-Petch strengthening. For example, the 
presence of the fi' interdendritic phase may contribute to fusion zone 
cracking by forming an inc/nerent or otherwise crack-sensitive network; 
this would explain why there was no cracking in the 2 in./min welds, 
where the fi' phase was dissolved, if the nearer-equilibrium 
solidification conditions ever allowed it to form. Or, rather than the 
fi' itself, excessive solid solution strengthening and a resulting crack 
sensitivity might result from solidification segregation of 
strengthening alloying elements such as Hf and Zr. On the other hand, 
the slower welding speed also means lower thermal gradients during 
welding and lower residual stresses afterwards, which could also be 
expected to reduce cracking. While tto antiphase domain size shrinks 
with welding speed, fusion zone mechanics appear to be so influenced by 
grain and dendrite boundaries that this potential high cooling rate 
strengthening mechanism does not have a chance to operate. 

CONCLUSIONS 

1. Fusion zone hot cracking, sometimes propagating into the base 
metal, occurs in IC-218 and IC-221 »r Zr levels of 0.9 and 1.8 %. 
The strong solidification segregation of Zr, its presence on the 
crack surfaces, and its low-melting eutectics with Ni suggest that 
it may be responsible. 

2. Veld cracking in reduced-Zr versions of IC-218 occurs in the fusion 
zone, interdendritically, although the nature of this cracking (hot 
cracks, or solid state cracks along weak boundaries) is still under 
investigation. The quantity of weld cracking increases wich weld 
travel speed; no cracks occurred at the slowest speed of 2 ln./mln. 
Cracking increases with Zr content between 0 and 0.25% Zr, and 
decreases with preheat between ambient and 200°C. 
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3. In both standard and Modified low-Zr materials, an interdendritic 
phase siailar to the 0' seen in the nickel-iron aluainides is 
present, but it is highly enriched in Zr. This phase is absent in 
very slov GTA velds (2 in./ain), probably due to solidification 
closer to equilibrium and chemical homogenization during slov 
cooling. 
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HEPL-2 - INVESTIGATION OF ELECTRO-SPARK DEPOSITED C0ATIN6 FOR 
PROTECTION OF MATERIALS IN SULFIDIZING ATMOSPHERES 

R. N. Johnson 

Westinghouse Hanford Company 
P. 0. Box 1970 

Richland, UA 99352 

INTRODUCTION 

The objective of this program is to develop candidate coatings, using 
the electro-spark deposition-(ESD) process, for the protection of materials 
in sulfidizing atmospheres typical of fossil energy applications. Coatings 
of interest include FeCrAlY, NiCrAlY, chromium, aluminum, niobium, chromium 
carbide, and titanium diboride. Materials to be protected include low alloy 
steels, Alloy 800, Type 310 stainless steel and Hastelloy C * 

Background 

Electro-spark deposition is a micro-welding process that uses short-
duration, high-current electrical pulses to deposit or alloy an electrode 
material on a metallic substrate. The coating is fused (metallurgically 
bonded) to the substrate with such a low total heat input that the bulk 
substrate material remains at or near ambient temperature. Rapid solidi
fication of the deposit typically results in an extremely fine-grained 
deposit that may be amorphous for some materials. The microstructures 
produced by ESD can provide exceptional corrosion- and wear-resistance for 
many materials. Nearly any electrically conductive metal, alloy, or cermet 
can be applied to metallic substrates. 

Further background information on the ESD process is provided in the AR 
& TD Fossil Energy Materials Program Quarterly Progress Report for the Period 

•Trademark, Cabot Corp., Kokomo, IN. 
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July 1 through September 30, 1985. WBS Element HEDL 6.1. and in References 1 
and 2. 

DISCUSSION OF CURRENT ACTIVITIES 

Two series of ESD coated test specimens Mere completed and sent to ANL 
for corrosion testing. The first series consisted of chromium carbide on 
Type 310 SS prepared at the request of ANL for additional corrosion tests. 
The second series included pure chromium coatings on Type 310 SS utilizing 
recently developed deposition parameters. 

Corrosion tests were performed by ANL using thermo-gravimetric analysis 
at 650*C and 875"C in four different environments, consisting of high and low 
oxygen, and high and low sulfur gases. (Further details are provided in 
Ref. 3.) 

The corrosion rates of the chromium carbide coatings and the chromium 
coatings on 310 SS were compared to that of bare 310 SS. The chromium 
carbide exhibited the lowest corrosion rate in both high sulfur and low 
sulfur environments, with intermediate protection provided by the chromium 
coating. Similar trends were observed in high temperature air, although 
differences were not as marked. Hardness measurements showed that the 
initially hard surface layers of chromium carbide retained their hardness 
after all the oxidation and sulfidation tests, which should be of benefit 
under corrosion-erosion conditions. 

Another version of the ESQ chromium carbide coating has been developed 
which should offer further improvement in oxidation and sulfidation resis
tance. The composition of the chromium carbide electrode now used is 0 ^ 2 -
15X Ni. The nickel makes an excellent binder for the Cr3C2 and increases the 
efficiency of transfer in the ESD process, but the Ni may be susceptible to 
attack in sulfidizing environments. By further modifying the chromium 
carbide coating with another ESD treatment using aluminum to alloy with the 
nickel, a more corrosion resistant surface of chromium carbide plus nickel 
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aluminide is created. Tests have shown that the Al-modified chromium carbide 
coating is consistently harder, has a lower corrosion- and wear-rate in both 
sodium and H2O, and exhibits better tribological performance than the 
untreated chromium carbide. Specimens of the new coating applied to 2JCr-$Mo 
steel have been submitted for oxidation and sulfidation tests at ANL. 

ESD coating parameters have been developed for applying niobium to 2JCr-
JMo steel. The niobium is being used as a diffusion barrier between the 
substrate and a variety of other corrosion resistant coatings being 
developed. During attempts to file down some of the initial trial coatings, 
we discovered that the niobium coating was too hard to file. Subsequent 
measurements indicated that the niobium coating had alloyed sufficiently with 
the 2JCr-$Mo steel to produce a niobium-base intermetallic with an average 
hardness of nearly 1500 Knoop, with some readings over 2000 Knoop. (This 
compares with a normal hardness for pure niobium of about 200 Knoop.) When a 
chromium coating was applied over the niobium, the hardness of the resulting 
alloy increased to over 2300 Knoop. Coatings of niobium and niobium plus 
chromium on 2JCr-JMo steel are being prepared for further ANL testing. 
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INVESTIGATION OF THE WELDABILITY OF DUCTILE ALUMINIOES 

M.C. Maguire*. G.R. Edwards*, and S.A. Davidf 

•Center for Welding Research 
Colorado School of Mines 
Golden, Colorado 80401 

fMaterials Joining Group 
Metals and Ceramics Division 
Oak Ridge National Laboratory 

Oak Ridge, TN 37831 

ABSTRACT 

Ni3Al and alloys based on that composition possess desirable 
high temperature strength properties. The recent advances in 
imparting ductility to these alloys by microalloying with boron is not 
effective at high temperatures, where these alloys fracture in a 
brittle, intergranular ashion. Consequently, welds made with these 
alloys are subject to heat-affected zone (HAZ) cracking. This worV 
concerns the improvement of weldability and hot ductility of these 
alloys through microstructural refinement of the grain structure, am' 
further refinement by production of an antiphase domain structure. 

INTRODUCTION 

Some intermetallic compounds and long range ordered phases such 
as Ni3Al possess unique properties which make them attractive for 
high temperature use. Alloys based on this composition represent not 
only a reduction of strategic materials consumption, but potentially 
improved mechanical properties. Single crystals of Ni3Al show 
unusual positive flow strength dependence on temperature up to about 
700*C. Yield strengths near 700*C have been observed to increase by a 
factor of seven with respect to room temperature values*. 
Exploiting this behavior in polycrystalline alloys was generally 
thought to be impossible owing to grain boundary fracture which 
produced near-zero ductility at all temperatures, even though single 
crystals showed good ductility at room temperature. Recent 
discoveries of the beneficial effect of boron microalloying additions, 
however, have rekindled the interest in Ni3Al as a structural 
material^.3. The additiot of a few hundred ppm of boron has 
resulted in the fabrication of Ni3Al and alloys based on N13AI 
without the intergranular fracture seen in earlier polycrystalline 
alloys. 

The usefulness of any structural material is strongly dependent 
on its ability to be joined. Initial weldability studies on Ni3Al 
alloys showed that they were susceptible to heat-affected zone (HAZ) 
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cracking. The cracking was intergranular and occurred transverse to 
the welding direction. Subsequent alloy modifications have improved 
the weldability of these alloys, but a fundamental understanding of 
the mechanism responsible for cracking and the means to reduce this 
problem is still lacking. The goal of this project is to improve the 
understanding of the factors affecting the weldability and 
fabricability of ductile aluminides. The alloys of particular 
interest here are Hi-Al-Cr alloys with other minor alloy additions. 

TECHNICAL APPROACH 

The overall goal of this investigation is to obtain a basic 
understanding of the factors which affect the weldability of Hi-Cr 
aluminides. Although many alloys are under development, it is clear 
that a fundamental understanding of the micrcstructural and mechanical 
properties which affect weldability is not complete. It is believed 
that improving the hot ductility is essential to improving the 
weldability of these alloys. 

ISITIAL STUDY 

The initial work in this area was aimed at investigating the 
grain size effect on hot ductility of one alloy, designated IC-50. 
The composition of IC-SO (and that of other alloys to be discussed 
later) is shown in Table 1. 

TABLE 1. Alloy Compositions (.atonic percent) 

Al 
Alloy Designation Al 

23.5 

Cr Hf 

0.5 

B Hi 

Bal. 

Equivalent 

IC-50 

Al 

23.5 

Cr Hf 

0.5 0.10 

Hi 

Bal. 24.0 
IC-50-1 21.4 2.0 0.5 0.10 Bal. 22.9 
IC-50-2 20.5 5.0 0.5 0.10 Bal. 23.5 
IC-50-3 19.6 8.0 0.5 0.10 Bal. 24.1 
IC-50-4 19.0 10.0 0.5 0.10 Bal. 24.5 
IC-50-5 21.0 2.0 0.5 0.10 Bal. 22.5 
IC-50-6 20.0 4.0 0.5 0.10 Bal. 22.5 
IC-50-7 19.0 6.0 0.5 0.10 Bal. 22.5 
IC-50-8 18.0 8.0 0.5 0.10 Bal. 22.5 

This study was conuucted in parallel on material prepared by two 
different means: (1) conventionally cast, cold-worked, and annealed, 
and (2) rapidly solidified powder which was subsequently hot extruded 
to 3 powder compact. Samples from both materials were annealed to 
produce varying grain sizes. Two grain sizes were chosen for each 
material, shown in Table 2. 
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TABLP 2. Grain Sizes of IC-50 Investigated 

Cast/Coid Worked Hot Extruded Powder Compact 

22 ym. Annealed 2 hours at 700'C 11 jim. As-received 

66 jim, Annealed 1 hour at 900*C 52 wm. Annealed 20 hours 
at 1100'C 

Details of the grain size investigation are discussed 
elsewhere4, but the results of the investigation are significant. 
The hot ductility test records the ductility of a sample undergoing 
simulated welding conditions when fractured at various temperatures 
along the HAZ thermal cycle. In materials which are prone to HAZ 
cracking, increasing the hot ductility will lessee Ine tendency for 
cracking. The results of the hot ductility tests are shown in Figs. 1 
and 2. The grain size proved to be effective in increasing ductility 
in the fine-grained PM IC-50, indicating that grain sizes need to be 
less than 20 ym. A small amount of ductility increase was seen in 
the fine-grained cast material at 1000*0, but this was due to a 
dynamic recrystallization occurring during the test. The result of 
the recrystallization was a local reduction in grain size over a 
narrow region of the gage length, which was suspected to be the cause 
of the ductility increase. 

40 

30 

5 '° 

10 

POWDER METALLURGY IC'50 
O M I ^ m GRAIN DIAMETER 
A =52^m GRAIN 0IAMETER 

200 400 600 800 

TEST TEMPERATURE CO 

1000 1200 

Fig. 1. Hot ductility of powder metallurgy IC 50 for the two 
grain sizes indicated. 
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400 600 800 
TEST TEMPERATURE PC) 

Fig. 2 Hot ductility results for cast IC-50 for the two grain 
sizes indicated. 

CURRENT INVESTIGATION 

Refining the grain size was shown to be effective in improving 
the hot ductility of the IC-50 alloy in the high temperature region. 
However, by conventional thermonechanical processing, the grain size 
could not be reduced to less than 20 urn. One would suspect that 
further microstructural refinement would be beneficial in improving 
ductility. This can be accomplished in ordered structures by the 
formation of an antiphase domain boundary (APB) network. The APBs 
separate regions within a single crystal which are out of phase with 
each other with respect to the ordering sequence. APBs can originate 
by either thermal or mechanical means. Pour different ordering 
variants exist in the LI2 crystal structure, which gives rise to the 
formation of the so-called "foam" network often associated with 
thermal domains in the LI2 structure. Mechanical APBs exist in the 
ribbon of material which separates superpartial dislocations. 
Mechanistically, the spacing between superpartials is balanced by the 
same forces which dictate Shockley partial spacing in regular PCC 
alloys. These APBs are important to the motion of dislocation pairs 
in ordered structures, but are not useful for microbtructural 
refinement. 

Thermal domains, which form from thermally cycling above the 
ordering temperature and cooling quickly, provide barriers to slip. 
For a dislocation to cut an APB, it must create a new portion of APB -
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a process Which requires energy and is consequently resisted. 
Stoichiometric H3AI has an ordering temperature above its melting 
temperature, so that forming thermal domains from a disordered solid 
is not possible. However, by perturbing the stoichiometry through the 
addition of alloying elements, the ordering temperature can be reduced 
to below the melting temperature. This will allow domain formation, 
provided cooling is rapid enough. 

Forming domains is desirable for the following reason. The 
results of the hot ductility tests on IC-50 indicate that the grain 
size, which is proportional to the slip path length, is a key factor 
in the extent of deformation which can be accomodated prior to 
fracture initiation. Domains, if produced homogeneously in the 
microstructure, would then be the secondary source of slip path length 
refinement. This has been demonstrated in single crystals of ML3V, 
where domains were effective in dispersing slip*. More recently, 
the same principle was applied to rapidly solidified li-Cr-Al alloys 
with no boron additions. These alloys contained well developed domain 
structures. Despite the lack of boron, which is usually necessary for 
polycrystalline ductility, the RSP alloys showed measurable 
ductilities6. 

The alloys prepared for the investigation fell into two classes: 
high aluminum equivalent and low aluminum equivalent. The aluminum 
equivalent as defined here consists of the following: 

Al Equivalence = tAl • %Hf + 0.5tCr (3) 

This equation assumes that aluminum substitutes equally for nickel and 
aluminum, Which is observed in solubility lobes from ternary 
sections. Hafnium substitution is uncertain, but it was assumed to 
substitute strictly for aluminum here. The beneficial effect of boron 
in imparting ductility is only seen in aluminum lean alloys^, and 
the aluminum equivalency should follow the same trend. A set of four 
chromium containing alloys was prepared by arc melting and drop 
casting 400 gram ingots. These alloys, designated IC-50-1 through 
IC-50-4 with compositions shown in Table 1, were then cold-forged, 
annealed, and cold-rolled. After the rolling operation, the three 
highest Cr-containing alloys showed extensive cracking and fabrication 
was stopped. Figure 3 shows the appearance of the ingots after 
rolling. 

The alloys Which cracked had the highest aluminum equivalences, 
and it was suspected that this was part of the cause of the cracking 
tendency in these alloys. Another source of cracking in these alloys 
was found to occur during solidification of the primary ingot. 
Microstructures of the high chromium alloys in the as-cast condition 
show solidification hot cracks. Figure 4 shows these 
microstructures. The 8 and 10 percent chromium alloy show the worst 
cases of hot cracking. The cracks which form in the interdendritic 
regions serve as further crack nuclei in the rolling operation to 
worsen the fabricability problems. 

Although the fabricability of the high aluminum equivalence 
alloys was poor, a preliminary welding study was done to evaluate the 
cracking tendency of the alloys during electron beam welding (E&W). 
Full penetration KB welds were made on 6.3 tm thick samples. Table 3 
sutwnarizes the characteristics of the resulting weldments. 
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Fig. 3. Ingot appearance after cold-rolling 10 percent alloys 
IC-50 through IC-50-4. lumbers indicate chromium 
content. 

TABLE 3. Summary of Welding Results for High Aluminum 
Equivalent Alloys 

Alloy Weld Characteristics 

IC-50 Sound Welds 
IC-50-1 Minimal HAZ Cracking 
IC-50-2 Hot Tearing, HAZ Cracking 
IC-50-3 Hot Tearing, HAZ Cracking 
IC-50-4 Hot Tearing, HAZ Cracking 

The hot tearing observed in these alloys consisted of centerline 
cracking. Figure 5 shows the crack face on a center line crack in 
IC-50-4. The HAZ cracking occurred as cold cracking and in some cases 
extended into the fusion zone but not as a solidification hot crack. 
This sort of behavior is shown in Fig. 6. 
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Fig. 4. Optical micrographs of as-cast structures for (a) 
IC-50-1, (b) IC-50-2, <c) IC-50-3, and (d) IC-50-4 
showing solidification hot cracking in the latter 
two alloys. 
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Fig. 5. Crack face of centerline crack in IC-50-4. 

m 

?**? 
**.vi 

•y, •-^cr-Xt;/^'^ 

Fig. 6. Transverse section of an BB weld in IC-50-4 showing HAZ 
cracking and fusion zone cracking. 
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A second set of chromium containing alloys with a lower aluminum 
equivalence was prepared. These alloys, designated IC-50-5 through 
IC-50-8 had a constant aluminum equivalence of 22.5. The phase 
stability of the low aluminum equivalence alloys was estimated from 
available data in the literature'. The compositions of alloys IC-50 
and IC-50-5 through IC-40-8 is shown in Fig. 7. 

Fig. 7. Ternary isotherm of nickel-rich section of the Vi-Al-Cr 
systrem at 750*C showing compositions of IC-50 and low 
aluminum equivalence alloys (After Ref. 7). 

Cold-rolling operations on the low aluminum equivalence alloys 
resulted in only minor incidences of cracking. These alloys were then 
investigated to determine the feasibility of producing thermal domains 
under the type of thermal conditions encountered during welding. An 
estimated pseudobinary, shown in Fig. 8, indicates that these alloys 
should disorder fully prior to melting. An attempt to determine the 
transformation temperatures using dilatometry proved unsuccessful. 
The volumetric expansion associated with the transformation was below 
the limits of detection of the dilatometer. To detect the disordering 
reaction after the fact, 0.7 mm thick samples of the four alloys were 
subjected to HAZ simulations matching the thermal excursion used in 
the hot ductility test. The peak temperature in the cycle was 
1250*C. These samples were then examined by transmission electron 
microscopy to determine the resulting microstructures. Figure 9 to 12 
show the base plate and thermally cycled regions of the low aluminum 
equivalent alloys. The 2 and 4 percent chromium alloys show the 
development of a higher dislocation density due to the thermally 
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induced stresses present When cooling the sample in the Gleeble 1500. 
No disordering appeared to have taken place. The two higher chromium 
alloys show the development of disordered material by the regions 
which contain domains after the cooling cycle. Alloy IC-50-7 showed 
small regions of the base plate which contained a small amount of 
disordered gamma with ordered precipitates. This observation 
indicated that either the phase equilibria predicted by the 
pseudobinary was slightly in error, or that casting inhomogeneiti.es 
still existed in the structure. Since optical metallography showed a 
relatively uniform distribution of the disordered phase, it was 
concluded that there was some error in the published phase equilibria 
for compositions near the phase field boundaries. The 8 percent 
chromium alloy showed a microstructure completely dominated by a 
domain structure. This indicated that the microstructure became 
completely disordered at 1250*C and that the cooling rate was 
sufficient to keep the growing domains from coarsening to encompass a 
single grain, the typical behavior when cooling from a 
recrystallization anneal. 

CONCLUSIONS 

1. High aluminum equivalent alloys experienced severe problems 
during fabrication and welding. 

2. As predicted by phase equilibria, increasing the chromium content 
produced increasing fractions of disordered material at 1250*C 
and hence a larger fraction of anti- phase domains in the 
microstructure. 

3. Since the lower chromium alloys did not disorder at 12S0*C, 
equilibrium temperatures appear to be higher than the published 
values. 

http://inhomogeneiti.es
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Fig. 8. Estimated pseudobinary for alloys with 22.5 percent Al 
equivalence (After Ref. 7). 
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Fig. 9. TBM micrographs of alloy IC-50-5 showing (a) base plate 
microatructure (bright field), and (b) simulated HAZ 
(bright field). 
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Pig. 10. TEM micrographs of alloy IC 50-6 showing (a) base plate 
microstructure (bright field), and (b) simulated HAZ 
(bright field). 
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Fig. 11. TEM micrographs of alloy IC-50-7 showing (a) base plate 
tnicrostructure (bright field), and (b) simulated HAZ 
(superlattice dark field). 
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Pig. 12. TBH micrographs of alloy IC-50-8 showing (a) base plate 
microstructure (bright field), and (b) simulated HAZ 
(superlattice dark field). 
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CONSOLIDATION OF RAPII LY SOLIDIFIED NICKEL ALUMINIDE POWDERS 
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ABSTRACT 

The microstructure and mechanical properties of boron microalloyed 
rapidly solidified NI-22.6A1 and Ni-18.4Al-8.3Cr powders that have been 
consolidated by hot extrusion and hot isostatic pressing have been 
investigated. Vacuum gas and centrifugal atomization have both been found 
to produce relatively clean powders with a thin oxide that does not hinder 
bonding during consolidation. Extruded materials produced from the 
powders have very fine grain sizes which resist coarsening at elevated 
temperatures. The powder materials have good room temperature strength 
and ductility and exhibit relatively little increase in flow stress with 
increasing temperature. Both of the alloys are very strain rate sensitive 
above 900"C. The Cr-containing alloy is found to exhibit superplastic 
behavior. The properties of the hot isostatically pressed material are 
very sensitive to the consolidation parameters and post-consolidation heat 
treatment. 

INTRODUCTION 

Alloys based on the intermetallic compound NioAl have been known for 
many y^ars to have attractive high temperature properties. In addition to 
good resistance to oxidation and sulfidation, the low bulk diffusion rates 
intrinsic to ordered intermetallic compounds and the well-known increase 
in yield strength with increasing temperature suggest that these alloys 
should exhibit excellent elevated temperature mechanical properties. 
Although quite ductile in single crystal form, commercial application of 
these materials has been hindered by their inherent tendency to fail in a 
brittle manner by intergranular fracture. The recent observation that 
polycrystalline nickel aluntinides could be rendered ductile by 
microalJoying with boron has resulted In renewed interest. It has been 

http://Ni-18.4Al-8.3Cr
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shown in several studies that alloys with 200 to 500 parts per million by 
weight of boron exhibit significant ductility at room temperature in cast 

2 3 polycrystalline form. • However, it is generally very difficult to 
fabricate these alloys by conventional ingot metallurgy methods due to 
limited ductility during hot working processes. 

Powder metallurgy appears to have several advantages over the 
conventional ingot metallurgy approach, including refined microstructures, 
suppression of macrosegregation, and the possibility of applying near net 
shape technology. The purpose of this paper is to present the results of 
a study of the microstructure and mechanical properties of rapidly 
solidified powders of nominal NI-22.6A1 and Ni-18.4A1-8.3Cr composition 
(atomic percentages), alloyed with 200 parts per million by weight of 
boron, consolidated by hot extrusion and hot isostatic pressing. The 
extreme sensitivity of the ductility of these alloys to the segregation of 
boron, and impurity atoms such as sulfur and oxygen, requires careful 
control of the processing parameters and the resulting 
microstructure. ' 

PROCEDURE 

Powders of boron microalloyed nickel aluminide and nickel aluminide 
alloyed with chromium were produced using vacuum gas atomization (VGA) and 
centrifugal otomization (CA) ty Homogeneous Metals, Clayville NY, and 
Pratt and Whitney Government Products Division, Vest Palm Beach, FL, 
respectively. The vendors supplied starting material of two alloy 
compositions for atomization. A binary alloy that is slightly 
hypostoichiometrlc with respect to Al and an alloy containing Cr with 
approximately the same stoichiometry were selected for this study. A 
boron concentration of approximately 200 weight ppm was desired for both 
alloys. Chemical analyses of both alloys from each vendor are gi*fen in 
Table 1. In addition to the bulk chemistries shown in the table, the 
surface chemistry of the powders was examined by sputtering experiments in 
a scanning Auger spectrometer. It was found that there is carbon and 
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TABLE 1. CHEMICAL ANALYSIS OF POWDERS' 

N b 0 b c 
Powder Ni Al Cr C S P 2 2 B 

CA Ni 3Al -- 12.40 -- 0.003 0.001 0.006 -- -- 242 

VGA Ni 3Al 86.72 12.80 -- 0.006 0.001 0.003 0.002 0.010 199 

CA Ni 3Al + Cr 80.85 10.50 8.11 0.004 0.001 0.010 0.005 0.006 231 

VGA Ni 3Al + Cr 80.08 9.71 8.18 0.007 0.001 0.005 0.002 0.007 270 

a. Weight percent. 
b. From hot extruded powder. 
c. Weight ppm. 

sulfur enrichment on the outermost few atomic layers of the powder 
particles and there is an aluminum-rich oxide layer approximately 2.0 nm 
thick. 

The particle size distribution of the powders was determined by 
screening, and the morphology of the powder particles was examined using 
scanning electron microscopy. The microstrueture of the particles and the 
degree of order were determined using optical microscopy and x-ray 
diffraction, respectively. 

The powders were consolidated by hot extrusion and hot isostatic 
pressing (HIPping). Extrusion was carried out by the vendors at 
1100'C in an eight-to-one reducticn from the original diameter of the 
evacuated stainless steel cans used to contain the powder. Several size 
fractions of each powder were also consolidated by hot isostatic pressing 
using several combinations of temperature and pressure. The powder was 
contained in evacuated stainless steel containers for HIPping. The 
microstructure and mechanical properties of the consolidated materials 
were determined in the as-consolidated condition and after subsequent heat 
treatments. 
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RESULTS 

Both the centrifugally atomized and vacuum gas atomized powders were 
found to consist primarily of spherical particles. The VGA particles 
exhibit many satellites, particularly in association with the larger 
particles. Vhile the aluminide powders were generally similar to Type 304 
stainless steel and nickel-base superalloy powders produced by the same 
methods, ' the aluminides tended to have many more particles which were 
cracked and many fragments of broken particles were observed. Based on a 
cumulative 50%-finer-than basis, the average particle sizes are 65 and 60 
fim for the CA and VGA powders, respectively, and did not seem to be a 
function of the alloy chemistry. 

The microstructures of several size fractions of each powder were 
examined using optical microscopy. The chromium-containing CA powder had 
a well developed dendritic microstructure, the remaining CA powder and 
both VGA alloys solidified in a cellular manner. There was no qualitative 
difference in the microstructure of the powders as a function of the 
particle size. Centrifugal atomization resulted in a generally finer 
microstructttre compared to vacuum gas atomization. 

The degree of order, described by the Bragg-Villiams long range order 
parameter, was determined as a function of particle size for each of the 
powders using x-ray diffraction. The results indicate that a significant 
degree of disorder is quenched into both the CA and VGA powders. The 
degree of order is nearly identical for powder from the two processes and 
is independent of the particle size. The Bragg-Uilliams long range order 
parameter is shown as a function of the particle size in Figure 1 for the 
CA powder. It can be seen from the figure that the degree of order is 
lower when measured from the (100) superlattice reflection compared to 
that measured from the (110) superlattice reflection. This result is 
consistent with the antiphase domain boundary energy having a minimum 
value on the (100) planes. It can also be seen from the figure that 
the Cr-containing alloy in general has a lower degree of order. 

The microstructures of the as-extruded materials were examined using 
optical microscopy. The grain growth behavior and mlcrcstrnctural 
evolution were examined after a series of heat treatments using opt .Ira] 
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Figure 1. Bragg-Willlams long range order parameter for the CA powder as 
a function of particle size. 

and transmission electron microscopy. All of the extrusions were found to 
have nearly equiaxed single phase structures and were crack free. There 
was some porosity elongated in the extrusion direction for all of the 
materials. The extrusions from the CA powders had a greater amount of 
porosity which seemed to increase with distance from the centerline. 

The grain growth behavior and microstructures were examined after 
annealing over a temperature range from 900 to 1200*C for one hour; 
longer time grain growth studies were conducted at 900 and 1100'C. 
The unalloyed aluminide from both types of powder was found to have a 
single phase equiaxed microstructure after all of the annealing 
treatments. Both the CA and VGA chromium-containing alloys exhibit a very 
fine single phase microstructure after the lower temperature anneals and 
develop a two-phase structure after one hour at 1100 and 1200"C. The 
microstructure of the VCA material after annealing at 1?00*C is shown 
in Figure 2. TEM examination of the materials after annealing showed that 
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Figure 2. The microstructure of VGA (a) NijAl and (b) Ni3Al + Cr 
after annealing at 1200*C for 1 h. 

the chromium-containing alloys were fully ordered up to 1000"C and had 
numerous Cr-rich particles along the grain boundaries; a bright field 
electron micrograph of the VGA sample after annealing at 1000'C is 
shown in Figure 3. The second phase that appeared after higher 
temperature anneals was found to be composed of ordered islands contained 
within wets of disordered material. A dark field electron micrograph from 
the 1200°C sample formed with a superlattice reflection is shown in 
Figure 4, (ordered regions appear bright in this micrograph). The 
disordered material was found to be epitaxial with the ordered matrix and 
the ordered islands have the same orientation as the matrix. The 
interface between the disordered material and the matrix is formed by 
widely spaced dislocations to maintain coherency across the (100} planes. 

The average grain diameters of extruded VGA and CA materials are shown 
as a function of temperature in Figure 5. It can be seen that the 
Cr-containing materials have very limited grain growth and even the 
unalloyed aluminide shows restricted grain growth compared to conventional 
ingot metallurgy stainless steels. For lower annealing temperatures it 
appears that the Cr-rich particles tend to restrict grain growth in the 
alloyed material. Electron microscopy has shown that these particles go 
into solution at 1100 and 1200*C, and therefore the restricted grain 
growth at these temperatures is presumably related to the formation of the 
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Figure 3. Bright field electron micrograph of Cr-rich particle on a grain 
boundary in VGA Ni3Al + Cr. 

two-phase microstrueture. Grain growth measurements after annealing for 
10 and 100 h at 900 and 1100*C showed that the Cr containing alloys 
continued to exhibit sharply reduced grain growth compared to the 
unalloyed material. 

The tensile properties of extruded CA and VGA materials have been 
determined at room temperature after post-consolidation heat treatments of 
one hour at temperatures from 900 to 1200'C. Elevated temperature 
tensile properties have also been determined for the VGA materials after 
heat treatments of one hour at 1000'C. All of the tests were done in 
air at a nominal strain rate of 5 x 10 s . At room temperature all 
of the materials show large yield drops, followed by Luders strains of as 
large as 5% before uniform elongation begins. The magnitude of the yield 
drop and extent of Luders deformation were found to decrease with 
increasing annealing temperature. The room temperature upper yield stress 
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Figure 5. Grain size of extruded powders as a function of temperature for 
1 h anneals. 
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is shown as a function of the annealing temperature for all of the 
materials in Figure 6. Repeated tests for the same annealing treatment 
gave quite consistent ductility and ultimate tensile stress values for the 
extruded VGA material. Data for the CA material, however, showed a large 
amosjnt of scatter, ranging from values comparable to the VGA samples to 
significantly reduced values. This effect seems to reflect the relatively 
large amount of inhomogeneous porosity in the CA extrusions. The room 
temperature total elongation and ultimate tensile stress are shown as a 
function of the annealing temperature for the VGA materials in Figures 7 
and 8, respectively. Data for the extruded CA material have not been 
included due to uncertainty in the values. 

The yield stress of extruded VGA material is shown as a function of 
the test temperature in Figure 9. Included in this figure for comparison 

q are data for coarse grained cast NijAl. It is apparent from the 
figure that the powder materials have considerably higher room temperature 
strength than the cast material, however, the cast material has a much 
larger increment of increase in the flow stress up to about 700*C. 
The Cr-containing alloy is also consistently stronger than the unalloyed 
aluminide up to about 800*C. Above this temperature the unalloyed 
material has higher flow stress. The corresponding total elongation 
values are shown for the powder material in Figure 10. It can be seen 
that at this strain rate the powder materials exhibit considerable 
embrittlement. The Cr-containing alloy retains about 10% ductility at the 
minimum at 700*C, but the fracture surface shows almost complete 
intergranular fracture. 

The strain rate sensitivity of the VGA materials, defined by the 
m equation a - ki , was determined as a function of the test 

temperature up to 1000'C. For convenience in displaying the data, the 
log of the flow stress is plotted as a function of the log of the strain 
rate in Figure 11. The strain rate sensitivity parameter, m, is the slope 
of the log-log plot. It can be seen that there are generally two regimes 
in the log-log plots, and a change in slope occurs at higher strain 
rates. If just the slope of the curves between the two lowest strain 
rates is considered, then it can be seen that there is a monotonic 
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temperature. 

increase in m as the temperature is increased, with no apparent influence 
of the anomalous strength peak. It was not possible to test the unalloyed 
material over the whole temperature range because of the sharply reduced 
ductility near 700'C. At 900 and 1000'C the Cr-containing 
material has an m value above 0.5 and the unalloyed aluminide has a value 
approaching 0.5. 

Tensile samples of the VGA material were strained in tension at 
several temperatures and unloaded prior to failure and the dislocation 
structures were examined using TEM. The dislocation structures of the two 
alloys were very similar after testing at room temperature; the 
dislocations were mainly partials separated by stacking faults. The 
substructure of the Cr-containing alloy strained to about 5% plastic 
strain after Luders deformation at room temperature is shown in Figure 12a 
and the substructure of the same alloy tested to a similar strain at 
600*C is shown in Figure 12b. Analysis of the nature of the 
dislocation structures is not yet complete for the elevated temperature 
tests, however, it can be seen from the micrographs that there are few 
stacking faults in the substructure after testing at 600'C. The 

http://Ni-18.4AI-8.3Cr
http://Ni-18.4AI-8.3Cr
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micrographs in Figure 13a and b are a bright field and superlattice dark 
field pair from the Cr-containing alloy which was deformed at 800°C. 
Comparing the two figures it can be seen that there are some curved APBS 
that appear to be the result of the passage of dislocations. 

A series of HIP consolidation experiments was conducted to study the 
influence of temperature and pressure for a fixed holding time of 2.5 h on 
the densification of the powders. The results of the various parameters 
on the density of two nominally monosize powder fractions and "grab" 
samples that are expected to represent the average size distribution are 
given in Table 2. It was found that full density can be achieved by a 
number of combinations of temperature and pressure while the resulting 
microstructure can be quite different. In general, the Cr-containing 
alloy consolidates more rapidly than the unalloyed powder. These results 
are consistent with the Cr-containing alloy having a lower flow stress at 
the temperatures of interest for HIPping. Optical micrographs of the 
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1/im Vm 
Figure 12. Bright field micrographs of dislocation structures in extruded 

VGA Ni-jAl deformed to 5% strain at (a) room temperature and 
(b) 600oC. 

Figure 13. Bright field (a) and superlattice dark field (b) of extruded 
VGA Ni^Al + Cr deformed to 5% strain at 800'C. 

microstructure of the Cr-containing VGA powder after two HIPping 
treatments are shown in Figure 14. Room temperature tensile properties 
were measured for grab samples of all of the powders after consolidating 
at 207 MPa pressure at 1000'C for 2.5 h. The upper /,ald stress Is 
shown as a function of post-consolidation heat treatment temperature in 
Figure 15, and the corresponding total elongation values are shown in 
Figure 16. Yield strength and total elongation values for the extrusion 
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TABLE 2. EFFECTS OF HIP PARAMETERS ON DENSIFI CATION FOR 2.5 h HIP CYCLES 

Particle Size Temperature 
L1CJ 
900 

900 

900 

900 

1100 

1100 

1100 

VCA NI3Al + Cr 30, 100, Crab 1100 

CA Ni3Al 30 900 
100 

Grab 

CA Ni3Al + Cr 30 9*0 
100 

Grab 

VGA NUAl 30 900 
100 

Grab 

VGA Ni-jAl + Cr 30 900 
100 

Grab 

CA Ni3Al 30, 100, Grab 900 

CA Ni3Al • Cr 30, 100, Crab 900 

Material (urn) 

CA Ni3Al 30 
100 

Grab 

CA Ni3Al + Cr 30 
100 

Grab 

VGA Ni3Al 30 
100 

Grab 

VCA Ni3Al + Cr 30 
100 

Grab 

CA Ni3Al 30 
100 

Grab 

CA Ni3Al + Cr 30, 100, Grab 

VGA Ni3Al 30 
100 

Grab 

Pressure Density 
(MPa) m 
35 85.3 

83.1 
84.6 

35 92.8 
83.8 
84.8 

35 90.03 
88.2 
92.7 

35 95.1 
90.4 
94.6 

35 98.5 
96.5 
97.8 

35 100 

35 99.2 
'.'7.5 
99.3 

35 100 

103 93.3 
95.8 
96.3 

103 97.2 
96.1 
94.3 

103 99.8 
99.4 
99.5 

103 99.9 
99.0 
99.3 

207 100 

?07 100 
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TABLE 2. Concinued 

Par tide Size Temperature Pressure Density 
Material (vm) CO MPa) 

207 
m 

VGA Ni3Al 30. 100, Grab 900 

MPa) 

207 100 

VGA Ni3Al + Cr 30, 100, Grab 900 207 100 

CA Ni3Al 30. 100. Grab 1000 207 100 

CA Ni3Al + Cr 30. 100. Grab 1000 207 100 

VGA Ni3Al 30. 100. Grab 1000 207 100 

VGA Ni3Al + Cr 30. 100, Grab 1000 207 100 

Figure 1U. Microstructure of VGA Ni-jAl + Cr HIPped at (a) 100*C and 
(b) 900*C at 35 MPa pressure for 2.5 h. 

consolidated Cr-containing VGA material are included in the figures for 
comparison. The HIPped material has generally lower yield, strength and 
ductility compared to the extruded material. Post-consolidation heat 
treatments seem to improve the ductility of the HIPped material. 
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DISCUSSION 

The general particle shape and size distributions observed for the 
powders used in this study are similar to previous work reported in the 
literature. • The x-ray diffraction results indicating that there is a 
significant amount of disorder quenched into the powders are also in 
agreement with several studies on melt spun ribbons and CA powders of 
slightly different composition. ' It has been reported that sulfur 
tends to segregate to the surface of nickel-based superalloy powders 
during solidification. It was noted above that sulfur enrichment was 
found on the outermost few atomic layers of the powders investigated in 
this study. It is not clear from the current work whether the surface 
enrichment is a result of segregation during solidification or results 
from contamination subsequent to atomization. The very thin oxide layer 
which forms on the powders is apparently quite stable even after exposure 
to laboratory air. The microstructure and property studies on extruded 
and HIPped material indicate that the oxide is not a hindrance to 
interparticle bonding during consolidation. 

The fine grained material which results from extrusion of the powders 
has good room temperature strength compared to large grain size material 
which often results from casting, while retaining adequate ductility. The 
addition of chromium results in a finer jrain size and also in 
considerable solid solution strengthening. The powder metallurgy 
materials tend to have a smaller increment of anomalous strengthening on 
increasing the test temperature compared to cast material. ' In single 
crystal Ni^Al there is nearly a fivefold increase in the flow stress on 
raising the test temperature from room temperature to 700*C. If 
the single crystal data are taken as a measure of the tendency for matrix 
strengthening, the relatively flat flow stress behavior of the powder 
metallurgy material can be interpreted as a competition between the 
decreased effectiveness of grain boundaries as barriers to slip and 
increased matrix strengthening due to dislocation cross slip onto (100} 
planes as the temperature is increased. Experiments with samples of 
varying grain size from casting or recrystallizatlon of single crystals 
Indicate that In general the magnitude of the strength peak tends to 

1 9 Increase with increasing grain size. •' 
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The reversal in strength between the Cr-containing and the unalloyed 
materials above 800"C and the higher values for the strain rate 
sensitivity parameter at very slow strain rates indicate that the 
Cr-containing material probably undergoes a transition in flow mechanism 
from dislocation glide to diffusion controlled at a relatively low 
temperature. The Cr-containing alloy also begins to show evidence of 
disordering from dislocation motion at 800°C. While it was not 
possible to examine the unalloyed material due to embrittlement at 
elevated temperature, it is expected that the Cr-containing alloy is less 
stable with respect to disordering since it begins to form a two-phase 
microstructure above 1000*C. 

The fine, stable, grain size of the pcwder materials and high strain 
rate sensitivity values indicate that these materials should exhibit 
superplastic behavior. The Cr-containing alloy has been deformed in 
tension to strains greater than 100% at a strain rate of 5 x 10' s , 
and greater strains are likely at lower strain rates. Superplastic 
behavior is probably not observed in the unalloyed material due to 
premature fracture caused by oxygen embrittlement. The mechanism of 
deformation during superplastic flow has not yet been determined for these 
alloys but is likely due in part to grain boundary sliding. 

The HIPping study indicates that full density can be achieved in these 
materials at relatively low temperature, however, it has been observed 
previously that consolidation at 900*C can cause severe interparticle 

12 embrittlement due to sulfur segregation. The tensile results from the 
powder materials consolidated at 1000'C also show reduced ductility 
compared with extruded material. Examination of the fracture surfaces 
using scanning electron microscopy showed a preponderance of interparticle 
fracture. It appears that it might be advantageous to HIP these materials 
at a higher temperature, e.g., 1100'C, to ensure complete particle 
bonding and a fully recrystallized microstructure. The grain growth 
studies indicate that this should not result in substantial coarsening of 
the microstructure, and a lower pressure would also be required. 

The relatively low ductility of the HIPped material and the 
variability in properties in the extruded CA material that appears to be 
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due to inhomogeneous distribution of porosity emphasize the need for 
careful control of the consolidation processing parameters to achieve 
optimum properties from powder metallurgy nickel aluminldes. 

CONCUJSIONS 

Vacuum gas and centrifugal atomization both produce relatively clean, 
spherical, powders of nickel aluminides. The powders do not need special 
handling and the relatively thin oxide layer on the particles does not 
hinder bonding during consolidation. 

The materials consolidated from powder by extrusion have good room 
temperature strength and ductility. The as-extruded grain size is very 
fine and resistant to coarsening. Alloying with 8% Cr improves the 
strength, ductility, and resistance to grain growth. 

The powder metallurgy materials show relatively little increase in 
flow stress with increasing temperature compared to single crystal or 
coarse grained cast material. The Cr-containing material is stronger than 
the unalloyed aluminide up to SOO'C. Above that temperature there is 
a reversal in the relative strengths. 

Both of the alloys have high strain rate sensitivities above 
900*C. Combined with the resistance to grain growth, the high strain 
rate sensitivity values indicate that these materials should exhibit 
superplastic behavior. The Cr-contalning alloy has been deformed in 
tension to strains greater than 100% and higher strains should be possible 
at very low strain rates. 

Careful selection of HIPping parameters is required to achieve optimum 
properties. These materials also appear to be very sensitive to porosity 
in the consolidated forms. 
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Ceramics 

Adjourn 

Reception (Garden Plaza Ballroom) 

T . E. Easier 
Argonne National 
Laboratory 

R. A. Lowden 
Oak Ridge National 
Laboratory 

J. B. Walter 
Idaho National 
Engineering 
Laboratory 

W. J. Weber 
Pacific Northwest 
Laboratory 

W. J. Parkinson 
Los Alamos National 
Laboratory 

T. L. Starr 
Georgia Tech Research 
Institute 
D. N. Coon 
Idaho National 
Engineering 
Laboratory 

W. A. Ellingson 
Argonne National 
Laboratory 
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FOSSIL ENERGY MATERIALS PROGRAM CONFERENCE 

Session II - Corrosion and Erosion 

May 20.1987 

7:30 Registration Desk Opens 
Coffee and Rolls 

8:00 Introductory Remarks 

8:15 Corrosion of Alloys in Mixed-Gas and 
Combustion Environments 

9:00 Corrosion-Resistant Scales on Iron-
Based Alloys 

9:30 Mechanisms of Corrosion of Alloys and 
Coatings by Coal Combustion Products 

10:00 Break 

10:20 Poster Presentations 

Development and Breakdown of 
Protective Oxide Scales 

Development and Breakdown of 
Protective Oxide Scales 

Development and Breakdown of 
Protective Oxide Scales 

12:00 Lunch (Energy Conference Room) 

E. E. Hoffman 
R. A. Bradley 
R. R. Judkins 

K. Natesan 
Argonne National 
Laboratory 

H. S. Hsu 
Oak Ridge National 
Laboratory 

G. H. Meier 
University of 
Pittsburgh 

I. G. Wright 
Battelle Columbus 
Laboratories 

K. M. Vedula 
Case Western Reserve 
University 

V. Srinivasan 
Universal Energy 
Systems 
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FOSSIL ENERGY MATERIALS PROGRAM CONFERENCE 

Session II - Corrosion and Erosion 

May 20. 1987 

1:00 Poster Presentations 

Mechanisms of Galling and Abrasive 
Wear 

Solid Particle Erosion in Turbulent 
Flows Past Tube Banks 

Alkali Attack of Coal Gasifier 
Refractories 

2:30 

2:50 

3:20 

3:50 

4:20 

Break 

Studies of Materials Erosion in Coal 
Conversion and Utilization Systems 

Study of Particle Rebound 
Characteristics and Material Erosion at 
High Temperature 

A Study of the Relationships of 
Particle Rebound Parameters, Materials 
Properties, and Erosion 

In-Situ Scanning Electron Microscopy 
Studies of the Erosion of Alloys 

L. K. Ives 
National Bureau of 
Standards 

J. A. C. Humphrey 
University of 
California 

J. J. Brown 
Virginia Polytechnic 
Institute 

A. V. Levy 
Lawrence Berkeley 
Laboratory 

W. Tabakoff 
University of 
Cincinnati 

T. H. Kosel 
University of Notre 
Dame 

J. R. Keiser 
Oak Ridge National 
Laboratory 

4:50 Adjourn 
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FOSSIL ENERGY MATERIALS PROGRAM CONFERENCE 
Session III - Alloy Development and Mechanical Properties 

May 21. 1987 

7:30 Registration Desk Opens 
Coffee and Rolls 

8:45 Welcome and Introductory Remarks 

9:00 Advanced Steam Cvcle Superheater 
Alloys 

9:30 Mechanical Properties of Advanced 
Steam Cycle Alloys 

10:00 Development of Nickel-Iron Aluminides 

10:30 Break 
10:45 Poster Presentations 

Development of Advanced Steam Cycle 
Superheater Alloys 

Design Methodology for High 
Temperature Cyclic Applicatic ions 

Protective Coatings and Claddings 

12:00 Lunch (Energy Conference Room) 

E. E. Hoffman 
R. A. Bradley 
R. R. Judkins 
R. W. Swindeman 
Oak Ridge National 
Laboratory 
C. Y. Li 
Cornell University 
C. T. Liu 
Oak Ridge National 
Laboratory 

P. J. Maziasz 
Oak Ridge National 
Laboratory 
D. L. Marriott 
University of 
Illinois 
N. Gopalsami 
Argonne National 
Laboratory 
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FOSSIL ENERGY MATERIALS PROGRAM CONFERENCE 

Session III - Alloy Development and Mechanical Properties 

May 21 . 1987 

1:00 Poster Presentations 

Development of Iron Aluminides 

Joining of Nickel-Iron Aluminides 

Electrospark Deposited Coatings for 
Protection of Materials 

2:30 Break 

3:00 Wettability and Ductility of Nickel-
Iron Aluminides 

3:30 Consolidation of Aluminide Powders 

C. G. McKamey 
Oak Ridge National 
Laboratory 

D, E. Clark 
Idaho National 
Engineering 
Laboratory 

R. N. Johnson 
Hanford Engineering 
Development 
Laboratory 

G. R. Edwards 
Colorado School of 
Mines 

R. N. Wright 
Idaho National 
Engineering 
Laboratory 

4:00 Adjoum 
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Oak Ridge National Laboratory 
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Brown, J. J. 
Virginia Polytechnic Institute 
and State University 
Department of Materials Engineering 
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Massachusetts Institute 

of Technology 
Civil Engineering 
77 Massachusetts Avenue 
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Cambridge, MA 07139 
(617) 253-7186 
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Oak Ridge National Laboratory 
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Cornell University 
Materials Science and Engineering 
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Idaho National Engineering 
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Idaho National Engineering 
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