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V 

ABSttWCT 

The relationship between the microstructure and mechanical properties 

of Bpinodally decomposed Fe-Cr-Co ductile permanent magnet alloys has been 

investigated using transmission electron microscopy, electron diffrac­

tion, tensile testing, and Charpy impact testing. Isothermal aging 

and step aging of four alloys (Fe-28wttCr-15wttCo, Fe-23wt%Cr-15-»t%Co-

5wt%V, Fe-23wt»Cr-15wtlCo-3wtlV-2wt»Ti. and Fe-31wt%Cr-23t Co) resulted in 

decomposition into two phases, an Fe-Co rich (a.) phase and a Cr rich 

(a.) phase. The microstructural features of the decomposition products 

were consistent with those expected from a spinodal reaction and agree 

with the reported work on the Fe-Cr-Co system. An /'e-23vt*Cr-15wttCo-

5wt%v alloy was found to have, among the four alloys, the best combi­

nations of strength and ductility. 

Isothermal aging of the alloys increased their strength appreciably, 

however, this increase in strength is accompanied by severe embrittle­

nient. Two forms of embrittlement were detected. At higher aginq tem­

peratures (e.g. 640 C) a grain boundary o phase was formed, primarily 

resulting in lowered Charpy impact toughness values. At lowet aging 

temperatures (e.g. 600 C) matrix embri'tlement occurred, which greatly 

reduced the tensile ductility and the Charpy impact toughness. This em­

brittlement has been attributed to the enrichment in Jhromium of the 

OL phase, resulting in it being embrittled. The alloying additions of 

V and V + Ti retard the embrittlement Ly allowing a reduction iri the 

•3rain size, but they do not eliminate the embtittlement. Tht applica­

tion of a thermomechanical treatment, in addition, was found to improve 

ductility. 

Fundamentals of the hardening due to spinodal decomposition are 
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discussed as is their relationship to previous work on the Fe-Cr 

system. The hardening is attributed to a coabination of three Mechan­

isms. These are based on the elastic interactions between dislocations 

and precipitates the difference in elastic nodulii between precipitate 

and matrix, and the energy required in breaking cheaical bonds when a 

dislocation cuts through the precipitate. 



1 

I. INTRODUCTION 

Developnent of permanent magnet alloys that not only possess good 

magnetic properties but also exhibit sufficient ductility to facilitate 

their processing into complicated shapes is an area of great metallur-

gical interest. The recent work of Kaneko et al. (1) has demonstrated 

that the alloys based on the Fe-Cr-Co ternary system not only have 

excellent magnetic properties but are ductile prior to magnetic aging. 

These Fe-Cr-Co alloys have been suggested as possible replacements for 

the presently used ductile permanent magret materials (e.g. Fe-Co-V, 

Cu-Ni-Fe, Fe-Co-Mo alloys) and some of the Alnico alloys (e.g. Alnico 

V). Figure 1 shows the demagnetizing fields of several ductile magnets 

and an Fe-Cr-Co alloy. Clearly, the Fe-Cr-Co alloy has magnetic prop­

erties superior to the other available materials. The magnetic proper­

ties of the Fe-Cr-Co alloys can equal those of some of the A)nico 

alloys; yet, are far easier to manufacture into finished pieces. Where­

as parts made from Alnico alloys must be either cast or sintered, 

fabrication of magnetic parts with the Fe-Cr-Co alloys aay be done using 

standard metal working techniques (e.g. rolling, stamping, etc.). 

Recently the Fe-Cr-Co alloys have been introduced as possible 

commercial replacements to the ductile Remalicy ;Pe-Co-Hol presently 

in use in the telephone industry. Telephone receivers require a cup-

shaped permanent magnet that is traditionally made from Remalloy, which 

must be stamped at 1250 C. An alloy based on the Fe-Cr-Co system, 

called Chromirdur,(2), has bten developed to take advantage of the 

alloy's ductility so that the pieces may be stamped at room tempera­

ture while maintaining magnetic properties comparable to those of the 

Remalloy. 
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The four m?in parameters that describe magnetic properties are: 

saturation magnetization ( 4 M B ) , remanent magnetization (Br), coercive 

force (He), and the energy product ((BH) max). Only the saturation 

magnetization is not a structure sensitive property, whereas the other 

three properties may be affected by metallurgical processing. This 

allows the possibility of technologically controlling the magnetic 

properties by controlling the microstructural features. 

In general, there are two types of magnetic hardening mechanisms 

(3). In one case, the matrix material is ferromagnetic and the motion 

of domain boundaries is impeded by dislocations, inclusions, and preci­

pitates (e.g. magnet steels, ?e-Co-Mo (Remalloy), some rare earth xr$-

nots). In the other case, small ferromagnetic particles below a criti­

cal size at which domain walls cease to exist are embedded in a non­

magnetic matrix. Tn this case, the magnetic particles are single 

domains and to change the direction of the magnetization requires a 

rotation of the magnetic moments of the single docain particles since 

there are no domain boundaries present. The sJngle domain particle 

mechanism is usually considered to give higher coercive forces. The 

required morphology for single domain particle magnets has been pro­

duced by powder metallurgy (e.g. Ba-Ferrite and some rare-earth Cobalt 

magnets) and by spinodal decomposition (e.g. Cu-Ni-Fe, Alnico, and Pt-Co 

alloys, and some rare-earth Ccbalt magnets containing Cu). 

The Fe-Cr-Co alloys are age hardenable magnetic alloys that also 

derive their excellent magnetic properties from spinodal decomposition. 

When the material is aged inside the miscibility gap, decomposition 

into two isomorphous phases occurs, one Pe-Co ric', (CL) and the other 

Cr-rich (a,)- It is reported that the magnetization reversal process 
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of an Pe-23Ci-lECo-5V alloy occurs by domain wall pinning as opposed 

to single domain particles (4). The domain walls in the Cr-rich (o_) 

phase get pinned by the Fe-Co rich (O.) partic2e3 which implies that 

the Curie temperature of the a, phase is above room temperature. Bow-

ever, if the composition of the Q_ phase is altered so that the phase 

is paramagnetic, the magnetization mechanism will become a single 

domain particle mechanism. 

In addition to the effects on the magnetic properties of alloys, 

spinodal decomposition also has profound effects on the mechanical 

hardening of alloys. Considerable effort has been directed toward 

studying the mec<?:-<iical properties of spinodally decomposed alloys 

(S-li). Generally, the increase in yield strength of the aged material 

is most sensitive to the difference in lattice parameter between the 

two decomposing phar.es (7, 8, 9, 11). The lattice parameter difference 

is solely a function of the aging temperature since, as lower aging 

temperatures are used, greater phase separation occurs, which in turn 

increases the difference in the composition and the lattice parameter 

between the two phases. 

The presence of the miscibility gap in the Fe-Cr-Co ternary system 

is an extension of the miscibility gap from the binary Pe-Cr system. 

Many Fe-Cr alloys shew a remarkable age hardening response; unfortu­

nately, associated witn this increase in strength the material is sev­

erely embrittled. The embrittlement of the aged material is believed 

to be a direct consequence of the decopposition products (12). This 

has come to be known as "475 C embrittlement" and differs from tne 

embrittlement of stainless steels containing Cr J13). The embrittle­

ment of stainless steels held for long times at elevated temperatures 

http://phar.es
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is due to the formation of a grain boundary Q phase. Sign is a hard 

brittle Chromium rich phase, whose sluggish growth kinetics favor forma­

tion at grain boundaries. The presence of o in the aged Fe-Cr-Co 

alloys has been detected (14). The phase is nonmagnetic. Due to its 

relatively saall voluae fraction, it has only ainor effects on the aag-

netic properties of the alloy*. The aechanical properties, however, as 

as with the stainless steels. Bay be significantly affected by the 

presence of sigaa. 

Controlling physical properties of a aaterial by altering its aicro-

structure is a fundamental procedure in aaterials science. Spinvdal 

decomposition is a phase transformation that allows such control, and 

the microstructuLal effect on the magnetic properties of the Fe-Cr-Co 

alloys has L/een very thoroughly studied (4, 14-16). Vet to date, 

little information on the mechanical properties of the Fe-Cr-Co 

alloys and their relationship to the aicrostructural features exist 

in the literature. It is the intent of this work to investigate the 

effects of alloy compositions and heat treatments on the mechanical 

properties of the Fe-Cr-Co alloys. Mere, the mechanical properties 

have been measured by tensile testing and Charpy impact testing. The 

morphology and the microstructural details have been investigated by 

transmission electron microscopy, scanning electron microscopy, and 

optical metallography. Finally, the correlation between tlu micro-

structure and the mechanical properties has been established. 
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II. LITERATURE REVIEW 

Investigation* of the Fe-Cr-Co teta^ry vUa*_ diagrm have been aadt- by 

Koster (19), Ridcout ec al. (20), and Kostvr and Bo faun (21). Figure 

2«-c are the isothermal section* at 120G°C. 70O°C, aad 600%. respec­

tively. Figure 2a snovs two solid solution fields iomc A (fee) phase 

and one a (tec) phase) along with their relationship to the phase that 

extends fro* the Co-Cr binary */«U*n. At l"W#er temperature.*, the * phs~se 

field stretches across the ternary d vjtjm from t6w O* -iTj tobmuny tn- thm? 

Fe-Cr binary (Fig. 2b,cl. Ho»evcr, no section* of the diagram hetew 

600° r were swntioned in this work. 

The existence of i •iscibility gap in the Fe-Cr bnary Systran was 

first suggested throug" the work of Fisher. Pulis, and CjrroB* (22). 

They found spherical precipitates AVMII 20Cr* an diameter in a 28.5> al .2 

steel aged I to 3 ye?rs .it *75 C. The precipitates were nommagnct u . 

had a bec structure with a l<*."ice parameter between tho»e of pure Fe 

and Cr and contained approximately 80 at .X Cr. Neutron daffrarffion studies 

(23) indicated clustering vhen aged at 47S"C. Uillian* amd Paxton <24) and 

Williams (25) confirmed these results and proposed In* t-xi*! <a«ce of a 

miscibility gap below tin 'phase region in the pfoa«e dna^r^on. Similar 

results were obtained by Marcinkovski . Fisher, and Sznmmae (26J. 

Spinodal decomposition as the node of deroanposit iom in thtr !:<--€r 

binary system was first proposed by Inai, Izumiyana. and Maram. t'J x27'i 

on Che basis of magnetic and electrochemical aeasurt-iments. La^neborj: (28) 

studying an Fe-30Cr alloy aged at either 475°C or 550°C concluded that 

the phase separatioi occurred by spinodal deconposition at the lover 

temperature but by nucleation and growth at the higher temperature. 

The electron microscopic results of Vintaikin et al, (29) also suggest 

Che possibility of spinodal decomposition. These suggestions of spinodal 
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decomposition art based on indirect evidence; however, work using 

fossbaucr spectroscopy ha3 directly identified the phase separation to 

be by spinodal decomposition. Chandra and Schwartz (30) confined the 

existence of a miscibility gap and that phase separation proceeded by 

ipinodal decomposition in an Fe-60Cr alloy. They also detenained that 

decomposition by nurleation and growth occurred with compositions of 

12-30 at .Z Cr when aged at UJ&C. 

Kaneko, llomma, and Hinowa (1) discovered that additions of Cobalt 

to the Fc-Cr binary extended the miscibility gap into the ternary systca. 

It was determined that spinodal decomposition was the mode of phase 

separation which had been confined by Kossbaucr spectroscopy (31). The 

initial alloys studied required high solution treating temperatures in 

order to obtain a single a phase and a very rapid quench to avoid the 

formation of a y or ophase. This led to the further alloying with the 

so calleda stabilising elements (eg. Si, Mo, V, At, Nb, T£. etc.) 

(2,15,32-35). The additions of these elements reduced the size of the 

y-loop resulting in easier heat treating requirements. Figure 3 shows 

the phases present after 1 hour holding time for a section through the 

ternary diagram with the Co content held at 15X. The reasons for the 

high solution treating temperature and rapid quench are clearly shown. 

The effects of the additions of the stabilizing elene;its are demon­

strated in Figs. » and 5. In this case, the Co content is held constant 

at 15 wt% but 5 wtZ Cr is replaced with either V or V -t Ti. The 

additions of either the V OT V + Ti produced quite a remarkable change 

'.n the diagrams. The solution treating temperature may be lowered and 

the quenching requirements are eased; in fact, the technique of con­

tinuous cooling has been successfully applied (4). 
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The approximate shape of the aiscibility gap in the Fe-Cr-€o 

ternary system has been determined by Kanekr ct al (iM using mechanical 

hardness and Curie temperature measurements. Figure 6a shows the aisri-

bility gap in the * phase of the Fe-Cr-Co system. Also shown arc the 

approximate decomposition lines denoted by A, B, C, jn-1 l> and Ihr pseudo-

binary diagrams associated v'Jh these lines are shown in Fit;. 6b. The 

Ft-Cr pseudo-binary is shown for comparison. The bhape of the misri-

bility gap changes quite noticeably with increasing arounts of To. The 

peak of the miscibility gap is shifted toward the Fe-rich Aide of the 

diagram awi to higher temperatures. Tills tends to skew thr misribility 

Kap s<» that i' is J: yref'-tr i«-. Th« . -yac^tf it- *ha;-<- '.-' th« TM- -»Li I ity qar> 

tnakL-s the (opposition af the Cr-rieh (t_) ph-is<- nwrli irore srn-sittvr to 

changes in the aginp temperature than the Ft-Co riel. '. •. ) phase. The 

" phase 'i?ld that is present in the Vv-Cr-Ccy ternary phas*- diagram 

extends arrors the diagram from the Fe-CT binary to tne Cr~< o bin.iry. 

Williams and Paxton (24) and Williams f?*i) first proposed the pr* si-nf 

of the ttisribility gap below about 520 C. This requires *n <(*•»*> 

eutcctoid reaction at this temperature, however, ther«* is sonx di strep— 

ency about th js react ion (37) . In any event , react ions involving -

are always sli,»gish at these reduced temperatures. The - phase has a 

tetragonal unit cell w :th 30 atojis per unit coll and in general has 

c/a^0.52. There is evidence for an order-disorder transformation 

within the r phase which may account for the very high hardness and 

brittleness of tr«?;i phase. Commercial steels containing Cr are often 

susceptible to" formation after prolonged <.ging at temperatures of 

650-900 C. The phase transformation occurs by a nucleation and growth 
mechanism without gross diffusion (13). Due to the sluggish growth 

kinetics the o phase forms heterogeneously at grain boundaries. This 

precipitation deteriorates the mechanical properties, particularly 
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the impact toughness. Sigma phase has been observed at the grain 

boundaries in the Fe-Cr-Co alloys (14). The phase is nonmagnetic at 

room temperature (38), however, it has only a slight effect on the 

magnetic properties because the volume fraction present is generally 

rather smal1. 

The mechanical hardening of the Fe-Cr-Co alloys will certainly be 

tied to the magnetic hardening, in that both are greatly affected by 

mirrontructures following spinodal decomposition. The theory of spinodal 

decomposition is well understood (39,40) and much work on characterizing 

its effects on the mechanical properties (5-11) as well a* magnetic 

properties (14-18) has been done. In general, the yield strength is 

proportional to the difference in lattice parameter Aa (therefore the 

> ..•np.'s it inn) between the two decomposed phases and nearly independent 

<f both tlii- spinodal wavelength (X) and the relative volume fraction 

of the two phases (0-11). Dahlgren (8) has proposed a model that pre­

dicts the yield stress of the aged material by performing a calculation 

of the internal coherency strain. The model shows that correct dependence 

on the lattice parameter differences and has shown good agreement with 

the Cu-Ni-Fe spinodal alloys (8,11). 

Because the origin of the miscibiiity gap in th» Fe-Cr-Co alloys 

lies in the Fe-Cr binary system, it is important to be aware of the 

mechanical properties of these alloys. As mentioned earlier, the fitst 

evidence of a phase transformation in Fe-Cr alloys at low temperatures 

was from mechanical hardening. The mechanical hardening is quite 

remarkable; in fact, there can be greater than a two fold increase in 

the diamond pyramid hardness (e.g. ref. 41). Unfortunately, associated 

with this increase in hardness is the onset of seveie embrittlement. 

This embrittlenent has come to be known at "475°C eabrittlment", since. 
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most of the work has been done at this temperature. Several explanations 

as to the nature of the embrittlcaent have been put forth (12,4i) but it 

is generally accepted that the ultimate reason for the embrittlemtnt lies 

in the decomposition that takes place at 475PC Two important contribu­

tions to the embrittlement are an increase in the yield stress, which 

impedes the relaxation of stress concentrations* and *he change to 

twinning as rlie major node of deformation (12). In addition, it was 

observed that the yield and fracture stresses have a grain size depend­

ence. The smaller grain sized material tends to increase the ductility 

of the Fe-Cr alloys ann shifts the brittle-transition to longer aging 

times. Deformation prior to aging was also found to improve (he Juctility 

siightly (12). 

The precipitation hardening in high strength stainless steels has 

been investigated by Coutsouradis et al . (43) and Absnn and Wititoman (44) . 

In either case, the yield strength, UTS, and Vjckcrs hardness were 

observed to improve with aging, greater hardening occurred at lower 

aging temperatures, """be alloys containing more Co showed better harden­

ing but exhibited poorer ductility and impact toughness. Atu-r a.ing at 

500°C a finely dispersed precipitate wa • observed. 
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III. ALLOY SOLUTION 

Four alloys were chosen for examination in this study* two are 

ternary alloys and two have alloying additions of V and Ti. The nominal 

compositions are: Alloy A: Fe (balance) - 28Cr-15Co (w*.Z), Alloy B: 

Fe (balance) - 23Cr-15Co-5V (w*Z). Alloy Cs Fc (balat.ce) - 23Cr-15Co-

3V-2Ti (w+Z), and Alloy D: Fe (balance) - 3lCr-23Co (v+Z). Alloy D 

was selected for the study because it was one of the first alloys fouud 

to have excellent aagnetic properties and is ductile before Magnetic 

aging (1). The mlcrostructure of this alloy has since been characterized 

in f>reat detail (14). It is always desirable to reduce the amount of 

alloying elements required; alloy A was selected to show this effect. 

The Bell Laboratory's ulloy "Chroaindur" is based on this alloy (2) 

.ind the alloy hds been extensively studied by Belli (17). An added 

beiu'fit of reducing the Chromium content is a reduced likelihood of 

lorming a sigma phase. Additions of V and Ti were Bade to this base 

alloy to further reduce the Chrouium and to alter the decomposition 

kinetics which allows for a less severe quenching requirement (35). 

In general the alloys were selected to represent a variety of Fe-Cr-Co 

alloys that may find possible commercial acceptance. 

http://balat.ce


11 

IV. EXPERIMENTAL PROCEDURE 

A. Materials Fabrication and Treatment 

Four alloys were chosen for use during this study, tJO are 

ternary alloys and two have alloying additions of V and Ti. The base 

alloys: Alloy A, Fe(balance)-28Cr-15Co (wtZ) was selected because of 

its excellent magnetic properties (35) and its proaise of becoming <i 

commercially iaportant alloy. The additions of V and Ti are suggested 

by the phase diagrams chown in Fig. A and 5. ' i these alloys 5 wtZ Cr 

is replaced with either V or V + Ti; the compositions are: Alloy B. 

Fe(balance-23Cr-15Co-5V (wtZ) and Alloy C, Fe(balarce)-23Cr-lSCo-3V-

2Ti (wtl). Another alloy. Alloy D, Fe(balance)-3ICr-23Co (wtZ) was 

investigated in order to coapllaent the rather detailed work on the 

alloys magnetic properties (14). To aid as a deoxidizer 0.5 wtZ Mn 

was added to each melt. 

Chemical analysis verified the chemical composition to be within 

1Z of the intended compositions* The najor impurity was found to be 

nitrogen, only small amounts of carbon were present. Typical values 

found were: 

Alloy ' Alloy B 

Carbon: <0.O01Z < 0.001Z 

Nitrogen: 0.0181 0.010Z 

The ingots were vacuum melted and chill cast into copper molds to 

avoid segregation. Alloys A and 0 were homogenized at 1350°C and alloys 

B and C were homogenized at 1000°C for 2 days. After homogenization, 

the ingots wore hot rolled using a square bar mill and swaged at room 

temperature to the appropriate finished diameter. 

Prior to aging, the alloys were solution treated at 1300°C (alloys 

A and D) and 1000°C (alloys B and C) for 1 hour in an Argon atmosphere. 
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Isothermal aging was done at either 640°C or 6O0PC for various times. 

To take advantage of the rapid kinetics of spinodal decomposition at 

high aging temperaturesand the large difference in composition of the 

two spinodally decomposed phases at low aging temperaturea,the method 

of step aging has been employed. This technique has shown success in 

improving both mechanical properties (11) and magnetic properties (14, 

17) of spinodally decomposed alloys. A schematic diagram of the aging 

sequence used for alloys B and D are shown in Fig. 7 and 8 respectively. 

A thermal-mechanical treatment was used on alloy B which utilised both 

cold work and isothermal aging. In this treatment the material was 

solution treated* swaged at room temperature to a reduction of 50Z in 

i-ross-soition area and subsequently isothermally aged. 

B. Mechanical Testing 

Tensile properties were measured from round tensile bars whose 

dimensions are shown in Fig. 9. The tensile bars are proportional to 

AS^M standard tensile bars (ASTM E8-79) except that the gage 

length was reduced to 22.23mn (0.875in) in order to economize material. 

The specimens were finish-machined between the solution treating and the 

final aging treatment. The tests were performed on an HTS testing 

machine. Two specimens were treated at room temperature for all agirg 

conditions. The specimens were pulled at a constant rate of 0.06 cm/ 

rain. The yield strength was measured at 0-22 offset, the total 

elongation was measured from the change in the gage length, and the 

uniform elongation was measured from the load-deflection c«rve. 

The microhardness was measured from specimens taken from the grip 

areas of the tensile specimens. The measurements were made on mounted 

and polished specimens. Rockwell hardness measurements were made on 

polished slices of the ingots. Since some of the aged materials were 
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embrittled and failed before yielding in tension, hardness provides 

consistent basis for evaluating hardening. 

The specimen design used for the Charpy impact testing is sketched 

in Fig. 10 and conf°rasto ASTH standards (ASTM E23-72). The tests were 

done at room temperature using a 232 ft-lb (315J) capacity testing 

machine. 

Flat plate bend tests were performed on specimens 2 in x 0.40 in 

x 0.030 in (51 sag x 10 mm x 0.76 mm). A three point bend test fixture 

was use>< that allowed for approximately a 10CP bend angle and the 

bending radius w?s four times the specimen thickness. 

C. Microscopy 

Light optical mela*Tography was performed on samples taken from the 
grip areas of the tensile specimens. The specimens were mounted and 

both electro-chemically polished (electrolyte: 23Z perchloric acid, 

77Z acetic acid; 10V) and etched (etchant either Railings reagent (45) 

or 52 oxylic acid in water at-il-SV). All light optical metal lographic 

work was done on a Ziess Ultrophot I) optical metallograph. An oil 

immersion lens was used for high magnification work-

Specimens for electron microscopy were sliced from the grip areas 

of the tensile specimens. The material was thinned to less than 5 mils 

by mechanical polishing. Vises 3 ran in diameter were then spark c-roded 

and jet polished in a 23Z perchloric acid-77Z acetic .-cid solution. The 

optimal thinning condition was at 10V and 38-40 mA. The specimens were 

examined in a Philips EM301 electron micro-cope operating at: 100 kV. 

The investigation of the fracture surfaces was performed on an 

ARH1000 scanning electron microscope operating at 20 kV. The SEM 

instrument was also equipped with an EDAX X-ray energy spectrometer 

enabling localized chemical analysis. 
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V. EXPERIMENTAL RESULTS 

A. Spinodal Decomposition 

An example of the cicrostructure of as-quenched alloy B is shown 

in Fig. 11. The quench was rapid enough to suppress any decomposi­

tion. 

The evolution of the spinodally decomposed microstructure for 

isothermal aging is shown for alloys A and B in Pigs. 12 and 13 

respectively. In each case Figs. A-C are for 600 C aging and D-T are 

for 640 C aging and the a and ct phases correspond to the light and 

dark contrast respectively. The microstructures are typical of those 

T.jund for other Fe-Cr-Co alloys (14, 17). The early stages of Jecompo-

: ition proceeds in a very isotropic fashion, but as coarsening occurs 

the decomposition products tend to align themselves along [̂ 100 ] direc­

tions. This is a consequence of reducing strain energy (9), since 

V100 J directions are the elastically soft directions. Tie acount of 

strain created by decomposition must necessarily be small. This sug­

gests that the difference in lattice parameter between thr two decom­

posing phases is small. The difference in lattice parameter in an aged 

Fe-Cr-Co alloy has been measured to be less than 1% by the method of 

high resolution lattice imaging (14). 

The coarsening rate of either alloy i.> significantly higher when 

aged at 640 C then when aged at 600 C. F*gs. 14 and 15 illustrate the 

growth of the average wavelength as a function of aging time. The coar­

sening rates of each alloy at either aging temperature are essentially 

linear over the range shown. The coarsening rates are nearly the 

same for either alloy when aged at the same temperature. 

Spinodal alloys are known to maintain a relatively constant 
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wavelength when aged by the step aging technique (11). However, as the 

wavelength remains fairly constant, the composition of the decompo­

sing pha&es changes as dictated by the appropriate pseudo-binary tie 

line (11). Pig. 16 shows the similarity between the micros tract ure 

found in alloy D after aging steps 2 and 4 respectively. As expected 

the wavelength shows little change between the two aging steps. The 

wavelength after step 2 is 235A whereas the wavelength after step 4 

is only 270A, an increase of 16%, The volume fraction of the a phase 

{light contrast) increases slightly from 45% to 55%. For either aging 

condition, decomposition is quite isotropic and there appears to be a 

large amount of connectivity within a single phase. Even though the 

wavelength and volume fraction do not change appreciably, a considera­

ble change in composition can occur which could have a significant 

effect on the mechanical properties. 

B. Grain Boundaries 

Grain boundaries, have a major effect on the properties of poly-

crystalline materials (51). For the material used in this study the 

two most important characteristics of the grain boundaries are: 1) 

mobility of the grain boundaries at elevated temperatures and 2) the 

formation of a grain boundary phase. The importance of the grain boun­

dary mobility lies in determining the final grain size of the material. 

A representative optical micrograph of alloy A is shown in Fig. 17a. 

Fig. 17b is an enlargement showing possible evidence of a grain 

boundary being pinned by an inclusion. The average grain size of the 

material is measured to ba approximately 650 urn. Figs. 18a and 18b are 

from alloy B; in this case the grain size is measured to be only 70 pm. 

This large difference in grain size can be attributed to two primary 

factors. 
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First* a lower hoaogenization and solution treating teapertature 

could be used because the addition of V reduces the sice of the v-loop 

(Fig. 4)- Second, inclusions nay pin grain boundaries, which slow the 

rate of grain growth. The effectiveness of pinning sites depends upon 

the size and distribution of the inclusions. The effects of these two 

factors are shown in Figs. 17 and 18. Alloy A (Fig. 17) has grain 

boundaries that are straight, with the exception of soae grain boundaries 

being pinned by inclusions. The inclusions are approximately 1 Um in 

diameter and 30-40 urn apart. Alloy B (Pig. 18) has a quite different 

grain boundary morphology. The grain boundaries are more curved, with 

numerous grain boundaries being pinned by inclusions and aany triple 

I Joint grain jrnctions are far from the equilibrium 120 configuration. 

The inclusions in alloy B are smaller (0.25 urn) and more closely spaced 

(- 10 um) and can serve as better pinning sites. The TEM micrographs 

in Figs. 19 and 20 taken from alloy B, clearly show that the inclusions 

can be effective grain boundary pinning sites. The SEM microchemical 

analysis (see Fig. 21, lower x-ray spectrum) shows the inclusion to be 

almost entirely Cr-

Since the x-ray analysis cannot detect light elements, such as 

nitrogen and carbon, the actual composition may not be pure Cr. In 

fact, noting the high nitrogen impurity content (0.018 wt.% N) the in­

clusion may very likely be a Cr_,N compound. The volume fraction was too 

small to detect such a compound with x-ray diffractir However, with­

out further evidence (e.g., electron microdiffraction, electron energy 

lose spectroscopy) this would be only speculative. Unfortunately, due 

to the size and distribution of the inclusion, it was not possible to 

locate these regions for TEM observation. 
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Formation of a grain boundary phase is the second major feature 

affecting the material's mechanical properties. Figure 22 is an SEN 

micrograph of a round bar of alloy A that was aged at 640 C for 1 hr 

and swaged (reduction in area -20%). Clearly, intergranular failure 

has occurred, but equally noticeable is the ductility of the matrix 

material. The presence of the grain boundary phase is very apparent 

in Fig. 23. This optical micrograph is of alloy D aged by step aginy. 

Figure 23 is after step 3 (600°C) and Fig. 23 is after step 4 (S80°C). 

The grain boundary phase is quite thick, in fact, it has begun growing 

from the grain boundaries, consuming the matrix material. The grain 

boundary phase grows the fastest in alloy D which is attributed to the 

higher Cr content of the alloy. Figure 21 is a typical grain boundary 

of alloy A aged at 600 C for 1 hr. Figure 21 is a SEM micrograph of a 

similar grain boundary. Three separate areas were chosen for EOX micro-
2 chemical analysis (special resolution ~1 um ) . In order to make a 

meaningful comparison, the rame take off angle and same collection time 

were used for each area. The top x-ray spectrum in Fig. 21 is a compari­

son of the grain bouncary composition (bars) with the matrix composition 

(dots). There is a shift in the peak heights in both the Cr peak and 

the Fe peak due to a change in composition. Due to the thinness of the 

grain boundary phase, this is only an indication of a change in composi­

tion at the grain boundary. However, this indicates the grain boundary 

phase to be Cr enriched and a sigma phase may be present. 

The series of TEH micrographs in Fig. 24 show a grain boundary with 

the grain boundary phase present. The material shown is alloy A aged 

at 640 C for 100 hr, causing considerable thickening of the grain 

boundary phase. Figure 24a and b are TEM bright field and dark field 
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images respectively and Fig. 24c is an SAD of the grain boundary area. 

The diffraction pattern is indexed to chow the (120) bcc Matrix pattern 

superimposed with several (100) sigma patterns. The Matrix pattern 

serves as an interna^ calibretion of the ricroacope camera constant 

to assure the highest possible accuracy in identifying the grain boun­

dary phase. The measured values for the lattice parameters are 

a = 8.74A and c - 4.38A with a c/a ratio - 0.50. Typical values 

fo- the Fe-Cr signs phase (13) are a • 8.799s£ and c • 4.54128 with 
o o 

a c/a = 0.516. These are in good agreement and of course the lattice 

parameter is expected to change slightly w'th the addition of Cobalt. 

The diffiaction pattern appears to be quite complicated but it 

can be very easily understood. There is the bcc matrix pattern plus 

the main (100) Sigma patterns lab-led (i). Many of the extra spots 

are caused by double diffractions and the pattern labeled (ii) illus­

trates this. Other spots are due to another sigma particle being 

included within the intermediate aperture. This grain is aisoriented 

by approximately 2 . 

Sigma is known to be a hard brittle phase that preferentially forms 

at the grain boundaries and which often leads to the deterioration of 

the mechanical properties, particularly the impact toughness (13). 

Commercial alloys containing more thar approximately 16 wtt Cr are 

susceptible to o~ phase formation when held at temperatures of 650-9C0 C 

for prolonged periods of time (13). Furthermore, the higher the Cr 

content, the more rapid is the formation of a. Even though the o phase 

forms primarily at the grain boundaries, it is not necessarily a con­

tinuous film. In fact, the morphology of the grain boundary phase 

appears to be very dependent upon the degree of misorientation of the 
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adjacent grains. Figure 25 is a TIM bright field-dark field pair of 

alloy A aged at 600°C for 1 b o it shows the reversal of contrast asso­

ciated with tb» grain boundary phase. The grrin boundary is very nearly 

edge on so that the thickness of the grain boundary phase is only a few 

hundred angstroos. The C phase coal-a *\e grain bou.viary quite uaiforaly 

but is not as a continuous tila. Aging the material 5 hrs at C00°C 

causes soae cotcvr-l'^ of the o as shown in Fig. 26. Note that the o 

is starting o grow into globular particles, which is sore evident It 

Fig. 27. Figure 27 is froa alloy A aged at 640°C for 10 hrs and shows 

a more advanced stag? of coarsening. Clearly the a phase is not contin­

uous but consists of particles of the order of 1030K in size. 

The morphology of the grain boundary precipitation depends on the 

grain boundary structure and is not just a function of the aging tioe 

and temperature. As an example. Fig. 28 shews two grain boundaries 

observed in alloy B. Flutes 28a and b are taken from the material 

aged for 1 hr at 600 C whereas Figs. 28c am* d .»re a.'rer aging 100 hrs 

at 600 C. The resemblance is quite remarkablei the grain boundary phase 

is not continuous and the particles are of similar size. Sigma is known 

to have rather slow growth kinetics and these micrographs cex Mainly 

bear this out. However, this is not the complete picture. Figure 2V 

illustrates how varied the morphology of the c phase can be. Fiquie 
o 

29 is a micrograph of alloy B aged again at 600 C for 100 hrs. Shown 

is a triple point junction ant? the diffraction patterns of the thrive 

grains are shown to indicate the degree of relative Disorientation. 

Tne growth of the a is most prcaainent at the triple point but also the 

growth between grains A and B and grains A and C has been quite sub­

stantial. The growth between grains B and C in comparison has been 
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very slow. The diffraction patterns indicate that the •isorientation 

between grains B and C is quite small; both grains are tilted from a 

(111) orientation but A and B and A and C are misoriented on the order 
o o 

of 40 . Aging the alloy at 640 C produces siailar results. Figure 30 

shows a triple point after aging alloy B for 1 hr. Virtually no 0 

phase was observed. However, aging for 10 brs produced o at triple points 

and along the grain boundaries but again not in a continuous fashion 

(see Fig. 31). This orientation dependence of the grain boundary phase 

has been observed in other systems. A detailed analysis has been Bade 

by Gronsky (57) using the Aluminum-Zinc alloys. 

C. Mechanical Properties 

C.l. Isothermal Aging 

The mechanical properties of alloy A, B, and C isother-

mally aged are summarized in Figs. 32-39. The three alloys in the as-

quenched condition (i.e. prior to spinodal decomposition) were found to 

be ductile. Upon aging inside the miscibility gap, the alloys exhibit 

an age hardening response similar to that often found in spinodal 

systems, i.e. higher tens'le strengths were associated with low aging 

temperature and accompanying the higher strengths was a decrease in 

ductility. 

C.l.l. Alloy A Fe-28Cr-15Co 

In the as-quenched condition, alloy A has a 

yield stress of 55.8 ksi (385 HPa) with a uniform elongation of 9.41. 

For the material aged at 640 C, Fig. 32 shows an increase in the yield 

stress to a peak of approximately 75 ksi (518 MPa) with no change in 

the uniform elongation and a slight drop in the total elongation. (In 

Fig. 32, the solid symbols refer to uniforin elongation, the open symbols 
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refer to total elongation, and the half-filled symbols refer to the 

uniform and total elongations being equal.) However, aging at 600°C 

has a much different effect on the material. Aging at the lower tem­

perature does produce a sore significant increase in the strength. 

Unfortunately, associated with .his increase in strength is a drastic 

drop in the ductility. »n fact, aging only 5 Bin at 600°C produces 

a 30% increase in stress to fracture, but the material becomes suffi­

ciently embrittled to cause failure before yielding could even begin. 

The single crystal hardness, as measured by Vickers aicrohardness, 

is shown in Fig. 33. Microhardneas is a convenient indication of the 

hardening because the triaxial state of stress allows deformation to 

take place cen if the material is sufficiently embrittled to cause 

failure in tension before yielding. Therefore, a consistent compari­

son between the ductile and brittle material can be made. Aging 

at 640 C produces a hardness curve very similar to the one found in 

Fig. 32 for the tensile testing. In either case, the peak hardness 

occurs after aging for 5 hrs. The curves in Figs. 32 and 33 for aging 

at 600 C however, are quite dissimilar. The apparent tensile strength 

drops off after aging beyond 5 mins whereas, the microhardness in­

creases until it reaches a peak VHN of 360 after 10 hrs aging. 

The room temperature Charpy impact toughness of the isotheroally 

aged alloy A is shown in Fig. 34. As might be expected, the 108 ft-

lbs (146 J) energy absorbed during failure for the as-quenched 

material is quite high. However, the large drop in the impact tough­

ness of the material aged at 643 C is larger than expected when con­

sidering the tensile elongations. Dot the extremely low values of the 

impact toughness of the material aged at 600 C is consistent with the 
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poor duc t i l i ty observed during the tensile testing. After aging for 

] hour the impact energies were 12.9 ft- lbs (17 J) and 2.2 f t - lbs (3 J) 

for 6*0 C and 600 C aging temperatures respectively, and the values 

decreased only s l i jhtl^ with aging tine. 

C.1.2. Alloy B Fe-23Cr-lSCo-r»V 

Replacing 51 Cr »ith 5\ V altered the hardening 

and subsequent embrittlenent in a very significant aanner. The varia­

tion in yield stress with iFothermal aging tiae is shown in Fig. 35. 

In thn as-quenched condition, alloy B has a yield stress considerably 

higher Uwn that found for alloy A, i.e., 70.4 ksi (485 MPa) as 

opposed to 5S.8 ksi (385 MPa) measured for alloys B and A respectively. 

Tin- single crystal microhardness likewise, reflects this increase in 

hardness in the as-quenched condition, alloy A has a •icrohardm-ss 

of 203 kg/mm whereas alloy B showed an increase to 214 kg/n» . This 

indicates that replacing 5 wt* Cr with 5 wt\ V has led to some solid 

solution hardening, since from the microscopic evidence the quench 

appeared rapid enough to maintain the high temperature supersaturated 

solution. The increase in strength due to solid solution hardening may 

be amplified by the smaller grain size of alloy B. Because the heat 

treatments used in this study were designed to be consistent with 

those used in developing optimum magnetic properties, a significant 

difference in grain size exists between alloys A and B. The strength 

of BCC materials is known to be particularly sensitive to grain size 

(46) and this may account for some of the large variation in yield 

stress. Lagneborg (12), in his work with Fe-Cr alloys, observed a 

strong grain size dependence on both the yield and fracture stress that 

followed a (d) relationship, where d is the average grain diameter. 
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Aging alloy B at 640 C produces a very aild degree of harden­

ing, which peaks at 77.7 ksi (536 MPa) after aging 1 hr with little 

change in the uniform elongation. The onset of the eabrittlement of 

alloy D, when aged at 600 C, occurs at such longer times than in the 

case of alloy A. Aging alloy B at 600°C for 20 Bin increases the yield 

stress over 401 aoove that of th» single phase naterial with only a 

drop in the uniform elongation to 9.9% froa 12%. After aging i hr at 

600 C, necking no longer occurs, but it is not until aging 100 hrs 

that all plasticity is lost and the material fails before yielding. 

This is a considerable improvement over alloy A, since alloy A failed 

before yielding for aging times :> min and longer when aged at 600 C. 

In addition alloy U shows no drop off in the tracture stress, even 

after being embrittled, quite the opposite to that of alloy A. 

The microhardness of alloy B as a function of aging time (shown 

in Fig. 36) shows again the normal age hardening characteristics. 

Aging at 640 C produces only a small amount of hardening that peaks 

after 1 hr and decreases slightly for all further aging. One to the 

lower aging temperature of 600 C, the hardening is greater. Aq«."n ..IK* 

hardness peaks after aging 1 hi. The hardness of alloy 9 peaks much 

quicker than alloy A, 1 hr as opposed to approximately iu hrs. The 

maximum hardness of clloy B is greater than that of alloy A when aged 

at 640 C, but the reverse is truu when the mate-ial is aged at 600 C. 

The Charpy impact toughness for the as-quenched alloy B is enjita 

high, (Fig. 37) 60 ft-lbs (81 J), but is rot as high as that measured 

for alloy A. Similar to alloy A though, is the rapid and severe drop 

in the impact energy upon aging, which is clearly indicate in Fig. 37. 



24 

CI. 1.3. Alloy C Fe-2V:r-15Co-V-2Ti 

The addition of V + Ti improves the mechani-

cal properties when coapared to the ternary alloy A but is net as 

effective in retarding the enbrittlceent as just the addition of V 

(alloy B). The yield stress of the as-quenched alloy C is SB.3 ksi 

(402 KPa) (Fig. 38). This is similar to chat measured for alloy A but 

less than that found for alloy B. The material also shoved excellent 

uniform elongation with a value of 14.7%, t̂ etter than either alloy A 

or D. Fig. 38 shows the variation of strength and elongation with 

aging time and temperature. The material aged at 640 C becoaes harder 

with aging time, but unlike alloys A and B, the increase in strength 

'loc:-. not peak at 1 hr but continued to i urease up to 100 hrs. The 

highest value measured was 79.0 ksi (545 MPa), after aging 100 hrs. 

.lowever, ductility was sufficiently reduced to cause failure before the 

onset of necking in this specimen. Aging at 600 C produced a fairly flat 

response in the fracture stress, and it was not until aging 1 hr that 

the material failed prior to yielding. Unlike alloys A and B, aging 

alloy C 100 hrs caused a significant increase in the strength. Fig. 

39 shows the variation in Vickers microhardness with aging time and 

temperature. The as-quenched material was slightly harder than alloy 

D. Hardening when aged at 64C C was very slight; however, at 600 C 

hardening continued through the entire 100 hrs of aging. 

Limited Charpy testing showed the material to be embrittled simi­

lar to alloys A arid B. 

C.2. Step Aging 

In order to achieve the hi«n strengths associated with 

low temoerature aging yet take advantage of the rapid decomposition 
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kinetics associated with high temperature aging, the method of step 

aging was employed. Alloys A, B, and C were aged using the step aging 

techniques shown in Fig. 7. Figures 40, 41, and 42 show the variation 

in hardness throughout the aging sequence. The Rockwell'C" hardness 

indicates the hardness averaged over several grains whereas the Vickers 

mic-rohardness is the hardness of single grains, eliminating the effect 

of grain boundaries. Previous work on Cu-Ni-Fe (11) alloys showed that 

the hardening due to step aging was mostly controlled by the final 

aging temperature. This also appeals to be the case for the Fe-Cr-Co 

alloys. Tnr> hardness increased incrementally as each lower aging 

temperature was used. The three alloys typically increase from approxi­

mately P. 10 to greater than R 35 and the microhardness parallels this 

increase closely as in Figs. 40 and 41. 

Since the mechanical properties of alloy B, as illustrated in the 

previous section, are superior to either alloys A or C, the tensile 

properties of alloy B were measured after being heat treated using the 

step aging technique (see Fig. 7). Figure 43 shows the variation in 

strength wit! aging step. The increase in the strength is similar to 

the increase in hardness shown in Fig. 41. The elongation drops as the 

strength is increased; however, it is not until step 5 {580 C aging 

temperatuie) that virtually all ductility is lest. Supporting the 

theory (11) that the final aging temperature, i.e. the composition, 

determines the strength, step 4 corresponds to aging at 600 C anc has 

a yield strength of 105 ksi (724 MPa) which compares quite well with 

the value obtained by isothermal aging at 600 C. Figure 37 shows the 

Charpy impact toughness after step 1 (as-quenched), step 4 (600 C), 

and step 7 (540 C). As with the isothernally aged material, the 
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redaction in *̂ *» impac'. toughness is quite remarkable. Aging to step 4 

ex. ihits a uniform elongation of nearly B%, yet the impact toughness 

is only 4 ft-lbs (5 J). After step 7, when the material fails before 

yielding, th<* toughness is 1.5 tt lbs (2 J). Clearly the material 

has been severely embrittled. 

The step aging treatment of Pig. 8 has been applied to alloy D, 

which has received much attention in regard to its magnetic properties 

(14). Figure 44 shows the variation in strength* microhardness. and 

coercive force with aging steps* The shape of the curves of the coer­

cive force and Mie microhardness are quite similar. This is to be 

expected, since the coercive force is a measure of the resistance to 

moving domain boundaries whereas the hardness is a measure of the 

rosistance to plastic flow* Both of these properties are influenced 

by the strength of obstacles, and necessarily become higher as lower 

aging temperatures are used. The strength dees not follow this trend 

because the embrittlement of the material does not allow the possible 

increase in strength to be realized. 

C.3. Thermo-Mechanical-Treatment (THT) 

One technique successfully used in retarding embrit-

tlcr-ient, particularly at the grain boundaries, in spinodally decom­

posed materials is a thermomechanical treatment (47). Figure 45 

shows the variation in strength with aging time of the TMT material 

and is compared with the purely thermal treatments. Indeed the TKT 

retards the onset of embrittlercent. After 10 hrs aging at 600 C 

there is 10% total elongation compared to 1% for the purely thermal 

treatment. The strength of the material is determined by the high 

level of work hardening instead of age hardening . The yield stress 
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of the as-rolled Material is alaost twice that of the material prior 

to colling. The high strength level persists throughout the isothe--

mal aging treatments whereas the isotherully aged material produces 

the standard age hardening characteristics. Figure 46 shows typical 

stress-strain curves for the as-rolled (a), 1 hr aging (b), and 100 

hr (c) aging conditions. The as-rolled material begins necking 

virtually at the yield point. This feature »s also observed in highly 

deformed materials, such as in explosive loading (48, 49) and is 

referred to as work softening. After aging 1 hr at 600 C, some anneal­

ing occurs, as seen by some work hardeniny in Pig. 46b. However, the 

yield stress does not appreciably drop, indicating that most of the 

work hardening has remained. After aging 100 hrs the gatprial is 

embrittled; yet, the material dees shot? yielding, which is signi­

ficantly above the yield for the purely thermal treatment. 

D. Fractography 

D.l. Isothermal Aging 

D.l.l. Alloy A 

The SEM micrographs of the fracture surfaces of 

alloy A when tested in tension are shown in Fig. 47. The as-quenched 

material shows the dimpled rupture fracture surface associated with a 

ductile mode of failure. The fracture surfaces of the material aged 

at 640 C clearly shows the material to be embrittled, particularly 

the grain boundaries. The strength of many grain boundaries hat been 

sufficiently (.educed so as to cause them to separate; yet, not all 

grain boundaries were weakened, since complete intergranular failure 

was not observed. In fact, many grains were observed to individually 

neck and fail in a ductile dimpled rupture fashion (see Fig. 47). 
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The mode of failure is not significantly affected by continc <1 aging 

or.ce the onset of eabrlttlMenc occurs. 

The material aged at £00 C also exhibits evidence of embrittie-

ment, though in this case, both the grain boundaries and the matrix 

material are affected. Figure 47 illustrates the consequence of the 

embrittlement upon the mode of failure when pulled in tension. Aging 

only 20 min at 600 C causes failure to occur through a mixture of 

quasi-cleavage and intergranular failure. After aging 10 hrs the 

typical river pattern associated with cleavage steps are present. 

M^o observed are areas of feathered tongues which are shown in detail 

in Fig. 48. Tongues are generally associated with fracture along 

miurotwins that were formed by plastic deformation in front of the 

propagating crack tip (SO). This tends to indicate that twinning may 

become an important mode of deformation when the material is aged at 

600 C. This could contribute to the loss of ductility; since twinning 

is much less effective than slip in accommodating plastic deformation. 

Confirmation of twinning deformation has been obtained (see Fj^. 60). 

The fracture surfjces of the Charpy V-Notch specimens of alloy A 
o o aged for various times at both 600 C and 640 C are shown in Fig. 49. 

The material in the as-quenched condition failed primarily by dimpled 

rupture. The ductile nature of the failure is expected due to the 

large amount of impact anergy absorbed. The fracture surfaces of the 

material aged at either 600 C or 640 C showed severe embrittlement. 

The material aged at 600 C shewod a mixture of intergranular failure 

and transgranular cleavage, similar to that found r~r the material 

tested i', tension. Aft«r aging for 1 hr at 600 C, Fig. 49 shows 

smooth flat grain boundaries that had failed, along with secondary 

http://or.ce
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cracking that appears to follow grain boundaries. 

Unlike the material aged at 640°C and tested in tension, the 

material aged at 640 C and impact tested shows evidence of both grain 

boundary and matrix embrittlement. The mode of fracture, once the 

embrittleraent occurs, does not change with aging time. 

D.1.2. Alloy D 

The results of the failure analysis of alloy B 

(shown in Pig. 50 for the tensile te6t specimens and Fig. 51 for the 

Charpy impact specimens) are very similar to the results of alloy A, 

except that the onset of embrittlement was significantly retarded. 

h;.ereas alloy A, aged at 600 C for S min, failed in tension in a com­

pletely brittle manner, alloy B remained completely ductile after 20 

min. Aging for 1 hr and longer showed evidence of cleavage, yet the 

amount of grain boundary failure appears to be snail. Also present are 

secondary cracks, indicating that crack propagation normal to the 

direction of the primary crack growth had occurred. Fig. 52 shews a 

detail of a fracture surface from alloy B aged at 600 C for 10 hrs. 

Numerous well-defined feathered tongues are present (e.g. see arrow) 

similar to those found with alloy A. Again, these are generally asso­

ciated with microtwinning. 

Aging at 640 C shows basically the same characteristics as those 

found for alloy A, but the rate at which the embrittlement occurs is 

reduced, fi.s seen in Fig. 50 aging 10 hrs at 640 C embrittles a few 

grain boundaries and after 100 hrs many g-ain boundaries are embrittled. 

As found for alloy A, the individual grains remain ductile, necking of 

individual grains and dimpled rupture fracture surfaces are observed. 

The fracture surfaces of the Charpy impact specimens (see Fig. 

51) show the as-quenched material to be primarily ductile, with some 
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areas of cleavage and sole secondary cracking. Aging at either 

640 C or 600 c has enbrittlcd the Material, as evidenced by the drastic 

drop in Charpy toughness (Fig. 37), and the aode of failure is shown in 

Pig. SI. Alloy B aged at 640 C shows soae Basil areas of diapled rup­

ture, even though the iapact toughness values are very low. The asount 

of grain boundary failure for aging at either 640 C or 600 C is con­

siderably less than that found for alloy A. There is also a considera­

ble amount of secondary cracking present. 

0.1.3. Alloy C 

Alloy C, when pulled in tension, showed charac­

teristics very similar to those observed for alloy B and are illustra­

ted in Fig. 53. The aj-quenched Material exhibits a diapled rupture 

fracture surface, indicating the ductile nature of the Material when 

pulled in tension. When aged at 640 C, the Matrix Material renains 

ductile for the most part, except for some grain boundary failure. 

The material is embrittled very severely when aged at 600 C similar to 

both alloys A and B. 

Charpy impact toughness specimens failed by cleavage for either 
o o 640 C or 600 C aging very similar to alloys A and B. 

D.2. Step Aging 

Figure 54 shows the fracture surfaces of alloys B and 

D when pulled in tension and after various stages of the step aging 

sequence. Figure 54a and b are front alloy D after step 2 {640 C) and 

step 4 (600 C) respectively, and Fig. 54c and d are f'om alloy B 

after step 4 (600 C) and step 5 (580 C) respectively. Figure 54a 

shows a mixed mode of failure? dimpled rupture, cleavage, and inter-

granular failure can be observed, but the material showed necking and 
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good tensile elongation. Further aging to step 4 changed the failure 

to a cleavage node with evidence of secondary cracking. The aechanical 

properties (Pig. 44) indicate embrittlement at this stage. This type 

of failure prevailed throughout all subsequent aging treatments. 

Alloy B, spinodally decomposed by step aging, shows results 

similar to those of alloy D. High temperature aging produced a mix­

ture of both ductile and brittle failure, whereas low temperature 

aging showed only brittle failure. Fig. 54c illustrates the mixture 

of ductile and brittle fracture surfaces observed from the alloy aged 

through step 4 and pulled in tension. Reducing the aging temperature 

by only 20 C to 580 C {step 5) severely reduces the materials duc­

tility (see Fig. 22) and cai'~**s the material to fail by pure quasi-

cleavage as is shown in Fig. 54d. 

Charpy impact specimens of alloy B (Figs. 55a and b correspond to 

steps 4 and 7 respectively) show that brittle failure occurred after 

both high and low temperature aging. This is consistent with that 

found for the isothermally aged material. 

D.3. Thermo-Mechanical-Treatoent (TMT) 

The TMT did not appreciably affect the failure mode cf 

alloy B. As for the isothermally acred material, the fracture surface 

after 20 iiin. aaing at 600 C for both isothermal aging and TMT (shown 

in Fig. 50 and 56a respectively) was primarily dimpled rupture. The 

TMT did, however, tend to increase the amount of grain ooundary 

failure. Continued aging a 600 C eventually embrittled the material. 

Fi<j. 56b shows the fracture surface after aging 10 hour-=. Even though 

failure was by cleavage and the fracture surface looks very similar to 

the case ot isothermally aged material (see Fig. 50) the tensile 

properties were far superior for the TMT material (Fig. 45). 
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VI. DISCUSSION 

A. Age Hardening 

Age hardening in the Fe-Cr alloy* is explained by a •echaaisa 

consisting of both an atheraal (teaperature independent) and a thermal 

(temperature dependent) contribution. The teaperature independent 

part consists of two aechanisas, one based upon the elastic interartion 

between dislocations and the precipitates (26) and the other based 

upon the difference in elastic aodulii for the precipitate and the 

matrix (53). The teaperature dependent part ot the hardening is aainly 

determined by a process where the theraal barriers are represented by 

the energy corresponding to the breaking of cheaical bonds when a dis­

location intersects a Cr-rich precipitate particle (52). In the alloy 

Kc-3UCr aged at 475>C, the hardening produced an increase of 64 ksi 

(441 MP.i) to approximately 120 ksi (827 MPa) when tested at roea 

temperature (52). It was also determined that the atheraal part of 

the strengthening accounted for 78Z of the hardening while the theraal 

part contributed only 22Z. 

The calculation based on tht internal coherency strains that has 

been successfully applied to several spinodal alloy* (8fll) requires 

a two phase microstruccure of coherent parallel lamellae with 

"ifferent lattice parameters in each phase. This CTea;«?s a state of 
utaxial stress in the lamellae. Unfortunately, the Fe-Cr microsLructure 

does not fi f this model since the precipitates are essentially spherical. 

Age hardening in the Fe-Cr-Co alloys appears to be similar to that 

found for the Fe-Cr alloys. Verification of this by calculation is 

difficult because the elastic modulii of the decomposed phases are 

not known. Qualitatively however, the mechanisms can be justified. 

The mechanisms suggest that hardening improves with lower aging 
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temperatures, as is the case of the Fe-Cr-Co alloys. The composition of 

the a and a, phases is further enriched in Fe-Co and Cr respectively 

and the difference in lattice paraaeter between the two phases increased 

as the aging temperature is reduced. The elastic c. "ulii of the two 

phases will be more dissimilar uitb lowur aging tniperatuies because 

the elastic constants are material properties ana by changing the aging 

temperature the compositions of the decomposed phases change (e.g.the 

shear modulus, G, is to a firr*. approximation a linear function of 

composition). Therefore the larger the difference in lattice parameter 

between the a, and a. phases, the greater the strain will be at the 

interface This will cause a greater interaction with dislocations at 

the interlace resulting in enhanced hardening. The interaction 

between dislocations and the a, - a- interface is illustrated in the 

TEH micrograph Fig. 57 (alloy A aged at 640°C for 100 hrs). The 

dislocations are held in the interface leaping around the particles, 

giving the appearance of Orowan type hardening. The areas of 

bright contrast are caused by a o diffracted beam being included in 

the objective aperture. 

An improvement in the hardening can also occur ry improving the 

thermal contribution. Binary Fe-Cr alloys show pronounce* solid 

solution hardening (54). The effects of coamosition on the solid 

solution hardening of the Fe-Cr binary is shown in Fig. 58 (taken from 

ref. 55), the solvent is Cr and solute is either Fe or Co. Lagneborg 

(52) has attributed the hardening to an increase in the lattice 

friction caused by a Peierls-Nabarro mechanises. It was suggested, 

based upon his experiments, that the net effect of alloying iron with 

chromium, with respect to the P-N mechanism, would be a more rigid 

lattice with slightly higher P-N barriers as compared to pure iron. 
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The solid solution hardening of the Fe-Cr-Co system, due to 

chromium concentration, has been studied. Six Cr-rich compositions were 

selected (see Fig. 59) that lie on the decomposed conjugate line 

passing through alloy A. Phase separation will occur along this linej 

therefore, the six compositions correspond to specific ci, compositions 

associated with the appropriate aging temperature as dictated by the 

miscibility gap. Shown in Fig. 58 is the effect of the solid solution 

hardening of these six alloy conpositions. The hardening due to Fe_ _„ 

Co. ? 1 as the solute is more pronounced than Fe but not ms strong as 

Co. Again the Fe-Cr-Co system is very s-ailar to the Fe-Cr system and 

the Peierls-Nabarro mechanism is likely to be operating. 

Along with the solid solution hardening, the mode of deformation 

tend,-: to become predominately twinning with increasing chromium content 

in K—Cr alloys (26). A very similar situation is observed in the 

Ke-Cr-Co alloys. Figure 60 shows a series of SEH micrographs of the 

severely deformed region in the vicinity of a Rockwell hardness indention. 

Figure 60a is of alloy f1 in Fig. 59 (pure Cr) which deformed only by 

slip. Twinning is found in Fig. 60b (alloy i2 in Fig. 59), and deforma­

tion is almost solel> by twinning in Fig. 60c (alloy #4 in Fig. 59). The 

single phase alloy A (Fig. 60) deforms only by slip. This increase in 

twinning as the mod' of deformation can lead to a reduction in ductility. 

This correlates with the evidence of microtwinning in the brittle 

fracture surfaces indicating that twinning may play an important role 

in the embrittlement of the aged Fe-Cr-Lo alloys. 

In contrast to the hard et_ phase, the Fe-Co rich o. 1 phase should 

be soft and quite ductile (56). Typically, che a. phase contains about 

207 Co with very little Cr. ,.t this Cobalt content ordering is unlikely, 

bui more importantly, the critical temperature for ordering is below 



570°C and that quenching in the disordered state is possible (56). 

Mechanical testing of an Fe-26 at -I Co alloy showed it to have a yield 

stress of 29 ksi (200 HPa) with an excess of 20Z plastic strain to 

failure in the disordered state. Even in the fully ordered state 

the yield stress increased to 44 ksi (300 KPa> yet, had greater than 

202 total elongation. 

B. Matrix Erabr it t lenient 

The microstructure of the spinod.il ly decomposed Fe-Cr-Co alloys 

has been .shown to consist of a hard Cr-rich <i_ phase with a soft Fe-Co 

rich' a.phase and the hardness of the a. phase appears to be the con­

trol line factor in the age hardening of these alloys. However, the 

suggested hardening mechanists does not account for the severe Matrix 

embrittlement that occurs when thi i*aterial is aged at 600 C, while the 

matrix material is ductile when aged at 640 C. In an atte*"* to 

understand this effect, an experiment was devised to follow the 

ductility of the a_ phase. T»e a, phase was singled out because as 

previously stated the Fe-Co rich Q. phase is soft and ductile. The 

s.'Tw matnrial n̂d process that was used for the hardness experiment 

was used for a three point bend experiment. The bend angle is a 

measure of the materials ductility, since the greater the bend angle, 

the greater the material may be plastically deformed. Figure 61 shows 

the results of the experiment, as before the solvent is Cr and the 

solute ir Fe_ 7 QCo 7 1* Th e composition of the material has a strong 

influence on the ductility of the material. 

The ductile-brittle transition, due to composition, occurs 

between alloys 3 and 5 with the inflection occuring approximately at 

alloy 4. When this is viewed in light of the location of the mis-

cibility gap at 600 C and 640 C (see Fig. 59) the reason for the 

http://spinod.il
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large change in ductility when aged at 600 C becoaes clear. The 620 C 

miscibility gap passes approximately through alloy 4. Therefore, any CL 

composition associated with higher aging temperatures will be more 

ductile than alloy 4, and any «, coaposition associated with Lower 

â inj* temperatures will be less ductile than alloy 4. Aging at 640 C 

rlcirly creates a ductile ou phase and aging at 600 C creates a brittle 

i phase. 

In addition, the spinodal aicrostructures will enhance the eabrit-

Moment of the aged material. The aicrostrucfcire consists of both a 
o ductile and brittle phase i/ie.1 aged at 600 C, however, the material 

exhibits catastrophic failure* This oeans the ductile phase cannot 

arrest the rrar-v. propagation as might be expected. The inability to 

stop the crack propagation is a coabination of two factors: the connec­

tivity of the x phase and the fine scale of the spinodal aicrostructure. 

The high degree of connectivity of the o; phase in effect make it a 

continuous phase whether it is the major phase or not. Once a crack 

begins to oropagate, it can follow a path preferentially through the 

at phase. Due to the proximity of each successive a phase, the 

stress field preceding the tip of the crack way be kjreat enough to 

initiate a crack in the next o. phase before the crack would actually 

reach the 0-, phase and become blunted. 

Another microstructurai feature that could lead to premature 

failure that is visible in Fig. 12c, is the rod-like nature of each 

phase. Because the rods show a great deal of connectivity, they rake 

very irregular shapes. Where the rods are sharply bent a high stress 

concentration can result, which would directly contribute to dete­

rioration of the fracture properties. 
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C. Grain Boundary Embrittlenent 

In addition to the matrix enbrittlenent that occurs with 600 C 

aging, severe grain boundary enbrittleacnt has been observed after both 

600 ̂ C and 640 C ii^ing. The embrittleracnt is a consequence of a grain 

boundary phase and has been identified as J—phase, in ^greeaent with 

previous work on Fe-Cr-Co alloys (14). Sigaa is known to be a hard and 

brittl • phase and orcferentially foims at grain boundaries. Th«» 

formation of ' leads * deterioration of the mechanical properties and 

particularly the itnp.,ct toughness. This was also found to be true in 

this work. Alloy 1 aged at 640 C serves as .in exaaple of th«* influence 

nl tlu ' phase on the mechanical properties. Fig. 35 shows no drop in 

elongation t-ven for long aging tines yet r'ig. 37 shows a very rapid 

and seven.- drop in (Sharpy impart tough.less. 

The morphology of the • phase desciibtd previously indicates th«-

" precipitates preferentially along particular typos of grain boundaries. 

Th i s selert ive nature explains the fracture surfaces of the alloys aged 

at 640 C, Fig. 26, for example, shows alloy A a?ed at 640 C tor 20 min. 

and 10 hrs. Many grain boundaries have clearly separated yet each 

.train apparently necked and failed instead of bcinx pulled apart. This 

l nd ie.ite some ,;ra in boundar ies must be st rong enough to withstand 

the applied load. These grain boundaries are most likely the ^rain 

boundatic; without 

I). Comparison of Magnetic and Mechanical Properties 

The methods of" controlling magnetic properties ace in principle 

very similar to t hose for control 1ing mechanical properties. Of the 

main parameters of interest in hard permanent magnets, only Lhe 

s Icurat ion magnet izat ion (4rl<?> is not structure sersi t ive and 

decomposition will have little effect on it. The other parameters 

http://ie.it
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of general interest, the magnetic reunc: (B ) and the coercive force 

(H ) arc- structure sensitive. The remanence is improved by a thermo-

magnetio-treatment by elongating the magnetic Fe-Co phase in the 

direction of the applied field (14). The coeicive force, however, 

dpponds upon the strength of a barrier to impede domain wall Movement. 

This Is improved by increasing the difference in composition between 

the two decomposing phases. Step aging has been found to bean effective 

method to increase H in Fe-Cr-Co alloys. (14, 17). c ' 

The mechanical aR" hardening of spinodal alloys is also structure 

.tensitivi . In th's and previous work (11) the mechanical age hardening 

h.-is bt-cn showm to be primarily a function of composition of the 

cJiTf.iiipos i nĵ  phases. Due to the eabrt tt lement encountered with the Fe-

(*,r-('o .illoys hardening was necessarily monitored by aicrnhardness. In 

,tny tvi-nt the magnetic paramenter most similar to micrchardness is 

clearly the coercive force. This is illustrated in Fig. 44. BoU-

parameters are increased by lower temperature aging, which is expected. 

Controlling magnetic properties is somewhat more difficult than 

Lhc motnanical propert ies in spinodal systems, since th« mechanical 

properties tend to be independent of morphology 'f their aicrostructurc 

while the magnetic properties are not only sensitive to composition 

but to morphology also. Unfortunately one aspect o» the mechanical 

properties Chat is a consequence of decomposition of F~-Cr-fo alloys 

is the severe embrittlement. Th.. aiioy compositions required to 

produce good magnetic properties are destined to be brittle in the 

hardened condition. Jf a truly ductile hard magnet is desired, further 

alloy design is required to get away from the very brittle u-, 

composition as illustrated in Fig. 61. 
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VII. SUMMARY AND CONCLUSIONS 

The Fe-Cr-C-> alloys used in this investigation all had simi'ai 

basic characteristics. They i-ll decompose by spinodal decomposition 

with resulting â e hardening. Aging at high temperatures (e.g., 640 C) 

caused rather m.Id hardening and did not appreciably affec: the tensile 

elongations. However, due to the formation of 0 at the grain boun­

daries, the alloys are embrittled. The embrittleirent is most noticeable 

with the drop in the Charpy impact toughness* which is similar to the 

'• embrittled stainless steels containing chromium. The a for^s 

preferentially at grain boundaries due to its sluggish growth kinetics. 

Thv :ror*jhology of the o is very dependent upon the aging time and the 

ci'.jr actor of the grain boundary, i.e., the degree of misorientation of 

the grains forming the c,rain boundary. 

Low temperature aging had a much unfi-icnt effect on the alloys. 

Indeed the hardening at the low temperatures (e.g. , 600 C; was far 

greater than had occurred with the high temperature aging. Unfortu­

nately, with the low temperature aging not only was n found at _*rain 

boundaries, but the matrix material was embrittled also. The tensile 

specimens typically failed with little or no plastic deformation in a 

brittle catastrophic fashion whereas the alloys aged at 640 C showed 

good rctrix duc'.ility. Due v.o the brittle nature of the aged material, 

teusile testing did not give an accurat? representation of the age 

hardening response. Using micirohardness the alloys aged at the lower 

temperature showed a considerable increase in hardness O V T the alloys 

aged at the higher temperature. This is in agreement with other work 

on spin* 'al alloys (11}. The presence of 0 at the grain boundaries 

only enhances the embrittlement at 600 C and this is again evident 

from the very low Charpy impact toughness values measured. 
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The method of step aging produces only a Marginal effe on the 

morphology of the spinodal Microstructure as the aging temp .ore is 

lowered, yet it greatly affects the composition of the dec-imposing 

phases. Measurements of the strength and hardness indicate that har­

dening improves with lower aging temperatures. However, ductility of 

the material is strongly influenced by the aqing temperature. In fact 

changes of 20 C in the aging temperature have profound effects on the 

ductility. This implies that the ductility is independent of the 

spinodal morphology but strongly dependent upon the composition of 

the a, and a„ . 

1 2 phases. 

The strong influence of the aging temperature on the ductility is 

CIJO to the solid solution hardening of the a (Cr rich) phase. The 

a phase behaves similarly to c*"*th the Fe-Cr and Co-Cr binary systems 

in that the solid solution hardening can be quite remarkable. The 

peak hardness occurs at approximately 80% Cr, but associated with this 

hardening is a rapid drop ?:i ductility. This shows that the composi­

tion of the a_ phase is very critical with regard to ductility, since 

the aging temperature significantly affects the composition of the a_ 

phase. In fact, aging at 640 C leaves a ductile a phase while aging 

at oQO C leaves a brittle a phase. One possible source of the embrit-

tlement of the a phase is the change from slip to twinning as the mode 

of deformation, which occurs with increasing amounts of chromium in the 

a phase. This is refieJted in the evidence of microtwinning in the 

cleavage faces of the fractured tensile specimens. 

After embrittlement, alloy A shows a drop in the fracture stress, 

whereas alloys B and C show no drop. Tnis is an effect of the large 

rfr-air! size associated with alloy A. Alloys B and C have a much 
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smaller grain size than alloy A. The lower solution treating tempera­

ture allowed for alloys B and C is the major reason for the reduction 

in ̂ raiii size. Alloy A requires a very rugh solution treating tempera­

ture, ?300 C/ where grain growth is very rapid. Therefore, alloys 

B and C have a considerable advantage over alloy A in that they are 

both easier tc process and result in superior properties. The mechani­

cal properties of alloys B and C do not degrade as severely as alloy A 

but unfortunately the additions of V and V + Ti only retard tne embrit-

tlement,not eliminate it. 

Another Ji. thod successfully used in retarding the embrittloment 

is the thermomechanical treatment applied *-o alloy B. Good elonga­

tions and very high tensile strengths were observed, but magnetic 

measurements must first be made in order to determine if the method is 

compatible with satisfactory magnetic properties. 

The magnetic properties and tha mechanical properties are both 

affect-.'* by spinodal decomposition. It has been shown that the mechani­

cal hardening, i.e. yield stress, is analogous to the ya^netic har­

dening, i.e. coercive force (11 ). The method of step aging is the 

most effective method of improving both the mechanical hardness and 

the o-*reive force (II ), i.e. both properties improve with reduced 

aging temperature. 

Hardening cue to spinodal decomposition appears to be quite 

similar to that found for the aged Fe-Cr "binary alloys. The addition 

of Co shifts the miscibility gap to higher temperatures, resulting 

in * more rapid hardening than har, been found for the Fe-Cr alloys. 

Hardening has been explained by a combination of an athermal and a 

thermal contribution*. The athermal or temperature independent part 
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accounts for the ability to pin dislocations at the a. - a_ interface. 

And the thermal or temperature dependent part accounts for the resis­

tance to dislocations passing through the a phase. 



43 

ACKNOWLEDGEMENTS 

The author is grateful to Professor Gareth Thomas for his 

support, encouragement, and patience throughout this study. He would 

like to thank Professor J. W. Morris, Jr. and Professor Iain Fir.nie for 

their review of this manuscript. 

The assistance of the support staff in the Materials and Mole­

cular Research Division of the Lawrence Berkeley Laboratory is deeply 

appreciated. Special thanks is extended to all my friends and 

colleagues that made my stay at Berkeley so truly enjoyable. 

This research was supported by the Division of Materials Sciences, 

Office of Basic Energy Sciences, U.S. Departnent of Energy under Contract 

Number W-7405-Eng-IS. 



44 

REFERENCES 

1. H. Kaneko, M. Homma K. Hakanura, AIP Conf. Proc., 5, p. 1088, 

U971). 

2. G. Y. Chin, 3. T. Plewes, and B. C. Wonsiewicz, J. Appl. Phys., 

vol. 49, p. 2046, March 1978. 

3. B. D. Culity, Introduction to Magnetic Materials, pub. Addison-

Wesle,. 1972, p. 383. 

4. Y. Belli, M. Okada, G. Thutas, H. Henna, and II. Kaneko, J. Appl. 

Phys., vol. 49, 2049, March 1978. 

5. R. w. Carpenter, ACTA Met., 1967, vol. IS, p. 1297. 

6. L. 11. Schwartz, S. Mahajan, and J. T. Plewes, ACTA Met., 

1974, vol. 22, p. 601. 

7. 5. D. Dahlgren, Met. Trans. A, 1976, vol. 7A, p. 1661. 

8. S. D. Dahlgren, Met. Trans. A, 1977, vol. 8A, p. 347. 

9. E. P. Bucler and G. Thomas, ACTA Met., 1970, vol. 18, p. 347. 

10. R. J. Livak and G. Thomas, ACT Met., 1971, vol. 19, p. 497. 

11. K. G. Kubarych, M. Okada, and G. Thomas, Met. Trans. A,.1979, 

vol. 9A, 1265. 

12. R. Lagneborg, ACTA Poly. Scand., Chemistry including Metal­

lurgy Series No. 62, (1967). 

13. E. O. Hall and S. H. Algie, Met. Rev., 1966, vol. 11, p. 61. 

14. M. Okada, Ph.D. Thesis, U. C. Berkeley, 1978. 

15. M. Okada, M. Homma, H. Kaneko, and G. Thomas, "34th Ann. Proc. 

Electron Microscopy Soc. Amer." Miami Beach, Florida, 1976, 

(ed.l L. w. Bailey, p. 606. 



45 

16. M. Okada, G. Thomas, M. Homna, and H. Kani-..o, IEEE Trans. 

Magnetics, vol. Hag-14, No. 4, p. 245, (1978). 

17. y. Belli, M. S. Thesis, U. C. Berkeley, 197B. 

lb. YE. A. Vintaykin, G. G. UrushaJe, J. S. Belyatskaya, and YE. 

A. Sukharouva, Fiz. metal, metalloved, 1974, vol. 38, p. 102. 

19. '..'. Koster, Arch Eisenhuettenw. 6, 113 (1932). 

20. s. Rideout, W. D. Mainly, E. L. Kamen, B. S. Lement, and P. A. 

Beck, Trans. AIME 191, 872 11951). 

21. K. Koster, and G. Hufman, Arch. Eisenhuettenw. 30, 249, (1959). 

22. Ft. M. Fisher, E. J. Dulis, K. G. Carroll, Trans. Met. Soc. 

AIME, JJ7, 690, (195., . 

23. L". 2. Vintaikin -and A. A. Loshmanov, Phys. Met. Metallography, 

1966, vol. 22. p. 473. 

24. R. 0. Williams and 11. W. Paxton, J. Iron and Steel Inst., 185, 

358 (1957). 

25. R. 0. Willia.-.s, Trans. Met. Soc. AIME, 212, 497, (1958). 

26. M. J. Marcinkowski, R. M. Fisher, and A. Szirmao, Trans. Met. 

Soc. AIME, 230, 676, U964). 

27. Y. Imai, M. T-umi/ana, and T. Hasumoto, Sci. Rep. Res. Inst., 

Tohuku University, Ser. A, 1966, vol. 18, p. 56. 

28. R. Lagneboig, ASM Trans. Quart., £0, 67, (1967). 

29. E. z. Vintaikin, V. B. Dimitriev, and V.Yu, Kolonstsov, Fiz. 

Metal. Metalloved., 1969, vol. 27, p. 1131. 

30. D. Chandra and L. H. Schwartz, Met. Trans., 1971, vol. 2, 

p. 511. 

?1. R. Tahara, Y. Makamura, M. Inagaki, and Y. Iwana, Phys. Stat. 

Sol., (a) 41, 451, 1977. 



46 

32. H. Kaneko, M. Homma, K. Nakaaura, and M. Miura, IEEE Trans. 

Magnetics, vol. Hag-8, p. 347, Sept. 1972. 

33. L. M. Magat, G.V. Ivanova, T.. p. Lapina, L. V. Solina, and Ya. 

S. Shur, Fiz. metal. Metal. ived., 1975. vol. 40, p. 43. 

34. '. Kaneko, M. Hoiama, T. Fukunaga, and H. Ckada, IEEE Trans. 

Magnetics, vol. Mao-11, no. 5, Sept. 1975. 

35. II. Kaneko, M. llomna, and T. Minowa, IEEE Trans. Magnetics, 

vol. Mag-12, p. 977, Nov. 1976. 

36. II. Kaneko, M. Honraa, K. Nakamura, M. Okada, acid G. Thoaas, IEEE 

Trans. Magnetics, vol. Mag-13, p. 1325, (1977). 

37. II. G. Schdller and p. Schwaab, Z. Metallkundle, I960, vol. 51, 

p. 81. 

36. •. A. Read and E. H. Thonas, IEEE Trans. Magnetics, 1966, vol. 

tfag-2. No. 3, p. 415. 

39. J. W. Cahn, Trans. TMS-AIHE, 1968, vol. 242, p. 166. 

40. J. F. Hilliard, Phase Transformations. H. I. Aaronson, ed., 

p. 497, 1968 .̂SM Seminar, ASM Metals Park, Ohio. 

41. M. J. Marcinkowski and D. S. Miller, Phil. Mag., 1962, vol. 7, 

p. 1025. 

42. M. J. Blackburn and J. Nutting, J. Iron and Steel Inst., 202, 

p. 610, (1964). 

43. D. Coutsouradis, J. M.Drapier, E. Diderrich, and L. Habraken, 

Cobalt, 3_6, 144 (1967). 

44. D. J. Abson and J. A. Whiteman, J. Iron and Steel Inst., 208, 

594, (1970). 

45. ASM Handbook Eighth Edition, Vol. 8, Metallography, Structures 

and Phase Diagrams, 1973, p. 98. 



47 

46. N. J. Petch, J. Iron and Steel Inst., vol. 173, (1935), p. 25. 

47. J. T. Pleves, Met. Trans. A, 1975, vol. 6A, p. 537. 

48. K. P. Longo and B. E Reed-Hill, Scripta Met., vol. 4, (1970), 

p. 765. 

49. M. A. Meyers, Met. Trans. A., vol. 8A, (1977), p. 1582. 

50. ASM Handbook, Eighth Edition, Vol. 9, Fractography and Atlas 

of Fractographs, pub. 1974, p. 69. 

51. Grain Bou daty Structures and F.cperties. G. A. Chadwick and 

D. A. Smith, eds., A. P. London, 1976. 

52. R. Lagneborg,ACTA Met., vol. 15, 1967, r. 1737. 

53. R. 0. Williams, ACTA Met., vol. 5, 1957, p. 385. 

54. D. J. Maykuth ar.d R. J. Jaffee, Ductile Chromiun. p. 229, The 

American Society for Metals, 1957. 

55. J. R. Stephens and H. D. Klopp, Trans. Met. Soc. A1ME, 242, 

1837, (1968). 

56. M. J. Marcinkowski, Journal of Metals, vol. 93, 476, (1964-

65). 

57. R. Gronsky, Ph.D. Thesis, U. C. Berkeley, W 6 . 



FIGURE CAPTIONS 

Pig. 1. Demagnetized curves of various coanercial Magnets in 

comparison with the Fe-Cr-Co alloys (Ref. 14). 

Fig. 2. Isothermal sections of the Iton-Chromiutn-Cobalt ternary 

systeir according to Rioter (19) and Rideout, et al. 

(Hef. 20). 

Fig. 3. Vertical section of the Fe-Cr-Co phase diagram at 15 

•->t% Co. Diagram represents phases present after the 1 hr 

holding time (Ref, 35). 

Fig. f . Vertical section of the Fe-Cr-Co phase diagrao at 15 

wt% Co and 5 wt% V. Diagram represents phases present 

after 1 hr holding time (Ref. 35). 

Fia. 5. Vortical section of the Fe-Cr-Co phase diagram at 15 

ut% Co, 3 wt% V, and 2 wt% Ti. Diagram reprsents phases 

present after 1 hr holding time (Ref. 35). 

Fig. 6. (a) Miscibility gap of anaphase in the Fe-Cr-Co system 

(Ref. 36). (b) Vertical sections of the miscibility gap 

along the conjugate line A, B, C, and D shown in Fig. 6a 

(Ref. 14). 

Fig. 7. Schematic diarram of the step aging method. However, the 

thermomagnetic treatment was not used (Ref. 17). 

Fig. 8. Schematic diagram of the step aging method used en alloy D. 

Fig. 9. Sketch of the round tensile specimen. 

Fig. 10. Sketch of the Charpy v-notch specimen. 

Fig. 11. TEM micrograph of alloy B quenched from 1000 C to ice water. 
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Fig. 12. TEM micrographs of the isothernally aged alloy A at 600°C 

for 1 hr (a), 10 hrs (b), and 100 hrs (c), and at 640°C for 

1 hr (d), 1C hr (e), and 100 hrs (f). 

Fig. 13. TEM micrographs of the isothersaally aged alloy B at 600°C 

for 1 hr (a), 10 hrs (b), and 100 hre (c), and at 640°C for 

1 hr <d), 10 hr (e), and 100 hrs (f). 

Fig. 14. Spinodal wavelength vs. isothermal aging tine. Alloy A 

aged at either 600 C or 640 C. 

Fig. 15. Spinodal wavelengt!. vs. isothermal aging tine. Alloy B 
o o 

aged at either 600 C or 640 C. 

Fig. 16. TEM micrographs of the step aged alloy D after step 2 

(640°C> (a), ami step 4 (600°C) (b). 

Fig. 17. Optical micrograph showing the grain structure of alloy A. 

(a> low magnification, (b) high magnification showing 

inclusions and pinned grain boundary. 

Fiq. 18. Optical micrograph showing the grain structure of alloy B. 

Two areas are pictured, showing the nclusions and pinncJ 

grain boundaries. 

. :. ;9. TEM micrograph of alloy B aged at 600 C for 10 hrs. Grain 

boundary ginning by an inclusion is illustrated. 

: .•.!. ;o. TLM .-..icrograph of alloy B aged at 640 C for 10 hrs. Grain 

boundary pinning by an inclusion is illustrated. 

Fi'j. 21. Alloy A aged at 600 C for 1 hr, (a) is an optical micro­

graph showing typical grain boundaries and (b) is an SEM 

micrograph of such a grain boundary with three areas 

indicated. The lower x-ray energy spectrum corresponds 

to the inclusion, indicating it is very rich in Chromium. 
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The upper x-ray spectrum compares the composition of the 

matrix material (dots) with the grain boundary material 

(bars), indicating the grain boundary is rich in Chromium. 

22. An SHM micrograph of alloy A aged at 640 C for 1 hr and sub* 

sequently swaged 20% reduction in area, (tote grain boun­

daries fall, but matrix material is ductile. 

23. Optical micrograph of the step aged alloy D (a) step 3 

(600°C) (b) step 4 (580 C), showing the grain boundary 

phase. 

24. !a) Bright field (b) dark field pair of a grain boundary 

in alloy A aged at 640 C for 100 hrs. (c) is an SAD of the 

grain boundary area, indicating 0 is the grain boundary 

phase. The [OTOJ o spot was used to form the dark field 

image. Due to the proximity to the transmitted beam, 

some contrast from the matrix material is evident in the 

image. 

25. Bright field (liF)-dark field (DF> pair snowing 0 ir. alloy 

A aged at 600 C for 1 hr. 

26. Dark field (a) bright field (b) pair showing c in alloy A 

ajed at 600 C for 5 hrs. 

27. Siyma at the grain boundary in alloy A aged at 640 C for 

10 hrs. 

28. TEM micrographs showing the morphology of the c in alloy 

B aged ar 600 C for 1 hr. (a) bright field ,o> dai* field 

and at 6003C for 100 hxz (c) bright field (d) dark field. 

29. TEM micrograph of a triple grain junction. Differing ar-j-nts 

of a are present depending upon misorientation. Alloy B 

aged at 600 C for 100 hrs. 
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Fig. 30. TEH Micrograph of a triple grain junction. Alloy B aged at 

640°C for 1 hi. No a is present. 

Fig. 31. TEH micrograph of a triple grain junction. Alloy B aged at 

640'C for 10 hrs. Amount of o present changes uith degree 

of Disorientation. 

Fig. 32. Yield stress or fracture stress and elongation of the iso— 

thermally aged alloy A vs. aging tiae. The circles and 

squares indicate aging at £Q0°C and 640°C respectively. 

Total elongation is shown with open JT irbols, uniform elon­

gation is shown with closed symbols, and the partially 

closed symbols refer to the total and uniform elonga­

tions being equal, i.e. no necking. 

Fig. 33. Vickers raicrohardness of the isothermally aged alloy A vs. 

aging time. 

Fig. 34. Charpy impact toughness of the isothermally aged alloy A 

vs aging time tested at room temperature. 

Fig. 35. Yield st-ess or fracture stress and elongation of the 

isothomally aged alloy B vs aging time. The circles and 

squ-jes indicate aginq at 600 C ard 640 C respectively. 

Total elongation is shown vith open symbols, uniform elon­

gation is shown with closed symbols, and the partially 

closed symbols refer to the total and uniform elongations 

being equal, i.e. no necking. 

Fiq. 36. Vickers microhardness of the isothermally aged ?lloy B vs 

aging time. 

Fig. 37. Charpy impact toughness of the isoth^rmally aged alloy B 

vs aging time. 



38. Yield stress or fracture stress and elongation of the 

isothermally aged alloy C vs aging time. The circles and 

squares indicate aging at 600 C and 640 C respectively. 

Total elrngation is shown with open symbols, uniform elon­

gation is shown with closed symbols, and the partially 

filled symbols refer to the total and uniform elongations 

being equal, i.e. no necking. 

39. Vickers microhardness of the isothermally aged alloy C vs 

aging time. 

40. Variation of Rockwell " C hardness and Vickers microhardness 

of the step aged alloy h with aging ?tep The circles and 

squares refer to the raicroharaness and the Rockwell "C 

hardness respectively. The arrows indicate the appropriate 

units. 

41. Variation of Rockwell "C" hardness and Vickers microhardncss 

of the step aged alloy B with aging step. The circles and 

squares refer to the microhardness and the Rockwell "C" hard­

ness respectively. The arrows indicate the appropriate 

units. 

42. Variation of Rockwell "C" hardness of the step aged alloy 

C with aging step. 

43. Yield stress or fracture stress and elongation of the 

step aged alloy B vs aging step. The open symbols refer to 

the uniform elongation, and the partially closed symbols 

refer to the total and uniform elongations being equal, i.e. 

no necking. 

44. Yield stress or fracture stress, Vickers microhardness and 

coercive force of the step aged alloy D vs aging step. 
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AS. Yield stress and total elongation of the thernoveeh&nically 

treated alloy B vs aging time, shown for comparison is the 

yield stress or fracture stress and elongation of the iso-

theraally aged alloy B vs aging tine. The closed symbols 

refer to the step aged alloy and the open symbols refer to 

the isothermally aged alloy 

46. The stress-strain curves of the thernomechanirally aged 

alloy B for the as-rolled condition (a), and isothermal 

aging at 600 C for 1 hr (b), and 100 hrs tc). 

47. SEM fractograp>s of alloy A pulie^' in tension, shown in 

the as-quenched condition, aged at 600 C for 20 min (Fig. 

47a upper photo), 10 hrs and 100 hrs (Fig. 47b upper 

photos) and aged at 640 C for 20 nin {Fig. 47a lower photo) 

and 10 hrs (Fig. 47b lower chcto) . 

48. SEM fractograph of alloy A aged at 600 c for 10 hrs and 

i ullcd in tension, showing uhe presence of feathered tongues. 

•49. CVN fractographs of alloy A, shown in the as-quenched condi­

tion, aged at GOO C for i hr (Fig. 49a upper photo), 5 hrs 

and 10 hrs (Fig. 49b upper photos), and aged at 640 C 

for 1 hr (Fig. 49a lower photo), 5 hrs and 10 hrs (Fig. 

4 9b lowtr photos). 

50. SEM fr^ctographs of alloy B pulled in tension, shown in 

the as-quenched condition, aged at 600 C for 20 min (Fig. 

S0a upper photo), 10 hrs and 100 hrs (FIT. 50b upper photo), 

and agod at 640 C for 20 min (Fig. 50a lower photo), 10 

hrs and 100 hrs (Fig. 50b lower photo). 
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51. CVrJ tractographs of alloy B, shown in the as-quenched condi­

tion, aged at 600 C for 1 hr (Fig. 51a upper photo), 

5 hrs and 10 hrs (Fig. 51b upper photos), and aged at 

640 C foe 1 hr (Fig. 51a lower photo), 5 hrs and 10 hrs 

(Fig. 51b lower photos). 

52. SEM fractograph of alloy D aged at 600 C for 10 hrs and 

pulled in tension, showing the presence of feathered 

tcngues. 

5i. SEM fractographs of alloy C pulled in tension shown in the 

ac-quenched condition, aged at 600 C for 10 hrs and aged at 

640°C for 10 hrs. 

D4. SUM fractographs of the step aged material 

Alloy D: (a) step 2 (640°C), (b) step 4 (600°C) 

Alloy B: (c) step 4 (600°C), 'd) step 5 (500°C). 
o 

55. CVN fractographs of alloy B step aged, (a) step 4 (600 C) , 

(b) step 7 (540°C). 

56. SEM fractograph of the thcrmumechanically treated alloy B 

(a) aged at 600 C for 20 min (b) aged at 600 C for 10 hrs. 

57. TEM micrograph of alloy A aged at 640 C for 100 hrs. Dis­

locations are seen to lie in the u. - a interface. The 

areas of bright contrast are caused by a - difrracted beam 

being inside the objective aperture. 

58. The variation in solid solution hardening of Cr (solvent) 

with various alloying additions (solute). The Fe and Co 

data are from Stephens and Klopp (Ref. 55). 

59. Six Cr-rich compositions and their relationship to the 

miscibility 9ap in the Fe-Cr-Co system. Each composition 



corresponds to an a composition associated with a specific 

aging temperature. 

Fig. 60. SEM micrographs in the vicinity of a Rockwell "C" irdr.ntion 

of the alloys no. 1 (a), no. 2 (b), no. 4 [c), and alloy 

A (see Fig. 56). 

Fig. 61. The variation in three point bend ductility as measured by 

the bend angle vs conposition of the Cr rich phase. Cr is 

the solvent and Fe Co is the solute. 
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