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ABSTRACT

The relationship between the microstructure and mechanical properties
of spinodally decomposed Fe~-Cr-Co ductile permanent magnct alloys has been
investigated using transmission electron microscopy. electron diffrac-
tion, tensile testing, and Charpy impact testing. Isothermal aging
and step aging of four alloys (Fe-28wtiCr-15wt8Co, Fe~23wteCr-15-wtsCo-
SwtiV, Pe-23wtiCr-15wtiCo-3wtiV-2wtiTi, and FPe-31lwt8Cr-23% Co) resulted in
decomposition into two phases, an PFe-Co rich (ql) phase and a Cr rich
("2) phase. The microstructural features of the decomposition products
were consistent with those expected from a spinodal reaction and agree
with the reported work on the Fe-Cr-Co system. An Ve-23wt8Cr-15wtiCo-
5wtV ailoy was found to have, among the four alloys., the best coabi-
nations of strength and ductility.

Isothermal aging of the alloys increased their strength appreciably,
however, this increase in strength is accompanied by severe embrittle-
ment. Two forms of embrittlement were detected. At higher agino tem-
peratures (e.q. 640°C) a grain boundary o phase was formed, primarily
resulting in lowered Charpy impact toughness values. At lower aging
temperatures (e.qg. GFOOC) matrix embri-tlement occurred, which greatly
reduced the tensile ductility and the Charpy impact toughness. This em-
brittlement has been attributed to the enrichment in Zhromiux of the
02 phase, resulting in it being embrittled. The alloying additicns of
V and V + Ti retard the embrittlement Ly allowing a reduction in the
qrain size, but they do not eliminate the embrittlement. The applica-
tion of a thermomechanical treatment, in addition, was found to improve
ductility.

Fundamentals of the hardening due to spinodal decomposition are
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discussed as is their relationship to previous work on the Fe-Cr
gsystem. The hardening is attributed to a combination of three mechan-
isms. These are based on t.he elastic interactions between dislocations
and predpitates the difference in elastic modulii between precipitate
ard matrix, and the energy required in breaking chemical bonds when a

dislocation cuts through the precipitate.



I. INTRODUCTION

Development of permanent magnet alloys that not only possess good
magnetic properties but also exhibit sufficient ductility to facilitate
their processing into complicated shapes is an area of great metallur-
gical interest. The recent work of Kaneko et al. {1} has demonstrated
that the alloys based on the Fe-Cr-Co ternary system not only have
excellent magnetic properties but are ductile prior to magnetic aging.
These Fe-Cr-Co alloys have been suggested as possible replacements for
the presently used ductile permanent magret materials (e.g. Fe-Co-V,
Cu-Ni-Fe, Fe-Co-Mo alloys) and some of the Alnico alloys (e.g. Alnico
V). Figure 1 shows the demagnetizing fields of several ductile magnets
ard an Fe-Cr-Co alloy. Clearly, the Pe-Cr-Co alloy has magnetic prop-
erties superior to the other available materials. The magnetic proper-
ties of the Fe-Cr-Co alloys ran equal those of some of the Al)nico
alloys; yet, are far easier to manufacture into finished pieces. Where-
as parts made from Alnico alloys must be either cast or sintered,
fabrication of magnetic parts with the Fe-Cr-Co alloys may Le done using
standard metal working technigues (e.g. rolling, stamping, €tc.).

Recently the Fe-Cr~Co alloys have been introduced as pussible
commercial replacements to the ductile Remalloy (Fe-Co-Mo) presently
in use in the telephone industry. Telephone receivers require a cup-
shaped permanent magnet that is traditionally made from Remalloy, which
must be stamped at 1250°C. an alloy based on the Fe-Cr-Co system,
called Chromipdur,(2), has been developed to take advantage of the
alloy's ductility so that the pieces may be stamped at room tempera-
ture while maintaining magnetic properties comparakle to those of the

Remalloy.



The four miin parameters that describe magnetic properties are:
saturation magnetization (47Is), remanent magnetization (Br), coercive
force (Hc), and the energy product ((BH) max). Only the saturation
magnetization is not a structure sensitive property, whereas the other
three properties may be affected by metallurgical processing. This
allows the possibility of technologically controlling the magnetic
properties by controlling the microstructural features.

In general, there are ‘wo types of magnetic hardening mechanisms
{3). In one case, the matrix material is ferromagnetic and the motion
of domain boundaries is impeded by dislocations, inclusions, and preci-
pitates (e.g. magnet steels, Fe-Co-MO (Remalloy), some rare carth zmrj-
nets). In the other case, small ferrcmagnetic particles below a criti-
cal size at which domain walls cease to exist are embedded in o non-
magnetic matrix. 7n this case, the magnetic particles are single
domains and to change the direction of the magnetization requires a
rotation uof the magnetic mcments of the single domain particles since
there are no domain boundaries present. The s*nale domain particle
mechanism is usually considered to give higher coercive forces. The
required morphology for single domain particle magnets has been pro-
duced by powder metallurgy {(e.g. Ba-Ferrite and some rare-earth Cobalt
magnets) and hy spinodal decomposition (e.g. Cu-Ni-Fe, Alnico, and Pt—Co
alloys, and some rare—earth Ccbalt magnets containing Cu).

The Fe-Cr-Co alloys are age hardenable magnetic alloys that also
derive their excellent magnetic properties from spinodal decomposition.
When the material is aged inside the miscibility gap, decomposition
into two isomorphous phases occurs, one Fe-Co rici (ul) and the other

Cr-rich (az). It is reported that the magnetization reversal process



of an Pe-23Cr-15Co-5V alloy occurs by domain wall pinning as oppaosed
to single domain particles (4). The domain walls in the Cr-rich (nz)
phase get pinned by the Fa-Co rich (a.l) particles which implies that
the Curie temperature of the a, phase is above room temperature. How-
ever, :if the composition of the 02 phase is altered so that the phase
is paramagnetic, the magnecization mechaniem will become a single
domain particle mechanisa.

In additicn to the effects on the magnetic properties of alloys,
spinodal decomposition also has profound effects on the mechanical
rardening of alloys. Considerable effort has been directed toward
studying the meckiaical properties of spinodally decomposed alloys
{5-11). Generally, the increase in yield strength of the aged material
is most sensitive to the difference in lattice parameter between the
two decomposing phases (7, 8, 9, 11). The lattice parameter difference
is solely a function of the aging temperature since, as lower aging
temperatures are used, greater phase separation occurs, shich in turn
increases the difference in the composition and the lattice parameter
between the two phases.

The presence of the miscibility gap in the Pe-Cr-Co ternary system
is an extension of the miscibility gap from the binary Pe-Cr system.
Many Fe-Cr alloys shcw a remarkable age hardening iesponse; anfortu-
nately, associated witn this increase in strength the material is sev-
erely embrittled. The embrittlement of the aged material is believed
to be a direct consequence of the decomposition products (12). Tris
has come to be known as "475°C embrittlement” and differs from tne
embrittlement of stainless steels containing Cr {13). The embrittle-

ment of stainless steels held for long times at <levated temperatures
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is due to the formation of a grain boundary ¢ phsse. Sigma is a hard
brittle Chromium rich phase, whose sluggish growth kinetics favor forma-
tion at grain boundaries. The presence of 0 in the aged Fe-Cr-Co

alloys has been detected {14). The phase is nonmagnetic. Due to its
relatively small volume fraction, it has only minor effects on the mag-
netic properties of the alloys. The mechanical properties, however, as
as with the stainless steels, may be significantly affected by the
presence of sigma.

Controlling physical properties of a material by altering its micro-
structure is a fundamental procedure in materials science. Spin-.dal
drcomposition {s a phase transformation that allows such control, and
the microstructucal effect on the magnetic properties of the Fe~Cr-Co
alloys has Leen very thorouably studied (4, 14-18). Yet to date,
little informacion on the mechanical properties of the Fe-Cr-Co
alloys and their relationship to the microstructural features exist
in the literature. It is the intent of this work to investigate the
effects of alloy compositions and heat treatments on the mechanical
properties of the Fe-Cr-Co alloys. Here, the mechanical properties
have been measured by tensile testing and Charpy impact testing. The
morphology and the microstructural details have been investigated by
transmission electron microscopy, scanning electron microscopy, and
optical metallography. Finally, the correlation between th. micro-

structure and the mechanical properties has been established.



II. LITERATURE REVIEW

Iavestigations of the Fe-Cr-Co teta.ry puas. diagram bave been made by
Koster (19), Rideout ez al. (20), and Kostuvr and Hofman (21). FPigure
2a-c are the isothermal sections at 1100‘&. 700“&. and aoo“h. respec-
tively. Figure 2a snovs two solid solution ficlds ionc 1 (fcc) phase
and one aq {bec) ohase) aloag with their relationship to the phase that
extends from the Co=Cr binary s/ stem. At Iower temperatures, the ° phase
field stretches across the ternary d weram {rom the O JIr binaty tu the
Fe-Cr binary (Fig. 2b,c). Hua2ver, no scctions of the diagram below
600°F vere mentioned in this work.

The existence of 3 miscibility gap in the Fe-Cr b nary system was

first suggested throug’ the work of Fisher, Pulis, and Carrol? (22).
They found spherical precipitates ahout zmﬂ in diameter §n 3 28.9% a1t .2
steel aged 1 to 3 ye>rs at 4757C. The precipitates were nommagnetic,
had a bce structure vith a lailice parametcr between those of pure Fe
and Cr and contained approximately BO at .Z Cr. HNeutron diffraction studjes
(23) indicated clustering when aged at 475 C. Williams and Paxton (24) and
Williams (25) confirmed these results and proposed the cxisicnce of a
miscibility gap below the - phase region inm the phase diagrawm. Similar
results were obtained by Marcinkowski, Fisher, and Szirmac (26).

Spinodal decomposition as the aode of decemposition in the Fe-Cr
binary system was first proposed by Imai, Tzumiyana, and Macuncis 127}
on the basis of magnetic and electrochemical measurements. Lagaeborg (28)
studying am Fe-30Cr alloy aged at ecither 475°C or 550°C concluded that
the phase separatioa occurred by spinodal decomposition st the lower
temperature but by nucleation and growth at the higher temperature.
The electron microscopic results of Vintaikin et al. (29) also suggest

the possibility of spinodal decoaposition. These sugfpestions of spinodal



decumporition ar: based on indirect cvidence; however, work using
Mossbauer spectroscopy has directly identified the phase separation to
be by spinodal decompusition. Chandra and Schwartz (30) confirmed the
existence of a miscibility gap and that phase separation proceeded byr
spinodal decomposition in an Fe-60Cr alloy. They also determined that
decomposition by nucleation and growth occurred with compositions of
12-30 at .% Cr when aged at 47C.

Kancko, Homma, and Minowa (1) discovered that additions of Cobalt
to the Fe-Cr hinary extended the miscibility gap into the ternary system.
It was determined that spinodal decomposition was the mode of phase
scparation which had been confirmed by Mossbauer spectroscopy (31). The
initial alloys studied required high solution treating tcmperatures in
order to ostain a single a phase and a very rapid quench to avoid the
formation of a vy or Jphase. This led to the further alloying with the
so calleda stabilizing elements (eg. Si, Mo, V, Al, Nb, Ti, etc.)
(2,15,32-35). The additions of these elements reduced the size of the
Y-loop resulting in easier heat treating requirements. Figure 3 shows
the phases present after 1 hour holding tim® for a section through the
ternary diagram with the Co content held at 152. The reasons for the
high solution treating temperature and rapid quench are clear]y shown.
The effects of the additions of the stabilizing eleneits are demon-
strated in Figs. + and 5. In this case, the Co contert is held constant
at 15 wtZ but 5 wtX Cr is replaced with eitker Vor V + Ti. The
additions of either the V or V + Ti produced quite a remarkable change
‘n the diagrams. The solution treating temperature may be lowered and
the quenching requirements are eased; in fact, the technique of con-

tinuous cooling has been successfully applied (4).



The approximate shape of the miscibility gap ln the Fe-Cr-Co
ternary system has been determined by Kaneke ¢t al (3%) using mechanmical
hardne$s and Curie tempcrature measurcments. Figure fa shows the misci-
bility gap in the 1 phase of the Fe-Cr-Co system. Also shown are the
approximate dccomposition lines denoted by A, B, C, and P and the pscudo-
binary diagrams associated with these lines are shown 1n Fig. 6b. The
Fu-Cr pseudo-binarv is shown for comparison. The shape of the misci-
bility gap changes quite noticeably with increasing awounts of Co. The
pcak of the miscibility gap is shifted toward the Fe-rich side of the
diagram and to higher temperatures. This tends to skew the miscibility
yap so that it is a:rypraetrie, The | cympetric hate -0 the mi-cibility gap
makes the compasition of the Cr-rich (nz) phase much wore seasitive to
changes in tlie aging temperature than the Fu-Co ricl (.ll phase. The
~ phase field that is present in the Fe-Cr-Co tcrnary phase diagram
extends across the diagram from the Fe<Cr binary to tne Cr—o binary.
Williams and Paxton (24) and Williams (29) first proposed the priscncs
of the miscibility pap below about 520 C. This requires an  (,+,")
cutectoid reaction at this temperature, however, there 15 some discrep-
ency about this reaction (37). In any event, reactions involving
arc always sli2gish at these reduccd temperaturcs. The - phase has a
tetragonal unit coll with 30 atoans per unit coll and in general has
c/av10.52. There is cvidence for an order-disorder transformation
within the r phasc which may account for the very high hardaess ana
brittleness of tte: phase. Commercial stecls containing Cr are often
susceptible to~ formation after proionged .ging at icmperatures of

650-900°C. The phase transformation occurs by a nucleation and growth

mechanism without gross diffusion (i3). Due to the slugrish growth
kinetics the o phase forms heterogeneously at grain boundaries. This

precipitation deteriorates the mechanical properties, particularly



the impact toughness. Sigma phase has been obs:rved at the grain
boundaries in the Fe-Cr-Co alloys {14). Thephase is nonmagnetic at
room temperature (38), however, it has only a slight effect on the
magnetic properties because the volume fraction presgent is generally
rather small.

The mechanical hardening of the Fe-Cr-Co alloys will certainly be
tied to the magnetic hardening, in that both are greatly affected by
microatructures following spinodal decomposition. The theory of spinodal
decomposition is well understood (39,40) and much work on characterizing
its cffects on the mechanical properties (5-11) as well as magnetic
properties (14-18) has been done. In general, the yield strength is
propurtional to the diffirence in lattice parameter 8a (therefore the
composition) between the two deccmposed phases and pearly independect
~f both tie spinodal wavelength (L) and the relative volome fraction
of the two phases (8-11). Dahlgren (8) has proposed a model that pre-
dicts the yield stress of the aged material by performing a calculation
of the internal coherency strain. The model shows that correct dependence
on the lattice parameter differences and has stown good agreement with
the Cu-Ni-Fe spinodal alloys (8,11).

Because the origin of the miscibility gap in the Fe-Cr-Co alloys
lics in the Fe-Cr binary system, it is important to be aware of the
mechanical properties of these alloys. As mentioned earlier, the fi.st
evidence of a phase transformation in Fe-Cr alloys at low temperatures
was from mechanical hardening. The mechanical bardening is quite
remarkable; in fact, there can be greater than « two fold increase in
the diamond pyramid hardness (e.g. ref. 41). Unfortunately, associated
with this increase in hardaess is the onset of seveire embrittlement.

This embrittlement has come to be known at "475°C embrictlment™, since,



most of the work has been done at this temperature. Several explanations
as to the nature of the embrittlement have deen put forth (12,42) but it
is generally accepted that the ultimate reason for the embrittlement lies
in the decomposition that takes place at 47%°C. Two important contribu-
tions to the cmbrittlement are an increase in the yield siress, which
impedes the relaxation of stress concentrations, and *he change to
twinning as tYe major mode of deformation (12). In addition, it was
observed that the yield and fracture stresses have a grain size depend-
cnce. The smaller grain sized material tends to increase the ductility
of the Fe-Cr alloys anu shifts the brittle-transition to longer aging
timvs. Deformation mrior to aging was also found to improve the Juctility
slightly (12).

The precipitation hardening in high strength stainless steels has
been investigated by Coutsouradis et al. 143) and Abson and Whiteman (44).
In either case, the yield strength, UTS, and Vickers hardness were
observed to improve with aging, greater bardening occurred at lower
aging temperatures. The alloys confaining more Co showed better harden-
ing but exhibited poorer ductility and impact zougbness. Atter a_ing at

5009C a finely disprrsed precipitate wa- observed.



TII. ALLOY SOLUTION

Four alloys were chosen for examination in this study, two ace
ternary alloys and two have alloying additions of V and Ti. The nominal
compositions are: Alloy A: Fe (balance) - 28Cc-15Co (w+.Z), Alloy B:
Fe (balance) - 23Cr-15Co-5v (w+Z), Alloy C: Fe (balaunce) - 23Cr-15Co-
IV-2Ti (wsZ), and Alloy D: Fe {(balance) - JICr-23Co (w+Z). Alloy D
was selected for the study because it was one of the first alloys found
to have cxcellent magretic properties and is ductile before magnetic
aging (1). The microstructure of this alloy has since been characterized
in preat detzil (14). It is always desirable to reduce the amount of
allcying elements required; alloy A was selected to show this effect.
The Bell Laboratorv's clloy "Chromindur" is based on *his alley (2)
and the alloy has been extensively studied by Belli (17). An added
benefit of reducing the Chromium content is a reduced likelihood of
forming a sigma phase. Additions of V and Ti were made to this basc
alloy to further reduce the Chrouium and to alter the decowposition
k%inetics which allows for a less severe quenching requirement (35).
In general the alloys werc selected to represent a variety of Fe~-Cr-Co

alloys that may find possible commercial acceptance.

10
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IV. EXPERIMENTAL PROCEDURE

A. Materials Fabrication and Treatmeut

Four alloys were chosen for use during this study, t#o are
ternary alloys and two have alloying additions of V and Ti. The base
alloys: Alloy A, Fe(balance)-28Cr-15Co (wtZ) was sclected becausc of
its exceilent magnetic properties (35) and its promise of becomirg 4
commercially importamt alloy. The additions of V and Ti arc suggested
by the phase diagrams chown in Fig. 4 and 5. - these alloys 5 wtl Cr
is replaced with either V or V + Ti; the compositions are: Alloy B,
Fe(balance~-23Cr-15Co-5V (wtZ) and Alloy C, Fe(balarce)-23Cr-15Co-3V-
2Ti (wtZ). Another alloy, Alloy D, Fe(balance)-31Cr-23Co (wt2) was
investigated in order to compliment the rather detailed work on the
alloys magnetic properties (14;. To aid as a deoxidizer 0.5 wtZ Mn
was added to each melt.

Chemical analysis verified the chemical composition to be within
12 of the intended compositions. The major impurity was found to be
nitrogen, only small amounts of carbon were present. Typical values

found were:

Alloy # Alloy B
Carbon: <0.001Z <0.0012Z
Nitrogen: 0.018% 0.0107%

The ingots were vacuum melted and chill cast into copper molds to
avoid segregation. Alloys A and D were homogenized at 1350°C and alloys
B and C were homogenized at 1000°C for 2 days. After homogenization,
the ingots were hot rolled using a square bar mili and swaged at rocm
temperature to the apprapriate finished diameter.

Pricr to aging, the alloys were solution treated at 130092 (alloys

A and D) and 1009°C (alloys B and C) for L hour in am Argon atmosphere.

11
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Isothermal aging was done at either 640°C or 600°C for various times.
To take advantage of the rapid kinetics of spinodsl decomposition at
high aging temperaturesand the large difference in composition of the
two spinodally decomposed phases at low aging temperatures,the method
of step aging has been employed. This technique has shown success in
improving both mechanical properties (11) and magnetic properties (14,
17) of spinodally decomposed alloys. A schemstic diagram of the aging
sequence used for alloys B and D are shovn in Fig. 7 and 8 respeciively.
A thermal-mechanical treatment was used on alioy B which utilized both
cold work and isothermal aging. In this treatment the material was
solution treated, swaged at roos temperature to a reduction of 50I in
cross-section areca and subsequently isothermally aged.

B. Mechanical Testing

Tensile properties were measured from round tensile bars whose
dimensions are shown in Fig. 9. The tensile bars are proportional to
AS™ standarc tensile bars (ASTM EB8-79) except that the gage
length was reduced to 22.23mn (0.875in) in order to economize material.
The specimens were finish-machined between the solution treating and the
final aging treatment. Tne tests were performed on an MTS testing
machine. Two specimens were treated at room temperature for all agirg
conditions. The specimens were pulled at a constant rate of 0.06 cm/
min. The yield strength was measured at 0.2X offset, the total
elongation was measured from the change in the gage length, and the
uniform elongation was measured from the load-deflectioa curve.

The microhardness was measured from specimeas taken from the grip
areas of the tensile specimens. The measurements were made on mounted
and polished specimens. Rockwell hardness measurements were made on

polished slices of the ingots. Since some of the aged materials were
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embrittled and failed before yielding in ténsion, hardness provides
consistent basis for evalveting hardening.

The specimen design used for the Charpy impact testing is sketched
in Fig. 10 and confOrss to ASTM standards {ASTM E23-72). The tests were
done at room temperature using 2 232 ft-}b (315J) capacizy testing
machine.

Flat plate bend tests were performed on specimens 2 in x 0.40 in
x 0.030 in (51 mm x 10 om x 0.76 mm). A three point bend test fixture
was used that allowed for approximately a 100° bend angle and the
bending radius wes four times the specimen thickness.

C. Microscopy

Light optical metallography was performed on samples taken from the
grip areas of the tensile specimens. The specimens were mounted and
both electro~chemically polished (electrolyte: 23X perchloric acid,

77% acetic acid; 10V) and 2fched (etchant either Kallings reagent (45)
or 5% oxylic acid in water at . 1-5V). All light optical metallographic
work was done on a Ziess Ultrophot Il optical metallograph. An oil
immersion lens was used for high magnification work.

Specimens for electron microscopy were sliced from the grip areas
of the tensile specimens. The waterial was thinned to less than 5 mils
by mechanical polishing. 7.iscs 3 wm in diameter were then spark <roded
and jet polishad in a 23X perchloric acid-77% acetic :cid solution. The
optimal thinning condition was at 10V and 38-40 mA. The specimens were
examined in a Philips FM301 electron micro:cope operating at 100 kV.

The investigation of the fracture surfaces was performed on an
ARM1000 scanning electron microscope opcrating at 20 kV. The SEM
instrument was also equipped with an EDAX X-ray energy spectrometer

enabling localized chemical analysis.



V. EXPERIMENTAL RESULTS

A. Spinodal Decomposition

An example of the microstructure of as-quenched alloy B is shown
in Fig., 11. The quench was rapid enough to suppress any decomposi-
tion.

The evolution of the spinodally decomposed microstructure for
isothermal aging is stown for alloys A and B in Pigs. 12 and 13
respectively. In each case Figs. A-C are for 600°C aging and D-F are

for 640°C aging and the X  and “z phases correspond to the light and

1
dark contrast respectively. The microstructures are typical of those
found for other Fe-Cr-Co alloys (14, 17). The early stages of Jecompo-~
“ition proceeds in a very isotropic fashion, but as coarsening occurs
the decomposition products tend to align themselveu along [100] direc-
tions. This is a consequence of reducing strainr energy (9), since
[100} directions are the elastically soft directions. Tte arount of
strain created by decomposition must necessarily be small. This sug-
gests that the difference in lattice parameter between thr two decom-
posing phases is small. The difference in lattice parameter in an aged
Fe-Cr-Co alloy has been measured to be less than 1% by the method of
high resolution lattice imaging (14).

The coarseniny rate of either alloy is significantly higher when
aged at 640°C then when aged at 600°C. Figs. 14 and 15 illustrate the
growth of the average wavelength as a function of aging time. The coar-
sening rates of each alloy at either aging temperature are essentially
linear ove. the range shown. The coarsening rates are nearly the
same for either alloy when aged at the same temperature.

Spinodal alloys are known to maintain a relatively constant

14
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wavelength when ayed by the step aging technique (11). However, as the
wavelength remaincs fairly constant, the composition of the decompo-
sing phases chanages as dictated by the appropriate pseudo-binary tie
line (11)}). Pig. 16 shows the similarity between the microstructure

found in alloy D after aging steps 2 and 4 respectively. As expect.d

the wavelength sh little change between the two aging steps. The
wavelength after step 2 is 2358 whereas the wavelength after step 4
is only 2703, an increa-se of 168, The volume fraction of the ul phase
(light contrast) increases slightly from 45% to 55%. For either aging
condition, decomposition is quite isotropic and there appears to be a
large amount of connectivity within a single phase. Even though the
wavelength and volume fraction do not change appreciably, a considera-
ble change in composition can occur which could have a significant
effect on the mechanical properties.

B. Grain Boundaries

Grain boundaries, have a major effect on the properties of poly-
crystalline materials (51). For the material used in this study the
two most important characteristics of the grain boundaries are: 1)
mobility of the grain boundaries at elevated temperatures and 2) the
formation of a grain boundary phase. The importance of the grain boun-
dary mobility lies in determining the final grain size of the material.
A representative optical micrograph of alloy A is shown in Fig. 17a.
Fig. 17p is an enlargement showing possible evidence of a grain
boundary being pinned by an inclusion. The average grain size of the
material is measured to be approximately €50 um. Figs. 1Ba and 18b are
from alley B; in this case the grain size is measured to be only 70 pm.
This large difference in grain size can be attributed to two primary

factors.
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First, a lower homogenization and solution treating tempertature
could be used because the addition of V reduces the size of the y-loop
(Fig. 4). Second, inclusions may pin grain boundaries, which slow the
rate of grain growth. The effectiveness of pinning sites depends upon
the size and distribution of the inclusions. The effects of these two
factors are shown in Figs. 17 and 18. Alloy A (Pig. 17) has grain
boundaries that are straight, with the exception of some grain boundaries
being pinned by inclus;ions. The inclusions are approximately 1 um in
diameter and 30-40 um apart. Alloy B (Pig. i8) has a quite different
grain boundary morphology. The grain boundaries are more curved, with
numerous grain boundaries being pinned by inclusions and many triple
point grain jvnctions are far from the equilibrium 120° configuration.
The inclusions in alloy B are smaller (0.25 uym)} and wmore closely spaced
(~ 10 um) and can serve as better pinning sites. The TEM micrographs
in Figs. 19 and 20 taken from alloy B, clearly show that the inclusions
can be effective grain boundary pinning sites. The SEM microchemical
analysis (see Fig. 21, lower x-ray spectrum) shows the inclusion to be
almost entirely Cr.

Since the x-ray analysis cannot detect light elements, such as
nitrogen and carbon, the actual composition may not be pure Cr. 1In
fact, noting the high nitrogen impurity content (0.018 wt.i N} the in-
clusion may very likely be a Cr2N compound. The volume fraction was too
snall to detect such a compound with x-ray diffractir However, with-
out further evidence {e.g., electron microdiffraction, electron energy
losc spectroscopy) this would be only speculative. Unfortunately, due
to the size and distribution of the inclusion, it was not possible to

locate these regions for TEM observation.
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Formation of a grain boundacry phase is the second major feature
affecting the material's mechanical properties. Figure 22 is an SEM
micrograph of a round bar of alloy A that was aged at 640°C for 1 hr
and swaged (reduction in area ~20%). Clearly, intergranular failure
has occurred, but equally noticeable is the ductility of the matrix
material. The presence of the grain boundary phase is very apparent
in Fig. 23. This optical micrograph is of alloy D aged by step aginy.
Figure 23 is after step 3 (600°C) and Fig. 23 is after step 4 (580°C).
The grain boundary phase is guite thick, in fact, it has begun growing
from the grain boundaries, consuming the matrix material. The grain
boundary phase grows the fastest in alloy D which is atiributed to the
higher Cr content of the alloy. Figure 21 is a typical grain boundary
of alloy A aged at 600°C for 1 hr. Figure 21 is a SEM micrograph of a
similar grain boundary. Three separate areas were chosen for EDX micro-
chemical analysis (special resolution =~1 unz). In order to make a
meaningful comparison, the rame take off angle and same collection time
were used for each area. The top x-ray spectrum in Fig. 2] is a compari-
son of the grain bouncary composition (bars) with the matrix composition
(dots). There is a shift in the peak heights in both the Cr peak and
the Fe peak due to a change in composition. Due to the thinness cf the
grain boundary phase, this is only an indication of a change in composi-
tion at the grain boundary. However, this indicates the grain boundary
phase to be Cr enriched and a sigma phase may be present.

The series of TEM micrographs in Fig. 24 show a grain boundary with
the grain boundary phase present. The material shown is alloy A aged
at 640 ’c for 100 hr, causing considerable thickening of the grain

boundiry phase. Figure 24a and b are TEM bright field and dark field



images respectively and Fig. 24c is an SAD of the grain boundary area.
The diffraction pattern is indexed to show the (120) bce matrix pattern
superimposed with several (100} sigma patterns. The matrix pattern
serves as an internai calibretion of the ricroscope camera constant

to assure the highest possible accuracy in identifying the grain boun-
dary phase. The measured values for the lattice paramsters are

3, = 5.142 and €, = 4.3SR with a c/a ratio = 0.50. Typical values

for the Fe=Cr sigma phase (13) are a_ = 8.799s% ana e " 450128 with
a c/a = 0.516. These are in good agreemsnt and of course the lattice
parameter is expected to change slightly with the addition of Cobalt.
The diffiaction pattern appears to be quite compliratedbut it

can be very easily understood. There is the bcc matrix pattern plus
the main (100) sigma patterns lab-led {i). Many of the extra spots
are caused by double diffractions and the pattern labeled (ii) illus-~
trates this. Other spots are due to another sigma particle being
included within the intermediate aperture. This grain is aisoriented
by approximately 2°.

Sigma is known to be a hard brittle phase that preferentially forms
at the grain boundaries and which often leads to the deterioration of
the mechanical properties, particularly the impact toughness (13).
Commercial alloys containing more thar approximately 16 wti Cr are
susceptible to O phase formation when held at temperatures of 650-9c0°C
for prolonged periods of time (13). Purthermore, the higher the Cr
content, the more rapid is the formation of 0. Even thcugh the o phase
forms prinarily at the grain boundaries, it is not necessarily a con-
tinuous film. In fact, the morphology of the grain boundary phase

appears to be very dependent upon the degree of misorientation of the
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adjacent grains. Figure 25 is a TEM bright field-dark field pair of
alloy A aged at 600°C for 1 hrj it shows the reversal of contrast asso-
cisted with th» grajin boundary phase. The grrin boundary is very nearly
edge on so that the thickness of the grain boundary phase is only a few
hundred angstrous. The O phase coa's *“e grain bou~dary quite uniformly
but is not as a continuous t{la. Aging the material 5 hrs at 600°C
causes some coacsirir; of the 0 as shown in Fig. 26. Note that she o

is starting 0 gnw into globular particles which is sore evident i
Fig. 27. Figure 27 is from alloy A aged at 640°C for 10 hrs and shows

a more advanced stag: of coarsening. Clearly the o phase is not contin-
uous but consists of particles of the ord.r of maoR in size.

The morphology of the grain boundary precipitation depends cn the
grain boundary structure and is not just a function of the aging tive
and temperature. As an example, Fig. 28 shoews two grain boundaries
ohs:rved in alloy B. Fijures 28a and b are taken from the materijal
aged for 1 hr at 600°C whereas Pige. 28c ant d ore aJj~er ag9ing 109 hrs
at 600°C. The resemblance is quite remarkable; the grain boundary phase
is not continuous and the particles are of similar size. Sigma is known
to have rather silow growth kinetics ard these microgoraphs cetiaanly
bear this out. However, this is not the coxplete picture. Figure 2¢
illustrates how varied the morphology of the o phase can be. Figude
29 is a micrograph of alloy B aged again at 600°C for 100 hrs. Shown
is a triple point junction ancd the diffraction patterns of the three
grains are shown to indicate the degree of relative misorientation.

Tne growth of the G is most prcominent at the triple point bat alsc the
growth between grains A and B and grains A and C has been quite sub-

stantial. The growth between grains B and C in comparison has been
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very slow. The diffraction patterns indicate that the misorientation
between grains 8 and C is quite small; both grains are tilted from a
(111) orientatjon but A and B and A and C are misoriented on the order
of 40°. Aging the alloy at 640°C produces szimilar results. Figure 30
shows a triple point after aging alloy B for 1 hr. Virtually no‘u
phase was observed However, aging for 10 hrs produced ¢ at triple points
and along the grain boundarijies but again not in a continuvous fashion
(see Fig. 31). This orientation dependence of the grain boundary phase
has been observed in other systems. A detajiled analysis has been made
by Gronsky (57) using the Aluminum-Zinc alloys.
C. Mecharical Properties
C.l. 1Isothermal Aging

The mechanical properties of alloy A, B, and C isother-
mally aged are summarized in Figs. 32-39. The three alloys in the as-
quenched condition (i.e. prior to spinodal decomposition) were found to
be ductile. Upon aging incide the miscibility gap, the alloys exhibit
an age hardening response similar to that often found {n spinodal
systems, i.e. higher tensile strengths were assoclated with low aging
temperature and accompanying the higher strengths was a decrease in
ductility,

C.1l.1. Alloy A Fe-2BCr-15Co

in the as—quenched condition, alloy A has a

yield stress of 55.8 ksi (385 MPa) with a uniform elongation of 9.4%,
For the material aged at 640°C, Fig. 32 shows an increase in the yield
stress to a peak of approximately 75 ksi (518 MPa) with no change in
the uniform elongation and a slight drop in the total elongation. (In

Fig. 32, the solid symbols refer to uniform elongation, the open symbols
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refer to total elongation, and the half-filled symbols refer to the
uniform and total elongations being equal.) Howeve:, aging at soo°c
has a much different effect on the material. AMging at the lower tea-
perature does produce a more significant increase in the strength.
Unfortunately, associated with .uis increase in strength is a drastic
drop in the ductility. in fact, aging only 5 min at 600°c produces
a 308 increase in stress to fracture, but the material becomes suffi-
ciently embrittled to cause failure before yielding could even begin.

The single crystal hardness, as measured by Vickers microhardness,
is shown in Fig. 33. Microhardness is a convenient indication of the
hardening because the triaxjal state of stress allows deformation to
take place cven if the material is sufficiently embrittled to cause
failure in tension before yielding. Therefore, a consistent compari-
son between the ductile and brittle material can be made. Aging
at 640°C produces a hardness curve very similar to the one found in
Fig. 32 for the tensile testing. In either case, the peak hardness
occurs after aging for 5 hrs. The curves in Figs. 32 and 33 for aging
at 600°C however, are quite dissimilar. The apparent tensile strength
drops off after aging beyond 5 mins whereas, the microhardnmess in-
creases until it reaches a peak VHN of 360 after 10 hrs aging.

The room temperature Charpy impact toughness of the isothermally
aged alloy A is showr in Fig. 34. As might be expected, the 108 ft-
1lbs (146 J) energy absorbed during failure for the as-quenched
material is quite high. However, the large drop in the impact tough-
ness of the material aged at 64:°C is larger than expected when con-
sidering the tensile elongations. oot the extremely low values of the

impact toughness of the material aged at GOOOC is consistent with the
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poor ductility observed during the tensile testing. After aging for
] hour the impact energies were 12.9 ft-1lbs (17 J) and 2.2 fe-1bs (3 J)
for 6.0°C and 600°C aging temperatures respactively, and the values
decreased only slijhtly with aging time.
C.1.2. Alloy B8 Pe-2¥Xr-15Co-7¥

Replacing 5% Cr vith 5% V altered the hardening
and subsequent embrittlement in a very significant manner. The varia-
tion in yield stress with irothermal aging time is shown in Fig. 35.
in the as-guenched condition, alloy B has a yield stress considerably
higher than that found for alloy A, 1.e., 70.4 ksi (485 MPa) as
oppaosed to 55.8 ksi (385 MPa) measured for alloys B and A respectively.
The single crystal microhardness likewise, reflects this increase in
hardness in the as-quenched condition. alloy A has a microhardness
of 203 kq/mmz whereas allay B showed an increase to 214 Ir.q/rnz. This
indicates that replacing 5 wth Cr with 5 wit V has led to some solid
solution hardening, since from the microscopic eviderce the quench
appeared rapid enough to maintain the high temperature supersaturated
solution. The increase in strength due to solid solution hardening may
be amplified by the smaller grain size of alloy B. Because the heat
treatments used in this study were designed to be consistent with
those used in developing optimum magnetic properties, a significant
difference in grain size exists between alloys A and B. The strength
of BCC materials is known to be particularly sensitive to grain size
(46) and this may account for some of the large variation in yield
stress. Lagneborg (12), in his work with Fe-Cr alloys, observed a
strong grain size dependence on both the yield and fracture stress that

followed a (d)_5 relationship, where d is the average grain Qdiameter.



Aging alloy B at s|o°c produces a very mild degree of harden-
ing, which peaks at 77.7 ksi (536 MPa) after aging 1 hr with licrle
change in the uniform elongation. The onset of the embrittlement of
alloy B, when aged at soo°c, occurs at much longer times than in the
case of alloy A. Aging alloy B at GOOOC for 20 min increases the yield
stress over &0t soove that of the single phase paterial with only a
drop in the uniform elongation to 9.9% from 12%. After aging i hr at
600°C, necking no longer occurs, but it is not until aging 100 hrs
that all plasticity is lost and the material fails before yielding.
This is a considerable improvement over alloy A, since alloy A failed
before yielding for aging times > min and longer whcn aged at GDDOC.
In addition alloy B shows no drop off in the tracture stress, even
after being embrittled, quite the opposite to that ot alloy A.

The microhardness of alloy B as a function of aging time (shown
in Fig. 36) shows again the normal age hardening characteristics.
Aging at 640°%¢C produces only a small amount of hardening that peaks
after 1 hr and decreases slightly for all further aging. Duc to the
lower aging temperature of GUUOC. the hardening is greater. Age-n  he
hardness peaks after aging 1 h:. The hardness of alloy B peaks much
quicker than alloy A, } hr as opposed to approximately i0 hrs. The
maximum hardness of zlloy B is greater than that of alloy A when aged
at 640°C, but the reverse is tru. when the mate-ial .s aged at GUOOC.

The Charpy impact toughness for the as-quenched alloy B is avita
high, (Fig. 37) 60 ft-lbs (81 J), but is rot as high as that measured
for alloy A. Similar to alloy A though, is the repid and severe drop

in the impact energy upon aging, which is clearly indicat=d in Pig. 37.
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Cl.1.3. Alloy C Fe~23r-15Co-vV-2Ti
The addition of V + Ti improves the mechani-
cal properties when compared to the ternary alloy A but is nct as
cffective in retarding the embrittlement as just the addition of Vv
{2lloy B). The yield stress of the as-quenched alloy C is 58.) ksi
{402 MPa) (Fig. 38). This is similar to that measured for alloy A but
less than that found for alloy B. The material aiso showed cexcellent
uniform elongation with a value of 14.7%, Detter than either alloy A
or B. Fig. 38 shows the variation of strength and eclongation with
aging time and temperature. The matecrial aged at 640°C becoaes harder
with aging time, but unlike alloys 2 and B, the increase in strength
doen not peak at 1 hr but continued to i -rease up to 100 hrs. The
highest value measured was 79.0 ksi (545 MPa), after aging 100 hrs.
Jowever, ductility was sufficiently reduced to cause failure before the
onset of necking in this specimen. Aging at 600°C produced a fairly flat
response in the fracture stress, and it was not until aging 1 hr that
the material failed pricr to yielding. Unlike alloys A and B, aging
alloy C 100 hrs caused a signifirant increase in the strength. Fig.
39 shows the variation in Vickers microhardness with aging time and
temperature. The as-quenched material was slijhtly harder than alloy
B. Hardening when aged at 640°c was very slight; however, at 600°c
bardening continued through the entire 100 hrs of aging.
Limited Charpy testing showed the material to be embrittled simi-
lar to alloys A aid B.
C.2. Step Aging
In order to achieve the hiap strengths associated with

low temperature aging yet take advantage of the rapid decomposition



kinetics associated with high temperature aging, the method of step
aging was employed. Alloys A, B, and C were aged using the step aging
techniques shown in Fig. 7. Fiqures 40, 41, and 42 show the variation
in hardness throughout the aging sequence. The Rockwell™C* harduess
indicaires the hardness averaged over several grains whereas the Vickers
microhardness is the hardness of single grains, eliminating thé effect
of grain boundaries. Previous work on Cu-Ni-Fe (11) alloys showed that
the hardening due to step aging was mostly controlled by the linal
aging temperature. This also appeais to be the case for the Fe-Cr-Co
alloys. Tne hardness increased incrementally as cach lower aging
temperature was used. The three alloys typically increase from approxi-
mately Rclo to greater than RCJS and the microhardness parallels this
increase closely as in Figs. 40 and 41.

Since the mechanical properties of alloy B, as illustrated in the
previous section, are superior to either alloys A or C, the tensile
properties of alloy B were measurcd after being heat treated using the
step aging technique (see Fig. 7). Figu-e 43 shows the variation in
strength witl aging step. The increase in the strength is similar to
the increase in hardness shown in Fig. 41. The elongation drops as the
strength is incrcased; however, it is not until step 5 (SBOOC aging
temperatuite) that virtually all ductility is lcst. Supporting the
theory (11} that the final aging temperature, i.e. the composition,
determines the strength, step 4 corresponds tc aging at GOOOC an¢ has
a yield strength of 105 ksi (724 MPa) which compares quite wcll with
the vaiue obtained by isothermal aging at 600°C. Figure 37 shows the
Charpy impact toughne:s after step 1 (as-quenched), step 4 (GOOOC),

and step 7 (540°C). As with the isothermally aged material, the
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reauction in *he impac’. toughness is quite remarkable. Aging to step 4
ex. 1bits a uniform elongation of nearly B8R, yet the impact toughness

is only 4 ft-1bs (5 J). After step 7, when the material fails before
yielding, the toughness is 1.5 ft. lbs (2 J). Clearly the material

has been severely embrittled.

The step aging treatment of Fig. B has been applied to alloy D,
which has received much attention in regard to its magnetic properties
{14). Figure 44 shows the variation in strength, microhardoness, and
coercive force with zging steps. The shape of the curves of the coer-
cive force and *he microhardness are guite similar. This is to be
cxpected, since the coercive folce is a measure of the resistance to
moving domain boundaries whereas the hardness is a measure of the
resistance to plastic flow. Both of these properties are influenced
by the strength of obstacles, and necessarily become higher as lower
aging temperatures are used. The strength dces not follow this trend
because the embrittlement of the material does not allow the possible
increase in strength to be realized.

C.3. Thermo-Mechanical-Treatment (TMT)

One technique successfully used in retarding embrit-
tlcment, particularly at the grain boundaries, in spinodally decom-
posed materials is a thermomechanical treatmert (47). Figure 45
shows the variation in strength with aging time of the TMT materia?®
and is compared with the purely thermal treatments. Indeed the TMT
retards the onset of embrittlement, After 10 hrs aging at GOOOC
there is 10% total elongation corpared to 1% for the purely thermal
treatment. The strength of the material is determined by the high

level of work hardening instead of age hardening . The yield stress
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of the as-rolled material is almost twice that of the matesial prior
to rolling. The high strength level persists throughout the isothe--
mal aging treatments whereas the isothermally aged materjal pruduces
the standard age hardening characteristics. Fiqure 46 shows typical
stress-strain curves for the as-rolled (a), 1 hr aging (b), and 100
hr {c} aging conditions. The as-rolled material begins rnecking
virtually at the yield point. This [eaturv .s also observed in highly
defr.cmed materials, such as in explosive loading (48, 49) and is
referred to as work softening. After aging 1 hr at 600°C. some anneal-
ing occurs, as seen by some work hardeniny in Pig. 46b. lLowever, the
yirld stress does not appreciably drop, indicating that most of the
work hardening hac remained. After aging 100 hrs the paterial is
embrittled; yet, the mat~rial dces show yielding, which is signi-
ficantly above the yield for the puicly thermal treatment.
D. Fractography
D.l. 1sothermal Aging
D.1.1. Alloy A

The SEM micrographs of the fracture surfaces of
alloy A when tested in tension are shown in Fig. 47. The as-gquenched
material shows the dimpled rupture fracture surface associated with a
ductile mode of failure. The fracture surfaces of the material aged
at 640°C clearly shows the material to be embrittled, particularly
the grain boundaries. The strength of many grain boundaries ha: been
sufficiently Leduced so as to cause them to separate; yet, not all
grain boundaries were weakened, since complete intergranular failure
was not observed. In fact, many grains were observed to individually

neck and fail in a ductile dimpled rupture fashion (see Fig. 47}.



The mode of failure is not significantly affected by continc d aging
or.ce the onset of embrittlement occurs.

The material aged at 600°C also exhibits evidence of embrittie-
ment, though in this case, both the grain boundaries and the matrix
material are affected. PFigure 47 illustrates the consequence of the
embrittlement upon the mode of failure when pulled in tension.. Aging
only 20 min at 600°C causes failure to occur through a mixture of
quasi-cleavage and intergranular failure. After aging 10 hrs the
typical river pattern associated with cleavage tcteps are present.
Also observed are areas of feathered tongues which are shown in detail
in Fig. 48. Tongues are generally associated with fracture along
microtwins that were formed by plastic deformation in front of the
propagating crack tip (50). This tends to indicate that twinning may
Lecome an important made of deformation when the material is aged at
600°C. This could contribute to the loss of ductility; since twinning
is much less effective than slip in accommodating plastic deformation.
Confirmation of twinning deformation has been obtained (see Fi~. 60).

The fracture sur:ices of the Charpy V-Notch specimens of alloy A
aged for various times at both 600°C ana 640°C are shown in Fig. 49.
The material in the as-quenched condition failed primarily by dimpled
rupture. The ductile nature of the failure is expected due to the
large amcunt of impact znergy absorbed. The fracture surfaces of the
material aged at eithcr 600°C or 640°C showed severe embrittlement.
The material aged at GDOOC shownd a mixture of intergranular failure
and transgranular cleavage, similar to that found r~r the material
tested i, tension. After aging for 1 hr at 60000, Fig. 49 shows

smooth flat grain boundaries that had failed, along with secondary
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cracking that appears to follow grain boundaries.

Unlike the material aged at 540°C and tested in tensjon, the
material aged at 540°c and impact tested shows evidence of both grain
boundary and matrix embrittlement. The mode of fracture, once the
embrittlement occurs, does not change with aging time.

D.1.2. Alloy B
The results of the failure analysis of alloy B
(shown in Fig. 50 for the tensile test specimens and Fig. 51 for the
Charpy impact specimens) are very similar to the results of alloy A,
except that the onset of embrittlement was significantly retarded.

hiereas alloy A, aged at 600°C for 5 min, failed in tepsion in a com-
pletely brittle manner, alloy B remained completely ductile after 20
min. Aging for 1 hr and longer showed evidence of cleavage, yet the
amount of grain boundary failure appears to be small. Also present are
secondary cracks, indicating that crack propagation normai to the
direction of the primary crack growth had cccurred. Fig. 32 shows a
detail of a fracture surface from alloy B aged at 600°C for 10 hrs.
Numerous well-defined feathered tongues are present (e.g. see arrow)
similar to those found with alloy A. Again, these are generally asso-
ciated with microtwinning.

Aging at 640°C shows bacically the same characteristics as those
found for alloy A, but the rate at which the embrittlement occurs is
reduced. As seen in Fig. 50 aging 10 hrs at 640°C embrittles a few
grain boundaries and after 100 hrs many g-ain boundaries are embrittled.
As found for alloy A, the individual grains remain ductile, necking of
individual grains and dimpled rupture fracture surfaces are observed.

The fracture surfaces of the Charpv impact specimens (see Fig.

51) show the as-guenched material to be primarily ductile, with some



areas of cleavage and some secondary cracking. Aging at either
540°C or 600°C has embrittled the material, as evidenced by the drastic
drop in Charpy toughness (Fig. 37), and the mode of failure is shown in
Fig. 51. Alloy B aged at 640°C shows some small areas of displed rup-
ture, even though the impact toughness values are very low. The amount
of grain boundary failure for aging at either uo°c or 600°C is con-
siderably less than that found for alloy A. There is 2lso a considera-
ble amount of secondary cracking present.
D.1.3. Alloy C
Alloy C, when pulled in tension, showed charac-
teristics very similar to those observed for alloy B and are jllustra-
ted in Fig. 53. The as-quenched material exhibits a dimpled rupture
fracture surface, indicating the ductile nature of the material when
pulled in tension. When aged at 640°C, the matrix material remains
ductile for the most part, except for some grain boundary failure.
The material is embrittled very severely when aged at 600°C similar to
both alloys A and B.
Charpy impact toughness specimens failed by cleavage for either
640°¢c or 600°¢c aging very similar to alloys A and 8.
D.2. Step Aging
Figure 54 shows the fracture surfaces of alloys B and
D when pulled in tension and after various stages of the step ajing
sequence. Figure 54a and b are from alloy D after step 2 (640°C) and
step 4 (600°C) respectively, and Fig. 54c and d are from alloy B
after step 4 (GOOOC) and step 5 (SSOOC) respectively. Figure 54a
shows a mixed mode of failure; dimpled rupture, cleavage, and inter-

granular failure can be observed, but the material showed necking and
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good tensile elongation. Further aging to step 4 changed the failure
to a cleavage mode with evidence of secondary cracking. The mechanical
properties (Fig. 44) indicate embrittlement at this stage. This type
of failure prevailed throughout all subsequent aging treatments.

Alloy B, spinodally decomposed by step aging, shows results
similar to those of alloy D. High temperature aging produced a mix-
ture of both ductile and brittle failure, whereas low temperature
aging showed only brittle failure. Fig. 54c illustrates the mixture
of ductile and brittle fracture surfzces cobserved from the alloy aged
through step 4 and pulled in tengion. Reducing the aging temperature
by only 20°¢ to s80°%¢ {step 5) severely reduces the materials duc-
tility (see Fig. 22) and car-es the material to fail by pure quasi-
cleavage as is shown in Fig. 54d.

Charpy impact specimens of alloy B (Figs. 55a and b correspond to
steps 4 and 7 respectiv-ly) show that brittle failure occurred after
both high and low temperaturc aging. This is consistent with that

found for the isothermally aged material.

D.3. Thermo-Mechanical-Treatment (TMT)

The TMT did not appreciably affect the failure mode cf
alloy B. As fcr the isothermally aned material, the fracture surface
after 20 min. aaing at 600°C for both isothermel aging and TMT (shown
in Fig. 50 and 56a respectively) was primarily dimpled rupture. The
TMT did, however, tend to increase the amount of grain boundary
failure. Continued aging a 600°c eventually embrittled the material.
Fig. 56b shows *he fracture surface after aging i0 hour=. Even though
failure was by cleavage and the fracture surface looks very similar to
the case ot isothermally aged material (see Fig. 50) the tensile

properties v#ere far superior for the T™T material (Fig. 45).
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vI. DI_SCUSSION

A. Age Hardening

2ge hardening in the Fe-Cr alloys is explained by a mechanism
consisting of both aa athermal (temperature independent) and a thermal
(temperature dependent) contribution. The temperature independenf
part comsists of two mechanisms, one based upon the elastic intervaction
between dislocations and the precipitates (26) snd the other based
uvpon the difference in elastic modulii for the precipitate and the
matrix (53). The temperature dependent part ot the hardening is mainly
determined by a process where the thermal barriers are represented by
the energy corresponding to the breaking of chemical bonds when a dis-
location intersects a Cr-rvich precipitate particle (52). In the alloy
Fe-30Cr aged at 47%°C, the hardening produced an increase of 64 ksi
(441 MPa) to approximately 120 ksi (827 MPa) when tested at room
temperature (52). It was also determined that the athermal part of
the strengthening accounted for 78Z of the hardening while the thermal
part contributed only 22X.

The calculation based on the internal coherency strains that has
been successfully applied to several spinodal alloys (8,11) requires
a two phase microstructure of coherent parallel lamellae with
‘ifferent lattice parameters in each phase. This creales a state of
‘-iaxi‘al stress in the lamellae. Unfortunately, the Fe-Cr microstructure
does not fir this model since the precipitates are essentially spherical.

Age hardening in the Fe-Cr-Co zlloys appears to be similar to that
found for the Fe-Cr alloys. Verification of this by calculation is
difficult because the elastic modulii of the decomposed phases are
not known. Qualitatively however, the mechanisms can be justified.

The mechanisms suggest that hardening improves with lower aging



temperatures, as is the casc of the Fe-Cr-Co aslloys. The composition of

the a, and a, phages is further enriched in Fe-Co and Cr respactively

1
and the difference in lattice parameter between the tvo phases iacreases
as the aging temperature is reduced. The elastic k. "ulii of the rwo
phases will be more dissimilar with lower aging tesperatures decause

the clastic constants are material properties anu by changing the aging
temperature the compositions of the decomposed phases change (e.g.the
shear modulus, G, is to a firs® approximation a .incar function of
composition). Therefore the larger the diffcrence in lattice parancter
between the a, and &, phases, the greater the strain vill be at the
interface. This will ~cause a greater interaction with dislocations at
the interface resulting in enhanced hardening. The interaction

between dislocations and the ay - a, interface is illustrated in the
TEM micrograph Fig. 57 (alloy A aged at 640°C for 100 hrs). The
dislocations are held in the interface lcuping around the particles.
giving the appearance of Orowan type hardening. The areas of

bright contrast are caused by a o ditfracted beam being includ:d in

the objective aperture.

An improvement in the hardening cam also occur ty improving the
thermal contribution. Binary Fe-Cr alloys show pronounced solid
solution hardening (54). The effects of composition on the solid
solution hardening of the Fe—Cr binary is shown in Fig. 58 (taken from
ref. 55), the solvent is Cr and solute is either Fe or Co. Lagneborg
(52) has attributecd the hardening to an increase in the lattice
friction caused by a Peierls-Nabarro mechani-.n. It was suggested,
based upon his experiments, that the net effect of alloying iron with
chromium, with respect to the P-N mechanism, would be a more rigid

lattice with slightly higher P-N barriers as compared to pure iron.
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The solid solution hardening of the Fe-Cr-Co system, due to
chromium concentcation, has been studied. Six Cr-rich compositions were
selected (see Fig. 59) that lie on the decomposed conjugate line
passing through alloy A. Phase separation will occur along this line;
therefore, the six compositions correspond to specific a, compositions
associated with the appropriate aging temperature as dictated by the
miscibility gap. Shown in Fig. 58 is the effect of the solid solution
hardening of these six alloy compositions. The hLardening due to Feo_n
CDO.ZI as the solute is more pronounced thin Fe but not as strong as
Co. Again the Fe-Cr-Co system is very s:milar to the Fe-Cr system and
the Peicrls-Nabarro mechanism is likely to be operating.

Along with the solid solution hardening, the mode of deformation
tends to become predominately twinning with increasing chromium content
in ke=Cr alloys (26). A very similar situation is observed in the
Fe-Cr-Co alloys. Figure 60 shows a series of SEM micrographs of the
severely deformed region in the vicinity of a Rockwell hardness indention.
Figure 60a is of alloy #1 in Fig. 59 (pure Cr) which deformed only by
slip. Twinning is found in Fig. 60b (alloy 2 in Fig. 59), and deforma-
tion is almost solely by twinning in Fig. 60c (alloy #4 in Fig. 59). The
single phase alloy A (Fig. 6%, deforms only by slip. This increase in
twinoning as the mod- of deformation can lead to a reduction in ductility.
This correlates with the evidence of microtwinning in the brittle
fracture surfaces indicating that twinning may play an importamt role
in the embrittlement of the aped Fe-Cr-Lo alloys.

In contrast to the hard az phase, the Fe-Co rich a 1 phase should
be soft and quite ductile (56). Typically, che a, phase contains about

207 Co with very little Cr. .t this Cobalt content ordering is unlikely,

bu: more importantly, the critical temperature for ordering is below
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576°C and that quenching in the disordered state is possible (56).
Mechani-al testing of an Fe-26 at .I Co alloy showed it to have a yield
stress of 29 ksi (200 MPa) with au excess of 20X plastic strain to
failure in the disordered state. Even in the fully ordercd state
the yield stress increased to 44 ksi (300 MPa) yet, had greater than
20%Z total! elongation.

8, M“atrix Embrittlement

The microstructure of the spinodally decomposed Fe-Cr-Co alloys
has been shown to consist of a hard Cr-rich a, phase with a soft Fe-Co
rirh-qlphase and the hardness of the a, phase appears to be the con-
trolling factor in the ape hardening of these alloys. However, the
suggested hardening mcchanism does not account for the severe matrix
embrittlement that occurs when th: —aterial is aged at 600°C, while the
matrix material is ductile when aged at 840°C. 1n an atteent to
understand this effect, an experiment was devised to follow the
ductility of the a, phase., The a, phase was singled out becausec as
previcusly stated the Fe-Co rich a, phase is soft and ductile. The
seme  material and process that was used for the hardness experiment
was used for a threc point bend experiment. The bend angle is a
measure of the materials ductility, since the greater the bend angle,
the greater the material may be plastically deformed. Figure 61 shows
the results of the experiment, as before the solvent is Or and the
solute ic Feo.79C00_21. The composition of the material has a strong
influence on the ductility of the material.

The ductile-brittle transition, due to composition, occurs
between alloys 3 and 5 with the inflection occuring approximately at
alloy 4. When this is viewed in light of the location of the mis-

cibility gap at 608 ¢ and 640% (see Fig. 59) the reason for the
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large change in ductility when aged at 600°h becomes clear. The 620°C
miscibility gap passes approximately through alloy 4. Therefore, any az
composition associated with higher aging temperaturcs will be more
ductile than alloy 4, and any 02 composition associated with lower
aying temperatures will be less ductile than alloy 4. Aging at 640°%¢
clearly creates a ductile a, phase and aging at 600°C creates a brittle
ﬁz phasc.

In additicn, the spinodal microstructures will enhance the embrit-
itlement of the aged material. The microstruciure consists of both a
ductilc and brittle phase wie) aged at 60096, however, the material
cxhibits catastrophic failure. This weans the ductile phase cannot
arrest the crack  propagation as might be expected. The inability to
stop the crack propagation is a combination of two factors: the connec~

tivity of the u, phase and the fine scale of the spinodal microstructure.

2
The high degree of connectivity of the 02 phase in effect make it a
continuous phase whether it is the major phase or not. Once a crack
begins to propagate, it can follow a path prefareatially through the
GZ phase. Due to the proximity of cach successive QZ phase, the
stress field preceding the tip of the crack may be yreat encugh to
initiate a crack in the next 02 phase before the crack would actually

reach the 01 phase and become blunted.
Another microstructural feature that could lead to premature
failur: that is wvisible in Fig. 12c, is the rod-like nature ¢f each
phase. Because the rods show a great deal of connectivity, they take
very 'irregular shapes. Where the rods avre sharp.y hent a high stress

concentration can result, which would directly contribute to dete-

rioration of the fracture properties.



C. Grain Boundary Fmbrittlement

In addition to the matrix embrittlement that occurs with 6003C
aging, severe grain boundary embrittlement has been observed after both
OOODC and GAOUC zging. The embrittlemcnt is a consequencs of a grain
boundary phasc and has been identified as s-phase, in agreement with
previous work on Fe-Cr-Co alloys (14). Sigma is known to be a hard and
Lrittl. phasc and preferentially foims at grain boundaries. The
formation of - leads : detericrationof the mechanical propertics and
particularly the imp.ct toughness. This was also found to be true in
this work., Alloy 8 aged at 6é0ct serves as an example of the influence
of the * phase on the mechanical properties. Fig. 35 shows no drop in
c¢longation ¢ven for long aging times yet Fig. 37 shows a very rapid
and severe drop in Charpy impact toughaess.

The morphology of the - phase desci ibed previously indicates the

T precipitates prefercntially aloang particular types of grain boundarics.

This selective nature explains the fracture surfaces of the alloys aped
at 640 °C, Fip. 29, for example, shows alloy A ared at 640 C for 20 min.
and 10 hrs. Many yrain boundaries have clearly separated yet each

vrain apgerently necked and failed instcead of being pulled apart. This

indicate some arain boundaries must be strong cnough to withstand
the applivd load. These grain boundaries are most likely the ,rain
boundaties without .

. Comparison of Magnetic and Mechanical Properties

The methods of controlling magnetic properties ace in principle
very similar to thosce for controlling mechanical propercies. Of the
main parametcrs of interest in hard permanent magnets, only the
saturation magnetization ({4v1s) is not structure sersitive and

decomposition will have little effect on it. The other paramecters

7
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of general ipzerest, the magnetic remance (lr) and the coercive force
(Hc) are structure gensitive. The remanence is improved by a thermo-
magnetic-treatment by elongating the magnetic Fe-Co phase in the
direction of the applied ficld (14). The coercive force, however,
depends upon the strength of a barrier to impede thwain wall movement.

This is improved by increasing the difference in coaposition between

the two decomposing phases. Step aging has been found to be an effective

method to increase H_ in Fe-Cr-Co alloys. (14, 17).
The mechanical agr~ hardening of spinadal alloys is also structure
sensitive., In th®s and previous work (11) the mechanical age hardening
bas been showm to be primarily a function of composition of the
decomposing phases. NDue to the cambrittlement encountered with the Fe-~
Cr-Ca alloys hardening was necessarily monitored by microhardness. In
any cvent the magnetic paramenter most similar to micrchardness is
clearly the coercive force. This is illustrated in Fig. 44. Botr
parameters arc increased by lower temperature aging, which is expe.ted.
Controlling magnetic properties is somewhat more difficult than
Lthe mechanical properties in spinodal systewms, since the mechaniral
properties teud to be independent of morphology - f their microstructure
while the magnetic properties are not only sensitive to compositioa
but to morphology also. Unfortunately one aspect o. the mechanical
properties that is a conseaquence of decomposition of F-—(r~fo alloys
is the severe embrittlement. Th. a.ioy compositions required to
produce good magnetic properties are destined to be brittle in the
hardened condition. If a truly ductile hard magnet is desired, Further
alloy design is required to get away from the very brittle &

2

compositicn as illustrated in Fig. 61.
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VII. SUMMARY AND CONCLUSIONS

The Pe-Cr—{" alloys used in this investigation all had simi-a:
basic characteristics. They 1] decompose by spinudal decomposition
with resulting age harde:iing. Aging at high temperatures {(¢.9., 640°C)
caused rather m:id hardening and did not appreciably affec: thke tansile
clongations. However, due to the formation of O at the graiun boun-
daries, the alloys are embrittled. The embrittlement is most noticeable
witt, the drop in the Charpy impact toughness, which is similar to the
" embrittled stainless steels contairing chromium. The o forps
[-referentially at grain boundaries due to its sluggish gruwth kinetics.
The: rornhology of the ¢ i1s very dependent upon the aging time and the
cl.uracter of the grain boundary, i.e., the degree of misorientation of
the grains forming the 4rain boundary.

Low temperature aging had a much uirfviont effect on the alloys.
Indeed the hardening at the low temperatures (e.g. , 60006; was far
greater than had occurred with the high temperature aging. Unfortu-
nately, with the low temperaturc aging not only was < found at -‘rain
boundaries, but the matrix material was embrittled also. The tensijle
specimens typically failed with little or no plastic deformation in a
brittle catastrophic fashion whereas the alloys aged at 640°%C showed
good metrix ductility. Due “o the brittle nature of the aged material,
teusile testing did not give an accurat: representation of the age
hardening response. Using miccohardness the alloys aged at the lower
temperature showed 2 consideraole increase in hardness ov~r the alloys
aged at the higher temperature. This is in agreement with other work
on spirm ‘al alloys {11}, The presence of 0 at the grain boundaries
only enhances the embrittlement at GOOOC and this is again evident

from the very low Charpy impact toughness values measured.
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The method of step aging produces only a marginal effe on the
morphology of the spinodal microstructure as the aging temp -ure is
lowared, yet it greatly affects the composition of the dechmposing
phases. Measurements of the strength and hardness indicate that har-
cening improves with lower aging temperatures. However, ductility of
the material is strongly influenced by the aqing temperature. In fact
changes of 20°C in the aging temperature have profrund effects on the
ductility. This implies that the ductility is independent of the
spinodal morphclogy but strongly dependent upon the composition of

th d
¢ “1 an (!2 phases.

The strong influence of the aging temperature on the ductility is

duc to the solid solution hardening of the a_ (Cr rich) phase. The

2
u,z phase bechaves sim.larly to cnth the Fe-Cr and Co~Cr binary systems
in that the solid solution hardening can be quite remarkable. The
peak hardness occurs at approximately 80% Cr, but associated with this
hardening is a rapid drop #a ductility. This shows that the composi-
tion of the az phase is very critical with regard to ductility, since
the aging temperature significantly affects the composition of the a,
phase. In fact, aging at 640°C leaves a ductile a, phase while aging
at GOOOC leaves a britile (!.2 ptase. One possible source of the embrit-
tlement of the a, phase is the change from slip to twinning as the mode
of deformation, which occurs with increasing amounts of chromium in the
a, phase. This is reflested in the evidence of microtwinning in the
cleavage faces of the fractured tensile specimens.

After embrittlement, alloy A shows a drop in the fracture stress,

whereas alloys B and C show no drop. This is an effect of the large

grain size associated with alloy A. Alloys B and C have a much



smaller grain size than alloy A. The lower solution treating tempera-
ture allowed for alloys B and C is the major reason for the reduction
in yrain size. Alloy A requires a very Zigh solution treating tempera-
ture, !300°C, where grain growth is very rapid. Therefore, alloys

B and C have a considerable advantage over alioy A in that they are
both easier t¢ process and result in superior properties. The mechani-
cal properties of zlloys B and C do not degrade as severely as alloy A
but unfortunately the additions of V and V + Ti only retard tae embrit-
tlement,not climinate it.

Another iu-:thod successfully used in retarding the embrittloment
is the thermomechanical treatment applied *o alloy B. Good elonga-
tions and very high tensile strengths were observed, but magnetic
measurements must first be made in order to determine if the method is
compatible with satisfactory magnetic properties.

The magnetic properties and the mechanical properties are both
affect~" by spinodal decomposition. It has been shown that the mechani-
cal hardening, i.e. yield stress, is analogous to the :acnetic har-
dening, i.e. coercive force (Hc). The method of step aging is the
most effective method of improving both the mechanical hardness and
the crerrive force (HC), i.e. both properties improve with reduced
a3ing temperaturc.

Hardening due to spinodal decomposition appears to be quite
similar to that found for the aged Fe-Cr binary alloys. The addition
of Co shifts the miscibility gap to higher temperatures, resulting
in ¢ more rapid hardening than has been found for the Fe-Cr alloys.
Hardening has been explained by a combination of an athermal and a

thermal contribution. The athermal or temperature independent part

-~
pt



accounts for the ability to pin dislocations at the (:l.1 -a, interface.

And the thermal or temperature dependent part accounts for the resis-

tance tc dislocations passing through the 02 vhase.
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FIGURE CAPTIONS
Demagnetized curves of various commercial magnets in
comparison with the Fe-Cr~Co alloys {Ref. 14).
Isothermal sections of the Iron-Chromium~Cobalt ternary
syster according to KAster (19) and Ridecut, et al.
(Ref. 20).
Vertical section of the Fe-Cr-Co phase diagram at 15
~t% Co, Diagram represents phases present after the 1 hr
holding time (Ref. 35).
Vertical section of the Fe-Cr-Co phase diagram at 15
Wty Co and 5 wt® V., Diagram represents phases present
after 1 hr holding time (Ref. 35).
Vertical section of the Fe-Cr~Co phase diagram at 15
wt3 Co, 3 wt® V, and 2 wti Ti. Diagram reprsents phases
present after 1 hr holding time (Ref. 35).
(a) Miscibility gap of an aphase in the Fe-Cr-Co system
(Ref. 36). (b) Vertical sections of the miscibility gap
alorng the conjugate line A, B, C, and D shown in Fig. 6a
(Ref. 14).
Schematic diacram of the step aging method. Howvever, the
thermomagnetic treatment was not used (Ref. 17).
Schematic diagram of the step aging method used =n alloy D.
Sketch of the round tensile specimen.
Sketch of the Charpy V-notch specimen.

TEM micrograph of alloey B quenched from 1000°C to ice water.
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Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

13.

14.

15.

16.

17.
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TEM micrographs of the isothermally aged alloy A at soo°c
for 1 hr (a), 10 hrs (b), and 100 hrs (c), and at 640°C for
1 hr (d}, 16 hr (e), and 100 hrs (f).

TEM micrographs of the isothermally aged alloy B at 600°c
for 1 hr (a), 10 hrs (b), and 100 hre (c), and at 640°C for
Y hr (d), 10 hr (e), and 100 hrs (f}.

Spinodal wavelength vs. isothermal aging time. Alloy A
aged at either 600°C or 640°C.

Spinodal wavelengt!l. vs, isothermal aging time. Alloy B
aged at either 600°C or 640°C.

TEM micrographs of the step aged alloy D after step 2
(640°C) (a), and step 4 (600°C) (b).

Optical micrograph showing the grain structure of alloy A.
(a) low magaification, (b) high magnification showing
inclusions and pinned grain boundary.

Optical micrograph showing the grain structure of alloy B.
Two arcas arc pictured, showing the aclusions and pinncd
grain boundaries.

TEM micrograph of alloy B aged at 600°C for 10 hrs. Grain
toundary pinning by an inclusion is illustrated.

TLM micrograph of alloy B aged at 640°c for 10 hrs. Grain
boundary pinning by an inclusion is illustrated.

Alloy A aged at 600°C for 1 hr, (a) is an optical micro-
gravh showing typical grain boundaries and (b} is an SEM
micrograph of such a grain bounciry with three areas
indicated. The lower x-ray energy spectrum corresponds

to the inclusion, indicating it is very rich ir Chromium.
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Fig, 22.
Fig. 23
Fis. 24.
Fig. 2z5.
Fig. 26.
Fig. 27.
Fig. 28.
rig., 29.

The upper x-ray spectrum compares the camposition of the
matrix material (dots) with the grain boundary material
{bars), indicating the grain boundary is rich in Chromium.
An SEM micrograph of allcy A aged at 640°C for 1 hr and sub-
sequently swaged 20% reduction in area. MNote grain boun-
daries faii, hut matrix material is ductile.

Optical micrograph of the step aged alloy D (a) step 3
(600°C) (b} step 4 (SSOOC), showing the grain boundary
phase,

‘a} Bright field (b) dark fierld pair of a grain boundary
in alloy A aged at 640°C for 100 hrs, (c} is an SAD of the
grain boundary area, indicating O is the grain boundary
phase.,  The [OTO] o spot was used to form the dark field
image. Due to the proximity to the transmitted beam,

some contrast from the matrix material is evident in the
image.

Bright field (BF)-dark field (DF) palr showing J ir. alloy
A aged at 600°C for 1 hr.

Dark field (a) bright field (b} pair showipa ¢ in alloy A
ased at 600°C for 5 hrs.

Sigma at the grain boundary in alloy A aged at 640°C for
10 hrs.

TEM micrographs showing the morpholegy of tke ¢ in alloy

B aged at GOOOC for 1 hr. (a) bright field ,n) dain field
and at 6003C for 130 hr3 (¢} bright field (d) darx field.
TEM micrograph of a triple grain junction. Differing arsunts
of O are present depending upon misorientation. Alloy B

aged at 600°C for 100 hrs.
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Fig.

Fig. 31.

Fig. 32.

Fig.

Fia,

Fig.

Fig.

Fig,

30.

33.

34.

35.

36.

37.

TEM micrograph of a triple grain junction. Alloy B aged at
640°C for 1 hr. No o is present.

TEM aicrograph of a triple grain junction. Alloy B aged at
640°C for 10 hrs. Amount of U present changes with degree
of misorientation.

Yield stress or fracture stress and elongation of the iso-
thermally aged alloy A va. aging time. The circles and
squares indicate aging ac :no°c and 640°C respectively.
Total elongation is shown with open £wbols, uniform elon-
gation is shown with closed symbols, and the partially
closed symbols refer to the total and uniforn elonga-
tions being equal, i.e. no necking.

Vickers microhardness of the isothermally aged alloy A vs.
aging time.

Charpy impact toughness of the isothermally aged alloy A
vs aginy time tested at room temperature.

Yield st-ess or fracture strcoss and elongation of the
isothermally aged alloy B vs aging time. The circles and
squ~ces indicate aginec at 600°C ara 640°C respectively.
Total clongation is shown «ith open sywmbols, uniform elon-
gation s shown with closed symbols, and the partially
clused symbols refer to the total and uniform elongations
being equal, i.e. no neckting.

Vickers microhardness of the isothermally aged 2iloy B vs
aging time.

Charpy impact toughness of the isothesrmally aged alloy B

vs aging time.



Fig. 38.

Fig. 39.

Fig. 40.

Fig. 41.

Fig. 42.

Fig. 43.

Fig. 44.

Yield stress or fracture stress and elongation of the
isothermally aged alloy C vs aging time, The circles and
squares indicate aging at 600°C and 640°C respectively.
Total elcngation 13 shown with open symbols, uniform elon-
gation is shown with closed symbols, and the partially
filled symbols refer to the total and vniform elongations
being equal, i.e. no necking.

Vickers microhardness of the isothermally aged alloy C vs
aging time,

Variation of Rockwell "C® hardness and Vickers microhardness
of the step aged alloy A with aging =tem. The circles and
squares refer to the microharaness and the Rocksell =C"
hardness respectively. The arrows indicate the appropriate
units.

Variation of Rockwell “"C" hardness and Vickers microhardness
of the step aged alloy B with aging step. The circles and
squares refer to the microhardness and the Rockwell "C" hard-
ness respectively. The arrows indicate the appropriate
units.

Variation of Rockwell "C" hardness of the step aged alloy

C with aging step.

Yield stress or fracture stress and elongation of the

step aged alloy B vs aging step. The open symbols refer to
the uniform elongation, and the partially closed symbols
refer to the total and uniform elongations being equal, i.e.
no necking.

Yield stress or fracture stress, Vickers microtardness and

coercive force of the step aged alloy D vs aging step.
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Yield stress and total elongation of the thermomechanically
treated alloy B vs aging time. Shown for comparison is the
yvield stress or fracture stress and elongation of the iso-
thermally aged alloy B vs aging time. The closed symbols
refer to the step aged alloy and the open symbols refer to
the isothermally aged alloy.

The stress-strain curves of the thermomechanically aged
alloy B for the as-rolled condition {a), and isothermal
aging at 600°C for 1 hr (b), and 100 hrs {c).

SEM fractograp*s of alloy A puliec in tension, shown in

the as-quenched condition, aged at 600°C for 20 min {Fig.
47a upper photo}, 10 hrs and 10C hrs (Fig. 47b upper
photos) and aged at 640°C for 20 min {Fig. 47a lower photo)
and 10 hrs {(Fig. 47b lower chctol.

SEM fractograph of alloy A aged at 600°C for 10 nrs and
tulled in tension, showing the presence of feathered tomgues.
CVN fractographs of altoy A, shown in the as-quenched condi-
tion, aged at 600°C for i hr {Fig. 49a upper photo}, S hrs
and 19 hrs (Fig. 49b upper photos), and aged at 640°C

for 1 hr (Fig. 49a lower photo), 5 hrs and 10 hrs (Fig.

49b lower photos).

SEM fractographs of alloy B pulled in tension, shown in

the as-guenched condition, aged at 600°C for 20 min {Fiqg.
50a upper photo), 10 hrs and 100 hrs (Fis. 50b upper photo),.
and aged at 640°C for 20 min (Fig. 50a lower photo), 10

hrs and 100 hrs (Fig. 50t lower photo).
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CYN fractographs of alloy B, shown in the as-quenched condi-
tion, aged at 600°C for 1 hr (Fig. 5la upper photo),

5 hrs and 10 hrs (Fig. 51b upper photos), and aged at
640°C for 1 nr (Fig. 5la lower photo), 5 hrs and 10 frs
(Fig. S1b lower photos).

SEM fractograph of alloy B aged at 606°C for 10 hrs and
pulled in tension, showing the presence of feathered
tcagques.

SEM f{ractographs of alloy C pulled in tension shown in the
as-quenched condition, aged at 600°C for 10 hrs and aged at
640°C for 10 hrs.

SiEM fractographs of the step aged material

Alloy D:  (a) step 2 (640°C), (b) step & (600°C)

Alloy B: (c) step 4 (600°C), ‘d) step 5 (580°C).

CVN f{ractographs of alloy B step aged. (a) step 4 (GOOOC),
(b) step 7 (540°C).

SEM fractograph of the thcrmumechanically treated alloy B
(a) aged at 600°C for 20 min {b) aged at GOOOC for 10 hrs.
TEM micrograph of alloy A aged at 640°C for 100 hrs. Dis-
locations are seen to lie in the up Ty interface. The
areas of bright contrast are caused by a = difrracted beam
being inside the objective aperture.

The variation in solid solutiop hardening of Cr (solvent})
with various alloying additions (solute). The Fe and Co
data are from Stephens and Klopp (Ref. 53).

Six Cr-rich compositions and their relationship to the

miscibility gap in the Fe-Cr-Co system. Each composition



Fig. 60.

Fig. 61.

corresponds to an %conposition associated with a specific
aging temperature.

SEM micrograpks in the vicinity of a Rockwell *C" irdention
of tie alloys no. 1 (a}, no. 2 (b), no. 4 (c), and alloy

A (see Fia. 56).

The variation in three point bend ductility as measured by
the bend angle vs composition of the Cr rich phase. Cr is

F i .
the solvent and e.79Co.21 is the solute
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