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INTRODUCTION

N. C. Cole and R. R. Judkins

Oak Ridge National Laboratory
Oak Ridge, Tennessee 37831_

The objective of the Fossil Energy Advanced Research and Technology

Development (AR&TD) Materials Program is to conduct research and development on

materials for fossil energy applications with a focus on the longer-term and generic needs

of the various fossil fuel technologies. The Program includes research aimed toward a

better understanding of materials behavior in fossil energy environments and the

development of new materials capable of substantial enhancement of plant operatiom and

reliability.

The management of the Program has been decentralized to the DOE Oak Ridge

Field Office (OR) and the Oak Ridge National laboratory (ORNL) as technical support

contractor. The organizational relationships among DOE Headquarters, OR, and ORNL

are illustrated in Fig. 1. A substantial portion of the work on the AR&TD Materials

Program is performed by participating subcontractor organizations. The performing

J institution and principal investigator for each project are shown in Table 1.

This combined semiannual progress report of activities on the Program is in

accordance with a work breakdown structure in which projects are organized according to

materials research areas. These areas are (1) Ceramics, (2) New Alloys, (3) Corrosion and

Erosion Research, and (4) Technology Development and Transfer. A schematic summary

of this organization is provided in Fig. 2.

These Fossil Energy AR&TD Materials Program semiannual progress reports are

intended to aid in the dissemination of information developed on the Program. Highlights

of projects that are part of this program are provided in the bimonthly DOE newsletter,

Materials and Components in Fossil Energy Applications, published by Battelle Columbus

Laboratories.
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ANL-1 - DEVELOPMENT OF NONDESTRUCTIVE EVALUATION METHODS FOR
AND EFFECTS OF FLAWS ON THE FRACTURE BEHAVIOR OF STRUCTURAL

CERAMICS

W. A. Ellingson, J. P. Singh, D. Singh, R. Sayre, S. H. Sheen,

S. L. Dieckman, W. P. Lawrence, and T. Hentea*

Argonne National Laboratory
Materials and Components Technology Division

Argonne, IL 60439

INTRODUCTION

The purpose of this program is to (1) develop nondestructive characterization

(NDC) methods and protocols that Call be used to characterize structural ceramics (with

emphasis on ceramic/ceramic composites), as well as detect flaws in early stages of

processing and in the final densified state and (2) correlate the characteristics of flaws

with mechanical properties of ceramic materials to obtain an understanding of the

effects various flaws and processing parameters have on fracture behavior. The NDC

techniques being developed include (1) three-dimensional X-ray microcomputed

tomography, (2)nuclear magnetic resonance (imaging and spectroscopy), (3) bulk

body and surface acoustics with advanced signal processing, and (4) low-kV X-ray

radiography (contact, projection, and real-time) with digital image processing.

Fracture studies focus on both green and dense ceramic/ceramic composites, with

emphasis on Si3N4-matrix composites with SiC or Si3N4 whiskers. Limited effort this

past fiscal year has been devoted to continuous-fiber CVI composites, but next fiscal

year will almost exclusively focus on continuous fiber composites.

*Purdue University-Calumet, Hammond, IN.
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DISCUSSION OF CURRENT ACTIVITIES

Development of Nondestructive Evaluation

ApplicatiQll of Three-Dimensional Microfocu_ X-ray Ima_ng to Ceramic-Matrix

_j_.N_(w)/Si.3]_4 cold pressed composites. The work which we had reported

on earlier relative to detection of whisker concentration by X-ray microfocus

computed tomography was continued this period. We examined cold pressed MOR

bars of Si3N4 whisker based Si3N4. The whisker content varied from 0 to 25vol. %.

At each whisker content, 3 M0R bars were produced. The data given for these bars

relative to density as a function of volume concentration of whiskers is given in

Fig. 1. This is a somewhat surprising relationship between density and volume

concentration of whiskers as all prior data sets suggested that the maximum green

density was reached with 10-15 vol. % whiskers. These measured data (by

archimedes) also do not agree with the X-ray CT measured data. In order to obtain

X-ray CT data, to correlate to the archimedes data, we averaged the X-ray CT images

for all cross-sections (25 cross section per MOR bars). Thus we have a volumetric

average gray scale (from X-ray CT data) versus the archimedes measured density.

The plot showing the relationship between the X-ray CT measured gray scale

(related to density) and measured density is shown in Fig. 2. We also tried again to

correlate X-ray CT data with volume concentration of whiskers. These data are

shown in Fig. 3. This is consistent with earlier data which shows that maximum

gray scale (density) is achieved at 10-15 vol. % whiskers. This again calls into

question the reliability of the measured density data and this discrepancy needs to

be studied.
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MicrQfocus X-ray CT system develQpment. We have noted in earlier reports

that in order to achieve higher spatial resolution, especially on complex shaped

parts, that a method needed to be developed which would allow only a pre-determined

volume to be reconstructed and not be forced to reconstruct the entire object. This is

sometimes called Region-of-Interest (ROI) tomography 1 or also called "local

tomography". 2 There have been several attempts at this by others 1,2 but none have

applied this to 3D (cone-beam) tomography.

In order to develop and eva lua_.e new ROI codes we have been investigating

two different codes to simulated dat,_ sets for R0I code development. These two codes

were developed by guest scientists3, 4 and are being revised and developed at ANL

for application. These two codes are capable of generating quite different data sets.

The Sivers code can generate ellipsoids of different major/minor axis ratios and at

different orientation. The Rizo code can generate up to 20 spheres at any position

and in a nested configuration.

We have had some problems in developing these codes for simulated data set

generation. However, we were able to overcome these this period and will show

examples of the results.
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Case I: Sivers Data Simulation

Figure 4 shows a schematic diagram of the data simulated. We chose to

simulate a 26 mm radius sphere with two internal ellipsoids. One ellipsoid was

located in the top right center of the sphere with its major axis parallel to the X-axis.

As the density of the sphere was set at a relative value of 0.15, the density of the

ellipsoid was set at --0.15 such that the reconstructed density would be 0 to simulate a

void. The second ellipsoid was centered below the sphere center but with an axis

inclined 30 ° above the horizontal. The density assigned to this ellipsoid was also

0.15 which resulted in the reconstructed density being equal to 2 times the original

sphere density. We simulm,ed 131 projections, and used a 256 x 256 reconstruction

matrix. We know that this will result in an aliasing in the images. But this was

acceptable for these tests. We reconstructed 3 cross sections each with a 2.85 mm

Z ,

_-X

Large Sphere r = 26 mm
/ LargeSphere j0 =0.15

Y

A_Ellipsoid B Ellipsoid
-- u NIi

Centerat: Centerat:
X= 3mm X= 0
Y- 0 Y= 0
Z= 5mm Z=-5mm

Size: Size:
rx = 3 mm rx =2 mm
ry =2 mm ry =4 mm
rz = 1 mm rz = 2 mm

Density=- 0.15 Density= +0.15
g o

Angle= 0 Angle= 15

Fig. 4. Schematic diagram showing data simulation
geometries for Sivers simulation
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d

thickness. The resulting images, (printed with an available laser printer) are

shown in Fig. 5. Figure 5a is a cross section which does not contain either of the

ellipsoids; Fig. 5b is through the simulated void ellipsoid and Fig. 5c is through the

doubl_ density ellipsoid simulated with an inclined axis. Note that aliasing in

present as expected in each image. Note also however, that appropriate densities are

noted, i.e., void in white and double density is much darker as shown.

Case II: Rizo data simulation

In this case, we were attempting to avoid inherent problems with circular

artifacts which seem to be more prevalent is these simulated data. Figure 6 shows a

schematic diagram of the setup used to simulate the data. The source to detect or

distance was set at 500 mm and source to specimen was set at 250 mm. T_e sphere

was set to be of 8 mm radius. We reconstructed the data using 60 projections and

used a 64 X 64 matrix. Again we recognize that this will result in aliasing. We

I reconstructed 5 consecutive tomograms with 1 mm slice thickness. The first set ofreconstructions see Fig. 7, were taken at the mid plane section and the second set

(see Fig. 8) was taken such that the first tomogram reconstructed the top of the

sphere. We will continue to work on these data simulation sets so that we can be

more general in our simulated data for testing the ROI code.

(a) (b) (c)

Fig.5. Reconstructedimages from Siversdata simulation:(a)crosssection
throughsphere,(b)throughsimulatedellipsoidvoid,and

(c)throughsimulatedinclinedellipsoidwithdoubledensity
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Fig. 6. Schematic diagram of Rizo simulation data configuration
'i

Fig. 7. Reconstructed images using Rizo simulation data sets
with reconstruction near the center planes

Fig. 8. Reconstructed images using Rizo simulation data sets
with reconstructions starting from top of sphere

a
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N_clear Ma gaelic ]_esonance SDectrQscopy of Ceramic ComDQsites

Multi-nuclear (lH, 13C, and 29Si) NMR spectroscopic studies are being

designed to investigate (a) the composition of bulk ceramic materials; (b) the surface

chemistry of these materials; (c) the chemistry of the ceramic interfacial regions; (d)

and the chemistry of the whisker and fiber coatings. The ultimately goal of this work

is to develop and demonstrate spectroscopic techniques capable of probing the nature

of the micro-chemical environments of the ceramic surfaces and the bulk/fiber

interfaces, and to correlate results obtained using these techniques with the

microstructural and mechanical properties of the composite specimens.

NMR spectroscopy is currently quite capable of quantifying the chemical

composition of bulk ceramic materia!s. For example, using 29Si NMR "Magic-

Angle" spinning (MAS), it has been demonstrated that NMR can quantify crystal

type in Si3N4 (i.e. a, _, and amorphous r,a_erials) materials, as well as determine

surface coatings such as silica concentration, and oxynitrides concentration. Note

that NMR has a distinct and significant advantage over X-ray crystallographic

methods in its ability to quantify the amorphous materials. When dealing with

materials with mixed polytypes, such as SiC, NMR is capable of quantifying the

individual polytypes. Additionally, 13C NMR can be used to characterize and

quantify carboniferous coatings on whisker and fibers. These analysis can all be

performed as a function of specimen preparation (i.e. mixing conditions, sintering

conditions, and atmospheric constituents).

In this pursuit, initial 29Si NMR experiments were performed on a bulk Si3N4

sample. Preliminary experimental results obtained at a magnetic field strength of

7.1 T indicated extremely long spin-lattice (T1) relaxation rates (approximately 2 h)

for the these materials. T1 decay rates essentially determine the ability to obtain

signal in a given length of time. While the delays are lengthy, it is possible to

perform the experiments at this magnetic field strength. Additionally NMR

experiments attempted on this material at a magnetic field strength of 2.3 T. At this

field strength the T1 decay rates are Shorter suggesting that the data should be more

readily obtainable. However, a large 29Si background signal from the NMR probe

precluded the use of the 2.3 T NMR system at the present time. Initial 13C
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experiments were also performed on a SiC/A1203 (10/90 wt%) mixture to establish the

experimental sensitivity at 2.3 T. While the T1 delays are also lengthy, the results

indicate that sufficient sensitivity for natural abundance 13C exists to accurately

characterize the SiC polytypes at this field strength and dilution. Spectroscopic

studies of commercially available ceramic materials and on available chemically

ceramics with modified surfaces will continue. Additionally, experiments aimed at

the modification of the ceramic surfaces for spectroscopic sensitivity enhancement

will be performed.

]Jltr_sonic NDE Techniques for Structural Ceramics

, We have developed a new acousto-ultrasonic NDE method for the

determination of fiber orientations in a composite laminate. The method uses two 0.5

MHz P-wave transducers mounted _n the same surface of a composite laminate. One

transducer serves as a transmitter and the other acts as a receiver. Figure 9 shows

the experimental setup for the measurement. A measurmaent involves transmitting

ultrasonic pulses perpendicularly into a laminate and monitoring the received

signals at the receiver placed at a fixed distance away from the transmitter. The

received signals were analyzed for their spectra and times-of-flight (TOF) which

were used to correlate with fiber orientation and mechanical properties of the

composite sample. Table 1 gives the dimensions of the specimens examined.

Acousto-ultrasound is generated in the specimens when wavelengths are less than

the plate thickness. One significant observation from the measurements is that the

received signal :'n a composite laminate shows two groups of waves, attributing to

propagations through different media, fibers and epoxy matrix. An example of such

a real time signal is given in Fig. 10. We also found that the TOF of the received

signal depends on the fiber orientation. Figures 11 and 12 show the inverse of TOF as

a function of transducer orientation for two types of laminates. The orientations of

fibers are clearly detected. The same technique will be applied to structural

ceramics.
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Table 1. Dimensions of the composite specimens examined

_ .- ,,,

(degree) (in) (in) (in)
, , , _ ,., , , ,,.,, ...

PLEXIGLASS - 0.456 12.78 6.31
.., ,., ,, , • , ,, ,.... , ,., , , ,,., ,,

KEVLAR/EPOXY 0 0.113 2.00 2.00
_, . ,..

GLASS/tCK)LYESTER 0 0.092 17.91 9.53
, . _, ,., , ,, . ,

GLA SS/t_LYESTER [0/90]S 0.092 17.91 9.53
....
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Fig. 10. Waveforms of the received ultrasonic signals.
Specimen: E-glass/polyester symmetric cross-ply laminate,

DTR = 6", propagation angle 0 = 0 and 90 degrees
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Fig. 12. [0/90] symmetric E-glass/polyester laminate, DTR = 3"
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Effects of Flaws on Fracture Behavior

The purpose of this part of Task ANL-1 'is to characterize the fracture behavior

of structural ceramics and composites and to correlate fracture behavior with

critical flaws. For whisker composites, Si3N4 and its composites are fabricated and

microstructure and mechanical properties are evaluated. The critical flaws are

located by fractography and their sizes are correlated with mechanical properties.

The fractographic observations are compared with nondestructive evaluation"

(NDE) data for the location of potential critical flaws to provide useful information

for developing NDE procedures. For continuous fiber composites, effect of

processing on the flaw generation in continuous SiC fiber-reinforced SiC matrix

composites are evaluated and correlated with mechanical properties.

During this reporting period, fracture-NDE work has continued on both

whisker and continuous fiber reinforced ceramic matrix composites. Specifically,

effort has concentrated in three areas: (1) specimen preparation (powder

preparation, cold pressing, bisque-firing and hot isostatic pressing for whisker

composites); (2) flexural strength and flaw size distribution measurement and

fractographic evaluation of the fracture surface to locate critical flaws in both

whisker and continuous fiber reinforced ceramic matrix composites; and (3)

correlation of flaw size distribution in green and corresponding densified

specimens for whisker reinforced composites.

The powders of monolithic Si3N 4 (-0.3 _m) and its composites with 15 vol.%

Si3N 4 whiskers (0.6 _m in diameter and 45 _m in length) were prepared by a

conventional ceramic powder processing route 5. MgO was used as sintering aid

and polyethylene glycol was used as binder. Rectangular bar specimens of Si3N4

and composites were uniaxially cold pressed at -25000 psi in a steel die.

Subsequently, these specimens were bisque-fired in a pure nitrogen atmosphere at

650°C for 2 hours to burn-out the binder. A set of 60 specimens each of 0 and 15 voi.%

Si3N4 whisker-reinforced Si3N4 matrix composite were prepared in our laboratory.

Subsequently, half of each set of specimens were hot isostatically pressed (HIPed) at

Allied-Signal Aerospace Company, Garrett Processing Division, California.
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Average density of green (cold pressed and bisque-fired) monolithic and

composite specimens, measured using geometrical method, were 1.8 and 1.93 g/cc,

respectively. Monolithic and composite bar specimens received after HIPing had a

density of 3.075 and 3.102 g/cc, respectively, measured using Arehimedes' method.

Phase content of HIPed specimens were determined by X-ray diffraction using

CuKa radiation. Monolithic specimens had dose to 80% of 13phase and rest a,

whereas, in composite specimens it was 100% 13.,Modulus of elasticity, measured by

ultrasonic technique, gave values of 322 GPa and 316 GPa for monoli_.nic and

composite specimens, respectively. '

Flexural strength of green and HIPed specimens was measured using a four-

point bend test set-up. HIPed specimens were carefully ground to a standard

surface finish of 600 grit. Edges of the tensile face were chamfered to avoid any

stress concentrations at the sharp corners. All tests were conducted at ambient

conditions on a universal testing machine with a typical loading rate of 1.27

mm/min. Figures 13 a&b show the Weibull strength distribution plots obtained for

green monolithic Si3N 4 and its composite with 15 vol% whisker reinforcements.

The average strength for green monolithic Si3N 4 and its composites were 3.9 MPa

and 4.1 MPa, respectively, The Weibull moduli were evaluated from the slopes of

the strength versus, probability of failure (F) plots on a logarithmic scale• The

, values for Weibull modulus were 6.5 and 6.9. Figures 14 a & b show similar

Weibull plots for the HIPed monolithic and composite specimens. The average

strengths of the HIPed monolithic and composite specimens were 838 MPa and 540

MPa and the Weibull moduli were 5.1 and 4.9, respectively.

In four-point-bend flexural testing, tensile face is subjected to the largest

stresses, therefore, it is expected that failure causing critical flaw will be a surface

and/or subsurface flaw located near the tensile face. This was con_rmed by

observation of the locations of critical flaws on the fracture surfaces using scanning

electron microscopy (SEM). Figure 15 shows a SEM micrograph of monolithic

specimen showing the location of the critical flaw at or near the tensile surface. The

strength data indicate little or no difference in the Weibull modulus for green and

the corresponding HIPed specimens. This suggests that the subsurface/surface flaw
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population controlling the strength distribution of green Si3N 4 and composite

specimens does not change during densification (HIPing) process.

(a) __ (b)

1 0

-3 ' , 'l ' I • j ....., - I , ""l' '-- "4_1 ' _ ' I "'"' I ' i , i , ",

1.1 1.2 1.3 1.4 1.5 1.6 1.7 1. l 1.2 1.3 1.4 1.5 1.6 1.7 1.8

In (stress} In (stress}

Fig. 13. Weibull Plots of Green Specimens: (a) Monolithic (b) Composite
(15 vol% whisker)
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Fig. 14. Weibull Plots of HIPed Specimens: (a) Monolithic (b) Composite
(].5 vol% whisker)
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• INTRODUGTION

r

Chemical vapor infiltration (CVl) has demonstrated considerable

promise as a technique for fabrication of fiber reinforced ceramic

composites. An analytical model provides insight into the CVI process,

helps identify key processing parameters and guides experimental process

optimization efforts. A three-dlmensional model, GTCVI, has been

developed to simulate the densification process with a cloth lay-up

preform. This model can be used to support scale-up of the CVI process

for larger, more complex structural components.

_,,

DISCUSSION OF CURRENT ACTIVITIES

Efforts this period include modification of the deposition kinetics

portion of the model to match recent CVD experiments at ORNL and

comparison of model density profiles to experimental results from a series

of interrupted CVI runs.

Deposition Kinetics

A key part of any CVI simulation model is the deposition kinetics

expression. Past modeling efforts have invariably used a simple first-

order r'/te law I0z,3 Although this expression is the easiest to

incorporate into a process model the primary motivation for this
lr

assumption ha_ been the absence of experimental rate studies, under

conditions similar to those used in CVI processing, that indicate a more

complex rate law. Indeed, the one rate study that most directly matched
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CVI process conditiens produced an apparent first-order rate law 4. Since

this work involved o_nly one reactor geometry and one gas flow rate,

extension to other deposition systems must be made with care.

More recently, experiments at ORNL over a range of flow rates and

gas compositions indicate a more complex deposition rate relationship that

includes a strong inhibition effect due to the accumulation of HCI, a by-

product of the reactio,n5. This yields the rate expression,

krPr

R =2+K;p

where Rl is the linear _eposition rate, Pr and Pp are partial pressures of

reactant (MTS) and prod_ct (HCf), kr and _ are rate constants given by

Arrhenius expressions,

kr - Ar exp(-Er/RT)

K_ - A_ exp (-Ep/RT )

where At, Ap, Er and Ep are constants determined from CVD experiments, R is

the gas constant and T is the absolute temperature. For conditions where

KpPp << I, i.e. little depletion of the reactant gas, the rate law is

still nearly first-order im the reactant partial pressure. However, for

KpPp >> I, i.e. significant depletion, the rate is proportional to the

ratio of the reactant and product partial pressures.

For low values of depletion, i.e. little HCI produced, the ORNL rate

is substantially higher than the Brennfleck 4 rate. However, as the

percent depletion increases, the rate can be lower or higher depending on

the percent depletion and the temperature.

In order to incorporate this rate expression in the CVI model it is

necessary to calculate the concentration of HCI at each volume element in

the preform. Adding this additional concentration parameter to the model

involves only a few additional lines of computer code. The inflow

boundary concentration of HCI is set to zero and the production rate of
\

HCI at any volume element is based on the assumption that three moles of

HCI are produced for each mole of SiC deposited. As before, steady-state

solutions are obtained sequentially and iteratively for each process

parameter -- temperature, pressure and the two concentrations.



29

Intermediate Density Profiles

The most demanding test of a CVI model is comparison of the

predicted and experimental densities at specific points in the preform at

a series of times prior to full densification. The only set of

experimental data suitable for this comparison involves four CVI runs at

ORNL 6. One run was continued until full densification. The other three

runs, using identical temperatures and gas flow rates, were interrupted at

intermediate times. Density profiles for each resulting composite were

determined by slicing the disks into regular pieces and then weighing and

measuring these.

Using the 2-D version of GTCVl with cylindrical coordinates we model

this series of runs using a 6x15 analytical grid as shown in Figure I.

Boundary conditions for temperature, flow rate and reagenZ concentration

are set to match experimental conditions used. Model results for back-

pressure (Figure 2) are in good agreement with experiment although the

model value rises a little more rapidly than experiment at the very end of

the run. More importantly, local densities at intermediate times (Figures

3-6) also show good agreement with corresponding experimental results.

This good agreement with experiment is based on a particular

microstructure model, as described previously 7, with adjustments to the

model parameters so as to match experimental densification and back-

pressure measurements. While these parameter values are not arbitrary

their correspondence to physical microstructure features still must be

demonstrated. This is an important step toward applying this model to CVI

of larger, more complex shapes and different fiber architectures.
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Figure 4. Model predicted density matches experiment at bottom, middle
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INTRODUCTION

Ceramic composites continue to offer great promise for _ncreasing

the efficiency of fossil fuel utilization. Fabricability is an important

factor in such applications, particularly for the relatively large and

complex shapes used for fossil energy conversion systems. The objective

of this program is to develop a near-net-shape fabrication method for

silicon nitride ceramic composites using lay-up techniques and reaction

sintering. Two factors limit the mechanical performance of such

composites, the density and distribution of matrix material, and the

bonding between fiber and matrix. Fabrication techniques are needed that

will produce a uniform matrix microstructure and provide better

distribution of load to the reinforcing fibers. In addition, a fiber

coating is needed that is stable in the reaction sintering environment and

provides good debonding between the fiber and matrix during crack

propagation.

DISCUSSION OF CURRENT ACTIVITIES

Our work over this period has included development of tape

fabrication methods and application of duplex coatings to Nicalon fiber.

Tape Fabrication Methods

Since previous attempts to impregnate woven cloths with silicon have

resulted in poor penetration of powder between filaments, we have

redirected our efforts toward a fabrication process consisting of

i
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impregnation and winding of fiber tow to form a unidirectional tape, and

subsequently cutting and stacking this tape to form the "green" composite.

Our apparatus for performing the first step of this process includes a

trough of silicon powder dispersion with rollers to guide and spread the

fiber, and a commercial filament winding machine (Figure i). The trough

portion of this apparatus (Figure 2) contains a dispersion of attritor-

milled silicon powder in an organic liquid with a small amount of binder.

Convex-shaped rollers below the liquid surface spread the tow while it is

immersed, encouraging good penetration between filaments. The impregnated

tow is then wound onto a hexagonal mandrel. After drying flat,

rectangula_r sheets are cut and stacked to form the composite.

A critical requirement for successful implementation of this

fabrication method is obtaining the proper amount and distribution of

silicon powder during the winding operation. The "correct _'amount of

powder uptake can be estimated from considering the desired final

composite. For a composite consisting of 50% by volume of Nicalon fiber

and a matrix of reaction sintered silicon nitride with 15% residual

porosity, the fiber should show a weight gain of 65%. ,A weight gain

greater than this would lead to low volume fraction fiber in the final

composite. A smaller weight gain, however, can be adjusted by adding

powder during the lay-up process. Parameters that influence the amount

and distribution of powder include composition of the dispersion, tension

on the tow during immersion and winding, and winding speed.

Our initial winding experiment used one composition of dispersion

(30 wt% solids in ethanol) and several winding speeds. Results indicate

that winding speed does not have much impact on weight gain, which varied

between 32-35% over the available speeds. Microscopic examination of the

dried, impregnated tow show good penetration between filaments (Figure 3).

Future experiments will utilize a higher concentration of solid in the

dispersion to get a higher weight gain.
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Figure i. Schematic shows fiber impregantion/tape winding apparatus.

Layers cut from flat sides of hexagonal mandrel are stacked to

form composite.

Figure 2. Rollers guide fiber through trough containing dispersion of

silicon powder. Convex rollers in bottom spread tow while

immersed to encourage good penetration between filaments.
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Figure 3. Micrograph of silicon powder impreganted tow shows good
infiltration between filaments.

Fiber Coating

A fiber coating may play several roles in application to ceramic

composites. These include protecting the fiber during composite

fabrication and use, and providing a suitably weak interface between the

fiber and matrix. While carbon coating has proven successful for

protecting Nicalon fiber during CVI processing I it has not been effective

under our nitriding conditions 2. Further, while carbon does provide

suitable interface control for the composite, the coating is susceptible

to oxidation under many application environments.
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In order to overcome these problems we plan to apply a duplex

coating to Nicalon fiber prior to composite fabrication. This coating

will consist of a layer of pyrocarbon followed by a layer of silicon

carbide. The carbon layer will provide interface control while the

silicon carbide will enhance fiber protection under processing and use

environments.

Our initial experiments have utilized batch coating in a CVD

furnace. Carbon was deposited from propylene while silicon carbide

deposition used methyltrichlorosilane (MTS). A series of runs are .in

progress to define proper deposition conditions and times for each

coating, with a goal of 0.1-0.3 microns thickness for each layer. Once

these processing conditions are determined, several hundred feet of fiber

will be coated using our continuous fiber coater.
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CERAMIC COMPOSITE MATERIALS
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INTRODUCTION

Advanced ceramic composites are currently of great interest for

high-temperature structural applications, because they exhibit

significantly higher fracture toughness than do monolithic ceramics.

The fiber-matrix interface bond has a significant role in determining

the fracture toughness of the material. Phenomena such as interface

debonding, fiber slip, or pull-out, will improve material toughness by

increasing the energy required to propagate a crack. I However, a bond

that is too strong permits a crack to propagate directly through a

fiber-matrix interface without being significantly impeded, resulting

in brittle fracture. In a bond that is too weak, the toughening

mechanisms are not significant. As a result, special processes are

required in the manufacture of these materials to achieve optimum

fiber-matrix bonding. 2 Effective NDE techniques capable of

characterizing the fiber-matrix interface are needed to maintain

control of the manufacturing process and to ensure the quality of

fabricated components. This is the last report of this study and

summarizes the investigation of acousto-ultrasonics (AU) to

characterize the fiber-matrix interface of a SiC continuous fiber

reinforced, SiC matrix composite.
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DISCUSSION OF CURRENT ACTIVITIES

Material Samples

Composite specimens were supplied by Oak Ridge National

Laboratory (ORNL) for this investigation. The material consisted of a

SiC matrix with a continuous fiber reinforcement of 2-d weave Nicalon

(Nippon Carbon Co., Tokyo, Japan) cloth layered in a 30-60-90 pattern.

A chemical vapor infiltration (CVI) process was employed to form the

matrix. The specimens were in the form of right circular cylinders

45 mm in diameter and 11.5 mm high, with 40 vol% fiber and 85% of

theoretical density.

Specimens with strong, intermediate, and weak interface bond

strengths were fabricated. A weak interface bond was produced by

coating the Nicalon fibers with a 0.5 #m layer of carbon prior to

infiltration. Following infiltration, the specimen was heat treated

(850°C) for two hours in flowing oxygen to oxidize the carbon

interlayer. This resulted in essentially no bonding or friction at the

interface. An intermediate bondstrength was produced by also coating

the fibers with a 0.05 _m carbon layer, but no heat treatment was

performed. A strong interface bond resulted, when neither a fiber

precoat nor subsequent heat treatment was used. A silica layer that

forms on the surface of the uncoated Nicalon fibers during initial

heating during the CVI process bonds strongly to both the fiber and the

deposited matrix. The relationship between fabrication parameters and

interfacial frictional stress has been confirmed for such specimens. 3

Acousto-Ultrasonic Response

Experimental System

The acousto-ultrasonic (AU) technique was developed by Vary and

co_orkers 4 to characterize the me_:hanical properties of materials. The

name of the technique stems from the fact that it is basically a hybrid

between ultrasonics and acoustic emission. Two piezoelectric

transducers are placed on the same side of a material sample as shown
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in Figure i. An excitation pulse to one transducer generates acoustic

waves in the sample that are received by the other transducer,

amplified, and recorded in a manner similar to conventional

transmit-receive ultrasonics. The difference is that, instead of

detecting a well-defined acoustic pulse traveling between the

transducers, as is the case with conventional ultrasonics, a

complicated superposition of wave modes and sample reverberations that

resembles an acoustic emission signal is generated and detected.

The AU measurement system used for this work employed

Valpey-Fisher "pinducers," which are high-sensitivity, small-diameter

(2.4 mm) piezoelectric transducers. These transducers were chosen

primarily for their small size, which makes them ideal for point

measurements. They were also chosen because they minimize

perturbations to the vibration modes of the sample.

Data Analysis Methods

Method of Moments. In this method s, the time signal from the

receiving transducer is first transformed to the frequency domain using

the Fast-Fourier Transform (FFT). Various moments of the frequency

spectrum are then taken about the amplitude axis. For discrete data,

the nth moment can be expressed as

Mn _ _iWlfin_f,

where Wi is the power spectral density at frequency fi, and af is the

frequency increment. A1 = Mo is the area under the power spectral

density curve and thus is directly proportional to the energy of the

signal, lt is a measure of the ability of the sample to transmit

acoustic energy. A2 = MI/M0 represents the centroid of the power

spectral density curve, or the center frequency of the signal relative

to its energy content. Comparison of A2 between samples reveals

differences in absorption of acoustic energy as a function of

frequency.

Diffuse Field Decay Analysis. A measure of the internal

absorption can also be obtained by the diffuse field decay rate
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Fig. i - Diagram of experimental setup for acousto-ultrasonic
measurements.

method, 6 This analysis is based upon the premise that a diffuse

ultrasonic field in an isolated sample will decay due only to

absorption mechanisms, when the contributions of damping by air,

transducers, and fixturing are minimal. The damping is measured

through determination of the volume-averaged decay rate of the

ultrasonic field as a function of frequency and time, A greater decay

rate indicates a greater amount of internal damping or energy

absorption through internal friction. Determination of the decay rate

is accomplished by dividing the recorded waveform into a number of time

windows for which Fourier transforms are performed. The resulting

spectra are then broken into frequency bins and the mean square

spectral amplitude is calculated for each bin. This provides a measure

of the signal decay rate for individual frequency bins as a function of

time.

=

=
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Experimental Data

Acousto-ultrasonic measurements were made on one weak, three

intermediate, and one strong interface bond specimens, Following

excitation of the pulsing transducer, a 320 #s length of the received

signal was digitized at a rate of 12.5 MHz and stored. This produced

time records of 4,000 points each. The time signals were transformed

to the frequency domain with a 4,096 point FFT. Because there can be

significant scatter in AU data taken at different points on a single

specimen, measurements were taken at I0 positions on each specimen and

the data were processed for each position.

F_iigure 2 shows typical recorded time signals for the strong bond

sample and the weak bond sample. There is an obvious qualitative

difference between the two signals. The total energy contained in the

signal response from the well-bonded sample is more than I00 times

Sample 260

i (signal energy 54*)

II II_l

E ,
<

Sample 265

,, 1 1 , ! , ! I I

_ 0 20 40 60 80 100 120 140 160

Time (_s)

*Signal energies in arbitrary units
Fig. 2 - Typical AU signals for samples having strong (Sample 260) and

weak (Sample 265) interface bonds.
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greater than that of the poorly-bonded sample. Based on measurements

made on other samples of this material, acoustic property differences

of this magnitude would be expected only for material samples having

significantly different porosity content, However, since the densities

of these samples are approximately the same, the different AU responses

are attributed to the differences in flber-matrix bonding.
i

Significant differences are also seen in the frequency spectra

shown in Fiqure 3, The spectrum for the weak bond sample shows a

marked decrease in high frequency content, indicating a greater

absorption of acoustic energy than the strongly bonded sample, This

should correspond to a lower value of A2 and a higher diffuse field

decay rate for the weak bond sample,

I l i i

"_ Sample 260

Sample 265

0 1 2 3 4 5

Frequency (MHz)
Fig. 3 - Frequency spectra of signals of Fig, 2.
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Diffuse Field Decay Rate Analysis

Diffuse field decay rate analyses were performed on the AU

signals for the interface bond specimens. To process the data, 16 #s

time windows and 0.5 MHz frequency bins were used. To avoid initial

field transients, the first 48 #s of the recorded AU waveforms were not

used. The results are shown in Figure 4, in which the averaged time

decay rates of each specimen are plotted against frequency. A clear

discrimination is observed betweei_ different bond strengths; at any

given frequency, except at the very low frequency range, the composite

specimens exhibit increasing absorption of vibrational energy with

decreasing bond strength. The decay rates also increase directly with

increasing frequency.

To illustrate the relationship between the AU resuits and the

_aterial properties, the interfacial shear stress and flexure strength

measured by ORNL 3 for specimens fabricated under identical conditions

as ,the specimens used in this study are plotted in Figure 5 vs. the AU

0.025 I I I I I

0.020 . Weak ,, -
Intermediate

0.015 - Strong -

° //,121 .
O.OLO-

<

0.005 -

o ,I J J I I
0 1 2 3 4 5 6

0,0t53

Frequency (MHz)

Fig. 4 - Diffuse field decay rate analysis of AU data for interface bond

specimens. Decay rate vs. frequency.
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Fig. 5 - Diffuse field decay rate analysis of AU data for interface bond

specimens. Flexure strength and interfacial strength vs, 2 MHz decay
rate.

decay rates at 2 MHz frequency, The error bars for interfacial shear

stress and flexure strength are those reported by ORNL. The lines

connecting the data points represent least squares fits of the data to

second order polynomials and have no other physical significance. The

interfacial shear strength measurement technique used by ORNL involves

a microhardness indentor to apply a force to the end of a fiber

imbedded in the matrix, Interfacial shear stresses are determined from

the applied load and the observed displacement of the fiber relative to

the matrix. Although the interfacial shear stress was not measured on

the actual samples for which the AU measurements were made, the figure

does show the general relationships involved.

Analysis by Method of Moments

The AU data were also analyzed by the method of moments. The

results are summarized in Figures 6 and 7. The ORNL interfacial shear
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Fig. 6 - Flexure and interfacial shear s_:ress vs. ist moment of AU signal.

stress and flexure strength values are plotted as functions of A1 and

A2. The differences in the first and second moments of the power

spectral density of AU signals are attributed to differences in fiber-

matrix interface conditions, as the specimens are otherwise identical.

This agrees with the results obtained by the diffuse field decay

analysis method.

Summary and Conclusions

This study has demonstrated the feasibility of acousto-ultrasonic

measurements of internal damping for discriminating between differences

in fiber-matrix interface conditions in otherwise identical samples,
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Fig. 7 - Flexure and interfacial shear stress vs. 2nd moment of AU signal,

lt is important to note that the technique is possible with

noncontacting laser-based sensors, enabling measurements to be

performed on components at high temperatures or in other hostile

' environments. This means that the techniques have great potential for

in situ process monitoring techniques for composite quality control

during fabrication and to ensure the quality and integrity of compositei

: materials and components while in service.

Future work should include measurements on larger sample bases to

firmly establish correlations between fiber-matrix interface conditions

and measured acoustic and ultrasonic properties. Attention should also

be given to effects of component size and shape on measurement and

analysis techniques. Finally, additional research needs to be
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completed on the mechanisms of laser-ultrasonic generation and on

detection of ceramic matrix components.
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INTRODUCTION

Silicon carbide (SIC) matrix composites produced by chemical vapor infiltration

techniques are under development for use in elevated temperature structural applications 1"3.

These composites typically contain -40 vol.% of fiber reinforcement, and are infiltrated to

-85% of theoretical den'sity with silicon carbide. In order to fully realize the advantages of

these materials in fossil energy systems, practical joining techniques must be developed.

Successful joining methods will permit the design and fabrication of large components and

complex shapes, and will allow integration of component parts into existing systems.

Joining of SiC matrix composites is comparable to joining of dense SiC; however, the

presence of the fiber reinforcement introduces additional concerns. The type of fiber, as well as

any fiber/matrix interfacial coating, must also be considered when developing a joining process.

For example, in the case of SiC/SiC composites containing Nicalon fibers, losses in component

strength result from prolonged exposure to processing or service temperatures above -1200°C 4.

Nicalon fiber degradation occurs at these temperatures, and in the presence of oxidizing

atmospheres, the carbon-rich interfacial coating required for toughening is also degraded.

Thus, for this material the upper use temperature, as well as the highest processing

temperature allowable for joining, is limited to ~1200°C. Property reduction can be minimized

by coating the components with an external protective layer of SiC4, or by using other fibers, not

yet readily available, that are more resistant to thermal degradation. It is expected that

continued research and development will produce SiC matrix composites for use at temperatures

at or above 1400"C. Applicable joining methods must therefore avoid property degradation of

the composite caused by excessive processing temperatures, and must also provide joints that can

withstand these expected use temperatures.

Dense SiC has been joined using a variety of techniques; these have been listed in a

previous report 5. Considering the applicability of these methods for composite joining,

metallic brazing techniques are ruled out because of the intended service temperatures. Direct
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diffusion bonding, hot pressing with various interlayer materials, and vitreous brazing require

temperatures exceeding ~1650"Cand would therefore result in composite property degradation.

Of the previously studied techniques, only metallic bonding with reactive metals such as

titanium shows promise for composite joining6,7.

Prior work on this project identified a new joining technique applicable to SiC matrix

composites that involves simultaneous in situ reaction synthesis and bonding5, 8. The technique

was demonstrated for dense SiC and SiC/SiC composites using combustion reactions in the

Ti-C-Ni system that were initiated below 1200"Cin a hot press. A TiC-Ni joint interlayer was

formed, and bonding was attributed to an interfacial reaction between the TiC-Ni and SiC.

Room temperature joint strengths measured in four-point bending exceeded 100 MPa. The

Ti-C-Ni system was initially chosen to demonstrate this new joining method; however, concerns

have been identified regarding the maximum use temperature and sulfidation resistance of

TiC-Ni joints. Thus, in addition to the continuing studies on the Ti-C-Ni system, recent efforts

have also considered alternative joining systems.

DISCUSSION OF CURRENT ACTWITIES

The research effort during this report period has focussed on (1) continued studies of the

Ti-C-Ni joining system, and (2) identification and evaluation of alternative joining systems.

Joining with TJ-C-Ni Combustion Reactions

. Studies involving joining with Ti-C-Ni combustion reactions have continued with

emphasis on further characterization of joint microstructures, and optimization of the joint

composition and processing variables. In prior work it was shown that during the joining

process, the TiC-Ni chemically reacted with the SiC to form a micro_'copically rough interface

rich in TiC. lt was also shown through x-ray dot mapping that a significant concentration of Ti

and Si existed in t_le Ni-rich phase. Figure 1 shows an x-ray diffraction scan taken from the

fracture surface of a joint produced using a Ti-C-Ni mixture. In bulk pellets produced by

combustion synthesis of Ti-C-Ni mixtures only the TiC and Ni phases were present. In contrast,

Figure 1 indicates the reaction product formed by in situ reaction within the SiC joint shows the

presence of TiC, the phase Ni16Ti6Si 7, and very little metallic Ni. Thus, during the joining

process, dissolution of SiC at the joint interface allowed enough Si to diffuse into the Ni melt to

result in formation of the silicide. The reason for the increased Ti concentration within the
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Figure 1. X-ray diffraction scan obtained from the fracture surface of a SiC to SiC joint
produced by in situ reaction of a Ti-C-Ni powder mixture.

Ni-rich phase in the in situ reacted material compared to the bulk reacted material is

uncertain. Nevertheless, the presence of Ni16Ti6Si7 in the joint is significant. As a silicide,

this material is expected to exhibit superior oxidation and sulfidation resistance compared to

pure Ni. In addition, the mechanical properties of the joint interlayer material are expected to

be different from those of TiC-Ni materials formed by combustion synthesis of bulk Ti-C-Ni

pellets.

There have been continuing problems with the quality and reproducibility of joints

produced using Ti-C-Ni mixtures, mainly as a result of large porosity defects that frequently

resulted in low joint strengths. Porosity in combustion synthesized materials often originates

from the large volume change associated with the reaction, as well as the evolution of gases

during rapid exothermic heating 9. In the current studies, the large density difference of the

starting powders, the application of binder assisted processing, and the use of extremely fine,

agglomerated carbon powder were also potential sources of porosity. A variety of studies were

therefore conducted to determine the origin of the porosity. The studies examined the effects of

several variables on overall joint quality, including carbon particle size (0.02 lxrn acetylene

black vs 1.0 _ graphite), Ni content (5 to 25 wt.%), amount of binder (3 to 36 wt.%), method of

forming joint interlayer (tape casting, die pressing, slurry painting), and joining temperature.
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The results of these studies indicated that most of the porosity could be attributed to

the volume change and gas evolution associated with combustion synthesis; the other variables

examined had a lesser influence on the amount of porosity observed. The volume change for the

reaction was estimated to be ~25%, and since the starting powder mixtures had porosity levels

on the order of 40%, a volume shrinkage of approximately 65% was required to completely

densify the material. This amount of shrinkage is difficult to achieve during the reaction, even

when external pressure is applied, because of the short time at elevated temperature, lt was

also determined that gas evolution likely contributed to pore formation, since significant

weight losses were observed by thermogravimetric analysis during the reaction. The amount of

gas evolution can be reduced by outgassing the powders prior to reaction 10, although it cannot be

eliminated.

The following additional obser_;ations were made regarding other variables examined.

The type of carbon powder had a significant influence on tt_e quality of the microstructure, as

demonstrated in Figure 2. The fine 0.02 _m acetylene black resulted in a more fully reacted and

uniform microstructure, in contrast to the coarse 1.0 _m graphite powder that resulted in large

areas of unreacted graphite. Other researchers have achieved good combustion synthesis

results using coarse graphite powders 11, although samples were typically considerably larger

than those used in the joining studies, and combustion temperatures were probably significantly

higher. The effect of nickel content is illustrated in Figure 3, which shows micrographs of joints

prepared with 7.5, 15, and 25 wt.% Ni. Improved densification and homogeneity were

achieved with higher Ni contents as a result of the greater liquid volume during reaction. More

extensive reaction at the SiC interface was also observed, indicating the important role played

by Ni in the bonding mechanism. The method of preparing the thin layer of powder reactants

did not appear to significantly influence the final porosity; however, tape casting proved most

useful for producing thin layers having controlled thickness and uniform green density.

Variations in binder content had little effect on the final porosity observed in joints. Finally,

higher joining temperatures were found to be beneficial for improving the density of joints.

Prior joining studies were conducted at <1300°C. In contrast, the recent results indicate that

temperatures greater than -1350°C are necessary to allow post-reaction densification

mechanisms to operate. It is anticipated that the observations discussed above can be used to

improve the quality and reproducibility of joints produced using Ti-C-Ni mixtures. Higher

nickel contents and joining temperatures are expected to be beneficial.
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Figure 2. Optical micrographs of SiC to SiC joints produced using in situ reaction of Ti-C-Ni
powder mixtures prepared with (a) 0.02 _tm acetylene black, and (b) 1.0 _trn
graphite.

Alternative Joining Systems

Studies have been initiated to develop alternative joining materials and methods. One

system of interest is the MoSi2-SiC system. Composite materials in this system have been

shown to exhibit good toughness and excellent oxidation resistance 12. For these materials, two

types of joining methods are being considered. One method involves using combustion reactions,

similar to prior work on the Ti-C-Ni system. In addition, a liquid infiltration/reaction bonding

technique is being investigated. If successful, this technique will be more practical than the

previous method in that infiltration requires no external pressure tc)achieve densification, and

therefore a hot press would not be required.

Although combustion synthesis of MoSi2 has been studied 13,14,production of MoSi2-SiC

composites by this method has not previously been reported. Initial studies have shown that

MoSi2-SiC powder mixtures can be produced by reaction of Mo-Si-C elemental powders. As

shown by DTA in Figure 4, an exothermic reaction can be initiated by furnace heating a Mo-Si-C

compact. The composition of the compact was adjusted to result in approximately a 50-50 vol.%
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Figure 3. Optical micrographs of SiC to SiC joints produced by in situ reaction of Ti-C-Ni
powder mixtures prepared using (a) 7.5 wt.% Ni, (b) 15 wt.% Ni, and (c) 25 wt.%
Ni.

mixture of MoSi2 and SiC after reaction. The product of the reaction was a friable, porous mass

that was subsequently ground into powder and analyzed using x-ray diffraction. Figure 5 shows
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Figure 5. X-ray diffraction results for a reacted mixture of Mo-Si'C powders.
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the results indicating the reaction had gone to completion and that only MoSi2 and SiC were

present. The morphology of the powder is shown in Figure 6. A bimodal particle size

distribution was clearly evident. Energy dispersive x-ray analysis indicated the angular

shaped, larger ~1-3 km diameter particles were MoSi2. The aggolmerated submicron particles

were SiC. Further work is required to assess the densification behavior of these powders. One

possible approach would involve simultaneous synthesis, densification, and joint bonding

through the application of external pressure, as was accomplished in the Ti-C,Ni system.

Alternati' .ly, the powder could be milled to produce a high surface area, sinterable powder

which could be densifted within the joint in a separate step.

Figure 6. Scanning electron micrograph showing the morphology of the powder produced by
combustion synthesis of Mo-Si-C powder compacts. The 1-3 km angular particles
are MoSi2, and the agglomerated submicron particles are SiC.

Joining of SiC by infiltrating the joint region with molten Si to produce a reaction

bonded silicon carbide (RBSC) joint interlayer has previously been demonstrated 15,16. RBgC

exhibits excellent oxidation resistance and good strength. The process is relatively simple to

carry out, and offers considerable control over the resultant joint microstructure. Infiltration

takes place at approximately 1450°C, above the melting point of Si. Work is now underway to

optimize this joining method.

Typically, RBSC contains about 10-15 vol.% free Si, which causes strength to decrease.

rapidly above ~1400"C. Researchers have recently demonstrated that by using a Si melt



alloyed with Mo, it is possible to produce a reaction bonded MoSi2-SiC composite containing no

free Si that exhibits superior high temperature properties 17. Efforts are now underway to

investigate the use of the alloyed melt infiltration approach for fabrication of SiC joints that

could be used above 1400"C.
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INTRODUCTION
i

The achievement of higher efficiency heat engines and heat recovery

systems requires the availability of high-temperature, high-performance

structural materials. Structural ceramics, and more recently, ceramic

matrix composites have received particular attention for these

applications due to their high strength and excellent resistance to

corrosion, erosion and thermal shock. Even With these positive

attributes, improved reliability and extended lifetime under service

conditions are necessary for structural ceramics and ceramic composites

to gain wide industrial acceptance. This reliability is only achieved

with improved knowledge of in-service damage modes and failure

mechanisms, and the processing knowledge to improve this performance by

microstructural modifications. The inherent problems are mechanical and

chemical in nature and are enhanced by the high temperatures, reactive

environments, and extreme thermal gradients and thermal cycling, to

which these materials are subjected.

With an objective of improved performance for heat engine/heat

recovery applications, the NIST program addresses these problems through

a determination and characterization of major toughening mechanisms in

ceramic composites, examining both model crack-fiber systems and "real"

composites. A key aspect of the program is a determination of the

critical processing factors which influence microstructure and

interfacial behavior in these materials, and which thereby influence

these toughening mechanisms. Activities of the program are designed to

develop key data, associated test methods and companion predictive

models. The status of the work is detailed below.
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DISCUSSION OF CURRENT ACTIVITIES

IN SITU OBSERVATIONS OF TOUGHENING PROCESSES

IN ALUMINA REINFORCED WITH SILICON CARBIDE WHISKERS

Summary

An in situ study was made of crack interfaces in composites of

alumina reinforced with silicon carbide whiskers. Both qualitative '

observations of the whisker bridging micromechanisms and quantitative

measurements of the crack profile are made to assess the specific role

of the whiskers on the toughness-curve (T-curve or R-curve). At small

crack-wall separations the whiskers act as elastic restraints to the

point of ruptur e. In some cases the whiskers remain in frictional

contact with the alumina matrix over large pullout distances, more than

I #m, corresponding to a bridging zone approaching I mm. The results

are discussed in relation to existing models of whisker reinforcement

and published long-crack T-curve data. [Key words: toughness, bridging,

composites, cracks, pullout, deflection.]

Introduction

The incorporation of silicon carbide whiskers (= I vm diam) into

alumina can lead to considerable toughening. I"8 A typical composite

shows a monotonic toughness increase (toughness T-curve, or crack-

resistance R-curve) relative to = 2.5 MPa.m I/2 for the base alumina;

maximum reported toughness values are 5 to 9 MPa.m I/2 (refs. 8 to ii),

depending on the properties and volume fraction of whiskers. It is

generally accepted that the T-curve mechanisms involve some form of

crack-interface bridging. 8 However, the precise nature of these

mechanisms remain an issue of much debate. Many argue, e.g., from near-

tip observations using transmission electron microscopy, 4,Z that the

bridging primarily entails debonding and subsequent elastic deformation

of the whiskers to abrupt rupture immediately (within 20 _m) behind the

advancing crack tip. Those observations have been used as the basis for

most micromechanics modelling. 8 Few efforts have been made to reconcile

such small-scale bridging zones with long-crack T-curve data (typical
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crack extension range = i00 #m to I mm), 9"11 e.g., by invoking an

artificially enhanced "tail" in the fiber-matrix constitutive stress-

displacement function (associated with a distribution in whisker

strengths) or secondary bridging from the alumina grains in a coarse-

grained matrix. 12,13

In this report we describe the results of some in situ experiments

on crack growth in fine-grained alumina matrix materials reinforced with

silicon carbide whiskers. The fine grain size minimizes potential

bridging from the alumina grains themselves, 12,13 so that we may

investigate more clearly the micromechanisms of whisker toughening.

Observations of whisker bridging sites under load enable identification

of these micromechanisms and, together with measurements of crack-

opening displacements over the crack interface, indicate that the

bridging which contributes to the toughness can indeed occur over

substantial distances, i.e., up to 1 mm, behind the_crack tip. The

results reveal the following features in the whisker toughening process'

(I) a considerably greater role of extended whisker pullout than

hitherto proposed; (2) identification of the T-curve baseline with the

matrix (grain boundary) toughness; (3) enhancement of the bridge

formation processes from internal residual stresses.

Experiment

Two composites of SiC whiskers* and AI203 powder t were hot pressed

as 50 mm diam disks at 1700°C for 1 hr at a pressure of 42 MPa.

Composite A was fabricated with 20 vol% whiskers 0.3 to 0.6 vm diam and

5-15 vm length, composite B with 30 vol% whiskers I.I vm diam and 50 vm

length. The resultant composites achieved a density > 99% with a random

distribution of whiskers (except for slight alignment perpendicular to

the hot-pressing direction) in matrices of grain size 1 to 2 #m.

The disks were surface-ground to 1 mm thickness and one surface of

each was polished with diamond paste to 1 vm finish. Compact-tension

specimens with a notch of length 7 mm and tip radius 150 _m were sawn from

* Tokai SiC whiskers' TWS i00 (0.3 to 0.6 #m diam, 5-15 vm length) and

TWS 400 (I.i vm diam, 50 #m length) from Tokai Carbon Ltd., Japan.

% Reynolds high-purity alumina grade RC-HP DBM with 0.05% MgO, mean

particle size 0.5 _m, surface area 7.6 m2/g from Reynolds Metals Co.,

Chemical Division, Richmond, VA.
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the disks. 14 A tapered cut was made ahead of the notch from the back

(unpolished) surface to produce a chevron guide = 2 mm in length, 14

This latter was to provide extra stability in the ensuing crack

extension. A Vickers indentation flaw (load 50 N) placed immediately

ahead of the notch tip in the polished surface was then subjected to a

preliminary load cycle to induce pop-ln. The notch was finally re-sawn

through the indentation, leaving a starter pre-crack = i00 #m long.

The specimens were mounted into a fixture :for in situ experiments

in the scanning electron microscope (SEM) 15 with the polished side

, facing the electron beam for direct observation of the crack trace.

Loads applied externally to the SEM enabled the crack to be propagated
-

stably (if sometimes discontinuously) for distances up to = I mm within

- the chevron. Individual bridging sites were monitored during the crack

_ " growth. Crack-opening displacements (COD) were measured behind the

crack tip, to determine the bridged interface profiles. 14

After running the crack through the chevron the specimens were

withdrawn and re-sawn for repeat experiments.
-

--

Results

Crack Propagation and Whisker Bridge Fvolution. Specific examples

of whisker bridginp sites monitored in the SEM are shown in Figs. i and

2. Generally, the fracture followed an intergranular path in the

alumina matrix, with markedly abrupt deflections along or around the

_ whiskers, although not always exactly along the whisker/matrix

_ interfaces. These abrupt deflections appeared to be a most effective

precursor to bridge formation. A majority of the whisker bridges

z ruptured at a distance < 160 _m behind the crack tip, but some remained

active over much greater distances. No detached microcracking at
--

whisker-matrix interfaces more than a few grain diameters from the

_ primary crack plane was observed.

_ Immediately behind the crack tip the walls begin to separate but

the whiskers remain mechanically connected across the interface. Fig.

la shows one such whisker = i0 _m behind the tip, i.e., in the range

ordinarily considered appropriate for "elastic" bridges. 4,7 Many of the

whiskers observed in our materials did disengage from the matrix within
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this range, with little indication of pullout. However, the particular

whisker in

(b)

Fig. i. In situ SEM micrographs of bridging SiC whiskers in A1203,

material B (crack direction downward). (a) Elastic bridge

(central whisker) I0 #m behind crack tip. Note strong deflec-

tions at this bridge, not exactly along the whisker-matrix

interface. (b) Mechanically interlocked whisker 350 _m behind

the crack tip. Note adjoining microfracture in surrounding
matrix at bridge site.
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Fig. 2. In situ SEM sequence showing evolution of bridge whisker

pullout, material A (crack direction downward). Distance x

behind crack tip and force P on compact tension load points:

(a) x = I00 #m, P - 167 N; (b) x - ii0 _m, P - 209 N;

(c) x - 330 #m, P - 213 N; (d) x - 830 _m, P - 233 N;

(e) x - 830 #m, P - i01 N; (f) x = 830 _m, P - 0 N.
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Fig. la remained intact prior to abrupt rupture until the tip had

progressed = 120 vm beyond the site, corresponding to a COD = 300 nm.

Other bridges showed even longer range effects. Fig. Ib shows one such

site where the debonding and stress build up was sufficient to cause

secondary, off-plane matrix fragmentation around the embedded whisker

350 vm behind the crack tip. This implies a long tail to the bridging

stress-separation function.

An even more striking example of a whisker with long-range

interaction across the interface is shown in the sequence of Fig. 2. In

this case the whisker is located only = 70 vm from the mouth of the

extending crack (i.e., from the notch tip). The whisker ruptures well

away from the crack plane, and pulls out in apparently sustained

frictional contact with the matrix over this distance during monotonic

loading through (a)-(c). The whisker is slightly inclined to the

separation plane, and so is subjected to increasing bending stresses

during its pullout. At disengagement in (d) it is = 830 vm behind the

crack tip, corresponding to a COD = I vm. The now unconstrained whisker

rotates at its free end; so that, on unloading through (e)-(f), the

whisker does not re-enter its "socket" without some misfit, leaving the

"closed" crack interface in a residual state of internal wedge loading.

Crack-Opening Displacement CCOD). The COD measurements at the

loaded crack interfaces allow us to construct the K-field plots in Fig.

3. We start with the Irwin relation for COD in terms of the stress-

intensity factor K and coordinate x behind the crack tip 14

u(x) - (8x/_)I/2(I - v2)K/E (i)

6

with Young's modulus E = 400 GPa and Poisson's ratio u = 0.25. This

relation may reasonably be expected to hold in the region x s Ac << cO

(recall crack extension Ac = 1 mm and notch length cO = 7 mm in our

experiments) if the crack walls were stress free (i.e., zero bridging).

In reality, the bridging K-field acts to restrain the crack walls from

opening as wide as Eq. 1 predicts.
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7 mm. Data points are K-field evaluations from inverted form
of Irwin relation, Eq. i.
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The K[u(x)] data points shown in Fig. 3 are accordingly obtained by

inversion of Eq. i. The data in this figure indicates the K-field an

"Irwinian" observer would measure on traversing the crack plane from

crack tip (x = 0) to mouth (x - Ac). At x - _c, K = 5.1 MPa.m I/2 is an

approximate (under-)estimate of the unshielded, applied stress-intensity

factor, corresponding to the limiting toughness at the long-crack

plateau of the T-curve. At the extrapolated limit x _ 0, K - 2.5

MPa.m I/2 represents the shielded, crack-tip stress-intensity factor, and

is close to the intrinsic grain boundary toughness of the matrix

alumina. This extrapolated value lies well below the minimum = 5

MPa.m I/2 measured by more conventional T-curve methods. 8"11 We note that

the K-fleld is slightly greater for material B, i.e., the material with

the higher density of coarser fibers. We also note that the K-field

increases up to x = 500 #m, indicating a broad bridging zone and a

14,_:corresponding long- range T-curve.

Discuss lon

The present in situ observations enable us to identify more closely

the bridging micromechanics of silicon carbide whisker reinforcement in

an alumina matrix, and to ascertain the range of the bridging zone.

For the bridging micromechanics, we see evidence for the short-

range elastic component proposed in most analytical models. 8 Local

matrix stress is transferred to the progressively debonding whisker,

until abrupt rupture (whisker or matrix or both) in the near-crack

plane. This rupture occurs most frequently at distances x < I00 #m from

the crack tip in our materials, with attendant energy dissipation by

acoustic waves. However, in many instances such as in Fig. i the

rupture point is located much further behind the crack tip than

previously supposed.

However, even these unusually strong elastic bridges cannot account

for the crack extension range of I mm or so apparent in the reported T-

curve measurements. 8"11 Additionally, as may be deduced from indentation-

A complete, self-consistent analysis of the profile over the bridging zone

is a complex numerical procedure, 16 requiring (among other things)

knowledge of the complete bridging stress-separation function.

=
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measure of the lower limit of the T-curve than do conventional fracture

mechanics techniques. These latter are restricted by the scale of the

pop-in starter cracks (typically i00 #m) used in the crack extension

measurements. Here, extrapolation of our data to the crack tip (x - 0)

in fig. 3 yields K = 2.5 MPa.m I/2, corresponding to the grain boundary

toughness, whereas the more conventional fracture mechanics methods are

generally unable to obtain data below K = 5 MPa.m I/2 (refs. 8 to ii).

Finally, we may recall our observations in Sect. 3A of markedly

abrupt crack deflections in the proximity of whiskers. Such behavior

may be attributed either to weak interphase boundaries or to strong

local internal stresses. Recall again, however, that the deflections do

not always occur exactly along the whisker/matrix interfaces (Fig. la).

Direct measurements of internal stresses in our composites using neutron

diffraction techniques reveal substantial thermal expansion mismatch

stresses in the alumina (= +200 MPa in composite A and +430 MPa in

composite B) and silicon carbide (= -1330 MPa in composite A and -1050

MPa in composite B)22 We conclude that residual stresses play an

important role not only in the energetics, but also in the formation, of

bridging, by enhancing crack deflection.
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INTRODUCTION

Ceramic fiber-ceramic matrix composites fabricated by chemical vapor infiltration

(CVI) are currently being developed as practical engineering materials because of their

potential high toughness, especially at elevated temperatures. With continuing development

through efforts such as in the present research, ceramic composites should find use in

turbine and automobile engine components, recuperators, heat exchangers, and other high

temperature applications.
Two methods of infiltration have been used to manufacture these ceramic matrix

composites, namely, isothermal chemical vapor infiltration (ICVI) and forced chemical vapor

infiltration (FCVI). The isothermal infiltration method has been developed by Societe

Europeanne de Propulsion (SEP) and is currently licensed to Du Pont, USA. The forced

infiltration method has been developed at the Oak Ridge National Laboratory (ORNL,) which

combines a thermal gradient and forced flow approach. The details of the above two

processes and procedures have been discussed in detail elsewhere 1,2. The advantage of the

FCVI process over the ICVI process is that it results in significantly reduced infiltration

times 1. The aim of the present research is to collaborate with the ORNL staff to establish and

expand the currently available mechanical property data base for these systems.

In this program, SiC fiber reinforced SiC matrix system developed through both the

FCVI and ICVI methods will be investigated. FCVI samples will be supplied by the ORNL

while the ICVI samples will be supplied by DuPont. The effect of the reinforcement and the

interfacial bond of the composite on the tensile strength, thermal shock resistance, oxidation

resistance, and tensile strength during cyclic loading, at temperatures up to 1000 0C, shall be

investigated in the proposed work.

The effort comprises of the following tasks:
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NCATI-1 - Tensile strength - The objective of this task is to determine the uniaxial

tensile strength and strain behavior of SiC fiber-SiC matrix composite at room temperature

and at I000 0C.

NCAT!-2 - Cyclic loading - The response of the SiC fiber-SiC matrix composite to

cyclic loading is of considerable interest. The cyclic loading shall consist of loading the

sample to about 10 % of the anticipated total load at failure and removing the load, reloading
the sample to about 20 % of failure load etc. until failure. A tensile curve shall be determined

in cyclic loading,

NCAT1-3- Thermal shock resistance - Fiber reinforced composites are exposed

thermal shock during service, Therefore, the response of the material to this characteristic
shall be determined,

NCAT1-4- Oxidation resistance - Fiber reinforced composites are exposed to

extended service in oxidizing atmospheres. Therefore, the response of the material to
oxidation shall be determined.

r

DISCUSSION OF CURRENT ACTIVITIES

The tensile strength characterization under NCAT1-1, NCAT1-2, NCAT1-3 and

NCAT1-4 continued during the reporting period. The room temperature tensile testing part

of NCAT1-1 was also completed during this period. The work concentrated during this

quarterly were:

1. Room temperature uniaxial tensile testing.

2. Room temperature uniaxial tensile testing after exposure to thermal shock and

oxidizing atmospheres.

3. Room temperature cyclic tensile loading tests.

4. Preparation of specimens for transmission electron microscopy (TEM).

5. Development of an analytical model using Plain-Weave Classical Laminate Theory

(PWCLT) for the prediction of the mechanical properties of ceramic matrix composites.

Room temperature uniaxial tensile testing

During the reporting period, Forced CVI and Isothermal CVI SiC/SiC specimens

were tested in uniaxial tension at room temperature. Two different lay ups were tested in each
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type. (0/30/60)repeated and (0/45/45/0)repeated layups (supplied by the Oak Ridge National

Laboratory) Were tested in the FCVI case, while (0/90)repeated and (0/45/90)syrnmetric
layups (supplied by Du Pont) were tested in the ICVI case. To facilitate a comparison with

the values of tensile strength available in literature as well as between the individual layups,

the tensile strength of all the specimens are given in Figure 1. The room temperature tensile

strength and strain values are given in Tables 1 through 4. The results indicate that strength

and strain exhibited by the forced CVI specimens were higher than the tensile strength and

strain exhibited by the Isothermal CVI specimens. The (0/30/60)repeated FCVI specimens
exhibited a tensile strength between 167 and 193 MPa (average = 181 MPa) and a strain of

0.7 %. The (0/45/45/0)repeated FCVI specimens showed a tensile strength between 130 and
207 MPa (average = 181 MPa) with a tensile strain of 0.96 % (average). In the case of ICVI

materials, the (0/90)repeated specimens exhibited an average strength of 147 MPa, while the

(0/45/90)symmeu.ic specimens showed an average strength of 171 MPa and strain of 0.26%.
Typical stress strain curves for the FCVI and ICVI materials are given in Figures 2

and 3 respectively. It may be observed that the stress-strain behaviorof the FCVI and ICVI

materials are quite different. The FCVI materials exhibit much more nonlinear behavior

(Figure 2) than the ICVI materials, In addition, the stress-strain behavior pattern exhibited by

ICVI materials (Figure 3) shows some typical step pattern. Scanning electron microscopy of

the fracture surfaces are currently underway to understand and correlate the stress-strain

behavior to the fracture processes.

Room temperature uniaxial tensile testing after exposure to thermal shock

and oxidizing atmospheres

Initial room temperature tension test results for FCVI and ICVI materials after

exposure to thermal shock and oxidizing atmospheres are given in Tables 5 and 6. From the

initial results, it may be observed that the tensile strength after thermal shock as well as

exposure to oxidizing atmospheres did not degrade the tensile properties but rather,

improved the total strain before failure.lt appears therefore, that the toughness of this

material improves after exposure to thermal shock and oxidizing atmospheres, which is a

desirable improvement in the properties of this material.

Thermal shock was applied by heating the specimens to 1000 0C, holding for

uniform temperature, and quenching to about 100 0C in about a minute using flowing air.

Ten (10) such cycles of thermal shock were applied to each specimen. Exposure to oxidizing
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Table 1.Tension Test Results for FCVI SiC/SiC ceramic matrix composites at RT;

(0/30/60)repeated layup

No. Tensile Strength Tensile Strain Remarks
MPa (ksi) Inch/Inch

1 167 (24,22) Not measured *
2 168(24,37) Not measured *
3 197(28.57) " Not measured *
4 193(27.99) 0.00748 **; 420-6

Average Strength = 181 MPa (26.25 ksi)

* Specimens tested with ordinary mechanical wedge grips
** Specimens tested with wedge grips attached to self-aligning.grip

Table 2. Tension Test Results for FCVI SiC/SiC ceramic matrix composites at RT;

(0/45)repeate d layup

No. Tensile Strength Tensile Strain Remarks
MPa (ksi) Inch/Inch

1 129.8(18.83) 0.0109 **; 411-2B
2 183.6(26.63) 0.00709 **; 411-3T
3 201.6(29.24) Not measured **; 411-2T
4 207(30.02) 0.01 ***

Average Strength = 181 MPa (26.25 ksi); Average Strain = 0.0096

** Specimens tested with wedge grips attached to self aligning grip
*** Specimen tested by ATS Corporation
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Table 3. Tension Test Results for ICVI SiC/SiC ceramic matrix composites at RT;

(0/90)repeated layup

No. Tensile Strength Tensile Strain Remarks
MPa (ksi) Inch/Inch

1 126(18.27) Not measured **; C,oupon 2
2 168(24.37) Not measured **; Coupon 4
3 Not meagured Not measured Coupon 5;

Specimen broke
in handling

4 148(21,46) Not measured Coupon 7

Average Strength = 147 MPa (21.37 ksi)

** Specimens tested with wedge grips attached to self aligning grip

Table 4. Tension Test Results for ICVI SiC/SiC ceramic matrix composites at R'I_

(0/45/90)repeated layup

N o. Tensile Strength Tensile Strain Remarks
MPa (ksi) Inch/Inch

" 1 181.8(26.37) 0.00228 **; Coupon 1
2 168.1(24.38) Not measured **; Coupon 2
3 157.5(22.84) 0.0032 **; Coupon 3
4 177.3(25.71) 0.00225 **; Coupon 4

" Average su'ength = 171 MPa (24.80 ksi); Average Strain = 0.0026

• ** Specimens tested with wedge grips attached to self aligning gr_;_
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Table 5. Tension Test Results for CVI SiC/SiC ceramic matrix composites at RT after
Thermal shock

,/,:.,

,,

No Tensile Strength Tensile St_,,,n Remarks
MPa (ksi) Inch/Inch

FCVI (0/30/60) 199.61 (28.95) 0.0148 **; 420-4
FCVI (0/45) 179.66(26.06) 0.0144 **; 411-4T
ICVI (0/90) 155.21 (22.51) 0.0035 **; Coupon 8
ICVI (0/45/90) 110.84(16.08) 0.0023 **; Coupon 2

** Specimens tested with wedge grips attached to self aligning grip

Table 6. Tension Test Results for CVI SiC/SiC ceramic matrix composites at RT after
exposure to oxidizing atmosphere for 100 hours

No. Tensile Strength Tensile Strain Remarks
MPa (ksi) Inch/Inch

FCVI (0/30/60) 204.83(29.71) 0.0090 **
FCVI (0/45) 110(15.95) 0.0006 **
ICVI (0/90) 139.61 (20.25) 0.002834 **
ICVI (0/45/90) 105.36(15.28) 0.00266 **

** Specimens tested with wedge grips attached to self "aligninggrip
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atmosphere was achieved by heating the specimens to 1000 0C, and holding for 100 hours.

Typical room temperature stress-strain curves for the two types of FCVI materials after

thermal shock are given in Figures 4 and 5. Comparing these with Figure 2, it can be

observed that whilethe strength level is maintained, both the non linearity as well as the
strain to failure increased. Similar behavior was also observed in the ICVI materials after

thermal shock treatment.

Room temperature cyclic tensile loading tests

Cyclic tensile loading tests were 'alsoperformed on one(l) specimen of each layups.

Due to constraints placed on the total number of data points that could be acquired during the

entire test by the current computer program and system, the obtained plots of stress-strain

data could not provide any meaningful information. However, the tensile strength values

obtained in these tests are correct and these are shown in Table 7. The computer program has

already been modified to acquire the test data with the necessary sensitivity and tests are

expected to be conducted soon. Initial test data showed that there was an improvement in the

tensile strength after the cyclic tensile loading.

Preparation of specimens for transmission electron microscopy

Specimens are currently being prepared for the TEM analysis using the methods

outlined in Stinton et al3. The TEM specimens are being prepared with the help of Ms.

Karren More of ORNL by R. Vaidyanathan using ORNL dimpler and other facilities. Three

specimens have been prepared so far. Future specimens will be prepa.red at North Carolina

A & T. A proposal is also being prepared currently to use the User Center at the High

Temperature Materials Laboratory at ORNL for TEM usage.
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Table 7. Cyclic Tension Test Results for CVI SiC/SiC ceramic matrix composites at RT*

,No .... ,, Tensile Strength Tensile Strain Remarks
..... Y ' MPa (ksi) Inch/Inch

FCVI i0)30/_/i '"'' 213.47(30.96) Not measured **
FCVI (0/45) 204.15(29.61) Not measured **
ICVI (0/90) 145.04(21.04) Not measured **
ICVI (0/45/90) Not measured Not measurc_:l **

1

* Data acquisition procedure being modified to acquire stress and strain data at short
intervals.

** Specimens tested with wedge grips attached to self aligning grip

i
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Analytical Modeling

The aim of the analytical modeling study was to develop a model for the prediction

of mechanical properties such as Young's Modulus, Poisson's ratio, and shear moduli for

ceramic matrix composites, similar to polymeric matrix composites. The major objectives
were •

a) To develop an analytical model to determine the mechanical properties of a single plain

weave fabric composite;

b) To predict the mechanical properties of composite laminate fabricated by stacking single

plain weave plies at various orientations;

c) To test the analytical model for graphite/epoxy woven composite with known experimental
results; and,

d) To extend the model for woven SiC/SiC ceramic matrix composites with known

experimental results.

The plain weave interlacing pattern used in these composites is shown in Figure 6.

Figure 7 shows the unit cell representation of the plain weave pattern. Each unit cell has two

Fill Tows (horizontal sets of fibers) and two Warp Tows (vertical sets of fibers). The x and y

directions are along the midplane of the unit cell. The two thickness is assumed to be ht,

while the p,t'!_thickness is assumed to be 2h. The height of the matrix on the top and bottom
of the unit ,i:,.elltherefore is = (h- ht).

The :J_mitcell may be divided into three regions each, along the x and y directions.

There are '!:,ivoregions with a length of aOeach, where the properties of the unit cell are

constant, while in the region with a length of au, the properties of the unit cell are assumed to
be changinl!gsinusoidally. The length au is called the undulation length.

FrI:i'mthe knowledge of the individual constituent properties of the fibers and the

matrix, an tli,ff-axis stiffness matrix (Qij) is obtained. By integrating Qij along the height, a

reduced iritlt:ilane,coupling, and bending stiffness matrix (Qbarij) for the unit cell is obtained.
,qh.I,_This redut,,_:,dstiffness matrix is further integrated along a volume element to provide the

inplane (A:i,), bending (Dij), and coupling (Bij) stiffness matrices for the unit cell. The details
of the corr._putationand derivations are given in reference 4.

Th,i_constituent material properties for Graphite/Epoxy and SiC/SiC systems are
,_ NI ogiven in q2.._,Lle8 The properties of the Graphite/Epoxy system were used to test the

analytical :llt'._odeland the SiC/SiC system properties were used to extend the model to ceramic

matrix con:i,posites (CMC). Since ali the constituent material properties for the SiC/SiC

system we_J:',enot available, it was assumed that both the fibers as well as the matrix were

isotropic. !llnreal situations, this may not always be true.
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A computer program PWCLT written in FORTRAN was used for calculating the

properties of a single lamina of the fabric composite. The input/output format for using this

program is essentially simple, and is given in Table 9. The results obtained for the

Graphite/Epoxy system are given in Table 10. Two different pacldng densities were tested

for the Graphite/Epoxy case : Pd = 0.8, and Pd= 0.74. It might 19eobserved that the
longitudinal and transverse modulii obtained using PWCLT are very close to the

experimental values reported by NASA-Langley for the Graphite/Epoxy system. However,

the Poisson's ratio reported and calculated by the PWCLT program varied by about 50 %.
This discrepancy may be due to the fact that experimental evaluation of Poisson's ratio is

extremely difficult and may lead to erroneous values. Experimental values for shear modulus

for Graphite/Epoxy were not available during the course of this study.

The program PWCLT was then tested for the case of the SiC/SiC system. The results

are shown in Table 11. The modulii as well as the Poisson's ratio obtained with the program

PWCLT are very close to the experimental values reported in tla_literature. However, there is

a considerable difference in the shear modulus reported and tlaeshear modulus predicted by

PWCLT. This may be due to the assumption made about the isotropic nature of the fiber and

the matrix. However, the program PWCLT can accurately predict the mechanical properties

provided accurate constituent property values are available.

The calculation of the mechanical properties of fabric ceramic matrix .composites only

requires the accurate knowledge of the constituent material properties for the fiber and the

matrix, lt does not require the development of a Finite elemer_t code and complex algorithms.

The salient features of the PWCLT algorithm includes the input of fiber and matrix properties

through a file. The program can be executed interactively and the desired properties can be

obtained in real time. Once the properties of a single plain weave are known, then the

classical laminate theory can be used to predict the mechanical properties of a laminate

fabricated by stacking single plain weave plies at various orientations. The effect of packing

density and different fiber volume fractions may also be calculated using this model.

Experimental studies to correlate failure behavior and theories can help in the prediction of

su'ength.

-- PRESENTATIONS AND PUBLICATIONS

1. Sankar, J., Kelkar, A. D., Vaidyanathan, R., "Mechanical Properties and Testing

of Ceramic Fiber-Ceramic Matrix Composites", presented at the Poster session at the Fifth

- Annual Conference on Fossil Energy Materials, Oak Ridge, Tennessee, May 1991,
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Table 8. Constituent Material Properties for Graphite/Epoxy and SiC/SiC systems

Graphite/Epoxy SiC/SiC

Fiber Properties Fiber Properties

E11 = 22.0 Msi E = 58 Msi

E22 = E33 = 2.0 Msi v = 0.20

v12 = v23 = 0.25 G ---24.1 Msi

v23 = 0.40

G12 = G13 = G23 = 1.0 Msi

MatrixProperties Matrix Properties

E = 0.5 Msi E = 13.3 Msi

v = 0.35 v = 0.15 (Assumed Value)
G = 0.185 Msi G ---5.78 Msi

Table 9. Input/Output format for program PWCLT

INPUT

Unit ceil sizes

a (Unit cell size), h (half ply height), ht (tow height), Vf (fiber volume fraction), Pd (packing
density), No. of materials

Fiber Properties

E11, E22, E33, v12, v13, v23, G12, G13, G23, Fiber orientation

Matrix l:h'operties

Ell, E22, E33, v12, v13, v23, G12, G13, G23

OUTPUT

Undulation length, War? and Fill fiber volumes, Total unit cell volume, stiffness matrices,

Ex, Ey, Vxy, and Gxy
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Table 10. Comparison of PWCLT model results with experimental results for
Graphite/Epoxy Fabric Composite

Plain Weave CLT (vr = 0.64) NASA Langley
Experimental

Pd = 0.8 Pd = 0.74 Values 5

au = 0.0111 au = 0.0075 (Vr = 0.64)

(N.C.A & Y State Univ .)5 _

Ex, 106 psi 8.56 9.528 9.13

Ex, 106 psi 8.56 9.528 8.83

Vxy 0.0516 0.0489 0.11

Gxy, 106 psi 0.837 0.890 -

Table 11. Comparison of PWCLT model results with experimental results for SiC/SiC
Compos_.te

Plain Weave CLT (Vf = 0.46) Experimental

Pd = 0.85 Values 6,7

au = 1.8353 a = 4.0 (Vf = 0.4-0.5)

(N.C.A & T State Univ.) Drexel Univ 6 Du Pont 7

Ex, 106 psi 37.5 34.8 33.0

Ex, 106 psi 37.5 34.8 33.0

Vxy 0.19 0.19 0.18

Gxy, 106 psi 15.69 3.20



91

published in Proceedings of the Fifth Annual Conference on Fossil Energy Materials, pp,

" 85-95, US DoE Fossil Energy Advanced Research and Technology Development and ASM

International, (1991).

2. Kelkar, A. D., Sankar, J., Raju, I. S., and Vaidyanathan, R., "Analysis of

Ceramic Matrix Composites using.a Plain Weave Classical Laminate Theory", presented at

the First Canadian International Composites Conference, Montreal, Canada, September

1991, to be published as pan of Proceedings by Elsevier.
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ORGDP-1 - DEVELOPMENT OF Ct_RAMIC MEMBR.ANES FOR GAS SEPARATION

D. E, Fain

G, E, Roettger
D, E, White

K. D. Adcock

Oak Ridge K-25 Site
P. O. Box 2003

Oak Ridge, TN 37831-7271

INTRODUCTION

There is much interest today in developing ceramic membranes having very small pores that

would separate gas molecules on the basis of molecular size. This approach to separating gases is

usually referred to as molecular screening or molecular sieving. Such ceramic membranes could

potentially achieve very high separation factors and could be used for separating gases at high

temperatures and in corrosive environments, i.e., in applications that could not be tolerated by

polymeric membranes. Ceramic membranes could thus be used in a number of new applications

that are outside the range of currently available membranes.

Development work being carried out at the Oak Ridge K-25 Site (K-25) for the current

project has an initial goal of producing a ceramic membrane that will effectively separate hydrogen

from gasified coal at temperatures of 1000°F or higher and at a feed pressure of 600 psi. This

project utilizes experience and capabilities that are available at K-25 to design, develop, fabricate,

and characterize inorganic membranes.

The specific objectives of this project for FY 1991 are shown below.

1. Issue report documenting FY 1990 membrane development work.

2. Complete upgrading of membrane fabrication equipment needed for preparation of smaller

pore size membranes.
1

3. Demonstrate method for sealing ceramic membranes to metal to permit membranes to be

tested at high temperature.

4. Demonstrate treatment procedure that will reduce membrane pore size to 3 to

5 angstroms (A).

5. Further develop theoretical model for gas transport to include effects of temperature.
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DISCUSSION OF CURRENT ACTIVITIES

The following section of this report reviews membrane development activities during the

, second half of FY 1991. The discussion is of a general nature because some details of the

membrane fabrication technology are presently classified as Confidential-Restricted Data. Efforts

to finalize a declassification agreement that would permit the technology to be used for industrial

applications are continuing,

Membrane Development

One of the primary goals of development efforts during the second half of FY 199I was to

reduce the pore size of K-25-produced ceramic membranes. Membranes having mean pore radii

as small as 6.7A had been produced previously. 1 A mathematical model for gas transport through

inorganic membranes, described in a recent report, indicated that a mean pore radius of 3A or

smaller would be required to achieve high separation factors from molecular screening, z

Equi pment U_pgrading

To provide capabilities needed to fabricate membranes having smaller pores, work was

completed during the second half of FY 1991 to permit operation of a much improved membrane

fabrication system. A safety analysis was documented and approved for the system, and some

compliance deficiencies in the laboratory facility (identified during plant-wide audits) were ali

resolved. Initial operation of the improved system has been achieved, which will impact results

during the next report period.

t

_PoreSize Redu_ction

Continued progress was made in developing procedures for preparing membranes with small

pore size. At the present state of development, experimental alumina membranes have been

produced and characterized that have mean pore radii as small as 5A as measured by the Dynamic

Pore Size (DPS) test. The procedure being developed appears to offer good potential for reducing

pore size further.

Pore Size Determination

At present, the lower limit of the DPS system is a measurement of the flow between a pore

radius of 0 and 10A, for an incremental average of 5A. Thus, for membranes in which ali the flow
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through the membrane occurs between 0 and 10A, the average pore radius is assumed to be 5A,

although it could be any value between about 2 and 10A. Preparations are currently being made

to evaluate a modified test cycle (using inert carrier gases having a range of molecular sizes) that

may permit the evaluation of the mean pore radius in that increment. An alternative approach for

monitoring future development efforts to prepare membranes with smaller pore radii (3A or less)

would be to measure pure gas flows with high precision using several inert gases having a wide

range of molecular sizes. Preparations have been made to evaluate this approach as well as the

modified DPS test cycle noted above. Unknown transport mechanisms that are different for these

different gases could complicate this evaluation.

Separation Factors from Pure Gas Flow Measurements

Pure gas flow measurements ha,_e been obtained on recent alumina membranes having mean

pore radii as small as 5A as measured by the DPS test. The flow measurements were made at

room temperature using helium, nitrogen, and carbon dioxide as test gases. Separation factors for

the gas pairs were calculated from the ratios of the pure gas specific flows. These calculated

separation factors continued to agree well with values predicted by the current gas transport model

for mean pore radii clown to 5A. For example, the separation factors calculated from the pure gas

flow data for the gas pair helium/carbon dioxide are plotted as a function of membrane pore size

in Fig. 1 and compared with the calculations from the gas transport model. The data follow

closely the trends predicted by the model. For the helium/carbon dioxide gas pair, the model

predicts that the separation factor at room temperature will decrease as the pore size is reduced

from about 12A to about 3A (due to surface flow effects). Below about 3A, the model predicts

that the separation factor will increase very rapidly to very high values clue to molecular screening

effects.

Ceramic to Metal Seals

Another important objective of this project was to develop a method for sealing the ceramic

membranes to metal components to permit the membranes to be tested at temperatures up to

1000°F. Past tests demonstrated that 446 stainless steel end pieces could be joined to the ends of

the porous alumina tubes using an active metal brazing technique, but subsequent thermal cycling

of the brazed assemblies often resulted in crack formation in the ceramic. 1 These results indicated

a need to reduce stresses on the ceramic resulting from thermal expansion mismatch between the

metal and ceramic componcats.
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Fig. 1. Comparison of separation factors calculated from He and COz
pure gas flow data with calculations from the transport model.

To minimize stresses on the alumina membrane, a ring of niobium (which has a thermal

expansion coefficient similar to alumina) was joined to the alumina tube and a stainless steel

ferrule was joined to the niobium ring. An active metal brazing technique was used to join the

three components in one brazing cycle. Test assemblies that were fabricated in this manner

showed no evidence of damage to the ceramic following thermal cycling to 1000*F and back to

room temperature.

This technique for sealing ceramic membranes to metal was applied to provide initial

membrane assemblies for high temperature testing in the Oak Ridge National Laboratory (ORNL)

flow test system. These assemblies were designed to match the size and flow rate capabilities of

the ORNl test system. Each assembly included a section of ceramic membrane with niobium

rings joined to both ends and stainless steel tubing joined to the niobium rings. Active metal

brazing was employed to join ali of the components in a single brazing cycle. Ongoing testing of

these assemblies should provide flow data at temperatures up to 1000°F.
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Gas Transport Model

Further development of the gas transport model to include the effects of temperature has

been postponed until adequate flow data can be measured on membranes at elevated

temperatures. Such data will be necessary to adequately interpret the transport modes to be

included and to reliably evaluate the temperature dependence of the transport coefficients.

However, a qualitative description can be given of the general trends that should be observed with

a gas mixture and as pressure and temperature increase. Separation factors calculated for a

mixture of helium and carbon dioxide based on the predicted pure gas flows for each gas are

shown plotted against membrane pore size in Fig. 2. As the pore size decreases, surface flow of

carbon dioxide increases and, therefore, the separation factor decreases. There is little or no

surface flow of helium. The effective pore diameter for transport is the difference between the

pore diameter and the diameter of the gas molecule. Since the carbon dioxide molecule is larger

than the helium molecule, the diffusion coefficient and the effective area of the membrane

decrease more rapidly (with decreasing pore size) for carbon dioxide than for helium. Therefore,

at some very small pore size, the separation factor increases and a minimum in separation factor

results. When the pore size becomes smaller than a carbon dioxide molecule but still larger than

a helium molecule, only helium will be transported through the membrane and the separation

factor becomes infinite.

As the pressure is increased, the adsorption of the carbon dioxide on the walls of the

membrane increases. This adsorption decreases the effective pore size of the membrane and, thus,

decreases the diffusion coefficient of the gas, decreases the effective area of the membrane and

reduces the transport of carbon dioxide. For pure gases, there is not a corresponding decrease in

the helium transport, since there is not much adsorption of helium. This effect results in higher

apparent separation factors at higher pressures when the calculation is based on pure individual

gas flows.

The model calculation based oil individual pure gas flows is the proper comparison to make

when the experimental separation factors are based on calculations from pure gas flow

measurements. However, it should be recognized that these calculated results are not necessarily

what should be expected for the actual separation factors for measurements with a gas mixture.

The case for a gas mixture will be discussed below.

The situation is different for increasing temperature. As the temperature increases, the

adsorption of gases on the walls of the membrane will decrease and the surface f_.owwill

eventually decrease. Then the transport should approach the ideal diffusion of finite size, hard
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Fig. 2. Transport model calculations for He-COz separation factors for various
pressures at room temperature and at the ideal high temperature limit.

sphere molecules as indicated by the gas transport model. The separation factor for ideal diffusion

of finite sized, hard sphere molecules in small pores is shown in Fig. 2 as the ideal high

temperature limit. This particular curve is important because it shows that while the current

measurements that have been made at room temperature indicate separation factors that are not

particularly encouraging, it is expected that the separation factors should be much higher at higher

temperatures. For example, this curve indicates that the currently achieved mean pore radius of

about 5A should provide a separation factor of about 6.5 for helium/carbon dioxide if operated at

a sufficiently high temperature. Correspondingly, a membrane with a mean pore radius of 3A

should have a high temperature separation factor of about 17, a mean pore radius of 2.5A should

have a separation factor of about 50, and a mean pore radius of 2A should be essentially infinite.

A similar plot is shown in Fig. 3, except that the transport is calculated for a mixture. In the

case of a mixture, the adsorption of gas on the walls of the membrane will affect the transport of

both gases rather than just the gas being adsorbed. This is the major source of the difference in

the curves in Figs. 2 and 3. lt should be noted that no momentum transfer between gases is

assumed and since there is no surface flow of helium, there is no interference with the surface flow

of the carbon dioxide, Figure 4 is a repeat of Fig. 2 on the same scale as Fig. 3 for better
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comparison. The high temperature limit should be the same in both cases. Again, this indicates

that the membranes currently being fabricated should have high separation factors when operated

at sufficiently high temperatures. The separation factor calculated from the gas transport model

for ideal diffusion of finite size, hard sphere molecules for several gas pairs is shown in Fig. 5,

These may be assumed to be the separation factors that would be expected for operation at

sufficiently high temperature.

•too ......1

] Classical Knudsen90 Separation Factor

[] H2-CO .3.73

80 + H2--N2 5.75

o He-N2 2.65
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Fig. 5. Separation factors calculated for various gas pairs
for ideal diffusion of finite size, hard sphere molecules.
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ORNL-I(A)-FABRICATION OF FIBER-REINFORCED COMPOS_ BY
CltEMICAL INFILTRATION AND DEPOSITION

D. P. Stinton, R. A. Lowden, and "r. M. Besmann

Oak Ridge National Laboratory
Oak Ridge, Tennessee 37831

INTRODUCTION

The purpose of this task is to develop a ceramic composite having higher than

normal strength and toughness yet retaining the normal ceramic attributes of refractoriness

and high resistance to abrasion and corrosion. Ceramic fiber-ceramic matrix composites

are being fabricated by infiltrating fibrous structures with vapors that deposit on and

between the fibers to form the matrix of the composites.

Background

Fiber composites are in the limelight as a result of exceptionally high toughness

values recently achieved for glass ceramics reinforced with silicon carbide fibers. Because

use of ceramics is frequently restricted by inadequate toughness, any progress toward

toughening ceramics will greatly expand their potential market. However, a generic

problem that must be overcome is that normal ceramic fabrication processes tend to

damage fibers mechanically and chemically when the fibers are consolidated within a

ceramic matrix. The purpose of this task is to form the matrix by a comparatively low-

stress, low-temperature chemical vapor deposition (CVD) infiltration process that will

avoid the pitfalls of conventional ceramic processing.

As reported previously, others have used CVD infiltration for fabricating ceramic

composites. The vapor consolidation technique has been used to prepare fiber composites

with matrices of carbon and/or such ceramics as SiC, Si3N4,B4C, BN, and TiB2.
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Approa_:h

Our goal is to demonstrate a rapid process for fabricating, via chemical vapor

infiltration, a ceramic fiber-ceramic matrix composite consisting of materials of high

interest to the fossil energy community. An initial assessment identified SiC fibers and

matrices of Si3N4 and SiC as being promising. An infiltrating process utiliz.ing a thermal

gradient combined with forced flow of the reactants is being pursued.

DISCUSSION OF CURRENT ACTIVITIES

Infiltration of tubular preforms of different fiber architectures continued this

pe,iod. Nicalon preforms of a tubular geor',etry (2.5 to 3.8 cm ID by 0.6 cm wall thickness

by -_15 cm long) were fabricated with different fiber architectures. Filament winding of

fiber tows was used to fabricate components that require high hoop or radial strengths but

relatively modest axial strengths. A fiber architecture of this type would be ideal for

combustors or headers. Three dimensional braiding was used to fabricate components for

applications such as burner tubes or heat exchangers that require high axial strengths but

only modest hoop strengths. Preforms were also fabricated by wrapping layers of cloth

around a mandrel so that half the fibers were in the hoop direction and half in the axial

direction.

Filament wound preforms formed on graphite mandrels were prepared by the K-25

Plant in Oak Ridge. The graphite mandrels contained hundreds of holes to permit ready

access of reactant gases to the fibrous preform. Preforms were produced with the fibers

10° off the hoop direction to insure adequate axial strength. Initially, space was left

between fiber tows, however, large pores were aligned on top of each other. The winding

technique was then modified to piace adjacent tows in contact. This winding technique

produced a density of about 47 vol % and prevented the formation of large pores in the

preform.

Quadrax Corporation prepared 3D braided preforms on graphite mandrels for this

study. The initial tubes were braided very loosely and contained only about 15 vol%
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Nicalon fibers. INear the ends of the preforms, the braided fibers were bound to the

graphite man,:tri_lwith graphite yarn to prevent the braid from unraveling. Infiltration of
J

such a low denf_itypreform proved to be impossible with the forced CVI process.

Therefore, resll;archers at Quadrax Corporation modified their process in order to
fabricate tubesl containing up to 40 vol % Nicalon fibers.,ji

i

A process was developed to fabricate preforms for hot-gas filters that combines
i

continuous ani:lchopped fibers. The continuous fiber produces the strength, damage
t

tolerance, and thermal shock resistance while the chopped fibers control the permeability
:1

and filtering efficiency'of the filter surface. One further advantage of the process is that
!
I

expensive Nicialon fibers can be replaced by less expensive chopped alumina or Nextel

fibers. Beca_ise of the reduced cost, hybrid preforms may also find applicatio n in heat

exchangers oi_regenerators where strength requirements are quite modest. Hybrid
ii

preforms are fabricated by fiber molding chopped fibers into the open pores of braided or
i

filament wound substrates. Hybrid preforms have proven to be ideal for hot gas filter

applications.J_Full size candle filters (1.5 m long by 6cm diam.) have been fabricated and
i

are being t_!ted at The 3M Company.
I

The forced chemical vapor infiltration process was recently modified so that

tubular preforms could be infiltrated by creating a thermal gradient from the outside of
i

the tube to the inside.(Fig 1) While the outside of the preform is heated, cold water is
i

circulated through the stainless steel injector to cool the inside diameter of the fibrous

preform. The gaseous reactants enter the furnace through tubing that runs within the

water cooling passage. Reactants flow from the tubirg in the cooling passage into a

graphite gas distributor and are dispersed along the length of the preform through parallel

slots in a graphite gas distributor. Reactants then proceed uniformly through holes in the

graphite mandrel into the preform.

Densification of the tubular preforms occurs when hydrogen and

methyltrichlorosilane (CH3SiCI3 or MTS) flow through the mandrel. Decomposition of

the MTS and deposition of SiC occurs as the gases approach the higher temperature

regions near the outer diameter of the preform. Deposition of SiC within the hot region

of the preform increases the density and thermal conductivity of the material. Therefore,

the deposition zone moves from the outer diameter, hotter regions toward the inner

diameter, cooler regions.
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Fig. 1 Schematic of the forced CVI process used to infiltrate tubular composite.

Filament wound preforms were effectively infiltrated from the outset using this

system. The high fiber content of the preform produced a sufficient backpressure within

the preform to disperse the reactants along the length of the tube allowing them to flow

uniformly through the walls of the preform. The hottest regions of the preform densified

first, however, which forced reactants into less dense areas of the preform. The

microstructure of filament wound composites demonstrate that the limited amount of

porosity is distributed uniformly through the thickness.

Braided preforrns were much more difficult to infiltrate than filament wound

preforms. Braided preforms with a fiber content of only 15 vol% were investigated

initially. The low fiber content and large gaps between fiber bundles created voids that

extended through the thickness of the preform. Because of these voids, no backpressure
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was created by the preform to disperse reactants along the length of the tube. Therefore,

reactant gases entered the center of the preform and flowed directly through the walls so

rapidly that very little SiC was deposited. Preforms that had been braided to a fiber

loading of 33 vol % were also infiltrated. The porosity created by this braid was uniformly

distributed, however the permeability was relatively high and reactants moved through the

preform very rapidly. The high permeability of the preform failed to distribute the

reactants uniformly along the length of the preform. More of the gases flowed through

the center of the preform causing greater deposition near the center than near the ends of

the preform. Braided preforms with still higher densities (i.e. reduced permeabilities) will

be required to obtain proper infiltration.

Preforms fabricated for use as hot-gas filters or heat exchangers containing braided

continuous fibers and fiber molded chopped fibers were also investigated. Since chopped

fibers are much less permeable to gases than cloth, the hybrid preform created a

significant backpressure that dispersed the reactants along the length of the tubular

preform. Infiltration proceeded as desired. The reactants entered the preform, dispersed

along the length of the preform, and flowed slowly through the walls of the preform. The

uniform movement of reactants through the preform resulted in SiC being deposited in

the hot outer region of the tube. After sufficient densification occurred, the infiltration

proceeded to the center and inner diameter of the preform.

The characterization Of tubular SiC matrix composites reinforced with Nicalon

fibers has been very limited. C-ring compression testing was performed on one filament

wound 3.8 cm diameter (6 mm wall thickness) tubular composite. The 16 cm long tubular

composite was cut into 6mm thick C-ring specimens. Room temperature compression

testing of three of these rings ranged from 777 MPa to 842 Mpa. Testing at 1000°C

resulted in slightly lower strengths that ranged from 574 to 603 MPa. Composites

reinforced with braided or filament wound preforms are currently being fabricated for

tension/torsion testing at room and elevaW,d temperature.
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ORNL-I(C)-INTERFACES AND MECHANICAL PROPERTIES OF
CONTINUOUS FIBER-REINFORCED CERAMIC COMPOSITES

R. A. Lowden

Oak Ridge National Laboratory
P. O. Box 2008

Oak Ridge, TN 37831-6063

INTRODUCTION

: The purpose of this task is to examine fiber-matrix interfaces and optimize the

mechanical behavior of continuous fiber..reinforced ceramic composites fabricated utilizing a

forced'flew, thermal-gradient chemical vapor infiltration technique (FCVI). The strenTth and

toughness of fiber-reinforced ceramic composites are controlled by the properties of the

interface between the fiber and the matrix, thus emphasis is to be placed on developing

methods to characterize the fiber-matrix interface and measure interfacial stresses in fiber-

reinforced ceramic composite systems. Coating or pretreatment processes can then be utilized

to tailor the fiber-matrix interface within various composite systems and to optimize the

strength and toughness of the composite.

DISCUSSION OF CURRENT ACTIVITIES

Oxidation Resistant Interlayers

To date, emphasis in the development of continuous fiber-reinforced ceramic

composites has been placed on processing and mechanical properties. Ceramic and glass-

ceramic matrices are being reinforced with ceramic fibers and filaments, and moderate

quantities of these materials are being fabricated using a variety of techniques. Although

exceptional room and elevated temperature properties have been reported, only limited

information has been presented regarding the stability of these composite systems in corrosive

or simulated service environments. High temperature corrosion can have detrimental effects
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must be addressed before final acceptance of these materials for critical components in

elevated-temperature commercial applications.

It is well known that although the fibers and matrix play major roles in determining

the final properties of a composite, the fiber-matrix interface has a significant influence on

the fracture behavior and mechanical properties of reinforced ceramics. Typically, coatings

are used to protect ceramic fibers from chemical attack during processing and to control

interfacial forces. Carbon, whether intentionally deposited on the fibers prior to

consolidation I'2 or f,,rmed serendipitously during processing, 3 is the most commonly used

interlayer in ceramic composites today. Carbon coatings have performed well in a variety of

systems; including the Nicalon/SiC composites which have been the subject of this work.

However, the poor oxidation resistance of carbonaceous materials has prompted intense

scrutiny of their usefulness at elevated temperatures in oxidizing environments.

Carbon begins to oxidize at temperatures around 700 K and oxidation is rapid in air

at temperatures above 1173 K. It has been shown that the oxidation ot Nicalon/SiC

composites with a graphitic carbon interlayer begins by attack ,ofthe carbon interface coating

at exposed fiber ends._ Once the carbon is removed along the entire fiber length, the matrix

and fiber oxidize to fofm a silica layer that eventually bonds the components together. The

strong bond at the fiber-matrix interface does not permit fiber debonding and sliding, resulting

in brittle behavior. Also, oxidation degrades the properties of the fiber, enhancing the

embrittlement of the composite.

This poor oxidation resistance of carbon has lead to the examination of alternate

coating materials or concepts for controlling the force at the fiber-matrix interface in ceramic-

ceramic composites. Many factors must be considered in the selection of materials for

interlayers in high-temperature composite systems. Chemical compatibility with the fibers and

matrix, elevated temperature stability, and oxidation resistance are _Svious requirements for

an interface coating, however, the mechanical and physical properties of the coating also play

an important role in determining interfacial bonding and shear stresses.

The theoretical aspects of thin films at the interface in whisker- and fiber-reinforced

ceramic c_rnposites and their effects on the stresses due to thermal expansion mismatches

have been examined. 7 A reduction in thermomechanical stress is suggested only when a low

modulus interfacial coating is present. For many composite_ the matrix has a higher thermal

expansion than the fiber thus upon cooling from processing temperatures, a clamping of the

fibers occurs. An interlayer must alter the compressive stresses at the interface to permit
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debonding and produce low interfacial shear stress. A coating that is able to deform (le. low

modulus), can act as a buffer layer and accommodate a portion of the residual clamping stress

of the matrix, thus controlling interfacial shear and frictional forces.

Few materials possess ali of the properties essential for the ideal interface layer, but

as described, a graphitic carbon coating has proven to perform well in numerous ceramic

composite systems including fiber-reinforced glasses and ceramics and SiC whisker-toughened

alumina. It appears tha: the presence of the carbon interlayer alters the stresses at the

interface, s'9 Graphitic carbon possesses an extremely low modulus along the c-axis. It is

hypothesized that the carbon coating is able to deform and act as a buffer layer,

accommodating a portion of residual clamping stresses of the matrix that occur due to thermal

expansion differences between the fiber and matrix. The thickness of the carbon coating

influences the clamping stress on the fiber and thus controls interfacial shear stress.

Interfacial shear strength was shown to be inversely proportional to fiber coating thickness.

Thicker coatings produce lower interfacial shear stresses because they are able to absorb more

of the stress caused by the thermal expansion mismatch of the components.

But again, carbon oxidizes at low temperatures, and thus other materials with

mechanical and physical properties similar to carbon but possessing improved oxidation

resistance are being examined. Much of the work on alternete interface coatings for silicon-

based composite materials has paralleled the efforts to improve the oxidation resistance of

carbonaceous materials, such as structural graphite and carbon-carbon composites. These

efforts have focused on the development of glass forming materials, specifically glasses with

melting temperatures and viscosities lower than that of pure silica. Boron is the most

frequently studied addition to silica-forming materials for service temperatures around 1273

: K (1000°C). _°ls The boron lowers the melting point of the glass that forms during oxidation.

This allows the formation of a glass which will form and flow more readily at lower

temperatures, offering improved protection for the composites in various relevant

environments.

Hexagonal boron nitride posseses a structure and mechanical properties similar to

those of graphite, however, due to the presence of boron, BN offers a distinct improvement

in oxidation resistance. BN has been examined as an interface layer in this program in the

past, but with the exception of a small sample of CVD coated fabric', ali previous experiences

.: with BN-coated Nicalon were disappointing. Attempts to deposit polycrystal_ine-Bb, layers
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on the fibers using CVD techniques resulted in extensive damage to the fibers and amorphous

deposits produced at low temperatures decomposed at room temperature.

Favorable results were obtained from the limited supply of CVD-coated fabric and

there have been reports of improved long-term oxidation resistance for BN coated fibers in

analogous composite systems. This prompted the re-evaluation of BN as an interface layer.

Fibrous preforms and individual fabric layers have been coated with BN using techniques

similar to those used in the deposition of the carbon interface coatings. Boron trichloride and

ammonia were reacted in hydrogen at 1373 K and 0.033 atm, conditions similar to those for

the standard carbon interface coating. Deposition conditions were varied to alter the

composition and the thickness of the interlayer. Experimental conditions were determined

to deposit the appropriate interlayer composition and structure at rates similar to those for

the graphitic carbon fiber coating. Although the strengths of the coated fibers were not

measured, the fibers remained flexible and intact after deposition. The preforms have been

densified with a SiC matrix using the FCVI process. Specimens for mechanical property

testing, corrosion studies, and electron microscopy characterization are being prepared. The

results of the characterization and testing will be compared to prev/ous studies of the

composites with a carbon interlayer.

Boron or borate glass additions have been used to improve the oxidation resistance

of carbon and carbon-carbon composites. 13"_s A similar approach is being examined to

enhance the oxidation properties of the fiber-matrix interface coating. Boron is being added

to the carbon interlayer during deposition process, again employing previously established

techniques. Boron trichloride and hydrogen were introduced to the argon-propylene gas

mixture that is typically employed to deposit the graphitic carbon interlayer. The addition of

the BCl3 and H2 produces boron carbide dispersions in the carbon layer. Upon oxidation,

B_O3 galss will form and hinder further attack of the interface coating. The amount of boron

in the layer is being varied. The experiments will determine the feasibility of this approach

as well as the quantity of boron needed to provide adequate protection. Composites are

being fabricated from the coated preforms, and both corrosion and flexure specimens are

being prepared. The effects of the boron additions on the mechanical properties of the

interface and composites, and the oxidation resistance of the material will be evai_mted.

° Produce by Comurhex, CVD Department, Pierrolette, France.

\,
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Sol-Gel Oxide Interlayers

Chemical vapor deposition is one of numerous methods that have been employed for

the deposition of thin layers on the surface of fibers. Sol-gel techniques have also proven

useful for producing coatings on fibers, especially for oxide coating compositions. Nicalon

fabric samples were coated with oxide layers by Dr. Jay E. Lane at Westinghouse Science and

Technology Center, Pittsburgh, PA. Eight oxide compositions of two thicknesses were

applied to Nicalon plain weave cloth using sol-gel techniques. The coatings included alumina,

mullite, Ca-doped cordierite, alumina-magnesia-yttria, titania, zircon, zirconia, and Y-doped

zirconia. The coated fabric samples were used to fabricate composites so that the

effectiveness of oxide interlayers could b,a examined.

Nicalon fabric samples coated with the aforementioned oxide layers were incorporated

into a SiC matrix employing the Forced CVI technique. Flexure specimens were prepared

from the composites and tested in four-point bending. The mechanical property testing of

the composites was paralleled by thermochemical evaluation of the chemical stability of the

oxides as an interlayer in a non-oxide system as well as the survivability of the oxide layers

during FCVI processing. The calculations required the addition of numerous compounds to

the data base used by the SOLGASMIX-PV program. 16 Extensive review of the literature

and of the many oxide phase diagrams was necessary to complete the information. The

calculations were used to aid in determining the most promising interface coating

compositions and to assess the stability of the coatings in the Nicalon/SiC system during

fabrication and in service.

The thermomechanical aspects of the oxide interlayers were also considered.

Following guidelines outlined by Hsueh, et al., 7 calculations were performed to examine the

effect of the oxide layers on the residual stresses in the system upon cooling from CVI

processing temperatures. The axial and radial forces were examined, and the theoretical

effectiveness of each material was addressed. The calculations were used to determine which

oxides may potentially reduce interfacial shear stresses and ana;lyze the effect of interlayer

thickness on residual stresses. The latter can be used to determine an approximate optimum

thickness for each oxide composition.

SiC composites containing Nicalon fabric samples coated with alumina, titania, and
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zirconia performed well in the initial room temperature flexure tests. The test results s_apport

the theoretical calculations that predicted reductions in the residual stresses at the fiber-

matrix interface in the Nicalon/SiC system when using the aforementioned oxides. The

decrease in residual stresses at the interface are necessary to permit fiber debonding and slip,

and produce the desired gradual composite failure. Remaining pieces of coated fabric and

the composites fabricated from such are being examined employing electron microscopy

techniques. Coating compositions and integrity are being evaluated to facilitate the

procurement of larger quantities of fabric coated the aforementioned materials.' Composite

specimens are to be fabricated to examine the long-term stability and corrosion resistance of

Nicalon/Sic composites with oxide interlayers. Primary control of this work has been

transfered to D. Matthew Walukus and will be completed under WBS Element UT-1.

Interlayer Property Effects

In previous periods, the influence of the fiber-matrix interface on the mechanical

properties of Nicalon/SiC composites was investigated. Emphasis was placed on determining

the relationships between interfacial forces and the flexure behavior of the composites,

specifically matrix cracking stress, ultimate strength, and work of fracture, ie. toughness.

Interesti.,ag correlations between interlayer thickness, interfacial forces, and mechanical

properties have been observed l'zs'9,however, little attention has been given to the effects of

the interface on the interlaminar properties of the Nicalon/SiC composites. Therefore,

composite specimens with varying interfacial properties have been fabricated to examine the

influence of interfacial shear stress on the interlaminar and impact properties of the materials.

As before, the thickness of the carbon layer has been varied to control the forces at

the fiber-matrix interface. Shear and impact specimens have been prepared and are currently

being tested. Composites with graphitic carbon coatings ranging in thickness from 0.03 to

1.25 _tm were fabricated. Flexure bars were prepared from each of the composites. The

specimens were cut parallel to the 0° orientation of the top layer of cloth using a diamond

saw, and tensile and compression surfaces were ground parallel to the long axis of the

specimen. The average dimensions of the specimens samples were 3 x 4 × 50 mm and ali

were measured and weighed to determine densities. Room temperature flexure strengths

were measured in four-point bending using a support span of 40 mm, a loading span of 20
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mm, and a crosshead speed of 0.508 mm/min. Ali specimens were loaded perpendicular to the

layers of cloth. Load-displacement curves were recorded to examine the fracture process and

were used to determine the loads for matrix fracture and ultimate strength. In general, a

single matrix crack was observed in the tests and was noted as a sudden drop in the load-

displacement curve and/or deviation from linearity. Flexure strengths are listed in Table 1.

Shear specimens and impact samples were also prepared from the composites. Both

types of coupons were cut with the long axis parallel to the 0° orientation of the fabic lay-up.

The average dimensions of the specimens for the shear and impact specimens were 10 x 20

x 3 mm and 6 x 6 x 50 mm, respectively. Again, all were weighed and measured to determine

densities. Notches approximately 0.3 mm were cut across the 10 mm width at 5 mm from each

end and on opposites sides of the shear specimens. Chevron notches were cut at the midpoint

along the length of the impact specimens.

The shear specimens were tested at room temperature in compression with a cross

head speed of 0.508 cm/min. The Chevron notch are being used to measure the work of

fracture, or toughness, of the Nicalon/SiC composites with varying interfacial shear strengths.

Both slow testing in three point bending, and rapid testing in impact, are being conducted,

and the measurements compared. The results will be used to further optimize the mechanical

properties of the Nicalon/SiC composites. Table 1 also gives the shear measurements for the

samples.
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Table 1. The influence of the carbon layer thickness on the properties of Nicalon/SiC

composites.

Carbon Approximate Average Room Temp. Room Temp.

Deposition Interlayer Flexure Bar Flexure Shear

Time Thickness Density Strength Strength

(h) (/_m) (g/cm3) (MPa) (MPa)
,.. ,,i , .,,., ,., ,

0.00 0 2.58 .'4:0.09 64 __ 11 9 ::1::4
,, ,,,

0.25 0.03 2.54 + 0.07 273 + 30 25 + 10
, p,, ,, ,, ,,,,

0.50 0.06 2.64 + 0.06 402 + 24 32 + 4

1.00 0.13 2.59 ____.0.06 421 + 27 29 +__4
.......... , ,,, ,,,, ,,,, m

2.00 0.27 2.60 + 0.08 399 + 28 25 5: 2
,,, ,,,

4.00 0.61 2.54 + 0.05 304 + 30 20 + 4
,,, , ,,

8.00 1.25 2.58 + 0.06 271 4- 32 21 + 3



116

REFERENCES

1. Lowden, R. A., Characterization and Control of the Fiber-Matrix Interface in
Ceramic Matrix Composites, ORNL/TM-11039, Oak Ridge National Laboratory,
(March 1989).

2. Lowden, R. A., and K. L. More, "'Ilae Effect of Fiber Coatings on Interfacial
Shear Strength and the Mechanical Behavior of Ceramic Composites," MRS
Symposium Proceedings, Vol. 170, Tailoring Multiphase and Composite Ceramics
(March 1989).

3. Brennan, J. J., "Interfacial Characterization of Glass and Glass-Ceramic
Matrix_icalon SiC Fiber Composites," MRS Proceedings, Vol. 20, Tailoring
Multiphase and Composite Ceramics, cd. R. E. Tressler et al., Plenum Publishing
Corporation, 549-560 (1986).

4. R.A. Lowden and R. D. James, High Temperature Corrosion of Nicalon/SiC
Composites, ORNL/TM-11893, August 1991.

5. R.A. Lowden and R. D. James, "Effects of Oxidation and Combustion
Environments on the Properties of Nicalon®/SiCComposites," Proceedings of the
Fifth Annual Conference on Fossil Energy Materials, e:l. by R. Judkins, Oak Ridge,
TN, May 15-17, 1991.

6. R.D. James, R. A. Lowden, and K. L. More, "The Effects of Oxidation and
Corrosion on the Properties of Nicalon*/SiC Composites," pp. 925-935 in Ceramic
Transactions, Vol. 19, Advanced Composite Materials, cd. by Michael D. Sacks,
The American Ceramic Society, Westerville, Ohio (1991).

7. Hsueh, C.-H., P. F. Becher, and P. Angelini, "Effects of Interfacial Films on
Thermal Stresses in Whisker-Reinforced Ceramics," I. Am. Ceram. Soc. 71(11),
929-933 (1988).

8. R.A. Lowden, "Fiber Coatings and the Mechanical Properties of a Fiber-
Reinforced Ceramic Composite," pp. 619-630 in Ceramic Transactions, Vol. 19,
Advanced Composite Materials, cd. by Michael D. Sacks, The .american Ceramic
Society, Westerville, Ohio (1991).

9. R.A. Lowden, "Interface Effects and Fracture in Nicalon/SiC Composites," pp. 97-
114 in the Proceedings of the ,_ourth Annual Conference on Fossil Energy Materials,
ed. by R. Judkins, Oak Ridge, TN, May 15-17, 1990.

10. P.E. Gray, "Oxidation Inhibited Carbon-Carbon Composites," U. S. Patent Appl.
676,985, Nov. 30,1984.



117

11. P.E. Gray and J. E. Sheehan, "Oxidation Protected Carbon-Carbon Composite
Development," NASA Conference Publication 2445, Metal Matrix, Carbon, and
Ceramic Matrix Composites 1986, Edited by J. D. Buckley, Cocoa Beach, Florida,
January 1986.

12. D.M. Shuford, "Enhancement Coatings and Process for Carbonaceous Substrates,"
U. S. Patent 4,471,023, September 1984.

13. P. Ehrburger, P. Baranne, and J. Lahaye, "Inhibition of the Oxidation oi Carbon-
Carbon Composite by Boron Oxide," Carbon 24(4), 495-99 (1986).

14. D.W. McKee, C. L. Spiro, and E. J. Lamby, "The Effects of Boron Additives on
the Oxidation Behavior of Carbons," Carbon 22(6) 507-511 (1984).

15. W.D. KJngery, "Surface Tension of Some Liquid Oxides and Their Temperature
Coefficients," Z Am. Ceram. Soc. 42 [1] 6-10 (1959).

16. T.M. Besmann, SOLGAS.PV, a Computer Program to Calculate Equilibrium
Relationships in Complex Chemical Systems, ORNL/TM-5775, April 1977.



118
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M. A. Janney and H. D. Kimrey
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INTRODUCTION

In the last semiannual report, it was shown that lanthanum chromite is easy to fire

in a 2.45 GHz microwave furnace. It couples well because of its relatively low electrical

resistivity (- 0.1 ohm-cre at ambient temperature). However, no "microwave effect" was

observed for the system studied. There was no acceleration of densification or

microstructural development in the system produced by microwave firing. This was .in

marked contrast to the large "microwave effects" that had been observed previously in

systems such as alumina and zirconia. The absence of a "microwave effect" in lanthanum
\

chromite is attributed to the way that microwaves couple to it. In the chromite system,

coupling is to the electrons, which do not participate in diffusion. In the alumina and

zirconia systems, coupling is to the ionic defects in the crystal, which are directly

responsible for diffusion.

An investigation of the role that ionic and electronic conductivity play in

determining the "microwave effect" has been initiated. The model system that is being

investigated is based on the ZrO2-CeO 2 system. This system has two properties that make

it attractive for study: (1) its total electrical conductivity can be varied over several orders

of magnitude; and, (2) its conductivity can be altered from being predominantly ionic to

predominantly electronic in nature. We will synthesize several different compositions in

the ZrO2-CeO2-Y20 3 system. The addition of Y203 to the system provides a means to f'Lx

the level of ionic conductivity in the system by the creatic,n of oxygen vacancies. This will

allow us to work in a convenient range of conductivities to assure that we examine a wide

variation in the ionic to electronic conductivity ratio. Yttria levels between 0.1 and 3

mol% and ceria levels between 10 and 15 tool% will be examined.
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EXPERIMENTAL PROCEDURE

We have focused on developing the microwave experimental procedures required

to repeatably fire CeO 2 - doped ZrO 2 ceramics in the microwave furnace under

controlled-atmosphere conditions. Our major concerns include the proper control of the

atmosphere around the sample, appropriate thermal insulation systems, and chemical

compatibility of the insulation system with the samples to be microwave fired.

Numerous insulation systems have been evaluated. In ali cases, a "picket fence"

arrangement of SiC rods has been used because of the need for "indirect" heating of the

CeO2'- doped ZrO 2 at temperatures below ~ 700 C. (The usefulness of the "picket fence"

in the sintering of zirconia was demonstrated previously in this project.) The most

promising insulation systems are based on a three-part arrangement of the components,

Fig 1.

SICPicket

_,,.___!___, _ Primary
_Nx.___ iiJl_',_ Insulating

ylinder

__ "Inner cylinder
First-wallinsulation

Figure 1. Schematic of "picket fence" insulation system for ZrO: microwave

sintering.
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The first wall insulation is the most important component of the insulation system. It

must perform several tasks if the insulation system is to be considered successful. First, it

must be chemically compatible with the CeO 2 - doped ZrO 2 samples. This eliminates the

use of commercial zirconia bulk fiber, which is doped with 8 mol% YzO3. During thermal

processing, diffusion of the Y203 into the CeO 2 - doped ZrO 2 sample would invalidate our

experiments by changing the conductivity of the sample in an uncontrolled manner.

Second, the first-wall insulation must have dielectric properties similar to those of the

sample. Third, it must be a good thermal insulator.

Two approaches were taken to achieve the goals outlined above. First, ZrO 2 - 12

tool% CeO 2 powder was consolidated and pre-fired to form -10 mesh granules, these

were poured around the sample to form the first-wall insulation. This approach workedi

passably weil, but some problems were encountered with sample cracking during sintering.

A better first-wall insulation was made by mixing ZrO 2 -12 mol% CeO2 powder with bulk

alumina fiber insulation in a 3::1ratio by weight. This material had better insulating

properties than the granulated ZrO 2 - 12 mol% CeO 2 powder and eliminated cracking.

, Both of these approaches have the advantage that they provide an insulation that is with

the sample and that matches the dielectric response of the sample. Also, as the

composition of the sample is changed, by selective doping with yttria, the chemical

composition of the insulation can be readily changed as well. Using the zirconia-alumina

fiber mixture along with the "picket fence" arrangement, an initial sreies of sintering

experiments was completed.

RESULTS AND DISCUSSION

Our working hypothesis is that there should be differences in the heating and sintering

of CeO 2 - doped ZrO2 fired in different atmospheres. These differences in heating exist

because of the relative ratio of electronic to ionic conductivity. The firing curves shown in

• Figure 2 confirm that there are significant differences in the heating of CeO 2 - doped

ZrO 2 fired in air and in Ar-H 2.
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Figure 2. The microwave heating profiles for ZrO 2 - 12 mol% CeO 2 fired in air and in
Ar-4%H 2 were significantly different.

The microwave power curve for the sample fired in air shows behavior that is typically

observed in the firing of alumina or zirconia ceramic_ using the picket fence arrangement.

At low termperatures, the power increases with increaseing temperature. This indicates

that the microwaves are coupling to the SiC rods and are heating the zirconia indirectly by

radiation and conduction. As the temperature increases, the amount of microwave power

absorbed by the zirconia relative to the SiC rods increases. Eventually, ali of the heating

will be by direct microwave heating of the zirconia. At about 700 C, the total power starts

to decrease. At this point,virtually ali of the microave power is being absorbed by the

zirconia sample. As the sample heats further, the efficiency with which it is heated by the

microwaves increases. This increase in efficiency is caused by the increase in dielectric

loss tangent of the zirconia with temperature. Above -900 C, the power steadily drops

until a plateau is reached at the sintering temperature of 1250 C. Samples fired in air

were white in color after firing, indicating that the sample was fully oxidized.
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The microwave power curve for the sample fired in Ar-4H 2 is quite different from that

for firing in air. At temperatures up to -300 C, there is a similar increase ir,,power.

However, above 300 C, the sample fired in Ar-4H 2 shows a decrease in power up to

-600 C. This is followed by a monotonic increase in power up to the sintering

temperature of 1250 C. At temperatures below - 1000 C the Ar-4H 2 sample requires

leess power than the air sample; in contrast, above 1000 C, it requires more power.

Samples fired in Ar-4H2 were dark gray in color indicating that some of the Ce+4 had

been reduced to Ce+3.

What particular mechanisms cause the differences between the air and the Ar-4H 2 cases

have not been determined so far. The change in color indicates that there should be

significant electronic conductivity in the samples fired in Ar-4%H2. Determination of the

dielectric properties of these materials at microwave frequencies would be helpful. We

will attempt to get those measurements made during the coming semi-annual period.

SUMMARY AND CONCLUSIONS

Microwave firing of ZrO 2 - 12 tool% CeO 2 in air and in Ar-4%H2 showed very different

trends. Air firing followed behavior similar to that previously obseNed for ZrO 2 - 8 mol%

Y203 and alumina. Firing in Ar-4%H 2deviated significantly from previous experience for

zirconia. The differences are thought to be because the reduced samples had higher

electronic conductivity.
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INTRODUCTION

The purpose of this project is to developadvanced ceramic materials for

use in solid oxide fuel cells (SOFCs)and other advanced electrochemical

technologiesrelatedto the broad, clean, and efficient use of coal and other

fossil fuels. Objectivesof this projectare to 1) identifyand developnew

electricallyconductingmaterialsfor use as electrolytes,electrodes,bigolar

connections,membranes,and catalysts in solid-stateelectrochemical

processes; 2) develop a fundamentalunderstandingof molecularprocesses

associatedwith advancedelectrochemicaland catalytic systems; and 3) develop

novel materials synthesisand processingmethodologyto improve quality,

reduce cost, and/orprovide the capabilityto produce new materials, forms,

and structures.

BACKGROUND

Many new concepts for improvedutilizationof fossil energy relate to

electrochemicalprocessesthat are useful above 600:C. Solid-state

electrochemicalprocessesutilize a dense, ionicallyconducting, solid

electrolytemembrane coupledwith highly electronicallyconductingelectrodes

intimatelyattachedto the electrolyte. In some uses,"thecells are joined

together with electronicallyconducting interconnections. The electrochemical

cells operate in the presence of DC electric currents and/or electric

i Pacific NorthwestLaboratory is operated by BattelleMemorial Institutefor
the U.S. Departmentof Energy under ContractDE-ACO6-76RLO1830.
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potentials. High-temperatureelectrochemicalcells using solid electrolytes

have applicationin fuel cells, oxygen and other gas pumps, sensors, fluid

purifiers,chemical separators,and in chemical synthesis. In addition, these

materialshave applicationas catalysts in chemicalreactionswhere the

electrochemicalactivitycan be controlledby an appliedpotential.

The major challengesfor utilizinghigh-temperatureelectrochemical

cells center around the developmentof improvedmaterials, particularlysolid-

state electrolytesthat work well in conjunctionwith the electrode and

current interconnectcomponents. Cell componentmaterials are needed with the

desired electrical,thermal, structural,catalytic,and electrochemical

propertiesto enable a broaderand cleaner utilizationof fossil fuels,

particularlycoal. Synthesisand fabricationmethodologyto co-process

differentceramic materialsinto a cell or stack of cells is needed. A

fundamentalunderstandingof molecular processesassociatedwith advanced

electrochemicaland catalyticsystems is essential, includingreactions

occurringat surfaces and interfaces.

A new approach to enhancingreaction kinetics is electrochemical

catalysisand promotion. Many processes involvingfossil fuels use catalysts

to increase reaction rates to practicalvalues. Currently,the most common

catalystsare the noble metals. Increasedattentionis being given to

electricallyconductingoxides as catalysts to reduce costs and for use in

oxidizingand otherwisehostileenvironments. Recently,it has been shown

that the catalytic nature of mixed ionic/electronicoxides can be enhanced by

severalorders of magnitudethrough electrochemicalmodification. This

approachholds high potentialfor improvedutilizationof fossil fuels.

APPROACH

The scope of this project includesmaterialsdevelopmentand

electrochemicalstudies for SOFCs; developmentof advanced electrolytes;

electrochemicalcatalysis studies;and synthesisof advanced catalysts and

membrane materials. Emphasisduring this reportingperiod has been placed on

determiningair sinteringmechanisms of chromite interconnectmaterials, on

studiesof electrochemicalprocessesoccurring at gas/electrode/electrolyte

interfaces,and on the synthesisof materials for use as catalysts and

membranes.
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DISCUSSIONOF CURRENT ACTIVITIES

Air Sintering Mechanismsof Chromite InterconnectMaterials

Chromitesare used as current interconnectionsin SOFCs because they are

chemicallystable in both oxidizingand reducing atmospheresand can be

formulatedto yield high electricalconductivitywith a thermalexpansion

matched to the yttria stabilizedzirconia (YSZ) electrolyte. However, the

chromites are difficultto sinter to near full density (closedporosity) in

air at temperaturesbelow 1550°C,as required for the co-sinteringof the

SOFC. Synthesisof very reactive chromitepowders by the glycine/nitrate

process (GNP) [1,2] has enabled studiesof air-sinteringmechanisms,in which

some chromitecompositionshave been sintered to near full density in air. A

previous report [3] discussed the effectsof compositionand sintering

atmosphereon sinteringof La(Sr)CrO3. This report compares the effects of

compositionon sinteringof La1.xSrxCr03(LSC) and Yi.xCaxCr03(YCC) and

discussesthe implicationsfor sinteringmechanisms.

Experimental

Chromitepowders were preparedby glycine/nitratecombustion synthesis

[1,2]. All composition;_were synthesizedusing a stoichiometric

glycine/nitrateratio calculatedto yield N2, CO2, and H20 as the gaseous

productsof combustion [2]. For the chromites,this conditiongenerally

results in 1450°C flame temperaturesand nearly complete combustion. The ash

product had an average crystallitesize of 20 nm, with excellentparticle-to-

particle homogeneity[2]. The powderswere uniaxially pressedat 35 MPa and

then isostaticallypressed at 140 MPa. Pellets were placed on edge in an

electricallyheated furnace in either stagnant or 0.25 I/s flowing air. The

furnacewas heated at 300°/h to 1550°C,held for 8 h, and cooled at 300°/h.

Sintereddensitieswere determinedby an immersiontechniqueusing ethyl

alcohol and comparedwith theoreticaldensities (TD) determined by X-ray

diffraction (XRD).

Effects of Alkaline Earth Concentration

Effectsof dopant concentrationand air flow rate on sintering of LSC

were discussedpreviously [3]. However, the same data are reproduced here for
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direct comparisonwith the YCC system. Sintereddensities for both the LSC

and the YCC systems generally increasedas alkaline earth dopant level was

increased (FigureI). For x<O.3, higher sintereddensities were obtained in

flowing air than in stagnant air. For x>O.3, the trend was reversed for YCC,

and possibly for LSC. Maximum relativedensitieswere attained in flowing air

for YCC containingCa=O.20(98% TD) and for LSC with Sr=0.24 (93% TD).

Shrinkageduring sinteringwas determined for YCC (Figure2). Pressed

pelletswere heated in a vertical pushroddilatometerat 100°/h. Samples with

x>0.12 sinteredrapidly between 1000 and 1100°C,with shrinkage proportional

to calcium concentration. This rapid densificationis attributedto liquid-

phase sintering. At high temperatures,during combustion synthesis (1450°C)

or during sintering(1550°C),the alkalineearths appeared to be completely

soluble in the perovskite. Only single-phaseperovskite chromiteswere

evident after combustionor sintering,even at the highest dopant levels

attempted. However,when the powders were heated at lower temperatures(e.g.

650°C), part of the Ca or Sr was exsolutedas CaCrO4 or SrCrO4, as found by

XRD analysis of quenched samples. This occurred in the LSC above Sr=O.07 and

in the YCC above Ca=0.12. These chromatecompounds (or their solid

decompositionprod'ucts)melted near I020°C for the YCC system arldnear 1250°C

for the LSC system [4]. Near the maximum sinteringtemperature,the alkaline

earths again substitutedinto the perovskitephase. Thus, these chromites

produced a transientsintering aid, althoughremnants of the liquid have been

detected in some samples.

Shrinkageduring sinteringwas determinedfor a series of four LSCs

(Figure3). For Sr=O.O the shrinkagerate increasedsmoothly as the

temperaturewas increased,suggestinga simple sinteringmechanism. For

Sr=0.12, sinteringbegan at lower temperatures. At higher Sr levels,Sr=0.24

and 0.27, the shrinkageexhibitedthree pronounced inflections,suggesting

changes in sinteringmechanisms during heating. Although high-temperatureXRD

analysis indicatedthat the inflectionsnear 1250°C were probably due to

melting of SrCrO4 or its derivatives,the reactionsassociatedwith

inflectionsnear 1100°C and above 1400°C are unknown. Reactionsat the

highest temperaturesappeared to be very sensitiveto composition,occurring

near 1450°C in the sample with Sr=0.24but near 1550°C for Sr=0.27. A similar

pair of composition-sensitivereactionswere present in the YCC system (see

Figure 2 for Ca=0.16 and Ca=0.20).
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Dilatometerstudie,.sshowed that the thermalexpansion of'chromites

increasedwith increasedalkalineearth substitution. As shown in Figure4,

compositionswith an opti_mumthermalexpansionmatch to YSZ were Yo.6Cao.4Cr03

and Lao.76Sro.24Cr03. For LISC,Sr=0.24also gave a maximum relative density in

flowing air (FigureI). H,owever,YCC with Ca=0.4 exceeded the optimum level

for sinterability,although_95% TD was attainedwithout airflow.

Sintereddensity vers;uspeak temperaturefor Yo.6Cao.4CrO3 and

Lao.76Sro.2nCrO3 are compared in Figure 5, Sampleswere heated at 300°/h to the

desired temperatureand quickly removedfrom the furnace. The higher

densities shown at 1550°C were attainedafter 8 h at temperature. The LSC

densified most rapidly above 1500°Cwhereas >50% of the YCC densification

occurred between 1000 and 110)0°C.The microstructuresof quenched YCC samples

in Figure 5 are shown in Figu_e 6. At 1100°C, the microstructurecontained

dense, irregularareas (white)that were apparently formed by localized

liquid-phasesintering. The c,ensemasses grew and coalesced on further

sinteringabove 1100°C. Finally,at 1550°C,the voids coalesced into

irregularlyshaped pores. Furtherheatingat 1550°C for 8 h removed the

smallest pores.
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Figure 5._ Relative sintered density as a function of peak sintering

temperature for YQ,6Cao,CrO. and Lao.l_Sro.2$CrO3 in stagnant air,
The higher densi_,es at4 15_0°C are _.__er h at temperature.
Labels near data points are for microstructures in Figure 6.



Figure 5. Microstructuresat various temperaturesduring sinteringfor

Ca ,CrO_from Figure 5 showing inhomogeneitiesinducedby'qui " _ ' 'phase slnterlng.

A series of LSC samples from Figure 5 showedno discernablepatternsof

non-uniformdensificationas was typicalof the YCC samples. Rather, scanning

electron microscopy (SEM) revealedgrain growth in the LSC, from about 20 nm

at room temperatureto about 500 nm by 1550°C. Therefore, although SrCrO4

formationand subsequentmelting at near 1250°Chave been confirmed in LSC by

high temperatureXRD, the resultingliquid phase was apparentlynot as

effective in causing densificationas that in YCC. This impliesthat either

grain boundary or bulk diffusionmay accountfor densificationof LSC, whereas

vapor-phasetransportprobablyaccounts for much of the grain growth. This

point is addressedfurtherbelow.
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Effectsof Chromiqm Enrichmentor Depletion

The effects of Cr depletionor enrichmentwere studiedfor Yo.BCao,aCr03

and Lao.7BSr0.24Cr03.Assuming that Ca and Sr substituteonly on the "A" site

in the perovskite lattice,then the ratios (La+Sr)/Crand (Y+Ca)/Crare the

"A" site to "B" site cation ratios. When these ratios are less than unity, Cr

is enriched,and the structuremust'either contain vacancies in the "A" site

or a second, Cr-rich phase must appear. Conversely,when the ratios are

greaterthan unity, Cr is depleted and the structurem'st either contain Cr

(or "B" site) vacanciesor a second phase that is rich in the "A" site

cations. Another possibilityis that Vaporizationof enriched species during

sinteringwill bring the site populationsback into balance.

The sintered densitiesin stagnant air are shown in Figure 7 as a

functionof cation ratio for [Y0.BCao,4](1.y)Cr(1+y)O3 and La(o.7B_y)Sr(0.24)Cr(1+y)03.
The trends are similar, althoughthe local minima are offset. This offset may

be explainedby partial substitutionof Ca for the depleted Cr on the "B" site

in YCC. Sakai et ai. [5] reported similarlocal density minima for Ca

variationwithin (Lal-xCa×)(Crl-yCay)O_,while Dokiya et al. [6] reported

increasedsintered density for Cr-deficientsamplesin the same system. For

both the LSC and YCC systems,the highestdensitieswere obtained for

substantialCr depletions. Weight losses during sintering(Figure8),

presumablydue to volatility,are stronglydependenton Cr content for the LSC

system,but only weakly so for the YCC system. Microstructuresextending from

sample surface to center for YCC samples in Figures6 and 7 are shown in

Figure 9. The samples, 9a throughd, exhibited increaseddensity as the

amount of Cr enrichmentwas decreased. Small depletionsin Cr, 9e and f,

resulted in large changes in sinteredmorphologywith a fully dense surface

layer (100 to 200 _m) and an inhomogeneous,low-densityinterior. For the YCC

with highest Cr depletion,9g, the entire pellet was nearly fully dense, but

the interiorcontained a second phase. Energy dispersivespectroscopy

analyses showed that sampleswith enriched Cr, 9a, b and c, contained Cr-rich

phase near the surface and within the interior in 9a. The low-density,Cr-

depleted samples, 9e and d, exhibiteda Ca-richliquid-phaseremnant near the

surfaceand within the higher-densityregions of the interior. The highest-

density,Ct-depletedsample, 9g, appeared to consist of a single phase near

the surface,but separatedinto two YCC phases in the interior,one of which

was richer in Ca.
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Fiqure 10. Microstructuresfor the two LSC samples 'labeledin Figure 7.

The microstructureof Lao.76Sro.24CrO3 with (La+Sr)/Cr:1is compared to

that of Cr-depletedLa0.78Sr0.p4Cro.9803in Figure 10, with (La+Sr)/Cr:1.04. The

Lao.76Sro.2nCr03,9a, was homogeneousbut of low density,while the Cr-depleted,

9b, had the highestdensity of any LSC sintered in air. The latter contained

large crystals of LagO3, a phase susceptibleto hydration,which causes

cracking of the material.

In summary, the alterationof the A/B cation ratio caused secondary

phase formationin both the YCC and the LSC systems. In LSC, volatilitywas

apparentlyproportionalto Cr enrichment, lt is not known whether vacancies

were "inducedon the relativelydepleted sites. However it can be stated that

the occurrenceof secondaryphase formationand enhanced volatilitydecreased

(or perhaps eliminated)the concentrationof vacanciesthat would be necessary

to achieve site balance. Additionally, precipitouschanges in density caused

by small changes in Cr content (Figure7) imply that good compositioncontrol

is essentialfor the conductof sinteringstudieson chromites. In this

study,metal nitrate stock solutionconcentrationswere determined by EDTA

complexiometrictitrationto +0.3% relativeor better [2].



135

Volatility and_SinterinqMechanisms

Ownby [8] showed that Cr203could be sintered to full density at 1600°C

when the p(02) Was maintained at the Cr/Cr203equilibriumboundary (near 10"12

atm. p(02) at 1600°C). This effect was confirmedfor the LSC system in this

study by immersingLa0.76Sro.24Cr03in a solid-solidbuffer system,a mixture of

Cr metal and Ct203powders,which resulted in full density at 1550°C in 8 h.

However, oxides containingsignificantquantitiesof Cr are difficult

(or impossible)to sinter to full density in air [7]. This was attributedto

vapor phase transportdue to volatilityof Cr oxides, especiallyCrO_ [8]. In

the chromites,there may be other volatile speciesincludingSrO [g]. Readey

[10] stated that vapor transportduring the early stages of sinteringresults

in particlegrowth, thereby decreasingthe driving force for sintering (that

is, a reductionin the surfacearea) without producingdensification._ Readey

also maintained that rapid vapor transportduring the final sintering stage

will lead to improvedpore mobility and increasedfinal densities.

Meadowcroftand Wimmer [9] found that enriched Cr content in LSC resulted in

greatly enhanced volatilityof Cr oxides. This is consistentwith an observed

trend of increasedweight loss with Cr enrichment in LSC (Figure8) and with a

correspondingdecrease in density (Figure7). YCC may also be adversely

affected by grain growth inducedby excess Cr (Figure9a-c).

For LSC and YCC, the role of vapor-phasetransportcan be complicatedby

; secondaryphase formation. The formationof the volatile Cr oxides, CrO_ and

CrO3, and the formationof the liquid-phase-formingchromates,SrCrO4 and

CaCrO4, require access to oxygen. Therefore,possibledetrimentaleffects of

vapor phase transportcan be offset by liquid-phasesinteringresulting from

chromate formationand melting. The microstructuresof Figures ge and f

suggestthat oxygen access to the sample surfaceresulted in substantial,
,'

early liquid-phaseformationand completedensificationof the surfacelayer.

This dense layer may have blockedaccess of oxygen to the interior. (These

YCC compositionswith slightlydepleted Cr may be useful for those SOFC

configurationsin which the interconnectthicknessis about 100 _m.)

Additionally,two mechanismscan be postulatedto explain the increase in

sinterabilityin flowing air (FigureI): I) Cr oxide vapors may be removed

before they can condense and cause grain growth,or 2) improved oxygen access

may promotechromate formation,leading to more effective liquid-phase

sintering.
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In summary, although the roles of vapor-, liquid- and solid-phase

transport in the chromites and their combined effects on densification are not

yet fully understood, liquid-phase sintering appeares to be more pronounced

for YCC than for LSC, particularly for YCC compositions with depleted Cr. The

absence of an obvious liquid phase in LSC indicates that solid-phase

sintering, involving either bulk or grain boundary diffusion, may be the

predominating mechanism for densification. Therefore, LSC sintering appears

to be dependent on the relative significance of vapor-phase versus solid-phase

transport.

_fects of Chromium Enrichment or Depletion on B-Site Additives

The effects of A/B cation ratios on sintering were discussed above in

connection w_n Figure 7. These results were for LSC and YCC compositions

with no substitution on the B-site. Work conducted on a related program

[supported by METC] has shown that changes in A/B cation ratios can

significantly alter the effects of potential sintering aids that are added as

B-site dopants. These results are reported here because of their relevance to

this program. Figure 11 is a plot of percent of theoretical density as a
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Fiqure 11. Percent of theoretical density attainea during sintering at 1550°C

for 8 h for (La 76Sr-4)" ,(Cr 9M" 1_1_y)A02_where M" is Al, Zn, Cu,or Co. The value of_''_'y_onti_ols cation ratio.
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function oc a/B ratio for chromiteswith the composition,(La.TBSrz4)

(1.y)(Cr.9M''.i)(i+y)03,where M" is Al, Cu, Co, or Zn. Additives to the B-site
gave only small effects on sinteringrates when Cr was depleted (y<O). When

Cr was enriched,however,sinteringrates were quite sensitiveto B-site

substitution,althoughthe effect could be either beneficialor detrimental.

Cobalt appeared to have the most beneficialeffect on sinteringof LSC,

although Zn was nearly as helpful for extremeCr enrichment, lt is clear that

Al had a large detrimentaleffect when A/B ratio was unity (y=O),or when Cr

was enriched.

Investigationsare continuingto determinethe mechanisms involved in

sinteringwith these B-site dopants, however it is probable that these

additives affect liquid phase formation(Co) and enhance or depress Cr

vaporization.

ElectrochemicalProcesses

The performanceof high-temperature(T_800°C)solid electrolytesystems

often is dependentupon the electrochemicalprocessesthat occur at solid-

solid-gasinterfaces. Changes at these interfacesor in materialsassociated

with these interfacescan alter reactionmechanismsand/or rates of reactions.

This project seeks to understandthese electrochemicalprocessesand the

influencesthat materialproperties and interfaces,electrical current and

potential,temperature,gaseous environmentand time exert on these processes.

In a SOFC, the performanceof the air electrode-electrolyteinterfaceis

mainly governed by the net cathodicprocess:

1/202 (gas) + V'o'(electrolyte)-Oo(electrolyte) + 2h" (I)

Oxygen gas adsorptiononto a solid surfaceand subsequentdissociation

into oxygen atoms is implied in Equation (I). These oxygen atoms, in turn,

must migrate to a reaction site and exchange two electrons,whereuponthey

become oxygen ions and fill previouslyvacant oxygen lattice sites. Then, the

oxygen ions must cross the interfacebetweenthe air electrodeand

electrolyte. In the electrolyte,the oxygen ions conduct by a vacancy

mechanism. In Equation (I), net oxygen conductionthrough the electrolyteis
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representedin Kroger-Vinknotation,while electron exchange is representedby

two holes (2h) being created in the cathodematerial,which usually is a p-

type (hole) conductor.

Cathodic performancecan be improvedby discoveringthe rate-limiting

step and designingcompositionalor operationalsteps to enhance that

particular reaction rate. Generally,the cathodic performancecan be improved

by reactions or processesthat:

I) increase the rate at which the gas (02)molecules reach the

interface,

2) increase the rate at which the oxygen molecules dissociate and

acquire electronsto become oxygen ions at the surface of the

cathodematerial,and/or

3) enhance the rate at which these oxygen ions diffuse and pass over

into the electrolytematerial.

Normally, the critically-importantreactionzone is located at the

physical triple phase boundary (tpb) between an electricallyconducting,

porous air electrode_,the oxygen gas, and the oxygen ion-conducting

electrolyte. The effectivesize of the reactionzone, and thus cell

performance,can be enhanced if an air electrodeexhibitingmixed

electronic/ionicconductionis used. By increasingthe size of the reaction

zone, oxygen ions can now move through the air electrode into the electrolyte

without having to be formeddirectly at the tpb. Through proper doping or by

electrochemicalmeans, the number of reaction sites within the reaction zone

and the rate of charge transfer can be increased.

An experimentalmethod has been designed to quantify the cathodic

performanceof a particularelectrodematerial,which includesAC impedance

and DC polarizationmeasurementsin conjunctionwith an unbonded interface

cell (UIC) design. With this cell design, an effectivereaction length (ERL),

which is proportionalto the size of the reactionzone, is measured for a

particularelectrodematerial/electrolyteinterface[3]. The cathodic

performanceor net reaction rate can be improvedby enlargingthe effective

size of the reaction zone and/or by lowering the reaction activationenergy.

The reaction activationenergy can be determinedusing other cell designs, but

the UIC design uniquely allows the simultaneousdeterminationof activation

energy and the ERL. This experimentalmethod was used to compare the cathodic

performancefor two compositionsof strontium-dopedlanthanummanganite
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electrodematerial,namely La1_xSrxMn03with x=O.1 and 0.3 [11, 12].

Unbonded InterfaceCell (UIC)

An electrochemicalcell using unbonded solid interfaceswas developedto

investigatehigh-temperaturereactionsat materials interfaceswithout

influencesof sample morphology,especiallyvariationsnormally encountered

when testing interfacespreparedby sinteringof the electrodeonto the

electrolyte. Details of the UIC design are given elsewhere [11,12]. The

importantfeatureof the UIC design is the interfacethat consists of multiple

"point"contacts with the surroundinggaseous atmospherepermeating between

the unbonded (somewhatroughened)surfaces. Since the actualcontact area

between the electrodeand electrolyteis relativelysmall, the contact

resistanceof the unbonded interface(= I00 I_at gO0°C) dominatesother cell

resistances(a few ohms). Likewise,the interfacepolarizationresistance (a

few k_) is much larger than the polarizationresistanceof the porous platinum

electrodeon the electrolytesurfaceopposite the unbonded interface. For

porous electrodeswith a relativelylarge amount of tpb, the interface

reaction rate frequently is limitedby gaseous diffusion. In the UIC design

with a relativelysmall amount of tpb, gaseous diffusionis not rate-limiting.

Rather, reaction rates are determinedby surface and interfacialproperties of

materials. Changes in the reactionrate or the polarizationresistance

thereforeare primarilydue to electrocatalyticeffectswhen using the UIC

design.

Two resistive-likeparameters,RB and Rp, are obtained from analysis of
complex impedancespectra gatheredusing the UIC. These two parameters are

correlatedwith electrocatalyticprocessestaking place in a reaction zone at

the electrode-electrolyteinterface.

The resistance parameter,RB, is related to the size of the reaction

zone through an expressionderivedby Newman [13].

1 (2)Rs- 4at
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Newmanderived this expression for a conductor,that makes a "point"

contactof effectiveradius, r, with a semi-infiniteelectrolyteof

conductivity,a. Becauseof the non-uniformcurrent flow lines in the

electrolytenear the point contact, the net electrolyteresistance is RB.

Although derived for a single-pointcontact,Newman's formula should be

applicableto multiple-pointcontacts at the interface in a UIC as long as the

contacts are well separated. For such a case with radius ri characteristicof

each contact point and with numerous parallel interfaceresistances,RI =

I/(4orl)via Newman's formula,the net resistance,R, is given by

: - : _2o(2=:) (3)R R_ x

In Equation (3), r = 7.riand 2_r is the sum of the individualpoint

contact perimeterscalled the effectivereaction length, ERL. The specific

ERL is obtained by dividing 2_r by the cross-sectionalarea of the electrode.

The DC polarizationresistanceRn = dn/dl at zero current,where _ is

the overpotentialand I is the current. The resistance parameter,Rp, which
was determined from small amplitudeac impedanceanalysis,was shown to be

equal to Rn [2] and so it also is called the polarizationresistance. The
polarizationresistanceis inverselyproportionalto the oxygen reduction

reaction rate at an electrode-electrolyteinterface. Therefore for the UIC

design, Rp"I is a measure of the electrocatalyticactivity of the particular
electrodematerial.

Most of the experimentsusing the UIC design to date have examined the

influenceof operatingvariables such as temperature,P(02), applied

potential, and time as well as compositionalvariables on RB and Rp. Since
the UIC is a new design, it is importantto confirm that the data analysis

yields reproducibleand meaningful results. The followingexperimentswere

performed to demonstratethat goal.

Experimental

Previously,the UIC system used two electrodes for both the AC impedance

and DC polarizationtests. Therefore,the overall cell impedanceincludedthe

effects of a zirconia-porousPt electrodeas well as the zirconia-air
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electrode,the electrodeinterfaceof interest. To remove the effects of the

porous Pt electrode, a third electrode,a referenceelectrode,was added to

the UIC test system as shown in Figure 12.

Referringto Figure 12, platinum paste (Engelhard#8026, non-fluxed)L

counter and referenceelectrodeswere baked (20 min at 1100°C in air) onto a

dense, 8.0 mole percentyttria-stabilizedzirconia electrolytedisc. The disc

was 1.26 cm in diameter by 0.94 mm thick. The centeredporous platinum

counterelectrodewas 0.64 cm in diameter. An 0.16-cm gap separatedthe

counter electrodefrom an annularring referenceelectrode. A small gap was

cut through the annularreferenceelectrodeto allow more complete gas

coverageof the interiorcounterelectrode. Platinummesh (52/inch)was cut

to cover the same area as the referenceand counter electrodes,and was backed

by a spring-loadedsolid platinumdisc or ring connection. The platinum mesh

ensured that gas coveragewas uniform over the entire reference and counter

electrodesurfaces. The oppositeface of the zirconiaelectrolytedisc was

polishedflat down to I _m diamond final polish. The previously used sample

(LSM x=O.1 disc, 0.64 cm diameterby 1.42 mm thick)was remounted to check

reproducibilityof earlierresults obtainedwith the original two electrode

system. Before remounting,the surfaceof the LSM disc adjoining the bare and

smooth zirconia surfacewas regroundwith 400 grit SiC paper in a 0-90° stroke

pattern to provide numerousgaseous flow paths betweenthe electrode-

electrolyteinterface.

A dramatic improvementin the signal-to-noiseratio was noticed in the

data collected using the UIC system with a separatereferenceelectrode. With

the three-electrodesystem,we were able to collectdata over a wider

frequencyrange (100kHzto .01 Hz) and use a lower voltage amplitude (10mV

rather than 50mV). Also, with these improvementsthe data collection sweep

time was four times faster. By using a lower amplitudevoltage signal,the

equivalentcircuit fit to the impedancedata was improvedby an order of

magnitude,especiallyat the lower frequencieswhere the electrode reaction

kineticscontrol the complex impedance.

The behavior of the effectivereaction length (ERL) and the oxygen

reductionreaction rate (Rp-I)was re-examinedfor the LSM (x=O.1)sample. As

before,AC impedancedata were collected over a frequencyrange of 1-100kHz

using a Solartron1255 FrequencyResponse Analyzer,an EG&G PAR Model 273

Potentiostat,and an IBM PC for experimentalcontroland data analysis. The
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Working Counter
Electrode . Electrode

Figure 12. Arrangement of electrodes on the 8YSZ electrolyte for the two-
electrode and three-electrode cell design.
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temperaturerange was 973 to 1173K (700 to 900°C) and the oxygen partial

pressurewas varied from 0.2 atm to 10.5atm by dilution of air with argon

gas.

Electrocatal.yticPerformanceof the Lao.gSr0IMnO3/8YSZInterface

In Table I, parametersthat describethe electrocatalyticperformanceof

the Lao,90Sro.10MnO3/8YSZinterfaceare compared for the originaltwo-electrode

and the new three-electrodeUIC systems. Pseudoeactivationenergies are

believed to reflectthe activationenergy for ionic conductionin the

electrolyte,though other contributionsmay be present. Oxygen reduction

activationenergies and the reactionrate dependence on the partial pressure

of oxygen are particularlyimportantindicatorsof cathodeperformanceand of

the nature of the rate-determiningstep in the operationof the

electrochemicalcell. The ERL is related to that area in the vicinity of the

gas/electrode/electrolyte triple phase boundarywhere the rate-controlling

electrochemicalreactionstake place, lt is clear that the two experimental

cell designsyielded indistinguishableresults for reactionactivation

energies and the reaction rate dependenceon the oxygen partial pressure.

Differencesin ERL may be attributedto the surface preparationof the

electrolyteand electrodematerialsin the unbonded interfacecell design.

PseudoactivationEnergies. Pseudoactivationenergies for the two- and

three-electrodeUIC systemswere identicalwithin experimentalerror. This

term is derived from Equation (4), a rearrangedform of Equation (3)'

T
- 4rg o exp [-E/kT] (4)

RB

where o = aoT-Iexp(-E/kT) has been substitutedfor the electrolyte

conductivity. The slope of log (T/RB)vs. IO00/T is called a pseudoactivation

energy since it may include the influenceof temperaturedependence for the

effectiveradius parameter,r. These pseudoactivationenergies also were

indistinguishablefrom the activationenergy determined for ionic conduction

in the 8YSZ electrolyte,previouslymeasured to be O.9eV over the 700 to 900°C

temperaturerange [11].
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Table I. Comparisonof EiectrocatalyticParametersfor a

Lao,9oSro,loMnO3/8YSZInterfaceDeterminedUsing A Two- and Three-

El ectrode System

,, ,,,,, '_" 'I ' '" ,',_,

-_ PAR,AM,ETER1700-900°C) Two-El,ectrodel, ,Three'Electr°de2,,,, , ,.,,

PseudoactivationEnergy for 1.0±0.1 , 1.0±0.1
..T/R_ (eV) , ,

Oxygen ReductionActivation 2.1±0.2 1.9±0.2
....Energy in,Air leV) .......

Reaction RateDependence on 0.28±0.03 0.22±0.03
p(O_) at 900°C,,,, ,,,,, ,,,,,,--

Specific ERL Values 0.8 to 1.0 0.4 to 0.6
(cre/cre2) ....

I Both electrolyte and eleci;rode surfaces roughened.
2 Electrolyte surface polished and electrode surface roughened.

The general agreement of the pseudoactivation energy with the

electrolyte activation energy indicates that extending Newman's model [13] for

a single- point contact to a multiple-point contact situation in the UIC

design is probably valid. Furthermore, the interpretation of 2_r as an

effective reaction length is justified. Also, previous measurements indicated

that RB was independent of the electrolyte thickness (from 0.5 to 2.0 mm).

This would be expected since the electrolyte bulk resistance for uniform

current flow would be only a few ohms, and RB, which essentially is a contact

resistance, was :I00II at the 900°C measurement temperature.

Oxyqen Reduction Activation Energies. Since the reciprocal polarization

resistance (Rp"l ) is proportional to the reaction rate for oxygen reduction at

the electrode-electrolyte interface, the slope of log (Rp"I) vs. IO00/T yields
the oxygen reduction activation energy. In air, this value was 1.9±0.2 eV

when determined for the three-electrode UIC system and 2.1+0.2 eV for the two-

electrode system. Both of these values are considerably greater than the

1.3 eV oxygen reduction activation energy determined previously for an

unbonded platinum disc-SYSZ electrolyte interface in air [11]. For optimal

cell performance, the activation energy for oxygen reduction should be as low

as possible. While the Pt/YSZ interface yields a more desired activation

energy, Pt is not a viable candidate material for SOFCsfor reasons of cost

and stability in a hostile fossil fuel environment. Preliminary evidence
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suggeststhat the oxygen reductionactivationenergy may be decreasedwith

increasedSr substitution. This relation is being further explored.

ReactionRate DependenceOn p(021. The dependenceof the rate of oxygen
,,,

reductionon the partial pressureof oxygen is given by the empirical

expression

here n is an empirical parameterrelatedto the nature of the rate-controlling

step in the interfacialreaction. An n value between±I/4 is indicativeof a

rate-limitingstep controlledby charge transfer,as shown by Wang and Nowick

[14], where n=-i/4 when most of the reaction sites contain atomic oxygen and

n=+i/4 when most of the reaction sites are empty. These limits are in good

agreementwith experimentalvaluesdetermined for the Lao.9oSro.loMnO3_x/8YSZ

interface. As summarizedby Takeda et al. [15] , an n=I/2 dependence implies

a rate limitationby the dissociativeadsorptionof oxygen,while an n=1

dependence impliesrate control by the adsorptionof molecularoxygen.

For the Lao.gSro.IMnO3/8YSZinterface,the oxygen reductionreaction rate

(proportionalto RpI) appearedto depend upon changes in temperatureand p(02)

in a manner similar to reactionrates determinedfor a solid platinum

disc/SYSZ interface[11]. For the solid platinum electrodeat 1174K, the

P(02) dependenceof Rp-Iwas characterizedby an n index equal to 0.29. This

value indicatesreaction rates limitedby charge transfer,where most of the

surfacesites along the tpb are uniccupied [14]. Furthermore,the dc

polarizationcharacteristicsfor the oxygen reductionreaction in air were

similar in shape for both electrodematerials.

EffectiveReaction Lenqths. The specificERL values, determined for the

original cell configurationwith both electrolyteand electrode surfaces

roughened, increasedsteadilyfrom 0.8 to 1.0 cm/cm2 as temperatureincreased

from 700 to 900°C. For the remountedcell configuration,where the zirconia

electrolytesurfacewas smooth oppositethe roughenedelectrode surface, the

specificERL values ranged from 0.4 to 0.6 cm/cm2 as the temperature

increased. Thus, a reductionof the specificERL by about a factor of two is

observed for the cell configurationwith a smooth surfaceopposite a rough

surfacewhen compared to a cell configurationwith both surfaces roughened.
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This design change was introducedto establish a referencefor

comparisonto planned experimentsusing cells with porous electrodes sintered

onto smooth electrolytediscs. The approximatefactor of two in ERL values

for the two UIC designs is believedto be due to a greater number of multiple

contact points for mating rough surfacescompared with mating rough and smooth

surfaces. Furthermeasurementsusing differentcross'sectionalareas for the

electrode are planned to confirm this interpretation.

Recently,Mizusaki et al. [16] estimatedthe length of tpb and the areas

of actual contactfor a porous ('35 to 40%) Lao.BCao.aMnO3/YSZinterfacefrom

SEM images. They found that both the tpb and contact area depended upon

powder preparationproceduresand sinteringtemperature,with both quantities

generally increasingfrom i000 to 1200°C. For the pcrous electrodes fired at

1200°C,the tpb was about 104cm/cm2 and the contact area was about 0.5 cm2/cm2.

The contact area coveragevalue agreed with the estimated35 to 40% porosity

value. Hence, the contact area and the tpb (or ERL) are reduced by a factor

of 10.4to 10.3 for the UIC design when compared to a normally sintered porous

electrode-electrolyteinterface. Accordingly,the polarizationresistance for

the UIC interfaceis a factor of 10_ to 104 greater (a few k.qcompared to a

few ohms) than for a sintered porous electrode-electrolyteinterface,and is

much more sensitiveto electrochemicalmodification. Presumably,Rp also will

be more sensitiveto compositionadjustmentsfor the UIC design, although this

assumptionhas not been tested yet. Finally,the UIC design allows one to

estimate the ERL (the size of the reaction zone) from impedancemeasurements.

This quantity,which depends upon composition,also is subject to

electrochemicalmodification. In contrast,for a normally sintered porous

electrode-electrolytecell, RB, determinedby impedancespectroscopy,is just

the bulk resistanceof the electrolyte. In the latter case, RBwould include
a contributionfrom any insulatingreaction layers that may form at the

interface. However, bulk RB values would be insensitiveto changes in the
effectivereaction zone size.

ElectrocatalyticPerformanceof the Lao.TS_Zro.3Mn___QJ8YSZInterface

The principalconclusiondrawn from these measurementsand earlier

studies [11, 12] is that the x=O.3 compositionis more electrocatalytically

active than the x=O.1 compositionand, therefore,potentiallywould be a

better air electrodematerial in a SOFC. Initialspecific ERL values for the
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x:O.3 electrodeappearedto be slightlylarger than for the x:O.1 electrode.

A more significantobservationfor the x:O.3 compositionwas the sensitivity

of both the specific ERL values and the oxygen reductionreaction rates to

electrochemicalmodificationinducedby p(02) or changes in appliedpotential.

The reaction zone thus was subjectto modificationand apparentlywas extended

beyond the physical triple-phaseboundary. Preliminarymeasurementsindicate

factors of two'and ten achievablefor changes in ERL and Rpi, respectively,
for x=O.3 electrodematerial. This sensitivity,presumably,comes about

through a surfacereductionmodel as describedby Equation (I).

,, An increasein reaction kineticsof the x=O.3 material probably is due

to an increasedconcentrationof the electrocatalyticallyactive speciesVo

and h in an extended reaction zone. These observationsare consistentwith a

mechanismproposed by Hammoucheet al [17] that for a relativelysmall

cathodic overpotential(:100mVfor x=O.3),the surface of the air electrode

material is partiallyreduced via the reaction:

2Mn'Mn + Oo(LSM) + V_'(Z8Y)"2MI2Mn + V_'(LSM) + Oo(8YSZ) + 2h" (B)

In this reaction, a Mn4+ ion acquires an electron to become an

additional Mn_+ ion on the surface of the LSMmaterial. The surface Mn3+ ions

are reaction sites whereby an oxygen gas molecule can be adsorbed, acquire two

electrons, and dissociate. The dissociated oxygen atom is incorporated into

the LSM lattice as a surface oxygen vacancy (Vo). Each time a surface Mn3+

ion loses an electron to an oxygen atom and becomes a Mn4+ ion, it must

reacquire an electron from a bulk Mn3+ ion to repeat the process, thus serving

as the reaction site to provide all the electrons necessary to reduce the

oxygen gas atoms to bulk oxygen ions. Then the oxygen ion can diffuse through

the bulk LSMto the electrolyte interface where it then simply transfers

across the interface and conducts through the electrolyte by a vacancy

mechanism. Improved'kinetics andcurrent generation are induced by having the

Mn3+ andproper mix of surface and bulk concentrationsof oxygen vacancies, ,

Mn4+ ions in the LSM electrodematerial.

Furthermeasurementsto examine the temperatureand P(02) dependenceof

RB and RpI are in progress using the UIC design with the x=0.3 electrode

material. Hopefully,these measurementswill support initialobservations.
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Recently,Hammouche,et al. [18], using DC sweep voltammetryand precise

thermogravimetricmeasurements,reportedon_the electrocatalyticbehavior of a

series of LaI.xSrxMnOJ8YSZcells. The working electrodewas a single "pin-

shaped" sample of the perovskitecompositionunder investigation. They

ascribedthe electrocatalyticpropertiesof La1_xSrxMnO3 for oxygen reduction

to the generation of oxide vacancies insidethe material,which results in

broadeningof the electrodereactionzone. However, no measurements

indicatingthe actual size of the reactionzone itself were reported in that

study. Their conclusionwas that the electrocatalyticprocess varies

significantlywith the Sr doping level. At the higher doping levels, the

electrodematerialwas more electrocatalyticallyactive. This is in line with

our conclusion reachedusing the UIC design and ac impedanceanalysis of

La1_xSrxMnO3 with x --0.1 and 0.3.

Preparationof NanoparticlesUsing Microemulsions

Nickel sulfideand cobalt sulfideparticleshave been successfully

prepared using microemulsionsbased on toluene and C12E4 and AOT surfactants

The principalapplicationof these nanoparticlesis as catalystsfor the

dehydrosulphurizationand hydrogenationof asphaltenes,an importantcomponent

of liquifiedcoals. One of the remarkablefeaturesof these nanoparticlesis

their long-term stability(more than 3 weeks). Their stabilitycrucially

depends on the location of the microemulsionin the ternary phase diagram.

The water/organicmicroemulsionphase boundary is highly susceptibleto the

type and the concentrationof metal ions used. Preparationof water/organic

microemulsionsof asphaltenesolubilizedin toluenehave also been initiated.

Catalyticnanoparticlesstabilized in microemulsionswill be potentially

useful in the developmentof efficientand easily transportableactive

catalysts for dehydrosulphurizationand hydrogenationof liquids derived from

coal, and catalysis in general. If these microemulsionsare thermodynamically

stable,then it opens new avenuesfor the studiesof nucleation phenomena in

restrictedgeometries. Experimentalmethods developed as a part of this

researchwill additionallybe useful in the applicationof sols.



149

Stabilityand Structureof Nanoparticles

Nickel sulfide nanoparticlesprepared in a microemulsion

(CnEm/water/hexadecane)displayedtwo distinct size distributions,peaked at
i

2 to 4 nm and 50 to 60 nm, as determined using transmissionelectron

microscopy (TEM). Nanoparticlesin the latter size range may be an artifact

associatedwith TEM sample preparationtechniques. The process involves a

slow evaporatiQnof the hydrocarbonsolvent,which may induce an aggregation

of micelles. The metal sulfideparticleswithin a 50-nm domain are only

0.8 to 1.0 nm in diameter, consistentwith this interpretation. The largest

fraction of the particlesis, however,2 to 4 nm in size, correspondingto

inversemicelles containingnickel sulfide. Preliminarydiffractiondata do

show lattice spacings in accordancewith the nickel sulfidecrystal structure.

In the next phase of this research,evolutionof the bimodal size

distributionwith time will be investigated. These kinetic studiesare

crucial because, at this stage, it is not known whether the 50 nm diameter

particlesare artifactsof the sample preparationtechnique,or there exists a

(meta)stableequilibriumbetweenthese two distinct size distributions.

A complementaryx-ray scatteringtechniquewill be used to explore the

changes in width associatedwith nickel sulphide latticespacings (0.295 nm). ,i/

The width of the x-ray diffractionpeak dependson the size of the particle.

Hence, the evolutionof the diffractionpeak profile can be monitoredto study

aggregationprocesses,if any. This study will provide an independentcheck

on the TEM analysis.

During the course of this study, a major influenceof the surfactant

compositionon the stabilityof nanoparticleswas discovered. Fnr example,

nickel sulfideprepared in AOT/toluene/water-basedmicroemulsionsprecipitated

within a week. Nevertheless,an additionof C12E4 surfactant in this

microemulsionappearedto enhancethe stabilitydramatically. Therefore, the

phase diagrams and the micellar structuresin this mixed surfactant system

requires further exploration. Such studies are importantfor the preparation

of asphaltenemicroemulsions,which are describedbelow.

Asphaltene Microemulsions

Asphaltenesare a class of compoundsderived from coal liquidsand heavy

crude oil residues that exhibit preferentialsolubilizationin aromatic

solventssuch as benzene, toluene,and xylenes.
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Preliminarystudies of toluene solutionsof asphalteneswere conducted

using a range of anionic and nonionic surfactants. Wa,ter in oil

microemulsionscan be preparedat very low water concentrations(less than 5

percent). At higher water concentrations,asphalteneswill precipitate.

Thus, it appearsthat the coprecipitationof catalyticallyactiv=,mixtures of

metal sulfides and asphaltenesis feasible. The precipitatemay then be used

in dehydrosulphurizationand hydrogenationprocesses.

A systematic study of asphaltenemicroemulsions,is planned. One aspect

of this study will involve structuralcharacterizationof asphaltene

microemulsionsas a functionof water concentrationusing small angle x-ray

scattering(SAXS). Secondly,the chemical nature of asphaltenesdepends on

the geologic origin of the feed stock. Therefore,phase diagrams of

asphaltenesfrom Syrian, Arabian (Unocal)and U. S. (Kerr McGee Corp.) crude

oil sourceswill be constructed. X-ray powder diffractionpatterns and TEM

micrographsof the precipitatedasphaltenesas a functionof catalyst

concentration will be analyzed. These studieswill help to characterizethe

microheterogeneityand the catalystdistributionin the asphaltenematrix.

Organic Thin Films and OrganizedAssembliesas Templates
for the ControlledNucleationof InorganicParticles

Organic interfacesof controlledchemical and physical propertieshave

been proposed as appropriatemodel surfacesto control the heterogeneous

nucleationof crystalline,inorganicparticlessuitablefor use as catalysts.

Self-assembledmonolayerson solid substratesand Langmuir-Blodgett(L-B)

films are being used as tailored interfacesto produce microenvironments

suitable for nucleationevents at surfaces.

MineralizationSchemes

Three approachesto creating organized,monomolecular,organic thin

films as surfaces for heterogeneousnucleationhave been explored. First, L-B

multilayersof fatty acids and acidic phospholipidswere formed by the

transferof ordered amphiphilicmonolayers from the air-water interface. The

necessityof maintainingan organizedpolar interfacelimited the durability,

reliability,and handleabilityof these substratesin ambient environments.

Collapse and structuraldisintegrationof the tra,ditional L-B films were

r



151

observed when exposedto ambientconditions. Therefore, supportedmonolayers,

bilayers,and multilayerswere produced on either hydrophobicor hydrophilic

substratesusing polymerizableamphiphiles(fatty acids and phospholipids).

These polar interfacialmaterialscould be either polymerizedbefore or after

transfer from the air-waster interfaceto the substrate simply by exposure to

heat (<60°C)or ultravioletlight. Variousmodificationsand studi_ of the

propertiesof polymerizableL-B films on supports are being pursued.

Ellipsometry,contact angle analysis,and x-ray photoelectronspectroscopy

(XPS) are being appliedto evaluate the propertiesof thin organic films

produced by these techniques.

A secondmethod for producingorganizedorganic films is based on a

techniqueusing cast dispersionsof lipid vesicles that produceorganized

multilayersof amphiphilesboth before and after desiccation. Polymerizable

and natural amphiphileswere used to create dry multilayer films on glass,

Teflon, and other solid substrates. When cast togetherwith soluble inorganic

salts, these films were transformedinto multilayer,mineralizedprecursors

with the metal cations suspendedwithin the aqueous intersticesbetweeneach

lamellae,associatedcloselywith the acidic lipid polar regions. Gaseous

reagentswere perfused slowly into these films at controlled stoichiometry,

creating the mineralizedphase of interestwithin the organic layered

structure.

This strategyhas also been modified using solublepoly(ethyleneoxide)

tugetherwith inorganicsalts in the aqueousdispersion. Poly (ethylene

oxide) forms a helicalstructurein both solution and solid states,mimicking

crown ethers in their abilityto coordinatemetal ions. This combination,

when cast and dried as a film, is expected to create alternateorganic layers

containinghigh densitiesof inorganicsalt, coordinatedwithin the

crystallinepolymer. Coordinationof the metal precursor creates a consistent

microenvironmentthat chelates the metal cation, producingmonocrystalline,

inorganicmaterialwhen gaseous reagentsare diffused into the hybridized

network.

A third method to produce inorganiccrystallineparticlesvia

heterogeneousnucleationon organic interfacesutilizes aqueousdispersionsof

acidic amphiphilesthat form lamellaror liquid crystallinelyotropicphases.

Phase diagrams for many acidic amphiphilesin water are known. Negatively

charged phospholipidsand fatty acids have been utilized,for which the phase



152

diagrams demonstratethe existenceof prominentlamellar phases across a wide

range of concentrations. Amphiphi'lesdispersed in aqueous solutionsof

mineral salt precursorsand/or poly(ethyleneoxide) are prepared in quartz x-

ray capillarytubes at known concentrations. Hydrated,lamellar phases are

confirmedby low-anglex-ray analysis and then exposed to gaseous reagentsto

yield the crystallineinorganicphase desired. The lamellar nature of the

lyotropicphase created alternatelamellae of hydrophobic(alkyl) and

hydrophilic(polar,aqueous)regions for particlegeneration. This organic

superstructureis expectedto act as a layered, aqueous template to coordinate

metal ions and to chelatethem for crystallizationinto nanoparticlesin

reactionswith the gaseous reagentsof choice.

To date, cadmiumchloride and hydrogensulfidehave been used as the

solublemetal salt and gaseous reactive crystallinereagent, respectively.

Crystallinecadmium sulfideparticleshave been produced using L-B films of

cadmium-complexedfatty acids and water-cast vesicledispersion film

precursors,both with and without poly(ethyleneoxide). These particleshave

been characterizedby electrondiffractiontechniquesand the crystalline

phases determined. Dark field and bright field electron microscopy techniques

are being used to assess relative effectivenessof each techniqueto produce

homogeneousand high yields of crystallinephases.

ElectrochemicalPromotionStudies

Dramatic changes in the catalyticactivity and product compositionhave

been observed by Vayenas [19], who used one electrodeof a fuel cell as a

catalyst surface for gas phase reactions. In the conventionaloperationof a

solid oxide fuel cell, platinumelectrodes,depositedonto opposing surfaces

of a material such as stabilizedzirconia,are exposed to oxygen gas on one

side and to fuel on the other. Oxide ions are transportedfrom the oxygen

side to the fuel side during galvanic operation. In the experimentsreported

by Vayenas et al., a mixture of oxygen and fuel (e. g., methane, ethane,

ethylene,methanol,or carbonmonoxide)was deliveredto the fuel side and the

potentialor current throughthe cell was externallycontrolled. The

significantobservationwas that the rate of the reactioncould be increased

by a factor of up to 55 by pumpingoxide ions at a very low rate from the pure

oxygen side to the reaction side. The ratio of increaseof reaction rate to
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pumping rate was reported to be as high as 3xi05. Further, the product

composition,or catalyst selectivity,was also a functionof the controlled

pumping current. Solid state proton conductorshave also been used in similar

experimentsby Demidov [20] and by Stoukides [21].

Vayenas [19] hypothesizedthat this electrochemicalpromotioneffect,

which he termed "non-faradaicelectrochemicalmodificationof catalytic

activity (NEMCA),'was due to a decrease in work functionof the metal

catalystthat resulted from the increasedactivity of electronsat the triple-

phase boundary of the zirconia electrolyte,platinum electrode,and gas

reactantmixture. The change in work function caused a change in

chemisorptivebond strength of reactantsand/or intermediates. Although this

hypothesis,which focuses on changes in work function,has merit and is also

in conformitywith current thinkingof catalyticpromoters,the report by

Vayenas that reversal of the currentapplied to the cell also produce'sa NEMCA

effect casts some doubt on the role of catalystwork function. Clearly, the

work function increaseswhen the current is reversedand, correspondingly,the

chemisorptivebond strength changes in a directionrelated to the type of

bond. Therefore,there is a need to confirm and furtherexamine these

exciting and promising results.

ExperimentalApproach and Results

From a thorough review of the literatureon electrochemicalpromotionof

gas phase reactions, it was concludedthat the experimentalinformationmost

needed would be an examinationof catalyst surfaces using scanning electron

microscopy and scanning tunnelingmicroscopy and spectroscopyin various

forms. Further,the triple-phaseboundarymust be subject to examinationby

using thin, evaporatedplatinumfilms rather than the rather crude deposits

obtainedby thermaldecompositionof commercial pastes or paints. These

requirementsdictate that the cell be of a totally differentdesign than

previouslyso that the coated zirconiacan be easily removed and replaced.

To this end, a cell was designed and constructedthat utilized 13-mm- •

diameterdisks of zirconia positionedbetween the ends of precision-ground

quartz tubes and held in place with a sleeve of precision-borequartz tubing.

Electricalcontact to the electrodesis through platinum foil pressed against

the edges of the tubing. This assembly is then insertedinto a tube furnace.

Surfacesof the zirconia have been examined by optical and electron
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microscopy. A polishingprocedurehas been developedto reduce the density of

voids and surface imperfections. These disks can be used for either thermal

decompositionof platinum paint or evaporation.

For the depositionof platinum (and other metal catalysts),a small

electron beam evaporatorwas assembled. Using this techniqueprovides easily

controlled catalystthicknessesand also ensures high purity of the deposit.

Since it is desiredto examine catalyticpromotion as a function of metal

thickness and of annealingtreatment,a metal grid on the zirconia surface is

necessary to providegood electricalcontact. This was accomplishedwith

conventionalphotolithographyand a mask with a grid size of about 50 _m.

Platinumwas first deposited to a thicknessof 1-3 _m with the mask in place.

Then, the mask was removed and the catalyticlayer was deposited. A blank

experimentwas used to determinethe catalyticactivity of the grid, which is

generally very small. Agglomerationof platinum films on z.irconiasubstrates

was recentlyexamined by Maskell, et al. [22]. These results are followed as

a guide to determineappropriateannealingtemperaturesand times; the actual

state of dispersionof the catalystwas, however,directly observedwith the

SEM. While this procedurefor preparationof the catalytic electrodes is

under development,platinum prepared from a commercial paint is being used to

confirm the observationsof Vayenas [19].

A gas delivery system was constructedso that known volumes of fuel and

oxygen can be delivered into the cell at controlledrates. The outlet of the

cell was connectedto a gas chromatographvia a three-wayvalve and sample

loop. The gas chromatographcolumns found to be effective are molecular sieve

13A and PoropakQS. Thermal conductivitydetectors are used, with a

sensitivityof approximately100 ppm for the gases of interest. A locally

designed and constructedpotentiostat/galvanostatcompletesthe experimental

set-up.
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SNL-1.-CERAMIC CATALYST MATERIALS: HYDROUS METAL OXIDE
ION-EXCHANGE SUPPORTS FOR DIRECT COAL LIQUEFACTION

' C.H.F. Peden

Interfacial Chemistry, Division 1841
Sandia National Laboratories
Albuquerque, NM 87185-5800

ABSTRACT

This semiannual report describes studies aimed at developing and optimizing the
use of a unique catalyst support material, the hydrous titanium oxide ion-exchangers. In
part, we seek to understand how the activity of a catalyst is related to the concentration
and dispersion of active metals on the catalyst supports. Such information is critical to
designing materials having optimum catalytic properties. We have developed
synthetic techniques for .controlling both the concentration and dispersion of nickel,
molybdenum and rhodium on hydrous sodium titanate catalyst supports. The techniques
were based on and required an understanding of the solution chemistly of both the
support material and dissolved metal species. In addition, studies of the local molecular
structure by Raman, XANES and solid-state 170 NMR spectroscopies are being pursued

' because of the Importance of the local structure in determining the ion-exchange
" properties of these materials. These were also critical to the development of

appropriate catalyst preparation procedures. That these studies have impacted the
development effort is demonstrated by the improved catalytic performance of more
recently prepared materials. Currently, we have begun to explore alternate synthesis
procedures for the preparation of the hydrous titanates. Recent work in this area will
be described in forthcoming semiannual reports. Finally, we have also initiated studies
of structure/activity relationships in the final catalyst materials in order to provide
further guidance to the synthesis effort as to the most desirable physical properties.
Some of this work is detailed here.

INTRODUCTION

Coal is our most abundant fossil fuel energy source. However, it requires extensive

chemical treatment and processing to convert it from a hydrogen-poor "dirty" solid to a "clean"

premium liquid fuel such as gasoline. One of the missions of the Department of Energy's AR&TD

research is to permit expanded use of coal-based systems by providing a focus for the exploration

of ideas pertaining to coal science, conversion and utilization. This project seeks to accomplish

that mission by exploring the synthesis and evaluation of new ceramic catalytic materials for

efficient, direct conversion of coal to clean liquid fuels. Because the recoverable U.S. supplies of

coal are 50 to 100 times that of crude oil, development of new catalysts for efficient conversion of

coal to environmentally acceptable liquid fuels would have an enormous impact on extending our

usable energy reserves.



As an AR&TD project, the focus of this program is to conduct research and development on

catalytic materials for fossil energy applications. In this way, we are obtaining a better

understanding of these materials that will impact the long-term, generic needs of various fossil

fuel technologies. However, sufficient testing of the hydrous metal oxide ion-exchange catalysts

with coal and coal-derived feeds has been accomplished to demonstrate that they show great

promise for end-use process applications. 1

The specific materials under study in this AR&TD project are from a group of hydrous

oxide ion-exchange compounds of Ti, Zr, Nb, and Ta developed at Sandia National Laboratories.

Th_. : compounds have been used to prepare catalysts by a novel synthesis route involving the

incorporation of active metals by ion exchange. 2 Hydrous oxide ion-exchange compounds were

originally developed at Sandia for use in the decontamination of aqueous nuclear waste and as

precursors for ceramic materials. 3 The use of these compounds as ceramic catalyst supports arises

from the unique properties which these systems exhibit: 1)any metal or mixture of metals can be

incorporated into the materials over a wide concentration range by a simple process; 2) the

materials have high surface area; 3) they exhibit good chemical stability; 4)solution chemistry

or more conventional high temperature reactions can be used to provide control of the active metal

oxidation state; 5) acidity and basicity of the substrate can be modified by ion exchange; and 6)

the catalysts can be prepared on transition metal-oxide supports (TJ, Nb, and Ta) known to

undergo a so-called "strong metal support interaction" (SMSI).

The hydrous metal oxides investigated in this study belong to a group of inorganic ion-

exchange compounds that can be represented by the empirical formula M(M'xOyHz)n, where M is

an exchangable cation and M' is Ti, Nb, Zr, or Ta. When added to a solution of aqueous metal

cations, these powdered materials will react to form amorphous precipitates containing the

dissolved metal which has replaced the exchangable cation, M. Catalytic activity has been

measured at Sandia for materials synthesized in this manner.I, 4 For example, catalysts

prepared using the hydrous titania (HTO) ion exchangers are equally effective for conversion of

coal to low molecular weight products as a commercial Ni-Mo/alumina catalyst containing 15%

by weight active metals even at low (1%) active metal loadings. 1

One possible reason for the improved performance of the catalysts prepared from the

hydrous titanate materials .may be that active metals are dispersed more completely via the ion-

exchange process than when loaded by traditional incipient wetness techniques. As such, these

materials offer a method to prepare greatly improved heterogeneous catalysts for many

applications, provided we understand the important variables in the synthesis.

Our goal is to develop a fundamental understanding of the preparation and properties of

these unique materials. Specifically, we have been investigating the following areas:
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1)molecular and extended macroscopic structure of the hydrous titanate and how this

relates to its other material properties;

2) determination of how the synthesis of the HTO powders affects its structure, and

correspondingly its material properties;

3) mechanism of incorporation of catalytic metals;

4) catalytic and reactivity studies of the metal-loaded catalysts; and

5) development of structure/activity relationships for catalytic liquefaction reactions in

order to determine the nature of optimum materials.

After developing this basic understanding, we envision being able to tailor catalyst

properties for specific applications, as well as providing a foundation for further catalyst

development. This report summarizes recent work on this project carried out in the last six

months. Specifically, we describe studies in catagories 4 and 5 from the list above. Further

background information, previous results, and experimental details are summarized in previous

semiannual reports. 4

DISCUSSION OF CURRENT ACTWITIES

Results and Discussion

Preparation, Characterization and Reactivity Studies of Ni-Mo/HTO Catalysts
I

Our studies of the ion-exchange properties of the hydrous titanate (HTO) catalyst

support materials, and the solution properties of cationic Ni have been documented in several

previous semiannual reports (e.g., see ref. 4f). These studies have led to the identification of

optimum solution conditions for the loading of Ni onto the HTO supports that takes full

advantage of the unique ion-exchange properties of these materials. The characterization and

reactivity studies on this material have demonstrated the great utility of preparing catalysts on

the HTO supports by ion exchange.

More recently, we have used optimum Ni loading conditions to prepare Ni/HTO

supported catalysts which were subsequently contacted with solutions containing Mo anions. In

this way bimetallic Ni-Mo/HTO supported catalysts have been prepared. In a very recent

semiannual report, 4h we described the preparation (and the rationale for the particular solution

conditions used) and some preliminary characterization of these materials. In addition, we

described some very promising results from the initial catalyst testing of the Ni-Mo/HTO

catalysts in which pyrene hydrogenation was used as a model system to simulate reactions known
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to be important in direct coal liquefaction, lb These catalytic tests were performed under the

auspices of companion studies at Sandia funded by the D.O.E. Fossil Energy AR&TD Coal

Liquefaction Program.

Fig. 1 shows the pseudo-first order rate constant for pyrene hydrogenation at 300 °C for

the most active Ni-Mo/HTO catalyst that we have prepared to date. (The experimental

apparatus and methodology used for the reactivity studies are described elsewhere, lb) Also

contained in the figure for comparison purposes are rates obtained for pyrene hydrogenation on

two commercial catalysts, Shell 324M and Amocat lC,TMand a Ni-Mo/TiO2 catalyst. The data

point for each catalyst in Fig. 1 are rates normalized to the amount of active metal, Mo, in each

catalyst. As can be seen in the figure, the reactivity of the hydrous titanate supported catalyst is

almost a factor of 2 higher than the commercial catalysts and a factor of 4 higher than a

material prepared by traditional methods on a commercial TiO2 support.

Ni/Mo CATALYSTS
PYRENE HYDROGENATION ACTIVITY

2.5

II 2
Z

03 1 5
Z '
O

° mIii 1

She11-324 Arnocat-lc NlMo/Titanla NIMo/HTO

CATALYST IDENTIFICATION

Figure 1: A comparison of pyrene hydrogenation activity for a recently
prepared Ni-Mo/HTO supported catalyst. Also shown for comparison are rates
obtained on a Ni-Mo/TiO2 catalyst and two commercial catalysts, Shell 324
and Amocat IC. Rates are normalized to the total amount of Mo in the
catalysts.
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TEM studies have also been carried out on the catalysts. The image shown in the Fig. 2

was obtained of the Ni'Mo/HT0 supported catalyst. The titanate support appears as crystalline

TiO2 particles approximately 10 nm in diameter. The darker lines are the catalytically active

MoS2 crystallites. The figure reveals that most of the MoS2 particles in this very active Ni-

Mo/HT0 supported catalyst are in the form of single layers. In fact, the commercial Shell 324M

catalyst (supported on A1203) is largely composed of multiple layered MOS2. This is strongly

suggestive that the single-layer particles are a more optimum structure. Another important

question concerning these active MoS2 particles is their orientation relative to the oxide-support

surface. Notably, it has been suggested that platelets of MoS2 normal to the surface are more

active than those oriented parallel to the surface due to the relative ease of access to the edges of

the particles which areknown to contain the active sites for catalytic hydrogenation. 5 We have

focussed on the issue of the optimum structure of the active MoS2 particles on an oxide support

material and describe the results of these studies here.

MoS2 sup,ported on oxides such as alumina, and promoted with nickel or cobalt constitutes

an active catalyst for reactions such as hydrogenation, hydrodesulfurization, and methanation. 6
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Recent work 7 shows that the support oxide has a marked effect on the specific activity of the

sulfide catalysts and it has been suggested that these activity differences may be related to the

morphology of the MoS2 crystallites on the surface. MoS2 is synthesized by sulfiding a supported

MoO3 in 10%H2S/H2 at 600K - 900K. It is now accepted that on alumina, after a standard

calcination at 773 Kand independent of the method of preparation, MoO3 forms a 'monolayer'

containing octahedral Mo +6 anchored to the surface with Mo-O-A1 bonds. 8 Evidence for the

dispersed molybdena comes from CO2 chemisorption studies which show a decrease in exposed

alumina, and from lR spectroscopy which shows a drop in the surface hydroxyl concentration

with the addition of Mo to alumina. 8 When the concentration of molybdena exceeds that of a

monolayer (=5 Mo/nm2), three-dimensional crystals of MoO3 are also observed in addition to the

'monolayer' phase. 9

During sulfiding of the MoO3 in 10%H2S/H2 at temperatures in excess of 673 K, the

MoO3 transforms into MoS2 and some of the hydroxyls on the alumina surface reappear. Based on

these results, it was originally proposed that microcrystalline MoS2 sheets are edge-bonded to

the surface of the oxide support. 8 However, Zmierczak, et al.9 have argued that the

crystallization into MoS2 should directly lead to a partial exposure of the alumina surface since

the specific volume of the MoS2 is considerably less than that of the dispersed MOO3. Their

calculations assume that the structure of the MoS2 is very similar to that of bulk MOS2,a

conclusion supported by EXAFS spectroscopy. 8 Hence, an alternate model for the surface MoS2 is

that the the basal planes are located parallel to the oxide surface.

Direct experimental evidence for the morphology of the MoS2 comes from transmission

electron microscopy (TEM), which is particularly effective since the interplanar spacing of the

basal planes of MoS2 (hexagonal, space group P63mm) is large enough (0.613 nm) to be easily

resolved. Thus, if a layer of MoS2 were to lie with its basal plane parallel to the oxide surface, a

dark line would beseen at the edge of the oxide support representing a monolayer of MOS2. A

three-dimensional MoS2 crystallite would appear as an array of dark lines _0.6 nm apart

corresponding to the (002) lattice planes. Indeed, on low surface area titania and zirconia

supports, isolated dark lines suggestive of MoS2 bonded to the oxide could be clearly seen 7 at the

edge of the support when the coverage was below that of a monolayer. At a higher coverage of

MOO3, the dark lines completely covered the oxide surface and multilayers of MoS2 were also

observed. These results would be consistent with the formation of MoS2 with its basal plane

parallel to the oxide surface. On the other hand, on silica and alumina supports, there was no

indication of similar dark lines at the edge of the oxide support. 7 Rather, the dark lines were

always located in the interior of the oxide and it was suggested that the MoS2 sheets were

therefore oriented with their basal planes perpendicular to the oxide support.
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Since the morphology of the MoO3 precursor after calcination on TiO2 and A1203 is very

similar, it is remarkable that after sulfiding, the MoS2 should adopt such different

morphologies. Importantly as alluded to in a previous semiannual report 4h and illustrated in

Fig. 1, MoS2 crystallites on the HTO supports are qualitatively similar to those observed on

alumina-supported catalysts. Thus, it is crucial to resolve this apparent discrepancy in the

literature concerning the morphology of MoS2 on various oxide supports. Pratt et al.7 suggested

that differences in the hydroxyl groups may contribute to the observed morphology of the sulfide.

The IR spectra of hydroxyls on these supports, however, do not reveal significant differences that

may account for the altered morphology. There is, however, one significant difference between

these supports; notably, their surface areas. Commercial TiO2 is generally available as a low

surface area powder (for example Degussa P-25 has 65 m2/g) while _,-alumina and silica used

commercially range in surface area from 100 - 300 m2/g. The amorphous HTO powders show

surface areas in this latter range, la Commercial TiO2 powders have larger primary particle

s!zes (as evident from XRD patterns) and electron micrographs reveal a smoother surface texture

compared to the alumina, silica and HTO materials. The markedly different surface textures of

the low and high surface area supports may constitute an important factor affecting the

morphology of the dispersed MoS2 that has been overlooked by previous investigators.

In order to study the role of surface texture and particle size, we have examined the

morphology of MoS2 on low surface area model alumina and silica powders and compared it with

MoS2 supported on both commercial and HTO materials. These model supports allow us to

separate the role of surface area and morphology from that of oxide surface chemistry. The

objective of the work is to document differences between the morphology of MoS2 supported on

silica, alumina and titania when powders of comparable surface area are used. Experimental

details are provided in a forthcoming publication. 10

Fig. 3 shows a micrograph of the sulfided MoO3/TiO2 sample. The presence of MoS2 on

the surface of titania can be clearly seen in the form of dark lines at the edge of the oxide support.

These dark lines represent single sheets of MoS2 lying fiat on the surface of titania and the image

is similar to that reported by Pratt, et al.7 The concentration of MoO3 in this sample was 3.1

wt%, as determined by ICP-AES (Table 1), which would be below the monolayer capacity of the

titania. This is consistent with the presence only of patches of MoS2 which do not completely

cover the titania surface. Fig. 4 shows the sulfided sample of MoO3/ALON C where the majority

of the MoS2 is seen in the interior of the particles, confirming the observations made by Pratt, et

al.7 However, closer examination does reveal a few areas where dark lines can be seen at the

edge of the support, indicating that the morphology could be similar to that seen on the titania

support.
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Figure 3: Micrographof sulfided MoO3supported on Degussa P-25TiO2. Small
crystals of MoS2 are seen on the titaniasurface as indicated by the arrows.

Table 1

Sample Characterization

Support Surface Area Elemental Analysis! by ICP-AES

m2/_m % Mo %Al %Ti ..... %Si

Alon C, 100 2.6 + 0.1 47.5 + 0.4 - -

A1203
• ., ,, , ,,

Degussa P-25 65 3.13 ± 0.01 - 54.1 ± 0.1 -

TiO2
lH..,

HTO 120 3.35 ± 0.01 - 39.6 + 0.3 -
i i i ii

Model 50 20.0_+0.1 37.3+0.3 - -

alumina
i . ,, ,,,,

Model silica 15 2.1±0.01 - - 46.0+2.0
....
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Figure 4: Micrograph of sulfided MoO3 supported on Degussa ALON C alumina.
Black lines from the basal planes of MoS2 crystals are visible both on the
surface of the alumina and in the interior. The dark lines within the interior

appear to be associated with outgrowth on the alumina surface in a direction
normal to the image plane.

The morphology of the MoS2 seen on commercial titania and alr:mina will now be

compared with that on several model, nonporous oxide samples having primary particles of

controlled morphology. On the sulfided MoO3/model alumina (as shown in Fig. 5), where the

alumina particles started out as faceted single crystals, sheets as well as stacks of MoS2 are seen

on the alumina surface. The presence of stacks of MoS2 is consistent with the higher molybdena

loading on this sample (Table 1). Overall however, the morphology is very similar to that seen

on titania and zirconia in previous work. 7 The nonporous nature of the model alumina provides

unambiguous determination of the orientation of MoS2 and shows clearly that the basal plane is

parallel to the surface of the oxide. A similar morphology was also seen on the model silica
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Figure 5: Sulfided MoO3 supported on nonporous model alumina. The higher
loading of Mo and the low surface area leads to the formation of large MoS2
crystals imaged as dark lines at the surface of the oxide.

sample as shown in Fig. 6. On silica, small patches of MoS2 coexist with three-dimensional

islands of MOS2. The high magnification view in Fig. 6_ shows that the small patches of MoS2

indicated by arrows are always located with their basal plane parallel to the oxide support.

However, the large three dimensional island of MoO3 has transformed into MoS2 crystallites

containing crystal planes randomly oriented with respect to the oxide support. If such a patch of

MoS2 were to be observed in a direction normal to the oxide surface, only the MoS2 planes normal

to the surface would be visible (since the others would not generate any contrast) and hence it

would appear as if the MoS2 sheets were standing up normal to the oxide surface. Fig. 6b shows

that the MoS2 multilayers also cause necking of the silica spheres.

The results of this study show clearly that MoS2 particles in the sulfided and air-

exposed samples always occur with their basal planes parallel to the oxide surface. We have

found no evidence for MoS2 'bookends' where the basal planes are stacked up perpendicular to the

oxide surface on any oi the supports used in this study. Thus, in contrast to observations reported

previously, 7 we fir_cino difference between the behavior of TiO2, SiO2 and A1203 when used as a

support for MOS2. By implication, there is no reason to expect that the morphology of MoS2

would be different on the HTO supports either. The 'bookend' morphology of MoS2 deduced by

previous workers 7 was based on the absence of a dark line at the edge of the support particles. It
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Figure 6: Sulfided MoO3 supported on nonporous model silica: (a) a high
magnification view showing small segments of dark lines corresponding to MoS2
crystals (arrowed) and a large crystal of MoO3 (marked A) whicl_ has also
transformed into MOS2;and (b) a low magnification view showing the necking

of the silica spheres caused by the presence of MOS2.

is important to recognize that the electron micrograph represents a projection of the three-

dimensional sample along the beam direction. Thus, dark lines originating from the MoS2 would

typically be seen only when an MoS2 sheet of sufficient size is oriented along the beam direction.

If the primary oxide particles occur as thin plate-like or wedge-shaped crystals that lie fiat on

the carbon supporting film on the TEM grid, any MoS2 at the edge would not be readily imaged.

However, dark lines seen within the oxide support may well arise from a part of the oxide

surface that is located parallel to the beam direction. The probability of detecting the MoS2 on

the surface would be enhanced considerably on a nonporous oxide particle and it is precisely from
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such low surface area supports that the basal plane-bonded morphology of MoS2 has been

deduced.

In conclusion, we feel that the observed 'bookend' morphology on high surface area

supports is an artifact of the electron microscopic examination of these materials since the images

always represent a projected view of a three dimensional sample, lt is evident that the surface

"texture of the support could play a major role in determining the morphology of the MOS2.

Supports such as alumina and the HTO's, that have microscopically rough surface textures,

would tend to'favor formation of numerous small crystals of MoS2 while a low surface area

sup.port such as a commercial TiO2, having a 'smooth' surface and fewer nucleation sites, would

favor formation of fewer MoS2 islands of larger size. Thus, on TiO2 one: vould expect increasing

Mo loading to lead to an increase in the size of MoS2 islands and a corresponding lowering of the

number of edge/basal plane sites. The data of Pratt, et al.7 does indeed show a marked fall off in

specific activity for thiophene HDS on Mo/TiO2 with increasing Mo loading, but not on

Mo/alumina. These results suggest that the surface texture of the oxide support may be an

important factor affecting the morphology and, indirectly the reactivity, of the dispersed phase

in a heterogeneous catalyst.

ACKNOWLEDGMENTS

Sandia National Laboratories is supported by the U. S. Dept. of Energy under contract

No. DE-ACO4-76DP00789. The author would especially like to thank Professor A. K. Datye and

S. Srinivasan for collaboration on the TEM studies of MoS2 on model oxide supports. In addition,

coworkers at Sandia are acknowledged for participation in this work; notably, T. J. Headley for'

the TEM micrographs and E. P. Boespflug for the reactivity data obtained of the Ni-MoHTO

catalyst.



169

REFERENCES

1. (a) R. G. Dosch, H. P. Stephens, F. V. Stohl, B. C. Bunker and C. H. F. Peden, "Hydrous
Metal Oxide-Supported Catalysts: Part I. Preparation Chemistry and Physical and
Chemical Properties," Sandia Report (SAND89-2399). (b) R. G. Dosch, H. P. Stephens
and F. V. Stohl, "Hydrous Metal Oxide-Supported Catalysts: Part II. Catalytic
Properties and Applications," Sandia Report (SAND89,2400).

2. H.P. Stephens, R. G. Dosch and F. V. Stohl, "Catalysis Using Hydrous Metal Oxide Ion
Exchangers," U. S. Patent #4,511,455; April 16, 1985.

3. R.G. Dosch, T. J. Headley and P. Hlava, "Crystalline Titanate Ceramic Nuclear Waste
Forms: Processing and Microstructure," J. Am. Ceram. Soc. 67 (1984) 354.

4. (a) B. C. Bunker, C. H. F. Peden and S. L. Martinez, "Ceramic Catalyst Materials:
Hydrous Metal Oxide Ion-Exchange Supports for Direct Coal Liquefaction," AR&TD
Materials Semiannual Report, March - September, 1987; ORNL/FMP-87/2, p. 213. (b) C.
H. F. Peden, B. C. Bunker and S. L. Martinez, ibid., October, 1987 - March, 1988;
ORNL/FMP-88/1, p. 171. (c) C. H. F. Peden, B. C. Bunker and S. L. Martinez, ibid., April
- September, 1988;ORNL/FMP-88/2, p. 207. (d) B.C. Bunker, C. H. F. Peden and S. L.
Martinez, ibid., October, 1988 - March, 1989; ORNL/FMP-89/1, p. 183. (e) C. H. F. Peden,
B. C. Bunker and S. L. Martinez, ibid., April - September, 1989; ORNL/FMP-89/2, p. 179.
(f) C. H. F. Peden, B. C. Bunker, S. L. Martinez and D. H. Doughty, ibid., October, 1989 -
March, 1990; ORNL/FMP-90/1, p. 171. (g) C. H. F. Peden, F. D. Hardcastle and K. B.
Kidd, ibid., April - September, 1990; ORNL/FMP-90/2, p. 143. (h) C. H. F. Peden, ibid.,
October, 1990 - March, 1991; ORNL/FMP-91/1, p. 107.

5. R.R. Chianelli, "Fundamental Studies of Transition Metal Sulfide Hydrodesulfurization
Catalysts," Catal. Rev.-Sci. Eng. 26 (1984)361.

6. B.C. Gates, J. R. Katzer and G. C. A. Schuit, "Chemistry of Catalytic Processes", McGraw
Hill, 1979.

7. K.C. Pratt, J. V. Sanders and V. Christov, "Morphology and Activity of MoS2 on Various
Supports: Genesis of the Active Phase," J. Catal. 124, 416 (1990).

8. W.K. Hall, "Catalysis by Molybdena-Alumina and Related Oxide Systems," in
Chemistry and Physics of Solid Surfaces VI", R. Vanselow and R. Howe, Eds., Springer-
Verlag, 1986, p. 73.

9. W. Zmierczak, Q. Qader, and F. E. Massoth, "Studies on Molybdena-Alumina Catalysts:
XII. MoS2 Surface Coverage from CO2 Adsorption," J. Catal.106, 65 (1987).

10. S. Srinivasan, A. K_Datye and C. H. F. Peden, "The Morphology of Oxide-Supported
MOS2,"J. Catal. submitted for publication.



171
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ABSTRACT

This report on properties and performance of ceramic composite components includes work pcr-

formed during tile period April 1, 1991 through September 30, 1991. The emphasis of this report

is performance simulation of high temperature ceramic matrix composites.

INTRODUCTION

The anticipated use of ceramic composites in high temperature structural applications requires the

technical community to make the transition from properties of materials to the performance of

engineering components. Making this transition requires comprehensive characterization and

understanding (i.e., philosophy and rigorous modeling) of long-term behavior. For example, in-

formation from quasi-static tests, modulus of rupture tests, and fracture toughness tests is not suf-

ficient to design a complex component such as a heat exchanger tube fabricated from anisotropic,

fiber-reinforced materials which may experience multiaxial stresses and elevated temperatures. 'I'he

present research effort provides an experimental and analytical basis ['or the transition from prop-

erties to performance. In general, the program is a pioneering effort to make a first step beyond the

limited characterizalion of small samples and coupons to the comprehensive mechanical charac-

terization of complex engineering components such as ceramic composite tubes subjected to static

and cyclic multiaxial loading and elevated temperature over varimls time periods.
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OBJECTIVES ANl) AI'I'ROA(_II

The central objective of the present program is to develop an understanding of the mechanical be-

havior of advanced ceramic composites subjected to elevated temperature and dynamic (cyclic)

loading, to develop a test system eaadtest methods to obtain the properties and performance infor-

mation required to design engineering components made from ceramic composite materials, and to

provide critical and comprehensive evaluations of such matefialsto material synthes_ers and devel-

opers to support and enhance progress in ceramic composite material development, Specific ob-

jectives are given in Ref, 1.

The approach to lhc program is designed to meet the objectives of the program through a series

of four coordinated and complimentary tasks outlined in Table 1. Specific details of each task are

given in Ref, 1,

Table I. Program Plan.

Task 1 2 , . _ 3 J[ 4: :: ,, . _ ,, , , i ,,,.. , := ,,, , ,,, 1 , , ""''

Construction o_ Purchase of Test Construction of Construction of Testing and

Test Device Frame; Design of Room Temperature High Refinement

Test Chamber and Device; Design of Temperature

Grips High Temperature Device

...... Equipment ,. _........... ,,.

Quasl-static Room Unla×ial Tension Monotonic Damage Analysis

Temperature Tests Tensile Tests;

Characterization ........ Damage Analysis ..........• ....

Cyclic Room Uniaxial Tension-

Temperature Tension; Damage Tension; Da._-:

Characterization ..... Analysis Analysis

High Temperature Preliminary Uniaxial Cy,.:.::_c
Characterization Tests; Quasi- Damage Anal?._:.'_

static* Multiaxial

..... CY clic T,?st,- '

Modeling Literature Review Identification of Nondestructive Formulations
Failure Modes Identification and Predictions

of Damage Modes........,

Planning of Quasl-static Unla×ial Cyclic High Verification

Investigations Uniaxial Test Test Series Temperature Series; Future
series Test Series t._ork_*

lllm_-- iiii _ -- _--_"'" "

* All high temperature tests and multiaxial tests have been postponed because Sic/SiC

specimens are not available.

** Future work will include multiaxial, high temperature tests if the proqtam is continued

into Phase II.



173

I)ISCI.JSSIONS OF I'RI;,VIOUS W()RK

Tasks 1 and 2 and portions of Tasks 3 and 4 have been completed as of the reporting period ending

September 3(1, 1991, 'l'hese tasks included:

• design, construction, installation, and acceptance testing of an Instron computer-contrc_llcd

high stiffness biaxial test frame ;Mth hydraulic grips,

• design, fabrication, and evaluation of chopped graphite fiber (I lercules IIMU-PVA-3k) / glass

matrix (Corning CGW-7070) composite tubes,

• extensive literature reviews in the areas of test methods, nondestructive evaluation, failure

mechanisms, and modeling of ceramic conaposites,

• extensive literature reviews in the areas of test rnethods, nondestructive evaluation, failure

'mechanisms, and modeling of ceramic composites,

• investigation and application of nondestructive test methods to monitor the damage develop-

ment process,

• completion of the room temperature, monotonic axial load test series, and planning of the

room temperature, cyclic test series,

• development of a laigh temperature damage model based on the critical element concept,

• identification of future needs,

• design of a second ceramic composite tube configuration,

• selection of a second ceramic composite material system,

• coxnplelion of the ro_)m temperature, cyclic axial load test series,

• analysis of damage and failure modes in graphite fiber/borosilicate glass matrix tubular speci-

mens,

• development and evaluation of a damage development model,

l:.ach of these activities is discussed in detail in Refs. I-8.
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CUR RENT AC:'I'IVITIF,S

Current activities address the following topics:

• room temperature monotonic and cyclic load tests on a borosilicate glass tube,

• continued development and refinement of the MRi,ife performance simulation model.

This report describes the MRLife model and presents certain results applicable to the properties

and performance program.

INTROI)UCTION AND BACK(]R()UNI)

ttigh temperature composite (tlTC) material systems are widely regarded as the next major op-

portunity for major advancement in the performance, refiability, durability, and damage tolerance

of engineering components which must operate under severe service conditions that include high

temperatures and aggressive environments, especially when those environments are applied over

long time periods. Examples of such important applications include fossil fuel heat exchanger and

combustion devices, the l ligh Speed Civil Transport, the Advanced Tactical Fighter aircraft, high

performance iet engines, numerous missile components, and a wide array of other high temperature

devices. In every one of these applications, l lTC systems can provide not only significant increases

in performance, but also (and perhaps most important) such material systems can provide major

savings in cost through additional fuel efficiency, improved reliability and durability, and reduced

maintenance costs.

Interest in this topic in the Llnited States has been acute. Two recent studies by panels of the Na-

tional Research Council have highlighted needs in this area_,_°.(l)r. P,eifsnider, cme of the principal

investigators on this program, served on both of those panels.) ()ne panel was concerned with high

temperature materials, especially the research needs associated with both classified and unclassified

programs and directed efforts in the United States. Among other things, that panel identified a

strong need for the integration of physics, chemistry, and mechanical behavior in efforts to represent

the long-term performance of material systems which operate under severe thermal and chemical

conditions. The panel devoted most of its time to the study of programs and activities associated

with high temperature comps)site systems , in contrast to monolithic materials such as high tem-

perature ceramics alone. The panel report makes it abundantly clear that the future of high tem-

perature materials is defined by the future of high temperature composite material systems.
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llowever, as the report shows, research in the area of high temperature materials is difficult, and

research in the area of IITC systems is even more complex and demanding.

A second panel of the National Research Council addressed life prediction methods fi)r composite

materials. This panel, which addressed the application of composite materials in ali temperature

ranges, identified a wtriety of research needs and issues which are at the base of the slow rate of

application of composite materials to high performance engineering components,,, especially those

which operate under severe conditions, lt was the position of the panel that this hesitancy has its

basis in a lack of understanding of the fundamental nature of damage modes and failure modes as-

sociated with the use of composite materials under severe conditions, a lack of experience on the

part of designers and engineers in the application of composite materials to primary structures, and

a (severe) lack of predictive methodology which is mechmdstically based and can be used to provide

support for such applications. The panel identified severe needs in the area of the determination of

long-term higln temperature properties; linecharacterization and modeling of remainidg strength ivv

terms of damage tolerance, durability, and reliability; and tlne need for life prediction methodologies

which can be used to describe long-term behavior in the presence of mechanical, thermal, and

chemical loading, The present effort on the subject program addresses this need.

The Materials Response Group at Virginia Tech has suggested a mechanistic approach to the pre-

diction of strengfla, remaining strength, and life of composite material systems, and has demon-

strated the validity and utility of such models for the prediction of damage tolerance (remaining

strength, remaining life, and reliability) in polymer composite systems, as well as promising results

for similar predictions for ceramic composite materials at elevated temperatures. 'l'his simulation

approach is the basis for the present effort, and will be described in more detail as it has been ap-

plied to the specific objectives of this program under the "Results" section, below. In the present

section, we will briefly outline some of the salient aspects of the fundamentals behind our simu-

lation method to provide a background for the subsequent discussion,

The first essential element of our "critical element approach" to life prediciton is a precise and

comprehensive represcntaticm of micro-stress stales in fiber-reinforced composite material systems,

for c-ontitluous fibers arid for short or broken fiber situations. 'l'his subject has received rather ex-

tensive attention in the literature, but is still inadequate for a complete description of the local

processes which contribute to and control the damage and failure behavior of composite systems.

The Materials Response Group has made major advances in this area. Indeed, three members of

that group are in the process of preparing a manuscript which will be published as a monograph

on the subject of "Micromechanics of l;ibrous Composite Material Systems." This monograph

should be a landmark in the effort to establish firm and precise representations of the local stress

fields in fibrous composites which include broken/short fiber eft'cots, the presence of material

property variations as a fimction of position (a critical issue for high temperature composites),
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interface and interphase regions, and thermal stress effects, lt is expected that this book will be

published, probably by Technomic Publishing Co., near the end of 1992.

The second essential element for our simulation approach is a micromechanical representation of

strength, i.e., a mechanistic representation of the failure process that controls both initial and re-

maining strength in these systems under various loading conditions and environments. We claim

that interpretive models must be based on precise definitions of damage accumulation and failure

modes as determined from experimental observations. We assume that the damage associated with

the properties and performance of interest in our composite material systems is widely distributed,

and is contributed by a variety of damage modes acting in concert and interacting in a complex

fashion. We further claim that this distribution allows us to define a "representative volume" which

has "average properties" of the remaining material, such that the state of material and state of stress

in that representative volume arc typical of ali other such elements. We further postulate thai this

representative w_lume can be divided into critical and subcritical domains (called "critical" and

"subcritical" elements). The "critical element" remains intact and contiguous in the continuum

sense until failure occurs at the global level, that is, the failure of the critical element defines the

failure of the representative volume and the failure of our component.

We further assume that the remaining material in the representative volume consists of "subcritical

elements" in the sense that their failure does not cause failure of the representative volume or of the

engineering component. However, damage in the subcritical elements by such things as cracking,

delamination, or other irreversible behavior does cause changes in the stress state in the critical el-

ement which are quite large and important. These stress states are addressed using the microme-

chanical stress analysis mentioned in a previous paragraph. In general, we will describe changes in

"material state" using continuum constitutive information regarding the critical element, and

changes in the stress state in the critical element by attempting to describe damage development in

subcritical elements using our micromechanical treatments, lt should be noted that our continuum

assumption regarding the critical element does not exclude discrete evcnts from occurring on a scale

which is significantly smaller thai the critical element dimension. Such events which do not directly

control the final remaining strength and life of the critical element or the component are grouped

into continuum descriptions; this has the important advantage (_["setting a "lower limit" on the scale

at which mechanics must be done, and can have the effect of greatly simplifying the necess:lry

complexity of our analysis, as we have shown in the literature. An example of this approact_ is

provided by our recent development of the first comprehensive micromechanical model of tensile

strength in fibrous composite materials", '_.

The third and final essential element of our micromechanical approach is a predictive methodology

for long-term behavior which includes the evolution of properties and performance, especially the

evolution which is associated with variations in material state and stress state caused by high tem-
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perature loading conditions. The approach developed by the Materials Response Group to handle

this modeling challenge is a performance simulation scheme which is the basis for the MR l,ife code

series, developed over the last 11 years and in its seventh issue, 'l'hc performance simulation

method that we have developed is based on the critical element concepts described above, and is

thought to be the only mechanistic, approach with reasonable generality that is presently available

in the United States. This approach has garnered a great deal of attention from the technical

community at the national and international levels. In the last three years, this approach has been

the subject of an invited plenary lecture on life pre'diction methodology at the International Con-

ference on Composite Materials in I_,oratont3;the subject of an invited plenary lecture on perform-

ance simulation in polymer based composite systems at the International Colloquium on l)urability

of Polymer Based Composite Systems for Structural Applications in Brussels, Belgium% and the

subject of an invited plenary lecture on performance simulation methods for the prediction Of

long-term behavior of composite material systems given at the l:ifth J!tpan-U.S. Conference on

Composite Materials in Tokyo, Japan zS,These lectures were given by Ken Reifsnider, one of the

principal investigators on tiffs program. In addition, recently this mechanistic approach was the

subject of a paper titled "Interpretation of Laboratory Test Information for Residual Strength and

Life Prediction of Composite Systems," authored by Ken Reifsnidcr, which won the Best Paper

Award at the ASTM Symposium on Cyclic Deformation, Fracture, and Nondestructive Evaluation

of Advanced Materials, held in San Antonio, Texas _6,lt is clear that this approach and the results

that it produces have been widely noticed and strongly embraced by the technical community at the

national and international level.

RIX;ENT RESULTS AND MODEl. I_NIIAN(;I;.MENTS

In the context of our subsequent discussion of this effort, Several elements of our approach must

be briefly outlined. (Other details of the critical element approach as well as our supporting work

in the area of micromechanics appears in references 17-19.

In general, advanced, high performance composite materials arc really material systems in which the

constituent materials and lhe interfacial / intcrphasal regions between them interact in such a way

that their collecli_'e response is more than the linear sum of the response of the constituents. 'l'his

fact provides the technical comunity with a remarkable opportunity to create composite material

systems which are uniquely suited to perform specific engineering tasks. At the same time, the

systems aspect of composite materials requires special attention when we attempt to discuss the

mechanics related to properties such as stiffness and strength, and performance such as life.

It' one wishes to consider the long term response of such materials under cyclic mechanical, chem-

ical, and thermal loading, the systems aspect of the problem introduces interactions between
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mechanical degradation, and any chemical or thermodynamic processes which may be occuring

during the life of the, component.

Achieving representations of such combhled processes is a noble but challenging goal. One must

begin with simple, fundamentally sound principles, and build an approach systematically (if not

axiomatically). We _'villbuild the present discussion on the following principles.

1, In most of the material systems.of interest, the damage or degradation processes that reduce

stength and life are valqous, widely distributed, and lfighly interactive.

2. These processes cause changes in stress state and changes in material state, especially at the
local level.

3. These changes define the remaining strengtll and life ._f the materials.

In the report which follows, we will discuss the changes'in stress state and material staW'associated

with damage development using micromechanical representations. We will then use the example

of tensile failure under long term conditions to demonstrate how these micromechanical rep.resent-

ations can be used in a pertbrmance simulation model to estimate the remaining strength and litb

of material systems which demonstrate complex damage and failure modes, A few demonstrative

examples will be discussed to illustrate the advantages and limitations of the approach. P,esults

from the present program as well as complementary programs we are conducting will be cited in

order to bring the fifll description of our approach to the reader.

Changes in Stress States and Material States

During the long term service of composite materials, one can expect, in general, changes such as

those suggested in Figure 1. Initial properties are altered by damage develpment (which causes

changes in local geometry, and may change constitutive behavior); by chemical activity such as

compound formalism, molecular linking, etc.; or by thermodynamic events such as diffusion, phase

changes, or morphological varialions as a funciion of time. Most o1"these changes are brought

about by local processes.

The X-ray radiograph shown in Figure 2 illustrates a typical complex array of widely distributed

matrix cracks in a [0/9()_]3composite laminate made from glass epoxy material subjected to fullyi

reversed cyclic loading at about 60% of the static ultimate strength of the laminate. The cracks in

the 90 degree plies have formed a regular array, a saturated condition identified by the present in-

vestigators in the earl,,' 1970s, and called the "characteristic damage state for matrix cracking 2°,_-I,

Since this condition is a well defined local arrangement which is repeated from point to point
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strength _ Chemical changes

Thermodynamic changes

Changes in Stress State
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Figure I. The evoluthm of"properties and perfi)rmanee: Schemalic diagram o£the phy;_ical processes

associated with the long-term response of material systems, and the conceptual approach Io

a representation of that complex process from lile mechanics slandpoint.

throughout tile laminate, one could choo'se a "representative volume" for such a damage state that

would include matrix cracks in off axis plies, matrix splitting in the ply that is oriented in the loading

direction, a small delamination region on the plane between two plies v,;.ich have matrix cracks that

cross each other at the ply interfaces, and any attendent local fiber fracture.

The changes in local stress state brought about by such damage development is substantial. The

• local stress state irathe "representative w)lume" described above can be determined, using the rep-

resentative volume to properly set a three-dimensional mechanics analysis, l;igure 3 on page 8
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Figure 2. Distributed matrix crackinR in a composite I,_minate.

shows an example of local interlaminar normal stress in the region in which the cracks cross, lt can

be seen that the intcracti_n of the cracks causes a highly three dimensional sires,,, state in that local

region, and thal this stress state ir_volves ata interlaminar component which will drive dclamination.

This type of delamination has been observed in the laboratory, and appears as the lightly shadcd

region in Figure 2 on page 82_-z_

The resulting local strcss states must be determined, not only to cstablish the stress state in which

the unbrokcn mate6al is (_perating and which drives subsequent damage development evcnts, but

also as a means to dctermine the effective stillness with which the local region supports its share

of the globai stress field. This last requirement is especially impc_rtant for global local schemes, or



181

s %
Y/la 0.5

0

Figure 3. Threedimensionalfiniteelement analysis: Variationin the interlaminarnormalstressbe-

tween the fldegree and 90 degree plies in tile region near Ihe position at which crack,scross

in adiacent plies for a graphite epoxy laminate.

even for input into laminate analysis in the damaged condition. 'l'he effect of matrix cracking on

the effective stiffness can be represented by various methods, including discount procedures in

which the matrix-dominated ply-level stiffness valures are reduced in a laminate analysis. More

exact representations are possible, of course, l lowever, the most challenging part of this problem

is associated with the effect of the fibers in typical composites, and the determination of the local

stress state in the neighborhood of the fibers. This subject cannot be fully developed here, but a

few points that are critical to our discussion will be made. In association with another research

program, Carman has recently developed a hybrid three-dimensional short / long fiber composite
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micromechanics model, using the following assumptions. Each material constituent is linear elastic;

the embedded fibers are transversely isotropic and the surrounding matrix material is isotropic; the

fiber/matrix interface is a perfect bond; the composite is a continuous material such that displace-

ment fields can be generated which are representative of a constant average strain state existing in

the continiuum; ali fibers overlap in the same three dimentionsl space such that generation of cur-

vature terms due to fiber-fiber interaction are neglected. End-to-end fiber-fiber interaction is al-

lowed by the model 2_,27.The three-dimensional model generated utilizes the principle of

superpositon in analyzing the point-wise local stress state, and incorporates transient solution con-

cepts similar to those presented by Whitney and I)r7.a128.

Figure 4 illustrates the capability of that model. (Berthetot studied the effect of fiber volume frac-

tion on the axial stiffness of model short fiber composites; the short fibers embedded in composite

were misaligned at plus or minus 10degrees with the loading axis29.()he can see that t'he predictions

match reality weil. A further validation of the analysis appears in Figure 5. The highly nonlinear

dependence o_"he out-of-plane Poissons ratio on volume fraction is nicely represented by the

model, and correlates with accepted approaches (which do not provide the correct local stress field).

This modeling approach can be used to represent the effects of fiber ti'acture on the effective

modulus of the remaining material, and to obtain good estimates of the local stress fields for sub-

sequent damage analysis, as we will discuss below.

lt should also be mentioned that, under NSF funding, we have been successful in including the ef-

fect of interphase regions with finite dimensions and nonuniform properties in representations of

the local stress fields around the fibers3_.This has particular importance for the application of per-

formance prediction models to high temperature composite systems in which dift'usion between the

fiber and matrix phases, often through a fiber coating such as carbon, creates a filtite region in which

the properties depend on position. Such a representation is sometimes critical to the proper rep-

resentation of the changes in local stress state during service.

Time dependent behavior can also change the local stress state, l:igure 6 illustrates stiffness re-

duction in a composite material associated with viscoelastic creep. In an earlier paper, we have

demonstrated that it is possible to reduce the creep compliance curve for lamina stiffness transverse

to the fibers, shear stiffness, and matrix controled Poisson's ratio as a function of time (under the

assumption of linear viscoelasticity) to a single master curvO s, °l'his representation, in Figure 6, can

be used to specify the matrix-controlled compliance of each individual ply of a laminate as a func-

tion of time for epoxy matrix materials. 'l'he effect of temperature may be included as a shift factor

which moves our creep compliance value along the abscissa acc_rding to the time-temperature

equivalence principle. "l'hese reductions in matrix stiffness typically reclistribute stress in the fiber
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_L__t
REDUCTION IN STRENGTII =f( _ )g( .rref ) 6 (1)

where the functions f and g which scale the applied conditions to those for which data were meas-

ured must be determined from laboratory experiments or from representations of the

thermodynamic processes which occur. In addition, such strength reductions must also be scaled

for temperature.

A further example of a rate equation is the representation of the life of the critical element under

current conditions of stress state and material state if those conditions were to remain constant. A

particularly simple example of such a relationship is a representation of the S- N fatigue strength-life

equation for constant amplitude fatigue such as the expression below.

Sa/Su = A n - Bn( log N) p" (2)
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Figure 5. Micromechancalpredictionof Poissons ratio: Comparison of predicted v2avalues for vari-
oustheories in an epoxy/steel composite material.

Another rate equation that is essential for our micromechanical modeling is associatcd with a pile-

nomenon generally called "creep rupture." In many itl_stance:_tliis kind of behavior is a "misnomer"

in the sense that chemical and thermodynamic processes such as oxidation and chemical attack

may be the physical source of such rupture events rather than creep in the classical sense. For a
,'

measured strength reduction, 6, a reference time over which that reduction occurred, "r,,I, and a

stress which was applied over that period of time, a,,;, it is necessary to establish a relationship such

as the one shown below.
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I

directio:i:_iespecially in plies which have orientations nearly parallel t() a load axis. Tlence, the stress
redistril:l,;utlLionassociated with viscoelastic deformation may greatly influence the behavior of the

I

critical ,'*'1",..f_,mentsand the ped'onnance of the material. Appropriate viscoelastic behavk)r represent-

ations fi:',_lI!high temperature composite material systems must be identified. For the present effort,

the forrl;!_!of the equations used for polymer matri× materials was maintained, and the associated

constan!!:_were altered to fit the behavior of the ceramic matrix at elevated temperature. 'l'he linear

viscoelai!ific results shown in Figure 6 on page 12 have been preliminarily modified with somei

success, l_iLswe will dem()nstrate below.
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in which Sa is the function which specifies the local stress state, ,g'_is the corresponding function

Which specifies the local strength state in the critical element, and the constants A., B., and P. are

material constants which express the rate of degradation associated with the material under cyclic

loading. Of course, the life of the critical element will not be constant because the state of stress,

state of material, and possibly the material constants may be functions of the number of cycles of

load application, generalized time, or environmental conditions such as temperature. Moreover,

Eqn. 2 may be more appropriately replacecl by life equations which are based on kinetic theory or

those which are based on local slip in the case of high temperature composite material systems.

Performance Simulation

To illustrate how we carry this approach to completion, a very brief description of the performance

simulation method we use is provided. As indicated earlier, we take the positon that life prediciton

must be based on a clear and precise definition of damage accumulation mechanisms and failure

modes as determined from experimental observations. The critical element aproach begins with the

premise that life prediciton modeling should be concerned with representative volumes or units of

material that control the ultimate failure process, defined by each distinct failure mode. We use a

generalized expression for the normalized remaining strength in the critical element for a given

failure mode

li°( Sa(_rq(n))) n '-1 n
Fr--l- 1 - i(-_-) d(-_') (.3)G(Xt;(n))

lt should be noted that in this expression, we have written the function which represents the local

state of stress, So, in terms of its arguments, the tensor values of local stress, crni,and that we have

indicated that these local stress values are functions of the number of cycles, n. This recognizes the

fact that the local stress state in the critical element may be changing as damage develops in the

subcritical elements around it. l:or example, the stress in the fibers in will be altered greatly by the

presence of matrix cracks in the off-axis plies and by matrix splitting irathe axial plies. I:urther, the

function which represents the local state of strength in the critical clement ,q',,is written ira terms

of the material strength tensor, X,j, which is also a function of the number of applied cycles, since

the strength in the critical element may be degraded due to processes such as oxidation, chemical

degradation, or other degradation events. These details can be determined from experimental

measurements.

We can simplify equation (3) by representing the ratio of the local statc of stress to the local state

of strength as a "normalized failure function," G, and write the expression
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J'l0 ()/-ld()n n (4)

lt should be noted that the total life ot" the critical element under current conditions, represented

by N in equation (4), is also a function of the number of cycles, since the life will be altered by

changes in both the local stress state and local material state, "i'hat fact will also be demonstrated

in subsequent examples, llence, we see from our expression that we need to detemfine tile local

state of stress in tile critical element, the local state of strength in the critical element, the changes

in that ztress state and strength state a_ a function of applied cycles or generalized time, and the life

of the critical element under specific conditions of stress and strength. The state of strength and

state of stress of the material, represented by the generalized failure function, Fo,involves a criterion

which is chosen to represent a specific failure mode. Indeed, equation (4) must be written for each

failure mode independently, ltowever, it should be noted that tile interaction of failtfre modes is

included in the single integral in equation (4) for a given failure mode in the sense that any stress

state alteration or material state alteration associated with some damage event or other failure mode

would be included in proper representations of the stress state and material state in the critical ele-

ment, since our approach is a mechanistic one. Therefore, if a proper experimental investigation

is conducted and the mechanics problem is properly set for a given failure mode, interactions will

be included in a normal fashion and no artifici,'d additions or interaction terms are required.

l:igure 7 illustrates how these three essential elements of our approach can be combined in a

mechanistic prediction of strength and remaining strength, and ultimately a prediction of life for

high temperature materials. Figure 8 shows predicted S-N curves for a silicon-carbide-reinforced

I.,AS glass cc_mposite, at elevated temperatures which cause oxidation and degradation of the com-

posites. The results for 6(1()° and 901)° C represent the combined effect of the temperature degra-

dation and the damage caused bv cyclic mechanical loading. "l'bat figure shows a variety ¢_f

predicted S-N curves fc_rseveral temperatures above and below the 6(1()and 90_)° results, for which

some data are available. "l'he predicted results agree remarkably well with the available data (circles

and triangles). Moreover, the other results allow the researcher and the engineer to anticipate be-

havior under a variety of c_ther temperatures with some confidence. These data are very difficult

(expensive and time const_ming) to get. The present model, which is mechanistic, can provide

guidance ira the prettiction c)fresults under many such conditions, and can also provide guidance in

the planning c_ftests to obtain data which may be critical for finalization of a design. Moreover,

and most impcwtant, this method can provide guidance to material designers in the selection of

constituents, their arrangement, their bonding and prc_cessing, manufacture, and final assembly into
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Figure 7. Critical element approach to remaining life prediction.

an engineering component to achieve specific performance characteristics under severe loading

conditions such as long-term exposure to cyclic loading and high temperature environments.

SOME NEW I.)[RECTIONS

The manner in which mechanics should be used to describe strength is not firmly established for

homogeneous materials, and is less well understood fo_ composite materials. Moreover, if one

wishes to describe the degradation of strength over long periods of time (say, during the engineering

use of such materials) this fundamental weakness precludes definitive systematic use of mechanics
for that purpose as well.

The use of various local mechanics approaches seems to offer hope of overcoming these limitations,

Present efforts suggest that it is possible to describe the strength of composite materials using

micromechanical representations of the failure modes that control the strength of those materials,

In fact, it appears that it may be possible to 'construct such micromechanical models in such a way
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that the changes in tile parameters in those models during long-term loading can be measured and

used to estunatc the changes in the strength of the global composite. In addition, those parameters

may be related, in many cases, to the manner in which the composites were synthesized and man-

ufactured, so that a means of "designing" material systems for specific long-term performance may

be provided by this approach.

Refinement of Mechanistic Models

One of the directions taken in our general approach is to develop a micromechanical representation

of the tensile-strength-controlled remaining strength and life of fiber reinforced composite laminates

with typical constituent properties. 'Fhe sensitivity of the predicted results to wtrious micro-

parameters (including some statistical ones) is of special interest.
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Reifsnider and Gao have postulated an approximate method of finding a relationship between tile

stress concentration in a fiber next to a broken one and the ineffective length under that condition,

and have used stress concentrations from micromechanical relationships to determine ineffective

lengths from the relationship

' I1 - exp(- (1 c)(,76) [((5,7+ 1)exp(-rr_)- 1] (I0).

When this approach is taken, a maximum is predicted in the specimen strength as a function; for

example, of the ratio of the fiber stiffness to matrix stiffness31,Good agreement with experimental

data was found.

Quite recently, Ga() and Reifsnider have generated a new model which allows plastic deformation

at the micro-level, and calculates the local stress concentration and the ineffective length as fibers

break and the matrix yields. Although this model is still only one dimensional, much more infor-

mation is obtained from the analysis3_. For example, the predicted composite strength as a function

of the interface or matrix strength, for two different fiber shape parameters shows a maximum in

the strength which is very pronounced. To the right of the maximum, the local stress concentration

controls strength (aS it does for many ceramic composite materials, while to the left side of the peak

in the curve, the length of the ineffective region around the break becomes large because the weak

matrix or interface is yielding over a large region, It was also found that the ineffective length

L._angeswith the number of broken fibers (which is found by iteration by the nonlinear model).

For low _,eluesof matrix strength, that length becomes quite large as the fibers break, while it grows

slowly for high-qength (elastic) conditons. Changes in local stress concentration as a function of

fiber fracture were cise found for several values of matrix or interface strength. The stress concen-

tration grows sharply for very strong material around the fibers (and causes failure), but the local

yielding actually reduces the stress concentration for a large number of fiber fractures for very weak

matrix materials. These rest.Its clearly show how the stress concentration controls in one case (for

high strength matrix / inteffact materials) and the ineffective length controls the strength for the

contrasting case of low matrix / interface strength. Moreover, the model identifies the micro-

properties and behavior that comrols this balance, and specifics the right combination for the ma-

terial systems designer.

Itowever, this type of micromechl,nical modeling does one othcr very critical thing, in the context

of the present effort. The microrJlechanical models of strength can also be used in models of re-

maining strength and life in a special way. Since the parameters (such as constituent and interface

or interphase properties, geom,.try, and arrangements) that define how a composite materi,'d system

is made appear in those relatk)nships, the variations in those parameters caused by mechanical

damage, aging, chemical a Aivity, or thermodynamic changes during long-term loading in mcchan-



t

191

ical, thermal, or claemical environments can be used to predict_tlm remaining strength and life of

the composite materials and components in terms of those constituent changes, This is a powerflll

tool, since it offexlstile hope of.providing a systematic and mechanistic method of designing material
systems for known long-term performance. This is, in fact, the primary essence of our approach,

As described earlier, the Materials Response Group at Virginia Tech has provided leadership in the

development of micromechanical strength models for fiber reinforced composite materials. In

general, these models apply to ceramic composite materials to the extent that they !nclude situations

wherein the stress concentratioia in the fibers caused by other broken fibers dominates the strength,

as it is known to do for many ceramic composite systems, llowever, many additions to the model

are needed. A few are listed below:

• A representation of matrix-dominated crack propagation including the case when matrix cracks

are bridged by other unbroken fibers under tensile loading is needed. This will l:equire a cor-

rected micmmechanics analysis of local stresses in the presence of matrix cracks, some broken

fibers, and some unbroken fibers. A recent model we have developed could be modified for

this task ,'_

• The interphase region in ceramic composites usually incluctt:s a fiber coating (such as carbon)

which has properties which are very different from the fiber and tlm matrix around it. Our

current tension model does not include this region, but our local stress analysis is so con-

structed that it can represent such a region easily. Moreover, we have the only known sol-

utions for such a region in the presence of spatial variations of properties from point to point

through the thickness of the interphase region; it ma3, be necessary to incorporate this model

into the strength model ._3,

• Tlm present model addresses only failure modes which are precipitated by an overload of the

fibers, either because the local stress field increases or the strength of the fibers decreases (due

to oxidation, thervnal weakening, etc.). If other failure modes dominate, entirely new models

may have to be formulated.

In addition to the refinement of the local stress state representations tc: acc:ount for new damage

and failure modes, refinements to the relationships used to represent material states and their evo-

lution (as described by the appropriate rate equations) are needed. In an earlier section, we dis-

cussed several such rate equations. Presently, we have linear viscoelastic models for stiffness

ctzanges, and creep rupture equations which reduce the ply-level strength of the composite to ac-

count for such things as oxidation effects or other chemical degradation. Both of these represent-

ations are known to be inactequate for IITC' systems in some cases.
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Other New Directions

Our research indicates the presence of a distinct nonlinear creep rupture effect in certain ceramic

composite systems at temperatures close to their upper limit use temperature. An example of such

a systems is SiC reinforced (.'AS. The ilonlinearity shows up as a applied stress level dependence

on the rate of strength loss as a function of temperature and time, i.e., the form of the degradation'

rate equation is different at different levels of applied static or cyclic loading, "Daisis an anomaly

in a certain sense, and will be given special attention in our continu!ng work.

Another current direction (funded by the Virginia Institute for Material Systems) is the develop-

ment and refinement of a model of cyclic loading as a forced vibration problem, This is an entirely

new concept which we have pioneered, and it has given txirth to an important new experimental

method for monitoring the rate of damage development in specimens during high temperature

testing. The approach considers tile dynamic response of tile test machine and the specimen to-

gether as a compound system. The forced vibration problem is posed with material nonlinearity

so that the problem is nonlinear and becomes an initial value problem. In the laboratory, meas-

urements are made by using the dynamic load and displacement signals used by the controller of

the servohydraulic test machine to control the test. No attachments are made to the specimen.

This is a very great advantage, since it is very difficult (essentially impossible) to fasten something

to the specimen at very high temperature without interfering with the test results, and usually dis-

turbing the uniformity of the temperature field. Moreover, the results are reproducible, and con-

sistent to an extent that the data can be used to determine the percent of life left for a given

specimen and a given tesi. This is a critical feature, since some method of this type must be used

to terminate tests to recover comparable data from test to test.

Another direction of our research is the refinement of the models that we use to interpret meas-

urements of interface /interphase strength using multifiber penetration methods for IITC systems

3a.This characterization, also conceived and developed in our laboratory under Air Force funding,

has shown great promise as a method of measuring not only interfacial strength, but al3o for the

measurement of compression strength and possibly for the measurement of shear strength. The

approach involves a ball penetration in which a group of fibers are displaced with meas_lred dis-

placement and force to produce a t'°rce'displacement diagram as shown in Figure 9. The details

of that record can be directly related, with our micromechanical models, to the interfacial strength.

Figure 10 shows such data for three types of composite which have different levels of interfacial

strength. The figure also shows measurements made by other means. We are concentrating on the

development of this method for testing of properties at elevated temperatures, and on the modeling

of such test data to make possible the interpretation in terms of interfacial strength. Special atten-

tion will be given to the question of how time-dependent behavior enters this characterization

method, and how cmr models can be used to isolate this important effect in IITC systems.

m !
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Comparison of ISS Values from Various Techniques
for AU-4/Epon 828 mPDA Composite
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Figure 10. Comparative interfacial strength: NleasuremenLs of itderfacial strength with microbead

(MBD'I'), fragmentation (SFFT), nano-indentation (SFMI), and the present continuous

ball inderltation (CBIT) methods, for a polymer composite.



195

RF,FERENCES

1. K.l,. Reilsnider, W.W. Stinchcomb and 'I'..I. Dunyak, "VPI-1 - Investigation of Proper-
ties and l'erfc,rmance of Ceramic Composite Components," ORNI,/FMP-88/I AR&TI)
Fossil Energy Material Program Semiannual Progress Re_port for the Period Ending
March 31_ 1988.

2. "F.J. l)unyak, K.l,. Reifsnider and W.W. Stinchcomb, "Evaluation of NDE Methods as
Applied to Ceramic Composite Tubes," ORNL/Sub/87:SA946/April 1990.

3. K.I,. Reifsnider, W.W. Stincheomb and T.J. Dunyak, "VPI-1 - Investigation of Proper-
ties and Performance of ('eramic Composite Components," ORNL/FMP-88/2 AR&TD
Fossil Energy Material Program Semiannual Progress Report for the Period Ending
_September 30, 1988.

4. K.I. Reifsnider, W.W. Stinchcomb and T..I. Dunyak,"VPI-I - Investigation of Proper-
ties and Performance of Ceramic Composite Components," ORNI,/FMP-89/1 AR&TD
Fossil Energy Material Program Semiannual Progress Report for the Period Ending
March 31, 1989.

5. K.I,. Reifsnider, W.W. Stinchcomb and 'l'.J. Dunyak, "VPI-I - Investigation of Proper-
ties and Performance of Ceramic Composite Components," ORNL/FMP-89/2 AR&'I'I)
Fossil Energ_ Material Program Semiannual Progress Report for the Period Ending
September 30_ 1989.

6. K.L. Reifsnider, W.W. Stinchcomb and T.J. Dunyak, "VPI-1 - Investigation of Proper-
ties and I'crformance of Ceramic Composite Components, ORNL/FMP-90/1 AR&TI)
Fossil Energy Material Program Semiannual_Pr0gress Report for the Period Ending
March 31_ 1990.

7. K.I_. Reifsnider, W.W. Stinchcomb and T.J. Dunyak, "VPI-1 -Investigation of Proper-
ties and Perfi_rmance of Ceramic Composite Components," ORNL/FMP-90/2 AR&'I'I)
Fossil Energy Material Program Semiannual Progress Report for the Period Ending
September 30, 1990.

_. K.I_. Reifsnidcr, W.W. Stinchcomb and 'I'..I. l)unyak, "VPl- 1 -Investigation of Proper-
ties and Performance of Ceramic Composite Components," OR NL/FMP-91 / 1, Proc. of
the Fifth Annual Conference on Fossil Fnergy Materials, September 1991.

i.

9. "l.ife Prediction Methodologies for Composite Materials," Report of the Committee on
l_ife Prediction Methodologies for (Somposite Materials, Nat. Matls. Advisory Board,
Nat. Res. Council, NMAB-460, N. Ac. Press, 1990.

1(). "lligh 'l'empcrature Materi',ds for Advanced Technological Applications," Nat. Marls.
Advis. Board, Nat. Res. Council, NMAB-450, N. Ac. Press, 1988.

11. Z. Gao and K.L. Reifsnider, "Micromechanics of Tensile Strength in Composite Sys-
tems," Proc. of Symposium on Composite Fatigue and Fracture, May 5-9, 1991,
Indianapolis, IN, ASTM (in press).

12. S.B. Batdorf, '"-l'cnsileStrength of Unidirectionally Ruinforccd Composites - I," .I. Rein-
forced Plastics and Composites, Vol. 1, 1982.



196

13. K.I.. Reifsnider, "I ire Prediction Analysis: l)irections and Divagations," Proc. I{.'CM VI,
London, 1_87 (plenaD' lecture), Elsevier Applied Science, 1987, pp. 4.1-4.31..K.I,.
Reifsnider, "Performance Simulation of Polymer Based Composite Systems," Proc. lnt'l.
S),mp. on Durability. of Polymer B.ased Composite Systems .us for Structural Ap_plica-

(invited plenary' paper), Brussels, Belgium, Aug. 2%31, 1990 (in press).

14. K.I... Reit'snider, "Performance Simulation: A New Approach to the Prediction of the
...... Long-Term Behavior of Composite Material Systems," (invited plenary paper), l:ifth

Ja_.pan-U.S. Conf. on Composite Materials, June 21-25, 1990, Tokyo, Japan (in press).

15. K.L. Reifsnider, "Interpretation of Laboratory Test lntormation for Residual Strength
and Life Prediction of Composite Systems," ASTM Syrup. on Cyclic l)eformation,
Fracture, and Nondestructive Evaluation of Advanced Materials, San Antonio, 'I'X, Nov.
12-13, 199{1(in press).

16. K.I.. Reifsnider, "l.ife Prediction Methods for Notched Composite laminates," Proc.
Fourth Japan-U.S. Conf. on Composite Materials) May 29, 1988.

17. J.l.esko, (}. Carman, D. Dillard and K.I. Reifsnider, "llardness Testing of Composite
Materials as a "l'ool for Measuring lnterfhcial Quality," ASTM 4rh Symposium on
Composite Materials: Fatigue and Fracture, submitted 1991.

18. K.I,. Reifsnider, "Life Prediction Methodology for Composite Material Systems," Proc_____.
lndo-U.S. Conf. on Advanced Composite Materials for Aeronautical Applications, 23-25
July, 1990, (in press).

19. K.L. Reifsnider, "Some Fundamental Aspects of the Fatigue and Fracture Response of
Composite Materials," Proc. 14rh An. Meeting of the Society. of Engineering Scien_cea
Lehigh Univ., 1977, pp. 373-384.

20. K.I_,. Reifsnider and AL. l lighsmith, "Characteristic Damge States: A New Aproach to
Representing Fatigue Damage in Composite l,aminatcs," Materials Experimentation and
Design in l:atiga4.e, Westbury ttouse, Guildford, U.K., 1981, pp. 246-260.

21. A.I.. llighsmith and K.L. Reifsnider, "On Delamination and the Damage Localization
Process," I:racture of Fibrous Composites, AMD-Voi. 74, American Society of Me-
chanical F,ngi'neers, 1985, pp. 71-87.

22. K.L. Reifsnider and R.D. Jamison, "Fracture cff Fatigue-I _aded Composite l ,aminates,"
Int'l. Journal of Fatigue, Vol. 4, 1982, pp. 187-198.

23. R.D..lamison, A.I.. ltighsmith and K.I,. Reifsnider, "Strain Field Response of 0 Degree
Glass/Fpoxy ('omposites under I ensicm;" Composites Technologll and Research: Vol.
3, 19!gl, pp. 158-159.

24. R.l). Jamison, "Damage Develpment and l:ailure of l:iber-Reinforced Composite Mate-
rials," PhD Dissertation, Dept. of Engineering Science and Mechanics, Virginia
Polytechnic Institute and State University, Blacksburg, Virginia, 1982.

25. G.P. ('arman and K.l.. Reifsnider, "Micromechanics of Short Fiber Composites," I:iber
Science and Technology, (in press).

26. G.I.. (.:arman, "Micromechanics of Finite l.ength l:'ibers in Composite Materials," Dis-
sertation, College of Engineering, Virginia 'iech, 1991.



197

27. J.M. Whitney and L.T. l)_al, "Axisymmetric Stress Distribution Around an Isolatcd
Fiber Fragment," ASTM STP 937, American Society for 'l'esting and Materials, 1987,
pp. 179-196.

28. J.M. Berthelot, "F,ffect of Fibre Misalignment on the Elastic Properties of Oriented Dis-
continuous Fibre Composites," Fibre Sci. _md "l'ech._Vol. 17, 1982, pp. 25-39.

29. K..layaraman and K.L. Reifsnidcr, "Micromechanical Stress Analysis of Continuous-
l:iber Composites with l,ocal Material Property Gradients," Achievemet_ts in Composites
in Japan and the United States, A. Kobayashi, Ed., .lapan Society for C_mposite Mate-
rials, Tokyo, 1990, pp. 425-436.

31). Z. (;ao and K.I,. Reifsnider, "Micromechanics of Tensile Strength in Composite Sys-
tems," submitted to'ASTM for publication, 1991.

31. Z. Gao and K.I,. Reifsnider, "Composites with l)iffercnt Interfacial Bonding," l'roc. Sixth
Techtfical Cotfference of the Am. Soc. for Composites,
Tcchnomic Press, Inc., October 15, 1991, pp. 742-750.

32. R. Swain, K.I,. Rcifsnider, K. Jayaraman and M. E1-Zcin, "lntefface/Interphasc (_onccpts
in Compositc Material Systems," Proc. of the Fourth Technical Conf. of the American
Society for Composites, Technomic Press, 1989, pp. 377-386.

33. J. Lesko, G. Carman and K.L. Reffsnider, "Hardness Testing of Composite Materials as
a "Fool for Measuring Interfacial Quality," Proc. ASTM 4th Symposium on Composite
Materials: Fatigue and Fracture_ Philadelphia, PA., submitted for publica-
.tion, 1991.



PART III- NEW ALLOYS



201

CSM-2- GRAIN GROWTH KINETICS OF IRON ALUMINIDE ALLOY FA-129

A. A. Fasching*, G. R. Edwards*, and S. A. David #

*Center for Welding and Joining Research

Department of Metallurglcal and Materials Engineering
Colorado School of Mines

Golden, CO 80401

*Metals and Ceramic Division

Materials Joining Group
Oak Ridge National Laboratory

Oak Ridge, TN 37831

ABSTRACT

The grain growth behavior of iron aluminide (Fe3AI) alloy FA-129

was studied as a function of time and temperature. Grain size in the

temperature range 500-900°C was found to be very stable with respect to

time, exhibiting an apparent activation energy of 23 kcal/mol (95.5

kJ/mol). At i050°C abnormal grain growth was observed for times greater
than i0 hours.

INTRODUCTION

Intermetallic ordered alloys are attractive engineering materials

because they have good electrical, magnetic and corrosion resistant

properties. Their inherent tendency to be brittle, however, limits

their use as structural components. The recen_ development of ductile

iron aluminides has necessitated research into the practicality of

processing such materials using conventional means. In particular,

welding is being investigated since it represents an important means of

constructing engineering structures.

In welding, microstructural stability during the thermal cycles is

very important. D.I. Ash ct. al. I found that the microstructure of iron

aluminide, FA-129, could be unstable during thermal cycling. The

reasons for this were considered to be related to the thermomechanical

history of the material. The understanding of the grain growth kinetics

of these materials and how they relate to the prior processing history
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has been limited to date. The purpose of this paper is to report the

findings of an initial grain growth study conducted on alloy FA-129

Ht #D5-3966-I and a follow-on study of a special heat (a heat number was

not assigned) of the same.

EXPERIMENTAL PROCEDURES

An initial grain growth study was conducted on (HT #D5-3966-I) FA-

129 iron aluminlde sheet material received from Oak Ridge National

Laboratories (ORNL). The nomlnal composition of alloy FA-129 is Fe-

28AL-5Cr-0.SNb-0.2C. The material had been stress relieved at 700°C for

one hour_ oil quenched and acid cleaned at ORNL. The sheet was sheared

into 20mm x 20mm pieces (0.75mm thick) and annealed in a furnace with an

argon back pressure. The samples were annealed for 20, 40, and 60

minutes at 650, 700, 750, 800, 850, 900, and IO00°C. Upon removal from

the furnace, the samples were water quenched.

For the purpose of further characterizing the grain growth

kinetics of iron aluminide, FA-129, a special Ingot was cast at ORNL.

The ingot was extruded and then hot rolled to a nominal thickness of

2.54mm. At that point the material was divided into thirds, each

undergoing a separate thermomechanical processing sequence. Table i

summarizes the three different processing conditions.

Table I: Summary of the three thermomechanical ,-ondltions
of FA-129

_i '_T"' .........

Rolling Condition Number i 70% reduction at 650°C

57% reduction at 650°C

Rolling Condition Number 2 850°C for i hour
30% reduction at 650°C

57% reduction at 6500C

Rolling Condition Number 3 750°C for 1 hour
30% Cold Work

-' :_ "_ , ' ,.. ; "IF " ,,,, , '" ,

Each of these processing sequences resulted in 0.75mm-thick

sheet. Samples of each of the three conditions were cut into 13mm x
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lOmm pieces, and encapsulated in quartz ampules which had been back-

filled with argon (0.25 atm). Specimens from all three rolling

conditions were annealed at the times and temperatures shown in Table 2.

The test temperatures were chosen in relation to the known solid-state

phase transfo:matlons of the iron-aluminum system. For consistency, all

the samples with the same time and tempe'rature parameters were exposed

to the furnace environment simultaneously. After the samples were

removed from the furnace, the ampule was broken open and the samples

were quenched in ice water.

Table 2: Annealing Times and Temperatures for FA-129

Specimens.

,, ,, ,

20 (min) 60 (mln) I0 hours 50 hours 170 hrs
,,

500°C X X X X X
, , ,,

600°C X X X X X
,,,, ,_J__

800°C X X X X X

i050°C X X X X X
,, ,,,, ,,,, , ,,,

The etchant used on all of the samples had the following

composition: 60ml methanol, 20ml XC1, 40ml HNO s. The shelf life of this

etchant is about two hours. The etched sample was rinsed in hot water

and swabbed for 10-20 seconds.

'l"aegrain size was measured using the intercept method (ASTM-

ELI2). As-received samples were measured for comparison. The

intercepts were counted using concentric circles of a total length of

300mm, over two fields. Grain size was calculated by determining the

average number of intercepts per Imm length; this value was multiplied

by a conversion factor to determine the average grain size z.

RESULTS

Grain size versus time was plotted for each temperature and the

data were fit to a second order polynomial equation, indicating that

these data exhibit ideal behavior, (DZ~kt), as seen in Figure i. An
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Figure i. (!rain size versus time for the initial grain growth study
shown at thEi different annealing temperatures. Data were fit to a

second orde; polynominal indicating ideal grain growth.
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Figure 2. Linearization of the data from the initial grain growth study

(LOG[DZ-DoZ/t]) to determine Ko and Q.
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apFarent activation energy of 23.7 kcal/mol (99.6 kJ/mol) was also

determined, as shown in Figure 2.

In the first rolling condition, the initial structure was

unrecrystallized, highly elongated grains. The specimens representing

the other two.rolling conditions underwent recrystallization and,

therefore, exhibited a recrystalllzed structure. The initial grain size

of Rolling Condition Number 3 was slightly smaller than that of Rolling

Condition Number 2. This result was expected since Rolllng Condition

Number 3 was recrystallized at a lower temperature than Rolling

Condition Number 2.

The elongated grain structure observed for all of the samples

annealed at 500 and 600°C was similar to that of the as-received sample.

At 800°C, the microstructure recrystallized after 20 minutes in the

furnace and the grains proceeded to grow. For those annealed at I050°C,

recrystalllzation and grain growth occurred, and after i0 hours of

exposure, abnormal grain growth was observed.

Samples of the second rolling condition readily recrystalllzed,

and normal grain growth was observed in all specimens annealed at 500,

600 and 800°C. At I050°C normal grain growth occurred during the first

50 hours of annealing. At that point half of the specimens showed

abnormal grain growth, while the other half exhibited normal grain

growth. These results were repeated, verifying that this phenomena was

not caused by temperature differences, such as those related to furnace

position. For all times longer than 50 hours abnormal grain growth was

observed.

Samples of the third rolling condition also readily

recrystallized. As with Rolling Condition Number 2, all of the samples

annealed at 500, 600 or 800°C showed normal grain growth. Again, for

specimens annealed at I050°C, normal grain growth was observed for times

up to 50 hours. At 50 hours, half of the metallographic samples

reve_led normal grain growth behavior and the other half exhibited

abnormal grain growth behavior. For times beyond 50 hours, abnormal

grain growth was observed.
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Grain size versus time was plotted for each rolling condition and

temperature, as seen in Figures 3, 4, and 5. Using a power law fit, a

best fi_ line of the form D-Do-Kt n was plotted to characterize the time

and temperature dependence of the change in grain size (D-Do). If a

normal thermally activated process for grain growth is assume d, the

value K can be expressed as K-Koe'Q/RT; where Ko is a constant, R is the

gas constant, T is temperature and Q is the apparent activation energy

for grain growth.

In Figures 6 and 7 plots were made to determine Q and Ko for

Rolllng Conditions Numbers 2 and 3. Here, the slope of the line is

equal to -Q/2.3R and Ko is the y-lntercept. In both cases, the i050°C

data were not considered in the fit but are shown on the graph.

DISCUSSION

/

The results of the initial g_ain growth study indicated that alloy

FA-129 exhibited ideal grain growth. This study was conducted over a

narrow range of times, and in the follow-on study this did not hold

true. The apparent activation energy that was calculated for this

initial grain growth study (99.6 kJ/mol) was the same as that calculated

in the follow-on study.

Specimens of Rolling Condition Number i did not possess an initial

recrystallized mlcrostructure, and samples annealed at 500 or 600°C did

not recrystalllze. At I050°C, recrystallization followed by abnormal

grain growth rapidly occurred. Consequently, only the 800°C data could

be plotted for this rolling condition. At 800°C for this condition, both

recrystallization and normal grain growth occurred. The value for the

initial grain size (Do) therefore was assumed to be small compared to the

final grain size (D), and the data were fit to an equation with the form

D=Kt". This result is shown in Figure 3. One annealing temperature,

however, does not provide sufficient data to determine Q or Ko for this

rolling condition.

The major problem in analyzing the results for the recrystallized

mlcrostructures of Rolllng Condition Number 2 and 3 was in determining
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Figure 3. Grain size versus time for Rolling Condition Number 1 shown
at 800°0,
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Figure 4. Grain size versus time for Rotting Condition Number 2 at the
different annealing temperatures. Data were fit using a power law to
the equation D-Do=Ktn,
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different annealln8 temperatures. Data were fit usin 8 a power law to

the equation D-Do=Kt n.
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an accurate way to represent n, the grain growth exponent. The data did

not follow the ideal grain growth law, nor was the initial grain size

insignificant as compared with the final grain size. Therefore,

neglecting DO, and fitting the data to the form D - ktn, an approach

commonly taken by other researchers 3, was not possible. The best

solution was to characterize the change in grain size (D-D o) with time

using the power law (D-Do-Ktn); a time exponent (n) was determined for

each temperature and rolling condition.

For Rolling Condlt_on Number 2, the values of n varied from 0.20

to 0.48. Figure 4 shows these curves with their respective equations

and the accuracy of the fit (R). Figure 5 shows the same for Rolling

Condition Number 3 where n varied from 0.122 to 0.371. The grain growth

exponent then appears to be quite d_pendent on temperature as well as

thermomechanical processing. When the data were linearized to d_termine

the activation energy (Figures 6 and 7) the points converged nicely, and

a realistic activation energy (Q) was determined for both Rolling

Conditions Numbers 2 and 3. For Ro11ing Condition Number 2, Q-22.98

kcal/mol (95.54 kJ/mol) and for Rolling Condition Number 3, Q-23.91

kcal/mol (99.41 kJ/mol). The data for 1050°C were not considered in the

fit of the data for either rolling condition, due to the fact that

abnormal grain growth occurred at this temperature. However, these data

are shown in Figures 6 and 7 for comparison.

_ CONCLUSIONS

The results showed that the apparent activation energy of grain

growth was consistent for all of the tests. The data in the initial

study exhibited ideal grain growth kinetics (DZ-Do2=kt). The data from

the follow-on study did not follow ideal grain growth. Since the

initial grain size (Do) was significant as compared to the final grain

size (D) for Rolling Conditions Numbers 2 and 3, a modified analytical

technique for describing the grain growth kinetics was required. The

equation D-Do-Kt n adequately characterized grain growth of alloy FA-129

in Rolling Condition Numbers 2 and 3. Samples of Rolling Condition
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Figure 6. Linearization of the data from Rolling Condition Number 2 to

determine Ko and Q. The 1050°C is shown on the plot but was not included

in the fit because abnormal grain growth was observed at this
temperature.
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Number 1 did not recrystalllze durln 8 the annealln 8 cycles at 500 and

600°C,• and exhibited abnormal 8rain growth at i050°C. Thus, normal grain

growth could be characterized only at 800°C for this condition. With the

exception of the tests run at I050°C, the 8rain size of alloy FA-129 was

quite stable over exposure times up to 170 hours.

A relatlvely constant activation energy (95-99 kJ/mol) was

observed for 8rain 8rowth at'all temperatures except I050°C for Rollln8

Conditions Numbers 2 and 3. Prolonged exposure to temperatures above

the B2 to disordered BCC transformation (~960°C) resulted in abnormal

grain growth in these alloys.
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INTRODUCTION

Alloys based on the intermetallic compound Fe3AI have good

resistance to oxidation and sulfidation as well as excellent resistance

to abrasion and erosion. I Improved understanding of the effects of

alloying and processing, on controlling strength and ductility of these

alloys has lead to interest in employing these materials at elevated

temperature in aggressive environments in a number of systems, z-5 lt

has been suggested that controlling the type of order in the alloys and

establishing a high defect density through warm work result in the

maximum room temperature ductility. 3 Alloying with chromium has been

found Co increase the ductility, while additions of niobium, molybdenum

and silicon improve the elevated temperature strength, but

significantly reduce the ductility. 5,6

Alloys with compositions near 3:1 iron to aluminum have three

possible crystal structures. Above about 900°C the equilibrium

structure is a random bcc solid solution. Between 550 and 900°C the

equilibrium phase is based on the B2 ordered structure. Below the

critical temperature of 550°C, the DO3 ordered structure is stable.

The critical temperature can be altered significantly by the addition

of substitutional alloying elements such as Mo and Si, although Cr

additions have been found to have little effect 4. In binary Fe3AI it

has been found that the B2 _ DO3 order transition occurs very rapidly

and it is not possible to retain the B2 phase at room temperature

through normal solid state quenching techniques. 7-9 Alloying with Cr

appears to slow the ordering transformation on cooling and it is
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relatively easy to form a predominantly B2 structure by quenching from

above the critical temperature. I°

The project objective is to examine the effect of

thermomechanical processing on the structure and properties of iron

aluminides. To date, most of the work has been on the 2 and 5% Cr

alloys; however, emphasis is currently shifting to alloy FA-129 with Nb

additions for improved elevated temperature strength. The role of

substructure introduced by warm working in contributing to the

properties of the material is being examined in some detail. The

kinetics of recovery, recrystallization and grain growth and of the B2

to DO 3 order reaction are also being studied. The goal is to discern

the individual effects of prior work, grain size, and order structure

on the strength, ductility and toughness of these alloys.

DISCUSSION OF CURRENT ACTIVITIES

Effect of Prior Work

A study has been initiated on FA-129 to determine the effects of

prior work on room temperature mechanical properties. The material was

rolled at Oak Ridge National Laboratory (ORNL) to a thickness of 1.9 mm

according to methods established by Sikka et al. 6 and then annealed at

ll00°C for i h to eliminate dislocations. Pieces of this sheet were

then rolled and annealed according to a schedule which resulted in six

pieces of 0.8 mm thick sheet with 0, 15, 30, 45, and 60% reduction in

thickness. Transmission electron microscopy (TEM) was used to verify

that the pieces had increasing dislocation contents with increasing

amount of work as shown in Figure 1 for samples with 15, 30 and 60%

work. No dislocations were found in the 0% work sample which was

annealed after the final reduction. Tensile specimens are currently

being machined from this material, and additional characterization will

be conducted after testing to verify other structural features, such as

grain size and degree of order, are similar. Preliminary opticalf

metallography indicates differences in grain size between some of the

pieces.
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a)

b)

Fig. i - TEM photos illustrating qualitative difference in dislocation

contents with increasing amount of work for samples with a) 15, b) 30, and

c) 60_ work.
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Fig. i- (Continued).

Grain Growth, Recrystallization, Recovery

Optical metallography, microhardness and resistivity measurements

are being used to determine the grain growth behavior as well as the

occurrence of recovery and recrystallization in samples taken from 6 mm

thick FA-129 plate after heat treating at various time/temperature

combinations. Grain size and hardness results for two heat treatment

temperatures are shown in Figure 2. The as-rolled plate had very

elongated grains; however, i h at 750°C is sufficient to completely

recrystallize the material. In contrast, samples heat treated for

I00 h at 600°C are not recrystallized (and are consequently not shown

on Figure 2). Note that while the grain size increases more

dramatically as a function of time for samples heat treated at IIO0°C

than at 750°C, as expected; the hardness of samples heat treated at the

higher temperature actually increases. This indicates that a

phenomenon other than grain growth occurs at these high temperatures,

Additional heat treatments are being done to determine the onset

temperature of this hardening behavior and of recrystallization. The
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Fig. 2 - Grain size and hardness results for samples heat treated at 750

and llO0°C for approximately I, i0 and I00 h.

mechanism responsible for this hardening behavior will be determined

using TEM and x-ray diffraction.

Structure Characterization

Differential thermal analysis (DTA) indicates that the B2 - D03

order reaction in FA-129 occurs at approximately 550°C, the same

transition temperature as binary Fe3AI and al.loys with 2 and 5_Cr _,

Previous investigation of the 2 and 5_ Cr alloys has shown that the B2

structure results in greater room temperature ductility. Studies are

underway to determine if the kinetics of ordering for FA-129 are

similar to those of the chrome containing alloys. X-ray diffraction of

as-rolled FA-129 plate indicate the presence of NbC and both B2 and DO3

order with strong preferred orientation. Scanning electron microscopy

(SEM) with energy dispersive spectroscopy (EDS) confirms the presence
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of Nb-rich angular precipitates but indicates about 0.3 at% Nb in the

matrix in addition to about 4.4 at% Cr.

Wavy Flow

Both the 2 and 5% Cr alloys exhibited nonuniform plastic behavior

that can best be described as wavy flow for a range of strain rates at

elevated temperature. II Wavy flow was observed in both tension and

compression. Similar nonuniform plastic flow has been observed in a

wide range of alloys and is usually attributed to either dynamic

recrystallization or dynamic strain aging from interstitial or

substitutional impurities. The two possible causes for nonuniform flow

are usually distinguished by metallographic evidence or through changes

in the nature or magnitude of the stress undulations as the temperature _

or surain rate are changed. Depending on the origin of this phenomenon

there may be processing paths that should be avoided in seeking to

maximize properties in FesAl. Dynamic recrystallization, for example,

would tend to result in a microstructure with lower residual defect

densities at room temperature and a resulting reduction in ductility. I°

Baker et al. have reported dynamic recrystallization in FeAI

based on metallographic observations of new strain, free grains formed

in the gage section of tensile samples. 12 Although the B2 structure is

stable at the temperatures where wavy flow has been observed, TEM of

the Cr alloyed Fe3AI compression samples show low angle boundaries,

indicating recovery has occurred (see Figure 3). If recovery occurs

during deformation, there is not enough remaining stored energy in the

form of strain for dynamic recrystallization to occur. Furthermore,

the flow curve cycles that can result from dynamic recrystallization

tend to h_ve wavelengths of 5-20% strain and generally damp out after

two to eight cycles 13, unlike the small cycles observed up to the point

of failure in this study.
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Fig. 3 - TEM micrograph showing low angle boundaries indicating recovery

of 5% Cr Fe3AI alloy sample during compression testing where wavy flow was
observed.

Dynamic strain aging in substitutional solid solutions generally

produces sharp, jerky serrations in the flow curve which usually occur

only after some amount of, smooth plastic flow.14'15 'The flow curves of

both alloys tested at 300°C show sharp serrations, although serrations

observed in the 500-900°C range are smooth, and in ali cases serrations

begin immediately upon yielding. Mulford and Kocks 14 have developed a

theory requiring a negative strain rate sensitivity for the onset of

jerky flow resulting from dynamic strain aging. Strain rate

sensitivity experiments on the Cr alloyed Fe3AI material, reported

below, have shown that the strain rate sensitivity is positive in the

temperature range of 500-900°C and for strain rates where wavy flow is

observed, lt should be noted that there are some questions of the

validity of the assumptions used in deriving this theory and the

underlying requirement for negative strain rate sensitivity. 16 Other
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experiments, such as static aging at temperature during interrupted

tensile tests, have yielded ambiguous results. Despite these

discrepancies with previously observed behavior, the experimental

results available to date indicate that the wavy flow in this study is

probably the result of dynamic strain aging rather than dynamic

recrystallization. These results were recently presented for

discussion at the International Conferenco on High Temperature

Aluminides and Intermetallics in San Diego, and it was suggested that

oxygen from powder metallurgy processing may be a source of dislocation

pinning. 17

Strain Rate Sensitivity

The strength and ductility data for elevated temperatures suggest

that the iron aluminides may exhibit superplastic behavior; 11 however,

experiments described below indicate that this is not the case. The

strain rate sensitivity indexes of both alloys, determined at

temperatures from 500 to 900°C using strain rate jump tests, indicated

maximum values generally less than about 0.2 for either alloy. The

strain rate sensitivity of the 2% Cr alloy measured from continuous

tests at 700°C with different strain rates ranged from 0.15 to 0.21,

which agrees well with the 0.14 to 0.22 range measured from the jump

test at that test temperature. It is usually found that a strain rate

sensitivity of 0.5 is indicative of deformation by grain boundary

sliding and is the minimum value for obtaining superplastic behavior.

The other condition for true superplastic behavior is a fine (<i0 _m)

stable grain size. The iron aluminide materials in this study had a

somewhat larger grain size of about 15 #m. In a separate study strain

rate jump testing of combustion synthesized FesAl with 5% Cr and an

average grain size of about 3 #m 18 also produced strain rate sensitivity

values less than 0.2. Thus the strain rate sensitivity results

indicate that superplasticity is not likely for the single phase

materials tested here. However, other researchers have reported

superplastic deformation in a two phase 73Fe-25AI-2Nb alloy with a

19
grain size of 5 #m.
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SUMMARY

i

Material has been processed with various amounts of stored work

to determine the effect of dislocation density on room temperature

mechanical properties of FA-129. The substructures have been

'characterized using TEM. Grain growth, recrystallization, recovery,

and ordering studies have also been initiated for alloy FA-129. Wavy

flow curves were observed for certain combinations of strain rate and

te§t temperature for 2 and 59 Cr alloys tested in both tension and

compression _ The origin of this behavior is thought to be dynamic

strain aging. Despite high elevated temperature ductilities, the

maximum strain rate sensitivity values measured by either continuous or

strain rate jump tests were about 0.2, even in very fine grained single

phase material, indicating these alloys are not superplastic.
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INTRODUCTION

The purpose of this activity is to evaluate austenitic alloys for the design, construction,

and reliable operation of advanced steam cycle power plants, combined cycle power plants,

and hot-gas cleanup systems for pressurized fluidized bed combustors and gasifiers.

Depending upon the partictflars, the performance requirements for structural materials vary

significantly from one application to the next. Sometimes strength and fabricability are

important. Other times corrosion resistance is most important. Advances in materials

science relating composition and microstructure of austenitic alloys to '.heir

high-temperature mechanical properties, stability, and co.,rosion resistance have made it

attractive to taylor alloys and combinations of alloys to meet specific missions.

Applications of interest include superheater and reheater tubing for power boilers,1 main

steam line piping for higher efficiency steam plants,2 very high temperature and pressure

steam lines for topping cycles,3 and materials of construction for hot-gas cleanup systems.4

Under consideration are both new and old alloys. Research includes joining meth,_ds, high-

temperature design methodology, and life prediction methods.5 These are subjects of great

concern in ali applications. The investigations cover four categories of materials: lean

stainless steels containing less than 20% chromium (which possess good strength), higher

* Research sponsored by the U.S. Department of Energy, Fossil Energy Advanced
Research and Technology Development (AR&TD) Materials Program, DOE/FE AA 15 10
10 0, Work Breakdown Structure Element ORNL-2(B), DE-AC05-84OR21400 with
Martin Marietta Energy Systems, Inc.
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chromium iron base alloys (which possess good corrosion resistance), high chromium

nickel base alloys (cladding alloys), and aluminum-bearing alloys (which possess excellent

corrosion resistance).5

Lean Stainless Steels

To meet the requirements for tubing in an advanced boiler superheater, it was

expected that a candidate alloy should possess nearly twice the creep strength of the best of

the commercial 300 series austenitic stainless steels.5 Steels meeting this criterion usually

contain MC-forming elements such as titanium, rtiobium, and vanadium. Often nitrogen

is added, as weil. Several of these commercial, near-commercial, and developmental alloys

were evaluated over a six year period; and the findings were reported in 1990. 6

Most of the research on the lean stainless steels for superheater tubing has been

completed. A few long-time tests remain in progress, and times have exceeded 50,000 h at

700"C. The steels continue to show excellent strength and ductility.

One limitation of the HT-UPS steels developed by Maziasz7 was the need to cold or

warm work the alloys in order to promote the strengthening mechanisms. This treatment

also raised the yield strength so that advantage could be taken of the creep strength in

setting design stresses for service below 650"C. An alternate method to increase the yield

strength involves nitrogen additions,6 hence the long time strength and ductility of nitrogen

containing alloys is of interest. To this end, additional studies were undertaken in this

reporting period to examine nitrogen-strengthened type 316 stainless steel.

Main steam line piping was obtained from the A. M. Williams plant. The material

was type 316N stainless steel that had been in service for 96,000 h at 540"C. Stress-

rupture testing was wmdertakento examine strength and ductility. In Fig. l(a), the rupture

strength of the type 316N stairdess steel base metal has been compared to type 316 stainless

steel on the basis of the Larson Miller tin'g-temperature parameter. Trends indicate that the

type 316N stainless steel provide a strength advantage greater than 25% above steel not

strengthened by nitrogen. Ductility of the type 316N stainless steel was excellent, as

shown in Fig. 1(b). Values for elongation exceeded 20% and the reduction of area values

exceeded 30%. The piping was removed from service because cracks were observed in
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welds. These were thought to arise from hot cracks produced in the original field welds.

Some additional work is being performed to examine the use of the controlled resisidual

element CRE 16-8-2 stainless steel filler metal for joining the type 316N stainless steel.

evaluations are now in progress.

Testing of Weldments

The high-strength austenitic stainless steels have potential problems with regard to the

performance of weldments in long-time, high-temperature service. AUoys that are

balanced toward ferrite tend to have low-creep strength and embrittle due to sigma

formation. Base metals and filler metals that are balanced toward austenite have good

strength but are susceptible to hot-cracking.8 Problems with alloys balanced toward

austenite can be mitigated by reducing phosphorous and sulfur in the base metal and

selecting the proper filler metal. Typical filler metals that have been examined in connection

with the advanced austenitic alloys included Inconel 82®, 17-14 CuMo stainless steel,

CRE 16-8-2 stainless steel, and Haynes alloy 556®. Performance of weldments to

10,000 h was reported previously.6 Testing has been continued and times are approaching

20,000 h. The alloy 556 continues to offer the best strength at long times and high

temperatures. No ruptures have been produced in this reporting period, so additional

information on failure locations is not available.

Evaluation of Modified Alloy 800H

The high-chromium austenitic iron-base alloys are those that contain 20 to 30%

chromium, and 20 to 35% nickel. Examples are type 310 stainless steel and alloy 800H.

There are many modifications to the alloys, and new alloys of particular interest to the

advanced austenitic alloy evaluation activity include Sumitonao HR3C®, which is a

modified type 310 stainless steel,9 and Nippon Steel NFT09®, which is a modified 20Cr-

25Ni steel.10 In addition, modifications of alloy 800H were undertaken by Maziasz,3 and

this alloy has been produced as plate and tubing. An evaluation of the potential of these

alloys for advanced steam service was completed in 1991 (ref. I 1). Since then, interest in
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the alloys for combined cycle applications at higher temperatures has developed, and the

testing program on the materials has been expanded.

Much of the current research at Oak Ridge National Laboratory (ORNL) has focused

on the modified alloy 800H tubing produced by Babcock & Wilcox Company.12 Material

that was initially examined had been cold finished and solution treated at a relatively low

temperature (less than 1150"C). A new batch of tubing was received that had been solution

treated at 1190°C and cold pilgered. Initial results indicated that the new fabrication route

produced a material has twice the strength of alloy 800H at temperatures to 760°C. Testing

times are relatively short, however, and the long time stability of the microstructure is an

issue that has yet to be resolved.

Evaluation of weldments in modified alloy 800H continued. Again, alloy 556 has

been used as a filler metal, and welds have been produced at ORNL and at the University

of Tennessee. Times for in stress-rupture testing of transverse weldment specimens have

exceeded 5,000 h for temperatures in the range 600 to 700"C. Included were samples that

had been solution treated at 1200*C and welded either before or after cold working. In

Fig. 2, the rupture data on transverse (cross) weldment specimens have been compared to
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alloy 800HT on the basis of the Larson Miller time-temperature parameter. Trends suggest

that the strength of weldments in the modified alloy 800 is approximately 25% greater than

alloy 800HT base metal. In contrast to the lean stainless steels, which rupture in the alloy

556 filler metal, the modified alloy 800 weldments fail in the base metal of heat affect zone

at short times. Long time testing is still in progress.

Several experimental modified alloy 800H heats were produced to evaluate the

influence of minor element additions on oxidation resistance and weldability. A lower

propensity for hot cracking was observed for these heats, while cyclic oxidation tests to

1000"C indicated that some heats were equivalent ID standard alloy 800H.

Alloys for Hot-Gas Cleanup Applications

Hot-gas cleanup systems are being developed for pressurized fluidized bed

combustors (PFBC). One cleanup concept involved the use of ceramic barrier filters that

operate at temperatures in the range 800 to 900"C (ref. 4). Metallic materials will be used to

support the filters and fabricate the blowback manifold systems that are required for filter

cleaning. Although the gaseous environment is oxidizing, a potential for some sulfidation

exists if sulfur-bearing particulates collect on metallic components in the dirty gas side of

the cleanup vessel. High oxidation resistance, fabricability, and good thermal fatigue

resistance are of primary concern in the selection of the structural components, and several

alloys are being investigated to establish the potential for eventual use. Alloys of interest

include RA333®, Haynes alloy 556®, Inconel 617®, HR160_, and the nickel-chromium-

aluminides IC221 and IC396M. Research is being directed at producing the data needed

for high-temperature component design, rather than optimization of chemistry or fabrication

processes, and work underway includes creep-fatigue, thermal-mechanical fatigue, and

the development of parameters needed in design evaluations.

Examination has been completed of RA333 and Haynes alloy 556 for use in the Tidd

hot-gas clean vessel, and results have been reported elsewhere.13,14 The nickel-chromium-

alurninides offer an advantage over these two alloys for service under conditions of low

primary stress and high-transient loadings because they possess high yield strengths and

relatively poor creep strengths. This combination reduces the likelihood of plastic strains

, during transients and the rapid relaxation of any residual stresses that would produce creep
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damage during steady-stare operations. Research was undertaken on an electroslag casting

of alloy IC396M. Most te_asile,creep, and relaxation testing was complete d, and a few

fatigue tests and creep-fatig,,ue tests have been undertaken on the material.

Summary

Long-time testing of HT-UPS austenitic stainless steel continued to indicate excellent

strength and ductility in this type of steel.

Stress-rupture testing of transverse (cross) weldments in the HT-UPS steel joined with

type 16-8-2 CRE and alloy 556, filler metals has extended to beyond 10,000 h. Both filler

metals show good strength and ductility.

Creep-rupture testing of modified alloy 800H tubing in the cold-pilgered condition

indicated excellent strength relativ/e to alloy 800HT.
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INTRODUCTION

Iron aluminides based on Fe3AI have excellent oxidation and corrosion resistance, l

However, until recently their potential use as structural material has been hindered by low

room temperature ductility (<5%) and a drop in strength above 600°C. 2 Recent studies

indicate that the poor ambient-temperature ductility observed in many aluminides is often

caused by dynamic hydrogen embrittlement result!ng from the dissociation of water molecules

in the environment by aluminum atoms on the surface of the alloy.3al This environmental

embrittlement can be minimized through modification of alloy chemistry, microstructure, and

surface condition, ss Development efforts at this laboratory have indicated that by controlling

alloy chemistry and thermomechanical processing, Fe3Al-based alloys can achieve ambient

, temperature tensile ductilities of 10-20% and tensile yield strengths of as high as 500 MPa. 7'9

Fe3AI has been known for some time to have very poor creep resistance. 2

Preliminary studies of Fe3Al-based ternary alloys have shown that additions of molybdenum

or niobium result in improved creep rupture properties. At 593°C (1100°F) and 207 MPa

(30 ksi), the binary lasted only 2-5 h, while the niobium-containing ternary alloy lasted over

300 h._° Although niobium and, to a lesser extent, molybdenum greatly improve the creep

rupture resistance as ternary additives, I°'_1they do not necessarily provide room temperature

ductility. With additions of other elements whose primary effect is to produce room-

temperature ductility, synergistic effects become important. One purpose of the present

phase of our alloy development program is to study such synergistic effects and separate the

positive from negative synergisms, so that Fe3Al-based alloys can be produced with improved

creep rupture resistance to temperatures of 650-700 °C, adequate room temperature tensile

ductility (> 10%), and still be weldable, fabricable, and maintain their excellent corrosion

resistance.

Welding is a major area of concern for realizing the potential benefits of the unique

properties of iron aluminides. The welding processes used must be capable of producing high



232

quality weldments under field and shop conditions which are free of defects and have good

mechanical properties in comparison to the base metal. Initial work on the weldability of

intermetallic alloys has identified some potential problems associated with these alloys.12"14

These include a propensity for hot-cracking, a propensity for cold-cracking, and a possible

degradation of the rnechanical properties of the weldment in comparison to the base metal.

The preliminary results of weldability studies of FA-129 indicate that this alloy may be welded

by optimizing the welding process and. parameters. However, those studies have also shown

that iron aluminides are very sensitive to minor changes in composition of the base metal, is

Three categories of FeaAI alloys are_under investigation at Oak Ridge National

Laboratory (ORNL), The first compositi0_ has been optimized for sulfidation resistance and

is designated as FAS. The second has been:designed for maximum room temperature tensile
,'l ,_'

ductility and is designated as FAL. Tl:_eth_I'dis being designed for a combination of tensile

ductility and high-temperature_strengtb, and is designated as FA-129. Its final designation will

be FAH. Nominal compositio'ns of these three alloys are given in Table I. Initially,

mechanical property daia was generated on experimental-size heats ranging from 0.5 to 7

kg.7'16'17The commercial melting, fabrication, and properties of 80- and 100-kg heats were

described during the last reporting period, is

This report presents the current status of microalloying studies to produce an alloy

with improved creep resistance and weldability, analytical electron microscopy to identify

precipitates and correlate precipitate compositions with properties, weldability of recently-

.... produced microalloyed alloys, and

Table I. Compositions of Ductile Fe3Al-Based Alloys weldability of thick sections (0.5

Alloy (wt%) in.) of FA-129 alloy. The

Element FAS' FALb FA-129" commercial melting and
, ,

Al 15.9 15.9 15.9 properties of 2000- and 3000-kg
Cr 2.2 5.5 5.5 heats of alloy FA-129 are also

B 0.01 0.01 -" described.
Zr -- 0.15 --
Nb .... 1.0
C .... 0.05
Fe Balance Balance Balance

...., ,,,

'Maximum sulfidation resistance.

bMaximum room-temperature tensile ductility.
tHigh-temperature tensile strength with good room-
temperature ductility.

,,
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DISCUSSION OF CURRENT ACTIVITIES

Alloy Development for Improved Creep Resistance

In terms of alloy development, this reporting period has been devoted to producing

compositions 'which have an acceptable combination of several properties including tensile

strength arid ductility (both at room temperature and 600*C), creep-rupture resistance, and

weldability. Alloy FA-129, which is currently being scaled-up to commercial-size castings for

extensive study (see below), has good tensile properties at temperatures to approximately

650°C, with a room temperature ductility of 15-20%. It also has been shown that it can be

welded using controlled pre. and post-weld heat treatments, is However, it has inadequate

creep-rupture resistance (20-30 h life at 593°C and 207 MPa). 19 On the other hand, alloy

FA-97 has very good creep-rupture resistance (400-500 h life at 593° C and 207 MPa), 19but

poor room temperature tensile ductility and poor weldability (see below). Several alloys with

compositions which are compromises between these two alloys were therefore produced and

tested during this reporting period in an effort to produce one alloy with an acceptable

combination of'properties.

The alloys were prepared by arc-melting and drop casting into chilled copper molds.

Hot rolling to 0.76-mm-thick sheet was accomplished at either 1000-600°C or 1000-850°C,

depending on composition. Flat tensile specimens (0.76 x 3.18 x 12.7 mm) were

mechanically punched from the hot rolled sheet and were used for both tensile and creep-

rupture tests. Ali heat treatments were performed in air, with quenching by either air or oil.

For comparison between alloy compositions, tensile tests were performed at room

temperature (RT) in air at a strain rate of 3.3 x 103/s and creep rupture tests were

performed in air at 593° C and 207 MPa.

Table II shows the conlpositions of alloys FA-97, -129 and several alloys produced

during this reporting period. Table III compares their tensile and creep properties. Our
,

studies in the past have suggested that a certain ratio of molybdenum, niobium, and

zirconium is needed for creep resistance, but too much of any one can harden the alloy and

lower the room temperature tensile ductility. Also, while carbon is detrimental to creep

resistance, a certain level of carbon is desirable to promote weldability._ On the other hand,

too much zirconium or boron results in reduced weldability. The properties of the new alloys

(Table III) indicate that (1) levels of 0.03-0.05 at.% C are acceptable for both creep
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, , , ,

Table II. Compositions of Iron Aluminides Under Study
, ,,,, ,, ,,J,..k._,.,_.

_',_,_:,__position(at.%) ,
Alloy ..........

Designation Al Cr Nb Mo Zr C B Fe
i

FA-97 28 2.0 0.5 2.0 0.1 0.2 Bal.
FA-129 28 5.0 0.5 0.2 Bal.
FA- 167 28 5.0 0.5 0.25 0.025 0.1 0.005 Bal.v

FA-168 28 5.0 0.5 0.8 0.135 0.03 0.005 Bal.
FA-169 28 5.0 0.5 0.25 0.025 0.05 Bal.
FA-170 28 5.0 0.5 0.4 0.025 0.05 Bal.

'""' ' " " , • " i '" |

± '_,,, , ,, , ,,

Table III. Properties of Fe3AI Alloys
,,, ,=

RT Tensile _'b Creep rupture

Alloy Yield Ultimate Elong. Life Elong. MCR Weldable?
(MPa) (MPa) (%) (h) (%) (%/h)

FA-129 384 930 16.9 22_ 75 0.95 Y
FA-97 >690 <5.0 463c 47 0.04 N

FA-167 505(509) 723(822) 5.4(8.6) 84' 47 0.3 Y
FA-168 635(686) 744(773) 2.5(4.9) 391' 65 0.06 N
FA-169 (502) (803) (8.7) no't* 36 0.6 Y
FA-170 (474) (680) (5.5) 281¢* 32 0.04 Y

.... ,, ,.l

*Heat treated lh/750°C air cooled.

bValues in parentheses were produced using grips designed to hold the specimen under
the shoulders, not in the pinhu_es.
CHeat treated lh/850°C+3-7d/500°C; tested at 593°C and 207 MPa.

dHot rolled at 850°C; starting microstructure consisted of large recrystallized grains., , ,, ,,,

resistance and weldability, (2) boron is not necessary for creep resistance and may not be

needed for ductility, but in any case, to promote weldability, should be kept at 0.005% or

less, (3) for weldability, the zirconium level should be kept below 0.05 at.%, and (4) the

molybdenum level needs to be near 0.4% for creep resistance. It is anticipated that, with

optimization of fabrication techniques, alloys FA-169 and -170 will exhibit room temperature

tensile ductilities of approximately 10%. These studies are promising and indicate that

development of an alloy that will have a good combination of tensile and creep properties

and weldability, as well as adequate corrosion resistance, may be possible in the near future.
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Creep Mechanisms in Fe3AI-Based Alloys

Along with efforts to improve creep resistance in Fe3Al-based alloys through

alloying, an effort has been underway to identify creep mechanisms in binary Fe3AI and to

determine how creep mechanisms are affected by alloying additions. Details of those

studies can be found in the recent literature. 19'21'22During this reporting period analytical

electron microscopy (AEM) techniques [including x-ray energy dispersive spectroscopy

(XEDS), selected-area diffraction (SAD), and convergent-beam electron diffraction

(CBED)] were used to identify precipitates in Fe3AI alloyed with 2% Mo or 1% Nb. AEM

analysis of the precipitates in Fe3AI+2%Mo extracted on a carbon replica film showed that

they were Mo;-rich (>95 at.% Mo) and had the hexagonal crystal structure characteristic of

Mo2C phase (Fig. 1).21'22 The niobium-containing ternary alloy contained coarse and fine

precipitates in the matrix and at grain boundaries which were identified as Nb- and/or Zr-
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Fig. 1. AEM (a) of grain boundary precipitates in Fe3AI+2Mo alloy creep tested at 650°C
and 276 MPa. XEDS (b), SAD (c), and CBED (d) shows the precipitates are the hexagonal
Mo2C phase.
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rich carbides. 21'z2The presence of zirconium in this alloy was not intentional, and was

assumed to have been introduced during melting and casting. Many small (50-90 nm in

size) Zr-rich MC particles (> 70 at.% Zr) were dispersed uniformly throughout the matrix

and were associated with dislocations (Fig. 2). Most likely the small matrix and grain

boundary precipitates contributed to the low creep rate and high creep-rupture resistance

observed in this specimen (300 h life at 650"C and 138 MPa compared to 0.6 h for Fe3AI

and 50 h for Fe3AI+2Mo ).

Weldability of Alloy FA-129

Initial wor',,',on the weldability of FA-129 based iron aluminides have shown that

these alloys may be welded by controlling the welding process and parameters. Is Crack-free

welds were produced by preheating the base metal to 200°C and postweld heat treating at

7000C for one hour. Pre- and postweld-heat treating, in general, lowers the amount of

ORNL-PHOTO 9286-91
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Fig. 2. TEM microstructure of a Fe3AI+INb alloy creep tested at 650°C and 69 MPa
showing pinning of dislocations by Zr-rich MC precipitates. XEDS shows presence of both
Zr and Nb.
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thermal stress,'.s. In addition the slower cooling rate may provide an opportunity for any

hydrogen that may be present in the weld metal to diffuse out without causing cracking.

Following this, a systematic study was undertaken to evah_ate the optimum pre- and

postweld-heat treatment conditions. The results of the study indicate that successful welds

can be made on laboratory specimens with a minimum preheat of 100°C and a postweld

heat treatment of 400°C for one hour.

For the first time, welds have been made on 12.6 mm (0.5 in.) thick FA-129

material. The scaled-up alloy was obtained in the form of 6.3 mm (0.25 in.) and 12.6 mm

(0.5 in.) plates. Welds were made on the plates using matching FA-129 filler metal

deposited in a 90° included-angle V-groove with a 1.6 mm root opening. The welds were

made using alternating current with argon shielding and backing gas. The filler wire was

heat treated for 2 h at 300°C and the specimens were degreased and cleaned thoroughly

prior to welding. The techniques developed for the 6.3 mm (0.25 in.) plates, including pre-

and postweld-heat treatments, were successfully used to produce crack free welds in the

thicker sections. Figure 3 shows the transverse section of the weld indicating very coarse

grain structure in the fusion zone that may have an impact on its toughness.

Fig. 3. Transverse section of 12.7-mm (0.5 in.) thick FA-129 plate showing coarse columnar
structure in weld fusion zone.
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Weldability of Micro-alloyed Iron Aluminides

Preliminary. screening tests were performed on several new alloys. The compositions

of these alloys are listed in Table II. These alloys were tested for hot-crack susceptibility

using the Sigmajig test. The test has been used in the past to identify crack susceptibility of

several iron-aluminide alloys including FA-129. The test uses a preapplied transverse stress

during autogenous GTA welding of a 50 mm by 50 mm sheet specimen. The applied stress

is sequentially increased until the specimen cracks. This test ranks materials based on the

threshold stress above which cracking in the fusion zone occurs. The welds were

characterized using optical microscopy of specimens etched with a solution containing 40 ml

HNO3, 60 ml CH3COOH, and 20 ml HCI.

The preliminary results on the Sigmajig threshold cracking stress for the various

alloys are presented in Table IV. Based on these results, several of these alloys indicate a

potential for good weldability. The results clearly show that the weldability of iron

aluminides are sensitive to changes in composition. Alloy FA-97 containing molybdenum

and boron, which has excellent creep properties, showed very poor weldability. Although

boron has been found to improve fabricability and grain boundary strength of iron

aluminides, the results of the welding study suggest that boron is deleterious to weldability.

Among alloys FA-167 to -170, ali except alloy FA-168 exhibited promise of good weldability,

the main difference between the alloys being the higher molybdenum and zirconium content

in FA-168. Even though hot-cracking may not be a problem for these alloys, cold cracking

remains a potential problem. Figure 4 shows transverse cold cracks in an alloy FA-167

weldment that developed several

days after welding. However, it Table IV. Sigmajig Threshold Cracking Stress

is expected that a combination of [ Stress to cause hot-cracking
pre- and postweld heat Alloy [ [MPa(ksi)]

treatments can be used to FA-971 < < 138(20)
FA-129b =172(25)

prevent cold cracking in these FA-167b = 138(20)
alloys. FA-168b < < 138(20)

FA-169a <103(15)
FA-17tY > > 103(15), <138(20)

,,

'Final processing done at 850°C.
bFinal processing done at 600° C.
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Preparation and Fabrication of Commercial-Size Ingots of F%AI-Based Alloys

T'he commercial melting of 2000- and 3000-kg heats was limited to alloy FA-129

only. The scale-up effort is described below.

The scaleup of two heats of FA-129 alloy was conducted at Precision Rolled

Products (PRP), Reno, Nevada. The first heat weighing 2000-kg was prepared by vacuum-

induction melting (VIM) of the raw materials, was cast into a 330-mm-diam round

electrode, and subsequently electroslag remelted (ESR) into a 406-mm-diam ingot. The

ingot, shov_a in Fig. 5, was slow cooled after removing from the mold and stress relieved at

750°C for 8 h. The ingot's surface finish was similar to that observed for most commercial

iror_- and rfickel-base alloys. The surface finish was such that the ingot can be processed

witlaout the need for any surface treatment.

L_ 50X

Fig. 4. Transverse section of FA-167 weldment showing delayed cold-cracking.
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Fig. 5. A 406-mm-diam ingot of alloy FA-129. The alloy was prepared by VIM and ESR
at Precision Rolled Products.

The second heat weighing 3000 kg was also processed by VIM. However, this heat

was cast into a rectangular slab mold of 203 by 965 mm. The slab was removed from the

mold, slow cooled, and stress relieved at 750°C for 8 h. The slab, shown in Fig. 6, will be

processed in the as-cast condition. Compared to the ESR ingot, the surface quality of the

VIM slab was not as good.

Chemical analysis of the large ingots are compared with the target composition in

Table V. Note that the compositions of the large ingots are in good agreement with the

target composition. PRP indicated that the melting of iron aluminide was no different than

many commercial alloys, and that they would produce the alloy if customer requests were

received.

Cuttinff

Because of its size, the VIM slab ingot has not been sectioned. However, prior to

processing, the entire ESR ingot was sectioned to study its macrostructure and processing

response. Because of very low ductility in the as-cast condition, ORNL recommended that
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the ingot be cut by using a slow-speed band saw rather than a high-speed abrasive wheel, a

common industry practice. PRP subcontracted the band-saw cutting to another vendor who

found it to be extremely difficult to cut. In spite of the slow-cutting response, two slices

were sectioned from near the top of the 406-mm-diam ESR ingot. 'lhe sectioned pieces

showed evidence of cracks near the center of both slices. The cracking can be either from

the solidification process or from the cutting process. Subsequent crack-free cutting of the

slices at ORNL suggests that the cracks may be related to the solidification process. The

macro- and microstructures of the ingot section are shown in Fig. 7. The macrostructure is

very typical of that observed for the commercial alloys, and the microstructure is very similar

to that observed for 102-mm-diam ingots of the same alloy (FA-129). 16

Processing

A 28-mm-thick piece from the slice representing the top of the 406-mm-diam ESR

ingot was processed into 0.76-mm-thick sheet. The processing steps, temperatures, and

Fig. 6. A 203-mm by 965-mm slab of alloy FA-129 prepared by VIM at Precision Rolled
Products. Note that, as opposed to the round ingot, this ingot was not electroslag remclted.
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percent reductions are shown schematically in Fig. 8. The forging steps were at 10000C,

followed by rolling steps at 800 and 650*C, respectively. No problems were encountered in

the preparation of the sheet. The processing steps used for the section from the 406-mm-

diam ingot are the same as used previously for 102-mm-diam ingots. 16

Mechanical Prooerties

The 0.76-mm-thick, as-rolled sheet was stress relieved at 700"C for 1 h, followed by

oil quenching. The stress-relieved sheet was punched into specimens for tensile and creep

testing. In order to remove the work from die punching, ali of the specimens were given a

final anneal of 700"C followed by oil quenching prior to testing. Optical microstructures of

the sheet specimens prior to testing are shown in Fig. 9. Tensile tests on these specimens

were conducted in the temperature range of room temperature to 800*C. Data from these

tests are compared with similar data on 102-mm-diam ingots in Fig. 10, which shows that the

Table V. Composition of 406-mm-diam ESR Ingot of FA-129
i i ii lm ii lira ilmnl i i

Composition (wt %)
,,,, , , , ,,

Check analysis*
Target

Element composition Sample 1 Sample 2
, , ,, ,

Al 15.9 16.07 15.83
Cr 5.5 5.87 5.98
Nb 1.0 0.95 1.09
C 0.05 0.01 0.04
Fe 77.55 76.47 76.50
S -- 0.005 0.010
P -- 0.034 0.034

Ni -- 0.06 0.05
Mo -- 0.04 0.04
Mn -- 0.31 0.23
Si -- 0.O9 0.08
V -- 0.01 0.01
Co -- 0.02 0.03
Cu -- <0.01 <0.01
W -- 0.05 0.07
B -- 0.002 0.002

'Performed at MQS Inspection, Inc., Woodlawn, OH.
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percent reductions are shown schematically in Fig. 8. The forging steps were at 1000°C,

followed by rolling steps at 800 and 650"C, respectively. No problems were encountered in

the preparation of the sheet. The processing steps used for the section from the 406-mm-

diam ingot are the same as used previously for 102-mm-diam ingots. 16

Mechanical Properties

The 0.76-mm-thick, as-rolled sheet was stress relieved at 700°C for 1 h, followed by

oil quenching. The stress-relieved sheet was punched into specimens for tensile and creep

testing. In order to remove the work from die punching, ali of the specimens were given a

final anneal of 700°C followed by oil quenching prior to testing. Optical microstructures of

the sheet specimens prior to testing are shown in Fig. 9. Tensile tests on these specimens

were conducted in the temperature range of room temperature to 800°C. Data from these

tests are compared with similar data on 102-mm-diam ingots in Fig. 10, which shows that the

Table V. Composition of 406-mm-diam ESR Ingot of FA-129

Composition (wt %)
,,

Check analysisa
Target '

Element composition Sample 1 Sample 2

AI 15.9 16.07 15.83
Cr 5.5 5.87 5.98
Nb 1.0 0.95 1.09
C 0.05 0.01 0.04
Fe 77.55 76.47 76.50
S -- 0.005 0.010
P -- 0.034 0.034

Ni -- 0.06 0.05
Mo -- 0.04 0.04
Mn -- 0.31 0.23
Si -- 0.09 0.08
V -- 0.01 0.01
Co -- 0.02 0.03
Cu -- <0.01 <0.01
W -- 0.05 0.07
B -- 0.002 0.002

aPerformed at MQS Inspection, Inc., Woodlawn, OH.
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I 400 ,urn j 50X r'aO pm 400X' 1.-- J

Fig. ?. Optical macrostructure(a) and microstructures(b,c) of a section taken from near
the top of the 406-mm-diam ESR ingot of FA-129 showing (b) grain size and second-phase
distribution at low magnification, and (c) eutectic and porosity at high magnification.
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Fig. 8. Schematic showing the steps used for processing a section taken from near the top
of the 406-mm-diam ESR ingot of FA-129.

Fig. 9. Optical microstructure of 0.76-mm-thick sheet of alloy FA-129 prior to testing. The
sheet was rolled from a section near the top of the 406-mm-diam ESR ingot produced at
PRP.
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Fig. 10. Tensile properties of specimens from a 0.76-mm-thick sheet rolled from a section
of the 406-mm-diam ESR ingot of alloy FA-129. Data on the 406-mm-diam ingot are
compared with the previously developed data on a 102-mm-diam ingot of the same alloy.
(a) yield strength, and (b) ultimate tensile strength.



247

ORNL-DWG 91-17171

C 1000 , , , , , , ' , ' ' ....

' * ' PRP OQ

-- (XI

; AC

Z --..--o--- AC VACUUMTEST ,
_o
I--

(5 100Z

..1 '

STRAIN RATE: 0.2/min

FILLED SYMBOL: AIR TEST

10 , I , I , I, , I ,
0 200 400 600 800 1000

TEMPERATURE (°C)

ORNL-DWG 91-17172

-a, 100 , , , , , , , ,

g

rr OQ
< j,,.=_/1f- ----m.---- OQ

u. __ ; ACO 10

/z
O
m

I.-
o

u.I
rr STRAIN RATE: 0.2/mln

1 , I , I i I =, I , ,
0 200 400 600 800 1000

TEMPERATURE (°C)

Fig. 10 (continued). Tensile properties of specimens from a 0.76-mm-thick sheet rolled
from a section of the 406-mm-diam ESR ingot of alloy FA-129. Data on the 406-mm-diam
ingot are compared with the previously developed data on a 102-mm-diam ingot of the same
alloy. (c) total elongation, and (d) reduction of area.
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sheet processed from the 406-mm-diam ingot has essentially the same strength and ductility

properties as the sheet processed from the 102-mm-diam ingots. These results are very

encouraging in that they suggest that the iron-aluminide alloy FA-129 and probably alloys of

other compositions can be sealed up without sacrificing tensile properties.

Creep testing of specimens from the 406-mm-diam ESR ingot is in progress in t.he

temperature range of 450 to 7000C. The results of these tests will be reported in the next

semiannual.

SUMMARY AND CONCLUSIONS

Our efforts at alloying between alloy FA-129 (which has good tensile properties and

weldability) and alloy FA-97 (which has good high-temperature creep properties) to

produce a composition which has an acceptable combination of these properties have been

encouraging. Alloy FA-170 shows good weldability and creep resistance, but initial tensile

properties were not as good as expected. Further studies to optimize the fabrication

schedule for this alloy are underway and are expected to result in improved tensile

properties.

With the initiation in the past year of analytical electron microscopy studies on many

of our alloys, we are beginning to develop an understanding of deformation mechanisms in

the iron aluminides and a better understanding of the roll of alloying additions in promoting

desirable properties. These studies will continue in the future.

For the first time, successful, crack-free welds were made on 12.6-mm (0.5 in.) thick

plate material of FA-129 alloy. Optical metallography revealed a coarse, columnar grain

structure that may be detrimental to the properties of the weldment. The preliminary

weldability studies on the microalloyed iron aluminides are encouraging. Further weldability

studies are essential to characterize the weldability of these materials.

The preparation of 2000- and 3000-kg heats of alloy FA-129 melted at Precision

Rolled Products was described. This report also included the cutting and processing

experience with one of the ingots. The macrostructure, microstructure, and tensile

properties of the sheet rolled from the 406-mm-diam ESR ingot were presented. Tensile

properties of the sheet from the 406-mm-diam ingot were compared with the sheet rolled

from the 102-mm-diam ingot produced earlier. The following conclusions were reached

from the results available: (1) No unusual problems were encountered in the preparation
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of the 2000- and 3000-kg heats of alloy FA-129 at PRP. The surface quality of the 406-

mm-diam ESR ingot was similar to that observed for other iron- and nickel-based alloys.

(2) The sectioned slice from the ESR ingot showed some evidence of solidification-related

cracking. (3) Small pieces from the sectioned slices were easily processable by a standard

procedure developed for the laboratory-size heats. (4) Tensile properties of the sheet

rolled from the 406-mm-diam ESR ingot are similar to those observed for sheet rolled from

102-mm-diam ingots. (5) The results presented in this study suggest that alloy FA-129 can

be scaled up commercially without sacrificing tensile properties.
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INTRODUCTION

The development of cost effective materials in corrosive high temperature environments, e.g.

those experienced in the combustion of fossil fuels, has a major technological significance. In this

study, a modified pack cementation process 1 has produced adherent corrosion-resistant diffusion

coatings on various alloys used in fossil fuel burning power plants. The coating procedure and

corrosion testing results have been published2'3.

Cast irons containing 14-16wt% Si (Duriron, Fe3Si) exhibit excellent acidic aqueous

corrosion resistance 4. This resistance is further enhanced by the presence of about 4wt% Cr.

However, such high-Si Fe-base alloys are brittle and available only in the as-cast form. A study to

produce diffusion coatings containing 14-16wt% Si (pins Cr) on a Fe-2.25Cr-l.0Mo-0.15C steel is

currently being pursued.

In this report, new thermodynamic calculations for Cr + Si codeposition are presented.

Preliminary work to identify the oxidation products and mechanism for coated plain carbon and low-

alloy steels is discussed. Initial results on coating low-alloy steels with a high-Si diffusion coating are

presented.

DISCUSSION OF CURRENT ACTIVITIES

A thermodynamic analysis and experimental results of the last six months are summarized

here.

Thermodynamic Analysis

The use of a silica fiUer in the codeposition of Cr and Si has been recognized as an

important factor in this laboratory for approximately three years. The reason for the significance of

the silica f'tUerhas been identified through thermodynamic calculations that analyze packs containing

the various Ct-Si raasteralloys, a NaF and/or NaCI activator, and a silica or
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alumina filler. Figure 1 plots the equilibrium vapor pressures as a function of the activity of silicon

for a pack containing a NaF activator and an alumina filler at 10500C. Figure 2 shows the result of

an identical calculation except for the introduction of a silica filler instead of alumina. Upon

comparing Figures 1 and 2, the calculated partial pressures of the Si and Cr fluorides are

approximately two orders of magnitude higher for the silica filler. These increases in partial

pressures for both the Si and Cr fluorides result from the stability of Na2Si20 $ (/) at the process

temperature. If Na2Si20 5 (/) is not entered into the calculation for the pack containing the silica,

the calculated partial pressures for the Si and Cr fluorides are virtually the same as for the alumina

filler. However, the addition of Na2Si20 5 (/) into the silica filler calculation produces the values

shown in Figure 2. The explanation for this behavior is as follows. Sodium is consumed in the

formation of Na2Si20 5 (0. The only source of Na in the pack is NaF (/), and the reaction of silica

to form Na2Si20 5 (/) displaces Na from NaF (/), while the fluorine is released into the gas phase.

Upon the release of fluorine, an increase in the fluorine activity in the pack occurs. Therefore, the

vapor pressures of the Si- and Cr-fluoride species are increased. An amorphous glass phase

develops on the inside of crucibles used for codepositing Cr and Si with a silica filler. This glassy

phase has been analyzed using energy dispersive spectroscopy (EDS) and found to contain Na and

Si.

Oxidation Mech0_ism

_hr0mized/Silic0nizcd 1018 Steel, Figure 3 shows the low weight gain of a

chromized/siliconized low alloy steel (surface concentration containing 34wt%Cr-3Si) cyclically

oxidized in air at 700°C for over four months. The complete details of the coating process have

been published previously3. Table 1 shows the qualitative results reported from companies that have

tested ._imilarlycoated coupons. The low weight gain shown in Figure 3 and the excellent results

reported in Table 1 are postulated to result from a very thin, slow growing, amorphous silica film at

steady state. Preliminary efforts to identify this thin film are discussed next.

Figure 4 shows a spalled region of a sample isothermally oxidized in air at 700°C for 1100

hours. The spallation occurred during cooling to room temperature. The scale that is still attached

to the substrate has been identified as Cr20 3 by x-ray diffraction and has a typical morphology of a

chromia scale grown on a chromia-forming alloy. Figure 5 which is a higher magnification of the

area shown in Figure 4 shows two distinct regions. Spot "a" appears to be smooth while spot "b" has

a rough fracture surface appearance. Figures 6 and 7 show a spalled piece of oxide laying upside

down to reveal the underside of the oxide. Of particular interest is the portion of the spalled oxide

shown by the letter 'c'. This area has a smooth, freely faceted appearance and could possibly match
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Table 1. Qualitative results from companies.

, ,,,,. ,, , , ..
I

, COMPANY ATMOSPHERE [ RESULTS

Shell Development isothermal (400-7000C) coatings performed better than
reducing, S-containing gas typical heat-resistant austenitic alloys
(medium BTU fuel)

, ,, ,, ,. ,, ,.

Foster Wheeler synthetic ash (containing 5wt% - at 6500C (below melting
K2SO4, 5wt% Na2SO4, 30wt% temperature of sulfate in ash)
A1203, 30wt% SiO2, and 30wt% coatings performed comparable to
Fe203) plus 15.6% CO2, 10.0% Incoloy 690 (Ni-29Cr-9Fe)
H20, 3.6% 02, 1.0% SO2, - at 700Oc (above melting
balance N2 at 6500C and 700ac temperature of sulfate in ash)

coatings did not perform well

Babcock & Wilcox isothermal (500-700°C) chromized/siliconized coatings are
reducing, S-containing gas performing comparable to or better

than chromized coatings
'J' , , ,,,!tr _I t_ , m_ ' : _ ' 'I
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Figure 4. Secondary electron image of spallcd region of coated 1018 steel coupon isothermally
oxidized at 700°C for 1100 hours.

Figure 5. Higher magnification of spaUed region in Figure 4 showing faceted regions "a" and rough
regions "b".
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Figure 6. Secondary electron image of spaUed oxide showing the underside of the oxide scale.

Figure 7. Higher magnification of spalled oxide shown in Figure 6.
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the smooth areas shown in Figure 4. Whether area 'c' is amorphous silica has not been positively

determined. However, surface compositional analysis of regions similar to 'a' and 'b' in Figure 5

using Auger Electron Microscopy will be conducted.

Coating R_sults

Efforts to produce a high silicon (Fe-14wt%Si) diffusion coating on three iron-base alloys

(interstitial-free steel, AISI 1045 steel, and Fe-2.25Cr-l.0Mo-0.15C steel) are presently being

pursued. Figure 8 shows the microstructure of a 2.25Cr-l.0Mo steel coated using a 60wt%Cr-40Si

masteralloy, NaCI activator, and a SiO2 fiUerdiffused at 1050°C for 20 hours. The composition of

the coating, at a depth of 5 microns from the outer surface is Fe-9.2wt%Cr-7.2Si, as determined

using energy dispersive spectroscopy. As shown on the mierograph in Figure 6, some porosity is

observed in the 350 micron (14 mils) thick coating. These voids are probably dosed Kirkendall

voids resulting from Fe loss at the surface as FeCI2 vapor. Experiments to increase the silicon

content and eliminate the porosity using a different activator, and masteralloy are underway.

q
P

O

l

"I,v

Figure 8. Optical mierograph of 2.25Cr-l.0Mo steel coated using 60wt%Cr-40Si masteralloy, NaCI

activator, SiO2 filler, diffused at 1050°C for 20 hours.
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CONCLUSIONS

A thermodynamic analysis of packs containing a silica filler versus an alumina Idler explains

the importance of using a silica Idler to raise the fluorine activity during the codeposition of Cr and

Si. A thin amorphous silica layer thought to form during the oxidation of codeposited diffusion

coatings (containing approximately 20-30wt%Cr-3Si) has not yet been positively identified. Coatings

containing 9.2wt%CR and 7.2wt%Si have been produced on 2.25Cr-l.0Mo substrates and

experiments t increase the Si content and eliminate the coating porosity are presently underway.
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RPI-2-INVESTIGATION OF MOISTURE - INDUCED EMBRITI'LEMENT OF'
IRON ALUMINIDES

A. Castagna and N.S. Stoloff

Rensselaer Polytechnic Institute
Troy, NY 12180-3590

INTRODUCTION

The purpose of this investigation is to examine fatigue crack growth resistance

and notched and unnotched tensile properties of the Fe3AI type Intermetallic compound,

FA-129. The composition Is 28.6 at.%AI, 4.8 at.%Or, 0.21 at.%C, 0.5 at.%Nb, balance

Fe. Tests have been performed in various environments and in the B2 and DO3 ordered

conditions.

DISCUSSIONOF CURRENTACTIVITIES

Fatigue Crack Growth

Fatigue crack growth tests were run following the ASTM E-647 procedures on

compact tension specimens measuring 3.18 cm x 3.05 cm x 0.51 cm thick in the

following environments: oxygen, vacuum, air, hydrogen gas, and air with hydrogen

cathodically charged into the specimen. Tensile tests were run on cylindrical specimens

with a gauge section 0.46 cm in diameter and 2.26 cm long. Notched tensile specimens

had a notch cut around the gauge of depth .102 cm and radius 0.0089 cre. Notched and

unnotched tensile specimens were run in oxygen and air. Ali tgsts were conducted on both

the DO3 and the B2 conditions.

Figs1 and 2 show the da/dN curves generated for B2 and DO3 material

respectively. Table 1 lists the fracture mode for each test condition and summarizes the
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slopes of the da/dN curves as well as the threshold and critical stress Intensities. lt

should be noted that these critical stress intensities may not correspond to the ASTM

defined AKICdue to specimen size being smaller than required for valid AKIc values.

Table 1
Stage II AKTN AKc

Condition Fracture Surface Striations Slope (MPa,,/m) (MPaqm)
B2 Oxygen Dimpled few 2 9 26 6 1
B2 Vacuum "IG many 5 1 31 5 9
B2 Air "_ many 9 4 30 4 4
B2 Charged _ few 6 8 23 4 4
B2Gas "_ few 8 6 22 4 1
DO3 Dimpled + Cleavage many 8 8 23 35
DO3Vacuum "_ few 1 .9 20 32
DO3 Air Mixed + Cleavage few 22.8 19 2 4
DO3Charged Mixed + Cleavage none 9.1 * 19 2 7
D03Gas Mtxed+ Cleavage none 37.6 18 2 1

• - excessive crack branching observed

0 -- 9 I I I ,,, I I

20 30 40 50 60

AK(MPa alm)

Fig. 1 - Fatigue Crack Growth in B2 Ordered FA-129
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Fig. 2 - Fatigue Crack Growth in DO3 Ordered FA-129

Several trends appear in the data. First is the effect of order. The threshold and

critical stress intensities in the DO3 state are approximately 40% lower than those in

the B2 state. In addition to being shifted to the left on the z_Kaxis, the da/dN curves for

the DO3 material exhibit a much steeper slope in the stage II region of crack

propagation, or in some cases there was no well defined stage I! region at all. The

fracture surfaces in the two ordered states also are different. The B2 ordered specimens

fail entirely transgranularly, with occasional fatigue striations, while the DO3 ordered

specimens demonstrate a shift from transgranular to mixed mode to predominantly

intergranular with more aggressive environment.

" The effect of environmentis demonstratedby both a decrease of slope, AKrH and

z_Kcof the da/dN curves, with hydrogengas causing the poorest properties and oxygen
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the best. The hydrogencharged curve flattens out and crosses over the air and vacuum

curves. This is most likely due to excessive crack branching observed in the hydrogen

charged specimens. Tests In oxygen and vacuum yield the greatest resistance to crack

growth, with a decrease in toughness as the environment changes to air, hydrogen-i

charged, and hydrogengas.Specimensof both orderedstates showed a significantchange

tn fracture surface In oxygen toward a dimpled appearance suggesting microvold

coalescence. In the B2 state ali other environments resulted tn predominantly

transgranular failure.

The DC3 ordered sample tested tn vacuum exhibited cleavage failure with some

striations present. In air lt displayed intergranular regions as well as transgranular.

Some striations also were visible. The fracture surface of the hydrogen charged

specimen was similar to that in air, but showed no fatigue striations. The specimen

tested in hydrogen gas showed more extensive regions of intergranular failure. In both

the DC3and B2 states specirnenstestedin hydrogengas showed a smallamount of

secondary cracking which appeared to be along cube planes.

The changes in t_Kc shown in Table 1 clearly show the embrittling effect of

hydrogen, whether it is present in the form of hydrogen gas or water vapor in air. Air

and hydrogengas have nearly the same effect on _Kc. This supports the theory that water

vapor in air reacting with aluminum releases hydrogen at the crack tip(1). The decrease

in stage II slope betweenoxygen and vacuum also is consistent with this theory. Oxidation

of aluminum occurs without H20 vapor in the high oxygen environment, thus eliminating

the release of hydrogen.

Notch Sensitivity

Tensile results are listed in Table 2. Comparisonof unnotched data shows the

expected embrittling effect of hydrogen on elongation (El) and reduction of area (RA) in

both ordered states. In the B2 state Ef doubles when tested in oxygen, and in the DC3 state

there is a five'fold increase, with similar behavior for RA. As expected, ductility in the

DC3 state is lower than that in the partially ordered B2 material.
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UTN-2 - INVESTISATIQN OF _OININg TECHNIOUES FOR

ADVANCED AUSTENITIC ALLOYS

C.D. Lundin, C.Y.P. Qiao and T. Kuroda

i

Materials Joining Research

Materials Science and Engineering Department
The University of Tennessee, Knoxville, TN 37996

INTRODUCTION

Modified 316 and 800H are members of a family of HT-UPS

(high-temperature, ultrafine precipitate strengthened)

austenitic alloys that have been developed by ORNL (Oak Ridge

National Laboratory) for application in modern power

generating systems [i]. Extensive weldability evaluations

have been completed [2]. Like conventional nickel base

alloys and fully austenitic stainless steels, the HT-UPS

alloys also show some welding related problems (e.g. hot

cracking and HAZ liquation crackingl during fabrication.

Filler metal selection and proper welding procedures are

significant factors in producing sound welded joints in

addition to control of base material response. One heat of

modified 316 and one heat of modified 800H tubing fabricated

at Babcock and Wilcox were employed to conduct tube weld

coupon fabrication using a state-of-art pipe welder. The

welding procedures for the weld coupons are briefly described

in this report.

HD 556 and Inconel 617 are potential filler alloys for HT-

UPS materials. Successful GTA welding of modified 800H using

HD 556 filler has been demonstrated by ORNL [3]. Hot

cracking and hot ductility evaluations of HD 556 and Inconel

617 were conducted and reported previously [2]. The
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metallographic and fractographic examinations on the hot

ductility and hot cracking samples tested recently have been

carried out. A summary of the preliminary fractographic

examination results are included in this report.

l

: DISCUSSION OF CURRENT ACTIVITIES

Welding Practices for Advanced Austenitic Alloy Tubing Coupons

An Astro-arc Model 3P-300-PE pipe welder was used for

welding. A positioner was used to rotate the tubing in the

horizontal (IG) position during welding. Figure 1 shows the

tube welding fabrication system.

The modified 316 monolithic tubing is 2.02" OD, 1.32" ID.

The modified 800H monolithic tubing is 2.02" OD, 1.01" ID.

The welded coupons are composed of two 5" long pieces of

tubing. A V groove preparation was applied for both modified

316 and modified 800H materials. Five weld beads were used

to fill the groove for the modified 316 while seven weld

beads were used for the modified 800H. Alloy 556 was used as

the filler mater al. Suitable welds were obtained for both

modified 316 and modified 800H.

Preliminary Weldability Evaluation Using

Hot Ductility Testing of Haynes HD 556 and Inconel 617

The Gleeble hot ductility test has been used for

evaluating weld HAZ properties since 1949. One of the

imL)rtant features of this testing is the ability to predict

HAZ hot cracking propensity using hot ductility vs

temperature behavior. The results of Varestraint hot
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Figure I. The tube welding fabrication system.
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cracking test and Gleeble hot ductility test for HD 556 and

Inconel 617 were presented in an earlier technical report

[2]. It was shown that the Gleeble hot ductility test

results agreed with the Varestraint hot cracking test (the

most widely used hot cracking test method). Thus, this

indicates that Gleeble hot ductility test can be reliably

employed to assess HAZ hot cracking tendency. In order to

reveal the metallurgical conditions related to the hot

ductility behavior of HD 556 and Inconel 617 a fractographic

examination was accomplished and the results are presented in

this report. The chemical composition of Haynes HD 556 and

Inconel 617 is tabulated in Table i. The hot ductility

curves for HD 556 and Inconel 617 are shown in Figure 2.

Table i. Chemical Composition of Materials Studied

,,,

Material C Si Mn Ni Cr Nb Mo S Al W Co _ Fe
i i, Jill

HD 556 0.ii 0.49 1.20 19.44 31.39 0.76 2.72 <0,005 0,26 2.08 19.08 0.01 _I,

855657305 ,d ...............
Inconel

61"7 0,06 0.18 0.02 55.31 21,74 8.91 0.002 I.Ii - 12.32 0.53

Y_ 14A 6UK ....

The fractographic observations on hot ductility sample

agreed with the ductility data obtained from hot ductility

testing for both materials tested.

HD 556 Alloy

Figure 3 shows the fractographic morphology of a hot

ductility test sample tested on-heating at 968°C. A typical

dimple morphology fracture surface denotes that microviod
.

coalescence is responsible for fractt)re at this temperature.

The fracture surface morphology of the hot ductility specimen

tested at on-he,ating 1262°C is shown in Figure 4. The

intergranular type r<ipture is evident on this fracture

surface. It is clear that grain size is small at this test

temperature due to recrystallization. It should be noted



267

100

uJ /o
¢ 60 /

_z \
= \
o_ 4o \p-
oD

LU
= \

2o \
• ON-HEATINGTEST \
o ON.COOLINGTEST \

0 • ,' ,-- _:• _, - ,l

800 900 10'00 11'00 1200 300 1400

TEMPERATURE (°C)

(a)

.. 80

.',, // \_= 4o

= / °
r- /
= /
m 20

= /
• ON-HEATINGTEST \%
o ON-COOLINGTEST o '_

0 " , w ' , ' l ' ' i -- ' l -'--'_'-'<
, 100 900 1000 1100 1200 300

TEMPERATURE (oc)

(b)

Figure 2. Hot ductility behavior of Haynes HD 556 (Ht.
855657305) and Inconel 617 (Ht. XXI4A6UK). (a) Hot ductility
behavior of HD 556; (b) Hot ductility behavior of Inconel
617.
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Figure 3. Fracture surface morphology of HD 556 hot

ductility sample tested for on-heating at 968°C.

Figure 4. Fracture surface morphology of HD 556 hot

ductility sample tested for on-heating at 1262°C.



269

that 1262°C is the temperature where hot ductility begins to

decrease as the testing temperature increases during the on-

heating tests. No clear evidence was obtained to show that

liquation occurred during on-heating testing at this

temperature. Figure 5 shows the fracture surface morphology

of the sample tested at 1302°C (ZDT). Clear evidence is

shown indicating that a "liquid" film covered the ruptured

surface at the test temperature. The grain size at this

temperature is greater than that at 1262°C due to grain

growth.

The fracture surface morphology of the hot ductility

sample tested at 1268°C on-cooling from ZDT is shown in

Figure 6. It is characterized by a generally brittle

morphology (intergranular) with a small amount of ductile

rupture. The sample tested at 933°C during on-cooling shows

a dimple morphology (see Figure 7). It is considered that

the rupture at the lower temperature is intergranular along

the prior melted and resolidified grain boundaries and this

reflects the high temperature exposure.

Inconel 617 Materi_

The grain size of Inconel 617 is larger than that of HD

556. Figure 8 shows the fracture surface morphology of a hot

ductility sample tested on-heating at 927°C. A clear dimple

type surface fracture morphology with significant plastic

deformation prior to rupture can be observed. As tested on-

heating at 1204°C (hot ductility decrease temperature), the

fracture surface shows typical intergranular rupture (see

Figure 9). No clear evidence exists to show that liquid

begin to form along the grain boundaries at this temperature.

A sample tested at 1302°C (ZDT) on-heating possesses clear

evidence of intergranular fracture surface covered with a

"liquid" layer at elevated temperature (see Figure I0). Upon
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Figure 5. Fracture surface morphology of HD 556 hot
ductility sample tested for on-heating at 1302°C (ZDT).

30gi
-"-"--T..I

Figure 6. Fracture surface morphology of HD 556 hot
ductility sample tested for on-cooling at 1268°C.
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Figure 7. Fracture surface morphology o_ HD 556 hot

ductility sample tested for on-cooling at 933°C.

Figure 8. Fracture sueface morphology of Inconel 6].7 hot

ductility sample tested f.o):on-.l)eating at 927°C.
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Figure 9. Fracture surface morphology of Inconel 617 hot
ductility sample tested for on-heating at 1204°C.

30__j

Figure i0. Fracture surface morphology of Inconel 617 hot
ductility sample tested for on-heating at 1302°C (ZDT).
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on-cooling testing at I127°C, the fracture surface reveals

intergranular type rupture along the prior melted and

resolidified grain boundaries (see Figure ii). Figure 12

shows the fracture morphology of a hot ductility sample

tested at 1010°C on-cooling. Larger size dimples dominate

the fracture surface in this sample, however, the fracture is

believed to occur along the prior melted and resolidified

grain boundaries.

SUMMARY

i. Fabrication of welded coupons of modified 316 and modified

800H tubing using HD 556 filler metal has been completed.

2. Preliminary metallographic examinations of hot ductility

test samples of alloys HD 556 and Inconel 617 were completed

and the fractographic observations agree with hot ductility

behavior for both HD 556 and Inconel 617.

3. Evidence for liquation related hot ductility mechanisms is

clear in these alloys.

4. The hot ductility response of HD 556 and Inconel 617 is

considered excellent and suggests a low cracking

susceptibility.

FUTURE WORK

Metallographic examination of the welds on tubing coupons

will be carried out in the near future. Microhardness

measurements on the welds will also be conducted in order to

evaluate HAZ softening behavior.

The Varestraint testing of eight small heats, with

controlled additions of tungsten and nitrogen, of modified
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Figure Ii. Fracture surface morphology of Inconel 6i7 hot
ductility sample tested for on-cooling at I127°C.

Figure 12. Fracture surface morphology of Inconel 617 hot
ductility sample tested for on-heating at 1010°C.
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800H will be undertaken for alloy modification

investigations.
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.WHC-2 - ELECTRO-SPARK DEPOSITED COATINGS FOR PROTECT!ON OF
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Westinghouse Hanford Company
P. O. Box 1970, L6-39

Richland, WA 99352

INTRODUCTION

The objective of this program is to develop candidate coatings,

. using the Electro-Spark Deposition (ESD) process, for the protection of

materials in sulfidizing atmospheres typical of fossil energy

applications.

The ESD process contributes a new dimension to materials for fossil

energy applications by allowing the investigation of surface

compositions that are difficult or'impractical to achieve by other

processes. A wide range of both stable and meta-stable surface alloys

and structures can be producedby the ESD alloying and by the rapid

solidification inherent in the process. Not only can the standard

corrosion-resistant alloys be formed or deposited, for example, but it

is also possible to apply refractory metal alloy diffusion barriers on

the surface or between the substrate and primary corrosion protection

coatings.

Coatings of interest include single or multi-layer deposits of

commercially available hardfacing alloys, as well as custom formulations

of metal aluminides, chromium alloys, refractory metals, carbides,

silicides, and borides. Materials to be protected include low alloy

steels, Alloy 800, Type 310 stainless steel, and modified ("lean")

stainless steels.

Background

Electro-spark deposition is a pulsed-arc micro-welding process that

uses short-duration, high-current electrical pulses to weld a consumable
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electrode material to a metallic substrate. The short duration of the

electrical pulse allows an extremely rapid solidification of the

deposited material and results in an extremely fine-grained, homogeneous

coating that may be amorphous for some materials. The microstructures

produced by ESD can provide exceptional corrosion-resistance and wear-

resistance for many materials.

The ESD process is one of the few methods available by which a

fused, metallurgically-bonded coating can be applied with such a low

total heat input that the bulk substrate material remains at or near

ambient temperatures. This eliminates thermal distortions or changes in

metallurgical structure of the substrate. Since the coating is

metallurgically bonded, it is inherently more resistant to damage and

spelling than the mechanically-bonded coatings produced by most other

low-heat-lnput processes such as detonation gun, plasma spray, electro-

chemical plating , etc. Nearly any electrically-conductive metal, alloy

or cermet can be applied by ESD to metallic substrates.

Further background information on the ESD process is provided in

Reference i.

Discussion of Prior Activities

Data collected so far indicate that ESD coatings tend to show lower

corrosion rates in most environments than the same material would in

either bulk form or as a coating applied by other processes. For

example, ESD-applied coatings of chromium carbide-15% nickel exhibit

significantly lower corrosion rates in aqueous and liquid metal

environments than similar detonation-gun applied coatings. 2 The

superior performance of the former is attributed to the extremely fine-

grained, nearly amorphous structure inherent to the ESD coatings

compared to the larger-grained, more heterogeneous detonation-gun

coatings.

In tests at Argonne National Laboratory (ANL), this same ESD

coating (chromium carbide-15% nickel) showed four times better

sulfidation resistance than Type 310 stainless steel at 875°C. 3
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Normally, this cor,_position would not be expected to perform that well

because of the strong susceptibility of a nickel matrix to sulfidation

attack. Again, the fine grain structure is believed to be a major

factor in the corrosion resistance. This observation is in agreement

with other Fossil Energy Materials Program work that indicates one

mechanism of improving lifetimes of protective oxide films and scales is

to maintain as fine a grain structure as possible. _ Further improvement

in corrosion resistance of the chromium carbide coating was achieved by

alloying aluminum into the surface by a further ESD treatment. S

One of the most significant advances in ESD coatings for use in

sulfidation environments has been the successful development of Fe3AI as

a coating material. Oak Ridge National Laboratory (ORNL) has

demonstrated the exceptional corrosion properties of Fe3AI in bulk form,

but alloying the Fe3AI to achieve acceptable mechanical properties so

far appears to compromise the corrosion performance. As one alternate

approach, ORNL supplied electrode materials to Westinghouse Hanford

Company (WHC) for use in ESD coating development. (Using Fe3AI as a

coating material allows the selection of the substrate materia], for

optiT um mechanical properties and economy while retaining the corrosion

resistance offered by the coating.) The coating results to date have

been outstanding. The ESD parameters have been developed to the point

that consistent, defect-free coatings over i00 #m thick can be applied

relatively rapidly with good transfer efficiency. The FeaAI appears to

produce some of the best coatings of ali the materials evaluated for ESD

application.

Further coating development is proving that the corrosion

performance of the Fe3AI coating cart be significantly enhanced by the

use of multi-layer ESD coating techniques. Sulfidation corrosion tests

at ANL 506, for example, showed the beneficial effects of applying a Nb-

iZr diffusion barrier coating. The corrosion rate of ,_n ESD coa_ing of

Fe3AI was reduced by a factor of 2 in tests at 500°C when an

intermediate ESD coating of Nb-iZr was first app].ied to the stee%, when

compared to the same Fe3AI coating applied directly to the steel.
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DISCUSSION OF CURRENT ACTIVITIES

Improved Fe3AI Coatings

Analyses of the Fe3AI coatings with and without the Nb-iZr

diffusion barrier coating led to the conclusion that one of the

principal reasons for the improved corrosion performance of the Fe3AI

coating over the Nb-iZr layer was the higher aluminum ,_ontent of the

coating surface. 7 Scanning Electron Microprobe (SEM) analyses showed

that the intermediate diffusion barrier reduced the dilution of

substrate elements into the coating weld zone and resulted in about 50%

more aluminum in the surface of the coating (15% vs. 9.5%).

An obvious next step in developing improved coatings is to further

increase the alua_inum content of the surface by ESD treatments and to

_'xplore the effects of various levels of aluminum in the composition.

We used commercially pure aluminum electrodes to directly alloy aluminum

into the Fe3AI coating surface by ESD. The results so far have been

disappointing. Although aluminum is successfully alloyed into the

surface, the resulting alloy contains too many defects and cracks to be

acceptable as a corrosion barrier coating. Further development of the

ESD coating parameters has reduced, but so far not eliminated, the

cracking tendencies. We believe the most likely method of producing an

acceptable coating will include the use of a prealloyed electrode, ,such

as the FeAI compositions in development at ORNL. We are awaiting the

fabrication of the higher aluminum content materials into suitable

electrode geometries.

Development efforts on another improved Fe3Al-base coating

candidate were more successful. The new coating consists of one layer

of Nb-iZr alloy diffusion barrier ESD coating applied to an iron-base

alloy substrate, followed by a layer of Fe3AI , which is then treated

with a light alloying addition of platinum in the third layer. The

benefits of the refractory metal diffusion barrier were discussed above,

while experience in gas turbine coating applications has demonstrated

that small alloying additions of' Pt to aluminide coatings improves the
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amounts of Pt are used that these coatings can still be economically

attractive.) The new coating is to be corrosion tested at ANL in FY

1992.

ESD Equipment Development

Development of an improved ESD welding power supply was completed,

The new power supply increases the range and control of useable welding

parameters with the result that we can now produce higher deposition

rates while maintaining good coating uniformity and surface roughness

control. Previous power supplies produced high deposition rates only at

the expense of decreased coating uniformity or smoothness. While the

new supply does not eliminate that general relationship, it does extend

the useable range of deposition rates for a given surface structure

desired. Further power supply improvement objectives have been

identified for the next phase of development.

Fabrication of a prototype ESD applicator for coating the inside

diameters of tubes and holes was completed. The applicator is designed

to coat holes as small as 1.25 cm diameter x 15 cm deep. Holes I0 cm or

larger can be coated up to 50 cm deep. An improved lD applicator

capable of coating much longer lengths of tubing is being designed. Its

ultimate capabilities will be determined by the availability of special

geometry electronic components we are attempting to procure.

Technology Transfer Activities

We are involved in assisting in the start-up of a new business in

Portland, OR, aimed at further commercialization of the ESD process.

Activities have included training of personnel, recommendations for

equipment and materials, and consulting on techniques and process

parameters. Successful commercial applications of ESD now in production

at the new organization include:



282

a) Wear resistant coatings on recreational and sports equipment.

One example of a unique application was the coating service supplied to

the 1991 U.S. Everest Expedition. Many of the light alloy (al_ninum or

titanium) climbing gear components, such as crampons, ice axes and

various safety and rope handling tools were subjected to heavy wear and

performance degradation during the course of the climb. Uncoated

components were worn out, but those that were ESD coated with wear-

resistant carbides were in near-new condition at the completion of the

expedition. The coatings earned high praise from the successful U.S.

team.

b) Knife and fish-hook sharpeners. ESD coated knife sharpeners

are now appearing in specialty fishing gear catalogs. Customers report

the ESD co_ted sharpeners cost less than diamond-impregnated sharpeners,

but are equally effective and outlast the diamond sharpeners by several

times.

c) S_.edders in recycling plants. ESD coatings applied to paper

and materials shredder teeth in a Portland recycling center increased

the life of the shredder teeth by a factor of seven.
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ANL-_ - CORROSION AND MECHANICAL Pt_OPERTIE$ OF ALLOYS IN FBC

.

MflXED-GAS ENVIRONMENTS

, K. Natesan and J. H. Park

Argonne National Laboratory
Materials and Components Technology Division

Argonne, IL 60439

INTRODUCTION

The purposes of this program are to (1) evaluate mechanisms of oxidation,

sulfidation, and breakaway corrosion in chromia- and alumina-forming alloys and

coatings exposed to mixed-gas atmospheres that span the wide range of oxygen and

sulfur partial pressures typical of both combustion and gasification systems; (2)

develop an understanding of the role of several microalloy constituents (e.g., Zr, Nb,

Y, Ce) in oxidation/sulfidation processes; (3) characterize the physical, chemical, and

mechanical properties of surface oxide scales that are resistant to sulfidation attack;

and (4) evaluate the role of deposits, such as fluidized bed combustor sorbents
L

containir!ii!ilsulfur and/or chlorine and ash constituents, in the corrosion behavior of

metallic ildloys_' and selected coatings.

i

DISCUSSION OF CURRENT ACTIVITIES

[:},l:,L'ringthe current reporting period, extensive oxidation experiments were

conductei:!lito evaluate the roles of reactive element additions in the oxidation kinetics

and tran'%ll_ort._.,properties in the oxide scales. The corrosion resistance of structural

alloys in _'iigh-temperature environments is achieved by the formation of a continuous

L

i

chromium oxide (Cr203) scale. The scale can be treated principally as a rate-
determini _g solid-state diffusion barrier between the environment and the alloy

substrateili; It is generally recognized that when the alloys are exposed to mixed-

oxidant (!_I:_,ironments containing sulfur, the sulfur is the primary cause of the

accelerat,!!!, corrosion of these alloys. 1-3
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The generally accepted 4-7 defect reaction that is operative in

nonstoichiometric Cr203 at high temperatures is

Irt

3/202(g) = 2VCr + 6CrCr' + 3Oo x, (1)

where VCr"', CrCr', and OoX represent, respectively, a triply ionized chromium

vacancy, an electron hole trapped in a chromium site, and normal oxygen in the

oxygen site. Based on extensive measurements of the electrical conductivity and

electrochemical properties of thermally grown Cr20 3 scales in alloys without reactive

element additions over. a wide range of temperatures and oxygen partial pressures,

several conclusions were drawn: 7

1. Electr!cal conductivity data obtained on thermally grown specimens of

Cr2-803 showed p-type behavior over a wide temperature range and over a wide range

of oxygen partial pressures from that cf air to that of the Cr/Cr203 equilibrium. At

temperatures above 1000°C, chromium oxide exhibited predominantly intrinsic

semiconductor behavior.

2. Good agreement was reported between the Cr oxidation rates measured by a

thermogravimetric method with those determined from in situ measurement of

electrical conductivity and electromotive force across the oxide layer.

3. The mobility of holes increased with an increase in temperature at fixed

oxide compositions. The hole carrier concentration increased slightly with an

increase in temperature at a fixed oxide composition.

Reactive element additions are made to structural alloys for the purpose of

reducing the oxidation kinetics and to enhance the adhesion of the scale to the alloy

-'. substrate. When alloys contain so called "reactive elements" or "oxygen active

elements," i.e, Y, La, and Ce, etc., the growth rate of the oxide layer is reduced and

adhesion of the oxide layer to the base alloy ts enhanced, especially at high

temperatures.
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The objective of the present work is to observe the overall schemes for the

oxidation of the chromia-forming alloys of Fe-25Cr with and without additions of

reactive elements (such as Ce, and Y) over a lower temperature range than previously

studied. In addition, the beneficial effect, if any, of these elements in mixed oxidant

'environments that contain sulfur and/or chlorine species will be evaluated.

EXPERIMENTAL PROCEDURE

THERMOGRAVIMETRIC ANALYSIS OF Fe-25Cr OXIDATION- Oxidation

studies were performed on samples of Fe-25Cr and Fe-25Cr-0.3Y with a CAHN

electrobalance. Samples were suspended by a Pt wire, and a reaction gas was admitted

from the bottom of the chamber. The samples were heated in the reaction gas to the

desired temperature, and changes in sample weight were monitored continuously.

Oxidation temperature was in the range of 700:1000°C and oxygen partial pressure

(pO2) was controlled by flowing oxygen, air, 1 vol.%CO-CO2, and 18 vol.%CO-CO2.

After cooling, the oxidized samples were examined by a scanning electron microscopy

(SEM): Both the surface and cross section of cold-mounted samples were evaluated.

Other samples of Fe-25Cr (with as-received and enlarged grain size), Fe-25Cr-lY, and

Fe-25Cr-lCe were oxidized at 1000°C in an O2-N2 gas mixture with a pO2 of 10-4 atm.

ELECTRICAL RESISTIVITY OF OXIDIZED FOILS- Electrical resistivity of

the oxidized samples of Fe-25Cr and Fe-25Cr-lCe was measured by a standard four-

probe method ,at a fixed DC current from a Keithley Calibrator/Source Model 263 over a

range of 10-100 mA.

RESULTS AND DISCUSSION

OXIDATION OF Fe-25Cr AND Fe-25Cr-0.3Y- Figure 1 shows calculated

equilibrium pO2 for several gas mixtures and metal/metal oxides as a function of

temperature. Figure 2 shows test data from thermogravimetric analysis (TGA) of the

Fe-25Cr alloy oxidized iJ_air, whereas Fig. 3 shows weight change versus time of

oxidation of Fe-25Cr and Fe-25Cr-0.3Y alloys in gas mixtures of 1 vol.% CO-CO2 and

18 vol.% CO-CO2 at 1000°C. The rate of weight change of the Fe-25Cr alloy exposed to

1 vol.% CO-C02 is much higher than that of other alloys. This finding could be
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explained by the composition of the growing scale, i.e., the outer surface of the sample

was completely covered with an Fe3-504 scale; the inner surface with an Fel-80 inner

scale 8. However, in the case of the 18 vol.% C0-C02 gas mixture, no iron oxide or large

grain scale was observed on the sample surface, because the pO2 values was not

; sufficient to form Fe oxides. At other temperatures and pO2 value, tests did not show

any significant difference in oxidation rates, even though TGA and visual

observation of the cross sections of the oxidized scales showed a small amount of Fe. At

high pO2, the formation of hematite (Fe203-5) is expected. Hematite has the same

crystal structure, i.e., corundum as chromium oxide, which would be expected to have

diffusion properties similar to those of chromium oxide.

Oxide scales formed on alloys with small amount of Y ccntained no iron oxide

over the wide range of temperature and pO2 of the present investigation. The absence of

iron oxide may be explained by the predominance of anion transport 9. However, the

values of the parabolic rate constant were similar for alloys with and without reactive

elements, and the oxidation process seemed to be controlled by ionization of Cr at the

scale/alloy iI_terface. At 700°C and low oxygen partial pressures, calculated scale

thickness from weight-change data by TGA exceeds the measured scale thickness
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determined by SEM, which indicates that internal oxidation or solubility of some

species occurs within the metal.

OXIDATION OF Fe-25Cr, Fe-25Cr-lCe, AND Fe-25Cr-lY AT 1000°C - After a 19-

h oxidation and thermal quench of a Fe-25Cr specimen, the oxide scale separated from

the substrate. At high magnification, 1-btm edge cracks were apparent in the 15-20 I_m

scale near the scale/alloy interface. Scale bending due to plasticity of the scale at

elevated temperatures, and scale spallation due to thermal expansion mismatch

between the scale and substrate alloy were also observed. 10 Analysis of the fracture

surfaces of the spalled oxide scales by SEM and electron energy dispersive spectroscopy

(EDS) showed that the scales were pore-free pure chromia. The presence of

grinding/scratch.marks remaining on the interface (i.e., scale/alloy interface of the

spalled oxide) indicates that outward diffusion of cations through the oxide scale was

dominant and similar to that observed in marker experiments.li, 12 Beneath the

spalled scale, the alloy side of the scale/metal interface showed a number of small

crystals. Analysis by EDS indicated that these crystals were Cr203, Crystal growth

near the interface can be explained by

1. vapor phase transport of Cr at the reduced pO2 present at the alloy/scale

interface;

2. separation of alloy/scale interface at an earlier stage of the oxidation;

3. the gap between alloy substrate and scale could be wider than the crystal

dimension which is, in this case =1 btm; and

4. the possibility of inward oxygen diffusion through the scale.

Grain-boundaries in the alloy substrate exhibited very fine grooving at the

alloy surface, to a depth similar to the oxide grain size. This indicates good adhesion

between scale and alloy substrate in the early stage of oxidation. No scale spallation

was observed in the reoxidized sample after treatment by thermal quenching.

• For longer oxidation times, weight-change versus time curves showed an

abrupt increase in weight gain. A typical plot is shown in Fig. 2 for an Fe-25Cr

specimen at 1000_C in high pO2. Initially, a chromia scale formed. After ~100 h, the

chromia scale became covered with fast-growing iron oxide. From sudden increase in

mm I III II lilii I '1111 I
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weight gain shown in Fig. 2, it is concluded that outward transport of Fe and

subsequent oxidation are dominant features in long-term oxidation. 13 Typical

chemical compositions of the scale layer after -200 h of exposure are listed in Table 1.

The scales and alloy sub,_trates were observed visually before and after oxidation

experiments. Enlarged alloy grains were seen in Fe-25Cr alloys after exposure, Since

substantial grain growth was observed in alloy substrates, further studies focused on

grain growth during oxidation of alloys with and without Y addition. 13

According to the literature, 14 solid solubility of Y in Cr is 0.71 atomic percent;

of Cr in Y is 0.70 atomic percent. However, the difference in the respective atomic radii

of Cr and Y, as well as parametric data, suggests that the solid solubility of Y in Cr is <

0.005 atomic percent. In the Fe-Y phase diagram, a stable compound, Y2Fel7, with an

hexagonal structure has been reported. In previous studies of the Fe-25Cr-0.87Y alloy,

Y2(Fe, Cr)17 was identified in the alloy grain boundary. 15

Samples of Fe-25Cr and the Y-containing alloy were oxidized, cold-mounted

for SEM, and etched in slightly acidic solution to dissolve the alloy around the scale to

examine the scale microstructure. The cross sections of the Fe-25Cr specimens showed'

large differences in grain size after oxidation at temperatures between 700 and 1000°C.

However, in Fe-25Cr-lY, no grain-growth was observed (Fig. 4). At temperatures

below 800°C, no significant grain growth occurred in either of the alloys.

Table 1. Chemical compositions from EDS analysis, of
scale on Fe-25Cr Alloy

Scale location Cation composition

Outer scale Fe

Thin scale (outer) 3Fe-97Cr

Outer middle scale 50Fe-50Cr

Inner middle scale 51Fe-49Cr

Thin scale (inner) 1Fe-99Cr
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Fig'. 4. Grain size of Fe-25Cr and Fe-25Cr-lY alloys after
oxidation at temperatures between 700 and 1000°C for 90 to 135 h

OXIDATION OF Fe-25Cr AFTER VACUUM ANNEAL AT 1000°C FOR 24 H-

To investigate scale spallation in the Fe-25Cr alloy and the causes of grain growth

during oxidation, alloy samples of Fe-25Cr were annealed in a vacuum at 1000°C for

24 h 40 rain, and then oxidized for 20 h. Weight-change with time was compared with

the oxidation of an as-received sample (lst run) and a spalled sample (2hd run). The

oxidation behavior of the annealed sample, which had an enlarged grain size, was

similar to that of the spalled sample (2hd run). No spallation was observed after

thermal quenching of the annealed sample.

ELECTRICAL RESISTIVITY OF OXIDIZED FOILS- Figure 5 shows the log

ohmic resistance versus reciprocal temperature for the oxide Fe-25Cr and Fe-25Cr-lCe

alloys. The ohmic resistance of the oxide scales that formed on the Ce-containing alloy

was higher than that of the scale on the Fe-25Cr alloy. These results can be analyzed by

the defect incorporation scheme described below. In the high-pO2 region, the most
j'

stable valence state of Ce is +4. When cerium is incorporated into the cation sublattices

at either the Cr (+3) or Fe (+3) site,
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Fig. 5. Log (R, ohmic resistance) versus inverse temperature
for oxidized foil samples of Fe-25Cr and Fe-25Cr-lCe

CeO2 = Ce'cr (or Fe) + 1/2 02 (g) + 3/2 OXo + e'. (2)

Similarly, when we consider the cation interstitial as a point defect,

incorporation of the Ce ion may be written as

CeO2 = Ce'. + 1/2 02 (g) + 3/2 Ox + e'. (3)
1 0

In either case, electrons are produced as a charge-compensating defect. The

electron holes are annihilated by recombination with electrons, i.e.,

nii = e' + h'. (4)

Consequently, the ohmic resistance increases, i.e., electrical conductivity

decreases. Our studien indicate that Cr203 is predominantly a p-type semiconductor 7,

as is the oxide developed on Fe-25Cr.
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To observe the kinetics of cation mixing for Fe/Cr in the alloy oxide, the ohmic

value was monitored as a function of time to obtain diffusion information. In the

diffusion analysis, a thin-plate model was introduced with the condition of no oxygen

chemical potential (!_O2) gradient across the sample. Results of the apparent and bulk

diffusivity are plotted in Fig. 6. The apparent diffusivity is based en the overall

thickness of the specimen, whereas, in calculating the bulk diffusivity, the oxide grain

size was used. Oxygen diffusion data, obtained from literature, are also plotted. 16,17

The data indicate that at high temperatures, inward diffusion of anions becomes a

possibility during the oxidation of Fe-25Cr when Fe becomes mixed in the scale.

However, at lower temperatures, outward diffusion of cations is expected, based on the

data in Fig. 6.
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Fig. 6. Temperature dependence of cation and oxygen
diffusion in thermally growing scales on Cr and
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SUMMARY

1. The major role of reactive elements in oxidation Fe-Cr alloys is to

suppress Fe diffusion through the scale.

2. Reactive elements inhibit grain growth in the alloy. Consequently, no

spallation of thermally grown scale was observed, even under thermal

i quenching conditions.

3. In alloys without reactive elements, scale spallation was minimized by

large alloy grain size. However, outward diffusion of Fe occurred in a

manner similar to that in alloys with normal grain size.

4. Alloy grain growth, in decreasing order is as follows:

Fe-25Cr >> Fe-25Cr-lCe > Fe-25Cr- 1Y.
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,LBL-3-WASTAGE OF STEELS IN THE EROSION-CORROSION (E-C)
ENVIR,ONMENTS OF FLUIDIZED BED COMBUSTORS

A. V. Levy, B. Q. Wang, G. Q. Geng

Law.rence Berkeley Laboratory
University of California

Berkeley, California 94720

INTRODUCTION

The erosion of material surface by small particles carried in gas and liquid carriers is

being investigated. The materials are tested over a range of conditions that simulate portions of

the operating environment of containment surfaces in coal gasification, liquefaction and

fluidized bed combustion processes. The effects of materials' properties, compositions and test

temperature on their erosion behavior are determined. The effects of elevated temperature

corrosion in combination with the erosion are studied to determine the mechanisms and rates of

the combinesd surface degradation modes.

DISCUSSION OF CURRENT ACTIVITIES

3-2- Erosion-Corrosion Studies

The Relationship Between Erosion-Corrosion Metal Wastage and Temperature

The tests were carried out in an elevated temperature blast nozzle type of tester. (_) Air

was utilized as the carrier gas for the particles, creating a generally oxidizing atmosphere, the

target materials for the E-C tests were 1018, 2.25CrlMo and 2.5Cr0.55Mol.4Si steels. The

typical compositions of the steels tested are listed in Table 1. Tests were carried out at

different temperatures: 150 °, 250 °, 350 °, 450 °, 500 °, 550 ° and 650°C at V=2.5 m/s, using

180 _m angular A1203 particles. A test time of 100 hours was used at a particle loading of

7500 gm at an impact angle of 30 °. The test conditions nearly simulated those experienced by

in-bed FBC heat exchanger tubes.



300

VI VI --



301

The metal wastages of the specimens were determined by measuring me cross-sectional

thickness of the sound metal after testing using an optical micrometer accurate to 0.1 /xm to

observe a cross section through the central part of the erosion zone and comparing it to the

thickness of metal in the same area before test that was determined using a micrometer device

accurate to 1 _m.

A summary of ali of the test results is shown in Figure 1.

Thickness loss-Temperature Curve

It can be seen in Figure 1 that there are different relationships between E-C metal

wastage and temperature for 1018 and 2.25CrlMo steels compared to 2.5Cr0.55CrMol.4Si

steel. The metal wastage of the 1018 and 2.25CrlMo steels increased with increasing

temperature, reaching a maximum at 350°C and then decreased with further temperature

increases, as reported in references (2-5). Above 500°C, the E-C metal wastage dramatically

increased with increasing temperature, similar to behavior reported in previous work. (6)

However, for the 2.5Cr0.55Mo1.4Si steel, below 450°C the metal wastage was relatively high

and constant, having little dependence on the temperature. Above 450°C the metal wastage

markedly decreased with test temperature. This behavior has been consistently observed on in-

bed tubes in BFBC's ct)(8),but until now has never been duplicated in laboratory tests.

1018 and 2.25Cr1Mo steels

For 1018 and 2.25CrlMo steels, the shape of the temperature-metal wastage curves

indicates four different regimes. The first regime occurred at temperatures below 200°C

where the E-C metal wastage was relatively low and had essentially no dependence on

temperature. In the second regime, from about 200°C to a maximum value at 350°C the metal

was,'age sharply increased. In the third regime, above 350°C, the wastage decreased with

temperature to 500°C. Above 500°C, in the fourth regime, the E-C metal wastage

dramatically increased with temperature. In the low temperature regime, the low wastage was



Figure 1. The plot of temperature vs. thickness
loss of three steels,eroded-corroded at
V=2.5m/s, oe=3a ° by 180/_m angular AI203
particles for an exr_sure time 100 hours.
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due to mechanical wear by a process of erosion. In the second regime, where the wastage

sharply increased, oxidation played a major role in the metal wastage with the rate of oxidation

being greatly enchanced by the erodent particle impacts. °) Increasing oxide plasticity and

thickness were responsible for the wastage decrease with rising temperature in the third

regime. The sharp increase in metal wastage at temperatures over 500°C is thought to be due

to spalling of the thick scale that built up on the 1018 and 2.25CrIMo steels at temperatures

above their free oxidation temperatures.

Figure 2 shows the plot of thickness loss versus temperature for 1018 steel eroded-

corroded by 180Ore angular A1203 at a higher particle velocity of 10m/s. (6) Comparing the

curve in Figure 2 to that for 1018 steel in Figure 1, it _sclear that particle velocity significantly

influenced the relationship between metal wastage and test temperature. The presence of a

wastage peak at V=2.5 m/s and none at V= 10 m/s has also been observed by Stott, (_d)who

attributed the difference to the energy of the particles. (2)At the low particle velocity, the oxide

scale, particle deposition layer developed at the higher temperature 'a better able to protect the

surface. At the higher velocity, the particle energy is sufficient to cause a continuous material

removal rate increase, even at the highest temperature studied. (_°)

A possible reason for the influence of particle velocity on the relationship between E-C

wastage and temperature has been discussed in previous work(6).The particle velocity effect

was attributed to the pseudoplasticity of the oxide scale at elevated temperature, which at

certain elevated temperatures is related to the strain rate. (_1)At low strain rates, e.g. V=2.5

m/s, the microcracking of the oxide scale essentially takes place simultaneously with crack

healing to cause macroscopic plasticity of the oxide, i.e.,pseudoplasticity occurred. (t_)Since

plastic deformation can occur before cracking, the oxide scale can have a protective effect.

However, at higher strain rates, e.g., V= 10 m/s in this ,case, the crack healing could not take

place, microcracks developed in the oxide and eventually cracking and chipping or spalling

occurred. This explanation has correlated well with the observed morphologies of the affected

surface and cross sections of the eroded-corroded speclmen_.'_ (6)
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angular AI_O3 particles at V = 10m/s, _=30 ° ,
t = 8 hours.



305

In the present work the morphological evidence observed earlier _6)was seen again. Figure

3 shows the surfaces and cross sections of 2.25CrlMo steel specimens eroded-corroded at

350 ° and 450°C. it can be seen in (a) and (b) that at 350°C the scale is relative thin and

appears to have not been ductile enough to cause plastic deformation before cracking. This

resulted in crack formation and propagation with spalling also occurring, see upper left comer

of (a). This corresponds to the highest E-C metal wastage. However, at 450 °C, where metal

loss was reduced, the oxide scale became thick and ductile enough to prevent cracks from

forming, and the scale remained continuous without fracture, as the cross section shown in

Figure 3d indicates. Some evidence of ductile material deformation( the presence of narrow,

deep gouges, and flattened indentations,) can be seen in the surface morphology ,see Figure

3c.

Comparing the curve of 1018 steel in Figure 1 to that in Figure 2, it can be seen that

when tested at V=2.5 m/s and 550°C the metal wastage had dramatically increased to

19.9/zm, while when tested at a higher velocity, V = 10m/s_ at the same temperature, it had

only increased to 1l#m. This difference is primarily due to the difference in test times. The

specimen tested at 2.5 m/s was exposed for 100 hours, while at 10m/s it was only exposed for

8 hours. At 550°C, which is above the free oxidation temperature of 1018 steel, the metal

wastage was due to spalling of the thick scale. In this case corrosion (oxidation) played a

dominant role, and the thick, brittle oxide scale broke off in relatively large pieces. Since this

mechanism occurred over a much longer period in the V=2.5 m/s test, 100 hrs, than in the

V=10 m/s test, 8 hrs, the metal wastage at 550°C, V=2.5 m/s was greater.

2.SCr0.55Mol.4Si Steel

Figure 4 is a curve of thickness loss vs test temperature of 2.5Cr0.55Mo1.4Si steel

specimens along with cross section micrographs corresponding to the different test

temperatures and thickness losses, lt is evident that in the temperature regime below the

transition temperature, _8_there is almost no scale on the surface, indicating that the oxide layer
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XBB 9111-9153

Figure 3. The surfaces and cross sections of
2.25CrlMo steel specimens eroded-corroded
by 180/_m angular AI.,O. particles at
V=2.5m/s, c_=30 °, t= 100"hdurs at 350 ° and

, 450oc.
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formed slowly and was not protective. This permitted the base metal to be directly eroded at a

relatively high, more or less constant rate. (1) However, as Figure 4 shows, in the higher

temperature,, regime, corresponding to the marked drop in thickness loss, the surfaces were

covered with a thick, protective oxide layer. As the cross sections show, the oxide scale was

continuousland dense without evidence of fracture, which indicated that during the tests the

oxide scale formed in this temperature regime was more protective and ductile, i.e.,

pseudoplasticity occurred. This resulted in more deformation and retention; thereby protecting

the surfac:e. This occurrence is also indicated by the surface morphology of the

2.5Cr0.55Mol.4Si steel specimens tested, which is shown in Figure 5. When combined with
'

45(!"C cro;ss section in Figure 4, it can be seen that tested at 450°C the very thin scale on the

surface of the specimen exhibited a brittle behavior with cracking and chipping, as evidenced

by a fine surface texture consisting of many small craters and areas where bare metal was

exposed. 'However, when tested at 650°C a very coarse surface texture occurred iwith large

craters, indentations and gouges occurring in the continuous surface scale. This indicates the

ductile, p:rotective nature of the.thick scale that was present on the specimen's surface.

The higher oxidation resistance of 2.SCr0.55Mol.4Si steel retarded scale formation at

lower temperatures resulting in the exposure of base metal which eroded at a relatively high

rate. When the temperature was high enough for oxidation to occur, the oxide that formed had

a sufficient ductility to cause plastic deformation before cracking, and the wastage fell to a low

4 level. Therefore, there was no increase in the slope of the curve for the 2.5Cr0.55Mol.4Si

steel, as occurred in the second regime for 1018 and 2.25CrlMo steels, see Figure 1. Also,

the temperature range used in the present work is lower than the free oxidation temperature of

2.5CrO.55Mol.4Si steel. (_2) Therefore, no spalling of thick scale occurred and there was no

resulting drarratic incre;.,se in metal wastage, as occurred for the two normal Si content steels.

The difference in E-C behavior between the 2.25CrlMo and the 2.5Cr0.55Mol.4Si

steels, alloys whose only essential difference is 1% more Si in the latter steel, provides

imporumt information to understanding the nature and role of the protective layer that can form
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Surface(T=450°C) lO_m

Surface (T=650°C) [ 1
101_m

2.5CrOo55Mol.4Si Steel
Nozzle 'Fester 'T=450 °,650°C
Corrosi_n-f'rosion, ox=30 °

180 _m angular A1203
t=lO0 hrs(7500gm) Air, V=2.5m/s

XBB 9111-9152

Figure 5. The surfaces of 2.5Cr0.55Mol.4Si
steel specimen, eroded-corroded at V =2.5
ro/s, or=30 °, t= 100 hours by 180/,m A1203
particles, at 450" and 650°C.
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on steels during erosion-corrosion and markedly affect their material wastage rates. It is

known _12_that the addition of small amounts of additional silicon to chromium steels increases

their resistance to oxidation. In the current work, the increased resistance to the formation of

an oxide layer of the 2.5Cr0.55Mo1.4Si steel prevented the formation of a protective scale at

temperatures below the transition temperature of 450°C and a higher rate of material wastage

of a bare metal surface occurred than above the transition temperature, see Figure 1 and 4.

Below this temperature the normal Si content, 2.25Cr1Mo steel had a considerably different

pattern of material loss that was related the nature of the oxide scale that formed on its surface,

as was discussed above.

Above the transition temperature, where the normal Si content steel dropped to a low loss

level and then almost cataslrophically increased its material wastage, the additional silicon steel

was forming a ductile, tenacious oxide scale that continued to increase its protective capability

to the maximium test temperature, 650°C. This behavior difference can be related to the

morphological differences in the scales shown in Figure 3 and 5.

Just what the exact differences in the protective nature of the scales on the essentially

same chromium content steels are not known. But the significant differences in E-C behavior

of the two, nearly identical steels is indicative of the major role that the protective layer can

play and the sensitive nature of its formation.

In summary, there are two different relationships between E-C metal wastage and

temperature. For 1018 and 2.25CrlMo steels a peak in the temperature-metal wastage curves

occurred at 350°C. However, for 2.5Cr0.55Mol.4Si steel below 450°C the metal wastage

was relatively high and constant. Above 450°C the metal wastage markedly decreased with

test temperature. This behavior has been observed on in-bed tubes in BFBC's but has never

before been duplicated in laboratory tests. In addition to the particle velocity, the corrosion

(oxidation) resistance of steels influence the relationship between metal wastage and test

temperature, which is exolained in terms of the ductility of the scale that occurred.
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NIST-3-MECHANISMS OF GALLING AND ABRASIVE WEAR

L. K. Ires

National Institute of Standards and Technology

Building 220, Room A215

.Gaithersburg, MI) 20899

INTRODUCTION

The purpose of this investigation is to study wear processes that

occur at the piston ring and cylinder wall contact of diesel engines

that operate on pulverized coal-fuel. With conventional engine

materials wear rates under coal-fuel operation may be I00 or more

times greater than with No. 2 diesel Qil fuel. I This markedly higher

rate of wear is due to abrasion by hard particles which originate from

mineral matter materials that are present in the coal-fuel. In

previous reports in this series 2"7 results have been presented

regarding the effects of a number of parameters and conditions on the

wear process. A modified pin-on-disk test method was employed in

carrying out the wear measurements. In the present report preliminary

results are presented from experiments utilizing a reciprocating wear

test method that more closely simul.ates the piston ring / cylinder

waJl contact configuration and sliding motion.

DISCUSSION OF CURRENT ACTIVITIES

The pin-on-disk method has a number of advantages. Among them are

the simplicity of the test, flexibility with respect to control of

test conditions, relative ease of specimen preparation, and precise

measurement of wear losses. The contact geometry and specimen motion,

however, are not a close approximation to that associated with the

piston ring / cylinder wall assembly. Although this difference may

not have an adverse effect on the determination of such important

relationships as the influence of particle hardness and the relative

wear rates of different contacting materials, some characteristics of
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the wear process may not be adequately revealed without a closer

simulation of the contact geometry and component motion. Of

particular importance in this connection is the extent to which the

contact geometry and sliding mode determines the number of particles

that enter the contact. To study this and other effects preliminary ,

experiments were conducted with a Falex #I* block-on-ring machine

setup to operate in an oscillating mode by replacing the belt and

pulley drive with a crank assembly that is provided as an accessory

for that purpose.. The rectangular contact area of the block-on-ring

geometry with its relatively large length-to-width aspect ratio is a

better representation of the piston ring / cylinder wall contact than

is provided by the circular contact of the pin-on-disk arrangement.

To obtain information on the influence'of sliding motion while

maintaining other conditions constant, additional block-on-ring tests

were conducted with the Falex #I machine in the unidirectional

rotational sliding mode. The approach taken here is similar to that

recently employed by Mehan et al. e

A second aspect of the current work was concerned with

characterizing particles which exited the contact. These particles

consisted of original abrasives, crushed abrasives, and wear debris

from the block and ring specimen surfaces. Earlier studies 5'B'9 had

indicated that the number and size of particles that successfully

entered the contact constituted a critical factor controlling wear

rate. Also, crushing and therefore particle strength was deemed to

have an important influence on wear rate. Examination of the exiting

particles is a means of studying this effect.

*Certain trade names and company products are identified in order

to adequately specify the experimental procedure. In no case does such

identification imply recommendation or endorsement by the National

Institute of Standards and Technology, nor does it imply that these

products are necessarily the best available for the purpose.
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TEST CONDITIONS AND PROCEDURES

A schematic drawing of the test setup is shown in Fig. i.

Conventional LFWI block and ring specimens I° were employed in the

experiments. Both specimens were of 52100 steel heat treated to a

Knoop hardness of about 7.1 GPa. The initial roughness of the block

and ring sliding surfaces was approximately 0.2 #m rms. Only wear of

the block was measured. Profile traces across the scar were used to

determine its average crosssectional area. The volume lost was given

by the product of the area and length of the scar. Ali tests were

conducted with an applied load of 225 N. The relative humidity during

the tests was approximately 50%.

STIRRER

RESE_OJR

Fig. i Schematic drawing of the block-on-ring test setup.

When setup to operate in the oscillating mode, the Falex #I machine

i is not balanced with respect to inertial forces. Thus, machine

vibration imposes a limit on the maximum allowable frequency of

oscillation, depending on the amplitude of oscillation, which can be

adjusted over the range 0 - 90 degrees. For these experiments an



316

oscillation amplitude of 90 degrees was used at a frequency of

approximately 172 cycles/minute. At higher frequencies machine

vibration was excessive. A test machine is currently under

construction that will permit operation at substantially higher

speeds, more consistent with that Gf an operating engine. For

unidirectional tests a sliding speed of 0.16 m/s was employed,

approximately equal to the average speed in the reciprocating mode. A

fixed sliding distance of 495 m was used for each test.

The oil-particle mixture was delivered only to one side of the

contact. The delivery system, shown schematically in Fig. i, utilized

a stirred reservoir to maintain the particles in suspension and a

variable speed peristaltic pump to control the delivery rate. For

these experiments a delivery rate of about I0 mg/min, was selected.

Quartz particles of two different mean sizes were used: 2 #m and i0

#m. These particles were mixed at a concentration of 20 wt.% in white

paraffinic mineral oil having a specified viscosity of 335-365 SUS at

40°C.

Particles were collected from the exit side of the contact by means

of a thin scraper blade cut from cellulose acetate film that was

pressed against the ring surface in the center of the wear track. The

scraper blade was approximately 3 mm wide, about one half the width of

the track. Only oil and particles that emerged from the contact were

subject to collection. The scraper blade with its accumulation of oil

and particles was placed in hexanes and ultrasonically agitated to

assist in dissolving the oil and dispersing the accumulated particles.

The solution with suspended particles was passed through a Nuclepore

filter with a pore size of 0.05 #m and rinsed with additional hexanes

to remove the mineral oil. The filter was coated with carbon and

examined in a SEM. Compositional characterization of the particles

was done with an energy dispersive x-ray analysis system attached to

the SEM.
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RESULTS AND DISCUSSION

Wear rate and Friction Effects

The wear rates for the reciprocating and unidirectional sliding

modes with 2 #m and I0 #m quartz particles are shown in Fig. 2.

Results are also included for tests without added particles. Each

point in Fig. 2 corresponds to a single test. Although additional

, tests are needed to confirm the observed trends, these data indicate

that the wear rate with 2 #m particles is higher during reciprocating

sliding than it is for unidirectional sliding. This relationshi p also

12 - rl II I L IllII I I
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Fig. 2 -Wear rates in reciprocating and unidirectional sliding modes

for 2 #m and i0 #m quartz particles in mineral oil and without
added particles.
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holds for I0 #m particles although the difference is much smaller.

Mehan et al. s in their experiments concluded that there was no

difference in wear rate between unidirectional and reciprocating

sliding. However, the test conditions they employed differed from

those used here in several respects, including the type of particles

(2 vm A1203), the particle concentration (2 g/l), the specimen

materials (principally tungsten carbide and other hard coatings), and

in other details of the test setup as well. Apparently, it can not be

concluded in general that one mode of sliding results in a higher wear

rate than the other.

In Fig. 2 it is seen that the wear rate is significantly higher for

i0 vm particles than for 2 #m particles. This is consistent with

earlier results 5 obtained with the pin-on-disk method where it was

found that the wear rate of 52100 steel increased exponentially with

increasing particle size over this size range. These results disagree

with those of Schwalb et al. 11 where it was found in reciprocating

tests that small particles gave a higher wear rate than larger

particles.

Values for the average coefficient of friction under each test

condition are shown in Fig. 3. Addition of quartz particles to the

oil is seen to resuit in an increase in the coefficient of friction,

with larger values being obtained with I0 vm particles than with 2 #m

particles, The increase in coefficient of friction can he attributed

to the extra force required to overcome the scratching or plowing

action of the particles. Sliding of the roughened block and ring

surfaces may also have contributed to the increase. The higher wear

rate associated with the i0 #m particles compared to 2 vm particles

correlates with the higher observed coefficient of friction.

Ali coefficient of friction values lie in the range that is

characteristic of a state of boundary lubrication rather than

hydrodynamic lubrication. The variation in friction force over

several cycles in the reciprocating mode with i0 vm particles is shown

in Fig. 4, A decrease at the center of each stroke, where the
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Fig. 3 - Coefficient of friction values for different test conditions.

velocLty of sliding is greatest, is not observed that would indicate

an increase in film thickness and transition to hydrodynamic

lubri:ation. That is, a condition of boundary lubrication is

sustained throughout the sliding cycle.

11_ an operating diesel engine the piston ring enters the boundary,

regime only during reversal. Throughout the remainder of the stroke

hydrodynamic conditions prevail with an oil film that may reach

several micrometers in thickness. This, in effect, would allow the

entra.pment of particles and exacerbate abrasion in the approach to and

during boundary conditions. To obtain a similar state of lubrication

with the present test arrangement would require a lower load (these

experiments will be conducted in the future) or a higher sliding speed

than is feasible with the Falex #i machine in the oscillating mode

(the machine under construction will address this limitation).
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Fig. 4 - Friction force variation during reciprocating sliding with I0

_m particles in mineral oil.

An indication of the importance of a varying film thickness such as

occurs in the diesel engine was provided in some experiments where

misalignment between the ring and 'shaft, or an inaccurately ground

" ring, caused the ring to wobble excessively with respect t:o the block

surface. As a resa.lt, a gap appeared first on one side of the contact

and then on the other during rotation. When this occurred, wear was

substantially greater at the ends of the scar than in the center. The
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increased wear was attributed to the improved access of abrasive

particles during the periodic opening of the gap at the sides of the

block.

An example of a wear scar on a test block where this form of

misalignment occurred is shown in Fig. 5. The scar is not only wider

but appears rougher at the ends than in the center Note the

indentations along the inlet edge of the scar where particles were

first engaged. Details of the surface topography at the end and

center locations are shown in Fig. 6(a) and (b), respectively. In the

end region, Fig. 6(a), the surface is covered by a profusion of

indentations, apparently as a result of the entrapment of particles.

In contrast, the surface at the center of the scar shown in Fig 6(b)

is polished in appearance with a mixture of different size grooves

ranging in width and depth from relatively large to very small.

Fig. 5 -SEM micrograph of wear scar on block with misaligned ring

surface after unidirectional sliding test with 2 #m quartz

particles in mineral oil.
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Fig. 6 -SEM micrographs of scar in Fig. 5 at higher magnification

showing surface details in end region (a) and center region
(b).

Particle Characterization

The oil-particle mixture delivery rate at the inlet side of the

block (i0 mg/min.) was substantially in excess of the amount that

actually passed through the contact to the exit side. Most of the

mixture flowed around the block and off the edges of the ring. At

least 50 m of sliding distance was allowed before applying the scraper
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to collect oil and particles at the exit side of the block and ring

contact. The scraper was maintained in contact with the ring until a

visible droplet of oil was collected. In tests without particles

added to the oil, the edge of the scrapper was little more than wet

with oil even though contact was maintained throughout most of the

test. With particles added to the oil a droplet was collected fairly

rapidly; the time required was much less for i0 #m particles than 2 #m

particles. The increased volume of oll that passed through the

contact was apparently due to roughening of the surfaces by particle

abrasion. Also, the passage of particles themselves may, on average,
_

5ave increased the space between the block and ring promoting a larger

oil film thickness.

Particles collected from the exit side of the contact are compared

with unused particles in Fig. 7 and 8. With both 2 _m particles shown

in Fig. 6 and I0 #m particles in Fig. 7, the unused particles are

substantially larger than the exit particles. The smaller size can be

attributed to the fracture of particles in the contact and perhaps to

the fact that smaller particles may enter the contact more easily than

larger particles.

As might be expected, metal particles from the block and ring were

also found in collected debris. Most of the observed particles were

flake-like in shape and no larger than about 2 #m in diameter. A

relatively large metal particle is shown in Fig. 9(a) together with

its x-ray spectrum in Fig. 9(b). The small size of the particles

suggests that quartz was not a very efficient abrasive with respect to

52100 steel. Consistent with the observation that the quartz

particles were crushed in the contact, their limited strength also

rendered them incapable of producing large chips. X-ray spectra from

quartz particles sometimes showed the presence of iron. This is not

unexpected since abraded metal often adheres to abrasive particles.

Ali the metal particles were not necessarily produced directly by

abrasion. Sliding of the abrasion roughened block and ring surfaces

may also have led to the production of debris.
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Fig. 7 (a) Unused 2 _m quartz particles. (b) Particles collected

from the exit side of the contact during unidirectional
sliding test.

Fig. 8 (a) Unused i0 #m particles. (b) Particles collected from the

exit side of the contact during unidirectional sliding test.
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Fig. 9 -(a) Metal debris particle. (b) Energy dispersive x-ray
spectrum from particle. The copper peak is from the support

and the carbon peak is from the carbon coating.

i

SUMMARY AND CONCLUSIONS

Block-on-ring wear tests were conducted to compare the effect of

two different sliding motions, reciprocating and unidirectional, on

the wear of 52100 steel utilizing lubricant containing abrasive

particles. The abrasives employed were 2 #m and i0 #m quartz

particles at a concentration of 20 wt.% in mineral oil. Particles

collected from the exit side of the contact were characterized to

provide additional understanding of the wear process. Under the

conditions of the experiments it was determined that:

I. The wear rate during reciprocating sliding is greater than

during unidirectional sliding.
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2. The wear rate for both unldlreetional and reciprocating sliding

modes is greater with I0 #m quartz particles than with 2 _m quartz

particles.

3. Only a small fraction of the particles delivered to the inlet

side of the contact actually enter the contact and the average exiting

particle size is substantially less than the initial size.
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ORNL-2 (A) - ENVIRONMENTAL EFFECTS ON IRON ALUMINIDES

J. H. DeVan

Oak Ridge National Laboratory
Oak Ridge, TN 37871

INTRODUCTION

Alloys based on the long-range-ordered system Fe3A1are under development at Oak
Ridge National Laboratory in support of coal conversion and combustion materials
requirements [see ORNL-2(F)]. Of particular interest is the performance of these a!loys in
coal gasifiers involving product gases with relatively low oxygen activities (10.20atm) and high
sulfur activities (10"s atm). Using H2S-Hz-H20 gas mixtures, several experimental
iron-aluminum alloys have been testt-d to assess the effects of aluminum concentration on
corrosion behavivr at 700 to 800°C in a simulated gasifier environment. Thermogravimetric
analyses (TGA), together with metallographic and chemical analyses of the corrosion product
scales, are performed to determine the role of respective metallic elements on oxidation and
sulfidation processes. Additionally, the corrosion resistance of Fe3A1alloys is being evaluated
by exposures at 600 to 900°C in the gas-cooler section of an operating gasifier in the United
Kingdom.

Studies of Fe3Al-bases alloys are also being conducted in air at 800 to IO00°Cto
characterize the oxidation properties of the alloys in more oxidizing environments typical of
coal-fired boilers and air preheaters. Mechanisms controlling the nucleation, growth, and
exfoliation of oxide scales are characterized by TGA, electron microscopy, and secondary ion
mass spectrometry. The latter technique is used in conjunction with 180 labeling to determine
the species and transport paths contributing to oxide growth.

DISCUSSION OF CURRENT ACTIVITIES

Air Oxidation Behavior of Fe_

Weight change data for Fe3AI alloys tested in dry air were collected and analyzed to
assess the effects of alloying additions on high temperature oxidation behavior. The data
were obtained under isothermal conditions in slowly moving dry air for exposures up to 200
h. Test specimens were in the form of 16 x 76 x 1 mm coupons, and ali surfaces were
mechanically ground with 600-grit abrasive before exposure. Following exposure the coupons
were visually checked for detachment of corrosion products scales, and selected specimens
were then analyz,c:t by optical imaging of a polished cross section and, in some cases, by
scanning electron microscopy with associated energy dispersive x-ray analysis (EDX).

Weight change data from exposures of iron aluminides to 800°C air are shown in Fig.
1. Although ali the measured weight gains were relatively small, the eight weight change
curves of Fig. 1 tend to divide into two groupings. The lower grouping consists of the three
Fe-28*AI coupons and one composed of Fe-28AI-2Cr, while the higher group includes two
specimens of Fe-28A1-4Cr-0.1B and one each of Fe-28AI-6Cr and
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Fig. 1. Weight gains of FesAl alloys; (28 at°% Al) during exposure to dry air at 800°C.
Cr concentrations are in at.%.

Fe-10Cr-0.1Zr-0.05B -0.5Nb-0.5Mo-0.O2Y. The weight gains were not significantly affected

by additions of minor alloying elements (<0.1 at.%) or variations between 4 and 10 at.%
chromium. The chromium concentration also affected the measured parabolic rates constants,

kp as determined by the quotient (,,w):"/t where ,,w is the change in weight per unit surface
area after exposure for time t (see Table 1). The kp values for the iron aluminides with >
4 at.% chromium were approximately a factor of 10 greater than those for Fe-28Al-(0-2Cr).
For comparison, the weight gains and parabolic rate constant of FeCrAl alloys (discussed in
the next section) were also measured and found to be comparable to those of the Fe3AI alloys
with lower concentrations of chromium (see Table 1).

Table 1.
Parabolic rate constants determined for Fe._A!alloys and FeCrSI in dry_air at 800°C.

Alloysa kp b
(mg2/cm4.h)

28 Al 2.3-1.1x104
28 Al-2Cr 1.3 x 104
28 Al-4Cr 1.8 - 0.7 x 10.4
28 Al-10Cr 2.0 x 10.4
20 Cr-12A1 1.5 x 10.5
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At 900°C, the effect of chromium on the oxidation behavior of F%A1 in air was less

pronounced than at 800°C. As shown in Fig. 2, increasing the chromium concentration of
F%AI alloys led to a more rapid weight gain during initial exposure. However, there was no
significance influence on the oxidation rate after about 100 h. The parabolic rate constants
(calculated from curve fits over the entire exposure range) fell within a range of 5-10 x 10"s
mg2/cm4/h and did not vary monotonically with chromium concentration. The FeCrA1 alloys
showed weight changes similar to the Fe3A1 alloys at 900°C.
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Fig. 2. Weight gains of F%AI alloys (28 at.% Al) during exposure at dry air at 900°C.
Cr concentrations are in at.%.

As expected from the small weight gains, the scales that formed on the oxidized Fe3Al
alloys were quite thin and difficult to image and characterize. Examination of polished cross
sections of selected iron aluminides oxidized at 900°C and air-cooled revealed that only a
fraction of an exposed surface retained pieces of the scale. EDX analysis of the thin,

detached strip revealed only aluminum, which is consistent with the formation of an Al203
scale formed during high temperature exposure. (The x-ray system was not capable of
detecting the oxygen in the scale.)

These results show that while chromium in F%Al (up to 10 at.%) does not exert a
large influence on air oxidation resistance there is a discernible effect at concentrations of 4%

and above. At 800°C, this was manifested by faster oxygen uptake during the initial stages
of exposure and overall higher parabolic rate constants (Fig.l). At 900°C, there was no
apparent difference in rate constants for the Fe3AI with various levels of chromium, but the
amount of mass gain during the initial stages of oxidation was directly proportional to the
chromium concentration (Fig. 2). Theretbre, it appears that the presence of this element in
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amounts greater than 2% leads to more rapid formation of an Al203 surface product. Under
certain circumstances such an effect could prove beneficial if it acted to more quickly establish
an external protective oxide layer prior to exposure to more aggressive or deleterious
(hydrogen sulfide-containing) environments. Indeed, it has been hypothesized that the
beneficial effect of chromium additions on room temperature ductility of iron aluminides 1may
relate to an oxidation effect during high temperature treatment such that the scale that forms
then serves a a better barrier to'hydrogen uptake by the alloy at ambient conditions 2.

Because FeCrAl is also an alumina-former under the oxidation conditions of this

study, it is not unexpected that it shows comparable oxidation rates to that of Fe3Al (see
Table 1). However, the ability of FeCrAl alloys (containing about 7-12 at.% Al) to form
A1203critically depends on the presence of substantial amounts of chromium, which promotes
the lateral growth of this surface product. 3'4 In the case of Fe3AI alloys, the aluminum levels
of the aluminide are well in excess of the critical concentration needed for external Al203
formation, even in the absence of chromium.

CORROSION IN HzS-H2-H20 GAS MIXTURES

As shown in earlier reports s'6alloying with chromium (above 2%) significantly reduces
the corrosion resistance of Fe3Al-based alloys to high temperature H2S-H2-H20 gas mixtures.
To examine further the interplay between aluminum and chromium in mixed gas at relatively
low oxygen pressures, it is of interest to compare the behavior of the FeCrAl (Fe-18 wt.%
Cr-6 wt.% Al) alloy system with Fe3AI alloys containing chromium. Three developmental
FeCrA1 alloys, whose compositions are listed in Table 2, were obtained from Harwell
Laboratory and were exposed to a reference H2S-H2-H20 gas mixture (pO2=10 "2t6atm and
pS2=10 6) atm at 800°C, conditions that had been used previously to evaluate the effects of
chromium on Fe3Al alloys.

Weight changes for the respective alloys are shown in Fig. 3. Included for comparison are
results for the largest chromium addition (10 at. %) that has made to the Fe3Al alloy. The
weight gain over a 24-h period is seen to exceed 30 mg/cm2 in the case of the FeCrAl alloys
compared to a gain of 3 mg/cm2 for the Fe3Al-based alloy.

Table 2.

Compositions of FeCrAI Alloys Supplied by Harwell Laboratory.

Elemental Concentrations (atom %)

Alloy C Si Cr Al Mn Ni

VB1852 0.074 0.41 20.3 9.11 0.38 0.24

VB1901 0.060 1.64 21.4 10,1 0.53 0.07

_,rB1902 0.085 4.09 21.7 9.47 0.53 0.08
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(Weight gains for Fe3A1 alloys with 2% or less chromium are on the order of 0.2 mg/cm 2 over
the same time period.) The resistance to sulfidation in "reducing" mixed gases gained by
aluminum additions to iron.based alloys, as compared with chromium additions, served as the
early impetus for the development of FesAl-based alloys 7 The data in Fig. 3 again show the
advantages of the higher aluminum concentrations afforded by FesAl, even when chromium
is also present. The beneficial effect of aluminum is even evident in comparisons of the

FeCrAl alloys. Although corrosion rates are nearly the same for the three alloys tested, there
is a consistent decrease in rate as the aluminum content increases. Furthermore, the addition

of 4.1 at.% silicon to one of the alloys did not override this effect of aluminum.

Fig. 3. Weight gains of FeCrAl alloys (upper curves) compared with Fe3Al alloy containing
10 At.% Cr (lower curve) during exposure to Hz-H2-H20 gas mixture at 800°C.

Aqueous corrosion studies of Fe3Al-based alloys have shown that the addition of 1

to 2 at.% Mo significantly increases the resistance of the alloy to attack in acid chloride
solutions, s These same alloys have now been evaluated in high temperature H2S-H2-H20
gas mixtures to determine the effect of the molybenum alloying addition on
sulfidation/oxidation resistance. The alloys, containing 2 at.% molybdenum with 0 and 4 at.%

Cr, respectively, were exposed at 800°C, and the weight change results, shown in Fig. 4
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indicate significantly reduced corrosion rates compared with chromium-containing alloys with
no molybdenum. Minor alloying additions of zirconium and zirconium plus yttrium also
appear to improvethe corrosion resistance of the chromium-containing alloy, but to a much
lesser degree than the 2% Mo addition. In the absence of chromium, the
2% molybdenum alloy gained essentially the same weight after 168 h as FeaAl-based alloys
containing 2% or less chromium (not shown in Fig. 4). Thus, the molybdenum addition is
effective in suppressing the adverse effect of the 4% Cr addition but does not contribute to
the innate corrosion resistance of Fe3AI.

ORNL-DWG 90-10249
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Fig. 4. Effect of Cr and Mo additions on weight gains of Fe3A1 alloys exposed to H2S-H2-H20
:gasmixture at 800°C.
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Introduction

This project was divided into two tasks. The first, on erosion studies, addresses the

deformation of metals and alloys during erosion and erosion-corrosion. The second task

consists of a study of the mechanical properties of oxide scales formed on the surface of

selected metals and alloys.

Erosion Studies
,'

During the past six months, the results of a seven year experimental program to examine

erosion mechanisms in metallic alloys (see, for example, refs. 1-7) were analyzed and the

principal findings and conclusions are summarized here. These studies involved a

" fundamental approach to examining erosion mechanisms by experimentally modelling the

process using realistically sized single particles as well as by examining material

deformation and flow in multiple particle erosion tests. Spherical particles were used in ali

the tests in order to facilitate analysis by maintaining a simple impact geometry. Studies

were conducted from the perspective of how material properties, and especially mechanical

properties, control their response to particulate impacts. Results of the two types of

experiments were compared and correlated.

Two gas guns were built and used for the single p_cle impact studies. The first gun,

built at the program's initiation, is attached to a scanning electron microscope (SEM) and

fires 343 _tm spheres at velocities between 10-60 m/s. 1 The second gun, built in the sixth

year of the program, fares sabots in air at velocities between 200-1000 m/s. The two guns

were used to f'tre 343 I.tmdiameter WC spheres at variou s targets oriented at 30° or 90° to

the impacting particle.
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Initial studies using the SEM gas gun showed that larger craters formed in softer alloys, but

crater size could not be related to relative erosion rates. Mechanical properties microprobe

(MPM) measurements showed work hardening due to impacts, but no thermal effects were

evident for impacts at velocities around 30 m/s on a series of aluminum alloys. The depth

of hardening was less in the stronger 7075-T6 alloy compared to 1100 Al. The

significantly softer 1100 A1 had shown superior erosion resistance in other studies,

suggesting that the capacity to distribute the impact energy over large volumes improved a

material's erosion resistance.

Det'qled single impact studies over a wide range of velocities were conducted on targets of

1100 A1 and a Fe3Al-based ordered iron aluminide alloy, FA- 129, in both heat treated and

cold-worked conciiaons. For impacts at velocities around 60 m/s, craters were larger in the

softer 1100 A1 and the amount of material hardened by the impacts was less in the iron

aluminide alloy, but the difference was less than expected based on the hardness differential

between the two alloys. In some cases, at velocities of several hundred meters per second,

the depth of hardening was greater in the iron aluminide alloy. Near-surface softening was

observed in the cold-worked iron aluminide alloy, and possibly in annealed 1100 Al, at

velocities around 60 m/s. Near-surface softening was observed in both alloys for impacts

at velocities of several hundred meters per second, although the softenin_geffects could be

identified more clearly in the iron aluminide alloy. This softening was also observed due to

moderately low velocity impacts on surfaces of previously eroded-corroded 2.25CrlMo

steels, supporting the argument that greater softening occurred in more defomlation

resistant materials.

MPM measurements showed that for 30° incidence, more material was hardened in front of

the impacting ball than vertically beneath the crater. Unlike at low velocities, significant

differences were seen in the appearance of single impact craters at 30° incidence between

1100 Al and the iron aluminide alloy. Well developed extruded lips were formed in 1100

Al, with considerable deformation around the impact site but no material removal. In

contrast, the extruded lip in the iron aluminide alloy fractured at the exit edge of the crater,

perhaps due to low ductility in the material (around 15%) compared to annealed 1100 A1

(35%). The velocity at which the extruded lips failed in the iron aluminide alloy was not

well defined. In contrast, no difference was seen in the appearance of craters or extruded

lips in annealed and cold-worked 1100 AI, even though the ductility was reduced from

35% to 6% upon cold-working.
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To allow comparis an with the single particle impact studies, multiple particle erosion

studies were conducted at a velocity of 45 m/s using steel shot either 600-700 gm in

diameter (earlier studies) or 297-420 gm in diameter (later studies). The first study was

conducted on 1100 A1 and 7075-T6 Al, to examine the surface ripple structure that

developed during erosion at 30° incidence. A work hardened layer was observed in both

materials, with a maximum hardness greater than observed in single particle impact studies

and no evidence of near-surface softening. Wave crests and valleys were identified and it

was found that the depth of hardening under a wave crests extended to a distance equal to

the height of the wave crest plus the depth of hardening beneath a valley. The depth of

hardening beneath a valley was similar to that under single particle impacts.

The development of a ripple structure at 30° incidence and a hill-and-valley structure at 90"

incidence was examined in detail for 1100 Al. It was found that the surface structures

developed early in the erosion process and several overlapping impacts were necessary to

achieve maximum strain hardening on the surface. The material continued to accumulate

strain without fracture after the maximum flow stress was achieved. As in the earlier

study, hardening extended to much greater depths under wave crests for erosion at 30°,

supporting the view that strain hardened material was pushed up from the wave valleys into

the crests. In contrast, for erosion at 90° incidence, the depth of hardening was

approximately equal beneath hills and valleys. Significant embedment of erodent

fragments, predominantly in the valleys, occurred for erosion at 90°. Deformation contours

showed material being back-extruded from valleys into the hills, but most of this movement

occurred near the surface rather than through the bulk of the material, leading to the

observed hardness distribution. No near-surface softening was evident beneath the eroded

surfaces of 1100 A1 at either 30" or 90° incidence. However, there was some evidence for a

• constant hardness in the near-surface layers, especially at 90° incidence. Material removal

was controlled by the attainment of a critical fracture strain and occurs due to overlapping

impacts or by the fracture of lips of material extruded from wave crests.

The surface structure apparently initiated due to locally high concentrations of impacts

leading to incipient hills or wave crests which persist because the impact energy is

distributed over smaller volumes in the highly strain hardened material. The hills/crests

grow since for 30° impacts, most of the hardened material is pushed in front of the

impacting particle and for 90° impacts, a higher concentration of voids and fissures

associated with particle embedment lead to greater deformation in valley regions. The peak

hardness in valley regions were sometimes less than on hills/crests, perhaps due to recent
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material movement out of the valleys. The structures continue to grow until material

removal rates from hills/crests and valleys are balanced.

Surface structure is,expected to be strongly influenced by target material strength and

ductilities, developing to a greater extent on softer, more deformable materials. The

spacings of the features are expected to be related to the range of deformation associated

with an impact, and therefore to particle size (as has been observed) as well as to the impact

velocity. Within the same family of alloys, the development of ripples or hills and valleys

may contribute to increased erosion resistance due to longer incubation periods, greater

absorption of the incident energy in material deformation and movement processes and

possible shielding from impact of low lying areas by neighboring elevated regions.

Taper-sectioning was shown to be a powerful technique to examine the near-surface

defbm_ation of eroded surfaces. However, the technique has to be used judiciously and

results analyzed carefully in order to avoid misinterpretation of the data.

The multiple particle erosion of the iron aluminide alloy FA-129 by steel shot was also

examined in detail. It was found that erosion occurred even though most of the impacting

particles were softer than the target material. Softer spherical particles appeared to merely

form an impression on the target surface whereas harder particles formed extruded lips,

especially under oblique impact. Two distinct erosion mechanisms were observed:

extrusion and fracture of platelets by the impact of spherical particles and a cutting or

gouging out of material by the impact of angular particles which were present in the shot as

well as formed by fragmentation upon impact of an oxide scale covering many of the

particles. The platelets and extrusions were relatively small and angular particles had more

damage associated with each impact event. Both mechanisms were observed at 30°

incidence but damage by angular particles and debris dominated at higher angles. The

steady state erosion rates were roughly equal at 30° and 60° incidence with some indication

that the stea_ty state rate at 90° may also be similar, due to a complex balance of the extent

of platelet formation and cutting at the various angles.

The alloy work hardened significantly under impacts at both 30° and 90° incidence. Unlike

1100 Al, the hardness dropped off in near-surface layers, and the thickness of this softened

layer increased with erodent dose. Also unlike 1100 Al, the value of the peak subsurface

hardness was similar to that under single particle impacts. The depth of overall work

hardening as well as the thickness of the softened near-surface layer were both greater for
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erosion at 90° because a greater fraction of the energy of impacting particles was transferred

to the target. The angular dependance of the depth of hardening was less pronounced in

1100 Al, implying that in softer, more deformable materials, a larger fraction of the impact

energy is expended in moving material and developing the surface topography.

The surface of the iron aluminide did not develop features observed on eroded 1100

aluminum, suggesting limited ductility under the erosion test conditions. The platelets and

extrusions created by the impinging shot were also small, implying an inability of the

material to sustain large plastic strains. However, there were no signs of cracks or

delaminations that would indicate macroscopic brittle failure in the material. The near-

surface layers of the iron aluminide alloy were found to be in a disordered state after

erosion. However, the effect of this phase transformation on the erosion process was not

clear. Data from available literature showed that the aluminides may have an erosion

resistance comparable to other engineering alloys and the overall results indicate relatively

good resistance of iron aluminides to solid particle erosion which may be improved by

increasing the alloy's ductility.

In the case of the iron aluminide alloy, the maximum hardness reached was similar in single

and multiple particle impact studies. However, in 1100 Al, the flow stress built up over

several impacts. Increasing the velocity of the single impact caused near-surface softening

before the maximum flow stress was achieved. This indicated possible thermal effects.

Single particle impact studies at high velocities were found to correlate well with results

from low velocity multiple particle erosion experiments, lt was found that although a

single impact can remove material at high velocities, the several overlapping impacts needed

to remove material at relatively low velocities expend less overall energy due to strain

localization effects in the extruded lips formed on impact. Single particle impacts will
therefore tend to underestimate the erosion rate.

Relatively early material loss in the iron aluminide alloy in both single and multiple particle

impact tests could be related to its lower ductility as well as its propensity to localize

deformation due to its ordered nature. In contrast, the high dynamic recovery and stacking

fault energy of 1100 A1 allowed impact energy and deformation to be spread more

uniformly, explaining the lack of brittle failure observations in cold-worked 1100 A1 even

though ductility was greatly reduced,
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The mechanical properties of a material alone could not be consistently explain the observed

deformation behavior and material removal under the various impact conditions. Contrary

to what is generally assumed, the volume of deformed material due to an impact was

significantly larger than the crater volume. It was shown that elastic-plastic contact

mechanics did not accurately predict the similarity in hardening depths between the heat

teated and cold-worked 1100 Al and iron aluminide alloys for impact around 60 m/s, and

that influences other than pure mechanical properties effects were important at these

velocities.

Residual stress effects explained the occurrence of near-surface softening in the iron

aluminide alloy but could not satisfactorily explain the hardening behavior observed for

single particle impacts at various velocities. Thermal effects could more completely explain

the results based on the argument that at moderate velocities, strong dynamic recovery

effects in 1100 Al promote the development of a constant flow stress whereas localization

of deformation in the iron aluminide alloy promote dynamic recrystallization effects,

leading to near-surface softening. At very high velocities, stronger thermal effects

dominated over dynamic recovery effects in 1I00 Al, leading to near-surface softening,

probably due to recrystallization from residual heat. At low velocities, thermal effects no

longer dominate and the impact response is controlled mainly by the mechanical properties

of the alloy. Thermal effects may be expected to be significant over a significant portion of

the velocity range for erosion applications. However, at any velocity, thermal effects will

be less important for impacts with angular particles compared to spherical. Since thermal

effects need not necessarily create a soft surface layer, erosion conditions have to be

analyzed carefully to anticipate possible effects.

Thermal effects could explain lack of difference in hardening depths between the two alloys

for moderately low velocity single impacts and the higher hardening depth in the iron

aluminide alloy for high velocity single impacts. It was estimated that clear evidence of

thermal effects in 1100 A1 during multiple particle impact experiments would be seen under

experimental conditions somewhat more severe than in the present study.

Potential areas for future work include erosion studies in iron aluminide alloys using

angular particles, erosion induced order-disorder transformations in iron aluminide alloys,

residual stress effects during erosion and high velocity single impact studies on various

aluminum alloys or steels to study relative influence of mechanical properties and thermal
effects on erosion.
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Mechanical Properties of Oxide Scales

Introduction

The mechanical properties of protective oxide scales are being characterized based on the

premise that properties such as hardness, modulus, etc., ultimately determine whether 'a

chemically stable surface oxide will retain its integrity in corrosive, high-temperature

environments and, thus, whether a particular high- temperature alloy is generally corrosion

resistant. A mechanical properties microprobe (MPM) is being used to measure hardness,.

Young's modulus, and plasticity of alumina and chromia scales and bulk oxides by depth-

sensing submicron indentation testing. During the current reporting period, emphasis was

placed on the development of methodologies for measuring the mechanical properties of

thin oxide scales by focusing on a greater in-depth analysis of the various MPM data sets.

Discussion Of Current Activities

It was previously shown8 that while, in general, the MPM data did fall within the expected

range and good precision was found, there was a significant variation among the moduli of

four polycrystalline specimens of bulk alumina. Several of these values, as well as the

measured moduli (E) and hardnesses (H) of sapphire, were higher than those reported in

the literature. 8 Because the determinations of H and E strongly depend on the modeling of

the indenter contact area, errors in the calculation due to surface roughness or the specific

analytical approach to the estimation of the indenter tip shape have to be considered because

they can lead to different results for the same material. However, this type of factor would

not explain the specimen to specimen variation 8 because all the specimens had similar

surface finishes and the same model was used for the properties determinations.

Furthermore, recent calculations of the values of H/E 2, which does not depend on

knowledge of indenter contact area,9 showed that such estimation errors were not the

cause of the scatter for a particular alumina specimen nor of the differences among them.

Therefore, based on this finding and previous observations, 8 it is thought that the

variability among different sets more likely arises from errors in the determination of the

machine compliance, and/or other instrument changes.10,11 Better control over some of

these factors, as well as the use of standards for checking reproducibility over a period of

time, may well reduce the specimen-to-specimen variation.
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MPM results for chromia scales grown on chromium showed substantially greater scatter

(in t-t and E) than those for other scales and bulk oxides. 8,12 It was therefore decided to

reanalyze the data using the final unloading curves rather than the series of unloading

curves gotten during the loading cycles. 13 The results (shown in Table 1) yielded a more

realistic value of the elastic modulus (averaged over several successful indentations) and a

smaller standard deviation. Further evaluation of the differences between the two analysis

techniques will be required to determine the best measurement approach.

In FY 1992, the measurements of the mechanicaJ properties of thin oxide scales will no

longer be a separate task. Rather, such work will constitute one part of the overall

characterization efforts being performed in support of the development of corrosion-

resistant iron aluminides and ultrahigh strength high temperature intermetallics.

Table 1. Hardness, Young's Modulus, and Ratio of Plastic to Total Indentation
Depth(PD/ID) As Determined Using The Mechanical Properties Microprobe

Type H E PD/ID
(GPa) (GPa)

Scale on Cr 30-L-_9 318+52 0.68+0.04

Bulk Chromia 37+4 275+17 0.60+0.02

Unoxidized Cr 6+1 129+5 0.83+0.01

References

1. J. R. Keiser, Design, Construction and Initial Results for an Erosion-Corrosion Test
System, Oak Ridge National Laboratory, ORNL/TM-IO049, May 1986.

2. J. R. Keiser, p. 345 in Proc. Conf. on Corrosion-Erosion-Wear of Materials at
Elevated Temperatures, A. V. Levy (ed.) National Association of Corrosion Engineers,
Houston, TX, (1987) 345.

3. J. R. Keiser, R. C. Heidersbach, D. L. Dobbs, Jr., and W. C. Oliver, Wear 124
(I988) 105.

4. J. R. Keiser, R. C. Heidersbach, D. L. Dobbs, Jr., and W. C. Oliver, J. Mater. Eng.,
10 (1988) 273.

5. M. Rao, J. Keiser and D. Wilson, Scripta Met. 23 (1989) 1475.



345

6. J. R. Keiser, D. F. Wilson, J. N. Hines and A. V. Levy, J. Mater. Eng. 12 (1990)
245.

7. M. Rao, J. R. Keiser and D. F. Wilson, "Subsurface Hardening and Flow of
Aluminum During the Incubation Period of Solid Particle Erosion, to be published in Proc.
4th Berkeley Conf. on Corrosion-Erosion-Wear of Materials at Elevated Temperatures,,
National Association of Corrosion Engineers, Houston, TX,.

8. P.F. Tortorelli and J. R. Keiser, p; 377 in Proc. 5th Annual Conf. Fossil Energy
Materials, N. C. Cole and R. R. Judkxns (comp.), ORNL/FMP-91/1, September 1991

9. D. L. Joslin and W. C. Oliver, J. Mater. Res. 5 (1990) 123.

10. W. C. Oliver and G. M. Pharr, "An Improved Technique For Determining Hardness
and Modulus Using Depth Sensing Microcontact Experiments," to be submitted for
publication in J. Mater. Res., 1991.

11. M. E. O'Hern, Nano Instruments, Inc., Knoxville, Tennessee, private
communication, May 1991

12. P. F. Tortorelli, J. R. Keiser, K. R. Willson, and W. C. Oliver, p. 271 in Microscopy
• of Oxidation, M. J. Bennett and G. W. Lorimer (eds.), The Institute of Metals, London,

United Kingdom, 1991.

13. W. D. Nix, Metall. Trans. A 20A (1989) 2217-2245.



347

UCIN-3 - STUDY OF PARTICLE REBOUND CHARACTERISTICS
AND MATERIAL EROSION AT HIGH TEMPERATURES

W. Tabakoff, A. Hamed and M. Metwally

Department of Aerospace Engineering and Engineering Mechanics

. University of Cincinnati
Cincinnati, Ohio 45221-0070

INTRODUCTION

The objective of this research work is to investigate the basic

erosion processes and fluid mechanics associated with material

degradation in the components of various coal conversion and utilization

systems. The understanding of erosion patterns and rates will be

enhanced through a study of the rebound characteristics of particles

impinging various surfaces and through the measurement of erosion rates

of materials and coatings exposed to high temperatures. The overall

goal is to develop a quantitative model, which will facilitate the

prediction of erosion in systems operating in particulated environments.

DISCUSSION OF CURRENT ACTIVITIES

This program comprises an experimental investigation to stucy tile

ash particle rebound characteristics and the associated erosion ')ehavior

of superalloys and coatings subjected to particulate flows at elevated

temperatures. A three-component LDV system was used to measure the

restitutio_ parameters of 15 micron mean diameter coal ash particles

impacting some widely used superalloys and coatings at different angles.

The experimental results were used to develop correlations for tlle

restitution parameters for uncoated and coated superalloys. The erosion

behaviors of superalloys and protective coatings have also been

investigated experimentally at high temperatures using a specially

designed erosion wind tunnel. The experimental results collected in the

test program have been used to develop erosion models for the

investigated materials. The proposed models have been used to predict

the erosion behavior for FSX-414, IN-738, MAR-M246 and X40 alloys and N,
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RT22 and RT22B coatings, The present results show comparison between

predicted and measured erosion rates collected over wide ranges of test

conditions. In addition, the developed models have been used to predict

particle trajectories and blade erosion in a two-stage turbine for

uncoated and coated blade.surfaces. The predicted 3-D particle

•trajectories and special distribution of surface erosion over the blade

pressure surfaces are presented.

, Development of Erosion Model

For analyzing material erosion by solid particles, the material

behavior is either "ductile" or "brittle". An ideally brittle material

fractures after only plastic deformation, while ideally ductile materialJ

undergoes very large plastics strains before material removal. For

ductile material erosion, further simplifications have been made by

assuming two erosion mechanisms: one at low impingement angle and
i,/

another at normal impact. At intermediate impingement angle, a

combination of the two mechanisms wasproposed. Following this

approach, erosion models have been proposed for ductile erosion at

oblique and normal impacts.

In the erosion process, the material removal depends on the crater

volume formed by the particle. The crater volume depends oll the maximum

particle penetration normal to the surface and also on the particle

displacement parallel to the surface. Since the crater shape is not

critical parameter in material erosion, its geometry can be simplified.

The simplified crater depth can be assumed constant. Although the

proposed and actual crater shapes are different, their volumes can be

assumed equal.

The normal penetration is a plastic deformation which depends on

the normal force exerted by the particle upon impacting the target.

This normal force depends on the change of momentum between the particle

and the surface in the normal direction upon impact. The tangential

displacement depends on the energy required to remove (or deform) the

target material tangentially. This energy depends on the exchange of

tangential kinetic energy between the particle and target upon impact.



349

Erosion Model at Low Impingement Angle

Considering a modified crater shape, the erosion process can be

described in two steps as depicted in Fig, I. First the particle

penetrates the surface normally, then moves tangentially parallel to tile

undisturbed surface removing target material,

ON . (2) DISPLACEMENT

lhmax h_ __

_// /

///////Z '

(a) Actual (b) Theoretical

FIG. I. SCHEMATIC OF THEORETICAL AND ACTUAL EROSION PROCESS.

Based on the above discussion, the crater depth ,h, depends on the

normal force exerted by the particle on the surface upon impact which is

proportional to the particle momentum in the normal direction; i.e.'

h _ Mp VNI (i)

where h: an average crater depth,

Mp: particle mass,

VNI' normal component of the particle impact velocity.

The tangential particle displacement depends on the energy required

for material removal which is proportional to kinetic energy exchange

between the particle and the target tangentially upon impact.

2 2

DT cc Mp (VTI - VT2 )

2 2

c_ Mp VTI [I - ET ] (2)
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where DT' an average particle displacement in the tangential direction,

VTI: tangential component of particle impact velocity,

VT2: tangential component of particle rebound velocity,

ET: tangential restitution ratio.

VT__Z2
ET -

VTI

The volume of the material removed, (Vol.), depends on the depth,

h, and displacement, DT, i.e,

Vol _ h x DT (3)

where Vol' crater volume,

VI' particle impact velocity,

El' particle impingement angle.

Using Eqs. (I) and (2), equation (3) can be written as'

2 E2>Vol c_Mp VNI x Mp VTI (i

2 3 28 2ccMp V I sin_l cos I (i - ET) (4)

1

Consequently, material weight loss can be expressed as follows'

bW = Pt Vol

2 3 g_)= CO Mp VI sin_l cos2_l (i (5)

where CO ' a constant depends on the target material,

AW ' material weight loss,

Pt material density.
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Dividing'Eq, (5) by the particle mass! Mp, the erosion mass rate can be

expressed as follows:

= CO Mp 3 os2_l 2c VI sin_l c (I - ET) (6)

where _ : material erosion per unit mass of particles. Since theC

particle mass can be assumed constant, equation (6) can be written

3 sin_ I cos2_l (I 2_c = Cl VI - ET) (7)

where CI constant,

= CO Mp

In the above expression, the material erosion rate is proportional

to particle velocity cube. This value of the velocity exponent agrees

with the most velocity exponent values obtained experimentally.

Erosion Model at Normal Impact

The amount of material plastic defol_nation depends on the kinetic

energy exchange between the particle and the target at normal impact.

So that it can be assumed that material erosion is proportional to

change of particle normal velocity kinetic energy. Therefore, the

material erosion has been proposed as follows'

2 2

aW90 = C2 Mp (VNI - VN2 )

2 E_) (8)= C2 Mp VNI (i -

where &Wgo' material removal at normal impacts,

VNI ' normal component of particle impact velocity,

VN2 ' normal component of particle rebound velocity,

C2 ' empirical constant ,

EN ' normal restitution ratio.
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VN2

EN=--
VNI

Dividing by particle mass, the material mass erosion can

be express as follows'

N2 2_90 = C2 V i (I - EN)

= C2 V_ sin2_l (I - E2) (9)

where E90 ' mass erosion per unit mass of particles at 90 °.

Prediction of the Superalloy and Coating Erosion Rates

The total material erosion has been calculated at any angle by

superimposing the two type of erosion described by Eqs. (7) and (9).

The general relationship of the total erosion can be expressed as

follows'

/.
c 90 ,,

3 sin_ 1 cos (1 - 2 2= CI VI 2#1 ET) + C2 V_ sin2_l(l EN) (I0) ,

where _ is total mass erosion per unit mass of particles (mg/gm) and Vi

is impact velocity (m/s).

Although the experimental results showed that the velocity exponent

is in the vicinity of three, the measured values were different for

different materials. This might due to the effect of the other

parameters effecting on the erosion rate which are not modeled in this

analysis. Therefore the total mass erosion rate (Eq. (i0)) has been

modified to the following form.

inn2_l 2 .n4 281 2c = CI V_is (I - ET)+ C2 vI sin (I EN) (Ii)
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where the values of the exponents are empirically determined. In

addition the erosion rate has been found to vary with target

temperature. In this study, erosion rate was observed to change

slightly with varying target temperature for most of the investigated

materials. However, when the target temperature approached th, level at

which the yield strength begins to drop rapidly, the erosion rate
5

increases abruptly. Therefore, the same approach used by Wakeman

has been employed to corporate the temperature effect on the erosion

rate by usi_,tg an empirical expression to match the data as follows:

c = F(T) ERT (12)

where:

.YRT a y

F(T) = <T ) + -- - i (13)
YRT

where _ : erosion rate at operating tentperature,

_RT : erosion rate at reference temperature,

Y : material yield strength at operating temperature,

YRT : material yield strength at reference temperature,

a : empirical constant.

The ambient temperature has been taken as a reference temperature.

Therefore, F(T) at ambient is equal to one and the erosion rate at

ambient temperature can be expressed by Eq. (ii).

Combining Eqs. (Ii), (12), and (13) gives:

= F(T) [Cl(Vl/lO0)nl inn2/31 n3/_I E2T)s cos (I

+ C2 (Vl/lO0)n4 2/3 2sin i(i - EN)] (14)

The erosion rate model as described above gives the erosion rate as a

function of material yield strength, particle impact velocity,

impingement angle and particle velocity restitution ratios. The

restitution ratios have been calculated using the: equations developed

experimentally. The constants CI, and C2 and the exponents, n's, are
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determi_ed empirically from the experimental data by using multiple

regression analysis. VI/100 is used in place of VI to control the

magnitude of CI and C2 in the correlation. Table I summarizes the

values of the constants and exponents for the investigated alloys and

coatings whose erosion behaviors are ductile.l

Table i. Material Coefficients of Erosion Models

2
MATERIAL a CI C2xl0 nl n2 n3 n4

FSX-414 1.05 i 18258 I 93233 2 90 0,50 2 40 3 13

IN-738 4.85 0 02173 2 61691 2 57 0 40 2 40 2 77

M-246 5.40 0 418612 2 73895 2 32 0 60 2 25 2 94

X-40 0.95 0 1888266 2 25033 3 18 I 15 2 25 2 63

N -- 0 0510006 0 11602 3 31 i 35 3 O0 3 22

RT22 -- 0 0562133 0 052228 2 72 0 65 4 75 2 75

RT22B -- 0 027657 0 01216 3 70 i 50 4 30 3 73

Using the semi-empirical equations the erosion rates have been

calculated for the investigated superalloys and coatings for different

velocities, impingement angles and temperatures. Figures 2 through 5

represent predicted erosion rates against measured erosion rates for

INCO-738, FSX-414, M246 and X40 alloys. The material yield strength for

the superalloys have been substituted into the temperature parameters,

F(T). These terms have been plotted against target temperature in Fig.

6 for each material. The temperature parameters value have been used in

the calculations involved with the erosion rate equations. Figures 7

through 9 show comparison between calculated and measured erosion rates

i
for N, RT22 and RT22B coatings. Due to lack of information about

coatings yield strength, it was not possible to calculate its

temperature parameters. The figures show that the calculated erosion
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rates correlate well with measured erosion rates for both uncoated and

coated surfaces.

Particle Trajectories and Blade Erosion in a Two-Stage Turbine

Based on Rebound and Erosion Models

The proposed rebound and erosion models have been used to predict

particle trajectories and blade erosion in a two stage axial flow gas

turbine. The investigation involved three major modeling efforts,

namely, (i) modeling the three dimensional flow field in each blade row,

(ii) prediction of the three dimensional particle dynamics under the

influence of the flow field aerodynamic forces and the interactions with

blades, hub and shroud, and (iii) blade erosion computation based on

particle impact data and erosion model of the blade material.

Particle Trajectories

Due to their higher inertia, the particle trajectories in

turbomachines generally differ from the flow streamlines and particles

tends to impact the blade surfaces, hub and tip walls. The particle

trajectory calculation consists of numerical integration of the particle

three dimensional equations of motion in the flow field, up to the point

of blade, hub or casing impact. The magnitude and direction of particle

rebound velocity after these impacts are predicted by using rebound

model developed for the particle-material combination under

consideration. Such computations have been conducted based on the

proposed rebound model to investigate the trajectories in the flow

passages of a two stage turbine for fly ash particles for uncoated and

coated blade surfaces. The detailed description of computation

technique and results can be found in ref. 2.

Figure I0 shows samples of particle trajectories projected in _-z

plane for 15 micron fly ash particles through a two stage turbine whose

geometry can be found in ref. 3. The figure clearly indicate that the

particle deviation from the streamlines. So that some of the particles

tend to impact the pressure side of the first stator and some impacts

the leading edges. At the first stator exit, the particle absolute

velocities are lower than the gas velocity. Therefore, they enter the
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first rotor with higher incidence angles which causes the particles to

impact the blade pressure surface near the rotor leading edge. After

rebounding, they impact the rotor blade pressure surface near the

trailing edge. In the second stage, similar behaviors can be observed.

The projection of particle trajectories in r-z plane is shown in

Fig. Ii. The results demonstrate the influence of blade impacts on the

particles, which are centrifuged towards the tip after the blade

impacts. This leads to high particle concentrations near the blade tips

resulting in higher erosion damages at tip.

Particle trajectory computations provide, particle impact location

coordinates, the impact velocity magnitude, and the impingement angle

relative to the blade surface at each impact location. Figure 1.2 shows

impact locations for 15 microns particles in a two stage turbine over

the blade pressure surfaces. The effect of particle centrifugation are

noticeable in the absence of impacts near the blade hubs. Figure 12

shows that particle migration towards the tip increases in downstream

direction which leads to increased particle impacts towards the blade

tips.

Blade Surface Erosion

The prediction of turbine blade erosion is based on the particle

impact data as determined from the trajectories and erosionmodels

developed for the particle-material combination. Based on the erosion

models developed for M246 alloy and N and RT22 coating, the blade

surface erosion have been predicted in a two stage turbine. The results

are recently presented in the 5rh International Symposium and Exposition

on Gas Turbines in Cogeneration, Repowering and Peak-Load Power

Generation in Budapest, 1991 (ref. 4). Some of these results are shown

in Figs. 13 through 16. These figures present the spacial distribution

of the erosion parameter (material weight loss per unit mass of

particles per unit surface area) over the blade pressure surfaces in the

two stage turbine for uncoated (M246 alloy) and coated surfaces (N and

RT22 coatings). Although the coatings did not change the erosion

pattern significantly over the blade surfaces, they remarkably reduced

the blade erosion. Comparing the values of maximum erosion at the mid

span of the trailing edge (Fig. 13) reveals that the uncoated blade
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maximum erosion is one order of magnitude the maximum erosion of coated

blade. Figure 14 shows that the reduction of the maximum erosion at the

rotor tip leading edge is 70% for N coating and 95% for RT22 coating.

This strong influence of the blade coating on the erosion can be clearly

seen in Fig. 15 and 16 which show the erosion parameter of the second

stage. This remarkable improvement of coated surface erosion prolongs

greatly the blade life and reduces the blade material degradation due to

particulated flows.

SUMMARY AND CONCLUSIONS

Erosion models have been developed for superalloys (MAR-M246, X40,

FSX-414 and °IN-738) and coatings (N, RT22 and RT22B) to predict the

material erosion over a wide range of particulate flows. The predicted

and measured erosion rates correlate well over a wide range of particle

velocities, impingement angles, and target temperatures. Also, the

models have been employed to predict fly ash particle trajectories and

resulting blade erosion in a a two stage gas turbine for uncoated and

coated surfaces. The results show that the blade pressure surfaces have

much higher impacts than the suction surface. The results indicate that

continuous particle centrifugation results in higher particle impacts

towards the blade tips, The pressure surface erosion computations for

uncoated and coated blades show that the coatings provide a very good

protection and greatly prolong the blade life.
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INTRODUCTION

Thls research is designed to provide a systematic investigation of

the effects of materials properties and experimental variables on the

rebound directions and velocities of erodent particles. The general

approach is to develop computer models for the impact of spherical and

angular particles, and to compare the predictions with experimental

measurements of both single and multiple impact rebound parameters. The

project is also probing the question of the effects of various

strengthening mechanisms on the dynamic flow stress of metals, which

serves asthe major material variable used as input for the computer

rebound models. The project is primarily intended to develop computer

models which can be used to predict the direction and velocity of

rebound of a particle from a material, which is important in other

programs aimed at computation of the flight path of particles through

turbine engines. The rebound problem is also of interest from a purely

scientific point of view, and because of the relationship between the

energy lost and the amount of material removed by a particle during

impact.

The computer models being developed take into account certain

effects neglected in previous models, and are being used to concentrate

• primarily on the rebound problem. The project includes experiments in

which rebound velocity measurements are made during both single and

multiple-particle impact.
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DISCUSSION OF cURRENT ACTIVITIES

Recent work has concentrated on preparation of the final report.

Friction has been reintroduced into the angular particle model and

improves the agreement with single impact experiments. In the area of

dynamic hardness, a new experimental system has been designed and

constructed, and initial data is in close agreement with previous data.

The new system should permit measurements at higher velocities and with

smaller particles, which will extend the range of temperature rise and

strain rate. Separation of these variables with a simple model yields

interesting results. An approximation used for cra_er volume in the

Tabor model we have used for dynamic hardness was found to be inaccurate

for higher velocities and soft materials, and has made it necessary to

recompute all dynamic hardness data. No significant change was found in

most data, and our previous conclusions are essentially unchanged.

Angular Particle Rebound Model

Following the modifications made to the angular particle rebound

model (APM) described in the May, 1991 Fossil Energy Materials Program

Conference, l friction has been reintroduced into the model. Figure 1

compares the rebound data for single impacts of 700 _m AI203 on 6061-T6

A1 with the predictions of the APM with friction coefficients of _ = 0

(no friction) and _ = 0.5. Without friction, the model predictions are

higher than the data at low angles of incidence, but are a reasonable

fit at high angles of incidence. With _ = 0.5 the predicted velocities

ale a much better fit. The direction of the frictional force depends on

the direction of motion of each particle face relative to the target

contact segment; these forces are added to the other forces on the

particle. A more detailed description will be included in the final

report.
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Dynamic Hardness

New Dynamic Hardness Test Apparatus

Additional experimental work on dynamic hardness is still in

progress. This work is made possible by university support of one

graduate student, and is beyond the original goals and expectations of

the project. As discussed in a later section, by varying the diameter

and velocity of spherical particles in the dynamic hardness method, it

is possible to investigate the effects of temperature rise and strain

rate on dynamic hardness. A new test apparatus has been constructed and

tested which is designed to permit impacts at accurately predetermined

velocities in vacuum. As discussed in earlier reports, the use of a

pressurized gas pulse to accelerate particles toward the specimen

produces a small deceleration of the rebounding particle. Although this

effect has been measured and shown to be small, the desire to extend the

tests "to smaller particle diameters and a greater velocity range raised

the issue of measuring this deceleration effect. It was decided to
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avoid this problem by designing a system in which the specimen is

- mounted on the end of a rotating arm in vacuum, with particles being

dropped in front of the arm. The impact velocity is then precisely

known from the measured rotational rate of the arm. The particle

rebounds through a pair of parallel 1 mm X 1 cm laser beams at a spacing

of I cm to measure the velocity of the rebounding particle by means of

photodiodes which detect the decrease of light intensity as the particle

passes through the beams. During impact, the particle comes to rest in

the specimen frame of reference before rebounding. It is therefore

necessary to subtract the specimen velocity from the measured velocity

of the rebounding particle to obtain the true rebound velocity, but

since specimen velocity is accurately known this produces no significant

error. The apparatus is shown schematically in Figure 2.

The particles are dropped one at a time in front of the specimen by

placing them in small holes in a disc which is manually rotated to bring

the hole over a drop tube. The probability of the particle hitting the

specimen is quite close to unity due to the high speed of the specimen.

This probability is increased by including a rebounding plate below the

drop tube so that if a particle fails to strike the specimen, it bounces

up and is struck on a subsequent pass of the specimen. The probability

of the particles pas' .ng through the light beams is about 10 to 20%, but

particles which do not strike the specimen are magnetically collected

from the chamber. About 20 successful impacts can be made without

= breaking the vacuum system to change the specimen. To avoid striking an

existing impact crater, the particle feeder is moved radially _nwards

slightly after each impact. The specimen arm is carefully balanced by

means of a counterweight after the specimen is loaded, and velocities

over i00 m/s have been reached without significant vibration. It is

_ expected that higher velocities will be obtainable with a minor

modification to the drive.

- A second specimen is placed behind the light beams, and the

particle then rebounds through the beams from this specimen. Since the

incident and rebound velocities for the second specimen are measured

from the light beams, dynamic hardness is obtained for two specimens

with a single particle. Since the particle leaving the first specimen

' I
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1. Specimen 1 5. Piezo Detector 9. Photodiode Detector
2. Rotating Arm 6. Specimen 2 10. Laser Source
3. Balance Weight 7. Laser Beams 11. Rebounding Plate
4. Shield Plate 8. Chamber 12. Ball Feeder

Figure 2. Schematic drawing of the new dynamic hardness

apparatus.

-
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has a higher velocity than the arm, incident velocities at the second

specimen are higher. Using a very hard first specimen gives higher

rebound velocities from specimen I, and therefore increases the incident

velocity at the second specimen, making it possible to reach higher

incident velocities.

Figure 3 shows a ,comparison of dynamic hardness data obtained with

the new and old test systems on 6061-T6 Al. As can be seen, there is an

excellent correspondence between the data from the two systems.

16 ' ' I........' I _'" 'i ' I "'

om
_" 12

o
o

e-
_ O

_ 4
rr" 8 o New system

t.., Gas pulse system

0 , , I I I, • l , I ,

0 10 20 30 40 50

Incident Velocity (m/s)

Figure 3. Comparison of rebound velocity data from the new

vacuum dynamic hardness apparatus with that from the

older gas pulse system.

Crater _olume Apprcximation

It was recently discovered that calculated values of crater radius

sometimes actually exceeded the radius of the impacting sphere. This

was traced to an approximation used in the Tabor formulation of dynamic

hardness 2 in order to simplify the equations. Crater volume was

approximated by

V = Ka4/4r (I)

where a is the crater radius and r is the sphere radius. The exact

formula is
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V = _h2(r-h/3) (2)

where h is the crater depth; this converges to the approximate

expression in the limit of h = 0. The exact formula does not lend

itself to simplification of the equations in the Tabor analysis, and we

have therefore used an iterative computer solution to recalculate all

dynamic hardness results. The results differ only by one to ten percent

in most cases, since crater volumes are small. Significant differences

occur only for the higher velocity tests on the softer alloys,

particularly with dense WC-Co spheres. We previously reported the

correlation of P calculated from the Tabor method (which requires only

incident and rebound velocities) with P = AE/V (where AE is the energy

lost by the sphere and V is the crater volume determined by profilometer

measurements). This correlation is changed only very slightly.

Effects of particle Size and Velocity

3
In a previous report, we outlined a simplified analysis of the

effects of velocity and particle diameter which permits separation of

the effects of temperature rise AT and strain rate _) on dynamic

hardness P. In addition, practical information is provided on input

values of P for the rebound velocity models dealing with impacts of

angular and spherical particles at oblique angles. Based on

approximations for £ by Hutchings 4 and AT by Sundararajan, 5 we showed

that particle diameter dp should affect £ but not AT, while velocity

should affect both £ and AT. £ can be calculated from our experimental

data for incident and rebound velocity by using the Hutchings

approximation to obtain the mean strain £ and the Tabor formulation of

dynamic hardness to obtain the time of contact. In this way, we can

obtain plots of P vs. £. The earlier report also included plots of P

vs. velocity for pure Al, and annealed and quenched 1080 steel. We

include here in Figures 4-6 plots of P vs. _ for these three materials.

The data were calculated with the original Tabor formula rather than

with the revised method which uses the exact crater volume, but it is

expected that the revised method will not change the important trends in

the information.

It is important to recognize that the increase of £ for each
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Figure 4. Effect of velocity on P for pure AI, plotted as
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Figure 5. Effect of velocity on P for annealed 1080 steel,

plotted as P vs. E°

particle size was accomplished by increasing velocity, which also

increases _T. The plot can be thought of as essentially a plot of P vs.

velocity with a revised velocity scale. Both £ and AT are proportional
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Figure 6. Effect of velocity on P for quenched 1080 steel,

plotted as P vs. _.

to velocity within the approximations in our analysis. In the case of

pure Al, we find a strong decrease of P with increasing _ and _T for the

larger i000 _m spheres, and a weaker decrease for the smaller 635 _m

spheres. The literature on high strain rate deformation leads us to

expect an increase of flow stress with E, while the temperature rise

should decrease flow stress. This suggests that the decrease of P with

should be attributed to a greater decrease of P due to increasing AT

than the increase of P associated with the simultaneous increase of £.

Since the approximate analysis gives £ inversely proportional to

particle diameter, the velocity necessary to obtain a given value of

is smaller for the smaller spheres. Therefore, if we consider a given

point on the curve for I000 _Lm spheres, the point directly above it on

the curve for 635 _m spheres has the same _, but a lower velocity and

therefore a lower AT. The higher values of P for 635 _Lm spheres in

Figure 4 (pure Al) is thus attributable to the lower AT alone, within

the approximations of the simple model. This allows the effect of AT to

be evaluated as a function of strain rate, and in fact would also allow

a separate calculation of the effect of strain rate alone on P by taking

the AT effect into account.
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It is very interesting that there is a smaller negative slope of P

vs. £ in Figure 4 (pure Al) for the 635 _m spheres. For the smaller

sphere size, AT is smaller, so one would expect a smaller decrease of P

associated with AT. By extrapolation, we would expect that if still

smaller spheres are used, P would be higher, and the curve would become

flat and then acquire a positive slope with decreasing dp. If so, pure

A1 would approach the behavior observed for quenched 1080 steel (Figure

6), in which the positive slope is assumed to be due to the effect of

strain rate being greater than that of temperature rise.

The case of annealed 1080 steel is intermediate between those of

pure A1 and quenched 1080 steel, with a positive slope for the smaller

spheres and a maximum for larger spheres. For large spheres, the

decrease of P past the maximum can, in our approximate treatment, be

attributed to _T having a greater effect on P than _ for high

velocities. The AT for smaller spheres is less, and one would therefore

expect a higher velocity to be needed before AT began to have more

influence than £. The continued rise of P with £ in Figure 5 is

therefore consistent with our simple analysis, and there is even a

suggestion that the 635 _m curve may be approaching a maximum at a

higher velocity.

The low melting point of A1 probably contributes to the fact that P

decreases with increasing velocity, since less temperature rise is

necessary to reach a given fraction of its absolute melting temperature.

A study of the effect of melting temperature on the _ dependence of P

for different pure metals would be of interest in evaluating this.

However, according to Sundararajan's estimate of AT of

AT = P£/pC (3)

where p is density and C is heat capacity, AT will generally be larger

for higher Tm metals due to the generally higher flow stress for higher

Tm. Higher P also gives smaller S, which tends to decrease the effect

of Tm on P. Heat capacity will also play a role, and, since the impacts

will not be perfectly adiabatic as assumed in the simple AT expression,

thermal conductivity will also influence the results. Another

complication is that different metals make the transition from thermally

activated dislocation glide to phonon drag controlled glide at different
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Figure 7. Effect of incident velocity on dynamic hardness

for pure Cu, calculated with the original Tabor

formula.
I

strain rates. We have obtained data for the dynamic hardness of pure Cu

with I000 and 635 _trnspheres. Figure 7 shows the velocity dependence of

P for i000 _m spheres calculated with the Tabor method using the exact

crater volume formulation. There is a small decrease ef P with

velocity, but it is much less than that for pure A1 or the 6061 A1 alloy

in various microstructural conditions.

The difference in the behavior of quenched and annealed 1080 steel

is complicated by a number of factors. The martensitic (quenched) steel

has very high dislocation density and solution hardening due to carbon

being trapped in solution, while the pearlitic annealed steel would have

the constraint of cementite plates as a contribution to flow stress. It

is not possible to provide a simple explanation of the different

behavior of these two microstructures at this time.

Figures 8-10 show the effect of velocity on P for 6061 A1 alloy in

three conditions: i) O temper; annealed to give large precipitates in a

matrix of low alloy content; ii) T4 temper; solution annealed condition,

single phase with substantial solution hardening; and iii) T6 temper,

precipitation hardened. The results are qualitatively similar to those

presented earlier for pure Al, and do not show large differences in the
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Figure 9. Effect of incident velocity on dynamic hardness
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effect of sphere size or velocity on P for the different strengthening

mechanisms. Further analysis of the results will be made to obtain P

vs. £ plots as in Figures 8-10.
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UTN-3 - CORROSION OF IRON ALUMINIDES IN.ACIDIC,
.BASIC AND_CHLORIDE SOLUTIONS

R. A. Buchanan and J. G. Kim

Department of Materials Science and Engineering
The University of Tennessee

Knoxville, Tennessee 37996-2200

INTRODUCTION

The Fe3Al-type iron aluminides have undergone continued development for

enhancement of mechanical and corrosion properties over the past several years at the Oak

Ridge National Laboratory. Improved alloys and thermo-mechanical processing methods

have evolved. The overall purpose of.this particular project is to evaluate the aqueous

corrosion properties of the most recent alloy compositions in a wide range of possibly-

aggressive solutions.

DISCUSSION OF CURRENT ACTIVITIES

The iron aluminides investigated during the time period of this progress report were

FA-129 (Fe-28A1-5Cr-0.2C-1Nb, at.%) and FAL-Mo (Fe-28A1-5Cr-lMo, at.%). As

comparison or reference materials, the iron aluminide FA-84 (Fe-28A1-2Cr-0.05B, at.%)

and annealed Type 304L stainless steel (SS) were also evaluated. The corrosion

characteristics of these materials were determined in seven different electrolytes: 1N HC1,

1N H2SO4, 1N HNO3, lM NaOH, a mild acid-chloride solution (pH = 4 (H2SO4), 200

ppm CI'), 3.5 wt. % NaC1 (pH -- 7), and synthetic seawater (Instant Ocean TM, Aquarium

Systems, Mentor, Ohio).

Three types of corrosion evaluations were performed to obtain complementary

results. First, electrochemical cyclic anodic polarization measurements were made to

determine active or passive behavior and relative stability within the various solutions,

Second, electrochemical polarization resistance measurements were made to obtain

corrosion current densities, from which average penetration rates in mils per year (mpy)

were calculated by application of Faraday's Law. And third, three-week mass-loss

immersion tests were conducted to substantiate the electrochemical results and to evaluate
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any effects of time. The mass-loss values per unit area per unit time were converted to

average penetration rates in mpy for comparison to the polarization resistance results.

After cutting the specimens to size for the various tests, the iron aluminides were

heat treated for lh at 750°C in air and then oil quenched. Next, for ali materials, the

specimens were ground to a 600-grit (SIC) surface finish. Ali corrosion tests were

conducted at laboratorytemperature (~25°C). In the electrochemical tests, the potential scan

rate was 600 mV/h and the reversing current density for the polarization measurements was

103 gAJcm 2. Aeration was achieved by sparging with oxygen, which also resulted in a

stirring action. In the immersion tests, oxygen sparging was not performed; the solutions
t

were in a quiescent condition.

Before presenting the results of the cyclic anodic polarization measurements, a brief

review of the typical forms of results and their physical interpretations will be given relative

to the schematic curves in Figure 1. The anodic curve of Figure l(a) represents active

behavior only, i.e. as the potential is increased, the external anodic current density (iex)

increases monotonically. Since iex is approximately equal to the true anodic current density

(at potentials greater than about 50 mV above the open-circuit freely-corroding potential

(Ecorr)), which in turn is directly proportional to the metal corrosion rate, this active

behavior indicates that the metal corrosion rate continuously increases with increasing

potential. The schematic curve of Figure l(b) indicates that active corrosion is occurring at

the freely-corroding potential (Ecorr), but then as the potential is increased, the metal

undergoes passivation to a low passive (P) current density (ip). At higher potentials,

breakdown of the passive film occurs resulting in high current densities. Upon reversal of

the scan direction, no hysteresis (no H) occurs, which generally means that the metal is not

susceptible to localized forms of corrosion (pitting and crevice corrosion) in this electrolyte.

Thus, Figure 1(b) indicates active corrosion (A), followed by passivation (P), followed by

breakdown of the passive film with no hysteresis (B (no H)). These tendencies are

abbreviated as A-P-B (no H). The schematic curve of Figure 1(c) represents, for the most

part, ideal behavior; The metal is passivated at the freely corroding potential, and finally

undergoes breakdown at a significantly higher potential with no hysteresis, i.e. P-B (no

H). The curve of Figure 1(d) indicates passivation at the freely corroding potential, and

breakdown at a higher potential with hysteresis during the reverse scan, i.e. P-B (H). The

breakdown potential (EB) and the protection potential (Ep) are indicated in the figure, where
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Fig. 1 - Schematic experimental cyclic anodic polarization curves.
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Ep is the potential at which the reverse-scan curve intersects the forward-scan curve. The

presence of the hysteresis loop indicates susceptibility to localized corrosion in this

electrolyte. Although the metal is susceptible to localized corrosion, its relative resistance is

proportional to (Ep- Econ.), i.e. greater resistance is afforded with higher values of Ep

relative to Econ. Finally, Figure 1(e) illustrates behavior similar to that of Figure 1(d)

except that El:,is below Ecorr, indicating less resistance to the onset of localized corrosion.

The results of the cyclic anodic polarization measurements for the four materia!s

(FA-84, FA-129, FAL-Mo and 304L stainless steel (SS)) in the seven different electrolytes

are presented in Figures 2-8. Table 1 summarizes these results in terms of the abbreviated

notation previously described. In the 1N HC1 acid, only active behavior was exhibited by

all four materials. In both the 1N H2SO4 and 1N HNO3 acids, at the freely-corroding

potential (Econ.), corrosion was taking place in the active state for the three iron aluminides

but in the passive state for the 304L SS. At higher potentials, the three aluminides

underwent passivation. Upon breakdown, or apparent breakdown (oxygen evolution), no

hysteresis was exhibited by any of the materials in these acids. In the highly basic lM

NaOH solution, all four materials were passivated at Ecorr. No hysteresis was exhibited

after breakdown (or apparent breakdown). Therefore, although widely differing behaviors

were exhibited by the four materials in the three acidic solutions and the one basic solution,

' no material/electrolyte combination indicated susceptibility to localized pitting/crevice

corrosion (i.e. no hysteresis loops were produced).

In the three chloride-containing solutions (mild acid-chloride, 3.5 wt.% NaC1 and

synthetic seawater), all materials were in the passive state at Econ-,and after breakdown of

the passive film, all materials exhibited hysteresis behavior. Therefore, these

material/electrolyte combinations exhibited susceptibility to localized corrosion. As

previously discussed, a measure of the relative resistance to the onset of localized corrosion

is the quantity (Ep- Ecorr), with the resistance increasing as (Ep- Ecorr) increases. This

quantity is tabulated in Table 2 for the four materials in the chloride-containing solutions.

Based on this electrochemical measurement, FAL-Mo and 304L SS were clearly superior to

the other two materials in terms of resistance to chloride-induced localized corrosion.
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Fig. 2- Cyclic anodic polarization results in 1N HCI.
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Fig. 4 - Cyclic anodic polarization results in 1N HNO3.
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Eleotrolyte: 200ppm Chlor lde Ion (pH=4)
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Fig. 6 - Cyclic anodic polarization results in mild acid-chloride
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Fig. 7 - Cyclic anodic polarization results in 3.5 wt. % NAC1.
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Electrolyte: Synthetic Seawater
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Fig.8 - Cyclic anodic polarization results in synthetic seawater.

Table 1. Summary of cyclic anodic polarization results.

-- ,. ., -- , ............

Solutions Materials

,.. ,,,.. , , ,,,

FA-84 F,_- 129 FAL-Mo 304L SS
_ _ _ ,, ,,

'_ IN HC1 A only A only A or_ly A only<
1N H2SO4 A-P-B (no H) A-P-B (no H) A-P-B (no H) P-B (no H)

1N HNO3 A-P-B (no H) A-P-B (no H) A-P-B (no H) P--B (no H),., ,, ,.._.... q, ,

lM NaOH P-B (no H) P-B (no H) P-B (no H) P-B (no H)

, ,.. .,. . ,,, , .. ,, , ,,,

_ Mild Acid-Chlc_ide P-B (_I) P-B (II) P-B (H) P-B (H)
°,,_

,.9,o 3.5 wt % NaOH P-B (H) P-B (II) P-B (II) P-B (H)

r,.) Svnthedc Seaw_ater P-B (t-I) P-B CII) P-B CII). P-B (I-I)
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Table 2. Electrochemical parameters in the chloride solutions.

Acid-Chloride Solution

........ -- 'E--p Iii iii I I I IM,aterial EB icorr Ecorr Ep-Ecorr

mV (SHE) [.tA/cre 2 mV (SHE) mV (SHE) mV (SHE)
FA-84 420 1.04 -120 -70 -50

ii ii i iii ii ii iii

FA-129 500 0.44 -320 40 -3 60
i i ii i i| i • '

FAL-Mo 540 0.3 140 8 0 6 0
iii ii H, .... ' I

304L 600 0.09 240 200 40
i

3.5% NaC1 Solution
-- lliili -

Material EB icorr Ep Ecorr Ep-Ecorr

mV,!SHE) _.A/cm 2 mV (SHE) mV (SHE) mV (SHE)
FA-84 -240 78.2 -320 -240 - 8 0

i ii i lli iii i i

FA-129 -40 29.8, 0.2 -300 -200 -100

FAL-Mo 250 2.3 100 6 0 4 0
i i i i,i i

304L 490 0,15 120 100 20
ii i

SYnthetic, Seawater Soluti0n _

Material EB icorr Ep Ecor r Ep-Ecorr

..... mV (SHE) _A/cm 2 mV (SHE) m,V (SITE) mV (SITE)
FA-84 -300 18.27 -410 -300 -1 10

lH i i i iii

FA-129 200 26.73, 0.02 -260 70 -330
i ii i i i i Bill . __ iinn __ ii , ., _i. ii i

FAL-Mo 400 1,02 50 80 -30
|1 '-i ii i| ..1

304L 460 0,0I 140 300 - 160
=,. ,., ,, -
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The average penetration rates (mpy) at the freely-corroding potential (Ecorr), as

determined by polarization resistance measurements and Faraday's law, are given in Table

3. Ali four materials produced high corrosion rates in the 1N HCI. In the 1N H2SO4, the

three iron aluminides produced high corresion rates corresponding to active corrosion
/

behavioi'+ bt}t the 304L SS exhibited a low passive corrosion rate. In the 1N HNO3, the
.+ '_. _. ' / +. _+ • • +

FA-84 _O+ti_u;rnmtde,showed a very high actave corroston rate; however, the FA-129 and
FAL-M0 ;Nun4k_idesexhibited much lower active corrosion rates. Based on the

polarization behaviors, these latter materials were corroding in an active state but very close

to a state of passivation, Finally, in the IN HNO3 Solution, the 304L SS showed a low

passive corrosion rate. In the basic lM NaOH solution, all four materials produced low

passive corrosion rates. In the three chloride-containing solutions (mild acid-chloride, 3.5

wt. % NaC1 and synthetic seawater), generally, low passive corrosion rates were exhibited

by all materials. Within these solutions, the higher average penetration values (i.e. greater

than about 1 mpy) could have been associated with small amounts of localized corrosion

during the polarization-resistance measurements. Recall that all of these materials exhibited

susceptibility to localized corrosion in these solutions by virtue of production of hysteresis

loops within their cyclic anodic polarization curves.

Table 3. Results of polarization resistance measurements.

_ __ _ . ......................... , , , --

Average Penetration Rates (mpy)

Solutions
Materials

_ , .,. __ _ __ , ,,,,

FA-84 FA-129 FAL-Mo 304L SS

1N HCI 6,220 740 200 140
1N H2SO4 5,800 1,040 1,770 0.2

1N HNO3 2,240 50 20 0.1
....... ,: .:._ --_ ___,,L ,,,,

N lM NaOH 0.6 103 0.8 0.1_ .

._ Mild Acid-Chloride 0.4 0.2 0.1 0.04

o 3.5 wt % NaC1 33 6.7 1.0 0.06

_ Synthetic Seawater 7.7 6.0 0.5 0.007
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The results of the three-week mass-loss immersion tests are presented in Table 4.

These results are generally consistent with the polarization-resistance corrosion rates of

Table 3. As shown in Table 4, the immersion tests indicated high corrosion rates for the

iron aluminides in the 1N HC1 and 1N H2SO4 acids. The corrosion rate for the 304L SS

was much lower than the aluminides in both of these acids, with a very low corrosion rate

(passivation) being indicated in the 1N H2SO 4. In the 1N HNO3, a very high corrosion

rate was exhibited for FA-84, much lower corrosion rates for FA-129 and FAL-Mo (on the

verge of passivation), and an extremely low corrosion rate for the 304L SS (passivation).

In the highly-basic lM NaOH, very low corrosion rates were produced by ali four

materials (passivation).

Table 4. Results of three-week mass-loss immersion tests.

Average Penetration Rates (mpy)

Solutions
Materials

,, , , ,...

FA-84 FA- 129 FAL-Mo 304L SS
ii

'_ ],N HCf >8,0201 >3,1502 >6373 6.5

1N H2SO4 >3,7504 >1,3205 >7486 <0.1

1;!;:!HNO3 >6,2007 0.25 ....... 7,.0 <0.1 .
1;)l,illlNaOH 0.1 0.1 0.8 <0.1

t,O

Mild ,,ikcid-Chloride 2.3' 1 6* 0.9 <0.1

3.5 '_ivl::% NaCI 2.7* 1.8' 1.0" <0.1
,._

Synth_:'l'.:icSeawater 1.0" 1.0' 0.9 <0.1

1-7: Total di_:;;:[;olutionwithin--l(12h), 2(36h), 3(192h), 4(24h), 5(72h), 6(213h), 7(12h)./

* Loc',xhzcL corrosion initiated within 24h.

With reg;_a'dto the chloride-containing solutions, as shown in Table 4, the mass-loss

immersion re_!mltsindicated low average corrosion rates for aUof the materials. However,

localized corrosion was observed to initiate for many of the material/electrolyte

combinations over the three-week time period. Specifically, in all three chloride solutions,

localized corr,osion initiated on the FA-84 and FA-129 iron aluminides within 24 hours.

' III" ' _ ' " I _I'IP_'
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Also, localized corrosion initiated on the FAL-Mo aluminide within 24 hours in the 3.5 wt.

% NaC1 solution. Only the 304L SS in ali three chloride solutions, and the FAL-Mo iron

aluminide in the mild acid-chloride and the synthetic seawater solutions, remained

completely passive (no localized corrosion) over the three-week time period.

One aspect of the procedures followed during preparation for the mass-loss tests may

be important relative to the chloride-solution results for the iron aluminides. In the

immersion tests, the samples were supported by glass racks: a hole was drilled in each

specimen, then each specimen was supported vertically by a glass peg through the drilled

hole. During the chloride tests of Table 4, when localized corrosion initiated, it tended to

start at the periphery of the drilled hole. The point to be made here is that the holes were

drilled afte____rheat treatment. Therefore, cold-work effects could have influenced the

initiation of localized corrosion. Consequently, these tests will be repeated with the drilling

operation performed prior to heat treatment, such that the possible cold-work effects will be

eliminated.
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PART V - TECHNOLOGY DEVELOPMENT AND TRANSFER
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BCL-4- "MATERIALS AND COMPONENTS IN
FOSSIL ENERGY APPLICATIONS" 1,NEWSLETI_R

I.G. Wright

Battelle
505 King Avenue

Columbus_ Ohio 43201-2693

INTRODUCTION

The DOE Newsletter on Materials and Components in Fossil Energy

Applications is intended as a vehicle to provide timely dissemination of information

concerning developments in, or performance results of, materials and components in

conventional or new processes for the utilization: of coal, or for the conversion of coal to

other energy forms. In recent years, emphasis has been placed on the direct utilization

of coal as a fuel, rather than for providing a substitute for natural gas. Process

efficiency and compliance with present and anticipated environmental regulations are

two of the most important factors driving developments, and strongly influence not only

new processes, but also existing systems.

The role of the newsletter has been to provide a guide to developing

materials and components technology, and a forum for the presentation of the latest

results and experiences.

DISCUSSION OF CURRENT ACTIVITIES

During this reporting period, three issues of the newsletter have been

published. The articles in these editions were entitled:

Issue No. 92 (6/1/91)

• Control of Slagging in PC Boilers

• Update on Status of Tube Wastage in Fluidized-Bed Combustors

• Direct Casting of Nickel Aluminide
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• Progress in the Development of a Nested-Fiber Filter for Hot-Gas
Cleanup

• Industrial Developments

Issue No. 3 (8/1/91)

• Impact of Coal Switching on Performance of Boiler Materials and
Components

• Factors Affecting Wear of Pump Valves in Fine Particle Slurries

• Cooperative Research Opportunities with DOE National Laboratories

• Update on Materials Experience in the Ratcliffe FGD Test Rig

• High-Temperature Self-Lubricating Composite Available for
Commercialization

q

• Industrial Developments

Issue No. 9,1(10/'1/91)

• Application of Ceramics in Industrial Gas Turbines

• Report on a Workshop on Corrosion and Corrosion Protection in Flue
Gas Desulfurization (FGD) Plants, held at DECHEMA, Frankfurt,
Germany, January 1991.

• Deposits in Outlet Duct of Ratcliffe FGD Test Rig

• Performance of Vinyl Ester Linings in Ratcliffe FGD Test Rig

• State-of-the-Art Coal-Fired Plant

• Conceptual Design of a 150-MWe Coal-Fired MCFC Power Plant

• Development of Fuel Cells in Europe

• Industrial Developments
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CARB-4 - ENGINEERING-SCALE DEVELOPMENT OF THE VAPOR-LIQUID-SOLID
(VLS) PROCESS FOR THE PRODUCTION OF SILICON CARBIDE WHISKERS

William E. Hollar Jr. and J. Kim

The Carborundum Co.
Technology Division

P.O. Box 832
Niagara Falls, NY 14302

W. Mills

BP America
Warrensville, OH 44128

INTRODUCTION

The goal of this program is to develop the VLS SiC Whisker process to an engineering

scale in order to establish a commercially viable process. Specifically, the program calls for

obtaining reliable critical process design data for a reactor which is 12" wide x 40" long x 12"

high, and which is capable of producing 200 - 500 gram/12 hour cycle.

Preliminary economic evaluation has identified a number of components of the VLS SiC

whisker process concept which will require either improvement or further development in order

to achieve reduced production costs and to reduce technical uncertainties associated with the

process scaleup. Improvements in the growth process productivity, through increases in growth

rate and yield of useful product, would reduce the production cost. The high cost of process

gases necessitates the development of a process gas recycle system to reduce production costs.

Finally, a cost-effective beneficiation process needs to be developed to process the raw or

as-synthesized product into a form useful for composite reinforcement.

To achieve these goals, efforts are being focused in three key areas. Whisker growth

experiments are being conducted in Carborundum's development reactor to achieve growth rate

improvements and to develop critical scaleup data. A simulation model is under development

for use in the design of the engineering scale reactor, using data obtained in the development

reactor. Finally, a bench scale beneficiation process is under development to process SiC

whiskers produced in this program.

DISCUSSION OF CURRENT ACTIVITIES

Whisker Growth

One of the key factors impacting the economics of SiC whisker growth is the productivity

of ti'e growth process, which historically has been low. Los Alamos National Laboratory

(LAN/,.) has implemented process improvements which have led to growth rates as high as 0.55

mg/cm 2 hour. 1 In order to lower production costs, further improvements in the growth rate to
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1 mg/cm z hour have been targeted in the current program. To achieve increased growth rates,

growth experiments are being performed in Carborundum's development reactor, which has an

_ extended dimension in,the vertical direction relative to the LANL process. 2 This extended

vertical dimension allows for determination of reactor scaleup behavior in this direction. A

number of process variables can impact growth rate, such as the supply of the reactants SiP and

CH4. 2 Growth experiments are being performed to define process conditions which maximize

growth rates. In addition, kinetic data obtained during growth experiments will be added to the

simulation model to improve its predictive ability.

SiP supply plays an important role in the VLS whisker process, z SiP formation rates have

been evaluated by monitoring the evolution of CO in the exhaust gas by gas chromatography.

Integrated CO evolution is used to correct SiP formation rates by taking into account SiC

formation in the generator brick. 3 Corrected SiP formation rates have been evaluated for a

number of different process conditions, including various input CO levels, temperature, and

process gas flow rates. Trends in the SiP generation, SiC whisker formation and SiP utilization

are summarized in Table 1. These results can be used to guide modifications in the SiP

production to effect changes in the whisker growth process.

Table 1 - Trends in SiP Formation, SiP Utilization and
SiC Formation as a Function of Process Conditions

-- _ i _ -- _- '_ S _ _ _ "'_

Process Variable Total SiP Total SiCw SiP Utilization
(moles) (moles)

., .,,,. ,,, ,.,

- -input CO (0°/o 3%) Increase Increase Increase

- Input CO (3%- 6'°_) Decrease ' Incre'ase ....... Increase - -

Temperature (1380- 1450 *C)" 'Increase ...... Increase ' Constant
_ __ , .... , ,, _ ,,,, , ,,

Temperature (1450 - 1475 *C) Constant Decrease Decrease
, .,, -- , , ,,, --

Flow Rate (100% - 2'00%) Decrease Increase Increase

i _ __ _ ,,_ ,,. -- __

- Flow Ra te(200°/o '' 300%) - Increase Increase Increase
l _ __

_; _ .......... 7 '" '"'

The effect of temperature on SiP formation behavior is summarized in Table 2.

Generator weight loss increases with increasing temperature. In the absence of side reactions

such as SiC formation at the generator, the SiP formation rate would be proportional to the

weight loss. CO evolution rates also increase rapidly with temperature. When the increased CO

evolution is taken into account, the SiP formation rate increases more slowly with temperature

than predicted by the weight loss, and peaks around 1450 *C. Thus, there are limits in using

temperature changes to affect SiP formation rates.
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Table 2 - Effect of Growth Temperature on SiO Formation

J I_ L Z: L _ I _ Iii I ii I _ II Iel

Temperature (*C) Growth Period (min) Generator Weight Loss Corrected SiO (g-moles)
(g)

-- ,., . , ,,,, ,,

1380 373 32.3 0.43
-- ,,, ,.., .... ,,--.

1400 44"4 56.9 0147

1425 .... 39'9 '......... 78'18 "' 0.61 '
i iii _ _ __ li . ii ii

1450 442 93.3 0.86
_ _ ,..... ,,,

1475 436 133.4 0.78
,,= _,_ .. , ,,

As mentioned in the earlier report 3, modification of the SiO generator geometry and

process conditions relative to the LANL process concept 4 has been necessary to achieve

acceptable growth rates in the upper portion of the reactor. Modifications included addition of

more SiO generators, increased generator surface area/unit reactor volume, and higher process

gas flow rates, Process modifications have allowed for improved growth rates in the upper

portion of the reactor, along with more uniform substrate coverage and longer whisker product.

A profile of growth rates as a function of height is shown in Figure 1. Note that specific

growth rates in the bottom 2/3 of the reactor are higher than at the reactor top. Further

modification of process conditions will be examined to improve growth uniformity.

)

' 08 - -- - '.......................... ' ....

.

< G" '_.E ._________,--a_ --,,
0,6 - _ -----'----- _ ""-.

-r"0,4 - ' ",,

©
rr ,

o_  a,2 -
0
U,l

CO

0 - ' I .i I .. I ..... ! _ I I ,
0 5 I 0 15 20 25 30

HEIGHT INTO REACTOR (cm)

SUBSTRATE SURFACE 5 SUBSTRATE SURFACE 6
- _ ...... -O .....

Fig. l - Specific Growth Rate as a Function
of Position on the Substrate
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Both the growth rate and product quality can be influenced by the catalyst. Evaluation oil"

the influence of the catalyst application method on SiC whisker growth behavior is also

underway. A Task 1 goal was to determine whether Carborundum's iron sol catalyst s could be

modified to allow for increased catalyst site density. The proposed approach was a dual coating

technique using multiple applications of catalyst precursor. Attempts at increasing site density

using a dual coating technique were unsuccessful due to site interference between the first and

second coating of catalyst precursor. Screening experiments comparing the sol catalyst to FeSi

catalyst particles at fixed process conditions were also performed. The results are summarized

in Table 3. Bulk growth rates were highest for the sol catalyst. Increasing the site density of

the FeSi catalyst by increasing the slurry loading led to an increased mass of whiskers, but the

total mass of whiskers remained lower than that produced with the sol catalyst. An effect o£

modifying the catalyst application technique has been to increase the length of whiskers grown

on the central substrate. The product grown on the central substrate with the sol catalyst tends

to be shorter than the growth on other substrates (1/8"), while use of the FeSi catalyst particles

produced longer whiskers. The causes for this behavior will be evaluated. Microscopy of

whisker product after beneficiation will be used to identify differences in product quality using
the different catalysts.

Table 3 - Effect of Catalyst Application
Technique on Total SiCw Mass

' Li' _ " i , ,,',, ,,,,, ', i, ' ,, ,,', " • , ,,,, '" " "

Catalyst Application Method Total SIC,, (g)

Iron sol 13.2

FeSi in acrylic resin (4.5%) "/.5

FeSi in acrylic resin (9.0%) 11.9

,, ..... _, , ,, , ,, ,, ,,,, ,,

Modification of the process gas composition and improved utilization of catalyst sites are

proposed to increase growth rates. Primary variables of concern are concentrations of CO, CH4,

SiO, N2, and temperature. Initial growth experiments using a range of inlet CH 4 concentrations

showed that the total mass of SiC whiskers increased approximately linearly with increasing

methane supply. However, as methane is increased, there is an increase in whisker

morphologies or growth formations typically associated with more carbon-rich growth

environments (3D morphologies). These growths appear to make up a small proportion of the

total whisker mass, and tend to grow at the catalyst end which may allow for physical

separations from the desired whisker product. Increased carbon supply appears to be a potential

method of achieving growth rate targets.
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Table 4 - Effect of Input Methane on Total Mass of SiC Whiskers

Input CH4 (%) Total SIC,, (g)

0.4 13.2
_,1 II I

0.6 21.2

0.'8 26.2

1 , , ,

Continuedeffortwillbe devotedtowardsimprovingthethreekey aspectsof thewhisker

growth process:growth rate,productyieldand productquality.Screeningexperimentsdefining

key processvariableswillbe completedtohelpdefinea statisticalexperimentaldesign.These

experimentswillalsobe usedto defineratecontrollingreactions.In addition,time series

experimentswillbe performed tobetterdefinenucleationand growthkineticsforprocess

improvementsand fordevelopmentof kineticdataforthesimulationmodel.

SimulationModel Development

The goalof thesimulationmodeldevelopmentistoprovidethebasisforthedesignofa

prototypescalereactor,includingtheevaluationof variousdesignalternatives.Toward this

end, kineticdatafrom thedevelopmentreactorarebeingincorporatedintoa two dimensional

model simulatinga singlechannelof thedevelopmentreactor.

The model simulatesa singlereactorchannelfrom inlettOexhaust.The model istwo

dimensionaland assumesisothermalbehavior.Equationsforthemomentum and mass transfer

of key speciesareincluded.The key reactionsincludeSiO and CO formationalongthesurface

of theSiO generatorbrick,and thedisappearanceof SiO and creationof CO alongthesubstrate

surfaces. Kineticdatahave been obtainedand incorporatedintothemodel forthe growth

periodfollowingthenucleationor inductionperiod.The effectof sideproductSiC formation

atthegeneratorisincluded.The model hasbeen developedtoallowforoptimizationof SiO

and SiC formationrateconstantsthroughmatchingof experimentaldata.

Simulationshave been performedwithand withoutthepresenceof methane asa carbon

source.Simulationsassuminggrowth ratecontrolby SiO supplyaloneincorrectlypredictthe

trendof increasingwhisker_Irowthratesas a functionof height,which istheoppositeof the

experimentaltrendof maximum growth ratesin thebottom portionof thereactor.Inclusionof

methane prodt_,=esa growth rateprofilesimilartothoseobservedinthedevelopmentreactor.

To achieverealisticgrowth rateprofiles,themodel requirestheassumptionof inputmethane

supplyratelessthantheactualmethane supplyrate.These resultsindicatethattheinclusionof

a carbonsourceisnecessarytosimulatereactorbehavior,and thatitmay be necessaryto

includealternativecarbonsources(i.e.HCN) or sidereactionsinvolvingthemethane (i.e.

carbonization)topredictexperimentalgrowthresultsaccurately.
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The plan is to continue development of the simulation model by improvements in the

model boundary conditions and assumptions, Kinetic data generated in the development reactor

will be added to the model as it is developed. The accuracy of model predictions will be

evaluated. As the model's predictive ability improves, it will be used to help define

experimental conditions for evaluation in the development reactor.

Harvesting and Beneficiation Process Development

VLS whiskers after harvesting contain a number of defects, such as catalyst balls and

non=whisker debris, which potentially limit their effectiveness as a reinforcement phase. Some

upgrade of the whisker product through removal of non-whisker or off=specification materials

will be necessary to maximize its effectiveness as a composite reinforcement. The goal of this

task is to develop a bench scale beneficiation process to upgrade long whisker product grown in

the development reactor and to establish scaleup data for this process. Process research

experiments to establish a preliminary process at a 1 = 2 g batch size have been completed.

The harvesting/beneficiation process and its relatio.nship with the whisker production

process are shown in Figure 2. The preliminary beneficiation process concept consists of

dispersing harvested whisker product in ethylene glycol, followed by screening with a 20 mesh

screen to separate long whiskers from short whiskers and non-whisker debris. Screened product

is then leached in a mixture of HF and HNO3 to remove residual catalyst balls.

HARVESTING/_ ICIATION
PRO(_SSCONCE_ "

GUIDEPROBJCT(_IFY AIC)YIELD
I {
I I
I I

Or/Al.IIYOOt_l_L
SYNI1-ESIS HARVEETI_ BDI_'ICIAT!ON --7 &YIELD PAO<AGING

DETE_INATION

,,

I, gea_nieal I. _talystRemoval I. Strenqth I. Finishing
- Chmiml 2. Dimel_er/ - Protective

2.AirJet Lmching Len(jth Coati_
2.D(_)ris,_)}_cr.otion -Packacj,ncj
-Oisl_m,on
-Scr_ino

Fig. 2 - Process Concept for the Whisker
Harvesting/Beneficiation Process
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Current yields of +20 mesh whiskers after leaching are typically in the 40 - 50 % range.

These yields are lower than the target of 90%. The causes for low yields are under evaluation.

One problem area is that the dispersion process appears to be shortening the as=grown whiskers.

Whiskers are currently dispersed using a magnetic stirrer. Alternative dispersion techniques

which minimize the product size reduction need to be found. Detangling of whiskers prior to

dispersion may reduce breakage. Less energetic dispersion techniques, such as use of air

bubbles, may also improve this situation, e Air harvested materials may be easier to disperse, e

The plan is to scale up the beneficiation process to allow for processing of whisker

product from the development reactor. The scaled-up process will allow for yield and quality

evaluation of product grown under different process conditions and will be used to guide

growth and beneficiation process improvements. Scaleup data will be obtained for future

increases in the throughput of the beneficiation process.

Whisker Quality Evaluation

The purpose of this task is to: I) define product quality, 2) guide improvements in

product quality and 3) evaluate the impact of changes in the growth and bep,eficiation process.

Quality evaluation efforts can be divided into three areas: physical, chemical and mechanical.

In addition, bulk whisker product quality needs to be evaluated through composite fabrication.

Physical parameters to be characterized include diameter, length and the presence or

absence of defects such as branching, bambooing and bent whisker sections. Diameter

evaluation has been performed by split image microscopy on samples of thirty whiskers.

Average diameter for the current baseline product is 7.5 microns, with a standard deviation of

4.5 microns; this distribution is wider than desired. SEM analysis of beneficiated product has

been performed. An SEM photomicrograph of beneficiated whisker product is shown in Figure

3. Several types of defects are visible, including bent needle sections. Branching and

bambooing of large diameter whiskers can also be seen. Evaluation of product in this manner

will continue to help guide product quality improvements.

Chemical evaluation includes both bulk chemistry and trace element analysis. Total Si and

C analysis of beneficiated product produced results of 69.5% Si and 29.3% C, which compares

with the theoretical composition of stoichiometric SiC: 70% Si and 30% C. Other components

which may be present include O and N, 7 which would explain the Si and C compositions

slightly less than stoichiometric. Neutron activation analysis of trace impurities is being
performed on booth leached and unleached product to determine the effectiveness of the leaching

step in removing catalyst balls and other impurities.

Preliminary mechanical property testing has been performed. Tensile tests on a single

fiber test apparatus at Carborundum produced an average tensile strength of 400 - 500 ksi on a

set of six samples. However, these may be lower than the true tensile strength due to testing

difficulties associated with misalignment of the small diameter, high modulus fibers.

Alternative methodologies for mechanical property testing will be examined.
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Fig. 3 - SEM Photomicrograph of Leached and
Beneficiated Whisker Product (Low Magnification)

The true test of whisker quality is its effectiveness in enhancing the properties of

composites. Composite fabrication and evaluation will be performed later in the contract.

The plan is to continue product quality evaluation. As growth conditions are modified to

increase growth rates, product quality will need to be determined. In addition, product quality

evaluation will be performed to determine attractive operating conditions from a quality
standpoint.

Technology Transfer

A sub-task of the project has been to evaluate the feasibility of adapting MER's whisker

growth technology to grow long, thick whiskers. This work has been divided into two tasks; the

first involves identification of catalyst and substrate materials which lead to catalyst site size

distributions with the potential to grow thicker whiskers. Task 2 will then use promising

catalyst/substrate combinations to perform growth experiments. Task 1 was completed, with the

identification of six candidate systems. Evaluation experiments designed to grow long whiskers

> 3 microns in diameter have begun.
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LANL-g-VAPOR-LIQUID-SOLID SIC WHISKER PROCESS DEVELOPMENT

J. D. Katz

Los Alamos National Laboratory
P.O. Box 1663

Los Alamos, NM 87545

ABSTRACT

The Los Alamos National Laboratory has developed a process for

the synthesis of VLS SiC whiskers in small, laboratory-scale

quantities. Through a long term research effort we have established

the key processing factors important to successful fabrication of high

! quality VLS SiC whiskers in larger, scaled-up quantities. At this
point in time, VLS SiC whiskers constitute the best form of whisker
reinforcement for the manufacture of high fracture toughness ceramic

composites and scaling-up the production of these whiskers is the
crucial issue associated with the future development of whisker

reinforced ceramic composites.

The Carborundum Company has been selected to pursue a scale-up
demonstration of the VLS SiC whisker process. The purpose of this

program, is to assure the effective transfer of the _expertise and

information resident at Los Alamos to Carborundum through the

interaction of the apprcpriate LANL personnel.

INTRODUCTION

Structural ceramic materials are of particular interest to the

Fossil Energy Materials Program. Applications for which these

materials can be considered include high temperature heat exchanger

systems, coal gasification hardware, and engine components. SiC

whisker-reinforced ceramic composites have been shown to be

significantly tougher than their corresponding monolithic ceramic

counterparts[1, 2] Thus, there is considerable interest in the

development of such composites for structural applications.

SiC whiskers are of two generic types. The first type, termed

Vapor-Solid (VS), consists of whiskers which are submicron in diameter

and typically less than I00 microns in length. The second type, termed

Vapor-Liquid-Solid (VLS), consists of whiskers averaging approximately

5 microns in diameter. Such whiskers have been grown to lengths as
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long as i00 mm.

VLS SiC whiskers are much preferred over VS SiC whiskers for the

reinforcement of ceramic composites. Because of their larger

diameters, VLS SiC whiskers will produce significantly more toughening

in a ceramic composite than will VS SiC whiskers [2]. Additionally, the

mechanical properties of VLS SiC whiskers have been extensively

characterized [3-5] while there is essentially no direct experimental

information on the mechanical properties of VS SiC whiskers. Finally,

there is a significant asbestos-like health and safety hazard

associated with VS SiC whiskers due to their submicron diameter.

However, it is expected that the 5 micron diameter VLS SiC whiskers

will not produce such adverse health and safety effects.

The Los Alamos National Laboratory has developed a process for

the synthesis of VLS SiC whiskers in small, laboratory-scale

quantities. This work has established the key processing factors

important to successful fabrication of high quality VLS SiC whiskers

in larger, scale-up quantities.

DISCUSSION OF CURRENT ACTIVITIES

IDter%ction With Industrial Contractor

At the request of Carborundum Co. several experiments were

performed at LANL the week of April 8th. Carborundum visited LANL

during that week to observe the experiments. Two experiments were

performed prior to Carborundum's arrival during the week of April Isr

to check operation of the whisker growth facility, three experiments

during their visit and two more experiments, the week after. Copies of

ali of the experimental data and parameters were provided to

Carborundum.

Since the whisker growth facility had not operated for about a

year it was necessary to made several anticipated repairs such as

rebuilding the hot zone, replacing heating elements and re-calibrating

the mass flow controllers. In addition, it was necessary to make

several unanticipated repairs such as replacing defective circuit
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boards in both the programmable furnace and the master mass flow

controller Other unanticipated repairs such as the need to use

hydrogen and argon gas trailers instead of individual cylinders and

the replacement of the existing hydrogen gas lines in the building

were necessitated by more stringent safety requirements put in piace

over the past year. As a result the program was over spent by $ 18.9K

and it was necessary to stop ali work further work until receipt of

FY92 operating funds.

AR&TD Topical Report

Ali work on the Summary Topical Report entitled "Scale-Up and

Optimization of the VLS Growth Process for Beta-SiC Whiskers" has been

completed except for the actual printing. The classification group at

LANL has informed us that this report has been designated as "Limited

Access" because it contains export control information. Since this

program is currently overspent, ali work was shutdown including

printing of this report until receipt of FY92 operating funds.
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ORNL-4(B)-COAL CONVERSION AND UTILIZATION PLANT SUPPORT SERVICES

J. R. Keiser

Oak Ridge National Laboratory
P. O. Box 2008

Oak Ridge, TN 37831-6156

INTRODUCTION

During this period, support services were provided to several facilities. Assistance was

provided to the staff of a coal gasification plant to help identify a means to eliminate corrosion in

a distillation column. Corrosion samples were prepared for exposure in the reactor of a Japanese

coal liquefaction facility, and samples provided by the Japanese were prepared for exposure in the

two reactor vessels at the Wilsonville, Alabar.,a, Coal Liquefaction Research and Development

Facility.

DISCUSSION OF CURRENT ACTIVITIES

Coal Gasification

In May of this year, ORNL engineers were informed of a serious corrosion problem in a

phenol distillation tower at the coal gasification plant located in Beulah, North Dakota. This

facility was formerly known as the Great Plains Coal Gasification Plant, and is now operated by

the Dakota Gasification Company.

The phenol distillation tower is part of the phenol separation facility which was

constructed to permit separation of phenol (hydroxybenzene) and cresylic acids (generally defined

as a mixture of multiply substituted hydroxybenzenes so that the boiling point is in the range 220-

250"C), both of which can be sold commercially. The phenol separation facility began operation

in December, 1990, and operated for a total of about 130 days. The phenol distillation tower

along with the other two towers in the facility are constructed of 304L stainless steel; neverthc_.

considerable thinning of column trays was detected and operation was discontinued.

An ORNL staff member twice visited the gasification plant to inspect the corroded vessel

• and to discuss investigation of the problem with plant engineers and chemists. To assist in
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investigation _f the corrosion problem, ORNL provided five racks of corrosion coupons which

were exposer during a 24 day period in June and July when the phenol separation facility was

operated. "r ese racks of coupons were mounted on manway covers at five locations chosen to

bracket the egion where the most severe corrosion was expected. Corrosion rate calculations,

based on co aport weight changes are given in Tabl_ 1-5. These results itidicate that the most

severe com sion occurrecl between trays 40 and 60 and probably reached about 0.76 mm/y (30

rail/y) on 3( 4L stainless steel. Based on the coupon studies, Carpenter 20Cb3 and Incoloy 825

were identi led as materials that were very resistant to corrosion in the phenol tower environment.

The high rtlolybdenum content austenitic stainless steels showed good corrosion resistance, and,

quite surprisingly, carbon steel consistently corroded at a lower rate than the chromium-

molybdenu _ steels.

f

Results of extensive studies conducted by personnel of the gasification plant provided

guidance as to means to remove the corrodent from the process streams. The corrosion coupons

were returned to the plant for further exposure during a period when steps were taken to remove

the corrocent.

Coal Liquefaction

?m agreerr,ent between the U.S. Department of Energy (DOE) and the Japanese Agency
i

for Indusirial Science and Technology (AIST) calls for each country to provide corrosion samples

for exposure in coal liquefaction plants operated by the other country. On behalf of AIST, two

sets of samples were sent to ORNL where they were measured, weighed, and mounted on racks

suitable for the two reactors vessel in the Wilsonviiie facility. These sample racks were delivered

to Wilsonville in early September. Following exposure, the samples will be returned to ORNL for

examina,tion.

A set of samples was prepared by ORNL personnel for exposure in the Japanese coal

liquefaction reactor. The compositions of these samples which were shipped to Japan in early

September are listed in Table 6. Exposure of these samples is scheduled to begin in September,

and they will be examined by the Japanese following exposure.
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Material Corrosion Rate
mm/y mil/y

Modified 9 Cr - 1 Mo 0.419 16.5
7 Cr - 1 Mo 0.271 10.6
2.25 Cr- 1 Mo 0.071 2.8
5 Cr - 1 Mo 0.063 2.5
Carbon Steel 0.016 0.6

Type 410 Stainless Steel <0,003 <0.1
Type 321 Stainless Steel <0.003 <0.1
Type 304L Stainless Steel <0.003 <0.1
Carpenter 20Cb3 < 0.003 < 0.1
Incoloy 825 < 0.003 < 0.1
Type 316L Stainless Steel <0,003 <0.1
Ferralium < 0.003 < 0.1

Type 310 Stainless Steel <0.003 <0.1
Type 317 Stainless Steel <0.003 <0.1
Type 317LM Stainless Steel <0.003 <0.1

Table 1. Calculated corrosion rates for coupons exposed 576 hours at tiae manway below tray 1 in
the phenol distillation tower of the Dakota Gasification Company'sBeulah, North Dakota plant.

Material Corrosion Rate :
mm/y mil/y

2.25 Cr - 1 Mo 1.706 67.1
5 Cr - 1 Mo 1.448 57.0
Modified 9 Cr - 1 Mo 1.385 54.5
7 Cr - 1 Mo 1.252 49.3

Type 410 Stainless Steel 0.469 18.4
Type 321 Stainless Steel 0,405 15.9
Carbon Steel 0.393 15.4

Type 304L Stainless Steel 0.218 8.6
Type 310 Stainless Steel 0.066 2.6
Type 316L Stainless Steel 0.062 2.4
Type 317 Stainless Steel 0.052 2.1
Ferralium 0.051 2.0

Type 317LM Stainless Steel 0.008 0.4
Carpenter 20Cb3 <0.003 <0.1
Incoloy 825 <0.003 <0.1

Table 2. Calculated corrosion rates for coupons exposed 576 hours at the manway located at tray
20 in the phenol distillation tower of the Dakota Gasification Company's Beulah, North Dakota
plant.
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Material Corrosion Rate

mm/y .mil/y

2.25 Cr - 1 Mo 3.349 131.
5 Cr. 1 Mo 2.830 111.
Modified 9 Cr - 1 Mo 2.690 . 105.
7 Or. 1 Mo 2.645 104.

Type 410 Stainless Steel 0.755 29.7
Type 304L Stainless Steel 0.728 28.6
Type 321 Stainless Steel 0.715 28.1
Carbon Steel 0.504 19.8

Type 316L Stainless Steel 0.263 10.3
Ferralium _ 0.1_81 7.2

Type 310 Stainless Steel 0.155 6,1
Type 317 Stainless Steel 0.053 2.1
Carpenter 20Cb3 0.004 0.2
Type 317LM Stainless Steel _ 0.003 0.1
Incoloy 825 < 0.003 < 0.1

Table 3. Calculated corrosion rates for coupons exposed 576 hours at the manway located at tray
40 in the phenol distillation tower of the Dakota Gasification Company's Beulah, North Dakota
plant.

Material Corrosion Rate

mm/y mil/y

5 Cr- 1 Mo 2.652 104.
2.25 Cr - 1 Mo 2.305 90.7
Modified 9 Cr - 1 Mo 2.132 83.9
7 Cr- 1 Mo 1.875 73.8
Carbon Steel 0.827 32.5

Type 304L Stainless Steel 0.517 20.3
Type 321 Stainless Steel 0.446 17.5
Type 410 Stainless Steel 0.422 16.6
Type 316L Stainless Steel 0.250 9.9
Type 310 Stainless Steel 0.100 4.0
Ferralium 0.059 2.4

Type 317 Stainless Steel <0.003 <0.1
Carpenter 20Cb3 <0.003 <0.1
Incoloy 825 < 0.003 < 0.1
Type 317LM Stainless Steel <0.003 <0.1

Table 4. Calculated corrosion rates for coupon,s exposed 576 hours at the manway located at tray
60 in the phenol distillation tower of the Dakota Gasification Company's Beulah, North Dakota
plant.
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Material Corrosion Rate

mm/y, mil/y
i

Modified 9 Cr. 1 Mo 1.361 53,.5
7 Cr - 1 Mo 1.339 52,,7
5 Cr - 1 Mo 1.263 49.7

Type 410 Stainless Steel 0.980 38.6
Carbon Steel 0.546 21.4

Type 321 0.298 11.7
Type 304L 0.197 7.8
Type 310 0.051 2_0
Type 316L 0.041 !.6
Ferralium 0.004 , 0,2

Type 317 0.003 0.1
Carpenter 20Cb3 < 0.003 < 0.1
Type 317LM Stainless Steel <0.003 <0.1

i

Table 5. Calcuiated corrosion rates for coupons exposed 576 hours at the manway located at tray
80 in the phenol distillation tower of the Dakota Gasification ComganY's Beulah, North Dakota
plant.

Modified 9 Cr - 1 Mo (nominal)
8.5% Cr, 0.95% Mo, 0.40% Mn, 0.10% C, 0.21% V, 0.20% Si, 0.08% Nb, 0.05% N, Bal Fe

Type 347 Stainless Steel
17.98% Cr, 9.25% Ni, 0.28% Mo, 1.39% Mn, 0.047% C, 0.024% P, 0.022% S, 0.56% Si, 0.041% N,
0.71% Nb, Bal Fe

Type 304L Stainless Steel
18.27% Cr, 9.52% Ni, 0.20% Mo, 1.54% Mn, 0.015% C, 0.030% P, 0.022% S, 0.53% Si, 0.079% N,
Bal Fe

Type 316L Stainless Steel
16.43% Cr, 10.95% Ni, 2.06% Mo, 1.58% Mn, 0.020% C, 0.021% P, 0.026% S, 0.50% Si, 0.073%
N, Bal Fe

Ni_AI (1C218)
8.40% Al, 7.84% Cr, 0.69% Zr, 0.02% B, Bal Ni

Feckl (FA117)
15.7% Al, 2.2% Cr, 1.55% Nb, 1% Mo, 0.2% Zr, 0.01% B, 0.055% Y, Bal Fe

Fe_AI (FA117)
15.85% Al, 5.45% Cr, 0.97% Nb, 0.05% C, Bal Fe

Table 6. Compositions of coupons supplied by ORNL to be exposed in the reactor of the
Japanese Process Support Unit coal liquefaction facility.
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