ABSTRACT

Title of Dissertation: DEVELOPMENT OF VAPOR-PHASE
DEPOSITED THREE DIMENSIONAL

ALL-SOLID-STATE BATTERIES

Alexander J. Pearse, Doctor of Philosophy 2017
Dissertation directed by: Professor Gary W. Rubloff, Department of
Materials Science and Engineering
Thin film solid state batteries (SSBs) are an attractive energy storage
technology due to their intrinsic safety, stability, and tailorable form factor. However,
as thin film SSBs are typically fabricated only on planar substrates by line-of-sight
deposition techniques (e.g. RF sputtering or evaporation), their areal energy storage
capacity (< 1 mWh/cm?) and application space is highly limited. Moving to three
dimensional architectures provides fundamentally new opportunities in power/energy
areal density scaling, but requires a new fabrication process. In this thesis, we describe
the development of the first solid state battery chemistry which is grown entirely by
atomic layer deposition (ALD), a conformal, vapor-phase deposition technique.
We first show the importance of full self-alignment of the active battery layers
by measuring and modelling the effects of nonuniform architectures (i.e. does not

reduce to a one-dimensional system) on the internal reaction current distribution. By



fabricating electrochemical test structures for which generated electrochemical
gradients are parallel to the surface, we directly quantify the insertion of lithium into a
model cathode material (V20s) using spatially-resolved x-ray photoelectron
spectroscopy (XPS). Using this new technique, we show that poorly electrically
contacted high aspect ratio structures show highly nonuniform reaction current
distributions, which we describe using an analytical mathematical model incorporating
nonlinear Tafel kinetics. A finite-element model incorporating the effects of Li-doping
on the local electrical conductivity of V20s, which was found to be important in
describing the observed distributions, is also described.

Next, we describe the development of a novel solid state electrolyte, lithium
polyphosphazene (LPZ), grown by ALD. We explore the thermal ALD reaction
between lithium fert-butoxide and diethyl phosphoramidate, which exhibits self-
limiting half-reactions and a growth rate of 0.09 nm/cycle at 300C. The resulting films
are primarily characterized by in-situ XPS, AFM, cyclic voltammetry, and impedance
spectroscopy. The ALD reaction forms the amorphous product LioPO2N along with
residual hydrocarbon contamination, which is determined to be a promising solid
electrolyte with an ionic conductivity of 6.5 x 107 S/cm at 35C and wide
electrochemical stability window of 0-5.3 V vs. Li/Li*. The ALD LPZ is integrated into
a variety of solid state batteries to test its compatibility with common electrode
materials, including LiCoO» and LiV>0s, as well as flexible substrates. We demonstrate
solid state batteries with extraordinarily thin (< 40 nm) solid state electrolytes,

mitigating the moderate ionic conductivity.



Finally, we describe the successful integration of the ALD LPZ into the first
all-ALD solid state battery stack, which is conformally deposited onto 3D
micromachined silicon substrates and is fabricated entirely at or below 250C. The
battery includes ALD current collectors (Ru and TiN), an electrochemically formed
LiV20s cathode, and a novel ALD tin nitride conversion-type anode. The full cell

! with an average discharge

exhibits a reversible capacity of ~35 pAh cm™? umpyo -
voltage of ~2V. We also describe a novel fabrication process for forming all-ALD
battery cells, which is challenging due to ALD’s incompatibility with conventional
lithography. By growing the batteries into 3D arrays of varying aspect ratios, we
demonstrate upscaling the areal capacity of the battery by approximately one order of

magnitude while simultaneously improving the rate performance and round-trip

efficiency.
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Chapter I: Solid State Lithium Energy Storage: Applications

and Architectures

1.1 Lithium-Based Electrochemical Energy Storage

1.1.1 The Energy Storage Landscape

This thesis describes the fabrication of a novel type of lithium-ion battery. The
lithium-ion battery, first developed in a commercial capacity in 1991, is a wildly
successful technology which has enabled the widespread adoption of multifunctional
and portable electronic devices, and seems poised to enable a shift to all-electric
vehicles.[1] A battery has two jobs: first, it must store energy. This is accomplished
through the conversion of electrical potential energy into chemical potential energy,
and the amount of energy stored is simply proportional to the molar storage of Li in the
electrode materials, the intrinsic voltage of the electrochemical couple, and the volume
of the cell. Second, a battery must delivery that energy to a load with a particular rate.
The rate, or power, output capability of a battery is strongly governed by the
architectural design and internal conductivity of the cell, in addition to the volume.

Lithium-ion in its current incarnation (composite intercalation electrodes in an
aprotic liquid electrolyte) is a close-to- mature technology with well-established
downsides and limitations in terms of both energy stored and power delivered, which
has spurred an eruption of research in both the applied and pure sciences to find

alternatives and develop platforms for better understanding the complex
1



physicochemical process occurring in electrochemical cells. Storing large amounts of
potential energy in a small space (now approaching 800 Wh/L for state-of-the-art
cells)[2] is always a recipe for trouble, but lithium ion cells are especially problematic
because the liquid electrolyte, made up of organic carbonates, is highly flammable. As
they can evolve gas and burst upon overcharge, a considerable amount of cost and
weight goes into sophisticated control circuitry in order to keep the cells safe.
Composite electrodes are also intrinsically limited in output at high power, as the dense
stochastic packing of electrode particles needed to achieve high energy density leads
to extensive concentration polarization, high resistance, and heating in the pore-bound
electrolyte.[3] As many cutting edge battery applications require significant pulse
power capabilities, e.g. electric vehicles or remote autonomous sensors, this is an
important problem to solve.[4], [5]

In addition, the method by which lithium-ion cells are manufactured makes
them challenging to miniaturize or fit to custom form-factors. Conventional Li-ion
electrodes are slurry-cast on sheets of current collectors, cut to size, then formed into
either pouches or rolled cylindrical cells before being injection-filled with the liquid
electrolyte. This process is difficult to scale down to the millimeter and smaller size
regime for straightforward reasons- it requires specialized equipment to automate the
manufacture of very small yet complicated objects. [4] Materials tolerance are even
stricter if the power source needs to survive solder-reflow temperatures for on-chip
integration, which rules out liquid or polymer electrolytes. [6]

Because of these limitations, there is currently intense interest in new methods

of fabricating lithium-based electrochemical cells that could lead to improved batteries



for some (though not all) applications: (1) the replacement of the liquid electrolyte with
an electrochemically more stable, intrinsically safe inorganic solid electrolyte, (2)
developing more precise control over the ionic and electronic transport networks within
batteries in order to fully optimize their performance at high power, and (3) developing
methods of manufacturing high performance batteries at small sizes for integration with
the menagerie of small, multifunctional wearable electronics, distributed autonomous
sensor systems, or implantable medical devices either now available or coming online
in the near future.[7], [8] The following work will develop techniques combining all
three approaches, culminating in a architecture-optimized lithium-based solid state

battery compatible with microelectronics fabrication on a broad variety of substrates.

1.1.2 Principles and components of a lithium-based battery

Batteries store energy by moving an electron from a material in which it has a
low electrochemical potential, p,, also known as the anode, into a material in which it
has a high electrochemical potential ., known as the cathode. [1], [9] The addition or
removal of an electron is charge-balanced by the concurrent insertion or removal of a
positive ion. There can be some ambiguity about the terms anode and cathode
depending on the direction of current, but in this work, we consistently define the
cathode to be the side with a higher equilibrium electrochemical potential. Lithium is
most commonly used as the carrier ion in high-performance cells thanks to its small
ionic size, which promotes mobility, and its low standard reduction potential of -3.04
V, which allows the fabrication of high-voltage cells. To illustrate the basic principles,
Figure 1.1 shows a rechargeable lithium-ion cell based on LiCoO> and Si as the cathode

and anode, respectively. A cell of this chemistry is characterized in Chapter 4 of this
3



thesis. The equations are simplified in such a way as to capture the essential aspects of
the transport and chemistry.

A lithium-ion cell has five parts: a cathode, and anode, an electrolyte, and two
current collectors, which are the conductive supports for the anode and cathode (usually
metals). In a charging LiCoO>-Si cell, the reactions at the electrodes are approximately

as follows:

h
LiCo0, — xLi* — xe~ —=25 Li,_,Co0,

charge
Si + xLi* + xe~ — Li,Si

During this process, an electron is removed from a Co 3d state at the Fermi level of
LiCoO,, driven through an external circuit by an applied charging potential, and
inserted into a hybridized Li 2s/Si 3p state as Li alloys with Si in the anode. [10]The
potential required to run this reaction is the cell voltage, which is the difference in
chemical potential of the electron levels in the cathode and anode p, — p, (in reality,

the correct cell voltage must be found through the expression V = —FAG where G is
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Figure 1.1: Schematic of a lithium ion battery, including the internal structure of the cell, cartoon representations
of the energy levels within the materials, and the primary transport processes for Li inside the cell.

the Gibbs free energy of the overall reaction and F is Faraday’s constant, which fully
accounts for the effects of Li ion insertion along with moving an electron from one
level to another). The removal of an electron from LiCoO, requires the removal of a
lithium ion in order to maintain charge neutrality, which can then diffuse through the
electrolyte before reaching the anode and becoming incorporated. During discharge,
which is a spontaneous process as . < U,, the above reactions are reversed.
Experimentally, this system provides a voltage of 3.7V. This is very close to the
average voltage of a LiCoO> cell utilizing a Li metal anode (3.9V), due to the fact that
Li alloyed with Si is not strongly ionized.

The role of the electrolyte is to provide a conductive path for ions but not

electrons, which ensures that electronic current only flows through an external load. In



conventional lithium-ion batteries, the electrolyte is a lithium salt dissolved in a liquid
aprotic solvent (typically LiPF¢ in a mixture of ethylene and dimethyl carbonates).
Most liquid electrolytes are not thermodynamically stable against reduction and
oxidation on the electrode in high-voltage cells and spontaneously form a passivating
surface film of decomposition products, termed the solid-electrolyte interphase (SEI),
whose formation must be carefully controlled. [11] While liquid electrolytes have large
conductivities on the order of mS/cm, they are also extremely flammable, which leads
to spectacular and dangerous exothermic failures if the cell overheats or internally
short-circuits. An alternative is to use a lithium-conducting crystalline or glass solid
state material, which solves these safety problems, discussed further below.

The amount of energy stored in the cell is simply determined by the number of
Li ions which can be incorporated in the electrode materials and the cell potential, i.e.
E 11 < volume. LiCoO> can reversibly store 140 mAh/g, and Si can store 3579
mAh/g. [6] Optimizing cell energy density thus involves developing materials
(particulary on the cathode side) with higher intrinsic capacities and reducing the mass
or volume of inactive cell components, such as the current collectors and electrolyte.
[12]

However, optimizing the power density is more complicated, as we are now
considering a nonequilibrium state. The rate at which energy can be removed from a
battery is determined by the set of conditions which allow the cell to remain within its

“safe” or useful voltage window once the kinetic overpotentials are taken into account:

Vour =V — Nonm— Nconc— Ner



The three processes which contribute to potential loss are the Ohmic drop 7,5m.»
the concentration overpotential 7.,,., and the charge-transfer overpotential 1. The
latter quantity is primarily an intrinsic material property (see Appendix A for further
discussion), but the first two are controlled by transport of Li inside the cell. As
indicated in Figure 1.1, transport of Li in the electrolyte and electrodes are slightly
different. In the electrolyte, Li exists as Li ions and experiences a motive force from
both concentration gradients and electrostatic potentials. As a result, J;; is governed
by the Nernst-Planck equation. In the electrode materials, Li ions are generally tightly
coupled to their countercharge, often in the form of a polaron, and thus diffuse as
neutrals following Fick’s first law.[13] The buildup of concentration gradients within
the cell leads to both a simple Ohmic loss 1, , as well as a concentration overpotential
Neonc» Which originates from the fact that the cell potential is determined by the Li
concentration only at the electrode/electrode interface, which may not reflect the
average Li concentration in the electrodes. The bottom line is that because the internal
current distribution is controlled by the spatial concentration and electric fields within
the cell, the achievable power output is strongly controlled by the detailed cell
architecture, including the thickness of the electrodes, their spacing, the shapes of the
particles, and the overall cell design. The simplest approach is to make all relevant
dimensions as small as possible (i.e. nanostructured electrodes) while simultaneously

increasing the internal surface area in order to reduce the local current density.[14]



1.2 Solid State Batteries

1.2.1 Advantages of the solid state

The market risk of lithium ion battery failure is enormous, even when the failure
rate is minuscule relative to the number of manufactured cells, due to the potentially
catastrophic outcomes of uncontrolled battery fires when they occur in unmonitored
homes, in toys, or in airplanes.[15], [16] The origin of these failures is the combustion
of the inorganic liquid electrolyte, which evolves gas and bursts out of sealed cells
when they short internally due to direct trauma or a manufacturing defect. Replacing
the lithium-ion conducting liquid with a solid crystalline or glass material- particularly
an oxide- mitigates this risk, both because of its higher thermodynamic stability with
respect to gas evolution and because solid materials may be able to mechanically
suppress the evolution of lithium metal dendrites, enabling the use of very high energy
density lithium metal anodes.[17] When it comes to the integration of electrochemical
energy storage for on-chip storage, or integration into very small devices, all-solid-state
becomes almost a foregone conclusion due to challenges with applying and sealing a

liquid electrolyte.

The development of solid state batteries (SSBs) has been stymied for decades
primarily by a lack of sufficiently low ionic resistance, high electronic resistance, and
electrochemically stable solid lithium electrolytes.[ 18] The mobility of lithium ions in
a fixed lattice of counterions is generally lower than it is in a liquid, which leads to
conductivites at room temperature several orders of magnitude lower than liquid

electrolytes. In crystalline solid electrolytes, grain boundary resistance can dominate
8
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Figure 1.2: Tonic conductivities of various solid state electrolytes. From [19].

the transport properties even if the material is intrinsically highly conductive. In
addition, making intimate contact with electrode particles in high aspect ratio
composite electrodes is much more difficult with solid state materials, leading to high
interfacial impedances in “bulk” SSBs made by conventional ceramic processing.
Figure 1.2 plots the temperature dependent conductivities of a variety of solid
electrolytes. Recent materials chemistry advances [19], [20] have resulted in crystalline
sulfide-based materials such as LijoGeP2S1> with conductivities above 107 S/cm,
competetive with liquid electrolytes, though these superionic materials suffer from
directionally-depedent conductivity and low electrochemical stability. Electrochemical
stability is a major and only recently appreciated issue for solid state electrolytes,

particulary when the decomposition products are electronincally conductive. [21]

On the other end of the spectrum are the conductive glasses such as lithium

phosphorus oxynitride (LiPON), which have much lower ionic conductivities (~10°



S/cm) but are excellent electronic insulators, are highly electrochemically stable against
both Li metal[22] and high voltage cathodes[23], and are isotropic conductors due to
their amorphous structure. LIPON continues to be the workhorse electrolyte of the thin
film battery world, and is an interesting material from a materials science standpoint,
occupying a rich phase space of amorphous and ordered structures based around Li>O,
P>0s, and N> endpoints. [24], [25] In this thesis, we will develop a novel method for
synthesizing a polymorph of LiPON with a stoichiometry near Li2PO2N using atomic
layer deposition. Further information on LiPON can be found in Chapter 4, as well as

in Ref. [26] and is discussed extensively in Ref. [27], [28].

1.2.2 Thin film solid state batteries

The earliest, most successful, and currently only commercialized SSBs using
inorganic solid electrolytes are thin film solid state batteries (TSSBs). TSSBs are
usually made using vacuum deposition technique such as thermal evaporation and
radiofrequency (RF) sputtering, though nonvacuum techniques like sol-gel processing
or aerosol spray deposition are sometimes employed. Forming a full cell using thin
films (with thickness generally under L = 10 um per component) solves the problem
of electrode contact as the electrode-electrolyte interfaces are completely coplanar, and
using thin film electrolytes allows the use of materials with a high lithium ion resistivity
pLi by reducing the actual cell resistance R;; = p;;L/A with values for L on the order
of a few microns. In addition, using thin, nanostructured electrode materials allows for
very high current densities to be applied to cell as the characteristic diffusion time T =
L? /4D (where D is the chemical diffusion constant) can be made small. Concentration

polarization in the electrolyte also tends to be small due to the high concentration of
10



carriers. [20] Figure 1.3 shows a schematic representation of a typical TSSB, including
an encapsulating layer, along with a focused ion cross section of a nanoscale TSSB

constructed at UMD as part of this thesis.

a)

Collector .-

Protective Coating\
Cathode ---------------- e L
Current =
©w

Cathode

Anode Current
Substrate Collector

b)

Electrolyte + Anode

Cathode

Figure 1.3: (a) Schematic cross section of a typical TSSB where the anode current collector is displaced to the side
to facilitate electrical contact. The cells include a protective coating to prevent reactions with the air. From [33] (b)
A focused ion beam cross section of the nanoscale solid state cells constructed as part of this work, showing the
thin film layers. The dark layer contains both the electrolyte and anode, which combine for a thickness of only 70
nm.

Interest in TSSBs dates back to the early 1980°s. At the time it was expected
that low-current, low-voltage, and long shelf-life cells would be required to power
biomedical and implantable devices. The first reported TSSB by Kanehori et al. came
in 1983 using TiS2/Li3.6S10.6P0.404/L1 (cathode/electrolyte/anode)[29]. These cells were
reported to have an open-circuit potential (OCV) of 2.5V and were able to be cycled

2000 times at a current density of 16 pA cm™. This was quickly followed by Levasseur
11



et al. who used TiS; pellets coated with a lithium borosilicate (B203-Li2O) electrolyte
and a Li anode[30]. At currents of 10 pA cm™ the cells were cycled 50 times with an
OCV of 2.45V. Creus et al. reported a TFSSB using V»05-TeO»/Li2S-SiS,-P>Ss/Li
which had an OCV of 2.8V, however they reported that the cells did not cycle well
even with relatively low current densities of 2 A cm?[31].

State-of-the-art TFSSBs were enabled by two important discoveries. First was
the high capacity cathode material LiCoO2 by Goodenough et al. [32], which is easily
crystallized in a favorably-oriented thin film form when sputtered and annealed, and
second, the solid-state electrolyte LiPON by Bates and Dudney [28]. With this
combination, LiCoO2/LiPON/Li, several manufacturers produce commercially
available solid-state cells with energy densities on the order of hundreds of uWh/cm?.

This relatively low capacity has relegated TSSBs to niche applications.

1.3.1 Benefits of a 3D Architecture

The primary barrier to implementation of TSSBs is that their areal energy
density and power density are both limited and coupled in a detrimental manner, and
surface area is at a premium in electronic devices. This is a natural consequence of the
fact that they can only be successfully fabricated on planar surfaces because they are
fabricated with line-of-sight deposition techniques. The only way to increase their
energy density per unit area is to increase thickness of the cathode (assuming the
capacity of the anode is much large and negligible). However, there is an upper limit
on cathode thickness of ~10 microns before film stress leads to delamination in the case
of the commonly used LiCoO». [33] As an illustration of the problem, replacing the

1960 mAh standard battery in an iPhone 7 with a state-of-the-art commercial

12



LiCoO2/LiPON/Li TSSB as made by current fabrication techniques would require a
~1.3 m? cell.[34] In addition, the power density of the battery does not increase by
making the cathode thicker (refer to section 5.4 for a simulation of this effect). When
characterized in terms of C-rate instead of areal power density, the performance of the
thicker electrode TSSB will actually decrease.

One of the pivotal semiconductor technologies involved in the progression of
Moore’s law was the development of three-dimensionally structured circuit elements
such as trench DRAM and FinFET transistors, which allowed greatly increased packing
density. In 2004, Long et al. proposed [35] the same concept for solid-state
microbatteries- taking advantage of the third dimension to achieve performance metrics
per device footprint which would enable useful power sources for MEMS-related
integrated devices. Extensive analysis showed that advances in nanoscale synthesis
techniques could allow significant increases in energy density of solid-state systems
without loss to power density. Notten et al proposed similar concepts in 2007 [36] and
again in 2008 [37], and further emphasized the use of vapor-phase processes, due to
their unrivalled conformality, to fabricate such cells, but did not produce any
themselves. The inherent need for any fabrication method to be conformal required the
development of materials synthesis strategies beyond the physical deposition methods
(i.e. sputtering, evaporation, etc.) used in the original TFSSB reports. Attempts to use
RF sputtering to construct 3D TSSBs have failed to show performance enhancement,
either due to defects in the electrolyte or inhomogeneous current pathways. [38], [39]

In many cases, space in the 3™ dimension is “free”, i.e. changing the thickness

of a TSSB from 50 um to 500 um does not impede on-chip integration. This concept
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is illustrated in Figure 1.4. The figure introduces the important concept of the “area

enhancement factor” or AEF, which expresses the ratio of the active internal

Planar Thin Film Solid State Battery

Cell Footprint = A
Internal Interface Area = A
Local Current Density =i

Increase Electrode Conformal Fabrication
Thickness in 3D Structure

Cell Footprint = A Cell Footprint = A
Internal Interface Area = A Internal Interface Area = AEF * A
Local Current Density = i Local Current Density = i / AEF

Figure 1.4: Methods of improving TSSB areal performance metrics. TSSBs can be either increased in
thickness while remaining planar, or built into 3D scaffolds using new techniques.

electrochemical surface area to the projected device footprint 4. While increasing the
electrode thickness alone will increase areal energy density, finding a method which
increases the AEF will have multiple benefits. For example, if the total areal energy
density is held fixed in the 3D structure relative to the conformal structure, the cathode
thickness can be scaled down by the AEF, reducing its characteristic diffusion time and

increase the cell’s rate performance. At the same time, applied areal current densities
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will also be scaled down by the AEF internally, which reduces Ohmic overpotentials

in the solid electrolyte, further increasing power performance.

1.3.2 Methods of fabrication

The conformal, completely coplanar 3D architecture shown in Figure 1.4 is the
ideal 3D battery structure, provided the scaffold does not completely dominate the
active volume. Various computational studies have demonstrated that the power output
and overall efficiency of an electrochemical cell is maximized when the geometry can
be reduced to one dimension, which is to say that the anode, cathode, and electrolyte
are coplanar and of an even thickness, and every point of the anode and cathode is
contacted by a current collector of sufficient conductivity such that electronic Ohmic
losses are negligible compared to the electrolyte resistivity.[40], [41] This rule can be
quantified by saying the distance d from a point on the cathode to the nearest portion
of the anode should be the same for every point on the cathode. Zadin et al. have
explicitly demonstrated this by iteratively computationally optimizing an interdigitated

electrode array using the level-set method; the result is a coplanar arrangement.[42]
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Figure 1.5. Different types of three dimensional microbatteries. (a) an interdigitated array of 3D cathodes and
anodes formed by electrodeposition into a template. Adapted from [43] (b)Layer-by-layer formation of a
supercapacitor on an aerogel substrate. Adapted from [44] (c) A 3D microbattery formed by the infiltration of a
channel plate with electrode materials. Adapted from [45]

However, 3D batteries of this type have proven very challenging to fabricate.
Previous examples of working, full cell 3D microbatteries (for brevity, we omit the
numerous examples of 3D half cells, as these are much simpler to fabricate and avoid
all issues with requiring a conformal solid state electrolyte; see Refs. [5] and [44]for
examples) include a variety of synthesis techniques and topologies. Materials have
been deposited via electrodeposition,[43] layer-by-layer deposition,[44] vacuum
infiltration,[45] photolithography,[46] and 3D printing. Broadly speaking, attempts to
date can be very loosely sorted into three categories: (1) interdigitated arrays, where
the current collectors are patterned in 2D and electrode materials are selectively placed
on top of them, (2) truly tricontinuous architechtures, where a 3D object is evenly
coated with cathode, anode, and electrolyte, and (3) vertically aligned tubules or

nanowires which are coated and/or infilled with material. Examples of each are shown
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in Figure 1.5. No solid state batteries have yet fulfilled the requirements of the second

category, as the example included here is a supercapacitor soaked in a liquid electrolyte.

1.3.3 Ideal vs. Nonideal Architectures

The previous section highlighted the broad variety of architectures and
deposition techniques which have been attempted as steps towards an ideal 3D
microbattery (where “ideal” refers to a cell which is locally 1D and fully conformal).
In this section, we will highlight several examples from the literature which clearly
explicate the detrimental effects of nonideal architectures, and motivate the need for
better characterization of internal current distributions.

Liu et al. recently fabricated[47] a 3D microbattery using a liquid electrolyte by
depositing ALD-grown vanadium oxide-based anodes and cathodes into nanopores
formed by an anodic aluminum oxide nanotemplate, shown in Figure 1.6. The authors
found that there was a significant difference in performance when a conformal, coaxial
Ru current collector was integrated into the cell. This implied that when a

nonconformal current collector was utilized, the lithium insertion current density was
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Figure 1.6: (left) Schematic of the ALD-grown nanobattery integrated in an anodic aluminum oxide template.
(right) Plot of capacity vs. cycle number for increasing current densities showing the improved rate performance
of the cell with a conformal current collector. Adapted from [47]
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nonuniform down the length of the nanopore (though this was not experimentally
confirmed), which lead to suboptimal material utilization. In particular, the capacity

retention at high applied current densities improved.

One of the few examples of what can be called a solid state 3D full cell,
including an integrated thin-film polymer electrolyte, was described in two papers by
Ergang et al. [48], [49]The cell consisted of an inverse-opal templated carbon anode,
which was coated with an electrodeposited polymer electrolyte and infilled with a V205
ambigel cathode. The structure was sandwiched between planar Ni and Al current
collectors. The 3D carbon anode was prelithiated before assembly to provide mobile
Liions in the cell. An important caveat is that the cell needed to be immersed in a liquid
electrolyte to operate. The cell’s electrochemical performance did not reach
expectations, and became rapidly polarized when cycled even at small currents (the
dimensions of the cell are not given, but we estimate the current density to be on the
order of tens of pA/cm?). The authors attribute this to the poor electronic conductivity
of the V205 cathode, as they did not integrate a conformal current collector into the

cell- similar to what was observed by Liu et al.
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Figure 1.7: (a) SEM cross section of a 2.5D microbattery (b)
Figure 1.7. Remarkably, the 2.5D simulation results showing the nonuniform Li concentration in
the electrolyte and (c) the nonuniform potential distribution in the

. electrolyte. Adapted from [39]
cells performed worse than their g ped

planar analogues, particularly when higher currents are applied. A finite element
electrochemical simulation of the structure revealed that the reason for the poor
performance was likely the distribution of inhomogeneous path lengths between the
anode and cathode through the LiPON electrolyte; areas at the tops of the pillars were
preferentially lithiated and delithitated, which obscured any beneficial effect from 3D
structuring. To quote the authors: “Our results further confirm that structural
uniformity is essential for optimum 3D SSLIB performance and that the existing PVD

processes appropriate for planar geometry SSLIBs will likely have to be replaced by
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alternate  processes capable of uniformly coating high aspect ratio

microstructures.”’[39]

1.4 Scope and Contributions of the Thesis

The previous sections highlight that while TSSBs, and in particular three-
dimensionally structured TSSBs, exhibit many attractive properties as energy storage
devices, their construction is difficult and the detailed impact of their architecture on
performance is complicated and relatively unstudied. Indeed, a full 3D TSSB with the
ideal architecture (in which the electrochemical stack is thin, uniform, and completely
conformal while integrated on surface area-enhancing topography) has yet to be
experimentally demonstrated. This thesis makes substantial contributions to both the
understanding of battery electrode architecture on performance, as well as to the
practical construction of an operating all-solid-state 3D TSSB, culminating in a
successfully-realized full cell 3D TSSB demonstrating the expected performance
enhancements.

In Chapter 3, we demonstrate a technique to experimentally measure how the
internal current distribution inside a rationally-designed nanoarchitecture depends on
the aspect ratio of the electrodes and the nature of the electrical contact to them. We
demonstrate how test structures, combined with finite-element electrochemical
modelling, can reveal surprises about how a materials property (the state-of-charge
dependent electronical conductivity) has dramatic effects on a cell-level current
distribution. This motivated by (a) the difficulty in measuring spatially-resolved

properties inside actual batteries and (b) the need to validate whether common
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electrochemical models predict the correct spatial behavior when they are most
commonly validated using only scalar quantities. While the technique we develop later
(ALD deposition of TSSBs) eventually circumvents the nonidealities identified in this
chapter by ensuring full conformality, the parameters in this chapter should be helpful
in optimizing different types of 3D battery architectures, such as those based on
nanowire electrodes.

In Chapter 4, we develop a new robust and effective conformal lithium solid
state electrolyte in the LiPON family grown via ALD. This process is a substantial
improvement over our group’s previous process, as the use of only two precursors
instead of four halves processing time for the same deposited thickness and results in
much improved process reliability and repeatability. The ALD process utilizes a
precursor containing a pre-formed P-N bond, which allows for a more controlable route
to incorporating the P-N chemistry characteristic of LIPON compared to the typical
method of plasma exposure. We thoroughly characterize the electrochemical properties
of the films, and demonstrate that the ideal growth characteristics of ALD allow the
construction of operable full TSSBs with solid electrolytes as thin as 30 nm, which is
substantially smaller than that allowed by most other techniques for constructing solid
electrolytes. We demonstrate that ALD LPZ is compatible with growth on flexible
substrates by constructing prototype flexible TSSBs.

In Chapter 5, the electrolyte developed in Chapter 4 is integrated with a
micromachined 3D substrate, an ALD cathode, a novel ALD anode, and two ALD-
grown current collectors to form the first operating solid state battery grown entirely

with gas phase deposition. A substantial contribution comes from the method of
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fabrication, which is challenging due to how the highly conformal nature of ALD
naturally circumvents many standard microfabrication strategies. We also present a
simple method of integrating free lithium ions into the battery with an electrochemical
prelithiation step. We conclusively demonstrate the simultaneous enhancement of areal
energy and power density, finally revealing the promise of full-cell 3D TSSBs for

demanding applications in microelectronics.
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Chapter II: Experimental Methods and Characterization

Techniques

In this chapter, we will outline and discuss the basic principles behind the core

techniques and equipment upon which the work in this thesis is heavily based.
2.1 Atomic Layer Deposition

2.1.1 Chemical principles

Of the methods for conformal deposition discussed in the previous chapter,
atomic layer deposition is arguably the most powerful. ALD is a subset of chemical
vapor deposition (CVD), in which thin films are formed via chemical reactions between

film-constituent bearing vapor-phase precursors. This follows the general form:

Aleapor + Bszapor - ABsurf + Llevapor

where A and B are components of the desired film, and L represents some kind of
ligand to allow for vaporization and transport or selective reactivity. The reaction
results in the formation of the compound AB on the surface and the release of the
ligands, often in the form of a new volatile compound. The canonical example is the

deposition of alumina using trimethylaluminum (TMA) and water:

2A1(CH3)5 + 3H,0 - Al, 05 + 6CH,
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In most cases, the reaction conditions are tuned so that the rate of reaction on the
substrate is much higher than in the gas phase, either through temperature or pressure
control. CVD-type deposition processes generally have a greater possibility for
conformality in comparison with PVD because vapor-phase species have the
opportunity to diffuse throughout high aspect ratio structures before forming a reaction
product. However, in CVD processes, the local rate of deposition is controlled by the
local delivery rate of the precursors. This leads to more difficult process control, as the
conformality of the process depends very sensitively on the flow dynamics and

operating parameters of the particular reactor.[51]

ALD refines this process by separating the overall reaction into two half cycles.
Precursors are sequentially exposed to the substrate with a purge step in between.
Rather than reacting directly with each other, at least one of the precursors reacts first
with the surface to form a self-limiting monolayer. In the case of alumina (assuming
continued growth on an alumina surface), the half reactions are proposed to be

approximately:[52], [53]

Al — OH*"f 4 AI(CH3); — Al — 0 — Al(CH,),™ + CH,

Al(CH3),™™” + H,0 > Al — OH*"f + 2CH,

The Lewis acid-base adduct Al — O — Al(CH3)25urf , which forms after a
ligand-exchange reaction between a hydroxyl group on the surface and a methyl ligand

on the TMA, represents a passivated surface, as incoming TMA molecules experience
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most methyl-methyl interactions and do not react further. Water exposure then oxidizes
the surface species and regenerates the surface. This means that, in principle, an
arbitrarily large dose of TMA results in one monolayer of growth. The growth per cycle
(GPC) tend to be on the order of 1 angstrom per cycle- less than might be expected
from the size of a material monolayer, as bulky precursor ligands lead to an adsorbate
packing density considerably lower than the AlOs; molecular density, for instance.
Another major advantage of ALD is that the deposition temperatures are generally
lower than for CVD; in a sense, the surface is acting as a catalyst for precursor

decomposition in concert with the oxidant.

Rate competition between precursor condensation, adduct formation, adduct
desorption, and precursor decomposition leads to an ALD window, in which the GPC
is mostly invariant with temperature and exposure time/dose, as illustrated in Figure
2.1. Achieving this ideal behavior depends on careful precursor design.[54] An
important exception to ideality is highlighted in the left panel, which shows the
existence of temperature-dependent growth rates even in the “window”. This is a
common observation and may arise for a number of reasons, including the temperature-
dependent configuration/orientation of adsorbed intermediate states, or a changing
density of adsorption sites.[55] Such a non-ideal ALD process is described in Chapter
4 of this thesis. Complicated film-precursor interactions can also arise, particularly
when multicomponent films utilizing three or more precursors are attempted. Lithium
precursors, for instance, can act as strong reducing agents on metal oxides and directly

incorporate lithium into the bulk of the film. [56]
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Figure 2.1: Examples of GPC dependence on temperature and exposure time in ALD, showing ideal behavior in
black and pathological behaviors in red.

The self-limiting nature of ALD leads to films of exceptional quality and
conformality. Deposition is possible in structures with aspect ratios in the hundreds,
which enables conformal coating of challenging materials such as fibers and textiles.
If precursor doses reach saturation, there is also very little chance of pinholes forming
in ALD-grown films, meaning fully electrically isolating dielectrics or solid
electrolytes can be grown at thicknesses smaller than available to other thin film
deposition techniques. [52] The limits of this effect in the context of making low-
impedance TSSBs is explored in Chapter 4. The primary downside of ALD is that the
process is intrinsically slow due to the sequential nature of the reaction. This is
somewhat mitigated by the fact that ALD is compatible with batch processing due to
its conformality, and recent advances in “spatial” ALD in which precursor exposures
are separated in spatial zones, rather than in time, have resulted in deposition rates on
the order of nm/s.[57] Plasma-enhanced ALD (PEALD) is another important subclass

of ALD process (in contrast to “thermal” ALD) in which a plasma source generates
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radicals which enable unfavorable reactions to proceed, or favorable reactions to
proceed at lower temperatures. However, the conformality of PEALD is more limited
due to the finite lifetime of radical species during interactions with the substrate.[58]
Radicals and radiation generated in PEALD can also result in interface damage, which

is an important consideration when constructing batteries via ALD.

2.1.2 Applications of ALD for Lithium-Based Batteries

While ALD was originally developed primarily to enable smaller and more
three-dimensional devices architectures in the semiconductor industry, ALD has
already seen extensive application in electrochemical energy storage. The most
extensively research application for ALD (along with CVD and other conformal
coating techniques) in batteries is as a passivation coating for anodes and cathodes.[59],
[60] ALD coatings of metal oxides on reactive battery materials, such as high voltage
cathodes[61] or even lithium metal anodes[62], have been shown to reduce
decomposition reactions with the liquid electrolyte, prevent metal dissolution from the
electrode materials, and provide mechanical support to materials which undergo
significant volume changes during cycling.[63] In most cases, deposited metal oxides
are presumed to either spontaneously react with a Li-salt containing electrolyte or
undergo electrochemical transformation to form a Li-ion conducting solid electrolyte
layer. ALD coating of electrode particles is currently undergoing
commercialization.[64] ALD interlayers have proven pivotal even for sintered ceramic
based solid state batteries as wetting promoters between lithium metal and lithium

garnets. [65]
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Atomic layer deposition of lithium-containing materials is particularly

important for electrochemical applications.

2.1.3 Challenging ALD-grown components of TSSBs: Cathodes and

Electrolytes

There has been considerable previous development of ALD electrodes and
electrolytes with the aim of constructing a 3D full cell. Growing high quality cathode
materials via ALD is a particular challenge. As all ALD-based SSBs are lithium-ion
cells, either the anode or cathode must include free lithium to begin with. Directly
growing crystalline lithium-containing oxides of the correct phase involves developing
ternary film chemistries which can deposit metal centers in low or multiple oxidation
states (i.e. V¥ and V°" in LiV20s or Mn*" and Mn*' in LiMn,O4) while maintaining
ALD characteristics. It is not always clear how to achieve this, except perhaps by using
multiple metal precursors with different valence states in a single process. While
amorphous metal oxide materials can show reversible electrochemical behavior, they
generally exhibit poor kinetics. To date, demonstrations of ALD cathode materials
include LiCoO; produced[66] by annealing a mixed CoOx and Li,O amorphous film
produced by supercycles of their respective ALD processes at high temperatures,
LiFePO4 produced[67] in a similar manner, and a crystalline LixMn>O4 grown[56] from
Li(thd) + Mn(thd); + Os. The latter study indicated some bulk reduction/oxidation
interactions between metal oxides and the lithium precursor, as they found excess Li in
the bulk of the film. Both studies highlight the difficulty of controlling the lithium
content in ternary ALD processes involving the known Li precursors (Li(thd), LiO'Bu,

and Li(HMDS)). In our experience (and from informal discussions with the above
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authors), non-reproducibility is a major issue for these ternary and quaternary
processes. Nonlithiated ALD cathode materials include vanadium oxides and iron
phosphates.[68], [69] An alternative approach, explicated in chapter 5 of this thesis, is
to insert lithium electrochemically during the fabrication process.

Electrolytes are similarly difficult to grow with ALD due to the difficulty of
working the lithium precursors, as mentioned above, and because the requirements for
conformality and film closure are extremely stringent. Relatively few ALD solid
electrolytes have been demonstrated, but they include lithium aluminate[70] (¢ = 1 X
107 S/em @ 573K), lithium tantalate[71] (¢ = 2 x 10 S/cm @ 299K), and lithium
phosphate[72], [73] (6 =3 x 10 S/cm @ 300K), all of which have ionic conductivities
on the edge of being too low at room temperature to be practical even at the small film
thicknesses afforded by ALD. Recently, the quaternary solid electrolyte Li;La3Zr2O12
was grown via a complex four-supercycle process, but annealing was required in order
to obtain the conductive phase, leading to dewetting of the film from the substrate. [74]

Finally, a thin film sulfide electrolyte (LixAlyS;) has also been demonstrated.[17]

2.2 X-ray Photoelectron Spectroscopy

X-ray photoelectron spectroscopy (XPS) is the primary characterization tol
utilized in this work for exploring the materials chemistry of ALD-grown battery
materials and electrochemical interfaces. XPS is a very powerful tool for measuring the

composition of thin film materials, and is one of few spectroscopic techniques which
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can quickly and strongly distinguish the chemical state of an atom (i.e. the oxidation
state of a carbon atom). As XPS is also a surface sensitive technique, it is highly suited
towards studying systems whose properties are dominated by interface chemistry. As
battery impedance is dominated by charge transfer at heterointerfaces, XPS finds wide
use in the electrochemistry community. An XPS instrument consists of an x-ray source,
an ultrahigh vacuum chamber to allow a sufficiently high mean free path for electrons,
and a spectrometer which can resolve the kinetic energy of electrons. Modern systems
have imaging systems, usually based on delay-line detectors, which can produce real-
space chemical state images. Some applications of this in batteries are reviewed in

Chapter 3.
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Figure 2.2: Aspects of x-ray photoelectron spectroscopy. Adapted from [75]
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Fundamentally, XPS involves photon-stimulated electron emission
(photoemission). The fundamental energy conservation equation [75] for

photoemission is

hv = Eb + Ekin + Vsurf + d)

where hv is the energy of an incoming photon (for lab-scale systems, this is generally
1486.6 eV, generated by the Al Ka line), E}, is the binding energy of the excited core
electron, Ey;, is the kinetic energy of the electron as measured by the spectrometer,
Vsury s the surface potential of the sample, and ¢ is the spectrometer work function.
Typically Vs, and ¢ are “corrected” quantities through instrument calibration and

charge neutralization, and the equation becomes

hv = Eb + Ellcin

and the binding energy of the collected electron is easily obtained. Core levels can only
be probed if their binding energy is less than the excitation source. E}, is sensitive to
not only the particular atomic orbital, but also the electronic state of the atom from
which it was emitted. For instance, binding energy of a C 1s electron from an alkene
would be approximately 284.8 eV. However, the binding energy of a C 1s electron
from an epoxy group would be closer to 286 eV. The interaction of oxygen, which

removes part of the C 2p orbital, results in reduced nuclear electrostatic screening on
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even the inner orbitals due to the finite probability density of 2p electrons very near the

nucleus.

Once at atom has absorbed a photon, relaxed from an excited state, and emitted
an electron, that electron must travel to the surface of the material and escape in order
to be measured by the spectrometer. However, most electrons will scatter inelastically
with nuclei or other electons, leading to an energy distribution with a tail to low Ej;,

and a Beer-Lambert type law for the intensity I of electrons collected from a depth d:

1/1, = e~4/%

Where A is the characteristic energy-dependent mean free path for electrons in a given
material. As A is generally between 2-3 nm for solids, XPS is a highly surface sensitive
technique. Elemental quantification is possible through the counting of photoelectron
intensity associated with a given atomic core level, and correcting that intensity for the
Hartee-Fock calculated photoexcitation cross section specific to the excitation energy

and atom.[76]

2.3 ANSLab: The Laboratory

The Advanced Nanostructures Laboratory (ANSLab) was still under
construction when the author joined the Rubloff group in 2012. The next year involved
heavy construction, testing, and qualification of equipment, including the installation

and qualification of the XPS system as well as the replacement of the central transfer

32



chamber. The end result was a system uniquely capable of synthesizing and
characterizing air-sensitive materials via ALD. ANSLab is centered around a custom
designed, highly integrated materials synthesis and characterization vacuum system,

shown in Figure 2.X.

The system includes two Cambridge Nanotech F200 ALD reactors coupled to
either an ultrahigh vacuum central transfer chamber (the R2P2) or an Ar-filled
glovebox. Air sensitive samples could be grown in the ALD chamber and then
transferred to a Kratos Ultra DLD XPS system for spectroscopic characterization. The
system also include a custom lithium evaporator coupled to the glovebox for the

construction of solid state half-cells.
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Figure 2.3: Schematic and photograph of the ANSLab laboratory where the bulk of the work in this thesis took place.
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Chapter III: Mapping the Reaction Current Distribution in
High Aspect Ratio Electrochemical Nanostructures

3.1 Chapter Summary

Morphologically complex electrochemical systems such as composite or
nanostructured lithium ion battery electrodes exhibit spatially inhomogeneous internal
current distributions, particularly when driven at high total currents, due to resistances
in the electrodes and electrolyte, distributions of diffusion path lengths, and nonlinear
current-voltage characteristics. Measuring and controlling these distributions is
interesting from both an engineering standpoint, as nonhomogenous currents lead to
lower utilization of electrode material, as well as from a fundamental standpoint, as
comparisons between theory and experiment are relatively scarce. In this chapter, we
describe a novel approach using a deliberately simple model battery electrode to
examine the current distribution in a electrode material limited by poor electronic
conductivity. We utilize quantitative, spatially resolved x-ray photoelectron
spectroscopy to measure the spatial distribution of the state-of-charge of'a V>Os model
electrode as a proxy measure for the current distribution on electrodes discharged at
varying current densities. We show that the current at the electrode-electrolyte interface
falls off with distance from the current collector, and that the current distribution is a
strong function of total current. We compare the observed distributions with a simple
analytical model which reproduces the dependence of the distribution on total current,
but fails to predict the correct length scale. A more complete numerical simulation
suggests that dynamic changes in the electronic conductivity of the V2Os concurrent

with lithium insertion may contribute to the differences between theory and
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experiment. Our observations should help inform design criteria for future electrode
architectures- in particular, they emphasize that while a fully conformal, locally 1-D
battery stack is generally the optimal choice, some materials may “overperform” in
non-ideal geometries if lithium insertion engenders favorable changes in intrinsic

transport properties.

3.2 Concept and Previous Experiments

In a typical battery electrode, energy is stored through an electrochemical
reaction, occurring across the entire electrode-electrolyte interface, which requires the
local presence of both an electron and a cation. The full energy density of the electrode
is realized only when this reaction is entirely uniform, but material or geometric
restrictions of the ability to transport both ions and electrons throughout the electrode,
especially at high power, leads to a spatially varying reaction termed the reaction
current distribution (RCD).[77], [78] In an intercalation-type lithium ion battery, for
instance, the RCD refers to the spatial distribution of local current density associated
with the reaction Li} ,qteq + € = Lifmtercalatea- In €lectrodes limited by poor
electronic conductivity, the portions of the active material adjacent to the current
collector are preferentially utilized at high currents, leading to a strong gradient in the
RCD and under-utilization of the electrode. Batteries as energy storage systems are
characteristically limited by their declining performance at high powers, and therefore
understanding, measuring, and predicting the RCD for a variety of length scales and
conditions is important for designing optimized battery electrodes.[79] However, the
majority of electroanalytical techniques produce scalar quantities such as cell voltage,
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current, and impedance, which cannot fully characterize spatially distributed
electrochemistry. Because of this, a limited but growing collection of research has
sought to develop methods of characterizing the RCD using spatially resolved
techniques. As measuring electrical currents directly necessitates invasive probes, the
most common method of characterizing the RCD is through measurement of the
distribution of local state-of-charge (SOC), which is the time integral of the local RCD.

Existing research on mapping the RCD or SOC predominantly involves lithium
ion batteries and falls into two camps- first, studies focusing on local variations in
composite electrodes due to their stochastic assembly and locally variable transport
properties (length scales of a nanometers to a few microns), and second, studies
examining the mesoscale or cell-level behavior (length scales of microns to
centimeters). In the first camp, we highlight several experiments exploring qualitative
trends in the RCD using synchrotron-based XAFS, XAS, or energy dispersive XRD
(EDXRD) measurements of the SOC. Katayama et al. identified local
inhomogeneity[80] in the SOC of a LiFePOs-based composite electrode at a length
scale of tens of microns, likely because of differences in the local electronic
conductivity of the composite, and a similar phenomenon was found by Paxton et al.
using EDXRD[81] and by Ouvrard et al. with XAS.[82] Nanda et al. also observed
local heterogeneity of the SOC in their Raman-based examination of an NCA
composite cathode.[83] Studies in the second camp are fewer in number, but are
beginning to paint a fascinating picture of the internal dynamics of battery electrodes.
Liu et al. identified SOC gradients on a millimeter scale in a LiFePO4 pouch cell

charged at a high rate using EDXRD and found the RCD to be most concentrated near
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Figure 3.1: (a) A nonuniform RCD in a one-dimensional, electrically resistive electrode structure such as a
nanowire array. (b) Schematic and photograph of the model electrodes examined in this chapter . (c) The
model electrode exhibits an RCD similar to what would be observed in case (a), but laterally distributed so
as to be easily characterized via spectroscopy.
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the current collector tab, presumably due to the electronic resistance of the cell.[84]
Using neutron diffraction, Zhang et al. observed that the RCD in a composite electrode
changed dramatically as a function of total applied current, and shifted from the
electrode-current collector interface to the electrode-electrolyte interface as the limiting
transport process switched from electronic transport to ionic diffusion.[85] The first
direct comparison between in-operando measurements of the RCD and a
computational model using porous electrode theory was recently reported by
Strobridge et al, though only one rate was explored.[86]

We explore a different but complimentary approach, in which we develop
idealized battery test structures using pure electrode materials which take advantage of
the strengths of x-ray photoelectron spectroscopy, and which allow for directly

quantitative characterization (i.e. we can insert a controlled number of electrons and
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ions, and subsequently find them all). This approach avoids complications from the
complex structure and competing transport effects in composite electrodes, and should
in principle allow for a direct and instructive comparison between theory and
experiment. In addition, an understanding of the RCD in structures of pure active
materials, without binders or conductive additives, is relevant to recent work on high
aspect ratio nanowire or nanotube based battery electrodes. [47]

We will explore the following questions: (1) In electrode materials with poor
electronic conductivity, how does the RCD vary with applied current, and how does
this impact the energy density? (2) Is it possible to spatially resolve the state-of-charge
in a model battery electrode with a lab-scale XPS tool, and can we make the
measurement quantitative? (3) What is the fundamental origin of the observed
behavior, and do the measured distributions match analytical and computational
models of the device? Finally, we discuss the implications for designing 3D

microbatteries.

3.3 Experimental Design

3.3.1 A Spectroscopy-Compatible Test Structure

We developed a simple and geometrically well-defined system with which to
test hypotheses about spatially distributed battery electrochemistry. In addition, we
sought a characterization technique which could provide direct and quantitative
information about the local SOC, and by proxy, the RCD. Because lithium ion
intercalation in battery materials always involves charge compensation, typically

through the reduction of a metal ion adjacent to the inserted lithium, a technique
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sensitive to the valence state of metal ions such as x-ray photoelectron spectroscopy
(XPS) is ideal. For a variety of low conductivity, intercalation type transition metal

oxides, the following reaction takes place upon electrochemical insertion of lithium:

4 _intercalation
M,0, + zLi* + ze"— Li,M,0,

M™ +e™ + Litgou—M™ DY Li% e

Because XPS is highly sensitive to valence state, the local state of charge can
be directly characterized through the quantification of the number of reduced metal
ions in the analysis volume. In addition, modern XPS instrumentation allows for a
lateral resolution of better than 10um by utilizing electron optics and 2D detectors,
which is a length scale relevant to cell-level heterogeneities in many battery types. We
note that while it would also be possible to map the local concentration of Li, the signal
to noise ratio is a problem at smaller spot sizes due to Li’s small cross section.
In typical battery electrodes, electrochemical gradients are generated parallel to the
surface normal. In light of this, we have instead developed a “lateral” battery electrode,
in which the direction of relevant electrochemical gradients is perpendicular to the
surface normal and easily accessible to spectroscopic techniques. In addition, the active
material layer can be made extremely thin, so that XPS probes a significant fraction of
its total thickness and solid state diffusion is not a limiting factor. This electrode serves
as a model for any system in which electronic conductivity is the limiting transport
process, such as a composite electrode with high porosity but poor connectivity, or a
high aspect ratio nanostructure anchored to a current collector such as a nanotube or

nanowire. The construction and general concept is illustrated in Figure 3.1.
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We utilize crystalline thin-film V2Os as the active material[68], which is a
cathode material following the reaction scheme above. V20s is also a low mobility
semiconductor and can be limited by its poor electronic conductivity (103 to 102
mS/cm) in electrochemical applications.[87] V20Oscan store up to 3 Li ions per unit cell
in the range of approximately 3.5 to 1.6 V vs. Li/Li+, passing through multiple phase
transitions, although only storage of the first Li ion is highly reversible. For the
purposes of this paper, we define the state-of-charge to the value x in the formula
LixV20s.

The model electrodes, shown in Figure 3.1b, are constructed using standard
microfabrication techniques. The V20s film is 26nm thick, and the total exposed area
of V205 is 1.5 cm?. The active material-coated portion of the electrode is immersed in
a 1M LiClOg4/propylene carbonate electrolyte in a beaker cell and discharged at
different rates using a lithium counterelectrode. Because the substrate is electronically
insulating and electrochemically inert, electrons can only be provided to the V205 film
through the buried Au current collector, whereas Li" ions are equally accessible at all
points on the surface. This geometry leads to a RCD at the electrode-electrolyte
interface, shown in Figure 3.1c, which can be characterized ex-situ through the

quantification of the local SOC with XPS.
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3.3.2 Quantifying the SOC with XPS

Peak fitting of the V 2p region allows for the measurement of the number of
reduced vanadium atoms, and therefore the SOC through the reaction scheme discussed
above. Figure 3.2a and 3.2b illustrate the difference between the V 2p region for an
as-grown V,Os film and one discharged to 2.8V vs Li/Li". The V 2p spectrum exhibits
two peaks based on final state spin-orbit splitting with a 2:1 areal ratio between the j =
3/2 and j=1/2 components. The j = 1/2 peak exhibits exceptional broadening due to a
very fast Coster-Kronig relaxation process[88], and so we use only the j=3/2 peak for
analysis. The as-deposited V205 exhibits a sharp symmetric peak associated with V°>*
along with a slight shoulder at lower binding energy, attributed to V** which forms at
the surface due to oxygen vacancy formation upon exposure to vacuum (i.e. likely not

present to the same degree before characterization). This shoulder, observed even in
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Figure 3.2: (a) V 2p spectrum of as-deposited V20s, (b) V 2p spectrum of Li-intercalated V205, (c)
example of a line scan on a discharged electrode. Data in (c) is further analyzed as the 5io case in
Figure 4b.
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freshly cleaved V2Os crystals[89], is therefore a spurious but small background of V#*
which is subtracted out for quantitative analysis of electron/ion insertion. The low
binding energy shoulder on the j=3/2 peak clearly grows upon intercalation of Li+. We
fit the V** component using a constrained doublet, based on the intrinsic multiplet
splitting exhibited by the V*' ion as previously shown by first principles
calculations[90] and experiment[91]. An accurate measurement of the SOC depends
on a reliable deconvolution of the V 2p j=3/2 peak into contributions from V>* and V**.
While it is almost universal in the literature to assign a single peak to the V#" state when
fitting XPS data, we find that this is not a reliable fitting scheme when the area of the
V# component is comparable to or exceeds that of the V>* component.

A closer examination of the physics behind the excitation of the V** ion reveals
that this component is intrinsically a multiplet due to additional splitting in the final
state. The electronic configuration of the V** ion is [Ar]3d!, and thus possesses an
unpaired electron in the valence band. This electron will then couple with the 2p core
hole generated after photoexcitation, and result in additional exchange splitting in the
final state. This effect, which occurs for most transition metal ions with net spin in the
valence band, was explored by Gupta and Sen[90], who predicted a lineshape for V4
which is asymmetric to the high binding energy side. A numerical simulation of the
V# multiplet structure using CTM4XAS 5.5[92], shown in Figure 3.3, displays this
feature. For our fitting, we use the simplest physically justified model for exchange
splitting, which considers only the interaction between the core hole and the single 3d

electron. This spin-spin interaction should produce two peaks with an intensity

ratio[93] of I = S—:l =3 for S =1/2. Our lineshape for V*' thus contains two
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Figure 3.3: Calculated XPS spectra for V** and V°* ions using CTM4XAS 5.5 and approximate
broadening. This calculation illustrates the primary nonsymmetrical feature of the V** ion, which is the
shoulder on the high binding energy side of the j=3/2 peak.

components of the same FWHM with a fixed area ratio of 3:1 and a fixed separation of
0.7eV, based on measurements[91] of single crystal LiV20s, which results in accurate
quantification as discussed below. While we exclude more detailed physics such as the
crystal field or multi-body exchange effects in the fitting, which would likely decrease
Iz, we note that the quantification of the V**/V>" ratio is quite insensitive to 2 < I <

3.
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The SOC can then be mapped through line scans perpendicular to the current

collector, revealing the time-integrated RCD as shown in Figure 3.2¢. Surprisingly, the

length scale of these gradients tended to be on the order of millimeters, though our

instrument is capable of resolving the SOC to a resolution of better than 20 microns

using an area detector and principle component analysis (an example is shown as

Figure 3.4; this higher resolution data generally supported the line scans).

a) Deconvolution of V 2p j=3/2 Region

900 microns
(3.5 microns/pixel)

v
Y ey . 3
v MAA A
v
v
4
vy ‘ ¥
B
v v ¥
"vav y
v v - }
v 9 v
¥ '§vww
LA A B
w wv
v v
v
T T ; . T
50 100 150 200 250

Pixel Number (~3.5 um/pixel)

- Sharp drop of SOC at current

collector edge resolved

T
50

160 12")0 260 250
Pixel Number (~3.5 um/pixel)

Figure 3.4: An example of the high resolution chemical state mapping capability of modern XPS instrumentation. The
map in (a) is derived from a direct photoelectron image of a portion of the test electrode shown in the schematic below
the image. Each pixel represents a spectrum of the V 2p j=3/2 region in a third dimension (energy). Each pixel is then
subjected to deconvolution into V°* and V** components through principle component analysis of the whole image
using CasaXPS. (b) and (c) show lines from the image demonstrating the SOC profile away from the current collector.
This method achieves a spatial resolution for differentiating valence state of approximately 20-30 microns and could

likely be improved further.
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3.4 Experimental Results

3.4.1 Current-Dependent RCD with a Fixed Potential Limit

In this section, we first illustrate the electrochemical signature of a nonuniform
RCD by comparing the galvanostatic power performance of a thin film V,0Os electrode
fabricated with a nonconformal strip current collector (NCC) and an electrode with a
fully conformal planar current collector (PCC) discharged at a fixed total current within
a fixed potential window, which is the most common method for testing battery
electrodes. Because of the device symmetry and the high conductivity of gold, the PCC
electrode should in principle have a uniform RCD and be limited only by the kinetics
of lithium insertion into the V»0s itself. We then map the SOC using ex-situ XPS to

understand its connection to the performance of the test electrodes.
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Figure 3.5a shows the discharge capacity of the electrodes at varying applied
total currents. All currents throughout this chapter are normalized to ip = 1.5 pA/cm?,
which corresponds approximately to a 1C rate for 1 Li" inserted per unit cell of V2Os,
estimated from the volume of active material assuming a homogenous current density
across the surface of the V20s. We refer to “total currents”, instead of current densities,
as in many cases the current density is highly inhomogeneous. The discharge is
terminated at 2.8V vs Li/Li", corresponding to one Li" ion per unit cell, and a theoretical
maximum SOC of 1. The rate dependent capacity of the two devices differs
dramatically. The PCC electrode exhibits typical behavior for a high-performance
cathode material in that the capacity is saturated below a critical current density (ip in
this case) as the whole volume of active material is utilized, but declines at higher rates
due to vertical concentration polarization in the electrode and electrolyte. The decline

is approximately linear vs. the logarithm of applied current. The NCC electrode
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Figure 3.5: (a) The current-dependent normalized discharge capacity of PCC (green) and NCC test electrodes (red)
discharged to 2.8V vs. Li/Li+ in a beaker cell. All currents are normalized to io = 1.5 uA/cm?, which corresponds
approximately to a 1C rate estimated from the volume of active material. Plotted in gray is the PCC capacity
multiplied by a factor of 1/20. (b) XPS line scans of the SOC at the current densities marked by asterisks in Fig. 3a-
io/10 (blue), i0/2 (red), and io (black). The hatched area indicates points directly above the current collector. We
assume a potential error of 10% coming from the fitting procedure.
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exhibits very different and somewhat complementary behavior. Above a current
density of 10io, the capacity is saturated at a small value close to 1/20" of the capacity
of the PCC electrode at the same applied current. Because the area of the buried strip
current collector is 1/20'" of the area of the active material, this indicates that only the
area of V,0s directly above the current collector is active at high powers. Below 10 i,
the NCC capacity increases approximately linearly with the logarithm of applied
current, and approaches but does not reach the PCC capacity even at the lowest tested
applied current. A further understanding of this effect relies on a spatially resolved
measurement.

Figure 3.5b shows spatially resolved SOC line scans, using an XPS spot size
of 150 microns, for the first discharge of patterned electrode devices at three different
current densities (denoted by asterisks in Figure 3.5a). As mentioned above, the SOC
is the time integral of the RCD at a given location on the electrode, and under the
assumption that the RCD is relatively constant in time, the SOC distribution is an
approximate representation of the RCD during discharge. At a current density of i0/10,
the RCD is almost uniform across the entire electrode, though a slight downward slope
can still be observed and the theoretical capacity is not reached. As the applied current
increases, the RCD contracts in terms of spatial extent, which explains the rapid drop
in capacity in this range of currents. The SOC directly above the current collector (x=0)
also decreases, which is interesting given that the capacity of the PCC device was not
declining in this range of currents. This is likely because the contracted RCD forces the

current density directly above the current collector to far exceed its nominal value,
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which enhances kinetic overpotentials in the “vertical” direction and limits
performance even further.

The rate dependent discharge capacity (in a potential limited mode) of the NCC
electrode can thus be understood as a transition between two limiting cases: a “slow”
case, in which the applied current density is sufficiently low such that the RCD is
homogenous, and a “fast” case, in which only regions immediately adjacent to the
current collector are active presumably due to overwhelming Ohmic potential drops
elsewhere. A primary factor controlling the rate-dependent capacity in conductivity

limited high aspect ratio electrodes is therefore a contraction of the RCD.

3.4.2 Current-Dependent RCD with a Fixed Total Capacity
We removed the potential limitation in the previous tests to achieve stronger

gradients near the current collector. Figure 3.6a shows the potential-time curves for
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Figure 3.6: (a) Discharge curves of four electrodes discharged to 200n4h (0.72 mC) capacity at different applied total
currents. The discharges are displayed as a function of the normalized time as each discharged took an absolute time according
to the relation I x t = 0.72mC. ip refers to a nominal value of 1.5 uA/cm’. (b) XPS maps of the same chips after discharge
using a spot size of 150 microns. We assume an error of 10% coming from the fitting procedure. The hatched region between
0 and 0.25 mm represents the area above the gold current collector. The two data points marked as “V3* cont.” contain a
contribution of V3* according to the XPS fitting model, which is double counted as V** for the purposes of display. (b, inset)
Quantification of the charged inserted as measured by XPS. The horizontal black line indicates the potentiostat-measured
value.
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four devices discharged at total currents ranging from io/5 to 10 io. In each case, the
total quantity of electrons and compensating Li ions inserted is equal to 200 nAhr (0.72
mC). It is immediately obvious that the electrode undergoes very different
electrochemical processes to reach the fixed capacity at different rates, and indeed must
access further phase transitions as the total applied current increases. For the two
smallest currents, the electrode is able to reach the set capacity while remaining in the
first plateau for lithiating V20Os, although the total cell overpotential increases. At
higher currents, the electrode potential drops to the second and eventually third plateaus
associated with lithium insertion (associated with the formation of Li>V»0Os-type and
Li3V20s-type phases, respectively).[68] To learn more about this process, we again turn
to mapping the SOC after the end of each discharge using XPS.

In Figure 3.6b, we observe variations in the RCD similar to what was seen in
Figure 3.5b. Again, we confirm that the RCD eventually falls off with distance from
the current collector. More significantly, the shape and spatial extent of the RCD
strongly depends on the total current. The SOC measured from points directly on top
of the current collector (the hatched region) illustrates the origin of the measured
potentials vs. Li/Li+ during the discharge. For 10/5 and io, the SOC does not exceed 1
anywhere in the electrode, consistent with the fact that the discharge remained within
the first phase transition for V>Os. At higher currents, the great majority of reaction
current is localized directly above the current collector due to the highly spatially
restricted RCD. This small region is therefore forced to receive the bulk of the inserted
0.72mC, is driven to much lower potentials vs. Li/Li", and the SOC exceeds 1. The io/5

case exhibits some structure, with a region of roughly constant SOC out to 2.25mm
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from the centerline, followed by a linear decline, whereas the other cases exhibit a more
monotonic if nonlinear decline of SOC. The slight increase in the SOC with distance
from the current collector seen in the two low current cases (as well as in Figure 3.5b)
is wholly unexpected. In addition, the SOC measured directly above the current
collector in the 5ip and 10ip cases is unexpectedly low, as both would be expected to
show a significantly higher SOC based on the discharge curve.

Such a difference may reflect a change in the sample between discharge and
XPS profiling. This is not due to relaxation of the concentration profiles through solid
state diffusion of the electrodes once removed and dried for characterization, which
was confirmed by re-measuring the 10io sample again after 24 hours and finding the
same profile (not shown). However, some electrochemical self-discharge[94] of the
devices, discussed in Section 4.2, in the brief time between the end of discharge and

the removal of electrolyte from the surface may play a role.

3.4.3 Quantification of Total Charge with XPS

These data also provide us an opportunity to connect a spatially resolved
spectroscopic measurement, often not considered very quantitative, with a precise
electrical measurement. We can quantify the amount of charge inserted into the film
from the XPS measurements with the assumption that every electron inserted results in
an observable reduced vanadium ion. Discharge results in an XPS-measured
distribution A(x, y, z,t) = V** /(V** + V°%) of the SOC, in which x is the dimension
perpendicular to the current collector, y is the direction parallel, and z is the out-of-
plane direction. The number of electrons inserted electrochemically can be found by

integrating this distribution over the surface of the sample in the following manner:
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where [ is the length of the electrode, d is the film thickness (26nm), py,os 1s the
density of V20s, Uy,0s is the molar mass of V20s, Cy is a background initial
concentration of V*#* (taken to be the average of A(x,t,) between 5.5 and 6.5mm,
where the curves become flat), and w is the limit of integration in the x direction, taken
to be the edge of the chip. Any contribution from V** is double counted as V** for the
purposes of this calculation. The values calculated in this manner (approximating the
integral as a Riemann sum) are plotted in the Figure 3.6b inset, along with a line
corresponding to the actual charge inserted (200 nAh). The overall agreement is
satisfactory, with the two highest current cases matching nearly exactly, and the two
lower current cases exceeding the potentiostat-measured value by approximately 20%.
The origin of the error is not completely known, but we find that virtually all tested
devices agree to within 20% of the true value. The lower current devices spend more
time immersed in the electrolyte, so there may be a parasitic chemical surface reaction
contributing to this error. This calculation, which we believe to be the first correlation
between a 2-D chemical state distribution measured by XPS and an externally
measured reference quantity, proves that chemical state mapping can be a quantitative

tool.

3.5 Discussion and Analysis

The mapping data reveals that the primary cause of the performance fall-off of
the NCC test electrode is a contraction of the RCD. This effect is doubly deleterious,

as it both decreases spatial utilization and increases the current density near the current
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collector, which enhances kinetic overpotentials. The RCD itself has two primary
characteristics: (1) It declines as a function of distance from the current collector and
(2) the distribution (or rate of decline) is a function of the total current. Point (1) is not
so surprising, as simple Ohmic losses in the film will reduce the energy level of
electrons which are farther from the current collector. However, the fact that the RCD
changes with total current is nontrivial. We now seek to develop a physical
understanding of this effect with a simple analytical model. Later, we will develop the
model further with a finite element simulation of the actual geometry, incorporating

time-resolved physics in an effort to better explain the experimental data.

3.5.1 Analytical Model for the RCD in One-Dimensional Structures

We consider a cross section of one of the electrodes, and consider only the
region of electrode material which is not directly on top of the current collector (i.e. x
> (.25 mm in Figure 3.6b). In this region, we can develop an analytical pseudo one-
dimensional model for the RCD as a function of applied current with certain
simplifying assumptions. We neglect solid state diffusion entirely, which is reasonable

if the characteristic relaxation time of a Li concentration gradient through the thickness

Current
Collector

Electrolyte ig(x) = dI(x)/dx

Figure 3.7: A schematic of the geometry of the analytical RCD model developed in Section 3.5.1.
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of the V,0s thin film t, = w?/4D,; is much less than the total time of discharge. For
a film thickness w of 26 nm and an estimated average diffusion constant[95] D;; of 10
' em?/s, tp is about 0.17 seconds, two orders smaller than the shortest tested discharge
time. Second, we assume that ionic transport within the electrolyte does not have a
significant effect on the RCD. This important assumption is addressed more
extensively in section 4.2. Third, we do not consider time in this model by assuming
that any changes in concentration relative to the initial conditions remain small, and
that the local electrode properties do not vary with charge inserted.

The modeled geometry includes the thin film electrode of length L, contacted at one
endpoint x = L by a current collector. The in-plane electronic current density is
described by the function I (x). The current collector imposes an applied current density
I(L) = I; at one end of the electrode. At the far end of the electrode, we assume that
1(0) = 0. This high aspect ratio electrode is in contact with a bulk electrolyte phase
along its length. Between x = L and x = 0, the applied current is supplied through the
RCD ir(x), which couples ionic current in the electrolyte to the electronic current in

the electrode. Therefore, in one dimension:

dl
we =22

The most important element of the model is the form of the coupling equation ig(x).
The conversion of ionic to electronic current involves charge transfer with an
associated activation energy. Because of this, ion insertion in battery materials is most

commonly described using Butler-Volmer kinetics:[96]
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ip(x) = iex[eﬁ(fps—wL—U) — e—B((Pg-(PL—U)] (2)
for § = nF /2RT, where i, is the exchange current density, n is the number of charges
transferred per reaction, R is the universal gas constant, F is Faraday’s constant, T is
the temperature, and U is the equilibrium potential of the reaction. We assume a
symmetric process. s and ¢ are the local electric potentials in the electrode and
electrolyte, respectively, and are functions of x. The RCD is then controlled by the local
difference in electric potential between the electrode and electrolyte. There are two
simplifications of the Butler-Volmer equation which lead to analytical solutions for the
RCD. If the magnitude of the overpotential |@s — ¢, | is small compared to f~1, one
can linearize equation (2), in which case the electrode-electrolyte interface acts like a
typical linear resistor. If |pg — ¢, | is large, one of the terms will dominate, leading to
the Tafel equation. As we will show below, the fact that the RCD varies with applied
current necessarily implies the Tafel approximation is valid. For lithium insertion, the

second term dominates, leading to

dl(x)

— = i (%) = —igee PO (3)

Taking the derivative with respect to x leads to

(4)

dxz2 " dx \dx dx

d’I(x)  dI(x) <d(p5 d(pL>
where we have re-substituted equation (3). The remaining task is to find expressions
for the spatial derivatives of the potentials. Here we make the critical assumption that

@ (x) = const. so that d¢;/dx = 0. Numerical simulations explicitly including
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electrolyte conductivity, discussed below, support this assumption in this case. Next,

. d
an expression for % can be found from Ohm’s law:

I(x) = - Cgf: (5)

where o is the electronic conductivity. Substituting equation (6) into (5) and making it

dimensionless through introducing the variables y = x/L and j = I /I leads to

d?j dj
LY o Tih=0 ©

_LIp
B o

Q

(7)

Equation (6) is a second-order nonlinear differential equation for the in-plane electronic
current, controlled by a single dimensionless parameter (). Significantly, equation (6)
ends up as a limiting case of the expression famously developed by Newman in his
original description[77] of the current distribution in porous electrodes, if the
electrolyte conductivity is considered infinite. Indeed, the above derivation would
apply to any primarily one dimensional structure, such as highly porous particulate or
nanowire/nanotube electrodes- the critical question being whether or not the
assumption of no electrolyte transport limitations is a reasonable one. This would most
commonly be the case for electrically resistive, high aspect ratio structures with a
relatively low packing density.[47], [97] The solution to equation (6) with the boundary

conditions shown in Figure 3.7 is
] 2a
j) =tan(ay)  (8)

tan(a) — % =0 9
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Where the solution of the transcendental equation (9) provides the constant a for a
given (). Crucially, as the parameter a depends on (), the shape of the current
distribution is strongly dependent on the total current through equation (7), which is
reflected in the experimental data. Larger values of ) lead to more inhomogeneous

current distributions. An expression for the RCD can be found from the derivative of

(7):

, 2a?
iR /Iy = Tsecz(ay) (10)

We might now ask the question- where, fundamentally, does the dependence of
ir(x) on I; come from in battery materials? To shed light on this, we can compare
equation (10) to the solution for iz (x) under the linear approximation of the Butler-
Volmer equation (i.e. for small overpotentials), instead of the Tafel approximation.
Euler and Nonnenmacher derived[98] such a solution:

lox FL?
RTo

iz (y) /Iy = A cosh y (11)

where A is a dimensionless quantity independent of y. Remarkably, under the
linear polarization approximation, the shape of the RCD is independent of the total
applied current I. Instead, the exchange current density i,, appears in equation (11)
and modulates the shape of the RCD through the linear Tafel resistance i,,F/RT.
Comparing equations (10) and (11), we see that the origin of the current dependent
RCD in battery materials under high applied currents cannot be ascribed to Ohm’s law
alone, and is instead due to the nonlinear current-voltage characteristics of an interface

controlled by charge transfer with an activation energy. When anticipating the current-
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dependence of the RCD, the charge transfer resistance is therefore just as important as
the bulk conductivity- for a fixed current density, the charge transfer resistance

determines which approximation

to Butler-Volmer kinetics is valid. 140 2
2ot | Exp. €2 Exp. /100
While the above calculation sheds _ s —1p/5
100 5w —igf1
light on the origin of the current- - 80 = —510_
= 5 —10 i)
dependent RCD, equation (10) . 60 " ‘
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We estimated the values of () for

the four electrodes measured in Figure 3.8: Solutions of Equation 10 using estimated
experimental values for (2 for the data shown in Figure 4b,
calculated based on the initial properties of V20s and

Figure 3.6b, given that L = electrode geometry (0= 280.9, 1404.4, 5653.4, 9276.7 for the
lowest to highest currents, respectively). The inset shows
7.25 =194yp-1 do= solutions using the same values of () reduced by a factor of
25mm, f = 109. ,and o =

100 in order to illustrate the approximate values of () needed
produce RCDs qualitatively resembling the SOC distributions

0.4 S/m are known or measured  measured by XPS.

experimentally. I (in this case, the in-plane current density in the V,Os thin film at the
current collector edge) is estimated from the fraction of inserted charge found in areas
not directly above the current collector, under the assumption that the RCD does not
vary too much spatially with time. The resulting solutions of equation (8) are plotted in

Figure 3.8.

The experimental parameters lead to extremely large values of (), which is
perhaps not surprising given the relatively low electronic conductivity of V>Os and

large lateral dimensions. Indeed, while the above theory correctly predicts the
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dependence of the RCD on total current, it drastically underestimates correct distance
over which the RCD decays. In Figure 3.8, which is plotted out to only 0.3 mm from
the current collector edge, the reaction current for all cases has decayed to near 0 within
only a few hundred microns, in contrast with the experimental data in Figure 3.6b. The
inset plots solutions for the estimated values of Q reduced by a factor of 100, which is
the magnitude required to achieve a homogeneous RCD within the first two millimeters
for the 1¢/5 case, as is observed in the experimental data. Essentially, the experimental

system acts as if {1 is effectively much smaller than would be expected.

3.5.2 A Finite Element Model Incorporating Electrolyte Transport and Dynamic

Electronic Conductivity

To resolve this discrepancy, we developed a two-dimensional time-dependent
finite-element model of the test electrodes, implemented using COMSOL
Multiphysics, to tease out which of the assumptions in the above derivation is violated.
We explicitly model the electrolyte using concentrated solution theory[99] and realistic
parameters, as well as two-dimensional solid state diffusion of inserted Li ions in the
thin film electrode. Electrical transport in the V2Os is governed by Ohm’s law, and the
charge transfer reaction at the electrolyte/electrode interface is described using Butler-
Volmer kinetics. The electrode equilibrium potential U(c) 1is a function of the local
concentration ¢ of Li ions, and is referenced from an empirical near-equilibrium
discharge curve for V2Os for up to 3 Li ions inserted per unit cell. We modelled the
constant-capacity data shown in Figure 3.6b by applying an average current density
boundary condition to the current collector/V2Os interface for a time ¢ such that the

total integrated charged inserted into the electrode equaled 0.72 mC. Full details of the
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model can be found in Appendix A. The results indicate that our assumptions regarding
electrolyte transport are valid, and that the RCD is likely broadened due to an
enhancement of the electronic conductivity of the V»0s concurrent with the
intercalation of lithium.

Figure 3.9 shows the constant-capacity data from Figure 3.6b plotted
separately along with the results of two different models. The results of the model in
which the electronic conductivity of the V20Os is fixed to its measured value of 0.4 S/m
are shown by the dashed blue line in each panel. In line with the analytical model, the
SOC distribution is predicted to be much narrower than is observed. In addition, there
is structure visible in the modelled SOC distributions, such as the shoulders seen in
Figure 3.9a at 0.6mm and in 3.9b at 0.5mm. These features come from the shape of
the equilibrium potential U(c) (see Appendix A), and reflect the fact that the
equilibrium potential drops rapidly during the phase transitions of LixV20s. We do not
observe such shoulders in the experimental data, despite taking data at a high enough
spatial resolution to do so. This model also confirms that concentration variations in
the electrolyte are minimal, justifying the assumptions in section 4.1 and pointing to a
nontrivial effect. Even in the most extreme case (the 10i, case shown in Figure 3.9d),
the electrode salt concentration immediately above the current collector differs from
the bulk by a maximum of 0.7%. The difference in electrolyte potential between the
edge of the current collector and the far end of the film is 11 mV, compared to a several-
volt variation in the solid potential, again confirming that the electrolyte is not playing

an important role in controlling the RCD.
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Figure 3.9: Experimental results from the constant capacity experiment plotted along with the results of two
different COMSOL models for the experimental conditions. The blue dashed line corresponds to a model in which
the electronic conductivity is fixed to its initial value. The red solid line corresponds to a model in which the
electronic conductivity varies as a function of the state-of-charge, peaking at a value of 70 times the initial value
at a composition of LiosV20s. Each curve representing simulation data has an added constant corresponding to
the XPS-induced background V** concentration measured in the test electrodes to facilitate direct comparison (Cg
from section 3.3).

We hypothesized that the observed differences between the model, calculation,
and experiment were therefore due to dynamic changes in the properties of V,0s itself
upon lithiation. A broader RCD than expected can only indicate an enhancement of
electronic conductivity, which would dynamically lower the parameter ). This can be
rationalized if the nature of electronic conductivity in V,0s is examined. Conductance
in V205 is thought to be dominated by small polaron transport,[87] in which charge
carriers hop between energy states associated with V>* ions and dilute V** ions, initially

due to oxygen vacancies. According to Mott’s theory for polaron conduction[100], the
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density of charge carriers should be proportional to C(1 — C), where C = V** /V,orai,
leading to a parabolic increase in the carrier density with lithiation through the
reduction of vanadium ions. There are multiple reports in the literature which confirm
that the electronic conductivity of V2Os indeed increases with lithiation within a limited
range using either chemical lithiation or specialized in-situ experiments. Julien[101]
found that the conductivity reached a maximum near the composition Lio.5sV20s before
decreasing again as the composition approached Li;V20s. Huguenin et al. found[102]
a similar parabolic increase of conductivity in a V205 xerogel, measured in-situ and
reaching a maximum in the approximate compositional region between Lio5V20s and
Li1V20s. In both cases, the enhancement was approximately one order of magnitude,
while Holland et al. found[103] an enhancement of 50x in a different V,0Os xerogel
between Lio.o3V20s and Lio.17V20s. Finally, Badot et al. measured[104] electronic
conductivity enhancement by a factor of 10? during lithiation of lightly Cr-doped V20s.
While Mott’s theory would predict a conductivity maximum at Li; V20Os, it seems that
structural distortions in the V20s lattice counteract the increase in charge carrier
concentration once the stoichiometry exceeds approximately LiosV20s. It should be
noted that Levi et al. found[105] that the conductivity of V,0s decreased upon
lithiation, indicating some level of uncertainty, but our data unambiguously supports
an enhancement in conductivity.

Our second model, plotted in red in Figure 3.9, therefore includes a modified Ohm’s

law to account for the state-of-charge dependent conductivity:

—05(X)Ves = i (12)
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where ¢ is the potential in the electrode and ig is the current density vector,
and g, (x) describes how the electronic conductivity changes with the state-of-charge x
in LixV20s. Blending the above data from the literature along with the expected
parabolic increase in conductivity for small values of x, we implemented the following

function:

2

os(x) = gy l—4(y -1) (x - %) + yl for0<x<1 (13)

where o is the initial electronic conductivity of the V,Os thin film. With this
model, the conductivity increases quadratically with x, reaching a maximum of yo at
x=1/2 before decreasing back to its initial value at x=1. The parameter y is used as a
fitting parameter to reveal what conductivity enhancement is necessary to produce the
experimental SOC distributions. We find that for y=70, our model achieves good
agreement with the data, though it is still difficult to achieve full agreement for all 4
curves. This level of enhancement falls at the high end, but within the range, of previous
literature reports. Re-examining section 4.1, this indicates why reducing Q from its
nominal value by a factor of 10> more closely resembled the experimental data. Testing
also shows that the exact form of Equation 13 is not vitally important, and most
functions which increase and subsequently decrease the electronic conductivity in the
region 0<x<I can achieve reasonable agreement with the experimental data. A detailed
analysis of the electrical properties of ALD V205 as a function of electrochemical
lithium doping, while outside the scope of this work, may further improve the

agreement.
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One major caveat is that the model with y=70 does not accurately predict the
experimental discharge curves for the high current cases. (Figure 3.10). This is due to
the disagreement between the XPS-measured state-of-charge for points directly above
the current collector and the composition reached according to the electrochemical
measurement. For instance, the 10ip electrode had a measured maximum SOC of only
1.4 despite the fact that it completed the second discharge plateau (Figure 3.6a),
normally indicating a SOC of >2. We believe that some electrochemical self-
discharge[94] may have occurred in the short time between the end of the applied
current and when we were able to physically remove from the electrolyte and dry the
test electrode (about 60 seconds). If this is the case, the measured SOC distributions
are slightly relaxed relative to their “true” shapes at the instantaneous end of applied
current, and the needed value of y is correspondingly smaller. The modelled discharge
curves match the experimental data most closely for y in the range of 10 to 20, although
it proved difficult to simultaneously predict all 4 curves with a single set of parameters.
While the presence of a small amount of relaxation does not affect our general

conclusions, we emphasize that this is an intrinsic limitation on most ex-sifu battery
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studies. Future work should therefore focus on faster and in-situ characterization of the

RCD in similar test electrodes, perhaps using optical techniques.

3.4 Chapter Conclusions

Characterizing the spatial distribution of electrochemical process inside

batteries and battery electrodes is extremely challenging, but important for both
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Figure 3.10: Simulated discharge profiles for the test electrode geometry under different assumptions of peak
conductivity. (a) shows simulated discharge profiles for a model with no change in the electronic conductivity. These
potentials are references to the fixed potential (V=0) of the ideal lithium anode. They do not include double layer
capacity, which would otherwise lead to a slight downward slope at the beginning of discharge.

designing higher-performance electrodes and verifying analytical and computational

predictions about internal battery dynamics. Using a “lateral” model electrode proved
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extremely useful by laying out the electrochemical gradients of interest across the
surface of a flat substrate, allowing for characterization of the reaction current
distribution using XPS-based mapping of the local state-of-charge. The simplicity of
the design allowed us to isolate the effect of electronic conductivity on the RCD within
a single material, which facilitated a comparison between basic physical theory and the
experimental data.

Our experiment revealed that the RCD changes dramatically as a function of
applied current. In electrodes limited by electronic conduction, through either their low
intrinsic conductivity or the electrode architecture, the RCD becomes spatially
restricted and concentrated near the current collector contact at large applied currents.
In addition, the shape and extent of the RCD depends on the magnitude of the current.
This is not due to Ohm’s law alone, as is commonly assumed, but is a property governed
by the nonlinear current-voltage characteristics of battery electrode/electrolyte
interfaces. Though our analytical model was able to correctly predict a dependence of
the RCD shape on total current, we observed a large mismatch in the characteristic
length scale predicted by theory versus the measured SOC profiles. A more
sophisticated finite-element model strongly suggests that a dynamic increase of
electronic conductivity concurrent with lithiation in V20s plays a large role in the RCD.
This is an important and possibly very general observation, as many commonly used
battery electrode materials exhibit orders-of-magnitude changes in electronic
conductivity[ 106]-[108] during ion insertion or deinsertion, though this is not often
incorporated into battery models. Nevertheless, if the average conductivity is known,

the parameter Q should provide a rough guideline for achieving mostly homogeneous
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RCDs in 1D electrode structures with limited electrical contact to the current collector,
such as nanowire arrays or other similar microarchitectures under development. Our
novel experimental design, along with a careful comparison to basic theory and a finite
element model, revealed the current-dependent RCD within a pure electrode material

for the first time.
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Chapter IV: Development of an ALD-grown Lithium

Polyphosphazene Solid State Electrolyte

4.1 Chapter Summary

Several active areas of research in novel energy storage technologies, including
three-dimensional solid state batteries and passivation coatings for reactive battery
electrode components, require conformal solid state electrolytes. In the context of this
thesis, the development of a reliable, quick, and robust conformal solid state electrolyte
is the most important component of the full cell, and we devoted the greatest attention
to it. We describe an atomic layer deposition (ALD) process for a member of the lithium
phosphorus oxynitride (LiPON) family, which is employed as a thin film lithium-
conducting solid electrolyte. The reaction between lithium zerz-butoxide (LiO'Bu) and
diethyl phosphoramidate (DEPA) produces conformal, ionically conductive thin films
with a stoichiometry close to Li2PO2N between 250 and 300C. Unusually, the P/N ratio
of the films is always 1, indicative of a particular polymorph of LiPON which closely
resembles a polyphosphazene. Films grown at 300C have an ionic conductivity of
6.51 (£0.36) x 1077 S/cm at 35C, and are functionally electrochemically stable in the
window from 0 to 5.3V vs. Li/Li+. We demonstrate the viability of the ALD-grown
electrolyte by integrating it into full solid state batteries, including thin film devices
using LiCoOz as the cathode and Si as the anode operating at up to 1 mA/cm?. The high
quality of the ALD growth process allows pinhole-free deposition even on rough
crystalline surfaces, and we demonstrate the successful fabrication and operation of

thin film batteries with ultrathin (<100nm) solid state electrolytes. Finally, we show an
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additional application of the moderate-temperature ALD process by demonstrating a

flexible solid state battery fabricated on a polymer substrate.

4.2 Introduction

4.2.1 Conformal Solid State Electrolytes

Lithium-ion conducting solid state electrolytes (SSEs) are increasingly
important materials in the energy storage technology landscape. SSEs enable all-solid-
state secondary lithium-based batteries (SSBs) by directly replacing the flammable
organic liquid electrolytes currently used in lithium-ion secondary cells, which
significantly reduces or eliminates the chance for catastrophic failure.[2], [109], [110]
As a result, SSBs are particularly attractive for safety-critical applications, such as
aircraft power systems or human-integrated wearable or implantable electronic devices.
SSEs also enable, in some cases, wider voltage windows through increased
electrochemical stability[23], better high-temperature stability[111], and even
increased power density though the higher concentration of charge carriers available in
SSEs.[20] SSEs are also playing an increasingly important role as passivation coatings
for electrodes and electrode particles,[61], [112], [113] both in conventional liquid-
based lithium ion systems and in solid state systems. Thin SSEs promote the stable
coupling of otherwise reactive cell components, such as Li metal and water,[114] or

various cathode materials and sulfide-based solid electrolytes.[20]

The ability to grow SSEs conformally is particularly advantageous, i.e. with
uniform thickness over challenging three-dimensional (3D) topography. The only

currently commercially available SSBs are thin-film solid state batteries, which have
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many attractive qualities including stability for thousands of cycles, excellent
electrode/electrolyte interface quality, and extremely low self-discharge rates.[33],
[115] However, as thin film SSBs are currently exclusively made using line-of-sight
deposition techniques such as thermal evaporation and RF sputtering, their fabrication
is limited to planar substrates, ultimately placing an upper limit on their energy density
on the order of ~1 mWh/cm?.[33] The ability to grow 3D thin film SSBs on high surface
area patterned substrates using conformal deposition processes would alleviate this
limitation and allow for the independent design of both power and energy densities per
device footprint.[5], [35], [116] Attempts to accomplish this with sputtering have been
largely unsuccessful due to electrical shorts and inhomogeneous current
distributions.[38], [39] In the context of passivation coatings, conformally-grown SSEs
are required to cover the complex, 3D structure of both individual electrode particles

and preformed composite electrodes.[59]

In this chapter, we describe the development of a SSE in the lithium phosphorus
oxynitride (LiPON) family grown using atomic layer deposition (ALD), which utilizes
self-limiting gas-phase chemical reactions to grow thin films of material.[52] This
property enables ALD to grow extremely conformally, to avoid the interaction of
supporting solvents with substrates, and often to allow for lower deposition
temperatures when compared with chemical vapor deposition. Previously
demonstrated ALD electrolytes include Li-containing amorphous metal oxides made
by combining a lithium oxide ALD process with existing multicomponent oxide
processes, including Li-Al-O, Li-Al-Si-O, Li-La-Ti-O, Li-Nb-O, and Li-Ta-O ternary

and quaternary films.[71], [117]-[120] These processes uniformly produced materials
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with ionic conductivities of < 10”7 S/cm at room temperature, grow slowly due to the
number of ALD subcycles involved, and often incorporate multivalent metal ions

which can degrade electrochemical stability.

The most promising ALD electrolytes to emerge to date are members of the
LiPON family, which is the electrolyte of choice in existing thin film batteries due to
its electrochemical stability, ionic conductivity (~10° S/cm) and high electrical
resistivity.[22], [115], [121] Incorporating nitrogen into existing ALD processes[73]
for LizPO4 proved to be a challenge. The first ALD process for LiPON, which was
developed in our group (see section 4.2.2), involved nitrogen incorporation through use
of a Nz plasma, which, while providing an attractive degree of compositional tunability,
induces limits on conformality due to plasma radical recombination in high aspect ratio
structures. Nisula et al. introduced, nearly simultaneously, the use of diethyl
phosphoramidate (DEPA) as a precursor,[ 122] which contains a pre-formed P-N bond,
and grew LiPON-family films with a stoichiometry of LipoP1028Noss with some
hydrocarbon incorporation at 290C using lithium hexamethyldisilazide (LiIHMDS) as
a lithium source. Shibata also recently demonstrated[123] a thermal process for LIPON
using NH3 as a nitrogen source along with lithium zerz-butoxide (LiO'Bu) and tris-
dimethylaminophosphorus, but reported growth only at temperatures well above the
thermal decomposition temperature of LiO'Bu, which calls into question the self-

limiting nature of the process.[124] Plasma-enhanced chemical vapor deposition
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Figure 4.1: Schematic representation of the DEPA/LiO'Bu ALD process. The formed polyphosphazene product
can form a number of different molecular configurations with the measured stoichiometry, including linear chains
and rings. Molecular models were generated using MolView.

processes for LIPON-family films have also been developed.[125] In this chapter, we
explored the reaction between LiO'Bu and DEPA, which results in the growth of
conformal, high quality solid electrolytes with a stoichiometry of ~ LioPO2N (excluding
carbon contamination) which we identify as a lithium polyphosphazene (LPZ) for
reasons discussed below. The reaction and product are shown schematically in Figure
4.1. The figure is a simplification; for instance, LiO'Bu tends to vaporize as a hexamer

and the formed Li,PON structure has significant defect and carbon incorporation.

ALD-based SSEs remain largely untested when integrated into full solid state
batteries, nor have the electrochemical stability windows been established in most
cases. While metal-electrolyte-metal stacks allow for the characterization of ionic and

electronic conductivity, they do not simulate realistic electrode/electrolyte interfaces,
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which are often chemically and electrochemically reactive, and quite rough in the case
of crystalline electrodes. A major benefit of very thin SSEs is that their total resistance
can be low enough such that a battery will be limited in power performance by ionic
diffusion in the anode/cathode well before Ohmic losses in the electrolyte.[39], [126]
Achieving higher power performance then requires increasing the surface area of the
electrodes using 3D architectures, for which a conformal solid state electrolyte is
necessarily required. In addition, when using ultrathin solid electrolytes, the
electrochemical stability is arguably more important than the ionic conductivity. In
contrast to sputtered materials, ALD- grown electrolytes often contain fragments of
precursor ligands from incomplete reactions, and their effect on electrochemical
stability is unclear. [71], [122] Finally, while ALD is generally considered capable of
growing electronically insulating films at lower thicknesses than any other film
deposition technique, the downscaling capability of ALD-grown solid electrolytes in
complete batteries is unexplored, with the exception of a single cycle of a battery using
the plasma-based LiPON process.[127] Here, we show that ALD LPZ is compatible
with two different solid state battery chemistries (LiCoO>/Si and LiV20s/Si), fully
characterize its transport characteristics and electrochemical stability, and demonstrate
the thinnest reported pinhole-free solid electrolyte (~30nm) integrated into a full battery

(>3V cell voltage) holding charge.

4.2.2 Previous Collaborative Work on ALD SSE Development

On route to developing the thermal solid electrolyte described in this chapter,
our group invested time in characterizing the chemistry of LiO'Bu ALD processes with

H>0 and an oxygen plasma as oxidants. With our vacuum-coupled XPS, we were able
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to get a more definitive understanding of the process chemistry without the
development of reaction layers with the air. LiO'Bu + H,O was a temperature
dependent process, producing Li>O at or above 225C and producing LiOH below, due
to a rate competition between film growth and thermal dehydration of LiOH in

vacuum.[128]

We subsequently developed the first ALD process for LiPON, which involved
four precurors: LiO'Bu, H>O, trimethylphosphate, and a nitrogen plasma in order to
incorporate nitrogen doping. This could be considered the “brute force” method of
making ALD LiPON, and while it was successful, the use of four precursors made the
process very slow, and the use of a nitrogen plasma put an upper limit on the

conformality of the process due to radical recombination.[26]

4.3 The LiO'Bu and DEPA ALD Process

4.3.1 Process Parameters

We explored the growth characteristics and chemistry of the LiO'Bu-DEPA
reaction between 200 and 300C primarily using two in-situ methods. First, we utilized
in-situ spectroscopic ellipsometry (SE) to noninvasively determine the process
parameters, and growth rate of the deposited thin films. Second, we utilized x-ray
photoelectron spectroscopy (XPS) to determine the detailed chemistry of the deposited
films. The ALD reactor and XPS system are coupled through an ultrahigh vacuum
transfer chamber, allowing for the rigorous exclusion of surface contamination. As the
grown polyphosphazene films were found to be sensitive to air exposure, these two

techniques provide the most reliable information.
74



SE measures changes in the polarization
of light upon reflection from an optically flat
surface, and when an appropriate optical model
is determined, can easily measure sub-monolayer
thickness changes as they occur pulse-to-pulse
during an ALD process.[129] For ALD
development, in-situ SE has the further
advantage of rapid process characterization, as it
is possible to vary parameters such as
temperature and pulse times while monitoring
deposition on a single substrate and without
breaking vacuum. Details of the optical model
used here can be found in the experimental

section.

Overall, we find that the LiO'Bu-DEPA
reaction is a well-behaved, though non-ideal,
ALD process, exhibiting self-limiting growth as
a function of precursor dosage but lacking an
obvious temperature window of constant growth
rate. Figure 4.2 outlines the processes
parameters as determined by SE. Figure 4.2a
shows a snapshot of typical linear growth

measured in-situ for the baseline 300C process.
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Figure 4.4: Process parameters of the LiOtBu-DEPA
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The inset shows differential increases in film thickness associated with both the LiO'Bu
and DEPA pulses, resulting in a net growth rate of approximately 0.9 A/cyc. Figure
4.2b shows growth rates measured as averages over 30 cycles for different
combinations of LiOtBu and DEPA pulse times determined by SE on a single sample
after steady state growth had been achieved. Both precursors exhibit self-limiting
behavior, indicative of the surface-mediated half-reactions typical of an ALD process.
LiO'Bu requires exceptionally long pulse times to saturate, which is due to both its
intrinsically low vapor pressure and our inclusion of low-conductance particle filters in
the delivery lines to prevent fine particles of precursor from reaching the chamber.
However, as shown in Figure lc, the growth rate increases approximately linearly
across the entire tested temperature range, from about 0.15 A/cyc at 200C to 0.9 A/cyc
at 300C and does not exhibit a constant-growth window, consistent with a thermally
activated reaction. A variety of ALD processes are self-limiting but lack a clear

constant-growth window.[130]
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Repeated measurements of the ALD process at 300C has also shown that the
growth rate tends to slowly decline over time if the precursors are kept continuously
heated. After several weeks of storage on the ALD system, the overall growth rate is
often reduced by 20 to 30%, although all other aspects of the ALD process, including
self-limiting behavior, are preserved. As the nominal growth rate is restored by
replacing the LiO'Bu, we believe that the precursor undergoes a slow decomposition
reaction even at moderate temperatures (100 — 140C). Saulys et al. have suggested|[ 124]

that LiO'Bu may undergo a self-catalyzed decomposition reaction induced by trace
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Figure 4.5: (a) A schematic of the proposed molecular structure of the ALD-grown Li2PO:N (ALD LPZ). Individual atomic
sites are labelled with greek letters which correspond to peaks identified in the high resolution XPS data shown below the
schematic. (b-k) High resolution XPS core level spectra of ALD LPZ films grown at 250 and 300C. Spectra are calibrated
to the 0 component of the C s at 284.8 eV in each case. (1) Survey spectrum of a LPZ film grown at 300C showing the
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showing a root mean square roughness (Rrus) of below 2nm in each case.
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H>O, producing fert-butanol and isobutylene, which could contribute to the reduced

growth rate if these species adsorb on the substrate surface and block reactive sites.

4.3.2 LPZ Film Characterization: XPS, AFM, and XRD

Films deposited at 250 and 300 C (LPZ-250 and LPZ-300, respectively) were
transferred under UHV directly from the ALD chamber to a coupled XPS spectrometer
to identify the chemical composition. The spectra, along with the proposed molecular
structure of the material, are shown in Figure 4.3. While measuring Li-containing thin
film composition by XPS quantification is normally challenging due to the tendency of
many such materials to react with air and other environmental contaminants, forming
a compositional gradient within the XPS analysis region, our experimental conditions

preserve the surface region and allows for accurate analysis.[128]

Table 4.1 summarizes the composition found through quantification of the high
resolution peaks in Figure 4.3. The films are composed entirely of Li, P, O, N, and C,
(Figure 4.31) indicating that the ALD process produces a member of the lithium
phosphorus oxynitride (LiPON) family. The LiPON family comprises a wide
range[27], [24] of compositions and microstructures which lie inside a quaternary
phase diagram with the endpoints Li,O, Li3sN, P3Ns, and P>Os. The exact chemistry of
a given LiPON-family material has a strong effect on its ionic conductivity,
electrochemical stability, and environmental stability.[27], [121] The nature of N
incorporation is particularly influential, with higher nitrogen concentrations generally
correlating with higher ionic conductivity and a lower activation energy.[131], [132]

When substituted for oxygen in lithium phosphate, nitrogen atoms can link either two
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(=N-) or three (>N-) phosphorus centers, as identified by the doublet commonly
observed in N 1s XPS spectra. No clear correlation has been identified in the literature
as to whether one type of bonding is preferable; the analysis is complicated by the fact

that most XPS studies are ex-sifu, and the surface chemistry may not reflect the bulk.

Table 4.1: XPS quantification of ALD LPZ films. Samples were transferred to the spectrometer under vacuum.

Li(at. %) P(at.%) O(t.%) Nt %) € (at. Comp. Relative to P

%) excluding C
LPZ-250 Li1.7P102.1N1
24.1 14.3 29.9 14.9 16.8
LPZ-300 Li1.oP102.1N1
27.9 15.0 32.0 15.2 10.0
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Figure 4.4: XRD of a LPZ-300 sample showing the amorphous nature of the films. This

corresponds well to the lack of structure identifiable in TEM cross section studies.

XPS quantification (Table 4.1) shows that the ALD process produces a
composition close to the stoichiometry LioPO2N, especially at higher temperatures,
albeit with a significant amount of carbon incorporation from residual ligands. In
particular, the P/N atomic ratio in these films is always 1 to within the accuracy of XPS
quantification. The stoichiometry LioPO2N strongly suggests a particular polymorph of
LiPON, recently predicted to be stable and synthesized by Du et al.[25] in a crystalline
form, in which alternating P and N atoms form a linear backbone with Li atoms
coordinating with both oxygen atoms bonded to the phosphorous centers and the
linking nitrogen atoms (Figure 4.3a). Stoichiometries approaching Li,PO>N have been
achieved with RF sputtering processes in a few reports, generally when performed in
pure N»2.[27], [132] Crystalline Li,PO;N has also been used as a sputtering target for

depositing electrolyte thin films.[133] Because of the presence of linear P-N chains, we
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refer to this polymorph as a “lithium polyphosphazene” (LPZ) to differentiate it from
the broader term “LiPON”. Li2PO2N sits at the boundary between conventional LiPON
glasses and polyphosphazene-based salt-in-polymer electrolytes, which have been
explored for their chemical stability in lithium-ion batteries.[134], [135] The films are
always amorphous in the tested temperature range, as indicated by the lack of
identifiable peaks in XRD (Figure 4.4) and the few-nm surface roughness as measured

by AFM (Figures 4.3m, 4.3n).

The high resolution XPS spectra also strongly support the identification of the
grown material as a lithium polyphosphazene containing a population of chemical
defects. Figures 4.3b-4.3k plot core level spectra from LPZ films grown at two
different temperatures, in which fitted chemical components are labelled with greek
letters corresponding to proposed associated atomic sites labelled in Figure 4.3a. These
data were repeatable and consistent for a given deposition temperature. All core level
spectra are calibrated by placing the lower binding energy component of the C 1s
spectra at 284.8 eV under the assumption that this peak is associated with embedded
hydrocarbon from residual ligands and unreacted precursor fragments. In the ideal
polyphosphazene chain structure, there is only one distinguishable chemical
environment for each of Li (-O'Li"), P (=P-), O (P-O'Li"), and N (-N=). In the XPS
data, there is indeed only one component identifiable in the Li 1s and P 2p spectra,
designated as the o and B components (note that the P 2p spectra are fit with a
constrained spin-orbit split doublet). The O 1s and N 1s spectra contain two
components, each with a minor impurity peak on the high binding energy side of a

major component. For each, we identify the larger O Is 6 and N 1s { components as
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originating from the primary polyphosphazene chain structure, and the much smaller y

and € components as originating from a number of possible chemical defects.

Theoretical calculations by Du et al. and far-IR spectroscopy by Carrillo Solano
et al. have indicated that Li cations in the Li2PO2N structure coordinate with both the
O and N atoms, likely creating a weak or partial ionic bond with both.[27], [24] This is
consistent with the relatively low binding energy of the O 1s 6 at 530.6 eV and
especially the N 1s { component at 396.7 eV, which sits in a range normally associated
with N3 in metal nitrides.[136] These binding energies are generally in agreement
(within 1 eV) with other XPS measurements[131] of LiPON, though the comparability
of data taken from air exposed films is questionable given that virtually all forms of

LiPON are air reactive through hydrolysis and carbonate formation.[137]

Next, we identify the origin of the O 1s y and N 1s € components, as well as
the nature of the carbon incorporation. In the LiPON family, the N 1s peak is commonly
split into two components, with a lower binding energy peak associated with doubly
bonded N (P-N=P) and a high binding energy peak associated with triply bonded N (P-
N<?P), in general agreement with the spectral shapes observed in Figures 4.3¢ and 4.3j
and with the typical 1.5 eV separation between the € and { components.[27] The N 1s
€ component is therefore tentatively identified as triply bonded nitrogen, forming links
between linear polyphosphazene chains, and decreases in intensity for LPZ-300
relative to LPZ-250. The O 1s y component, located at about 532.6 eV for LPZ-250
and 533 eV for LPZ-300, lies in a crowded region of binding energies which includes

many organic oxygen-carbon species as well as phosphorus-bridging oxygen (P-O-P),
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which is commonly observed in amorphous phosphates and LiPON with a N/P ratio of
less than 1.[26], [131] This peak is most likely linked to the C 1s 1 component which

sits between 286 and 287 eV, consistent with -C-O- bonding.

Taken together, the O 1s y and C 1s 1 and 6 components all primarily arise from
precursor ligands incorporated into the film, including tert-butoxy (-OC(CH3)3) groups
from the Li precursor and diethyl groups from DEPA. We also note that the primary
deviation from the ideal stoichiometry (LioPO2N) is a Li deficiency, especially for films
grown at 250C. This can be rationalized by recognizing that incorporated organic
ligands from the precursors would likely replace the —OLi group on the phosphazene
chain, leading to an inverse correlation between Li and C content, as is observed.
Finally, the carbon content and impurity components all decrease in relative intensity
with the higher growth temperature, indicating a more phase-pure material with longer

polyphosphazene chains on average.

4.3.3 Proposed Reaction Mechanism

The production of Li,PO,N suggests that the ALD reaction between LiO'Bu
and DEPA is complex, and we do not propose a complete mechanism at this time. The
atomic ratio N/P = 1 in the product suggests that the P-N bond in the DEPA molecule
is not broken during the ALD reactions, and the ratio O/P = 2 in the product compared
to O/P =3 in DEPA indicates oxygen is lost through the breaking of a P-O bond, which
is surprising given that P-N bonds are generally considered to be weaker and more
reactive.[138] The ALD reaction reported here also appears to be chemically distinct

from the LIHMDS-DEPA ALD process reported[ 122] by Nisula at al., which produced
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a significantly different LIPON-family thin film with the stoichiometry Lio9P102.8No.s5
at 290C, more closely resembling a nitrogen-substituted lithium metaphosphate
(LiPOs) than a polyphosphazene when the Li/P and N/P ratios are compared. This
compositional difference, along with entirely different temperature-dependent growth
rates of the LIHMDS-DEPA reaction, suggests that the ligand chemistry of the Li

precursor plays a significant role in the ALD reaction pathways.

If the structure of the ALD-grown films is indeed polyphosphazene chains, we
hypothesize that these reactions may be better characterized as surface-mediated
polymerizations rather than a traditional ligand-exchange ALD process, as the DEPA
molecules must be linked through the amine group to achieve the ending stoichiometry.
As an example, Nielsen demonstrated head-to-tail self-condensation of diphenyl
phosphoramidate forming P-N-P chains in the presence of a strong base which could
deprotonate the amine group, and we believe the LPZ ALD reaction could follow a
similar pathway.[139] This linking process is not purely thermally activated and must
involve LiO'Bu, as in-situ SE of repeated pulses of DEPA alone at 300C shows no
significant film growth (Figure 4.5). Atanasov et al. reported oxidative polymerization

in a molecular layer deposition process, indicating the possibility of such surface-
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controlled polymerization reactions.
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Figure 4.5: In-situ ellipsometry of film growth while pulsing DEPA only (no LiO'Bu pulses)
at 300C on a pre-grown LPZ-300 surface 16.6 nm in thickness. The blue arrows mark the
locations in time of 2s DEPA pulses (separated by 30 seconds and which continue during the
entire plotted time period). The first pulse results in the strongest change measured by SE,
and subsequent pulses contribute smaller and smaller differential changes in film thickness
before saturating at a total change of ~ 1 angstrom. This indicates that DEPA alone does not

form a film.
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4.3.3 Conformality in 3D Structures

An important feature of ALD is the ability to conformally coat high aspect ratio
structures. Qualitatively, we observed consistent backside deposition on planar
substrates loaded into the ALD reactor, though the degree of conformal deposition was
sensitive to precursor dose, and was most conformal with fresh LiO'Bu and DEPA. To
demonstrate the conformality of the LiOtBu-DEPA ALD process, we fabricated arrays
of holes, 3 microns in diameter and 30 microns deep, etched into a Si wafer using
reactive ion etching (Figure 4.6a). The hole array was thermally oxidized to form a

Si0; Li diffusion barrier and exposed to 910 cycles of the LiOtBu-DEPA ALD process
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Figure 4.6: (a) SEM image of RIE etched holes (aspect ratio 10) in Si on the side of a cleaved wafer. (b)Ga+
(FIB) image of a targeted region for analysis (c) Li signal from FIB-excited TOF-SIMS which is then mapped
in (d), showing the distribution of the Li-containing ALD LPZ film down the hole walls. Small variations in
signal intensity are primarily a result of geometric effects relating to the orientation of the FIB, the sample,
and the SIMS detector. Scale bars in all images correspond to 5 um. No Li signal is observed at the bottom
of the holes due to a shadowing effect from the 3D geometry.
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at 300C. The deposited polyphosphazene films were difficult to clearly image on a
cleaved cross-sectional sample and showed very little contrast with SiO,, and we
therefore measured the spatial Li distribution directly using Ga" excited time-of-flight
secondary ion mass spectroscopy (ToF-SIMS) (Figure 4.6b-d). The ToF-SIMS
analysis clearly shows the presence of a Li-containing thin film all the way to the pore
bottom, demonstrating conformality in a structure with an aspect ratio of 10. ToF-SIMS
has proven to be a very useful and sensitive tool for measuring the spatial distribution
of Li-containing thin films, as Li has a very small cross section for x-ray excitation (for

energy dispersive x-ray spectroscopy, for instance).
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4.4 Transport Properties and Electrochemical Stability of ALD LPZ

4.4.1 Electronic and Ionic Conductivity
To test the ALD LPZ films for suitability as SSEs in thin film planar and future 3D
SSBs, we measured the ionic and electronic conductivities of the material in several
configurations (Figure 4.7). First, we fabricated metal-electrolyte-metal (MEM) stacks

using electron-beam evaporated Pt as a symmetric blocking electrode (Pt/LioPO2N/Pt),
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Figure 4.7: Transport measurements of ALD LPZ. (a) PEIS of Pt/80nm LPZ-300/Pt and Pt/70nm LPZ-250/Pt film
stacks. The data for LPZ-300 (Ta = 300) is plotted at several temperatures to illustrate the thermally activated
transport process. For these samples, the LPZ was briefly air-exposed, leading to the development of a second arc
at medium frequencies. (b) PEIS of Pt/LPZ-300/Li synthesized without air exposure, demonstrating an ideal single
arc at high frequencies and an overall higher conductivity. (c)Activation energies for ionic transport in LPZ-300
films, with and without air exposure. (d) Current-time response from a 2V constant bias in a Pt/70nm LPZ-250/Pt
stack. LPZ-300 films showed a similar response. The red line shows the lower limit of resolution for the potentiostat.
No dielectric breakdown or increase in conduction was observed even after one hour of polarization.
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using a planar Pt film as the bottom electrode and shadow-masked 1mm diameter
circular top electrodes to define the device area. Potentiostatic electrochemical
impedance spectroscopy (PEIS) was used to measure the ionic conductivity of LPZ
films grown at 300C and 250C (80nm and 70nm in thickness, respectively, measured
by FIB cross section). The LPZ films were air-exposed for approximately 10 minutes
during fabrication before anode deposition. Figure 4.7a shows results from the
impedance tests plotted on the complex plane for the LPZ-300 film at three different
temperatures, as well as data from the LPZ-250 sample at 35C. While all the spectra
exhibit the hallmarks of ionic conductivity, which include semicircular arcs at high
frequencies followed by a rapid increase in the imaginary component of the impedance

at low frequencies concurrent with double layer

formation on the blocking electrodes, the data also indicate two separate components
in the high frequency region. This suggests two separate ionic transport processes,
possibly due to to either grain boundary transport or the presence of a reactive
interphase layer at the electrode-electrolyte interface. As the LPZ is amorphous, we
adopted the second explanation and modelled this data using the equivalent circuit
shown in Figure 4.7a. The model includes two parallel resistor/constant phase element

(CPE) components in series, with one (Ry and CPEy) corresponding to the “bulk” of

Sample ID LPZ Rb (Q) Rr CPE,Q CPE, CPE:Q CPEr y?
Thick (Q) n n
n.
(nm)
LPZ-300 (Pt/Pt) 80 1085 538 9.02 x 10°° 0.89 9.16x10° 0.79 2.3x10
6 9 8 5 9
LPZ-250 (Pt/Pt) 70 1448 504 7.93 x 10°° 090 1.32x10 0.78 2.4x10
9 3 7 3 4
LPZ-300 (Pt/Li) | 90 1749 —  891x10° 086 ~— — 13x10°
4 4
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the LPZ film and the second (R; and CPE;) corresponding to the resistive reaction layer.
A third CPE (CPEw) models the Warburg-like blocking behavior at low frequencies.
We found the use of constant phase elements, which empirically take into account the
distribution of activation energies and correlated ion motion expected from an ionically
conductive glass,[141] necessary to fit the data. Detailed fitting parameters for the
model can be found in Table S1. The total ionic conductivity, calculated from =1 =
(R, + R,)A/L, where A is the eclectrode arca and L is the film thickness, is
1.6 (£0.1) x 1077 S/cm for LPZ-300 and 1.4 (+£0.14) X 10~7 S/cm for LPZ-250,
measured at 35C, indicating that the ionic conductivity decreased slightly at the lower
deposition temperature, consistent with the larger amount of impurities identified by
XPS. This value is lower than typical sputtered LiPON by roughly one order of
magnitude.[33], [121] The electronic conductivity of the films was determined by
applying a constant 2V bias to Pt/Li2PO2N/Pt stacks (Figure 4.7d). The measured
current rapidly relaxes to the limit of detection of the potentiostat (1 nA), placing an

upper bound on the electronic conductivity of g, < 4.4 X 10713 S/cm, nearly 6 orders

of magnitude below the ionic conductivity.

We also fabricated Pt/Li2PO2N/Li solid state half cells using LPZ-300 to test
the electrochemical stability of the deposited films, described further in Section 4.4.2.
As the lithium evaporator used is directly coupled to the vacuum system used for ALD
growth, we were able to make the full stack without any environmental exposure. PEIS
in this case exhibited a much more ideal response (Figure 4.7b) and could be fit with
only a single R/CPE component, which further confirmed that the extra impedance

R, was due to a decomposition layer in the Pt/Li,PO,N/Pt devices and allowed us to
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isolate the true bulk resistivity R,. The ionic conductivity was found to be
6.51 (£0.36) X 1077 S/cm when measured at 35C, which is comparable to that found
by Nisula et al. for the LIHMDS-DEPA ALD process at 330C despite the difference in
composition, and is among the highest values measured for ALD grown solid
electrolytes.[17], [26], [122] All devices tested exhibited decreasing impedance with

increasing temperature (Figure 4.7a,b), and we measured the activation energy Ej4
from the Arrhenius relation oT = Aexp[— i—;‘], plotted in Figure 4.7¢. Air-exposed

LPZ-300 films had an effective (including effects from the reaction layer) activation

energy of 0.64 + 0.01 eV, in contrast with the non-air-exposed LPZ-300 devices with
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Figure 4.8: Data from an XPS depth profile of an air-exposed ALD LPZ-300 film grown on a Si
substrate (total thickness ~50nm). (a) Survey spectra plotted as a function of etching time (b-g) High
resolution spectra of the C Is and N Is core levels taken at the surface (b,c) after one etch cycle (d,e)
and from the bulk of the film (f,g). High resolution spectra are calibrated to the hydrocarbon
component at 284.8 eV.
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E, = 0.55 £+ 0.01 eV. The latter value is in excellent agreement with a number of

previous studies of LIPON-family materials.[121], [132]

XPS depth profiling of an air-exposed LPZ film using an argon gas cluster
sputtering source revealed the presence of a significant layer of Li»CO3 formed at the
LPZ/air interface, as well as changes in the N chemistry near the surface (Figure 4.8).
The PEIS fitting component R,., detected in the air-exposed samples, is identified as
originating from this surface region because of the lower ionic conductivity of
Li,COs.[142] Similar chemical reactions have been identified in LiPON-family
materials (as well as many other Li solid electrolytes) previously.[122], [137] While
LiPON stoichiometries near Li2PO>N have been previously reported[27], [25] to be

remarkably air-stable, we unfortunately find that the ALD-grown LPZ does not
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Figure 4.9: Cyclic voltammetry between -0.05 and 5V vs. Li/Li+ of a Pt/90nm LPZ-300/2600nm Li solid state
half cell. The sweep rate was 5 mV/s. The inset shows a view of activity during two cycles in the high potential
region of a separate sample cycled between 1 and 6V vs. Li/Li+ at the same rate. Note the large difference in
y-scale.
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maintain this stability, possibly as a result of reactions involving the incorporated

organic ligands and the amorphous, more chemically defective structure.

4.4.2 Electrochemical Stability

The electrochemical stability of ALD-grown solid electrolytes remains largely
unknown. The inclusion of impurities such as reactive defects and residual ligands
could degrade electrochemical stability, which is particularly important for very thin
SSEs.[38] Figure 4.9 shows cyclic voltammetry of a Pt/LioPO>N/Li stack made using
90nm of LPZ-300 where Pt is used as the working electrode against the Li counter and
reference. The large negative current below approximately 0.1 V vs. Li/Li+ is
associated with Li-Pt alloy formation, and the two peaks appearing on the positive scan
involve the subsequent dealloying of Li.[143], [144] However, the first cycle
Coulombic efficiency of this reaction is only 82%, suggesting some cathodic
decomposition of the Li;PO>N simultaneously occurred. No features indicating
oxidative decomposition can be observed at this scale. We cycled a separate sample in
the range 1- 6V vs. Li/Lit+ (inset) to explore the oxidative stability in more detail,
revealing a small anodic peak at 3.8V followed by what is likely a minor (=1 nAh/cm?
in total) decomposition reaction. The portion of the decomposition reaction below
approximately 5.3V vs. Li/Li+ does not recur after the first cycle (Figure 4.9, inset).
Taking these results together, there are minor decomposition reactions below 0.1V and
above 3.8V, consistent with recent theoretical calculations on the stability of LiPON-
family materials, indicating a nominal stability window of 0.1-3.8V vs. Li[21]
However, LPZ-300 remains functionally ionically conductive and electrically

insulating in the whole range of 0-5.3V vs. Li/Li+. These reactions seem thus to form
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a self-limiting “solid electrolyte-electrode interphase”, similar to analogous reactions
between organic liquid electrolytes and lithium-ion electrodes, which enables operation
of the solid electrolyte in a voltage window wider than its intrinsic thermodynamic

stability.

While the above cyclic voltammetry indicates there are no short-term,
aggressive electrochemical processes which degrade ALD LPZ in contact with Li
metal, it is possible that kinetically limited degradation process would progressively
occur over longer timescales, which would affect the shelf-life of a TSSB using ALD
LPZ. To examine this, we re-tested one of the Pt/LPZ/Li solid state half-cells using
PEIS and chronoamperometry after 5 months storage at room temperature in a Ar
environment. Figure 4.10 shows the results of this test, which demonstrates that the
films are still electronically insulating and ionically conductive with a conducitivty

comparable to the as-made sample. We can thus conclude that ALD LPZ is kinetically
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Figure 4.10: Transport characteristics of a Pt/LPZ-300/Li solid state cell after storage under Ar for 5 months (the same
sample characterized in Figure 4b and Figure 5 in the main text). Both chronoamperometry (a) and PEIS (b) indicate
that the electrolyte is stable in contact with Li metal for at least months. Measurements were taken at room temperature.
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“stable” against progressive decomposition by Li metal to the degree that a practical

definition of “stable” can be made.

4.5 Integration of ALD LPZ in Planar Full Cells

4.5.1 LiCoO2/LPZ/Si

The ionic conductivity, electronic resistivity, conformality, and electrochemical
stability indicate ALD-grown Li>PO>N is an excellent candidate for use in thin film
solid state batteries (TSSBs). In order to prove ALD LPZ’s viability in actual full cells,
we fabricated Li-ion solid state full cells using sputtered crystalline LiCoO> (LCO) as
the cathode, ALD LPZ-300 as the electrolyte, and electron-beam evaporated Si as the

anode. Pt and Cu thin films were used as cathode and anode current collectors,

(b) EELS Map

Cu

80 nm Si
90 nm Li,PO,N

500 nm LiCoO,

Figure 4.10: TEM characterization of a Pt/LCO/LPZ-300/Si/Cu solid state battery. (a) TEM of a FIB-cut cross
section showing the crystalline microstructure of the LCO and an amorphous region containing both LPZ-300 and
Si, which cannot be resolved by TEM alone. (b)An EELS map of the elemental distribution of O, N, and Co, which
discriminates the LPZ-300 and Si in the amorphous region. The Si anode contains O from both contamination of
the Si during evaporation as well as oxidation of the TEM lamella surface.
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respectively. Si is a promising replacement for Li anodes, as it does not melt at typical
solder-reflow temperatures when used in on-chip energy storage systems and is easier
to process and handle.[6], [145] In addition, as all-ALD 3D TSSBs will likely not be
able to use Li as an anode for lack of a plausible Li ALD process, constructing planar
Li-ion TSSBs is a more representative test of the performance of ALD Li2PO2N in one
of its most relevant future applications. Figure 4.10 shows transmission electron
microscopy (TEM) images of a FIB-fabricated cross section of a 500nm LCO/90nm
LPZ-300/ 80nm Si battery stack. Of note is the columnar structure of the LCO and the
intimate, conformal contact between the ALD LPZ and LCO despite the large interface
roughness. Because we observed no visual contrast between LPZ and Si using TEM,
we used EELS mapping of O,N and Co to confirm thicknesses of the deposited layers
(Figure 4.10b). The Si anode contains a small amount of SiOx, incorporated during
evaporation or due to oxidation of the TEM lamella, which is the origin of the O K-
edge intensity from this region. The LPZ eventually decomposes under electron beam
exposure, as found in other TEM studies[146] of LiPON, which also allows for easy

visual identification of the layer.

The electrochemical performance of the battery characterized in Figure 4.10 is
shown in Figures 4.11a-c. Three cycles of cyclic voltammetry between 2 and 4.4V,
shown in Figure 4.11a, illustrate the general electrochemical properties of the LCO/Si
couple. The peak shapes reflect a convolution of the electrochemical response of both
LCO and Si, which leads to broadening and larger anodic/cathodic peak separation
when compared to similar data for LCO/Li TSSBs.[143], [145] The labelled peaks

characteristic of LCO include (1) the two-phase hexagonal I to hexagonal II transition,
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(2) the two-phase hexagonal II to monoclinic transition, (3) a monoclinic to hexagonal
transition.[143], [146] Peak (4) is only present during the first cycle, and we believe
this represents an irreversible reaction occurring at the LCO-LPZ interface as the
location (4.1V) is roughly consistent with the minor decomposition reaction identified
in Figure 4.9. This reaction does not appear to significantly impede subsequent battery
operation. Peak (1) shifts to a higher potential and drops in magnitude after the first

cycle. We attribute this to an irreversible reaction in the Si anode, associated with both
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the conversion reaction of contaminant SiOx, which occurs at a higher potential vs.

Li/Li" than Si/Li alloying, as well as Li trapping in the Si itself.[39]

The low total resistance of thin films of LPZ (~56 Q:cm? for 90 nm of air-

exposed LPZ-300 in this case), in combination with the high ionic conductivity of LCO,

allows for excellent rate performance, as shown by the galvanostatic charge/discharge

curves in Figure 4.9b. Although the
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Figure 4.11: Electrochemical characterization of LCO/Si based batteries. (a) Cyclic voltammetry at 5 mV/s of a 500nm
LCO/ 90nm LPZ-300/80nm Si battery stack between 2 and 4.4 V showing the first three cycles. Labelled peaks 1, 2, and 3
are associated with delithiation of the LCO, while peak 4 is possibly associated with electrolyte decomposition. (b) Rate
performance of the battery measured in (a), with the first cycle irreversible capacity shown in the inset. (c) Cycling stability
of a cell cycled at 300ud/cm’ (8.6C based on the theoretical LCO capacity). The capacity stabilizes at approximately 50%
of the initial reversible capacity. (d) Charge retention over 12 hours of a sample with a 400 cycle LPZ-300 solid electrolyte,
measured to be approximately 30 nm in thickness by FIB-SEM cross section. The battery was charged to 4V at a 2C rate,
and the OCV was subsequently measured. Samples with ultrathin <40nm LPZ (as shown in (d)) often exhibited dielectric
breakdown at cell potentials above 4V, but were stable below this value.
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irreversible capacity loss associated with the Si anode, the battery is able to
subsequently deliver 20 pnAh/cm? of reversible capacity at 50uA/cm? and maintains
65% of this capacity even when operated at 1 mA/cm?. The ALD LPZ is therefore
conductive enough that the batteries are rate-limited by solid state diffusion in the
electrodes (indicated by the sharp rollover of the potential-capacity curve) well before
any Ohmic drop in the electrolyte induces a voltage cut-off. These batteries have
reasonable cycling stability, shown out to 150 cycles at a current of 300 pA/cm? in
Figure 4.9c. The steady state reversible capacity is only ~50% of the theoretical
capacity of the LCO (69 pA/cm? pum) after the first few cycles, which is possibly due

to irreversible processes associated with the Si anode.

The Coulombic efficiency stabilizes at approximately 99.8%, consistent with a
very slow decline in capacity observed after the first few cycles. Li-ion SSBs are much
more sensitive to Li loss than typical Li-anode thin film batteries, which utilize an
effectively infinite Li reservoir. SEM characterization (Figure 4.12) suggests that some

of the capacity loss is due to Li loss via diffusion through the copper current collector
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€)) Uncycled

s

Figure 4.12: SEM images of (a) an as made, uncycled battery and (b) a cycled battery. The battery
chemistry is identical to the devices described in Figures 6 and 7 of the main text. Cycled devices evolve
debris both on the surface (d) and near the edges (c) of the Cu current collector, which we believe to be
lithium compounds formed from the reaction of mobile lithium inserted into the Si anode and
environmental contaminants, including trace H>O and O: in the glovebox. This may be one source of
capacity loss over time, and future devices will be encapsulated to help prevent this effect.

and reactions with environmental contaminants, including trace H>O and O> in the

glovebox.

One of the primary advantages of ALD over other thin film growth methods is
the ability to form high-quality, pinhole-free layers at very small thicknesses. RF
sputtering requires careful optimization to avoid the formation of device-shorting
defects, and most thin film SSBs utilize ~1 pm of electrolyte as a result. Nevertheless,

100



there are a few examples of sputtered pinhole-free LiPON films grown on smooth metal
surfaces down to a thickness of 12nm using sputtering or ion beam deposition, and one
instance of 100nm LiPON working in a full battery.[132], [147], [148] Figure 4.11d
shows a charge-retention experiment for a 350nm LCO/400 cycle LPZ-300/40nm Si
full cell. 400 cycles of the LPZ-300 ALD process nominally produces a 36nm thick
film based on a 0.9 A/cyc growth rate. FIB/SEM characterization of the LPZ/Si layer
(inset) suggests that the LPZ thickness is between closer to 30nm, which is comparable
to the peak-to-trough height of the rough, columnar LCO surface. After charging to
4V, the open circuit potential of these cells initially quickly drops due to the relaxation
of internal concentration gradients but remains above 3.6V for the duration of the 12
hour test, indicating the tolerance of ultrathin ALD LPZ to progressive electrochemical
decomposition at realistic solid state battery potentials as well as a tolerance to

dielectric breakdown at field strengths of over 1 MV/cm.

A 35nm film of pristine LPZ-300 integrated into a battery would have a nominal
ionic resistance of only ~10 Q-cm? at room temperature, an attractive number which
suggests ALD LPZ can act in a similar role as conventional sputtered LiPON at
significantly smaller dimensions (as well as in 3D topography, given the demonstrated
conformality) as a result of the excellent film quality. However, charge retention of a
charged LCO/Si cell at 35nm is still not quite good enough to practically compete with
thick sputtered LiPON; the ALD cells hold charge for a timescale of approx. one week.
As a result, ultrathin ALD LPZ at this point remains a unique platform for studying
nanoscale ionic transport rather than a practical replacement for sputtered LiPON in

planar TSSBs.
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Figure 4.13: Proof-of-concept flexible solid state battery demonstrating the compatibility of ALD-LPZ with a polymer
substrate. (a)Photographs of a sample, both unflexed and flexed, with an array of solid state cells. The small dots are
individually defined top electrodes consisting of evaporated Si and Cu. (b) A schematic of the battery chemistry utilized
(c) Cyclic voltammetry of a LiV20s/LPZ-250/Si couple from a representative sample (in this case, grown on a Si substrate)
showing two pairs of peaks associated with the lithiation/delithiation of the V205 cathode. The labelled arrows indicate
a pair of cathodic/anodic peaks indicative of phase transitions in the LiV20s cathode. (d) Cycling stability of the battery
stack shown in (b) on a polyimide substrate. The sample was removed afier the 11" cycle and flexed 10 times around a
2cm bending radius rod before being replaced and cycled further. The inset shows a typical charge/discharge curve. The
theoretical capacity of the battery, which uses 90nm LiV205 as a cathode, is approx.. 4.4 uAh/cm?, though the battery
only shows 36% of this value as reversible capacity due to losses to the Si anode.

4.5.2 Demonstration of growth on a flexible substrate

102



A promising area of applications for thin film solid state batteries is in flexible
and wearable electronics, where the intrinsic safety and tailorable form factor of solid
state storage is highly desirable. The relatively low temperature of the LiOtBu-DEPA
ALD process, which produces high quality electrolytes at reasonable growth rates at
250C, allows the use of flexible metallized polyimide as a substrate (Figure 4.13a). As
LCO requires an approx. 700C annealing step to form the high performance crystalline
phase, exceeding the melting point of polyimide, we replaced it with crystalline ALD
V205, grown at 170C using a vanadium triisopropoxide and ozone process, which was
subsequently galvanostatically lithiated in a 0.25M LiClO4/propylene carbonate
electrolyte to form LiV2Os using the same electrochemical beaker cell described in
Chapter 3.[68] Afterwards, 1500 cycles of LPZ-250 and 40 nm of evaporated Si
completed a set of flexible solid state batteries, shown schematically in Figure 4.13b.
Cyclic voltammetry of a LiV20s/LPZ-250/Si full cell between a cell potential of 1 and
3.8 V revealed the oxidation/reduction peak doublet characteristic of LiV20s, although
the response is again broadened due to the use of Si as both the counter and reference
electrode (Figure 4.13¢). The pair of peaks labelled (1) is associated with the &-6
transition (LiV20s < LiosV20s) and the pair labelled (2) indicate the €-a transition

(Lio5V20s © V205).[47]

To demonstrate the batteries’ tolerance to moderate bending, we
galvanostatically cycled one sample 11 times at a current density of 50 pA/cm?2, then
removed it and flexed/unflexed it around a 1 cm bending radius ten times before
resuming cycling. As shown in Figure 4.13d, the battery remained electrically

insulating and maintained a steady capacity of approximately 1.6 pAh/cm?. Similar to
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the batteries using LCO, the LiV20s-based devices also experience a significant first-

cycle capacity loss to the Si.

While the absolute capacity of these devices is too small to be practically useful,
the demonstration of the compatibility of the LPZ ALD process with both (1) a flexible
polymer substrate and (2) an ALD-grown cathode provides a partial path towards the
development of conformally grown solid state batteries in flexible systems of arbitrary

geometries.

4.6 Chapter Conclusions

This chapter demonstrates two fundamental advances which are necessary steps
on the path to a 3D conformal full cell. First, a new thermal process chemistry for a
LiPON-like ALD SSE is developed, leading to a chemical structure which seems best
described as a lithium-conducting polyphosphazene. We believe this type of process
to represent a promising avenue of research (in terms of making new materials through
vapor phase chemistry). Second, we demonstrate comprehensively that an ALD-grown
solid electrolyte can work effectively in full batteries at dimensions below that typically
accessible to other deposition methods, opening the door to long-desired nonplanar

SSB architectures.

The ALD reaction between LiO'Bu and DEPA is self-limiting, and results in
highly conformal solid electrolytes with reasonable growth rates between 250 and
300C, a temperature range low enough to enable the use of certain polymer substrates
for flexible devices. In addition, the process utilizes only two precursors to produce a

quaternary film, which lowers production time and increases reliability, especially
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relative to our previously developed plasma LiPON ALD process. The LPZ films
produced by the LiO'Bu-DEPA reaction exhibit many attractive properties for use as
thin film solid state electrolytes, including excellent electrochemical stability,
reasonable ionic conductivity, and compatibility with two common cathode materials.
The reaction is chemically surprising for a number of reasons, including the resulting
stoichiometry of the LPZ films when compared to its precursors, and because it appears
to differ significantly from a separately reported process which differs only in the Li
ligand (a fert-butoxide group instead of a hexamethyldisilazide group). The chemical
mechanism of the growth process and the origin of this difference deserve further
investigations using in-operando chemistry-sensitive techniques, such as in-line mass

spectrometry of the reaction byproducts or Fourier-transform infrared spectroscopy.

By integrating our the ALD LPZ into full-cell solid state batteries, we have
shown that an ALD-grown film can act as a drop-in replacement for sputtered LiPON-
a necessary step in demonstrating the viability of 3D solid state batteries, which
universally require defect-free conformal and stable SSEs. In addition, the presence of
residual ligand contamination, common to thermal ALD processes, does not impede
the films’ use. In some respects, the ALD-grown electrolyte is superior to sputtered
films in that it can provide full electrical isolation at thicknesses smaller than those
previously reported in the literature by a factor of ~3, increasing the overall energy
density and decreasing the required deposition time. We have also shown that while
the ALD LPZ is air reactive through the formation of a Li.CO3 decomposition layer,
but this does not seriously impede its use as an electrolyte. The combination of

reasonable ionic conductivity and reliable film closure at small thicknesses, even on
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rough substrates, allows reliable fabrication of electronically insulating < 20 Q-cm?

electrolytes via ALD.
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Chapter V: Fabrication of an all-ALD, Three-Dimensional
Solid State Battery

5.1 Chapter Introduction

5.1.1. Summary of Results

Thin film solid state lithium-based batteries (TSSBs) are increasingly attractive
for their intrinsic safety due to the use of a nonflammable solid electrolyte, cycling
stability, and ability to be easily patterned in small form factors. However, existing
methods for fabricating TSSBs are limited to planar geometries, which severely limits
areal energy density when the electrodes are kept sufficiently thin to achieve high areal
power. In order to circumvent this limitation, we describe in this chapter the fabrication
of fully conformal, 3D full cell TSSBs formed in micromachined silicon substrates with
aspect ratios up to ~10 using atomic layer deposition (ALD) at low processing
temperatures (< 250C) to deposit all active battery components. The cells utilize a
prelithiated LiV2Os cathode, a very thin (40 — 100 nm) LiPON-like lithium
polyphosphazene (Li2PO:N) solid electrolyte, and a SnNx conversion anode, along with
Ru and TiN current collectors. Planar all-ALD solid state cells deliver 37 pAh/cm?- um
normalized to the cathode thickness with only 0.02% per-cycle capacity loss for
hundreds of cycles. Fabrication of full cells in 3D substrates increases the areal
discharge capacity by up to a factor of 9.3x while simultaneously improving the rate
performance, which corresponds well to trends identified by finite element simulations
of the cathode film. This work shows that the exceptional conformality of ALD,

combined with conventional semiconductor fabrication methods, provides an avenue
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for the successful realization of long-sought 3D TSSBs which provide power
performance scaling in regimes inaccessible to planar form factor devices. We discuss
future directions of research which will enable practically-viable performance. The
results of this chapter represent the culmination of years of development work in the
Rubloff lab, spanning from the development of the crystalline V2Os ALD process used
as the cathode to the development of ALD LPZ and full device integration described

in this thesis.

5.1.2 Conceptual Overview

As discussed in the introduction, the ideal approach to fabricating full cells with
uniform thickness in high aspect ratio 3D structures is to use vapor-phase chemistry
methods such as chemical metalorganic chemical vapor deposition (CVD) or atomic
layer deposition (ALD). ALD in particular is capable of uniform growth in structures
with aspect ratios in the hundreds, and works at temperatures low enough (generally
below 300C) to enable deposition on flexible polymeric substrates.[52], [149]
Importantly, ALD and CVD are both mature techniques integrated with existing
semiconductor manufacturing.

At the time of writing, there were no published examples of full solid state
batteries in which all active components are grown via a conformal vapor-phase
deposition technique such as CVD or ALD, despite significant work exploring the
growth and electrochemical performance of individual battery components in
isolation.[150]-[152] Growing thin film materials with vapor-phase chemistry is
generally more complicated than by PVD, as each process involves a carefully designed

surface-mediated chemical reaction in contrast to ablating and re-depositing material
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from a prefabricated target. This leads to a limited selection of high-quality electrode
materials, discussed further below. An additional complication for growing batteries
with vapor-phase deposition arises from the need for each layer to be stable in the
deposition conditions of subsequent layers, and each electrode/electrolyte interface
must not be damaged by incoming reactive species, as can sometimes occur with
plasma radicals or strongly reducing/oxidizing precursors. Finally, the exceptional
conformality of ALD/CVD becomes a double-edged sword when it comes to patterning
multi-layer active devices such as full batteries- this proved a difficult problem to solve.
While PVD-grown TSSBs can be patterned via simple shadow-masking lithography,
more conformal techniques require subtractive approaches in order to define batteries
of a specific size without electrically shorting the anode and cathode.

Below we will describe the successful fabrication of a 3D solid state thin film
Li-ion battery comprised of 5 conformal layers (Figure 5.1). The electrochemical
couple is formed by a LiV,0s cathode and a SnxN anode, each paired with a current
collector (Ru and TiN, respectively). For the solid state electrolyte, we utilize ALD
lithium polyphosphazene (LPZ) film, which is a polymorph of LiPON.[149] We take
a careful stepwise approach to measuring intrinsic materials properties, mutual

materials compatibility, and the effects of cell geometry on performance.
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Figure 5.1: Schematic representation of a 3D solid state battery grown in a micromachined Si substrate using ALD.

First, we construct planar solid state half-cells comprised of either the anode or
cathode paired with LPZ and a thin film Li metal anode in order to assess
operating potential range and electrochemical kinetics of each electrode, as well
as the mutual compatibility of the electrode and ALD electrolyte.

We then develop a finite-element simulation of the cathode based on half-cell
data in order to predict performance scaling for planar vs. 3D devices.

Next, we fabricate planar full cells using vapor-phase grown materials in order
to assess the kinetics and stability of the full cell chemistry, as well as optimal
capacity matching for the electrodes. Optimized all-ALD full cells exhibit
excellent cycling stability and reach 37 pAh/cm?-pm normalized to the cathode

thickness.
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* Finally, we successfully integrate the full cell film stack with 3D-structured
substrates and demonstrate the simultaneous upscaling of both areal capacity
and rate performance. Demonstrated benefits of 3D structuring include an
order-of-magnitude improvement in areal capacity, improved rate performance,

and improved round-trip efficiency.

5.2 Materials Development and Selection

Conformal battery materials were primarily chosen based on three criteria: (1)
ability to be synthesized at moderate or low temperatures (< 250C) in the active phase
to enable growth on a broad variety of substrates, (2) minimal complexity of fabrication
to reduce production time (i.e. avoiding more than two precursors per ALD process),
and (3) mutual compatibility with regard to both synthesis conditions and
electrochemical stability.

The selection of developed cathode and anode materials available for growth
via ALD is limited because of the difficulty in growing crystalline, Li-containing
multicomponent oxides without a high-temperature annealing step. In the case of
multicomponent oxides, it has been reported that common Li precursors (including
LiO'Bu) frequently do not exhibit self-limiting growth on oxide surfaces due to their
tendency to directly reduce metal ions as a side-reaction,[56] analogous to direct
chemical lithiation. As a result, controlling the Li stoichiometry in ALD-grown oxide
films is challenging, and all reported Li-containing ALD-grown crystalline cathodes
require a high-temperature annealing step. Materials reported to be grown by ALD in
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this manner include LiCoO»,, LiFePOs, and LiMn2QO4, reaching varying levels of
performance relative to bulk synthesis methods as a result of impurity inclusion from
nonstoichiometric Li incorporation.[56], [66], [67] Another disadvantage to growing
cathode films via multicomponent ALD processes is the increase in deposition time;
adding an additional Li-incorporating subcycle to a binary ALD process roughly halves
the growth rate.

The remaining materials to be chosen for a prototype include the solid
electrolyte and the anode and cathode current collectors. The solid electrolyte used for
the full cell is the ALD LPZ material developed and tested in Chapter IV. The current
collectors must be electrochemically stable, sufficiently conductive, and be grown at

temperatures compatible with the substrate and full cell stack.

5.2.1 Cathode Deposition and Prelithiation

To avoid the issues with ALD-based Li incorporation, we have taken a simpler
approach to synthesizing a conformal prelithiated cathode. The ALD reaction between
VO(OC3H7)3 (VTOP) and O3 produces crystalline V2Os at 170C.[68] We then employ
electrochemical lithiation as a conformal technique to rapidly transform the deposited
V205 through the reaction V20s + Li* + € — LiV20s in a LiClO4/propylene carbonate
electrolyte, which can then be incorporated into a full solid state battery. At 3.4 V vs
Li/Li", the potential of the lithium intercalation reaction is within the electrochemical
stability window of the electrolyte, resulting in minimal surface contamination.[153]
Orthorhombic V,0s is a commonly employed TSSB cathode material exhibiting
multiple lithium-intercalating phase transitions, and when cycled in the one Li per unit

cell electrochemical window, exhibits an acceptable capacity (49 nAh/cm? um), high
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voltage (> 3V vs. Li/Li"), and excellent cycling stability.[154], [155] The primary
downside of the material is a limited rate capability due to a relatively low average
chemical diffusion coefficient for Li (= 10'* ¢cm?/s),[68], [156] although as we will
show below this problem can be partially mitigated through the use of nanoscale films
and 3D structuring. Direct routes to synthesizing ALD LiV20s with vapor-phase
chemistry were not explored in the context of this thesis, but remain promising avenues

for development.

5.2.2 A New ALD Anode: Tin Oxynitride

On the anode side, the use of Li metal is currently ruled out for lack of a
plausible ALD process. Thus, any all-ALD conformal SSB will be a Li-ion cell. ALD
processes for single-element alloying type anodes such as Si, Sn or Al are also yet to
be developed, although relatively low temperature and conformal CVD processes are
available for Si in particular.[ 157] Conversion-type anodes, which undergo a first-cycle
irreversible transformation into an active phase, are a promising alternative and are

readily made via vapor phase chemistry.
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optimized pulse times from (b). (d) SnNx (no water pulse) film composition versus growth temperature, measured by
XPS quantification neglecting species associated with surface contamination. (e) process flow for O doping of the
nitride film through the incorporation of H20 subcycles. (f) SnN:Oy film composition versus N/O cycle ratio,
measured by XPS quantification neglecting species associated with surface contamination. All films were grown at
200C.

For the batteries in this chapter, we developed a novel ALD process for

amorphous tin oxynitride (SnOyNx) grown using tetrakisdimethylamidotin (TDMASn)

as the tin source, and a N> plasma as the nitrogen source. Development of this new
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anode material was performed as a collaboration with Dr. David Stewart, a postdoc in
the Rubloff lab. While atomic layer deposition of tin oxide (SnO2) has been described
multiple times previously and characterized electrochemically when used as an anode
material for lithium storage, SnO» characteristically rapidly loses capacity when cycled
due to a physically laborious conversion reaction associated with a significant volume
change and large charge-discharge hysteresis. However, the large capacity of the
material (782 mAh/g) nonetheless motivated us to develop a more stable, but similar
alternative.

This process produces an amorphous film with a tunable composition. We
targeted tin nitride, which has been utilized previously in lithium-ion configuration
planar thin film SSBs,[33] because of its low electrochemical potential (operating
below 1V vs. Li/Li") and use of nitrogen as the oxidant, which was expected to be less
damaging to the electrolyte/anode interface than H>O.[158] Figure 5.2a-d shows the
measured process parameters for the TDMASn/N; plasma ALD process, using only N>
plasma as an oxidant. Such films are referred to as “SnNy” We were also able to
introduce oxygen by using supercycles including H>O (Figure 5.2e) which allowed
tuning of the composition over a wide range while still maintaining ALD
characteristics. Solid state half cell characterization (thin films integrated with
sputtered LiPON and evaporated Li anodes) of SnNy, mixed oxynitride SnOxNy, and
SnO; (Figure 5.3) revealed that the “pure” tin nitride SnNx exhibited the best
properties. The superior capacity retention over 200 cycles, as well as the more
favorable charge/discharge curves, lead us to choose SnNy as the anode material in the

3D batteries.
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Figure 5.3: (a) Anode capacity (solid) and CE (dashed) versus cycle number for 200 cycles at a constant current
of 100 uA/cm?. (b-d) Several cell voltage profiles during galvanostatic cycling of (b) SnO:, (c) SnOxN,, and (d)
SnNy half cells, where thick black curves are the first discharge and thin curves are subsequent charge/discharge
cycles as labeled.

5.2.3 Current Collectors

There are multiple ALD chemistries available for current collectors, and for
this component we have not needed to develop novel processes. Robust ALD
processes for Pt and Ru are available, though at relatively high temperatures (>300C)
using molecular oxygen or ozone as oxidants. Pt and TiN have both been tested in the
context of acting as cathode current collectors[159], and Ta, TaN, and TiN were
collectively compared[37] in a similar experiment. TiN is particularly promising as it
can be grown at low temperatures using TDMAT and plasma NH3 while maintaining

exceptional conformality for a plasma process[160], and shows good Li blocking
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behavior with respect to both cathodes and anodes. For our 3D TSSBs, we will used a
thermal RuEtCpz + O2 Ru ALD process for the cathode current collector (selected
over Pt primarily for cost reasons and excellent conformality), and a plasma ALD

process to deposit TiN as the conformal current collector on the anode side.
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Figure 5.4: Electrochemical and XPS characterization of thin film LiV20s and SnNx electrodes. (a) Cyclic
voltammetry at different scan rates of planar solid state half cells. Electrodes were tested in the two-electrode
configuration Pt/electrode material/80nm LPZ/3000nm Li, using 25nm SnNx or 70nm LiV20s. The first-cycle
conversion reaction for SnNx is indicated by (*). (b) Log-log plot of the peak oxidative current as a function of
scan rate for the half-cells. Data are fit to a power law. (c¢) High-resolution XPS scan of Sn 3d region of as-
deposited SnNx, indicating the initial oxidized state of Sn. (d) High-resolution XPS scan of the V 2p region of
as-made LiV:0s with fitting, indicating the presence of V** as expected for the discharged state. (ef)
Galvansostatic rate performance of solid state half-cells with a configuration identical to those in (a), tested
with current densities between 20 and 500 uA/cm? for SnNx and between 10 and 5000 uA/cm?’ for LiV>0s.

5.3 Solid-State Half Cell Characterization
Figure 5.4 characterizes the electrochemical performance and initial

composition of thin films of the LiV,0s cathode (70 nm) and the SnNy anode (25 nm),
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tested in an all-solid-state half-cell configuration via coating with approx. 80nm of
ALD lithium polyphosphazene (LPZ) as the solid electrolyte followed by thermal
evaporation of 3 um of metallic Li as the anode. This configuration allows for the
individual determination of the capacity, kinetics, and electrochemical potential of the
electrode films, as the Li anode acts as an infinite Li source and a relatively reliable
pseudoreference electrode even in a two-electrode configuration. We have previously
shown the ALD LPZ/Li interface to be stable.[149] Figure 2a shows cyclic
voltammetry (CV) of the anode and cathode films at scan rates between 0.5 and 10
mV/s plotted on a single axis referenced to Li/Li" at 0V. Both half-cells show
repeatable anodic and cathodic processes associated with the storage of Li ions,
indicating that the LPZ ALD process is chemically compatible with each material.

SnNx: Similar to other conversion-type nitrides, the SnNx film undergoes a
first-cycle conversion reaction, indicated by the sharp asymmetric peak located
between 0.9 and 0.8V vs. Li/Li+ (Figure 1a, left), of the general form

SnN, + 3xLi* + 3xe™ — xLizN + Sn°

X-ray photoelectron spectroscopy (XPS) of the Sn 3d j=5/2 core level at 486 eV in as-
grown SnNx films (Figure 5.4¢) suggests the initial average valence state of Sn is close
to +4, leading to an irreversible capacity loss associated with reduction of Sn(IV) to
Sn(0).[161] Following the formation of tin nanocrystals embedded in a LisN matrix, Li
begins to directly alloy with Sn, forming a series of metallic Li-Sn compounds. We
limit the lower potential of the SnNx films to 0.4 V vs. Li, which should in principle
correspond to the formation of the LiSn phase.[162] Further lithiating the SnNy films

lead to occasional cell failure through the formation of soft electrical shorts, the origin
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of which remains under investigation. On the reverse scan the Li dealloying process
occurs in a single peak located at approx. 0.9 V vs. Li/Li+ which helps to maintain a
higher discharge voltage when utilized as the anode in a full cell.

LiV20s: Cyclic voltammetry of the LiV2Os cathode films (Figure 5.4a, right)
between 2.4 and 3.6V vs. Li/Li+ reveals the its characteristic doublet, removing or
adding 1 Li per formula unit in two steps of approximately 0.5 Li per peak at 3.4 V (¢
— o transition) and 3.2 V (8 — & transition).[47] Importantly for use in a Li-ion
configuration, the initial charging sweep also reveals these characteristic peaks,
indicating the lithium inserted during the prelithiation process is fully active after cell
fabrication. Component analysis of XPS of the V 2p j = 5/2 core level of the as-made
LiV20s (Figure 2d) shows an equal population of V3" and V*', confirming the
successful formation of the desired phase.

Analysis and Kinetics: Combining information from the anode and cathode
half-cells affords important predictions about the full cell. Based on the position of the
delithation peak of the anode and the lithiation peaks of the cathode, an average
capacity-matched LiV20s/SnNx full cell discharge potential can be estimated to be
approximately 2.3V. In addition, we are able to decouple anode and cathode kinetics
and identify the rate limiting step in a full cell, under the assumption that the Li/Li"
couple at the Li/LPZ interface is facile. Figure 1b plots the peak oxidative current i,, as
a function of CV scan rate v for both materials. It is well known that reducing the
thickness t of battery electrode materials enhances rate performance through several
mechanisms, including a simple reduction in characteristic diffusion time t o t?/D*

as well as the increased prominence of surface and near-surface pseudocapacitive
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charge storage mechanisms. Fitting i, to the power law i,(v) = Av? provides insight
into the nature of charge storage in thin films, with b = 1 corresponding to purely
capacitive storage, b = 0.5 corresponding to diffusively-limited charge storage, and
intermediate values corresponding to a combination of these effects.[47], [163] We find
b = 0.66 for the LiV20s5 film and b = 0.83 for the SnNx film after conversion,
indicating a considerable contribution of non-diffusion limited storage in the anode in
particular and that transport in a full cell utilizing this electrode pair will be rate-limited
by diffusion in the cathode.

Galvanostatic rate testing, shown in Figure S.4e and 5.4f, supports the
preceding observations. The SnNx anode half-cells maintain 60% of their capacity
between 20 and 500 pA/cm? cell current compared with 37% retention for LiV2Os in
the same interval. While some of this difference can be attributed to the fact that the
tested anode film is thinner than the cathode (25 nm vs. 70 nm), we note that at the
same current density, the capacity of the SnNy film with a 0.4V cutoff potential (300
pAh/cm? - um @ 20 pA/cm?) is dramatically higher than LiV20s (38.6 pAh/cm? pm @
20 pA/cm?). Thus, in a capacity-matched full cell, the anode film will always be ~8x

thinner, and comparing the rate performance of thin anodes to thicker cathodes is a
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device-relevant regime. Further decreasing the
testing current for LiV20s to 10 pA/cm? yields
a discharge capacity of 44.4 pAh/cm?-um,

which is 90.6% of the theoretical capacity.

5.4 Simulation of Planar vs. 3D

Performance Scaling

In this section, we briefly develop a
one dimensional finite-element simulation of
the LiV20s cathode coupled with the ALD
LPZ electrolyte in order to illustrate trends in
performance scaling, given that diffusion in
the cathode is the rate limiting process. We
model Li transport in the LPZ electrolyte using
the Nernst-Planck equation based on the work
by Danilov et al., and charge transfer at the
electrode/electrolyte interface with Butler-
Volmer kinetics.[13], [39] Lithium transport

in the cathode film is modelled using Fick’s

dCLi
dt

d [ s dey; :
law =E[D (x,cr) %] where the Li

chemical diffusion coefficient D* can in
principle have a positional and concentration

dependence. Full details of the model can be
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found in Appendix A. Figure 5.5a shows simulated discharge curves for a 70nm
LiV20s film at the same current densities tested in Figure 2f. The optimized model
adequately captures the both the experimental overpotentials and trend in discharge
capacity (plotted in the inset). The model confirms that the primary cause of the
decreasing discharge capacity with increasing current density is the development of a
severe Li concentration gradient in the LiV20s film, which causes the cell to reach the
cutoff voltage before the full volume of active material is utilized.

Two ways to increase battery capacity per areal footprint are (1) increase the
thickness t of the capacity-limiting electrode in a planar configuration or (2) increase
the internal surface area of the battery, and hence the material loading per footprint,
while maintaining an optimal local electrode thickness and full self-alignment (Figure
1). The advantage of a 3D architecture in the context of footprint-limited applications
can be described by the “area enhancement factor” AEF = A/Af, where Ay is the
footprint area of the battery on the substrate and A is the true total internal surface area.
Trivially, a planar battery has an AEF of 1. Here we note that for the simulation results,
as well as for all experimental results, reported applied current densities iy are
normalized in terms of Af rather than A, which is the more practically-relevant metric.

Figure 5.5b shows the simulation results for increasing the thickness of the
LiV20s by factors of 4 and 10. At the lowest current density (1 pA/cm?), the discharge
capacity still reaches the theoretical capacity even for the 700nm thick electrode.
However, performance gains from increasing the electrode thickness are rapidly lost at
higher current densities, to the point that there is effectively no improvement in
deliverable energy at currents above 100 pA/cm?. The fundamental reason for this is
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that the characteristic time for a given Li flux (i.e. current density) required to reach the
Li concentration corresponding to the cutoff potential at the electrode/electrolyte
interface is independent of the electrode thickness, and only a thin section of a thick
electrode is utilized at high currents. As a consequence, increasing the thickness of
planar solid state battery electrodes results in rapidly diminishing returns.

In Figure 5.5¢, the same galvanostatic current range is simulated for batteries
with increasing values for the AEF but with a constant LiV20s thickness. The
theoretical capacity per device footprint is equivalent to the devices in Figure 2b. The
simulation results demonstrate that 3D structuring results in a dramatic improvement
in capacity retention as a function of applied current. This is due not only to the fact
that the cathode thickness is locally always 70 nm, and therefore not increasingly

diffusion limited as the areal material loading increases, but also because the local
current density I is reduced to %, leading to proportional reductions in the Ohmic,

charge transfer, and concentration overpotentials as the AEF increases. As a result, the
AEF 10 battery maintains its theoretical discharge capacity at currents up to 100
uA/cm? while the AEF 1 device is already losing capacity at 20 pA/cm?. This
simultaneous improvement of discharge capacity and rate performance is the hallmark

of a successfully fabricated 3D battery.
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5.5 AII-ALD Full Cells: Electrochemistry and 3D Structuring

5.5.1 Fabrication Strategy
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Integrating a conformal anode and current collector into top-isolated, testable
and individual full cells proved challenging due to the conformality of ALD. While
tests of the LPZ alone in half-cells using an evaporated Si or Li anode were simple due
to the compatibility of evaporation with shadow-mask lithography, full cells required
more sophisticated patterning of the anode and anode current collector so that
individual cells were not electrically shorted to each other or to the cathode current
collector via backside contact. ALD is generally not compatible with photoresist due
to the high deposition temperatures. This difficulty applies even to planar all-ALD

TSSBs. We first attempted an additive patterning process using a “clamped” shadow

Mask surface roughness
a) /

3D Batt.
Substrate

b) Precursor
diffusion

3D Batt.
Substrate

Figure 5.6: Unsuccessful strategy for ALD patterning using a laser-cut stainless steel “shadow mask” clamped to a 3D
battery substrate. (a) schematic of setup showing the micron-scale surface roughness of the polished steel (b) schematic of
ALD precursor diffusion between the mask and substrate, resulting in the extensive growth in between individual pads shown
in the photograph in (c).
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Figure 5.7: Fabrication and characterization of 3D solid state thin film batteries. (a-d) Schematic of fabrication of devices.
(a) The silicon starting substrate. (b) Formation of cylindrical pore arrays via photolithographic patterning and deep
reactive ion etching (DRIE) of Si. Pores are 3um wide and either 12 (AEF 4) or 30 (AEF 10) um in depth. (c) Blanket
deposition of five active device layers via ALD, including electrochemical lithiation of the cathode as discussed in the text.
(d) Deposition of Cu through a shadow mask to form Imm diameter circular dual purpose etch mask/ needle probe
contacts. (e) Isolation of individual batteries via Ar+ ion milling through anode current collector and anode films. (f)
Battery testing through contact with top electrode and cathode current collector layers. (g) Optical photograph of finished
battery “chip”. Each chip is dual sided, with 3D batteries on the left and planar batteries on the right. Optical iridescence
from the 3D array causes the visible coloration. (h) Cross-sectional TEM image of an all-ALD solid state battery with
40nm Ru/70nm LiV20s5/50nm LPZ/ 10nm SnNy/ 25nm TiN. (i) Overview of ALD chemistry and process temperature for
each layer visible in (h).
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mask, which was fabricated out of mirror-polished stainless steel by forming an array
of Imm diameter holes cut out via electro-discharge machining (EDM). This approach
was unsuccessful despite several attempts as the roughness of the stainless steel masks
ensured a significant amount of uncontrolled growth in micron-scale gaps between the

mask and substrate (Figure 5.6).
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Our most successful strategy for fabricating and testing conformal TSSBs is
schematically outlined in Figure 5.7a-f. With the electrode/electrolyte materials
compatibility already established, the remaining challenge was to develop a procedure
for depositing, isolating, and testing batteries grown via conformal deposition
techniques. We first fabricate 3D structures by etching hexagonal arrays of cylindrical
pores into a Si substrate using deep reactive ion etching (DRIE). This is performed by
pattering the array into a photomask using standard photolithography, and then
exposing the developed mask to a Bosch etching process in order to directionally etch
Si microstructures using the remaining photoresist as an etch mask. The substrates are
subsequently cleaned and thermally oxidized to generate a uniform, clean surface for
ALD growth.

The array has the following dimensions: pore diameter of 3um, center-to-center
spacing of 6um, and depth of either 12 or 30um. The AEF of a hexagonal array of
cylindrical pores with diameter D, center-to-center spacing s, and depth h can be found

2nv3 Dh

to be AEF =1 + Py leading to an expected AEF of 3.9 for the 12um pores and

9.7 for the 30um pores. For the purposes of labeling and due to some uncertainty in the
exact surface area due to a scalloping effect from the DRIE, we refer to these structures
as AEF 4 and AEF 10.

The high conformality and deposition temperatures associated with ALD
generally prevent the use of conventional photolithography or shadow-masking. To
circumvent this, we first deposit all 5 battery layers (including the prelithation step)
without patterning. After conformal fabrication of the battery stack, we utilize the

shadow-masked PVD deposition of circular Cu etching masks with a I1mm diameter,
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which also serve as robust electric contacts, followed by etching of the anode and anode
current collector via Ar' ion milling to isolate individual batteries. Each cell can then
be tested via probe contact with an exposed area of the blanket Ru bottom-layer cathode
current collector and a Cu pad. The cells are tested without further encapsulation in an
Ar-filled glovebox. We fabricate dual-sided battery “chips”, shown in Figure 5.7g,
with one side containing 3D cells and the other planar cells. This allows for every tested
3D configuration to be compared 1-to-1 with planar cells made from the same
deposition runs, so that any differences in performance can be reliably attributed to the
cell morphology alone.

A typical all-ALD battery stack is shown in the TEM cross section in Figure 4h
and the ALD chemistries used to deposit it are outlined in Figure 5.7i. In order of
deposition, the battery is formed from 40 nm of Ru, 70nm of prelithiated V2Os
(LiV20s), 50nm LPZ, 10nm SnNy, and 25 nm TiN, finally covered in a layer of
electron-beam evaporated Cu. The entire synthesis process takes place at or below
250C. The ALD LPZ is able to form a conformal and pinhole-free layer at thicknesses
as low as 40nm, leading to a 100% tested device yield for planar batteries in terms of
electrical isolation between anode and cathode. The achievable level of downscaling of
the solid electrolyte is of interest for decreasing both cell impedance and deposition
time. We previously established in Chapter 4 that approx. 30 nm LPZ was the lower
limit for operation of a LiCoO/Si cell, and we observe similar trends for the
LiV20s/SnNy cells. The initial yield for 3D cells depends on the exact process
conditions and aspect ratio, but required thicker LPZ films (>90 nm) to reach 100%.

3D cells made with very thin LPZ are much more sensitive to failure through the
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development of space charge limited electronic conduction (SCLC), possibly as a result

of field-enhancing corners and asperities produced during DRIE.[38], [39]

SEM-EDS Line Scans

Counts (a.u.)

Counts (a.u.)

Counts (a.u.)

Scan Position (um)

Figure 5.8: Scanning electron microscopy (SEM) and energy dispersive spectroscopy (EDS) cross-sectional
characterization of a working ALD full cell (40nm Ru/70nm LiV20s5/40nm LPZ/25nm SnN+/25nm TiN) grown into
an AEF 10 structure. Data are taken from a battery chip cleaved along one row of holes. (a-b) SEM images of the
top and bottom corners of a single cylindrical pore, shown in full length in (c). The battery layers are fully
conformal down the length of the pore, including the LPZ electrolyte. (d-f) SEM-EDS line scans of the elemental
concentration of P, Ru, Sn, Ti, and V from the top (d) middle (e) and bottom (f) of two pores. Peaks are associated
with the increased effective sample depth at the pore walls. Each element is present throughout the depth of the
pores.

The battery layers are fully conformal in pore structures with an aspect ratio of
~10, as indicated by SEM and energy dispersive spectroscopy (EDS) based
characterization of the cross section of a cleaved AEF 10 chip (Figure 5.8). Figures
5.8a-b show SEM images of the battery stack at the top corner and bottom corner of
one pore, which the locations highlighted in Figure 5c. This particular 3D cell was
made using 40nm LPZ, visible as the dark layer in the film stack. SEM images of the
top and bottom of the pores from a different area on the same device (Figure 5.9) show
that the total thickness of the battery layer stack varies from approx. 228 nm at the top

down to 211 nm at the bottom of the pores, indicating an only 7.4% nonunformity of
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Figure 5.9: Cross-section SEM of the top and bottom of pores from the AEF 10 cell
characterized in Figure 5.8, showing the preservation of the battery stack thickness
down the length of the pore.

the combined thicknesses of all 5 ALD processes. The visible uniformity of all 5 layers
highlights the self-alignment property of ALD deposition, in contrast to previous
attempts at 3D devices.[39] EDS line scans at the top, middle, and bottom of the pore,
shown in Figure 5.8d-f, demonstrate the presence of a representative element of each
of the 5 active layers throughout the pore, further supporting the conformality of the

synthesis process.
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5.5.2 Electrochemistry of the LiV20s5-LPZ-SnNx Cell

Before discussing the effects of 3D structuring on performance, we first discuss
the electrochemical properties of the LiV2Os — LPZ — SnNy system, which has not
previously been characterized in the literature. The cells behave largely as expected
based on the half-cell tests, indicating successful fabrication, though we observe an
unexpected increase in cell impedance as well as an anomalous first-cycle charging
capacity.

Effect of Loading Ratio:

We constructed multiple sets of 3D battery chips in an attempt to optimize the
cathode/anode loading ratio, which was not obvious a priori due to an uncertain amount
of irreversible first cycle capacity. We found that decreasing the thickness of the SnNx
anode film from 25 nm (500 cycles) to 10 nm (200 cycles) with the LiV20s loading
fixed at 70 nm significantly improved the average discharge voltage, presumably due
to more utilization of the anode capacity, as shown by cyclic voltammetry in Figure

5.10.

132



1 5mV/s

Cell Current (pAIcmz)

-60 ! ! ! I T T ' T T I ! T :
6o, 05 10 15 30 25 30 35

Cell Voltage (V)

Figure 5.10: Representative cyclic voltammetry from all-ALD full cells with different anode loadings. The
cathode loading is fixed at 70 nm LiV20s. Higher anode loadings result in a lower cell potential due to
underutilization.

Optimized Planar Cells: Figure 5.11 shows electrochemical data from the
approximately capacity-matched cells, with 70nm LiV20s and 10nm SnNx. Figure 6a
shows the first 3 cycles of cyclic voltammetry at 1 mV/s between 0.5 and 3.3V on a
planar full cell. The overall characteristics, including peak locations and shapes,
correspond well to a convolution of the half-cell data in Figure 5.11a. The prominent
peak observable during the first charging sweep at 1.8V corresponds to the conversion
reaction of the anode, and does not recur after the first cycle. In order to confirm this,

we galvanostatically charged a cell to 3.3V before removing a lamella cross section
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using FIB and characterizing the SnNx layer using TEM. Shown in the inset by direct
TEM imaging and a fast Fourier transform of the highlighted region, we observe the
production of 5-10nm crystallites embedded in an amorphous layer, consistent with the
conversion reaction producing LiSn alloys outlined earlier as well as with other TEM
examinations of Sn-based conversion materials.[164] After the conversion, the full
cells display the characteristic doublet of LiV20s, broadened due to convolution with
the Li insertion/deinsertion peaks of the anode, with peaks corresponding to the € — a
and 0 — ¢ transitions at 2.42 and 1.97 V.

High rate galvanostatic testing between 50 and 2000 pA/cm? (Figure 5.11b)
and cycling at 50 pA/cm? (Figure 5.11¢) demonstrates that the full cell achieves good
rate performance and is remarkably stable for 400 cycles given that it utilizes a
conversion/alloying anode. The reversible capacity stabilizes after a few dozen cycles
at approximately 2.6 pAh/cm? which corresponds to 37 pAh/cm? pm normalized to
the cathode thickness. This value represents 75% of the theoretical capacity of the
cathode as well as 53% of the theoretical capacity of the state-of-the-art sputtered
LiCoO2/Li couple, even after the initial conversion reaction. The Columbic efficiency
stabilizes at 99.7% and the observed capacity fade is 0.02%/cyc between cycles 50-
400, likely due to gradual Li loss through reactions with trace atmospheric species as
the batteries are not encapsulated. We note that full-cell tests of capacity matched Li-
ion cells are particularly stringent, as there is no tolerance for irreversible Li loss as

there is in half cells using Li anodes in excess.
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Figure 5.11: Characterization and performance of all-ALD planar solid state cells. (a) The first three cycles of 1
mV/s cyclic voltammetry of the all-ALD chemistry between 0.5 and 3.3V. The inset shows cross-sectional TEM
of a cell charged to 3.3V @ 50 uA/cm?. 5-10nm crystallites, indicated by the yellow outline and corresponding
fast-fourier image transform (FFT), form in the SnNx layer after the first charge, supporting a conversion-type
reaction mechanism. (b) Characteristic galvanostatic charge-discharge curves using current densities between 50
and 2000 pA/cm?. (¢) Cycling data showing the charge capacity, discharge capacity, and Coulombic efficiency
of 400 cycles at 50 pA/cm?. (d) Potentiostatic electrochemical impedance spectroscopy (PEIS) of the as-made
all-ALD full cell compared to the impedance of the half-cells characterized in Figure 2.

350

Surprisingly, the first-cycle charging capacity always significantly exceeds the

theoretical capacity of LiV20s. The first cycle capacity in Figure S.11c¢ is 49

pAh/cm? pum, a 42% excess over the initial capacity of the cathode. This excess

capacity is fortuitous as it does not appear to impede the operation of the full cell, and

to some degree compensates for the first-cycle conversion reaction losses. We first

considered whether the LPZ deposition chemistry was providing excess Li to the

LiV20s cathode through direct lithiation by LiO'Bu, as has been observed.[56]

However, only an 11% excess was observed for the half-cell (Figure 5.4f), which
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should show a similar effect, and V 2p core level XPS taken of the LPZ/LiV,0s
interface after deposition of a few nm of LPZ shows no additional reduction in V
valence state, which would be associated with extra Li insertion. While previous testing
showed ALD LPZ to be electrochemically stable between 0.1 and 3.8V vs. Li/Li+ on
a Pt electrode, we propose that the SnNx conversion reaction partially consumes
adjacent electrolyte, which supplies the excess Li. The smaller excess in the half-cell
could arise from different decomposition reactions with lithium metal.

Potentiostatic impedance spectroscopy (PEIS) reveals that the full cell exhibits
an internal impedance anomalously higher than expected based on half-cell testing.
Figure 5.11d shows Nyquist plots of the impedance of a full planar cell (with 40 nm
LPZ) before and after cycling, as well as the impedances of the half cells tested in
Figure 5.4 (with 80 nm LPZ). The semicircle at high frequencies (lower left of graph)
reflects the ionic conductivity of the electrolyte, which is determined via fitting the data
with model shown. The model includes the electrolyte resistance R in parallel with a
constant phase element Q, with an additional constant phase element to model the
blocking response at lower frequencies. The first-cycle conversion reaction as well as
cycling of the full cells does not increase the cell resistance relative to their initial state,
supporting the high reversibility of the couple. However, the fit value of R in the full
cell (172 Q cm?) is significantly higher than that of the half cells (56 and 47 Q cm? for
the cathode and anode cells respectively) despite using an electrolyte half as thick. The
only differences in fabrication and processing for the full cells are the growth of the

SnNy directly on the LPZ, as well as the use of ion milling.
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5.5.3 Interface Chemistry of the LiV20s5-LPZ-SnNx Cell

As ALD processes are known to sometimes induce substrate damage,[58] we
examined both the LiV2Os/LPZ and LPZ/SnNy interfaces directly by growing a very
thin overlayer and directly characterizing the interface chemistry with XPS. Both
interfaces seem well-preserved, with only some alterations of the N chemistry within
the LPZ observed at both interfaces. The origin of the additional impedance requires
further investigation.

Figure 5.12 outlines the results of an experiment to characterize the interface
chemistry at the LiV>0Os/LPZ interface. An electrochemically lithiated LiV2Os thin film
was characterized via XPS, transferred under UHV to an ALD reactor in which it was
exposed to 30 cycles of ALD LPZ [LiO'Bu + Diethyl phosphoramidate (DEPA)] at

250C. The sample was then transferred back into the spectrometer without breaking
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Figure 5.12: In-situ XPS characterization of the LiV>0s/LPZ interface. (a-e) High resolution component spectra

of uncoated LiV>Os taken after prelithiation. (f-j) High resolution spectra of the LiV20s/LPZ interface following

the application of 30 ALD LPZ cycles at 250C, resulting in the growth of ~1 nm of LPZ. The sample was
transferred directly to the spectrometer from the ALD reactor under UHV conditions.
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vacuum. The ALD process grew a film with nominal thickness of 1.8nm, though the
actual thickness is likely less than this due to a nucleation period of a few cycles.
Photoelectrons from the LiV2Os film are able to penetrate through this thickness of
overlayer.

The primary features of the LiV2Os surface include the presence of a slight
solid-electrolyte interphase developed during electrochemical prelithiation, indicated
by the presence of oxidized carbon species (Figure 5.12¢). The O 1s peak (Figure S4a)
shows a primary component at 530.2 eV associated with the oxide, as well as high
binding energy shoulder associated with both the SEI and surface hydroxylation. The
valence state of vanadium ions in the film can be determined by fitting the V 2p j=3/2
peak, which reveals an equal population of V** (516.2 eV) and V' (517.7 eV), as
expected. There is a very small amount of organic nitrogen species initially present on
the surface, whose origin is unknown.

After ALD LPZ deposition, XPS detects the presence of highly oxidized P, as
well as an increase in the amount of detected Li and N, as expected. The average
oxidation state of LiV,Os surprisingly increases slightly, as the magnitude of the V**
component drops (Figure 5.12f). This rules out direct chemical lithiation of the LiV,0s
film via exposure to surface-adsorbed LiO'Bu, in which case we would expect to see
further reduction of the vanadium centers. We hypothesize that the extra oxidation at
the surface could be due instead to DEPA directly reacting with Li ions in the
underlying substrate during the formation of the first few monolayers of LPZ.

The N 1s spectrum also suggests that the first few monolayers of LPZ differ

chemically from “bulk™ LPZ. The two characteristic peaks of ALD LPZ are detectable,
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which include the component associated with doubly-linked N (-N=) at 396.8 eV and
one associated with triply bonded N (-N<) at 398.5 eV. However, the intensity ratio of
this pair differs considerably from the bulk, in which the (-N=) component dominates
(Figure S5b). One possible interpretation is that the LPZ directly at the LiV2Os/LPZ
interface is more disordered and/or oxidized due to interactions with both the cathode
film and contaminant surface species. A similar effect has been previously observed
for sputtered LiPON deposited on LCO, and may play an important role in
understanding charge transfer resistance. [165]

The increased impedance in all-ALD full cells (Figure 6d in the main text) led
us to characterize the ALD LPZ/SnNx interface directly using the same general
procedure. Figures 5.13a-e show high resolution XPS core level spectra from a LPZ
film grown at 250C, whose components are analyzed in detail in a previous
publication.[149] The typical stoichiometry of LPZ films grown at 250C is Li;.7PO2.1N
(plus residual hydrocarbons). We were interested in observing whether or not exposure
of this surface to the SnNx process precursors (TDMASn and a remote N> plasma)
resulted in detectable chemical decomposition of the LPZ which could explain the

increase in cell impedance in the full cell vs. half-cells.
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Figure 5.13: In-situ XPS characterization of the LPZ/SnNx interface. The Li 1s was omitted from this dataset as it did not
shift or split in any way. (a-e) High resolution component spectra of pristine LPZ grown at 250C. (f-j) High resolution
spectra of the LPZ/SnNy interface following the application of 10 ALD SnNx cycles at 200C, resulting in the growth of a
maximum of ~0.5 nm of SnNx. The total exposure time to N2 plasma was 200s. (k-o) High resolution component spectra
of thick (i.e. with no underlayer contribution) ALD SnNx grown at 200C. All samples were characterized without air

exposure.

Panels f-j show the surface chemistry after 10 cycles of the SnNx ALD process

at 200C. This results in the accumulation of only approx. 2 atomic % Sn by XPS

quantification, and so the vast majority of photoelectron intensity measured for the O

Is, N 1s, and C 1s lines still originate from the LPZ. There are relatively few differences

in the underlying LPZ surface chemistry, but a decrease in the intensity of the bridging

oxygen component of the O 1s at 532.7eV (Figure 5.13f) and an increase in the triply

bonded nitrogen component at 398.2 eV (Figure 5.13g) suggest a possible
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reorganization of the LPZ at the anode/electrolyte interface. However, there is no
strong evidence to suggest that this is responsible for the increase in cell impedance
observed, especially given that there are many examples of conductive LiPON-family
films with N 1s spectra closely resembling that measured here. There is no evidence
for either the oxidation or reduction of P. The binding energy of Sn atoms at the
interface (486 eV) matches that of the “bulk” film exactly, suggesting as well that the
TDMASn precursor does not interact with the LPZ substrate in any unexpected ways.

In summary, XPS of the SnNy/LPZ interface indicates a few minor changes in
the LPZ chemistry, but the electrolyte overall tolerates the overgrowth of the anode
well. While this leaves the additional impedance unresolved (the next step is to
carefully examine effects from ion milling such as local heating), it bodes well for the

compatibility of LPZ with CVD or ALD of other anode materials in the future.

5.5.4 Integration and Performance Enhancement in 3D Cells

Having successfully established a viable solid state battery from an
electrochemistry and process chemistry standpoint, we turn to the concept for which
conformal deposition is a unique enabler- 3D architectures. We successfully integrated
the full cell into 3D substrates with AEF 4 and AEF 10, and found the footprint-
normalized battery performance to be dramatically improved in terms of capacity, rate
performance, and round-trip efficiency (RTE). These batteries represent the first
example of operating, self-aligned solid state batteries grown by conformal (chemical)

vapor phase deposition of any kind, and serve as a benchmark for future optimization.
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Figure 5.14: Electrochemical performance of 3D solid state batteries. (a) Cycling performance of AEF 1, 4, and
10 batteries galvanostatically cycled 100 times at 100 uA/cm?2. (b) First and second charge and discharge profiles
of AEF 1, 4, and 10 batteries. The arrows show the measured capacity enhancement of the AEF 4 and 10 devices
relative to the AEF 1 (planar) battery, with the upper arrows showing the enhancement factors measured for the
first charge and the lower arrows indicating those for the first discharge. The first-cycle CE is 64%, 58%, and
55%, respectively, for AEF 1, 4, and 10 cells. (c) Discharge capacity as a function of the applied current density
for AEF 1, 4, and 10 batteries. Data were taken after a burn-in process, i.e. after the majority of the rapid capacity
loss observable in the first 50 cycles in (a). (d) Cell voltage vs. normalized capacity (Q/Qmax) for AEF 1, 4 and 10
batteries cycled at 1 mA/cm? afier burn-in. The arrows indicate the measured overpotential n at Q/Omax = 0.5.

Figure 5.14a shows 100 galvanostatic cycles at 100 pA/cm? between 3.3 and 0.5V for
a planar, an AEF 4, and an AEF 10 cell, with Figure 7b displaying the first and second
charge/discharge curves from the same data. These cells were constructed with the
standard 70nm LiV20s5/10nm SnNy loading using 100nm LPZ as the solid electrolyte
During the initial cycles, the device performance meets the theoretical geometric
enhancement. The measured capacity enhancement, shown by the horizontal arrows,
of the first charge relative to the planar reference cell is 4.5x for the AEF 4 battery and

is 10.8x for the AEF 10 battery, followed by 4x and 9.3x, respectively, for the first
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discharge. This is direct evidence of (1) the uniformity of the battery layers within the
3D geometry as well as (2) the ability of the solid state electrolyte to provide full
electrical isolation in 3D structures. Cross-sectional SEM images of the AEF 4 cell
tested in Figure 5.14 are shown in Figure 5.15.

However, we consistently observe a more rapid decay in capacity, especially
for the first ~10 cycles, for 3D cells vs. planar cells. By the 100" cycle, the discharge
capacity enhancement has declined to 2.6x for the AEF 4 cell and 7.3x for the AEF 10
cell. We note that there is one additional difference in device architecture other than
the increased surface area in 3D cells- the Cu capping layer is no longer covering the
full active area of the battery, as it is not conformal. Inside the pores, the topmost layer
is primarily the TiN current collector (Figure 5.8). If the TiN layer is not acting as a
perfect Li diffusion barrier, free Li can diffuse to the surface and irreversibly form
reaction products with atmospheric reactants. This hypothesis is supported by the fact

that the average discharge potential of the 3D full cells also declines with cycle number

a b

100 nm

Figure 5.15: SEM characterization of an AEF 4 3D full cell with 100nm LPZ from the same deposition run
which produced the film stack characterized in cells of differing AEF in Figure 7 of the main text. (a) Tilted
view of the 3D array with full cell deposited (from a region without the Cu capping layer) (b) Close-in view of
the film stack taken showing film thicknesses.
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(Figure 5.16). A loss of active Li entirely out of the cell (rather than remaining
irreversibly trapped inside the anode) would lead to a decline in cell voltage as a result
of the average anode potential sliding upwards along the CV curves shown in Figure
2a. Direct Li entrapment in the TiN itself is unlikely, as this would also lead to
significant capacity fade in the planar cells. Capacity loss due to a lack of high quality
encapsulation in thin film SSBs is a well-known problem; future development must
include better packaging for 3D geometries.[33], [166]

The ultimate test of a 3D architecture is the ability to maintain deliverable
capacity with applied current densities beyond the reach of planar architectures. Figure
5.14c plots the rate performance of the three tested geometries between 0.1 and 10

mA/cm?. In this current range, simulation predicts that improving cell performance
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Figure 5.16: A comparison of the discharge curves for the first and 100" cycles of the AEF 10 cell
characterized in Figure 7 of the main text. The capacity is normalized to the measured discharge capacity
at the cutoff potential Qmax to illustrate the decrease in discharge potential of approx. 0.2V, likely due to
free lithium loss from the cell. Losing free lithium results in underutilization of the anode, causing its
average potential to increase vs. Li/Li*. For both curves, two phase transitions (indicated by local
maxima) associated with the two-step lithium insertion reaction of LiV20s can still be detected from the
derivative dQ/dV, plotted in the inset.
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through increasing the cathode thickness in a planar configuration is impossible
(Figure 5.5c¢).

In order to prevent convolution with early-cycle capacity fade as the rate was
varied, these data were taken after a “burn in” process of multiple slow CV cycles in
order to stabilize the capacity of the 3D cells. As can be seen, 3D structuring results in
better capacity retention at higher current densities while simultaneously improving
total discharge capacity. The planar cells are immediately polarized to the cutoff
potential at currents above 2 mA/cm?, whereas the AEF 10 cell is still able to deliver a
discharge capacity greater than the full capacity of the planar cells even when cycled
at the exceptionally high current density of 10 mA/cm?. A comparison of Figure 5.13¢
and Figure 5.5b-c¢ clearly demonstrates the experimental 3D cells are operating
qualitatively, if not quantitatively, within the favorable scaling regime identified by
simulation, with the primary deviation arising from the fact that the simulation assumes
a Li anode and does not account for first-cycle irreversibility or subsequent capacity
fade.

3D structuring also significantly improves the round-trip efficiency (RTE) of
batteries cycled at moderate to high rates through the reduction of the internal current
density, which reduces both Ohmic and charge transfer overpotentials. Conversion-
type electrode materials commonly suffer from a low RTE.[167] Plotting a full cycle
at 1 mA/cm? for each of AEF 1, 4, and 10 batteries with the capacity Q normalized to
the achieved capacity at the cutoff potential of 0.5 V Q,,,4, (Figure 5.13d) reveals the
progressive reduction in hysteresis. At the halfway point Q/Q,,4, = 0.5, the charge-

discharge hysteresis overpotential 1 is reduced from 1.51V for AEF 1 to 0.71 V for
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AEF 10, and the net RTE is improved from 45% to 64%. Finally, we note that as shown
in Figure 5.16 the impedance of the 3D cells decreases as the AEF increases, as

expected from the increase in surface area.
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Figure 5.16: Initial impedance of all-ALD full cells with AEFs of 1, 4, and 10. The inset shows a zoomed-
in view of the origin. All cells are electronically blocking at low frequencies, and show a decrease in
areal impedance when normalized to projected device area.

5.5 Discussion: Prospects for Architecture Scaling

The planar and 3D batteries described in this chapter are promising from an
electrochemistry standpoint, establish a path towards a new performance regime for

solid state storage, and represent the highest powers tested for vanadium oxide-based
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solid state cells. Here we briefly place the experimental results into context and explore
future opportunities for performance improvement. Areal energy density vs. average
areal power density (derived from galvanostatic tests in all cases) for a variety of
architectures both experimental and simulated is plotted in Figure 5.18. The AEF 10
3D all-ALD battery is superior to both the planar LiV20Os and all-ALD cells, as
expected, as well as to literature references for vanadium oxide-based TSSBs. Data
derived from a 600nm V;0s/LiPON/Li TSSB described by Navone et al.
demonstrate[ 168] clearly the benefit of 3D structuring; a rough extrapolation of the rate
performance of the cell shows that it would, at best, perform similarly to the planar all-
ALD device at higher power densities despite the ~8.5x thicker cathode. The planar all-
ALD cell also performs at least as well as the best-characterized example of a V205
lithium-ion TSSB, which used a deeply lithiated vanadium oxide (LVO) film as the
anode.[169]

While this work represents a significant step forward in terms of 3D battery
fabrication, we also wish to establish a path towards exceeding the best existing TSSBs
in terms of absolute areal performance metrics. The absolute performance of these
proof-of-concept designs cannot yet compete with the best examples of RF-sputtered
planar SSBs using thick, highly crystalline LiCoO> cathodes due to the low diffusivity
of Li (D* ~ 3 x 10~ 13¢m?/s) in ALD-grown LiV20s. The average D* for LiCoOx can
reach over 1071%m?/s, leading to extraordinary power performance,[170], [171]
although reaching this value requires high temperature annealing which can impede
device integration or substrate compatibility. Experimental data from a 2500nm

LiCoO»/LiPON/Li cell developed by Dudney et al. (Figure 5.18), which operates with
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over 50% capacity retention at power densities of over 10 mW/cm?, provides a
benchmark.[33]

Straightforward methods of optimizing the 3D cells include increasing the AEF
through etching higher aspect ratio structures and packing them more closely, as well
as increasing the thickness of the cathode film and/or replacing the cathode with a
different material entirely. Replacing the anode with Li or Si, which may be possible
in specific lower AEF configurations with CVD or simple melt-impregnation, would
also improve the cell voltage and reduce the first-cycle irreversibility. We include in
Figure 5.18 simulations of two architectures which we argue represent reasonable
upper bounds for ALD-grown 3D microbatteries. In principle, there is no limit to either
the thickness of films grown by ALD or the aspect ratio in which they can be deposited.
However, growing films more than a few hundred nm in thickness by ALD is likely
impractical due to the slow rate of deposition, and because the precursor dose required
for saturated growth scales as approximately the square of the aspect ratio,[172]
batteries with an AEF of more than ~100 would be extremely challenging to fabricate.
AEFs of ~50 for an ALD TiO; half-cell have been recently demonstrated, so we use

this value as an achievable goal.[151] The simulations assume the use of a Li anode for
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simplicity; the use of SnNy as the anode would reduce the energy density by
approximately ~2x based on the experimental results. Preliminary attempts to model
the full cell including SnNy anode were unsuccessful because of the mentioned problem

of anomalous capacity; assuming the first-cycle capacity loss measured in the half cell

experiments vastly overestimates capacity loss in the full cell.

The simulation results (Figure 5.18, topmost curves) indicate that an AEF 50
battery using a 300nm LiV,0s cathode and a 100nm LPZ solid electrolyte would

significantly exceed the energy density of existing LCO-based TSSBs and reach the
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~mWh/cm? range required to compete with existing Li-ion conventional batteries.
However, LiV20s-based cells are likely not capable of besting thick LCO-based planar
TSSBs at power densities above 10 mW/cm?. Even at AEF 50, the difference in D* is
too great. Truly mold-breaking batteries require replacing the LiV2Os cathode with
conformally-grown high quality LCO. Simulations of an AEF 50 battery with 300nm
LCO, assuming a typical D* of 107'° cm?/s, yield a solid state device on the verge of
competing with conventional Li-ion cells in terms of energy density (3.9 mWh/cm?)
and which can maintain 90% energy retention at a power density of 386 mW/cm?
(corresponding to an approximate C-rate of 110). Conformal deposition of high quality
LCO may be possible through further optimization of an ALD process[66] or through
electrodeposition,[173] and will be explored as a next step. In addition, some reports
of well-crystallized V,0s electrodes measure values for D* above 10°!! cm?/s (likely
dependent on crystalline orientation), and so it may be possible to increase the
performance of ALD-grown LiV2Os with additional treatments or process
modification.[95] The energy density of the all-ALD cells can also be significantly
increased by more deeply prelithiating the ALD V20s to Li2V20s, which preliminary

experiments indicate is also a promising approach.

5.6 Chapter Conclusions

3D structuring of thin film solid state batteries is a promising method of
producing high-performance, intrinsically safe energy storage devices with exceptional
areal energy and power densities. For the first time, we have established a set of
materials (a prelithiated LiV,0s cathode, a SnNx anode, and a lithium polyphosphazene
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solid electrolyte) which are mutually compatible, are grown in the active phase at
temperatures < 250C, and can be reliably made using conventional ALD deposition
tools which are now common in industrial and university settings. 3D cells can be
successfully fabricated through deposition in micromachined silicon substrates
followed by masked etching, and full electrical isolation between anode and cathode
can be achieved with solid electrolytes < 100nm in thickness in structures with an AEF
of up to 10. Solid state batteries made from the LiV2Os-SnNy couple exhibit stable
capacities of 2.6 pnAh/cm?, (37 pAh/cm? um normalized to the cathode thickness) for
hundreds of cycles. The areal discharge capacity of these cells can be scaled up to 9.3x
that of planar cells through integration with 3D substrates, though at present 3D cells
suffer from additional anomalous capacity loss that should be addressed through better
cell encapsulation. Most importantly, 3D structuring improved the rate performance
and RTE of the cells while simultaneously increasing the areal capacity. This beneficial
combination was measured in a range of current densities (i = 100 uA/cm?) which
was indicated by simulation to be a power regime in which such scaling was not
possible for planar cells.

Future development of 3D TSSBs can utilize a “mix-and-match” strategy for
materials selection combined with the fabrication scheme developed in this work,
though at the present time the ALD LPZ electrolyte is probably the best conformal
inorganic electrolyte available. While the use of LiV20s may continue to be appropriate
for integration with temperature-sensitive substrates such as polymer films, matching
and exceeding the performance of conventional Li-ion cells will likely require its

replacement with a cathode material with a higher chemical diffusion constant for Li,
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such as LiCoOsz. It would also be interesting to explore the integration of the conformal
TSSBs described here with more extensively three-dimensional substrates, such as
fabrics, fibers, conductive metal foams, which could form the basis of multifunctional

energy-storing materials and composites.
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Chapter VI: Conclusions and Future Work

6.1 Conclusions

The work described as part of this thesis contributes substantial knowledge
regarding electrochemistry, materials chemistry, fabrication, and power source design
to the field of solid state energy storage. After work by our group and our collaborators
indicated that the nano- or microscale architecture of nanofabricated batteries had a
critical influence on performance, we developed a novel method of exploring the
behavior of spatially distributed electrochemistry using test structures and
spectroscopy. The simplicity of the structure allowed the problem to be reduced in
complexity; eliminating the influence of ionic conductivity, for instance, and isolating
the effect of electronic conductivity allowed for the instructive comparison of
experimental data, an analytical theory, and simulation, finally revealing that the
intrinsic materials chemistry of an electrode material (the increase in electronic
conductivity concurrent with lithium insertion in V20s) likely played a significant role
in the measured reaction current distribution. This work also reinforced the concept
that electrochemical cell behavior can become complicated (and from a performance
perspective, suboptimal) whenever deviation from a 1-D diffusion problem occurs.

We next proceeded with a necessary step in developing a 3D full cell solid state
battery by developing and characterizing a new ALD solid state electrolyte (ALD LPZ).

By utilizing a precursor containing a pre-formed P-N bond, we took advantage of
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vapor-phase chemistry and formed a LiPON-family solid electrolyte film which
exhibited attractive properties, including a relatively high ionic conductivity, negligible
electronic conductivity, and long-term electrochemical stability in contact with Li
metal. This process significantly reduced deposition time from our group’s previous
ALD process for LiIPON and removed the need for a plasma, increasing conformality.
We demonstrated the construction of full cell TSSBs with an electrolyte only ~30nm
in thickness, which is likely the thinnest solid electrolyte ever successfully integrated
in a battery.

Finally, we utilized ALD LPZ to make the first successfully fabricated all-ALD
solid state battery. This full cell chemistry was conformal enough to be deposited in
micromachined silicon substrates, which, when combined with a carefully developed
fabrication and patterning strategy, allowed the construction of the first fully
conformal, 3D full cell microbatteries. The 3D cells exhibited up to 9.3x areal energy
density enhancement over planar cells while also increasing the areal power density.
However, the 3D cells experience more rapid capacity fade and do not yet compete
with the best commercially available planar TSSBs to the inferior materials properties
of our ALD-grown V20s cathode. Now that we have established that ALD-grown
electrolytes can perform reliably in full cells with device-relevant voltages and
capacities and have established a patterning process for fabricating 3D full cells despite
the challenges posed by conformal deposition, the door to improving the (areal)

performance to record levels through further engineering appears open.
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6.2 Future Work

There are multiple promising avenues to pursue based on this work. The time
spent on working towards the construction of 3D full cells, lengthened by false starts,
failed depositions, and the occasional equipment failure, means that there are multiple

interesting scientific loose ends to tie up.

1. The work measuring the RCD on test structures utilized XPS due to its
accuracy and generality. However, in many cases battery materials exhibit
a strong optical response when lithiated or delithiated (including V»Os,
which is electrochromic). A natural extension of this work would then be to
use similar test structures in an electrochemical setup (similar to those
utilized in spectroelectrochemistry) where the RCD can be measured in near
real-time, which would allow the measurement of very fast processes and
the tracking of relaxation of concentration gradients once the cell was at
rest.

2. The chemical nature of the LiO'Bu-DEPA reaction remains unresolved,
though we have proposed a general mechanism involving Li-promoted
polymerization. We made a few attempts to measure gas-phase reaction
products using an in-line mass spectrometer, but these experiments failed
due to the small concentrations involved and were abandoned due to lack of
bandwidth at the time. The LiO'Bu-DEPA is likely a member of a special
and promising class of ALD reactions which produce materials which lie
on the boundary of inorganic and organic compounds, which is now being
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explored in earnest by other groups using gas-phase deposition, and whose

chemistry deserves further study.

. ALD LPZ allows the construction of TSSBs with solid electrolytes only

30nm thick on crystalline LiCoO> and LiV;0s cathode films when
combined with Si or SnNx anodes. While this attractive from a practical
standpoint due to the reduction of internal resistance and fabrication time,
it is arguable more interesting from a fundamental standpoint. Both tested
cathodes are fairly rough, and so it is likely possible to use even thinner LPZ
if deliberately chosen very smooth electrodes are utilized. If the LPZ
thickness can be scaled down to the sub-20nm regime, it may be possible to
study transport in a solid electrolyte where the electroneutrality condition is
violated throughout a substantial fraction of its volume due to penetration
of the electric double layer. This has never been measured in a solid state
system as it has in the liquid state.[174] In addition, very thin cells tended
to fail due to the onset of electrical conductivity. We did not establish the
nature of this conductivity, but it would be interesting to study. For instance,
in many cases voltage-dependent electrical leakage in insulators is space-
charge controlled. How does space charge limited conduction work in very
thin solid electrolytes? Does the presence of mobile positive ions change
the picture, i.e. by shielding the space charge?

The 3D full cells are currently a proof-of-concept, and must be improved to
be competitive with existing LiCoO»-based TSSBs, let alone conventional

Li-ion in terms of areal energy performance. We provided simulation-based
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evidence that this is possible if the LiV205 cathode is replace with a
material with a larger Li diffusion coefficient. Recently, a group has
demonstrated an electrodeposition process [173] for high-quality LiCoO»,
which is also a conformal technique (though electrodeposition of insulators
such as solid electrolytes is naturally quite a challenge). We have initiated
a collaboration with this group in order to attempt integrating
electrodeposited LCO into our 3D substrates, after which full cells will be
completed with the usual LPZ/SnNx/TiN top stack, in order to make 3D
cells which are not only scientifically interesting but also practically

competitive.
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Appendix A: Finite-Element Electrochemical Models

Experimental data nearly always benefits from a computational supplement.
The use of physics-based modelling allows for sanity checks of the collected data at
the worst, and unexpected physical insights in the best case. In addition, validated
models can be used to extrapolate device performance beyond certain experimental
limitations. To these ends, we developed two different finite-element models used to
simulate electrochemical phenomena as part of this thesis. One model was developed
in support of Chapter 3, and includes a 2D simulation of lithium insertion in a high-
aspect ratio cathode structure in a liquid electrolyte. The second is a 1D model of Li
transport in a solid state lithium-ion battery stack. While the models share several
similarities, we describe them separately below for clarity. The primary differences are
(1) Model 1 is two dimensional and uses vectorial quantities whereas Model 2 is one
dimensional and uses scalar values and (2) the transport physics in a liquid vs. solid
electrolyte is treated differently. Both models are implemented in and solved

numerically through COMSOL Multiphysics.

COMSOL Multiphysics and Solution Methods

COMSOL Multiphysics is a modular software package designed to handle
finite-difference solution methods for complex coupled (“mulitphysics™) physical
simulation problems. The simulations described below take advantage of pre-written
physics from the “Diffusion of Dilute Species” and “Li-ion battery” modules combined

with empirically measured discharge curves for the battery materials. The model
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geometry in both cases was meshed with custom nodes near the interfaces to increase

the model resolution.

Model 1: High Aspect Ratio Nanostructure in a Liquid Electrolyte

The geometry represented is a 2D cross section of the active region of the test
electrodes discussed in Chapter 3 (shown below, not to scale). The physical thickness
of the gold strip is neglected for simplicity in this model, and instead current is applied
in a defined region at the bottom of the V205 region. The electrolyte region is meshed
with a free triangular mesh, and the electrode region is meshed with a custom

rectangular mesh, which increases in density near the edges of the current collector.

3: Anode/Electrolyte Interface

Electrolyte (1M LiClO, in Propylene Carbonate)

2:V,0;/Electrolyte Interface

7.25 mm
1: Current Collector/V,05

Interface

Figure §4: Schematic of the COMSOL model’s geometry. Not to scale.

The governing equations can be separated into the bulk transport physics in the

electrolyte and V205 regions, and the coupling equations enforced at interfaces 1 (the
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current collector/V,0Os boundary), 2 (the electrode/electrolyte interface) and 3 (the
electrolye/anode interface). Mechanically speaking, these equations are implemented
using the Lithium-Ion Battery and Transport of Dilute Species modules of COMSOL
Multiphysics 5.1, along with a few custom conditions and added material data. We note
that in COMSOL, the normal vector n (as used below) is conventionally positive in the

“outward” direction of each domain.

Electrolyte Domain:

Transport in the electrolyte is described by concentrated solution theory.[99] One
equation (S1) defines the current vector i; and local reaction current density j;;, a
second (S2) describes the number flux of Li ions Ni, and a third (S3) describes ion

conservation:

_ ] 2KRT dlnf (51)
= Vi =V |+ = (1= ) (14 G Vin|

ipt
NL = —DZVCZ + _LF+ (SZ)
ac (S3)
—L4V-N.=0
ac TV

In the bulk of the electrolyte, j;; = 0. In addition, we neglect the activity dependence

term in equation S1 due to low overall concentration variations under the simulated

i . a1l s o .
conditions, i.e. ﬁ = 0. The initial conditions are set to ¢; = 1M uniformly.
l
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Electrode (V20s5) Domain:

Electrical transport in the electrode region is described by Ohm’s law, and the transport
of intercalated Li ions is described through Fick’s laws for dilute species diffusion. In
the bulk, this simply describes ion conservation. The electronic conductivity oy is

assumed to be Li concentration-dependent (discussed further in Chapter 3).
—05(c)Ves = ig (54)

dcs (s5)

6ts + V- (=DgVcy) =0

Interface 1: Current Collector/V20s Coupling
At the interface of the gold strip and the V>Os, the total current passing through the cell

is set by the following boundary condition:

/2 (56)
j i ndl=—1"I,
-1/2

This allows us to set a fixed average current density but allow the normal current
density to vary across the length of the boundary, which leads to more realistic results
than forcing a uniform current density. The value I,y is found from the total current
applied to the chip divided by the total area of the current collector buried under the

electrode. A no-flux condition for Li ions is also enforced here.
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Interface 2: Electrolyte/V20s Coupling

At the electrolyte/V»Os interface, the reaction current j;; is controlled through Butler-
Volmer kinetics. This reaction removes Li ions from the electrolyte and adds an equal
flux of Li ions into the electrode, controlled by the local difference in electric potential
¢@s — @;. The equilibrium potential U(cg) of the insertion reaction changes as a
function of the surface concentration of lithium ions and is measured experimentally.
We assume a constant exchange current density i,, , as testing showed variations in i,

had a relatively small effect on the RCD but introduced some instability into the model.

i = i | R (s7)
n-ig = jy, (58)

n-ip, = —jy (S9)
n-NLz—%(1_t+) (510)

Interface 3: Electrolyte/Anode Coupling

The electrolyte/anode interface is modeled as an ideal lithium anode using Butler-
Volmer kinetics in the same form as Equations S7-S10, with the additional boundary
condition that ¢g;; = 0. This fixes the potential of the V>Os electrode to be referenced

to Li/Li+.
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Table Al: 2D Reaction Current Distribution Model Variables and
Parameters

Quantity Dimension

Value

Description

Source

tc m 26 - 10° Cathode film thickness Exp.
T S - Time _
l m 0.0005 Width of current collector strip Exp.
F C mol? 96485 Faraday’s constant -
R Jmolt K? 8.314 Gas constant -
T K 298 Temperature Exp.
Co mol m3 3.32-10*% Concentration of Li atoms in LPZ Calculated
e C 1.6 - 10°¥°® Elementary charge -
o Scmt 4-103 Initial electronic conductivity of V20s Exp.
C mol m3 - Concentration of Liions in electrolyte -
Cg mol m3 - Concentration of Li ions in electrode -
D, cm?st 5.5-10° Chem. diffusion coeff. of Liions in PC Ref.
CLMi wo Mol m-3 18431 Max. conc. of Li in LiV20s Estimated
l:+ - 0.28 Li transport number in LiClO4/PC Ref.
a - 0.5 Charge transfer coefficient for LVO Estimated
Qoy A cm> 1.6-10° LVO exchange current density Ref. 7
@ vV - Electric potential in electrolyte -
Qs vV - Electric potential in electrode -
n vV - Electrode overpotential -
(x,y) m,m - Position -
Iapp A cm?? - Average applied local current density -
is A - Electronic current vector Exp.
Jii A - Reaction current vector -
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Model 2: A 1D Thin Film Solid State Battery

A 1D time-dependent finite element model of several types of thin film lithium
ion batteries was developed for use in predicting performance trends of 3D
architectures as discussed in Chapter 5. Two slightly different models were developed
for batteries using a LiV20s or LiCoO: cathodes based on a blend of empirical and
literature data. The models erred on the side of simplicity unless high-quality empirical
or previously computationally optimized parameters were available. The model has
three primary elements: (1) Li transport in the electrolyte (2) charge transfer at the

electrode/electrolyte interface and (3) Li transport in the electrode.

Cathode Electrolyte Anode

x=—t x=0 X =1g X =tg +ty

Figure 6: The simulated geometry.

Transport in the electrolyte: Transport physics were based on the equations
proposed and compared with experimental data for LIPON-based TSSBs in papers by
Danilov et al.[13], [175] The movement of charged species is governed by the Nernst-
Planck equation with electroneutrality:

FZL'

RT

ZZL'CL' =0

i

aCl' N
= V(—Di Ve, +

Fri Di*CiW)z)
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where c; is the concentration, D;" is the chemical diffusion coefficient, and z; is the
electric charge of the i species. F is Faraday’s constant, R is the gas constant, T is
time, ¢; is the electric potential in the electrolyte, and T is the temperature.

The solid electrolyte is assumed to contain a fixed concentration of Li atoms
Co, of which a fixed fraction € < 1 are ionized, mobile charge carriers in equilibrium
through the reaction

Li® & Lit +a”
where a~ is a compensating negatively charged species' or defect, and which has
forward and backward rate constants of kzand k,., respectively. The net dissociation
rate G is then
G = kqcpo — kycpi+Cq-

which, when combined with the electroneutrality condition, leads to the relation

_ krcoe?
(-9

kq

We do not measure D+ directly, but instead calculate it from experimental
measurements of the ALD LPZ ionic conductivity ¢ and the molar concentration ¢, of
Li ions, calculated from the stoichiometry measured via XPS and density measured via

x-ray reflectometry. The Nernst-Einstein relation links these quantities:

kTo

D+ =
.+ —
Li COSGZ

! It may be noticed that the model assumes the species a~ to have a value for D~ comparable to that for J
which is physically somewhat surprising for a solid electrolyte. Despite previous studies finding good agreement
between this model and experimental data using similar values for D, it is not clear what species would meet this
condition, considering that LiPON-family solid electrolytes are excellent electronic insulators and do not contain
obvious candidates for mobile negatively charged ions. Altering the ratio D;-/D;,+ has relatively little impact on
the simulated discharge curves, but has an enormous impact on the predictions of concentration gradients within
the solid electrolyte. Unfortunately, methods of measuring such distributions in operando in thin film devices
remain elusive.
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where k is the Boltzmann constant and e is the elementary charge.

Charge transfer at electrode/electrolyte interfaces: For a given local cell
current density i..;;, coupling of the Li ion fluxes at the boundary between the cathode
and electrolyte is governed by Butler-Volmer kinetics as a function of the overpotential
n:

. . aFn/ —(1—0:)Fn/
leell = 1o (e RT +e RT)

nz(ps_¢l_Eeq

1-a

ig = Fk¢ ((C%+ - CLi+)CLi)a ((C% - CLi)CLi+)
where i is the cathode exchange current density, c;; is the concentration of Li in the
cathode, c;;+ is the concentration of charge carriers in the electrolyte, a is the charge
transfer coefficient, ¢ and ¢, are the electric potentials in the electrolyte and electrode,
respectively, ¢4 is the maximum Li concentration in the cathode, C%+ is the maximum
Li concentration in the electrolyte, and k. is the cathode reaction rate constant.
Despite the kinetic theory prediction that i§ depends on c¢;;, and therefore the
state-of-charge, most experimental attempts to measure the charge transfer resistance
find it to be relatively invariant (or, at most, following a weak trend incompatible with
the function above).[176]-[178] For this reason, we make the approximation that
i§ = const.
The anode/electrolyte interface is treated similarly, with the additional
condition that E.; = 0 and ¢, = 0 to simulate a conductive, highly reversible Li metal

anode.
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E,q(cy;) is an empirically measured function of ¢;; and reflects the chemical potential
of Li ions in the electrode at different states of charge during a quasistatic discharge.

Shown below are the curves used for LiCoO; and LiV20s:

3.8

4.4 4
3.6 E
4.2 E
g b 3.4 B
404 E 5 |
=~ =
5 = 324 4
. 3.8 = [
4 >
- ¥
2 36 R - i
5 2
3 & 254 ]
QO 344 i .
3.2+ - 2.6 4
3.0 T T T T T 2.4 T T T T T
0.5 0.6 0.7 0.8 0.9 1.0 1.1 0.0 0.2 04 0.6 0.8 1.0
xin Li,CoO, xin Li,V,05

Figure 7: Equilibrium discharge curves for LiCoO: and LiV>Os used in the 1D model.

Transport in the electrodes: Movement of Li ions in the cathode films is
modelled in one dimension using Fick’s law:

dey; dy . dcy;
‘= Dy;(x,cLi) d_xl

dr dx
where in principle D;; can depending on position and concentration. In general, D;; is
not constant as the composition of a battery material changes, but good agreement with
experimental data can nonetheless be attained with constant average values. Electronic
transport is neglected due to the high electronic conductivity (compared to the ionic
conductivity) of both LiCoO; and LiV20s.
For LiV20s, we were unable to achieve satisfactory agreement between the

model and experimental discharge curves using a constant D;; because of consistent

over-performance at high current densities (i.e. the model would predict a lower-than-
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measured capacity). Attempts to include concentration dependence were not
successful. Instead, we achieved best agreement by including a small spatial
dependence to D;; where the 10% of the film adjacent to the electrode/electrode
interface has a higher diffusivity:

5y {10 Diwer  0Sx<¢/10
Litvo'X) = Do t/I0<x<t

where x is the position in the electrode with x = 0 representing the LiV20s/LPZ
interface and x = t representing the external boundary of the electrode. There are two
reasonable physical interpretations of this effect. The first is that such a function is an
ad-hoc method of modelling pseudocapacitance, i.e. fast faradaic charge transfer
restricted to near the electrode/electrolyte interface, which has been characterized in
V205 previously[179] and is supported by the measured presence of some non-
diffusion limited charge storage in the LiV2Os half cell (Figure 2b in the main text).
The second possibility is that this represents a 1D approximation of 2D crystalline
heterogeneity in the LiV,0s film itself. For instance, if ~10% of the LiV2Os crystal
grains had a more favorable orientation (i.e. planes with a higher Li diffusivity for Li
in direct contact with the LPZ), we would observe an overperformance at high current

densities, as only those properly oriented grains would be active. [178]

The value of D;; for LCO is taken as a simple constant estimated from typical

literature values.[171]

Electrolyte/Anode Coupling
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The model makes similar assumptions about the anode as is done in Model 1.
We do not explicitly simulate the tin nitride anodes, as currently implemented in the
real device, due to uncertainty about how to property handle conversion reactions.
Experimentally, the use of tin nitride reduces the energy density by approximately 2x
and does not have a dramatic effect on the rate performance. As before, the model
assumes ideal behavior and we set @;(x = ty) = 0. This fixes the potential of the

cathode to be referenced to Li/Li+.

Simulating the effect of 3D structuring: In order to model 3D architectures
with a given AEF using a 1D model, we assume that the current density within the 3D
cells is fully homogeneous across the entire surface area of the battery due to the
relatively high electronic conductivity of the conformal TiN anode current collector. In
this case, the local current density i, relative to the applied footprint current density if
is simply

. I
leell = m

The expected areal capacity @ of the modelled 3D cell is then found by multiplying
the output capacity of the 1D model Q..; at the cutoff potential by the AEF:

Qf = AEF - Qcen
The stop condition of the simulation is @gs(x = 0) < V., where V, is the cell cutoff

voltage.
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Table A2: 1D Model Variables and Parameters

Quantity Dimension

Description

t, m 100 -10° Anode thickness Exp.
tg m 100 - 10° Electrolyte thickness Exp.
t m varies Cathode thickness Exp.
T S - Time -
F C mol? 96485 Faraday’s constant -
R Jmolt K? 8.314 Gas constant -
T K 298 Temperature Exp.
€10 mol m3 - Concentration of neutral Liatoms in LPZ -
CLi+ mol m3 - Concentration of mobile Li ions in LPZ -
Ca- mol m3 - Concentration of counter chargesinLPZ -
k, st 1.49 - 10> Dissociation rate constant in LPZ Calculated
k, m3molls! 9.107 Recombination rate constant in LPZ Ref. 4
Co mol m3 3.32-10*% Concentration of Li atoms in LPZ Calculated
& - 0.2 Fraction of total Li ions mobilein eq.in Ref. 4
LPZ
e C 1.6 -101° Elementary charge -
o Scm’ 6.6 - 107  lonic conductivity of LPZ Exp.
CrLi mol m3 - Concentration of Li ions in electrode -
D;;+ cm?s? 2.74 - 10- Chem. diffusion coeff. of Liionsin LPZ  Calculated
11
D,- cm? st 5.1-1011 Chem. diffusion coeff. of counter Ref.4
charges in LPZ
DZi,LVO cm? st 3.101 Chem. diffusion coeff. of Li ions in  Qptimized
LiV20s
Dzi,LCO cm? st 1-101%0 Chem. diffusion coeff. of Liions in LCO  Ref. 10
CLMi,LVO mol m3 18431 Max. conc. of Li in LiV20s Estimated
clico molm?3 50000 Max. conc. of Liin LCO Estimated
a - 0.5 Charge transfer coefficient for LCO and  Estimated
LVO
iﬁco A cm™2 4.89 - 10* LCO exchange current density Ref. 6
iﬁVO A cm™2 1.3-10% LVO exchange current density Ref. 7
@ vV - Electric potential in electrolyte -
Qs vV - Electric potential in electrode -
n \V - Electrode overpotential -
X m - Position -
icell A cm? - Applied local current density -

170




Appendix B: Experimental Details

ALD LPZ

ALD Growth
All ALD processes were performed in a custom Cambridge Nanotech Fiji F100 ALD

reactor directly coupled to an ultrahigh vacuum cluster tool. A schematic of the cluster
tool is shown in Figure S1. All processes used UHP (99.999%) Ar as the process gas,
typically achieving a background pressure of ~200 mTorr during deposition.
Depositions of Li2PO2N utilized LiOC(CHs)3 referred to as lithium zert-butoxide or
LiO'Bu, (Sigma) and HoNPO(OC:Hs),, referred to as diethyl phosphoramidate or
DEPA (Sigma). Both materials are solids at room temperature. LiO'Bu was stored in a
stainless steel bubbler, heated to 140C, and delivered to the reactor by co-flowing 15
scem of Ar. LiOtBu decomposes at approximately 320C.[124] The LiO'Bu delivery
lines include VCR particle filters to prevent fine particles of precursor from reaching
the chamber, which was an issue for early devices. DEPA did not require bubbling and
was stored in a conventional stainless steel ALD cylinder heated to 115C. Unless
otherwise specified, the pulse and purge times used for depositions in this work were
20s-LiO'Bu, 20s-purge, 2s-DEPA, 20s-purge. Some samples utilized an “exposure”
process in which a butterfly valve shut off all active pumping to the ALD chamber
during precursor exposure to allow for better conformality. The timing of this process
was 10s-LiO'Bu (10s exposure), 30s-purge, 2s-DEPA (10s exposure), 20s-purge, and

exhibited very similar growth characteristics to the conventional process.
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In-situ Ellipsometry
In-situ ellipsometry was taken using a J.A. Woollam M-2000 spectroscopic

ellipsometer. The source and collector heads were mounted to quartz windows on the
ALD reactor at a fixed angle. All optical models were applied to a spectral range of A
= 300-1000 nm. The deposited films were optically modelled as transparent insulators
using the Cauchy approximation n(1) = A + BA™2 + CA™* where n in the index of
refraction, A is the wavelength of light, and A, B, and C are fitting constants.[180]
Consistent with previous reports for LiPON, the SE data for the films were well fitted
with A = 1.7, and B and C = 0, indicative of a nearly constant index of refraction over
the measured bandwidth.[121], [181] We also assume k(1) = 0, where k is the
absorption coefficient. The optical model was externally verified via comparison with
x-ray reflectivity (XRR) measurements and SEM/FIB cross sections of various
reference samples, and all thickness measurements agreed to within 5%.
XPS Analysis

Samples were immediately transferred under ultrahigh vacuum from the ALD
chamber to a customized Kratos Ultra DLD x-ray photoelectron spectrometer with a
base pressure of 2 x 10 torr. This preserves the surface chemistry of air-reactive Li
compounds and allows for accurate stoichiometric quantification. All XPS data was
collected using monochromatic Al Ka radiation (1486.7 V) at a total power of 144W.

The analysis spot size was approximately 0.2 mm?. Survey and high-resolution spectra
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were collected using 160 eV and 20 eV pass energies, respectively. Samples were not
observed to change over time in the vacuum environment. CasaXPS was utilized for
peak fitting (using 50/50 Gaussian/Lorentzian pseudo-Voigt functions) and data
analysis. High resolution peak area ratios were used for elemental quantification, using
tabulated Kratos relative sensitivity factors (Scofield cross sections corrected for the
instrument transmission function and source-analyzer angle). All spectra were
calibrated to the C 1s hydrocarbon peak at 284.8 eV, though this assignment has
associated uncertainty as the hydrocarbons in this case are embedded fragments and
not adsorbed species. Depth profiles were performed using a Kratos Gas Cluster Ton
Source (GCIS) on a Kratos AXIS Supra spectrometer for sample sputtering using Ar,"
cluster ions, which proved superior to monoatomic Ar sputtering sources for best
preserving the stoichiometry of LPZ films.
Microscopy and Characterization

Scanning electron microscopy (SEM) and focused ion beam (FIB) work was
performed using a Tescan GAIA dual SEM/FIB system, which includes an attached
TOF-SIMS detector used for the detection of Li during depth profiling with the Ga*
ion beam. Transmission electron microscopy work was performed using a JEM 2100
FEG TEM. The ALD LPZ was found to be highly sensitive to beam damage in the
TEM and exposures were kept as short as possible. All imaged battery samples,
including the TEM lamella, were exposed to air for several minutes during transfer
from system to system. Tapping-mode AFM was performed using a NT-MDT
NTEGRA Specta and XRD was checked using 1000 cycle films deposited on Au using

a Bruker C2 Discover.
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Device Fabrication
Multiple architectures were utilized in this study. /n-situ ALD growth was

characterized on RCA-cleaned Si test wafers. Devices were fabricated on diced
thermally oxidized Si wafers. Metal depositions for current collectors and MIM
electrodes (including Pt and Au) were performed using electron-beam physical vapor
deposition (EBPVD), utilizing a Snm Ti or Cr adhesion layer for the bottom electrode.
LiCoO:; electrodes were fabricated by RF sputter deposition of a LiCo target under flow
of Ar and O in a 3:1 ratio, and were annealed at 700C. LiV20s electrodes were
fabricated by first growing V205 in a Beneq TFS 500 ALD reactor at 170C using
vanadium triisopropoxide (VTOP) and O3 and subsequently electrochemically
lithiating the films to a potential of 2.8V vs. Li/Li" in a 0.5M LiClO4/propylene
carbonate electrolyte using a Li metal counterelectrode. Excess electrolyte was rinsed
off using ethanol, and the composition was verified using XPS. To form an electrical
contact, one corner of each device was masked during both cathode deposition and
Li2PO2N deposition by physically clamping a piece of a silicon wafer to the surface.
Top electrodes were deposited through a stainless steel shadow mask which defined a
grid of Imm diameter circular pads, which determined the active device area. Li top
electrodes were deposited using thermal evaporation of Li metal pieces (Sigma) in a
vacuum chamber directly connected to a Ar-filled glove box. Si/Cu top contacts were
deposited in one process without breaking vacuum using EBPVD at a pressure of 3 x
10 torr, but these samples were air exposed for several minutes after electrolyte
growth for transport to the deposition tool. Flexible devices were fabricated on cut
pieces of metallized polyimide sheet, using evaporated Au with a Cr adhesion layer for

a bottom electrode.
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Electrochemical Characterization
Fabricated devices were tested in an Ar-filled glovebox with <0.1 ppm H>0O and

O using a homebuilt microprobe setup. The sample is clipped to a stage with an
integrated PID temperature control unit and a metal clip is used to contact the bottom
electrode. The top electrode is contacted via an Au-coated needle probe mounted to a
micromanipulator. Both electrodes are then connected to a Biologic VSP potentiostat
with an electrochemical impedance spectroscopy channel using a coaxial cables and
BNC feedthrough. Unless otherwise specified, measurements were taken at ambient
temperature (typically 27C). PEIS measurements were taken between IMHz and 0.1

Hz with an excitation amplitude of 50mV.

3D Battery Fabrication

Device Fabrication
All samples were fabricated using Si test wafers as a starting material. The device

footprint of all tested electrochemical devices (half cells, full cells, and 3D cells) was
defined by a Imm diameter circular contact pad. Planar half-cell devices were
constructed from diced Si wafers coated with a 70nm Pt current collector deposited via
electron-beam deposition with a Snm Ti adhesion layer. For half cells 3um thick Li
metal electrodes were deposited using thermal evaporation through a stainless steel
shadow mask in a homebuilt vacuum evaporator coupled to an Ar filled glovebox. 3D
substrates were fabricated via the formation of etch masks via standard
photolithographic patterning followed by deep reactive ion etching (DRIE) using a
Bosch process in an STS etching system. Etched wafers were RCA-cleaned and
subsequently thermally oxidized in a Tystar CVD system to form a 200nm SiO; layer,
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serving as a Li diffusion barrier and pristine surface for ALD growth. After ALD
deposition/electrochemical formation of the 5 active layers, individual batteries were
defined by depositing via electron beam deposition 1pum of Cu through a shadow mask,
acting as a probe contact and etch mask. After Cu deposition, low energy Ar’ ion
milling with SIMS-based endpoint detection (4Wave Systems) was used to etch the
TiN and SnNy layers, which electrically isolated each top contact. Samples are briefly
air-exposed after the formation of the cathode layer, but further synthesis and
characterization is performed entirely in vacuum or Ar environments.
Active Layer Formation

Ruthenium metal was grown in a homebuilt tube-furnace type reactor using
Ru(EtCp)2 and O at 250°C. Crystalline V205 was grown in a Beneq TFS 500 ALD
reactor using vanadium triisopropoxide (VTOP) and O3 at 170°C using an optimized
variant of a previously described process.[68] After V205 deposition, LiV20Os was
formed via galvanostatic electrochemical insertion of Li in a 0.25M LiClO4/propylene
carbonate (PC) electrolyte with a Li metal counter electrode at a C/3 rate, with a cutoff
of 2.8V vs. Li. Excess electrolyte/salt was removed by briefly soaking the sample in
pure PC and rinsing with isopropanol. The lithium polyphosphazene (LPZ) solid
electrolyte was grown at 0.6A/cyc in a Fiji F200 ALD reactor using lithium fert-
butoxide and diethyl phosphoramidate as reactants at 250°C.[149] The LPZ thickness
ranged from 40 — 100 nm for various devices. For 3D substrates, an exposure process
was used in which a butterfly valve shut off active pumping to the chamber during
precursor pulses to ensure full conformality. Following LPZ deposition, the samples

were transferred without air exposure into a second Fiji F200 ALD reactor. The SnNx
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anode was deposited at 200°C using tetrakis(dimethylamido)tin (TDMASn) and a N»
plasma with a growth rate of 0.5A/cyc, followed by deposition of TiN using
tetrakis(dimethylamido)titanium (TDMAT) and a N> plasma, also at 200°C and with a
similar growth rate. Layer thicknesses were measured by SEM cross section and have

an estimated error of 10%.
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