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ABSTRACT

The Hot Working Characteristics of Al-0.65% Fe,
and Al1-0.5% Fe-0.5% Co Conductor Alloys

Kevin Conrod

Recrystallized, rolled rods of the two conductor alloys were
deformed in continuous torsion tests between 200 and 500°C and 0.02
and 5 s ', and in interrupted torsion tests at 400 and 450°C, and 0.1
and 1.0 s_l. The flow stresses were found to depend on the strain
rate through a hyperbolic sine function with exponents of 3.1 and 3.5,
and on temperature through an Arrhenius term with activation energies
of about 260 kJ/mol, much greater than Al. Flow stresses were
considerably higher than commercial Al at 200°C and 300°C, consistent
with their resistance to creep softening in that range. The
strengthening depends upon the dispersion of the eutectic rods which
were refined by Properzi casting, were fractured and dispersed by
rolling, and have very low solubility. The hot ductility increased
with temperature but decreased with strain rate and with rising levels
of alloy addition. The strain to fracture varied inversely with the
strain to steady state and hence the level of dynamic recovery. In
interrupted testing, fractional softening increased with rise 1in
temperature or hold time, or decline in strain rate. With repeated
passes, the strength of the alloys declined substantially compared to

continuous testing.
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CHAPTER ONE

INTRODUCTION

Aluminum’s higher conductivity to weight ratio than copper made
it an attractive candidate for replacing copper conductors in
applications ranging from automobiles and azerospace to electric
machinery. Despite successful use in overhead transmission lines, the
introduction of 1350 grade Electrical Conductor (EC) alloy into home
wiring did not prove successful. Gradual loosening at the terminals
occurred, leading to some well publicized electrical fires and
subsequent regulatory restrictions on their use. A new series of
alloys with 0.5 to 0.9% Fe content were developed to resist the creep
sof tening around the terminal connections that occurs with EC Al.
Gaining knowledge of the relationship between manufacturing process
parameters and mechanical properties 1is important from both a
scientific and industrial standpoint in order to understand and
optimize manufacturing operations, and generate full confidence in the
viability of the conductor alloy for household wiring in the
scientific community, regulatory agencies, and general public at

large.

This study deals with two of the substructure strengthened 8000
series alloys developed by the Southwire Aluminum Company,
specifically an Al-0.65Fe alloy (Triple E), and Al-0.5Fe-0.5Co alloy

(Super TJ). The strengthening mechanism which produces the required



combination of mechanical properties and electrical conductivity is a
retained dynamically recovered substructure reinforced and stabilized
by dispersed eutectic particles. The particles are formed as eutectic
rods of FeAlz, (Fe,Co)zAlg, and F’eAl6 during casting and are fractured

and distributed during rolling and drawing.

The primary objective of the research was to quantitatively
determine the effects of temperature and strain rate on the flow
stress, ductility, and microstructural development at high strains
(e = 4,20), thus correlating the observed mechanical properties with
the microstructural evolution during processing. An additional
objective was to determine in what way the hot working behaviour of
the particle containing alloys compared with dynamic recovery, which
reduces strain hardening and raises ductility. Torsion testing was
chosen to allow testing to proceed at strain intervals representative
of commercial processing. Test temperatures of 200, 300, 400, 450,
and SOOOC, also spanned the commercial process. Strain rates were
varied from 0.02 sec.1 to 4 sec-l. Interrupted deformation testing at
straiﬁ rates of 0.1 and 1.0 sec—l, with interpass holding times of S
to 100 seconds were used to check for the presence of static
recrystallization, and the effect of static recovery on the change in

stress upon reloading.

Before presenting the results of this investigation a review will
be made of the problems with Al conductors, the theoretical basis for
strengthening, followed by specifics on the mechanisms operating

during production processing. Once the theoretical basis has been



established for data analysis and interpretation, along with some
literature associated with Al conductor alloys, the specific tools
employed for analysis will be detailed in the chapter on experimental

procedure.



CHAPTER 2

REVIEW OF PAST WORK

2.1 Background on Industrial Utilization

Of all the conducting elements, only aluminum and copper possess
the necessary combinations of price, conductivity, and mechanical
properties to serve as current carrying conductors. Aluminum was
first employed for electrical purposes in Britain in 1876, entering
service in overhead transmission lines in 1909. With variations on
the conductor grades and cable designs, aluminum soon supplanted

copper for overhead conductors.

Widespread cost driven utilization of aluminum 1350 electrical
conductor (EC) alloy for branch circuits (residential wiring) began
about 1965, largely influenced by the successful deployment in
transmission lines. Use in household applications did not meet with
the same success as some Jjunction failures occurred due to gradual
loosening at the terminals followed by connection damage and fires,

attributed primarily to glow failures (arc discharge) (1, 2, 3).

Poor thermal stability meant the EC wire could not be reliably
connected to the standard small steel fasteners. Loosening and
relaxation was caused by three reascons; the higher coefficient of

expansion of aluminum, the formation of a tenacious aluminum oxide



film on the surface of the conductor, and the 1lack of thermal
stability of the wire under surface overload conditions (4, 5). Steps
were taken by regulatory agencies to address the above points, while
Al alloys were developed with additions of 1% or less to form small
uniformly distributed precipitates to stabilize a fine substructure.
Alloys developed include the Triple E (AA8176), Super T, and Almhoflex
Al-0.6Fe~0.3Si (AA800S). Use of iron as an allovying element was
highly unusual as it was typically considered an impurity to be
controlled to 0.4% or less. The higher Fe contents are advantageous
when the wire is to be batch annealed at ZOO—ZSOOC, while lower
contents and a third alloying element are beneficial for flash

annealing at higher temperatures for shorter times.

2.1.1 Contributing Causes of Failures in Aluminum Conductors

Electrical conductor alloy 1350 is essentially commercially pure
(1100) Al with composition controlled to 99.5% Al minimum, and limits
on elements such as chromium, titanium, manganese, and vanadium. The
linear coefficient of thermal expansion of Al (23.6 um/m °C) is about
43% greater than that of copper (16.5 um/m oC) and double that of the
(11.3um/m oC) plain carbon steel fasteners originally used in branch
wiring. In order to reduce the contribution of differential expansion
in the creep and oxidation of rigid contacts upon service overloads at
100-200 oC, the use of wide brass screws (20 uin/in oC) was mandated
by Underwriters Laboratories (UL) in 1972 (4). Glow failures were
reported to occur in Al-Fe and Cu-Fe interfaces but not in Al-Brass or

Cu-Brass interfaces (4). The inability to control assembly practices



and torques led to the use of standard connectors specifically for
aluminum house wiring. Reduction of the thermal expansion coefficient

through alloying is not feasible for electrical conductors.

Unprotected Al possesses high resistance to atmospheric corrosion
due to the formation of a highly resistant non-conductive oxide layer.
Uncontrollable variability in the torque applied to standard
mechanical connections during installation meant a failure to destroy

the surface oxide layer when the connection was fastened to the

minimum torque. Creep (deformation at strain rates of 10-10 to 10—3
per sec., >0.4 Tm ) allows relaxation and subsequent decrease in
contact pressure. Resistance heating at the junction interface is

then accelerated due to the presence of the oxide, increasing exposure
of the conductor and with growth of the layer accelerated by repeated

temperature cycling under load.

2.1.2 Property Requirements for Al Conductor Alloys

The properties an Al conductor must possess to be safely employed
include temperature stability, for short-time service at overload
conditions, ductility for bending resistance during fabrication and
installation, high yield strength for creep resistance, and resistance
to stress relaxation (primary or transient creep) for contact
stability (1, 6, 7). An effective high tension current carrying
device requires a conductivity of at least 52% of the International
Annealed Copper Standard (IACS) of 1.7241 uQ.cm and 61% IACS for low

tension wiring (6). Aluminum 1350 EC alloy has a conductivity of 61%



IACS versus 103% for pure oxygen free copper. With a density 30% of
Cu, the mass resistivity is half that of copper (0.0764 Qg/m2 vs
0.15328 Qg/m2 for Cu) (8). The conductivity requirements limit the
types of strengthening mechanisms that may be employed. The UL

minimum requirements for EC grade aluminum are given in Table 2.1 (9).

2.2 Strengthening Mechanisms for Conductor Alloys

A strong stable wire that will not loosen will not be susceptible
to oxide growth and increasing contact temperature. To effectively
improve creep properties of an Al conductor alloy the strengthening
mechanisms employed must do so with minimal loss in conductivity. In
other words, the ratio of change in strength to change in resistivity,
Ac/Lp, must be maximized. Work hardening, solid solution
strengthening, and precipitation hardening are unacceptable as primary
strengthening mechanisms for Al branch wiring as some of the
mechanisms are unstable at normal overload temperatures, and the
others result in excessively high resistivity. Table 2.2 (7) clearly
shows that substructure strengthening offers the highest ratio of
increase in strength to resistivity. Subgrain strengthening must be
thermally stabilized to be effective and will be discussed further on.
Production processing involves the interplay of several mechanisms

which will be discussed below.



Table 2.1 Comparison of Physical

Properties of Selected Al Conductor

Alloys (9).
i‘
| AA Alloy Trade UTS| YS EL | Thermal Conductivity
Number Name MPai MPa!{ % |Stability (#IACS)
(*) (**) (x*=)
——-— |Al-0.5Fe-0.5Co |Super T 132} 102 18 98 61
8176 | Al-0.65Fe Triple E| 121 15 92 61
1350 Al EC 124 105 4 71 61
UL Requirements 103 ——} 10 -- -
* Aluminum association alloy number
** o retention of properties, 4 hours at 250°C

*x* H24 temper,

minimum




Table 2.2 Comparative Effects of Different Mechanisms on Strength and

Resistivity. All Values Approximate (7)

Mechanism Calculated Property Ac/Ap
or measured Resistivity Strength
at room temp. (2. cm) (MPa) (MPa/uQ. cm)
Grain Boundaries D = 100 nil 8.8 Very high
. - 10 -2
Dislocations n = 2x106 mm_, 3 -3 20 7
n = 2x10° mm 3x10 2 70
© 4 -2 -5
5 n = 2x10" mm 3x10 .02 700
S| Cell & Subgrain 8 = 10° 5 s
o | boundaries d = 2u(m=-1/2) 6x10 30 5x10
z o = 10° s s
3 d = 2u(m=-1) 6x10 36 6x10
Solid Seolution Ag 26 390 15
Be 0.07 4.3 61
cd 0.47_, 6.3 13
Ce 7x10 0.90 1300
Cu 1.8 160 89
Fe 0.05 2.5 51
Ga 1.5 93 62
Ge 1.6 43.9 27.4
Mg 9.9 371 37.4
Mn 5.6 26 4.7
Ni 0.10 2 20
Si 0.8 25 31
& zn 15.0 294 20
ot \'4 1.2 8.1 7
3 Mg,S1 4.21 74 17.5
< | Precipitation Hardening (over values in the pure metal)
Deformable particles (geak hardness)
Agld¥%, 250°C, 10hr 6.5 400 62
Mg,Si, 175°C, 8hr 1.4 284 203
Cu 1.7At%, 130°C
-60°C, 1000 hr 0.7 88 125
Non-deformable particles (Orowan)( over values in the pure metal)
Agl4 at%,50°C, 100hr 3.35 70 21
Mg231,175°c, 9 days 1.3 170 130

*** Calculated at the solubility limit
6 = subgrain misorientation



2.2.1 Cold Working

Cold working a material (deformation at <0.4 Tm) strengthens it
by increasing dislocation density from 107 /cm2 for fully annealed
material up to 1012 /cm2 for heavily cold worked material. Cold
working decreases the conductivity of the wire due to the interaction
of the current carrying electrons with the dislocations. Dislocations
in heavily cold worked material can increase the resistance 1 to 10%
above that of fully annealed material, which would lower conductivity
of EC Al, and Triple E from 63% to S7% IACS, below the threshold for
branch wiring (7). In alloys with high stacking fault energy (SFE)
such as Al, «—Fe, or Zr, the dislocations start to develop into a well
defined cellular structure after 10% strain (7). Increasing
deformation results in heavily cold-worked grains and dense subgrain
structure that can serve as recrystallization nuclei at normal
overload temperatures, thus eliminating the substructure and rendering
the recrystallized wire useless from a strength standpoint (5, 7,
10-13). Thus when cold working is performed during wire drawing a
recovery anneal is necessary to restore both physical and mechanical
properties, restoring conductivity and gradually reducing the driving

force for recrystallization.

2.2.2 Solid Solution Strengthening

Solid solution is widely applied to increase strength by
interacting with dislocations through atmospheres which either pin

static dislocations or at high T are dragged by gliding dislocations.

10



Stacking fault energy is lowered thus increasing resistance to
cross-slip and <climb (changing activation energy and retarding
subgrain formation) (14, 15). Changes in resistivity are not solely
dependant on the quantity of element addition, but on the form in
which it 1is present (6-8). Elements 1in solid solution decrease
conductivity substantially more than when out of solution. As seen in
Table 2.3 (8), iron in solution increases resistivity 2.56 plU/wt%
versus 0.0S8 uQ/wt% when present as precipitates. The recovery anneal
after wire drawing in the Super T and Triple E alloys precipitates out
supersaturated Fe. As indicated in Table 2.3, elements such as Cr, V,
Ti, and Mn must be controlled in these particle stabilized alloys to
minimize electrical resistance. In the higher strength precipitation
hardened overhead conductor alloy 6201 the above mentioned elements

mainly affect the drawability.

2.2.3 Strengthening and Restoration During Hot Working

When a metal is deformed, dislocations interact with one another
and barriers such as particles, resulting in further dislocation
generation (10-13). The rising dislocation density increasingly
restricts mobile dislocations resulting in a rise in stress (strain
hardening). Deformation under hot working conditions (>0.5 Tm , €
from 10.3 to 10:3 sec—l) can develop a highly recovered substructure
that is not producible through any combination of cold working and
annealing due to the intervention of recrystallization. When under

deformation or service at high temperatures, restoration processes

counteract the strengthening obtained. The dynamic restoration

11



Table 2.3 Effect of Elements In and QOut of Solid Sclution on the

Resistivity of Aluminum (8).

I ]

Maximum i  Average increase in resistivity

solubility per wt%, uQ.cm
Element In Al, % In Solution Out of Solution
Chromium 0.77 4. 00 0.18
Copper 5.65 0. 344 0.30
Iron 0.052 2.56 0.058
Lithium 4.0 3.31 0.68
Magnesium 14.9 0.54 0.22
Nickel 0.05 0.81 0.061
Silicon 1.65 1.02 0.088
Titanium 1.0 2.88 0.12
Vanadium 0.5 3.58 0.28
Zinc 82.8 0.094 0.023
Zirconium 0.28 1.74 0.044

Note : Addition to high purity Al base resistivity of 2.71 uSQ.cm
o
at 25°C

12



processes, either dynamic recovery (DRV) or dynamic recrystallization

(DRX) are strongly dependant on the stacking fault energy (SFE).

In face centred cubic (FCC) metals such as Al, perfect
dislocations may undergoe decomposition into partials with a region of
stacking fault. The higher Gibbs free energy associated with the
defect in atomic stacking order is the stacking fault energy, which
determines the spacing between the two partials (16). The higher the
SFE, the smaller the separation, and more easily that screw
dislocations can cross-slip onto a different slip-plane. The amount
of cross—slip and recovery, and thus the resulting cell-size increases
with SFE (12, 186). With lower stacking fault energy (SFE) the cell
walls become increasingly tangled to where nucleation of dynamic
recrystallization is possible from grain boundary (g.b.) bulging or

accumulation of subboundaries into high misorientations (17, 18).

In Al as in body centred cubic (BCC) and hexagonal close packed
(HCP) materials such as «-Fe, and 2r, dynamic recovery is generally
the only dynamic restoration process operating, however in certain Al
alloys such as Al1-SMg-0.7Mn (19) dynamic recrystallization can result
from particle enhancement. In the "microalloyed" conductor allioys DRV
was expected to be the only operative dynamic restoration mechanism.
FCC metals of lower SFE such as Ni, Cu, and stainless steels restore

at low strains by DRV, but at higher strains by both DRV and DRX.
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2.2.4 Effect of Substructure on Mechanical Properties

The room temperature strength of a material is related to the

subgrain diameter dS as follows

m

o = o + kd (2.1)
s’s

y o
where oy is the yield strength of a substructure free metal with the
same grain size, ks is the subboundary strength ccefficient, and m is
an empirical constant. Equation 2.1 can be re-written in a modified

Hall-Petch form where m = 1/2 as :

c =o¢_ + k d-l/2
y o sb s

(2.2)

¢ +kd Pgq 2
(o] S S s

The strengthening due to the subboundaries, ksb is not a constant but
increases as subgrain size decreases, as compared with the value of k
for grain boundary strengthening which is independent of grain size
(13, 20). The value of p has been reported from 1/2 to 3/2 , rising
from 1/2 for statically recovered substructures to the most commonly
reported value of 1 for retained hot work substructures, and is also
dependant on material and processing route (13, 20, 21-23) (Figure 2.1
(24})). The value of ks usually climbs as the dispersion of particles
becomes finer and denser thus pinning dislocations and altering the
structure of the boundary (25-29). Hardness has a similar inverse
relationship to subgrain size as in Eqn. 2.2 but the relationship is
accurate over a narrower range of hardness and subgrain sizes.
Strengthening from grain boundaries has a high ratio of Ac/Ap in Table
2.2 but the effects are limited by the smallest attainable grain size

in commercial processing of about 20u. Subgrains can be commercially
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produced with diameters of approximately 0.5y, quadrupling the

potential strengthening reported in Table 2.2.

2.3 Dyvnamic Recovery Flow Curve

The flow curve characteristic of metals with high SFE is shown in
Figure 2.2 (17). Throughout the hot deformation, the increases in
dislocation density are countered by dynamic restoration resulting in
strain hardening monotonically decreasing to zero at the plateau. The
plateau stress is reached after a strain of 0.2 to 0.3 when there is
an equilibrium between the rate of dislocation generation and
annihilation (13, 30, 31). The generation rate is dependant on the
strain rate while the annihilation rate 1is a function of the
dislocation density (and therefore the strain) and the ease of
operation of recovery mechanisms such as climb, cross-slip, and node
unpinning (thus temperature related) (31). With rise in DRV the hot
flow stress falls and ductility climbs. Reduction of the plateau
stress can occur at high strains due to deformational work heating,
development of a preferred orientation, or dynamic precipitation.
Strain hardening decreases as the strain rate 1is lowered or
temperature raised. The presence of particles may reduce recovery

depending on their strength, distribution, and size (6, 13, 22).

2.3.1 Dynamic Recrystallization Flow Curve

Deformation of metals with low intrinsic SFE, or SFE reduced

through alloying will produce a characteristic flow curve with a
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pronounced peak and decline to steady state. In these materials
hardening and dynamic recovery are the only mechanisms operating until
near the maximum stress, when the nucleation of dynamic
recrystallization (DRX) results in a rapid decrease in strain
hardening to zero at the peak strain ep , and a further decrease in
the flow stress as the recrystallized grains form with lower

dislocation density and less strength (30).

2.3.2 Substructure Evolution During Deformation

Substructure development in high SFE materials occurs as
dislocations become entangled during strain hardening and outline a 3
dimensional cellular structure, characterized by small misorientations
between cells (12, 13, 32). As the deformation temperature is
increased into the hot working range subgrain formation occurs with
higher misorientation (up to 20) between more dense but orderly cell
walls, lower interior dislocation densities, and the formation of a
stable subgrain size. The equilibrium size rises with deformation
temperature and falls with the strain rate increase and is largely

independent of strain during steady state (33, 34).

During large strains, the subgrains do not elongate with the
grains as the cell walls continually decompose and reform in a process
named repolygonization, maintaining a characteristic wall spacing and
dislocation arrays (12, 13, 35-37). Dislocation generation likely
occurs by the Kuhlmann-Wilsdorf model of bowing out dislocation

segments from the subboundaries (38) and from the dislocation network
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within the subgrains (22, 35). Increase in wall density occurs by
migration of the dislocations to the cell walls where they are knitted
in. Recovery occurs by annihilation of dislocations of opposite sign
in the subgrain boundary and by unravelling of the boundary as

dislocations are pulled out.

Equilibrium conditions of equiaxed subgrain size are achieved
through continuous unravelling and knitting of dislocations at the
cell walls. When the controlling variables of temperature and strain
rate are changed a new stable structure will develop which is

independent of the previous one (13, 22).

2.4.1 Stress. Strain Rate, and Temperature Relationships

The relationships between the strain rate €, and the temperature
T dependance on the stress o obtained for both creep and constant

strain rate tests are:

€ = Aol exp (—QHW/RT) (2.3) Power Law

e = A exp B8O exp(—QHw/RT) (2.4) Exponential Law

€ = A (sinhoar)n exp(—QHw/RT) (2.5) Hyperbolic Sine Law
where A, A’, A’’, n, 8, B, and « are experimental constants and QHw

the activation energy, T the absolute temperature, and R the universal

gas constant of 8.31 J/mol-K (12, 13, 22, 29, 35).
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The power law is used to represent the results of creep tests as
well as hot working tests at low stress (<10 MPa). For tests at
higher stress levels the exponential law is used. To enable
comparison of data from both creep and hot working testing, the
hyperbolic sine function mathematically approximates the other two at
the extreme values of the stress (12, 13, 18). A value of n from 4 to
5 was drawn from creep studies on commercial Al where the power law

with exponent 4-5 was related to dislocation climb (38-40).

The activation energy for hot working has been reported to be
from 150 to 156 kJ/mol for pure Al, and 154-162 kJ/mol for commercial
alloys, rising with alloy content (28). Values for 1100 or 1350 EC-Al
would be expected to be the same or very similar. The activation
energy for hot working is commonly similar to that for self-diffusion
indicating dislocation climb as the rate controlling mechanism in both

creep and hot working of commercial Al.

The Zener-Hollomon parameter ( Z = ¢ exp Q/RT ) or temperature
compensated strain rate 1is used in hot working studies as it provides
a constant for comparison which contains the two control variables of
temperature and strain rate. Under deformation conditions with the
samé Z value, the flow curves and substructure are the same. The
subgrain size dS is inversely proportional to Z as follows.

ds‘l =G+ H log Z (2.6)

where G and H are constants (12).
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2.4.2 Hot Ductility

The ease of DRV limits the amount of W (wedge, i.e. triple
Junction) cracking by allowing non-uniform deformation in the grains
at triple junctions, relieving stress concentrations due to grain
boundary sliding. Formation of serrated grain boundaries further
reduces grain boundary sliding. Fine uniformly distributed particles
that stabilize the substructure by reducing DRV diminish ductility by
lowering boundary mobility (10-13, 18, 20, 22-23, 30). Large
particles or inclusions can act as sites for nucleation of cracks or

voids.

Torsional deformation does not suffer from the necking
instability present in tension testing; thus in torsion, true fracture
strain is usually much higher than that in tension. The ductility in
tension is defined by the equation :

€ = In(1/1-R_) (2.7)
a
where €¢ is the fracture strain and Ra the reduction in area.
For ef > 1 the torsion to tension ductility can be empirically related

by (41):

ef(torsion) = (ef(tension))2 (2.8)

2.5 Interrupted Deformation Testing

Industrial processing of alloys commonly proceeds in stages of
deformation with varying interruption times, temperatures, and strain

rates. Interrupted deformation tests are used to determine the type
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and magnitude of restoration mechanisms. Tests can be performed with
varying levels of time temperature, strain increment, and strain rate,
but these are usually fixed to facilitate testing. Softening between
passes reduces flow stress in the next pass and usually increases hot
ductility when SRV is the only operative mechanism. Direct comparison
between industrial processing and constant strain, strain rate, and
constant temperature tests can be complicated due to the influence of

inherited microstructure, but simulations are assumed to be valid.

2.5.1 Static Recovery

In contrast with DRV, static recovery (SRV) proceeds in the
absence of strain, either between stages of deformation, at the
conclusion of deformation during cooling, during a heat treat
operation, or in service. Static recovery proceeds through the
material wvia a process of annihilation and re-arrangement of
dislocations in sub-boundaries. This process, termed polygonization,
is followed by subgrain coalescence when decomposition of weaker
sub-boundaries takes place. This process is not homogeneous and leads
to a limited number of SRX nuclei. Static recovery between passes
reduces the effect of inherited substructures due to the loss of
mobile dislocations, usually reducing subboundary densities without
changing subgrain size: in industrial processing of the Super T and
Triple E alloys this loss would only be a few percent (12, 13, 22,

37).
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Recovery halts by self-reduction of the driving force through
creation of more stable low energy structures, or by initiation of
static recrystallization (SRX). Metals of high SFE can undergo
softening of 10-50% before initiation of SRX and Al can be easily
cooled to room temperature to retain the substructure. The presence
of fine particles on the sub-boundaries usually stabilizes them,
reducing SRV and reducing or eliminating SRX. The precipitate
stabilized substructure improves high temperature stability and
resistance to creep (11). The particles must be large enough so that
they are not sheared by dislocations, and their spacing sufficient to
inhibit grain boundary mobility, but must not be so large as to act as
recrystallization nuclei by creating areas of high local
misorientation. Low particle solubility is necessary at the operating

temperatures to maintain the pinning effect and to delay coarsening.

If the particles are not successful in inhibiting nucleation by
substructure stabilization they can still slow down the migration of
boundaries and sub-boundaries. Zener (42) developed a theory for the
dragging effect of uniformly distributed particles on grain boundary
mobility. Grain boundary migration comes to zero when particle drag
equals the driving force for boundary motion. The Zener drag, Z, on a
boundary is given by (28, 42-43):

Z2=oo (3f 7gb/ 2r) (2.9)
where r is the particle radius, f the volume fraction on migrating
boundaries, «’' a constant, and Tgb the grain boundary energy. For a

given volume fraction, smaller particles hinder g.b. mobility more

than large ones.
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2.5.2 Static Recrystallization

Static recrystallization (SRX) initiates in localized regions and
proceeds by migration of high angle boundaries driven by the energy
difference between the high energy of the deformed structure it is
moving into, and the low energy stable structure left behind. In
metals of low SFE, SRX almost always follows DRX with minimal
intervention of DRV (10-13, 19, 22). The incubation time for the
nucleation and growth of new high angle boundary grains of low
dislocation density is dependant on DRV, and thus rises with SFE.
Increasing strain, strain rate, and decreasing temperature favour SRX
by increasing dislocation density and thus the driving force. Grains
produced by SRX are larger and also softer than those produced by DRX
due to the lack of a retained substructure. Dispersed particles will
delay or prevent recrystallization if the interparticle spacing is

less than 2um by inhibiting nucleation and grain boundary migration.

2.6 Production Processing of Particle Stabilized Al-Allovs

In order to relate the strengthening mechanisms and
microstructural development, the manufacturing operations and
corresponding substructure development will be covered in detail.
Without a dispersion of insoluble intermetallic particles to stabilize
the substructure, the intervention of SRX or extensive recovery would
negate any gains in strengthening. As the intermetallics are
insoluble they do not respond to heat treatment. Rapid solidification

during casting is the only way to control the dendritic spacing and
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distribution of the precipitate (5, 9, 24, 26, 44). The initial
particle dimensions and spacing determines the average stable cell
size attained by thermomechanical processing, as intermediate or final
wire treatments can not override the importance of the initial rod
micrestructure (5, 9, 24, 26, 44). One can get lower average stable

cell size adding more cold work.

Continuous casting of these alloys is done on a continuous bar
caster (modified Properzi type). The process ultimately yilelds rods
and thus it is known as the Southwire continuous rod (SCR) process.
Casting of 50 cm2 bar at 16m/min on a wheel 2.5 m diameter results in
a 20 um dendrite spacing with eutectic rods of approximately 0.2 um
diameter and Fe in supersaturated solution. In Super T the rods are
stable intermetallic compounds of FeAl6, (Fe,Co)Al3 and (Fe,Co)ZAlg.
In Triple E the rods are metastable FeAl_ and its stable derivative

6

FeAl3. Slow solidification wvia conventional casting results in a 210

pm dendrite arm spacing (45, 46).

Directly from the casting wheel the bar is reduced 98.6% (e =
4.33) to 0.7 cm2 in a 13 stand rolling mill as the temperature
declines from 485 to 180°C and the strain rate increases from 1.6
sec-1 to 27 sec_1 at the exit of the rolling mill. After 2 passes,
the 60% reduction has reduced subgrain size to 5.3 um for Triple E.
The subgrain size after each stage of deformation is larger than it
would be from deformation solely at that stage as it has inherited the
substructure from the previous stage where the temperature is higher

and strain rate is lower (10, 13, 37). After 9 passes and 94%
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reduction cell size is reduced to 1.6um. At finishing, the sizes lie
between 1.0 and 0.85 um for Triple E and Super T respectively, versus
1.6um for EC Al, and 4.0 um for Super T rod produced from slowly
solidified bar (5, 26, 45, 46). In production the rod is cooled
before coiling to eliminate non-uniform subgrain growth. The
conductivity of the as rolled Super T and Triple E alloys is 60.4% and
59.8% IACS respectively. The rod for the present testing was
withdrawn at the end of the rod rolling stage and subject to
recrystallization anneals as discussed in Chapter 3. Thus the

eutectic rods are already broken up and fairly well distributed.

Transfer of the rod directly into wire drawing without annealing,
and thus with the retained hot work substructure, is termed continuous
processing. The wire drawing through 12 dies gives another reduction
of 92.2%4 (e = 2.56) to 0.052 cm2. Cold drawing increases the
uniformity of precipitate dispersion and the dislocation density thus
reducing cell size to 0.8 um for EC, 0.6um for Triple E and 0.4 um for
Super T. Conductivity for the as drawn Super T wire is 59.1% IACS
versus 61.2% for Triple E. Recovery annealing at 250-300°C raises
ductility to 15-20%, restores conductivity to 61% IACS minimum, and
increases subgrain size to 1.6 um (non-uniform) for EC, 1.2 um for
Triple E, and 0.8 um for Super T. After annealing, the interparticle
distance equals the average subgrain size, thus confirming the
dependance of subgrain size on particle spacing (5, 9, 44). On the
other hand, annealed Super T wire from slowly solidified bar has an

interprecipitate spacing of 10 um.
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2.6.1 Effect of Particles on Strengthening During Processing

During the first stages of rolling the eutectic rods are
resistant to shearing by dislocations but allow the matrix to flow
around them. As flow stress (dislocation density and cell refinement)
increases, dislocations exert bending stresses on the rods, fracturing
them into segments 2 or 3 times their diameter. Continuous processing
with extreme reductions 1leads to ‘"“stringers" of segmented rods
extended through the length of the rod and wire, with interparticle
spacing becoming more uniform and greatly reduced. The very short
times between passes on the continuous mill limit the reduction in

internal stresses thus ensuring fracture of the eutectic rods.

Particles must be sufficiently large so that they are not sheared
by individual dislocations, but not large enough to act as nuclei for
SRX. The size range must be from 0.06 to 0.6 um. During rod rolling
the eutectic rods are fractured into more uniform segments of
0.075-0.5 pum. For Super T and Triple E there is approximately one
particle per cell, whereas only one for every two cells in EC-AL.

Primary particles of FeAl., larger than 0.6 um in diameter are not

3
shearable by dislocations but produce complex deformation in the
surrounding matrix. Small cells are produced with high misorientation
walls that can transform into recrystallization nuclei upon heating.
Rapid solidification with the fracturing of the eutectic rods into
segments 0.2 pum in diameter in a fine dispersion inhibits both

subboundary mobility and general recrystallization. At the conclusion

of rolling the larger subgrain size of EC-Al (1.6 pum vs. 0.85-1.0 um)
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results from having only 40% of the particle density of Triple E and

Super T in the useful range of 0.075-0.5 um {(25).

Precipitation of supersaturated iron as FeAl3 particles (approx
0.01 um dia.) takes place as the solubility of Fe in Al decreases from
0.052% at 655°C to 0.005% at 500°C. In the Al-Fe and Al-Fe-Co
conductor alloys, precipitation takes place mainly on dislocations in
the subboundaries, locking them in place and reducing dynamic recovery

by obstructing the process of unravelling of subboundaries.

The particle stabilized substructure produces considerable
increases in creep resistance and microstructural stability, as is
indicated in Figure 2.3 (5). In a 100 hour stability test at 200°C
the yield strength of Super T remains constant at 95 MPa whereas 1350
EC Al declines from SO to 30 MPa and Triple E declines from 68 to 62
MPa. Increased yield and ultimate tensile strength of Super T over
1350 Al can be attributed to differences in work hardening behaviour
caused by the small stable substructure. Figure 2.4 (5) shows that
substructure refinement increases both strength and ductility in the
alloys, with the Super T possessing nearly double the UTS of
conventionally processed EC Al when annealed to provide the 15-20%
ductility required 1in service. With rising temperature, the
strengthening and stabilizing effect of the particles diminishes
slowly as thermal activation increasingly facilitates motion of

dislocations around the obstacles by climb or cross-slip.
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Fig. 2.3 Effect of 100 hour high temperature stability test
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CHAPTER THREE

EXPERIMENTAL PROCEDURE AND ANALYSIS OF DATA

3.1 Torsion Test Procedure

3.1.1 Torsion Equipment

The torsion machine as originally conceived was described in
detail by Fulop et al (47) (Figure 3.1). Upgrades to the test rig
have automated test data recording and temperature control. One end
of the sample is twisted by a dual valve hydraulic motor (Figure 3.2)
and the resulting torque is measured at the other end by a 100 in-1lb
torque cell. Two servovalves are used on the hydraulic motor to
obtain reliable twist rates of 0.02 rev/sec to 1 rev/sec for the low
flow servovalve, and 1 rev/sec to 10 rev/sec for the high flow valve.
Output from the load cell is directed through a transducer conditioner
circuit. The range of the load cell can be set to 100%, 50%, 20%, or
10% full scale to adjust the precision of the output. Rotary
displacement of the motor is controlled by a closed loop system
(Figure 3.3) and 1is measured with either a 10 turn or 50 turn
potentiometer (10v full scale) which provides the feedback to the

controller.
Heating of the test pieces is accomplished by an electrically

heated 4 tube radiant furnace. A watercooled aluminum shell lines the

furnace and focuses the radiant energy to the centerline. Unlike
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resistance heated furnaces, there is a very low thermal inertia so
rapid heating and cooling is possible. Temperature and electrical
pewer input 1s also controlled through a closed loop system. The
short thermal time constant of the furnace enables a fast response to

increases in temperature caused by deformational work heating.

3.1.2 Mounting of Specimens

The test pieces are supported at each end by INCONEL 713C nickel
based superalloy bars (48) nominally 1" in diameter with 309 stainless
steel end adapters. Thrust bearings hold the self-centering three jaw
chucks that grip the bars at the hydraulic motor and torque cell
(Figures 3.2, 3.4). The torque bar and chuck, bearing assemblies, and
torque cell are mounted on the lathe carriage which is moved axially
on the lathe bed to facilitate specimen insertion and removal, and
manual specimen quenching. The lathe carriage is fixed in position
for the duration of the test by bolting it down to the lathe bed.
Quenching is accomplished manually by removing the furnace from around

the specimen and can be initiated consistently within 6 seconds.

3.1.3 Control of Test Variables

3.1.3.1 Temperature Control

Temperature control 1is achieved by a Leeds and Northrup model
1300 process programmer along with an Electromax S proportioning
controller. Ramp time to test temperature and socak times at

temperature are controlled by the process programmer. Feedback
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control is used for maintaining temperature, with displays provided of
set point temperature, actual temperature, and percent of maximum
current drawn by the furnace. A K-type (chromel-alumel) thermocouple
supplies the feedback signal to the controller. The thermocouple is
held in place on the gauge section approximately 1/4" from the
shoulder radius by tying it to the specimen with INCONEL wire. With
the exception of the tip, the thermocouple is sheathed by an alumina

tube.

Ramp times of 5 minutes were used for test temperatures of 500,
450, and 4OOOC, 4 minutes to 3OOOC, and 3 minutes to ZOOOC. Specimens
were soaked at test temperature for 5 minutes to equalize temperature.
When test duration exceeded several seconds heat input from
deformational work heating was detected by the controller and resulted
in a reduction in power supplied to the furnace, lowering temperature

to the set point value.

3.1.3.2 Atmosphere Control

A protective atmosphere of commercial purity argon was maintained
during testing by flowing through a series of small holes uniformly
distributed in the furnace walls. In trials on scrap specimens
without protective atmospheres the Super T and Triple E alloys showed
no visible oxidation when heated, however 6201 alloy did show some

oxidation.
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3.1.3.3 Control of Strain, Strain Rate, and Data Acquisition

Control of the machine is achieved by the use of a closed loop
system which is schematically illustrated in Figure 3.3 (47).
Conventional feedback control is used, in which a comparison is made
between the command value, and the feedback signal from the rotary
displacement transducer. The error signal between the two is sent to

the hydraulic servo valve that moves to cancel the position error.

A PDP 11/04 minicomputer was used to record the twist and torque
values at fixed intervals (200 datapoints per test) . Torque versus
equivalent strain curves are displayed on a Tektronix cathode ray
terminal. A Tektronix 4631 thermal printer produced copies of the

screen image. Raw data is stored on hard-sectored 8" disks.

3.1.3.4 Stress and Strain Conversion

In the solid specimens used, there is a gradient of the strain,
strain rate, and stress from zero at the axis to a maximum at the
surface. Following the established practice in torsion testing,
calculation of the equivalent linear stresses and strains were based
on maximum (surface) conditions with metallographic examinations (and
correlation) based on tangential sections as close to the surface as

possible (49).

The surface shear strain in torsion of a solid bar is defined as

¥y =r 68/1 (3.1)
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and the shear strain rate as

¥y =r 6/1 (3.2)
where r = gauge radius, 1 = gauge length, and 6 = amount of twist in
radians. Substituting for 6 = 27nN, where N = the number of

revolutions, and using the von Mises criterion (41)

e =y / V3 (3.3)
where € is the linear strain, leads to

€ = [2aN / V3 ] (R/L) (3.4)
The strain rate would therefore be given by

e = [2nN / V31 (R/L) (3.5)

With the ratio of gauge radius to length of 1:8, a strain of 4 is 8.82

revolutions, and a strain of 20 is 44.1 turns.

The measured torque I' is equal to the moment produced by the
shear stress T acting over the specimen cross section as defined

below:

5 2
= 2 J T r dr (3.6}
r

If the shear stress is assumed dependant on the shear strain and shear

strain rate in the form :
T =K ;yn afm (3.7)

where K, n’, and m are material constants, equations 3.1, 3.2, 3.6,

and 3.7 become :
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2 »

r=2rnkKke® ™ J p2n tm g (3.8)

Integrating the equation and solving for shear stress for a solid bar
yields :

T=(3+n+m)T (3.9)

2nr

The strain rate sensitivity m and the strain hardening exponent n’ are

defined as:

Glog T (3.10)

Glog e T
and

» o 8log T (3.11)

dlog é,T

Using the von Mises yielding criterion
oc=V3rT (3.12)

leads to the definition on the equivalent uniaxial normal stress as

c = (3 +n’+ m) r (3.13)
on o Vi
3.2 Test Material
3.2.1 Specimen Geometry

Specimens were machined with one end threaded and with the other
having rectangular cross section as indicated in Figure 3.5. This
configuration facilitates specimen insertion and removal without
accidentally straining the test piece because the rectangular end is

not constrained axially. Thermal expansion of the specimens produces
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length changes of 1/64" to 1/16". Provision is made for expansion of
the specimen by positioning the slotted end of the specimen
approximately 1/8" from the bottom of the recessed hole in the test
bar. In addition to thermal expansion, a solid bar specimen, when
twisted with free ends at high temperature, may change Ilength,
resulting in buckling or premature fracture. Texture development in
the specimen with rising strain is considered to be the cause of this

expansion (50).

3.2.2 Alloy Chemistry

Test specimens were supplied by the Southwire Aluminum Co of
Carrollton, Georgia from a single batch of each alloy. The actual

alloy chemistry is as follows:

Alloy Al Fe Co Si Cu Mo Mg Cr Ni 2Zn TIiI ¥
Super T bal .59 .50 .04 .001 .003 .001 .001 .001 .02 .0O1 .00S
Triple E bal .65 - .038 .001 .003 .001 .001 .001 .007 .001 .001
6201 bal .22 - .32 .03 .44 .02

Due to the low alloy content the melting point of the supplied
batches of Super T and Triple E alloys are expected to be close to

that of commercially pure (1100) aluminum (652°C).
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3.2.3 Heat Treatment

The test specimens were recrystallized after machining to produce
uniformity of grain size (g.s.) between the three alloys and create a
structure that would be stable at the highest test temperature. A
Lindberg Hevi-Duty high temperature resistance furnace with argon
atmosphere was used for heat treatment. On Triple E and Super T,
annealing trials were conducted at : SSOOC, 1 hour; 600°C, 1 hour;
625°C , 1, 2, 3 hours; and 640°C for 1 hour. Heat treatments for 6201
were: 450°C, 1hour; 500°C, 1, 2, 3 hours; 550°C, 1 hour; 575°C, 1
hour; 600°C, 1 hour. The final annealing operations producing the
most similar microstructures were: Super T, 3 hours at 640°C (g-s.
85um); Triple E, 3 hours at 625°C (g.s. 60um); 6201, 3 hours at 500°C
(g.s. S8um). The predeformation microstructures of the Super T and

Triple E alloys can be seen in Figures 3.6 and 3.7.

It was difficult to obtain a uniform grain size as the three
alloys underwent non-uniform grain growth at different conditions
during annealing. The non-uniform grain growth, also called secondary
recrystallization, can be related to the breakdown of particle pinning
of the grain boundaries, or to preferred crystallographic orientation
in recrystallized material. Secondary recrystallization related to
particles is pronounced in appearance only when annealed in the
temperature range in which the particles gradually start to coarsen

and dissolve (51).
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Fig. 3.6 Fully recrystallized microstructure of transverse section

of Super T alloy. Annealed at 640°C for 3 hours. XSO

Fig. 3.7 Fully recrystallized microstructure of Triple E alloy.
Annealed at 625°C for 3 hrs. X100
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3.2.3.1 Grain Size Determination

Grain size determination was made by the planimetric technique
(52): by counting the number of grains within an area and determining
an average grain diameter. The alloys were prepared through repeated

etch and polish operations, with an etchant of the following

composition.
20 ml Poulton’s Reagant (12 parts conc HC1)
(6 parts HNO3)
(1 part HF)

(1 part water)
12.5 ml of HN03, concentrated

20 ml chromic acid solution (3g chromium trioxide per 10 ml

water)

3.3 Test Matrix

The test matrix was developed to closely match the actual
manufacturing process, where there is a total strain of 4.33 and the
temperature declines from 485 to 180°C. Accordingly, the temperature
range was 200 to SOOOC and total strain of 4. Strain rates of 0.02 to
5 s—1 were defined by the capability of the torsion machine thus
falling short of the 27 sec-1 in production. For ductility testing,
straining proceeded to fracture or to the potentiometer strain 1limit
of 20. Additions to the test matrix were made based on preliminary

test results. The final program is illustrated in Table 3.1., and the

ratios of test to melting temperatures in Table 3.2.
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Table 3.1 Continuous Deformation Test Conditions

Strain Equivalent Temperatures (°c)
Rate, s_1 Strains
0.02 4 300, 400, 450, SO0
0.1 4,20 200, 300, 400, 450, 500
1.0 4,20 200, 300, 400, 450, 500
4 or S* 4,20 200, 300, 400, 450, 500

* Strain rate was reduced from S to 4 to facilitate testing

Table 3.2 Homoleogous Temperatures (T/Tm)

Temperature T/Tm
(°c)
200 0.51
300 0.62
400 0.73
450 0.78
500 0.84
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During the preliminary testing, the 6201 specimens exhibited
localized deformation, the degree of which increased with strain rate
and temperature. Subsequent annealing treatments at different times
and temperatures were unable to eliminate this problem. Moreover, the
chemical composition of the material shown above indicates that the
specimens supplied did not meet the specifications for 6201 alloy.
Consequently, the alloy was dropped from further testing and an

expanded program utilizing the remaining alloys was created.

3.4 Interrupted Deformation Tests

Interrupted deformation tests were conducted to study the effects
of static recovery and recrystallization between passes. Each
interrupted, or multistage, test consisted of six passes of equal
strain of 0.3 to a total strain of 1.8. Strain stages of 0.3 (25%
equivalent reduction per pass) paralleled the average 30% reduction in
the first six passes in rod rolling (e = 2.17)}. Interpass hold times
{interruption times, ti) varied from S to 100 seconds. Testing was
not performed at 200 and 300°C as continuous deformation testing tests
had revealed a lack of rate sensitive deformation confounded with
deformational heating. Testing at 500°C was not possible due to the

inability to resolve the small incremental changes in stress upon

reloading the specimen. Strain rates of 0.1 and 1.0 s-1 were
employed. The test matrix for the interrupted testing is shown in
Table 3.3.
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Table 3.3 Interrupted Deformation

Test Conditions

Temperatures Interruption Strain Rates
(°c) Time, ti(sec)
400 5, 10, 20, 40, 100 0.1, 1.0
450 10, 20, 40 0.1
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3.4.1 Analysis of Data

The term to indicate the extent of softening between passes is
known as the fractional softening (FS), i.e. the extent of softening

relative to hardening. Fractional softening is based on the equation

FS,. = (F_.- T _.)}) / (C_.-T ) (3.14)
i mi ri mi o

where rmi is the maximum torque at the ithpass, rri is the torque on
reloading, and Fo is the initial or yield torque during the first
pass. Torques were used as the conversion to stress at any one
condition involves only the multiplication by a constant. The two
ways to calculate the stress on reloading are: the 0.1% offset or the
back extrapolation method (53). The latter method was used to
determine FS as there were not enough data points in the initial
strain interval to accurately place a 0.001 offset strain line. Back
extrapolation involves fitting the flow curve in the first pass to
the reloading curve at high strains to determine rri at 1its
intersection with the elastic reloading line (53). The equation does

not separate the effects of static recovery and recrystallization;

however, only SRV was expected at the chosen ti.

For successive passes during a test an envelope curve can be
drawn connecting the maxima, to compare with that obtained during
continuous deformation. Superimposing the curves for wvarious ti
highlights the effect of varying hold times on net hardening. Alloys
that undergo SRX during the interval would have envelope curves

significantly lower than the continuous case. Due to the scatter in
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the magnitudes (but not ratios) of the torque (or stress) values, a
superimposed plot of all of the interrupted loading curves at various
interpass hold times was not possible. Another method to produce the
superimposed plots for interrupted deformation was developed, by
creating an envelope curve from plots of relative retained hardening

(RH) versus strain. Retained hardening is defined as

RE=T./T {3.15)
mi ml

where Fmi is the final torque at the ith' interval and le is the
torque at the end of the first pass. A hardening ratio of less than 1
represents net softening compared to the first pass, 1.e. strain
hardening does not match the cumulative effects of static restoration.
Retained hardening greater than 1 indicates that the dislocations
generated during the loading interval are not eliminated during
interpass static recovery. Analyzing data in this form offers two
principal advantages over fractional softening plots. Creating ratios
of pass torque during each test in effect normalizes the hardening
behaviour, thus the envelope curve generated is free from the observed
test to test scatter in mechanical strength. It is thus possible to
compare the RH envelope curve with continuous flow curve at equal
strains for all test data. Additionally, as the retained hardening is
based on easily observed maximum values, the calculation of the RH
parameter is very precise and reproducible. The peak torque (Fm) and
the reloading torque (Fr) can rise or decline together during a series
of passes to indicate a more or less constant value of fractional
softening (FS), while the RH graphs would indicate the occurrence of

net hardening or softening and the percent difference from continuous
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deformation. Thus retained hardening plots can be directly utilized

to obtain the flow stresses required for deformation.

A common format is followed in the presentation of the test
results in that most graphs are plotted twice, once for Super T and
once for Triple E. For each graph, all the data points for that
material are plotted, with selected lines or points from the other
alloy included for comparison purposes. The data point symbols for
Super T have the upper half filled black, or are entirely filled. For
Triple E the lower half is filled, or an empty outline 1is used. To
ald in recognition, only Triple E curves are solid, the remaining

lines dotted as per the figure captions.
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CHAPTER 4

EXPERIMENTAL RESULTS

4.1 Continuous Deformation Tests

Scatter in the experimental data increased as the temperature was
raised to 500°C (54). Most data employed for the study of mechanical
properties was taken from tests to € = 4, which resulted in uniformly
deformed specimens with good surface finish. Tests in which
procedural or experimental errors occurred such as thermocouple
breakage were excluded from the analysis. Thirty nine tests at € = 4
were utilized for the Al-0.65Fe Triple E alloy and 36 for the
Al1-0.5Fe-0.5Co Super T according to the schedule in Table 3.1. Some
specimens for € = 20 exhibited a marked decrease in smoothness of the
surface as well as limited warping of the gauge section or a reduction
in length. This effect was most noted at 400-500°C at € = 0.1 s—y
Oxidation does not appear to be the cause of the surface effects as
tests of the same duration to € = 4 and € = 20 suffered the problem
exclusively in the latter case. Elevated temperature soaks on
specimens without protective argon atmosphere failed to produce any
noticeable oxidation. These effects are due in part to local surface
instability and in part to the development of a preferred orientation
in the material at high strain (50,55). For ductility tests to € =
20, nineteen tests were conducted on Triple E and 20 on Super T.

Tests were repeated when the results were ambiguous.
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4.1.13 Rate Sensitivity

Plots of log torque versus strain rate (Triple E, Fig. 4.1, Super
T, Fig.4.2) were made at the point of highest stress to determine the
strain rate sensitivity, m. Similar behaviour was observed for both
alloys with rate sensitivity for Super T and Triple E rising from
~.022 and -.003 at 200°C up to 0.186 and 0.194 at 500° . The negative
values at 200°C partially result from adiabatic heating but more
likely suggest that this T is below the hot working range. Super T
shows slightly higher strength and lower rate sensitivity than Triple
E except at 450°C where values of m are 0.1396 versus 0.1064. If rate

sensitivity is written in the form

(0 /) = (éz /é1 " (a.1)

to double the stress at SOOOC (m = 0.19) would require a 40 fold
increase in strain rate but at 400°C (m =~ 0.09) an increase of about

leo3 would be necessary.

The strain hardening exponent n’ was calculated at the point of
highest stress by averaging values for all e at a constant T (Table
4.1). Values increased from 0O at 500 & 450°C to 0.184 and 0.114 at
200°C for Triple E and Super T. Torque to stress conversions were

then made with m and n’ according to equation 3.13.
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Table 4.1 Strain Hardening Exponent n’

Temperature Triple E Super T
°c) A1-0.65Fe | Al-0.SFe-0.5Co
200 0.184 0.114
300 0.137 0.073
400 0.021 0.004
450 0 0
500 0 0
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4.1.2 Continuous Deformation Flow Curves

Representative flow curves can be seen in Figure 4.3 (Triple E)
and Figure 4.4 (Super T). Flow curve shape, monotonically rising to a
peak or steady state stress clearly established at higher T was
typical of DRV (10, 12, 13, 18). Similar behaviour was observed in
tests to € = 20, with a shallow decline as strain increased
particularly evident at lower temperatures, attributed to texture
softening or deformational heating. A rapid decline in strengthening
was observed from 300 to 400°C, with the Super T slightly stronger at

all temperatures.

4.1.3 Effect of Temperature & Strain Rate

The effect of temperature and strain rate on the stress was

analyzed by using the hyperbolic sine law of Sect.2.4
€ = A (sinh ao)® exp (~Qy; /RT) (4.2)

where A ,«, and n are empirical constants, QHw the activation energy
for hot working and R the universal gas constant. The value of n was
obtained by the average of best fit constant T lines on a graph of log
é versus log(sinh ao) (Triple E, Figure 4.5, Super T, Figure 4.6) to
the test conditions where there was a clear observation of temperature
dependence of the strain rate and resulting stress (i.e. stress
assisted thermally activated flow). These conditions were met at 400,
450, and 500°C. As is common practice when QHw is independent of e,

constant temperature lines were maintained parallel to one another
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while being fitted with this average slope, but were fit to the data
at 200 and 300°C. A value of o = 0.052 MPa.—1 was found to give the
best fit to the results. The value of n of 3.5 for Triple E and 3.1
for Super T was slightly lower than the 4.0 to 4.2 for commercial
purity Al. At 300°C Triple E had 10-20% lower hot strength than Super
T, but comparable to Al at 200°cC. At 500°C strengths of the alloys
were similar, only slightly higher than Al. From the slopes for
3OOOC, the observation of hot working behaviour can be seen at a lower

T for Triple E than Super T.

Intercepts of sinh(wo) were taken at € = 0.02, where no adiabatic
heating was observed, and replotted in a graph of log Sinh(ac) versus
1/T (Figure 4.7). From this graph, the activation energy for hot

working was determined as

Q = 2.303 R n (slope of the line) (4.3)

HW

Activation energies were then calculated as 270 and 260 kJ/mol
for Triple E and Super T respectively, much higher than the 150-1SS
kd/mol for Al (13, 18, 22). The greater value of Q results from the

rapid rise in strength of these alloys above Al as T declines.

Data from different temperatures were drawn into a plot of the
Zener - Holloman parameter 2Z [= é exp(QHw /RT)] versus sinh(ac).
(Triple E Figure 4.8, Super T Figure 4.9). At 200°c, (0.51 Tm) the
data at all strain rates lies far above the high temperature range for
both alloys supporting the observation that this temperature is not in

the hot working range. The effects of deformational heating are
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greatest at ¢ = 1, 4 s ' at 200 and 300°C, but the 200°C, 0.1 s ! data

is still far above the line.

4.2 Continuous Testing to a Strain of 20

Ductility tests were carried out according to the schedule in
Table 3.1. The strain to steady state (es) and to fracture (ef) are
shown as a function of T in Figures 4.10 (Triple E) and 4.11 (Super T)
and versus € in Figures 4.12 (Triple E) and Figure 4.13 (Super T).
For both alloys, Gs and ef are inversely related with ef being maximum
when es is minimum. Steady state strain was much higher than the 0.2

to 0.5 typical for Al. At ZOOOC, €. for Super T was independent of

3
strain rate (ef = 4.6-5.1) while highly rate dependant for Triple E
(ef = 3.7-8.0). Strong rate dependencies for both alloys were

observed at 300°C with fracture strain climbing to exceed the range of
the strain sensor at 450 and 500°C. Triple E had higher ductility

than Super T at 200 and 300°C but lower at 400°C.

Consistent with diminishing strain hardening exponent n’, the
steady state strain decreased with decreasing € and increasing T.
Super T showed less rate sensitivity on es and generally lower values
than Triple E. at 200°C fracture intervened prior to the attainment
of a stress plateau but by 300°C steady state conditions were
established prior to failure. In Figures 4.12 and 4.13 all of the
tests at € = 0.02 s_1 were taken to € = 4, however based on the trends
established at higher strain rates, fracture would not be expected to

occur at this low e by € = 20.
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An exhaustive attempt was made to quantify the temperature rise
due to deformational work heating by refinement of test practices and
analytical methods. When assisting in torsion testing of stainless
steel alloys it was observed that the thermocouple routinely picked up
temperature rises of over 50°C but in the lower strength Al conductor
alloys the highest observed temperature rise was in the order of 5°c.
The damping rate of the thermocouple controller was electronically
varied, along with thermocouple location, method of attachment, and
insulation, in tests at maximum € to high strains in an attempt to

detect larger temperature rises, but none were found.

Steady state strain was plotted in an attempt to use the

correction factor for adiabatic work heating
€
s
AT = I o de / pc (4.4)
o
where p is the density and ¢ the specific heat. Although this

equation has been used to approximate the temperature rise in aluminum
(56) and stainless steel (57) it proved completely unsatisfactory for
the present alloys. The equation erroneously predicted that all tests
had approximately the same corrected test temperature. Due to furnace
compensation the assumption of adiabatic conditions could not be made.
Adiabatic conditions are approached as € is increased, however

equation 4.4 did not generate realistic values for temperature rise.
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4.3 Microstructure and Hardness

Subsequent to testing, a separate detailed study was made of the
specimens via optical metallography to evaluate the grain and subgrain
structures by normal and polarized light microscopy (58, 59). Samples
were prepared from sections 0.5 mm below the surface, with one group
etched to delineate grain boundaries, and the other group anodized to
reveal grain and subgrain dimensions. Anocdized specimens were viewed
in polarized light with and without a quarter wave plate. Subgrain
sizes established by optical microscopy are larger than when
determined by transmission electron microscopy (TEM) (22,58). Grain
structure determined by chemical etching was similar for both alloys
with the grains twisted about the torsion axis, appearing on
tangential sections as elongated streaks with serrated grain
boundaries, and thus gave no evidence of SRX. Grain width increased

with test temperature from 30-40 um up to 70-80 um at SOOOC.

Specimens were anodized and examined by polarized light with the
results presented for Triple E in Figure 4.14a,b. Subgrains were
irresolvable at 200°C and SOOOC, although the grain mottling increased
in both size and contrast with T. At 400°C (Fig. 4.14a, (59)) the
subgrains are still not clearly defined and lie in bands with nominal
diameter of 2 um. By 500°C (Fig. 4.14b, (58)) the subgrains become
larger, clearly defined, and equiaxed. Subgrains from Super T
specimens were clearly smaller and less resolvable at all test

temperatures.
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b)

Fig. 4.14 Polarized 1light micrographs of anodized Triple E
(A1-0.65Fe) alloy (& = 1 st
resolvable with higher temperatures. a) 400°C, b) 500°C. (200X)

). Subgrains become larger and more
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Subgrain size versus hardness is reported in Table 4.2 (58).
Diamond pyramid hardness values (1lkg) decrease as subgrain size
increases. Hardness of Triple E slowly declines from 50 at 200°C to
46 at 300°C to 41 at 400°C, followed by rapid decline to 28 at 450°C
and 25 at 500°C. Super T is generally harder at each temperature but
experiences the same rapid drop at 450°C to hardness comparable to

1100 (commercial purity) Al.

Subsequent examinations of the specimens by transmission electron
microscopy after continuous and interrupted deformation was carried
out by another investigator and reported elsewhere (60, 61). Figures
4.15 a,b and 4.16 a,b of Super T alloy are representative of the
substructure changes that occurred. Equilibrium subgrain size, ds'
followed the expected behaviour with dS increasing with rising T or

1%

declining strain rate. Comparison of Figures 4.15a (SOOOC, e = 4s
4.15b (400°C, € = 5 s ') and Fig. 4.16b (450°C, & = 4s ') shows much
larger subgrain size at the higher T. The 1increase 1in dS by
decreasing € at a constant T is illustrated in Figures 4.15b, and

4.16a.

The hot strengths of the Al1-0.65 Fe and Al-0.5Fe-0.5Co alloys are
compared in Table 4.3 with commercial (1100) Al, a particle containing
solution strengthened alloy (Al-4.5Mg-0.8Mn) and electrical conductor
(EC) alloy 1350 (25). Hot strength had been found to be inversely

proporticnal to subgrain size, with the alloys stronger than Al.
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Table 4.2 Hardness versus Subgrain Size

Super-T Al-0.S5Fe-0.5Co Triple E Al-0.65Fe 1100 Al

TEST ds, ds’ DPH ds, ds DPH dS, DPH
TEMP. opt. TEM opt. TEM TEM

°c pm pm um um

200 2.5 1.0 60 2.0 1.1 50 1.4 41
300 2.0 2.3 55 2.5 2.7 46 2.2 34
400 3.5 4.8 36 3.5 5.3 41 2.9 25
450 5.0 5.2 32 7.5 5.6 28 3.5 25
500 7.5 5.5 27 8.0 5.9 25 4.2 22
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Fig. 4.15 TEM micrographs illustrating effect of rising T on
subgrain size ds for Super T (Al1-0.5Fe-0.5Co) alloy.

a) 300°C, ¢ =4 s Y, =20, b) 200°C, ¢ =5 s}, ¢ = 4.
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a)

b)

Fig. 4.16 TEM micrographs of effect of rising T and € on subgrain

size for Super T; a) 200°C, € = 0.02 s I, e = 4,

b) 450°%C, ¢ = 4 s L, € = 20.
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Table 4.3 Strength of Hot Worked Aluminum Alloys

Alloy T = € sg oy 0y
STRAIN STRAIN HOT YIELD
RATE STRENGTH | STRENGTH
°c s-l ©m MPa MFPa
1100 200 220 1.13 110 105
Al 200 22 1. 105 100
400 12 2. S7 63
400 1.3 2. 43 55
Al 300 . 4.0 1. 185
4. SMg 400 4.0 2. 130
0.8Mn 500 - 4.0 3. 75
Al- 485- 1.6 4.33 S. 110
0. 65Fe 180 27 13 passes
Triple E
200 , 4 136
300 1,4 4 110
400 4 4 78
450 4 56
500 4 4 36
Al- 485- 1.6 4.33 5.5 120
0. SFe- 180 27 13 passes 0.85
0.5Co
Super T | 200 1,4 4 150
300 , 4 120
400 4 4 84
450 4 60
500 4 38
EC 485- 1.6 4.33 1.6 96
1350 180 27 13 passes
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4.4 Interrupted Deformation Testing

Multistage tests were conducted as specified in Table 3.3. The
output for Triple E, 400°C, O.ls—l, 20 sec hold time is shown in
Figure 4.17a full scale, and Figure 4.17b expanded scale. Stress
rises during each interval to a maximum during a pass, however the
maximum declines as the number of passes increases. Fracticnal
softening (FS, eqn. 3.14) was determined by examining the output in
expanded scale as in Figure 4.17b, and is shown for Triple E in Figure
4.18. At 400°C, 0.1 s_1 softening for S to 20 second interruption
time ti is about 20%. As ti increases to 40 and 100 seconds, FS rises

to approximately 30 and 37% respectively. After the first pass the FS

becomes almost constant for most ti'

For the Super T alloy (Al1-0.5C0-0.5Fe) (Figure 4.19) at 400°C,
O.ls_l different behaviour 1is observed. At ti = 5 seconds, FS
stabilizes at 15 %, climbing to 23 % at 10 seconds. There 1is no
common value of FS at 5, 10, and 20 seconds as in Triple E, and at 20,
40 and 100 hold times FS continually rises with strain. For both
alloys there were no significant strain rate effects. For reasons of

clarity, only a single line at e = 1.0 s-1 was added to Figures 4.18

and 4.19. to illustrate the lack of rate sensitivity of FS.

At 4SOOC, 0.1 s-_1 (Figure 4.20) little difference in interpass
softening between the alloys can be noted. FS for Triple E rises from
27% at ti = 10 to 33% at 20 sec and 50% at 40 sec. Softening for

Super T was approximately the same, 27% at 10 seconds, 36% at 20

76



1.29
€ a1 - TEST:13p '
S SoFPass 1|Pass 2 (Pass 3 |Pass 4 |Pass 5 ;Pass 6
3.80
T =
0 g.72F
R =
J a.60 E #"'—""'3/—"3
- i FE
¢ .58 —F—3% _z !
I =&
N 6.40 bF
5 E
s 8-30F
:‘ -y - - -
a.20 | L :

E - i i 3
¢.18 = = b - - 1 —
3.83 :! L1 LI S . 1 | I 1.1 1 1 'S 111 1

20 9.2 8.62 8.50 1.28 1.50 1.80

£9. STRAIN £ ep
1. a0
c o1 & TEST 139
a.90 Pass 1 Pass 2

3

Z0 A0 -9
()
N
Q
RN R RN LA ARARE LARLELARL
'l‘ -?i
) 3
’ .\ bt
- \
RiL LR AL

E
¢ 8.52 g 33— T1
I =
N I :f!
- 8.40 >
L 5
5 = -
3 2.32 = i 0
) - _
.20 = -+
: [
o4
8.18 ¢ .
3 4 -
9.9 L L il 1 ! ! ! i )
2.598 Z.09 6.00
EQ. STRRIN E-21

Fig. 4.17 a) Interrupted deformation test on Triple E, 400°C,
0.1 5-1, pass strain 0.3, interpass hold time 20s, b) same as

a) with expanded scale to determine I' , T ., T ..
o’ "mi ri

77



Y i \

TRIPLE E: Al -0.65Fe
60 (Tm"rr)

wn
O
T

N
(@]
T

FRACTIONAL SOFTENING, %
ol
O
I

204k
—-— 450°C, =0 A S
1oL 400°C,E=0.15~ O 10
—-=-= 400 *C,E=10s" g 20
L O 40
v 100
{ | 1 y 1
0 0.3 0.6 0.8 L2 1.3

CUMULATIVE STRAIN, €

Fig. 4.18 Fractional softening for Triple E.

with hold time, temperature.

78

Softening increases




FRACTIONAL SOFTENING, %

t t 3 T ]
- SUPER T: Al -0.5Co- 0.5Fe=
60L E

wn
O
I

A
(@]
1

Ol
O
T

nN
O
¥

0. ~—— -—— 450°C,E=0.s" @0
400 °C,E =015 u 20
L e— - 400°C,£=1.0s" %40
¥ 100
O 13 1 1 1] 2
0.3 08 08 L2 15

CUMULATIVE STRAIN , E

Fig. 4.19 Fractional softening of Super T during intervals
(5 to 100s) of multistage tests with pass strain of € = 0.3

plotted versus cumulative strain.

79



FRACTIONAL SOFTENING, %

1 T 1] T T
SUPER T: Al-0.5Co-0.5Fe 450° C , 0.1 s
TRIFLE E : AlI-0.65 Fe (Tm‘Tr)
sor 5 o)
- P
o -
50}- ~—-—-—_ - \o___._-;g
:’Q\ —/'
n __,——’O/ \'______’/
40 )
A -
- " ‘\I/’/‘/.
30l = '_’+‘~~~a—-—-—g\/_/'
-— :=:-—_—..—(§\-
- —— — \O
- t_-__./‘
20}
.S 10 20 40
L SUPER T —_—_—— e ] L 2
TRIPLE E _— 0 (] o
10
] ] ] 1 !
0 G3 06 09 1.2 L5

CUMULATIVE STRAIN, €

Fig. 4.20 Fractional softening versus strain for Super T,

Triple E, at 450°C.
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to S50% at 100 second hold time.
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seconds and 46% at 40 second hold times. By averaging all the FS data
points at ti = 10, 20, and 40 seconds (Fig. 4.18, 4.19, and 4.20),
strong temperature sensitivity was noted. Increasing T from 400 to

450°C raised FS an average of 21% for Super T and 48% for Triple E.

Retained hardening (RH = I‘i/l"o':3 , Where i=0.6, 0.9 ... 1.8)
curves are plotted in Figures 4.21-4.24 compared with continuous
deformation flow curves. The raw data plot of a multipass test on
Triple E in Figure 4.17a demonstrated typical behaviour. Maximum
torque at the end of each pass rose, then declined with successive
passes, never reaching the level attained in continuous deformation.
The net hardening or relative retained hardening varied with strain
rate and hold time. For Super T at 400°C, 1.Os-1 (Figure 4.21) steady
state conditions were reached at the conclusion of the test for 10
second pass times, with little difference from the continuous flow
curve. At the same ti’ € is 1.5 compared to 2.2 (fitted) for the
continuous test (Fig. 4.11, 4.13). For 20 second pass times a steady
state was observed at € = 0.6 followed by a secondary steady state at
€ = 1.8. There was no secondary steady state at ti = 40, 100 seconds
as the Super T continued to soften at these long interruption hold
times. For pass times of 20 to 100 seconds, final pass RH

progressively drops off to 0.88 at 100 sec, 33% lower than the

continuous curve.
For Triple E at 400°C, €=1.0 s-1 (Fig. 4.22) the RH of 1.55 at

€ = 1.8 for the continuous curve was higher than the RH of 1.28 for

Super T under similar conditions. This is likely due to the greater
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strain hardening of Super T in the first strain interval of 0.3 (lower
es), and thus increased relative hardening of Triple E in the interval
from € = 0.3 to 1.8. The continuous deformation steady state strain
es was 2.8 (fitted, Fig. 4.10, 4.12) for Triple E versus € of 2.2 for
Super T. There is no secondary state at ti = 40, 100 seconds. At 100

second pass times RH drops to 0.84, similar to the 0.88 of Super T.

For Super T at 200°%c, € = 0.1 s_1 (Fig. 4.23) RH values are all
lower than at 1.0 s_1 (Fig. 4.21) with no secondary steady state
reached at any hold time. This contrasts with the € of 1.5 for
continuous deformation (Fig. 4.11). For ti = 10 seconds RH rises
above 1 for the second and third passes indicating net hardening
(relative to the first pass), then drops back to 0.99 at € = 1.8, less
than the 1.23 at € = 1.0 s '. At t_ of 20, 40, 100 seconds RH values
are 0.90, 0.87, and 0.81 respectively, all lower than the 0.99, 0.91,

and 0.88 at 1.0 s 1.

As in the case of the Super T alloy, Triple E at 400°C, € = 0.1
S_1 (Fig. 4.22) does not develop a secondary steady state at the 10
second hold time. In continuous testing (Fig. 4.12) € is 1.9 at 0.1
s_1 and 2.8 (fitted) at 1 s_l. At ti = 100 seconds RH continually
declines to 0.76, comparable to the 0.81 of the Al-0.5Co-0.5Fe alloy.
At this hold time the decline in RH is independent of e for both
alloys. At 400°c Triple E shows greater difference between the
continuous and interrupted deformation curves than the Super T alloy.

At the end of the last pass at ti = 100s, the RH value at both e drops

to 54% of their values in uninterrupted straining. At the same T and
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ti the RH value for Super T is 67% of the continuous curve at 1.0 s—l,

and 62% at 0.1 s I.

At 4SO°C, 0.1 s—1 (Figure 4.24) the differences in measured
torques were at the limit of resolution with the result that the RH
curves represent only general trends of an equilibrium Fmi which is
lower with increase in T and ti' As in the case of hot strength, both
the Super T and Triple E exhibited similar RH at 4SOOC. For Super T
at 450°C, ti = 10s, hardening of 3.5% after the first pass 1is
substantially lower than the 23% at 400°C. For Triple E at 450°C, t.
= 10 seconds, hardening is zero after the first pass, lower than the
8% gain at 400°C. Under no test conditions did the maximum pass

stress fall below the yield stress.
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CHAPTER S

DISCUSSION

5.1 Causes of Experimental Scatter

Although dimensional variations and differences in specimen
preparation existed, the scatter in experimental results arose largely
from the inhomogeneity of grain size from one specimen to another as a
result of random unpinning of grain boundaries by particles.
Recrystallization anneals greatly reduced the number of small grains,
but grain size distribution remained inhomogeneous with specimen to
specimen variations in annealing. The higher stability of the Super T
alloy suggests that problems associated with non-uniform particle
unpinning would occur to a lesser degree and at higher temperatures
than Triple E. This was borne out by the observation of slightly
higher scatter in Figures 4.1 and 4.2 at 450°C and 500°C for the

Triple E alloy.

The effect of deformational heating in producing flow
localization is usually most apparent at high T as a result of higher
temperature sensitivity (62). When flow is thermally activated, rate
sensitivity is related to temperature sensitivity. Instability due to
localized deformational heating was not suspected as a cause of
scatter as there was no ‘temperature rise detected by the

thermocouples, and only a few specimens randomly exhibited non-uniform
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deformation, all at € = 20, primarily at a deformation rate of 0.1

-1
s .

In the present case the increasing scatter with rise in T is also
due to the reduction in strength to about 20% of its 200°C value at
SOOOC, resulting in any systematic experimental errors assuming a

higher percentage of the recorded output.

5.2 Rate Sensitivity

Rising strain rate sensitivity of the torque (Fig. 4.1, Triple E,
Fig. 4.2, Super T) indicated the increasing operation of the stress
assisted thermally activated mechanisms responsible for recovery,
specifically climb of edge dislocations, and node unpinning (13, 18,
37). Positive rate sensitivity is taken to indicate that the material
i1s being deformed in the hot working range. As in most metals rate
sensitivity in commercial Al increases with temperature; for the
present alloys they are below commercial Al at ZOOOC but quickly rise
above it. In some alloys such as precipitation hardened 2024
(Al-4.4Cu~ 0.6Mn-1.5Mg) the room temperature rate sensitivity is
negative and less than Al, but increases at a higher rate until it is
greater in the hot working range (63). Rate sensitivities in both the
present particle strengthened alloys and 2024 become positive at the
same homologous temperatures, O0.62 Tm (BOOOC) for the former, and 0.61

T (200°C) for the latter.
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It would be expected that temperature increases due to
deformational heating would increase with ¢, i.e. larger AT as test
temperature declined to ZOOOC and strain rate increased to 4 s_l,
giving reduced torque values; however from noting the 300°C points at
€ = 0.02 and 0.1 s—1 (Super T, Fig. 4.2) where deformational heating
would be virtually =zero, the rate sensitivity is Jjust marginally
positive, being greater for Triple E (Fig. 4.1). This supports the
observation that 200°C (0.51 Tm) is not in the hot working range as
the dispersed particle stabilized substructure is delaying the onset

of rate sensitive behaviour that 1is associated with thermally

activated flow.

Comparison of Figures 4.1 and 4.2 with Figures 4.10 to 4.13
reveals the rate dependence of ductility, both strain rate sensitivity
and ductility rising with temperature. Decreasing € with increasing
€ is typical of materials that dynamically recover, however, unlike
precipitation strengthened 7012 alloy (Al1-6.3Zn-1.9Mg-1.1Cu-0.12r) ef
continually rises with T at all strain rates. In the 7012 alloy
fracture strain at 300 and 350°C was independent of é, and at 5 s-1 ef
declined with rise in T (64). This behaviour was attributed to
partial solution of the (Mg, Cu) an particles in the 7012 alloy, where
as 1in the present alloys the particles remain insoluble. Rate
sensitivities at 500°C of 0.19 are below the 0.5 associated with grain
boundary sliding but above the m value of 0.1 associated with plastic
flow by slip (65). Slip with DRV would produce higher m values
(0.2-0.25) due to stress activation of climb and cross-slip but as

rate sensitivity would be expected to be higher with significant
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reduction in strain rate, a subsequent investigation was made into the
potential for superplastic deformation in the alloy (66).
Superplasticity was not found, which was attributed to lack of
sufficient particle stabilization to initiate continuous dynamic

recrystallization.

Decrease in the stress exponent n’ (reciprocal of m) with
increase in temperature (Table 4.1) followed the expected behaviour,
as the equilibrium between dislocation generation and annihilation was
shifted to a lower strain with higher T (increased annihilation rate).
The work hardening rate is important in tensile testing as it
determines the onset of instability but of course does not have the

same significance for the torsion tests where there is no necking.

5.3 Flow Curve Shape

The stress strain flow curves (Fig. 4.3, 4.4) show the dependence
on € and T typical for materials which dynamically recover; strain
hardening diminishing to a steady state at lower ¢ with increase in T
or fall in €. For reasons of brevity, flow curves were not presented
for all the tests but similar behaviour was observed. The significant
difference observed between the alloys and pure Al or other Al alloys
is in their higher strain to steady state behaviour under all
conditions of T and &. At 200°C, & = 0.1 or 1 s ! the flow curve is
still rising at € = 4, whereas for many Al alloys a steady state can
be obtained from € = 0.2 (67) to € = 1.0 (68) (extrapolated) at this

T, and €, < 0.5 at higher T (13). Reference to Figures 4.10 and 4.11
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at 200°c indicates S at 4.6 to 5.1 for Super T and 3.8 to 8.1 for
Triple E. Thus at 1low T, for the most part, the flow curve
continually increased to fracture, without attaining steady state

conditions.

Dynamic recovery reduces the strain hardening rate over that
observed during cold working. Decrease in the hardening rate to zero,
i.e. the establishment of steady state deformation conditions, results
from the creation of a stable recovered substructure with uniform
subgrain size. The continuous work hardening up to fracture, without
achieving steady state as at 200°C for the present alloys is

indicative of low temperature recovery.

For tests to € = 4, the flow curves which reached steady state
did not exhibit the shallow decline observed by some workers at low e
and attributed either to deformational heating or to work softening
(69, 70). As the eutectic rods are not easily sheared and do not
undergo noticeable coalescence, there is no work softening as there is
in alloys such as 2024. As the temperature was raised to SOOOC, the
steady state strain and stress decreased (Fig. 4.3 and 4.4, Fig. 4.10
and 4.11) due to the increasing operation of the thermally activated

mechanisms of dynamic recovery.

5.4 Effect of Temperature and Strain Rate on Stress

In Figures 4.5 and 4.6 the values of n in the hyperbolic sine

equation were determined as 3.5 and 3.1 for Triple E and Super T
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respectively. The constants in this equation are empirical but
related to those in the power law (egn. 2.3). In creep studies
utilization of the power law with a stress exponent of 4 to 5 was
identified with dislocation climb (38, 39, 40). Values of n near 3
have been associated with viscous drag (40) although this has not been
observed in hot working. The n values are lower than the 4.1 for Al

(22, 54) but greater than the 1.7 for 7012 and 5083 (19, 64).

Figures 4.5 and 4.6 illustrate the degree of strengthening in the
alloys. The dependence of rising stress with rise in € or decline in
T was similar for the alloys and commercial Al, with the alloys
possessing strength S50% over that of pure Al at low T. Both are
stronger at 300°C (0.58 Tm) than commercial Al at ZOOOC. The
increased strength, equivalent to more than 100°C differential at
300°C, declined to 70°C at 400°c, 40°C at 450°C and 20°C at 500°c,
with Super T stronger than Triple E. The substructure refinement and
stabilization has been brought about largely by the 0.2um diameter
eutectic rods of FeAl3 and (Fe,Co)ZAlg. As the particles are
insoluble in the 200°C to 500°C range and ease of particle fracture
does not increase with rise in T, loss of strengthening likely occurs
by the greater ease of cross-slip and climb around the particles.
Minimum hot working temperature is raised by the particle content as
dislocations have difficulty bypassing or deforming particles at the
low end of the temperature range. The small eutectic rods also appear
responsible for preventing growth of recrystallization nuclei which
may form at primary particles of FeAl3 with diameters of 0.6 um or

more (28, 71). The high hot strength is not unexpected given the

93



previously documented creep resistance, but the rapid decline in
strength above 400°C (O.72Tm) is due to the transition in

recoverability, unlike other Al alloys that would overage at high T.

Activation energies determined as 260 and 270 kJ/mol for Super T
and Triple E respectively are much higher than the 150-155 kJ/mol for
pure Al , the latter related to dislocation c¢limb since it is
dependent on the motion of vacancies in self-diffusion (13, 22, 35,
37, 72, 73). The higher QHw of the alloys likely results from the
inhibition of DRV caused by the particles, and exhibited as subgrain

refinement and increasing strength over Al as T declines to 200°c.

Figure 4.7 also illustrates the degree of strengthening conferred
by the high (Mg,Cu)Zn2 particle content and solute addition in 7012
(ALl-6.32Zn-1.8Mg-1.1Cu-0.1Z2r-0.1Mn) and 5083 (Al-4.5Mg-0.8Mn-0.15Cr)
alloys (9, 64). The combined solute and particle strengthening of the
5083 alloy persists to higher temperatures than particle strengthening
alone. The strength of the 7012 alloy is actually much closer to that
of the 5083 as there was approximately a 10% error in omitting the
corrections for rate sensitivity and strain hardening exponents.
Figures 4.8 and 4.9 further illustrate that the 200°C data for Triple
E and Super T lies above the line fitted to the higher temperature
data, whereas commercial Al at the same T falls along the line for

higher temperature points (9, 13, 37, 54, 74).
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S.5 High Strain Testing

Flow curve shape exhibited the same trends as in testing to € =
4, thus additional data was not presented. When deformed to € = 20,
the alloys did not exhibit the gradual decline with strain near € =
5-10 that has been attributed to either deformational heating, or

development of a preferred orientation in Al tested to high strains

(74).

Steady state and fracture strain data were compiled from tests to
€ = 4 and 20 and presented in Figures 4.10 to 4.13. The alloys
exhibited improved ductility as € declines or T rises from the very
low wvalues at 200°C  and BOOOC. The low ductility at these
temperatures, which is assocliated with a greater number of
intergranular cracks at low T (because of higher stress concentration
due to the low level of dynamic recovery), occurred as a result of the
fine particle dispersion; rising es and declining ef with increase in
€ is indicative of the decreasing effect of DRV (reduced dislocation
annihilation rate) at lower temperatures (9, 13, 54). The close
association of ductility with DRV (earlier occurrence of a balance in
dislocation generation and dislocation annihilation) is confirmed by
the association of high Ef with low €. - With reduced DRV the
difference between € and € is diminished until at 200°C fracture
occurred before steady state was established; however, the ductility
is still sufficient for commercial processing (58). The lower

ductility of Super T than Triple E at 200°C and 300°C is consistent

with the higher strength and lower DRV of the former. The reason for
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the higher € and lower € of Super T versus Triple E at 200°c
(Fig.4.10, Fig.4.11) has not been determined but it may be an artifact
of the test program. Above 400°C the ductility (and strength) conform
more to that of pure Al, though the strain sensor limit of 20
precluded a precise determination. Ductility is less than that of Al
or Al-2Mg, but exceeds that of Al-SMg (75). Because the particles and
inclusions produced during rapid solidification are fine and well
distributed they do not reduce ductility by serving as crack
initiation sites, as do the larger particles produced during
conventional processing. They affect ductility through reductions in

DRV which 1is indicated by the greater activation energy for the two

alloys (versus commercial Al), and thus higher 0s and es.

5.6 Effect of Hot Torsion on Hardness and Microstructure

Room temperature hardness (Table 4.2) declines with rising
deformation T as a result of reduced dislocation density and much
larger equilibrium subgrain size {(58). The useful hardness increase
of 25% over Al at 200°C can be attributed to the denser substructure

due to the higher FeAl., content in the Triple E alloy. The 0.65% Fe

3
level is twice the common impurity level of 0.3-0.35 Fe in
commercially pure (1100) Al. At ZOOOC, the higher particle density of
Super T produced a more refined substructure, with hardness 50%
greater than Al. Deformation at 500°C reduces the incremental
hardness over Al by half, to 23% for Super T, and 13% for Triple E,

reflecting the reduced effectiveness of particles in stabilizing the

subgrain size.
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Table 4.3 quantifies the strength gains associated with declining
T and rising €. The Al-0.5Fe-0.5Co and Al-0.65Fe alloys are used in
cold drawn and recovery annealed condition, which is similar to those
of working at 200 - 300°c. The hot strength of Triple E at 200°¢ is
24% stronger than Al, while o for Super T is 43% higher. At ZOOOC,
the rate sensitivity for 1100 Al is low, with T rising only 5% with a
900% increase in €, similar to that observed in the present alloys.
Electrical conductor grade alloy (EC1350) 1is essentially impurity
controlled Al and would be expected to have mechanical properties
similar to 1100. Optical micrographs failed to reveal any signs of
dynamic or static recrystallization as would be expected with the
short quench delay times ( < 6 seconds). Subsequent TEM studies by
another researcher on the tested specimens found the twisted and
elongated grains with substructure associated with DRV, and confirmed
and quantified the increases in subgrain size ds with decline in € or

rise in T (60, 61).

5.7 Interrupted Deformation Testing

Fractional softening graphs of interrupted deformation tests were
plotted in Figures 4.18 to 4.20 to determine the presence and extent
of interpass SRV and SRX. Evaluation of the degree of softening from
SRV or SRX by metallography or transmission electron microscopy is
extremely laborious and requires far more test specimens if subgrain
structures are to be determined at each interval, rather than inferred
from mechanical properties. In Al and most of its alloys, a high

degree of Iinterpass softening results from static recovery alone.
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There is usually a long incubation time prior to SRX because of the
highly recovered substructure from DRV. Fractional softening (FS) of
up to 55% for Triple E and 5S0% for Super T was recorded at 4500C, due
to recovery alone, since no evidence of SRX being found in subsequent
metallography. The S55% FS without SRX contrasts to only 30% without
SRX in the austenitic stainless steels, which also undergo DRX at high
€ due to the low level of DRV (53, 76). As SRX times for these alloys
are in the order of hours at the deformation temperature, with a
maximum test ti of 100 seconds, the upper bounds on the extent of
static recovery was not established. The intervals employed were well
beyond those in commercial rolling practice so SRX would not be

expected during processing.

The extent of FS possible in a fixed time at constant T is
dependant upon the amount of accumulated strain energy. Rising e
should produce a higher dislocation density and hence a higher stored
energy, which should lead to an increased restoration rate. The lack
of significant strain rate effects could be an artifact of the test in
that the span of strain rates was may not be large enough to
demonstrate an effect. As a large temperature sensitivity on
fractional softening (FS) was found, a high level of thermal
activation may create an equilibrium subgrain structure wvia SRV and

DRV that is independent of the strain rates utilized.
For the Super T alloy, there was a normal progression of

continually increasing FS with ti’ from approximately 15% at ti= Ss,

to 22% at 10 s, 26% at 20 s, and 35% at 40 seconds. Triple E
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displayed abnormal behaviour with an unusually high FS of
approximately 19% at S5 s and an unusually low 21% FS at 20 seconds.
Part of the drop in hot strength at low ti for both alloys can be
attributed to anelastic behaviour as the mobile dislocations run back
from their stressed state upon the release of the load. The presence
of a common value of FS at ti= S, 10, 20 seconds for Triple E (Fig.
4.18) may result from the above effect, its absence in Super T
(Fig.4.19) may result in differences in strain hardening behaviour and
thermal stability over the Al-0.65Fe Triple E alloy. Increasing the
ti from 5 to 20 s for Triple E at QOOOC, 0.1 s”1 may not increase FS
if all possible softening via SRV had already occurred by S s, whereas
the higher stability of Super T meant that a 5 second hold time would
not be sufficient to relieve the accumulated strain energy by DRV. At
200°C a critical T was observed where there was a rapid decrease in
strength and increase in ductility for both alloys. At this T,
dislocations can climb around particles, hence there is a likelihood
of greater experimental scatter in strength or in softening due to
relatively small differences in particle distributions. The higher
particle density of the Al1-0.5Co-0.5Fe Super T alloy is no longer
pinning the cell walls but is still impeding dislocation motion to a
greater extent than Triple E. As Super T retains somewhat greater
strength during continuous tests at 200°c , when softening occurs due

to SRV it consequently is of a greater percentage.
At 450°C higher thermal activation and ease of dislocation motion

past the particles raises FS for both alloys to effectively identical

values. Although no testing was done on commercial Al at 4SO°C,
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similar values of FS would be expected, following the comparable
strength of both alloys and commercial Al at this T. Unlike the
alloys, commercial Al does not undergo a transition in recoverability

at 400°c.

5.8 Relative Retained Hardening

Relative retained hardening (RH) plots were made for the first
time for the current thesis work to address difficulties found in the
analysis and presentation of the interrupted deformation test results.
In RH plots, the maximum torque was precisely determined, whereas in
fractional softening (FS) graphs the values of the reloading torque I‘l_
and yield torque I"O were result of subjective interpretation. Few
datapoints were available to determine I"O and I"I_ due to the specifics
of the data recording system on the torsion machine. Additionally, as
a result of the low strength of the alloys at 4OOOC, even a small
change in the determination of the torque values resulted in a large
variation in %FS. Consequently, the RH plots were made with exact
values that eliminated any uncertainty over the approximate values
obtained via the FS analysis. Due to the scatter in torques values a
superimposed plot of all of the interrupted deformation tests could
not be made, as is commonly done. By normalizing strength relative to
the first pass strain (e = 0.3) it was possible to follow the progress

of net hardening or softening for each pass in comparison to the
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continuous deformation curve via RH plots.

The behaviour exhibited in interrupted deformation testing is a
function of the gross deformation and interpass softening (accumulated
dislocation structure) for each selection of interpass hold time, T,
é, and material. For alloys of Al that only undergo DRV it is
expected that the material will rapidly strain harden back up to the
continuous flow curve, however other behaviour is possible. When
interpass hold time is sufficient to allow SRX, then the interrupted
deformation curves would be much reduced and remain below that of the
continuous case. If deformational heating was a significant factor in
lowering flow stress at a specific T, € , and é, heat rejection during
the interpass hold times would result in the interrupted pass curves
rising above that of continuous loading, an effect that was noted in
the testing of 5083 alloy. Thus, multi-pass tests could serve to
indicate the presence and extent of deformational heating, with small
ti producing results close to continuous deformation, and large ti
allowing for heat dissipation and greater strength at lower T. There
was no observed rise of RH above the continuous case at 400°C and
450°C  for the alloys, and thus it may be concluded that the
temperature rise during uninterrupted straining is negligible at these
conditions of T and € . The above conclusion matches the experimental

observat ions of a AT of only a few °c during continuous testing.
For the alloys, RH in interrupted tests was always less than that

of the continuous case, that is the interrupted deformation pass

curves fell below those of continuous deformation without SRX being
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detected via metallography. The decline in the RH curves with
successive passes likely results from inheritance of a substructure at
the start of any pass that is weaker and coarser than what would have
been created by uninterrupted straining to that same strain. Without
detecting SRX, an RH value of 1 implies an accumulated interpass
softening due to SRV which counters any strain hardening after the
first interval. A rise in RH above 1 indicates net hardening relative
to the first pass, and decline below 1 signifies that strength is
falling below that reached in the first pass. In only one condition,
400°C, 1.0 s—l, t.l = 10 s , the Super T alloy hardened up to the
continuous flow curve, as if the dislocations had great difficulty

bypassing the particles so that SRV was inhibited during the interval.

The decline in maximum pass stress, with or without a secondary
steady state is clear on the RH plots, but not readily apparent in FS

graphs, where it should appear as a rise in FS with strain. For Super

T, 4OOOC, 0.1 s_l, ti= 100s (Fig 4.19), FS rises with € matching the
decline in RH (Fig.4.23). This match between plots was not
consistent, probably due to the difficulties associated with

determining Fo and Fr. The RH plots also display a greater range in

behaviour. For the above mentioned Super T test conditions at e =

0.3, FS = 33%, but ARH (compared to the continuous curve) is only 13%,

while at € = 1.8 FS = 46% versus 37% ARH. When the strain to peak

stress is much larger than the pass strain (as in these alloys), the

FS plots may overestimate the softening relative to continuous
-1

deformation. As an example, for Super T at 4OOOC, 1.0 s 7, ti= 10s

(Fig.4.21), ARH is approximately 4% versus 19% FS (Fig.4.19). If FS
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is constant there is no decline in the maximum pass strength, even
with FS as high as the 60% associated with the SRV in Al. The RH
plots show that at low € and longer hold times (40-100s not unusual
for a reversing mill) the material may be substantially weaker than
would be predicted from continuous curves. Thus, when there is
scatter in the data, Es > pass strain, or limited data is available to
reliably determine FS, the RH plots (or %RH) can be made to accurately

calculate rolling forces during each pass.

In the present materials, the strain hardening in each stage at
400°C was insufficient to balance the cumulative effect of static
restoration. This is particularly evident at 0.1 s-'1 where there is a
significant divergence between continuous and interrupted RH curves
for both alloys, even for ti = 10s. When compared at 400°C, e = 0.1
s_l, t.l = 100s (Fig.4.22), the multistage flow stress of Triple E at e
= 1.8 is 50% lower than the continuous due to repeated SRV, versus 25%
for Super T. The lower particle density of Triple E is unable to
stabilize the substructure against SRV in the interval to the same
extent as the Super T alloy. At € = 1.0 s—'1 the higher values of RH
than at 0.1 s_1 are attributed to the higher rate of dislocation
generation which is better able to counteract the combined effects of
SRV and DRV. At 1.0 s_l, t.1 = 20s, the Super T alloy (Fig.4.21) has a
secondary steady state while the Triple E at the same conditions does
not. At 100s ti neither alloy has a secondary steady state and the
decline in RH becomes independent of € due to high interpass SRV.

The greater scatter in the data as well as the higher difference in RH

between the interrupted and continuous data for Triple E (Fig. 4.22,
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4.24) versus Super T likely results from the reduced stabilizing
effect of the fewer particles in the Al-0.65Fe alloy.

At 450%, 0.1 s—-1 (Fig.4.23), the magnitude of stress changes
were at the effective 1limit of resclution, therefore the plotted
curves only indicate general trends. Both alloys exhibit similar
behaviour at 4SO°C, with interrupted es < continuous es, and declining
RH with increase in ti’ as both have passed through a transition in
recoverability where the particles no longer pin the dislocations.
Due to the above mentioned transition, the observed RH values at ti=
10s and 20s were similar for the alloys, matching the observation of
similar FS values. The plotted deviation between the Triple E and
Super T at 40s pass times may not be significant due to the limits on
the determination of the low levels of stress. The existence of an
unrecrystallized structure prior to testing can be inferred from the
pass curves if the maximum stress in any interval falls below the
yield stress. As no datapoints met this criteria, the inference was

rejected.
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CHAPTER 6
CONCLUSIONS

1) The Al-0.5Fe-0.5Co Super T alloy and Al-0.65Fe Triple E Alloy
undergo dynamic recovery during continuous testing. The
Al-0.5Fe-0.5Co alloy is generally stronger and less ductile than the

Al-0.65Fe alloy.

2) As the eutectic particles in these alloys strengthen by
inhibiting dynamic recovery, activation energies for hot working are
found to be much higher than Al, consistent with previously observed

substructures.

3) Good hot ductility arises from DRV mechanisms as can be
inferred from increases with T, decrease with é, and the inverse

relationship between «_. and €g- Below 300°C the dispersed eutectic

£

rods decrease ductility.

4) The temperature dependence of the alloys is much higher than

Al while the strain rate dependence is about the same.

S) The hot working characteristics of the alloys are similar to
Al but the relative strength rises more rapidly as € is raised and T
lowered to 200°C. Triple E and Super T have the same strength at

300°C as EC-AL at 200°cC.
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6) The applicability of the sinh laws and Z parameter down to
300°C, instead of 200°C for Al indicates that the minimum hot working

temperature is raised by the particles.

7) Below 400°C the particles significantly raise hot and cold
strength over Al1. As T is raised above 400°C the strength approaches
Al, as a transition in recoverability at this T means the particles
have reduced capability to limit subgrain size, raise hot strength,

lower hot ductility, or increase final cold hardness.

8) During multipass testing the only operating restorative
mechanisms are dynamic and static recovery, as confirmed by the

characteristic shape of the flow curves, and subsequent metallography.

9) Fractional softening increases with rising temperature and
€, consistent with DRV during cumulative straining and SRV between

passes.

10) In multipass deformation the strain hardening at each stage
was unable to balance the cumulative effect of static restoration.
This was demonstrated by the fall in retained hardening with rise in
interpass hold time and strain to values far below the continuocus

case.

11) Due to high interpass SRV, no significant strain rate rate

effects were noted under the interrupted test conditions employed.
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