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1 Introduction

1.1 Motivation behind the research

Group III-nitrides such as GaN, AlN, InN and their compounds, are attractive semiconductor materials for
high-power, high-frequency and high-temperature electronic applications, due to their excellent structural properties
and high levels of thermal and chemical stability compared to other group III-V compound semiconductors [1].

III-group nitrides have band gaps of 0.7 eV (InN) to 3.4 eV (GaN) to 6.0 eV (AlN) [2], with a high breakdown of
voltage and a high electron mobility [3]. Ternary alloys, based on group III-nitrides, allow for the tuning of the band
gap, ranging from near infrared (IR) to deep ultraviolet (UV) regions, which enables the emission of deep ultraviolet
(λ ≤ 300 nm or photon energy ≥ 4.1 eV based on high Al content AlxGa1−xN quantum wells (QWs)), ultraviolet
(λ ≤ 400 nm or photon energy ≥ 3.1 eV), blue (λ ≈ 455 nm or photon energy =2.7 eV based on InyGa1�yN QWs),
green (λ ≈ 525 nm or photon energy =2.4 eV) emitters based on InxGa1−xN QWs, and longer wavelength light-
emitting diodes (LEDs) and violet and blue laser diodes (LDs). Comparison of the band gaps of the III-nitride
materials and binary cubic semiconductors versus their lattice constant at 300 K are presented in the �g.1 [4, 5],
shows that no other material systems could o�er such large range of direct band gaps [6]!

III-nitrides have direct band gap [2], meaning that the momentum of electrons and holes is the same for both
the conduction band and the valence band. An electron can emit a photon directly but not transfer momentum to
the crystal lattice. Thus, they are well suited not only for optical emitters spanning the entire visible spectrum but
they can also be used for the absorption of photons over a large wavelength range, which makes them attractive
candidates for solar cell applications. Moreover, InN has a small band gap, which also boasts the smallest electron
e�ective mass and highest carrier mobilities among the III-V nitrides. As such, it also makes an exciting material
for high-speed electronic devices. The reason for the development of nitrides as an optoelectronic material is that
there are no alternative ultraviolet, blue LDs and green LEDs based on other semiconductor materials (InGaAlAs,
ZnMgS, ZnMgSe, AlGaP, etc.) which are as e�cient. Moreover, these have limited lifetimes due to the dislocation
generated in the areas where they are active [7].

As a result of their optoelectronic properties, group III-nitrides have attracted much attention over the last two
decades.

Figure 1: Band gaps of di�erent compound semiconductors, plotted against their lattice constant. The right-hand
scale gives the light wavelength that corresponds to the band gap energy, taken from [4].

1.2 The problem with III-nitrides

The problem with III-nitrides relates to two areas:
a) the decrease in Al(In)GaN alloys optoelectronic e�ciency with a corresponding increase in Al(In) content

due to defects formation;
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Figure 2: InN, GaN and AlN band gap triangle (a) and external quantum e�ciencies of GaN-based and AlInGaP-
based materials (b), taken from [6].

b) a reduction of optoelectronic devices based on GaN e�ciency due to internal polarization. This is, known as
the quantum-con�ned Stark e�ect.

The following sub-chapter sets out to investigate these issues in greater detail.

1.2.1 Decrease in Al(In)GaN alloy optoelectronic e�ciency as the content increases

The growth of high quality AlN and InN is a challenging task since these are more mismatched in terms of
lattices to the traditional substrata used for nitride growth, such as sapphire or SiC, as opposed to GaN [6, 8].
This lattice mismatch leads to the formation of dislocations, the result of which decreases the e�ciency of the
devices based on group III-nitrides. However, the e�ciency of LED can be shown by applying external quantum
e�ciency (EQE) methods i.e. the fraction of injected electron-hole pairs that form a photon that can escape from
the semiconductor (the highest possible EQE being 100%). Fig.2.b summarizes the dependence of the EQE on
GaN-based LEDs and AlInGaP materials [6]. As expected, the EQE has a maximum of 400 nm, which corresponds
to the emission wavelength of GaN. See �g.2.b.

When Al is incorporated into the GaN, the photons emitted by the AlGaN are able to reach a UV range with
a wavelength of less than 400 nm. The EQE device decreases as the Al content increases because of the formation
of dislocations due to this lattice mismatch. To produce the LED in a visible spectrum, either the InGaN or the
AlInN should be grown on a Si or sapphire substrate. With this lattice mismatch, it is preferable to grow InGaN
on sapphire, as this contains a lower lattice mismatch. See �g.2.a. The EQE of the InGaN-based materials also
decreases as the content increases (the wavelength of the light emitted increases). By using AlInGaP materials, the
spectrum in the red part can be covered with greater e�ciency than that of the InGaN. However, the minimum of
EQE corresponds to the range of green and yellow lights. Moreover, the drop in e�ciency, known as the �e�ciency
droop� brought about with a high injection current density in this part of spectrum is known [5]. Therefore, there
are still many challenges remaining for the highly e�cient, bright LEDs in the green region of the optical spectrum.
In scienti�c literature this problem is known as the �green gap� problem [9, 6].

1.2.2 Decrease in III-nitrides optoelectronic e�ciency due to internal polarization �elds

Most standard optoelectronic devices are generally based on (0001) III-nitride (c-oriented) �lms since the
growth speed is higher and the lattice mismatch lower in the c-orientation in GaN [7, 10]. However, the wurtzite
(hexagonal) structure is non-centrosymmetric (i.e. absence of inversion symmetry); it is polar with the polarization
occurring parallel to the �c-axis [11, 6], as shown in �g.3.a.(above). Therefore, the two oppositely charged �-Ga�
and �+N� faces are formed in the layer. As for GaN (and similarly for AlN and InN) the metal-terminated (0001)
surface has a negative �xed polarization sheet of charge [6], see �g.3.a.(below).
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Figure 3: (a) Ball-and-stick model of the wurtzite GaN crystal structure (upper schema). The gallium atoms are
represented as large dark spheres and the nitrogen atoms as small light spheres. The upper face of the crystal (0001)
also is referred to as the gallium face. The bottom schema depicts a slab of GaN, with the (0001) surface at the
top showing negative �xed polarization charges; while the bottom shows a (0001) nitrogen face with positive �xed
polarization charge. Fig.(b) shows spontaneous polarization as against the lattice constant equilibrium, as taken
from [13].

The built-in electric �eld should be evaluated by accounting for the accumulation of a polarization charge at
the interfaces between the GaN/AlGaN and GaN/InGaN heterostructures. The total polarization charge can be
written as [12]:

Ptot = Pp + Ps, (1)

where Pp is the piezoelectric charge caused by the lattice mismatch and by the strain (thermal strain) and other
mechanical deformations of the crystal. Ps represents the spontaneous polarization charge of the GaN/Al(In)GaN
interface, as clearly demonstrated by the works of Bernardini et al. [13, 14, 15]. The polarization discontinuities at
interfaces in the III-nitride-based heterostructures grown along the [0001] direction, which induces a strong electric
�eld, leading to the so-called quantum-con�ned Stark e�ect (QCSE).

Bernardini et al. [13] have calculated the spontaneous polarization and piezoelectric constants for GaN, AlN
and InN, as shown in the tab.1. In addition, Bernardini has shown that piezoelectric polarization is also clearly
non-linear [15, 13], as shown in �g.3.b.

Ps, C/m
2

AlN -0.081
GaN -0.029
InN -0.032

Table 1: Calculated spontaneous polarization of III-V wurtzite nitrides [13].

For LEDs (e.g., based on GaN barriers and InxGa1�xN QWs), the �xed sheet charges at the heterointerfaces
cause large electric �elds which is perpendicular to the quantum well (QW) plane (�elds on the order of 1 to
2 MV/cm depending on the InN molar fraction x). These internal polarization-related electric �elds cause a spatial
separation between the electron and hole wave functions. In the �g.4.a the separation of the electron and hole wave
functions is shown as polar oriented GaN/In0.10Ga0.90N (2.5 nm)/GaN QW [6].

When the electron and hole wave functions are spatially separated due to the internal polarization-related electric
�eld in the QW (QCSE), the likelihood that a radiative recombination event would yield the desired photon, is
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Figure 4: Self-consistent Schroedinger-Poisson solutions for the band pro�le (conduction band [CB] and valence
band [VB]) for the GaN/In0.10Ga0.90N(2.5 nm)/GaN quantum well (QW) for the conventional polar (0001) Ga-
face orientation (a). Non-polar orientation corresponds to either a-plane or m-plane orientation (b) [6].

Figure 5: Polar, semipolar and nonpolar III-nitrides unit cell orientations.

reduced, thus increasing the likelihood that the injected electrons or holes would recombine non-radiatively (Auger
recombination) and that the energy would be expended as heat [16].

For long-wave length emission of GaN based devices, high indium concentrations are required. This gives rise
to strain in the piezoelectric GaN material because of the signi�cant lattice mismatch between GaN and the active
InGaN quantum wells. The outcome is high level internal electric �elds with a drastic drop in e�ciency [17].

However, III-nitrides can be grown when crystallographic orientations of the sample surface are altered or
di�erent. Due to the polarization properties of the cell unit along c - direction the surface orientations are split into
three groups: polar, semipolar and nonpolar, as it is shown in the �g.5. The position of the c - orientation de�nes
the surface. The sample grown in c-direction ([0001] perpendicular to the surface), with the surface (0001) is polar,
see �g.5. There is only one c-plane polar orientation of the WZ structure.

If the position of with respect to the surface is inclined, the (hkil) plane of the surface should have a nonzero h
or k index and a nonzero l index and the sample semipolar, see �g.5. There are three common semipolar surface
orientations: (101̄1), (101̄3) and (112̄2). If the c-direction is lying in the sample surface, this means that the (hkil)
plane of the surface has index l = 0 and that the surface orientation is nonpolar. See �g.5. There are two common
nonpolar surface orientations: (112̄0) a-plane and (101̄0) m-plane.
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Nonpolar orientation Mismatch, % N (nm) 1/N (105cm−1)

a-GaN ⊥(0001) 16.1 1.7
a-GaN ‖(0001) 1.2 23 4.3
m-GaN ⊥(0001) 26 0.6
m-GaN ‖(0001) 9 2.85 35

Table 2: In-plane lattice mismatches of nonpolar a-GaN with r-sapphire and m-GaN with m-sapphire along the
two main perpendicular in-plane directions. N is the distance between interfacial mis�t dislocations necessary for
a full relaxation. The expected densities of mis�t dislocations (1/N) along [0001] direction are also given [20].

1.3 Nonpolar GaN �lms on sapphire substrate

The growth of GaN along nonpolar directions is expected to improve the e�ciency of LEDs [18]. In 2000,
Waltereit et al demonstrated the absence of internal electric �elds in m-plane GaN QWs with AlGaN barriers [19].
Due to the crystal symmetry, there is no polarization discontinuity at the heterointerface and the wave functions
of the electron and the hole overlap, as shown in �g.4.b.

The nonpolar GaN is grown mainly with (1010) m-plane surface orientation on (1012) r-sapphire or with (1120)
a-plane surface orientation on (101̄0) m-sapphire [6]. The in-plane lattice mismatches between GaN and sapphire
are di�erent for di�erent orientations in surface plane. In the tab.2 the in-plane lattice mismatches parallel and
and transverse to [0001] direction are summarized [20]. The mismatches are higher for m-GaN. Additionally to
the mismatches, the distance N between interfacial mis�t dislocations necessary for a full relaxation, and expected
densities of mis�t dislocations (1/N) along [0001] direction are presented.

In case of polar surface orientation of the GaN, lattice mismatch leads to the formation of mis�t dislocations,
which than propagate as threading edge and screw dislocations. For nonpolar GaN material grown on foreigner
substrate, lattice mismatch in�uences on the [0001] in-plane crystallographic orientation, which is close parked
direction for hcp structure. The mis�t dislocations are formed as partial dislocations, produce mistakes in the
atomic layers packing and begin the formation of two dimensional defects known as basal plane stacking faults
(BSF). The BSF density is expected to be in the same order of magnitude as mis�t dislocations (1/N) in [0001]
direction necessary for a full relaxation. Therefore, from the tab.2 one can predict higher BSF density in m-GaN
�lms.

In spite of absence of polarization �elds in�uence of caries recombination in nonpolar GaN and reduction of pure
edge, screw and mixed dislocation densities in comparison with polar GaN [21], huge amount of BSFs with a typical
density in the range 105cm�1 to 106cm�1 is found [22]. Since BSFs are two dimensional defects, they signi�cant
in�uence on optoelectronic devices e�ciency reduction [8].

1.4 Semipolar GaN �lms on sapphire substrate

Despite of the reduction in polarization �elds in nonpolar GaN, the BSFs density is considered to be high.
Therefore, other crystallographic orientations should be considered. The �g.6 shows the spontaneous polarization
discontinuity P⊥ and wave function overlap for 3 nm wide Ga0.75In0.25N quantum well layer coherently strained to
GaN for crystallographic orientations ranging from the polar c-plane (θ = 0◦) to nonpolar (θ = 90◦) [9]. There is
a zero crossing in the total polarization discontinuity at θ = 45◦ orientation and signi�cantly reduced polarization
discontinuity at inclination angles of θ ≈ 60◦, which are close to two low-index semipolar orientations, (101̄1) and
(112̄2), with θ = 62.3◦ and θ = 58.4◦, respectively.

Therefore, one can grow the semipolar GaN �lms with (101̄1) and (112̄2) surface orientation on sapphire [23].
However, the growth speed depends on the crystallographic orientations (see Chapter 2.2). For the semipolar GaN
growth in surface direction is combined by growth in two orientations [101̄0] or [112̄0] and [0001] c-direction for
(101̄1) and (112̄2) semipolar, respectively. The growth in c [0001] direction is faster and growth of (101̄1) or (112̄2)
surfaces has three dimensional mode, and therefore leads inhomogeneous and rough surface.

To solve the problems with growth speed and quality of the layer semipolar �lm could be grown in the sidewalls
of patterned sapphire substrates (PSSs) [9]. During this growth, sapphire substrate is etched to organize c-plane-like
sapphire sidewalls, see �g.7. This technique has been �rst proposed by Honda et al. [24] to grow semipolar GaN
planes on Si and later applied to various directions of GaN by Okada et al. [25, 26, 27].

The structure could be grown with or without SiO2 mask using selective area growth in c-direction on the
c-plane-like sapphire sidewalls. The direction of the growth is shown in the �g.7. When the GaN grows out of
the trench, it will continue to grow laterally over the ridges separating the trenches in �+c� - [0001] direction
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Figure 6: Piezoelectric polarization (left axis) and wave function overlap of the electrons in the conduction band and
the holes in the valence band (right axis) in a 3 nm wide Ga0.75In0.25N quantum well pseudomorphically strained
with respect to GaN barriers as a function of the angle between substrate normal and the nitride c-axis. a- and
m-plane quantum wells are at the right end of the diagram (90◦); some semipolar planes are indicated by vertical
lines around 60◦, taken from [9].

Figure 7: SEM micrograph of GaN stripes nucleated from the c-plane-like sidewall of grooves etched into r-plane
sapphire, taken from [9].

organizing �+c� wing and in �-c� - [0001̄] direction forming �-c� wings. Later the GaN blocks coalesce to a closed
layer. Depending on etching process and orientation of sapphire substrate the semipolar (112̄2) or (112̄2) GaN
could be grown.

In the initial stages of growth, in�uence of the lattice mismatch between sapphire trench bottom and GaN,
leads the defects formation. Hence, the �-c� wings are dislocation rich (especially BSF rich), unlike the �+c� wings
are dislocation free. A known method to reduce defects in GaN is the in-situ integration of SiN interlayers during
crystal growth. This method could be adopted to the PSS semipolar GaN structures. The SiN mask could be
deposited in the early stages of growth in �-c� wing in order to reduce the defect density (BSF density) [9].

The relation between dislocation density and polarization in GaN with di�erent surface orientation could be
summarized in four LED GaN/sapphire heteroepitaxial structures shown in the �g.8. The threading dislocations
(TDs) are shown as black curved lines, and BSFs as yellow straight lines. An energy diagram drawing is shown on
the right side of InGaN QWs for each structure (see �g.8).

In case of polar c-plane GaN on c-plane sapphire �g.8.a, the mismatch leads big number of threading dislocations,
and polarization shift wave functions of electron and hole. For nonpolar a-plane GaN grown on r-plane sapphire
�g.8.b, the polarization problem is solved, but additionally to TDs the BSFs are formed perpendicular to the surface.
The semipolar (112̄2) GaN on m-plane sapphire �g.8.c decrease the polarization and BSF density, but their surface
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Figure 8: Schematic LED based on polar c-GaN (a), nonpolar a-GaN (b), semipolar (112̄2) GaN (c), and PSS
semipolar (112̄2) GaN.

is relatively rough. And the best quality with decreased polarization is expected for semipolar (112̄2) GaN grown
on patterned r-plane sapphire �g.8.d.

The PSS semipolar GaN samples grown in (1011) and (112̄2) directions will be investigated in this work.
Additionally, the in�uence of SiN-mask on the BSFs density reduction will be studied.

1.5 Aims of the research

The main aim of this research is to present a comprehensive study of the dislocations and stacking faults in
III-nitrides. The in�uence of the growth parameters and SiN mask intercalation on structural defects density has
also been investigated in order to explore the optimization of the III-nitrides growth process and an increase in
EQE in optoelectronic devices, based on GaN materials in the ultraviolet and visible spectrum of light.

Further to this, the threading dislocations in Al0.2Ga0.8N epilayers with di�erent layer thicknesses will be studied
in Chapter 6. Stacking faults in semipolar (1011) and (1122) GaN layers with and without a SiN mask, grown on
patterned sapphire substrata, will be investigated in Chapter 8.

Structural defects are investigated in the work, and introduced in Chapter 3, using mainly a non-destructive
X-ray di�raction method that allows ex-situ and in-situ investigation of crystalline structures. The di�use X-Ray
scattering, which results from defects enables defect density determination using di�erent models, is described in
Chapter 4. Traditional Williamson-Hall plots and more sophisticated Monte Carlo based simulations will be used
in Chapter 6 to determine the density of the threading dislocation in Al0.2Ga0.8N epilayers with di�erent layer
thicknesses and to establish the variations according to the thickness of layers in dislocation density.

In Chapter 8, the density of the stacking faults of the basal plane in semipolar (1011) and (1122) GaN layers
that are derived from the width and numerical simulation of the intensity distribution and the dependence of
crystallographic orientation of the layers and the SiN mask intercalation on structure perfection, will also be
examined. In addition, an investigation of local distribution of stacking faults in semipolar (1011) GaN will be
investigated in Chapter 8.10 and the in�uence of the SiN mask demonstrated.
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2 Growth and characterization of III-nitrides

2.1 Structure and physical properties of III-nitrides

2.1.1 III-nitrides unit cell and physical properties

Group III-nitrides can exist in three crystal structures: wurtzite (WZ), zincblende (ZB) and rocksalt crys-
tallographic modi�cations [2]. In rocksalt structure (with space group Fm3m) they can be possibly grown only
under very high pressures of 22.9GPa for AlN, 52.2GPa for GaN and 12.1GPa for InN. Therefore, rocksalt group
III-nitrides cannot be produced by any epitaxial growth [2]. In cubic ZB structure or β- phase (space group F43m)
the primitive unit cell contains two atoms. The ZB III-nitrides are metastable structures and can be stabilized
under speci�c growth conditions such as on some suitable substrates [2].

In hexagonal WZ structure or α - phase (space group P63mc) the primitive unit cell is a parallelepiped and
contains four atoms (two group III- and two nitrogen atoms) [2], as depicted in the �g.9.a. Each atom in the
structure can be seen as located at the center of a tetrahedron with its four nearest atomic neighbors of the
other type at the four corners of the tetrahedron as depicted in the �g.9. The wurtzite structure consists of two
interpenetrating hexagonal close packed (hcp) sublattices, one of group III-atom lattice and another of nitrogen-
atom lattice. Each lattice displaces from the other along the c-axis ideally by 3/8 of the cell height, (3/8c), related
to u - parameter. The internal parameter u of the cation-anion bond length ratio along the c-axis in a unit of c is
shown in the �g.9.b. In an ideal wurtzite crystal, the c/a ratio is 1.6330 and u - parameter is 0.375. The group
III-nitrides and their alloys in hexagonal (WZ) have the thermodynamically most stable structure. Thus, in this
work we will focus mostly on the wurtzite GaN and its compounds. Many slightly di�erent unit cell parameters
in lateral and vertical directions at room temperature are known from the literature [8]. However, the average
parameters for the wurtzite GaN, InN and AlN are summarized in the tab.3 [28].

There are several equivalent ways to de�ne the unit cell. For the purposes of this investigation the structures
will be de�ned as follows: the shape of the wurtzite cell is a vertically oriented prism, with the base de�ned by the
primitive lattice vectors a and b which are of equal lengths and are separated by an angle of 60◦. The height of the
cell is de�ned by the vector c. which is oriented vertically at 90◦ to both a and b. In the �ideal� wurtzite structure
a = b and c is related to a as:

c = 2

√
2

3
a (2)

To specify the positions of atoms within the cell the fractional coordinates are usually used for convenience. If
a point r has Cartesian coordinates (x, y, z), then its fractional coordinates [x′, y′, z′] are de�ned as:

r = x′a + y′b + z′c (3)

The Ga atoms are positioned in the corners of the unit cell parallelepiped (one is at the origin [0, 0, 0]) and an
atom at [ 1

3 ,
1
3 ,

1
2 ]. The N atoms are placed directly above the Ga atoms and shifted in c direction in u. So, for

[0, 0, 0] and [ 1
3 ,

1
3 ,

1
2 ] Ga atoms, N atoms have coordinates: [0, 0, 3

8 ] and [ 1
3 ,

1
3 ,

7
8 ], see �g.9.a.

The shape of the primitive two-atom ZB cell is an equal-sided parallelepiped that can be most easily visualized
by a larger 8-atom cubic cell. This cubic cell has Ga-atoms at the origin and in the center of each of the three faces
that touch the origin. Each N-atom is shifted with respect to Ga-atom at a displacement of [ 1

4 ,
1
4 ,

1
4 ]. The lattice

vectors de�ning the primitive cell are the three vectors going from the origin to the center of the three faces where
the Ga-atoms are located. These vectors are of equal length and are separated from each other by angles of 90◦.
The three Ga-atoms on the faces of the cube are not in the primitive cell as they are simply the periodic repetitions
of the atom at the origin. The primitive cell thus contains a Ga-atom at [0, 0, 0] and N-atom at [ 1

4 ,
1
4 ,

1
4 ].

Crystal a, nm−1 c, nm−1 a/c u Eg(eV), [29]

AlN 3.122 4.982 1.601 0.380 5.1
GaN 3.189 5.186 1.626 0.376 3.51
InN 3.548 5.760 1.623 0.377 0.76[30]

Sapphire 4.758 12.991

Table 3: III-nitrides unit cell parameters.
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Figure 9: A stick-and-ball stacking model of wurtzite structure unit cell of (Ga, Al, In)N (a) and wurtzite structure
of (Ga, Al, In)N (b), taken from [2].

Miller Miller-Bravais Meaning

203 2023 Re�ection
(203) (2023) Plane
203 {2023} Family of planes
[203] [2023] Directions

〈203〉
〈
2023

〉
Family of directions

Table 4: Miller and Miller-Bravais indexation of a re�ection, plane, direction and their families.

2.1.2 Crystallographic directions in III-nitride crystals

For WZ hexagonal crystal systems, a Miller-Bravais or four-index (hkil) notation is often used instead of
Miller or three-index (hkl) notation [31]. The additional redundant index i, equal to −(h + k), helps to show the
equivalency of crystallographic planes such as (1120) and (2110) [8]. Sometimes for simplicity instead of additional
redundant −(h + k) index, �dot� sign hkil ⇐⇒ hk.l could be used (�dot� sign is kept to underline the hexagonal
unit cell). A summary of notation conventions is given in the tab.4, and in the work re�ections are marked as hkil,
planes as (hkīl) and directions as [hkīl] [8] (see tab.4).

The unit cell of WZ structure with crystallographic directions is shown in the �g.10.a and its (0001) basal plane
in the �g.10.b. In the �g.10.a some common planes with their names are shown. The c - plane or basal plane is a
plane (0001), a - plane (1120), m - plane (1010) and r - plane is inclined (1102) plane (see �g.10.a).

2.1.3 Stacking sequences in III-nitrides structure

The crystal structures of a large number of materials and their alloys, including III-nitrides, can be described
geometrically in terms of a close-packing of equal spheres, held together by interatomic forces. The close-packed
arrangement of equal spheres in a plane is shown in the �g.11.a where each sphere is in contact with six other
spheres. Since the symmetry of this layer is 6 mm, such a layer is called a hexagonal close-packed layer. Let this
layer be called an A layer. The next spherical layer could be placed in two di�erent positions depicted in the �g.11.a
as B and C. Either B or C layer could be formed due to their intersection, as it is visible in the �gure.

The identity period of the close-packed structure is determined by the number of layers after which the stacking
sequence repeats itself. There are two most common close-packed structures which occur in nature. They have
identity periods of two and three layers, and are shown in the �g.11.b and �g.11.c. The �rst one is hexagonal
close-packing (hcp) with a layer stacking ABAB..., see �g.11.b. The second is the cubic close-packing (ccp) with a
layer stacking ABCABC..., see �g.11.c.
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Figure 10: Hexagonal unit cell (a) and its basal plane (b) with crystallographic directions.

Figure 11: Close-packed arrangement of equal spheres in A, B and C layers (a), ABAB hcc structure (b), and
ABCABC ccp structure (c).
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ABC sequence Ramsdell notation Zhdanov number h-c notation

AB 2H (11) h
ABC 3C ∞ c
ABCB 4H (22) hc

ABCACB 6H1 (33) hcc
ABCBAB 6H2 (2211) hchchh

ABACACBCB 9R (12) hhc

Table 5: Di�erent notations for describing general close-packed structures.

2.1.4 Notations of close-packed structure

The close packed structures could be described in di�erent notations. Krishna and Pandey [32] made complete
summary of the di�erent notations of the closed pack structures.

• The classical ABC notation:

As pointed out previously, the actual arrangement of layers in all close packed structures can be described in terms
of the ABC notation for close-packing of spheres.

• Ramsdell's notation:

Close-packed structures can be designated by specifying the total number of layers in the hexagonal unit cell followed
by the letter H, R or C to indicate the lattice type. Thus a symbol nH represents a structure with n layers in the
primitive hexagonal unit cell while mR denotes a structure whose primitive lattice is rhomboidal and contains m
layers in its hexagonal unit cell. In order to distinguish structures with same lattice type as well as the same repeat
period along c, subscripts a, b, c or 1, 2, 3 are often used. This notation is applicable to all close-packed structures
but it does not reveal the actual arrangement of the layers in the unit cell.

• Zhdanov notation:

The relationship between the three orientations, A, B and C of the close-packed layers may be visualized in terms of
clockwise or counterclockwise rotation about [0001] through 60◦. Hagg denoted the passage in clockwise direction
A→B→C→A by a plus sign �+� and the passage in counterclockwise A→C→B→A by a minus sign �-�. As
structure such as ABCB is thus represented as ++�. No compactness results from the use of these �+� and �-�
signs for representing a close-packed structure because their number remains the same as the number of layers in
the ABC sequence of the structure. Therefore, Zhdanov suggested summing up the consecutive �+� and �-� signs
and putting them down in numeral �gures. Thus, the sequence ABCACB in Ramsdell notation 6H and a Hagg
sequence +++� is denoted by the symbol (33) in the Zhdanov notation.

• The h-c notation:

In the h-c notation, one speci�es each layer in terms of the orientation of layers above and below it. A layer is
said to be in hexagonal con�guration and is denoted as �h� if it is surrounded on either side by layers in similar
orientations. A layer is said to be in cubic con�guration and is denoted as �c� if it is surrounded on either side by
layers in di�erent orientations.

It is quite easy to transform from one notation to another. For this it is convenient to write �rst the complete
ABC sequence.of the structure and then express this in the desired notation. The general close-packed structures
expressed in di�erent notations are listed in the tab.5.

2.2 Growth of III-nitrides

2.2.1 Introduction

The growth of III-nitrides with di�erent crystallographic orientations can be performed on various foreigner
substrates or III-nitrides substrates with di�erent crystallographic orientations [8]. However, nonpolar and semipolar
GaN bulk substrates are generally very small in size and expensive on account of the fact that, they are sliced
vertically and cut at an angle from a thick c-plane GaN substrate [33]. Moreover, the speed of their growth depends
on the crystallographic orientations, where the highest growth speed with minimum defects formation is observed
for the c - direction. This requires the growth of polar GaN to take place on foreigner substrates. The common
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Figure 12: Schematic view of a MBE system from [35].

substrate for III-nitride growth is (0001) sapphire, which leads to epitaxial layer growth rotated by 30◦ with respect
to sapphire [34].

Among all the techniques available for the epitaxial growth of III-nitrides, mainly metal-organic vapour phase
epitaxy (MOVPE), hydride vapour phase epitaxy (HVPE) and molecular beam epitaxy (MBE) are used. These
growth techniques will be discussed in greater detail below.

2.2.2 Molecular beam epitaxy

The molecular beam epitaxy (MBE) is ultrahigh vacuum (UHV) (∼ 10−8 Pa) evaporation growth technique.
In the MBE the elements of III-nitrides (Ga, Al, In and N) are heated in furnaces (e�usion cells) and directed
beams of atoms or molecules are condensed onto a heated single-crystal substrate where they react. The MBE
growth is usually performed at relatively low temperatures of 650−800 ◦C. The growth of materials is operated by
opening and closing e�usion cells. During growth, re�ection high energy electron di�raction (RHEED) is often used
for monitoring the growth of the crystal layers. The RHEED use the high energy electrons di�raction and requires
high vacuum. The view of typical MBE system is shown in the �g.12.

Typically, the growth rate employed is approximately 0.3−1µm/h, although much higher growth rates can be
obtained [3]. Under optimal conditions, the growth rates (in the order of 1 monolayer per second) are low enough
to allow surface migration of the impinging species and smooth surfaces. The homogeneity of the deposited layers
along the wafer can be improved adjusting the growth rate and the substrate holder rotation.

Growth of III-nitrides by MBE is a process capable for producing uniform epitaxy of diverse structures with
abrupt interfaces and allows in-situ monitoring. However, the main disadvantage of MBE is a high cost and the
limiting throughput of the process. Moreover, the MBE has the low growth rate which is not acceptable for the
industrial production.

2.2.3 Metal organic vapour phase epitaxy

In this section, the growth of III-nitrides by metal organic vapour phase epitaxy (MOVPE) is shortly explained.
To avoid confusion, it should be noted that the epitaxial technique MOVPE is also known by the acronyms MOCVD
(metal-organic chemical vapour deposition) and OMVPE (organometallic vapour-phase epitaxy) [36].

The MOVPE is a process of an epitaxial deposition from gases on a hot substrate surface. The standard group
III-precursors used in the MOVPE growth are: trimethylgallium (TMG) (C3H9Ga), trimethylaluminium (TMA)
(C3H9Al), trimethylindium (TMI) (C3H9In), and ammonia (NH3) is used as group V precursor. MOVPE growth
of III-nitrides �lms performs at atmospheric pressure or low pressure of some ten Torrs. The precursors react at a
substrate heated to roughly 1000◦C. To transport III-group precursors from bubblers to the substrate carrier gas
N2 or H2 is used. The group III and V precursors are mixed up and injected to the substrate in the shower head.
The unused reactants are transported out from the reactor. A typical MOVPE system (reactor) is presented in the
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Figure 13: Scheme of a typical MOVPE reactor.

�g.13. There are di�erent chemical processes are running in the reactor with certain probabilities, but nevertheless
most important for III-nitrides growth are:

(CH3)3Ga+NH3 → GaN(s) ↓ +3CH4(g) ↑, (4)

(CH3)3Al +NH3 → AlN(s) ↓ +3CH4(g) ↑, (5)

(CH3)3In+NH3 → InN(s) ↓ +3CH4(g) ↑ . (6)

The growth process could be controlled by changing the pressure in reactor, temperature or ratio between III
and V precursors (III/V ratio). Unlike the MBE system, RHEED is not suitable for in-situ monitoring of the growth
rate in the high-pressure environment like MOVPE. RHEED requires a high electron mean free path, which can be
achieved only in ultra high vacuum conditions. And growth rate is determined by normalized re�ectometry.

The MOVPE is characterized by large-area growth capability, high surface mobility of the precursor gaseous
molecules, good layer uniformity and precise control of the epitaxial deposition. Moreover, high purity, simple
growth reactor, large scale production, possibility of selective growth, in-situ monitoring. These reasons together
with the higher growth rate about tenth of µm/h and even about 60µm/h [37], made the MOVPE to be the favorite
growth method for industrial purposes and mass production.

Most of the samples studied in this work were grown by MOVPE.

2.2.4 Hydride vapour-phase epitaxy

Hydride vapour phase epitaxy (HVPE) is an epitaxial growth technique similar to MOVPE method, but with
a number of basic di�erences. The growth of III-nitrides in HVPE is performed by chemical reaction between
metallic sources of group III (Ga, Al, and In), HCl and ammonia at temperatures of 1000 - 1100◦C and atmospheric
pressure. The walls of reactor are heated to keep the constant temperature inside the growing chamber.

For III-nitrides HVPE growth GaCl, AlCl and InCl are typically used as III-group precursors, ammonia or
nitrogen halide (NCl3) as nitrogen sources and HCl, N2 or H2 as carrier gases [38]. The common chemical reactions
in HVPE reactor lead to growth of III-nitrides are:

GaCl +NH3 → GaN(s) ↓ +HCl(g) ↑ +H2(g) ↑, (7)

AlCl +NH3 → AlN(s) ↓ +HCl(g) ↑ +H2(g) ↑, (8)
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InCl +NH3 → InN(s) ↓ +HCl(g) ↑ +H2(g) ↑ . (9)

The HVPE process is usually hold close to thermodynamic equilibrium whereas MOVPE growth is non-
equilibrium. It yield higher e�ciency of grown material usage. The high growth rate (about 1µm/min) in HVPE
does not allow to control the growth process [39].

Some di�culties during the growth process are related to strong thermodynamic propensity for GaN to form
undesirable gas phase reactions and wall deposition due to their high temperature. Additionally, the HVPE reactor
is destructing during the growth by highly corrosive HCl gas.

Thus, HVPE provides a simple, e�ective and large scale crystallization way to grow group III-nitrides, which
is di�cult to control during the growth. However, high growth rate leads decrease of material cracking grown on
foreign substrates. It makes possible to grow low- defect and low-cost thick �lms of GaN or its compounds [39].
HVPE technique is often combined with epitaxial overgrowth by MBE and MOVPE. The layers grown in such way
are shown comparatively low defect densities.

2.3 Defects in III-nitride crystals

2.3.1 Introduction

Crystalline solids are characterized by periodic crystal structures. In the ideal crystals, the atoms, ions or
molecules (later in the work only atoms) form the periodic crystal lattice with �xed unit cell parameters. However,
real crystals contain imperfections, known as crystallographic defects. Locally, these disturb the regular arrangement
of atoms that break the perfect translational symmetry in the crystal. These imperfections can be classi�ed according
to their dimensional extension as point, line, planar or surface, bulk or volume defects. In turn, the presence of
defects strongly a�ects the properties of crystalline solids.

2.3.2 Point defects

Point or zero-dimensional defects are defects that have the extension of a single atom and are formally limited
to a single lattice site [40]. The point defects as native defects or intrinsic defects, are the most common defects
occurring in semiconductors. They are important for the electrical and optical properties of nitrides semiconductors.
For example they in�uence the carrier lifetime and consequently the radiative quantum e�ciency and the longevity
of GaN-based lasers and light-emitting diodes [2]. There are three basic types of native points defects: vacancies
(atom missing from lattice sites), antisites (cations sitting on anion sites or vice versa) and interstitials (additional
atoms in between the lattice sites).

There are two common types of point defects in the crystal lattice: Frenkel and Schottky defects, see �g.14.a. In
case of Frenkel defect atoms of the same type as the crystal lattice occupy non-lattice sites in the crystal structure.
Since ionic crystals are forced to be charged neutrally, it can not come to a single point defect in these structures.
The same atom thus creates both vacancy and interstitial called a Frenkel defect. The mechanism of Frenkel defect
formation is shown in the �g.14.b.

Another possible defect con�guration arises when oppositely charged ions leave their lattice sites, creating
vacancies, known as Schottky defect. The scheme of Schottky defect formation is shown in the �g.14.c.

The point defects occur during growth, heating, doping, plastic deformation, in the process of crystal growth and
as a result of radiation exposure. GaN is commonly assumed to contain a large density of point defects (1016cm−3).
The point defects could be arranged in a larger dimensional defects such as line or planar defects. In the next
sections these kinds of defects in semiconductor crystals will be described.

2.3.3 Line defects

2.3.3.1 Dislocations Linear or one-dimensional defects are defects in crystals, which sizes in one direction
are much larger than the sizes in the other two directions. The line defects are also called dislocations. They
represent the border areas of un�nished shift in the crystal.

The quantitative description of the dislocation is given by Burgers vector. Its atomistic de�nition is derived
from the Burgers loop in the deformed and ideal crystal lattices. This is an arbitrary closed clockwise circulation
around a dislocation as a vector chain of the basis vectors of the lattice. The second Burgers loop, plotted in the
similar crystal lattice without any dislocation, is compared with the �rst loop. The di�erence between the starting
and ending points in the intact crystal is called the Burgers vector b that describes the magnitude and direction of
lattice distortion.
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Figure 14: The Schottky and Frenkel defects in a crystal (a) and mechanisms of formation of Schottky (b) and
Frenkel (c) defects.

Except the Burgers vector, every dislocation is characterized by the dislocation line, which is the line of the
longest dimension, and the angle between the dislocation line and the Burger's vector, as it is illustrated in the
�g.15.a. When ϕ = 0◦ the defect is called a screw dislocation, and when ϕ = 90◦ the defect is called edge dislocation,
see �g.15.a. A schematic representation of an edge and a screw linear dislocations is illustrated in �g.15.b.

In case of 0◦ < ϕ < 90◦ the dislocation is called mixed and it can be decomposed into pure screw and pure edge
components (see �g.15.a). The linear dislocations in real crystals are typically mixed [41].

An edge dislocation can be visualized as being caused by the termination of a plane of atoms in the middle of a
crystal. In this case, the surrounding planes are not straight, but instead bend around the edge of the terminating
plane so that the crystal structure is perfectly ordered on either side. In certain direction an extra half-plane could
be introduced from two di�erent directions. Thus, edge dislocations are conventionally divided into positive and
negative. These two types of dislocations are distinguished only by turning by 180 ◦. The atoms from one side of
the dislocation line are squeezed together due to the extra half-plane that results in a compressive stress �eld. From
the opposite side of the dislocation line the extra plane imposes a tensile stress on the lattice. The displacement
�eld around pure an edge dislocation simulated by Holy et al. [42] is presented in the �g.16(right).

In order to visualize a screw dislocation, let us consider a cut of a crystal along a plane and a slip of one half
across the other by a lattice vector, when the halves are �tted back together without leaving a defect. If the cut only
goes part way through the crystal, and then slipped, the boundary of the cut is a screw dislocation. It comprises
a structure in which a helical path is traced around the linear defect (dislocation line) by the atomic planes in the
crystal lattice. Screw dislocations can be right-handed and left-handed, the direction of rotation plays the same
role as the sign of the edge dislocation. The displacement �eld around pure a screw dislocation simulated by Holy
et al. [42] is presented in the �g.16(left).

Thus, the screw and edge dislocation are the borders between the shifted and unmoved parts of the crystal,
whereas the edge dislocation is perpendicular to the shear vector, and the screw one is parallel to this vector.

The dislocation in crystalline material can start to move under an applied stress. There are two types of
dislocation movements:
• Glide or conservative motion, when the dislocation moves in the plane which contains both its line and its

Burger's vector. A dislocation able to move in this way is termed glissile, one which can not is termed sessile.
• Dislocation motion by climb occurs when the dislocation moves out of the glide plane, and thus normal to the

Burgers vector.

2.3.3.2 Threading dislocations in III-nitrides Threading dislocations (TDs) are linear dislocations
with dislocations line perpendicular to the sample surface [8]. Usually the threading dislocations occur in [0001]
direction grown III-nitrides, such as c-plane GaN [8]. In this case a dislocation line is elongated along c-axis of the
unit cell of III-nitrides.

The GaN layers contain a high density of threading dislocations in the range of 108 − 1010cm−2 [8]. The AlN
and InN layers grown on foreigner substrates contain even higher threading dislocation density (TDD).

There are three kinds of treading dislocations: screw, edge and mixed. The screw type of dislocation has Burger's
vector along c-axis and parallel to the dislocation line (see �g. 17.a). There are two kinds of screw dislocations
with Burgers vector bs = [0001] and bs = [0001] for both of them the magnitude of the bs = c, where c is the unit
cell lattice parameter in [0001] direction.
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Figure 15: Burger's vector b position with respect to the dislocation line for screw, mixed and edge dislocations
(a). The scheme of pure screw and edge line dislocations (b).

Figure 16: The displacement �eld distribution for single screw (left) and edge (right) dislocations from [42].
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Figure 17: Screw (a) and edge (b) type of treading dislocations.

The edge type of dislocation has a Burger's vector in basal plane and perpendicular to the dislocation line (see
�g. 17.b). There are three kinds of edge dislocations with Burgers vector be = 1/3 · [1120], be = 1/3 · [1100] and
be = 1/3 · [1100] for all of them the magnitude of the be = 1/3 ·a, where a is the unit cell lattice parameter in [1120]
direction. Dislocations with opposite Burgers vectors can recombine each other.

The mixed type of dislocation has a Burger's vector inclined with respect to the dislocation line. The mixed
dislocations could be performed as a summation of pure screw and edge TDs. Thus, there are six types of mixed

TDs with Burger's vectors like bm = 1/3 · [1123], and magnitudes bm =

√
(1/3 · a)

2
+ c2. In this work the mixed

TDs decomposed into pure screw and edge TDs, and therefore are not in the consideration.
Threading dislocations occur during crystal growth, with its plastic deformation, and in many other cases.

2.3.4 Mis�t dislocations

The relative di�erence between in-plane lattice parameters of III-nitrides epitaxial layer arelL and substrate
crystals arels (see �g.18.a) calls lattice mismatch:

4arel

arels
=
arelL − arels

arels
. (10)

Lattice mismatch gives rise to elastic strains and change the lattice parameters of layer. The di�erence between
strained in-plane lattice parameters of III-nitrides epitaxial layer astrL and substrate crystals arels (see �g.18.b) calls
lattice mis�t:

4astr

arels
=
astrL − arels

arels
. (11)

These can be relaxed by formation of surface undulations, of three-dimensional islands and of mis�t dislocations
(MDs) [2], which are sketched in the �g.18.c. The �rst two mechanisms take place during the initial stages of
epitaxy, while the latter process is a dominant mechanism for comparatively thick layers.

To a �rst extent, mis�t dislocations are not supposed to thread up into the layer and are very e�cient in relieving
strain. However, the threading dislocations can be interconnected to the mis�t dislocation network [43].

2.3.5 Planar defects

2.3.5.1 Di�erent kinds of planar defects Planar or two-dimensional defects are interfaces between
homogeneous regions of the material. Planar defects include: external surfaces; internal surfaces; grain boundaries;
twin boundaries; stacking faults.

A real crystal has a �nite size and thus a surfaces. The external surfaces are surfaces of a crystal, which exist due
to the �nal size of the crystal. Thus, the crystal surfaces can be considered as an interfaces between the homogeneous
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Figure 18: A layer and a substrate lateral lattice parameters (a). Heteroepitaxial system with mis�t dislocation (b)
and geometry of the network of the mis�t dislocations in a layered heteroepitaxial system (c), taken from [44].

Figure 19: Planar defects: interphase (a), grain boundary (b), and twin (c).

crystal and another phase. External surface has a certain energy formation and, like in case of minimized energy
in spherical liquid droplets, has certain strain component.

The internal surface or interphase could be between two di�erent phases in the crystal, as it is shown in the
�g.19.a.

In case of brains formation in the crystal, between grains planar defects - grain boundaries exist. The �g.19.b
illustrates the sketch of the grains in a sample, and a grain boundary between two grains.

Twinning is a process in which a region of a crystal undergoes a homogeneous shear resulting in original crystal
structure in a new orientation known as a twin. The twin can be considered as a mirror image of the original
(parent) crystal in the composition plane. A twin boundary is the boundary surface between the two parts of a
twin crystal, as it is sketched in the �g.19.c. Twinning usually occurs in the early stages of crystallization, during
inter growth of two or more crystalline parts.

All of this planar defects listed above, are not common for standard grown III-nitrides. The last type of planar
defects are stacking faults (SFs). They are mistakes in atomic layers packing, and quit common for III-nitrides.
Thus, this kind of planar defects will be described in details in the next sections.

2.3.5.2 Stacking faults in III-nitrides The III-nitrides exist in wurtzite (2H, hexagonal) and zincblende
(3C, cubic) structures (see Chapter 2.1.1). The wurtzite structure consists of two hexagonal close-packed sublattices
Ga and N shifted by along [0001] direction. In both sublattices {0002} planes are close packed. Stacking these
basal {0002} planes in the . . . AαBβAαBβAαBβ. . . sequence forms the wurtzite structure, in which the atoms
are tetrahedrally coordinated. Here capital letters correspond to Ga layers and the Greek letters to N layers. For
simplicity the GaN molecule can be taken as a stacking unit. In this case the Greek letters can be omitted. Thus the
hexagonal stacking sequence will further be named as . . . ABABAB. . . , where capital letters represent Ga-N atomic
bilayers. In the above notation the zincblende structure can be represented as an . . . ABCABCABC. . . stacking
sequence along the [111] direction.

In the atomic layer sequences some mistakes are possible. Basal plane stacking faults (BSFs) in the wurtzite
structure can be treated as planar defects forming locally the ABC cubic structure within the usual . . . ABABAB. . .
stacking sequence [45]. Four types of basal plane stacking faults, three intrinsic faults (I1, I2, and I3) result from
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Figure 20: Basal plane stacking faults models and their stacking sequences.

errors in stacking and one extrinsic (E) results from an additional plane inserting, can be found in the wurtzite
crystal structure [46] (see �g.20).2 re I1 type BSF is formed either by removal or insertion of a basal plane with
further 1

3

〈
1100

〉
slip of one part of a crystal with respect to the other to decrease the fault energy. This changes

the perfect stacking sequence of . . . ABABABAB. . . to one with . . . ABABABCBCBC. . . , as it is shown on the
�g.20. The high resolution TEM of I1 BSF demonstrates the stacking fault in the �g.21.a. The I2 type fault
having the . . . ABABABCACACA. . . stacking sequence (see �g.20) can be formed by 1

3

〈
1100

〉
shear of one part of

a crystal with respect to the other or by dissociation of a perfect edge dislocation (b = 1
3

〈
1120

〉
) into two Shockley

partials with b = 1
3

〈
1100

〉
, and is result from joining two di�erent stacking sequences (see �g.20). The I3 type

with stacking sequence ...ABABCBABA... occurs from an isolated stacking error. And the extrinsic fault E with
a stacking sequence . . . ABABABCABABAB. . . appears due to insertion of an extra basal plane, as it is drawn in
�g.20. The BSFs, their displacement vectors and their energy formation are summarized in the tab.6.

Formation energy of stacking fault proportional to the number of cubic bilayers in the particular fault. As
described I1, I2, and E-type defects consist of one, two, and three cubic bilayers, respectively [20]. The type I3
consist of one cubic layer as I1, but has in two times higher energy formation. Therefore, the I1-type BSF has the
lowest formation energy, and should mainly be formed during the growth process. This assumption is proved by
TEM investigation of non- and semipolar GaN samples [47], where it was shown that density of I1-type ρBSF (I1)
is above or about 90% of all BSFs.

The BSFs can not propagate in�nite, they should be stopped by some other defects, interfaces or by free surface
(like surface of the sample) [45]. The most common way for BSF to be terminated is the partial dislocations,
which bound a SF. So, I1, I2 and E types of BSFs are bounded by Frank� Shockley,Shockley and Frank partial
dislocations, respectively. The I3 type has no bounded dislocation. The partial dislocations bounded the disc of
BSFs and their Burgers vectors are also presented in the tab.6.

Not only dislocations can terminate the BSFs. An additional type of stacking fault common for wurtzite-
structure compounds, such as AlN, InN and GaN, is prismatic stacking fault (PSF), which can terminate BSFs [48].
They occur in {1210} planes (a-planes) with displacement vector R = 1

2

〈
1011

〉
. In the �g.21.b the scheme of two

BSFs termination by PSF performed by Zakharov et al. [45], is shown in the �g.21.b. Both of these termination
mechanisms were demonstrated by Liu et al. [49] in one TEM picture, and presented in the �g.21.c. The density
of PSFs is one of the lowest and usually is about ρPSF ∼ 102cm−1, meaning that PSFs are unlikely to contribute
strongly to scattering in XRD [50, 21, 8, 51].

2.3.5.3 Mechanisms of the BSF formation There are three main mechanisms of BSF formation:

• Classical mechanisms. Two formation mechanisms of BSFs are classically presented in the literature. Ac-
cording to the �rst mechanism the BSFs are result from growth errors [52]. And the second relate the BSF
formation with condensation of vacancies [20].
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SF type R e, (meV)
Stacking
sequence

Bounded
dislocation

type
b

I1
1
6

〈
2023

〉
10 ABABCBCBC

Frank-Shockley
partial

1
6

〈
2023

〉
I2

1
3

〈
1100

〉
24 ABABCACAC Shockley partial 1

3

〈
1100

〉
I3 none 19 ABABCBABA none none
E 1

2 〈0001〉 38 ABABCABAB Frank partial 1
2 〈0001〉

Prismatic 1
2

〈
1011

〉
-

occurs in
{1210}planes

Stair rod
1
6

〈
1010

〉
,

1
6

〈
3250

〉
Table 6: Stacking faults (SF) types, displacement vector (R), SF energy formation per unit cell (e), stacking
sequence, bounded dislocations and their Burgers vector b.

Figure 21: TEM images of stacking faults in the a-plane GaN epilayer (a), the scheme of PSF from [45] (b), and
BSF intersecting a prismatic a-plane stacking fault (c) (from [49]).

• Mismatch relaxation. In heteroepitaxial growth, structural defects are often introduced to relax the stress
due to the di�erence of lattice parameters between the deposited layer and the substrate. The termination
of a BSF in an interface could in�uence on the mis�t strain relaxation by helping the formation of mis�t
dislocations (MDs) [53]. In these cases, the PDs terminating the BSFs have their line and an edge component
in the interfacial plane and are in fact MDs. And opposite, the MDs occurred to relax GaN material initiate
the formation of the BSF. In any case, the BSFs are introduced for the lattice mismatch relaxation.

• Coalescence of nuclei. Another possible mechanism of BSFs formation consider growth of GaN start in in
many nuclei positions on the substrate. In the next very early stage of the growth formed islands of the
material coalescent with each other, but their borders form the BSFs [54].

2.3.6 Bulk defects

Bulk defects occur on a much bigger scale than the rest of the crystal defects discussed above. However, in
semiconductors bulk defects are not common type of defects. A few of the more common bulk defects typical for
metals are mentioned below.

Voids are regions where there are a large number of atoms missing from the lattice. In the �g.22 is a void in a
piece of metal. Voids can occur for a number of reasons. When voids occur due to air bubbles becoming trapped
when a material solidi�es, it is commonly called porosity. When a void occurs due to the shrinkage of a material as
it solidi�es, it is called cavitation.

Another type of bulk defect occurs when impurity atoms cluster together to form small regions of a di�erent
phase. The term �phase� refers to that region of space occupied by a physically homogeneous material. These
regions are often called precipitates.

In semiconductor III-nitrides usually don't have bulk defects and in this work bulk defects are not in consider-
ation.

2.3.7 In�uence of defects on properties of III-nitrides

As already mentioned defects may introduce strain in III-nitride �lms, which consequently leads to e�ects such
as change in the lattice constant and band gap energy. Apart from that, defects form donor or acceptor levels
in the band gap which are otherwise forbidden. Moreover, the defects in�uences the most important mechanical
properties of the III-nitrides, such as: strength and plasticity..
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Figure 22: Void bulk defect in a piece of metal.

The defect-related levels in the band gap may be the source of radiative recombination centres in devices, leading
to below gap optical emission. Such emission is usually broad and is generally dominant except in very pure material
or in thin layer structures that exhibit quantum con�nement [55]. A common defect-related emission in n-type GaN
is the infamous yellow emission which occurs at energy about 2.2.eV. This emission is parasitic and decrease the
quality of optical devices.

The TDs [56, 57] and planar defects [49] act as non-radiative recombination centers and a�ect the performance
of GaN based light emitters . Moreover, the defects act also as strong scattering centers. Planar defects have larger
square than other defects and therefore in�uence on larger crystal area. Additionally, they could split a single
crystal into crystallites.

As all defects seriously impair the electrical and optical properties of of III-nitrides, it is of great importance to
reduce the number of dislocations. In the next chapter the most common methods of dislocation density reduction
are listed and investigated.

2.4 Defect reduction methods for III-nitride heteroepitaxial �lms

2.4.1 Introduction

Most III-nitride �lms contain a large quantity of TDs with a typical density of 108 − 1011cm−2 for GaN [8],
or BSFs in the order of 104 − 105cm−1 for a-plane GaN [50], as well as many other defects [58]. As these defects
seriously impair the electrical and optical properties of the material, it is important that the number of dislocations
are reduced. In this chapter, the methods to reduce dislocation density will be discussed.

2.4.2 Nucleation layer

Usually III-nitrides are grown on foreigner substrates. The �lms of III-nitrides investigated in this work are
grown on sapphire. The lattice mismatch between GaN and sapphire is about 13.8%. Such a large lattice mismatch
should lead big number of defects in GaN grown directly on sapphire. The lattice mismatch between GaN and InN
is about 11%, and between GaN and AlN is only 2.5%. Therefore, the lattice mismatch between GaN and AlN is
the lowest one, and one can grow �rst AlN layer on sapphire and than GaN on this AlN layer. Hiramatsu et al.
[59] developed a model for the MOVPE growth of GaN on a thin AlN nucleation layer (NL) with a thickness about
10-50 nm. The model is shown in the �g.23.a. The AlN nucleation layer is grown at 600◦C on sapphire. At this
temperature the nucleation layer is amorphous. Thus, one should write the nucleation layer as AlNx, but for the
simplicity here the index x is neglected and NL is marked as AlN. The NL crystallizes at the growth temperature
(≈ 1500◦C) in a columnar structure . The thin columnar crystallites of the nucleation layer have an extension in
the growth direction of ≈ 10− 50nm and a rough morphology. This morphology is reproduced in the layer grown
directly on the nucleation layer. The column growth is selective, i.e. only the columns oriented in the direction of
the growth (c-axis) are reproduced, see �g.23.a. This zone has a large defect density and it extends for some tenth
nm. In the following zone, the lateral growth is enforced. The layer grows in crystallites of trapezoidal shape. The
�nal layer is relatively poor of defects, see �g.23.a.

The experimentally determined critical thickness of GaN on c-plane sapphire with an AlN nucleation layer is
about 3 nm. For �lms thinner than that, the lattice constant of the �lm is equal to that of AlN, i.e., the �lms are
pseudomorphic with the AlN nucleation layer. As the thickness increases, the in-plane lattice constant increases
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Figure 23: The AlN nucleation layer model from [59] (a), in�uence of AlN NL on face change taken from [60] (b),
masking of the sample (c), lateral epitaxial overgrowth (LEO) (d), and pendeo-epitaxy (PE) (e).

due to the relaxation of strain by mis�t dislocations. At a certain thickness, the relaxation is nearly complete and
the lattice constant becomes the same as that of bulk GaN.

Liu et al. [60] shows that, the AlN NL changes the face of the GaN layer from N-face into Ga-face, as it is
schematically shown in the �g.23.b. Therefore, in case of inhomogeneous growth of AlN NL formation of di�erent
domains with Ga-face and N-face is possible. The boundaries between them are called inversion-domain boundaries,
and are plane defects.

Finally, one can conclude the AlN NL reduces the density of defects in the overgrowth GaN (or its alloys) layer.

2.4.3 Increase of overgrowth layer thickness

As it was mentioned in the Chapter 2.3.3.1 the dislocation in crystalline material can start to move under
cause of stress, or some other reasons. Moreover, depending on circumstances they may cancel each other out,
attract, repel or become entangled. When two dislocations with the same sign on the same slip plane meet the
interaction of their compressive stress �elds will cause them to repel each other. If they have opposite signs their
tensile and compressive �elds will attract. When they meet the two half-planes of atoms will join to become one
whole plane and the dislocations will cancel each other. So, for screw dislocations: two right- or two left-handed
screw dislocations repel each other, right and left - are compensated. And for edge dislocations is the same but for
the signs of them.

Therefore, during the continuous overgrowth of a III-nitride layer due to forces between dislocations, the dislo-
cations with opposite sign will meet each other and annihilate! The number of annihilated dislocations for a certain
layer thickness dh is proportion to the number of dislocations, and therefore proportion to the layer thickness h.
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Hence, the density of dislocations should decrease as Ae−µh, where e = 2.72, A and µ are constants, and h is a
layer thickness.

The number of dislocations decrease with the overgrowth layer thickness, but the time of layer growth and price
of the �nal product increase. So, one should �nd a compromise between decreased number of defects in the layer
and increased growth time of it, or some other methods of defects reduction should be established.

2.4.4 Masking of the layer

One growth technique which results in an improvement of crystal quality in MOVPE grown of III-nitrides is the
use of an intermediate nitride-layer acting as a mask for selective area growth (SAG). Transition metal nitrides such
as ScN [61], CrN [62], TiN [63] and SiN [64, 65] are examples of the nano-masking technique to reduce e�ectively
the dislocation density in a layer. In this work SiN mask is used as a masking material of the samples. The SiNx
nano-mask can be deposited just in few minutes in-situ during the growth process by treating the �lm surface with
silane and ammonia [66]. The thickness of such a mask is in order of one monolayer, and material of mask is in
amorphous phase. So, the mask should be written as SiNx, however for the simplicity the index x is neglected.

The model of SiN mask in�uence on the dislocations is shown in the �g.23.c. The SiN mask stops some of
dislocations, bends the others increasing the probability of trier annihilation, but still some of the dislocations could
grow though the mask. So, an in-situ deposited intermediate SiN layer in GaN �lms with a submonolayer thickness
reduces the density of edge threading dislocations, while the density of screw threading dislocations remains almost
unchanged [67].

2.4.5 Lateral epitaxial overgrowth

To reduce the threading dislocation density in c-plane III-nitrides the lateral epitaxial overgrowth (LEO)
approach could be used. The LEO technique consists of coating a �lm (of III-nitrides) with a patterned mask
(SiO2 or silicon nitride) so that dislocations under the mask are prevented from propagating into the overgrown
parts of the layer during subsequent growth. Continuation of growth takes place only on the seeds (windows) left
uncovered by the amorphous material, as it is shown in the �g.23.d. As soon as the growth front reaches the top
of the mask, the GaN layer starts to grow not only vertically, along the c-axis, but also laterally, perpendicular to
the c-axis, over the mask (see �g.23.d). The lateral growth can be several times faster than the growth along the
c-axis. During this growth step, dislocations close to the edge of the seed areas tend to bend over and to follow the
faster growth direction, such that their line directions di�er between the laterally grown parts (wings) and the seed
columns. Ideally there should be no dislocations grow along the c-axis in the wing regions, as it is illustrated in the
�g.23.d. However, some segments extending in the c-direction will inevitably be formed in particular at the meeting
front of overgrown material, as dislocation lines cannot terminate inside bulk material (unless they annihilate with
dislocations having opposite sign of Burger's vector, i.e., forming a loop).

2.4.6 Pendeo-epitaxy

For pendeo-epitaxy (PE) stripes are etched through the �lm into the substrate, as it is depicted in the �g.23.e.
Again GaN is grown laterally and vertically, the growth starts from the sidewalls of the GaN stripes and the wings
hang free without being in contact with the substrate. The TD density in the laterally grown wings is reduced to
105cm−2 relative to the initial 1010cm−2 in GaN stripe [68]. Comparing PE and LEO, PE does not use a mask to
initiate lateral growth but employs the substrate itself as a pseudomask.

2.5 Analysis of semiconductors using di�erent methods

2.5.1 Introduction

Semiconductor materials can be investigated using di�erent methods. For the purposes of this research, the X-
ray methods used here, based on di�raction, are treated separately from all other techniques, presented in Chapter 3.
In this chapter the range of di�erent techniques that are not based on X-ray di�raction have been the subjects of
investigation.

2.5.2 Optical microscopy

A specimen could be observed directly in visible light using optical systems [69]. However, theoretically the
maximum resolution d, that one can obtain with a light microscope has been limited by the wavelength of the
photons that are being used to probe the sample λ:
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Figure 24: Scheme of TEM (a), realization of TEM (left) and SEM (right) (b), and scheme of SEM (c).

d =
1.22λ

2n · sinα
, (12)

where n is the index of refraction of the media surrounding the radiating points, and α is the half angle of the
pencil of light that enters the objective.

The highest resolution in visible light could be estimated as:

dmin ≈
λmin

2
. (13)

Since the shortest wavelength of visible light is about λmin = 400nm, hence the best achievable resolution in
visible light is about dmin = 200nm. However, this resolution is not enough for the defect or structure analyze of
the semiconductor materials, where resolution in nanometer range is needed.

In order to increase resolution, electron beam could be used for microscopy. Like all matter, electrons have both
wave and particle properties (as theorized by Louis-Victor de Broglie), and their wave-like properties mean that a
beam of electrons can be made to behave like a beam of electromagnetic radiation. The wavelength of electrons is
related to their kinetic energy via the de Broglie equation. After taking into account relativistic e�ects wavelength
of an electron could be written as:

λe ≈
h√

2m0E
(

1 + E
2m0c2

) , (14)

where, h is Planck's constant, m0 is the rest mass of an electron and E is the energy of the accelerated electron.
The maximum reachable resolution which was achieved using electrons is 50pm = 5 · 10−11m [70].

2.5.3 Semiconductor investigation using an electron beam

When an electron beam interacts with a material di�erent radiations come out of it, e. g., X-rays, Auger
electrons, secondary electrons, and cathodoluminescence, see �g.24.c. By detecting these radiations a lot of infor-
mation about the irradiated sample can be obtained, including microstructure, surface morphology, composition,
and optical properties. Moreover, an electron beam can transmit or di�ract and then transmit a specimen if it
is thin enough, see �g.24.a. These transmitted or di�racted electrons could also be recorded and an image of a
specimen structure with high resolution can be formed. In this section methods based on electron beam interaction
with materials will be described.

2.5.3.1 Transmission electron microscopy Transmission electron microscopy (TEM) is microscopy
method based on the electron beam transmission or scattering and transmission. The electron beam should transmit
a specimen, hence a specimen should be thin and usually is a thin slice of a sample. After transmission the beam is
focused and unfocused several time to form the projection image with tunable magni�cation, as it is shown in the
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�g.24.a. The realization of the TEM is shown in the �g.24.b(left). Using TEM a magni�cation allowing imaging
with resolution on the atomic scale is achievable.

Two basic ways to form contrast in the TEM image are bright �eld (BF) imaging and dark �eld (DF) imaging.
Bright �eld TEM (BF).
In BF contrast regions that scatter the electrons most will appear dark, this means that, e.g. thicker regions or

regions with high atomic number, or the parts of the samples that di�ract the electron will appear darker and thin
areas with small atomic number without di�racting the beam will appear brighter.

Dark �eld TEM (DF).
In DF, a selected part of the scattered or di�racted electrons are used in the imaging, making it possible to

highlight certain structures in the sample. That means that one is able to image the defects with a certain Burgers
vector and count the defect density!

Weak-Beam Dark-Field (WBDF) technique.
When analyzing dislocations in a crystal, it can be most important to determine the type of each dislocation

visible in a TEM image. For this purpose it is necessary to determine the Burgers vector of a dislocation in order to
decide if the dislocation is a pure screw, pure edge or a mixed dislocation. The imaging of dislocations in a TEM is
predicated on the di�raction contrast by exploiting the DF method under special conditions. By using the WBDF
method it is possible to image the dislocations and to determine the Burgers vector. In the following the WBDF
technique is described.

High resolution transmission electron microscopy (HRTEM).
The electron beam could be focused to an area with size nanometer size that allows the imaging of the crys-

tallographic structure of a sample at an atomic scale using HRTEM. At present, the highest realized resolution is
0.047nm at Tokyo Institute of Technology [71]. At these small scales, individual atoms and crystalline defects can
be imaged.

Scanning transmission electron microscopy (STEM).
In STEM the electron beam is focused in the sample with spot size about nanometers and beam scanning the

sample recording information with spatial resolution of about atomic distances. Usually in STEM the DF contrast
by using high angle annular dark �eld (HAADF) detector is applied.

In the present work di�erent techniques of TEM method will be used.

2.5.3.2 Scanning electron microscope In a scanning electron microscope (SEM), a tiny electron beam
is focused onto the sample. The types of signals produced by a SEM include secondary electrons (SE), back-scattered
electrons (BSE), characteristic X-rays, light (cathodoluminescence) (CL), specimen current and transmitted elec-
trons, as is schematically drawn in the �g.24.c. Secondary electron detectors are standard equipment in all SEMs,
but some times SEM could have detectors for all possible signals. Simultaneous to scanning the beam across a
selected sample area, generated signals are being recorded and thereby an image is formed pixel by pixel. In con-
trast to TEM methods needing very thin samples, compact samples can thus be investigated by SEM. Valuable
information about morphology, surface topology and composition can be obtained. The SEM microscopes achieving
resolution could be below 1nm, however typical resolutions are hundreds of nanometers, and under certain beam
conditions less than 10 nm. The scheme of SEM is presented in the �g.24.b(right).

2.5.4 Investigation of III-nitrides using luminescence

Luminescence is emission of light by a substance not resulting from heat; it is thus a form of cold body radiation.
It can be caused by chemical reactions, electrical energy, subatomic motions, or stress on a crystal and in fact it is
transformation of diverse kinds of energy into visible light.. The di�erent substances have di�erent band gap and
transmission of an electrons from conduction to valence shell causes an emission of electron with energy correspond
to band gap of the material. Di�erent imperfections of crystal, i.e. defects, dislocations, stacking faults, in�uence on
the band gap and therefore luminescence could be used as an method for investigation of composition and quality
of a specimen. Here we will use this phenomenon to investigate the quality of semiconductor crystals.

2.5.4.1 Photoluminescence Photoluminescence (PL) is a luminescence caused by absorption of a sub-
stance photons and then re-radiation of photons. Quantum mechanically, this can be described as: if a photon has
an energy greater than the band gap energy (usually ultraviolet light), then it can be absorbed and thereby raise
an electron from the valence band up to the conduction band across the forbidden energy gap. In this process of
photoexcitation, the electron generally has excess energy which it loses before coming to rest at the lowest energy
in the conduction band. At this point the electron eventually falls back down to the valence band. As it falls down,
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the energy it loses is converted back into a luminescent photon which is emitted from the material, see �g.25.a.
Thus the energy of the emitted photon is a direct measure of the band gap energy (Eg).

The scheme of the photoluminescence measurement is shown at the �g.25.b. A laser usually uses to photo-
excited electrons in a GaN semiconductor materials and the luminescence is analyzed with a spectrometer. The
peaks in the spectra represent a direct measure of the energy levels in the semiconductor ( �g.25.b).

2.5.4.2 Cathodoluminescence Cathodoluminescence (CL) is the electron-excited analogue to photolu-
minescence. The CL occurs because the impingement of a high energy electron beam onto a semiconductor, as it is
realized in case of cathode rays of TV and PC's display. Electrons incident upon a sample result in the promotion
of electrons from the valence band into the conduction band, leaving behind a hole. When an electron and a hole
recombine, it is possible for a photon to be emitted. The energy of the photon, and the probability that a photon
and not a phonon will be emitted, depends on the material, its purity, and its defect state.

Signi�cant advantage of cathodoluminescence is the depth dependence of incident electrons as a function of
beam energy. By tuning the electron beam energy from hundreds of electron volts to a few kilo electron volts, the
electron-hole pair generation depth can be varied from tens of nanometers to about a micrometer, for practical
beam energies.

Since high voltage electron beam is needed for the method realization cathodoluminescence devices can be
installed in a SEM. Additional optical detection parts for the visible light is required, which incorporates a parabolic
mirror mounted on the spectrometer port designed for high e�ciency of light collection, see �g.25.c. This specially
designed mirror is used for collecting the CL. Despite the high generation factors for the electron-hole pairs, the
external photon yield is small. Furthermore, the intensity generated inside the specimen is considerably reduced
by absorption in the specimen and by the total re�ection at the specimen surface. From there, a �ber optic will
transfer the light out of the microscope where it is separated into its component wavelengths by a monochromator
and is then detected with a photomultiplier tube, these components schematically shown on the �g.25.c as �lter,
lens and detector. beamline is r, the luminescence of dislocated specimen is di�erent from perfect crystal, and can
be used for defects determination techniques.

• CL spectroscopy

Conventionally, there are several applications of CL in crystal quality analyze. One of them is a CL spectroscopy,
where unfocused electron beam in stationary mode, illuminate an area on a specimen about 30µm, and statistical
information about this area is derived for di�erent emitted energies of CL photons. Therefore, in order to carry out
spectroscopy, the emitted radiation has to be spectral resolved by using a monochromator. The resolution of the
method is an energy resolution of the monochromator. Finally intensity distribution against energy scan could be
recorded from the selected area on the sample. Spectroscopy gives information about the real structure, and allows
detection of trace elements, their valence and structural position.

• SEM CL

There is another application of CL, so called SEM CL or locally resolved CL, related to the imaging of the specimen
area in certain wavelength, which requires spatial resolution of the position from which the emission originates.
However, the spatial resolution of the CL is determined by the excitation source and not detection. For excitation,
a focused electron beam of a SEM is used. The accelerating voltage of the beam is tunable between 1-30 keV. The
emitted light is detected using a parabolic mirror which is placed a few millimeters above the sample in such a way
that it's focal point coincides with the sample. The size of this focus is usually in tens of microns. The mirror is
arranged to as to have a large acceptance angle. The light collected from the focal point is re�ected as a parallel
beam through a hollow waveguide tube and focused onto the entrance slits of a monochromator (�g.25.c).

By scanning the microscope's beam in an X−Y (specimen surface) plane and measuring the light emitted with
the beam at each point, a map of the optical activity of the specimen can be obtained. The primary advantages to
the electron microscope based technique is the ability to resolve features down to 1 nanometer [72], the ability to
measure an entire spectrum at each point if the photomultiplier tube is replaced with a CCD camera, and the ability
to perform nanosecond- to picosecond-level time-resolved measurements if the electron beam can be "chopped" into
nano- or picosecond pulses. Therefor, the optical properties of an object can be correlated to structural properties
observed with the scanning electron microscope. The SEM CL allows record full map of the optical activity of the
sample area and relate this activity to a certain object or defect of the sample, moreover contrasting of di�erent
phases visualization of defects and internal structures investigations are possible.
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Figure 25: The PL photon emission scheme (a), CL photon emission scheme (b), photoluminescence measurement
scheme (c), and cathodoluminescence experiment scheme (d).

Figure 26: Light emission image of the bluish-green LED (a), and LEDs based on InGaN quantum wells (b), taken
from [74].

2.5.4.3 Electroluminescence electrical injection The properties of the semipolar materials could be
investigated by electrical injection electroluminescence, which results from injection of minority carriers into the
region of a p-n junction where radiative transitions occur, as it was demonstrated by Okada [26], and presented in
the �g.26.a.

In electroluminescence an electric �eld or current provides the excitation [73]. The wavelength (color) of the
light emitted by an LED depends on the semiconductor material used, which is characterized by its own energy
bandgap. and emitted light is depends on the material properties.

As an example the variation of the emitted wavelength for di�erent InN content in InGaN quantum wells is
given in the �g.26.b [74].

2.5.5 Atomic force microscopy

The surface morphology, morphology, surface texture and roughness could be investigated by atomic force
microscopy (AFM). AFM provides a 3D pro�le of the surface on a nanoscale, by measuring forces between a sharp
probe (<10 nm) and surface at very short distance (0.2-10 nm probe-sample separation). The probe is supported
on a �exible cantilever. The AFM tip �gently� touches the surface and records the small force between the probe
and the surface.
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The probe is placed on the end of a cantilever (which one can think of as a spring). The amount of force between
the probe and sample is dependent on the spring constant, and this force can be described using Hooke's Law. The
spring constant of cantilever (typically ~ 0.1-1N/m) is less than surface, and therefore the cantilever bends and the
de�ection is monitored.

The scanned area of AFM is typically small, and is about micrometer range. The cantilever is very sensitive
and can measure only sample with surface roughness less than the probe-sample distance. Moreover, the method
usually needs vacuum, antivibration system and takes some time.

In this work AFM measurements will be used for surface roughness measurement.
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3 X-ray di�raction

3.1 Introduction

The methods described in the previous sections are destructive methods, and mostly used locally. The X-ray
method is non-destructive, statistical or local (depending on focusing), and enables an investigation of crystalline
materials to be carried out in-situ, i.e. during the process. X-ray scattering is one of the most important methods
of characterizing semiconductor crystals.

The X-rays can interact di�erently with matter, in that they can be absorbed and both elastically or in-elastically
scattered. By means of X-ray scattering, the structure of thin �lms, morphology, strain in the material, electron
density and many other properties can be determined. In this chapter, we will focus on the basic principles of
elastic X-ray scattering.

3.2 X-ray radiation

X-rays are electromagnetic waves with a wavelength in the region of 10−9 − 10−10m that corresponds to
dimensions of atomic plane interspacing in the crystals [75]. It gives an opportunity for investigation of the crystalline
structures using of X-rays [75, 76]. For the purposes of this research, elastic scattering of X-rays from the solid
structure has come under scrutiny, in that the wavelengths of incidence and outgoing beams are equal.

3.3 Interaction of X-rays with the crystalline material

The incoming X-ray beam can be absorbed by material resulting with the weaker outgoing beam. This process is
described by exponential reduction of incident intensity I0 while propagating through the sample with the thickness
z:

I(z) = I0 exp(−µz), (15)

where µ is absorption coe�cient of the sample material at certain energy of x-rays.
Except being absorbed the incoming beam can be refracted or re�ected. Every material has its own refractive

index. For x-rays the complex refractive index is less then unity and it can be presented as follows:

n = 1− δ + iβ. (16)

The δ is related to the electron density through the expression:

δ =
2πρr0

k2
, (17)

where ρ is the electron density, r0 = 2.82 · 10−15m is the scattering length for each electron and k = 2π/λ is
the wave vector of the X-ray radiation which has the wavelength λ. And imaginary part of the refractive index β
depends on the material absorption coe�cient:

β =
µ

2k
. (18)

X-rays can undergo total external re�ection if the incident angle is smaller than the critical one given as αc =
√

2δ
that is often used in surface and near-surface regions investigation.

Finally, the incident X-ray beam can be di�racted from ordered crystalline structure. In general, di�raction of
X-rays from a crystal lattice obeys the Bragg's Law:

nλ = 2d sin θB , (19)

where λ is the wavelength, d is the lattice spacing, θB is the Bragg angle and n is an integer.
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3.4 X-ray di�raction on crystal structure and reciprocal space

There are two general approaches to describe the X-ray di�raction, namely the dynamical and kinematic
scattering theories [77]. Dynamical theory takes into account multiple scattering processes, and can be applied to
highly prefect semi-in�nite single crystal systems evolving the narrow Bragg peaks. The exact theoretical treatment
of X-ray di�use scattering from GaN epitaxial layers within the dynamical theory is practically impossible.

The kinematic approach known as the �rst Born approximation is successfully applied to describe the di�raction
from rather imperfect systems and small scattering volumes. In the processes described by kinematic di�raction,
scattering is supposed to be weak what implies that multiple scattering e�ects can be neglected.

In kinematic theory from all possible interaction of photons with matter only the elastic scattering process is
considered, all processes that change the photon wavelength (Compton scattering, photo e�ect, etc.) are neglected
(the wavelength should be far away from absorption edges). Principally photons interact with any charge inside the
material (electrons and protons) however the atomic nuclei are screened by the electron cloud and one can assume
that the radiation interact only with electrons.

The sample is thus pictured as an ensemble of many point like scattering centers which are the electrons. The
general idea is now the following: �rst the scattering of the electromagnetic wave by one single electron (Thomson
scattering) is considered. Afterward, coherently adding up the scattering response of all the electrons belonging to
one atom delivers the scattering of the atom which is the atomic form factor. Coherent adding of the atomic form
factors of all atoms inside a unit cell delivers the structure factor and �nally the coherent adding of all Structure
factors inside a sample leads to the desired scattering response of the complete objects, such as a �lm.

The X-ray detectors in an experiment record the scattered intensity Is = |Es|2 which is the square amount of
the scattering amplitude. Therefore, one needs to derive scattering amplitude of an electron, atom, unit cell and
structure to calculate the intensity which will be recorded in the experiment.

In some cases the experimental problem cannot be solved neither dynamically nor kinematically, so other suitable
approximation should be found. Within semi-kinematic approach the scattering from an undisturbed sample is
assumed to be dynamical, while the contribution of the disturbance is calculated kinematically.

Scattering from the electron - Thomson scattering

The scattering process starts from the scattering by one scattering center, the electron. From a classical point of
view, a charged free electron is accelerated by the incoming electromagnetic wave with the amplitude Eo exp (ikir)
[75, 78]. The resulting forced oscillation of the electron leads to re-emission of an electromagnetic spherical wave
(Thomson scattering), which has the same frequency as the original incoming wave and exhibits a characteristic
dipole-like angular distribution. At large distance R from the observer, the electric far �eld of the scattered wave
is given by:

E(r,R) = r0CE0 exp (ikir)
exp(ikR)

R
, (20)

where r0 is the classical electron radius, ki is the incidence wave vector and C is the polarization factor having
1 or | cos 2θ| (where 2θ is the angle between scattered and incidence waves) values for σ- (out of plane) and π-
polarizations (in plane), respectively. The k = |ki| is de�ned as a length of the wave vector that is constant for
incidence and di�racted beams within the kinematic approximation.

Scattering from the atom - the atomic form factor

The total scattered amplitude from an atom is given by a coherent summation over all scattered partial waves:

E(R) = r0CE0

ˆ
ρ(r) exp (ikir)

exp(ik|r −R|)
r −R

dV, (21)

where ρ(r) stands for the electron density in the atom. The expression in the integral of the eq.21 can be
simpli�ed, using kinematic approximation [76]: if the distance between the sample and detector is much larger
than the diameter of the coherently illuminated sample area (|R| � |r|), the Fraunhofer approximation known as
far-�eld di�raction is valid. By another words, the square of the size D of scattering object is much smaller then
product of the X-rays wavelength λ and R (D �

√
λR).

In this case eq.21 can be rewritten as:

E(Q) = r0CE0
exp(ikR)

R

ˆ
ρ(r) exp(iQ · r)dV = Const · fj(Q), (22)
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Here, Q is the scattering vector de�ned as a di�erence between wave vectors of the di�racted kf and incidence
ki beams:

Q = kf − ki (23)

From the eq.22 one can see that, the amplitude can be treated as the three-dimensional Fourier transform fi(Q)
of the electron density ρ(r) multiplied with a constant Const! The fi(Q) expresses the scattering response of
one atom. It is called atomic form factor and listed in the international tables of crystallography for the di�erent
elements.

From the eq.22 additional and the most important conclusion of kinematic theory could be done if one generalize
the result to any electron density: the scattering amplitude of an object with electron density ρ(r) is proportional
to the Fourier transform of this electron density! That means that one can recalculate the crystal structure from
real space to so called reciprocal space (RS) and back by using Fourier transform.

Scattering from the unit cell - The structure factor

To obtain the scattering of the unit cell the analog process is continued: coherent adding of the atomic form
factors of all atoms inside one unit cell delivers the scattering response of the unit cell:

F (Q) =

S∑
j=1

fj(Q) exp (−iQrj) (24)

In case of an atom the electron positions were given by the presence probability density function which is a
smooth varying function and thus the summation was done within an integral. In case of the atoms in the unit cell
�xed and well known atomic positions are used. Therefore the summation is done via a simple sigma-summation
sign instead of an integral. The result called structure factor is the scattering from the unit cell.

Scattering from the in�nite crystal - the reciprocal lattice weighted with the structure factor

The next step is the coherent summation of the waves that were scattered by the unit cells inside the sample in
order to obtain the scattering of the complete object. First the scattering of a (theoretical) in�nite large sample that
contains an in�nite number of unite cells is assumed. The summation of the scattering of all unit cells (structure
factors F (Q)) inside the in�nitely extended crystal with the basis a1, a2, a3 is

Fcrystal(Q) = F (Q)
∑
Rn

exp (−iQRn) (25)

with Rn = n1a1 + n2a2 + n3a3 and n1, n2, n3 = integer. The exponent term in equation 25 corresponds to
a phase. In general case without some special conditions the in�nite summation of arbitrary phases will lead to
annihilation of Fcrystal(Q) and thus of the intensity which is proportional to its square. Only in case the argument
of the exponential function is a multiple of 2π the sum not vanish but correspond to the number of unit cells in the
sample.

Q ·Rn = 2π · n (26)

the scattering condition 26 is always ful�lled for the reciprocal lattice vector G = ha∗1 + ka∗2 + la∗3, with integers
h, k, l called Miller indexes (or indexes of re�ection), and:

a∗1 = 2π
a2 × a3

a1 · a2 × a3
, a∗2 = 2π

a3 × a1

a1 · a2 × a3
, a∗3 = 2π

a1 × a2

a1 · a2 × a3
. (27)

Scattering is observed if the scattering vector corresponds to a reciprocal space vector (Laue Condition)

Q = G, (28)

cause

G ·Rn = 2π (hn1 + kn2 + ln3) . (29)

In summary the scattering amplitude of the sample corresponds to the Fourier transform of the electron density
and constant factors. In case of a in�nite large crystal the scattering amplitude can be presented by the concept of
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reciprocal space (RS). The reciprocal lattice points (RLPs) or re�ections (sometimes called �di�raction�) indicate
were the Laue condition eq.28 is ful�lled. The scattering amplitude in these points is proportional to the structure
factor E ∝ F (Q). The experimentally obtained re�ection intensity I(Q) proportional to square of the structure
factor I(Q) ∝ F (Q)2, and thus can be used to determine the structure of the unit cell. Moreover, according to the
formula in 25 the scattered intensity I(Q) should also be proportional the square of the number of unit cells.

However, the structure factor F (Q) depends on hkl and intensity of re�ection could be �killed� if F (Q) = 0.
The re�ections with zero structure factor called forbidden re�ections, other re�ections are allowed. The III-nitrides
have hexagonal unit cell. The structure factor of a hexagonal (like GaN) unit cell according to the positions of
atoms in the unit cell is:

FGaN = fGa

(
1 + exp

(
−2πi(

2h

3
+
k

3
+
l

2
)

))
+ fN

(
exp

(
−2πi · 3l

8

)
+ exp

(
−2πi(

2h

3
+
k

3
+

7l

2
)

))
(30)

where fGa and fN are the atomic form factors of Ga and N atoms, respectively. Combination of Miller indices
de�nes the intensity of re�ection. The allowed re�ections of di�raction from hexagonal crystal systems are for any
even l and h+ 2k = 3n, while forbidden are with h+ 2k = 3n and any with odd l, where n is an integer.

Scattering from a real object - shape function
In the previous section coherent adding the unit cell scattering of unit cells inside an in�nite extended crystal

delivered the reciprocal lattice. In this part the in�nite extended crystal should be reduced to a realistic sample or
object. The electron density of the in�nite crystal can be written as real space lattice convoluted with the electron
density inside the unit cell:

ρinf.cryst.(r) = (ρuc(r)⊗ ρlatt.(r)) (31)

to obtain now a realistic sample the expression for the in�nite crystal is multiplied with the shape function Ω(r):

Ω(r) =

{
1 inside the sample
0 outside

(32)

that is cutting o� a sample out of the in�nite crystal:

ρsample(r) = Ω(r)(ρuc(r)⊗ ρlatt.(r)) (33)

That means that scattering from a realistic sample could be obtained by multiplying the in�nitely large crystal
with a simple shape function that corresponds to 1 for all positions inside the sample and to 0 for all positions
outside. As was shown above the scattering amplitude is proportional to the Fourier transformation (FT) of the
electron density. The FT of 33 results in:

ρFTsample(Q) = ΩFT (Q)⊗ (ρFTuc (Q) · ρFTlatt.(Q)) (34)

since a convolution transforms to a product and vice versa. The single terms can now be treated with the
derived knowledge. The electron density in a crystal is periodically organized around real space lattice points.
This results in reciprocal lattice points describing where in reciprocal space the scattering amplitude is unequal
zero. The detailed structure around the real space lattice points, the unit cell, results in the structure factor
indicating scattered intensity. The convolution of the in�nite crystal with the shape function of a sample results to
a distribution of the scattering amplitude around the reciprocal lattice points. By another words, the shape of a
sample (shape function) in�uences on the shape of re�ections in reciprocal space.

Scattering from strained and not perfect sample
Usually real structures are not perfect and have defects, or strain. Defects are also surrounded with stain �eld.

Therefore, both stain and defects in crystal structure of a sample lead the small shift of atom positions from their
theoretical positions in the crystal. This shift in periodic structure in�uences on electron density in the unit cells
ρuc(r) or on the periodicity of the electron density ρlatt.(r) in the specimen. The small change of the term in FT
will not in�uence on the position of re�ections, but will in�uence on their shape. Therefore from the shape of the
re�ections information about defects and strain in the sample could be derived. The methods and models allows
dislocation density calculation from the shape of the re�ection will be discussed later in the Chapter 4.
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Figure 27: Laboratory and sample coordinate system de�nition.

3.5 Graphic representation of the reciprocal space

To explain more illustrative the reciprocal space graphical approach could be used. But �rst the laboratory
and sample coordinate systems should be de�ned. The X-ray beam after the double crystal monochromator de�ne
the X axis direction of the laboratory system, see �g.27. Gravity vector g de�nes the Z axis of laboratory system
as the axis opposite to the vector g, and axis Y is prede�ned by right-hand rule. In the sample coordinate system
the Qz axis is de�ned as the axis perpendicular to the sample surface, thus the Qx and Qy related by right-hand
rule are in sample plane. Finally, the plane XQz contain the axis Qx, see �g.27.

Further, the incidence X-ray waves are described as a incidence wave vector ki directed along the wave front
propagation with the magnitude |ki| = 2π

λ , and outgoing waves replaced with outgoing wave vector kf with the
same magnitude |kf | = |ki| = 2π

λ . The vectors ki and kf are shown in the �g.27, and di�raction plane it is de�ned
as the plane of vectors kikf in which di�raction occurs. The angles αi and αf are de�ned as the angles between
the incident ki and the outgoing kf beams and the sample surface, respectively, and the angle between ki and kf
is equal to 2θ.

Further the scattering di�raction processes are considered in QxQz di�raction plane. Addition and the most
important vector, which should be de�ned is the di�raction or scattering wave vector Q = kf − ki, introduced in
the eq.23. The Q vector is shown in the �g.28.a, and its magnitude is

|Q| =Q=2k sin θ = 2
2π

λ
sin θ. (35)

For a certain position of ki with an αi all possible positions of the kf de�ne the sphere of possible values of Q
vector, as it is shown in the �g.28.a. This geometric construction is Ewald's sphere named after Paul Peter Ewald,
a German physicist and crystallographer. If the Laue condition 28 is ful�lled for the αi = αf , meaning the Bragg's
law 19 nλ = 2d sin θB (where d is the spacing between the di�raction planes) allows for di�raction maximum, see
�g.28.a inset. The Bragg law 19 could be rewritten as:

n
2π

d
= 2

2π

λ
sin θB . (36)

Substitution of 35 into 36 gives:

n
2π

d
= Q. (37)

From the eq.37 one can conclude appearance of the di�raction maximums along the direction of Q vector with
the period 2π

d , as it is drawn in the �g.28.b. This periodicity reveals the periodicity of the crystal planes in the
chosen direction along Q vector (in this case perpendicular to the surface). Therefore, same repetition of the
di�raction maximums could be found for any direction with di�erent periods 2π

d , where d corresponds the period
of di�raction planes in arbitrary direction. An example of the periodic re�ections in inclined with respect to the
surface direction is illustrated in the �g.28.b. Moreover, for Qx and Qz directions the spacing d corresponds to the
a and c unit cell lateral and vertical lattice parameters, respectively. And positions of the di�raction maximums
along Qx and Qz could be described as:
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Figure 28: The Ewald's sphere (a), re�ections in reciprocal space (b), available regions in reciprocal space (c),
available regions in 3D reciprocal space for a certain azimuthal position of a crystal (d).

Qx = h
2π

a
, Qz = l

2π

c
, (38)

where h and l are the Miller or Miller-Bravais indexes of a re�ection hkl or hk.l.
These periodicity of the di�raction maximums in Q-space (space of the vector Q) demonstrates the reciprocal

space of a crystal, shown in the �g.28.c. The period of the maximums correspond to the reciprocal space units
a∗ = 2π

a and c∗ = 2π
c introduced in 27, see �g.28.c.

The magnitude of the vector Q is limited by the wavelength λ (or energy E = hc
λ ) and can not exceed the

Qmax=2k = 4π
λ . Therefore, available region of the reciprocal space is limited by the sphere with radius Qmax=2k =

4π
λ , as it is drawn in the �g.28.c. Moreover, if the incidence ki or outgoing kf beams is under the sample surface
the di�raction calls Laue di�raction. In this work Laue geometry will not be used. Due to the limitations of the
Laue case inside of the sphere Qmax, two additional not available regions corresponding to the negative αi and αf
should be considered. The regions are colored in the �g.28.c in red color.

Finally, the reciprocal space could be considered in 3D. The accessible regions in 3D reciprocal space of a
crystal were studied by Yefanov in [79, 80], and the accessible regions for a certain azimuthal position of a crystal
are illustrated in the �g.28.d. Thus, the illustrative representation of the reciprocal space is given, and detailed
investigation of the individual re�ection could be performed.

3.6 Scans in reciprocal space and reciprocal space mapping

Graphical representation of the reciprocal space allows understand how and where in reciprocal space one
can �nd intensity maximums. After the re�ection is found the intensity from the area of reciprocal space around
re�ection could be recorded. The measurement could be performed by changing the Q vector position or magnitude
in RS and recording intensity, in this section the point detector is considered. Such a �movement� in reciprocal
space with the detector could be organized by changing the αi and αf , and is called scan in reciprocal space. In
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Figure 29: Scans in reciprocal space (a), and reciprocal space map (b).

the experiments at synchrotron αi and 2θ could be changed and αf = 2θ−αi, so the variation of αi and 2θ is used
to perform di�erent scans in RS.

There are three main scans in reciprocal space, see �g.29.a. If the angle 2θ between ki and kf is constant, than
variation of the αi leads the rotation of the Q around origin of the RS, without changing Q. This scan is named
as ω-scan or rocking curve scan (cause of rocking only sample during the scan), see �g.29.a. If the incidence angle
αi = constant and 2θ is varying the scan is 2θ-scan, and detector moves along the circle with radius k and center
in the beginning of the ki, see �g.29.a. The last scan is 2θ − ω - scan, with changing αi and 2θ in proportion
4(2θ) = 24(ω). The scan changes the magnitude of the Q without changing the vector direction, as it is shown in
the �g.29.a. The same scan could be achieved by changing the energy (λ) of X-ray, this scan is energy scan.

Combination of the scans allows to introduce grid of detector positions around the re�ection and to record
reciprocal space map (RSM) [81], as it is illustrated in the �g.29.b. The scans and RSM were introduced for the
2D RS and point detector. However, in the same manner 3D RSM could be recorded even with point detector.
The linear detector for each αi and 2θ records series of RS points corresponding the detector's channels, along
the Ewald's sphere. In case of 2D detector the part of the Ewald's sphere in 3D RS is recorded for each αi and
2θ. Therefore, the linear and 2D detectors do not change the bases of the scans and only increase the number of
recorded points during the scan.

3.7 Reciprocal lattice point in reciprocal space

After the re�ection is found and RSM of the re�ection is recorded the shape of RLP should be studied.
Mathematically is shown that the scattering amplitude in any RLP is proportional to the Fourier transform of the
electron density of the sample, and shape of the re�ection is de�ned by the shape of the sample (or an object).

Let us consider a re�ection hkl of an in�nite crystal (bulk crystal), as it is shown in the �g.30.a. The FT of the
electron density of an in�nite crystal reveals the point in reciprocal space. Hence, the RLPs of a bulk crystal are
just a simple points in 3D RS, see �g.30.a. If an in�nite crystal is truncated the Fourier transform of the electron
density gives the rod of intensity through the re�ection perpendicular to the surface of truncation, see �g.30.b.
This rod of intensity in reciprocal space is a crystal truncation rod (CTR). Usually in the experiments the X-ray
beam illuminates a part of the sample and sample could be assumed as a in�nite truncated crystal. In this case
the surface of truncation is the surface of the sample. And in the reciprocal space maps of a sample with the �at
surface (not very rough) CTR should exist and should be perpendicular to the surface. Moreover, any free surface
of the sample leads the formation of the streaks (rods) in RS due to FT of the electron density!

In general case if the illuminated by X-ray object has more complicated shape the shape of the re�ection changes
according to the FT of its electron density. However, usually for dislocation rich materials such as GaN the sample
could be performed as a collection of an objects with the average lateral L and vertical V sizes. If the with the
sizes are L �

√
λR and V �

√
λR, than each scattered amplitude is a three-dimensional Fourier transform of

an object. After the averaging of the Fourier transforms of the electron density of the objects the distribution of
intensity around hkl could be received, see �g.30.c. The cuts of the �cloud� of intensity could be performed in RS
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Figure 30: The RLP of a bulk crystal (a), RLP of a truncated crystal (b), and RLP of a distribution of the objects
with mean sizes L and V (c).

in lateral and vertical directions and corresponding full width at half maximums (FWHMs) L∗ and V ∗ could be
derived. There is a very important relation between real space L and V and reciprocal space L∗ and V ∗sizes:

L∗ =
2π

L
, V ∗ =

2π

V
, (39)

which means that L∗ and V ∗are reciprocal with respect to the L and V . That is very important property of
the RS: than smaller object in some direction in real space than broader it in this direction in reciprocal space.
Derived rules will be used to understand the di�raction patterns of the GaN layers.

3.8 The resolution element in reciprocal space

The divergences of the incidence and the scattered beam yield the certain distribution of di�erent scattering
signals that are summed up to the total intensity. In order to describe this e�ect properly the scattering intensity
has to be averaged over the resolution element. The resolution element is called an area in reciprocal space that
is illuminated by the incident beam and at the same moment accepted by the detector under geometrical and
spectral conditions of the scattering experiment [76]. Its shape depends on the geometrical conditions of the X-ray
experiment. For coplanar di�raction in the QxQz- plane the resolution element can be expressed as

Acoplanar = ∆Qz∆Qx, (40)

where ∆Qz and ∆Qx depend on the wave vector amplitude k, incidence αi and outgoing αf angles and the
divergences of the incident and di�racted beams ∆i,f

∆Qx ≈ k
√

(∆αi sinαi)2 + (∆αf sinαf )2,

∆Qz ≈ k
√

(∆αi cosαi)2 + (∆αf cosαf )2, (41)

In grazing-incidence di�raction with QangQrad plane of di�raction the resolution element is introduced as

AGID = ∆Qang∆Qrad, (42)

where

∆Qang ≈ k

√
sin2 θB

[
α2
f (∆αf )2 + α2

i (∆αi)
2
]

+ cos2 θB [(∆θf )2 + (∆θi)2],

∆Qrad ≈ k
√

(∆αf )2 + (∆αi)2, (43)

where ∆θi,f are the in-plane Bragg angles between the lateral projection of the incident and the scattered beam
and the di�raction plane.
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Measured in the experiments RSMs are convoluted with resolution element. Therefore, in any numerical simula-
tion of the intensity distribution of a re�ection hkl the simulated RSM should also be convoluted with the appropriate
resolution function to be able to compare the intensity distributions from X-ray experiment and calculations.

3.9 Streaks in reciprocal space

Due to imperfection of the X-ray beam, experiment conditions and detection system addition distribution
of intensity in reciprocal space could be observed. These intensity distributions usually elongated in predictable
directions and called steaks. There are three common streaks in reciprocal space, and in this section the nature of
them will be discussed.

The incidence beam has divergence, meaning ai has certain variation 4αi and instead of one single ki vector
there is a variation of ki, as it is illustrated in the �g.31.a. Therefore, the Bragg conditions will be satis�ed for the
series of incidence beams with α −4αi/2 < αji < α +4αi/2 if the detector will make angle 2θB with respect to

αji . In the reciprocal space a locus of this condition is a segment in the hkl RLP parallel to the 4ki vector and
named as monochromator streak. From the geometric construction in the �g.31.a is visible that the monochromator
streak is inclined with respect to the CTR in angle αi. The presence of the streak in reciprocal space is an indicator
of convergence (divergence) and from the length of the streak LM the convergence (divergence) could be derived
directly in radians:

4αi =
LM
ki

. (44)

In the �g.31.a the 2D case in shown in 3D real space the beam has convergence (divergence) in all directions
and a locus is a part of the sphere boarded with an ellipse (monochromator disk).

Addition streak appears in the Bragg position due to divergence of the outgoing beam. In the Bragg condition,
out of the crystal usually scatter a lot of intensity. If between a sample and detector is only air, than scattering on
the air molecules occurs. If there is a �ight tube, than X-ray scatter on the inlet and outlet coverage of it. So, due to
the scattering the divergence of the outgoing beam 4αf possible. If measurement is performed with point detector
and an analyzer crystal, the streak is prede�ned by the acceptance angle of the analyzer and called analyzer streak
(see �g.31.b). In case of a detector (point, linear or 2D) without analyzer the length of the streak LA will depends
on the divergence of the outgoing beam 4αf , which could be calculated in radians as:

4αf =
LA
kf

. (45)

The analyzer streak is inclined with respect to the CTR in the angle af , as it is seen from the �g.31.b. In 3D
reciprocal space the analyzer streak is also a part of the sphere boarded with an ellipse, as the monochromator disk.

Addition problem with linear and 2D detectors could exist, due to their saturation in the Bragg peak. For
some of non point detectors (linear and 2D) in case of saturation of some detector's area, electronic saturation of
whole detector could happen. In this case a disk (for 2D detector) or a stripe (for linear detector) of intensity
corresponding to the size of the detector will be produced in the Ewald sphere of the re�ection. For 2D detector
analyzer disk coincide with the disk of saturation and the streak (disk) could be called not an analyzer streak, but
air scattering streak (see �g.31.b).

Usually the X-ray beam is monochromatized with a double crystal Si(111) monochromator which has high energy
resolution about4E/E ≈ 10−4. However, certain deviation of energy E exist. This deviation leads the deviation
of the ki, kf and as a result 4Q, as it is shown in the �g.31.c. Therefore, due to the deviation of the energy 4E
streak of the intensity along Q vector named as energy streak could be observed. The energy streak is inclined
with respect to the CTR in the angle αi − θB , as one can �nd from the �g.31.c. The length of the energy streak is
4Q = 24k sin θB . Taking into account that k = 2π

λ and λ = hc
E , one can calculate the energy variation as:

4E =
4Qhc

4π sin θB
. (46)

Thereby, in a re�ection except the CTR monochromator, detector and energy streaks inclined in ai, af and
αi − θB angles with respect to the CTR could be observed. The streaks are shown in the �g.31.d. Due to their
certain inclination the streaks will not be mixed up with the other di�raction features, and moreover from the
lengths of the streaks one can calculate the X-ray beam parameters.
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Figure 31: Streaks in reciprocal space: monochromator streak (a), analyser/air scattering streak (b), energy streak
(c), all streaks in the re�ection hkl (d).

3.10 X-ray di�raction geometries

Depending on the required information about a specimen di�erent techniques realized by di�erent di�raction
geometries could be used. Structure determining methods based on precise measurement of absolute position and
integral intensity of several reciprocal lattice points. The content and strain of an alloy could be derived from the
position of a certain RLP. For shape, strain �eld or dislocation density determination scattered intensity around
one reciprocal lattice point has to be measured since it contains the square of the FT of the shape function and
strain information. To have clear overview di�erent di�raction geometries and their application will be studied.

If the incident ki and outgoing kf wave vectors are lying in the same plane with the sample normal (by another
words, if the di�raction plane is perpendicular to the sample surface), than di�raction geometry called coplanar
di�raction geometry or just X-ray di�raction (XRD) geometry. If in coplanar di�raction geometry the incidence
angle αi is equal to the outgoing angle αf the di�raction geometry has a name symmetric X-ray di�raction (SXRD)
geometry, otherwise (αi 6= αf ) the geometry is asymmetric X-ray di�raction (AXRD) geometry. In case of SXRD
the di�raction planes are parallel to the surface and re�ections are lying in the Qz axis, and called symmetric
re�ections and re�ections with Miller indexes 00l, see �g.32.a. All other coplanar re�ections are asymmetric with
indexes hkl, and their di�raction planes {hkl} are inclined with respect to the surface of the sample, as it is shown
in the �g.32.b.

For the properties of the sample surface and interface investigation the X-ray re�ectivity (XRR) coplanar
di�raction geometry could be performed, see �g.32.c. In XRR the incidence and outgoing angles are small and
in reciprocal space geometry study an area near to the origin or re�ection 000.

If the plane of ki and kf doesn't contain the sample's normal di�raction geometry called non-coplanar di�rac-
tion geometry. There are three common non-coplanar di�raction geometries: GID, GISAXS and skew di�raction
geometry. If the di�raction plane is inclined with respect to the sample surface, as it is shown in the �g.32.d, the
geometry called skew di�raction geometry. The skew di�raction geometry study hkl re�ections, and could be used
to record some di�raction features, as it will be shown in the Chapter 7.3. However, the most frequently used
example of non-coplanar di�raction geometry is the grazing-incidence di�raction (GID) geometry. The GID is the
critical case of skew geometry, when the inclination of the di�raction plane with respect to the sample surface is
about critical angle, and is almost zero, as it is illustrated in the �g.32.e. Therefore, in GID the incidence angle
αi ≈ αc and outgoing αf ≈ αc, and the angles θi and θf are the angles between the incident beam and the outgoing
beam with the di�racting planes respectively. The major application of GID is study of the di�raction planes {hk0}
perpendicular to the sample surface, to measure strain relaxation in thin layers and investigation of nano-objects.

The last non-coplanar di�raction geometry is grazing incidence small angle X-ray scattering (GISAXS) geometry,
shown in the �g.32.f. In GISAXS the incidence and outgoing angles are very small and area of investigation in
reciprocal space corresponds to the origin 000, as it was for XRR. But in GISAXS the scattering intensity out of
di�raction plane is recorded. The GISAXS geometry could be used for the investigation of the surface properties
as well as XRR, but could be also performed for the nano-objects shape study.

In this work more often XRD (SXRD and AXRD) and GID geometries will be used.
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Figure 32: X-ray di�raction coplanar (up) and non-coplanar (down) geometries with accessible regions of reciprocal
space: SXRD (a), AXRD (b), XRR (c), Skew (d), GID (e), and GISAXS (f).
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3.11 Calculation of coordinates in reciprocal space

The coordinates of the di�raction vector Q could be calculated in general case as a dot products of the unit
vectors of corresponding coordinate system. Usually coordinate system of the sample is used to �nd the components
of the Q. In case of coplanar di�raction geometry in QxQz di�raction plane the coordinates of Q depend on αi, αf ,
and their relation with Qx, Qz is visible from the geometry of ki, kf and Q in the �g.28. Thus, one can calculate
the components of the Q using formulas:

Qx =
2π

λ
(sinαf + sinαi), (47)

Qz =
2π

λ
(cosαf − cosαi), (48)

In case of Skew or GID geometries the coordinates of Q depend on the four angles αi, αf , θi, and θf see �g.32.
And Q coordinates in GID (or skew) geometry could be performed in QxQyQz coordinate system as [76]:

Qx =
2π

λ
(cosαf sin θf + cosαi sin θi), (49)

Qy =
2π

λ
(cosαf cos θf − cosαi cos θi), (50)

Qz =
2π

λ
(sinαf + sinαi). (51)

However usually in GID the incident angle αi and the outgoing angle αf are relatively small and close to the
critical angle, and could be neglected in the calculation of the components of scattering wave vector. And di�raction
vector's Q components in GID could be calculated as:

Qx =
2π

λ
(sin θf + sin θi), (52)

Qy =
2π

λ
(cos θf − cos θi), (53)

To overcome the di�erence between indexation in GID and coplanar geometries angular coordinate system in
di�raction plane could be used. In this case the components Qang, Qrad are given in di�raction plane and depend
only on angles βi, βf between di�raction planes and ki , kf , respectively. And components in di�raction plane
could be calculated as:

Qang =
2π

λ
(sinβf + sinβi), (54)

Qrad =
2π

λ
(cosβf − cosβi), (55)

Sometimes coordinates of Q are performed in the coordinate system related to the crystallographic orientations.
In this case components could be written as Q1010 and Q0001, for example.
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4 Dislocation density determination from di�use intensity distribution

in reciprocal space

4.1 The mosaic model of GaN materials

4.1.1 Mosaic model in 3D reciprocal space

The GaN material is dislocation rich material with dislocation density in order 1010cm−2 [8, 82]. The treading
dislocations leads the disordering of the di�raction planes. The screw type of TD disturb the ordering of the
planes parallel to the sample surface and leads their tilt (�g. 33a.), in total for a some angle α. The edge type
of TD interrupt sequences of the planes perpendicular to the sample surface and leads their twist (see �g.33b.),
in total for a some angle β. To explain the broadening of the re�ections in reciprocal space mosaic model was
introduced[83, 84, 8, 85] . In the model the sample is presented as ensemble of the mosaic blocks, which are tilted
(�g.33.c.) and twisted (�g.33.d.) with respect to each other, and dislocations are located at grain boundaries. The
height of the blocks Lz⊥ called vertical correlation length, usually corresponds to the layer thickness. The lateral
parameters Lx‖ , L

y
‖ called lateral correlation length, correspond to mean distance between dislocations, and usually

are much smaller than vertical correlation length (Lx‖ � Lz⊥, L
y
‖ � Lz⊥)[8].

Figure 33: Screw dislocation with tilt of the crystallographic planes parallel to the sample surface (a), edge dislo-
cation and twist of the crystallographic planes perpendicular to the sample surface (b), mosaic model blocks tilted
(c) and twisted (d).

As it was shown in the Chapter 3.4, in far �eld the di�raction pattern in reciprocal space of an object is basically
its Fourier transform. In case of a bulk (in�nite) crystal in reciprocal space after Fourier transform one can receive
certain point in all SXRD, AXRD and GID geometries, as it is shown in the �g.34.a. In order to understand the
in�uence of the mosaicity on the di�raction processes and �nally on the view of the reciprocal space re�ections,
it is necessary to start from one single block and understand the shape of the RLP of it. An average block has
di�erent �nite sizes in di�erent directions. A dimension �nite size a will lead the broadening with reciprocal value
S = 2π/L, of the re�ection in RS in the same direction. In the �g.34.b. the broadening of the re�ections in di�erent
directions are shown. That means that re�ection of one single block should be broad due to �nite size of the block.
The next step should be the averaging over the mosaic blocks. Due to the fact that blocks have slightly di�erent
dimensions (some distribution of Lx‖ , L

y
‖, L

z
⊥) the re�ections will be smoothed, but will be identical in di�erent

re�ections (�g.34.c)! The blocks have larger size in the direction [0001], therefore the re�ections will be compressed
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Figure 34: The view in 3D reciprocal space of the SXRD, AXRD and GID re�ections in case of bulk crystal (a),
broadening in di�erent directions due to the �nite size of the blocks (b), re�ections view a�ected only by �nite size
(c).

in [0001] direction and will be broader in angular (perpendicular to [0001] direction). Usually, due to homogenous
distribution the re�ections are symmetric as it is shown on the �g.34.c.

The next question is the in�uence of the tilt α and twist β of the blocks on the re�ections. To make our thought
experiment easier let us neglect the �nite size in�uence on the re�ections and take a look only on one single point
of the re�ections in RS, as it was in case of in�nite crystal (�g.34.a). Than the twist of the mosaic blocks in angle
β , will rotate re�ections about Qz axis (about [0001] direction), as it is shown on the �g 35.a. It is visible that
twist β directly in�uence on the GID re�ection, partially on the AXRD and almost has no in�uence on the SXRD.
The tilt α of the blocks will tilt re�ections in reciprocal space around [0001] direction. It will spread SXRD in all
directions on the sphere with radius equal di�raction vector of the re�ection (�g.35.b). The in�uence on the GID
re�ection will be mostly represented in QzQx plane and almost no in�uence will be in the direction out of the QzQx
di�raction plane. The AXRD will be spread in all directions, but mostly in QzQx plane.

Coming closer to the real in�uence of the tilt and twist, it is possible to combine the in�uence both of them on
the re�ections (�g.35.c). Now all of the re�ections will be spread in all directions, nevertheless, the in�uence on
GID re�ection out of QzQx di�raction plane will be only due to twist β and on the SXRD in all directions only due
to tilt α (�g.35.c). The AXRD re�ection will be spread in all directions on its own sphere partially by tilt α and
partially by twist β. And the dominant role between tilt and twist will play this factor to which geometry re�ection
position is closer, to SXRD or to GID. Than closer AXRD to SXRD (angle ϕ of inclination of the di�raction planes
{hkl} closer to zero), than more in�uence of tilt and less of twist and opposite, than closer AXRD to GID (angle
ϕ closer to 90 degree), than higher in�uence of twist and lower of tilt (�g.35.c).

Finally taking into account �nite size, tilt α and twist β of the blocks one can plot the view of the re�ections
in 3D reciprocal space (�g. 35.d). Some of the drawing related to the mosaic model re�ections in 3D was done
by Sirkant et al. [86], and R.S. Lee [87] has illustrated the in�uence of the tilt on all re�ections in 2D, but with
our thought experiment we understood in�uence of all this parameters deeper, especially for AXRD, which was a
question for the Sirkant.

Using mosaic model one is able to answer on the question how it is possible to measure tilt α and twist β. As
we already know, direct measurement of tilt α can be done by scanning SXRD in any angular (perpendicular to
[0001]) direction, for example along AB in QzQx di�raction plane, introducing rocking curve scan (�g.35.d). The
direct measurement of twist β can be realized by scanning GID re�ection in out of QzQx di�raction plane along
CD (perpendicular QzQx plane) direction, introducing rocking curve scan in GID geometry (�g.35.d).

4.1.2 Mosaic model in 2D reciprocal space

Now we can go deeper into details of mosaic model in 2D reciprocal space and have a good look at di�raction
plane QzQx and angle of the tilt α . As that was shown by Chierchia et al. [88] in 2D reciprocal space, in case of
only tilt α, without �nite size e�ect, the broadening of a re�ection should be always in angular (perpendicular to a
di�raction vector Q) direction and FWHM (in radian) should be equal to α (in radian) (see �g. 36.a.top):

FWHM(radian)=α (radian) or FWHM(nm−1)=α (radian) ·Q(nm−1) (56)

In another case, the broadening due to only �nite size without tilt at all, leads the permanent broadening S = 2π
L‖
,

where L‖ is the lateral coherence length of the mean mosaic block in di�raction plane (see �g. 36.a.bottom).
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Figure 35: The 3D view of the SXRD, AXRD and GID re�ections of mosaic blocks which are twisted (a), tilted
(b), twisted and tilted (c) and 3D view of the re�ections a�ected by �nite size of the blocks, tilt and twist (d).

In case of simultaneous in�uence of tilt and �nite size on the re�ections, the broadening doesn't come to zero
in the origin of the RS (�g. 36.b), but comes to S = 2π

L‖
. And the FWHM (in nm−1) is not proportional to the tilt

α (in radian), however they are in linear dependence, as it is possible to see from �g. 36.b. From the �g.36.b. it is
possible to write the dependence of FWHM (in nm−1), as:

FWHM(nm−1)=α (radian) ·Q(nm−1) + S‖. (57)

It is visible from the sketch that FWHM(nm−1)=FWHM(radian) ·Q(nm−1) and it is possible to rewrite 57
as:

FWHM(radian) ·Q(nm−1)=α (radian) ·Q(nm−1) + S‖. (58)

Additionally, it is possible to derive from �g. 36.a.bottom that Q = 2 · k · sinθ, where k = 2π
λ . Then, one can

substitute Q = 2 · 2π
λ · sinθ and S = 2π

L‖
in the formula:

FWHM(radian) · 2 · 2π

λ
· sinθ=α (radian) · 2 · 2π

λ
· sinθ +

2π

L‖
, (59)

and �nally after all simpli�cations:

FWHM(radian) · sinθ
λ

=α (radian) · sinθ
λ

+
1

2L‖
. (60)

The same logic could be applied for the twist angle β calculation, and all derived equations are valid for the twist
β as well. The equation 60 �rst time was derived by Willamson and Hall and named after them [84, 83]. According
to the equation of Williamson and Hall, the FWHM(radian) · sinθλ linearly depends on the parameter sinθλ , and it is
possible to plot this dependence for the series of symmetric re�ections. This plot has a name Williamson-Hall (WH)
plot [8] and it is shown on the �g. 36.c. The slope of the plot is exactly tilt α of the mosaic blocks. And intersection
of the line with ordinate axis equal to 1

2L‖
. The Williamson-Hall plot is widely used method to determine twist α

and tilt β of the mosaicity of III-V nitrides.
However, for the direct measurements of twist, GID geometry is needed [89]. The GID measurement is high

�ux, long exposition and experience required experiment. It is not so technically easy to perform GID measurement
at standard laboratory X-ray source. For the twist angle β determination, series of asymmetric re�ections could be
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Figure 36: Re�ections a�ected only by �nite size or tilt shape (a), general case of tilt and �nite size in�uence on
the re�ections (b), Williamson-Hall plot (c) and dependence of FWHM on di�raction plane inclination ϕ (d). In
the bottom part of the �gure, simulation results of asymmetric 1015 RSMs of GaN are presented, taken from [91].
Dominant lateral coherence length (e); dominant tilt (f) and (g) (parameters are given on top of the �gure) and
representation of the inclination ψ of the AXRD re�ection as in�uence of tilt α and lateral coherence length L‖.
Decomposition of α and L‖components from AXRD RSM (h), taken from [8].

measured with di�erent angles of inclination of di�raction planes ϕ. Here it is very important to choose correct scan
of the re�ection according to our knowledge about broadening of the AXRD re�ections due to tilt and twist. The
in�uence of twist β on AXRD should be measured only out of QzQx di�raction plane along KL. And not along
EF using usual rocking curve scan in the QzQx di�raction plane (see �g.35.d). The measurement of the AXRD
re�ection broadening along KL direction in RS is possible to realize by simple rotation of the sample around its
normal or using rocking curve scan in skew symmetric geometry (introduced in the Chapter 3.10). Then, FWHM
of the AXRD re�ections could be plotted against ϕ, and broadening of the GID re�ection could be determined as
a limit of the FWHM of AXRD re�ections when ϕ is going to 90 degree (corresponds to GID). An example of the
plot of AXRD FWHM against ϕ is shown on the �g.36.d, which was performed by Huang et al. in [90].

Measurements of asymmetric re�ections may bring an additional problems in understanding. Therefore, it is
better to take a look at some details of the AXRD re�ections view. In QzQx di�raction plane tilt α and �nite sizes
L‖ and L⊥ of mosaic blocks will play the most important role. As we already know L‖ � L⊥, that means that
in reciprocal space the relation between parameters will be opposite S‖ � S⊥,and we can neglect on parameter
L⊥. According to Chierchia [88], in case of only tilt, asymmetric re�ections should be broad in angular direction
(perpendicular to Q), and therefore should be inclined in angle ψ = ϕ with respect to Qx direction. (�g.36.a.top).
Oppositely, the same re�ections should have no inclination ψ = 0 in case of only �nite size e�ect (�g.36.a.top).
Therefore, it is possible to conclude that in general case, where tilt α and broadening due to �nite size L‖ will
in�uence simultaneously, AXRD re�ection will be inclined and angle of inclination will ψ be 0 ≤ ψ ≤ ϕ. The R.
Chierchia had investigated the inclination of the AXRD re�ections in [85], using the model of V. Holy developed in
[91]. In this investigation he showed how ratio between α and L‖ could in�uence ψ. If �nite size L‖ is dominated
by α, the inclination ψ will be almost zero (�g.36.e.). And even more interesting that the same inclination ψ of the
di�use cloud could be achieved by di�erent relations between α and L‖. In the paper R. Chierchia gave an example
of two re�ections with parameters α = 0.2, L‖ = 100nm and α = 0.1, L‖ = 200nm, which have the same angle
of inclination ψ (see �g.36.f. and g.). From the �rst sight it seems like inclination of the re�ection cloud possible
to derive using only numerical simulation, but there is alternative simple method to estimate was introduced by
Moram et al. [8]. In this simple model tilt α and �nite size L‖ components are presented as a vectors Sα = α ·Q ,

perpendicular to Q and S‖ = 2π
L‖
, parallel to Qx vector , and vector of inclination of the re�ection 4S = Sα + S‖
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(.see �g.36.h.). Using this model one can determine any of the vector if the other two are known. For example, if
α and L‖were derived from WH plot, then inclination of the AXRD re�ection ψ could be found as [8]:

ψ = arccos

((
Sα + S‖

)
·Qx∣∣Sα + S‖
∣∣ ·Qx

)
. (61)

To complete the discussion about mosaic model application one needs to answer on the question how to estimate
density of dislocations, using derived parameters from WH plot. As we already know, Lx‖ and L

y
‖ are correspond

to mean distance between dislocations in lateral directions. And in principle, dislocation densities can be already
obtained from lateral correlation lengths Lx‖ and L

y
‖ measurement (usually L

x
‖ ≈ L

y
‖ = L‖). For a random dislocation

distribution, dislocation densities D are given by Lee et al. [87]:

D =
1

Lx‖L
y
‖

=
1

L2
‖
, (62)

However, L‖ values often couldn't be measured precise enough, so tilt α and twist β measurements should be
used dislocation density calculation. Gay et al. �rst related dislocation densities D to rocking curve ω-FWHM
β [82]. Assuming a mosaic structure where dislocations are located at grain boundaries. The �rst approximate
formula of dislocation density D is:

D ≈ β

3bt
, (63)

where b is the length of the Burgers vector, β is the ω-FWHM and t is the mean grain size. A related, but more
accurate formula was provided by Metzger et al. [92]:

D =
β

2.1bd0
, (64)

where d0 is essentially the lateral correlation length.
Chierchia et al. [88] combined this for edge dislocations with an equation describing �nite size e�ects

De =
1

2.1bed0

√
β2
e −

(
0.9λ

d0 cos θB

)
, (65)

where βe is the twist value, a�ected by both tilt and by limited correlation lengths and θB is Bragg angle.
Kaganer et al. [93] showed that equation 64 must be modi�ed for a random dislocation distribution in the case

of correlation as:

De =
18β2

e cos2 θB

(2.8 + lnM)
2
b2e
, Ds =

36β2
s

(2.4 + lnM)
2
b2s
, (66)

where M describes the degree of correlation and M = L
√
DB , DB = α

2.1bd0
for screw and DB = β

2.1bd0
for

edge dislocations, and L is the area over which the Burgers vector averages to zero (note that no crystal analyzer
is used). Parameter M can vary from M ≈ 1 (highly correlated) to M � 1 (uncorrelated). When correlation is
taken into account, dislocation density values can increase by up to a factor of 10 [93]. However, if d0 is not known
accurately (for example, in low dislocation density �lms), it may be simpler to separate the two e�ects beforehand
and use equation 64 instead, as appropriate.

Formula for a random distribution of dislocations have been proposed by Kurtz et al. [94] for screw Ds and
edge De dislocation densities:

Ds =
α2

9 · |bscrew|2
, De =

β2

9 · |bedge|2
, (67)

where α is tilt, β twist, bedge - edge dislocation Burgers vector and bscrew - screw dislocation Burgers vector.
modi�ed by Dunn and Koch [95]:

Ds =
α2

4.35 · |bscrew|2
, De =

β2

4.35 · |bedge|2
. (68)

Equations 64 and 68 show that the dislocation density is proportional to β for a mosaic �lm structure, but
proportional to β2 for a random dislocation distribution. Furthermore, equations 65 and 68 are appropriate for
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Figure 37: Screw (a) and edge (b) dislocations Burger's vectors.

high dislocation density �lms (broad ω-FWHM), whereas equation 64 may be su�cient for low dislocation density
�lms (narrow ω-FWHM). In this work samples with high dislocation density is investigated, random distribution of
TDs is assumed, and equation 68 will be used for screw Ds and edge De TD densities calculation using tilt α and
twist β derived from WH plot.

In addition, one can think about mixed dislocations. One mixed dislocation combines the displacement of one
screw plus one edge dislocation, and unfortunately, mosaic model with presented formulas are not able to distinguish
between pure TDs and components of mixed dislocation. Therefore, mixed dislocations will partially contribute
to tilt α and partially to twist β, and their density will be distributed between screw Ds and edge De dislocation
densities.

4.2 Numerical Monte Carlo calculation of di�use scattering from TDs.

Recently, Barchuk, Holy et al. [67] have developed the model based on numerical Monte Carlo (MC) calculation
to simulate the di�use scattering of the defects in [0001] oriented c-GaN materials. The model allows determine
dislocation density with an error less than 10%. In this work the model of the V. Holy will be used for the TDD
calculation and will be discussed in details in this section.

As we already know from the Chapter 2.3, that c-plane GaN materials have a hexagonal symmetry and contains
in the majority cases of two basic types of defects, i.e., edge and screw threading dislocations, see �g.37. For
convenience two types of screw dislocations with the Burgers vectors toward the surface bs = +[0001] and in
opposite direction bs = −[0001] are distinguished (see �g.37.a). Edge dislocations can be divided into three types
with the Burger's vectors be = 1

3 [1120]. The Burgers vectors be of di�erent types of edge dislocations include an
angle of 120◦, and lie in the horizontal xy-plane parallel to the sample surface (see �g.37.b). In addition to these
dislocation types, mixed threading dislocations occur frequently, however they can be decomposed into pure screw
and edge components as it was discussed in the Chapter 4.1: bm = bs+ be and we do not consider these dislocations
separately.

The simulation depends on a specimen properties and on the beam parameters i.e. convergence, coherence... The
synchrotron X-ray beam has limited coherence in beam and transverse directions. Due to this reason it is possible
to de�ne the coherent element of the incoming radiation, as an area with the same phase of X-ray. Therefore,
di�erent areas of a specimen surface will be irradiated by di�erent coherent elements of the incoming radiation.
And specimen could be presented as an ensemble of coherently irradiated areas (Scoh), sample with a coherently
irradiated area is shown in the �g.38.a. For each Scoh coordinate system x, y, z was de�ne that xy plane is parallel
to the sample surface, as it is shown in the �g.38.b.

The algorithm of the calculation in the model consists of several steps:

• In a coherently irradiated area (Scoh) the positions
(
x

(α)
j , y

(α)
j

)
and types α of the TDs using a random

generator are distributed, see �g.38.c.
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Figure 38: A sample with a coherently irradiated area (Scoh) (a), Scoh with coordinate system (b), random dis-
tribution of the dislocations on the xy plane of Scoh (c), and simulated RSM based on Monte Carlo simulation
(d).

• From the positions of individual dislocation types in Scoh obtained in the previous step the total displacement
�eld of all dislocations in Scoh assuming a linear superposition is calculated:

u (r) = u (x, y, z) =

5∑
α=1

N∑
j=1

u(α)
(
x− x(α)

j , y − y(α)
j , z

)
, (69)

where u(α) (x, y, z) is the displacement vector in point (x, y, z) due to a dislocation of type α ending at the

sample surface in point (x, y) = (0, 0) , and
(
x

(α)
j , y

(α)
j

)
is the intersection point of the j-th dislocation of type

α with the sample surface. In the expressions for u(α) × (r) surface relaxation of internal stresses was taken into
account, explicit formulas can be found in [96]. The scattered intensity depends only on the component of the
total displacement �eld parallel to the di�raction vector Q, therefore, in symmetrical di�raction, only the vertical

component uz (r) matters. The expressions for u
(s,e)
z (r) are rather simple:

u(s)
z (r) =

b
(s)
z

2π
arctan

(y
x

)
, (70)

u(e)
z (r) =

ν

1− ν
· r · b

(e)

2π
· z + 2r (ν − 1)

r (r − z)
, (71)

where ν is the Poisson ratio (for simplicity, isotropic elasticity is assumed).

• Knowing the total displacement �eld of all dislocations present in Scoh the amplitudes Ej (q) and the intensity

Ij (q) = |Ej (q)|2 of the X-ray wave scattered by this part of the sample using the far-�eld limit and kinematic
approximation were calculated:

Ij(q) =

∣∣∣∣∣∣A
ˆ
Scoh

ˆ
dxdz

0ˆ

−T

dz e−ih·u(r)e−iq·r

∣∣∣∣∣∣
2

, (72)

where A is a constant containing among other parameters the amplitude of the primary wave and the polar-
izability coe�cient χh, q = Kf −Ki −Q is the reduced scattering vector, and Ki,f are the wave vectors of the
primary and scattered waves, respectively.

• The simulations of the scattered intensity from Scoh (�rst three steps) were repeated M ≈ 104 times and
obtained intensities Ij for j = 1, ...,M . Each intensity Ij (q) corresponds to the intensity scattered from a
single coherently irradiated area, M is the number of these areas in the totally irradiated sample area.

The average intensity distribution in di�raction plane:

I(r) =
1

M

M∑
j−1

Ij(r). (73)

• After that the intensity distribution in di�raction planeQxQz from the eq.73 (I(r) = I(QxQz)) was convoluted
with the resolution function of the experimental setup. And received simulated RSM was compared with
experimental map.
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The model can be applied if the measured intensity is averaged over a statistical ensemble of all con�gurations
of the dislocations and the distance sample-detector is large so that the far-�eld limit can be used. The validity
of the �rst assumption depends on the density of dislocations, on the Scoh and on the total size of the irradiated
sample surface, and in our case is satis�ed as it was discussed in [97]. The far-�eld approximation is valid if the
diameter of Scoh (dcoh) is much smaller than the diameter of the �rst Fresnel zone, which can be approximated
by the expression

√
Rλ, where R is the sample-detector distance and λ is the wavelength. In our case energy was

12keV or λ = 0.1033nm, distance R = 0.7m, therefore
√
Rλ ≈ 104nm, and the diameter dcoh ≈ 102nm, therefore

this condition is ful�lled as well.

4.3 Mosaic model of BSF density calculation

4.3.1 Mosaic model of a crystal with BSFs

Often the microstructure of epitaxial �lms may be represented by the mosaic block model, where the �lm is
comprised of a number of disoriented and relatively defect-free domains (as we already discussed in the Chapter 2.3).
The BSFs split the perfect crystal into blocks with �nite sizes in close packed direction [0001]. The sizes of the
blocks in basal plane is usually equal to the thickness of the layer (in case of nonpolar material) or even large (in
case of semipolar). The model could be applied for any crystallographic orientation of the structure with respect
to the sample surface: for nonpolar, where blocks are perpendicular to the sample surface; semipolar, where blocks
are inclined with respect to the sample surface; and even for polar material with blocks parallel to the surface. In
the �g.39.a an example of the BSF mosaic blocks for an semipolar sample is shown.

The size of the blocks in [0001] direction, which is correspond to the mean distances between BSFs, is much
smaller and depends on the BSF density (see �g.39.a). And Fourier transform of a block will reveal in the reciprocal
space a distribution of intensity along the direction perpendicular to the basal plane (along [0001] ), see �g.39.b.
Therefore, the blocks lead appearance of the streak in [0001] direction. The streak of BSFs is quite narrow due to
large dimensions in basal plane. The FWHM of a re�ection in [0001] direction corresponds to the average thickness
of the blocks in this direction, which means to the average distance between BSFs L. From the measured re�ection
broadening FWHM (in RS units) in BSF in�uenced [0001] direction one can calculate the mean distance between
BSFs L, as:

L(nm) =
2π

FWHM(nm−1)
. (74)

And the density of basal plane stacking faults ρSF could be derived as an reciprocal to the mean distance L:

ρSF (nm−1) = 1/L(nm) =
FWHM(nm−1)

2π
. (75)

Usually from experiment FWHM is measured in angular units (radian or degree), and one can transfer
FWHM(radian) into FWHM(nm−1) = FWHM(radian) · Qhkl(nm−1). From the Chapter 3.11 one can derive
Qhkl(nm

−1) = 2K sin θhkl = 2 2π
λ sin θhkl, and substitution of the Qhkl(nm

−1) gives equality FWHM(nm − 1) =
FWHM(radian) · 2 2π

λ sin θhkl, and expression for L could be written as:

L =
2π

FWHM(radian) · 2 2π
λ sin θhkl

=
λ

2 · FWHM(radian) · sin θhkl
. (76)

The relation between FWHM in angular units and L could be presented as:

FWHM(radian) =
λ

2 · L · sin θhkl
, FWHM(degree) =

180◦ · λ
2π · L · sin θhkl

. (77)

And BSF density ρSF could be calculated using following formulas:

ρSF (nm−1) = 1/L(nm) =
2 · FWHM(radian) · sin θhkl

λ
=

2π · FWHM(degree) · sin θhkl
180◦ · λ

. (78)

In this simple model the contributions of tilt α and twist β from the mosaic block model of (0001) GaN (see
Chapter 4.1) were not taking into consideration, however their in�uence is still possible.
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Figure 39: Sketch of a semipolar sample split into BSF mosaic blocks (a), and RSM of a BSF mosaic block (b).

4.3.2 Calculation of BSF density using mosaic model

In case of nonpolar sample the close packed [0001] direction of hcc structure is parallel to the surface of the
sample and the streak of BSF is oriented �horizontally� in RS. If the in�uence of other dislocations will be taken in
consideration than the symmetric re�ections will be broad in angular (ω-scan) direction not only due to BSFs, but
also due to tilt α of the sample domains caused by screw and other types of dislocations. In the work of McLaurin et
al. [46] broadening due to tilt (see �g.40.a.left) and �nite lateral coherence length (see �g.40.a.right) were separated
using standard WH plot (see Chapter 4.1). For that the series of symmetric re�ections were measured and the slope
∆ωmosaic of the �tted line was derived from WH plot (see �g.40.b).

This slope ∆ωmosaic is a component of measured ∆ωmeasured FWHM (in radian) of rocking curve of a reciprocal
lattice point hkl, which correspond to the screw and other types of dislocations. Finally, the broadening of the
re�ections could be written as:

∆ωmeasured = ∆ωmosaic +
λ

2L sin (θhkl)
, (79)

where λ is the X-ray wavelength, θhkl is the Bragg angle of the re�ection and L is the lateral crystal domain
size. The second component in the sum is correspond to the broadening of the re�ection due to BSFs. The lateral
crystal domain size is the mean distance between BSFs and could be used for the estimation of the BSF density
ρSF :

ρSF = 1/L =
2 sin (θhkl)

λ
· (∆ωmeasured −∆ωmosaic) . (80)

In the investigation of McLaurin, good agreement between BSF density derived by X-ray method and TEM was
shown [46].

S. Paduano had applied more precise method in 2010 [98] to determine BSF density from series of AXRD
re�ections. In his calculations the in�uence of tilt, twist, strain, and BSFs on the hkl re�ection ω-scan peak width
Γhkl were taking into account using formula:

Γnhkl = (Γ⊥ cosχ)
n

+
(
Γ‖ sinχ

)n
+ (ξ tan θhkl)

n
+

(
2π

LKhkl

)n
, (81)

where χ is the inclination angle between the {hkl} plane and the surface normal Khkl is the magnitude of the
reciprocal lattice vector, L is the average value of the lateral coherence length (mean distance between BSF), Γ⊥
is the broadening resulting from lattice plane tilt, Γ‖ is the broadening resulting from in-plane twist, and ξ tan θhkl
represents the inhomogeneous strain contribution which depends on Bragg angle θhkl. For better precision the
exponent n was introduced in the eq.81. Depending on how the contribution from each broadening element is
convolved to produce an overall peak pro�le the n has a value between 1 and 2 (1 for Lorentzian distribution and
2 for Gaussian distribution).
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Figure 40: Schematic representation of the e�ects of mosaic tilt (a) and reduced lateral coherence length on the
shape of the reciprocal lattice. schematic representation of the XRD measurement of the SXRD re�ections (b), and
WH-like plot of the AXRD re�ections with even and odd index l (c).

In addition, Paduano had calculated the probabilities of stacking faults of types I2 and I2 using formulas of
Warren [78] for the broadening of the re�ections with h− k = 3n± 1:{

l even : B2θ =
(

360
π2

)
tan (θhkl) |l|

(
d
c

)2
(3α+ 3β) ,

l odd : B2θ =
(

360
π2

)
tan (θhkl) |l|

(
d
c

)2
(3α+ β) ,

(82)

where B2θ is the broadening, d is the lattice spacing for the planes {hkl}, c is the lattice constant, |l| is the
absolute value of the index l, θhkl is the Bragg angle, and α and β are probabilities of stacking faults of types I2 and
I2, respectively. For the series of re�ections with even and odd index l is possible to plot WH-like plots and derive
two di�erent slopes, which depend on the probabilities α and β of I2 and I2, respectively. The plot of Paduano is
shown on the �g.40.c.

However, even with all modi�cations of Paduano the meaning of the eq.81 is quit similar to the equation of
McLaurin eq.79. To prove this fact one can rewrite eq.81 using the equality Γhkl = ∆ωmeasured, (Γ⊥ cosχ)

n
+(

Γ‖ sinχ
)n

+ (ξ tan θhkl)
n

= (∆ωmosaic)
n
, and 2π

LKhkl
= λ

2L sin(θhkl)
, as:

(∆ωmeasured)
n

= (∆ωmosaic)
n

+

(
λ

2L sin (θhkl)

)n
. (83)

And eq.83 is di�erent from the eq.79 only in term of exponent n.
As a conclusion we can say that BSF density calculation from FWHM of the re�ections is based on mosaic

model taking into account in�uence of some other factors such as other type of dislocations.

4.4 Monte Carlo simulation of BSF di�use intensity in reciprocal space

4.4.1 Model of BSFs di�use scattering based on Monte Carlo method

Besides simple calculations presented in the previous section 4.3, almost no other alternative methods of BSF
densities determination in non- and semipolar GaN based on X-ray di�raction technique are developed. However,
recently the model of the scattered intensity distribution from BSFs in RS along [0001] direction based on Monte
Carlo method was developed by V. Holy and M. Barchuk for the nonpolar GaN material [51]. This model with
some modi�cations will be used for the BSF density determination in semipolar GaN material. Let us take a look
on the main steps in the algorithm of the model.

The hexagonal basis vectors are a1,2,3, the vectors a1,2 and a3 = − (a1 + a2) lie in the basal plane (0001) and
a4 is orthogonal to them, as it is illustrated in the �g.41.a.

In case of a perfect layer without any structural defects, the amplitude of the wave E(Q) di�racted from the
layer is a function of the scattering vector Q = Kf −Ki, where Kf and Ki are the wave vectors of the di�racted
and primary beams, respectively. Using the kinematic approximation and the far-�eld limit (see Chapter 3.4), this
amplitude can be written as:

E(Q) = A
[
fGa(Q) + fN (Q)e−iQ·d

]∑
n

e−iQ·Rn . (84)
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Figure 41: The sketch of the elementary unit cell of wurtzite GaN (a) and explanation of coherently illuminated
area in GaN sample (b).

Where fGa,N (Q) the form-factor of atoms Ga and N, and d =3a4/8 is the position vector of the N atom with
respect to Ga in GaN molecule. The Rn is position vector of the GaN molecule, n ≡ (n1, n2, n3) and A is a
constant, which contains of the amplitude of the primary beam, the classical electron radius and the polarization
factor.

The position vector Rn cold be written as:

Rn = n1a1 + n2a2 + n3a4/2 + σn3p,

where p = 2
3a1 + 1

3a2 is the lateral shift of the second Ga-N bilayer in the elementary unit cell with respect to
the �rst one.

E(Q) = Φ (Q)

N∑
n3=0

ξn3κσn3 , (85)

where ξ = e−iQ·a4/2, κ = e−iQ·p are responsible for the stacking of the Ga-N layers. In the model the presence
of BSFs is organized by random generation of the di�erent sequences using σn3

parameter. The N is the number
of coherently irradiated (0001) basal planes (see �g.41.b), and function Φ (Q) is:

Φ (Q) = A
[
fGa(Q) + fN (Q)e−iQ·d

] ∑
n1,n2

e−iQ·(n1a1+n2a2).

The range of the double sum
∑

n1,n2

corresponds to the lateral size S of the stacking faults and in the model it

is assumed that this size is comparable to the layer thickness or even larger, taking into account inclination of the
{0001} planes with respect to the sample surface, in case of semipolar GaN. Therefore, the function Φ (Q) leads to
the narrow streak in RS. The width of the cross-section of this streak can be estimated to 2π/S and it is usually
comparable to the resolution limit of the experimental setup. Therefore it is enough to deal with the intensity
distribution along Q[0001] direction in reciprocal space (along the BSFs-streak).

To overcome di�culties in calculations related to the experimental resolution function, broadening of the re�ec-
tion curve not only due to a limited coherence of the primary beam but also due to other e�ects such as limited
angular resolution of the detector and di�use scattering from other dislocations (like treading dislocations), the
function Ψ (x) is introduced in the

E(Q) = Φ (Q)

N∑
n3=0

ξn3κσn3 Ψ (n3 |a4| /2) . (86)

The form of the Ψ (x) function can be determined from the di�raction curve measured in [0001] direction through
the re�ection, where BSFs do not produce any di�use scattering. In the simulations the function Ψ (x) is described
by well-known PearsonVII distribution function [99]:
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Figure 42: Dependence of the I(Q[0001]) intensity distribution on the PearsonVII parameter α for W = 100 (a) and
on the parameter W for α = 1 (b).

Ψ (x) =

[
1 + 4

(
21/α − 1

)(2x

W

)2
]−α

,

where W is the FWHM of the function and α is the shape parameter. Dependence of the intensity distribution
I(Q[0001]) along direction [0001] on the α shape parameter of the function Ψ (x) is shown on the �g.42.a. For α→∞
this function approaches the Gauss function, in the case of α = 1, the Ψ (x) corresponds to the Lorentz function.

The in�uence of the parameter W variation on the intensity distribution I(Q[0001]) in reciprocal space for α = 1
is shown on the �g.42.b. The case W → ∞ represents an ideally coherent and plane primary wave and no di�use
scattering from other defects (dislocations). Decreasing W , resulting di�raction curve changes its form and its
FWHM increases. To discriminate the in�uence of all listed factors from true intensity pro�le it is necessary to
measure the intensity distribution along the [0001] direction of the re�ection without BSF streak (in the best
case from the same direction of Q vector). Therefore, the parameters W and α could be derived from �tting of
theΨ (x) function to the experimental curve of the re�ection not a�ected by the BSFs at all. These values can
be used for the analysis of the di�raction curves in other re�ections. Taking into account that, both the e�ect of
transverse coherence and di�use scattering from the dislocations scale with the length of the di�raction vector Q,
the FWHM W (SFeffected) of the re�ection with di�raction vector Q(SFeffected), which is a�ected by BSFs
could be calculated as:

W (SFeffected) = W (SFnot) · Q(SFeffected)

Q(SFnot)
, (87)

where Q(SFnot) and W (SFnot) are di�raction vector and FWHM of the re�ection not a�ected by BSFs,
respectively. The shape parameter α does not depend on the re�ection order.

Finally the intensity distribution along the streak of BSFs (along [0001] direction) can be rewritten as follows:

I(Q[0001]) =
∣∣E(Q[0001])

∣∣2 . (88)

4.4.2 Algorithm of the intensity distribution along [0001] direction calculation

In the program algorithm, the irradiated sample volume is much larger than the coherence volume of the primary
beam. Therefore, the measured di�racted intensity is an incoherent superposition of the intensities originated from
di�erent coherently irradiated volumes. In a coherently irradiated volume consisting of N (0001) Ga-N bilayers,
positions and types of the BSFs are de�ned using random generator. In the model the sequence of the BSFs of
the same type creates a homogeneous Markov chain [100], to de�nite random positions of the latest. It is assumed
that the mutual positions of the BSFs of di�erent types are statistically uncorrelated and that the total di�racted
intensity is a sum of contributions of the Markov chains of various defect types. The amplitude of the di�racted
wave and the di�racted intensity are calculated according to eq.86 and eq.88 , respectively. The generation of BSFs
and subsequent computation of the di�racted intensity Ij are repeated M times. Each intensity distribution Ij
corresponds to the intensity scattered from a single coherently irradiated volume,M is the number of these volumes
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in the irradiated sample volume. The number of the con�gurations M is large integer number and chosen so that
maximum of standard deviation not exceed 10%. Finally, the average intensity pro�le is calculated as:

I
(
Q[0001]

)
= 1

M

M∑
j=1

Ij(Q[0001]). (89)

The root-mean-square (rms) deviation σI of the average intensity:

σ2
I = 1

M

 1
M

M∑
j=1

I2
j (Q[0001])−

 1
M

M∑
j=1

Ij(Q[0001])

2
 . (90)

Increasing the number M of coherently irradiated volumes, the rms deviation σI decreases. The simulation
procedure is quite time consuming so that we were not able to use the actual number M given by the experimental
conditions. Instead,M was chosen so that the maximum of σI(Q[0001]) did not exceed 5%; the resulting computation
time was few minutes for a scan of about 103 values of Q[0001].

The mean distance between uncorrelated BSFs D0 is an input parameter of the model. The D0 is introduced
as dimensionless integer number of Ga-N bilayers. The density of BSF ρ possible to determine using equation:

ρ =
2

cD0
. (91)

And for GaN with parameter c = 0.5186nm the density of BSF could be calculated in cm−1:

ρ =
3.86

D0
· 107cm−1. (92)

In the work the BSFs density will be calculated from the MC simulation of the di�use intensity along [0001]
direction using eq.92.
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5 Investigation of threading dislocations in GaN epilayers

5.1 Introduction

The growth of c-oriented [0001] GaN on c-oriented [0001] sapphire is a well-established method (see Chap-
ter 2.2). However, due to a lattice mismatch of 16% between sapphire and GaN, the GaN epilayers still contain
a high density of edge and screw TDs [8, 61]. In Chapter 2.4.4 the introduction of a SiN mask was presented as
a method of dislocation density reduction. In this section, the in�uence of the length of time the SiN mask is
deposited on the TDD in GaN epilayers will be discussed.

5.2 Sample description

In the investigation of Barchuk et al. [67] a series of four c-oriented [0001] GaN epilayers denoted G1-G4 with
di�erent dislocation densities were grown by MOVPE in an AIXTRON 200/RF-S horizontal �ow reactor. All layers
were grown on c-plane (0001) sapphire (Al2O3) wafers slightly miscut by about 0.3◦ toward the a-plane (112̄2).
On top of the substrate, an oxygen doped AlN nucleation layer with the thickness of about 20 nm was deposited.
On the AlN nucleation layer the GaN epilayer with the thickness 300 nm was grown. The GaN growth was then
interrupted for the in-situ deposition of a submonolayer thick SixNy mask (later just SiN). The deposition time
of the mask was 0, 120, 150 and 180 seconds for the samples G1, G2, G3 and G4, respectively. For the samples
G1-G3, GaN was overgrown on the top of SiN mask till total thickness of about 1800 nm. For the sample G4 the
total overgrowth layer thickness of 2400 nm was achieved by HVPE overgrowth. The sketches of the samples are
presented in the �g.43.

Figure 43: GaN samples sketches.

5.3 Threading dislocation density in GaN epilayers with and without SiN interlayer

Barchuk et al. [67] have investigated the in�uence of the SiN mask on the TDD in c-oriented [0001] GaN
epilayers (samples G1-G4) using X-ray di�raction method. The TDDs in GaN epilayers were derived using numerical
Monte Carlo simulation method (see Chapter 4.2) applied for the measured RSMs. For the determination of screw
TDD, the SXRD 0004 re�ections, while for the calculation of the edge TDD the AXRD 1014 re�ections were
employed. The TDDs were calculated with accuracy of about 10% [67] and values are summarized in the tab.7.
However, the asymmetric re�ections only partially in�uenced by edge TDs (see section 4.1). In order to perform
precise determination of edge type TDDs, RSMs of non-coplanar GID re�ections a�ected mostly by edge TDs were
measured and simulated by Barchuk et al. [101]. The result of the edge TDD calculation and total TDD from [101]
is shown in the tab.8.

From the TDD comparison, the in�uence of the SiN mask on the edge TDD reduction was demonstrated, while
screw TDD remains almost unchanged [67]. However, due to high penetration depth in SXRD and AXRD di�raction
geometries, the dislocation rich GaN layer below the SiN mask should contribute to the di�use scattering of the
re�ections. In this work the signal of the layer below SiN mask, which is much broader in angular direction due to
high TDD was not taken into consideration. Therefore, in the future X-ray experiments the in�uence of the layer
below the SiN mask should be considered.
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Sample
SiNx

deposition
time, (s)

TDD
(EPD),

(108cm−2 )

Screw TDD
(SXRD

simulations),
(108cm−2 )

Edge TDD
(AXRD

simulations),
(108cm−2 )

Total TDD
from

simulations,
(108cm−2 )

G1 0 20 2.1 20.6 22.7
G2 120 7.6 1.6 6.9 8.5
G3 150 4.8 1.3 4 5.3
G4 180 2.6 1.1 1.7 2.9

Table 7: Densities of screw and edge threading dislocations determined from the measured intensity distributions
and from the densities of etch pits, taken from [67].

Sample
SiNx

deposition
time, (s)

Screw TDD
(SXRD

simulations),
(108cm−2 )

Edge TDD
(GID

simulations),
(108cm−2 )

Total TDD
from

simulations,
(108cm−2 )

G1 0 2.1 20.6±1.9 22.7
G2 120 1.6 7.0±0.6 8.6
G3 150 1.3 4.1±0.4 5.4
G4 180 1.1 2.1±0.2 3.2

Table 8: Densities of the threading dislocations determined from the scattered intensity distributions in the coplanar
symmetric and grazing-incidence geometries, taken from [101].
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6 Study of threading dislocation density reduction in AlGaN epilayers

6.1 Introduction

The AlxGa1−xN alloys are attractive candidates that have been grown mainly on sapphire and SiC substrates
for a range of ultra violet (UV) system applications (i.e. detectors, emitters etc.), which includes ultraviolet light
emitting diodes (UV LEDs), �ame and heat sensors, missile plume detection equipment [102, 103], secure-ground
to earth inter-satellite communication equipment, and UV calibration and monitoring devices for medical and
biological applications. Furthermore, nitride-based ultraviolet light emitting diodes have also been investigated for
their application in high density optical storage media, biotechnology, air/water puri�cation and curing resins. By
changing the Al composition, the cut-o� wavelength of AlGaN photo-active devices can cover the spectrum from
200 nm to 360 nm at room temperature. See �g.44.

It should be emphasized that in comparison with GaN epilayers, AlGaN layers that are grown directly on
sapphire, typically exhibit a larger number of TDs, and form mainly edge-type TDs [104]. The reduction in the
number of threading dislocations, which act as non-radiative recombination centers [56], is essential [56, 57] for
the improvement of the UV performance of LEDs. Recently, research has been carried out on the optimization
of Al0.2Ga0.8N epilayers, emitting wavelengths of about 322 nm (see �g.44) and directly grown on sapphire by
MOVPE has been researched [66]. TEM investigation has led to a comprehensive understanding of mechanisms
for growth and defect reduction that occurs during the formation of dislocation half loops on the SiN interface. A
qualitative estimation of the dislocation densities was based on the observation of TEM images [105]. Improvements
have been achieved by applying in-situ nano-masking technology with ultra-thin SiN interlayers. The edge type
dislocation density could be signi�cantly reduced by optimizing the growth parameters and depositing the SiN
interlayer on a 150 nm Al0.2Ga0.8N interlayer grown on an AlN nucleation layer.

In this chapter, the possibility of using a Monte-Carlo method in the modeling of reciprocal space maps of
Al0.2Ga0.8N epilayer structures has been examined. Furthermore, the scaling law of TD density reduction with
overgrowth thickness will be established. Moreover, TD densities of AlGaN layers below and above the SiN nano-
mask have been derived from the Monte-Carlo simulation, with the aim of estimating the SiN nano-mask e�ciency
in reducing the defects in AlGaN epilayers.

Figure 44: Band gap energy and wavelength of Al0.2Ga0.8N .

6.2 Growth of c-plane AlGaN epilayers on sapphire substrate

The growth of AlxGa1−xN �lms on high quality GaN or AlN substrates is advantageous, because of the
minimum lattice mismatch between �lm and substrate. As a result, high quality AlxGa1−xN epilayers with low
dislocation densities could be achieved [106, 107].

Nevertheless, the e�ciency of AlxGa1−xN based UV-LEDs grown on GaN templates is still not satisfying for
application as it has been argued by Kamiyama et al. [108]. Besides the high cost of the GaN substrates [109, 58],
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Figure 45: Dependence of the critical thickness of the AlxGa1−xN layer on the Al content x, taken from [115].

templates are not well suited for the growth of UV-LEDs since the shorter band gap of GaN causes the reabsorption
of the generated photons in the AlxGa1−xN active region.

Alternatively AlxGa1−xN �lm with low dislocation density has been grown on AlN templates having similar
problematic of the AlxGa1−xN �lms grown on the GaN substrates mentioned above.

The convenient price of sapphire substrate encourages the direct growth of AlxGa1−xN epilayers on sapphire.
The large lattice mismatch between the sapphire substrate and the epilayers, being 16% and 14% for the case of
GaN and AlN, respectively, causes large TDD in the order of 109cm−2 [110, 111] and even higher (1010cm−2) for
the AlN epilayers [112, 113].

In order to reduce the TDD, AlN nucleation layer (NL) was introduced to form a virtual substrate of relaxed AlN
acting as intermediate layer between sapphire and AlxGa1−xN epilayer [114]. In this case the AlN layer plays the
role of substrate for AlxGa1−xN epilayer. As a consequence, by decreasing the Al content x the lattice mismatch
between AlxGa1−xN and AlN virtual substrate increases up to:

ε(AlN onGaN) ≤ a(GaN)− a(AlN)

a(GaN)
≈ 2.3% (93)

Furthermore, the increase of the Al content lead to an exponential decrease of the critical thickness for crack
formation in the AlxGa1−xN �lms, as it was demonstrated by Lee et al.[115] and shown in the �g.45.

Due to the decrease of TDD to 109− 1010cm−2 by intercalating the AlN nucleation layer, the growth procedure
became as a standard recipe for the growth of AlGaN epilayer on the foreigner substrate like sapphire.

Further reduction of the TDD in a GaN �lm up to 106cm−2 could be achieved by increasing the layer thickness
to tens-hundreds micrometers [116, 117, 118]. The growth of thick GaN �lms could not be performed by MOVPE
and it requires rather HVPE growth process. An alternative method of TDD reduction in GaN epilayers is to
introduce the SiN masking with atomic coverage (thickness) of less than one monolayer acting as an anti-surfactant
for GaN [65]. Engl et al. [119] has investigated GaN and Al0.07Ga0.93N epilayers with the in-situ deposited SiN
nanomask. Accordingly, they reported no e�ective reduction in the TDDs for Al0.07Ga0.93N in comparisons with
GaN sample. Recently the group of Prof. Dr. Ferdinand Scholz from university Ulm [66, 120] has demonstrated
signi�cant reduction of the TDD in Al0.2Ga0.8N epilayers due to intercalation of SiN nanomask. According to his
method, �rst the 20 nm thick AlN:O NL was deposited on sapphire substrate , the SiN nanomask was deposited
in-situ after growing 150 nm treading dislocation rich Al0.2Ga0.8N layer corresponding approximately the critical
thickness of the Al0.2Ga0.8N with 20% of Al, see �g.45. Then SiN nanomask was overgrown by desired Al0.2Ga0.8N
epilayer of about several micrometer grown with the same growth parameters as the layer below the SiN mask and
having fewer TDD. The key factor in this method is the selective area growth (SAG) of the deposited Al0.2Ga0.8N
epilayer on the SiN mask.

Kamran et al. [66, 120] has investigated the in�uence of the SiN nanomask deposition time on the crystal quality
using the X-ray di�raction on the Al0.2Ga0.8N epilayers with SiN mask. The broadening of the rocking curve peak
of the symmetric re�ections (SXRD) was attributed to the screw TDs and the broadening of the asymmetric
re�ections (AXRD) to edge. Since the dominant type of the TDs in the AlGaN �lm is the edge TD the broadening
of the AXRD was chosen as a criteria for the sample quality quali�cation. The series of samples with di�erent SiN
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Figure 46: The AlGaN sample sketches with overgrowth layer thicknesses of 90, 290, 500, 1000, 1850, 2500 and
3500 nm corresponding to the samples A1, A2, A3, A4, A5, A6 and A7, respectively.

deposition time between 3 and 8 minutes were grown. The lowest broadening of an AXRD re�ection was obtained
for a deposition time of 6 minutes and this time was selected for the SiN nanomask deposition.

Intercalation of the second SiN nanomask after 300 nm AlGaN growth with total sample thickness of 1.4µm
revealed the narrowest AXRD peak re�ecting the best achieved sample quality [120]. However, the surface of the
sample was extremely rough. Moreover, higher inhomogeneity in Ga/Al distribution is expected being susceptible
of absorption of light generated by the active region of a UV-LED.

6.3 Al0.2Ga0.8N sample description

In order to investigate the in�uence of the overgrowth layer thickness on the TDD reduction, seven samples of
c-plane epitaxial Al0.2Ga0.8N structures were grown on sapphire (0001) substrates with a miscut of 0.3◦ towards
the a-plane. Growth was carried out in a low-pressure horizontal MOVPE reactor (Aixtron AIX-200/4 RF-S) using
the standard trimethylgallium (C3H9Ga), trimethylaluminium (C3H9Al), and ammonia (NH3), as group III and
group V precursors, respectively. The growth temperature was set to 1120◦C. The Al content of 20% for the AlGaN
samples was estimated from growth parameters and was measured by photoluminescence [121]. The growth was
initiated by an oxygen doped AlN nucleation layer (about 20 nm). A SiN nano-mask layer was deposited in-situ
by brie�y �owing SiH4 and ammonia into the reactor after growing about 150 nm of AlGaN, for approximately
5minutes. On the top of this layer, the AlGaN layer was deposited with thicknesses of 90, 290, 500, 1000, 1850,
2500 and 3500 nm corresponding to the samples A1, A2, A3, A4, A5, A6 and A7, respectively. The sketches of the
samples are presented in the �g.46. In the following the layer above the SiN mask is termed as overgrowth layer
while the layer below the mask is named as 150 nm AlGaN interlayer.

6.4 TEM investigation of AlGaN epilayers and growth model

To �gure out the dislocation type and to understand the dislocation propagation mechanism in Al0.2Ga0.8N
epilayers with SiN nanomask, TEM investigations on the sample were performed by our cooperation partner Klein
et al. [105] as complimentary characterization to our X-ray di�raction measurement.

In the following we propose to give a summary about the results derived from TEM investigation of Klein et al.
[105] regarding to this dislocation propagation mechanism. In the �g.47.a the cross sectional BF TEM micrograph
of a sample edge is given. The system consist of few layers from bottom to top: sapphire (Al2O3), Al:O NL, 150 nm
AlGaN interlayer, SiN mask and overgrowth layer. Darker parts of the sample correspond to the TDD rich areas.
From �g.47.a, it is visible that the SiN nanomask stops TDs from propagating through the mask, and therefore,
the area above the SiN mask is dislocation free.

Fig.47.b and �g.47.c correspond to the TEM micrographs of the same sample area recorded with di�raction
vectors along edge and screw TDs. From the comparison of TEM micrographs, one can conclude that edge TDD
is higher than screw TDD. The edge-type TDs are generally stopped by the SiN nanomask. From �g.47.b one can
see in some regions TDs are merged or bent, creating bundles of dislocations reaching the surface.

Klein et al. [105] have developed a model for the Al0.2Ga0.8N overgrowth layer describing the TDs propagation
mechanism based on TEM investigation (see �g48 and �g.49). In his model, it was taken into account that SiN
nanomask has submonolayer thickness, meaning doesn't cover completely the surface of the Al0.2Ga0.8N as a �lm
(even in one monolayer), but has open areas with nanometer range diameter, as it is sketched in the �g48.a. The Al
and Ga atoms have di�erent growth behavior on the top of the SiN mask. The GaN doesn't grow on the SiN masked
areas whereas AlN doesn't show such growth selectivity and nucleates on the SiN masked areas. This results in a
di�usion of Ga ad-atoms to the window (open) area of the SiN mask at the very beginning of the AlGaN overgrowth
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Figure 47: Cross-section TEM images of the Al0.2Ga0.8N sample. The BF image (a) from the [0110] zone axis
shows the AlGaN heterostructure on c-plane sapphire. The BF image as well as the WBDF images (b) and (c) were
taken from the same sample area. The yellow arrows in (b) and (c) mark the Burger's vectors of the TDs visible
for the respective g re�ection, taken from [105].

Figure 48: The SiN nanomask coverage model (a), overgrowth of the SiN mask (b), HRTEM of a TD closed dipole
(c), and TEM of the near to SiN area (d) taken from [105].

while this is not the case for Al ad-atoms. This has in�uenced the Al and Ga distribution (at least) above the SiN
nanomask.

The growth behavior of the AlN and GaN forms 3D selective area growth (SAG) above the SiN mask. Above the
�open areas� of SiN mask Ga rich islands start to form, being surrounded by Al rich areas. The Si atoms precipitate
around the dislocation core. As a result of such Si-clouds around the edge dislocations, the hydrostatic pressure
around the dislocation line becomes unbalanced. Therefore, the presence of high concentrations of Si atoms due to
SiN deposition promotes the edge dislocations to bend. So, the TDs start to band in the SiN �lm, and in the �open
areas� going through the mask. And the TDs with opposite Burgers vectors have higher probability to meet each
other and annihilate. The scheme of this process is shown in the �g.48.b. The closed dipole of the annihilated TDs
recorded in HRTEM is shown in the �g.48.c, and �g.48.d shows the TEM picture of the closed loops formation in
the SiN mask.

The bended TDs in the window areas annihilate and in the borders bend out from the center of the window
area. Therefore, the SAG reveal the change in the growth mode from layer by layer (2D) growth mode to hexagonal
nano-islands (3D) growth mode. The sudden change of growth mode after the deposition of the SiN (from 2D
before the SiN to 3D above the SiN) compels the dislocation line to bend towards the faster growing direction and
hence increases the probability for dislocation-dislocation interaction.

The formation of AlGaN pyramidal nano-islands above the SiN nanomask was demonstrated by TEM investi-
gation of thin AlGaN overgrowth layer about 290 nm. TEM micrographs of two close formed and distant islands
are shown in the �g.49.a and �g.49.b, respectively. It is clearly visible that the grown AlGaN epilayers between the
nano-islands are full of dislocations, contrary to the pyramidal nano-islands being dislocation free on the window
of the mask.

For further overgrowth of the islands two scenarios are possible: the �rst scenario �g.49.a shows the formation
of close islands. In this case the dislocation free pyramidal islands grow laterally in size and then dominate the
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Figure 49: The TEM pictures of two close (a) and distant (b) AlGaN islands. The model of the overgrowth layer
formation from the close (c) and distant AlGaN islands (d), taken from [105].

dislocation-rich AlGaN areas between them on the wing area. Furthermore, as the islands become larger the
dislocations located between the islands and the dislocation rich areas are forced to interact with other dislocations
to form dislocation loops. Finally, the islands coalesce and further growth continue as a single layer. The scheme
of the AlGaN overgrowth by islands coalescence is demonstrated in the �g.49.c.

The second scenario treats the situation where islands are located very far from each other (see �g.49.b),
and therefore the dislocations which don't interact, form bundle-like dislocation lines reaching the surface. As a
consequence, the dislocation rich area between the islands is not a�ected by SiN mask, and further overgrowth of
these areas will continue as separated layers. The scheme of this scenario is presented in the �g.49.d.

Therefore, there is formation of three distinguishable regions above the SiN mask: one region without AlGaN
islands and the SiN nanomask doesn't a�ect the dislocation line motion (see �g.49.d); second region above the
islands, where dislocations have been terminated at the AlGaN-SiN interface (see �g.49.c); and third region between
islands, where the dislocation lines bent towards each other forming a dislocation bundle above the SiN interlayer.

The bending of the TDs in the borders of the AlGaN nano-islands is accompanied with the basal plane stacking
fault formation. The TEM micrograph and the scheme of the BSF formation as an inset are presented in the �g.50.

6.5 Locally resolved cathodoluminescence of AlGaN epilayers with SiN mask

To investigate the Al and Ga incorporation in the AlGaN overgrowth layer, cross sectional SEM (�g.51.a)
and locally resolved cathodoluminescence (CL) recorded at temperature of 10 K and an electron energy of 2 kV
(�g.51.b) were performed on an AlGaN epilayer with SiN nanomask at the same area. Fig.51.a made in evidence
the existence of several layers: sapphire (Al2O3) and AlGaN. In the CL map several colored regions could be
recognized: blue color region (i.e. 315 nm), turkeys color (i.e. 322 nm), green (i.e. 327 nm), yellow (i.e. 345 nm)
and red (i.e. 340 nm). Al and Ga rich areas correspond to blue and red colored regions, respectively. It should be
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Figure 50: The TEM picture of the islands coalescence area shows the BSF formation on their borders, taken from
[105].

Figure 51: Cross sectional SEM micrograph of a high quality AlGaN sample with the SiN nanomask deposited at
150 nm above the NL (a) and corresponding color coded CL distribution recorded at a temperature of 10 K and
an electron energy of 2 kV (b). The (Al+) and (Ga+) denotes the regions with higher than average AlN or GaN
contents, respectively.

emphasized that dislocations appear as vertical dark lines in the CL map and their density is higher in the blue
region corresponding to higher Al content. Oppositely, Ga-rich areas (red region) has been found to be TD-free.
It should be reminded that Al-rich areas which are located above the uniform SiN mask are TD-rich whereas the
Ga-rich areas corresponding to the pyramidal nano-islands promote the TD-free areas, see �g.51.b. The upper
overgrowth layer (turkeys) is almost homogenous and corresponds to the Al content of 20%. According to the TEM
investigation of Klein et al. [105] reported in the Chapter 6.4, the TD are localized above the uniform parts of SiN
mask while and TD-free areas correspond to the mask openings. On the other side locally resolved CL data show
that TD-rich areas correspond to Al-rich areas. This con�rms the assumption of Klein et al. [105] that uniform
parts of SiN mask are Al-rich areas while mask opening regions are Ga-rich areas.

The in�uence of the Al0.2Ga0.8N overgrowth layer thickness on the TDD reduction will be investigated by X-ray
di�raction in the next chapters.

6.6 AFM investigation of AlGaN sample surfaces

The surfaces of four A4, A5, A6 and A7 samples were investigated by Forghani et al. [120] using atomic
force microscopy (AFM) with the scanning area of 10µm x 10µm (see �g.52). From the �g.52 hexagonal shape
domains (see sample A4) are observed. These domains could be originated from the �defect free� areas above the
SiN mask opening introduced in the Chapter 6.2. From AFM roughness (RMS) evaluation of Forghani et al. [120]
and Neuschel et al. [121] is evident that samples surface becomes smoother with increasing the overgrowth layer
thickness (see �g.52). Roughness values derived from AFM investigation are presented in the tab.9 showing that for
an overgrowth layer thickness above 2.5 µm the roughness is in the range of subnanometer. The AFM pictures were
recorded only for the samples A4-A7 with roughness less than 40 nm. Due to the high roughness of the samples
A1-A3, AFM measurements were di�cult to be performed.
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Figure 52: The AFM pictures of the samples A4, A5, A6 and A7 surfaces.

Sample name RMS, nm

A1 300
A2 200
A3 95
A4 25
A5 3
A6 0.8
A7 0.3

Table 9: The roughness of the samples A1-A7 derived from AFM measurements.
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Figure 53: High resolution optical microscope (OM) at NANO beamline at ANKA (a). The sample A4 measured
with highest resolution surface (b). Additionally, size of the AFM scanned are (see �g.52) sketched as a red square
and measured domains diameters are drown.

Sample Grain mean size, µm

A1 0.8
A2 1.6
A3 4.1
A4 7.2
A5 14.3
A6 15.8
A7 23.8

Table 10: Mean grain size of AlGaN samples.

6.7 Optical microscopy of AlGaN sample surfaces

Beside the AFM investigation, optical microscope study of the samples surface was performed using optical
light microscope (OM) with resolution up to 0.5 µm at NANO beamline at ANKA. The view of the OM is shown
in the �g.53.a.

OM pictures of all AlGaN samples surfaces were recorded with the highest zoom of 5000 times with �eld of
view of 50 µm x 60 µm. The OM micrographs of the sample A4 is shown in the �g.53.b. Similar hexagonal shape
domains on the surface of the sample A4 could be detected by the OM (�g.53.b) and AFM (�g.52). It should be
mentioned that the area of AFM investigation was in 5-6 times smaller as it is illustrated by red square on the OM
picture �g.53.b.

The OM micrographs of all AlGaN samples surfaces are compared in the �g.54, showing the evolution of the
hexagonal domains with the overgrowth. For the sample A1, the surface is covered by islands with relatively small
lateral size of about 0.8µm whereas for sample A2, the domains have larger diameters and start to coalescent. For
the samples A3-A7, an increase of the overgrowth layer leads to the coalescence of islands forming consequently
hexagonal large domains extended to �at surface (see �g.54). Due to the large �eld of view of OM in comparison to
AFM it was possible to detect hexagonal shape islands for all samples even when the diameter exceed AFM �eld of
view (10µm). Mean sizes of the hexagonal shape domains summarized in the tab.10 reveal diameter increase from
0.8µm to 23.8µm for samples from A1 to A7. The formation of hexagonal shape domains in good agreement with
the GaN-rich �defect free� islands growth above the SiN mask opening introduced in the Chapter 6.2.

For the samples A5-A7, the scanning range of AFM maps was smaller than mean size of the hexagonal shape
domains observed in OM investigation. This allow us to conclude that AFM performed by Forghani et al. [120]
provide the roughness correspond to one single domain rather than the mean roughness of the sample's surface.

6.8 X-ray investigation of AlGaN epilayers with SiN interlayers

By combining TEM and CL, it was possible to understand the interrelation between TDs formation and
Al content distribution. Furthermore, TEM has strongly contributed in deep understanding in TDs propagation
mechanism during the growth which is in�uenced by SiN interlayer. Regarding to the surface morphology, AFM
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Figure 54: Optical microscope pictures of the surface of the AlGaN samples.

and OM micrographs recorded for di�erent overgrowth layer thickness have explained the layer formation as a result
of island coalescence.

It is fairly known, that determination of TDD from TEM is challenging to be performed accurately besides to
the lack of statistics. X-ray di�raction (XRD) has proven to be advantageous as a non destructive and sensitive to
the structure method allowing quanti�cation of di�erent types of TDDs.

In this chapter, high resolution X-ray di�raction (HRXRD) study of AlGaN epilayers will include recording
and analyzing complete RSM of 000l RLPs with higher order of indexes l. Furthermore, determination of screw
and edge type dislocation densities below and above the SiN nanomask from symmetric and grazing incidence
di�raction geometries will be performed using Monte Carlo simulation. Moreover, the scaling law of screw and edge
TDD reduction with overgrowth layer thickness will be discussed.

6.8.1 Experimental set-up

The HRXRD measurements have been performed at the bending magnet single crystal di�raction (SCD)
beamline at the synchrotron facility ANKA. The SCD beamline o�ers the energy range from 4 keV to 20 keV. This
covers the K-edges from Ti to Mo, and L-edges from I to U. The beam could be focused or collimated at the sample
using sagittally bent second crystal monochromator.

All X-ray data were recorded with a monochromatic beam using Si (111) double crystal monochromator. The
energy resolution of the Si (111) crystal monochromator used in our investigation is δE/E ≈ 0.0001. The X-ray
beam was focused on the sample, with the beam size of 0.3 mm x 0.3 mm. As detection system, a fast read-out
microstrip solid-state linear detector Mythen 1K, manufactured by the company DECTRIS Ltd. [122]. The Mythen
1K has 1280 channels with a channel size of 50µm x 8mm (full length of the detector is 64 mm) and a point-spread
function of one channel. The sample-detector distance was 700 mm, which delivers an angular resolution of about
0.004◦ per pixel.

In the experiment coplanar SXRD, AXRD and non-coplanar GID di�raction geometries were used, see �g.55.
The coplanar di�raction geometry was performed to record RSMs of the symmetric 0002, 0004, 0006, 0008, and 1016,
1018, 3038, asymmetric re�ections, at an energy of 12 keV for all samples. Fig.55.a gives a schematic presentation
of coplanar di�raction geometry used in the experiment. The sample was placed in horizontal position and the
Mythen linear detector in vertical position, as it is shown in the �g.55.a. In order to reduce the integration area
out of di�raction plane slits with the gap of 0.5 mm were mounted on the detector. In this geometry the incident
and the outgoing beams lie in the plane perpendicular to the sample surface (see Chapter 3.10). In this case the
distance between the crystalline planes {hkl} parallel and inclined with respect to the surface, here later referred
to as �d-spacing� has been determined. As is illustrated in �g.55.a, αi and αf are de�ned as the angles between
the incident and the outgoing beams and the sample surface respectively. The total angular range of the scattering
angle αf and the angular resolution (0.004

◦) are given by the e�ective detector length (64 mm), the sample-detector
distance and the number of detector channels, as it is shown in the �g.55.a. The components Qrad and Qang of the
scattering wave vector Q will be given as following:
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Figure 55: Schematic representations of the coplanar geometry used for symmetric high-resolution X-ray di�raction
(a) and for the non-coplanar GID geometry (b) .

Qrad =
2π

λ
(sinαf + sinαi), (94)

Qang =
2π

λ
(cosαf − cosαi), (95)

where λ is the wavelength, Qrad corresponds to the component ofQ along the surface normal and Qang represents
the in-plane component of Q. The variation of αi at the Bragg re�ection was performed by rocking the sample
with respect to the incoming beam, and recording the coplanar RSMs. The resolution function (δQrad, δQang)
depends on the angular divergence of the incident and di�racted beams as well as on the monochromaticity of
the X-ray beam. Since the scattering plane corresponds to the vertical plane, the resolution function in reciprocal
space depends on the vertical divergence of the incident beam which was de�ned by the vertical opening of the slit
(0.3 mm) situated before the sample. The angular resolution (0.004 degrees) of the di�racted beam was prede�ned
by the channel size of 50 µm and the distance between sample and the detector of 700 mm.

Fig.55.b illustrates a schematic presentation of non-coplanar di�raction geometry used for GID measurements,
which were performed at an energy of 12 keV using the Mythen 1K linear detector in combination with a Si (111)
crystal analyzer. In this case the resolution function (δQrad, δQang) was de�ned by the crystal analyzer angular
resolution of 0.003◦ and the energy resolution of the Si (111) crystal monochromator. In the GID geometry the
di�racted intensity originates from the crystalline planes (hkl) perpendicular to the sample surface. In non-coplanar
geometry the incident as well as the outgoing wave vectors are de�ned by two angles (αi, θi) and (αf , θf ) respectively
(see �gure55.b). However the incident angle αi and the outgoing angle αf are relatively small and close to the critical
angle of 0.336 degrees, and will be neglected in the calculation of the components of scattering wave vector.

The angles θi and θf are the angles between the incident beam and the outgoing beam with the di�racting planes
respectively. For GID re�ections the components of the scattering wave vector Q in radial and angular directions
Qrad and Qang given by the following equations respectively:

Qrad =
2π

λ
(sin θf + sin θi), (96)

Qang =
2π

λ
(cos θf − cos θi), (97)

For each sample, the RSMs of the 101̄0, 202̄0 and 303̄0 GID re�ections were recorded.
Fig.56 shows the six-circle di�ractometer at SCD beamline used to bring the sample into the Bragg condition

and to measure coplanar and GID re�ections. The di�ractometer has 4 degrees of freedom for the sample and
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Figure 56: The six-circle di�ractometer at the SCD bending magnet beamline at ANKA in coplanar (a), and non-
coplanar GID geometries (b), showing linear detector, crystal analyzer and a sample mounted on the Euler cradle
stage. The insets show position of the detector in the experiment.

2 degrees of freedom for the detector. Fig.56.a and �g.56.b correspond to the six-circle di�ractometer in coplanar
and in non-coplanar GID di�raction geometries, respectively. The Mythen 1K linear detector equipped with the
0.5 mm slits and the Si (111) crystal analyzer is presented in the �g.56.a and �g.56.b, respectively as an inset.

The available regions of reciprocal space at 12 keV of the Al0.2Ga0.8N alloy are shown in the �g.57, where the
forbidden re�ections are not sketched. The available re�ections are colored in black while the non-reachable in red
and the measured one in blue.

6.8.2 Symmetric X-ray di�raction of AlGaN epilayers with an SiN mask

In this section symmetric re�ections 0002, 0004, 0006 and 0008 are measured at the X-ray energy of 12 keV
(see �g.57). In coplanar di�raction geometry, the penetration depth is calculated to be about 5000 nm. Therefore,
both AlGaN epilayers should contribute to the di�raction pattern. Moreover, a comparison of AlGaN and GaN
RSMs will be discussed.

6.8.2.1 Comparison of the X-ray di�raction of GaN and AlGaN epilayers with SiN interlayers
In order to understand the di�raction particularity of the Al0.2Ga0.8N heterostructure the GaN sample was used
as a reference to show the changes due to the incorporation of 20 % of Al. For that purpose, a GaN sample
and the Al0.2Ga0.8N A6 sample with similar overgrowth layer thicknesses of 2400 and 2500 nm, respectively, were
investigated by Lazarev et al. [123]. A schematic presentation of the GaN and AlGaN samples having nearly the
same growth layout is given in �g.58.up.

First the lowest symmetric re�ection 0002 of the GaN and AlGaN samples were measured. Their RSMs are
presented in the �g.58. All graphics placed left correspond to the AlGaN sample while the ones located at the right
side of the �gure belong to the GaN sample.

In the RSMs two main peaks , and two streaks are distinguishable. The �rst one along Qrad direction at Qang = 0
corresponds to the crystal truncation rod (CTR) where αi = αf . An additional inclined with respect to CTR streak
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Figure 57: Reciprocal space of the Al0.2Ga0.8N at 12 keV. In the scheme the forbidden re�ections are not drawn,
not reachable colored in red, available in black, and measured in blue.

Figure 58: Comparison of the RSMs and cuts along the CTR which correspond to the vertical scans at Qang = 0
in the RSMs through the di�raction peaks maximum of the GaN (right) and AlGaN (A6) (left) samples of the
re�ection 0002.

(D) corresponds to the air scattering streak. Besides the RSMs vertical scans along the crystal truncation rod are
displayed at the left side for Al0.2Ga0.8N and at the right side for the GaN sample. The unit cells parameters of GaN
and AlN are given as a (GaN) = 0.3186nm, c (GaN) = 0.5178nm and a (AlN) = 0.3110nm, c (AlN) = 0.4980nm,
respectively. The corresponding reciprocal space coordinates of the symmetric re�ections 0002 and 0008 hence are
given by the following:

Q0002
rad (GaN) = 2 · 2π

c (GaN)
= 24.27nm−1, Q0002

z (AlN) = 2 · 2π

c (AlN)
= 25.23nm−1. (98)

The RSMs as well as the CTRs of the re�ection 0002 for both samples show scattering peak originating from the
AlN nucleation layer at Qrad = 25.23nm−1 corresponding to the theoretically expected value. As it is shown at the
CTR cuts of GaN and AlGaN, the peak position of the re�ection 0002 appearing at Qrad = 24.27nm−1 in the case
of the GaN sample, and is shifted toward higher Qrad = 24.41nm−1 for Al0.2Ga0.8N sample. The di�use scattering
in the transversal direction of the main GaN peak at Qrad = 24.27nm−1 and AlGaN peak at Qrad = 24.41nm−1 is
due to the dislocations.

In comparison to the GaN-CTR pro�le of the 0002 re�ection, the AlGaN-CTR pro�le shows a shoulder appearing
at the position Qrad = 24.8nm−1. To understand the origin of the shoulder, higher order re�ections 0004, 0006
and 0008 were measured (see �g.57). Such high order re�ections, are advantageous for resolving di�raction peaks
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Figure 59: Symmetric re�ections 0002, 0004, 0006 and 0008 of the AlGaN sample A6.

originating from only small di�erences in �d-spacing� in the growth direction. The RSMs of the re�ections are shown
in the �g.59. From the comparison of the re�ections one can see that main peak of the AlGaN in the re�ection
0002 start to split into several peaks by measuring higher re�ections till 0008.

For the comprehension of the origin of AlGaN peaks, 0008 re�ection RSMs and CTR pro�les of GaN and AlGaN
epilayers are compared in the �g.60, as it was performed for the re�ection 0002. The coordinates Qrad of pure GaN
and AlN in the re�ection 0008 could be found as:

Q0008
rad (GaN) = 8 · 2π

c (GaN)
= 97.08nm−1, Q0008

rad (AlN) = 8 · 2π

c (AlN)
= 100.93nm−1. (99)

In the GaN RSM only one di�raction peak at Qrad = 97.08nm−1corresponding to the theoretically expected
value of GaN is found (see �g.60.right). In contrast to GaN RSM, the AlGaN RSM reveal the presence of several
AlGaN peaks, named as GaN rich peak, AlGaN bottom peak, AlGaN main peak and AlN rich peak (see �g.60).
These peaks refer to several crystalline regions owing to di�erent crystalline parameters in the growth [0001] di-
rection. The position of the GaN rich peak of the 0008 re�ection corresponds to Qrad = 97.09nm−1 which is very
close to the position of a pure GaN 0008 re�ection. Bottom peak of the AlGaN is detected at Qrad = 97.3nm−1,
and the main peak at Qrad = 97.6nm−1. On the opposite side of the AlGaN main peak, the AlN rich peak at
Qrad = 98.5nm−1 was detected, which is closer to the 0008 re�ection coordinates of AlN. The origin of the AlGaN
re�ections will be discussed in details in the next chapter.

6.8.2.2 Symmetric X-ray di�raction from the AlGaN epilayer system Measurement of 0008 sym-
metric re�ection of the AlGaN samples reveal the presence of several AlGaN di�raction peaks [123]. One of the
aims of this chapter is to identify the origin of the Bragg re�ections detected in the RSMs of the AlGaN structure
with respect to the individual layers or area of the sample.

The evolution of X-ray di�raction pattern as a function of the overgrowth thickness was examined by recording
the RSMs of the 0008 re�ection for all samples. The intensity distribution along the CTR was derived for the samples
A1-A7, and is displayed in the �g.61.a. For better representation each pro�le in �g.61.a has been multiplied by a
factor of �ve relative to the previous one.

In order to identify the origin of the di�erent peaks and to demonstrate accurately the resulting changes in peak
position and broadening as function of the overgrowth thickness, a decomposition procedure was systematically
applied to all samples. Figures �g.61.b and �g.61.c contain the intensity distribution along the CTR as well as the
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Figure 60: Comparison of the RSMs and cuts along the CTR which correspond to the vertical scans at Qang = 0
in the RSMs through the di�raction peaks maximum of the GaN (right) and AlGaN (A6) (left) samples of the
re�ection 0002.

Figure 61: The CTR pro�les of samples A1�A7 derived from RSMs of the 0008 re�ections (a). The pro�les were
shifted vertically in order to make the changes in peak positions and intensities visible as a function of the overgrowth
thicknesses. It is observed that the intensity of peak 3 decreases while that of peak 4 increases. The CTR pro�le
of the 0008 re�ection and the corresponding decomposed peaks for sample A1 (b), where the overgrowth layer is
90 nm, i.e. lower than the thickness of the 150 nm AlGaN interlayer. The intensity of peak 3 is higher than that of
peak 4. The CTR pro�le of the 0008 re�ection and the corresponding decomposed peaks for sample A7 (c), where
the overgrowth layer is 3500 nm, i.e. higher than the thickness of the 150 nm AlGaN interlayer. Peak 4 is dominant
because of the increase of the di�racting volume coming from the overgrowth layer.

contributing pro�les for the sample A1 and A7, respectively. It should be emphasized that A1 and A7 correspond
to the lowest and to the highest overgrowth layer thicknesses, respectively. The choice of Lorentzians as a �tting
function for the individual peaks enables us to achieve a good �t for the CTR pro�les of the samples. We propose
to follow the change in the peak intensities when the thickness of overgrowth layer increases. For this purpose the
h1 = 150nm was de�ned as the thickness of the AlGaN layer below the SiN interlayer and h as the thickness of
the overgrowth layer, varying from 90 nm up to 3500 nm (see Chapter 6.3). As is shown in �g.61.b for sample
A1, where h = 90nm is less than h1, the intensity of peak 3 is higher than peak 4, while in the case of sample A7
(see �g.61.c), where h = 3500nm is greater than h1, the intensity of peak 4 is dominating, due to the increase of
the di�racting volume coming from the overgrowth layer. As a consequence, the increase of the overgrowth layer
thickness h leads to a continuous increase in the peak 4 intensity (see �g.61.a).

In conclusion, peak 3 could be attributed to the 150 nm AlGaN interlayer and peak 4 to the overgrowth layer.
The decomposition procedure applied systematically to all the samples does not reveal any change in the position
of the peaks 3 and 4. Since peak 3 and peak 4 have di�erent positions in the CTR cut, one can conclude that the
corresponding vertical lattice parameters of the structure below and above the SiN mask are di�erent.

A previous study using spatially resolved scanning electron microscope cathodoluminescence [121] and TEM
[105] revealed the growth of GaN-rich islands in the openings of the SiN interlayer, surrounded by AlN-rich areas
(see Chapter 6.2). These islands coalesce to a fairly uniform AlGaN layer, corresponding to the overgrowth AlGaN
layer. The observed di�raction peaks 1 and 2 occur close to the values of a pure GaN crystalline structure (at
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Figure 62: The RSM of the re�ection 0006 of the sample A4 with depicted di�raction peaks (a), and sketch of the
sample A4 with growth model scheme (b).

Qrad(GaN) = 97.08nm−1), while peak 5 is closer to the peak of a pure AlN (at Qrad(AlN) = 100.93nm−1), and
therefore presumably attributed to the GaN and AlN-rich areas, respectively.

In order to clarify the relation between all di�raction peaks and the growth parts of sample the RSM of the
re�ection 0006 of the sample A4 is presented with growth scheme of the sample in the �g.62. The RSM of the
re�ection 0006 (see �g.62.a), and not 0008, is chosen to show additionally the AlN NL peak which is invisible in
the RSM of the re�ection 0008. In the RSM (see �g.62.a) from lower Qrad value to higher: the peak denoted as
GaN rich islands corresponds to the �defect free� GaN rich islands in the openings of the SiN mask (see �g.62.b);
the AlGaN 150 nm interlayer peak has origin from the AlGaN 150 nm interlayer below the SiN mask; peak AlGaN
overgrowth layer is the peak of intensity from fairly uniform AlGaN layer above the SiN mask (see �g.62.b); the
intensity distribution above the AlGaN overgrowth layer (AlN rich layer in the �g.62.a) is attributed to the InN
rich layer above the uniform SiN �lm; and the AlN NL peak is attributed to the AlN nucleation layer before the
150 nm AlGaN interlayer (see �g.62.b).

6.8.3 Asymmetric X-ray di�raction of AlGaN epilayers with SiN mask

As it was discussed in the Chapter 4.1 asymmetric re�ections are a�ected by screw (tilt α) and by edge (twist
β) threading dislocations. Additionally, the lateral L‖ and vertical L⊥correlation lengths of the mosaic blocks
in�uence the di�use intensity of asymmetric re�ections. Moreover, inhomogeneity of Al distribution in the epilayers
has a�ected asymmetric re�ections. In the following, the in�uence of threading dislocations and Al distribution
inhomogeneity will be discussed in details separately.

6.8.3.1 In�uence of TDs on the asymmetric re�ections of AlGaN epilayers The �g.63 compares
asymmetric re�ections 1016, 1018 and 3038 of the GaN (right) and AlGaN A6 (left) samples. In order to understand
the impact of dislocations on asymmetric re�ections of GaN and AlGaN, the mosaic model (see Chapter 4.1)
illustrated at the �g.63.a should be considered. The mosaic model is characterized by a set of four parameters [88]:
tilt α, lateral correlation length L‖, twist β and vertical coherence length L⊥. The RSM of asymmetric re�ections of
GaN (right) shows a disorientation of the main axis of the re�ection's ellipse with respect to Qang which is sensitive
to the product of tilt α and lateral correlation length L‖. The estimation of the inclination angle ψ for the GaN
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Figure 63: The asymmetric re�ections of Al0.2Ga0.8N A6 (a) and the GaN (b) samples with overgrowth thicknesses
of about 2500 nm.

sample give the values ψ = 20± 5◦, ψ = 18± 5◦, ψ = 30± 5◦ for the asymmetric re�ections 1016, 1018 and 3038,
respectively. In the �g.63, the angles φ = 17◦, φ = 13◦ and φ = 35◦ correspond to an inclination of the di�racting
{1016}, {1018} and {3038} crystalline planes with respect to the sample surface, respectively. The simulation of
RSMs of asymmetric re�ections according to the model developed by V. Holy [91] has shown that ψ should be
equal to φ in the absence of the lateral correlation length L‖ e�ect. By comparing ψ and φ for the GaN sample, we
conclude that the broadening of the asymmetrical RLP is strongly dominated by the tilt α.

Contrary to GaN, AlGaN RSMs display a di�erent behavior. The RSMs of asymmetric re�ections show the same
di�raction peaks. The AlGaN overgrowth peak is oriented almost horizontally while the 150 nm interlayer peak is
inclined with an angle ψ (see �g.63.b). The measured inclination of the 150 nm interlayer peak corresponding to
the re�ections 1016, 1018 and 3038 of AlGaN are ψ = −12 ± 3◦, ψ = −6 ± 5◦, ψ = −28 ± 5◦, respectively. The
measurement of peak inclinations were not performed for the GaN and AlN rich peaks since the �rst has round
shape and the second is invisible due to the low scattered intensity (see �g.63.a). This behavior was found for all
of the samples.

Negative inclination of the 150 nm AlGaN interlayer peak could be attributed to the inhomogeneity of Al
distribution measured by locally resolved CL measurements (see Chapter 6.2).

6.8.4 Non-coplanar GID study of AlGaN epilayers

From our coplanar di�raction study, we conclude that AlGaN epilayers grown on sapphire substrate contain
two phases having di�erent crystalline structure parameter. GID method is sensitive for the lateral in-plane �d-
spacing� of the overgrowth layer upper part due to the penetration depth which is limited to 150 nm as it is
estimated using the approach of Dosch et al. [124]. One of the main gals of using GID is to investigate whether
phase segregation phenomena take a place at the sample surface. In this case several di�raction peaks in GID
geometry are expected to appear between theoretical positions of relaxed GaN (GaNrel) and AlN (AlNrel). For
this purpose GID re�ections 101̄0 and 1120 corresponding to two di�erent crystallographic directions [101̄0] and
[1120] were recorded and analyzed. The positions of GaNrel and AlNrel could be calculated from their lateral unit
cell lattice parameters: a(AlNrel) = 0.311nm, and a(GalNrel) = 0.319nm. The radial reciprocal coordinates Qrad
of completely relaxed GaN and AlN for 101̄0 and 1120 re�ections are:

Q1010
rad (GaNrel) =

2π

a(GalNrel) · cos 30◦
= 22.74nm−1, (100)
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Sample Grain mean size, µm Dislocation density, D 106cm−2

A1 0.8 156.3
A2 1.6 39.1
A3 4.1 5.9
A4 7.2 1.9
A5 14.3 0.5
A6 15.8 0.4
A7 23.8 0.2

Table 11: Mean grain size and dislocation density of AlGaN samples A1-A7.

Q1010
rad (AlNrel) =

2π

a(AllNrel) · cos 30◦
= 23.33nm−1, (101)

Q1110
rad (GaNrel) =

2π

a(GalNrel)/2
= 39.39nm−1, (102)

Q1110
rad (AlNrel) =

2π

a(AlNrel)/2
= 40.41nm−1. (103)

The measured RSMs of sample A4 (overgrowth layer thickness 1000 nm) of the re�ections 101̄0 and 1120
with depicted positions of GaNrel and AlNrel are presented in the �g.64.a and �g.64.b, respectively. Both of
the re�ections reveal only one AlGaN peak between GaNrel and AlNrel at Q1010

rad (AlGaN) = 22.78nm−1 and

Q1120
rad (AlGaN) = 39.45nm−1. This phenomena demonstrates presence of only one AlGaN phase at the surface

samples. The same behavior is found for all of the samples except the thinnest sample A1 which will be discussed
in details in the Chapter 6.11.2.

However, an asymmetry of the AlGaN peaks in radial direction Qrad is visible (see �g.64). This latter indi-
cates the presence of a local di�erence in the in-plane lattice parameters, meaning minor inhomogeneity of the Al
incorporation in the AlGaN sample surface.

The broadening of the re�ections in angular direction Qang is related to the twist β of mosaic blocks meaning
edge TDD. The FWHM of the re�ection cut in angular direction (in reciprocal units) proportional to the Q vector

length. Since Q1120
rad (AlGaN)/Q1010

rad (AlGaN) ≈ 1.7, the broadening of the re�ection 1120 should be in 1.7 times
larger than for the re�ection 101̄0. Edge TDD could be calculated from the GID re�ection FWHM in angular
direction as it was discussed in the Chapter 4.1.

6.9 Estimation of dislocation density of AlGaN epilayers from the average hexagonal

domain size

The optical microscopy in combination with TEM and AFM studies allowed us to conclude that the hexagonal
shape domains are �dislocation free� (see Chapter 6.7). These domains could be well described by mosaic model
blocks introduced in the Chapter 4.1 and therefore total dislocation density could be estimated from the mean grain
size L‖ using simple equation introduced by Lee et al. eq.62:

D =
1

L2
‖
. (104)

The L‖ could be derived either from the WH plot or from OM micrographs. The mean grain size L‖ for samples
A1-A7 and the corresponding dislocation densities are summarized in the tab.11. where the estimated dislocation
density represent the summation of screw and edge TDD: D = Ds + De. Alternatively, more accurate method
based on XRD will be devoted to determine precisely the TDDs.

6.10 Calculation of TDD using the mosaic model

The mosaic model and its application for the determination of the TDD has been introduced in details in the
Chapter 4.1. In the RSMs of AlGaN samples, two distinguishable peaks were originated from AlGaN overgrowth
and 150 nm AlGaN layers due to di�erence in Al content. This permits us the determination of the density of
dislocations for the AlGaN overgrowth and 150 nm AlGaN layers separately.
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Figure 64: GID RSMs of the 101̄0 (a) and 112̄0 (b) re�ections of the sample A4, with crystallographic directions
shown below.
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Figure 65: The RSMs of symmetric re�ections of the sample Al0.2Ga0.8N with thickness 1000 nm with overgrowth
layer and 150 nm interlayer shown (a), WH plot of the same sample's symmetric re�ections (b), and variation of
screw dislocation densities Ds derived from two peaks calculated using WH plot (c).

In this section the screw (Ds) and edge (De) TDDs will be calculated using equations derived from mosaic model
introduced in the Chapter 4.1.

6.10.1 Screw type TDDs calculation using the mosaic blocks model

According to the mosaic model, the average absolute values of the tilt α and twist β are directly related with
the full width half of maximum (FWHM) of the corresponding distributions of the crystallographic orientations.
Therefore, the dislocation densities are correlated to the FWHM values of rocking curve scans and are calculated
from the tilt α and twist β angles [92]. The tilt of the mosaic blocks (screw TDD) causes the broadening of the
symmetric re�ections in angular Qang direction, while the twist almost doesn't in�uence on them. The WH plot
is a plot of the FWHM of the rocking curve as a function of the re�ection order of symmetric re�ections (see
Chapter 4.1). The density of screw dislocations has been calculated using the eq.68:

Ds =
α2

4.35 · |bscrew|2
,

where |bscrew| = |〈0001〉| = c is the length of the Burgers vector of the screw dislocation and the tilt α
represents the slope of the WH plot. In case of the alloy Al0.2Ga0.8N , one can derive the value of the Burgers
vector |bscrew| = c(Al0.2Ga0.8N) = 0.2 · c(AlN) + 0.8 · c(GaN) = 0.514nm.

The WH plot was applied for the overgrowth layer and 150 nm interlayer detected peaks of symmetric re�ections
(shown in the �g.65.a for the sample A4) for all Al0.2Ga0.8N samples having di�erent overgrowth thicknesses h.
The �g.65.b presents an example of the WH plot for the sample A4 with 1000 nm AlGaN layer thickness. The
derived densities Ds of screw dislocations for the150 nm interlayer and overgrowth layer of RSMs are drawn against
the overgrowth thickness h, and their �t with h−n function is shown in the �g.65.c. Both densities decrease with
the overgrowth thickness. A remarkable decrease in the overgrowth peak's Ds from 9 · 108 to 3 · 107cm−2 has been
found by increasing the overgrowth thickness from 90 nm to 1000 nm. Moreover, the Ds values determined from
the 150 nm interlayer peak are larger than those calculated from the overgrowth peak due to the larger broadening
of the re�ection. This result enables us to conclude that in the AlGaN epilayers besides to the phase formation due
to the occurrence of local variations in the AlN content, the sample contains local di�erences in Ds.

6.10.2 Edge type TDDs calculation using the mosaic blocks model

Edge dislocations cause distortions of lattice planes perpendicular to the surface but do not disturb the position
of these planes along the layer normal. The highest sensitivity to edge dislocation is obtained by di�raction from
lattice planes perpendicular to the surface. Lattice planes inclined with respect to the surface and measured by
asymmetric re�ections are partially a�ected by the edge TDD. However, a precise determination of the De requires
obligatory GID measurement, especially in our case with many other factors in�uence on asymmetric re�ections.
The GID re�ections 101̄0, 202̄0 and 303̄0 were measured to determine De. Their RSMs are shown in the �g.66.a
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Figure 66: The GID re�ections of the AlGaN sample A4 (a), GID re�ections WH plots of samples with di�erent
overgrowth thicknesses (b), edge dislocation density as a function of overgrowth layer thickness h (c).

for the sample A4 as an example. The impact of the edge type threading dislocations on the width of the X-
ray re�ections in the case of planes perpendicular to the surface is commonly referred as twist β in the model of
disoriented blocks (see Chapter 4.1). Similar to the symmetric re�ections, the WH method has been applied to the
GID re�ections and the edge type dislocation densities could be derived using the following formula68:

De =
β2

4.35 · |bedge|2
,

where β is the slope of the linear function FWHM · sin θ/λ plotted against sin θ/λ and |bedge| =
∣∣ 1

3

〈
1120

〉∣∣
is the length of the edge dislocation Burgers vector (for the alloy Al0.2Ga0.8N |bedge| = a(Al0.2Ga0.8N) = 0.2 ·
a(AlN) + 0.8 · a(GaN) = 0.317nm). The WH plots corresponding to the di�erent samples are shown in �g.66.b.
The derived densities of edge dislocations for all AlGaN samples are shown in �g.66.c. The density of edge TD
De decreases with the overgrowth layer thickness h. By increasing the overgrowth thickness h from 90 nm until
1000 nm De varies from 5 · 109 to 0.9 · 109cm−2. However, by further increasing the thickness h, only a weak decay
is noted.

6.10.3 Scaling law of the TDD reduction derived from the mosaic model

As mentioned in chapter, the X-ray di�raction of high re�ections showing two peaks reveals the presence of
two phases having nearly similar structure in the growth direction (0001). Furthermore, these two peaks are found
to have di�erent screw treading dislocation density.

The derived Ds of the overgrowth layer, 150 nm interlayer and De are plotted in log-log scale as function of
overgrowth thickness h in the �g.67. The �tting of the calculated TDDs with a scaling law h−n shows a good
agreement, and �tted curves are lines in log-log scale (see �g.67). For the screw TDD Ds corresponding exponents
n for the overgrowth AlGaN layer and the 150 nm interlayer are n = 1.05 and n = 0.43, respectively. The decay of
Ds derived from the overgrowth layer peak is faster than in the case of the 150 nm interlayer peak. Therefore, the
dependency of Ds densities on the overgrowth thickness h is di�erent for the two peaks. Theoretically the TDD
of the 150 nm interlayer should be independent from the h, since the layer is always almost the same. However,
small decay is observed probably due to the overlapping of AlGaN overgrowth and 150 nm interlayer peaks, which
omit to determine the TDDs accurately. By �tting the edge TDD De dependence with the scaling law h−n, the
exponent n is found to be equal to 0.62.

6.11 Calculation of TDD using the Monte Carlo numerical method

6.11.1 Application of the Monte-Carlo simulation to a two layer system

Numerical Monte-Carlo simulation was applied successfully for the determination of the edge (De) and screw
(Ds) dislocation densities from the di�use scattering of GaN samples having nearly the same growth structure as
the AlGaN samples [67, 101]. The simulation of RSMs of GaN samples was carried out with the assumption that
the di�racted intensity distribution is originating only from the GaN layer above the SiN mask. An attempt to
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Figure 67: Comparison of edge De and screw Ds TDD reduction with h derived from WH plot.

apply the Monte-Carlo method to simulate the RSM by considering only the AlGaN overgrowth layer was not
successful in achieving a good �t with the measured RSM. For this reason a further development was implemented
into the model to calculate the RSM of a more complex system consisting of two AlGaN layers, in order to derive
independently and accurately the density of edge and screw threading dislocations of each individual AlGaN layer.
Because of their relatively low density the presence of screw dislocations in the calculation of the RSMs in GID for
either the 150 nm interlayer or for the overgrowth layer was not taken into account. Nevertheless, the simulation of
the RSMs of the symmetric re�ection of the overgrowth layer and the 150 nm interlayer are slightly di�erent due to
di�erent types of interfaces: the 150 nm interlayer AlGaN does not have a free surface and hence does not reveal any
surface stress relaxation since it forms a top interface with the AlGaN overgrowth layer and a lower interface with
the AlN nucleation layer. In contrast, the overgrowth layer possesses a discontinuity at the surface which gives rise
to an additional non-zero vertical component parallel to the di�raction vector of the symmetric re�ections, resulting
from the displacement �eld created by edge dislocations [96]. Since in the case of the overgrowth layer the edge
dislocations play an important role in the general intensity distribution in the RSMs of symmetric re�ections, De

serves as an input parameter in the simulations of these RSMs. Therefore, �rst GID RSMs should be simulated to
derive the edge TDD De. In contrast, these symmetric re�ections are not a�ected by De in the case of the 150 nm
AlGaN interlayer.

In the experiment the penetration depth in GID was estimated to be less than 150 nm which enables to probe
solely the upper part of the overgrown AlGaN layer for the samples A2 through A7 with h > h1. Hence, the
densities of edge TDs for this thickness could be determined. This statement does not apply to the sample A1,
where the overgrowth layer was only 90 nm, i.e. smaller than the penetration depth. The study of this sample will
be presented in the following Chapter 6.11.2. A detailed description of the di�erent steps involved in the application
of Monte-Carlo simulation to the RSMs was introduced in the Chapter 4.2. To derive the TDD the RSMs of the
GID re�ections 101̄0 and 1120 were simulated. The simulation of the re�ections from di�erent crystallographic
orientations are required for better accuracy.

The simulated RSMs were then convoluted with a resolution function to achieve a �nite experimental resolution.
The resolution function was chosen as a two-dimensional Gaussian with a width corresponding to the coherently
irradiated area of the sample surface estimated for the experimental setup to be 300 x 600 nm2. A similar procedure
for GaN �lms is described in [101]. The comparison of experimental and simulated RSMs for the sample A4 is shown
in �g.68.b and �g.68.c.

In the experimental 1120 RSM (�g.68.c) one can see some asymmetry in the radial direction, which indicates
the presence of a local di�erence in the in-plane lattice parameters and was discussed in Chapter 6.8.4. However,
for the TDD determination it is more important to �t the tails of the peaks, and therefore this asymmetry does
not a�ect the accuracy or reliability of the values determined by the simulation.

Subsequently the Ds was determined by considering a system with two AlGaN layers as described above.
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Figure 68: Measured (red, dots) and simulated (blue, solid) reciprocal-space maps for the re�ections 0008 (a), 1010
(b) and 1120 (c) for sample A4. The intensity steps are in logarithmic scale: 100.5 (a) and 100.25 (b), (c).

Contrary to the GID method, the penetration depth in coplanar di�raction geometry was about 5000 nm for the
0008 re�ection, so all layers deposited on the sapphire substrate contribute to the RSM.

In the Chapter 6.8.2.2 two di�raction peaks appearing in the RSM of 0008 symmetric re�ections were attributed
to the AlGaN overgrowth layer and to the 150 nm AlGaN interlayer. Consequently, the intensity distribution of the
RSMs represents the overlap of these two peaks. The RSMs from these two layers were simulated independently
and then the intensity distributions were superposed. The densities of screw dislocations in both layers were derived
after achievement of the best agreement between experimental and simulated RSMs (see �g.68.a). The Qang axis
is chosen as the [101̄0] direction and Qrad axis as the [0001]. One can observe some disagreement between the
experimental and simulated RSMs of the 0008 re�ection in the lower Qrad values due to the fact that the GaN rich
peak was not taken into consideration in our simulation model. In addition to comparing the shapes of intensity
distributions in the RSMs we analyzed their cuts along the angular directions as has been introduced by Kaganer
et al. [93]. For the symmetric 0008 re�ection we compared the cuts through both peaks. The experimental and
simulated pro�les in log-log representation are in good agreement, especially in the di�use part of the intensity
distributions, which con�rms that our model was applied successfully and could be used for accurate determination
of TD densities. The cuts through the main peak of symmetric re�ections are depicted in �g.69.a.

The asymptotic behavior of the tails seems to follow a law Q−nang , with n between 2 and 3, which indicates the
presence of screw TDs as the prevailing type of dislocation, as is proposed by Holý et al. [42]. In a similar way,
the cuts through the maximum of intensity of the GID re�ections are displayed in �g.69b and �g.69c. In contrast
to the symmetric re�ections, the asymptotic behavior of GID re�ection cuts is mainly in�uenced by the edge type
of TDs. The tails of the curves lie between Q−1

ang and Q
−2
ang rather than Q

−2
ang and Q

−3
ang, as might be expected from

the universal law [93]. One possible explanation is the excess of the edge TD density with respect to the screw TD
density.

6.11.2 Determination of the edge TDD below and above the SiN nanomask

The TEM investigation has led to a comprehensive understanding of growth and defect reduction mechanisms
occurring by the formation of dislocation half loops at the SiN interface (see Chapter 6.4). A qualitative estimation
of the dislocation densities was based on the observation of TEM images [105, 125]. In fact, a homogenous edge
type dislocation density has been observed in the layer below SiN while defect-free and defect-rich areas have been
detected side by side on a several 100 nm scale above the SiN nano-mask. In order to determine quantitatively the
e�ciency of the SiN nano-mask in the reduction of threading dislocation densities, it is very important to probe
simultaneously with X-rays the AlGaN layer below and above the SiN nano-mask. For all samples, the GID 1120
re�ection was measured with a maximum achievable penetration depth of 150 nm, calculated using an approach
described by Dosch et al. [124]. For the samples A2 to A7 the overgrowth thickness h was greater than the
penetration depth of 150 nm and only for sample A1, was it possible to measure simultaneously the signals from
the overgrowth layer completely and partially (60 nm) from the 150 nm AlGaN interlayer. Consequently the RSM
of the 1120 GID re�ection of sample A1 shows di�erent features in comparison to the remaining samples. The RSM
of the 1120 re�ection presented in �g.70(left) shows the presence of two overlapped signals shifted along the Qrad
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Figure 69: The cuts through the main peak of symmetric re�ection 0008 along the angular direction Qang; the
asymptotic behavior of cuts obeys Q−2

ang � Q
−3
ang (a). The cuts through the maximum of intensity of the 101̄0 GID

re�ection (b) and the 1120 re�ection (c). For all the samples, the experimental curves are depicted by dots and the
theoretical curves by solid lines.

direction and originating from the overgrowth layer and the 150 nm interlayer. In order to derive the TD densities
from the overlapped signals, �g.70(middle) illustrates the decomposition procedure applied to the RSM into two-
dimensional Lorentzians. The parameters of the Lorentzians were determined from the decomposition of the radial
and angular scans through the maxima of the signals indicated in the RSM in �g.70(left). The two derived RSMs
were simulated separately by considering two separated layers having 90 nm and 150 nm thicknesses. The RSMs
simulated by the Monte-Carlo method for the two layers are compared to the decomposed RSMs in �g.70(right).
The edge dislocation densities were consequently determined from the best �t and are found to be 6.4 · 1010cm−2

for the 90 nm AlGaN overgrowth layer and 9.8 · 1010cm−2 for the 150 nm AlGaN interlayer. This method allows to
quantify the e�ciency of the SiN nano-mask discussed in the next section.

6.11.3 Scaling law of the TDD reduction derived from Monte Carlo method

The De and Ds data derived from the Monte Carlo simulation are plotted in log-log scale as a function of the
overgrowth thickness h (�g.71.a). The density of edge TD decrease with overgrowth from 6.4 · 1010cm−2 for the
90 nm to 1.9 · 109cm−2 for 3500 nm. The �tting of the De variation with a scaling law h−n gives an exponent
n = 0.95. Additionally, the e�ciency factor of the SiN nano-mask as the ratio between De = 9.8 · 1010cm−2 of
the 150 nm AlGaN interlayer and De of the overgrowth layer thickness h is de�ned (�g.71.b). The increase of the
overgrowth layer thickness improves conspicuously the e�ciency of the SiN nano-mask. In fact, this factor increases
up to 52 for the overgrowth thickness of 3500 nm.

As described by Klein et al. [105], the dislocation bending leads to the annihilation of TDs by the formation
of dislocation loops. From the growth model proposed by Klein (see Chapter 6.4) the overgrowth favours the
coalescence of two nearby islands leading to small areas with TDs at the surface. This dislocation reduction
mechanism proposed by the model leads to the enhancement of the e�ciency factor with the overgrowth thickness
h.

The values of Ds are found to be lower than De for all overgrowth thicknesses h, and follows a scaling law h−n,
with an exponent n = 0.18 for the overgrowth layer and n = 0.33 for the 150 nm AlGaN interlayer. A similar result
was derived by high resolution TEM investigation [105, 125]. Furthermore, the Ds of the overgrowth layer is about
a factor 2 lower than the Ds of the 150 nm AlGaN interlayer. This demonstrates that the SiN nano-mask plays a
role in the reduction of Ds as well as of De. Some variation of the 150 nm interlayer Ds with h could be explained
by in�uence of the overgrowth AlGaN layer di�use intensity, as it was described in Chapter 6.10.3.
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Figure 70: The 1120 GID re�ection of sample A1 (left), decomposition of the overlapped signals from the 150 nm
AlGaN interlayer and the 90 nm overgrowth layer (middle), and Monte Carlo simulations of the peaks (right).

Figure 71: The variation of Ds determined from coplanar high-resolution X-ray di�raction and De determined
from GID measurement as a function of the overgrowth thickness h (a). The variation of the e�ciency of the SiN
nano-mask in dislocation reduction with overgrowth thickness h (b).
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Figure 72: Comparison of the screw dislocation densities of the overgrowth and 150 nm AlGaN layers (a), and
edge calculated using MC method and WH plot (b). Comparison of the total TDD of the AlGaN overgrowth layer
derived from WH plot, MC simulation and domain mean size (c).

6.12 Comparison of TDDs derived from di�erent methods

The modeling of TDs reduction as function of the GaN �lm thickness was developed by Mathis et al. [110]
who has demonstrated that the dependency of the TDs for GaN does not follow the inverse proportional law of
the �lm thickness ∼ 1/h as it is known from the work of Romanov et al. and other [126, 127] in the case of fcc
semiconductors. The �tting of the experimental data of GaN �lms as function of the bu�er layer thickness gives a
dependency on h−2/3[110]. In this chapter the TDDs derived using WH plot, MC model and direct measurement
of grain size will be compared between them self and with h−1, h−2/3 scaling laws.

6.12.1 Comparison of TDDs

Comparison of the screw TDD derived from the WH plot and MC simulations is presented in log-log scale in
the �g.72.a. The scaling laws for 150 nm AlGaN interlayer derived from WH and MC models has been found to
be comparable (n150

MC = 0.33 , n150
WH = 0.43 ) indicating slightly variation of the TDDs with the overgrowth AlGaN

layer thickness, which is not expected since the thickness of the AlGaN interlayer remains constant. This variation
could be caused by the uncertainties in determining the broadening of the overlapped peaks of the overgrowth
AlGaN and 150 nm AlGaN interlayers.

Behavior of the overgrowth layer screw TDD reduction is found to be more di�erent. The screw TDD of the
overgrowth layer of WH and MC models are rather di�erent. The exponent of MC model TDD scaling law is
n0
MC = 0.18 while the exponent of WH is n0

WH = 1.05.
The edge dislocation densities from WH and MC models are presented in the �g.72.b. In case of MC model the

exponent of the scaling law is neMC = 0.95 and for the WH plot neWH = 0.62.
The total TDDs DGS = Ds + De of the AlGaN overgrowth layer are derived in the Chapter 6.9 from simple

equation using the mean domain size. Comparison of the total TDDs DWH determined from WH plot and DMC

from MC simulation of the AlGaN overgrowth layer with DGS is presented in the �g.72.c. The highest value of
TDD gave MC simulation, one order lower WH plot and from two up to four orders lower mean grain size approach.
The exponent nMC = 0.89 of MC simulation is close to h−1 law while nWH = 0.67 of WH plot correspond to h−2/3,
contrary nGS = 2.02 of grain mean size is close to h−2.

Di�erent behaviors for the TDDs reduction are found for the scaling law exponents of WH, MC and mean grain
size based models. The determination of the TDDs using WH plot considers that peak broadening is mainly due
to dislocations and ignore the in�uence of dislocations on the di�use parts of the re�ections. Contrary, MC model
takes into account the in�uence of the TDs on the broadening as well as on the tail of the di�raction pro�le which
lead to a good agreement between the measured and calculated di�raction pro�les in the coherent and the di�use
parts [67].

Our study has emphasized that MC simulation is a reliable method to determine TDD in comparisons with WH
plot and mean grain size methods, which could give an acceptable and fast estimation for TDD. Unfortunately,
obtainment of reliable values of TDD using MC simulation is a time consuming process.
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6.13 Conclusions

Understanding of the in�uence of Al on the structure of GaN alloys, such as AlGaN epilayers with 20%
Al content, requires high-resolution X-ray di�raction data, which is obtained by measuring the RSMs in coplanar
(SXRD, ASXRD) and non-coplanar (GID) geometries. Furthermore, if we had restricted our investigation to simple
rocking-curve measurements of symmetric and asymmetric re�ections, without recording complete RSMs, we would
not have been able to detect any local variations of the lattice constants. The presence of several peaks in the
RSMs demonstrates the existence of di�erent crystalline structures within several phases, due to an inhomogeneous
distribution of the Al content.

Through a systematic study of the intensity distribution along the CTR of the 0008 symmetric re�ection it was
possible to attribute the di�erent peaks to the di�erent individual layers that comprise the AlGaN epilayer system.
Our investigation enabled us to conclude that the main upper and lower peaks of the symmetric re�ection originate
from the 150 nm AlGaN interlayer and in the overgrowth layer respectively. The intensity of the GaN-rich peak
is attributed to the GaN-rich so-called "defect free" islands on the opening of the SiN mask, while the AlN-rich
intensity distribution is attributed to the areas above solid SiN layer. For all the samples, the decomposition of the
CTR pro�le into several peaks shows a change in the peak intensities but no change in the peak positions. This
would indicate that the local di�erence in the "d-spacing" is not in�uenced by the overgrowth thickness.

By using the WH plot, the screw and the edge type dislocation densities were examined for overgrowth, while
the 150 nm layers were examined as a function of the overgrowth thickness from a series of symmetric and GID
re�ections. The values of screw TDD Ds are found to be lower than the edge TDD De for all overgrowth thicknesses
h. The variation of the screw and edge type dislocation densities with the overgrowth thickness can be determined
by applying the scaling law h−n where n is equal to 1.05, 0.43 and 0.62 for the Ds of the overgrowth layer,
150 nm interlayer peaks of symmetric re�ections and De of GID peaks respectively. For the thickest AlGaN layers
investigated, a very low edge type dislocation density of the order 5 · 108cm−2 was found.

By comparing the threading dislocation density determined by Barchuk et al. [67, 101] for GaN to the values
calculated for the Al0.2Ga0.8N samples grown in a similar way, it can be concluded that the AlGaN epilayers contain
higher threading dislocation densities.

The Monte Carlo method has proven to be reliable in modelling the RSMs in coplanar and non-coplanar
geometries within a two-layered system. The experimental and the Monte Carlo simulated RSMs concur, enabling
screw and edge type threading dislocation densities with an error less than 15% to be derived. Furthermore, the
reduction of Ds and De follows the scaling law h−n with regards the overgrowth thickness, with n = 0.18 for Ds of
the overgrowth layer, n = 0.33 for Ds of 150 nm interlayer, and n = 0.95 for the De. The asymptotic behavior of
the tails of the symmetric re�ections adhere to the law of 2 < n < 3, while the tails of the di�raction peaks in the
GID adhere to the law of 1 < n < 2. The deviation of asymptotic decay from the universal law, particularly with
regards to GID, is due to the large edge type TD densities.

One of the aims of the study was to demonstrate that the analysis of di�use scattering using the simulation of
decomposed RSMs of GID re�ections, is a powerful and e�ective method for determining the TDs in a two-layer
system separately, e.g. below and above a SiN nanomask. The objective here would be in order to qualify the SiN
mask e�ciency by reducing the TDs as a function of the overgrowth layer thickness h.

In the future, it would be worthwhile considering investigating TDs during the growth process, something which
is currently under discussion and planned to be performed at the NANO beamline at ANKA synchrotron.
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7 X-ray investigation of nonpolar GaN epilayers

7.1 Introduction

Optoelectronic devices are generally based on [0001]-oriented III-nitride �lms, but their e�ciencies can be lim-
ited by the quantum-con�ned Stark e�ect (QCSE) [128, 129]. The wurtzite crystal structure is non-centrosymmetric
and has a polar axis along [0001] direction, along which spontaneous polarization �elds occur. In case of [0001]-
oriented �lms the spontaneous polarization �elds lead to separation of the electrons and holes spatially and hence
reducing their recombination probability. In order to avoid the in�uence of the polarization �eld on the carrier
movement direction perpendicular to the sample surface, Horino et al. [130, 131] in 1996 began to grow GaN
epitaxial layers in the m orientation on m-oriented SiC, with [0001] orientation parallel to the sample surface.

The in�uence of the lattice mismatch between the substrate and GaN layer on closed packed [0001] growth
direction leads to the formation of the basal plane stacking faults (BSFs). This latter act as non-radiative recom-
bination centers and drop the e�ciency of optoelectronic devices. In this chapter the in�uence of di�erent growth
techniques on the BSFs density reduction will be investigated.

7.2 Description of nonpolar GaN samples

In order to investigate the density of BSF in nonpolar GaN epilayers, four a-plane (1120) GaN samples, denoted
as N1-N4 (see �g.73), were grown heteroepitaxially on r-oriented sapphire substrates by MOVPE in an AIXTRON
200/RF-S horizontal �ow reactor. TMGa, TMAl and ammonia (NH3) have been used as Ga, Al, and N precursors
as described in detail by Schwaiger et al. [132]. Before starting the growth of all samples, the substrate was heated
up to 1200◦C for a desorption of surface impurities. Then, the growth of all samples was initiated with an about
20-nm-thick high-temperature AlN nucleation layer (NL).

For the sample N1, the growth temperature of 1120◦C and a NH3 to TMGa molar �ow ratio (V/III ratio) about
1100 were chosen to deposit a-GaN �lm with thickness of approximately 2.2 µm . In order to optimize the GaN
layer quality for the sample N2, the SiN mask deposition technique was used as it is described in [64]. First 1 µm
thick GaN layer was grown with a temperature of 1120◦C and the molar �ow ratio V/III of about 2200, then on
the top of GaN layer the SiN mask of 300 nm was deposited in-situ. Further GaN layer at the same temperature,
but with V/III ratio of about 540 is overgrown until the total thickness of the system reach about 2.3 µm.

For the sample N3 an alternative two-steps mode technique of defect-reduction was used. Firstly, 1 µm GaN
layer was epitaxially grown with increased V/III ratio about 2200, owing to achieve best bulk crystal quality. Then,
the top layer of GaN was grown with reduced V/III parameter to 540 up to total GaN �lm thickness of 2.3 µm, in
order to minimize the surface roughness.

For the sample N4, the same growth procedure as for sample N3 was applied and additionally the sample was
overgrown by hydride vapour phase epitaxy to a total thickness of approximately 9 µm (see [132] for more details).
The sketches of the samples are shown in the �g.73.

Figure 73: Non-polar a-GaN (112̄2) samples sketches.

87



Figure 74: Scheme of skew di�raction geometry experiment (a) and the �rst measured RSM at NANO beamline of
101̄0 re�ection of a-GaN sample (b).

7.3 Investigation of nonpolar GaN epilayers

The X-ray investigation of a-GaN (1120) samples by Moram et al. [50, 21, 8], reveals no in�uence of the BSFs
on the coplanar re�ections, and argues the importance of measuring the re�ections 101̄0, 202̄0 and 303̄0. The BSF
streaks of the re�ections h0h0 are located in Q0001Q1010 di�raction plane, which is inclined with respect to the
sample surface in angle 30◦. This measurements could be performed in non-coplanar skew symmetric geometry
(see Chapter 3.10) at a 6-circle di�ractometer. The �g.74.a demonstrates the scheme of this geometry for a sample
with hcc unit cell. The a-plane (112̄2) which is the sample surface is marked as a red contour and di�raction planes
are parallel to m-plane (101̄0) of GaN (see �g.74.a). The di�raction plane Q0001Q101̄0 is de�ned by incident Ki

and di�racted Kf vectors and was horizontal in the experiment. The sample surface is inclined with respect to the
di�raction plane Q0001Q1010 in angle of 30◦ (see �g.74.a).

The RSMs of nonpolar (1120) GaN samples in skew symmetric geometry were measured at NANO beamline
at ANKA synchrotron in Karlsruhe, Germany. That was the �rst experiment at this heavy duty high precision
di�ractometer situated at excellent established beamline supported by Dr. Sondes Bauer (see Chapter 8.10.3).
The �rst reciprocal space map of the sample N4 re�ection 101̄0, presented in the �g.74.b was measured using
avalanche photodiode (APD) equipped with double slit system. The monochromatic X-ray beam with energy 8 keV
was focused on the sample with the size 0.2 mm x 0.2 mm, the slits were closed horizontally and vertically up to
0.5 mm, and the sample/detector distance was about 1.2 meters.

The crystal truncation rod (CTR) is not visible in the RSM cause it is parallel to 1120 direction and out of
di�raction plane, as one can see in the �g.74.a. However, some di�use intensity from the CTR is visible along 101̄0
direction. The BSF streak is parallel to (0001) direction in RS (�g.74.b), as it was predicted by mosaic model (see
Chapter 95), while, the RSM was recorded as series of ω-scans, which are segments of the circles with the centers
in origin of the RS. It is possible to see these circles in the upper and bottom edges of the RSM in the �g.74.b.
Thus, one should be careful with the de�nition of the measured intensity distribution in reciprocal space from BSF,
cause of two possible scans, as it is demonstrated in the �g.75.a. The �rst one is ω-scan through the re�ection's
maximum of intensity, which is shown in the �g.75.a as a segment of a circle, and the second is Qstr-scan along the
(0001) direction in reciprocal space (along the BSF streak, see �g.75.a).

The comparison of the intensity distribution of the two scans, shown in the �g.75.b, demonstrates clearly
signi�cant di�erence. In fact, in the case of ω-scan it is not possible to scan along the BSF streak, therefore the
intensity of the tails is lost, while the central part of the peak is comparable with Qstr-scan.

For the BSF density calculation using simple mosaic model, the FWHMs of the BSF intensities distribution
could be derived. The FWHMs of ω- andQstr-scans are comparable and the ω-scan can be used for this calculations,
as it was performed by McLaurin et al. [46].

The MC model of V. Holy simulates the BSF intensity distribution along the [0001] direction, including the
central parts and the tails of intensity distributions [51]. Since the tails of the ω- and Qstr-scans are signi�cantly
di�erent (see �g.75.b), only Qstr-scan could be used for the BSF density calculation using MC model. As a
conclusion, for the Qstr-scan it is convenient to determine the BSF density either by mosaic model or by MC
simulation. This Qstr-scan could be realized using hkl mode of the di�ractometer or by recording RSM and
extracting the intensity distribution along [0001] direction.
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Figure 75: The Qstr- and ω - scans through the a-GaN re�ection peak (a) and intensity distribution in the corre-
sponding scans (b).

7.4 Calculation of BSFs density using Monte Carlo simulation

In order to derive the BSF densities ρBSF , intensity distributions I(Qstr) of the BSF streaks were performed
for all nonpolar samples using Qstr-scan. The comparison of the distributions I(Qstr) is presented in the �g.76.a
in logarithmic scale. Since, higher intensity of re�ection's tails means higher value of ρBSF , from comparison of
the tails in the �g.76.a, it is possible to conclude, that ρBSF (N1) > ρBSF (N3) > ρBSF (N2) > ρBSF (N4). The
numerical data of the BSF densities ρBSF calculated using simple mosaic model and sophisticated MC simulation
are summarized in the tab.12.

The simulation of the BSF streaks intensity distribution was organized by M. Barckuk et al. [51]. Average
BSF density ρMC

BSF of the samples N1-N4 derived from MC simulations are presented in the second column of
the tab.12. The calculated values of BSF densities are in the same relation with tails intensities comparison:
ρMC
BSF (N1) > ρMC

BSF (N3) > ρMC
BSF (N2) > ρMC

BSF (N4).
For the mosaic model ρFWHM

BSF determination, �rst the FWHMs of the I(Qstr) were derived. The FWHMs data
is given in the third column of the tab.12, and FWHM(N1) > FWHM(N3) > FWHM(N2) > FWHM(N4).
The BSF densities ρFWHM

BSF calculated using mosaic model are presented in the fourth column of the tab.12. It is
necessary to emphasize that for the derived densities ρFWHM

BSF and ρMC
BSF , the values are in good agreement (see

tab.12).
The tails of the intensity distributions I(Qstr) are presented in the �g.76.b in log-log scale. The slopes of the

tails are in good agreement with exponential law I(Qstr) = I0e
−n. The values of n are summarized in the last

column of the tab.12, and exponents n are 2 < n < 3.
From the X-ray investigation of nonpolar a-GaN samples we can conclude that the highest stacking faults density

was found for the sample N1. The two-step growth mode of the sample N3 reveal reduction of the BSFs density in
comparison with the sample N1. However, the in-situ deposited SiN masking technique (N2) and HVPE overgrowth
(N4) demonstrated the lowest density of BSF. Despite of ρBSF reduction in nonpolar GaN epilayers introducing
di�erent techniques, the ρBSF values are still quit high (105cm−1) for the production of optoelectronic systems with
high e�ciency. Therefore, an alternative growth methods of GaN epilayers with reduced QCSE are required.

Sample
ρMC
BSF from

MC model,
(105 cm−1 )

FWHM,
(nm−1)

ρFWHM
BSF from
FWHM,

(105 cm−1 )
Exponent, n

N1 4.10 0.2397 3.81 2.46
N2 3.30 0.1271 2.02 2.35
N3 3.50 0.1729 2.75 2.42
N4 2.65 0.1051 1.67 2.32

Table 12: Nonpolar a-GaN (112̄2) samples BSFs density calculated from FWHM and MC model comparison.
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Figure 76: The a-GaN nonpolar sample's intensity distribution along the BSF streak of the re�ection 101̄0 in log
scale (a) and their tails in log-log scale (b) comparison.
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8 X-ray investigation of semipolar GaN grown on patterned sapphire

substrate

8.1 Introduction

In the previous chapter, the X-ray investigation of nonpolar GaN samples reveal high density of the BSF in
order of 105 cm−1. Considering, the BSFs are planar defects and cover large area of the sample this high BSFs
density droop the intensity of emitted photons almost to the value of polar GaN. In order to overcome the problem
of BSFs high density in nonpolar GaN, the crystallographic surface orientations di�erent from polar and nonpolar
materials, called semipolar could be tried [133].

By changing the main epitaxial growth direction from the polar c-direction into less polar crystallographic
directions, the internal �elds can be strongly reduced and the BSFs density is expected to be lower than in nonpolar
epilayers [9]. Furthermore, the growth of the semipolar GaN on �at foreign substrates of accurate orientation
di�erent from c-plane typically result in highly defective layers[9].

The growth in the polar c-direction leads to lowest defect densities. Therefore, a heteroepitaxial approach
where the epitaxial process starts from c-plane-like sidewalls of trenches etched into sapphire wafers and the stripes
nucleating on these side facets later coalesce to a closed surface with semipolar orientation is the best known
method to grow the BSFs free semipolar layers. The in�uence of the crystallographic surface orientation and in-situ
deposited defect-blocking SiN nanomask layer on the defects in semipolar GaN layers will be investigated in this
chapter.

8.2 Description of semipolar GaN samples

Four semipolar GaN samples named S1-S4 investigated in the present work were grown using patterned sapphire
substrate with trenches having a c-plane-like side facet. First, a 200 nm thick layer of SiO2, which later acts as a
mask for selective area growth, is deposited, followed by an about 500 nm thick nickel layer structured via standard
optical lithography with a stripe mask (3 µm opening, 6 µm period). The pattern is transferred into the sapphire
by reactive ion etching (RIE). The resulting grooves have a width at the bottom of about 1.5 µm, a depth of
about 1.2 µm and possess a c-plane-like facet on one side. The subsequent epitaxial growth was performed in
low-pressure horizontal MOVPE reactor (Aixtron) using standard precursors. The growth starts with an oxygen
doped AlN nucleation layer at low temperature, followed by a GaN bu�er layer at higher temperature [134]. To
achieve coalescence of the single stripes nucleating at the c-plane side facets of the trenches, a thick GaN layer is
grown at low temperature of about 1030◦C. The sketches of the samples are presented in the �g.77. The GaN
samples S1 and S2 are grown with (101̄1) surface orientation on (1012) n-PSS substrate, see �g.77. The samples S3
and S4 are grown with [112̄2] surface orientation on (1123) r-PSS substrate, see �g.77.

As already known from common c-plane GaN [64], an in-situ deposited thin SiN interlayer can reduce the defect
density considerably. The SiN interlayer was deposited in-situ after growing an about 300 nm thick GaN bu�er
layer for samples S2 and S4, see �g.77.

The area 50 µm x 60 µm of the sample S1 surface observed by optical microscope at NANO beamline (see
Chapter 6.7) is presented in the �g.78.a. The view of the surface and partially the edge of the sample S3 performed
by SEM measurement is shown in the �g.78.b. In the edge of the sample S3 the inverted pyramid-like structures
are already visible. From the top view of the samples S1 and S3 the average width of the upper part of the inverted
GaN pyramids could be measured, and is about 5.5µm for the samples S1 and 6.5µm for the samples S3 (see
�g.78.a and �g.78.b).

At the �g.78.c and �g.78.d the SEM pictures of the edges of the samples S1(101̄1) and S3(112̄2) are presented,
respectively. In these SEM pictures well resolved sapphire substrate trenches (TR), bridged GaN blocks and air
gaps (AG) limited by �+c� and �-c� facets and substrate are visible.

For the sample S1 with surface orientation [101̄1] the average width of GaN blocks is about 5.4µm, and for
the sample S3 with surface orientation [112̄2] is about 6µm (see �g.78.c and �g.78.d). The semipolar GaN blocks
coalesce and further growths to form a single layer with thickness of 2.26µm and 5.5µm, of the samples S1 and S3,
respectively (see �g.78.c and �g.78.d). The geometric parameters of the GaN layers blocks of the samples S2 and
S4 are the same with samples S1 and S3, respectively.

8.3 Experiment description

The measurements of the semipolar PSS GaN samples was performed at bending magnet SCD beamline at
energy 10 keV, at ANKA synchrotron in Karlsruhe, Germany. The X-ray beam was focused to the size of about

91



Figure 77: Sketches of the semipolar GaN samples.

0.3 mm x 0.3 mm at the center of rotation of the 6-circle di�ractometer. The Mythen 1K linear detector, introduced
in the Chapter 6.8.1, �xed in horizontal and vertical positions was used. The slits with variable gap were mounted
on the detector in order to reduce the integration area in channel width direction. The sample/detector distance
was about 700 mm.

In the experiment two di�raction geometries were used, and their sketches are presented in the �g.79. The �rst
one is well known (see Chapter 3.10) coplanar di�raction geometry used to measure symmetric and asymmetric
re�ections in coplanar di�raction plane, see �g.79.a. In the coplanar XRD the detector with mounted slits was
placed in vertical position and channels were in the di�raction plane. As a result of the rocking curve scan, the
2D RSMs were recorded.

The second di�raction geometry is non-coplanar di�raction geometry with the detector placed in horizontal
position perpendicular to the di�raction plane, see �g.79.b. The 3D RSMs of GaN re�ections were recorded in this
geometry by performing the series of the ω (αi) and 2θ − ω ((αf + αi)-αi) scans.

8.4 X-ray di�raction of semipolar GaN epilayers

8.4.1 BSFs streak in reciprocal space of semipolar GaN epilayers

The BSFs in GaN epilayers cause the formation of di�use intensity in reciprocal space along [0001] direction
(see Chapter 7.3). In case of nonpolar GaN epilayers the BSFs streak appears parallel to the sample surface and
perpendicular to the CTR, as it is shown in the see �g.80.a.

In the case of polar c-oriented GaN epilayers, the BSFs streak should be parallel to CTR and perpendicular to
the sample surface, as it is sketched in the �g.80.c. Hence, the di�use intensity of BSFs should be distributed along
the CTR and could not be observed as a separate streak in the RSMs. The BSFs density in polar GaN epilayers is
usually very low [8], however depending on the growth process their formation is possible and is observed by TEM
even in our AlGaN samples [105].

Since the semipolar GaN epilayers have inclined [0001] direction with respect to the sample surface, the BSFs
streak should be inclined in the RS with respect to the CTR, as it is demonstrated for the semipolar (101̄1) GaN
101̄1 re�ection in the �g.80.b.
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Figure 78: Optical microscope picture of the surface of the sample S1 (a), SEM picture of the sample S3 surface
(b), edge SEM picture of the sample S1 (c), and SEM picture of the sample S3 edge (d).

Figure 79: The coplanar XRD geometry (a) and non-coplanar di�raction geometry for 3D reciprocal space mapping
(b).
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Figure 80: The RSMs of the nonpolar (a), semipolar (b) and polar (c) GaN crystals.

The semipolar samples S1-S4 have triangular shape air gaps, limited by �+c�, �-c� facets and substrate (see
�g.78). These �+c� and �-c� facets could cause the �+c� and �-c� streaks in reciprocal space inclined with respect
to the CTR. Therefore, the �-c� streak should coincide with BSFs streak and �+c� streak should be symmetric to
the BSF streak where the CTR is the symmetry axis. However, from the experimental RSMs the �+c� streak was
detected only ones for the sample S1 in the most intense re�ection 101̄1 (see Chapter 8.5.1). For all other samples
and all other re�ections of the sample S1, the �+c� streak was not registered. The streak absence could be explained
due to high roughness and incoherent inclination of �+c� and �-c� facets. Since, the re�ection 101̄1 is not used for
the BSFs density calculation, the in�uence of the �+c�, �-c� streaks could be neglected in the investigation.

8.4.2 Visibility criteria of BSFs streak

The BSFs don not in�uence all GaN re�ections. From the literature, several BSFs streak visibility criteria are
known.

The �rst visibility criteria is based on TEM investigation of nonpolar GaN �lms given by Moram [21, 8] and
McLaurin et al. [46]. According to this criteria, the intensity distribution from BSFs along [0001] direction will be
visible in the reciprocal lattice point, if the dot product of the di�raction vector Q and displacement vector R of a
BSF is not an integer and if it is an integer the steak is not observed. Since dominant type of BSF is intrinsic I1
type with R1 = 1

6
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〉
, the criteria could be written as:
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where n is an integer.
The second visibility criterium was given by Barchuk et al. [51] for the re�ections hkl using scattering factor

κ = e−iQ·p of BSFs di�use intensity occurring in eq.85 for the scattered intensity. If factor κ = 1 (e−iQ·p = 1),
than BSF does not in�uence on the re�ection with di�raction vector Q, and if κ 6= 1 (e−iQ·p 6= 1), than BSF
create di�use streak in the re�ection. Therefore, the visibility criterium of the BSFs streak could be written as
e−iQ·p 6= 1, which is equivalent to Q · p 6= 2πn, where n is an integer. As it is know the vector p = 2

3a+ 1
3b + 0 · c,

and Q = 2π
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c l, therefore:
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Substitution of eq.107 into visibility criteria Q · p = 2πn gives:
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And �nally, visibility criterium could be written as:

2

3
h+

1

3
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An another criterium is given by the model of Warren [78]. According to Warren, for lattice planes of the type
h−k = 3n (n = {0,±1,±2 . . .}), such as {300} and {112}, the di�raction peaks will have no appreciable broadening
due to stacking faults. For planes of the type h− k = 3n± 1, di�raction peaks will be broadened by faulting to an
extent that depends on the third index l. Therefore, we can write the visibility criteria of Warren for all types of
BSF as:

h− k
3
6= n. (110)

It is should be emphasized that all of these criteria give the same result for BSFs type I1 Barchuk et al. [51].

8.4.3 Visibility criteria for semipolar (1011) GaN

Coplanar re�ections (in plane containing [0001] direction) of semipolar (101̄1) GaN samples S1 and S2 have
di�raction indexes h0h̄l. According to V. Holy visibility criteria [51], for the re�ections h0hl:

p ·Q = 2π

(
2

3
h+

1

3
· 0 + 0 · l

)
= 2π · 2

3
h. (111)

The streak will appear in all re�ections except those where h = 3n (n is an integer): 0008, 303̄0, 3032. The
criteria doesn't depend on the index l, that means that BSFs streak will be visible in all re�ections in the series
with variation of l: 101̄1, 1017, 2021, 2022, 2023, 2024, 2025.

8.4.4 Visibility criteria for semipolar (1122) GaN

Coplanar re�ections (in plane containing [0001] direction) of the semipolar (112̄2) GaN samples S3 and S4 have
di�raction indexes hh2hl. For the re�ections hh2hl, the visibility criterium of V. Holy is as follow:

p ·Q = 2π

(
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3
h+

1

3
· h+ 0 · l

)
= 2π · h. (112)

As a consequence, the streak of BSFs is invisible in all coplanar re�ections: 0008, 1122, 2244, 2242, 2240, 2242,
1124, 1126. Therefore, the BSFs streak could be observed only in the re�ections series h0h̄l (2020, 2023, 2025, etc.)
measured in the non-coplanar geometry.

8.5 X-ray investigation of semipolar GaN

8.5.1 X-ray investigation of semipolar (101̄1) GaN

For the (101̄1) GaN semipolar samples S1 and S2, re�ections hkil a�ected by BSFs are found using visibility
criteria (see Chapter 8.4.2). The 101̄1 re�ection, a�ected by BSFs, is coplanar symmetric re�ection. In three
dimensional reciprocal space the re�ection 101̄1 (with BSFs streak) should have two rods: CTR parallel to [101̄1]
direction and BSFs streak along [0001] direction, as it is sketched in the �g.81.a.

Since, any di�raction plane containing the sample normal is coplanar di�raction plane, the symmetric re�ections
could be recorded from di�erent azimuthal angles. Nevertheless, by rotating the sample around its normal, there
is only one coplanar di�raction plane -α containing the axis [0001] and therefore the BSFs streak (see �g.81.a).
The RSM measured in coplanar di�raction plane-α is shown in the �g.81.b. There are three visible streaks: crystal
truncation rod (CTR), air scattering streak (D), and BSFs streak. From another side, the measurement of the
re�ection in any other plane, for example in plane-β perpendicular to the plane-α (see �g.81.a) could reveal presence
of only CTR and D, see �g.81.c. Therefore, in order to record the intensity I(Qstr) of BSFs streak it is necessary
to �nd the azimuthal angle corresponding to [0001] direction by recording some of the re�ections 000l.

The coplanar re�ections of the samples S1 and S2 have the Miller indexes h0hl (see Chapter 8.4.2). The
reciprocal space of the semipolar (101̄1) GaN samples S1 and S2 limited by Ewald's sphere at energy 10 keV is
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Figure 81: The sketch of the 101̄1 re�ection of the samples S1 and S2 in 3D RS (a), and the re�ection's cuts in α
plane (b) and β plane (c).

sketched in the �g.82. The re�ections a�ected by BSFs are drawn with the streaks. The forbidden re�ections are
not sketched. The available re�ections are colored in black while the non-reachable in red and the measured one in
blue. The angle of inclination of the [0001] crystallographic direction and BSFs streaks with respect to the surface
normal Qz (direction [101̄1]) is 62.9◦. Due to this inclination, the number of available re�ections is reduced and
the measurement of 101̄0, 202̄0, 303̄0 re�ections at one speci�c energy was not possible, as it was done for nonpolar
GaN.

The resolution function depends on the parameters of the beamline optics. For this reason, the semipolar GaN
re�ections should be measured without changing the beamline parameters, including energy. Finally, the energy of
10 keV with maximum of available re�ections was chosen.

The 101̄1 re�ection RSMs of the samples S1 (without SiN mask) and S2 (with SiN mask) are presented at the
�g.83.a and �g.83.b, respectively. Three common streaks marked as 1, 2, 3 are visible in the RSMs. The streak 1
one is the crystal truncation rod (CTR) parallel to [101̄1] direction and perpendicular to the samples surface.

In order to understand the origin of the other streaks, the angles between them and CTR are measured and
shown for the samples S1 and S2 in the �g.83.c and �g.83.d, respectively. The inclination angle of the streak 2 is
found to be 15◦±2◦, corresponding to the incidence angle αi = θB = 14.75◦ of the re�ection 101̄1 at energy 10 keV.
Since, the inclination of the air scattering streak (D) with respect to the CTR should be equal to the incidence
angle (see Chapter 3.9), the streak 2 could be attributed to the D. The measured inclination of the streak 3 is
63◦ ± 2◦. This latter corresponds to the theoretical inclination of [0001] crystallographic direction in angle of 62.9◦

(see �g.82). This allows us to attribute streaks 3 of the samples S1 and S2 to the BSFs streak.
By comparing the RSMs of the re�ection 101̄1 of S1 and S2, it should be noted that RSM of the sample S1 reveals

an additional streaks 4 inclined with an angle 54◦±2◦(see �g.78.a and �g.78.c). This latter shows that streak 4 and
streak 3 are almost symmetric with respect to CTR. Since, no planar defects could lead to the formation of di�use
scattering streak 4, one could conclude that streak 4 is originated from the �+c� facets of air gaps between coalescent
semipolar GaN blocks (see �g.78.c), as it was discussed in the Chapter 8.4. The other investigated re�ections do not
reveal the presence of the streak 4 and hence the in�uence of �-c� and �+c� facets di�use intensity will be neglected
in the discussion.

In the RSM of the sample S1, two additional curves 5 and 6 are visible (�g.83.a). The curves 5 and 6 are
underlining on the segments of the circles with the centers in origin of the reciprocal space (see �g.83.c). These
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Figure 82: The reciprocal space of the semipolar GaN samples S1 and S2 with (101̄1) surface orientation limited
by Ewald's sphere correspond to energy of 10 keV. The measured re�ections are marked in blue color, available in
black, not available in read and forbidden not shown.

curves are attributed to the powder di�raction rings or polycrystalline rings of GaN material. For all other samples
the powder rings were not observed.

Finally, the streak 3 intensity distribution I(Qstr) from BSFs of the samples S1 without and S2 with SiN mask
of the re�ection 2023 are compared and presented in the �g.84. The comparison of the di�use intensity at the tails
demonstrates a decrease in the case of the sample S2. This enables us to conclude that in-situ deposited SiN mask
reduces the density of the BSFs in sample S2 in comparison with sample S1.

8.5.2 X-ray investigation of semipolar (112̄2) GaN

The coplanar re�ections hh2hl of the (112̄2) GaN samples S3 and S4 are not in�uenced by BSFs (see Chap-
ter 8.4.4). The reciprocal space of semipolar (112̄2) GaN limited by Ewald's sphere at energy of 10 keV is sketched
in the �g.85. The forbidden re�ections are not sketched. The available re�ections are colored in black while the
non-reachable in red and the measured one in blue. The angle of inclination of the [0001] crystallographic direc-
tion with the surface normal is 58.4◦. Since hh2hl re�ections with odd index l are forbidden, the total number of
available re�ections is even lower than for h0hl di�raction plane (compare �g.85 and �g.82).

The hh2hl re�ections of the samples S3 and S4 have no BSFs streaks and in three dimension reciprocal space
only CTR perpendicular to the samples surface is expected, as it is shown in the �g.86.a. Therefore, neither RSM
of symmetric re�ection 1122 measured in di�raction plane-α containing direction [0001] (see �g.86.b) nor plane-β
perpendicular to plane-α (see �g.86.c) reveal the presence of BSFs streak.

In order to detect the BSFs di�use intensity I(Qstr), re�ection with indices h0hl should be measured. Due to
inclination of the di�raction plane h0hl with respect to hh2hl plane, most of the re�ections measured for (101̄1)
GaN (samples S1 and S2) are not reachable for the (112̄2) GaN (samples S3 and S4). The only common re�ection,
reachable at 10 keV and in�uenced by BSFs is the asymmetric re�ection 2023. The schematic view of the re�ections
112̄2 and 2023 and coplanar plane-β containing them are shown in the �g.87.a. The BSFs streak is not visible
at the RSM of the re�ection 2023 (�g.87.b) in coplanar di�raction plane-β, since the plane doesn't contain [0001]
direction. The plane-γ containing the 2023 re�ection and BSFs streak is in non-coplanar plane parallel to the
coplanar di�raction plane-α shown in the �g.87.a. Therefore, the re�ection 2023 should be measured in non-
coplanar di�raction geometry either using hkl mode and recording intensity along [0001] direction or by recording
complete intensity in 3D reciprocal space.

In order to investigate full di�use intensity, the 3D RSMs of the re�ection 2023 of the samples S3 and S4 were
recorded. The 2023 re�ection 3D RSM of the sample S3 is shown in the �g.88.a. In 3D RSM the rod of intensity
along Qz is the crystal truncation rod (CTR), the inclined disk of intensity is detector disk (D) and �nally the
streak elongated in [0001] direction is the BSFs streak. The cut of 3D re�ection 2023 with plane-γ (see �g.87.a) is
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Figure 83: The S1 (left) and S2 (right) samples RSMs of the re�ection 101̄1 (top), and they with marked RS
directions (bottom).
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Figure 84: Comparison of the intensity distribution I(Qstr) of the BSF streaks of the samples S1 without and S2
with the SiN mask of the re�ection 2023.

Figure 85: The reciprocal space of the semipolar GaN samples S3 and S4 with (112̄2) surface orientation limited
by Ewald's sphere correspond to energy of 10 keV. The measured re�ections are marked in blue color, available in
black, not available in read and forbidden not shown.
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Figure 86: The sketch of the re�ection 112̄2 of the samples S3 and S4 in 3D RS (a), and the re�ection's cuts in α
plane (b) and β plane (c).

Figure 87: The sketch of the re�ections 112̄2 without streak and 2023 with streak of BSF of the samples S3 and S4
in 3D RS (a) and coplanar geometry RSM of the re�ection 2023 in plane-β (b).
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Figure 88: The re�ection 2023 of the sample S3 in 3D reciprocal space (a), the cut of the re�ection in plane γ (in
which streak of BSF is visible) (b), and region of integration around the [0001] direction (BSFs streak) (c).

Figure 89: Comparison of the intensity distribution along the BSFs streak I(Qstr) of the samples S3 (without SiN
mask) and S4 (with SiN mask) of the re�ection 2023.

shown in the �g.88.b. As it is expected, in the RSM recorded in the plane-γ the CTR, D, and BSFs streak inclined
in angle 58.4◦ with respect to the CTR are visible. For better accuracy, the di�use intensity I(Qstr) of BSFs was
derived as an integration of intensity in cylindrical volume around BSFs streak, shown in the �g.88.c.

The comparison of derived I(Qstr) from the re�ection 2023 for the samples S3 and S4 is shown in the �g.89.
The di�use intensity I(Qstr) at the tails of the sample S4 with SiN mask is found to be lower than the one of sample
S3 without SiN mask. One could conclude that in-situ deposited SiN mask play an important role in reducing the
BSFs density in semipolar (112̄2) GaN.

8.5.3 Comparison of BSFs streak intensity distributions

From X-ray investigation of semipolar (101̄1) GaN (samples S1 and S2) and (112̄2) GaN (samples S3 and S4),
the BSFs streak intensity distributions I(Qstr) of the re�ection 2023 are compared in the �g.90.

The semipolar (101̄1) GaN samples S1 and S2 have higher intensity I(Qstr) at the tails in comparison with
semipolar (112̄2) GaN samples S3 and S4. Therefore, the BSFs density should be higher for semipolar (101̄1) GaN
than for (112̄2) GaN.

For both (101̄1) and (112̄2) semipolar GaN, reduction of the BSFs density by introducing in-situ deposited SiN
mask is found. The BSFs intensity distributions I(Qstr) could be used for the numerical calculation of BSFs density
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Figure 90: Comparison of the intensity distribution along the BSFs streak I(Qstr) of the re�ection 2023 of all
semipolar GaN samples.

Sample FWHM , (nm−1) BSFs density ρFWHM
BSF , 104 (cm−1)

S1 0.0786 12.7
S2 0.0758 12.0
S3 0.0710 11.4
S4 0.0706 10.7

Table 13: BSFs density ρFWHM
BSF calculated using simple equation.

using simple mosaic and sophisticated MC models.

8.6 Calculation of BSFs density using the mosaic model

The average BSFs density could be calculated from the BSFs streak FWHM using eq.75 based on simple
mosaic model introduced in the Chapter 4.3. The FWHMs were derived in units of reciprocal space (and not
in angular units) from Lorentzian �tting functions for the intensity distribution I(Qstr) of the BSFs streak. The
densities of BSFs ρFWHM

BSF were calculated as:

ρFWHM
BSF (cm−1) = 1/L = 107 · FWHM(nm−1)/2π. (113)

The FWHMs and calculated using eq.113 ρFWHM
BSF are presented in the tab.13. Comparison of calculated BSFs

densities proves that ρFWHM
BSF is higher for (101̄1) GaN than for (112̄2) GaN, and that SiN mask reduces the ρFWHM

BSF

for both (101̄1) GaN and (112̄2) GaN.

8.7 Calculation of BSFs density using Monte Carlo method

The mosaic model considers that peak broadening is mainly due to BSFs and ignore the in�uence of BSFs on
the di�use parts of the streak. Consequently, the mosaic model approach could be used only for rough estimation
of the BSFs density.

Contrary, the MC model developed by Holy and introduced in the Chapter 4.4 takes into account the in�uence
of the BSFs on the broadening of the streak as well as on the tails, and as a result a good agreement is performed
between MC model simulated I(Qstr) and measured pro�les in the coherent as well as in the di�use parts.

The re�ection 2023 a�ected by the BSFs was used for the determination of BSFs average density using MC
model, while by using the re�ections 3032 (S1 and S2) and 112̄2 (S3 and S4) without BSFs steak, the parametersW
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Figure 91: Comparison of the MC simulated (lines) with experimental (circles) intensity distributions of the re�ec-
tions 3032 (samples S1 and S2) and 112̄2 (S3 and S4) without BSFs streak (a), re�ection 2023 with the BSFs streak
for all of the samples (b) and tails of intensity of the re�ection 2023 in log-log scale for all of the samples (c).

(broadening of simulated pro�le) and α (shape of the simulated pro�le), de�ning our resolution function were derived
by �tting the experimental intensity distribution along [0001] direction with the calculated one (see Chapter 4.4).

For the MC model calculation the number of coherently illuminated {0001} planes N should be estimated from
the experimental parameters, as it was described in the Chapter 4.4 (see �g.41.b):

N =
l0001

c/2
, (114)

where l0001 is the coherence length of the incidence radiation in closed pack [0001] direction, and c is the unit
cell lattice parameter in [0001] direction (see �g.41.b). From the right-angled triangle in the �g.41.b is visible that
l0001 = lcoh cos(γ), and cos(γ) = cos((90−ψ)−αi), where lcoh is the coherence length of the incidence X-ray in the
beam propagation direction. The ψ is the angle of inclination of the {0001} planes with respect to the surface and
αi is the incidence angle of the X-ray beam. Substitution of the received expressions in eq.114 gives:

N =
2lcohcos((90− ψ)− αi)

c
=

2lcoh sin(ψ + αi)

c
. (115)

The inclination of the planes {0001} with respect to the semipolar (101̄1) GaN and (112̄2) GaN samples surfaces
are ψ = 62.9◦ and ψ = 58.4◦, respectively. For the re�ection 2023 at the energy 10 keV, the incidence angles were
αi = 30.6◦ and αi = 24.5◦ for (101̄1) GaN and (112̄2) GaN samples, respectively. Therefore, the sin(ψ + αi) for all
of the samples was about 0.99 and is the same for semipolar (101̄1) GaN and (112̄2) GaN. Taking into account that
coherence length in the beam propagation direction of the SCD beamline is about lcoh ≈ λ2/ (2 · 4λ) ≈ 0.6µm, the
number of coherently illuminated basal planes N could be estimated as:

N ≈ 2lcoh · 0.99

c
≈ 2.3 · 104 (116)

The re�ections 3032 (samples S1 and S2) and 112̄2 (S3 and S4) without BSFs steak were used to determine the
parameters W and α and the number of coherently illuminated {0001} di�raction planes N is chosen to be the
same with the number of coherently illuminated basal planes of the re�ection 2023.

The �ts of the simulated intensity pro�les with the experimental intensity distribution along [0001] direction
of the re�ections 3032 (samples S1 and S2) and 112̄2 (S3 and S4) are shown in the �g.91.a, and of the re�ection
2023 for all of the samples are illustrated in the �g.91.b. For better representation each pro�le in �g.91 has been
multiplied by a factor of ten relative to the previous one.

By achieving best �tting the average BSFs densities ρMC
BSF were derived for all samples, and their values are

summarized in the tab.14. The intensity distributions of the re�ection 2023 along the BSFs streak in log-log scale
are shown in the �g.91.c. The slopes of the tails obey the exponential low I(Qstr) = I0e

−n and their exponents n
are summarized in the tab.14. The exponents n are in the range 2 < n < 4 and the average slope for the (101̄1)
GaN (samples S1 and S2) is n = 2.2 and for the (112̄2) GaN (samples S3 and S4) is n = 3.
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Sample Average BSFs density ρMC
BSF , (103cm−1) Exponent, n

S1 22.5 2.18
S2 11.3 2.19
S3 7.9 2.75
S4 4.4 3.72

Table 14: The BSFs density calculated using Monte Carlo simulations.

Figure 92: Comparison of the BSFs densities calculated using simple mosaic model and Monte Carlo simulation.

8.8 Comparison of the BSFs densities calculated using the mosaic model and MC

calculation

The densities ρBSF of BSFs for samples S1-S4 calculated using mosaic model and Monte Carlo simulation are
compared in the histogram form in the �g.92. Decay of the BSFs density from S1 to S4 is found for mosaic model
and for MC simulation results. However, the mosaic model ρFWHM

BSF is one order of magnitude higher than ρMC
BSF .

As it was discussed above, the mosaic model considers the in�uence of BSFs only on the peak broadening and ignore
the in�uence on the di�use parts of the streak, while the MC simulation takes into account the in�uence of the
BSFs on the broadening of the streak as well as on the tails. Therefore, the MC simulation is more reliable method
to derive the BSFs density in comparison with simple equation of mosaic model.

In order to quantify the SiN mask e�ciency, the ratio ζ between di�erence of BSFs densities without and with SiN
mask and BSFs density without mask calculated using Monte Carlo simulations are used. The SiN mask e�ciency
for the (101̄1) GaN (samples S1 and S2) is ζ (101̄1) = (ρ (S1)− ρ (S2)) /ρ (S1) = 0.50, meaning 50% of BSFs density
reduction. The SiN mask e�ciency for the (112̄2) GaN (samples S3 and S4) is ζ (112̄2) = (ρ (S3)− ρ (S4)) /ρ (S3) =
0.44, meaning 44% of BSFs density reduction. The comparisons of the ζ (101̄1) and ζ (112̄2) demonstrates almost
the same amount of BSFs density reduction for both semipolar orientations.

8.9 Cathodoluminescence and photoluminescence of semipolar GaN with and with-

out SiN mask

The X-ray investigation of semipolar (101̄1) GaN and (112̄2) GaN samples with and without SiN mask has
shown the signi�cant in�uence of the mask on the BSFs density reduction. To prove this result the complimentary
photoluminescence (PL) and cathodoluminescence (CL) measurements were done for the samples S3 without and
S4 with the SiN mask. The comparison of the PL/CL spectra of the samples with and without SiN mask could
provide the information about BSFs density reduction.
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Figure 93: The sketch of the semipolar GaN sample with PL and CL detection areas shown.

The CL measurements of the samples S3 and S4 were performed at relatively small area of about 6 µm at the
edge of the samples corresponding the cut of {1100} plane perpendicular to the semipolar GaN blocks, while the PL
spectrum was measured from the area of about few millimeters at the samples surface. In the �g.93 the detection
areas of the PL and CL data are shown in the sketch of the sample.

The BSFs are formed in the basal {0001} planes of �-c� wings and are planes parallel to the �-c� wings plane.
These latter intersect the surface and the edge of the samples in the lines parallel to the intersection lines of �-c�
wings, as it is shown in the �g.93. In contrast to the BSFs the PSFs accrue in {1210} planes inclined with respect to
the sample surface, see �g.93. These planes intersect the surface and the edge of the samples in the linear segments
perpendicular to the lines of BSFs (see �g.93), and usually bridges two of them [45, 49]. The density of PSFs is
much lower than density of BSFs and consequently the PSFs luminescence signal should be lower than BSFs.

A Zeiss LEO DSM 982 �eld emitter type scanning electron microscope (SEM) equipped with a liquid helium
cryostat to cover the temperature range between 7 K and 475 K was used to measure the CL. The light is col-
lected by a 100 µm UV optimized glass �ber. Further the emitted photons are analyzed by a 90 cm focal length
Spex 1702 monochromator together with a liquid nitrogen cooled charge coupled device (CCD) camera for highly
resolved cathodoluminescence (CL) spectra. The CL spectra was recorded by collecting the intensity of the series
of wavelength (monochromator) with the integration in time about 30 seconds. And the typical PL spectrum was
recorded at T=15 K with laser beam exposition time about 1 minute.

The normalized PL and CL spectra measured for the samples S3 and S4 are shown in the �g.94.a and �g.94.b,
respectively. There are several peaks of intensity for di�erent wavelength on the PL and CL curves are visible. The
PL and CL spectra reveal the peaks of the GaN near edge emission (NBE) marked as GaN NBE in the �gures, at
the energy close to the stain free theoretical value 3.4875 eV (λ=355.5 nm) [49, 16]. The CL GaN NBE peak of the
sample without SiN mask is shifted more to the lower energy from the PL GaN peak, than in case of the sample
with SiN mask.

Liu et al. [49] has shown through direct TEM/CL correlation that emission in the range 3.29�3.43eV is related
to stacking faults in a-plane nonpolar GaN. As that was shown by Wu et al. [18] and Okada et al. [26] the peak at
energy about 3.41 eV could be attributed to the basal plane stacking faults type I1, this assumption was proved by
Liu et al. [49]. In our measurements the peak of BSFs was slightly shifted to higher energy and was at the energy
3.425 eV (λ=367 nm), see �g.94.a,b.

The PSFs should have the emission peak at lower energy than BSFs peak [18, 16, 49]. From the CL/TEM
investigation of the same area Liu et al. [49] it is known that intensity peaks in energy range from 3.28 to 3.40 eV

105



Figure 94: The PL and CL of the samples S3 without SiN mask (a) and S4 with SiN mask (b).

Figure 95: Photoluminescence (a) and cathodoluminescence (b) comparison of the samples S3 without SiN mask
and S4 with SiN mask.

are correspond to the PSFs and partial dislocations bounded stacking faults. Usually, the peak of PSFs in nonpolar
GaN material is observed at 3.32 eV [49, 16]. In our CL measurements the intensity was not high enough to resolve
several peaks in the area from 3.28 to 3.35 eV. For the PL spectra several peaks in this range were found. Finally,
the area 3.28 to 3.35 eV was attributed attributed mostly to PSFs and also to partial dislocations (see �g.94).

From the comparison of the PL and CL spectra one could �nd the di�erences in the peaks behavior. These
di�erences could be explained by di�erent crystallographic orientations of the spectra measurements. Additionally,
in the PL measurements the illuminated area was large and could contain more types of defects and di�erent variants
of intersection of the defects with the surface which might in�uence on the emission spectrum.

To investigate the in�uence of the SiN mask comparison of the PL spectra for the samples S3 without and S4
with the SiN mask is presented in the �g.95.a, and CL data in the �g.95.b.

Comparison of the GaN NBE peaks of the samples with and without SiN mask allows to conclude that its
intensity is higher in several times for the sample S4 with SiN mask, than for S3 without SiN mask. In contrast to
the GaN NBE peak the peak of BSFs has much lower intensity for the sample with SiN mask in PL spectrum and
disappeared in CL spectrum. The same behavior is observed for the peak of PSFs. The peak of PSFs is lower for
the sample with SiN mask, see �g.95.a and �g.95.b.

Reverse behavior of the GaN emission and defects peaks allows to conclude the signi�cant in�uence of the SiN
mask on the stacking faults density reduction.

To allocate the BSFs and PSFs in the PSS GaN structure spatially resolved monochromatic CL distribution
was measured. For this locally resolved CL samples investigation the SEM was equipped with a Jobin Yvon HR250
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Figure 96: The SEM images of the edges of the samples S3 (a) and S4 (b). The locally resolved CL of the same
regions of the samples S3 (c) and S4 (d).

25 cm focal length monochromator with a photomultiplier tube. These monochromatic CL maps were recorded
simultaneously with the SEM pictures of the sample area allowing determining the exact position of any localized
luminescence feature. The SEM pictures of the samples S3 and S4 are demonstrated in the �g.96.a and �g.96.b,
respectively. For easier understanding of the locally resolved CL results in the SEM pictures the contours of the
GaN inverted pyramid structures are drawn, also �+c� and �-c� wings are marked.

The spatially resolved monochromatic CL is presented in the �g.96.a for the sample S3 without SiN mask and in
the �g.96.b for the sample S4 with SiN mask. The magenta color corresponds to the wavelength of NBE GaN about
355.5 nm, the violet to the BSFs emission (λ ≈ 367nm), and green to the range of PSFs and partial dislocations
(371.0nm < λ < 377.5nm).

From the comparison of the �g.96.c and �g.96.d one can see the direct evidence that the SiN mask reduce the
BSFs and PSFs density.

The areas of �-c� wings of the sample without mask almost don't emit in the NBE GaN wavelength due to high
amount of dislocations especially stacking faults. The BSFs and the PSFs intensity is visible in the �-c� wings of
the sample S3. The BSFs intensity is presented as a line distribution parallel to the �-c� wing plane (�g.96.c), as it
was shown in the �g.93. The PSFs and partial dislocations illuminate as a segments perpendicular to the �-c� wings
plane, as it was discussed above (see �g.93).

In contrast to the sample without mask for the samples S4 with SiN mask almost homogenous intensity dis-
tribution of NBE GaN intensity was observed (�g.96.d). Moreover, the magenta area is larger meaning the total
intensity of the GaN emission is higher for the sample with SiN mask (see �g.96).

As a conclusion, the CL/PL and X-ray investigation results are in good agreement and demonstrate reduction
of BSFs density by introducing in-situ deposited SiN mask.
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8.10 Micro focus X-ray investigation of stacking faults in semipolar GaN

8.10.1 Introduction

It is should be mentioned that calculated BSFs density ρBSF from mosaic and MC models are average densities
over the illuminated with X-ray beam area of the sample. Since, the BSFs are formed in periodically repeating �-c�
wings, the distribution of the BSFs should be inhomogeneous and periodic as well. In order to investigate locally
the distribution of ρBSF , the illuminated area of the sample should be reduced and BSFs streaks intensity I(Qstr)
should be measured for di�erent positions on the sample surface. Calculation of the ρBSF using MC simulation for
each position at the sample will lead to the mapping of the ρBSF and will allow us to determine local distribution
of the ρBSF . Since, the measurement of a re�ection in 3D RS with linear Mythen 1K detector takes about 9 hours,
the measurement of ρBSF map was almost impossible. Using of two dimensional detector is found to be crucial
method to investigate local distribution of the ρBSF .

8.10.2 Locally resolved determination of stacking faults using 2D detector

According to visibility criteria (see Chapter 8.4.2), the symmetric h0hh re�ections of (101̄1) GaN (samples
S1 and S2) have BSFs streak. Recently, two dimensional (2D) X-ray detectors become available for the X-ray
di�raction experiments [135]. The detection area of a 2D detector in reciprocal space is a part of Ewald's sphere.
Therefore, in Bragg conditions for the symmetric re�ections the detector's frame in RS will intersect the 3D di�use
intensity of re�ection, as it is illustrated in the �g.97.a. By rotating the sample around its normal, the position
of the detector with maximum of detected BSFs streak intensity I(Qstr) could be found. The maximum of the
detected BSFs steak is achieved ones the inclination angle of detector frame with respect to the CTR is minimized.
For symmetric re�ections detector frame inclination is equal to the incidence angle αi = θB (see Chapter 3.9).
Therefore, the re�ection h0hh with lowest h index, and usually the most intense should be chosen and is 101̄1 for
semipolar (101̄1) GaN (�g.97.a). The detector frame intensity recorded in the described position of 2D detector in
the re�ection 101̄1 with line drawn along [0001] (BSFs) direction is shown in the �g.97.b.up. Moreover, the intensity
distribution I(Qstr) along the BSFs streak could be measured, and �tted with Lorentzian, as it is shown in the
�g.97.b.bottom. The FWHM of the �tted Lorentzian is in the number of the detector's pixels 4Nch. The number
of the pixels 4Nch could be recalculated into the units of the reciprocal space 4Qstr using formula:

4Qstr(Nch) =
4π2 sin θB

180◦λ
· 4Nch
Ndeg
ch

, (117)

where λ is the wavelength of the X-ray, θB is the Bragg angle, 4Nch is the number of the detector pixels to be
recalculated into reciprocal space units, and Ndeg

ch is the number of detector pixels correspond to one degree.

The Ndeg
ch could be calculated from the size of the detector's pixel d0

ch and the detector sample distance Lsampdet :

Ndeg
ch = arctan−1(

d0
ch

Lsampdet

). (118)

Since, the derived FWHM of the Lorentzian and the BSFs density are interrelated, recording 2D di�raction
pattern is found to be an e�cient method for determining ρBSF without recording the RSM. By organizing a grid
of positions on the sample surface, one could record the map of BSFs density distribution in the sample. In the
�g.97.a an example of the scan area on the sample surface is shown.

The special resolution of the ρBSF map is depends on the size of illuminated area, hence on the footprint of the
X-ray beam on the sample. The scan grid for investigation a sample with a ρBSF inhomogeneity should be chosen
relay on the knowledge of approximate ρBSF inhomogeneity resolution. For the semipolar (101̄1) GaN samples the
BSFs are concentrated in the �-c� wings of semipolar GaN blocks. The width of the GaN blocks is about 5.4µm
for the sample S1 and S2 (see Chapter 8.2). Therefore, the footprint should be at least in two times smaller, and
should be less or equal to 2.5µm.

In order to record the ρBSF map, the sample should be moved in two orthogonal directions x and y using
translation stage of the di�ractometer, as it is demonstrated in the �g.97.a. The step of the motors should be at
least equal or smaller than the footprint of the X-ray beam. The streak of the BSFs in the experiment could be
found by rotation of the sample around its normal at the angle δ, where the [0001] crystallographic direction of
GaN sample aligned along the detector plane, and semipolar GaN structures are perpendicular to the detector plane
(see �g.97.a). During rotation of the sample, scanning motors x and y are also rotated with the sample around its
normal in the same angle δ and the borders of the scan are inclined with respect to the semipolar GaN structures in
the angles δ. Hence, the inclination of the semipolar GaN structures in the scanned ρBSF map is known, and could
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Figure 97: The sketch of the experiment with 2D detector (a), the single frame of the 101̄1 GaN re�ection with
BSFs streak in the plane of the detector and �t of the I(Qstr) (b).

be drawn, as a lines inclined with respect to the scan border in the angle δ, see �g.97.a. For the semipolar GaN
the ρBSF is expected to be periodic in direction perpendicular to the GaN stripes with period of about 5.4µm, due
to periodicity of �-c� wings rich of BSFs. Therefore, the knowledge of the semipolar GaN stripes orientation on the
ρBSF map is very important to prove the .

The scan across the semipolar GaN stripes could be organized as a two motors x and y scan, using �d2scan�
command in the software of the di�ractometer. For the scan the coordinates of the beginning (x1, y1) and the end
(x2, y2) of the scan should be known. One way to realize the scan is to choose the borders x1 and x2 of the sample
in x direction for some y1 (from the re�ection disappearing from the detector) and from the calculated angle δ, the
second border y2 = y1 +(x2−x1) ·tan δ, corresponding the direction perpendicular to the GaN stripes is determined.

8.10.3 Locally resolved determination of BSFs density in semipolar GaN using microfocus X-ray
di�raction at NANO beamline

For high spacial resolved ρBSF mapping, the focusing of the X-ray beam down to one micrometer is crucial,
as it was demonstrated by Kachkanov et al. [136]. Therefore, the footprint of the X-ray beam should be decreased
from 0.3mm down to 1µm. Realization of this experiment at SCD beamline was not possible, and the experiment
should be held in more sophisticated and well established NANO beamline, presented in the Chapter 7.3.

The scheme of the di�raction experiment with microfocus X-ray beam at NANO beamline is shown in the
�g.98.a. The double crystal Si(111) monochromator, depicted in the scheme as monochromators 1,2 were used.
The collimated monochromatic beam was focused by the compound refractive lens (CRL), see the �g.98.a. In our
experiment crossed CRL for focusing the X-ray beam in two directions was used, see �g.98.b. The crossed CRL was
produced at the Institute for Microstructure Technology (IMT) at the synchrotron ANKA using LIGA technology
by Vladimir Nazmov [137, 138, 139]. The lenses are structured in a SU-8 polymer on the Si(111) substrate. The
crossed CRL in the SU-8 structures inclined in two opposite directions (shown in the �g.98.c) allows us to focus
the beam in the horizontal and vertical directions. The number of the structures should be chosen according to the
experiment parameters and required properties of the focused beam [137]. The X-ray beam could be focused down
to the submicron focus (hundreds of nanometer) with a focus depth of the centimeter range.

The commissioning of the CRL required high precision set-up to align them with respect to the direct beam.
For that purpose the hexapod was used and the cleaning slits were placed after the hexapod system to remove the
di�use part of the beam (�g.98.a). The inclination of the sample with respect to the direct beam in di�raction
geometry limit our distance sample/CRL to 80 mm which restrict our focus capability of the beam to about 10µm
at the center of the di�ractometer.

Further, in the re�ection 101̄1 the streak of BSFs was found and the sample was successfully scanned with 2D
Pilatus 100K detector, with the pixel size 172µm and number of pixels 487 x 195 [140, 141].

However, the X-ray beam focusing decreases the intensity, due to absorption and the limited aperture of the
CRL of one milliliter. For the di�use scattering from the defects of the crystal intensity loses are critical. Moreover,
the X-ray beam focusing increases the beam divergence. Therefore, by increasing spacial resolution in real space
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Figure 98: Scheme of the microfocus experiment with compound refractive lens (CRL) (a), the view of the compound
refractive lens manufactured by LIGA (IMT) (b), and the CRL's structures (c).

(footprint) the resolution in reciprocal space is decreasing (see Chapter 3.8). The resulting the resolution was found
to be enough for the investigation of the BSFs di�use scattering.

The view of the 8-circle di�ractometer with two detector arms at NANO beamline is shown in the �g.99.a. The
Pilatus 100K detector was equipped with the 1000 mm length �ight tube with low vacuum to minimize air di�use
scattering. The sample/detector distance was about 1150 mm.

The CRL was mounted on the hexapod (see �g.99.b) to align precisely of the SU-8 structures with respect to the
direct beam. The mounting of the lenses is shown in the inset in the �g.99.b. The �ight tube of the optic system
was mounted upstream, and downstream the cleaning slits system were used to minimize the di�use air scattering
(see �g.99.b).

The aperture size of the used CRL was about 800 µm horizontally and 200 µm vertically. The distance between
CRL and the sample was about 250 mm and the divergence of the beam was about 0.2◦ in horizontal and 0.05◦ in
vertical directions.

The sample was placed in the vertical position, as it is shown in the �g.99.c, and the di�raction plane was
horizontal. The position of the detector in the Bragg conditions is shown in the �g.99.a.

Taking into account the beam size of 10 µm, the scan's step of the ρBSF map should be not less than 5 µm.
The �rst scans with the rough step of 50 µm were done for the relatively large area of 27 mm2 for the samples S1
(6 x 4.5mm) and S2 (9 x 3mm).

During the scan of the sample surface about 10000 �les were recorded with 2D detector. The calculation of the
BSFs density from one single BSFs intensity distribution I(Qstr) using MC simulation takes hours and therefore,
the calculation of the ρBSF for the ρBSF map would take months. In order to save the calculation time, �rst the
cuts of intensity along the streak I(Qstr) were �tted to the Lorentzians and the FWHMs were derived and maps
of FWHM were organized. As an example the FWHM map of the sample S1 is shown in the �g.100.a. One could
further determine the ρBSF from the FWHM using simple equations of mosaic model.

In order to calculate accurately the ρBSF map, the map of FWHM was indirect recalculated into ρBSF using MC
simulation. For this purpose, two positions on the sample with the lowest ρBSF , depicted as A in the �g.100.a, and
for the highest ρBSF , depicted as B in the �gure, were chosen. The comparison of the BSFs intensity distributions
I(Qstr) of the positions A and B are presented in the �g.100.b. For these I(Qstr) the BSFs densities were calculated
using MC simulation. The ρBSF for all intermediate positions were derived by assuming the ρBSF is proportional to
the FWHMs and ρBSF maps were therefore recalculated for the samples S1 and S2 and presented in the �g.101.a
and �g.101.b, respectively.

The ρBSF maps are plotted in the same scale and from their comparison, direct evidence of in�uence of the SiN
mask on the ρBSF reduction in whole semipolar GaN sample could be observed. Furthermore, the inhomogeneity
of ρBSF in the samples is visible, and ρBSF distribution seems to be periodic. In order to investigate the local
periodicity of the ρBSF , the scan of the area 0.8 x 0.8 mm in the center of the previous rough scan with the step of
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Figure 99: The di�ractometer at NANO beamline (a), CRL mounted on hexapod (b), and sample with slits system
(c).

Figure 100: The scan of the sample based on the FWHM of the BSF's I(Qstr) with two extreme points A and B
(a), and comparison of the intensities I(Qstr) for the positions A and B (b).
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Figure 101: Comparison of the BSFs density scans of the samples S1 without SiN mask (a), and S2 with SiN mask
(b).

10 µm was done for the sample S1. The area of the scan is drawn in the �g.101.a as a square, and the ρBSF map
of the scan is presented in the �g.101.c. For the �g.101.c, the periodicity of ρBSF is visible. Since, the direction of
the semipolar GaN stripes is known from the angle δ (see Chapter 8.10.2), the line parallel to the semipolar GaN
stripes (parallel to �-c� wings) could be drawn and is depicted in the �g.101.c as �PSS GaN line�.

The maximums of the ρBSF map periodicity are correlated with some deviation with the �PSS GaN line�. This
deviation is possible to explain as moire pattern of the scan grid with the step of 10µm and periodicity of the ρBSF
of the sample. The periodicity corresponds to the width of the GaN stripes and is about 5.4µm for the sample S1
and S2 (see Chapter 8.2). In order to avoid the moire pattern e�ect one needs to decrease the step size of the scan
to 1µm. Nevertheless, the scan with step 1µm didn't get better resolution due to the limited beam size of 10µm.

Sub ten micrometer X-ray beam size will be reached at NANO beamline in the nearest future, and the scan of
the same area will show the distribution of the ρBSF with higher spacial resolution.

8.11 Conclusions

These experiments have shown that the visibility criteria known for the nonpolar GaN are also valid in the case
of semipolar GaN. The power of 3D RSM mapping for the di�use BSF intensity investigation has also been shown
to cover the BSF streaks and other di�use scattering of defects that appear, either in coplanar or in non-coplanar
geometries. This has been demonstrated in detail with respect to the semipolar (112̄2) GaN.

In the course of our experiments, the intensity distribution along the BSF streak was recorded for all semipolar
GaN samples. A comparison between the tails of di�use intensity in the log-log scale reveal the slopes of the curves
in the range of Q−3

str < Qstr < Q−2
str.

The densities of BSFs in samples S1-S4 were calculated using a simple mosaic model and a sophisticated Monte
Carlo simulation. The BSF density of the semipolar samples was found to be lower than that for the nonpolar
samples. Our 3D RSM mapping of BSFs clearly demonstrates the dependency of the BSFs on the orientation of
the GaN crystallographic surface orientation. Comparisons of BSF densities of the (112̄2) and (101̄1) GaN, reveal
a lower density in the case of (112̄2)GaN. Moreover, the e�ciency of the SiN mask is found to be the same for both
orientations, and is equal to about 50%. The ρBSF for the (112̄2) GaN sample S4 with the SiN mask is found to be
the lowest, i.e. equal to 4.4 · 103cm−1. The PL and CL investigations of samples S3 and S4 con�rm the in�uence
of the SiN mask on the reduction of the defect density.

The local distribution of the BSF density, as performed by the microfocus experiment at NANO beamline for the
(101̄1) GaN samples S1 and S2, has been shown to enable the determination of the ρBSF maps from the FWHM
of the BSF pro�le. The ρBSF maps reveal the inhomogeneity of the ρBSF distribution. Moreover, the correlation
between the ρBSF periodicity and the semipolar GaN stripes has also been shown. It should be emphasized that
resolving a BSF investigation locally, using a microfocus beam, is highly recommended for semipolar GaN grown
on patterned sapphire substrate. This is because the BSF distribution is strongly in�uenced by the GaN stripe
formation.
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9 Conclusions

The thesis has set out to demonstrate the potential of non-destructive X-ray di�raction for the real structure
characterization of defects in group III-nitride epitaxial layers. The mean inter-atomic distances, used for the crys-
talline structure study, could be derived from the coherent X-ray scattering signal. As demonstrated in Chapter 6 in
relation with polar Al0.2Ga0.8N , the high resolution X-ray di�raction allows the phase detection of III-nitride alloys.
The intensity distribution of di�use X-ray scattering indicates the crystalline structure imperfections. Depending
on the type of defect and its density, the di�use scattering can give rise to a characteristic distribution of intensity
in certain characteristic directions within a reciprocal space.

By measuring and evaluating coherent and di�use scattered intensity distribution in reciprocal space, we can
draw conclusions as to the type of major defects of III-nitrides and their density. Thanks to their position in
reciprocal space, the scattering signals can even be attributed to layers of di�erent depths e.g., whether above or
below the SiN masks. By using the X-ray methods, it has been shown that mask intercalation is an e�ective method
of TDD and BSF density reduction in polar and semipolar III-nitride layers.

Measurements of complete three dimensional distribution of di�use intensity in the vicinity of the reciprocal
lattice points of semipolar (1122) GaN have also been shown to be a powerful method that enables the intensity
extraction of BSF and PSF streaks, as demonstrated in Chapter 8.

The investigation of TDD in polar Al0.2Ga0.8N epilayers with di�erent layer thicknesses shows an exponential
decrease of TDD with increasing layer thickness. By comparing the di�use intensity distribution along BSF streaks
in reciprocal space, we were able to demonstrate the in�uence of the growth direction of semipolar GaN on BSF
densities.. Furthermore, lower BSF densities were found for (1122) GaN than for (1011) GaN that had been grown
on patterned sapphire.

The microfocus X-ray di�raction experiments at the NANO beamline have shown to be an e�cient technique
with which to carry out locally-based investigation on crystalline structures and in particular in order to demonstrate
periodical �uctuation of BSF densities across the patterned sapphire substrate grooves for the (101̄1) GaN. The
amount of defects in III-nitride layers has been calculated using the Monte Carlo method using di�use intensity
distribution, as demonstrated in Chapters 6, 8.

The work also shows that the mosaic model with the Williamson-Hall plot for TDs in polar Al0.2Ga0.8N and
BSFs streak broadening for BSFs in semipolar GaN is a good and relatively fast comparative method of defect
density determination. Furthermore, the thesis demonstartes that the Monte Carlo based models can be used as
a strong, reliable, but relatively time-consuming quantitative method for absolute defect density determination.
In order to increase the accuracy of mosaic model results, additional calibration procedures, based on the results
calculated by the Monte Carlo model, should also be performed.

The results of experiments and simulation methods are in agreement with complimentary methods of III-nitride
stsructure investigation such as TEM, AFM, SEM, CL, EPD, etc., which goes to prove the reliability of the results
received. However, the SEM and AFM were shown to be able to provide information only on thesurface samples.
While CL measurements provide information about the total or local emission radiation of semiconductor crystals,
they cannot be used for the defect type and density determination. The TEM is both a destructive and time-
consuming method, providing only local information about defects and cannot be used for average defect density
determination. EPD is a statistical method that is used to determine the average total TDD (edge and screw
TDD) but it is also a destructive method that does not allow the edge and screw TDD determination, as shown in
Chapter 6. Therefore a non-destructive, tunable di�raction technique covering local to statistical X-ray di�raction,
occupies a special position in III-nitride crystal investigation, providing statistical and complimentary information,
which can be used in combination with other methods that are also given here.

The work demonstrates advantages of applying the X-ray scattering methods based on synchrotron radiation,
even if laboratory X-ray experiments are also considered as a useful tool. Many X-ray di�raction experiments
presented in the work could have been performed in principle, using a standard laboratory high-resolution di�rac-
tometer. However, only the most recent versions of laboratory di�ractometer have the additional degree of freedom
to perform GID di�raction experiments, which is crucial for a dominant edge type of investigation on threading
dislocations to be carried out on GID re�ections. Due to a lower level of �ux in laboratory di�ractometer intensity,
usually only standard scans, such as simple rocking curve measurements, can be applied. Moreover, these RSM
techniques are not time-consuming, which might otherwise lead to mistakes in data interpretation, as described
in Chapter 6. Finally, the investigation of di�use scattered intensity of defects in a three dimensional reciprocal
space, as described in Chapter 6, requires a high �ux and a high brilliance of X-ray beam and a two-dimensional
or linear detector. Three-dimensional reciprocal space mapping at standard laboratory di�ractometers would take
considerable time consuming and with a much lower signal to noise ratio, would in any case be practically impossible
to achieve. Synchrotron high resolution X-ray di�raction is thus a requirement for a wide-ranging investigation of
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perfection in group III-nitride crystal structures.
Furthermore, it is important to mention that X-ray based techniques for the defect density determination

could have been applied not only for ex-situ grown samples, but also for in-situ during the crystal growth. The
quality investigation of crystals during the stages of their growth under various growth parameters and with the
introduction of various defect reduction techniques is certainly an attractive perspective for the optimization of
III-nitride crystals. This makes the synchrotron X-ray di�raction method unique compared to other semiconductor
investigation techniques (TEM, SEM, CL, EPD, etc.). Moreover, high-speed growth processes require signi�cant
time to be resolved. This means exposing them within short periods of time with a high �ux of X-ray beam. As a
consequence, this makes in-situ experiments with the laboratory di�ractometer practically impossible.

The in-situ X-ray investigation of crystalline structures should be performed in specially manufactured growth
chambers. These should be mounted on a heavy duty di�ractometer with a synchrotron, which cannot be performed
with a standard laboratory high-resolution di�ractometer. A MOVPE in-situ growth chamber was produced spe-
cially for ANKA and operable with a NANO-beamline. This will open up a new phase of investigation of the
crystalline structure growth process of III-nitrides in similar synchrotron radiation facilities and in particular at
ANKA. The methodical experience and the scienti�c results of Chapter 6 could thus be used as a recipe for an
investigation of threading dislocation density in polar III-nitride epilayers during layer growth.

Three-dimensional di�use intensity investigations, as proposed in Chapter 8, can well be performed for in-situ
investigation of growth parameters that in�uence the formation of BSFs in semipolar GaN. Therefore, the results
of this thesis might not only go to serve scienti�c interests but also to optimize the processes of III-nitride growth.
This could also pave the way for future on site X-ray investigations of III-nitrides at NANO beamline at synchrotron
ANKA.
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A. Apendix

List of Acronyms

AFM atomic force microscopy
ANKA Angströmquelle Karlsruhe
AXRD asymmetrical X-ray di�raction
CCD charge coupled device
CL cathodoluminscence
CTR crystal truncation rod
DCM double crystal monochromator
DWBA distorted wave Born approximation
EQE external quantum e�ciency
ELO epitaxial layer overgrowth
EPD etch pit density
FWHM full width at the half maximum
GID grazing incidence di�raction
GISAXS grazing incidence small angle X-ray scattering
HRTEM high resolution transmission electron microscopy
HRXRD high resolution X-ray di�raction HVPE hydride vapour phase epitaxy
LD laser diode
LED light emitting diode
MBE molecular beam epitaxy
MOCVD metal-organic chemical vapour deposition
MOVPE metal-organic vapour phase epitaxy
OMVPE organometallic vapour-phase epitaxy
PL photoluminescence
PSD position sensitive detector
QD quantum dot
QW quantum well
RSM reciprocal space map
SAXS small angle X-ray scattering
SCD single crystal di�raction
SEM scanning electron microscopy
SXRD symmetrical X-ray di�raction
TEA triethylaluminium
TEG triethylgallium
TEI triethylindium
TEM transmission electron microscopy
TER total external re�ection
TMA trimethylaluminium
TMG trimethylgallium
TMI trimethylindium
UHV ultra high vacuum
XRD X-ray di�raction
XRR X-ray re�ectivity
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