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The strength of nanocrystalline aluminum has been studied using molecular dynamics simulation. Nano-
crystalline models consisting of hexagonal grains with grain size d between 5 nm and 80 nm are deformed by
the application of tension. A transition from grain-size hardening to grain-size softening can be observed in the
region where d=30 nm, which is the optimum grain size for strength. In the grain-size hardening region,
nanocrystalline models primarily deform by intragranular deformation. Consequently, a pile-up of dislocations
can be observed. When the grain size becomes less than 30 nm, where the thickness of the grain boundaries
cannot be neglected in comparison to the grain sizes, the dominant deformation mechanism of nanocrystalline
metals is intergranular deformation by grain boundary sliding. Further, geometrical misfits by grain boundary
sliding are accommodated by the grain rotation mechanism. Moreover, cooperative grain boundary sliding
occurs in the 5 nm model. The optimum grain size is controlled by the relationship between resistance to
intergranular deformation by grain boundary processes and intragranular deformation resisted by the grain
boundary. Therefore, the primary role of the grain boundary changes in the region where the optimum grain

size is observed.

DOI: 10.1103/PhysRevB.71.224110

I. INTRODUCTION

The deformation of polycrystalline metallic materials in-
volves both intragranular and intergranular deformation. In-
tragranular deformation is caused primarily by the movement
of dislocations, whereas intergranular deformation is caused
by grain boundary sliding, migration, and diffusion pro-
cesses. In the case of submicrometer grain sizes, where in-
tragranular deformation can be interpreted as being dominant
at moderate temperatures, the strength of the material can be
increased by grain refinement, either by grain-size hardening
or the Hall-Petch effect. This tendency can be understood by
considering the grain boundary as a barrier to the movement
of dislocations. However, grain-size softening has been re-
ported in cases where the grain size is of nanometer
dimensions."? Hence, when we consider the influence of the
grain size on the strength of crystalline materials (i.e., the
transition from grain-size hardening to grain-size softening),
we can postulate that there should be an optimum grain size
that would provide an optimized strength for all such
materials.’ In recent times, optimum grain sizes were con-
firmed to be 10-40 nm via experiments.*~® These grain sizes
correspond well to the critical grain size for face-centered-
cubic (fcc) metals to activate a dislocation source in a grain.”
In addition, a nonresidual dislocation network in nanograins
during deformation has been confirmed. Therefore, the inter-
nal grain structure implies the existence of characteristic de-
formation mechanisms that do not involve dislocations.® In
other words, an understanding of the conditions for optimum
grain size for polycrystalline materials, i.e., an understanding
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of the dependence of deformation mechanisms on grain size,
is probably a key aspect for future material design.

Atomic simulation is a powerful tool for studying nano-
crystalline materials because it can directly express the
movement of dislocations and the structure of grain bound-
aries at the atomic level within limitations of treatable time
and space scale; hence, it should be noted that a dislocation
climb in a crystal structure is hard to express in molecular
dynamics simulation due to time-scale limitations. Several
meaningful studies have investigated nanocrystalline metal-
lic materials by atomic simulation, e.g., the inverse Hall-
Petch relation,”!? the relationship between grain boundary
structures and deformation mechanisms,!'™'> and the rela-
tionship between intragranular deformation and internal
structures of nanograins.'®?3 Additionally, optimum grain
sizes for nanocrystalline Al and Cu have been reported by
Yamakov et al.?* and Schigtz et al.> These values are ap-
proximately 18 nm for Al and 10-15 nm for Cu. Yamakov et
al? also proposed an extremely interesting deformation
mechanism map for nanocrystalline metals based on the idea
that the optimum grain size can be controlled by the stacking
fault energy, the elastic properties of the metals, and the ap-
plied stress level. They predicted that the optimum grain size
increases with decreasing stacking fault energy because
stacking faults forming in nanograins by a partial dislocation
motion prevent further crystal slip. Thus, stacking faults in
nanograins can influence the dominant deformation mecha-
nisms: intergranular or intragranular deformation. However,
Frgseth et al.>” showed that even in the case of nanocrystal-
line materials with stacking faults, intragranular deformation
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FIG. 1.

Analytical models and grain boundary structures of
nanocrystalline materials with different grain sizes. The light gray
and the dark gray atoms show the defect and the local hep structure,
respectively. (a) 20 nm, (b) 5 nm, and (c) 80 nm. Crystal orienta-
tions are shown in (a), where the thin and thick lines represent the
(111) and (111) atomic planes and the angle between the two planes
represents the rotational angle around the [110] direction. (d) The
geometrical relationship between the grain-C and grain-E. (e), (f)
Grain boundary structure in the rectangular region in (c) at &
=0.00 and £=0.03. The grain boundary structure is %3 with steps;
the steps have the potential to become dislocation sources.

occurs by twin boundary migration and deformation twin-
ning. Consequently, the factors that are most influential in
determining the optimum grain size remain unknown. In this
study, we examine the dependence of the relationship be-
tween intergranular and intragranular deformation on grain
size by simulating the tensile deformation of nanocrystalline
Al with a regular hexagonal grain shape. Finally, the opti-
mum grain sizes obtained using the methods given in this
paper and in previous studies are compared.

II. METHODOLOGY

The model for nanocrystalline Al uses the embedded atom
method of Mishin et al.?® This method accurately reproduces
the energy values of stacking faults. We consider 13 models
with grain sizes d ranging from 5 nm to 80 nm. The analysis
models comprise unit structures that consist of eight hexago-
nal grains with crystal orientation in the x direction that is
fixed to (110), which is the same direction used in the pre-
vious quasi-two-dimensional models!” [refer to Fig. 1(a)].
The size of the unit structure is determined uniquely by grain
size d. Hence, the number of unit structures in the y and z
direction is determined to make the size of the entire analysis
model as similar as possible, e.g., 12X 12(y X z) for a 5 nm
model and 1X1 for a 60 nm model. There exists 1.2-3.2
million atoms in each model. A periodic boundary condition
is adopted in all directions. A tensile deformation in the z
direction is performed at a strain rate of 8X 108 1/s,
whereas deformation in the y direction is carried out by
maintaining the stress o, as zero by the Parrinello-Rahman
method.? The length of all models in the x direction is ap-
proximately 1.1 nm and there are eight atomic planes. The
temperature is maintained at 300 K during all simulations.
The local face-centered-cubic (fcc), hexagonal-close-packed
(hep) crystal structure and defect atomic structures are clas-

sified using common neighbor analysis (CNA).3°
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FIG. 2. Relative proportion of the grain boundary region in
simulated nanocrystalline metals f b > % Vs grain size d. The solid
curves represent fy, ideal ostimated by an ideal model with a grain
boundary thickness b shown in the inset. The average grain bound-
ary thickness of each atomic model can be estimated to be constant
at 5.4 A; therefore, it does not depend on grain size d.

Due to the geometric restrictions on the simulation cell,

60-degree dislocations on two slip planes, such as (111) and
(I11) in Fig. 1(a), fundamentally dominate intragranular de-
formation. The distance between two partial dislocations of a
perfect dislocation is influenced by the crystal orientation
because the resolved shear stresses applied to the leading-

and trailing-partial dislocations are not identical.!”

III. RESULTS
A. Nanocrystalline structures

Figures 1(a)-1(c) show grain boundary structures in a re-
laxed state for 20 nm, 5 nm, and 80 nm, respectively. First,
we examine the dependence of the grain boundary thickness
b on grain size. In an ideal two-dimensional nanocrystalline
with a regular hexagonal grain shape the theoretical propor-
tion of grain boundary region fg, ideal j5 estimated as 1—(d
—b)?/d?, where b and d are the grain boundary thickness and
grain size, respectively. The relationship is established based
on the assumption that b is constant. On the other hand, the
computational proportion of the grain boundary region f
is defined as 1—N'/N, where N and N are the number of
atoms in a local fcc structure classified using CNA and the
number of total atoms in each model, respectively. The solid
curves in Fig. 2 represent f, ideal with a grain boundary thick-
ness b=0.30, 0.54, and 1 OO nm, respectively; the solid
circles represent fgb in our atomic models. The plots of f, I\{,ID
lie on the curve of fy, ideal \with h=0.54 nm. This proves that
the average grain boundary thickness b in our atomic models
does not depend on grain size d, as reported previously,*' and
the grain boundary thickness b cannot be neglected when the
grain size d decreases. In the case of a 10 nm grain size, fgl\l;[D
is approximately 10.5%. Therefore, it consists of two distinct
regions, i.e., well-ordered and disordered atomic regions,
even in the case of single-component nanocrystalline mate-
rials.
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FIG. 3. (Color online) Stress-strain curves under tensile loading
at 300 K. The inset shows test results for loading and unloading
when d=5 and 80 nm. There is a permanent strain of 0.0005 for a
grain size of 80 nm and 0.0027 for a grain size of 5 nm that is not
caused by dislocation events after loading and unloading tests.

Secondly, we examine the dependence of grain boundary
structures on grain size. We can confirm that the regular hex-
agonal grain shape in the initial configuration changes after
relaxation for the 5 nm model and that the local grain bound-
ary structure differs from that of other models. For example,
as shown in Fig. 1(d), the grain boundary misorientation
angle between the grain-C and grain-E is almost that of the
2.3(110) tilt grain boundary (70.5 degrees); however, the dif-
ference of the inclination angle of the grain boundary is ap-
proximately 19 degrees from the crystallographically sym-
metric interface between the grain-C and grain-E, shown by
the broken line in Fig. 1(d). That structure can be regarded as
the X3(110) tilt grain boundary. After relaxation, the grain
boundary between grain-C and grain-E in 5 nm models mi-
grates and consists of only hcp atoms (dark-colored atoms),
i.e., only the 23(110) tilt grain boundary. On the other hand,
when d=20 or 80 nm, as in Figs. 1(a) and 1(c), the inclina-
tion of the whole grain boundary plane between grain-C and
grain-E does not change after relaxation and the interfaces
consist of the 23(110) tilt grain boundary with steps which
accommodate the geometrical restriction against the forma-
tion of the %3(110) tilt grain boundary as shown in Fig. 1(e),
which is an enlarged picture of the square region in Fig. 1(c).
Figure 1(f) shows the atomic configuration when £=0.03 in
the same region shown in Fig. 1(e) and reveals that these
steps become dislocation sources. Consequently, the local
grain boundary structure depends on grain size d because of
the difference in the distance between triple junctions.

B. Mechanical properties

Figure 3 shows stress-strain curves under tensile loading.
A decrease in the slopes of the stress-strain curves as grain
size decreases can be confirmed. This tendency corresponds
well to the dependence of the fgl\gm on grain size in Fig. 2. To
understand the cause for the decrease in the slope of the
stress-strain curve, unloading tests are performed. A perma-
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FIG. 4. Flow stress op; [l vs d™'/. The flow stress is estimated
by averaging the tensile stress after a strain £=0.1. A transition
from the Hall-Petch relation to the inverse Hall-Petch relation can
be observed. The maximum strength appears in d= 30 nm.

nent strain remains for each model, i.e., 0.0005 for 80 nm
and 0.0027 for 5 nm, when unloading is performed on the 5
nm and 80 nm models at £=0.024 (as shown in the inset in
Fig. 3). No dislocation processes occur until £=0.024. There-
fore, intergranular deformation should occur before the intra-
granular deformation becomes active. In other words, the
decrease in the slopes of the stress-strain curves prior to the
peak stress could have occurred by the release of stored elas-
tic energy by local plastic deformation in grain boundary
regions. Consequently, the resistance to intergranular defor-
mation becomes smaller than the resistance to intragranular
deformation as grain size decreases. Values of the strain at
the peak stresses for 5 nm and 10 nm models become larger
than those for other models. This implies that the yield
mechanism changes around that specific grain size, i.e., a
transition from an intragranular to an intergranular yield
mechanism occurs around that size.

In these simulations, nanocrystalline models deform un-
der the following severe conditions: tensile deformation
speed is very high, none of the grains contain any defect in
the initial state, and crystal slips have geometrical restric-
tions, increasing the stress to values higher than those in the
experiments; further, the flow stress becomes oscillating as
the initial grain size becomes large as shown in Fig. 3, be-
cause the total number of grains in models with a large grain
size is less. However, the dependence of the grain size d on
the flow stress o; beyond the peak stress values shows a
transition from grain-size hardening to grain-size softening.
Figure 4 shows the relationship between the flow stress o}
and the inverse square root of grain size d~'2. The flow
stress is estimated by averaging the tensile stress after a
strain £=0.1. The figure shows that the flow stress increases
as the grain size decreases to 30 nm, which illustrates the
Hall-Petch effect. On the other hand, grain-size softening can
be observed as the grain size becomes smaller than 30 nm,
which illustrates the inverse Hall-Petch effect. Consequently,
in this simulation, the maximum strength for nanocrystalline
Al appears in the region around d=30 nm.
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FIG. 5. (Color online) Intragranular deformation in nanocrystal-
line metals. The internal structure of nanocrystalline Al when a
strain €=0.12. The darkest gray and the dark gray atoms represent
the local defect and the hcp structure, respectively, whereas the
medium gray and light gray atoms represent the local fcc structure.
The medium gray and light gray stripes are marked on the initial
atomic configurations to identify intragranular and intergranular de-
formations. (a) d=80 nm in the grain-size hardening region. Some
dislocations are simultaneously active in the grains. (b), (c) a
pile-up of dislocations 1 - 4 in grain-F in the vicinity of the grain
boundary for d=80 nm when £=0.164 and 0.176. (d) d=40 nm
around the optimum strength region. The grains still deform homo-
geneously, so no remarkable intergranular deformation occurs. (e),
(f), and (g) d=5 nm in the grain-size softening region. Grain bound-
ary migration occurs when grain boundary dislocations among the
grain-A and grain-B are active and penetrate grain-A, where &
=0.060, 0.112, and 0.120, respectively. Nanocrystals in the grain-
size softening region cannot maintain dislocation cores within
themselves.

C. Intragranular deformation in nanocrystalline metals

We then investigate intragranular deformation that is
closely related to grain-size hardening. Figure 5 shows the
internal structure of the nanocrystalline Al in the form of
atomic models. Figure 5(a) shows atomic configurations of
80 nm grains at a strain 0.12. Several dislocations can move
simultaneously in grain-F. Figures 5(b) and 5(c) also show
atomic configurations in grain-F at a strain 0.164 and 0.176,
respectively. A pile-up of dislocations 1-4 toward the grain
boundary among grain-F and grain-G can be observed in
grain-F, but the respective crystal glide planes of dislocations
1-4 are not identical. A pile-up of dislocations facilitates ac-
tivation of intragranular deformation in adjacent grains be-
cause the stress concentration that is attributable to a pile-up
of dislocations near the grain boundaries occurs, illustrating
the Hall-Petch mechanism.

Figure 5(d) shows atomic configurations of 40 nm grains
at a strain 0.12. The number of dislocations in grain-F be-
comes less than that of 80 nm grains. Therefore, a transition
of intragranular deformation to the next grain becomes more
difficult as grain size decreases, because a pile-up of dislo-
cations cannot be formed in nanograins. Moreover, the mean
free path of the dislocation glide decreases as the grain size
decreases, namely there are several barriers to the dislocation
movement. The grains in 40 nm and 80 nm models still
deform homogeneously, as shown in Figs. 5(a)-5(d). There-
fore, no remarkable intergranular deformation occurs. Con-
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sequently, grain-size hardening in Fig. 4 is caused by the
grain boundary role as a barrier to intragranular deformation.

Next we examine the case of intragranular deformation in
even smaller grains. Figures 5(e)-5(g) show atomic configu-
rations of 5 nm grains at strains of 0.060, 0.112, and 0.120,
respectively. As the strain increases, grain boundary disloca-
tions among grain-A and grain-B become active and pen-
etrate grain-A. However, the nanograin cannot maintain the
elastic energy of dislocation cores within itself. Thereby,
grain boundary migration occurs and the grain growth of
grain-A can be confirmed. Accordingly, nanograins in this
grain size region are presumed to be too small to deform by
perfect dislocation since nanograins cannot maintain the sta-
bility of these defects.

Nanocrystalline Al deformation twins have been observed
in experiments®>* and atomic simulations!’; they have also
been observed in this simulation. It should be noticed that
quasi-two-dimensional models are adopted in this and previ-
ous studies.!” Therefore, the distance between two partial
dislocations of a 60-degree dislocation is different from that
of a perfect edge or screw dislocation under an external
force, because the resolved shear stresses on the two partials
of the 60-degree dislocation are not equal. The twin bound-
ary acts as a barrier to dislocations; hence, the appearance of
a twin boundary can be interpreted as “grain refinement.”
For example, the dislocation « in Fig. 5(a), which is moving
toward a twin boundary, cannot actually pass through that
boundary. On the other hand, twin boundaries can migrate by
crystal slips; thereby, nanograin Al can change the grain
shape through deformation twinning.?” Consequently, the
mechanical properties of nanocrystalline Al with deforma-
tion twinning might show a unique characteristic that differs
from coarse-grained Al.

D. Intergranular deformation in nanocrystalline metals

The dominant intergranular deformation for polycrystal-
line metals under high temperature and low applied stress is
known to be the grain boundary diffusion mechanism, Coble
creep, where the relation € xd™ is observed and usually n
=3. Yamakov et al.3* showed that the value of n reaches 2
when the grain boundary thickness b becomes comparable to
the grain size d. On the other hand, superplasticity by grain
boundary sliding has been confirmed in nanocrystalline met-
als under a high strain rate and moderate temperature.® In
other words, intergranular deformation mechanisms change
with changes in analysis conditions. In this section, we in-
vestigate intergranular deformation of nanocrystalline metals
under a high strain rate and moderate temperature.

Figure 6(a) shows the atomic configuration at a strain 0.12
for 5 nm grains. The grain shapes change from the initial
hexagonal shape. This tendency is different from the cases of
the 40 nm and 80 nm models, as shown in Figs. 5(a)-5(d).
Mismatches in the striped patterns having medium gray and
light gray color at the grain boundaries between grain-C and
grain-D can be observed. Therefore, grains shift their posi-
tions relatively by local grain boundary sliding. Figure 6(c)
shows the equivalent strain at each atomic position between
strains 0.00 and 0.12. The dark color corresponds to the
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FIG. 6. (Color online) Intergranular deformation of nanocrystalline Al in 5 nm grain when strain £=0.12. (a) Atomic configurations
colored by the same rule as that in Fig. 5. No dislocation cores exist in the grains. Gaps in the stripes at the grain boundary between grain-C
and grain-D are visible. (b) The crystal orientation of grain-A when £=0.00 and 0.12. (c) Distribution of the equivalent strain & from a strain
0.00 and 0.12. Dark colored atoms are observed at the grain boundary between grain-C and grain-D. Hence, grain boundary sliding occurs
at this grain boundary. No dark colored atom exists in grain-A, grain-B, or grain-C. Therefore, no crystal slip occurs in these grains. (d)
Distribution of the absolute value of an antisymmetric component of displacement gradient |wyz| from £=0.00 and 0.12. Grain-A, grain-B,
and grain-C consist of dark colored atoms. Therefore, crystal rotation occurs without crystal slips in these grains. Arrows show the directions

of the respective crystals’ rotations.

larger value; for example, the atoms in a crystal slip plane
shown in Fig. 6(a) by the dashed arrow are shown in Fig.
6(c) by the dark, dashed arrow. Several dark-colored atoms
exist in the grain boundary region between grain-C and
grain-D. Hence, grain boundary sliding occurs in the grain
boundary.

In general, grain boundary sliding produces geometrical
misfits at triple junctions such as cracks, which is one of the
causes of intergranular fracture. Therefore, accommodation
mechanisms for misfits are required to obtain large elonga-
tion. One such mechanism would be a grain boundary diffu-
sion creep mechanism?* and another possibility is a grain
rotation mechanism proposed by theoretical analyses®®37 and
observed in this simulation as shown below. Theoretical
analyses show that a gliding grain boundary dislocation
causing grain boundary sliding splits into climbing grain
boundary dislocations at the triple junction, and then the
grain rotation occurs through the motion of climbing grain
boundary dislocations which compose a grain boundary dis-
clination from a large-scale viewpoint, and this process is an
energetically practical deformation mechanism in nanocrys-
talline materials (refer to Fig. 7).3¢ Further, disclination di-
poles are experimentally observed in body-centered-cubic
iron that had undergone severe plastic deformation.’® On the
other hand, in our simulation, Fig. 6(d) shows the absolute
value of an antisymmetric component of displacement gradi-
ent |w, | between strains 0.00 and 0.12 at each atomic posi-
tion in the same region in Fig. 6(a). Grain-A, grain-B, and
grain-C consist of dark colored atoms; hence, crystal grain
rotation occurs without crystal slips because there exist no
dark-colored atoms with a large equivalent strain in these
grains in Fig. 6(c). Figure 6(b) shows the crystal orientation
for grain-A when the strain £=0.00 and 0.12, and the rota-
tional angle of grain-A is approximately 25 degrees. Conse-
quently, the grain rotation mechanism can accommodate the
geometrical misfit caused by grain boundary sliding between
grain-C and grain-D. Moreover, the striped patterns for
grain-A are rotated in a counterclockwise direction, while
those for grain-B and grain-B’ are rotated in a clockwise

direction. Thus, no mismatch in the striped patterns at the
grain boundary between grain-A and grain-B and between
grain-A and grain-B’ can be observed. These results support
the proporsed theory®® of rotation mechanism with respect to
a dipole of wedge disclinations, which occur on the grain
boundaries, as shown in Fig. 7(b), and we can presume that
dislocations can climb more easily in a disordered region
than in a well-ordered region. In comparison to the grain
boundary diffusion mechanism, the grain rotational accom-
modation mechanism confirmed in our atomic simulations
can take advantage of the accommodation speed. Therefore,
this mechanism is effective for superplastic deformation un-
der a high strain rate and moderate temperature.

Next, we address cooperative intergranular deformation of
nanocrystals observed in the 5 nm model. The resistance to
grain boundary sliding in this study can be assumed to de-
crease as the grain size decreases because the initial zigzag

(@)

(b) / \4 (©)

FIG. 7. Schematic figure showing grain rotation mechanisms.
(a) Three grains marked with a gray line on each center in an initial
state. Grain rotation occurring through climbing of grain boundary
dislocations, i.e., grain boundary disclination dipoles (b) and gliding
of grain boundary dislocations (c). These mechanisms make no mis-
fit and misfit of gray lines at each grain boundary, respectively.
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FIG. 8. (a) Different centers of gravity of each grain that are
attributable to homogeneous deformation at £=0.12. The solid
circles are the centers of gravity of respective grains in the homo-
geneous deformation at £=0.12. The line length corresponds to four
times the value of the deviation between the center of gravity in the
atomic simulation and in the homogeneous deformation. (b) Direc-
tions of the (mesoscale) cooperative deformation.

grain boundary arrangement can be changed easily to a wavy
grain boundary arrangement by small atomic scale grain
boundary migration. Figure 8(a) shows deviations of the cen-
ter of gravity of each grain from the homogeneous deforma-
tion in the 5 nm model at £=0.12. The solid circles corre-
spond to positions of the center of gravity of each grain in
the homogeneous deformed model. The line length shows
the values of deviation. It should be noted that the line length
is four times greater than the actual value of deviation. Sev-
eral deviations appear in the 5 nm model. Hence, the grain
boundary diffusion mechanism or Coble creep, whereby ev-
ery crystal grain must deform homogeneously, is not the
dominant deformation mechanism in this model. Figure 8(b)
shows a conceptual image for the cooperative migration of
nanograins shown in Fig. 8(a). This picture reveals mesos-
cale cooperative grain boundary sliding® by the microscale
mechanisms of grain boundary sliding, migration, and rota-
tion, as shown in Fig. 6. Moreover, the mesoscale vortex size
may strongly depend on macroscale boundary conditions.
Therefore, this mesoscale deformation mechanism, i.e., the
cooperative grain boundary sliding, governs the macroscopic
mechanical properties and deformation mechanism.*°

Consequently, under a high strain rate and moderate tem-
perature, the cooperative grain boundary sliding consisting
of local grain boundary sliding, migration, and rotation is the
dominant intergranular deformation mechanism in the nan-
ograin size region where grain-size softening occurs. In other
words, the degree of difficulty of accommodation to geo-
metrical misfits by grain boundary sliding is related to the
resistance to intergranular deformation; hence, nanocrystal-
line metals deform primarily via intergranular deformation as
grain size decreases.

E. Optimum grain size in nanocrystalline metals

The results obtained in this study suggest that the opti-
mum grain size is controlled by the relationship between

PHYSICAL REVIEW B 71, 224110 (2005)

Resistance to deformation

intergranular deformation

intragranular deformation

grain size d

FIG. 9. Schematic figure showing the relationship between grain
size d and resistance to intragranular and intergranular deformation
in nanocrystalline materials. It is convenient to consider that the
resistance to intragranular deformation is proportional to d™" (the
solid curve), e.g., n=0.5 for the Hall-Petch relation, and that the
resistance to intergranular deformation is proportional to d™ (the
broken curve). Thereby, for the Coble creep, m=3 in coarse-grained
polycrystalline materials and m=2 in nanocrystalline materials
(Ref. 34).

resistance to intragranular deformation and intergranular de-
formation. Figure 9 shows a conceptual diagram of this re-
lationship. The solid curve represents the resistance to intra-
granular deformation by dislocation movement. This
resistance increases as the grain size decreases because the
mean free path of the dislocation glide becomes small and
the transition of intragranular deformation to the next grain
by a pile-up of dislocations becomes difficult. Further, the
broken curve represents resistance to intergranular deforma-
tion by grain boundary sliding, migration, and diffusion. This
resistance decreases as the grain size decreases because the
grain boundary thickness b becomes equal to the grain size,
and cooperative grain boundary sliding occurs easily under a
high strain rate and moderate temperature. It is reasonable to
infer that the region where the two curves of resistance to
intergranular and intragranular deformation overlap, shown
in Fig. 9, should correspond to the optimum grain size in
nanocrystalline metals. In this simulation, the strongest ma-
terial is observed when the grain size is approximately 30
nm. This region corresponds to the region where the propor-
tion of the grain boundary region increases dramatically, as
shown in Fig. 2.

The difference between the optimum grain size of Al
nanocrystalline materials obtained in this study and those
obtained in a previous study by Yamakov et al.** is of great
interest. In both simulations, the analysis temperature is 300
K; the strain rates show the same order: £=10% 1/s, al-
though the deformation conditions are different, i.e., constant
stress for Yamakov’s simulation and constant strain rate for
our simulation. Yamakov’s model®* used a different embed-
ded atom method potential from ours. The stacking fault en-
ergy and lattice constant are 122 mJ/m? and 4.03 A, respec-
tively, in Yamakov’s Al model while they are 158 mJ/m? and
4.05 A, respectively, in our model. The splitting distance
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between two partial dislocations of perfect edge dislocations
is 8.6 A for the former and 7.6 A for the latter. Hence, we
can expect that approximately the same optimum grain size
should be obtained in each simulation following the defor-
mation mechanism map.?® However the optimum grain size
obtained by our simulation is about twice as large as that
obtained by Yamakov’s simulation. Therefore, we presume
that the difference in the optimum grain size is attributable to
the difference in the resistance to the intragranular deforma-
tion. In Yamakov’s simulation, the grain shape is the three-
dimensional rhombic dodecahedron shape which can express
the full 12 crystal slip systems in fcc metals. However, in our
simulation, the grain shape is the two-dimensional ideal-
hexagonal prismatic shape which restricts crystal slips on
only two slip planes. Thus, in the case of the Yamakov’s
model** the resistance to the intragranular deformation be-
came less than that in our model. On the other hand, the
resistance to intergranular deformation in both models can be
inferred to be equivalent because each model comprises crys-
tal grains in the regular grain shape and size, respectively.
Consequently, the intersection point of the resistance curves
in Yamakov’s model, shown in Fig. 9, shifts to that with a
smaller grain size than in our model, and the optimum grain
size in Yamakov’s study is smaller than that in this study.
These results make clear that the optimum grain size is de-
termined by the relationship between the resistance to inter-
granular and intragranular deformation.

Our Al model can easily generate stacking faults in grains
because of the geometrical restriction to dislocation move-
ment. In such a case, the simulated material in this study can
be regarded as a hypothetical material with low stacking
fault energy; in other words, the effective stacking fault en-
ergy of our Al model might be smaller than that of Yamak-
ov’s Al model. This relationship between the optimum grain
size and effective stacking fault energy is in agreement with
the prediction by the deformation-mechanism map proposed
by Yamakov et al.,’® as mentioned previously. It should be
noted that there is a grain-size dependence of the threshold
stress to nucleate a dislocation from a grain boundary as the
role of dislocation sources in nanocrystalline materials, o
o 1/d,** because the source size can be approximately esti-
mated as the grain size d. This relation is expected to be one
of the grain-size hardening mechanisms in nanocrystalline
metals.2® However, this relation cannot be expressed in this
simulation because the minimum thickness of the simulation
cell in the x direction in Fig. 1(a) is constant in all our simu-
lations, i.e., there is no grain-size dependence of a disloca-
tion source in our models. Nevertheless, the grain-size hard-
ening can be confirmed even in our simulations. Thus, we

PHYSICAL REVIEW B 71, 224110 (2005)

can presume that the characteristic length to the grain-size
hardening mechanism in nanocrystalline materials is not only
the size of the dislocation source but also the size of the
mean free path of the dislocation glide that is closely related
with a pile-up of dislocation mechanisms as considered in
coarse-grained polycrystalline metals. Moreover, intragranu-
lar deformation by a partial dislocation movement leaving a
stacking fault in grains can occur even in larger grain size
regions than the optimum grain size, such as the grain-size
hardening region in our simulations (Fig. 5) and in the pre-
vious simulation for Cu.?> Therefore, it is still unclear that
stacking faults and twin boundaries in nanograins have a
great influence on the optimum grain size of polycrystalline
metals.

IV. CONCLUSIONS

The dependence of intergranular deformation and the in-
tragranular deformation on grain size, and the optimum grain
size of aluminum nanocrystalline materials are studied using
molecular-dynamics simulations. In these simulations, the
optimum grain size for the strength of Al nanocrystalline
materials is about 30 nm. In grain-size hardening regions,
nanocrystalline metals are deformed by crystal slips and
pile-up dislocations are confirmed. In grain-size softening
regions, cooperative grain boundary sliding is observed and
geometrical misfits by grain boundary sliding are accommo-
dated by the grain rotational mechanism. The difference in
optimum grain sizes of Al nanocrystals in this study and in a
previous study implies that the optimum grain size is deter-
mined by the relationship between the resistance to inter-
granular and intragranular deformation. The resistance to in-
tergranular and intragranular deformation might be
influenced by the analysis condition, e.g., strain rate or tem-
perature. In other words, we can presume that the optimum
grain size is not an inherent value of a material. From this
perspective, we will continue to study the analysis condition
dependence of optimum grain size.
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