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Atomic scale simulations show the path taken by magnesium vacancies undergoing rapid

pipe diffusion along the core of a % <110> {110} edge dislocation in MgO.

Summary

Dislocations are known to influence the formation and migration of point defects in
crystalline materials. We use a recently developed method for the simulation of the cores

of dislocations in ionic materials to study the energy associated with the formation of

point defects close to the core of a % <110 > {110} edge dislocation in MgO. These

are compared then with the energies for the same point defects in otherwise perfect MgO.
It is find that all defect species are bound to the dislocation core, with binding energies of
between 1.5 and 2.0 eV. Vacancies are found to be most stable when they remove under-
coordinated ions at the tip of the extra half plane, while the impurities are most stable
within the dilatational stress field below the glide plane. By mapping the distribution of
energies for point defects around the dislocation line we reveal the coupling between the
effective point defect size and the stress field associated with the dislocation. We also
examine the energy barrier to diffusion of vacancies along the dislocation line and find
that vacancy migration along the dislocation line will be substantially enhanced
compared to migration through the dislocation free crystal structure. Activation energies
are 0.85-0.92 of the barrier in the perfect crystal, demonstrating the importance of pipe

diffusion along extended defects for low temperature mobility in ionic materials.



Introduction

The formation and migration of point defects in ionic materials plays a key enabling role
in a wide range of applications and processes ranging from the operation of solid oxide
fuel cells and battery materials', to the kinetics of reconstructive phase transitions,
equilibrium between phases” and the deformation of the Earth’s deep interior’. Although
atomic scale simulation has been extensively used to probe details of the formation and
migration of point defects, studies of how larger-scale defects change this behaviour have
been limited, and have tended to concentrate on the effect of grain boundaries and
interfaces’. In this work we make use of atomic scale simulation methods to show how
dislocations can influence the formation and migration of point defects in the prototypical

ionic material, MgO.

Dislocations are an important class of one-dimensional extended defect that are best
known for their role as the agent of plastic deformation and as enablers of crystal growth’.
Their orientation and distribution are commonly observed using the transmission electron
microscope (TEM), but it is only now becoming possible to understand the structure of
the dislocation cores from a combination of new experimental methods® and atomic scale
computer simulation” ®. However, dislocations are also known to interact with point
defects. In the case of metals, it is generally assumed that impurity defects will pin
dislocations’, leading to a reduction in the rate of dislocation multiplication and hence in
creep rate for any given stress. The mechanism for this was first discussed by Cottrell and
involves the interaction of the stress field of the dislocation and point defect; a
mechanism that can be understood without recourse to the atomic scale'’. Dislocation
cores can also act as fast diffusion pathways that significantly enhance overall diffusion
rates. The degree of enhancement is dependent on factors such as dislocation density,
orientation and arrangement’. This so-called ‘pipe diffusion’ has been measured in bulk

112 Even so, is difficult to

samples, and, remarkably, even for single dislocations
explicitly measure pipe diffusion along dislocation cores where the activation energy is

generally taken to be of the order of ~0.6 of that in the bulk lattice'’.

Atomistic simulation methods have been enormously successful in elucidating point

defect behaviour in complex phases, and providing insights into migration mechanisms



and activation energies'® not readily available from experiment. Previous simulations
based on 2D geometries, have investigated grain-boundary process". The use of 1D
methods for investigating the structure of dislocations in ionic solids is still in its infancy

but is already proving to be a valuable tool® '°

. For example, simulations by Walker et
al'” on siliceous zeolite A (LTA) showed how the introduction of a screw dislocation,
observed by AFM"®, would lead to blocking of channels normal to the dislocation line.
More recently, methods based on density functional theory and the Peierls-Nabarro
model have been used to provide detailed structural information on dislocation structures
in a wide range of minerals and ceramics including perovskites, MgSiOy4 spinel and
forsterite'”. In this study, we investigate the interaction of point defects (vacancies and

impurities) with the % <110 > {110} edge dislocation in MgO. The approach allows

us to calculate binding energies between the point defects and dislocations and activation
energies for diffusion along the dislocation core. This work represents such simulation,

which should be generally applicable to any ionic material.

Methods

We study the interactions between dislocation cores and point defects using a new
parameterized interatomic potential model and by building on previously developed

methods used to study isolated dislocations in crystals®. We choose to examine the

% <110 > {110} edge dislocation in MgO as this has a comparatively simple structure

and has been the subject of several previous studies’. The general approach is to construct
a model of the isolated dislocation and find a low energy structure of the dislocation core.
We can then introduce point defects, in the form of vacancies or impurities, around the
dislocation core and compare the energetic cost of forming these defects with the cost of
introducing an equivalent defect in an MgO crystal away from a dislocation line. The
final stage of our calculations involves examining the energy barrier to moving the point
defects along the dislocation line, and comparing this with diffusion in a region of the
crystal away from the dislocation. All calculations were performed with the latest

revision of General Utility Lattice Program (GULP)*".



In order to reproduce the cubic rock salt structure and Cauchy violation (i.e. Ci; # Ca4) in
MgO, it is necessary to use a breathing shell model. The most significant effect of
introducing a breathing term is well known®*; the breathing makes equal contributions to
softening C}; and C};, but has no effect on the value of Css. We fit a new set of potentials
that reproduces the structure, elastic constants, and high and low frequency dielectric
constants under ambient conditions. The breathing shell model potentials describe the
interactions between the atomic ‘core’ with ‘shell’ or ‘breathing shell’, where 'shell’
denotes a potential that acts on the central position of the shell and 'breathing shell'
denotes an interaction that acts on the radius of the shell, which was given an equilibrium
radius of 1.2 A. The charge on the Mg ion is +2, while the core and shell charges for O
are +0.8 and -2.8, respectively. The maximum interatomic potential cut-off was set to be
10.0 A. In order to make the energy, including its first and second derivatives remain
continuous, a polynomial tapering function was applied to ensure that the potential goes
smoothly to zero over the taper range of 1.0 A. The damped and truncated real space
summation method of Wolf et al.”* was used for the efficient calculation of the Coulomb
contribution to the energy. We use a damping parameter, B, of 0.20 A" and a cut-off
distance, Rc, of 16.0 A. These parameters resulted in the calculated electrostatic energy of

bulk MgO having a good agreement with that calculated using the Ewald summation.

The MgO model was used to construct a simulation cell that is periodic in one dimension
and with a circular cross section. The outer edge of the model is held fixed in order to
reproduce the effect of an extended crystal and isolate the centre of the model from the
surrounding vacuum. The edge dislocation is introduced into this simulation cell by
applying the elastic displacement field for the dislocation in an infinite continuum to the
atomic positions (Figures 1 and 2) using the methodology described by Walker et al.*’
The modelled dislocation is thus periodic along the dislocation line while perpendicular
to the dislocation line the modelled crystal can be considered infinite and non-periodic;
i.e. the dislocation is isolated. The simulation cell is divided into two regions. The part of
the crystal in the outer region is a long distance from the dislocation line, and therefore

experiences a relatively small degree of strain. Thus it can be described as an anisotropic

elastic continuum. The atomic positions in the inner region are relaxed to an energy



minimum, resulting in our initial model of a dislocation that will be used to study the

interactions of point defects with dislocations.

Point defects are introduced into the 1D model of the dislocation by removing Mg or O
ions to create vacancies, or by replacing Mg with another alkaline earth metal to produce
isovalent cation impurities. The atomic positions in the inner region are again relaxed to
find an energy minimum representing a point defect close to a dislocation line. We are
interested in how the energetic cost of introducing the impurity varies around the
dislocation line (the dislocation breaks the translational symmetry of the crystal such that
the Mg and O sites are no longer equivalent). Thus we performed a search over many
different sites for this point defect up to ~10 A from the origin of the dislocation
displacement field. In order to limit point defect - point defect interaction, multiple
lattice vectors along the dislocation line are included to increase the thickness (%) of the
simulation cell. Details of the simulated edge dislocation model and the convergence tests

of energies with respect to the system size are given in the following section.

We introduce two measures of point defect stability. The first is the defect energy, the
energy difference between a model containing a point defect and a model without the
point defect. This is the energy change associated with moving an ion out of the crystal to
form a vacancy, moving an isolated ion into the crystal to form an interstitial or
combining both operations to form an impurity. In our model, isolated ions define the
reference zero point of the potential energy of the system. The second measure of point
defect stability is the binding energy for a point defect to a dislocation. This is just the
difference between the defect energy of the point defect close to the dislocation and the
point defect in an otherwise perfect crystal (with the energy of a defect free dislocation
and perfect crystal appropriately included in the energy cycle). This is a measure of how
strongly the dislocation attracts (positive binding energy) or repels (negative binding

energy) the point defect.

The final stage of the calculation is to probe the mobility of point defects along the
dislocation line. This is achieved by creating two vacancies and an interstitial ion; the
interstitial is sequentially moved in small steps between the two vacancies and the

geometry relaxed under the constraint that the interstitial does not move in the direction



parallel to the dislocation line (i.e. it is fixed in this direction but can relax perpendicular
to the line). While it is in principle possible to locate the transition state analytically
through the use of rational function optimisation, the system size generally precludes the
use of the Hessian matrix for the present systems. Plotting a graph of energy against
interstitial displacement shows the energy barrier to diffusion by the vacancy mechanism.
The difference between the energy minimum and maximum on this pathway is the energy

barrier to migration, ignoring the energy cost of creating the point defect.

Results and discussion

The fitted breathing shell model potential parameters for magnesium oxide are described
in Table 1. Table 2 shows the calculated properties for perfect MgO under ambient
conditions with the fitted parameters. The simulation results are in excellent agreement
with experimental values for the elastic properties, taken from reference’. For the
isotropic polycrystalline bulk (K) and shear (G) moduli, the Voigt-Reuss-Hill average

values are taken, though the variation between the Voigt and Reuss limits is small.

The energy-minimised structure of the point-defect-free dislocation core is shown in
Figure 2, where Mg — O distances less than 2.0 A are emphasised by the inclusion of
bonds. A single mirror plane is preserved passing through the dislocation core, while
along the dislocation line the structure consists of strings of alternating Mg and O ions.
The dislocation core contains a string of five coordinate ions at the tip of the extra half-
plane of atoms (marked M1 in Figure 2). The Mg — O distances around the central M1
ion are shorter than those found in the bulk crystal (2.11 A) with M1-O1 being 1.94 A
and the two M1-04 distances being 1.98 A. All of the out of plane distances are unaltered
by the introduction of the dislocation. Octahedra close to the core on the glide plane are
strongly deformed and contracted, but deformation above and below the glide plane is
less obvious. However, closer examination of the bond distances shows that atomic
separations above the glide plane are generally compressed while those below the glide

plane are extended (Table 3).

Using this model as a starting point, we constructed a 1D supercell to contain the point

defects. Results of convergence testing of the defect energy for a magnesium vacancy



with the supercell size (4 = nxa) and the inner region radius (R;) are shown in Figure 3a
and 3b, respectively. These results show that good convergence is achieved with a cell
thickness of 8.452 A and an inner radius of 40 A. The radius of the full atomistic cell was
taken as 60 A as this guarantees that the relaxed atoms do not interact with the outer edge

of the system. In total there are 10,148 ions in our simulated dislocation model.

The defect energy for vacancies as a function of their position in relation to the
dislocation was determined by introducing the vacancy at all unique positions close to the
dislocation. Two-dimensional contours of the defect energy of magnesium and oxygen
vacancies are plotted in Figure 4a and 4b, which have the origin of the dislocation at the
centre of the plot. As the vacancies approach the dislocation, their energy varies
depending on their location with respect to the dislocation core and the position of the
extra half plane of ions. For magnesium, the defect energy of vacancies around the
dislocation mirrors the elastic strain field. Above the dislocation line, where the extra half
plan of ions exists, oxx (using the standard dislocation-centric setting for the stress field
with the Cartesian x-axis parallel to the Burgers [110] vector, the z-axis along the [001]
dislocation line and the y-axis perpendicular to the (110) glide plane) and o, are
negative and the strain field is compressional; atoms are squeezed together to make room
for the extra half plane effectively increasing the pressure in this region. Below the
dislocation line 6, and o,y are positive and the strain field is dilatational. Planes of atoms
are pulled apart to avoid a discontinuity across the glide plane and the effective pressure
is decreased. In the region with a compressional strain field the vacancies become less
stable than those in perfect MgO. In contrast, the region with a dilatational strain field
favours vacancies in comparison to the perfect crystal. This is in agreement with the
previously observed tendency for increasing pressure to decrease the stability of
vacancies in MgO®. A similar picture emerges for oxygen vacancies, although the high-

energy field above the dislocation line is more extensive.

We also calculate defect energies in a perfect simulation cell of the same dimensions as
the cell containing the dislocation. These are given in Table 4 and are in agreement with
previous values calculated using interatomic potentials®® and experimental

12, 27, 28

measurements . The lowest energy positions for the magnesium and oxygen

vacancies at the dislocation are found at the tip of the extra half plane of atoms (the M1



site in Figure 2), removing the under-coordinated ion. Binding energies are -1.7 eV and -
1.5 eV for magnesium and oxygen vacancies, respectively. This suggests that vacancies

will strongly partition to dislocations in MgO.

We have also investigated the migration of vacancies through the perfect and dislocated
simulation cells in order to determine the change in activation energy for pipe diffusion
along the dislocation line in the [001] direction. We examined the energy barrier for
defect migration between the lowest energy sites, which are not adjacent in the
dislocation structure. The lowest energy adjacent site is in the mirror plane immediately
below the dislocation line (from M1 to the site behind O1). We assume that pipe
diffusion will consist of a pair of hops between these sites, with the vacancy switching
between its ground state and a higher energy metastable site. Two of these hops move the
vacancy by one lattice vector along the dislocation line. Elementary hops for vacancy
diffusion in perfect MgO are in the <110> direction and a pair of these can move the
dislocation by one lattice vector in the [001] direction. Figures 5a and 5b show the energy
profiles for magnesium and oxygen vacancy migration, respectively, with an energy
barrier of 1.65 eV for Mg and 1.92 eV for O. These are both smaller than then equivalent
barrier in the perfect bulk crystal, which were found to be 1.92 eV for Mg and 2.08 eV
for O, using the same methodology. Thus dislocations will act as pipes allowing material
to be rapidly transported through crystals of MgO. For Mg the core diffusion activation
energy is ~0.85 of the perfect bulk value while for O it is ~0.92 of the perfect bulk value,
both values are slightly higher than that proposed for metals'’. The fastest vacancy

migration pathway along the dislocation is shown for magnesium in Figure 6.

Finally, we have explored how the energies of Ca and Sr impurities vary as they are
brought close to the edge dislocation. Figure 7 shows how the defect energies of the
substitution vary in the vicinity of the dislocation core in MgO. The lowest defect
energies for both Ca and Sr are found three atomic layers below the dislocation core
where the stress field is dilatational. The calculated Ca and Sr defect energies in the bulk
MgO are 5.53 eV and 9.46 eV, respectively. The defect energies are 1.0 - 2.5 eV lower in
the dislocation structure than in the bulk system, while being 0.7 - 1.0 eV higher in the
dense structure above the dislocation core. Our results suggest that the Ca and Sr

impurities will segregate towards the MgO edge dislocation core. Previous experiments



and calculations suggest that Ca segregates to the MgO grain boundary and induces a
structural transformation.” An edge dislocation can be taken as an extreme end member
case of a low angle grain boundary. Due to the size difference for Sr and Ca (whose ionic
radii differ by about 14%), we expect larger outward relaxation for MgO + Sr compared
to MgO + Ca. The substitution formation energy contour plots (Figure 7) show a higher

and wider contour field in Sr substitution system than for Ca substitution.

Conclusion

In all cases, we find that the point defects have a lower energy close to the core of the

% <110 > {110} edge dislocation than in a perfect crystal of MgO. This stabilisation

comes from two origins. The tip of the extra half-plane forming the dislocation consists
of under-coordinated ions. These are less strongly bound in the structure resulting in low
defect energies for creating vacancies at these sites. In addition to this effect, the stress
field around the dislocation results in a region below the glide plane that is held in tension
and a compressed region above the glide plane. All the point defects we studied are
effectively larger than the atoms they replace (Ca and Sr have a larger ionic radius than
Mg, and the primary mode of relaxation around the vacancies is outwards) so the point
defects are more stable below the glide plane. The magnitude of the stabilisation, the
binding energy, is quite large, amounting to 1.0 - 2.5 eV. This suggests that point defects

will be concentrated around dislocations in MgO.

We also find that dislocations have a significant effect on vacancy diffusion along the
dislocation line. Activation energies are significantly lower for pipe diffusion along the
dislocation line than for diffusion through perfect MgO implying that pipe diffusion will
be more rapid than lattice diffusion. This result is relevant to ongoing uncertainty
regarding the diffusion mechanism in Mg030. 0 tracer diffusion has been measured in
ultra-pure polycrystalline samples and these results show anomalously rapid diffusion
below about 1600 K*'. This low temperature tail suggests that an alternative rapid
migration path exists even in the ultra-pure samples, and we suggest that this may be
evidence for pipe diffusion. More importantly, pipe diffusion has been directly measured

for magnesium in single crystal MgO'?. These experiments yield activation energies for



lattice and pipe diffusion of 2.39+0.20 and 1.44+0.40 eV, respectively. This is in close
agreement with our calculations, despite the uncertainty associated with the possibility of
multiple dislocation characters and Burgers vectors contributing in the experimental

result.

Pipe diffusion is expected to be particularly important at low temperature. We can
estimate the magnitude of this effect by assuming the pre-exponential factor for lattice
and pipe diffusion is the same and using our estimates of the activation energy for both
processes (assuming extrinsic diffusion). This probably underestimates the effect, but
suggests that at 750 K the diffusivity associated with pipe diffusion will be ~100 times
higher than the diffusivity associated with lattice diffusion while close the melting
temperature (at 2500 K) the enhancement is reduced to a factor of four. As well as the
impact on functional materials, this can also help elucidate the processes leading to low
temperature geochemical effects, such as chemical exchange observed in deformed
zircons™>. The method of studying pipe diffusion described here should be generally
applicable to any ionic material and might lay the foundation for extending the approach

to more complex materials of technological interest.
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Tables

Table 1. Fitted breathing shell model potentials for magnesium oxide and Ca, Sr

impurities. Here core, shel and bshel indicate that the potential acts on the core, shell

position or radius of the shell, respectively.

Species |Species

: A Potential | 4 (eV) | p (A) Cs

(VA% kes(eVA™) kpsm (eVA?)
Mg core |O bshel Buckingham|30.13372| 0.30404 | 0.0 -

Ca core |O bshel Buckingham|45.04151/ 0.32860 | 0.0

Sr core |O bshel Buckingham 52.22144| 0.35050 | 0.0

O shel | O shel Buckingham| 0.0 0.3 36.00 - -
O core | Oshel | Spring - - - 43.797310 -
O bshel |O bshel BSM - - - - 318.801

Table 2. Calculated and experimental properties for

magnesium oxide under ambient conditions. Calculations are

static lattice minimizations at this study.

Properties Experiment This model
o (A) 4.212 4.226
Ci1 [GPa] 297.0 297.8
Ci2[GPa] 95.2 94.9
Cus[GPa] 155.7 158.9
g’ 9.86 9.78
e” 2.96 3.03
K [GPd] 162.5 162.5
G [GPa] 130.4 132.7
V [km/s] 6.06 6.11
V, [km/s] 9.68 9.78

c 0.18 0.179




Table 3.Average Mg — O distances for selected sites around the dislocation core.
Note that all Mg and O sites are inverted in adjacent layers along the dislocation
line and the out of plane distances are excluded from the average. In cases where
one distance is anomalously long (where it is unclear if the site should be

considered 5 or 6 coordinate) we present both options.

Central site Adjacent sites Average Mg-O distance (A)
MIl 01, 04, 04 1.97
M2 04, 04, 05, 05 2.06
M5 01, 02, 06, O7 2.21
M6 04, 07, 08 1.97
M6 01, 04, 07, 08 2.32
M7 04, 05, 08, 09 2.06
M9 07,08, 010,011 2.19
Ol M1, M5, M5 2.06
Ol M1, M5, M5, M6, M6 2.56
02 M4, M4, M5, M5 2.20
04 M1, M2, M6, M7 2.02
07 M5, M6, M8, M9 2.21
08 M6, M7, M9, M10 2.03

Bulk MgO 2.11




Table 4. Calculated and experimental data for the energies (eV) of defects formation and

diffusion in MgO bulk system.

v Activation
acancy energy of diffusion
Vi 1% Mg 0

Calculated (This study) 23.7 23.9 1.92 2.08
Calculated (Catlow et al.*®) 23.74  24.63 1.9 2.0
Experimental (Sakaguchi et al.'?) - - 2.4+0.2 -
Experimental (Shirasaki and Hama®") - - - 2.42
Experimental (Sempolinski and Kingery™) - - 2.28 -
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Figure Captions

Figure 1. Schematic representation of the simulation cell used in the present work. In this
study, we set up the 1 D edge dislocation cell withh =2 *a=8.452 A, R;=40 A and R, =
60 A.

Figure 2. The edge dislocation structure of MgO. The dislocation line [001] is

perpendicular to the image plane. The Burgers vector of this dislocation is % <110>.11

Mg and O atoms are marked around the dislocation core for describe in Table 3.

Figure 3. (a) Convergence of the Defect energy of Mg vacancy (V,;;g) with the thickness

of the simulation cell size, n, in MgO bulk and dislocation systems to the left y-axis scale,
Open circle is the V,;;g defect energy difference between bulk and dislocation system

(AE = Ey . = E o) o the right y-axis scale. The radius of the inner region is 40 A
and the radius of the outer region is 60 A. (b) Dislocation formation energy as a function
of radius of the inner region. The radius of the outer region is 60 A and the thickness of

the simulation cell is 8.452 A.

Figure 4. Contour plots of (a) magnesium and (b) oxygen vacancy defect energies in the
vicinity of the edge dislocation. The dislocation line is normal to the page and the dots

represent projections of the atoms.

Figure 5. Energy profiles for (a) the magnesium vacancy and (b) the oxygen vacancy
diffusion in both dislocation and bulk systems. The migration activation energiesare 1.65
eV for magnesium and 1.92 eV for oxygen in the dislocation core and 1.92 eV for

magnesium and 2.08 eV for oxygen in the bulk MgO.
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Figure 6. The magnesium diffusion path along the dislocation core in MgO.

Figure 7. Contour plots of (a) Ca and (b) Sr substitution formation energies in the vicinity
of the edge dislocation in MgO. The dislocation line is normal to the page and the dots

represent projections of the atoms.
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Figure 2
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Figure 3
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Figure 5
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Figure 6

Fast diffusion path
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Figure 7
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