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ABSTRACT

Reactor pressure vessel steels are well-known tdehaand embrittle under neutron
irradiation, mainly because of the formation of talskes to the motion of dislocations, in
particular, precipitates and clusters composed wf ki, Mn, Si and P. In this paper, we
employ two complementary atomistic modelling tecjueis to study the heterogeneous
precipitation and segregation of these elementstlagid effects on the edge dislocations in
BCC iron. We use a special and highly computatigrefficient Monte Carlo algorithm in a
constrained semi-grand canonical ensemble to camiing equilibrium configurations for
solute clusters around the dislocation core. Newd,use standard molecular dynamics to
predict and analyze the effect of this segregatiornthe dislocation mobility. Consistently
with expectations our results confirm that the mesplistress for dislocation unpinning from
the precipitates formed on top of it is quite larJane identification of the precipitate
resistance allows a quantitative treatment of astimiresults, enabling scale transition
towards larger scale simulations, such as dislocatynamics or phase field.

Keywords Iron alloys; Segregation; Edge dislocation mayilMonte Carlo

1. Introduction

Radiation-induced hardening and embrittlement iaci@ pressure vessel steels
(RPV) is one of the main limiting factors for thpavating lifetime of nuclear power plants.
The primary mechanism at the origin of this degtiadais, at the mesoscopic scale, the
obstruction to the motion of dislocations by a &#riof structural defects created during
irradiation. While such defects are hard to obsdryetransmission electron microscopy

(TEM), other experimental techniques such as atamhetomography (APT) and small angle

* pascuet@cnea.gov.ar



neutron scattering (SANS) have evidenced the poesaf Cu-rich precipitates and/or
precipitates mainly rich in Mn and Ni, although taining Si, Cu and P as well [1]. Even if
dislocations are in principle not directly iderdiile with APT, this technique brought
convincing evidence for precipitation or segregatid these solutes in their vicinity [2]. The
formation of precipitates rich in Mn, Ni, Si andcci®se to dislocations has been observed also
in low-Cu steels [3]. The presence of these pretigs clearly constitutes an obstruction to
the motion of dislocations, consequently causingdéraing and loss of ductility.
Understanding the mechanisms involved in the latercess is thus important for the

evaluation and anticipation of the lifetime of teesaterials when exposed to irradiation.

Thanks to the fast rising capabilities in availabbenputing power, and also thanks to
the experience gathered during recent decadestioftias in the field, atomistic modelling
techniques are nowadays widely employed in comphernt@ experimental approaches for
addressing this challenging goal. Previous commurtak studies performed by Bonmy al
[4], based on interatomic potentials designed wagpecial care to describe the
thermodynamics of the concerned alloys, have sugdedor instance, that at reactor
operating temperature the above-mentioned solltesld preferably precipitate around the
dislocation line, consistently with APT evidenceeXt| the interaction with dislocation lines
of dislocation loops has been studied for differeoiute concentrations by Terentyetal.

[5], concluding that Mn segregated in the coreowipls causes an increment in the yield point
and finally increases the hardening. P is also kntwsegregate to heterogeneities in RPV
steels, mainly grain boundaries and dislocatioassing embrittlement, grain boundary de-
cohesion and thereupon a shift in the ductile-itidtransition temperature [6-7].

The objective pursued in this work is to providbedter understanding of the role played by
solute segregation in the pinning of dislocatiatgusing on the case when the precipitates
decorate or contain the dislocation line, befordlos applied, rather than being approached
and sheared by a moving dislocation. This is alehging objective because of the inherent
multiscale aspect of the problem, and the unavdéedatecessity to consider reference
configurations with many hundreds of thousandstofma at the very least. To address it
adequately, two atomistic modelling techniques latée in the LAMMPS code [8] are used
in complement to each other during two separatessi&s briefly described in what follows.
(i) To start with, representative configurations tbe alloys of interests in which solutes
decorate dislocation are investigated, using itben& potentials of proven validity. For this
purpose, solute precipitates and segregation psofih thermal equilibrium near edge



dislocations are obtained with an atomistic Montarl€ (MC) method in the variance-
constrained semi-grand-canonical (VC-SGC) ensenddeproposed by Sadigit al [9].
More explicitly, we henceforth denote it as MolemuDynamics — Monte Carlo (MD-MC), in
reference to the synergy that it operates betweesettwo classical methods. It is important
to emphasise from the start that this is a methatigeeks for configurations of minimal free
energy, but does not provide any information alibatkinetics of the process: MD samples
the vibrational degrees of freedom at a given teatpee. It thermalizes the system in the
energy minimumThis MD-MC approach has the great advantage taulhg dpplicable for
multicomponent systems containing millions of pAes, yet being easily parallelized in an
efficient way amongst many processors. The lattality would, unfortunately, be rather
hard to achieve for other, more general purpose lassl customized algorithms strictly
working on the canonical (CS) ensemble. On therdtla@d, classical semi-grand-canonical
(SGC) ensemble approaches are easily parallelmgdire inapplicable to study precipitation.
(if) From the atomic configurations obtained during pinevious step, classical MD, this time
as a kinetic method, is then applied at variouspenatures, in order to get the stress-strain
curve while applying an external shear load. Thepgse of the latter is, quite clearly, to
induce the motion of the dislocation, thereby seminly an external load applied at the
macroscopic scale. For the sake of completeness wbrth at this stage noting that the so
obtained stress-strain curve is a localized measeme of hardening, but does not bring a
direct estimation for it at the macroscopic scédierather serves as input for larger scale
modelling techniques such as dislocation dynantiespted to formally estimate the resulting
hardening.

The paper is organized as follows. First, the tlwove-mentioned atomistic modelling
techniques, on which the work is based, are brigélgcribed in section 2, summarizing the
most important information for the unfamiliar read&ext, our results are thoroughly
presented in section 3. This section is naturalyddd in two complementing parts. In the
first one, solute segregation in presence of tlge etislocation BCC Fe is studied with MD-
MC for three representative systems in connectiath WPV steels, namely: FeCuNiMn,
FeNiMn and FeP at 300K, and 500-550K. The corredipgnstress-strain curves are then
reported in the second part. Available embeddeh atethod (EAM) interatomic potentials
are used to model the interactions in all systdbiscussions and conclusions constitute the
closing section 4.



2. Methods

As already explained, our work has been performétl Wihe combination of two
complementing modelling techniques implementechsn LAMMPS code [8]. First, the so-
called MD-MC approach is used to get relevant exfee configurations, as described in
section 2.1. Next, classical MD is applied to det stress-strain curves, as described in

section 2.2.

2.1 Thermodynamic modelling with the MD-MC technique

Solute precipitation by minimizing the free enexfythe system has been simulated
by an MD-MC hybrid algorithm in the VC-SGC ensemf#. This method is suitable to
simulate systems with millions of particles in thdole concentration range. Chemical
mixing, precipitation, relaxation and thermal vitioas, as described by the interatomic
potentials, are taken in account by the combinabietween transmutation moves and MD
steps used for relaxation. However, the model am¢grovide any information on kinetics,
i.e. diffusion processes that would take prohikeityvlong computational time are not
considered. The Monte Carlo tries to take the systethe right distribution in compositional
space. That is, the probability of each state wdimply with a Boltzmann distribution.
Specifically, in the SGC ensemble the phases in#ige miscibility gap have identical
chemical potentials and therefore the concentrateamot be held constant, so the nature of
specific atoms changes while the energy minimizagiooceeds. Outside the miscibility gap,
the chemical potential defines the equilibrium cartcation. The partition function of the

semi grand-canonical ensemble is:
Zsoe (A, NV, T) = [ Zc(c, N, V, T) exp[—BAuNc] dc (1)

wherefy = 1kgT, N is the number of particles,is the concentration and. is the partition
function of the canonical ensemble. To be able twwdys segregation at a constant
concentration inside the miscibility gap and mamtaomputational efficiency, a new
equilibrium ensemble (VC-SGC) was developed, byiragld new constraint to the statistical
mechanics derivation of the equilibrium on the ager squared concentratigqd?). This

ensemble has two independent parametgrand k, associated with constraints on the first



and second moments of the concentration (the tstatisnechanical origin is described in
[9]). The partition function of this VC-SGC ensdmis:

Zyc-soc(@ %N,V T) = [ Zc(c,N,V,T) exp[-Bp(Nc) — fx(Nc)? dc ()

Similarly to the SGC ensemble, the MC is perforrfa@tbwing the scheme given bi): select
one particle at randoni,) change its chemical identity amd) calculate the energy change

AU andc the concentration change. Finally, the acceptance probability is given by:
A = min{1, exp[—B(AU + NAc(¢ + 2Nkc))]} (3)

The force associated with a change in the chertypal (acceptance probability of one event)
receives contributions from both the change of gyneAU as well as the external
concentration dependent for@ééAc(¢ + 2Nkc). Comparing with the SGC ensemble, the

change in the chemical potential now becomes:
Ap=¢ + 2Nxkc 4)

In practicex is taken from [9] and controls the fluctuationsward the desired concentration.
¢ is chosen such that the system is driven inside rfiscibility gap with a tuned
thermodynamic driving force, to optimize the acespt probability along the whole
simulation. The MC method is applied for transmotatogether with MD, that is used to
obtain better system relaxations.

The interaction for the ternary FeNiMn and thetgquaary FeCuNiMn systems are
modeled using the EAM interatomic potential progbbg Bonnyet al. [10], while the FeP
system has been modeled using the EAM interatomienpial developed by Acklanet al
[11]. Together, this is the closest one can getsitoulate RPV steels with available
interatomic potentials, given that no potentialséxifor the 6-nary alloy FeNiMnCuSiP, nor
for any other quaternary alloy different from FeNi®u.

One sample with a dipole of edge dislocations rsegated using linear elasticity [12]
in a crystallite with the normal axes y and z oriented as thg110], [111] and [112]
directions, that contains approximatelfi® atoms of Fe-bcc. The Burgers vectors of the

dipole areb; = ay/2 [111] andb, = ay/2 [111], whereay is the lattice parameter of Fe [4-13].



The presence of the dipole allows periodic boundanyditions to be applied in all directions.
The dimensions of the box are 28 x 30 x 10 nm ared salfficient to ensure that the
dislocation lines, both lying along tH@12] direction, are well-separated from each other to
prevent their mutual interactions. Thg used are: -0.69 for Cu, 0.29 for Ni, -1.38 for &hd
-2.06 for P, withk = 1000 in all cases. These values drive the systemthe miscibility gap
and constrain it to sample configurations with tbguired concentration in each case. Once
these values are fixed, 500 MD relaxation stepgar®ormed between MC steps, decreasing
the free energy of the system to achieve the dksioacentrationsl%Ni-1%Mn, 0.7%Ni-
1.4%Mn, 0.5%Cu-1%Ni-1%Mn, 0.5%Cu-0.7%Ni-1.4%Mn aimdthe case of P, from 8.3°10
%% to 2.83 1F %. The temperatures considered are: 300K and HHIK (inside the

miscibility gap and below or slightly below nornrabctor operating temperatures).

The reason to choose these initial compositiondesause, except for Cu, they
correspond to the solute content of RPV steelssgmtative of those used in nuclear power
plants operating in France and Germany, for whitloreover, experimental data from
microstructural examination and mechanical charaetgon after irradiation are widely
available, so that they were used as referencerialaten the framework of the FP7
PERFORMG0 project [14]. Table 1 shows an exampleoafposition of these steels. The Cu
content is artificially high in order to have sefént precipitated Cu to be able to see the
difference, if any, between Cu presence or abseftwe.two temperatures have been chosen
based on the following reasoning. 300K is essdpntimdom temperature and, although
materials in a reactor are exposed to much higimapérature, it is an obvious reference case
to be chosen, at which typically irradiations witims or electrons are performed. 500 and
550K are chosen for being as close as possibleetamperating temperature of RPV steels
(563K), but low enough to ensure that, with theeptil used, precipitation would occur for
the compositions chosen, based on the study pesfbrim [4]. As a matter of fact, the
objective here is to obtain solute configuratidmast tshould mimic as much as possible those
that APT would be expected to observe around dislmgs, as a consequence of precipitation
or segregation induced by irradiation. The methad wge leads by definition the system
towards thermodynamic equilibrium. In equilibriumgcording to the potential used, no or
only very little precipitation would occur at 563Kdowever, under irradiation out of
equilibrium processes take place as well, in paldicdragging of solutes by point-defects
[15], that lead to segregation and precipitatisoat temperatures above the miscibility gap,

where precipitation is not thermodynamically favale. Moreover, the steels are complex



alloys that contain also other elements, e.g. I&it thay influence the equilibrium itself,
enhancing thermodynamically driven precipitation.hu$, producing the reference
configurations at 500K (in FeMnNi alloys) and aDB5(in FeMnNiCu) alloys corresponds to
the closest we can get to realistic conditions,egithe limitations of the methodology
applied. In the case of P, in contrast, that cdp be studied separately because of the lack of
potentials that include it with other elements, thacentrations are low because this element
is always present in very low concentration in Iste€he configurations obtained are hence
not expected to perfectly mirror the real ones huteast, they are going to be plausible and,
importantly for the stability of the system, they an equilibrium with the presence of the

dislocation.

Table 1 Chemical composition of 20MnMoNi5 5 [weight %] (Y and chemical composition of
S3NiM01/OP41 TT [weight %] (M2) [14].

C Si Mn P S N2 Ni Cr Mo Al \Y Ta Cu Co

M1 | 0.183 0.27 1.373  0.007 0.0083 0.01 0.793 <0.1483®. 0.18 0.12 <0.01 0.05 0.015
M2 | 0.05 0.123 1.08 0.0186 0.0093 0.01 1.013 <0.161®. 0.012 0.0113 <0.01 0.03 0.0096

2.2 Stress-strain curve calculation with MD

Once the equilibrium configurations have been ole@y simple shear is applied in a
classical MD simulation at a constant®19' strain rate, at 300 and 600K. These are
representative temperatures, at which typicallgitertests are performed (room temperature
and irradiation temperature, or somewhat abovejt ttave been used also in previous
simulation work addressing the interaction of diskions with radiation defects [5]. For
better computational efficiency, only half of thanple is used, which contains a single

dislocation.

yIL-10]

Figure 1. Schematic representation of the box containirggetislocation withp = [111].



The dislocation density is then 25™@2. Two atomic layers of 12 A thickness, parallel to
the dislocation glide plane, i.e. normal to thexis, are fixed, as shown in Fig.1. Periodic
boundary conditions alond 11] and [112] (x andz) are applied. Shear strain is applied by
displacing the upper layer of the simulation boxha direction of the Burgers vector and the
corresponding resolved shear stress induced byappéied deformation is calculated as
o, = F,/A,,, whereF, is the total force in thedirection and,., is thexz cross section area
[16].

3. Results

3.1. Solute precipitation around the edge dislocation

In all cases studied in this work, heterogene@ggegation to the dislocation core is
observed, consistently with [4], where the influeraf the presence of dislocations on the
local solubility limit was studied. Representativases are shown in Fig.2) (Fe-0.7%Ni-
1.4%Mn andlf) Fe-0.5%Cu-1%Ni-1%Mn obtained at 300K, in whid¢mast all the solutes
precipitate; (¢) Fe-1%Ni-1%Mn at 500K andd) Fe-0.5%Cu-0.7%Ni-1.4%Mn at 550K,
where only a fraction of the solutes precipitatbisTis consistent with the phase diagram,
where the solubility limit increases with increagitemperature, and therefore less solutes
precipitate.

3.1.1.Iron-nickel-manganese

At 300K almost all the solutes precipitate in diketalloys studied (one case as
example is depicted in Figdd, meaning that at this temperature the solubiliyt according
to the potential is virtually zero, or anyway véoyv. At 500K, in contrast, in the Fe-1%Ni-
1%Mn alloy only 0.64%Ni and 0.86%Mn (73.18% of tb&al) precipitate (see Figd, while
in the Fe-0.7%Ni-1.4%Mn alloy, only 0.29%Ni and 3%Mn (75.85% of the total)
precipitate, both in the dislocation line zone. Ttlasters’ shape is nearly spherical, in
agreement with the simulations performed in Boenhwl. with a different MC method [4].
The shape departs from spherical along the distotabecause of the coalescence of
separately nucleated spherical precipitates. I-ginNi alloys, like in previous work using
MC in the isothermal-isobaric (N,P,T) ensemble,ghesence of dislocations increases



Figure 2. Distribution of solutes in presence of an edgéodation dipole. §) Fe-0.7%Ni-1.4%Mn segregation
temperature: 300K, bf Fe-0.5%Cu-1%Ni-1%Mn segregation temperature: 30d&) Fe-1%Ni-1%Mn
segregation temperature: 500K ady Fe-0.5%Cu-0.7%Ni-1.4%Mn segregation temperatsB@K. Ni atoms in

red, Mn atoms in violet and Cu atoms in green.dgiation lines are denoted by a black line.

significantly the thermal stability of the intermalic phase MnNi (B2), as well as of Mn
precipitates. Such clusters are attached to distrcalines, depending on the alloy
composition. In the cases with more Mn than Ni wsuthe visible result is that Mn atoms
precipitate in the core, increasing the size of phecipitate, while the intermetallic phase
MnNi always forms around the precipitated Mn, siggigg that the interface energy between
the B2 phase and Fe is lower than the one betwaenNdn and Fe, at least according to the
interatomic potential. A transversat section of the simulation box is shown in Figa &d

3.b, where it is possible to appreciate the solut&itigion around the dislocation.



3.1.2.Iron-copper-nickel-manganese

As in the previous alloys, at 300K complete preepon at the dislocation core is
observed (one case as example is depicted in Bjg.A contrast, at 550K, for the Fe-
0.5%Cu-1%Ni-1%Mn alloy, only 0.29%Cu, 0.64%Ni andXMn (45.32% of the total)
precipitate in the dislocation line zone. In the-F8%Cu-0.7%Ni-1.4%Mn alloy, only
0.39%Cu, 0.15%Ni and 1.13%Mn (51.32% of the topaBcipitate in the dislocation line
zone (Fig.A). The precipitate composition is sensitive to ¢henposition of the alloy and the
temperature, as studied in [4]. In the FeCuNiMmyd| Cu atoms precipitate in the tensile
region of the core, while pure Mn atoms precipitatainly in the compressed zone of the
core, with the intermetallic NiMn phase surroundthg Mn atoms, again in agreement with
Bonnyet al.[4], and suggesting little affinity between Cu avid. In fact, the precipitation of
Cu reduces the amount of precipitated Mn, as v&ltaa lesser extent, Ni. The transvexrzal
section (Figs.& and 3d) showsan analysis of the precipitate content and theibigton of
them around the dislocation line. The precipitaiiothis quaternary alloy is explained in [4].
The radiation defects have a strong influence enptiecipitate stability, increasing the phase
stability limit. At reactor operating temperatusslutes can thus favourably segregate at the
dislocation, but this would not happen in the abserof lattice defects, i.e. only
heterogeneous nucleation or out of equilibrium eggtion may occur at reactor operating
temperatures. The precipitate composition is tHanawsly sensitive to both the composition
of the alloy and the temperature.
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Figure 3: Cluster sections of representative examples apF€-1%Ni-1%Mn at 500K k) Fe-0.7%Ni-1.4%Mn

at 300K, €) Fe-0.5%Cu-1%Ni-1%Mn at 300K and)(Fe-0.5%Cu-0.7%Ni-1.4%Mn at 550K. Green atoms: Cu,
red atoms: Ni and violet atoms: Mn. Dislocatiorelin black.
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3.1.3.Iron-Phosphorus

We have also studied the segregation of P to thee@foan edge dislocation m-Fe at
300K. We observe a strong segregation of the P satonthe dislocation core, mostly to the
compressive side of the dislocation. Since P issgre only in a small quantity, no
precipitation occurs, not even close to the digiocaline. Thus, one should mainly interpret
the results in terms of affinity of single P atofasthe dislocation line. The binding energy of
a single P atom to the dislocation core js-B.54 eV, which represents a significant driving
force for P to segregate. On the other hand, onethgle side there are sites with substantial
repulsion that might reach,£L.5 eV. Therefore, depletion of P is expectedrat side. The
binding energy was calculated as the differencevéet the energy of the system with a P
atom at the most favorable site at the dislocatimme and the energy of the system with the P
atom in a region of the sample representative &K pue. far from the dislocation). Note that
a positive binding energy represents a repulsiteraction while negative implies attraction.
It is worth noting that the Fe-P interatomic poigintoes not describe the P-P interactions
correctly, as pure P is covalently bonded. Thisnsadditional reason to use only small
concentrations of P in the simulations. Althougle fbcal concentration increases at the
dislocation core, the P-P component of the inte@yactemains low compared to the Fe-P,

therefore we may consider the bias acceptable.

Figure 4. Distribution of P atoms (green) in the presencamfedge dislocation dipole irFe (blue). The P
concentration is 0.03%a) shows the box orientation with the dislocatiopalé and I§) displays a zoom into
the compressive side of one of the dislocation £o@® displays a zoom into the tensile side of the same
dislocation core ak).
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3.2. Effect on mobility of edge dislocations

3.2.1.Iron-manganese-nickel and iron-copper-manganeskehic

Once the configurations described above have bbtined by MC simulations, the
samples are divided in two parts, each one comigionly one dislocation. In the samples
obtained at 300K, where precipitation is completelutes precipitate in equal amounts
around both dislocations of the dipole. In the aafsthe alloys obtained at 500 and 550K, in
contrast, the final concentration of Cu, Ni and Bound each dislocation is not necessarily
the same: the solubility limit is correct if the @la sample is considered, but locally there are
differences. Thus, we effectively obtained samhedf-samples) with overall concentrations
that are different from the initial one. This istidly an advantage, because it allows us to
explore more cases. The alloys chosen to whichstreen is applied are thus: Fe-1%Ni-
1%Mn, Fe-0.5%Cu-1%Ni-1%Mn, Fe-0.7%Ni-0.8%Mn, Fe%Ni-2%Mn and Fe-0.4%Cu-
0.6%Ni-0.9%Mn (an Fe-0.6%Cu-0.8%Ni-2%Mn sample setsaside because the precipitate
on the dislocation line was too large to avoid tany effects). We have therefore studied the
dislocation unpinning in the samples listed abowvéha two temperatures representative of
tensile test temperatures: 300K and 600K. Thenmipg stress for segregation obtained at a
temperature of 300K for the different alloys aram2000MPa (see Table 2), which is way
too high to allow any dislocation motion. This sagty thatedge dislocation segments are
practically immobile under usual deformation commhts when they are fully surrounded by
stably segregated or precipitated solutd$ese values are interpreted in the Discussion

section (see below).

Table 2: Composition of precipitates (%) after segregatior8@0K, volume fraction of B2 precipitates (%),
volume fraction of total precipitates (%), maximmear stress (MPa) obtained at MD simulations at &t

600K. (Tiny numbers of Mn, Ni or Cu atoms are lafthe matrix).

Alloy Comp. of precipitates| B2 frac. Total frac. Max. stress
0
Cu (ﬁi) Mn 600K 300K
1%Ni-1%Mn 457 | 54.3 0.0081 0.0177 1538 1804
0.7%Ni-1.4%Mn 256| 744 0.0040 0.0158 1120 1417
0.5%Cu-0.7%Ni-1.4%Mn | 21.4/ 20.6 58.0 0.0046 0.0224 6561| 1932
0.5%Cu-1%Ni-1%Mn 19.3| 39.00 417 0.0078 0.0200 21002365

12



Focusing now on the configurations obtained ateggagion temperatures of 500K and
550K, the stress-strain relationships at 300K dmews in Fig.5 for the Fe-1%Ni-1%Mn
alloy. Different views of the dislocation movememé shown too, obtained with the so-called
Dislocation Extraction Algorithn{DXA), a computational method developed by theharg
of OVITO [17-18]. Since precipitates around thelatiation line are strong obstacles, the
dislocation segments inside the precipitates aomgly pinned. Given their small length, the
free segments start to bow out at high stressamase seen in Fig.5. At this high stress, two
free dislocations segments start to bow out ardbhadspherical precipitate in the left-half of
Imageb (Fig.5). The curvature increases tremendousletfeztive stress (local stress) on the
pinned segment inside the precipitate [19]. Whenstness exceeds 800 MPa, the precipitate

can no longer sustain the effective stress angitireed segment is released, sweeping a large

Figure 5: Stress-strain relationship at stress-strain teatpes: 300K corresponding to the interaction of an
edge dislocatiod2 (111) {110} in a Fe box with1%Ni-1%Mn. Different views of the dislocation movent

are shown. (Segregation temperature: 500K).
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area (Image). The resulting plastic deformation results inianportant elastic relaxation,
which leads to a significant stress drop. Thendiséocation unpins from the precipitate on
the border of the simulation box (Imadeleading to further relaxation. Unpinning from the
two close precipitates (Imagp operates only when the dislocation re-enterssthrilation

box from the upper side, which is an artifact dughe periodic boundary conditions.

A detailed comparison of the loading curves oue tlifferent configurations is
presented in Fig.6 for temperatures: 30@Kand 600K p). The shape of the curves at 300K
and 600K are similar, only the unpinning stresanges, with higher values corresponding to
300K. To compare with a system without clustersefarence curve (friction stress) is also
shown, obtained with random distribution of solué¢the same concentrations. Because the
friction curves are similar, only one is shown &barity (Fe-0.5%Cu-1%Ni-1%Mn). Table 3
summarizes the main results in terms of maximuesstand depending on the concentration
of Cu, Ni and Mn.

1000
800- JWN\/\ : 0.7Ni0.8Mn
] W‘ —0.5Cu0.9Ni1.1Mn
600 L./‘J LA : 1Ni0.9Mn R M
© | i 0.7Ni2Mn ‘
% 400 . A AV, / : Ref L. kbay -
= / ]

R "

0,25 0,50 0,75 1,00 1,25 1,50 1,7%0,25 0,50 0,75 1,00 1,25 1,50 1,75
£ (%) € (%)

Figure 6. Stress-strain curves for an edge dislocation in B&&Cwith different concentrations of CuNiMn

(segregation temperature: 500K and 550K). The caitipa of the alloys and the temperature are regbim
the figure.
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Table 3: Composition of precipitates near dislocation li8) (and in the matrix after segregation at 500 or
550K, percentage of solutes in matrix, volume fractof B2 precipitates (%), volume fraction of tota
precipitates (%) and maximum shear stress (MPhaofing at 300 and 600K.

Alloy Comp. of precipitates Solutes in matrix B2 Total | Max. stress
(%) (%) frac. frac.
Cu Ni Mn Cu Ni Mn 600K 300K
1%Ni-1%Mn 46.0 | 54.0 0.07 0.1y 0.0061 0.0133 79800 9
0.7%Ni-0.8%Mn 239| 76.1 0.42 0.1 0.0023 0.009798 3 488
0.7%Ni-2%Mn 15.1| 84.9 0.40 0.11 0.0085 0.0234 40465
0.4%Cu-0.6%Ni- | 26.8 | 9.7 63.5| 0.17 057 0.29 0.0009 0.0095 457 505
0.9%Mn
0.5%Cu-1%Ni- |26.7 | 16.2 | 57.1| 0.12 0.72 0.37 0.0021 0.0128 686 757
1%Mn
i m  Fe-xNi-xMn (600K) | | | | | | | |
9001 4 O FexNi-xMn-05Cu(600K) A
A Fe-xNi-xMn (300K)
800w — A Fe-xNi-xMn-0.5Cu (300K} g
—~ ] VN 3 3 3 3 o] | A | | | | |
s -
% 700‘m """""" o
se0] b
1S : : : : : :
=
s00{ A - HFE -
foooal ot
4004 ST . .
('a.)l T T T I T T I T T T T T T T I(b')
50 55 60 65 70 75 80 8 10 15 20 25 30 35 40 45 50
% Mn % Ni

Figure 7. Maximum stress vs.aj %Mn, () %Ni in the precipitates (at the dislocation lin&plid symbols
correspond to alloys without Cu atoms, empty symbmirrespond to alloys with 0.5% Cu. Triangles and
squares show results at 300K and 600K, respectiy®ggregation temperature: 500-550K).

Fig.7 shows precipitation unpinning stress for ¢thses depicted in Table 3 as a function of
(& Mn concentration andbf Ni concentration in the precipitates near theecahile the
unpinning stress decreases with the amount of Mincreases with the amount of Ni,
consistently with the observation made in Boretyal [4]. Ni atoms are found to be
preferably diluted in the matrix and not to forroleged clusters. Instead, they enter to form
the ordered B2 structure together with Mn atoms sharound the pure Mn clusters. Fig.7
thus suggests that this structure is harder thaa dm, its volume fraction being proportional

to the amount of Ni. So the unpinning stress eiffett increases when the fraction of B2
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phase increases. This suggestion is broadly coefirby Fig.8a, that shows how, in all cases
(including when the precipitation has been simuala#® segregation temperature equal to
300K), the unpinning stress increases with the arhof B2, although clearly also other
variables play a role. For example, the Cu contethie clusters, which does not affect much
the quantity of segregated Mn atoms, but reducesathount of Ni, reduces the fraction of
precipitated B2. However, the presence of Cu, iimilar fractions of precipitated B2 phase,
has the effect of increasing the total unpinningsst (the empty symbols in Figa8ie above
the full symbols). This suggests that the totalwé fraction of precipitates is also a variable
influencing the hardening. FiglBshows that indeed there is a trend for the unpmsiress

to increase with the increasing volume fractionpoécipitates. Yet, even this variable is
insufficient, by itself, to explain the hardenirig.the discussion section the influence of the
distribution of precipitates is analysed and usedationalize in a generalized way the effect

on hardening of precipitation on dislocations.

—a— 600K
o 600K (Cu
1—=— 300K
2000{—=— 300K (Cu
|—e— 600K
- 600K (Cu
—e— 300K
J=o— 300K (Cu : ! 3 3 3 3

1000 e B SR N S e '

L - o

Tmax(MPa)
'—\
g
=)

10,0015 0,0030 0,0045 0,0060 0,0075 0,010 0015 0020 0,025
B2 Vol. fracc. (%) Total fracc. (%)

Figure 8. Maximum stress vs.aJ volume fraction of precipitated B2 phase) {otal volume fraction of
precipitates (in both cases at the dislocation)liféalues from tables 1 and 2). Solid symbols espond to
alloys without Cu atoms, empty symbols correspandlioys with 0.5% Cu. Squares (circles) show ltesat
300K and 600K, respectively samples have been rdmaiat segregation temperature: 500 and 550K
(Segregation temperature: 300K).
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3.2.3lIron-phosphorus

The same methodology has been followed to analjeeeffect of P segregation on the
response of the material to external loading. Senghlear was applied on the samples with
different P content. The resulting stress-straimves are shown in Fig&. where it is
observed that, despite its small concentration,pitesence of P significantly increases the
yield point, leading therefore to hardening. Fonateracting particles, the extra work to be
performed on the material for the dislocation ter@eme the obstacle is directly proportional
to the binding energy of a single atom into thdodistion core, multiplied by the number of
atoms [20].

ob = dTEB (5)

Whereo is the yield stress, b is the Burguer vectgrjs the linear concentration of solutes
along the dislocation line ang; is the binding energy. Figl®shows the dependence of the
unpinning point with the amount of P. For smalldhtents we observe that the results follow
a straight line with slope given by the binding igye as predicted by theory. The slope found
from the fitting is 0.15 eV, which is in very goagreement with the averaged 0.21 eV of the
binding energy at attractive sites. In the Montel@ealculation not all the P atoms are in the
most favorable sites due thermal fluctuations. Tiius deviation from the calculated value is

to be expected. As the P concentration increalsesgesults deviate from the straight line,

0.96 nm~
1.36 nm™"
12{10—1_46%_1 a) 1200 b)
1000 1,96 om™" 1000 : 5
307 nm™! _ J00 K =
e m - e
& 800 113 05 pm - % ) Eop
E 600 3.36 nm”~" = 600 £ -
= ]
< 400 2 P E'__ 400 o
200 200 et fit
f‘Pf ,-/ MD
0= i 2 [RiLE_ )
0 0.005 0.015 0.5 1 1.5 2 25 3 35
KP {1.I'I'|IT'|}

Figure 9. (a) Stress-strain curves depending on the P confentYield stress versus P composition. Yellow

points represent MD results and the blue line shawpline fit. The dashed straight line displaydape given

by the binding energy of a single P atom to thecediglocation.
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because P-P interactions start to play a role. warth mentioning that is a general trend and
the linear relation is not valid solute-solute matgions are significant. As stated above, the
interatomic potential used in these calculationgsdaot reproduce satisfactorily the P-P

interaction, so these points have to be taken edtb.

4. Discussion

In the Fe-Ni-Mn ternary and Fe-Cu-Ni-Mn quaternatlpys, solute precipitation to
the core of dislocations occurs fully at 300K arattially at 500K and 550K. Mn and Ni
segregate largely to the dislocation core. Theipitates might exhibit a core shell structure,
depending on the concentration of each elementy mitre Mn at the core and a MnNi
intermetallic with the B2 crystalline structurethre outer region. Cu atoms occupy competing
positions in the dislocation core, meaning thatatdition of Cu suppresses the precipitation
of Ni and Mn to the core. This result can be exmdi by elasticity theory considerations,
comparing the lattice parameters of the differamcpitates phases: bcc Mn and B2 NiMn
are undersized compared with bcc Fe, while bccsCwersized, in concordance with results
published by Bonnet al [4].

Despite the clear stronger hardening effect ofBBephase, here we shall analyse the
results without distinguishing between precipitatanposition, focusing only on the shape
and distribution of the precipitates along the Jlibeth in the case of FeMnNi(Cu) (FigaB.
and of FeP (Fig.9). However, Fig.8 suggests that the precipitatauva fraction is not
sufficient, alone, to explain the strengthening atiter variables play a role, as well. In order
to quantify the pinning effect of the dislocationotion, we therefore interpret the MD
simulation results on the basis of the method tegoby Monnetet al. [21,22]. In this
method, the pinning is characterized by the lotralss necessary for a dislocation segment to
penetrate and shear the precipitate. It is equivdtea “friction” stress inside the precipitate
and is called precipitate resistanggs in the following. Based on previous work [21,281is
resistance, that affects only the segment of digioo inside the precipitate, is on the order of
a GPa. The objective of the present discussion Bstimate this precipitate resistance as a
function of composition and temperature. Howevhg obriginal method was designed to
estimate the resistance from MD simulations ofshodation interacting with a periodic row

of identical precipitates (periodic boundaries wesed). A slight modification has to be
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considered because in the configurations testethigr work, not only one precipitate is
pinning the dislocation but several ones.
Let us consider unpinning from a precipitate “p”feD in the middle of Fig.10.

Two segments of length andl, are boundindp (see Fig.10).

Figure 10: Schematic configuration of dislocation unpinningrfr precipitatep.

They experience two applied forcesh(;) and @bly). Since every bowing segment is pinned
by two precipitates, precipitat® experiences one half of;bl;) and one half of £bl,). In
addition,P is subject to the applied forcglfD) on the dislocation segment of lenditthat is
going to shear it. At the unpinning applied strgss, precipitateP is thus subject to a total
driving forceFnax= [ (1 + |2) + D]b7max Which must be balanced by the pinning fdfgg, =

Dbr,,s Consequently, the obstacle resistance can beneltas:

1, +1,+2D
Tops= T Tmax (6)

Four simulations were used to estimate the obstaslstance. The configurations are shown
in Fig.11. In order to avoid the periodic boundartefacts, unpinning must occur before any

dislocation segment leaves the simulation box anehters it from the opposite face.

Unfortunately, this condition could not be sassfiin the case of 0.4%Cu-0.6%Ni-
0.9%Mn alloy. The precipitate size and the length&he dislocation segments to the left and
to the right of the indicated precipitates haverbeemputed for MD simulations performed at
300 and 600 K. When plotting,axas a function of [R/ (11 + 1, + 2D)] the slope indicates the

precipitate resistancgps Results are shown in Fig.12, where simulatior20@tK are plotted
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in circles and those at 600 K in rectangles. As lsarseen from the figure, data are aligned
along straight lines passing by zero. The slopiefliine at 600 K is slightly less than that at

300K. This indicates that precipitates in all allayan be characterized by a similar resistance
of 2400 MPa at 300 K and 2100 MPa and 600 K.

oNI - 2%Mn

Xt . .-"ls.

'(5)07

(c) 1%N| - 1%Mn | (d) 0.5%Cu - 1%N| - 1%Mn

Figure 11 MD configurations used to compute the precipgatesistance. Only one unpinning event is
considered and it occurs from the precipitate gairdut in every configuration.
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Figure 12: The unpinning stress as a function of the rafid @, + |, + 2D). The slope provides the precipitate
resistance. Circles refer to simulations at 300thd aectangles to simulations at 600 K. (Segregatio
temperature: 500 and 550 K).
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Of course, the decrease in the resistance is dtletmal activation, as was also reported in
the case of Cr precipitates [22]. The specific galobtained from each simulation are given
in Table 4.

Table 4: Precipitate resistance (MPa) computed from MD sétiohs of the different alloys at 300 and 600 K.
(Segregation temperature: 500 and 550 K).

600K 300K
1%Ni-1%Mn 2200 2500
0.7%Ni-0.8%Mn 2300 2900
0.7%Ni-2%Mn 2100 2600
0.5%Cu-1%Ni-1%Mn 2000 230(

The different values reported in Table 4 are ef $hme order of magnitude as those
obtained for Cu and Cr precipitates in iron [22hisI seems to confirm that this order of
magnitude is common to most coherent precipitatason. However, we must be careful in
relating the precipitate resistance (on the ord@:® GPa) with the induced hardening (on the
order of some tens to some hundreds of MPa). Timeiomeasures the friction strasside
the defects resisting to the shear of the pre¢glbg the dislocation, while the latter reflects
the effect of precipitates on the overall colleethehavior of dislocations, which depends on
the precipitate size, distribution and densityaddition to the precipitate resistance. In the
following we give an example of role of the sheasistance in estimating the macroscopic
hardening. Recently, thanks to dislocation dynarmsiosulations, it has been shown [22] that

the hardenindst induced by random distribution of precipitates bargiven by:

3/2
T In2D K
Ar=| T2 Moo
(r InZ] 21" (7)

[ee]

wheret., iIs a constant (equal to 4.5 GPa), u the shear lm®duthe average free planner
spacing and the harmonic mean of the precipitate dx@ndl. All lengths in Eq. (7) are
normalized by the norm of the Burgers vector (0.248). For typical values of radiation
defect size (3 nm) and a density of3@i3 [23] the free average spacing is close to 55 fim. |
these precipitates are considered impenetrableghe= 1. and Eg. (7) reduces to the Bacon
et al expression [24]. The Orowan hardening thepgleglicted is close to 100 MPa in shear

stress which (with a Taylor factor of 2.7 [25]) ige a macroscopic hardening larger than 270
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MPa. This value is much larger than the one fretiyeneasured in experiments [23]. But if
we consider,,s= 2.7 GPa (the average valuetgf;at 300 K in Table 4)At predicted by Eq.
(7) is 47 MPa and the macroscopic hardening is a@mately 127 MPa, which is much

closer to the measured hardening in low copper Rie¥ls.

In the light of this interpretation, the resultspoeted in Table 2 (segregation
temperature: 300K) can be easily rationalized. &isegregation iglmost homogeneous
along the dislocation line, the length of free segta (; andl,) decreases drastically, as can
be shown in Fig.2 andb. According to Eq. (6), wheh andl, go to zero,r,ps becomes close
to the unpinning stress. Therefore, with quite $waues ofl; andl,, the unpinning stresses
reported in Table 2 must be close to and slighdipW the values of precipitate resistances
reported in Table 4. A quick look at the two tabtesmfirms this conclusion. The case of the
last alloy (0.5%Cu-1%Ni-1%Mn) is especially intdreg. As can be shown in Fig.13, there is
almost no segregation free dislocation segmentiegagon is almost uniform. Lengthsand
|, are therefore almost zero, which, according to madel, requires that the unpinning
stresses for this alloy (2400MPa in loading at 3G@G0Kl 2100MPa in loading at 600K) and
precipitate resistances (2300MPa at 300K and 20@0&FS00K) computed from Eq. (6) (at
different segregation temperature) must be vergelovhich is in excellent agreement with
the reported results. This conclusion confirms gratipitates forming at 300 K and at 500 or
550 K are of similar resistance; the distributidrprecipitates along the dislocation line alters
the precipitate resistance, that decrease slighitly increasing temperature (this is likely to
be the consequence of the slight decrease in ta&r shodulus, i.e. the line tension of the

dislocation, rather than the decrease of the eegistitself).

i T

Figure 13: Configuration of solute segregation in the (0.5%C6Ni-1%Mn) obtained at 300K.

However, all the values of precipitate resistareg@rted in this work must not be considered

as a unique indicator of hardening. Precipitatéstasce is only one third of the story. As
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shown earlier [22], hardening at the intragrandéwel is governed by three factors: the
resistance, the average size and the density oipgedes. Given that most precipitates are of
a few nm size and of resistance close to 2500 Miaprecipitate density is probably the
most important precipitation parameter for hardgnifEffort must thus be made to

characterize the distribution of the precipitateesin the different alloys.

The analysis of the case of the 0.5%Cu-1%Ni-1%Moyahpplies also on the segregation of
P along the dislocation line, since precipitatienalmost uniform. The resistance of the
phosphorous precipitates is thus almost equald@ortaximum stress depicted in Figp.8The

resistance thus increases linearly with the P critethe alloys.

5. Summary and conclusions

We have simulated Cu, Ni, Mn and also P segregatieaipitation near a dipole of
edge dislocations in a Fe matrix using an atomidbate Carlo (MC) method in the variance-
constrained semi-grand-canonical (VC-SGC) ensenilifle. results for Mn, Ni and Cu are
fully consistent with the results already publistgdBonnyet al [4,10], which were obtained
with a different computational technique, therebpmorting their robustness. Subsequently,
the effect of the segregation/precipitation on thebility of the dislocation when a load is
applied has been studied.

Based on the results obtained, segregation prdihesprecipitates at the dislocation
core act as strong obstacles for the edge distoatiA B2 ordered phase formed by Ni and
Mn appears to be especially hard, suggesting tlmgisecontaining high amounts of these two
elements, especially Ni that drives the preciptatf this phase, will be subjected to higher
hardening. In contrast, since Cu reduces the amuiuthiis phase that precipitates, overall it
reduces the hardening effect. As a matter of falagt mainly determines the hardening effect
is the total amount of atoms that segregated angtated around the dislocation, as well as
their distribution, in particular the distance beem them along the dislocation line. The
segregation temperature has an influence only ansat it influences the amount of
segregated atoms; however, it does not affect nloehntrinsic precipitate resistance. This
resistance has been estimated to be in averagefdMERH) at 300K and 2100MPa at 600K.
These values can be directly used in larger sc¢adalations to estimate the hardening at the

grain scale, given the precipitate distributiomnglohe dislocation lines.
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P strongly segregates to the edge dislocation dordéhe compressive side of the
dislocation field, without forming full-fledged pemitates. Still, the attractive binding energy
leads to significant dislocation pinning. The remise due to segregated P atoms seems to
increase linearly with the P content, at leastsimall concentrations, the slope being close to
the binding energy, as predicted by theory. FogdarP contents, the curve deviates from
linearity, probably because the P-P interactiores raot taken into account in the cohesion
model of the interatomic potential of the Fe-P usedur simulations.
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