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ABSTRACT 

The stability of nanocrystalline microstructural features allows structural materials to 

be synthesized and tested in ways that have heretofore been pursued only on a limited 

basis, especially under dynamic loading combined with temperature effects. Thus, a 

recently developed, stable nanocrystalline alloy is analyzed here for quasi-static (<10
0
 s

-1
) 

and dynamic loading (10
3
 to 10

4
 s

-1
) under uniaxial compression and tension at multiple 

temperatures ranging from 298-1073 K. After mechanical tests, microstructures are 

analyzed and possible deformation mechanisms are proposed. Following this, strain and 

strain rate history effects on mechanical behavior are analyzed using a combination of 

quasi-static and dynamic strain rate Bauschinger testing. The stable nanocrystalline 

material is found to exhibit limited flow stress increase with increasing strain rate as 

compared to that of both pure, coarse grained and nanocrystalline Cu. Further, the 

material microstructural features, which includes Ta nano-dispersions, is seen to pin 

dislocation at quasi-static strain rates, but the deformation becomes dominated by twin 

nucleation at high strain rates. These twins are pinned from further growth past 

nucleation by the Ta nano-dispersions. Testing of thermal and load history effects on the 

mechanical behavior reveals that when thermal energy is increased beyond 200 °C, an 

upturn in flow stress is present at strain rates below 10
4
 s

-1
. However, in this study, this 

simple assumption, established 50-years ago, is shown to break-down when the average 

grain size and microstructural length-scale is decreased and stabilized below 100nm. This 

divergent strain-rate behavior is attributed to a unique microstructure that alters slip-

processes and their interactions with phonons; thus enabling materials response with a 
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constant flow-stress even at extreme conditions. Hence, the present study provides a 

pathway for designing and synthesizing a new-level of tough and high-energy absorbing 

materials. 
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1 BACKGROUND AND OBJECTIVES 

The instability of nanocrystalline materials microstructural features, such as grain 

size, has plagued development of a scientific understanding of the effects of 

nanocrystalline grain size on the flow stress and ductility of a material that maintains 

nanocrystalline structure. Without such an understanding, nanocrystalline materials will 

be limited to nonstructural applications despite the potential for nanocrystalline grain 

material to increase the load bearing potential without adding weight to the structure. 

Recent developments, however, have improved nanocrystalline stability in Cu using 

additions of an immiscible Ta solute which provides grain size stability up to 

temperatures of 600 °C [1]. However, only limited characterization of the alloy has been 

performed leaving many unanswered questions, such as the coupling of strain rates with 

high temperatures, the stability of the flow stress response with respect to very high strain 

rates (up to 10
5
 s

-1
), and the tensile response of the material. Therefore, using this alloy 

system, the effects of nanocrystalline microstructure on the mechanical behavior of a 

nanocrystalline (NC) Cu-Ta alloy will be investigated under extreme environments such 

as high temperature and high strain rate loading. Further, pre- and post-deformation 

microstructures will be analyzed to determine the deformation mechanisms present when 

grain rotation and growth are not allowed as well as the varied effects of Ta concentration 

and extrusion temperature on the mechanical behavior of these alloys.  
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1.1 Nanocrystalline Materials 

The flow stress of a material is known to be primarily dependent on the 

microstructure of the material. Microstructural defects such as grain boundaries, twin 

boundaries, and precipitates have been shown to cause strengthening in crystalline 

materials. Particularly, the Hall-Petch relationship [2] defines the interaction between 

flow stress and grain size for a majority of crystalline solids where, as grain size reduces, 

flow stress increases. For this purpose, nanocrystalline materials, with grain size less than 

100 nm, are an attractive prospect for structural applications where weight is a major 

concern. Generally speaking, as the flow stress of a material increases, the ductility of 

that material will decrease as the increased energy required to plastically deform the 

material comes from obstacles to dislocation motion which facilitates ductility. However, 

in the case of nanocrystalline materials such as Ni-Al and Cu alloys, a change in 

deformation mechanism from dislocation nucleation, propagation, and absorption to grain 

rotation and coalescence causes the material to exhibit superplastic behavior exhibiting 

strains of several hundred percent [3,4]. This makes nanocrystalline materials attractive 

for the purpose of energy absorbing applications such as armor plating and vehicle 

structures. However, nanocrystalline materials are plagued by problems relating to 

stability of the nanostructure; namely, under harsh environmental conditions (e.g., high 

temperature and complex loading states), nanocrystalline materials can undergo extensive 

grain growth causing the material to become microcrystalline, thereby, losing all 

beneficial properties from the nanocrystalline structure. 
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The thermal stability of NC Ni (10-20 nm) was investigated by Klement et al. [5] who 

measured the grain growth of NC Ni using digital scanning calorimetry and found that Ni 

nanocrystals became unstable and experienced significant growth at around 353 K. 

Further, a number of review works have been published that discuss the stabilizing 

mechanisms within nanocrystalline materials [6–9]. These works report that high purity 

nanocrystalline materials exhibit extensive instability at low homologous temperatures, 

but stabilization can be achieved with the introduction of stabilizing elements. While 

thermal stability is a major problem for nanocrystalline materials in a number of 

applications, the larger problem for nanocrystalline materials at low temperature 

applications is the instability of the structure under complex load conditions. 

The mechanical stability of nanocrystalline materials poses a problem with regard to 

use in structural applications especially where loading states can be very complicated. 

Padilla and Boyce [10] composed a review of the behavior of nanocrystalline materials 

under fatigue loading pointing out that while nanocrystalline materials have potential to 

exhibit exceptional fatigue resistance, the instability of the structure promotes grain 

growth followed by crack formation. Further, high speed shear testing of copper, brass, 

and aluminum materials processed by severe plastic deformation showed extensive 

microstructural change as a result of high speed shear [11]. Such microstructural changes 

can result in deterioration of mechanical properties of a structural material under in 

service loading conditions. However, recent efforts have shown that nanocrystalline 

alloys can be stabilized to maintain nanocrystalline structure up to temperatures of 600 

°C and strain rates on the order of 10
3
 s

-1
 [1,12]. Stabilizing mechanisms for 
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nanocrystalline materials such as kinetic and thermodynamic mechanisms have been 

proposed and shown to be effective, but according to the work of Koch et al. [9], kinetic 

mechanisms, i.e., Zener pinning, are more effective at pinning nanocrystalline grain 

boundaries at higher homologous temperatures. This work will utilize an alloy, NC-Cu-

10at.%Ta, with Ta additions that pin grain boundaries such that the nanocrystalline 

structure remains stable up to 400 °C [13] in order to investigate the dynamic behavior of 

a stable, nanocrystalline alloy. 

1.2 Flow Stress-Strain Rate Sensitivity 

Before the dynamic behavior of a material can be discussed, a basic understanding of 

strain rate sensitivity in materials is required. Using OFHC Cu as a model material for 

this discussion, Figure 1.1 shows that flow stress response with respect to strain rate can 

be divided into three distinct regions: 1) a thermal activation region where deformation is 

dominated by thermally activated mechanisms such as dislocation slip and twin 

formation, 2) a transition region which is dependent on many factors including material 

microstructure and lattice properties, and 3) an upturn region, here called the phonon drag 

region, which is classically stated to be resultant from drag forces due to mobile lattice 

dislocation interactions with lattice vibrations (i.e., phonons). Experimental data in Figure 

1.1 comes from Jordan et al. [14] and House et al. [15]. 
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Figure 1.1 Flow stress as a function of strain rate for OFHC Cu. Experimental results 

come from works by Jordan et al. [14] (†) and House et al. [15] (҂). The thermal 

activation, transition, and upturn regions are marked with blue, red, and green lines, 

respectively. 

The thermal activation region occurs at low strain rates, typically below 10
3
 s

-1
, where 

the energy required to deform the sample is determined by the activation energies of the 

barriers to dislocation motion within the sample (e.g., grain boundaries, precipitates, twin 

boundaries, etc.). The effect of energy barriers can be schematically seen in Figure 1.2 

taken from [16]. As the energy input into a system increases, barriers in the system are 

more easily overcome leading to plastic deformation. When the energy input into the 

system increases sufficiently, other mechanisms may be activated though they may not be 

the energetically more favorable mechanism. In the case of high strain rate loading, this 

occurs when the usually energetically favorable mechanism of dislocation motion does 

not have sufficient time to occur, so energy builds to allow other mechanisms, e.g., 

twinning, to become dominant. As an example, this is seen to occur in OFHC Cu where 

high strain rate conditions can produce a nanotwinned microstructure [17]. 
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Figure 1.2 Schematic for visualizing energy barriers. As temperature increases, (T0 < T1 < 

T2 < T3), the mechanical force required to overcome a barrier is decreased. Image is 

adapted from [2]. 

The upturn in flow stress at strain rates generally higher than 10
3
 s

-1
 is common to 

many materials, but the transition from thermal activation to phonon drag differs for each 

material. The transition to the flow stress upturn is dependent on many factors only some 

of which have been identified. Most notably for this work, the dependence of flow stress 

upturn on the grain size of the material is clearly observed in Ni in the work by Dalla 

Torre et al. [18] which is summarized in Figure 1.3. Here, it can be seen that as grain size 

is reduced, the upturn in flow stress exhibits an increase in flow stress at lower strain 

rates than that seen in coarse grained Ni. However, pure NC Ni is known to exhibit 

localized grain growth at high strain rates [18], so in order to understand the specific 

effects of factors such as grain size on the transition to the phonon drag region, the 

mechanisms controlling the upturn must be understood. 
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Figure 1.3 Flow stress upturn as a function of strain rate for Ni of both coarse grained and 

nanocrystalline grain size. Data is replotted from Dalla Torre et al. [18]. 

The classical understanding of the mechanism driving the upturn in flow stress is that 

of dislocation drag [19]. When material deformation is dominated by dislocation drag, the 

model for drag force on the dislocation is simply 

 𝐹 = 𝐵𝑣 (1.1) 

where 𝑣 is the average dislocation velocity and 𝐵 is a drag constant as determined by  

 𝐵 = 𝐵𝑒 + 𝐵𝑝ℎ + 𝐵𝑚 (1.2) 

where 𝐵𝑒 is electron drag which is only active at temperatures below the Debye 

temperature (typically less than ambient temperatures), 𝐵𝑚 is magnon drag which only 

comes into play for magnetic or neo-magnetic materials, and 𝐵𝑝ℎ is phonon drag which 

has a greater impact at high temperatures and high strain rates as phonon drag is caused 

by interactions between fast moving dislocations and vibrating lattice atoms [20].  
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In general, we know that the classical quantum mechanical description predicts the 

nature of phonons to obey Bose-Einstein statistics [21]; hence, the mean occupancy 

number of phonons increases linearly with temperature. As the number of phonons 

increases, drag force on a mobile dislocation also increases leading to a rapid increase in 

flow stress at low strain rates. In principle, crystalline-defects (twin boundaries and/or 

dislocations) at elevated temperatures are free to move within the microstructure and will 

interact with a viscous phonon gas (derived from random lattice vibrations) leading to an 

increase in the drag effect during high-rate deformation. Additionally, the result of 

accelerating defect dislocations (full and twin) to dynamic rates is known to produce 

elastic waves in the form of anharmonic radiation, with a wavelength that is dependent on 

and proportional to the velocity [22]. However, at finite temperatures, the emitted 

phonons from dislocations or other sources will be partially absorbed or scattered by the 

viscous medium of thermal phonons and likely not travel extended distances. A high 

density of barriers, such as grain/twin boundaries and a high number density 

(6.5 × 10
23

 m
3

) of nanoclusters can lead to scattering, absorption, and transmission, 

which should distort the local phonon density of states and produce perturbations in the 

elastic/plastic front. Such interfaces/defects are known to significantly influence thermal 

transport properties [23].  

Recently, some atomistic studies showed that decreasing grain sizes in pure NC 

metals enhances both the low and high frequency phonon density of states (DOS) 

[14,22,24]. These works showed that the lower atomic density in grain boundary regions 

enhances the low-frequency vibrational modes as well as promotes general broadening of 
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the phonon DOS due to disorder; whereas, the internal stresses within the NC grains shift 

the phonon DOS to higher frequency [24]. Alternatively, and in addition to contributing 

to the scattering and absorption of phonons, boundaries and nanoclusters can delay the 

transition to the drag regime by acting as barriers that pin and slow down defect 

propagation. 

Beyond the scattering of phonons, the average dislocation velocity also plays a very 

important role in the effects of phonon drag on the flow stress of the material. 

Particularly, when a dislocation travels through a lattice with no dislocation barriers, the 

drag force on the dislocation limits the dislocation to travel at a maximum velocity. 

However, when the dislocation motion is interrupted by a barrier such as a grain 

boundary or precipitate, the dislocation velocity can be slowed below the critical velocity 

at which phonon drag becomes relevant. The average dislocation velocity is measured as 

the average distance between barriers divided by the time for the dislocation to both 

become free from the barrier (∆𝑡𝑏𝑎𝑟𝑟𝑖𝑒𝑟) and travel across the open lattice (∆𝑡𝑝ℎ) as in 

 
𝑣𝑑𝑖𝑠𝑙 =

𝐿

∆𝑡𝑏𝑎𝑟𝑟𝑖𝑒𝑟 + ∆𝑡𝑝ℎ
 

(1.3) 

where 

 
∆𝑡𝑏𝑎𝑟𝑟𝑖𝑒𝑟 = ∆𝑡0𝑒𝑥𝑝 (

(𝜏𝑚𝑎𝑥 − 𝜏)𝑉

𝑘𝑇
) 

(1.4) 
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∆𝑡𝑝ℎ = 𝐿√(
𝐵

𝜏𝑏
)

2

+ (
1

𝑐𝑡
)

2

 

(1.5) 

𝐿 is the average length between barriers to dislocation motion, ∆𝑡0 is an adjustable 

parameter indicating the time for a single attempt for the dislocation to depin from the 

first barrier, 𝜏𝑚𝑎𝑥 and 𝜏 are the maximum and applied critical shear stresses, respectively, 

𝑉 is the activation volume, 𝑘 is Boltzmann’s constant, 𝑇 is the temperature, 𝐵 is the drag 

coefficient, 𝑏 is the Burger’s vector of the lattice, and 𝑐𝑡 is the approximate transverse 

wave speed of the lattice [25]. According to these results combined with equation 1.1, if 

the distance between dislocation barriers is sufficiently small, the time spent by the 

dislocation travelling through the lattice will be reduced such that effects of phonon drag 

will be minimized. This provides the basis for investigating the dynamic mechanical 

behavior of a material that maintains nanocrystalline structure. 

1.3 High Strain Rate Testing Technique Overview 

Determination of flow stress at a range of strain rates from 10
-3

 to 10
5
 s

-1
 will require 

multiple testing techniques including an electromechanical universal testing machine, a 

Kolsky bar (sometimes called a split Hopkinson pressure bar), and a rigid Taylor anvil 

test. Specifics of the employed techniques will be discussed in further detail throughout 

the work, but some theory and prior developments regarding the Kolsky bar and Taylor 

test will be discussed here. 

The Kolsky bar technique has been well established and several good reviews of the 

technique have been published [26,27]. This device, outlined in Figure 1.4, employs a 
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system of three bars intended to deform elastically. The first bar (striker bar) is propelled 

by a compressed nitrogen powered gas gun toward the end of the second bar (incident 

bar). The strain pulse generated from the impact travels down the incident bar to the 

specimen where the strain wave splits into a transmitted wave and a reflected wave. 

Waves trapped reflecting within the specimen are deemed negligible with respect to the 

incident and transmitted waves.  

 

Figure 1.4 Schematic showing wave propagation through a Kolsky bar. The black, red, 

and green waves are the incident, reflected, and transmitted waves, respectively. 

The transmitted wave travels from the specimen into the third bar (transmitted bar) 

where a strain gauge measures the magnitude and duration of the wave which give the 

engineering stress measured in the specimen as 

 
𝜎 =

𝜀𝑇𝐸𝐴𝑏

𝐴𝑠
 

(1.6) 

where 𝜀𝑇 is the strain measured in the transmitted bar, 𝐸 and 𝐴𝑏 are the Young’s modulus 

and cross-sectional area of the transmitted bar, respectively, and 𝐴𝑠 is the cross-sectional 

area of the specimen. Similarly, the strain in the specimen can be found using the 

reflected strain pulse (𝜀𝑅) as 
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𝜀 =

2𝑐0

𝑙𝑠
∫ 𝜀𝑅(𝑡)𝑑𝑡

𝑡2

𝑡1

 
(1.7) 

where 𝑐0 is the longitudinal wavespeed in the bar, 𝑙𝑠 is the sample length, and 𝑡1 and 𝑡2 

are the times at the start and end of the reflected pulse, respectively. As a result of the 

short deformation time during Kolsky bar testing, force equilibrium on each side of the 

specimen is not attained until plastic deformation has already begun. Further, at high 

strain rates and high strain levels, adiabatic heating causes softening in samples as 

mechanical energy is converted to thermal energy which cannot escape the specimen 

within the short time of deformation, so flow stress should be determined at low levels of 

strain but not so low that force equilibrium is not achieved, see Figure 2.2. In this work, 

samples of 3 mm gauge length were determined to achieve force equilibrium shortly 

before 10% strain, so this is the strain level at which flow stress comparisons will be 

made. Also, the rise in temperature resulting from adiabatic heating is calculated 

according to the method of Kapoor and Nemat-Nasser [28].  

A full investigation of the stability of the investigated NC material requires the use of 

high temperatures during mechanical load application. This presents unique problems in 

Kolsky bar testing as the results are dependent on the elastic properties of the loading 

rods which will change with temperature. However, in this work Inconel 718 was used as 

the bar material to minimize the effects of temperature, and correction for the remaining 

thermal gradient has been applied using the work of Bacon et al. [29]  in the form 
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ε =

4cTE(εi − εt)

(ET + √E ∗ ET)ls

 
(1.8) 

 
σ =

εtETAb

As
 

(1.9) 

where ε and σ are the strain and stress in the sample, respectively, cT is the wavespeed in 

the bar at the testing temperature, E and ET are the elastic moduli at room temperature 

and testing temperature, respectively, εi and εt are the strain measured in the incident bar 

and transmitted bars, respectively, ls is the sample length, and As and Ab are the cross-

sectional areas of the sample and bar, respectively. 

The Kolsky bar is limited to strain rates between 10
3
 and 10

4
 s

-1
, so in order to 

evaluate mechanical behavior above 10
4
 s

-1
, a rigid Taylor anvil test capable of obtaining 

strain rates on the order of 10
5
 s

-1
 is conducted by directly firing a cylinder of the material 

using a compressed gas gun at a maraging steel, rigid target plate. The test was first 

explained by Taylor [30] who, assuming linear deceleration, used the initial specimen 

length, post deformed specimen length, and velocity of the projectile to approximate the 

yield stress of the material. Jones et al. [31] and House et al. [15] later developed 

Taylor’s analysis to lead to the following formulation which accounts for nonlinear 

deceleration 

 
σy =

ρfvs[l0(l1 − 𝑋)]

(l0 − 𝑋)(l0 − l1)
 

(1.10) 

where ρ and vs are the density and velocity of the projectile, respectively, f is a fitting 

factor from 0 to 1 where ½ corresponds to Taylor’s linear deceleration assumption, l1 and 



14 
 

l0 are the deformed and initial specimen lengths, respectively, and 𝑋 is the undeformed 

section length at the end of impact [16]. This approximation was used by House et al. 

[15] on a number of samples including OFE Cu (f = 0.64), so it will be used in this work 

as a reasonable approximation of the yield stress. The average strain rate of deformation 

is estimated by  

 ε̇ =
vs

2ld
 

(1.11) 

where ld is the length of the deformed section of the sample [30]. This approximation, 

developed by Taylor, assumes uniform deceleration. 

1.4 Objective of the Dissertation 

The objective of this research is to determine the effects of stable, nanocrystalline 

grain structure on the mechanical properties of a material under extreme mechanical and 

thermal loads. To accomplish this, the following tasks must be completed: 

1. Quantify the mechanical behavior of a stable, NC-Cu-10at.%Ta alloy under 

uniaxial compression and tension at quasi-static and high strain rates as well as 

elevated temperatures. 

a. Quasi-static and dynamic tests will be employed at temperatures ranging 

from 298 to 1073 K and strain rates from 10
-3

 to 10
5
 s

-1
 in order to 

measure the stability of the flow stress. 
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b. Ductility of the NC alloy will be measured during tensile tests to 

determine whether or not the material experiences superplasticity as 

observed in NC pure Cu. 

2. Characterize the microstructure of the alloy both before and after deformation and 

correlate the microstructure of the alloy with its unique dynamic mechanical 

behavior. 

a. As the mechanical behavior of any alloy is dependent on the structure of 

that material, the evolution of the nanostructure will be characterized with 

transmission electron microscopy (TEM) post deformation to determine 

what deformation mechanism is prevalent. 

b. Material with different Ta concentrations processed at differing 

temperatures will be analyzed to determine which structural features (e.g., 

grain size and Ta nano-dispersions) affect the mechanical behavior of the 

material system. 

3. Develop and validate novel testing techniques to measure the dynamic 

Bauschinger effect of metallic samples. 

a. Modify a Kolsky bar to apply tension and compression pulses on opposing 

ends of the bar and determine a method for applying equal strain rates at a 

controllable delay time 

b. Validate the Kolsky bar modifications and test methodology by 

performing tension followed by compression and compression followed 
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by tension tests on 6061-T6 aluminum alloy both with and without a delay 

between forward and reversed loading 

4. Quantify the dynamic Bauschinger effect for NC-Cu-10at.%Ta. 

a. Using a similar setup to objective 3, apply compression followed 

immediately by tension to a NC-Cu-10at.%Ta sample and compare to 

quasi-static and high strain rate results obtained separately in compression 

and tension 
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2 BREAKDOWN OF SUPERPLASTIC BEHAVIOR IN NANOCRYSTALLINE 

ALLOYS 

The superplastic flow in structural materials is universally believed to be enhanced as 

the average grain size is decreased, i.e., materials with an average grain size below 100 

nm can be expected to exhibit superplastic behavior at room temperature, as compared to 

above 50% of homologous temperature for coarse grained materials.  Here we show, via 

systematic experiments and through computation that superplastic behavior in a truly 

stable nanocrystalline (NC) material is unattainable. The mechanisms driving this 

unexpected trend are interactions of grain boundary regions with nano-clusters, leading to 

a reversal or elimination of grain boundary sliding and rotation, even near the melting 

point of the alloy. We further present that the NC alloy studied here, exhibits a limited 

rate of strain hardening i.e. a mechanically elastic perfectly plastic response along with 

minimal texture changes (i.e., minimum grain size, morphology and orientation changes). 

Finally, deviations in superplastic behavior from the well-established notion, leads to a 

strong enhancement of high temperature properties, i.e., high temperature strength is 

remarkably maintained up to temperatures as high as 80% of the melting point (~1356 

K). Thus, our results show that stabilizing the grain boundaries, by interactions with 

nano-clusters, can be a valuable design tool for developing advanced materials for 

various broad applications including the transportation and energy sectors as well as for 

shielding and protection applications.   

The universally accepted theoretical framework suggests that within the experimental 

limits, a material can undergo extensive deformation, well beyond its usual breaking 
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point, to the extent of several hundreds of percent strain without undergoing failure if the 

grain size is reduced to a nanometer range. However, in this paper, contrary to the 

conventional belief and hitherto, we discover that a truly stabilized nanocrystalline 

material will not exhibit superplastic behavior even when subjected to temperature as 

high as 80% of its melting point. Thus, by suppressing the grain growth processes, the 

paper highlights a unique materials design principle through which materials with 

extraordinary strength and high temperature stability can be developed for advanced 

applications. 

2.1 Introduction 

Structural superplasticity is a state in which a crystalline material can undergo 

extensive deformation, well beyond its usual breaking point, to the extent of several 

hundreds of percent strain without undergoing failure. As a prerequisite, these materials 

must exhibit a strain rate sensitivity parameter (m = d(ln σ )/d(ln 𝜀̇)) greater than 0.3 

under controlled strain rates, usually between 10
-4

 and 10
-2

 strain-per-second, while 

exhibiting a limited rate of strain hardening i.e. a mechanically elastic perfectly plastic 

response along with minimal texture changes [32].  For instance, under ambient 

conditions, coarse grained (CG) metals and alloys generally exhibit low strain rate 

sensitivities, i.e., m values of less than 0.01.  However, in face centered cubic (FCC) 

metals such as copper, as the homologous temperature is increased and or the grain size 

reduced, the magnitude of m parameter can approach 1, i.e., the metal will deform as a 

Newtonian viscous solid. Such a state, i.e., superplasticity, is usually achieved during 

inelastic loading at high homologous temperatures (typically T/TM > 0.5 where TM is the 
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absolute melting point) in a material having a fine grain size (typically less than 10 µm in 

diameter) and is a direct result of grain boundary instability manifested as grain boundary 

sliding coupled with rotation, grain coalescence and viscous flow. Further, such extreme 

behavior is only possible because the geometric softening that constitutes the formation 

of non-uniform deformation at elevated temperatures is suppressed by the high degree of 

strain-rate hardening allowing continuous deformation without fracturing. This universal 

phenomena has been well established since the early 1960’s and though the underlying 

mechanism is still not fully understood, the general physical response has been described 

by the following constitutive equation [2].   

 
𝜀̇ = 𝐴

𝐷𝐺𝑏

𝐾𝑇
(

𝑏

𝑑
)

𝑝

(
𝜎

𝐺
)

𝑛

 
(2.1) 

Here 𝜀̇ is the steady-state strain rate, D is the lattice or grain boundary diffusivity, G is 

the shear modulus, b is the Burgers vector, K is the Boltzmann constant, T is the test 

temperature, d is the average grain size, p is the grain size exponent, σ is the applied 

stress, n is the stress exponent and A is a material parameter [3,4,8]. This theory suggests 

that the higher temperatures required to initiate the superplasticity in conventional micron 

sized grains can be lowered several hundred degrees, if the grain size is reduced to the 

nanoscale, i.e., in metals having an average grain size below 100 nm.  In support of the 

theory, McFadden et al. reported for nanocrystalline Ni and Ni-Al alloys, both with 

average grain sizes from 20-100 nm, the lowest normalized superplasticity temperature 

for any known crystalline material at that time [4]. More recently, room temperature 

superplasticity has been shown to occur in nanocrystalline Cu where extreme 
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extensibility (elongations exceeding 5000%) without strain hardening was reported by Lu 

et al. [3]. These finding are usually explained by postulating that superplasticity in NC 

materials is controlled by grain boundary mediated deformation mechanisms, such as 

grain boundary sliding and rotation [33]. 

Overall, the superplastic behavior is intensified in NC materials due to the increase in 

grain boundary volume fraction as compared to coarse grained materials [34]. As a result, 

NC materials exhibit superplastic behavior even at room temperature and/or high strain 

rates due to the very same grain boundary instabilities (i.e. grain boundary sliding, 

rotation and grain coalescence) arising in coarse grained superplastic materials at high 

temperatures [33]. However, contrary to conventional belief and hitherto, we present here 

extensive experimental and computational evidences that the low temperature 

superplastic flow, in truly stabilized NC (grain size 100nm or less) materials is 

inaccessible, i.e., NC materials that maintain an average grain size < 100nm at elevated 

temperatures will lack the necessary superplastic flow. We show that this unexpected 

trend is caused by stabilization of the grain boundary regions through interactions with 

nano-clusters, leading to elimination of grain boundary sliding and rotation (the 

predominant mechanisms governing superplasticity in NC metals) even near the melting 

point of the alloy. We further present that the NC material studied here exhibits a limited 

rate of strain hardening i.e. a mechanically elastic perfectly plastic response along with 

minimal texture changes (i.e., changes in the grain size, morphology and orientation). 

Finally, the deviation from the established superplastic behavior leads to a strong 

enhancement of high temperature mechanical properties. For example, a high temperature 
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strength is remarkably maintained up to temperatures as high as 80% of the melting point 

(~1356 K). Thus, our results demonstrate that selective grain boundary segregation of 

nano-clusters can be an effective design strategy for developing advanced materials for 

various applications.  

2.2 Material Processing 

The NC Cu-10 at.% Ta alloy (referred to herein as NC Cu-Ta) used in this study was  

produced through high energy ball milling followed by equal channel angular extrusion 

(ECAE) [35,36]. Elemental Cu and Ta powders (-325 mesh and 99.9% purity) were 

loaded into a hardened steel vial in the appropriate proportion along with the milling 

media (440C stainless steel balls) inside a glove box with an Ar atmosphere (oxygen and 

H2O are < 1 ppm). The vials were loaded with 10 g of the Cu-Ta powder as well as the 

appropriate amount of media to ensure a ball-to-powder ratio of 5-to-1 by weight. A 

SPEX 8000 M shaker mill was utilized to perform the milling at cryogenic temperature 

(verified to be ~ -196 °C) for 4 hrs using liquid nitrogen. The NC-Cu-10at.%Ta powder 

was consolidated to bulk via equal channel angular extrusion (ECAE). Before starting the 

ECAE process, the die assembly used for processing the billets was preheated to 623 K 

(350 °C) to minimize thermal loss during the ECAE processing. The billets, heated and 

equilibrated to 973 K (700 °C) for 40 min, were dropped into the ECAE tooling as 

quickly as possible from the furnace and extruded at an extrusion rate of 25.5 mm/s. 

These steps were repeated 4 times following route Bc [37–39] to prevent imparting a 

texture to the consolidated powder. By extruding through an angle of 90°, a total strain of 

460% was imparted onto the powder-containing billet as a result of processing. 
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Specimens for mechanical testing were then machined from these billets, within the 

region containing the consolidated powder, via wire electric discharge machining into 3 

mm length by 3 mm diameter cylinders. Further details related to the processing and 

impurity levels can be found in [13,36,40,41]. 

2.3 Mechanical Testing 

Conventional compression tests were performed over a wide range of applied 

deformation rates (10
-4

- 1 s
-1

) and temperature conditions (297 K - 1273 K). Quasi-static 

compression tests of specimens over a temperature range from ambient up to 1073 K 

(800 °C), were performed using an Instron load frame equipped with a 50kN load cell 

and an ATS clam-shell heating furnace capable of a maximum temperature of 1473 K 

(1200 °C). The specimens for compression were cylinders 3 mm in diameter and length 

(aspect ratio 1.0). Compression tests were conducted at 298, 473, 573, 873, and 1073 K, 

with strain rates ranging from 8 × 10
-4

 to 1 s
-1

. The system was held at the testing 

temperature for 30 min prior to loading to provide uniform temperature within the 

specimen. The push rods of the load frame were constructed of Inconel 718. Polished 

WC-disks lubricated with graphite were used as platens for compression testing. A 

thermocouple embedded in the Inconel rod was used to measure the temperature of the 

specimen. The stress-strain responses are provided in Figure 1. The compressive curves 

display an elastic- nearly perfectly plastic behavior over the entire temperature with no 

significant strain hardening beyond 2.5% strain. Scanning electron images confirmed that 

a negligible oxide film (< 10 μm in thickness) was formed on the surface of the cylinders 

as a result of exposure to the elevated temperatures, as measured post testing.  
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2.4 Characterization 

To obtain grain size distributions and microstructural characteristics, Transmission 

Electron Microscopy (TEM) was employed. TEM characterizations were carried out in 

the as-received and post-deformed conditions using an aberration corrected ARM-200F at 

200 KeV. Multiple bright field and dark field images were captured in both the high 

resolution TEM and STEM modes to assess the microstructure and quantify statistics 

such as grain size distribution etc. For TEM characterizations, samples were prepared 

through conventional thinning procedures where a 3 mm disk from the bulk specimen 

was thinned to about 70 μm following which the specimens were dimpled to about a 5 

μm thickness. Ion milling was performed using a Gatan Precision Ion Polishing System 

(PIPS) under liquid nitrogen temperatures to obtain electron-transparent regions in the 

specimens. The samples were also plasma cleaned in Ar prior to TEM observations to 

reduce contamination. 

Primary microstructural characterization using TEM revealed the presence of 

nanocrystalline grain sizes for the copper and tantalum particle phases with an average 

grain size of 50 ±18 nm for Cu. Tantalum particles are shown to exhibit a range of sizes 

from atomic sized clusters (d < 14 nm) to larger particles (d > 14 nm). The larger 

particles and atomic sized clusters have an average diameter of 32 ± 8 nm and 3.18 ± 0.9 

nm, respectively. The size distributions were obtained from areas similar to that seen in 

the Extended Data Figure 2 of [36], which was averaged over 300 grains. It is important 

to note that the microstructure has a few twins, but the formation of nano-twins during 
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processing for this composition is minimized due to the presence of fine 

nanoclusters[41]. 

2.5 Results 

This alloy was studied previously in limited mechanical testing such as a high 

temperature creep study where the sample is tested within the elastic limit as compared to 

the superplastic behavior probed here tested in the inelastic regime [35,36]. Typical true 

stress-strain curves are shown in Figure 1A. Inspection of these curves reveals several 

significant findings. First, the absence of appreciable strain hardening (i.e., elastic-

perfectly plastic behavior) at various deformation rates and temperatures suggests that no 

significant changes in grain size, morphology or texture occurred during the deformation. 

Secondly, the strain rate sensitivity (m) is negligible at the room temperature; however, 

as the applied temperature is increased, the rate effects become more apparent.  



25 
 

 

Figure 2.1 Thermal dependence of NC-Cu-10at.%Ta. a) The low strain rate stress-strain 

response of NC-Cu-Ta as functions of strain rate and temperature, b) strength (yield 

stress for NC-Cu-Ta from (a)) at temperature versus applied temperature for NC and 

UFG metals and alloys, c) linear behavior of flow stress as a function of temperature for 

NC-Cu-10at.%Ta, and d) influence of temperature on strain rate sensitivity at various 

strain levels in NC-Cu-Ta along with molecular dynamic simulation results. 

Next, the 0.2% yield strength evolution of the NC Cu-Ta alloy in comparison to other 

NC, ultra-fine grained (UFG) and CG material systems are shown in Figure 1B as an 

Ashby plot of strength versus temperature.  The upper and lower bounds of the individual 

contours correspond to the stress response within the strain rate limits (0.001- 1 s
-1

) over 

the given temperature range (Figure 1A). For instance, the strength of the NC Cu-Ta 

alloy at 200 °C under compression was found to be 650 MPa and 925 MPa for the strain 

rates of 0.001 and 1 s
-1

, respectively.  Thus, a significant fraction of the room temperature 

strength (59 and 76%, respectively) was retained. Even under more intense conditions, 
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this alloy demonstrates a remarkable thermal-mechanical stability wherein the yield and 

flow stresses follow a linear decrease with temperature (Figure 1C).  This is in stark 

contrast to the expected sigmoidal temperature dependence demonstrated by CG Cu and 

Cu-based alloys. Further, as shown in Figure 1, the rate of stress decreases with the rise 

in temperature which occurs much earlier for conventional NC and UFG materials. In 

fact, in comparison, the temperatures at which the current generation NC and UFG 

materials are tested can be deemed low as the service temperatures for the operation of 

structural components are significantly higher. However, NC Cu-10at.%Ta exhibits a 

higher resistance to the influence of temperature which is contrary to the reported 

literature.  

The observed retention of strength at elevated temperature raises a critical question: is 

there a strain hardening and/or superplastic behavior at such temperatures? To address 

this, the strain rate sensitivity parameters m obtained from the slopes of several plots of 

log σ vs log 𝜀̇ are shown in Figure 1D as a function of strain and temperature. The strain 

rate sensitivity is an indicator of changes in deformation behavior and is inversely 

proportional to the activation volume. The latter is a critical parameter for determining 

the rate-controlling step of the plastic deformation mechanism in the material, since it has 

a different value and stress dependence for each atomic process. Figure 1D can then be 

used to observe the evolution of the rate-controlling mechanisms with strain and 

temperature in the NC Cu-Ta alloys.  The yield stress of a material is known to be more 

dependent on strain rate at lower strain values [2] and this is consistent with the data 

presented in Figure 1D, where the m values calculated at lower strains are higher than m 



27 
 

values calculated further along the stress strain curves.  At elevated temperatures, this 

rate dependence at lower strains is more prominent as indicated by the 5 fold increase in 

the spread of the m values over the given strain range (i.e., 0.2 – 12.5 %).  This indicates 

the more pronounced role played by the thermally activated strain hardening processes in 

dictating the strain rate sensitivity at early stages of deformation.  Further, as expected, 

the strain rate sensitivity increases for all strains with temperature by almost a factor of 

10. However, despite the significant increase, the magnitude of the strain rate sensitivity 

parameter m does not break the threshold expected for superplasticity (above 0.3).  

The average value of m for the NC-Cu-Ta alloy taken at 1073K is 0.087, which 

corresponds to an apparent activation volume of v*~60b
3
. v* is a direct measure of the 

average volume involved with the specific deformation process. When deformation is 

controlled by processes such as grain boundary sliding, rotation and diffusional creep, the 

v* is relatively small, generally in the range of 1-10 b
3
. This is consistent with literature 

values for superplastic materials where v* is typically ~ 2b
3 

[42].  For comparison, 

conventional FCC metals generally have very large v* values (100’s-1000’s of b
3
), 

wherein the deformation is associated with dislocation cutting through forest dislocations. 

The small v* values close to 1b
3

 are associated with atomic displacements/jumps i.e. 

viscous flow indicative of the process required for sustained deformation.  An extensive 

survey of over 184 alloys based on Zn, Sn, Mg, Al,  Cu, Fe, Ni and Ti has shown that the 

alloy with the stable grain sizes ~ 10 to 400 times larger than in the NC-Cu-Ta alloy (i.e. 

-0.8) at homologous 

temperatures between 50 and 80% TM [42]. The observations made here on NC-Cu-
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10at.%Ta go against the general constitutive relationship of reduced grain size, elevated 

temperatures and strain rate.  It would be expected that such a small grain size at such a 

high temperature (50 - 85 nm and 873 - 1073K or 64 - 80% TM) would give rise to ultra-

high strain rate superplasticity. Instead, the behavior found here is the direct opposite to 

this expectation.   

The plastic deformation in NC-Cu-10at.%Ta tested here was determined to occur 

either through deformation twinning or dislocation slip. Studies have indicated that GBs 

serve as the origin for nucleation and provide a point for storing and 

annihilating/absorbing dislocations after they transverse the grain under an applied stress. 

These GBs are also responsible for pinning the dislocations ultimately obstructing their 

motion by strongly influencing when and where cross-slip can occur and by increasing 

the energy to unpin and move across to the neighboring grains [43–46].  

To investigate the active deformation mechanisms and the reasoning behind the high 

temperature and strain rate response in these alloys, ex-situ microstructural 

characterization was employed using the same techniques employed to investigate the as 

received microstructure. In general, the emissions of partial and full dislocations are 

competing mechanisms and their activation depends on the stress level and testing 

temperature. From the TEM observations presented here (Figures 2 and 3) on NC-Cu-

10at.%Ta, an appreciable dislocation density can be identified for quasi-static testing 

conditions implying an absence of dislocation absorption. In the case of conventional 

nanocrystalline materials, grain boundaries act as a source for dislocation generation. The 

dislocations are then free to traverse the grain and be absorbed at the opposite grain 



29 
 

boundary which acts as a sink. In the NC-Cu-10at.%Ta alloy, the dislocations are 

emitted, interact with the high density nanoclusters, and become pinned at various sites, 

thereby, reducing the mean free path for the propagation of the dislocations.  
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Figure 2.2 Grain size distribution of Cu and Ta nanoclusters obtained from as-received 

and quasi-static tested samples (at 0.01 s
-1

). a) The distributions indicate nominal increase 

in grain size for Cu with majority of the grains in the nanocrystalline regime. b) Ta 

nanoclusters also exhibit stability with temperature. c) BF image of as-received sample. 

d) BF image of quasi static (0.01 s
-1

) tested sample at 1073 K. e) precesion diffraction 

image of as-received sample. f) precesion diffraction image of quasi-static (0.01 s
-1

) 

tested sample at 1073 K. 
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The observed unique hardening behavior of the NC Cu-Ta alloy raises the question: 

are there any microstructural changes in this material at elevated temperatures? To 

address this question, we performed a high resolution TEM characterization of grain size 

and crystallographic orientations as a function of temperature. Figure 2A-B shows grain 

and Ta cluster size distribution plots, which indicate very little change in either, despite 

being exposed to temperatures above the consolidation temperature of 973 K.  The 

distributions reveal an increase in the grain size from 48.5±16.1 nm in the as-received 

condition to 89.7±12.8 nm after the 0.01 s
-1

 tested at 1073 K (0.8 Tm). In general, the 

matrix grains were found to be equiaxed in shape and coexist with larger residual Ta 

particles, spheroidal in morphology, having an average diameter of 32 nm for both 

samples (Figure 2C). Such small changes in the microstructure are very surprising given 

that the average grain size is less than 100 nm at the deformation temperature of 1073 K.  

To evaluate the influence of the deformation rate and temperature on the textural 

changes, we further performed precession diffraction which are shown in Figures 2D-E. 

The as received orientation imaging map (OIM) illustrates a high degree of randomness 

in the orientation relationship between the grains of the NC Cu matrix (see the inverse 

pole figure). It also indicates the density of specific orientations or multiples of the 

uniform distribution (MUD) to be 1, which is consistent with being random in nature. 

The same is true for the 1073 K post-tested sample (Figure 2E).   
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Figure 2.3 BF images of quasi-static (0.01 s
-1

) tested sample at 1073 K showing 

nanoclusters along with the average inter cluster spacing distribution. a) BF image of 

quasi-static (0.01 s
-1

) tested sample at 1073K b) Higher magnification BF image showing 

distribution of Ta nanoclusters. c) Inter cluster spacing distribution for as-received 

sample along with quasi-static (0.01 s
-1

) tested samples at RT, 873K and 1073K. 

Following the divergence in the observed behavior, we turn to further microstructural 

characterizations illustrating the role of nano-clustering on the mechanical behavior. As 

illustrated in Figure 1, this unusual thermo-mechanical response stems from the retention 

of the NC grain structure.  To better understand the origin of this behavior, higher 

magnification aberration corrected STEM was used to resolve, in more detail, the 

underlying microstructural features.  Figures 2C-D and 3A-B illustrate the archetype 

microstructure of the present material, where the Ta nano-clusters are distributed 

homogeneously along the grain interiors and at grain boundaries and interact with 

dislocations. The average size of the nanoclusters was found to be ~2-4 nm in diameter 

with an average inter-cluster spacing of 5.23 ± 1.74 nm. These numbers remain nearly 

constant with the application of stress and temperature, highlighting the stability and 

resistance to coarsening (see Figures 2B, and 3C). Thus, the stability of the Cu grains 

(Figure 2A) remains intact owing to the stability of the high density of coherent 



33 
 

nanoclusters present in the microstructure (Figures 3A-3B). These nanoclusters pin the 

grain boundaries and block the grain boundary sliding and grain rotation processes 

required for superplastic deformation. It is this pinning of the grain boundaries that is 

responsible for imparting the extraordinary strength and structural stability in these 

alloys, resulting in the anomalous mechanical response, namely, the breakdown of the 

universally expected superplastic behavior in NC materials.   

As seen in Figure 1C, the flow stress results for both low and high strain rates reveal 

an apparent linear temperature dependence [1,12] as compared to the sigmoidal 

manifestation expected for pure, coarse grained Cu. In pure, coarse-grained Cu, the 

values of the flow stress are a result of thermally activated dislocation motion, where an 

increase in temperature increases the energy of the dislocation and lowers the activation 

energy that the dislocation must overcome to propagate. Thus, the flow stress (𝜎𝑓) 

decreases with temperature following an Arrhenius relationship as seen below (also refer 

to [47]). 

 
𝜎𝑓 = 𝐶𝑒

−𝑄
𝑅𝑇  

(2.2) 

where 𝐶 is a constant, 𝑄 is the activation energy, 𝑅 is the ideal gas constant, and 𝑇 is the 

temperature. However, for NC-Cu-10at.%Ta, the flow stress is seen to decay near 

linearly as temperature increases. Moreover, the Cu grain size in NC-Cu-10at.%Ta after 

testing at 1073 K (800 °C) was estimated to be about 90 nm [13], indicating that grain 

coarsening is very limited and the reduction in observed yield and flow stress is solely 

dependent on increased thermal softening. In other words, the stable microstructure of the 
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NC-Cu-10at.%Ta alloy retains close proximity of dislocation barriers such as grain 

boundaries and nanoclusters such that these act as short range barriers to dislocation 

motion [2]. As increased temperature aids in overcoming short range barriers through 

increasing the vibration of dislocated atoms while long range barriers (e.g., grain 

boundaries) remain stable, the stress required to further deform the specimen (i.e., flow 

stress) decreases linearly. Thus, NC-Cu-10at.%Ta exhibits an extremely stable 

microstructure and unusual mechanical properties.  

2.6 Conclusion 

In an effort to retain a nanocrystalline grain size (i.e. < 100 nm), intense research 

efforts have focused on stabilizing grain boundaries through the kinetic and 

thermodynamic factors [9,48].  In particular, the interactions of solutes and secondary 

phases with grain boundaries can have a profound effect on the inherent mechanical 

properties and can challenge the long established theoretical frameworks related to 

mechanical behavior of materials, including the extreme creep resistance and increased 

plasticity [49]. In the light of these recent findings, we examine the question of whether 

stabilized NC materials will still manifest lower temperature superplasticity.  The general 

view, until this point, has been to expect that such materials would be superplastic 

starting with lower homologous temperatures in comparison with coarse grained 

materials. However, experimental evidence reported here reveals that NC Cu-Ta (grain 

size < 100 nm) at high homologous temperatures and despite the absence of strain 

hardening, grain growth or texture formation, cannot achieve the necessary strain 

sensitivity m > 0.3 to be considered superplastic. These observations imply that, to the 
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contrary of conventional belief, a truly stabilized NC material will not exhibit 

superplastic behavior even when subjected to temperatures as high as 80% of the melting 

point. Thus, by suppressing the grain boundary processes through complex grain 

boundary nanocluster interactions, the paper highlights a unique materials design aspect 

through which materials with extraordinary strength (approximately one half the 

theoretical limit) and high temperature stability can be developed for advanced 

technological applications. In summary, this works opens a new frontier towards 

developing structural and functional materials that have been difficult to achieve via 

conventional techniques. 
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3 ANOMALOUS MECHANICAL BEHAVIOR OF NANOCRYSTALLINE 

BINARY ALLOYS UNDER EXTREME CONDITIONS 

Fundamentally, material flow-stress increases exponentially when the deformation 

rate reaches ~10
3 

s
-1

, resulting in brittle failure for most metals. The origin of such 

behavior derives from a classical abstraction that dislocation-motion causes non-

Arrhenius deformation at higher-strain-rates due to internal-drag-forces from phonon 

interactions. In this study, we discovered that this simple assumption, established 50-

years ago, does not apply when the average grain size and microstructural length-scale is 

decreased below 100 nm. This divergent strain-rate behavior is attributed to a unique 

microstructure that limits the mobility of dislocations such that dislocation velocity 

cannot exceed the velocity required for phonon interaction to play a significant role on 

the flow stress. Hence, the present study provides a pathway for designing and 

synthesizing a new-level of tough and high-energy absorbing materials. 

3.1 Introduction 

A material’s ability to withstand high deformation rates without failure has a 

profound effect on everyday applications, indeed, in modern industrial society, e.g., in the 

case of, alternating energy supply (fusion reactors), and during automobile crashes, 

projectile impact, shock loading, and deep-space exploration (space debris and meteorite 

impact) structural metals often experience sudden deformation rates of 10
3
-10

8
 strain-per-

second or higher. Generally, almost all metals, structural and functional, show a dramatic 

upturn in flow stress when the strain rate reaches ~10
3
 s

-1
 [50–54]. This distinctly 
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different non-Arrhenius dependent regime is in part due to dislocation interactions with 

thermal fluctuations, commonly known as phonon-drag, which limits the materials’ 

ability to plastically deform prior to failure. Thus, engineers have been in a quest to 

improve the fracture toughness of conventional (coarse) grained metals and alloys, i.e., 

whether a material can be designed that will deform with a constant flow stress even 

when subjected to extreme conditions of pressure, and high rates of loading [55]. In other 

words, does the material plastic response remain the same under various loading rates? 

For such behavior to manifest, the long-established mechanism of phonon-drag leading to 

flow stress increase must break down. However, the intensity of the deformation rate, 

which can vary by 8 orders of magnitude depending on how the load is applied, 

complicates the design and processing of coarse grained metals. 

On the other hand, where the development of conventional grained metals has fallen 

short in engineering enhanced properties, nanocrystalline (NC) metals, i.e., metals having 

an average grain size < 100 nm, hold new promise. In other words, in regimes where 

thermally activated processes strongly control the deformation behavior (below 10
0
 s

-1
), 

NC materials [36,56,57] have emerged to display enhanced/unusual grain size dependent 

behavior such as high room temperature strength [34]. However, until now, the same type 

of deviating mechanical responses that have been found to exist in the thermal activation 

regime have not been shown to manifest under conditions where the applied stresses are 

high enough to overcome the usual dislocation barriers without aid from thermal 

fluctuations. In other words, the limited room temperature high strain rate studies in NC 

materials have observed similar increased flow stress above 10
2
-10

3
 strain-per-second as 
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in coarse grained materials [18,58,59] due to microstructural instability. In the following, 

we present evidence that the long-established mechanism of phonon-drag leading to flow 

stress increase does not apply to stable NC materials, even up to temperatures as high as 

473 K (or 0.35Tm for Cu where Tm (1,356 Kelvin) is the melting temperature of the 

matrix) where the drag coefficient should be much higher based on Bose-Einstein 

statistics of phonon frequency [21]. Previously, these extreme regimes of loading 

conditions were unattainable in NC materials without a loss of the NC structure due to 

thermal and mechanical instability; thus, the delayed flow stress increase has never 

before been observed even at room temperature. 

3.2 Materials and Methods 

Nanocrystalline (NC) Cu-10at.%Ta powders were processed following the procedure 

outlined in Chapter 2. Specimens for mechanical testing were machined from the NC-Cu-

10at.%Ta billets, within the region containing the consolidated powder, via wire electric 

discharge machining into 3 mm length by 3 mm diameter cylinders. Details related to the 

processing and impurity levels can be found in [13,36,40,41]. This alloy was studied 

previously using limited mechanical testing methods, such as high temperature creep [36] 

where we used this NC alloy to assess the response of a material under high temperatures.  

To obtain grain size distributions and microstructural characteristics, Transmission 

Electron Microscopy (TEM) was employed. Details regarding specimen preparation and 

imaging are listed in Chapter 2.  
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Atom probe tomography (APT) was performed using a Cameca Local Electrode 

Atom Probe (LEAP) 5000 XS instrument. The specimens were lifted-out from the sample 

ECAE processed at 700 °C and placed on a pre-fabricated Si post using an FEI Nova 600 

NanoLab dual-beam scanning electron microscope and focused ion beam (SEM/FIB) 

equipped with an Omniprobe micromanipulation system. Once welded to the Si post, 

each specimen was annular milled to a final tip diameter of 60-100 nm. During the APT 

experiments, the specimens were maintained at a base temperature of 45 K (-228°C) and 

run in the pulsed laser mode with a pulse rate of 333 kHz, pulse energy of 50 pJ, and a 

target evaporation rate of 0.5%. The APT data was reconstructed using Cameca’s 

Integrated Visualization and Analysis Software (IVAS) 3.6.12. The mechanical alloying 

followed by ECAE processes resulted in a microstructure consisting of an average grain 

size of 50±18 nm and an average twin width of ~10.38 nm for Cu along with Ta based 

nanoclusters having an average diameter of 3.2±0.9 nm and an inter-cluster spacing of 4-

to-7 nm.  

Procedures for quasi-static compression tests of specimens over a temperature range 

from ambient up to 1073 K (800 °C) are detailed in Chapter 2. High strain rate 

compression tests of specimens over a temperature range from ambient up to 1073 K 

(800 °C) were performed using an Inconel 718 Kolsky bar with 12.7 mm diameter and a 

tube furnace capable of reaching a maximum temperature of 1173 K (900 ˚C). The 

specimens for compression high-strain rate testing were also cylinders 3 mm in diameter 

and length (aspect ratio 1.0). Tests were conducted at various temperatures ranging from 

298 to 1073 K (25 to 800 °C) with strain rates ranging from 1 × 10
3
 to 2 × 10

4
 s

-1
. 
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Details about the Kolsky bar test were previously discussed in chapter 1, so they will not 

be further discussed here. 

As a result of the short deformation time during Kolsky bar testing, force equilibrium 

on each side of the specimen is not attained until plastic deformation has already begun. 

Further, at high strain rates and high strain levels, adiabatic heating causes softening in 

samples, so flow stress should be determined at low levels of strain. Since the samples 

consistently reach equilibrium by 10% strain, flow stress is taken at a 10% strain level 

and the rise in temperature resulting from adiabatic heating as determined by the method 

of Kapoor and Nemat-Nasser [28] was calculated. Assuming 100% of the work in the 

sample is converted to heat at the 10% strain level, adiabatic heating causes less than an 

approximately 40 °C rise in temperature at testing temperatures below 473 K (200 °C) 

and less than approximately 20 °C for testing temperatures above 473 K (200 °C).  

The yield stress determined from Taylor anvil experimenting is merely an estimate 

and finite element simulations are needed to determine more accurate values of the flow 

stress at strain rates above 10
4
 s

-1
 [60]. To this end, finite element simulations based on a 

Johnson-Cook model [61] with parameters listed in Table 3.1 are shown to result in a 

reasonable fit to the lower strain rate data for NC-Cu-10at.%Ta.  

Table 3.1 Johnson-Cook Parameters for NC-Cu-10at.%Ta 

 



41 
 

3.3 Results 

Primary microstructural characterization using TEM (Figure 3.2) revealed the 

presence of nanocrystalline grain sizes for the copper and tantalum particle phases with 

an average grain size of 50 ±18 nm for Cu. Tantalum particles are shown to exhibit a 

range of sizes from atomic sized clusters (d < 14 nm) to larger particles (d > 14 nm). The 

larger particles and atomic sized clusters have an average diameter of 32 ± 8 nm and 3.2 

± 0.9 nm, respectively. The size distributions were obtained from areas similar to that 

seen in the Extended Data Figure 2 of [36] and were averaged over 300 grains. It is 

important to note that the microstructure has a few twins, but the formation of nano-twins 

during processing for this composition is minimized due to the presence of fine 

nanoclusters [41]. 

 

Figure 3.1 As-received microstructural characterization. a) Bright field STEM image 

indicating the features of as-received NC-Cu-10at.%Ta such as twins, and the structure 

and distribution of nanoclusters. The red arrows are for smaller nanocluster sizes 

followed by green and blue for larger sized ones. b) HR-STEM HAADF image of a co-

joined nanocluster with crystalline and distorted components of the nanocluster. The 

interface between the components and matrix is highlighted in green dashed lines. c) HR-

TEM image of another type of nanocluster with a core-shell morphology where the shell 

is crystalline and the core consists of defects such as vacancies. 
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Figure 3.3 shows the 3-dimensional reconstructed tip of NC-Cu-10 at% Ta from APT 

measurements. The orange spheres are the Cu ions of the matrix material, while the green 

surfaces identify and mark the large particles of Ta present within the alloy system. 

(These regions are delineated from the matrix of the alloy using a TaO isoconcentration 

surface set to 7.28 at% TaO, where the interior of the surface has a higher concentration 

of Ta and O compared to the lower content outside the surface in the Cu matrix). Two of 

these smaller isoconcentration surfaces had 1-dimensional concentration profiles run 

through them to measure the partitioning behavior of Cu, Ta, and O within them. This 

yielded some interesting results that correlate nicely with the variety of Ta particles 

present in the TEM micrographs shown in Figure 3.2. One of the 1D profiles indicates 

the particle has a core-shell structure. This is seen by the O composition reaching a 

maximum where the Ta composition decreases and the Ta composition reaching its 

maximum on both sides of this O peak. This signifies an outer shell that is enriched in Ta, 

and as the core is reached, the Ta content decreases as an increase in O occurs. This 

particle is ~ 5 nm in diameter. When performing the same analysis on a slightly smaller 

(~2-4 nm) surface, the O and Ta composition reach their maximum compositions at the 

same point. This indicates the core-shell structure is not present in this particle, which 

corresponds to the variety of particle structures seen in the TEM micrographs with 

smaller particles displaying a more constant contrast across themselves indicative of a 

uniform composition and large particles having a changing contrast due to a chemical 

compositional change. Figure 3.3c-d reveals an image taken from the interior of a smaller 
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particle showing the clustering of Ta and TaO particles within the interior of the 

isoconcentration surface compared to the surrounding matrix of Cu ions. 

 

Figure 3.2 As-received microstructural characterization. a) and c) Atom probe 

reconstruction showing Cu ions, a Ta particle (delineated with a 7.28 at.% TaO 

isoconcentration surface), and an analysis cylinder placed within two different Ta 

particles b) and d) 1-dimensional concentration profile generated from the analysis 

cylinder showing the O and Ta concentration within the particle of a) and c). 

The stress-strain responses are provided in Figure 3.4. The compressive curves 

display an elastic- nearly perfectly plastic behavior over the entire temperature range with 

no significant strain hardening beyond 2.5% strain. Very little strain rate sensitivity is 

apparent at 273 K, and even with a testing temperature of 473 K, the flow stress of the 

nanocrystalline material is around 1 GPa. Interestingly, despite the thermal dependence at 
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temperatures greater than 273 K, little rise in flow stress is observed as a result of 

decreasing the temperature to 223 K. 

 

Figure 3.3 Stress-strain results at multiple strain rates and temperatures. a) Quasi-static 

compression at room temperature, b) 10
-2

 s
-1

 compression for temperatures ranging from 

room temperature to 1073 K (800 ˚C), c) high strain rate compression at room 

temperature, d) 4 × 10
3
 s

-1
 compression for temperatures ranging from room temperature 

(298 K) to 873 K (600 ˚C), and e) comparison of 10
-3

 s
-1

 compression at 273 K and 223 K 

for NC-Cu-10at.%Ta. 
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Taylor anvil results are shown in Figure 3.5. The finite element analysis (FEA), 

performed using a Johnson-Cook analysis with good fit to lower strain rate experimental 

data as seen in Figure 3.5a, accurately predicts the overall geometry of the post deformed 

experimental profile as shown in Figure 3.5b. The result revealed a flow stress of 1,500 

MPa where the maximum strain rate measured one element from the impact surface is 

approximately 2 × 105 s
-1

. This confirms the Taylor anvil experiment results (flow stress 

of 1,480 MPa at 105 s
-1

) showing that no significant upturn in flow stress occurs at strain 

rates up to 10
5
 s

-1
. 

A comparison of pure Cu and NC-Cu-10at.%Ta samples in Figure 3.5c reveals that 

the pure Cu experiences a higher degree of deformation than the NC-Cu-10at.%Ta 

indicating that the strength of the NC-Cu-10at.%Ta is much higher than that of the pure 

Cu despite the dramatic rise in flow stress observed in the pure Cu. This is a result of the 

inherent strength of the NC material, which is higher even than the pure Cu tested at 10
5
 

s
-1

. However, when the estimated yield stress from the Taylor anvil experiment is 

normalized by the appropriate quasi-static 10% flow stress behavior, the increase in flow 

stress observed by the pure Cu sample is significantly higher than the flow stress increase 

observed by the NC-Cu-10at.%Ta sample which implies that the change in deformation 

mechanism which causes the upturn in pure Cu is not present in the NC-Cu-10at.%Ta up 

to a strain rate of 10
5
 s

-1
. 
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Figure 3.4 Fits of model to Taylor anvil experiment data. a) The flow stress as a function 

of strain rate for the experimental data obtained from quasi-static and Kolsky bar testing 

compared to the Johnson-Cook model fit with parameters from Table 3.1. b) Deformed 

geometry from the simulation is shown to match reasonably well with experimental 

results. The maximum strain rate obtained from simulations one element away from the 

impact surface measured approximately 2 × 105 s
-1

. c) Samples from Taylor anvil 

experiments, which show representative specimens of: 1) an undeformed, pure Cu 

specimen, 2) the large deformation of a pure Cu specimen and 3) the relatively minimal 

deformation of a Cu-Ta sample. 

To analyze the effects of temperature and stress on the macroscopic manifestation of 

phonon drag, conventional uniaxial compression tests were performed over a wide range 

of applied deformation rates (10
-4

 - 10
5
 s

-1
) and temperatures (223 – 1273 K) as discussed 

above. The NC-Cu-10at.%Ta alloy exhibits an especially high flow stress. Figure 3.6a 

represents a comparison of the flow stresses of various high purity Cu and Ta materials 
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representing differing grain sizes, and it can be clearly seen that the flow stress of the 

NC-Cu-10at.%Ta is higher than all other materials shown. Similarly, Figure 3.6b shows 

the flow stress results at a constant plastic strain of 10%, which are normalized with the 

flow stress obtained at a quasi-static strain rate of 10
-2

 s
-1

, then plotted as a function of 

strain rate. A comparison of flow stress values taken from different strain levels can be 

seen in Figure 3.7 where little difference in normalized flow stress can be seen as a result 

of strain level for NC-Cu-10at.%Ta. The differences in flow stress as a function of strain 

level are also compared to polycrystalline Cu and Ta in Figure 3.7. Similarly, the 

normalized flow stress data for polycrystalline Cu [14], polycrystalline Ta [24], and 

coarse grained OFHC Cu obtained by Taylor impact [15] are also presented in Figure 3.6. 

A clear upturn in the flow stress, albeit initiating at differing strain rates, can be noted for 

polycrystalline Cu, NC-Cu, and polycrystalline Ta. The observed dramatic rise in flow 

stress is fundamental in origin and therefore common to all known structural metals with 

plasticity such as Cu, Fe, and Ta and believed to be the direct result of either the rise in 

the mobile dislocation drag force brought about by interactions with phonons in the 

crystal lattice or a sudden increase in the nucleation of dislocations. The fundamental 

theory of phonon-drag on mobile dislocation motion has been a seminal contribution in 

describing the mechanical behavior as a function of deformation rates despite 

microstructural differences for the past 50 years [62]. However, this prevailing theory 

does not apply to the NC material reported here, i.e., the general behavior of flow stress 

increase is absent even up to rates as high as 10
5
 s

-1  
where the flow stress upturn can be 

seen to play a more dominant role in the other material systems reported. For instance, 
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we find the room temperature flow stress at ~4.0x10
3
 s

-1 
for pure Cu [14] and 

polycrystalline Ta [24] is increased by factors of 6 and 10, respectively, as compared to 

NC-Cu-10at.%Ta which indicates that the NC alloy is minimally influenced by either 

phonon-drag forces or increased dislocation nucleation. To further support observations 

of this behavior, we use the direct Taylor anvil experiment to extract approximate 

material behavior at strain rates closer to 10
5
 s

-1
, see the solid markers of Figure 3.6. The 

Taylor anvil experiment coupled with finite element analyses have been employed to 

qualitatively infer the strength of the material reported here for coarse grained pure Cu 

and NC-Cu-10at.%Ta. In this work, the room temperature dynamic behavior measured 

using the Taylor anvil experiment at 10
5
 s

-1
 shows a negligible variation in the stress as 

compared to coarse grained pure Cu, asserting the observation of a flow stress behavior 

with, at the very least, a delayed onset of the flow stress upturn. 
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Figure 3.5 Flow stress-strain rate response of NC-Cu-10at.%Ta compared to 

polycrystalline Cu and Ta from literature. a) The high flow stress of NC-Cu-10at.%Ta 

compared to that of various pure Cu and Ta materials. The plots of non-normalized flow 

stress indicate the immense increase in strength resulting from alloying and grain 

reduction even up to strain rates on the order of 10
5
 s

-1
 while the b) flow stress at 10% 

plastic strain normalized by the flow stress at 10
-2

 s
-1

 reveals the difference in flow stress 

upturn observed in the various samples. Data above 10
4
 s

-1
 (solid symbols) was 

approximated using Taylor tests. Error bars in the Taylor anvil tested data represent 

analysis with 0.5 < 𝑓 < 1. Data on other materials are taken from Rittel et al. [24] (*), 

Jordan et al. [14] (†), Follansbee and Kocks [63](‡), and House et al. [15] (҂). The power 

law fit for the Cu-10at.%Ta data reveals that the material is subject primarily to thermal 

activation processes up to a strain rate of 10
4
 s

-1
. 
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Figure 3.6 Flow stress-strain rate variation as a function of strain level. a) NC-Cu-

10at.%Ta data taken at strains of 5 and 10% are compared with polycrystalline Cu from 

Jordan et al. [14] (*) at 10 and 20% strain as well as from Follansbee and Kocks [63] (†) 

at 10% strain. Also, polycrystalline Ta from Rittel et al. [24] (‡) at 5 and 10% strain. 

Limited variation is observed in normalized flow stress at each of the aforementioned 

strain levels. The NC-Cu-10at.%Ta data remains lower than the polycrystalline data and 

no upturn is observed in the data presented here. Error bars in the Taylor anvil tested data 

represent analysis with 0.5 < 𝑓 < 1. b) By removing the Ta and all Taylor anvil 

experiment data, the flow stress upturn in polycrystalline Cu is more clearly seen to occur 

at a lower strain rate than that of the stabilized NC-Cu-10at.%Ta. 

Investigating the temperature dependence of flow stress for NC-Cu-10at.%Ta (Figure 

3.8) reveals that the upturn in the flow stress is delayed even at elevated temperatures, 

i.e., up to 473 K, (0.35Tm) where phonons are more prominent as compared to the room 

temperature, and yet, a negligible dependence persists up to strain rates on the order of 

~1.8x10
4
 s

-1
. In general, we know that the classical quantum mechanical description 
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predicts the nature of phonons to obey Bose-Einstein statistics [21]; hence, the mean 

occupancy number of phonons increases linearly with temperature. As the number of 

phonons increases, drag force on a mobile dislocation also increases leading to a rapid 

increase in flow stress at low strain rates which becomes apparent when the temperature 

for NC-Cu-10at.%Ta is increased to 0.64Tm (873 K). Further, sufficient thermal energy is 

now available for dislocations to overcome thermal barriers, such as nanoclusters, which 

allows dislocations to reach their highest velocity leading to an increase in flow stress due 

to phonon drag. However, despite increasing the mean occupation of phonons by 3 orders 

of magnitude (as given by Bose-Einstein statistics [21]), the influence of phonon-drag, 

i.e., the increase in the normalized flow stress for NC-Cu-10at.%Ta at 0.64Tm, is similar 

to that exhibited by coarse grained pure Cu at 0.22Tm (298 K). Furthermore, it must be 

noted that the drag coefficient increases significantly when the material strain rate is 

increased by a small fraction beyond a critical rate (generally, on the order of 10
3
 s

-1
). For 

example, as a direct result of a marginal increase in strain rate at 573 K, NC-Cu-

10at.%Ta has attained a similar level of normalized flow stress to when tested at 873 K, 

despite a 300 K difference in temperature. This observation highlights the significance of 

the minimal increase in normalized flow stress resulting from the Taylor anvil 

experiments, e.g., deformation at very high strain rates (10
5
 s

-1
). Eventually, the effects of 

temperature begin to dominate the dislocation phonon interactions and at 0.79Tm (1073 

K), NC-Cu-10at.%Ta demonstrates a clear upturn, which is indicative of the true non-

Arrhenius dependent regime of deformation.  
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Figure 3.7 Combined thermal and strain rate dependence of the flow stress of NC-Cu-

10at.%Ta. NC-Cu-10at.%Ta at varying testing temperatures. Data above 10
5
 s

-1
 was 

approximated using Taylor tests. The solid lines are power law fits for room temperature 

and 473 K, which indicate that the stable material follows thermal activation processes up 

to strain rates on the order of 10
5
 s

-1
 and temperatures up to 473 K. 

The flow stress results for both low and high strain rates reveal an apparent linear 

temperature dependence [1,12] as compared to the sigmoidal manifestation expected for 

pure, coarse grained Cu as observed in Figure 3.9. In pure, coarse-grained Cu, the values 

of the flow stress are a result of thermally activated dislocation motion, where an increase 

in temperature increases the energy of the dislocation and lowers the activation energy 

that the dislocation must overcome to propagate. Thus, the flow stress (𝜎𝑓) decreases with 

temperature following an Arrhenius relationship as seen below (also refer to [47]). 

 
𝜎𝑓 = 𝐶𝑒

−𝑄
𝑅𝑇  

(3.1) 

where 𝐶 is a constant, 𝑄 is the activation energy, 𝑅 is the ideal gas constant, and 𝑇 is the 

temperature. However, for NC-Cu-10at.%Ta, the flow stress is seen to decay near 

linearly as temperature increases. Moreover, the Cu grain size in NC-Cu-10at.%Ta after 
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testing at 1073 K (800 °C) was estimated to be about 90 nm [13], indicating that grain 

coarsening is very limited and the reduction in observed yield and flow stress is solely 

dependent on increased thermal softening. In other words, the stable microstructure of the 

NC-Cu-10at.%Ta alloy retains close proximity of dislocation barriers such as grain 

boundaries and nanoclusters such that these act as short range barriers to dislocation 

motion [2]. As increased temperature aids in overcoming short range barriers through 

increasing the vibration of dislocated atoms while long range barriers (e.g., grain 

boundaries) remain stable, the stress required to further deform the specimen (i.e., flow 

stress) decreases linearly. Thus, NC-Cu-10at.%Ta exhibits an extremely stable 

microstructure and unusual mechanical properties. 

 

Figure 3.8 The linear behavior of flow stress as a function of temperature for NC-Cu-

10at.%Ta. The behavior of the NC-Cu-10at.%Ta alloy most closely follows a linear trend 

as compared to the exponential trend of the OFHC Cu from the data of [64] denoted 

above with a symbol †. 

The plastic deformation in NC-Cu-10at.%Ta tested here was determined to occur 

either through deformation twinning or dislocation slip. Studies have indicated that GBs 



54 
 

serve as the origin for nucleation and provide a point for storing and 

annihilating/absorbing dislocations after they transverse the grain under an applied stress. 

These GBs are also responsible for pinning the dislocations ultimately obstructing their 

motion by strongly influencing when and where cross-slip can occur and by increasing 

the energy to unpin and move across to the neighboring grains [43–46]. Quasi-static and 

high strain rate testing are fundamentally different processes as the time scale of 

deformation in quasi-static tests is longer than the time for dislocations to form and 

propagate; whereas, the time for deformation in high strain rate tests is too short to allow 

dislocation motion to dominate without the influence of dislocation drag. As a result, the 

plasticity accommodation will be inherently different between quasi-static and high strain 

rate tests.  

To investigate the active deformation mechanisms and the reasoning behind the high 

temperature and strain rate response in these alloys, ex-situ microstructural 

characterization was employed using the same techniques employed to investigate the as 

received microstructure. In general, the emissions of partial and full dislocations are 

competing mechanisms and their activation depends on the stress level and testing 

temperature. From the TEM observations presented here on NC-Cu-10at.%Ta, an 

appreciable dislocation density can be identified for quasi-static testing conditions 

implying an absence of dislocation absorption. In the case of conventional 

nanocrystalline materials, grain boundaries act as a source for dislocation generation. The 

dislocations are then free to traverse the grain and be absorbed at the opposite grain 

boundary which acts as a sink. In the NC-Cu-10at.%Ta alloy, the dislocations are 
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emitted, interact with the high density nanoclusters, and become pinned at various sites, 

thereby, reducing the mean free path for the propagation of the dislocations. Figure 3.10 

illustrates the variation in inter-cluster spacing for Ta nanoclusters as a function of strain 

rate at various testing temperatures. It can be seen that both temperature and deformation 

rate have minimal influence on the spacing, which confirms the stability of the alloys. 

The restricted motion of dislocations is the result of an un-pinning stress that the 

dislocation must overcome for motion to resume. The propensity of dislocation slip 

increases for both quasi-static and dynamic testing conditions with an increase in testing 

temperature, which helps in overcoming the energy barrier required for dislocation based 

activity in these systems. However, the mean free path for the dislocation motion is 

dependent on the grain size and density of the nanoclusters that are embedded in the 

material system. In the case of high strain rate conditions, nucleation of partial 

dislocations is favored at RT due to the high applied stress which surpasses the barrier for 

twinning based deformation, and further, the growth of the twins is restricted due to the 

presence of Ta nanoclusters in NC-Cu-10at.%Ta [41] which leads to the nucleation of 

new twins. However, at elevated temperatures, the deformation shifts from twin based to 

dislocation based where, again, the thermal energy favors dislocation slip. 
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Figure 3.9 Inter-cluster spacing as a function of testing condition. The distributions 

indicate little or no variation in the average spacing of Ta particles with an increase in 

temperature or deformation rate reaffirming the stability of the nanoclusters. 

3.4 Discussions 

As observed in the flow stress response of polycrystalline OFHC Cu, polycrystalline 

Ta, and NC-Cu as a function of strain rate, the flow stress above ~4 × 103 s
-1

 changes 

dramatically with a small increment in strain rate. There is debate as to the source of this 

upturn in flow stress where traditionally, the upturn was believed to be the result of a 

drag force acting on the dislocations while more recently, some researchers have shown 

that the increase in flow stress may instead be the result of an increased number of 

dislocations at these strain rates [63,65]. It could also be proposed that at such high strain 

rates, the effects of inertia may influence the strain rate at which the upturn in flow stress 

is observed, but following the method outlined by [14,66] for determining critical strain 

rates where inertia plays a role, Figure 3.11 shows that while the higher strain rate (> 1.2 

x 10
4
 s

-1
) data from Follansbee and Kocks [63] could be influenced by inertia (see also 

[66]), the results obtained here for NC-Cu-10at.%Ta fall well below the critical strain rate 

for inertia. Further, Jordan et al. [14], who account for inertia in their data, observe the 

upturn in flow stress in pure Cu at around 10
3
 s

-1
. In short, Follansbee and Kocks [63] 
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observe the flow stress upturn at a higher strain rate than Jordan et al. [14] owing to 

detrimental inertia effects in the data of Follansbee and Kocks. However, here as a result 

of no inertia effects, the lack of flow stress upturn in NC-Cu-10at.%Ta cannot be 

explained as a geometric effect and, therefore, must be a real material response.  

 

Figure 3.10 Specimen size and strain rates compared to inertial limits for OFHC Cu and 

NC-Cu-10at.%Ta. While the data from Follansbee and Kocks [63](*) may be influenced 

by inertia at strain rates above 1.2 x 10
4
 s

-1
, the NC-Cu-10at.%Ta data all fall well below 

the strain rates where inertia plays a major role indicating that the flow stress is not 

significantly influenced by inertia effects. 

Flow stress measurements taken at constant plastic strain in pure Cu materials 

indicate an upturn in flow stress likely resulting from the influence of drag forces on 

mobile dislocations. As stated in chapter 1, the drag force on a mobile dislocation, 

assuming negligible effects of electron drag and magnon drag, is classically stated to be 

proportional to the flow stress of the material and determined as below 

 𝐹 = 𝐵𝑝ℎ𝑣  (3.2) 

where 𝑣 is the dislocation velocity which is dependent on the strain rate and 𝐵𝑝ℎ is the 

drag coefficient for phonon interaction determined by 
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𝐵𝑝ℎ =

3𝑘𝑇

𝑏2𝑐𝑠
  

(3.3) 

where 𝑘 is the Boltzmann’s constant, 𝑇 is the temperature of the material, 𝑏 is the 

Burger’s vector, and 𝑐𝑠 is the wavespeed of the material [20]. This would indicate that the 

effects of phonon drag have the strongest influence at higher temperatures and higher 

strain rates which is what is observed in Figures 3.6 and 3.8 for pure Cu and for NC-Cu-

10at.%Ta at temperatures above 473 K. By contrast, however, dislocation pinning in the 

NC-Cu-10at.%Ta alloy below 473 K delays the flow stress upturn mechanisms until 

higher strain rates than found in pure CG and NC Cu.  

For general cases, deformation mechanisms are depicted in Cu materials in Figure 

3.12. In CG pure Cu, the distance between dislocation barriers relative to the width of the 

dislocations is large allowing the dislocations to propagate freely. This allows low flow 

stresses at low strain rates, but in the phonon drag theory, as strain rates increase to the 

10
3
 s

-1
 regime, the dislocations begin interacting with vibrating atoms within the 

crystalline lattice. The result is a higher energy barrier that the dislocation must overcome 

for further propagation. The heightened energy barrier can lead to lower energy 

deformation mechanisms such as twinning to occur, but as seen by the upturn in flow 

stress observed for CG pure Cu in Figure 3.6, dislocation motion appears to be the 

preferred deformation mechanism up to the range of strain rates where the upturn in flow 

stress is apparent. 



59 
 

 

Figure 3.11 Depiction of general mechanisms for CG and NC pure Cu compared with 

that observed here in NC-Cu-10at.%Ta. All three materials deform primarily by way of 

dislocation nucleation and propagation at quasi-static strain rates. However, at high strain 

rates, CG Cu (black circles) will continue to be dominated by dislocation mobility 

leading to an increased influence of phonon drag; while, NC pure Cu (red circles) will 

exhibit extensive twin formation and growth leading to grain rotation and growth where 

the effects of drag dominated plasticity will result from the continued motion of full and 

partial dislocations. In contrast, nucleating twins are arrested by Ta dispersions and grain 

boundaries in the NC-Cu-10at.%Ta (green circles and TEM micrographs) at high strain 

rates causing more twins to nucleate to accommodate plasticity. The nucleation of twins 

is not affected by drag at strain rates below 10
5
 s

-1
 as the partial dislocations are unable to 

reach an average maximum velocity due to the short spacing between obstacles. 

The introduction of barriers, such as grain boundaries and Ta nanoclusters can delay 

the flow stress upturn by acting as short range barriers to pin the dislocations such that 

lower energy deformation mechanisms such as twinning become preferable to dislocation 

motion. However, in the case of NC pure Cu, the nanocrystalline structure is unstable, so 
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the grain boundaries become less concentrated at high strain rates (resulting from 

pressure driven grain growth) and high temperatures leading to similar deformation 

mechanisms seen in the CG pure Cu. In contrast, the stabilization of grain boundaries and 

introduction of nanoclusters achieved in NC-Cu-10at.%Ta result in a high number of 

barriers to dislocation motion at both high strain rates and high temperatures. At low 

strain rates, the deformation of the NC-Cu-10at.%Ta is primarily a result of dislocations 

overcoming the activation energy imposed by grain boundaries and nanoclusters. As a 

result, the quasi-static flow stress for NC-Cu-10at.%Ta exceeds the flow stress of CG 

pure Cu by more than a factor of 5 at a strain rate of 1 (±0.5) x 10
-1

 s
-1

. However, at room 

temperature and strain rates above 10
3
 s

-1
, the deformation mechanism shifts from being 

dislocation dominated to being dominated by twin nucleation. In NC-Cu-10at.%Ta, a 

high number of narrow twins appear when the alloy is strained at strain rates on the order 

of 10
3
 to 1.8x10

4
 s

-1
. By comparison, twins formed in the pure Cu are expected to be wide 

implying that they have undergone growth during loading. However, as seen, twin 

growth is impeded by Ta nanoclusters in the NC-Cu-10at.%Ta alloy. As a result, twin 

nucleation is preferable (with limited growth or dislocation motion) such that an increase 

in flow stress is not observed up to strain rates of 1.8x10
4
 s

-1
. With the addition of 

temperatures exceeding 573 K (300 °C), dislocation slip becomes more dominant as 

compared to twin nucleation, and the flow stress upturn is observed at strain rates near 

1.8x10
4
 s

-1
.  A high number of dislocation interactions with Ta based particles appear 

within grains of NC-Cu-10at.%Ta alloy strained at rates on the order of 10
3
 to 10

4
 s

-1 
and 

temperatures > 573 K (300 °C). 
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Finally, recent atomistic-continuum modeling of phonon drag mechanisms provide 

further insight into the physics governing the anomalous mechanical behavior observed 

in NC-Cu-10at.%Ta [22]. Although the modeling results were obtained for “2-D” Cu 

starting at 0 K, the qualitative behavior should be fairly relevant. Xiong et al. [22] 

reported that dislocations were found to accelerate rapidly for about 10 ps before 

reaching a more steady propagation velocity. In 10 ps, the dislocations moved about 20 

nm (or about 55 lattice parameters). Given the spacing of the Ta particles (see Figure 

3.10), this would suggest that dislocations in NC-Cu-10at.%Ta cannot accelerate to a full 

steady state before running into an obstacle (Ta nanocluster, about 10-14 lattice 

parameters apart), thus “jerky” dislocation motion leading to serrated flow, climb and 

cross-slip are likely resulting in a linear temperature dependency. Thus, the interaction of 

dislocations with Ta based particles will incur some delayed time relative to free glide 

during particle bypass reducing the mean velocity and delaying the onset of flow stress 

upturn. The velocity and density of mobile defects including dislocation or deformation 

twin generation at a propagating shock front is dependent on the percent strain and strain 

rate. The constitutive relation is given by the following equations [2]. 

 𝑑𝜀

𝑑𝑡
=  

1

𝑚
𝜌𝑏𝑣   𝑜𝑟   

𝑑𝜀

𝑑𝑡
=  

1

𝑚
(

𝑑𝜌

𝑑𝑡
) 𝑏∆𝑥𝑑 

(3.4) 

where m is an orientation factor for resolution of the strain tensor, ρ is the dislocation 

density, expressed in line length per unit volume, v is the average dislocation velocity, 

dρ/dt is the rate of dislocation generation and Δxd is the average distance moved by the 

dislocations. Here it can be seen that two scenarios arise to explain the observed 
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behavior. That is, not only is the velocity and average distance traveled by the dislocation 

during impulse loading relevant but also the nucleation rate. Past findings indicate that 

high densities of dislocations generated by pre-shocking Cu samples can lead to a 

delayed upturn of flow stress with strain rate [67] upon reloading. NC-Cu-10at.%Ta 

alloys do present an increased number of dislocation nucleation sites (grain/twin 

boundaries and particle interfaces), and Ta particles occupying grain/twin boundary 

regions can alter the dislocation nucleation rate. The combined effect will ultimately 

modify the density of mobile dislocations under a given strain rate (as given by Orowan’s 

equation [2]). However, it should be mentioned that such high densities of dislocations, 

as in the case of [67] are extremely unstable and subject to dynamic crystallization of the 

microstructure upon reloading, unlike the stabilized microstructure exhibited by 

stabilized NC-Cu-Ta alloys presented here. Additionally, there comes a point where the 

dislocation nucleation rate should become damped out due to the balance of the inherent 

annihilation rate (i.e. saturation) or simply unsustainable in suppressing dislocation 

velocity with increases in strain rate. Therefore, if the strain rate is high enough, 

eventually all mobile dislocations, regardless of density, will be accelerated to the shear-

wave speed of the specific material.  

It should be mentioned that thermodynamically, plastic deformation is an essentially 

irreversible phenomenon leading to a change in shape, which is not a state function, i.e., 

the end state is path dependent. That is, the nucleation rates and dislocation densities are 

not state quantities but rather internal variables. Under high strain rate deformation, the 

dynamic rearrangement due to application of forces and relaxation of internal variables 
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are of the same order and the concept of a locally constrained equilibrium state breaks 

down [68]. Such a process must then be modeled using extended irreversible 

thermodynamics. Additionally, such variables are extremely difficult to measure and 

quantify accurately, especially in nanocrystalline metals where grain boundaries are the 

main sources and sinks. This poses extreme mathematical difficulties and severe 

limitations to understanding these types of processes with phenomenological or analytical 

modeling. At this time it is not possible to discern which perspective (velocity or 

nucleation/distance limited) is more applicable to the actual physics governing the 

response in NC-Cu-Ta alloys, and more work is needed. 

As discussed previously, at elevated temperatures, crystalline-defects (twin 

boundaries and/or dislocations) that are free to move within the microstructure will 

interact with a viscous phonon gas (derived from random lattice vibrations) leading to an 

increase in the drag effect during high-rate deformation. Furthermore, the result of 

accelerating defect dislocations (full and twin) to dynamic rates is known to produce 

elastic waves in the form of anharmonic radiation, with a wavelength that is dependent on 

and proportional to the velocity [22]. However, at finite temperatures, the emitted 

phonons from dislocations or other sources will be partially absorbed or scattered by the 

viscous medium of thermal phonons and likely not travel extended distances. The high 

density of barriers, such as grain/twin boundaries and the high number density 

(6.5 × 10
23

 m
3

)
 
of nanoclusters (Figure 3.2) can lead to scattering, absorption and 

transmission, which should distort the local phonon density of states and produce 

perturbations in the elastic/plastic front. Such interfaces/defects are known to 
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significantly influence thermal transport properties [23]. While it is not expected that 

specific frequencies will be truncated [22], dispersed particles and interfaces will 

generate, reflect, and absorb phonons differently from the matrix or free surfaces.  

Recent findings do confirm that dislocations decelerate when reflected phonon waves 

from the free surface interact with the moving dislocations leading to a decrease in the 

driving force and an increase in the drag. In this case, phonons from the Cu lattice will 

also interact with the Ta nanoclusters and available interfaces such as grain and twin 

boundaries and partially reflect (and partially transmit), leading most likely to changes in 

the phonon density of states and altered interactions with dislocations. Furthermore, the 

results from [22] also showed that phonons emitted by dislocations have wavelengths that 

depend on their velocity: the faster the dislocation, the longer the wavelength. They 

observed that most phonons emitted had wavelengths of 5 lattice parameters or more, 

which is nearly half the inter-nanocluster spacing, i.e., the phonon wavelength is 

commensurate with the microstructural length scale and phonons should get scattered by 

the particles, and the lower velocities that dislocations should reach as they run into these 

nanoclusters should keep long wavelength phonons from developing effectively. 

In summary, crystalline-defects (twin boundaries and/or dislocations) at elevated 

temperatures are free to move within the microstructure and will interact with a viscous 

phonon gas (derived from random lattice vibrations) leading to an increase in the drag 

effect during high-rate deformation. Additionally, the result of accelerating defect 

dislocations (full and twin) to dynamic rates is known to produce elastic waves in the 

form of anharmonic radiation, with a wavelength that is dependent on and proportional to 
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the velocity [22]. However, at finite temperatures, the emitted phonons from dislocations 

or other sources will be partially absorbed or scattered by the viscous medium of thermal 

phonons and likely not travel extended distances. The high density of barriers, such as 

grain/twin boundaries and the high number density (6.5 × 10
23

 m
3

)
 
of nanoclusters 

(Figures 3.2 and 3.3) can lead to scattering, absorption, and transmission, which should 

distort the local phonon density of states and produce perturbations in the elastic/plastic 

front. Such interfaces/defects are known to significantly influence thermal transport 

properties [23].  Recently, some atomistic studies showed that decreasing grain sizes in 

pure NC metals enhances both the low and high frequency phonon density of states 

(DOS) [22]. These works showed that the lower atomic density in grain boundary regions 

enhances the low-frequency vibrational modes as well as promotes general broadening of 

the phonon DOS due to disorder; whereas, the internal stresses within the NC grains shift 

the phonon DOS to higher frequency [22]. Alternatively, and in addition to contributing 

to the scattering and absorption of phonons, boundaries and nanoclusters can delay the 

transition to the drag regime by acting as barriers that pin and slow down defect 

propagation.   

In conventional NC metals such as pure Cu, the defects, i.e., grain/twin boundaries, 

are unstable with respect to temperature and stress/pressure [69], so the grain/twin 

boundaries become less concentrated under the conditions tested here, leading to 

increased phonon effects on the flow stress response. However, in NC-Cu-10at.%Ta at 

room temperature, Figure 3.12 illustrates pinning of partial dislocations by stable 

nanoclusters and grain boundaries. Additionally, Ta nanoclusters, with average 
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dislocation pinning distance of ~5 nm, contribute to effectively negate the influence of 

phonons even at high temperatures where they are seen to interact with and pin 

dislocations/networks. 

Based on the constitutive relation governing strain rate, the mean mobile dislocation 

velocity, distance translated, nucleation rate, and density play important roles in defining 

flow stress [47]. In simulations of Cu, it was reported that dislocations were found to 

accelerate rapidly for about 10 picoseconds before reaching a more steady propagation 

velocity [22]. In 10 picoseconds, the dislocations moved about 20 nm (or about 55 lattice 

parameters). Given the spacing of the nanoclusters, this would suggest that dislocations in 

NC-Cu-10at.%Ta cannot accelerate to a full steady state before running into an obstacle. 

Furthermore, the average steady state velocity will decrease as some delay in time will 

occur during particle bypass with the magnitude of this waiting time being dependent on 

the temperature particle matrix coherency. As the sample is continuously deformed at 

elevated temperatures, both the dislocation density as well as the nucleation rate should 

change. However, these mechanisms, nucleating and storing/transmitting dislocations, 

will inevitably be altered by the presence of the dense nanocluster network within 

boundary and inter-crystalline regions. What does seem apparent from the elevated 

temperature data and micrographs is that, with an increase in temperature, more 

dislocations and fewer twins are observed. It is likely that high temperatures reduce the 

time delay for particle bypass in NC-Cu-10at.%Ta through thermal activation, allowing 

the dislocations to translate more freely with a higher average velocity incurring 

increased phonon-drag.  
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3.5 Conclusion 

The present study shows that when the material microstructural length is reduced to 

an extremely fine grain size (in the nanocrystalline regime); the flow stress remains 

relatively insensitive to the increase in the rate of deformation (up to 10
5
 s

-1
). This is in 

part due to the influence of a high concentration of stable defects (interfaces and 

particles) which alter the phonon DOS through generation, scattering, and absorption as 

well as the average dislocation velocity, distance traveled, and likely the nucleation rate 

and density preventing/delaying phonon drag until much higher strain rates than normally 

observed in currently known systems. In general, the implications of such observations 

place NC among the strongest, most resilient, and most thermally stable known structural 

materials; hence, there is potential in designing new, tougher materials for advanced 

applications, such as those from power generation-reliant industries, low temperature 

(cryogenic) applications, and space shielding (unique spall-fragmentation behavior). 

Overall, we have shown, for the first time, that phonon-drag effects in stable 

nanocrystalline materials diverge from the conventional understanding, and the strain rate 

that marks the onset of the transition to the phonon-drag regime can, at the very least, be 

delayed to higher strain rates, thus providing a clear path for designing materials for low 

temperature as well as extreme strain rate applications. 
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4 TENSILE BEHAVIOR OF A NANOCRYSTALLINE/ULTRA-FINE GRAINED 

ALLOY UNDER VARIABLE PROCESSING CONDITIONS 

The interplay between the microstructure of a powder processed Cu-Ta alloy and the 

strain rate at which flow stress upturn occurs is investigated. Varying Ta concentration 

and processing temperature allows investigation of varied Ta dispersions with the grains 

as well as differing grain sizes ranging from the nanocrystalline to the ultrafine grained 

regimes. Results show that nanocrystalline material exhibits brittle behavior at low strain 

rate but increased ductility at high strain rate which is opposite to observations in the 

ultrafine grained material. Further, as grain size increases and Ta concentration decreases, 

flow stress upturn is observed at lower strain rates. 

4.1 Introduction 

The promise of excellent mechanical strength and ductility without additional weight 

makes nanocrystalline materials highly desirable in applications such as vehicle 

structures and armor plating, but nanocrystalline materials are plagued by unstable 

structures causing them to lose these exceptional properties under extreme environmental 

conditions such as high temperatures and high loading rates. Reviews by Koch and 

Andrievski [6,8] provide insight into the current state of the art regarding nanocrystalline 

processing and mechanical behavior, and both mention the problem of stability of a 

nanocrystalline structure under both thermal and mechanical loads. Using an 

electrodeposited Al thin film which was shown to exhibit no room temperature grain 

growth, Rupert et al. [69] studied the effect of mechanical load on grain growth and 



69 
 

found that stress driven grain growth was significant in unstable nanocrystalline 

materials. This result is supported by results from Gianola et al. [70] who further 

proposed that a number of factors such as initial specimen texture, grain boundary 

energy, and solute pinning have major effects on either facilitating or stabilizing grain 

growth. In fact, most of the above papers have mentioned the stabilizing effect of drag 

forces on the grain boundaries caused by solutes forming at the grain boundaries. 

Therefore, the addition of impurities allows the possibility of tailoring the stability of the 

microstructure such that mechanical properties unique to nanocrystalline materials can be 

probed without a loss of nano-structure. 

Nanocrystalline instability complicates understanding the fundamental effect of 

nanocrystalline grain size on the mechanical behavior of this class of materials. For 

example, Dalla Torre et al. [18] show that NC pure Ni, which is unstable during high 

strain rate loading, exhibits significant strain rate sensitive flow stress at strain rates that 

are lower than those at which coarse grained pure Ni observes noticeable strain rate 

sensitivity (see Figure 1.3). However, chapter 3 shows that a stable nanocrystalline 

material, NC-Cu-10at.%Ta which has both nanocrystalline grain size and finely dispersed 

Ta particles, exhibits no upturn in flow stress up to strain rates of 10
5
 s

-1
. In this work, the 

separate effects of grain size and Ta dispersions are analyzed in order to guide efforts in 

developing optimizable alloy systems for delayed flow stress upturn. 
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4.2 Materials and Methods 

In an effort to distinguish between the effects of grain boundaries and Ta dispersions 

on the strain rate at which flow stress upturn occurs, three different compositions of a Cu-

Ta alloy, namely Cu-1at.%Ta, Cu-5at.%Ta, and Cu-10at.%Ta were synthesized using 

procedures similar to those outlined in chapter 2, but with varying processing 

temperatures of 700 °C, 900 °C, and 1000 °C. By varying compositions at similar 

processing temperatures, the effects of Ta dispersions can be investigated with limited 

influence from differences in grain size; whereas, varying processing temperatures allow 

analysis of the effects of grain size with limited influence of varying Ta dispersions. 

Samples for tensile testing were cut along the extrusion direction of the billets in the 

form of rectangular dogbone specimens as shown in Figure 4.1a. Rectangular cross-

section specimens do not provide an accurate measure of flow stress within the plastic 

regime of deformation due to inertial effects causing stress concentrations near the 

corners, but they are useful in measuring the yield stress of the material which is taken 

here to be equivalent to the flow stress at a 0.2% offset in the plastic strain. Quasi-static 

tensile tests at 10
-3

 s
-1

 are performed with an electromechanical universal testing machine 

equipped with an extensometer and corrected to reveal true stress-true strain results. High 

strain rate tests are conducted using the Kolsky bar technique described in [26,71] but 

with specialized grips to accommodate the rectangular dogbone specimens. The strain 

rates of Kolsky bar testing in this work are around 5 × 103 s
-1

, and samples are strained 

until failure.  
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Figure 4.1 a) Rectangular dogbone tensile specimen dimensions and b-d) TEM 

micrographs and grain size statistics for the Cu-1at.%Ta processed at 700 °C, Cu-

10at.%Ta processed at 900 °C, and Cu-10at.%Ta processed at 700 °C, respectively. 

Microstructure images and statistics come from [2]. 

4.3 Results and Discussions 

In the results from chapter 3, the stable nanocrystalline structure of Cu-10at.%Ta 

processed at 700 °C, which possessed nanocrystalline structure along with a high number 

of Ta nano-dispersions, exhibited no flow stress upturn up to strain rates of 10
5
 s

-1
 during 

compression loading. It can be reasonably assumed that as processing temperature is 

increased, the grain size of the alloy also increases and the Ta nano-dispersions become 

more dispersed. Further, with a reduced Ta concentration, fewer Ta dispersions are 

available to pin grain boundaries, so some grain growth should be observed for samples 

processed at similar temperatures but with lower Ta concentration; however, the grain 

growth is expected to remain low compared to the growth observed from raising the 

processing temperature (e.g., Cu-1at.%Ta processed at 700 °C should experience less 

grain growth than Cu-10at.%Ta processed at 900 °C). The TEM images of Figure 4.1 
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reveal that the Cu-10at.%Ta processed at 700 °C has truly nanocrystalline structure 

(average grain size less than 100 nm) while the other alloys fall within the ultrafine 

grained regime (average grain size between 100 and 1,000 nm). The TEM analysis for 

Cu-5at.%Ta processed at 700 °C is currently still in progress, but the structure is assumed 

nanocrystalline based on the nearly nanocrystalline structure of the Cu-1at.%Ta 

processed at 700 °C. 

Tensile testing results in Figure 4.2 reveal a unique distinction between the 

nanocrystalline samples and the ultrafine grained specimens. Namely, at quasi-static 

strain rates, the samples processed at 700 °C, i.e., the samples with the smallest grain 

size, exhibit limited ductility while the larger grained samples experience ductility 

between approximately 5% and 10%. Further, at high strain rates, the larger grained 

samples experience higher flow stress and lower ductility than observed at quasi-static 

strain rate as would be expected in a typical high strain rate test of a polycrystalline 

sample; however, the samples processed at 700 °C experience increased ductility along 

with increased flow stress at the higher strain rates. This increase in ductility is likely a 

result of a mechanism shift from dislocation propagation and absorption to twin 

nucleation as observed under compression in chapter 3 which was held to be the cause for 

the lack of flow stress upturn under compressive load.  
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Figure 4.2 Tensile stress-strain results for the various samples at both quasi-static and 

high strain rates. 

Further, observations of flow stress in Figure 4.2 reveal a significant increase in flow 

stress at high strain rate for samples with larger grain size and lower Ta concentration. 

Table 4.1 lists the resultant yield stresses (failure stress in the case of Cu-10at.%Ta and 

Cu-5at.%Ta processed at 700 °C) for each specimen which are also shown compared to 

compression results for Cu-10at.%Ta processed at 700 °C from chapter 3 in Figure 4.3. 

The high strain rate yield stress is normalized by the yield stress at quasi-static strain rate 

for the same material, so the normalized flow stress is a measure of how much increase in 

yield stress is observed as a result of the higher strain rate of deformation. Specimen 

results are listed in order from lowest normalized yield stress to highest normalized yield 

stress which allows comparison of initial microstructures shown in Figure 4.1 to the 

strain rate sensitivity of the material. The results reveal that material with both 

nanocrystalline grain size and moderate to high Ta concentrations exhibit the lowest rise 
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in flow stress as strain rate is increased. Further, for each concentration, as processing 

temperature increases causing grain size to increase, the normalized flow stress also 

increases. This indicates the importance of grain boundaries in limiting the effects of 

dislocation drag. Interestingly, though Cu-10at.%Ta processed at 900 °C has a slightly 

higher grain size than the Cu-1at.%Ta processed at 700 °C, the rise in flow stress was 

greater for the Cu-1at.%Ta processed at 700 °C indicating that precipitate dispersion also 

plays an important role in limiting the effects of dislocation drag. This is also seen in the 

samples processed at 900 °C and 1000 °C where the samples with higher Ta 

concentration have a lower increase in yield stress than those with lower concentrations 

of Ta.  

Table 4.1 Tensile flow stress results for each sample. Samples are listed in order of their 

normalized flow stress from lowest to highest. 
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Figure 4.3 Normalized flow stress as a function of strain rate for all samples tested. The 

data here is compared to compression results found in chapter 3 to clarify the extent of 

rise in flow stress found in the samples with larger grain size and lower Ta concentration. 

The upturn in flow stress resulting from phonon drag can be delayed if dislocations 

are prevented from reaching a maximum average velocity by delaying the dislocations at 

defects such as grain boundaries or particle inclusions. Here, nanocrystalline materials 

with many grain boundaries and many Ta nano-dispersions act as the barriers to these 

dislocations thus keeping the flow stress within the range of thermal activation processes 

(i.e., nucleation and propagation of dislocations and twins). Further, interfacial 

boundaries, as found in grain boundaries and between Cu and Ta phases, complicate the 

phonon density of states by phonon scattering, transmission, and absorption. As 

dislocations travel through the spaces between barriers, this complication of the density 

of phonons may act to limit the phonons through which the sample must travel as 

compared to the high density of phonons observed in coarse grained, pure material under 

the same loading conditions (see chapter 3).  
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4.4 Conclusions 

In summary, varying the compositions and processing temperatures of the Cu-Ta 

system allows investigation of the separate effects of grain size and Ta particle 

distribution on the flow stress-strain rate response of the alloy. Increasing the processing 

temperature above 700 °C was found to increase the grain size from the nanocrystalline 

regime for concentrations of 5at.% and 10at.% Ta into the ultrafine grained regime. 

Decreasing Ta concentration to 1at.% also allowed grain growth at 700 °C into the 

ultrafine grained regime, but the effect was less significant than an increase in processing 

temperature to 900 °C for the 5at.% and 10at.% materials. This shift from the 

nanocrystalline to the ultrafine grain regime is seen to be sufficient to cause the material 

to shift from a brittle failure to possessing a ductility of at least  4.5% plastic strain. 

Further, the nanocrystalline material showed an increase of ductility at high strain rates 

unlike the decrease in ductility observed in the ultrafine grained materials at high rates. 

This, combined with previous work (see chapter 3), leads to a conclusion that 

deformation mechanism changes at high strain rates from dislocation mediated plasticity 

to twin induced deformation. Finally, a comparison of the change of flow stress at high 

strain rate relative to that at low strain rate, reveals that a significant rise in flow stress 

resulting from the interactions of dislocations with lattice phonons is not observed in 

nanocrystalline materials, but as grain size increases and Ta concentration reduces, the 

upturn in flow stress appears to occur at lower strain rates. The greater of these effects 

appears to be the influence of grain size; however, Ta concentrations do play an 

important role in delaying the onset of phonon drag to higher strain rates. 
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5 NOVEL KOLSKY BAR TECHNIQUE FOR MEASURING THE DYNAMIC 

BAUSCHINGER EFFECT IN MATERIALS 

The application of a preload on a structural member is known to cause a change in the 

mechanical behavior of certain materials due to microstructural changes, but when the 

strain rate of deformation is increased beyond 10
3
 s

-1
, the deformation mechanisms can 

vary drastically from the mechanisms at low strain rates leading to unique mechanical 

behavior upon load reversal at high strain rate. In this work, a novel testing technique 

which allows load reversal at equivalent dynamic strain rates within a few milliseconds 

of forward loading is outlined, and results for dynamic Bauschinger testing of a low 

melting temperature alloy (6061-T6) and a stable nanocrystalline structure (NC-Cu-

10at.%Ta) are analyzed. For the 6061-T6 alloy, varying strain levels and delay times are 

utilized to verify the capability of the modified Kolsky bar and analyze the impact of 

these parameters on the Bauschinger effect in the material. For NC-Cu-10at.%Ta, a 

compression followed by tension test is performed and compared to separate dynamic 

compression and tension tests with no preload. Results show that high strain rate loading 

generates a more substantial difference between forward and reverse flow stress as 

compared to low strain rate loading in the 6061-T6 alloy. Further, the increased flow 

stress difference is more exaggerated when the delay time between forward and reverse 

loading allows specimen recovery as adiabatic heating in the case with no recovery 

causes softening of the reversed flow stress. Increasing the forward strain level is shown 

to increase the flow stress difference between forward and reverse loading but more so 

for the case of no specimen recovery than for the case where the specimen was allowed 
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time to recover from forward loading. Finally, the dynamic Bauschinger test of NC-Cu-

10at.%Ta reveals no significant change in flow stress anisotropy as compared to the 

separately tested compression and tension results despite expectations that the 

microstructure experiences extensive twinning during forward loading. 

5.1 Introduction 

Material mechanical properties are well established for a wide range of materials; 

however, these properties only explain the performance of the material subject to certain 

loading conditions such as uniaxial load, low strain rates, and isentropic environments. In 

practical application, structural materials experience complicated loading environment 

conditions such as high strain rates, multi-directional loading states, and adiabatic 

thermal conditions. In particular, load reversal can cause a dramatic change in mechanical 

behavior due to microstructural changes during the original loading. This, known as the 

Bauschinger effect [72], has been well studied in many material systems at low strain 

rates [73–76]. For example, Paul et al. [73] studied the effects of a forward compressive 

load on the mechanical response of a Ti-Al alloy later pulled in tension. The high number 

of dislocations and internal stresses formed by compression led to a decreased yield stress 

upon load reversal. Similarly, Rajagopalan et al. [74] studied the effects of tensile load 

and unload in nanocrystalline films and found that microstructural heterogeneity arising 

from varied grain size plays a significant role in increasing the Bauschinger effect in a 

nanocrystalline material. Haouaoui et al. [75] determined that dislocation tangles in ultra-

fine grained Cu cause a backstress which facilitates flow upon load reversal leading to a 

decreased flow stress. These findings indicate that microstructure, particularly relating to 
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dislocation formation, plays an important role in anisotropic flow stress behavior 

resulting from a reversed loading state. Jordon et al. [76] took analysis of the Bauschinger 

effect in aluminum alloys a step further by analyzing the effect of damage from prior 

tensile loading on the flow stress of compressed aluminum alloy specimens. They found 

that accounting for damage allows increased accuracy in prediction of the Bauschinger 

effect of cast and wrought aluminum alloys. They also found that as the forward strain 

increases, the reverse flow stress increases for the cast alloy but decreases for the 

wrought alloy. This indicates that certain microstructural features play unique roles in 

altering the reversal flow stress, but the specific influence of each microstructural effect 

is still unclear. To determine the influence of specific microstructural features, significant 

testing will be required under complicated loading environments. 

One such complicated loading environment that would provide insight into the effects 

of certain microstructural features on the Bauschinger effect is that of loads applied at 

high strain rates. This insight comes from the high energy and short time scale of 

deformation during high strain rate testing (above 10
2
 s

-1
) resulting in adiabatic heating 

and, in some materials, unique microstructural change not observed at quasi-static strain 

rates (see chapter 3). Adiabatic heating occurs when the plastic work performed on a 

sample is converted to heat. At quasi-static strain rates, this heat is quickly dissipated to 

the environment such that the test remains isothermal, but at high strain rates, the time for 

deformation is too short for heat to be lost. The result is adiabatic temperature rise during 

the test following the form 
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∆𝑇(𝜀) =

∫ 𝜎(𝜀)𝑑𝜀
𝜀

0

𝜌𝐶𝑉
 

(5.1) 

where ∫ 𝜎(𝜀)𝑑𝜀
𝜀

0
 is the work performed on the sample due to plastic deformation, 𝜌 is the 

density of the sample, and 𝐶𝑉 is the specific heat capacity at constant volume of the 

sample [28]. This thermal rise, averaged over the entire specimen, will be lost if the 

specimen is allowed to recover after forward loading. If the sample is insulated from the 

Kolsky bar such that no losses occur as a result of conduction, all losses will result from 

convection and radiation to the environment. Assuming radiation losses are negligible, 

the thermal loss due to convection is described as a function of time by 

 
∆𝑇𝑙𝑜𝑠𝑠 =

ℎ𝑐𝐴∆𝑇𝑡𝑑

𝐶𝑉𝑚
 

(5.2) 

where ℎ𝑐 is a convection constant (10 𝑊 𝐾𝑚2⁄  for still air), 𝐴 is the surface area of the 

sample, ∆𝑇 is the temperature rise due to adiabatic heating, 𝑡𝑑 is the time allowed for 

specimen recovery, and 𝑚 is the mass of the specimen. With this equation, a 6061-T6 

aluminum alloy cylinder with Length and diameter of 3 mm, reasonable dimensions for a 

Kolsky bar specimen, loses all of the heat from adiabatic heating after approximately 

0.18 s. 

To date, only limited research has been performed to analyze the Bauschinger effect 

in materials at high strain rates. Dynamic Bauschinger testing has thus far been limited by 

testing techniques as appropriately timed loading with equal forward and reversed strain 

rates is complicated. Early work by Nevill and Myers [77] used drop load testing to apply 
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a preload in high purity aluminum followed by drop load testing in a reversed direction. 

Their results show that negligible changes in Bauschinger strain parameter were observed 

as strain rate increased when tensile load was applied first, but when compressive load 

was applied first, the Bauschinger strain parameter at strain rates above 10
2
 s

-1
 increased 

indicating a lower tensile flow stress. However, as Nevill and Myers point out, samples 

were allowed to recover from any time dependent effects from preloading such as 

adiabatic heating. In an effort to limit the time for specimen recovery, Peirs et al. [78] 

developed a torsional Kolsky bar which allowed reflection of a torsional wave such that 

the first and second torsional waves impacted the specimen in opposing directions. By 

comparing with quasi-static results, they showed that the torsional Bauschinger effect in 

Ti-6Al-4V is strain rate dependent. Similarly, Nemat-Nasser et al. [79] used momentum 

trapping techniques to reverse a uniaxial Kolsky pulse to allow immediate reversal of the 

strain, but this technique has been shown to have a difference in strain rates between 

forward and reversed loading of around 10
3
 s

-1
 which is significant for certain strain rate 

sensitive materials [80].  

In this work, a novel procedure for applying equivalent strain rate forward and 

reverse loads to a specimen at strain rates above 10
3
 s

-1
 is explained. 6061-T6 aluminum 

alloy and nanocrystalline (NC) Cu-10at.%Ta specimens are tested to analyze both the 

capability of the new device and examine the strain rate sensitivity of the Bauschinger 

effect including the influence of adiabatic heating in a low melting temperature and stable 

nanocrystalline material.  
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5.2 Modified Kolsky Bar 

The dynamic Bauschinger testing device is based off of the Kolsky bar, sometimes 

referred to as a split Hopkinson pressure bar, as outlined in [26] and detailed here in 

Chapter 1. This technique can be used in compression by firing a solid rod toward the 

specimen or in tension by firing a hollow tube away from the specimen toward a flange 

on the incident bar. Here, in order to apply both compression and tension on the same 

specimen, a compressive pulse was applied on one end of the Kolsky bar assembly and a 

tensile pulse applied to the opposite end as seen in Figure 5.1. The strikers are propelled 

by the sudden release of compressed nitrogen gas. The gas is released by simultaneously 

opening two solenoid valves connected in a parallel circuit. The relative times at which 

the compressive and tensile waves impact the specimen can be controlled by the spacing 

of the starting points for the tensile and compressive strikers relative to the points at 

which the strikers impact the respective incident bars, i.e., if the tensile pulse is to impact 

the specimen first, the distance between the tensile striker starting position and the 

incident flange should be shorter than the distance between the compressive striker 

starting point and the incident bar on the compressive end.  

 

Figure 5.1 Diagram of the modified Kolsky bar.  

A Lagrangian diagram which assumes compression immediately followed by tension 

with 0 s delay time is shown in Figure 5.2. Here, it can be seen that no wave interference 
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occurs at either the specimen or the strain gauge locations which is necessary for the 

purpose of obtaining useful measurements from the dynamic Bauschinger test. A 

representative output from a test for which a delay of 2.5 ms occurred can be found in 

Figure 5.3. Following such a test, strain gauge signals for tension and compression are 

analyzed separately using the methods outlined in [26] and combined post processing 

assuming purely elastic unloading to show the flow stress profile of Figure 5.3b.  

 

Figure 5.2 Langrangian diagram indicating the position of the waves as a function of 

time. The dashed vertical lines indicate the position of strain gauge rosettes for 

measurement of the strain pulses.  
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Figure 5.3 Typical results from a dynamic Bauschinger test using the technique outlined 

in this work. a) Strain signals from the Kolsky bar show that tensile preload can easily be 

distinguished from a compressive load which follows within 2.5 ms. b) Following data 

analysis, typical results from the strain signals in (a) are plotted to show the Bauschinger 

response of the sample. Unloading curves are not measured, so a correction is applied 

assuming perfectly elastic unloading.  

The limit of forward strain is achieved using momentum traps similar to those 

described by Nemat-Nasser et al. [79], but the momentum traps are equal in mass to the 

incident bar which they are intended to impact. Spacing between the momentum trap and 

the incident bar is directly related to the engineering strain observed by the specimen 

during forward loading and can thus be calibrated. Rough calibration will require the use 

of at least nine specimens. The more specimens used for the calibration, however, the 

more consistently can comparable strain rates and strain levels be obtained. Specimens 

for calibration do not need to be exactly the same as specimens to be tested; however, 
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specimens with similar impedance are recommended. In order to calibrate the strain rate 

of deformation, a careful record must be kept of gas gun pressures. As the strain rate 

within the specimen is dependent on the specimen length, calibration is better achieved 

using the rate of deformation within the specimen. 

 𝑣𝑑 = 2𝑐0𝜀𝑟(𝑡) (5.3) 

Multiplying the desired strain rate by the specimen gauge length and plugging into a fit 

obtained from previous tests provides the pressure required to obtain the desired strain 

rate. This calibration procedure should be performed separately for both tension and 

compression as the gas gun systems will be different due to inherent losses in each 

system. An example of strain rate calibration is shown in Figure 5.4a. In this case where 

pressures were kept well within the limits of the gas gun pressure range, a linear fit was 

preferred, but as the limits of the gas gun are reached, a linear fit may not be preferred. In 

this case, for a sample of 3 mm gauge length, a strain rate of 5,000 s
-1

 will require a 

specimen deformation velocity of 15 m/s. Plugging this velocity into y in the equation of 

Figure 5.4a the gas gun pressure required to achieve a 5,000 s
-1

 strain rate is 

approximately 142 psi. 
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Figure 5.4 a) Calibration of specimen deformation velocity with gas gun pressure, and b) 

calibration of engineering forward strain with momentum trap spacing normalized by the 

specimen gauge length. 

For calibration of the momentum trap spacing, a record of the spacing between the 

incident bar and the momentum trap as well as the initial specimen length and final 

engineering strain is required. In a similar manner to that of the strain rate calibration, the 

momentum trap spacing is normalized by the specimen length and compared with the 

forward engineering strain. As seen in Figure 5.4b, the resultant fit provides an estimate 

for the strain achieved for a given momentum trap spacing. After calibration, tests for 

6061-T6 aluminum specimens could be consistently run with forward and reverse strain 

rates differing by less than +/- 300 s
-1

 and up to strain levels controllable to within +/- 

0.2%.  
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5.3 Results with 6061-T6 

Typical results from 6061-T6 aluminum alloy specimens are shown in Figure 5.5. In 

order to understand the benefits of dynamic Bauschinger testing with nearly no delay 

time, comparisons are made using samples tested at quasi-static and high strain rates both 

with specimen recovery and without specimen recovery. Further, the effects of increased 

reversal strain on the dynamic Bauschinger effect are analyzed using strain levels ranging 

from 5% to 8% forward strain. From Figure 5.5, it can be seen that significant softening 

relating to adiabatic heating is apparent during forward loading, but the reversal flow 

stress does not experience as dramatic a difference in flow stress difference; however, 

there is sufficient difference between tests to discuss trends in the Bauschinger stress 

parameter (BSP). The BSP is calculated as 

 
𝐵𝑆𝑃 =

|𝜎𝑓| − |𝜎𝑟|

|𝜎𝑓|
 

(5.4) 

where 𝜎𝑓 is the forward flow stress (tension in this case) and 𝜎𝑟 is the reverse flow stress 

(compression here). As samples in a Kolsky test suffer from inertia effects in the early 

stages of testing, flow stress data is taken at 2.5% plastic strain where force equilibrium 

was achieved in the sample at both forward and reversed loading. Resultant BSP values 

for each test were taken and average BSP values are plotted in Figure 5.6 where the error 

bars represent the maximum and minimum values for all tests run with and without 

recovery as appropriate. Samples with load reversed within the span of 0.18 s are 

considered as non-recovered samples. Tensile preload at quasi-static rates causes an 

increase in the compressive flow stress such that the BSP becomes negative. One 
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possibility for the increase in flow stress is the onset of damage in the form of void 

nucleation as mentioned by Jordon et al. [76]. In this case, voids form barriers to plastic 

deformation during compressive loading. These barriers combine with existing barriers 

such as precipitates and grain boundaries to cause an apparent compressive strengthening. 

Further, strain hardening likely plays a major role in deformation of the aluminum alloy 

as existing dislocations from forward loading may interact with dislocations generated by 

a compressive load leading to further strengthening. Interestingly, as strain rates increase, 

regardless of the delay time between forward and reversed loading, the BSP becomes 

more negative, i.e., the compressive (reversed) flow stress becomes much greater. There 

is wide variability in the results obtained with no recovery, but the average BSP for 

specimens with no recovery has a noticeably lower magnitude than the average BSP of 

specimens which were allowed to recover from adiabatic effects. The lower compressive 

flow stress of the non-recovered specimens could be explained by the higher testing 

temperatures resulting from adiabatic heating, but the average temperature before 

reversed load of each specimen tested without recovery, estimated based on equations 5.1 

and 5.2, is 306.5 K which is only 8.5 K higher than the ambient temperature. However, 

this measure of adiabatic heating is averaged over the entire sample. The possibility of 

localized adiabatic heating leading to shear band formation has been reported in 6061-T6 

aluminum [81] which along with dislocation accumulation during forward loading could 

also serve to explain the noticeable drop in reversed flow stress at high strain rates. 
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Figure 5.5 Bauschinger plots from select 6061-T6 samples. Parameters for these tests are 

controlled such that direct comparisons can be made. The strain rates all fall around 2,600 

s
-1

 and strain levels are nearly 5%. 

 

Figure 5.6 Average BSP values for high strain rate tests as a function of delay time 

compared to BSP values for quasi-static tests both with a tensile preload and without a 

preload.  

Another interesting result is apparent when the BSP is plotted as a function of the 

strain level at which the load is reversed (Figure 5.7). Here it can be seen that as the 

reversal strain is increased, the compressive flow stress increases likely as a result of 

more extensive work hardening and damage. However, in the case of the non-recovered 
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specimens, the increase in flow stress is more dramatic than that seen in the specimens in 

which recovery was allowed. Perhaps the increase in thermal energy facilitates the 

nucleation of a greater number of dislocations leading to greater work hardening, or 

possibly, shear band interactions lead to strengthening within the material. Further work 

is required to analyze the morphology of the microstructure and damage state in order to 

truly understand the mechanism change, but it is evident that the Bauschinger effect is 

not only strain rate dependent, but also dependent on the strain level and degree of 

recovery of the specimen after forward loading. 

 

Figure 5.7 BSP as a function of strain level at load reversal for specimens tested with 

reversal occurring both before and after recovery. 

5.4 Results with NC-Cu-10at.%Ta 

NC-Cu-10at.%Ta samples, with initial microstructures similar to that observed in 

chapters 2 and 3, have shown that the deformation mechanism for a stable nanocrystalline 

material shifts from dislocation mediated plasticity at low strain rates to twin nucleation 

at high strain rates (see chapter 3). Here, the effect of this change in deformation 

mechanism on the dynamic Bauschinger effect is investigated by loading a NC-Cu-

10at.%Ta round dogbone sample in compression followed by tension using a maraging 
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steel Kolsky bar with modifications as described above. Results from a dynamic 

compression followed by tension test are shown in Figure 5.8 along with separately tested 

dynamic compression and dynamic tension results. Due to limited sample availability, the 

separate tension test employed a small rectangular dogbone specimen, but due to the 

difficulty of reversed loading of such a specimen, the compression followed by tension 

test employed a cylindrical dogbone specimen. As such, flow stress and ductility can only 

be qualitatively compared. 

 

Figure 5.8 Flow stress as a function of strain for NC-Cu-10at.%Ta. Tensile and 

compressive results are plotted as positive values so that flow stress and ductility can be 

directly compared.  

The tensile and compressive mechanical behavior shows extensive anisotropy, in both 

flow stress and ductility, inherent in the nanocrystalline material. Prior to testing, the 

material was shown to be fully dense; however, as the material was processed as powder 

and consolidated to bulk using ECAE, large Ta particles may exist due to cluster 

formation during processing leading to an increased number of damage nucleation sites 
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which would adversely affect the tensile properties of the material without significant 

effect to the compressive flow stress. When a compressive preload is applied, no 

noticeable change in flow stress is observed upon load reversal. In fact, if a parameter 

comparable to the BSP is calculated at a plastic strain of 5%, a comparison of this 

parameter for the case of dynamic compressive preload to the case of separate dynamic 

compression and tension tests indicates that little to no effect of preload is observed. The 

BSP for the preload case is 0.19 while the BSP for the case of separate samples is 0.16. 

The small difference observed in the BSP may result from adiabatic heating within the 

dynamically preloaded sample, or detrimental effects, such as stress concentrations, from 

tensile testing with a rectangular dogbone specimen.   

5.5 Conclusions 

A novel technique for analyzing the dynamic Bauschinger effect in strain rate 

sensitive materials has been developed by applying simultaneous tension and 

compression loading to opposing ends of a Kolsky bar apparatus. The device was 

successfully employed to analyze the strain rate, strain level, and recovery state 

dependence of the Bauschinger effect in a 6061-T6 aluminum alloy. 

The modified Kolsky bar is shown to be capable of applying reversed uniaxial loads 

at strain rates up to 7,000 (+/- 20) s
-1

 with a delay between forward and reversed loading 

of less than 11 ms. This delay was estimated to allow negligible specimen recovery based 

on an assumption that thermal losses to the sample occur in the form of convective losses 

to the environment. The modifications are applied separately to a 7075-T6 aluminum 
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alloy and a C350 maraging steel Kolsky bar in order to analyze low impedance (6061-T6) 

and high impedance (NC-Cu-10at.%Ta) alloys.  

Damage combined with work hardening following tensile load in the 6061-T6 alloy 

was proposed to cause reversed (compressive) flow stress to increase leading to negative 

BSP values. This is further supported by the decreasing BSP as forward strain is 

increased. The Bauschinger effect exhibited strain rate dependence in the 6061-T6 alloy 

both when the specimen was and was not allowed to recover from adiabatic heating 

effects; however, the decrease in BSP is lower for the case of no specimen recovery 

owing to the lower reversed flow stress resulting from the elevated temperature. 

Finally, inherent anisotropy in the compressive and tensile flow stress of NC-Cu-

10at.%Ta is attributed to the variation in forward and reversed flow stress of the material 

during dynamic Bauschinger loading. Adiabatic heating may further contribute to the 

softening of the reversed flow stress, but more testing is required for verification. 
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6 FUTURE WORK 

Extensive mechanical testing of a truly stable nanocrystalline Cu-Ta alloy at high 

strain rates and high temperatures has been performed; however, the stability of the NC 

Cu-Ta system makes possible even further investigation into the effects of truly 

nanocrystalline structure on the mechanical behavior of crystalline materials. Some of the 

works still lacking in understanding true nanocrystalline behavior are as follows: 

1. In chapter 4, Cu-5at.%Ta and Cu-10at.%Ta processed at 700 °C exhibited 

nanocrystalline structure and similar mechanical properties while Cu-1at.%Ta 

processed at the same temperature exhibited drastically different mechanical 

behavior. Further work is needed to determine the specific Ta concentration at 

which this transition occurs in order to optimize the alloy. 

2. Further, the stability of nanocrystalline samples with differing compositions needs 

to be investigated. Chapter 4 addressed limited mechanical behavior, but no post 

deformation structural investigation was performed. Also, no investigation into 

the either the mechanical properties at elevated temperature nor the thermal 

stability of the Cu-5at.%Ta processed at 700 °C was performed, though this 

would lead to a better understanding of the effects of Ta concentration on the 

behavior of nanocrystalline Cu. 

3. Comprehensive examination of the dynamic Bauschinger effect in NC-Cu-

10at.%Ta is needed in both tension followed by compression and compression 

followed by tension in order to develop a full understanding of the effects of 

microstructure change resulting from twin formation during forward loading. 
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Particularly, the effects of twin formation on the mechanical behavior during 

reversed loading needs to be further analyzed. 

4. Here, the mechanical response under uniaxial load was investigated, but 

particularly in impact scenarios, materials are prone to shear loading. Therefore, 

an investigation of the shear response at both low and high strain rates should be 

performed to analyze the effective strength and ductility under such loading. 

5. Using similar techniques to the dynamic load reversal discussed in this work, the 

combined shear and uniaxial load response should be analyzed. In doing so, the 

effects of strain rate as well as nanocrystalline grain size on the von Mises and 

Tresca failure envelopes be probed. 
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