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Abstract 

The laminated system processed using Fusion
TM

 technology is reported to contain a 

compositional gradient between the different layers. The interface region exhibits various 

precipitation characteristic during the subsequent heat treatment. The precipitation behavior 

at the interface region and core layer of a laminated AA3xxx-AA6xxx alloy system is 

investigated and discussed. The precipitation hardening capacity at the interface region is 

shown to scale with the existing compositional gradient. TEM observations reveal the 

precipitates at the interface region with a larger size and a lower number density than those at 

the core layer. A yield strength model developed for bulk AA6xxx series is employed to 

predict precipitate hardening behavior of the laminated sheet, and the modeling result shows 

an agreement with the measured values using a mass correction. 

The annealing behavior of the laminated system is investigated in a wide temperature range 

and at various deformation levels. The size and aspect ratio of the recrystallized grains are 

found to be determined by the interaction between recrystallization and precipitation, and by 

dissolution/coarsening of pre-existing precipitates. Under the condition of a low annealing 

temperature and a high deformation level, recrystallization initiates first at the interface 

region and then progresses into the core layer along the compositional gradient. The 

preferential onset of recrystallization at the interface is attributed to a higher driving pressure 

and a lower Zener drag pressure due to a low volume fraction of precipitates. Nucleation 

from large particles and grain boundaries is found to be operative nucleation mechanism in 

this system.  
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Chapter 1 Introduction 

In this chapter, the application of Al sheets and the fabrication technology of the studied 

laminated sheet are first introduced. The precipitation and recrystallization behavior of the 

two different layers are then reviewed. After a brief summary of the current studies of the 

laminated sheet, the scope and objectives of the work are given in detail.  

1.1 The application and fabrication of laminated Al sheets 

With the increasing demand for energy conservation and emissions control, aluminum alloys 

have become more attractive to the automotive industry due to their high strength, low 

density, good formability, and good corrosion resistance [1–4]. Aluminum sheets are of 

particular interest to replace steel in vehicles. This replacement in mainstream cars can be 

realized if various cost and processing-property related issues can be addressed. Choices of 

Al alloys, temper and fabrication processes can be manipulated to satisfy the demands of 

specific applications to achieve  a wide range of properties [2]. However, intensive research 

in the composition-processing-structure relationship is needed for a successful outcome. 

Cladding of alloy sheets has been used for many years to impart combinations of certain 

properties that cannot be achieved in a monolithic material to the cladded sheet. During the 

last several decades, many methods of producing clad Al products, including roll bonding, 

diffusion bonding, explosive cladding, and continuous casting, have been developed [5–12]. 

However, the adherence issue of the mating surface between the clad and core layers could 
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not be resolved properly, thus limiting the improvement of the strength of the laminated 

sheets [13]. To overcome such a challenge, a new technology that  allows commercial 

production of multi-alloy aluminum ingots to be obtained by simultaneous solidification of 

multi alloy layers into a single aluminum rolling ingot, has been recently introduced by 

Novelis [14]. By its traditional direct-chill mold with extra heat removal apparatus, as shown 

in Figure 1-1, the bi-layer ingots are free of inclusions, oxide films and porosity between the 

layers [15]. The multi-layer ingots can then to be processed by the same hot and cold rolling 

routes used for conventional monolithic alloys. The particular advantage of such a laminated 

system is the enhanced ductility/bendability [16]. 

 

Figure 1-1. Schematic presentation of the Novelis Fusion
TM

 technology casting apparatus 

[17]. 
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1.2 Precipitation hardening of Al alloys 

The high strength that can be achieved in Al alloys is due to the precipitation hardening 

during aging processes. The precipitates act as obstacles to the moving dislocations thus 

improving the yield strength of Al alloys [18]. The strength of precipitation hardenable Al 

alloys is well-known to be closely connected to the size, number density, and volume fraction 

of precipitate phases [19]. Heat treatable Al-Mg-Si-(Cu), i.e. AA6xxx alloys, are an 

important group of aluminum alloys that can be significantly strengthened through age 

hardening [20,21]. The types of precipitates and precipitation sequence have been 

extensively studied for Al-Mg-Si-(Cu) systems. The results have shown that multiple 

metastable phases are formed during aging, and that the characteristics depends on the alloy 

composition and the aging stage [22–33]. The modeling of precipitation kinetics and 

precipitation hardening of Al alloys have been well developed [30,34–43]. Using different 

approaches, the evolution of the mean radius and the size distribution of particles during 

aging has been modeled in several studies [36,37,39]. The yield strength of Al alloys has also 

been successfully modeled by applying the dislocation theory of precipitation hardening, and 

precipitation kinetics concepts [40–43].    

1.3 Annealing behavior of Al alloys 

The recrystallization behavior of Al alloys has been the subject of many studies in the past 

[44–56]. These studies have been intensively focused on  the effect of precipitation during 

annealing and the role of second phase particles on the recrystallization behavior [52–56]. 
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During annealing, precipitation and recrystallization can occur simultaneously or in 

sequence, depending on their kinetics at the annealing temperatures and the deformation 

levels [52,53]. It has been reported that when precipitation takes place prior to 

recrystallization, the onset of recrystallization is retarded due to a decreased driving  

pressure, and the recrystallized grain structure is considerably affected by the newly-formed 

precipitates due to the anisotropic Zener pinning pressure during annealing [57–65]. The 

effect of pre-existing second phase particles on the recrystallization characteristics are 

affected by the distribution, volume fraction, and size of particles, and particle-matrix 

interfacial energy [52,53,66]. Although very coarse and largely-spaced particles have little 

effect on the grain boundary pinning, their presence prior to deformation may significantly 

affect the recrystallized microstructure due to the well-known particle stimulated nucleation 

(PSN) effect [49,52,54]. The effect of solutes on the mobility of grain boundaries has also 

been the subject of a number of studies [52,67–76]. Solutes also exert a pinning pressure on 

the moving boundary by increasing the activation energy for grain boundary mobility 

[52,68,70,73]. However, the level of pinning can significantly vary with the alloy 

composition [68]. 

The recrystallization behavior of monolithic AA3xxx and AA6xxx alloys has also been the 

subject of many studies [61,63,64,77–83]. Those investigations have found that the pre-

existing fine particles and solutes have strong effects on the recrystallization behavior under 

different levels of deformations. Precipitation of Mn-containing particles during the 

annealing of  supersaturated Al-Mn alloys is reported to strongly retard recrystallization and 
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lead to a coarse elongated recrystallized grain structure [60,61,64,77]. The elongated grain 

structure of the recrystallized Al-Mn alloy has been shown to be caused by pinning effects 

from those precipitates that nucleate heterogeneously on the boundaries with large 

misorientations during the initial stage of annealing [61,64]. The precipitation in a 

supersaturated Al-Mn alloy has been demonstrated to first take place preferentially at grain 

boundaries with high angles, while it occurs at the low angle boundaries at a longer annealing 

time [61].  

It is also reported that the precipitation before recrystallization is responsible for the 

elongated grain structure, while at high temperatures equiaxed grain structure is obtained due 

to the faster kinetics of recrystallization [77]. The interaction between precipitation and 

recrystallization in precipitation-hardening Al-Mg-Si alloys has also been the subject of 

several studies [39, 52, 53]. Recrystallization temperature has been reported to  increase due 

to the pinning of precipitates, and the recrystallized grain structure can be elongated or 

equiaxed depending on the distribution of precipitates formed before the initiation of 

recrystallization [84,85]. Due to the complex precipitation reaction in the Al-Mg-Si-(Cu) 

system, the effect of precipitation on the related recrystallized grain structure is concluded to 

be determined by the distribution of the possible precipitates (including β˝, β΄, and Mg2Si) 

and their size before recrystallization [86,87]. The nucleation phenomenon in 

recrystallization of both AA3xxx and AA6xxx has been investigated in a few studies so far 

[61,82,86,88]. However, it has been found challenging to elaborate on the mechanisms of 

nucleation and the occurrence of the possible mechanisms in these alloys.  
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1.4 Laminated alloy system fabricated using FushionTM technology 

The laminated system fabricated by Fusion
TM 

technology is a promising material, in the sense 

that the clad layer has desirable surface properties and formability. The laminated systems 

therefore contain combined proprieties that cannot achieved from a monolithic material [14]. 

Preliminary studies on the laminated AA3xxx-AA6xxx systems have demonstrated 

significant enhancement of mechanical properties compared to the monolithic core alloys 

[16,89].  

Gupta et al. [14] have studied the distribution of Mg and Si across the interface of the 

laminated system AA4045-X900 (Al-1.5 wt.% Mn-0.6 wt.% Cu-0.2 wt.% Mg-0.2 wt.% Fe) 

produced using Fusion
TM

 technology, and it demonstrated that new particles form due to the 

diffusion of Si and Mn. The laminated system AA3xxx-AA6xxx has also been studied and 

modeled for compositional characteristics of the interface region in both the hot rolled 

condition, and hot rolled and solutionized conditions by Foroozmehr and co-workers. They 

have shown that a compositional gradient exists in the hot rolled samples, and this 

compositional gradient at the interface region leads to  a fast dissolution of particles  at the 

interface region than at the core layer during the solution treatment [90].  

The laminated alloys system AA3xxx-AA6xxx was processed using Fusion
TM

 technology 

with AA3xxx as the clad layer and AA6xxx as the core layer in a lab scale. It is a system 

containing a core layer (AA6xxx) that can be strengthened by aging, and a clad layer 

(AA3xxx) that does not show age hardening, but has high ductility. The through-thickness 

microstructures of the annealed laminated sheet can have significant influence on their 
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formability. Therefore, the application of laminated sheets for automotive panels requires 

thorough investigations of their recrystallization and precipitation behavior. However, there 

has been a lack of research investigations on the precipitation and recrystallization behavior 

of the laminated sheets, since most of the work has been on focused on the cladding process 

itself or the mechanical properties of the final products [5–9,11,12,91–95]. The studies on the 

recrystallization of the laminated sheets are also limited to the combination of pure metals 

[96–98]. 

It is well known that precipitation kinetics varies with the composition of the material, and 

finally leads to different distributions of precipitates for the materials with composition 

variations (i.e. laminated sheets and gradient materials). The precipitation behavior and 

precipitation modeling on such materials are of importance and have not been studied for Al 

alloys. The complexity of precipitation arising in the presence of a compositional gradient 

across the interface region can significantly affect the recrystallization behavior of the 

laminated sheet. Therefore, gaining a more thorough and in-depth knowledge of the aging 

and annealing behavior of the laminated sheets with precipitation hardening capacity is 

essential to optimize the thermal-mechanical processes and their potential future use. The 

new knowledge can also be helpful in designing novel combinations of alloys for future 

laminated Al alloy products.  
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1.5 Scope and Objectives 

The objectives of this research are to (a) study the precipitate distribution and precipitation 

hardening of the interface region and core layer of the laminated AA3xxx-AA6xxx system 

with special emphasis on the interface featuring composition gradients of solutes 

participating precipitation, (b) investigate the annealing behavior of different layers of the 

laminated sheet under various deformation levels and annealing temperatures, (c) provide a 

fundamental approach for studying and understanding the precipitation and annealing 

behavior associated with compositional gradients of  the multilayer materials with 

precipitation capacity. The current research is the first to study the precipitation and 

annealing behavior of a laminated sheet fabricated using Fusion
TM

 technology. With the 

research findings, new combinations of laminated sheets and proper thermal mechanical 

processes can be designed in order to achieve optimum properties.  

The above objectives are achieved through conducting the following investigations: 

1. The precipitates and precipitation hardening of the aged laminated sheet, including 

both the AA6xxx core layer and the interface region, are characterized. The 

precipitation hardening of the core layer and interface between the clad and core 

layers is studied by hardness measurement on the surface defined by the rolling and 

normal directions during aging. The microstructure is examined using transmission 

electron microscopy to reveal the precipitation characteristics of the core layer and 

interface region. The composition gradient of the interface region is characterized 

using electron probe micro-analysis. The precipitation kinetics and precipitation 
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hardening are also studied using differential scanning calorimetry, isothermal 

calorimetry and a yield strength modeling. 

2. Two different cold rolled sheets with 60% and 80% thickness reductions are 

employed for the study of annealing behavior. The particle distribution in the cold 

rolled sheets is characterized using transmission electron microscopy and scanning 

electron microscopy. The interface is studied and defined by the electron probe 

microanalysis.  

3. The recrystallization behavior of the clad and core layers of the laminated sheets with 

various levels of deformation and annealed at different temperatures is investigated. 

Softening behavior during annealing is studied by hardness measurement. 

Characterization of recrystallized microstructure and the distribution of particles are 

studied by scanning electron microscopy in backscatter mode and electron backscatter 

diffraction.  The recrystallization behavior is further studied with focus on: 

 The effect of composition gradient existing between the clad and core layers 

on the recrystallization behavior is investigated. Precipitation reaction during 

the annealing is studied using differential scanning calorimetry and scanning 

electron microscopy. 

 Active recrystallization nucleation mechanisms are investigated. Nucleation 

from large particles and grain boundaries is studied using scanning electron 

microscopy for both fully recrystallized and partially recrystallized conditions.   
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Chapter 2 Literature review 

2.1 Precipitation in AA6xxx alloys 

In this section, the existing literature for the precipitation behavior of AA6xxx alloys has 

been reviewed. The review starts with the precipitation sequence and hardening mechanisms 

of AA6xxx alloys. The modeling of precipitation kinetics and yield strength is then reviewed.   

 Precipitation phases of AA6xxx alloys 2.1.1

The precipitation phases in the Al-Mg-Si family have been studied intensively, and the 

precipitation scheme is generally accepted to occur in the following steps [20,99]:  

                                                                                                                             

where SSSS  is the supersaturated solid solution. GP zones are one of the metastable 

precipitation phase with fully coherent interface with the matrix, and exist at an early stage of 

aging [20,31,100]. The precipitate β˝ phase is reported as needle-shaped phase along <100>Al 

with monoclinic C-centered crystal structure. With increasing aging time, β˝ precipitates 

grow into rod-like β΄ that have a hexagonal crystal structure. The corresponding final 

equilibrium phase is Mg2Si (β) with cubic Ca2F structure [31]. 

With the addition of Cu, the mechanical properties of the AA6xxx series have been improved 

significantly, and the precipitation phases and their sequence have become more complex. 

Due to the addition of Cu, the quaternary Q phase is reported for Al-Mg-Si-Cu system, and 

GP Zones             β΄             β˝          SSSS             β          
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metastable Q˝ and Q΄ are the precursors of the lath-shaped stable phase Q containing Al, Cu, 

Mg, and Si [21,24,26,101].  The phases Q˝, Q΄ and Q are reported to exist at different aging 

stages with various crystal structures and shapes [101]. The precipitation sequence of 

AA6111 has been investigated at different aging conditions using differential scanning 

calorimetry (DSC), and the precipitation sequence has been suggested as [101]: 

      

Both β˝ and Q΄ are reported to be precipitation hardening phases in Al-Mg-Si-Cu family. 

TEM results have shown that β˝ exists in a considerably larger number density than the Q΄ 

phase in AA6111 aged at 180
 o
C for 15 mins, 30 mins, 1 h and 7 hrs [101].   

 Interaction between precipitates and dislocations  2.1.2

Precipitates can act as obstacles to the moving dislocations during deformation, in which 

yield strength is improved. The fundamental strengthening mechanism for precipitation 

hardening depends on the nature of interaction between precipitates and dislocations [18,42]. 

There are two main types of precipitation-dislocation interaction mechanisms: the shearing 

mechanism and the Orowan mechanism. Precipitates are cut by a gliding dislocation and 

leave fractured precipitates behind. Dislocations bow out between the precipitates and rejoin 

together by leaving dislocation loops around the particles [102]. In a recent study on the Al-

Mg-Si-Cu alloy, it has been shown that precipitates which form at early stages are shearable 

and precipitates which form at the later stages of aging are non-shearable [42,103]. For a 

GP Zones             Q΄ and β΄ (or β΄)          β˝ and Q˝         SSSS             Q and β          
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shearing mechanism system, the possible precipitates are GP zones and β˝. When precipitates 

are larger and widely spaced, they are by-passed instead of being cut by moving dislocations.  

The transition from shearable to non-shearable precipitates during the aging process is 

controlled by the nature of the precipitates. In the research conducted on AA 6111 [102], the 

slip lines with fractured precipitate are observed for under-aged and peak-aged samples, 

which indicates shearing mechanism takes place. The over-aged sample with precipitates 

shows no such evidence of shearing mechanism due to the larger size of precipitates. 

Esmaeili’s yield strength model on AA 6111 [41] shows a good match with experimental 

results by assuming shearable precipitates at under-aged and peak-aged conditions.  

 Precipitation hardening modeling 2.1.3

Precipitation hardening modeling has been intensively studied for Al alloys with various 

precipitation kinetics models [30,35,37,38,40–43,99,104]. The precipitation nucleation rate is 

well agreed to be varied during aging with a specific incubation time [36]. The driving 

pressure for nucleation is proportional to the concentration of the matrix [52]. The growth 

rate of precipitates is suggested to be proportional to the diffusion coefficient and the 

compositional gradient formed at the interface between the precipitate and the matrix [105]. 

At a constant temperature, such nucleation and growth rates delineate a C-type curve for the 

relationship between the starting time of precipitation and temperatures, which indicates the 

fastest precipitation rate is obtained at an intermediate temperature range [106]. The small 
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activation energy for nucleation of precipitates at a high temperature range and the reduced 

diffusivity at a low temperature range both attribute to a slow process of precipitation. 

By different approaches, evolution of the mean radius or the size distribution of particle 

distribution during aging can be modeled for both isothermal aging and non-isothermal aging 

[35,36,39,107]. With the modeled precipitation kinetics, the yield strength of Al alloys has 

been well modeled by employing the theory of precipitation hardening [30,34,37,38,41].   

 Precipitation in AA 3xxx alloy 2.1.4

The homogenized AA3xxx alloy does not demonstrate apparent precipitation hardening 

during aging, since the solubility of Mn in Al is extremely low with 1.82 wt.% Mn at the 

eutectic temperature of 658.5
o
C [108]. It has also been reported that  the decomposition of 

supersaturated Al-Mn binary alloys is very sluggish, and precipitates display various 

morphologies at different temperatures [109–111]. Orthorhombic Al6(Mn,Fe) and cubic 

Al(Mn,Fe)Si are the two dominant dispersions in the AA 3xxx alloy [108,111].  The size of 

dispersoids Al(Mn,Fe)Si is less than 50 nm, which indicates a high thermal stability at the 

investigated temperature of 375
o
C for 24 h [112]. The related phase for AA3003 is calculated 

by Foroozmehr et al. [90] and given in Figure 2-1, and it shows Al6(Mn,Fe) presents at the 

temperature higher than 300
o
C. The fraction of Al(Mn,Fe)Si dispersoids increases with the 

amount of Si, and it is more stable than Al6(Mn,Fe) at lower temperatures [112,113]. 

Addition of Cu has also been reported to enhance the decomposition of the supersaturated 

solid solution [26]. The work of Li et al. [112] has shown that α-Al(Mn,Fe)Si dispersoids  
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Figure 2-1. Equilibrium phases for AA3003 alloys calculated using Factsage [90]. 

 

Figure 2-2. Morphology of Al(Mn,Fe)Si dispersoids in AA 3003 as heated to 500
o
C <101>Al 

zone axis (block-shaped marked as 1-6, and plate-shaped marked as 7-9)  [112]. 

formed in AA3003 during heating to 500
o
C are partially coherent with the matrix as shown 

in Figure 2-2. Due to the partial coherence with the matrix and relatively high thermal 
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stability, Al (Mn, Fe)Si dispersoids are expected to play an important role in the 

recrystallization of AA3xxx.  

2.2 Precipitation in deformed Al alloys  

It has been well known that deformation prior to heat treatment can significantly accelerate 

the precipitation process by providing extra nucleation sites [114–116]. Dislocations 

generated by deformation provide short-cut paths for diffusion of solutes. In addition, the 

lattice distortion in the vicinity of dislocations assists the formation of nuclei by reducing the 

total strain energy of embryo [117,118]. It has been shown the peak-aged condition with the 

nucleation of β˝ has been reached faster during  the aging of a deformed AA6xxx compared 

to the aging of an un-deformed condition [119]. Zhen et al. [100] have suggested that the 

formation of GP zones and the transition of β˝ into β΄ are promoted by the increased density 

of dislocations generated by cold deformation. Similar trends have also found in AA3xxx. 

Chen et al. [118] has studied and modeled the effect of deformation on the precipitation 

behavior of MnAl6 and MnAl12 in a deformed AA3003. As depicted in Figure 2-3, it have 

shown that (a) precipitation on both dislocations and boundaries is accelerated; (b) with a 

higher density of dislocations, the nose of the C-curve shifts to a lower temperature and a 

shorter time; (c) the precipitation process is slightly delayed due to recovery featuring a 

decreasing dislocation density and (d) the initiation time for precipitation is shortened greatly 

compared to the homogeneous precipitation due to the micro-segregation of solute Mn at the 

dislocation network.  
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Figure 2-3. The effect of the dislocation density and recovery on the C-curve of the 

precipitation in AA3003. (Solid lines, dislocation effects; dotted lines, recovery effect; dash-

dotted lines, grain boundary nucleation) [118]. 

2.3 Annealing of the deformed Al alloys 

During cold deformation of metals and alloys, a high level of energy is stored due to the 

increased density of dislocations, thus giving rise to an unstable deformed microstructure 

[52]. During annealing, the unstable grains with a high density of dislocations inside tend to 

be replaced by new, undeformed grains through recovery, recrystallization and grain growth. 

The stored energy decreases gradually by dislocation rearrangement and annihilation during 

recovery. Recrystallization follows recovery in sequence, or the two steps might overlap. 

New dislocation-free grains form inside a deformed material during recrystallization by 
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consuming the deformed grains. Growth of recrystallized nuclei driven by the surface energy 

reduction can take place in two different ways: normal grain growth and abnormal grain 

growth. In the latter, only a few grains are able to grow into a much larger size. Since the 

beginning of the 20
th 

century when the concept of recrystallization was identified [52], the 

fundamentals of recrystallization of pure Al have been extensively studied.  

 The deformed state 2.3.1

The nature of the recrystallization behavior including the formation of nuclei and their 

growth greatly depends on the characteristics of the deformed substructure. In this section, 

the deformation structure and the effect of pre-existing particles on the structure are 

reviewed.  

During cold working, the microstructure changes with various grain shapes and sizes. An 

increasing area of grain boundaries is often accompanied by an increasing density of 

dislocations and their interaction as well [120]. A typical deformed Al microstructure is that 

high density of dislocations usually accumulates and forms dislocation walls [52]. 

Understanding the internal structure of a deformed grain is critical for comprehending the 

deformed structure and the following annealing behavior. It is well known that the 

substructure is mainly determined by the extent of cold work.  For Al alloys a low rolling 

strain of ~0.2 usually results in a uniform-equiaxed cellular structure due to its high stacking-

fault energy, [121]. With increasing rolling strain, the substructure becomes elongated with a 

smaller size, and the misorientation between the subgrains increases as well. The empirical 
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equation between the deformation strain and the size of subgrains is reported as follows 

[121,122]: 

  ̅              (2-1) 

where  ̅ and   are the mean diameter of subgrains in μm and true strain, respectively. The 

average misorientation has also reported to increase rapidly with the strain and to follow the 

relationship established for cold-deformed pure Al [121]: 

 ̅ ̅     (2-2) 

 where  ̅, and b are the mean misorientation and the magnitude of Burgers vector, 

respectively. N is a constant. The mean size and misorientation of subgrains have also been 

predicted by Chen and coworkers [121] as a function of strain for cold rolled Al. It shows 

that both size and misorientation of the deformed grains increase with the strain, while the 

increasing rate is greater for a lower strain.  

In addition to the deformed strain, the presence of the particles in the deformed alloys affects 

the subgrain structure significantly. In the case that a particle is strong enough to withstand 

the shear stress caused by dislocation loops around them, Orowan loops can be 

generated  [52,53]. During cold rolled deformation, a fine dispersion of particles lead to a 

further increase in dislocation density and in the level of homogeneity of dislocations 

compared to the particle-free matrix. The increase in dislocation density during deformation 

arises from both the trapping of existing dislocations and the generation of new dislocations.    
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 Recrystallization nucleation sites 2.3.2

Nucleation of new grains during recrystallization initializes at regions where have high local 

misorientation, and can provide high driving pressure for nucleation [52]. It has been 

recognized that deformation bands inside grains, shear bands, highly misoriented 

deformation zones around large particles and previous high angle boundaries are 

heterogeneities that can act as nucleation sites [52].  In most cases, more than one nucleation 

mechanism could take place. Various effective nucleation mechanisms might be active and 

follow a sequence or compete depending on the deformation conditions that includes the 

deformation levels and microstructure characteristics of the cold-deformed material such as 

the original grain size and particle distribution [123,124]. In the following section, potential 

operative nucleation mechanisms are discussed in detail. 

Nucleation from various bands 

During deformation, deformation bands and shear bands, which are deformation 

heterogeneities, can be nucleation sites during recrystallization. Deformation bands are 

generated by heterogeneous deformation inside a grain [52]. Multiple fragments with a single 

aligning direction in each region, produced through the activation of various slip systems, are 

called deformation bands. The aligning direction of the deformation bands to the rolling 

direction varies with deformation strain. Jazaeri and Humphrey’s study [125] has shown that 

the deformation bands aligned at ~40
o
 to the rolling direction of Al-0.1 wt.% Mg with a 50% 

thickness reduction as shown in Figure 2-4 (a). Furthermore, with a reduction of up to 70%, 

the deformation bands became increasing aligned with the rolling direction as shown in  
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Figure 2-4. SEM backscattered images for the cold rolled Al-Mn with thickness reduction of (a) 

50%  and (b) 70%  [125]. 

 

 

             

 

 

Figure 2-5.  Recrystallization nucleation on a deformation band in the deformed pure Al with 

a 40% deformation and annealed at 328
o
C for 70 mins [126]. 

Figure 2-4 (b). Nucleation at deformation bands of a cold-compressed pure Al was also 

studied, and small recrystallized grains were found to nucleate at the deformation bands as 

shown in Figure 2-5 [126]. 

               

(b) (a) 
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Shear bands are the results of plastic instability, and are resolvable under optical microscopy 

at 35
o 

to the rolling plane and parallel to the transverse direction [52]. Shear bands have been 

found in a deformed Al-Mg alloy with an 85% thickness reduction as shown in Figure 2-6 

(a). During annealing, those shear bands have been observed to be nucleation sites as 

indicated by A and B in Figure 2-6 (b) [127]. The study has also revealed that the nucleation 

at shear bands took place earlier than nucleation at previous boundaries [127].  

   

Figure 2-6. (a) shear bands produced in Al-4.8 wt. % Mg alloy and (b) nucleation at shear 

band after annealing at 275°C for 4.5 mins [127]. 

 Nucleation around large particles  

It has been well established that a coarse dispersion of large particles accelerates 

recrystallization by representing as nucleation sites, which is called particle stimulated 

nucleation (PSN) [49,52,86,123,128]. Deformation zones featuring localized and 

concentrated strain at the particle-matrix interface were found around large particles during 

    

(a) (b)
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cold work, as shown in Figure 2-7. Deformation zones include two distorted regions and 

rotated zones. In the distorted regions, the deformed grains are elongated in the rolling 

direction, whereas in the rotated zones, the deformed grains are rotated and less elongated. 

High dislocation density and large orientation gradient have been reported in the rotated zone 

with the largest misorientation at the particle-matrix interface, therefore facilitating the 

occurrence of PSN [52]. 

 

Figure 2-7. Schematic drawing of the deformation zone around a large particle [52]. 

It is clear that not all the pre-existing large particles can be nucleation sites during annealing. 

Particles must reach a critical size to be successful nucleation sites, and the critical size is 

smaller for a higher level of deformation.  In addition to the size of large particles, it is also 

shown that the final recrystallized grain size is related closely to the space between  large 

particles [129]. PSN can also take place in the area containing multiple small particles which 

are called particle clusters. When particles are closely distributed, the deformation zones 

associated with each particle can overlap and form a big joint deformation zone which 
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facilitates the growth of nuclei into recrystallized grains in the deformation zone [56]. In 

addition to the size and interparticle spacing, other factors that can increase the stored energy 

around large particles might facilitate PSN. Troeger and coworker [86] have suggested that 

particles on the interface between the deformation bands are more capable of being PSN sites 

than those on the grain boundaries due to their larger surface area. Furthermore, PSN has also 

been reported to be more effective adjacent to large particles that distribute along the 

previous grain boundaries due to  the presence of an extraordinary energy source from the 

deformation bands or previous grain boundaries [130]. Sites of large particles therefore play 

a key role in the efficiency of PSN. 

Nucleation from original high angle boundaries 

There are two different nucleation mechanisms associated with original high angle 

boundaries: strain induced boundary migration (SIBM) and classical nucleation from grain 

boundaries. SIBM was first observed at many metals by Beck and Sperry [131]. As can be 

seen in Figure 2-8, by bulging of the segment of a previous grain boundary, an recrystallized 

area with a decreased dislocation density forms behind the moving boundaries during the 

annealing of a deformed pure Al with a 40% thickness reduction [126]. The new grains 

formed in this way have similar orientation to the parent grains that they grew from. The 

moving direction of the boundary can be opposite for different segments. This mechanism is 

generally operative at a low level of deformation. Bellier and Doherty have first confirmed 

that SIBM was the dominant recrystallization mechanism for pure Al with reductions lower 

than 20% when annealed at 328
o
C for 42 hrs [126]. However, Beck and Sperry [131] have 
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later found that the mechanism was operative till 40% thickness reductions for pure Al. It is 

also reported that SIBM plays an important role during the recrystallization for a 

homogeneously deformed microstructure [132–136]. 

 

Figure 2-8. Evidence of SIBM in deformed pure Al with 40% reduction and annealed at 

328
o
C for 1 h [126].  

SIBM may occur either by the migration of the boundary associated with several subgrains 

(Multiple SIBM) or by the bowing of the boundary adjacent to a single large subgrain (Single 

SIBM), as shown schematically in Figure 2-9 (a) and (b), respectively. Multiple SIBM is 

driven by the difference in the density of dislocations on the two sides of the boundaries, and 

is expected to take place in a deformed microstructure with a low subgrain misorientation 

and poorly-defined dislocation cells [52]. Single subgrain SIBM dominates in a deformed 

microstructure containing subgrains with misorientations larger than 1
o
 and similar stored 

energy.  In this case, there is no detectable substructure behind the bulge shown in Figure 2-9 

(b). Due to the bulging of high angle boundaries, the misorientation of the neighboring 
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subgrains formed during cold deformation is inherited in the recrystallized grains [52]. 

However, there is no simple relationship between the recrystallized grains nucleated from the 

high angle boundaries and parent grains. 

 

Figure 2-9. SIBM of (a) multiple subgrains and (b) single subgrain [52]. 

The dispersion of fine precipitates reduces the driving pressure for recrystallization and 

facilitates the occurrence of multiple-subgrains SIBM. A pre-existing high angle boundary 

with a length of up to 1 mm was found to migrate by SIBM as shown in Figure 2-10 during 

recrystallization of an Al-0.12 wt. % Sc alloy. An typical SIBM character affected by 

precipitates has been proposed by Somerday and Humphrey [61]. They have shown that the 

length of the bowing boundary towards the side with higher energy is limited by the pinning 

effect due to a dispersion of small precipitates on the boundaries. With the continuous 

                    

(a) (b) 
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bowing of the boundaries, a broad recrystallized structure formed by the joining of subgrains 

was separated by low angle boundaries [61].  

 

Figure 2-10.  EBSD map showing broad front of SIBM in an Al-0.12 wt. % Sc sample 

annealed at 425
o
C for 20 s. The high angle boundaries are shown as black and low angle 

boundaries are as white [72]. 

 Pinning effect from dispersions of small particles 2.3.3

For an alloy system containing a dispersion of small precipitates, the pinning on grain 

boundaries is termed as Zener drag pressure   . The value of    depends on the distribution 

of precipitates including the volume fraction f and the radius r. There are various forms of the 

equations of calculating the value of   , however, it is agreed that the amount of Zener drag 
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pressure is proportional to f /r [52]. Due to the dispersion of small precipitates, the initiation 

of the recrystallization and the growth rate of recrystallized grains can be extremely retarded 

or even prohibited.  

The Zener pinning pressure on subgrain boundaries decreases the mobility of the subgrains, 

which retards or even inhibits subgrains to reach the critical size. The dispersion of small 

particles therefore can also have an effect on the efficiency of PSN. With the presence of 

small precipitates, the net driving pressure P is the driving pressure from the accumulated 

dislocations   , and reduced by the Zener drag pressure    as given in the following 

equation [52]: 

        (2-3) 

         (2-4) 

where α is a constant, ρ and b are dislocation density and the magnitude of Burger’s vector, 

G is the shear modulus. The related critical size of large particles     to be effective 

nucleation sites when Zener drag pressure is applied follows [52,53]: 

    
   

     
 

     (2-5) 

Based on equation (2-5), it is clear that PSN is effective with a larger size of particles with 

the existence of Zener drag pressure. 

The overall pinning effect on two types of evolution of grain size is shown in Figure 2-11. 

DLIM and DN denote the overall recrystallized grain size and the size of recrystallized grain 
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nucleated by PSN, respectively. A higher volume fraction of smaller particles yields a 

smaller recrystallized grain size from the curve of DLIM. On the other hand, the recrystallized 

grain size shows an opposite trend if PSN takes place, which is attributed to the decreased 

number of nuclei due to the increased critical size.  

 

Figure 2-11. The effect of the particle parameters on the recrystallized grain size [52]. 

 Interaction between recrystallization and precipitation 2.3.4

The effect of both large particles and small precipitates on the recrystallization behavior was 

explained in general in the above sections. However, the study of annealing behavior 

becomes more complicated due to the interaction between precipitation and recrystallization. 

During annealing of alloys with precipitation capability, precipitation and recrystallization 

can occur simultaneously or in sequence, while also affecting each other. In this section, the 

competition between recrystallization and precipitation, and its effect on the recrystallized 

microstructure are reviewed.  



29 

 

 

Competition between recrystallization and precipitation during annealing 

The competition between precipitation and recrystallization during annealing depends on 

their kinetics, and both of which are affected by annealing temperatures. The time to start 

recrystallization    at a annealing temperature is given by the following equation [53]:  

         
  

  
 

(2-6) 

where    and    are a constant factor and the activation energy for the formation of a 

recrystallization front, respectively.  R and T are the molar gas constant and temperature in K, 

respectively. The velocity of a recrystallized boundary V is given by [52]: 

           (2-7) 

where M is the boundary mobility and follows an Arrhenius relationship with temperatures 

[52]: 

                            (2-8) 

where    is a constant and Q is the activation energy. The kinetics of recrystallization 

increases with annealing temperatures due to a faster initiation of recrystallization and higher 

velocity of the recrystallized front. In addition to annealing temperatures, deformation levels 

increase the recrystallization kinetics due to a higher stored energy that indicates a higher 

driving pressure.  
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Precipitation generally takes place the fastest at an intermediate temperature due to a lower 

driving pressure for precipitation nucleation at a higher temperature and to a slower diffusion 

of solutes at a lower temperature [106]. A temperature TC could be found at which 

recrystallization and precipitation can take place at the same time, which indicates the 

kinetics of precipitation and recrystallization meets at the same point. Recrystallization 

therefore generally precedes precipitation at the temperature higher than Tc, whereas, 

precipitation precedes recrystallization in the lower temperature range. 

The effect of concurrent precipitation and recrystallization on the recrystallized grain 

structure 

Precipitation taking place before recrystallization and during annealing has been reported to 

increase the recrystallization temperature, and to have a decisive effect on the morphology of 

recrystallized grains [64,65,77]. When precipitation takes place before recrystallization, it 

decreases the driving pressure for recrystallization due to the existence of Zener drag 

pressure. Also the newly-formed precipitates are preferentially located at some high angle 

boundaries [64,137], which yields a non-uniform distribution of Zener drag pressure from the 

newly-formed small precipitates.  

Tangen and coworkers’ research on the annealing of a cold rolled AA3013 has presented that 

elongated recrystallized grains are found at lower annealing temperatures than Tc (a critical 

temperature below which recrystallization precedes precipitation), and equiaxed 

recrystallized grains are observed at a high annealing temperature, as shown in Figure 
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2-12  [64].  During annealing at the low temperature range, which allows precipitation taking 

place before recrystallization, an elongated recrystallized grain structure has been obtained 

since newly-formed precipitates show a preferred distribution along the subgrain boundaries 

that aligns along the rolling direction. When annealed at the higher temperature, the kinetics 

of recrystallization is higher than that of the precipitation, and the corresponding 

recrystallized nuclei grow isotropically without the pinning effect from the concurrently-

formed precipitates. This effect of concurrent precipitation on elongated recrystallized grains 

can also be overcome by heat treatments before cold rolling. Studies have shown that by an 

aging treatment in which free solutes precipitate before cold work and annealing, equiaxied 

recrystallized grains were obtained [58,138].  

 

Figure 2-12. Recrystallized grain structure of a cold rolled AA3013 at (a) a temperature 

lower than Tc and (b) a temperature higher than Tc [64]. 

               

(a) (b) 
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To conclude, precipitates formed during annealing preferentially locate at high angle 

boundaries in the rolling direction, which leads to an elongated grain structure. By aging 

treatment before cold-rolling, the pre-existing precipitates usually present a more uniform 

distribution than those formed after cold work and during annealing. As a result, a uniform 

Zener drag pressure allows recrystallized grains to grow isotropically.  

 Recrystallization of AA6xxx alloys  2.3.5

The annealing behavior of AA 6xxx alloys has been studied experimentally and numerically 

for the recrystallized microstructure and texture. Several studies have demonstrated that the 

complex precipitation in the Al-Mg-Si-(Cu) system plays a significant role in the 

recrystallized microstructure and mechanical properties [58,83,85,86,139–142].  

Due to the high stacking fault energy of Al alloys, large well-defined cell structures are 

expected to form during deformation, which facilitate the formation of new recrystallization 

grains [52,143]. However, small precipitates existing before cold-rolling in AA6xxx system 

hinder the formation of cell structure of dislocations, and give rise to a less clearly defined 

cell structure [85]. For AA6xxx alloys, different precipitates include β˝, β΄, Q΄, and Q˝ et al. 

formed at low temperature range have a fine dispersion and various shapes. These fine 

precipitates can also obstruct the movement of dislocations and inhibit the motion of grain 

boundaries during the recrystallization process. Lillywhite and coworkers have observed that 

boundary migration of the recrystallization front was controlled by the transformation from a 

metastable phase into a stable phase or particle coarsening during annealing [87]. The effect 
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of the pre-existing different dispersions of precipitates on the recovery process, recrystallized 

microstructure and related texture has been intensively studied [85,140,141,144]. However, 

there is little information on the effect of precipitates formed during industrial thermal cycles 

or formed during annealing, which greatly influence the final microstructure and properties 

of sheet products.   

PSN is found to be an effective nucleation mechanism in AA6xxx alloys. Lillywhite and 

coworkers have shown evidence of nucleation from large particles for a cold rolled Al-Mg-Si 

alloy  [87]. Recrystallized grains are also found to nucleate at the large Fe-based constituent 

phases for AA6111 during annealing [84]. Significant effort has been made to obtain fine 

grain size in order to take advantage of PSN, however, traditional thermal-mechanical 

processing by means of overaging, cold rolling and final annealing does not always lead to a 

refinement of grains through PSN [145]. It is then concluded that the distribution of particles 

has a decisive effect on the efficiency of PSN, and it also concluded that not all of large 

particles can be nucleation sites. However, large particles near grain boundaries and 

deformation bands are often found more capable to be nucleation sites [130]. Another 

reported operative nucleation mechanism in AA6xxx is SIBM. Yamamoto and coworkers 

[82]  have investigated the annealing behavior of a cold rolled Al-Mg-Si with 30% thickness 

reduction using in-situ TEM. They have observed the nucleation mechanism of multiple 

subgrains SIMB with the feature showing a migrating boundary dragged by small angle 

boundaries behind a 30% cold rolled Al-Mg-Si alloy annealed at 400
o
C [82].  However, the 
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SIMB nucleation mechanism was not found in the same material with a 50% thickness 

reduction.  

The influence of different alloying elements on recrystallization has also been established for 

AA6xxx. Transition elements such as Fe and Mn can form large particles, and these particles 

tend to weaken the recrystallization texture and to refine the final grain size by providing 

nucleation sites [144]. Due to the presence of a certain volume fraction of precipitates, a 

weak texture is usually found in AA6xxx alloys [146]. 

 Recrystallization of AA3xxx alloys   2.3.6

The recrystallization of homogenized AA3xxx alloys and the competition between 

recrystallization and precipitation of Mn-containing phases in these alloys have been 

attentively investigated [57,60–65,70,77–80,118,137,138,147–157]. The recrystallization 

behavior of AA3xxx is affected strongly by Mn in solid solution and the precipitation 

kinetics of Mn-containing phases at annealing temperatures [64,65,77,80,118,138,149,151]. 

It has been reported that the precipitation of Al-Mn phases dominates the annealing process 

in a low temperature range, whereas recrystallization starts earlier than precipitation in a high 

temperature range [60,138]. However, the selection of the annealing temperature range is 

dependent on the  level of deformation and  free Mn solute [80,157].  

The annealing condition where both precipitation and recrystallization  occur has also been 

studied [61,64,65,80,153,157]. It’s well-known that if precipitation takes place prior to 

recrystallization or concurrently with recrystallization during annealing, the recrystallized 
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microstructure with elongated grains and distinguished texture characteristics might develop 

[57,64,153]. Tangen and coworkers’ study [64] has shown that the recrystallized grains are 

elongated due to the precipitate formation along the boundaries aligning in the rolling 

direction. It has been concluded that a coarse grain structure with a dominant P component 

and a relatively strong rotated cube texture is generated at temperatures where precipitation 

takes place before recrystallization. On the other hand, a fine equiaxied recrystallized grain 

structure with a weak P texture is obtained when  precipitates are present prior to the cold 

rolling [64].   

Nucleation mechanisms in AA3xxx alloys including particle stimulated nucleation (PSN) 

from large particles and stress induced boundary movement (SIBM) from grain boundaries 

have also been evaluated [61,63,137,138,150,155,158]. Furrer and Hausch have studied the 

recrystallization behavior of an Al-1 wt.% Mn alloy fabricated from an industrial process 

line, and provided  evidence of PSN near large constituent particles [150]. The study has also 

shown that PSN mechanism was facilitated by the existence of precipitate free zone around 

the large particles [150]. This PSN mechanism has been later supported by other studies 

[63,155].  In addition, SIBM has been found to occur  in a high purity 90% cold rolled Al-1.3 

wt.% Mn alloy during annealing at temperatures between 648 and 773 K [61] and an 80% 

cold rolled Al-1.3 wt.% Mn alloy annealed at 661 and 673 K [158]. Somerday and 

Humphreys [61] have shown a large number of low angle boundaries behind the broad 

recrystallization front, and related the occurrence of this mechanism to the effect of 

temperature on the driving pressure for recrystallization and precipitation. In the case of the 
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80% cold rolled pure Al-Mn alloy, Ping et al. [158] have suggested the large initial grain 

size, Mn in solution and low annealing temperature favor this nucleation mechanism. SIBM 

has also been found to be an operative nucleation mechanism for deformed pure Al, and 

certain other alloys (see section 2.3.2 for more details) [55,126,131,132,136].  
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Chapter 3 General Methodology 

The materials used in this work and related processing information are first introduced in 

detail. This is followed by the heat treatments, microstructure characterization, and related 

experimental techniques employed in this work. 

3.1  Material 

The laminated bi-layer AA3003-X609 material was provided by the Novelis Global 

Technology Center in the form of a 5 mm thick hot rolled plate and a 2 mm thick cold rolled 

sheet, with AA3003 and X609 alloys as the clad and core layers, respectively.  The nominal 

chemical compositions of the AA3003 and X609 layers are given in Table 3-1.  

Table 3-1. Nominal chemical composition of the alloy layers in wt. %. 

Component Si Cu Mg Mn Fe 

X609 (Core) 1.14 0.45 0.52 0.15 0.23 

AA3003 (Clad) 0.22 - - 1.07 0.57 

Cold rolling was applied to the 2 mm cold rolled sheet in order to obtain 1 mm thick sheets 

with an 80% reduction.  

3.2 Heat treatment  

The as-received 5 mm hot rolled laminated plate was employed for the studying of 

precipitation hardening. Aging heat treatments were conducted at different temperatures 
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between 160
o
C and 210

o
C, immediately after solutionizing at 560

o
C for 1 h in an air furnace 

and water quenching. Aging times and temperatures are listed in Table 3-2. Samples for 

aging times shorter than 1 h were solutionized in a salt bath, water quenched and then aged in 

an oil bath. This aging treatment was conducted at Novelis Research & Technology Center.  

Table 3-2. The studied precipitation conditions. 

Temperature (
o
C) Time Atmosphere for heat treatment 

160 

180 

200 

210 

1-6 h 

1-4 h 

1-3 h 

0-1 h 

air 

air 

air 

oil bath 

 

Isothermal annealing treatments were conducted on the 2 mm thick and 1 mm thick cold- 

rolled sheets at temperatures below the solutionizing temperature of the core alloy (i.e. 

540
o
C), and the solutionizing temperature [90]. The annealing conditions are listed in Table 

3-3. All samples were water quenched at the end of the annealing treatment. 
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Table 3-3. The studied annealing conditions. 

Sheet 

thickness 

Sheet designation Temperature (
o
C) Time Atmosphere for heat treatment 

2 mm 60% CR sheet 

380 

420 

480 

540 

1 h 

1 h 

1 h 

30 s 

air 

air 

air 

salt bath 

540 60 s salt bath 

1 mm 80% CR sheet 

380 

420 

540 

1 h 

1 h 

30 s 

air 

air 

salt bath 

540 60 s salt bath 

300 1-24 h air 
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3.3 Microstructure characterization  

In the following section, the characterization methods are explained in detail. All 

characterization was conducted on the longitudinal surface of the sheet material, which is 

defined as the plane formed along the rolling direction (RD) and normal direction (ND). 

  Microhardness measurement  3.3.1

Vickers microhardness tests were carried out with an MHTA series 200 hardness tester, and a 

load of 200 g. Each reported hardness value was the average of 5 separate indentation 

measurements. Standard deviation was calculated for error bars assuming a normal 

distribution. The locations used for measuring the hardness of the clad and core layers were 

the centers of the respective layers, as shown schematically in black in Figure 3-1.  

 

Figure 3-1. Schematic showing the positions for hardness measurement (black indentation 

marks representative hardness for three layers’ grey indentation marks: hardness profile 

along the distance). 

 

Interface Core Clad 
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A hardness profile along the ND of the material was obtained by moving the sample stage 

incrementally in the direction perpendicular to the edge of the clad surface, as indicated in 

grey in Figure 3-1. The distance between two neighboring indentations was kept to be greater 

than 2.5 times the diameter of the indentations, in order to avoid potential strain hardening 

effects.  

 Calorimetry measurement  3.3.2

A SETARAM C 80 Calorimeter was used for isothermal calorimetry (IC) and differential 

scanning calorimetry (DSC) experiments. During testing of samples, the reference vessel was 

kept empty.  For each experiment, a high purity Al sample, with a mass similar to that of the 

alloy samples, was tested to obtain the reference heat flow trace. The final trace was obtained 

by subtracting the trace for the pure Al sample from that of the sample. Multiple tests were 

conducted for each reported test condition to ensure repeatability. 

IC tests were conducted at 160°C, 180°C, 200°C, and 210°C.  The IC samples were cut along 

the transverse direction (TD) to an approximate dimension of 5 × 7 × 7 mm
3
, and a mass of 

0.6 g. The tests were conducted with the introduction of the sample into the test vessel after 

the calorimeter was stabilized for 1 hour at the test temperature. 

 DSC tests were conducted at the temperature range of 25 to 300
o
C with a heating rate of 

0.5°C /min. DSC samples were in similar shape as IC samples but have an approximate mass 

of 0.4 g.  The samples were introduced to the test vessel before heating starts.  
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 Optical microscopy  3.3.3

Metallurgical samples were prepared by first grinding with SiC paper from 600 grit up to 

1200 grit, using water for lubricant and cooling. The samples were then polished with 

successively finer diamond abrasives of 1 and 0.25 μm, respectively. A suspension of 

colloidal silica (approximately 0.06 μm particle size) was used for the final polishing step. 

Keller’s solution (190 ml distilled water, 5 ml nitric acid, 3 ml hydrochloric acid, 2 ml 

hydrofluoric acid) was employed for etching, and it was performed by immersing the 

samples in the etchant for about 2 mins.  

 Electron probe micro-analysis (EPMA) 3.3.4

EPMA was conducted to obtain the compositional profile across the cross section of the 

solutionized material in ND. The tests were conducted on two samples, and 2 lines across the 

cross section were tested on each sample to ensure repeatability. A fully-automated 

CAMECA SX-50 instrument was used in wavelength-dispersion mode with the excitation 

voltage of 15 kV and beam current of 20 nA. The peak count time is 10 seconds every 5 

seconds in a spot diameter of 1 µm. These conditions resulted in an interaction volume 

approximately 3 µm in diameter. Although the measurement locations were set to not be on 

visible (400×) particles, the presence of finely-dispersed solute-rich particles within the 

interaction volume was generally unavoidable. The lack of a smooth variation across the  
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cross section for some compositional profiles is attributed to the effects of these particles.  

More information on EPMA tests can be found in the ref. [90]. EPMA tests were conducted 

at the University of British Columbia by Drs. Mati Raudsepp and Edith Czech. 

 Scanning electron microscopy (SEM) 3.3.5

SEM was conducted using a LEO FESEM-1530 microscope operating at 10 kV in 

backscattered mode. The samples for SEM were prepared by mechanical grinding and 

mechanical polishing, as well as electro-polishing.  Electro-polishing was performed at -30
o
C 

and 9 V for approximately 1 min in a solution of 30 vol.% nitric acid and 70 vol.% methanol. 

Qualitative composition data on the phases was obtained by Energy Dispersive Spectroscopy 

(EDS). 

 Transmission electron microscopy (TEM) 3.3.6

TEM analyses were performed using a PHILIPS CM-12 microscope operating at 120 kV.    

There were two types of TEM foils prepared from aged and as-deformed conditions, 

respectively.  For aged condition, TEM foils were obtained from both the interface region 

and the core layer. However, TEM foil was only prepared for the core layer. The TEM 

samples for the interface region and core layers were obtained from the approximately 

0.3 mm from the clad and the middle of the core layer, respectively, as given in Figure 3-2  
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Figure 3-2. Schematic presentation of the locations for TEM samples. 

TEM foil for the interface region was prepared by focused ion beam (FIB) milling. The FIB-

cut specimen, shown by a circle in Figure 3-3 (a), was obtained from the clad surface. The 

specimen was then removed along the transverse direction (TD) as shown in Figure 3-3 (b). 

The FIB milling was done at Canadian Center for Electron Microscopy by Julie Huang. 

 

Figure 3-3. Information for obtaining the FIB-cut specimen for (a) specimen along RD and 

(b) Magnified view of the specimen.  

 

ND 

interface 

TEM sample 

0.3 mm 0.26 mm RD 
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The TEM foils for the core layer for the 5 mm plate were prepared by mechanical grinding of 

the plate sample to an approximate thickness of 70~90 μm. Discs with a diameter of 3 mm 

were punched from the foil following grinding, which were then twin-jet electro-polished to 

perforation with a solution of 30% nitric acid and 70% methanol at -35°C and 35 V. The 

preparation was done by Xiang Wang at McMaster University. 

TEM foils of the core layer for the 2 mm sheet were prepared in the same manner as for the 5 

mm plate. Due to a smaller size in the RD for the 2 mm sheet than the 3  mm diameter of the 

standard TEM discs, the discs could not be punched to form a full circle. However, a same 

twin-jet electro-polishing was employed, and details on obtaining the discs are given in 

Figure 3-4. The electro-polishing was prepared by Wenhe Gong at Canadian Center for 

Electron Microscopy. 

 

Figure 3-4. The obtaining method of TEM samples from the 2 mm cold rolled foil. 

 Electron backscatter diffraction (EBSD) 3.3.7

EBSD was performed by Haiou Jin using a Philips XL30S field emission gun SEM, 

equipped with a Nordlys II detector, operating at 25 kV. Samples for EBSD were 

 

ND 

 

2 mm 

3mm 

RD 



46 

 

mechanically ground, and then polished using a vibratory polisher for 8 hours with 0.05 μm 

colloidal silica. The polished samples were finally etched with 0.5% HF for 10 seconds. A 

step size of 1 μm was employed for scanning an area of 563 μm × 422 μm. The grain 

structure analysis was performed with HKL Channel 5 software. Because of the limitations 

of the angular accuracy of the EBSD technique, misorientations of less than 2.5
o
 were 

excluded from the EBSD results. Grain and subgrain boundaries with misorientation between 

2.5
o
 and 15

o
 are defined as low angle boundaries. High angle boundaries are denoted to 

boundaries with misorientation greater than 15
o
.  
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Chapter 4 Precipitation behavior of the AA3xxx-X609 laminated 

system 

This chapter reports on the precipitation behavior of the laminated material through both 

experiments and modeling. The characterization of precipitates and the study of precipitation 

hardening are conducted using TEM and hardness measurements. A model is built to predict 

the precipitation hardening at different aging conditions. 

4.1 Introduction  

AA6xxx alloys can be significantly age-hardened, and the precipitation behavior of the 

monolithic alloys has been extensively studied [21,24,27–29,32,33,101]. In the current 

laminated material, the precipitation behavior of the core layer of AA6xxx is expected to be 

similar to the monolithic material. However, during co-casting and subsequent thermal-

mechanical processing, an interface region  containing a dynamic compositional gradient is 

reported to exist in the laminated system [14,90]. It is well known that the precipitation 

behavior strongly depends on the material composition, including the solute content and the 

ratio of solutes forming the precipitates [26,106]. The existence of the compositional gradient 

may therefore play a significant role in the precipitation behavior of the laminated sheet, but 

there have not been any previous investigations conducted on laminated systems involving 

AA6xxx alloys containing such a gradient. This work is the first report focused on providing 

basic understanding of the precipitation hardening behavior of a heat-treatable Al alloy co-

cast with a non-heat treatable Al alloy. The compositional gradient across the laminate, and 



48 

 

its change with solution heat treatment processes, may affect the precipitation hardening 

behavior and result in location-dependent characteristics. A modeling approach developed 

for monolithic AA6xxx alloys [41] is utilized in order to evaluate the precipitation kinetics of 

the bulk system and the yield strength of the core material.  

4.2 Experimental methodology  

Isothermal aging was conducted on the 5 mm hot rolled laminated plate for different aging 

conditions. Aging treatment, hardness measurement, IC and DSC are detailed in section 3.2 

and section 3.3. The method of analyzing IC and DSC data is referred to ref. [41]. TEM on 

precipitation distribution is done following the procedures given in section 3.3. 

4.3  Results 

 The as-received condition  4.3.1

As seen from the SEM micrograph of the cross-sectional area of the as-received sample 

shown in Figure 4-1, the clad region contains a larger population of coarse particles, while 

the particles becomes much finer towards the core area.  EDX analysis verified that the large 

particles in both the clad and core layers, resolvable in Figure 4-1 (a), are particles containing 

Mn, Fe or Si as shown in Figure 4-1 (b) and (c). Thermodynamic analysis using the FactSage 

6.3 software package and the FTlite database [159] was previously used to predict the type 

and stability temperature ranges for the dispersed secondary phases, considering both the 

core and clad alloy compositions [90].  Those results have shown that the secondary phases 

are AlFeMnSi, Al3FeSi, Al2Cu, Mg2Si, and Si for the core alloy, and Al6(Mn,Fe) and 
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AlFeMnSi phases for the clad [90].  It is therefore concluded that the large particles formed 

at a high temperature in the laminated material, and resolvable in Figure 4-1, are possibly 

constituent particles containing Fe, Mn or Si.  

 

      

Figure 4-1. (a) Particle distribution along the cross section of the as-received 5 mm thick 

plate, EDX spectra for large particles in (b) the clad layer and (c) the core layer. 
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The hardness profile across the cross section of the hot rolled laminated system given in 

Figure 4-2, and displays a generally increasing trend from the clad surface towards the 

interface. The highest value is 75 HV, located between 260 μm and 300 μm from the clad 

surface, and followed by a stable value of around 70 HV into the core layer. 
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Figure 4-2. The hardness profile along the cross section of the as-received 5 mm thick plate. 

The through-thickness distribution of solutes has been studies by Foroozmehr et al. [90] and 

given in Figure 4-3. A composition gradient of Mg, Si, Cu and Mn is found at the interface 

region between the clad layer and core layer, and the interface region was defined to start 

from approximately 0.35 mm to 0.5 mm. 
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Figure 4-3. Through-thickness EMPA profile of the as-received 5 mm thick plate [90].  

 The as-quenched condition 4.3.2

After solutionizing at 560
o
C for 1 h, large constituent particles are still found to be stable at 

that temperature, and are observed in the as-quenched condition, shown in Figure 4-4. 

However, small precipitates of Al2Cu, Mg2Si, and Si phases are expected to dissolve 

completely within 1 h at that temperature, based on a related EMPA study [90]. The 

dissolution of fine secondary phases during solutionizing thus leads to an enrichment of free 

solutes for Mg, Si and Cu in the as-quenched matrix. 
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Figure 4-4. Particle distribution along the cross section of the as-quenched 5 mm thick plate. 

The corresponding hardness profile along the cross section after the solutionizing is given in 

Figure 4-5. Compared to the as-received condition (Figure 4-2), it is clear that solutionizing 

decreases the hardness significantly for all the layers. The profile also shows that the 

hardness of the interface region still increases with the distance from the clad surface towards 

the core layer. The hardness of the clad and core layers are about 32 HV and 53 HV, 

respectively. Comparison between Figure 4-2 and Figure 4-5 also suggests that the highest 

hardness value for the hot rolled condition at the interface region disappears after the 

solutionizing treatment.  
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Figure 4-5.  Hardness distribution along the cross-section of the quenched 5 mm thick plate. 

The EMPA profile of the solutionizing and quenched condition was measured and given in 

Figure 4-6. During solutionizing at 560
o
C, the interface becomes enriched in the content of 

Mg, Si, and Cu due to dissolution of precipitates, and the diffusion of Mg, Si, and Cu towards 

the clad side. In this way, the interface grows into a wider layer, located approximately 

between 0.2 mm (the distance where content of Mg, Si and Cu starts to show a higher content 

than that at the core layer) and 0.6 mm (where the content of Mg, Si and Cu is close to the 

average of the core layer) from the clad surface, as shown in Figure 4-6. There is no apparent 

change in the content of either Mn or Fe as shown in Figure 4-6, since particles containing 

Mn and Fe are stable at the solutionizing temperature. It should be noted that the uneven 

trend of the compositional profiles, which is particularly prevalent for the as-received 
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material's profiles, is due to the presence of large second phase particles containing that 

particular element within the interaction volume of the electron beam during EPMA.   
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Figure 4-6. Definition of the interface region using solute distributions for the solutionized 

5mm thick plate.  

Based on the particle distribution as shown in Figure 4-4 and EPMA results as shown in 

Figure 4-6, the interface can be classified into two sections: (i) the section on the clad side 

(0.2 to 0.3 mm from the clad surface) which demonstrates a dispersion of large constituent 

particles and contains similar content of Mn as the clad layer;  (ii) the section on the core side 

(0.3 to 0.6 mm from the clad surface) which displays a dispersion of smaller constituent 
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particles, and  contains a lower content of Mn than the clad. Both sections demonstrate an 

increasing content of Mg, Si, and Cu from the clad surface towards the core layer. 

 Hardness evolution during aging 4.3.3

 The composition-related hardness dependence for different aging temperatures and times has 

also been studied, with results presented alongside the hardness for the as-quenched 

condition in Figure 4-7 and Figure 4-8. The hardness at the interface region gradually is 

found to increases with time at 180
o
C as shown in Figure 4-7. In addition, the hardness is 

also found to increase with the distance from the clad surface. The hardness near the clad 

side shows a steeper gradient than the hardness closer to the core layer. The hardness 

evolution at 200
o
C, as given in Figure 4-8, displays a similar trend as that at 180

o
C. 

However, in the first hour of aging, the extent of the precipitation hardening at 200
o
C is 

greater than at 180
o
C. The precipitation hardening ability of the interface region scales with 

the solute concentration in the as-quenched condition, as shown in Figure 4-6.  
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Figure 4-7. The composition-related hardness evolution with aging time at 180
o
C (AQ 

designates as-quenched condition).    
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Figure 4-8. Evolution of the hardness profile with aging for different aging temperatures (AQ 

designates as-quenched condition). 
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 Calorimetry tests 4.3.4

The heat flow of the laminated AA3003-X609 was measured using a sample from the 

laminated plate that includes both the clad and core layers. However, the heat flow at the 

investigated temperature range is mainly attributed to the precipitation reaction in the core 

layer with little rare effect from the interface between the clad and core layers. The heat flow 

is then calculated by applying a mass correction. Since the 5 mm-thick laminate plate 

contains approximately 0.2 mm-thick clad layer, the effective mass correction is applied, and 

obtained by multiplying the ratio of the mass of the core layer and interface region to the 

total mass. The ratio is set as 0.96 ((5-0.2)/5), assuming that the densities of AA3xxx and 

AA6xxx are very close.  

IC tests were conducted at various temperatures for solutionized and quenched samples. The 

results in Figure 4-9 show that a higher peak is observed at a higher aging temperature. 

Figure 4-9 also suggests that the time to reach the peak of the heat flow is shorter, and the 

time to reach the end of the peak, tf, is larger at a higher aging temperature. This observation 

indicates faster precipitation kinetics for a higher aging temperature within the investigated 

temperature range. The tf determined using the IC traces are about 6 hrs for 160
o
C, 3 hrs for 

180
o
C, 2 hrs for 200

o
C, and 1 h for 210

o
C. The traces show the typical trends observed in 

precipitation hardening for AA6xxx alloys [43].  
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Figure 4-9. IC trace for 5 mm thick plate at various temperatures. 

DSC was also employed to investigate the possible precipitation reactions. The results are 

given in Figure 4-10, with four exothermal peaks, presented as I, II, III, and IV labeled on the 

DSC trace. The temperatures at which the peaks centered are approximately 50
o
C, 200

o
C, 

240
o
C and 270

o
C, respectively. Those peaks represent the formation of precipitates including 

GP zones, β˝, β΄ and Q phase for AA6xxx [101]. The as-quenched laminated sheet with the 

clad layer removed is also included in Figure 4-10 for comparison. It shows a similar DSC 

trace to the as-quenched bulk laminated sheet with same peak temperatures, therefore the 
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four exothermal peaks can be attributed to the interface region and the core layer. Generally, 

the DSC trace is similar to a typical trace of AA6xxx.  
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Figure 4-10. DSC traces for the as-quenched 5 mm thick plate with the clad layer and 

without the clad layer. 

 TEM characterization 4.3.5

The precipitate distribution in the core layer and clad-core interface region was examined by 

TEM for the samples aged at 180
o
C for 1 h. Figure 4-11 presents the microstructure of the 

aged core layer observed using <001>Al zone axis. It is clear that a fine distribution of 

precipitates with a high number density is present in the core layer. The appearance of the 
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precipitates and the streaks on the selected area diffraction patterns (SADPs) are in 

agreement with those of β” precipitates [20,101].  

             

    

     

 

 

 

 

 Figure 4-11. TEM micrographs of the microstructure of the core layer along <100> Al zone 

axis showing β˝ precipitates: (a) Bright field images, (b) dark field image, and (c) SADP 

(TEM conducted by Xiang Wang). 
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These fine needle-shaped ˝ are between 12 and 20 nm in length with a diameter of about 3 

nm in the cross section.  Matrix strain contrast around the precipitates can also be observed.  

The core area was also observed using <011>Al zone axis, as shown in Figure 4-12. No 

obvious diffraction spots from the precipitates can be seen in Figure 4-12 (b) due to the 

overlap with the matrix spots [160]. Generally, the precipitates in the core layer are 

distributed very fine and homogeneously. 

 

Figure 4-12. TEM micrographs of the microstructure of the core layer along <011>Al zone 

axis showing β˝ precipitates: (a) Bright field image and (b) SADP (TEM conducted by X. 

Wang). 

The distribution of precipitates at the location of 0.3 mm from the clad surface, representative 

of the interface region, is given in Figure 4-13. It should be noted that due to the very limited 

thinned area of the FIB-cut sample, only one grain was suitable for observation. The grain, 

however, could not be tilted to the <001>Al zone axis with a double-tilt stage. The FIB-cut 
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sample was therefore observed using <011>Al zone axis. Figure 4-13 shows the distribution 

of very fine precipitates in the interface region. A large fraction of dislocations is also visible. 

These dislocations might have formed during the FIB cutting process. By qualitatively 

comparing Figure 4-12 (a) and Figure 4-13 (a) from the same zone axis, it is concluded that 

precipitates are coarser and in a lower number-density in the interface region than in the core 

layer. 

          

 Figure 4-13. (a) Bright field image for interface region and (b) the SADP along <011>Al 

zone axis (TEM conducted by X. Wang).  

 Modeling of precipitation hardening 4.3.6

 JMAK modeling 

The IC traces as shown in Figure 4-9 can be used to obtain the evolution process of the heat 

flow as a function of time at the aging temperature by calculating the ratio of the instant heat 
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flow to the total heat flow [41]. Base on the evolution of heat flow with aging time during 

isothermal aging as given in Figure 4-9, the relative volume fraction fr can be estimated by 

dividing the area under the curve for a specific time t by the total area of the whole curve in 

Figure 4-9. The calculated function fr with time is given in Figure 4-14. The result suggests 

that the increase in the relative heat flow with aging time is faster at a higher temperature, 

which indicates a shorter aging time to reach the unity with a volume fraction of 1 at a higher 

aging temperature. 
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Figure 4-14. The related volume fraction calculated from the IC traces. 

Kinetics of precipitation can then be applied to the Johnson-Mehl-Avrami-Kolmogorov 

(JMAK) model. JMAK formulation is as follows [106]: 
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                  (4-1) 

          
 

  
  

(4-2) 

where t is time and k follows an Arrhenius relationship with temperature T. n is considered to 

be independent of temperature.    and Q is the proportionality constant and apparent 

activation energy, respectively. In fitting the experimentally-determined values of the relative 

volume fraction fr with the JMAK equation, an agreement is found between the experimental 

result and the model with n close to 1, and varied values of k for each temperature. As Figure 

4-15 presents, Q is estimated to be approximately 48 kJ/mole (± 10 kJ/mole considering the 

variability of JMAK fits). The calculation method is the same as ref. [41] , and the value of Q 

is close to the value reported for AA6111 in this reference. 
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Figure 4-15. Arrhenius relationship of kinetic parameter k with temperature 
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The calculated volume fraction as presented in Figure 4-14 and the JMAK modeled values 

are compared in Figure 4-16, and the result demonstrates a great match.  However, a larger 

JMAK modeled value is found for the early stage of aging for all the investigated 

temperatures. There is also a deviation between the calculated and modeled values for the 

later stage of aging at 160
o
C as shown in Figure 4-14 (a). 
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Figure 4-16. Comparison of experimentally calculated and modeled volume fractions of 

precipitates with aging at (a) 160
o
C, (b) 180

 o
C, (c) 200

o
C and (d) 210

o
C . 

Yield strength modeling 

In order to estimate the yield strength of the aged samples, the hardness values are converted 

to yield strength according to the following relationship, described by Myhr et al. [42]:  

                                                         (4-3) 
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where HV and    are the Vicker’s hardness and yield strength (MPa), respectively. The 

estimated yield strength values are then used for the yield strength modeling. The yield 

strength of the core layer is modeled according to the strong obstacle formulations developed 

by Esmaeili and co-workers [41].  Accordingly, the contribution to the yield strength by 

precipitates (i.e. σppt) and solutes (i.e. σss) can be obtained using equations (4-4) and (4-5):  

                 
   

                                              (4-4) 

                      
                                     (4-5) 

where C is a calibration parameter and      is the solid solution contribution to yield strength 

in the as-quenched condition. The constant parameters C and      are obtained from the yield 

strengths of peak-aged and as-quenched samples, respectively [41]. The yield strength,   , is 

then modeled by a linear summation of the above contributions, as well as considering the 

intrinsic strength of the pure aluminum matrix (σi) according to equation (4-6): 

                                                         (4-6) 

The constant modeling parameters used in this work are listed in Table 4-1. In the absence of 

the experimentally-obtained yield strength value for the as-quenched condition,      is 

assumed to be similar to that of AA6111 [41]. It should be noted that parameter    is from 

ref. [37] and parameter C is an average estimated value from hardness measurements of the 

peak-aged samples, found to be very close to that of AA6111 [41].  

 



68 

 

Table 4-1. Modeling parameters. 

Parameters Value 

n 

Q 

k0 

σi 

σoss 

C 

1.0 

43 (kJ/mole) 

54 (s
-1

) 

10 (MPa) 

50 (MPa) 

330 (MPa) 

    

The results of the model predictions are presented in comparison with the experimental 

values (estimated from hardness) in Figure 4-17. The modeling results are generally in good 

agreement with the experimental values. It is therefore concluded that the approaches 

developed by Esmaeili and co-workers [41] for modeling the precipitation hardening 

behavior in monolithic AA6xxx alloys are equally applicable to predict the precipitation 

hardening within the core layer of the laminated AA6xxx alloys by the mass correction. 
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Figure 4-17. The results of model predictions for yield strength in comparison with the 

experimentally obtained results for (a) 160
o
C, (b) 180

o
C, (c) 200

o
C, and (d) 210

o
C. 
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4.4 Discussion  

 Precipitation behavior associated with the compositional gradient 4.4.1

During nucleation, only nuclei reaching a critical radius,   , can grow successfully. The 

critical radius is determined by solute concentration of the matrix, as shown for a given 

temperature by equation (4-7) and (4-8) [37]: 

   
  

  (      )
 

(4-7) 

   
     

  
 

(4-8) 

Where    and     are the solute concentration in the matrix and the equilibrium solute 

concentration in the matrix, respectively.   is the interfacial energy. k and     are Boltzman 

constant and atomic volume, respectively. The critical radius of nuclei at the aging 

temperature of 180
o
C is calculated for the various matrix concentrations along the cross-

sectional profile of the material, and is given in Figure 4-18. The calculation for each curve 

given in Figure 4-18 is carried on using a single value of interfacial energy γ between the 

precipitates and matrix. Since the main precipitation phase for aging condition of 180
o
C-1 h 

is β˝, and the ratio of Mg/Si for both the interface and core layer is larger than 1.73:1  based 

on the EPMA result given in Figure 4-6,     and     are chosen as the solute content of Mg, 

and equilibrium concentration of Mg at 180
o
C, respectively. The interfacial energy can vary 

widely from a very low value for coherent interfaces to a high value for incoherent interfaces 

between precipitates and matrix [106].  It is noted that three different values of γ ranging 
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from a coherent interfacial energy (0.15 Jm
-2

) to an incoherent interfacial energy (0.8 Jm
-2

) 

reported for precipitates in Al alloys and the value of  atomic volume 2.468×10
-29 

are 

employed for the calculation [34–36,39,106]. 
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Figure 4-18. The calculated radius of nuclei at different concentrations of matrix. 

As Figure 4-18 shows, the critical radius of the nuclei decreases with the increasing 

concentration of solutes. Moreover, the concentration has a greater effect on the critical 

radius of the nuclei at a lower value range of concentration. The effect of the value of the 

interfacial energy γ on the critical radius of nuclei is also compared in Figure 4-18, and it 

displays that a larger critical radius is needed in the case of a larger interfacial energy for a 

constant concentration of the matrix. In the case of a coherent precipitate-matrix interface, 

the critical size of nuclei in the interface region from 0.24 to 0.28 mm from the clad side can 

be significantly increased with a decreased content of solutes as shown in Figure 4-18. 
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Miyazaki et al. [161] has also studied precipitation behavior for a Ni-Al alloy containing a 

macroscopic composition gradient, and their results have shown that larger-sized precipitates 

form at the location with a lower solute content of the compositional gradient than the 

location with a higher solute concentration.   

In conclusion, a higher number density of precipitates with smaller size is expected for the 

core layer due to the higher driving nucleation rate and the smaller critical size of nuclei than 

the interface region, as shown in the TEM images. The hardness profile of aging at 180
o
C for 

1 h is attributed to the distribution of precipitates as given in Figure 4-19. It shows that 

hardening ability scales with the total content of solutes that form the precipitates. 
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Figure 4-19. Comparison between hardness for the aged sample at 180
o
C for 1 h and 

composition gradient of total solute for solutionized and quenched condition. 
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 Modeling of the precipitation hardening 4.4.2

The yield strength modeling employed in this study is effective from unaged until peak-aged 

stage of aging, and β˝ is assumed to be the main strengthening precipitates [41]. It is 

therefore essential to study if the two conditions apply for the studied laminated material. 

The DSC traces for both the as-quenched samples, and samples aged at different 

temperatures are compared and given in Figure 4-20. The aging time for the DSC samples 

are chosen as the time when the heat flow reach to zero as shown in Figure 4-14  for the IC 

thermograms as given in Figure 4-9 (6 hrs for 160
o
C, 3 hrs for 180

o
C, 2 hrs for 200

o
C, and 1 

h for 210
o
C). The results shown in Figure 4-20 demonstrate that the first two peaks I and II 

are almost completely eliminated by aging; whereas the last two peaks III and IV are still 

present with the same heights as found for the as-quenched condition. It is then concluded 

that precipitates β˝ is the main strengthening phase for the studied aging condition, which is 

in agreement with the modeling of  a monolithic AA 6111 [41]. 
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Figure 4-20. DSC traces comparing as-quenched and aged conditions for aging temperatures 

of (a) 160
o
C, (b) 180

o
C, (c) 200

o
C, and (d) 210

o
C. 
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To further understand the behaviour of the bulk laminated system, the studied evolution of fr 

during aging is compared with the fr evolution in previously studied monolithic AA6xxx 

alloys with the solute contents of those alloys listed in Table 4-2, and the result is given in 

Figure 4-21. As Figure 4-21 demonstrates, the evolution of fr with time at 180°C for the 

laminated system is very similar to those of alloys A (AA6111) and B (AA6451) that 

contains a high enough level of Cu [162]. It is also clear that there is significant difference of 

precipitation kinetics between alloys contain a higher level and a lower level of Cu  due to 

the role of Cu on the formation of solute clusters that potentially form during or immediately 

after quenching (i.e. quenching clusters), as proposed by Esmaeili and Lloyd [27,162].
  

Table 4-2. Alloy designation and solute concentration (wt. %) of alloys studied in ref. [162]
 

Alloy Mg Si Cu 

A (AA6111) 0.79 0.6 0.70 

B 0.59 0.77 0.30 

C 0.58 0.77 0.03 

D 0.62 0.81 - 
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Figure 4-21. The evolution of fr with aging time at 180C in A, B, C and D alloys of ref. 

[162] and the current laminated system (all samples initially solution treated at 560°C and 

water quenched). 

Due to the similar precipitation kinetics featuring the above mentioned main precipitation 

phase and fr evolution, the yield strength modeling results are generally in good agreement 

with the experimental values as given in Figure 4-17. However, there are discrepancies for 

the lowest aging temperature and short times at higher aging temperatures which are believed 

to be related to the modeling and experimental error sources discussed in ref. [41]. Hardness 

measurements and conversion of that data to yield strength values might also be another 

reason. It also should be noted that the peak yield strength value estimated/predicted in this 
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work is higher than the value reported for the core alloy in ref. [16] (i.e. ~ 250 MPa for 8 

hours aging at 180°C). It is suggested to be caused by natural aging history prior to artificial 

aging in the work reported in ref. [16]. The effect of natural aging on the following artificial 

aging behavior of AA6xxx alloys has been widely reported [20,21,41,163]. A natural aging 

history generally leads to a slower precipitation kinetics and reduced yield strength during 

artificial aging over temperatures that are relevant to this work. 

It is therefore concluded that the approach developed by Esmaeili and co-workers [41,43], 

for modeling age hardening behavior of monolithic AA6xxx alloys, are equally applicable to 

predict the precipitation hardening within the core of the Fusion™ AA6xxx alloys.  

4.5 Summary 

The precipitation hardening for precipitates at the interface and core layers are studied for 

different aging temperatures. Precipitation hardening at the temperatures is also modeled. 

The findings are summarized as follows: 

Combining the results of IC and DSC, reveals that the exothermic heat evolved during 

isothermal aging at the investigated temperatures is mostly attributed to the formation of β˝ 

precipitates. TEM analysis for the aging condition of 180°C for 1 h at the core layer confirms 

that the precipitates are needle-shaped β˝.  

The precipitates at the interface region, 0.3 mm from the clad surface, are smaller in size and 

lower in number density than in the core layer. It is concluded that a lower nucleation rate 
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and a larger critical size for nuclei give rise to a lower number density of precipitates with 

larger sizes at the interface region.  

The hardness evolution with aging time at the investigated temperatures demonstrates that 

the time to reach the peak-aged condition is shorter for a higher aging temperature. The 

hardness in the interface region shows a gradual increase with distance from the clad surface, 

which matches the solute profiles of Mg, Si and Cu. At the clad side, a steeper increase is 

observed than at the core side.  

The modeling result is in good agreement with calculated yield strength using the measured 

hardness. The precipitation hardening model designed for monolithic AA6xxx alloys can be 

therefore applied to estimate the hardening behavior of the laminated alloy system through an 

effective mass correction, since the precipitation kinetics of monolithic and laminated 

AA6xxx alloys is found to be similar.   
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Chapter 5 Annealing behavior of a cold rolled AA3003-X609 

laminated system 

This chapter reports on the investigation of the annealing behavior of the cold rolled 

laminated alloy system. The annealed microstructure and hardness evolution at various 

annealing temperatures are studied for the clad and core layers with various thickness 

reductions. The annealing behavior of the interface region containing a compositional 

gradient is also emphasized.  

5.1 Introduction  

The annealing behavior of the cold rolled monolithic AA3xxx and AA6xxx alloys has been 

investigated with various starting microstructures [61,77,82,84–87,141,144,150,164,165]. In 

order to investigate the effect of precipitation and pre-existing precipitates on 

recrystallization, custom-designed initial conditions have been employed [65,84,85]. 

However, the microstructural state in a laminated system processed from thermal-mechanical 

routes is more complex than those in the studies for monolithic systems. The complexities 

mainly arise from: (1) the temperature for solutionizing and precipitation behavior are 

different for the two layers, which makes it is impossible to design an initial condition such 

as solutionized or aged laminated sheet in order to study the effect of precipitation and pre-

existing particles; (2) the difference in the precipitation behavior of AA3xxx and AA6xxx 

layers during the fabrication history; (3) the presence of a microstructural gradient between 

the two layers. The current laminated system with an Al-Mn alloy as the clad layer and an 
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Al-Mg-Si-Cu alloy as the core layer, has been studied for compositional characteristics as the 

hot rolled and hot rolled and solution treated conditions by Foroozmehr and co-workers [90]. 

They have shown that compositional gradient in the hot rolled laminated sheet further 

evolves during solution treatment. In such a laminated system with a dynamic through-

thickness compositional gradient and different precipitation capacity through the cross 

section, a complex recrystallization behavior is then expected. It is therefore important to 

understand the annealing behavior of such complex systems in order to develop optimized 

laminated alloys for various applications.  

The present work for the first time reports the annealing behavior of a cold rolled laminated 

AA3xxx-AA6xxx system fabricated using Fusion
TM

 the co-casting technology. This type of 

laminated sheet can provide desirable combination of strength through the precipitation-

hardening capability of the AA6xxx core layer and improved formability due to the presence 

of the thin AA3xxx layer at the surface [13]. The focus of this study is to establish an 

understanding of annealing behavior for the clad and core layers in the laminated system 

fabricated through commercially employed thermal-mechanical processing routes. A better 

understanding of the annealing behavior for the interface region containing a through-

thickness compositional gradient is also addressed. 
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5.2 Material and experimental methodology 

  Material  5.2.1

A laminated AA3003-X609 sheet in the cold rolled condition with a thickness of 2 mm 

received from Novelis Inc. was employed for the study. The composition profile of the 2 mm 

thick cold rolled was measured by EPMA (with methodology details given in section 3.3.4), 

and the result is shown in Figure 5-1.  It is clear that there is a compositional gradient of Mg, 

Si, Cu and Mn between 100 μm and 240 μm from the clad surface of the cold rolled sheet.  
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Figure 5-1. The EPMA test results showing through-thickness elemental profiles of the 2 mm 

thick cold rolled sheet.  

Except for the as-received 2 mm thick sheet, two types of cold rolling processes were 

designed in this study: one was directly cold rolled from the 2 mm sheet; the other one was 
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solid solutionized at 560
o
C for 15 min, and then was kept at room temperature for 2 weeks 

before cold rolling. The related sample identification and applied tests are given in Table 5-1. 

Table 5-1 Sample identification 

Designation Process route test 

60% CR As-received 2 mm thick cold rolled  sheet Annealing 

80% CR Directly cold rolled from 60% CR  Annealing, DSC 

SBR 

Solutionizing at 560oC for 15 min + water 

quenching +1 week at room temperature + 

cold rolling to  1 mm 

DSC 

 Experimental methodology  5.2.2

The annealing treatments employed to study the annealing behavior of the cold rolled sheets 

were given in section 3.2. The microstructure characterization including OM, SEM, EBSD, 

and TEM were preformed according to the procedures outlined in chapter 3. Image Pro was 

employed for particle analysis. Each average particle size was obtained from five SEM 

images as the mean values of particle length and width. 

To analyze the recrystallized grain size, misorientation angles between neighboring pixels 

were first calculated using Euler angles [166]. A standard linear intercept method was then 

employed to measure the grain size [167], and five lines of data points in the RD and ND 
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were analyzed for the clad and core layers separately. The average linear intercept size    in 

each direction was calculated by the following equation [168]: 

   
      

  
 

(5-1) 

   ,           are the number of pixels, rows of data and the number of the intercepted high 

angle boundaries, respectively, intercepted in the x direction. Parameter   is the scanning 

step size. The corresponding calculation area for the clad and core layers of the 60% CR 

sheet was determined based on Figure 5-1: the clad layer is defined as the range with the 

distance from the clad surface to 100 μm, and the core layer is the region with distance larger 

than 240 μm.  

5.3 Results 

 The cold rolled condition  5.3.1

5.3.1.1  60% CR sheet 

The distribution of the pre-existing particles 

SEM images of the cold rolled sample given in Figure 5-2 demonstrate the distribution 

characteristics of the coarse particles in the cross section of the 60% CR sheet for the clad 

layer (Figure 5-2 (a)) and the middle region of the core layer (Figure 5-2 (b)). These particles 

are mostly aligned along the RD in both layers, and the average length of those particles in 
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the clad layer ranges from 5 to 20 μm with an approximate average aspect ratio of 3.4 (Table 

5-2).  

 

Figure 5-2. SEM images showing coarse particles distribution in (a) the clad and (b) core 

regions of the 60% CR sample. 

EDX analysis shows these particles contain Al, Mn and Fe as shown in Figure 4-1, which is 

in accordance with the description of the constituent particles Al(Fe,Mn) in AA3xxx alloys 

[90,113]. The clad might also contain Al(Fe, Mn)Si intermetallic particles [90]. Compared to 

the clad layer, smaller elongated particles with a length range of 1 to 20 μm are observed in 

the core layer (Table 5-2). These particles are Al(Fe, Mn)Si intermetallic phase based on the 

EDX results and the calculated phase diagram [90]. The average aspect ratio of particles in 

the core appears to be larger than that in the clad layer. Those coarse particles resolved in 

Figure 5-2 are probably constituent particles formed during casting [146].  
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Table 5-2. Average size of coarse particles in both layers of the 60% CR sheet with standard 

deviations in bracket. 

 Length (μm) Thickness (μm) aspect ratio 

clad 14.25 (0.79) 4.19 (0.25) 3.40 

core 7.23 (0.73) 0.91 (0.045) 7.95 

 

In addition to coarse particles, fine submicron particles are observable in Figure 5-3. The 

number density of those particles is significantly reduced in the vicinity of some large 

particles in both the clad and core layers. Examples of these areas, referred to as precipitate-

free zones (PFZs) are circled in Figure 5-3. The size of PFZs is observed to scale with the 

size of the associated large particles.  

  

Figure 5-3. SEM images showing fine particles distribution in the ( a)  clad  and (b) core 

layers of the 60% CR sheet. 

                                 

(a) 

ND 

RD 5μm 
 

(b) 

5μm 
RD 

ND 



87 

 

The deformed structure 

The deformation structure is presented in Figure 5-4. The grains in both the deformed layers 

are elongated in RD, but grains appear to have a smaller thickness in RD at the clad layer 

than those at the core layer. The alignment of the deformed grains as given in Figure 5-4 is 

also found to be disturbed around large constituent particles at both the clad layer and the 

core layer. It is also noted that the original grain boundaries appear more curved around a 

particle with a larger size.  

 

Figure 5-4. The general deformed microstructure of the 60% CR sheet. 

Under a close-up observation, deformation zones with a characteristic flow pattern, as shown 

in Figure 5-5 (a) and (b), are found to surround large particles. The size of the deformation 

zones are scaled with the size of the large particles in both layers. Deformation zones 

associated with clusters of large particles, shown in Figure 5-6 (c), are also observed to 
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overlap. The fine particles in the deformation zones are also observed to distribute along the 

deformation pattern.  

 

Figure 5-5. The deformation structure associated with coarse particles at (a) the clad layer 

and (b) the core layer of the 60% CR sheet. 

The effect of fine particles on deformed substructure  

The TEM studies on the as-deformed sample have revealed that a higher number density of 

dislocations generated during cold rolling tends to form an elongated subgrain structure, as 

presented in Figure 5-7. The deformation bands shown in Figure 5-7 (b) display a thickness 

range of 0.15 to 2 μm. The deformation bands are also observed to orientate in different 

directions, as shown in Figure 5-7 (c), with elongated fine particles distribute along them. A 

close-up observation, as presented in Figure 5-8, has demonstrated a well-developed cell 

structure inside the deformations bands. The pinning of particles on the dislocation 

movement indicated by arrows is also observed as presented in Figure 5-9.  
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Figure 5-6. SEM images showing the deformation zones associated with the coarse particles 

in the (a) clad layer, (b) the core layer and (c) the interface region of the 60% CR sheet. 
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Figure 5-7.  The deformed structure of the 60% CR sheet. 
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Figure 5-8. The cell structure in a deformation band of the 60% CR sheet. 

    

Figure 5-9. TEM images of the formation of dislocation cells associated with fine particles in 

the 60% CR sheet. 
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Hardness profile  

The hardness along the thickness was measured for hot rolled 5 mm thick plate and 60% CR 

sheet, and the result is given in Figure 5-10. It is clear that hardness of the hot rolled plate 

increases from the clad surface toward the interface region, and then drops gradually to a 

hardness value of about 70 HV. The hardness then levels out starting approximately from 

350 μm towards the center of the core layer. The highest hardness exists at the range from 

250 μm to 300 μm approximately. After the cold rolling with a 60% thickness reduction, the 

hardness profile of the laminated sheet increases significantly, but follows a similar trend 

with the distance. The interface region between the clad and core layer demonstrates the 

largest hardness increase in comparison with the hardness of the hot rolled plate and 60% 

CR. The largest value of hardness (90 HV) is presented at about 140 μm from the clad side 

after the cold rolling.  
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Figure 5-10.  Hardness along the distance from the clad surface for 2 mm thick cold rolled 

plate and hot rolled 5mm thick plate. 
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5.3.1.2  80% CR sheet 

The particle distribution for the 80% CR sheet is expected to be similar as that of the 60% 

CR sheet, therefore only the hardness and EPMA profiles were studied for the 80% CR sheet. 

The measured hardness was superimposed with the particle distribution across the cross 

section and given in Figure 5-11. The hardness profile of the 80% CR sheet demonstrates an 

increasing trend from the clad surface to the highest value at the interface region, and 

followed by a small and short decrease towards the core layer as shown in Figure 5-11. The 

highest value of hardness is found to present at the core side of the interface region.  
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Figure 5-11. The overall distribution of coarse particles for the 80% CR sample 

superimposed with hardness profile.  
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The characterization of the compositional gradient together with the particle distribution is 

plotted together and given in Figure 5-12. The EPMA results display an increasing trend in 

the content of Mg, Si and Cu, and a decreasing trend in the content of Mn approximately 

from 60 μm towards 120 μm from the clad surface as shown. The interface range is found to 

be approximately between 60 and 120 μm for the 80% CR. 
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Figure 5-12. The overall distribution of coarse particles for the 80% CR sample 

superimposed with EPMA results. 
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 Annealing behavior of the clad and core layers 5.3.2

5.3.2.1  Recrystallization below the solutionizing temperature  

5.3.2.1.1  Initial condition: 60% CR sheet  

Hardness evolution with temperature  

The hardness after isochronal annealing at various temperatures for 1 hour for the clad and 

core layers was measured and given in Figure 5-13. Hardness is observed to decrease after 

annealing for both the clad and core layers. The clad layer demonstrates a fast hardness 

reduction for temperatures higher than 300
o
C, whereas, the hardness of the core layer is 

found to decrease apparently for temperatures higher than 340
o
C. The extent of the hardness 

reduction is greater at a higher annealing temperature for both the clad and core layers. The 

lowest hardness for the two layers is obtained at an annealing temperature of around 400
o
C, 

and the lowest hardness indicates a fully recrystallized condition. A small increase in 

hardness at 420
o
C observed for the core layer can be caused by the formation of clusters 

associated with quenching from a high temperature and the partial natural aging process 

[163]. 

The hardness evolution with annealing time at 380
o
C was also measured and given in Figure 

5-14, with the first hardness values of the clad and core layers as the hardness of the cold 

rolled condition. As shown in Figure 5-14, the clad layer displays a higher level of hardness 

reduction in the first ten minutes of annealing. The core layer demonstrates a two-stage  
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Figure 5-13. Hardness evolution of the 60% CR sheet annealed at various temperatures for 1 

h. 
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Figure 5-14. Hardness evolution of the 60% CR sheet during annealing at 380
o
C for 1 h. 
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reduction of hardness during annealing at 380
o
C. The greater hardness reduction takes place 

in the first ten mins, but followed by a second smaller reduce between ten and thirty minutes 

of annealing. The hardness evolution therefore suggests a faster recrystallization at the clad 

layer than at the core layer.  

EBSD and SEM results  

EBSD maps for the recrystallized samples annealed for 1 hour at different temperatures are 

shown in Figure 5-15 with grain boundary superimposed. The black and blue boundaries 

denote high angle boundaries and low angle boundaries, respectively. It is worthy to mention 

that most of the boundaries in Figure 5-15 are high angle boundaries and only a few low 

angle boundaries are in blue. The annealed microstructure in the entire area consists of the 

mixtures of large elongated and small equiaxed grains for the investigated temperatures. It is 

noted that some of the small equiaxed grains are surrounded by large elongated ones. Most of 

the recrystallized grains are surrounded by high angle boundaries. A small portion of low 

angle boundaries is observed to align in RD. The recrystallized grains are more elongated 

with long straighten boundaries at the core layer than those at the clad layer.  
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Figure 5-15. EBSD maps for the 60% CR sheet annealed for 1 h at the temperatures of (a) 

380
o
C, (b) 420

o
C, and (c) 480

o
C (EBSD was conducted by H. Jin). 

The calculated average grain sizes in RD and ND for the clad and core layers are presented in 

Figure 5-16. It can be observed that the grain size of the clad layer demonstrates a slight 

increase when the annealing temperature increases from 380°C to 420°C, and a slight 

decrease with the increasing temperature to 480
o
C. However, the recrystallized grain sizes at 

core layer display an increasing trend with all the temperatures as shown in Figure 5-16 in 

both RD and ND.  
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Figure 5-16. The average recrystallized grain size in RD and ND for the annealed 60% CR 

sheet. 

5.3.2.1.2 Initial condition: 80% CR sheet  

EBSD and SEM results 

EBSD maps of recrystallized microstructure for the 80% CR sheet annealed at different 

temperatures of 380, 420 and 540
o
C are shown in Figure 5-17. The annealed microstructure 

at 380
o
C for 1 hour consists of a combination of large elongated grains and small equiaxed 

grains. This is similar to the recrystallized microstructure of the 60% CR sheet under the 

same annealing condition. However, elongated recrystallized grains become equiaxed for the 

clad layer and less elongated for the core layer at the annealing temperatures higher than 

380
o
C. The transition of the recrystallized grain shape is observed at the temperatures higher 

than 480
o
C for the 60% CR sheet. 
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Figure 5-17. EBSD maps of the 80% CR sheet at the annealing conditions of (a) 380
o
C for 1 

h, and (b) 420
o
C for 1 h (EBSD was conducted by H. Jin). 
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The calculated average grain sizes for both RD and ND for the clad and core layers are 

presented in Figure 5-18. It is observed that the clad layer shows a decreased recrystallized 

grain size in RD and ND, however, the recrystallized grain size in the core layer displays an 

increasing trend with the increasing temperature from 380
o
C to 420

o
C.  
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Figure 5-18. The average recrystallized grain size in RD and ND for the annealed 80% CR 

sheet. 
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5.3.2.2 Recrystallization at the solutionizing temperature (540oC) 

EBSD and SEM results 

The recrystallized grain structures of the 60% CR sheet obtained through annealing at 540
o
C 

is shown in Figure 5-19. It demonstrates a fully recrystallized microstructure after 30 seconds 

at this temperature with smaller and less elongated recrystallized grain structure than those 

annealed at lower temperatures for 1 h. As can be seen in Figure 5-19, an equiaxed grain 

structure is obtained in the clad layer; whereas, the core layer still shows an elongated grain 

structure but the grains are less elongated compared to the grains formed at annealing 

temperatures lower than the solutionizing temperature. Interestingly, the grain sizes in both 

clad and core layer at 540
o
C are smaller qualitatively than those of samples recrystallized at 

lower temperatures.   

The recrystallized grain structures for the 80% CR sheet samples annealed at the same 

annealing conditions of 540
o
C for 30 s and 1 min shown in Figure 5-20 are similar to those as 

shown in Figure 5-19 for both the clad and core layers, but with a slightly larger size in ND. 

Small amount of low angle boundaries in blue shown in Figure 5-19 and Figure 5-20 is found 

between neighboring recrystallized grains aligning in the RD direction.                  
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Figure 5-19. The EBSD map for the 60% CR sheet samples at the annealing conditions of 

540
o
C for (a) 30 s and (b) 60 s (EBSD was conducted by H. Jin). 
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Figure 5-20. The EBSD map for the 80% CR sheet at the annealing conditions of 540
o
C for  

(a) 30 s and (b) 60 s (EBSD was conducted by H. Jin). 
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5.3.2.3  The aspect ratio of the recrystallized grains 

The temperature-dependence of the average aspect ratio of the recrystallized grains for the 

60% CR sheet, described as the grain diameter along RD divided by the diameter along ND, 

is calculated and given in Figure 5-21. The aspect ratio is observed to increase with the 

annealing temperatures between 380
o
C and 480

o
C. The temperature-dependence of the 

aspect ratio is more apparent in the core layer than in the clad layer in this same temperature 

range.  The smallest aspect ratio is obtained at the annealing condition of 540
o
C-30 s. 
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Figure 5-21. The temperature-dependence of the average aspect ratio of the recrystallized 

grains for the 60% CR sample.  
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The temperature-dependence of the average aspect ratios of the recrystallized grains for the 

80% CR samples is shown in Figure 5-22. The aspect ratios of both clad and core layers 

decrease with the annealing temperature from 380
o
C to 420

o
C.  The average aspect ratio of 

the grains for the samples annealed for 1 h at 420
o
C is similar to that of the sample annealed 

for 30 second at 540
o
C. 
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Figure 5-22. The temperature-dependence of the average aspect ratio of the recrystallized 

grains for the 80% CR sample.  

Phase transformation during annealing at 540 
o
C  

The particle distributions for the core layer before and after the annealing at the solutionizing 

temperature are compared in Figure 5-23. It is recognized that the number density of fine 
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particles resolved in Figure 5-23 (a) increases, and the plate-like particle transfer into 

globular, which suggest a phase transformation taking place during annealing at this 

temperature.  

  

 

Figure 5-23. The particle distribution in the core layer of the 2 mm cold rolled sheet (a) 

before and (b) after annealing at 540
o
C for 30 s. 
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The precipitates at the core layer including Mg2Si, Si and Q phase are expected to dissolve at 

540
o
C [90]. The dissolution of fine particles at 540

o
C was confirmed by comparing EPMA 

data for hot rolled condition. In order to obtain more data points across the interface, the hot 

rolled sample with 5 mm thickness was chosen of EPMA measurement.  The solute profile of 

Mg, Si and Cu for both the hot rolled plate and the plate after heat-treatment at 540
o
C for 30s 

are compared in Figure 5-24. The content of Mg, Si and Cu is observed to increase due to the 

dissolution of Mg2Si, Si and Q phases. There is no apparent change in the weight percent of 

Mn, which indicates that the particles containing Mn are very stable. A more appreciable 

enrichment of solutes is also observed in the interface than the core layer.  
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Figure 5-24. The distribution of the total weight percentage of Mg, Si and Cu for the hot 

rolled condition and the heat treated condition  
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(Hot rolled and solutionizing at 540
o
C for 30 s). 

 Recrystallization behavior associated with the interface region 5.3.3

The investigation of the recrystallization behavior associated with the interface region was 

conducted on the 80% CR sample annealed at a low temperature of 300
o
C. The recrystallized 

microstructure was studied using EBSD. Precipitation and evolution of the pre-existing 

particles during annealing were also investigated by hardness measurement, DSC and SEM.  

EBSD and SEM results 

The EBSD orientation maps for different annealing conditions presented in Figure 5-25 

demonstrate the progress of recrystallization in different layers during annealing at 300ºC.  

As given in Figure 5-25 (a), there is no sign of recrystallization in the entire investigated area 

after annealing for 1 h. Recrystallization of the laminate is found to initiate from the interface 

region between the clad and core layers within the first 2 hrs of annealing. With increasing 

the annealing time to 4 hrs, the recrystallized region is observed to develop slightly towards 

the core side with a width of ~95 μm. The recrystallized range is further extended towards 

the core side into an approximate 220 μm-wide range with continuing annealing for 6 hrs.   
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Figure 5-25. EBSD maps showing the microstructure of the 80% CR samples annealed at 

300
o
C for (a) 1 h, (b) 2 hrs, (c) 4 hrs, (d) 6 hrs and (e) 24 hrs (EBSD was conducted by H. 

Jin).  
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It is also noticed that the apparent initiation of recrystallization at the clad and the core layers 

are still retarded in the first 6 hrs of annealing, although recrystallized grains are observed at 

some scattered locations of the core layer. The fully recrystallized grain structure for the 

entire cross section is obtained after annealing for 24 hour as shown in Figure 5-25 (e). 

Interestingly, the finest recrystallized grain structure is observed in the clad layer and the 

interface region, while the largest grains form in the core layer.  
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Figure 5-26. The average grain diameter in the RD and ND for the 80% CR sample annealed 

at 300
o
C for 24 h. 

The average grain size data calculated separately in RD and ND for the three different layers 

is shown in Figure 5-26. The EBSD maps in Figure 5-25 (e) show that the clad layer contains 
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a high fraction of very fine equiaxed recrystallized grains. The average size of this layer is 

approximately 8 μm in both RD and ND, as reported in Figure 5-26. Figure 5-26 further 

indicates that the calculated average grain diameters in RD are larger than in ND at both 

interface region and core layer.  Particularly, the grain structure in the core layer is highly 

elongated in the RD. The calculated grain diameters in the ND of all locations of clad, 

interface and core are generally similar.   

Precipitation during annealing 

To investigate the precipitation capacity of different layers of the 80% CR sample, DSC 

experiments were carried out on both the bulk laminated material and the material with the 

clad layer removed. In the latter case, the clad layer was removed by mechanical grinding 

prior to the DSC testing of the sample. As shown in Figure 5-27, the DSC trace of the 

material with the clad layer demonstrates two exothermic peaks in the temperature range of 

50-300
o
C, centered at about 175

o
C and 270

o
C, respectively. The DSC trace of the sample 

without clad layer reveals a single exothermic peak centered approximately at 175
o
C, but no 

peak is observed at the higher temperature range. The comparison of the two traces suggests 

that the peak centered at 270
o
C for the bulk laminated material is associated with a 

precipitation transformation in the clad layer, as it disappears when the clad layer of the 

sample is removed.  Peak I, therefore, represents the reactions that take place mainly in the 

core layer, with some potential effects from the relatively thin interfacial layer. 
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Figure 5-27. DSC traces obtained from the 80% CR samples with and without the clad layer. 

To further study the precipitation reactions that possibly take place during annealing, DSC 

experiments were conducted on samples with different starting conditions. Figure 5-28 

presents the results for the cold rolled sample (CR), SBR sample, and the samples cold rolled 

and annealed at 300
o
C for 1 h and 4 hrs (CR-300

o
C-1 h, CR-300

o
C-4 h, respectively). The 

DSC traces for the CR and SBR samples show two exothermic peaks centered approximately 

in the range of 170-190
o
C (peak I) and at ~270

o
C (peak II). However, the magnitude of peak 

I for the CR sample is significantly smaller than that for the SBR sample. This finding further 

supports the above suggestion that Peak I represents the core layer. As the core of the SBR 
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sample undergoes solutionizing prior to cold rolling, more precipitates form during its DSC 

run and thus a larger heat release is detected.   
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Figure 5-28. DSC test results of samples with different starting conditions. 

The DSC trace for the CR-300-1 h sample shows only peak II, while no exothermic peak is 

detected for the CR-300-4 h sample, which suggests that the precipitation reactions 

associated with peak I, i.e. core (and potentially interface), already occurs during the first 1 h 

of annealing at 300
o
C. The DSC trace also demonstrates that precipitation processes 

associated with peak II are also completed after annealing for 4 hrs. It is therefore suggested 

that the precipitation reactions in the clad layer takes longer compared to the core layer but 
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mainly occur within the first 4 hrs of annealing. Considering the above findings in 

connection with the EBSD results, it is concluded that the entire laminate system experiences 

precipitation prior to recrystallization when annealing is conducted at 300
o
C. 

The distribution of the fine particles revealed by SEM under a high magnification for the 

cold rolled condition and annealed condition are compared and shown in Figure 5-30. It is 

clear that the SEM resolvable particles at the interface region increase in number density 

after annealing for 6 hrs at 300ºC by comparing Figure 5-29 (a) and (b).  The increase in 

number density of these particles indicates precipitation of new precipitates and also the 

growth/coarsening of the pre-existing fine particles during annealing. It is noteworthy that 

the observed particles cannot fully represent their number density (i.e. total volume fraction), 

since the existing smaller particles could not be resolved by SEM.  
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Figure 5-29. The distribution of resolvable particles for (a) the 80% CR  and (b) the 80% CR 

annealed for 6 hrs at 300ºC. 

The solute distributions through the cross section after annealing for 4hrs and 6 hrs were 

measured using EPMA. The results are superimposed in the corresponding EBSD maps in 

Figure 5-30.  Comparison between the EPMA profiles of the cold rolled condition as given in 

Figure 5-12 and the annealed conditions as shown in Figure 5-30 demonstrates a more 

significant and uneven distribution of the content of Mg, Cu and Si. The recrystallized 

regions show a large fluctuation of Si as shown in Figure 5-30. 
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Figure 5-30. The EBSD maps with EPMA profile for the 80% CR samples annealed for (a) 4 

hrs and (b) 6 hrs at 300
o
C (EBSD was conducted by H. Jin). 
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Evolution of hardness during annealing 

In order to investigate the softening rates of different layers, the hardness profile through the 

cross section of the cold rolled sample was measured. Figure 5-31 presents the hardness 

development after annealing for 1 h, 6 hrs and 24 hrs, respectively. It is observed that the 

hardness of the 80% CR sample increases from the clad layer towards the core layer with the 

highest value at the distance of about 140 μm. The hardness at the distance larger than 140 

μm is similar to the hardness of the core layer. The hardness of the entire laminate decreases 

significantly, and the original hardness peak disappears after annealing for 1 h. With 

increasing the annealing time to 6 hrs, the hardness in the region with the distances from 

about 100 μm to 240 μm displays a greater reduction than that of the core and clad layers. 

The hardness profile of the laminate demonstrates a continuous decrease after annealing for 

24 hrs, but hardness of the interface region from 100 μm to 160 μm remains similar. 

Hardness evolution during annealing for the representative distance of the interface and core 

layers (the middle of the interface region and core layer, respectively) was also measured and 

is shown in Figure 5-32. The boundary of the original interface region is indicated in Figure 

5-32 base on the EPMA profile as given in Figure 5-30. Both layers demonstrate a fast 

decrease in hardness in the first 6 hrs of annealing, but with a faster reduction at the interface 

region. The hardness of the interface region remains at a plateau level between 6 and 24 hrs, 

in which recrystallization is completed at the interface region according to the EBSD results. 
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 Figure 5-31. The development of the hardness through cross section for both the 80% CR 

and annealed conditions at 300
o
C. 

The average hardness of the core layer slowly decreases during the extension of annealing to 

24 hrs, which suggests the continuation of recrystallization at the core layer, and it is in 

agreement with EBSD results. The starting time of recrystallization is also marked by arrows 

in Figure 5-32 as approximate 2 hrs for the interface region and about 6 hrs for the core layer 

based on the EBSD maps shown in Figure 5-25. The hardness evolution data combined with 

the EBSD maps therefore indicates that significant hardness reduction occurs at both the 
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interface region and the core layer before the corresponding onset of recrystallization. It is 

well-known that recovery generally leads to a small hardness reduction [52], the large portion 

of reduction in hardness for the both layers is therefore suggested to be partly attributed to 

the precipitate coarsening before the initiation of recrystallization.  
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Figure 5-32. The hardness development of the 80% CR sheet with annealing time at 300
o
C. 

 Grain boundary characterization 5.3.4

The percentage of high angle boundary for a fully recrystallized microstructure was analyzed 

and is presented in Figure 5-33. It shows a similar evolution with annealing temperatures for 

both 60% and 80% CR samples: the higher temperature the larger percentage of high angle 
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boundaries. Meanwhile, the percentage of the higher angle boundaries is larger for the 80% 

CR sample than the 60% CR sample when annealed at a same temperature.  
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Figure 5-33. The percentage of high angle boundaries at different annealing conditions.  

The distribution of high angle boundaries obtained together with EBSD maps is compared 

and given in Figure 5-34 for different levels of deformation. It is noticed that that a higher 

amount of boundaries with angle between 45
o
 and 62.5

o
 presents at the annealed 80% CR 

sample that has a higher level of thickness reduction.  
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Figure 5-34. Grain boundary misorientation of the samples with two deformation levels and 

annealed at (a) 380
o
C and (b) 420

o
C. 
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 The role of large particles and grain boundaries in recrystallization 5.3.5

Large particles  

SEM images shown in Figure 5-35 display the formation of the recrystallized grains in the 

vicinity of various large particles in the 60% CR sheet annealed at 480
o
C. Six recrystallized 

grains are observed to distribute along the edges of an elongated large particle (Figure 5-35 

(a)) in the clad layer and a single recrystallized grain is observed in the vicinity of an 

elongated particle in the core layer (given in Figure 5-35 (b)). 

  

 

Figure 5-35. SEM images of recrystallized grains associated with various large particles for 

(a) the clad layer and (b) the core layer of the 60% CR sample annealed at 480
o
C for 1 h. 

Multiple recrystallized grains are also found around particles with a large size for an 

annealed 80% CR sheet as shown in Figure 5-36 (a); whereas a single recrystallized grain 

grown from small particles is given in Figure 5-36 (b) for the same sheet. The multiple 

recrystallized grains given in Figure 5-35 and Figure 5-36 demonstrates a straight boundary 
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between them. The growth of the recrystallized grains associated with large particles shown 

in Figure 5-36 is found to be limited by the small precipitates due to the fact of a high 

number density of precipitates aligned along the bowing boundaries.  

    

Figure 5-36. Recrystallized grains associated with large particles with various shapes in the 

80% CR sample annealed at 300
o
C for 24 h. 

The early stage of the recrystallized grains associated with large particles is further studied 

for both the clad layer and core layer for the annealing condition of 300
o
C for 10 mins, and 

the result is given in Figure 5-37.  Recrystallized grains are also found around large particles 

in the clad layer as shown in Figure 5-37 (a) and (b); whereas, there is no sign of 

recrystallized grain around particles in the core layer as presented in Figure 5-37 (c). 
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Figure 5-37. Recrystallization associated with large particles (a) and (b) at the clad layer and 

(c) at the core layer for the 80% CR sheet annealed at 380
o
C for 10 mins. 

Grain boundaries 

In addition to the formation of large particles, recrystallized grains from grain boundaries are 

also observed in this system. Recrystallized grains are found around grain boundaries for all 

the layers of the annealed 60% CR sheet: the core layer, the interface region and the clad 

layer as given in Figure 5-38. A recrystallized grain is observed at a triple point of grain  
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Figure 5-38. Microstructure of the 60% CR sample annealed for 10 mins at 380
o
C for (a) the 

core layer, (b) the interface region, and (c) the clad layer. 
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boundaries at the core layer, whereas, a grain is found at an original higher angle boundary 

with migrating into both sides of the boundary at the interface region; the clad demonstrates a 

more significant evidence of recrystallization from grain boundaries with multiple grains 

growing in the same direction as shown in Figure 5-38 (c). The nucleation at the core and 

interface regions is a classical nucleation from grain boundaries which is one type of 

deformation heterogeneities; whereas, the characteristic of newly-formed recrystallized 

grains at the clad layer is in agreement with the fact of nucleation from grain boundaries. 

Nucleation from grain boundaries  has also been reported as an active nucleation mechanism 

in Al-Mn alloys [52,61,87].  It is worthy to mention that this typical character cannot be 

observed with same sample preparation for the 80% CR sheet annealed at 380
o
C.  

5.4 Discussion  

The starting conditions of the annealed samples, the potential precipitation reaction, and 

evolution of pre-existing particles during annealing is discussed first separately for the clad 

layer and core layer. The effect of temperatures and deformation levels on the recrystallized 

microstructure of the clad and core layers, the recrystallization behavior associated with the 

composition gradient of the interface, and the operative nucleation mechanisms are then 

discussed.  

 Fine particle distribution and potential precipitation  5.4.1

At high temperatures, heterogeneous precipitation nucleation is energetically favorable due 

to a small undercooling [106]. Dislocations being produced during the hot deformation of an 



129 

 

Al-Mg-Si-Cu alloy have been reported to form subgrains boundaries [169]. These boundaries 

are known as efficient sinks for solutes and providing short-circuiting diffusion paths through 

the dislocation lines [118]. Therefore, subgrain boundaries are favorable heterogeneous 

nucleation sites due to the solute segregation, as well as their low activation energy which is 

reduced by the misfit strain energy of the dislocations. A similar heterogeneous precipitation 

behavior has also been observed in a deformed Al-Mn alloy [64]. These heterogeneously 

distributed fine particles can limit or even hinder the formation of dislocation cells during the 

cold rolling if the inter-particle spacing is less than the dislocation cell size [52]. It is 

therefore believed that such a process has retarded the formation of cell structure, and thus 

generates the observed fine particle distribution at the core layer as given in Figure 5-9. 

The volume fraction of fine particles formed during hot rolling is believed to be affected by 

the heat treatment history and composition of the matrix. The study on the precipitation 

behavior of the hot bands of AA6xxx series has demonstrated that a relative 66 to 87 vol.% 

of the precipitation occurred during hot rolling of AA6016, AA6061 and AA6111 alloys 

[170]. The area fraction and density of particles measured for AA3103 alloy in a hot rolled 

condition are also found to increase after annealing due to new precipitation [170]. The DSC 

analysis of the cold rolled material indicates the occurrence of precipitation reactions at all 

the layers during heating. It is therefore concluded that the precipitation reactions were not 

completed during the thermal-mechanical processing and before annealing. However, 

whether the precipitation reactions continue to take place during annealing depends on the 
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precipitation kinetics which is determined by both the temperature and the degree of 

supersaturation [52].  

Chen et al. [118] have shown that the precipitation kinetics of AA3003 displays two nose 

temperatures, which are ~450
o
C and 500

o
C for an Al-0.48 wt.% Mn alloy within the strain 

range of 0.5 to 3.0. Liu and Morris [80] attributed the elongated coarse recrystallized grain 

structure of a supersaturated cold rolled Al-Mn alloy with a 60% thickness reduction 

(equivalent to a true strain of 0.9) to the occurrence of precipitation reactions during 

annealing. Moreover, the investigation on a supersaturated Al-Mn with a 90% thickness 

reduction showed that an equiaxed recrystallized grain structure formed at 482
o
C which is 

high enough to allow the recrystallization to initiate first [65]. Last but not the least, the study 

of temperature-time-transformation diagram of cold rolled Al-Mn alloys with different 

deformation levels has showed that precipitation is accelerated by both the amount of Mn in 

the matrix and the deformation level [61]. Considering the clad layer in our study with a 60% 

thickness reduction (equivalent to a true strain of 0.91) and a composition of ~0.5 wt. % Mn, 

it is believed that the precipitation takes place before the recrystallization when the cold 

rolled sample is annealed at the investigated temperatures of 300
o
C, 380

o
C, 420

o
C and 

480
o
C.  

The calculated equilibrium volume fraction of Mg2Si and Q in AA6111 is reported to 

decrease dramatically at temperatures above 300
o
C, and the total fraction of Q and Mg2Si 

reduces approximately from about 70% at 400
o
C to 25% at 500

o
C [33]. Regarding the large 

number density of the observed pre-existing particles, the precipitation reaction in the core 
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layer is negligible during annealing at the investigated temperature range (i.e. 380-540
o
C) 

due to the small undercooling. 

Kuijpers et al. have studied the formation of  Al (Fe, Mn) Si in the Al-Mg-Si alloys with 

various elements, and the result shows that plate-like AlFeSi transform into globular Al (Fe, 

Mn) Si during homogenization at temperatures between 530
o
C and 600

o
C, and the 

transformed fraction increases with the content of Mn [171].  The particles as shown in 

Figure 5-23 are therefore AlFeSi and Al (Fe, Mn) Si. It is therefore reasonable to conclude 

that new particles and transformation between the two types of particles might take place 

during annealing at the solutionizing temperature.  

 The effect of temperature on the recrystallized behavior 5.4.2

The effect of Zener drag pressure  

The growth rate (i.e., the movement of grain boundaries) in different directions of RD and 

TD determines the recrystallized grain structure at a certain temperature. The velocity of high 

angle boundaries V depends on net driving pressure P. The varying growth rate can come 

from the retarding pressure including Zener drag pressure    and the drag pressure     from 

solutes. The velocity and net driving pressure for the migration of high angle boundaries are 

determined as follows considering the effect of solutes [52,53]: 

     (5-2) 

             (5-3) 
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(5-4) 

Where M is the mobility of grain boundaries;    is the driving pressure from the stored 

energy;  f  and r are the volume fraction and averaged radius of the fine particles, 

respectively; and   denotes the grain boundary energy [52].     , which is proportional to the 

concentration of solutes in the matrix, is generally smaller than    [52]. It is noted that the 

magnitude of the Zener drag pressure depends on the nature of particles. The calculations of 

   demonstrates various formula; however, it is agreed that    is proportional to f/r [52,66]. 

Troeger et al. [86] investigated the effect of precipitate distributions generated through 

multistage annealing treatments on the recrystallized microstructure of a cold rolled Al-Mg-

Si-Cu alloy with a 60% thickness reduction. It is found that precipitate first distributes 

preferentially along deformation bands after annealing at 300
o
C for 4 hrs, whereas uniformly 

distributed precipitates were obtained after a continuous annealing treatment at 380
o
C for 24 

hours. The distribution of precipitates formed in the early stage of the annealing is therefore 

believed to be heterogeneous in the interface and core layers. TEM images on the studied 

cold rolled laminate sheet with a 60% thickness reduction also show that pre-existing 

particles of the core layer heterogeneously locate along the deformation bands. The pre-

existing particles are therefore believed to distribute preferentially on subgrain boundaries in 

the core layer, which is then mainly responsible for the elongated recrystallized grain 

structure of the layer. The special distribution with a large portion of fine particles 

concentrated along deformation bands, shown in Figure 5-9, introduces different volume 
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fractions of particles at the directions along and perpendicular to the bands. A similar 

distribution of precipitates has also been observed in AA3xxx [64]. Therefore, as suggested 

by equation (5-4), the grain boundaries in the direction of or close to the deformation bands 

encounter a greater Zener drag pressure due to a larger value of f/r than the boundaries 

aligning perpendicular to the deformation bands. The elongated grain structure is therefore 

attributed to the large Zener drag pressure along the deformation bands than the other 

direction. Both the precipitates formed before recrystallization during annealing and the pre-

existing fine particles formed during thermal-mechanical processing are therefore suggested 

to give rise to the elongated recrystallized grain structure for the laminated material.  

The temperature-dependence of the recrystallized grain structure  

The temperature-dependence of the aspect ratio of the recrystallized grains is suggested to be 

determined by grain boundary velocity that depends on both the mobility of grain boundaries 

and Zener drag pressure on the grain boundaries. The temperature-dependence of grain 

boundary mobility follows the equation (2-8) indicating the boundary mobility increases with 

the temperature [52]. 

The Zener drag pressure on the grain boundaries also varies with temperatures due to the 

different volume fractions of precipitates formed before recrystallization and to the size 

distribution. It is well known that, for a system with a certain composition, a lower driving 

pressure for precipitation is expected at a higher temperature, which therefore leads to a 

lower volume fraction of precipitates with a larger average size. The corresponding Zener 
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drag pressure at a higher temperature decreases due to a lower f and a larger r. It is generally 

concluded that grain boundary velocity is larger at higher temperature due to the increasing 

mobility and the decreasing Zener drag pressure. The large mobility of grain boundary at 

high temperatures gains the ability to overcome the Zener drag pressure, which offsets the 

effect of Zener drag pressures in RD and ND. The increasing mobility of the grain 

boundaries helps to reduce the anisotropic growth of the recrystallized grains. In the extreme 

case the mobility is high enough to overcome the Zener drag pressure, and an equiaxed grain 

structure is then expected. Assuming that grain boundary mobility in RD and ND is the same, 

the Zener drag pressure is then suggested to be the main reason for the different increasing 

rate of the aspect ratio.  

For the clad, the aspect ratio shows a great increment with the temperature until 420
o
C, 

followed by a slight increase at 480
o
C as suggested in Figure 5-21. The increasing rate of the 

aspect ratio with the temperatures is believed to relate to the precipitation characteristic that 

is determined by the temperature-depended driving pressure for precipitation. The smaller 

increase of the aspect ratio beyond 420
o
C can then be attributed to the great reduction in 

driving pressure a d volume fraction of precipitates. At 540
o
C, recrystallization of the clad 

layer therefore might take place before the precipitation, which explains the corresponding 

equiaxed grain structure.  

For the core layer there is no precipitation reaction during annealing at the studied 

temperature range, and the extent of dissolution of the pre-existing fine particles at different 

annealing temperatures plays an important role in growth of the recrystallized grains. Based 
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on the calculated equilibrium phase diagram of the core layer [90], dissolution of fine 

particles is not expected at 380
o
C, and a certain fraction of these particles dissolve at 420

o
C 

and 480
o
C. All the fine particles, including Mg2Si, Si and Q, are expected to dissolve 

completely at 540
o
C. The increasing hardness after annealing for 1 h at temperatures higher 

than 400
o
C as shown in Figure 5-13 indicates the increased level of solutes from the 

dissolution of particles. A larger size and a smaller volume fraction of fine particles are 

expected at temperatures higher than 380
o
C due to the dissolution. The lower    reduces the 

difference of the pinning pressure on boundaries between RD and ND, indicating the aspect 

ratio of the recrystallized grains decreases. The dissolution modeling of the laminated system 

at 540
o
C has shown that Mg2Si and Si dissolve in 20 s [90]. However, the elongated 

recrystallized grain structure of the core layer at this temperature indicates that the 

recrystallization process is still retarded to some extent by a fraction of fine particles. 

In addition to the velocity of the recrystallized grain boundaries, the nucleation rate of the 

recrystallized grains can also affect the aspect ratio. The nucleation rate of the recrystallized 

grains increases with temperatures. A higher nucleation rate generates a larger density of 

grains, and the impingement of grains alleviates the anisotropic growth. The smallest aspect 

ratio for 540
o
C is also attributed to the dominated high nucleation rate. Therefore, it is 

concluded that the increasing mobility of grain boundaries, the higher nucleation rate, and the 

smaller fraction of precipitates with a large average size facilitate the reduction of the aspect 

ratio at a higher temperature.   
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 The effect of percentage of the cold work on the recrystallization 5.4.3

behavior 

It is well known that deformation levels and temperatures accelerate both the recrystallization 

and precipitation processes [52]. A combination of a deformation level and a certain 

temperature can leads to a case that recrystallization takes place before precipitation, and the 

related recrystallized grain structure is then equiaxed instead of being elongated due to 

inefficient pinning of precipitates on the grain boundaries [64,65]. Compared with the 

temperature-dependence of the recrystallized grain structures with different thickness 

reductions as given in Figure 5-21 and Figure 5-22, it is concluded that a near equiaxed 

recrystallized grain structure of the clad layer was obtained at 540
o
C for 60% CR sheet, and 

420
o
C for 80% CR sheet, respectively. The study on the temperature-dependence of the 

recrystallized grain structure of the  annealed 60% CR sheet suggest that the precipitation 

preceding the recrystallization during the annealing is the main reason for the elongated 

recrystallized grains, indicating the recrystallization starts earlier than precipitation at 540
o
C. 

The critical temperature for an equiaxed recrystallized grain structure in the clad layer is 

found at 420
o
C for the annealed 80% CR sheet, and at 540

o
C for the annealed 80% CR sheet 

as shown in Figure 5-15 and Figure 5-19. It is therefore concluded that a higher level of 

deformation decreases the temperature range at which the recrystallization kinetics 

dominates, and recrystallization takes place without the retarding pressure from precipitation. 

It is generally accepted that the extent of the inhomogeneity of the deformed structure and 

the fraction of high angle boundaries increase with the strain for Al alloys at an intermediate 
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strain range [125]. It is then expected that the density of nucleation sites is higher for the 80% 

CR sheet than for the 60% CR sheet since recrystallization nucleation takes place 

preferentially at heterogeneities where a large misorientations exist. A smaller recrystallized 

grain size is therefore expected at a higher deformation level due to a higher density of 

nucleation sites. In addition to the recrystallization nucleation, the migration of high angle 

boundaries is another factor that determines the recrystallized grain structure and size. A high 

level of deformation generates a higher driving pressure   , which facilitates the grain 

boundaries escape from the Zener pinning pressure from the precipitates with small sizes 

suggested by equation (5-4). The increasing nucleation rate and higher velocity of the grain 

boundaries is therefore suggested to lead to the recrystallized grain structure with a low 

aspect ratio for the 80% CR sheet.   

 The effect of composition gradient on the recrystallization behavior 5.4.4

Considering the mass balance aspects of precipitation (i.e. the lever rule [105]) from a 

metastable solid solution, a low volume fraction of precipitates is obtained when the alloy 

contains a low level of solutes that take part in the precipitation processes. In the current 

system, the interface region is lean in solute elements Mg, Si, and Cu, while the core is rich 

in these elements. These compositional characteristics of the cold rolled material are 

measured using the EPMA on the 60%  and 80% CR sheets, as well as the EPMA results 

from the hot rolled plate samples of the current system [90].  As in other Al-Mg-Si-Cu alloys 

[142,144,172], Mg, Si, and Cu participate in the formation of precipitates in the core layer 
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and the core-clad interfacial region during the annealing process.  However, the volume 

fraction of the precipitates should be proportional to the content of solutes that participates in 

the precipitation process. A lower volume fraction of precipitates leads to a less effective 

Zener drag and thus a faster recrystallization during annealing. This general understanding is 

in agreement with the layer-specific onset and progress of recrystallization identified by the 

EBSD test results, indicating the scaling of recrystallization kinetics with solute/precipitate 

fraction. The significant drop in the hardness values prior to recrystallization, as shown in 

Figure 5-32,  further suggest that precipitate coarsening in both interface and core interior 

play a significant role in reducing the Zener drag and thus help with the initiation (i.e. the 

mobility of low angle grain boundaries) and progress of recrystallization.   

The EBSD maps and the corresponding EMPA profile for the 80% CR sheet annealed at 

300
o
C indicates the concurrent precipitation and/or coarsening of precipitates during 

annealing. The similar trend of Mg and Cu may suggest the formation of AlSiMgCu as 

predicted by the phase calculation [90]. The zigzag distribution of Si also indicates another 

possible precipitation and coarsening of Si, which is reported to be one potential precipitate 

at 300
o
C in the system [90]. The recrystallization initiates from the place containing a high 

content of Si as given in Figure 5-12 (b), and develops into the area where a significantly 

uneven distribution of Si is observed as shown in Figure 5-30. It is therefore concluded that 

recrystallization of the interface and core layers takes place with the process of the 

precipitation and coarsening of Si, which is also supported by Figure 5-23 (a) and (b) 
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showing that a higher number density of coarser particles after annealing for 6 hrs at the 

recrystallized interface region .   

By comparing the hardness profile of the hot rolled material as shown in Figure 5-10 and 

cold rolled material as given in Figure 5-12, it is noted that the hardness of the clad layer, the 

interface region, and the core layer increases after cold rolling; however, the hardness of the 

interface demonstrates the greatest increase, which indicates the largest strain hardening and 

the highest driving pressure for recrystallization among the studied three layers. The largest 

strain hardening of the interface region is suggested to be mainly attributed to the interaction 

between dislocation and particles including both coarse particles and fine particles during 

cold rolling. The highest hardness at the core layer of the interface side might also be caused 

by the internal stress due to non-uniformed deformation, which is also reported at the 

laminated AA5005/AA6061 processed by accumulative roll bonding [5].  The larger value of 

hardness at the interface region therefore is one reason for an earlier initiation of 

recrystallization due to a higher driving pressure.  

On the clad side of the interface region, a higher number density of coarse Al (Fe, Mn) is 

observed, and the number density decreases with the distance towards the core layer shown 

in Figure 5-2. Clusters of the small coarse particles are observed mostly at the interface 

region. Like the clad layer, the precipitation might take place during annealing due to the 

presence of a certain level of free Mn. There are two possible precipitates of Al (Fe, Mn) and 

Al (Fe, Mn) Si, and the formation of Al (Fe, Mn) Si might be accelerated due to the 

enrichment of Si from the dissolution of Mg2Si and Si. Due to the high content of Mn, the 
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amount of the Al (Fe,Mn)Si and Al(Fe, Mn) including both the pre-existing and newly 

formed during annealing in the clad side of the interface region is more than that in the core 

side of the interface. The Zener drag effect of these fine particles containing Mn in the 

interface retards the growth of the recrystallized grains. The high number density of both 

coarse and fine particles containing Mn or Mn and Si facilitates the refinement of the 

recrystallized grains of the interface region.    

 Operative nucleation mechanisms 5.4.5

The possible potential recrystallization nucleation sites are large particles (PSN) and prior 

grain boundaries in the studied system. Nucleation from grain boundaries has been reported 

as an active nucleation mechanism, and the process is usually referred to as strain-induced 

boundary migration (SIBM) including multiple subgrain and single subgrain 

[52,61,131,132,173], or to the classical nucleation from grain boundaries for Al alloys. 

PSN mechanism  

The correlation between large particles and recrystallized grains as given in Figure 5-36 and 

Figure 5-37 indicates an effective PSN mechanism. To further discuss the nucleation 

mechanism, indexed quality maps (IQ) and SEM images obtained before EBSD scanning and 

in the same areas of the related EBSD maps are compared in Figure 5-39 and Figure 5-40 for  
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Figure 5-39. (a) IQ map obtained from EBSD data and (b) the corresponding SEM image for 

the 60% CR sample annealed at 380
o
C for 1 h. 

two different annealing conditions for the 60% CR sheet. The IQ map gives the diffraction 

pattern quality by various gray scales, and can be used to distinguish the coarse particles 

from the background, as well as the grain boundaries. Multiple small equiaxed grains are 

observed to be associated with large coarse particles in the clad by comparing the IQ map 

and the corresponding SEM image at the same area, and typical examples are shown with 

circles. The areas containing a high density of smaller coarse particles (i.e. particle clusters), 

indicated with arrows in Figure 5-39 and Figure 5-40, also show a smaller recrystallized 
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grain size than the area without particle clusters. The presence of a very large coarse particles 

and a large fraction of fine recrystallized grains in clad layer demonstrates an efficient 

operative PSN as shown in Figure 5-39 and Figure 5-40. 

                  

                  

Figure 5-40.  (a) IQ map obtained from EBSD data and (b) the corresponding SEM image for 

the 60% CR sample annealed at 540
o
C for 30 seconds. 

The nature of PFZ and defamation zones and the level of deformation are the factors which 

determine the occurrence and efficiency of PSN. PFZs are often found around the constituent 

particles in Al-Mn alloys, and it has been suggested that the depletion of Mn around the 
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constituent particles is responsible for the formation of PFZs [111]. PFZs have also been 

observed around large β particles nucleated at Al(Fe, Si) particles in a cold rolled Al-Mg-Si 

alloy [86,87]. The depletion of solutes around large particles is then believed to facilitate the 

formation of PFZs around coarse particles shown in Figure 5-3. PFZs improve the efficiency 

of recrystallization nucleation around large particles by allowing the nuclei associated with 

them to grow free or with a reduced pinning  pressure from the fine particles inside these 

areas [52]. With the existence of PFZs, the opportunity for nuclei to reach the critical size is 

increased, and the efficiency of PSN thus is improved as well.  

As can be seen in Figure 5-35 (a) and Figure 5-36 (a), multiple recrystallized grains 

nucleated from a large constituent particle, are elongated along RD, and grow in different 

directions during annealing. This is supported by Tangen et al.’s study [64] on the 

recrystallization of an Al-Mn alloy, showing that the elongated particles are efficient PSN 

sites for nucleation of multiple recrystallized grains. Furthermore, needle-shaped dispersoids 

containing Mn are reported to be more likely to be nucleation sites than fine spherical 

particles [141]. It is therefore concluded that the size of the large particles in RD and ND 

play a role in the occurrence and efficiency of PSN. The size and shape of the deformation 

zones are found to scale with the size of the associated particles, as well as varying with their 

shape [52]. The deformation zones associated with the elongated large particles, which are 

observed to be elliptical in the rolling direction (as shown in Figure 5-6), are well-known to 

be preferential nucleation sites for the recrystallization by providing the nucleation driving 

pressure  and large misorientaion gradients during annealing [52]. The largest lattice 
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misorientation is found to be at the interface of the particles, and is a function of the size of 

the associated particles [52,174]. Liu et al. [154] revealed that the largest lattice rotation 

occurs near the four tips of the elongated particles. This rotation can possibly divide the large 

deformation zone into multiple individual parts where nuclei can form and grow. The 

modeling of the strain fields around non-deformable particles by means of the finite element 

method has shown that a combination of compressive, tensile and shear strain exists in all 

ND, RD, and RD-ND directions [175].  In the case of the elongated particles, due to a small 

size in ND, the corresponding shear strain might not be large enough to create the lattice 

rotation required for nucleation of a recrystallized grain. This explains why only one 

recrystallized grain is observed around an elongated particle with a size in ND less than 1 

μm, as shown in Figure 5-35 (b). It is therefore proposed that the PSN is most efficient 

around the large elongated coarse particles. The efficiency is enhanced by a larger particle 

size in ND.  

In addition to the PFZs and deformation zones, the occurrence and efficiency of PSN are 

affected by deformation levels and annealing temperature. A higher driving pressure 

indicated by a higher level of strain leads to a smaller critical size of particles, which explains 

the efficiency of PSN at the interface region containing particle clusters and high driving 

pressure. PSN is also observed to be effective for an 80% CR sheet annealed at 300
o
C for 24 

h as given in Figure 5-36; however, PSN cannot be observed at early stage of annealing at 

380
o
C. It is interesting to find that PSN initiates at an early stage of annealing at 380

o
C for 

the 60% CR sheet and the initiation of recrystallization first occurs around large particles at 
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the clad layer as presented in Figure 5-37. It is therefore concluded that PSN is retarded 

significantly by the concurrent precipitation as shown in Figure 5-36. It indicates that the 

slow migration of grain boundaries at a low annealing temperature can be a major factor for 

the occurrence of PSN.         

Nucleation from grain boundaries 

The grain boundary is also found to be another nucleation site with strong evidence 

characterized and given in Figure 5-38; however, the characteristics of the grain boundaries 

are varied at different layers. Multiple recrystallized grains are found to nucleate from the 

same grain boundary aligning along RD, and grow in RD at the clad layer. The grains at the 

early stage of recrystallization migrate at a same direction and form a band structure, which 

indicates a typical SIBM character [61]. EBSD maps of the recrystallized grains as shown in 

Figure 5-17 has shown that low angle boundaries do exist in some recrystallized grains, 

which suggests that a SIBM nucleation limited by precipitates might be operative nucleation 

mechanism in the clad layer.  

The recrystallized grains at the core layer and interface region of the 60% CR sheet annealed 

for 10 mins at 380
o
C demonstrates a classical nucleation from the grain boundaries, and the 

boundaries surrounding the grains can migrate in two opposite directions as given in Figure 

5-38 (a) and (b). It is in accord with the studied result of a cold rolled pure Al. Jones and 

coworkers [176] have observed and developed a related model that a nucleus formed around 

grain boundaries, and migrated into parent grains from both sides of the grain boundaries. 
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Recrystallized nuclei have also been found in copper alloys and to straddle the original high 

angle boundary [134]. A typical recrystallized grain, observed in interface region of the 80% 

CR sheet annealed for 6 hrs is shown in Figure 5-41. It is clear that assuming a nucleus forms 

at the grain boundary, the migration of the high angle boundary of the nucleus can grow into 

both sides of the boundaries.   

              

Figure 5-41. A typical recrystallized grain along a prior grain boundary.  

The difference between strain introduced boundary migration (SIBM) and nucleation from 

pre-existing boundaries is not very clear on the current knowledge. They both originate from 

the high angle boundaries. However, in the case of SIBM, a recrystallized grain forms by the 

bulging of the prior high angle boundaries instead of nuclei-forming, and the driving pressure 

is from the difference of dislocation density on the two sides of the boundaries. The 

nucleation characteristic of the recrystallized grains from both mechanisms is modified by 
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fine particles. The recrystallized grains formed between 2 and 4 hrs at the interface region of 

the 80% CR sheet annealed at 300
o
C as given in Figure 5-42 (a), demonstrates an elongated 

shape with a large fraction of straighten boundaries aligning in RD. Both boundaries in ND 

and RD migrate by segments as shown in Figure 5-42 (b) and (c) due to the pinning of fine 

particles. The growth front of the boundaries is also divided into segments bulging at various 

speeds, which generates curved and serrated boundaries.  A large elongated grain illustrated 

in Figure 5-42 (d) is shown to surround two small grains, and the two long boundaries in RD 

demonstrates the migration towards opposite directions.  

      

      

Figure 5-42. The development of recrystallized grains unassociated with large particles for 

the 80% CR sheet annealed at 300
o
C for 2 hrs. 
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ND 
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Based on the above discussion on nucleation from grain boundaries, a nucleation model 

considering the effect of fine particles can be proposed. The deformed microstructure is 

believed to comprise mostly high angle boundaries parallel to RD, and mostly low angle 

boundaries in ND. During annealing, the prior high angle boundary is one of the potential 

sites for nucleation of recrystallized grains, and their growth is retarded by fine particles. A 

schematic representation given in Figure 5-43 can then be developed to display the formation 

of a nucleus around a high angle boundary, and its growth into two sides of the boundaries 

with pinning from fine particles. In this model, boundaries of the nuclei can migrated into 

neighboring parent grains. During growth, the boundary parallel to ND experiences a Zener 

drag pressure, which leads to a slow moving speed and multiple segments of boundaries 

since the whole length of the boundary is difficult to move together. However, the boundary 

of the nucleus can migrate faster in RD than in ND, and this nucleation and growth 

constrained by fine particles finally leads to elongated recrystallized grain structure without 

or with little misorientation inside them.   

 

          Figure 5-43. Schematic representation of nucleation from high angle boundaries with a 

dispersion of precipitates. 
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5.5 Summary  

Recrystallization behavior of the laminated AA3xxx-X609 system is studied under various 

annealing temperatures and deformation levels, and it is concluded that: 

The clad layer displays larger coarse particles along RD, while smaller ones are found in the 

core layer. In addition to the coarse particles, fine submicron-sized particles are also present 

in all the layers of the starting material. However, the DSC results have shown that the 

starting cold rolled laminated material still has precipitation ability.  

The recrystallized grain structure of the laminated sheet is elongated at low annealing 

temperatures. Precipitates formed either during thermal-mechanical process or before 

recrystallization and during annealing, are proposed to be the main cause of the elongated 

recrystallized grain structure due to their preferential distribution along the original grain 

boundaries. The temperature-dependence of the aspect ratio of the recrystallized grains is 

found to be affected by both the annealing temperatures and deformation levels. The 

precipitation kinetics, coarsening/dissolution rates determined by both temperatures and 

deformation levels determine the recrystallized grain shape due to the different retarding 

pressure on the migration of recrystallized grain boundaries in RD and ND.  

Annealing at the solutionizing temperature, the clad layer displays an equiaxed grain 

structure; whereas, the recrystallized grains of the core layer are still slightly elongated. 

Undissoved dispersiods and transformation of different dispersiods might be one of the 

reasons for the slightly elongated recrystallized grain structure. A higher level of deformation 
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decreases the temperature where a near equiaxed recrystallized grain structure is obtained for 

the clad layer due to a larger nucleation rate and the higher velocity of grain boundaries. A 

recrystallized microstructure with a higher portion of high angle boundaries is found to be 

obtained under a higher level of deformation. 

The recrystallization of the laminated sheet is delayed due to the precipitation during 

annealing at a low temperature of 300
o
C. Recrystallization is found to first initiate from the 

clad side of the interface where a composition gradient of Mg, Si and Cu starts. The earliest 

onset of recrystallization in the interface region is attributed to the lower Zener drag pressure 

due to the smaller volume fraction of precipitates and the faster coarsening of the 

precipitates, compared to the core layer. The higher level of accumulative deformation is also 

one reason for the earliest initiation of the recrystallization at the interface region. With the 

increasing time at 300
o
C, the recrystallization progresses along the composition gradient into 

the core layer with the precipitation and coarsening of precipitates. The clad layer displays 

the slowest recrystallization, and the precipitation associated with Mn is suggested to retard 

extremely the recrystallization progress of the clad layer.  

Particle stimulated nucleation and nucleation from grain boundaries are suggested to be the 

possible operative nucleation mechanisms in the recrystallization of the laminated system. 

With deformation zones and PFZs around them, the elongated coarse particles are effective 

in providing multiple nucleation sites, and the efficiency of PSN is found to increase with the 

size of the coarse particles in ND. The occurrence of PSN is also found to be retarded by the 

precipitation concurrent with annealing. Both typical characteristics of SIBM for the clad 
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layer and the evidence of classic nucleation from grain boundaries for the interface and core 

layers are found at the early stage of annealing.  
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Chapter 6 Conclusions, and Recommendations for future work 

The precipitation behavior of the interface and core layers and the annealing behavior of the 

whole laminated sheet have been investigated. The significant precipitation and annealing 

behavior associated with the compositional gradient of the interface region has also been 

studied. The following chapter summarizes the main findings of the research, and offers 

recommendations for future work. 

6.1 Conclusions 

 TEM reveals that the precipitates in the core layer are needle-shaped β˝, for the aging 

condition of 180°C for 1 h. The precipitates in the interface region (0.3 mm from the 

clad surface) are found in a lower number density than in the core layer, but with a 

larger size. The different precipitate distributions in the interface and core layers are 

attributed to the composition-related precipitation kinetics including both nucleation 

rate and growth rate. 

 The hardness in the interface region shows gradual increase with the distance from 

the clad surface and corresponds to the solute profiles of Mg, Si and Cu. On the clad 

side, a steeper increase of hardness is observed than on the core side. Hardness 

evolution with aging time at the investigated temperatures between 160
o
C and 210

o
C 

demonstrates a faster precipitation rate for a higher aging temperature. 
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 The precipitation kinetics is calculated using JMAK model based on the heat flow 

during aging. A precipitation-hardening model, designed for monolithic AA6xxx 

alloys, is employed for the laminated sheet through a mass correction, and the 

modeling result is in agreement with the calculated yield strength from hardness. 

 The recrystallized grain structure of the AA3003-X609 laminate is affected by the 

distribution of the pre-existing particles, including both the large and small ones 

formed during thermal-mechanical processing, and the precipitation concurrent with 

recrystallization during annealing. The pre-existing particles affect both the cold 

rolled condition and annealing behavior. Deformation zones are found around large 

particles. Small particles are also found to interact with dislocation alignment and cell 

formation during deformation, and to distribute along deformation bands. Zener 

pinning pressure of the small particles limits the migration of grain boundaries during 

growth of the recrystallized grains.  

 The recrystallized grain structure of the laminated sheet is elongated at low annealing 

temperatures. The preferential distribution of fine particles formed during either hot 

rolling or during annealing and before recrystallization is believed to be the main 

reason for the elongated grain structure of the bulk laminate. With increased 

annealing temperatures, the aspect ratio of the recrystallized grains decreases 

significantly. The preferential distribution of fine particles along the grain boundaries 

leads to a larger Zener drag pressure in RD than in ND. During annealing at different 

temperatures, precipitation/dissolution of particles can also change the volume 
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fraction and size of fine particles. In this case, the Zener drag pressure varies with the 

parameter of particles, including the size and volume fraction, and determines the 

temperature-dependence of the aspect ratio of the recrystallized grains.   

 A higher level of deformation decreases the temperature where a near-equiaxed 

recrystallized grain structure of the laminate can be obtained, due to a larger 

nucleation rate and a higher grain boundary velocity resulting from a higher driving 

pressure. In the case that the driving pressure is high enough to overcome the Zener 

drag pressure, an equiaxed recrystallized grain structure is obtained. The fraction of 

high angle grain boundaries is also found to be larger for a higher level of 

deformation.  

 The interface region, which contains both solute gradients and various particle 

distributions, demonstrates an increasing hardness from the clad towards the core 

layer. The highest hardness is observed at the interface region with the highest strain 

hardening after an 80% thickness reduction. The earliest onset of recrystallization is 

found at the interface region of the 80% CR sheet annealed at 300
o
C. The earliest 

onset is attributed to the higher driving pressure, and to the lower Zener drag pressure 

due to the smaller fraction of precipitates, compared to the core layer.  

 Large particles and original grain boundaries are observed to be nucleation sites for 

recrystallization in the studied system. With deformation zones and PFZs around the 

larger particles, the elongated large particles are effective in providing multiple 
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nucleation sites. The efficiency of PSN is enhanced by the size of the coarse particles 

along the ND, and limited by the precipitation during annealing. Nucleation from 

grain boundaries is suggested to be another operative nucleation mechanism with 

typical evidence for SIBM and classical features of recrystallized grains associated 

with grain boundaries. 

6.2 Recommendations for Future work  

  Interface modeling 6.2.1

The findings of the current study have shown that the precipitate distribution at a 

representative location of the interface region varies from the core layer, which indicates a 

composition-related precipitation behavior. A model for precipitation hardening of the 

interface region is essential for a comprehensive understanding of the precipitation behavior 

associated with compositional gradients. It is recommended that the relationship between 

precipitation kinetics and compositional gradients be developed in order to model the yield 

strength of the interface region.  

 The effect of pre-existing particle distribution on the deformed structure  6.2.2

The current study has shown that the pre-existing particles have a significant effect on the 

initiation of recrystallization and the recrystallized microstructure. It should also be noted 

that the shape and interfacial energy of the precipitates of AA6xxx are different at various 

aging conditions. It is therefore essential to study the effect of pre-existing particles, 

including the types and sizes of precipitates (β˝, β΄, Mg2Si, and Q), on the deformed and 
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recrystallized structure for AA6xxx.  By studying these effects, a proper thermal-mechanical 

process can be designed to obtain an optimal combination of mechanical properties.  

 Precipitation at the deformed interface region  6.2.3

Precipitation at the interface has been studied in the aged condition, and the results have 

shown different precipitation kinetics from the core layer, due to the existence of the 

compositional gradient present at the interface. The interface has also been observed to 

recrystallize earlier during annealing at 300
o
C, which indicates a significant effect of 

precipitation. The effect of deformation on the precipitation behavior has been the subject of 

many studies; however, the effect becomes more complex with compositional gradients, and 

needs further investigation. In order to increase the understanding of the interface, it is 

therefore recommended to study the precipitation kinetics of the deformed interface, 

containing compositional gradient.  Conducting a solutionizing treatment before cold rolling 

and followed by an annealing at a low temperature is suggested for this purpose.  
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