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Abstract 

The topic of this thesis is the microstructural behaviour of hot section components in the 

industrial gas turbine. 

 

The major part of the work treats the interdiffusion between a Co-36.5Ni-17.5Cr-8Al-0.5Y, 

MCrAlY coating and the underlying IN738 superalloy. The main purpose of the investigation 

was to develop reliable methods for the estimation of metal temperature of service exposed 

components from the observed interface behaviour. The main work on this subject is included 

in the form of papers in appendices I), II) and III). 

 

Furthermore a number of case studies of the behaviour of hot section components in the 

Danish gas turbines were performed and are included as part of the main thesis. Two of the 

case studies Negative Creep of Ni Superalloys and Identification of precipitates in IN792 after 

long time service exposure merited a separate treatment and are included as separate papers in 

appendices IV) and V). 

 

I) A new approach for the measurement of average composition profiles in the scanning 

electron microscope across the interface between superalloys and coatings was developed. 

The approach allows for the easy measurement of average profiles even though both coating 

and superalloy contain a large amount of precipitate phases dispersed throughout the 

microstructure.   

 

II) The developed measurement approach was then used to quantify the interdiffusion taking 

place at the interface between a Co-36.5Ni-17.5Cr-8Al-0.5Y, MCrAlY coating and the 

underlying IN738 superalloy in a large matrix of specimens isothermally heat treated for up to 

12,000 hours at temperatures 875°C, 925°C or 950°C. Microstructural investigations and 

calculated phase fraction diagrams using Thermo-Calc showed that a precipitate free zone 

formed between the coating and superalloy and grew with time. The width of the growing 

zone was estimated on the basis of average intensity profiles obtained from experimental x-

ray maps measured by energy dispersive spectroscopy in a scanning electron microscope. A 

simple parabolic growth model was then set up for estimating the metal temperature near the 

coating/ substrate interface based on the growth kinetics of the precipitate free zone. 



 IV 

Parameters for the model were extracted from measurements of the width of the growing 

precipitate free zone with time. The developed model was then used to estimate metal 

temperatures for a service exposed, first stage gas turbine blade from a Danish gas turbine.  

 

III) Finally the multi-phase, multi-element interdiffusion was modelled using the finite 

difference software DICTRA and compared with the average composition profiles measured 

across the interface and the general experimental findings from I) and II). 

 

IV) Negative Creep in Nickel base Superalloys 

The case concerns the phenomenon negative creep that was found to occur in Nimonic 80A 

bolts used for fixation of heat shields in the hot gas ducts of Danish gas turbines. The term 

negative creep is used to describe a time-dependent contraction of a material rather than the 

extension normally seen during creep tests. The volume contraction is typically caused by a 

solid-state transformation, in the case of Nimonic 80A, formation of the ordered Ni2Cr phase 

after several thousands of service hours. 

 

V) Identification of precipitates in IN792 after long time service exposure 

The case paper treats the finding of plate-like precipitates in an uncoated IN792 blade. The 

precipitates had a morphology that initially pointed in the direction of σ-phase, but advanced 

microstructural investigations, including the use of focused ion beam milling (FIB) and 

electron energy loss spectroscopy (EELS) in the transmission electron microscope, 

established that the precipitates were carbides. 
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Resume 

Emnet for denne afhandling er opførslen af højtemperatur komponenter i industrielle gas 

turbiner; specifikt de ændringer i mikrostruktur som driftseksponering medfører. 

 

Hovedparten af arbejdet omfatter beskrivelsen af interdiffusion imellem en IN738 

superlegering og den pålagte Co-36.5Ni-17.5Cr-8Al-0.5Y, MCrAlY coating. Hovedformålet 

med undersøgelserne var at finde en konsistent fremgangsmåde til at estimere 

metaltemperatur af driftseksponerede emner. Hovedresultatet af dette arbejde er inkluderet i 

form af tre papers i appendiks I), II) og III). 

 

Der er desuden lavet en række mindre case undersøgelser, som er inkluderet i afhandlingens 

indledende afsnit. To af case undersøgelserne omhandlende negativ krybning af Ni 

superlegeringer og identifikation af faseudskillelser i IN792 var af et sådant omfang, at de er 

skrevet som selvstændige papers og er medtaget som appendiks IV)  og V).  

 

I) Der blev udviklet en ny fremgangsmåde til at måle kompositions-profiler i scanning 

elektron mikroskop. Fremgangsmåden gør det muligt på en nem måde at måle middel-

kompositions profiler over grænseflader, selv ved tilstedeværelse af store andele af præcipitat-

faser. 

  

II) Den udviklede målemetode blev brugt til at kvantificere den interdiffusion, som sker ved 

grænsefladen mellem en Co-36.5Ni-17.5Cr-8Al-0.5Y coating og den underliggende IN738 

superlegering for en stor forsøgsmatrice af emner isotermt varmebehandlet i op til 12.000 

timer ved 875, 925 eller 950ºC. Mikrostrukturundersøgelser og fase-fraktionsdiagrammer 

beregnet i Thermo-Calc viste at en udskillelsesfri zone blev dannet mellem coating og 

superlegering og at denne voksede parabolsk med tid. Tykkelsen af zonen blev estimeret på 

basis af gennemsnits intensitets-profiler udregnet fra x-ray maps målt ved energi-dispersiv 

spektroskopi i scanning elektron mikroskop. En simpel parabolsk vækstlov blev brugt til at 

estimere metaltemperaturen ved grænsefladen mellem coating og superlegering baseret på 

vækstkinetikken af den udskillelsesfri zone. Parametrene til modellen blev udregnet fra 

målinger af tykkelsen af den udskillelsesfri zone som funktion af tid. Modellen blev herefter 



 VI 

brugt til at estimere metaltemperaturer for et første-trins, driftseksponeret turbineblad fra en 

dansk gas turbine. 

 

III) Interdiffusionen ved grænsefladen blev modelleret ved hjælp af multi-fase og multi-

element ”finite-difference” modellering i DICTRA. De simulerede kompositions-profiler blev 

herefter sammenlignet med målte profiler. 

 

IV) Negativ krybning af Ni superlegeringer 

Negativ krybning blev observeret i Nimonic 80A bolte brugt til fiksering af varmeskjolde i 

danske gas turbiner. Udtrykket negativ krybning bliver brugt til at beskrive den tidsafhængige 

kontraktion af materiale i modsætning til den forlængelse, der normalt ses ved krybning. 

Volumen-kontraktionen sker typisk på grund af en fastfase transformation. For Nimonic 80A 

dannes en ordnet Ni2Cr fase efter lange driftstider, hvilket medfører en kontraktion. 

 

V) Identifikation af udskillelser i IN792 efter lang driftstid 

Case undersøgelse der behandler fundet af nåle-formede partikler i et ikke-coatet IN792 

turbine blad. Udskillelserne havde en morfologi, som pegede i retning af σ-fase, men 

avancerede mikrostruktur-undersøgelser ved hjælp af ”focused ion beam milling” (FIB) og 

”electron energy loss spectroskopi” (EELS) fastslog at udskillelserne var karbider. 
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Introduction 
The increased use of natural gas for the production of electricity and heat in Denmark has 

resulted in an increased number of industrial gas turbines run by Danish power producers. 

Both operating and maintenance costs of these gas turbines have been higher than expected. 

 

The most critical components in the gas turbine in terms of operating costs and life time 

expenditure are hot section components such as blades and vanes. These components are 

manufactured in nickel or cobalt base superalloys with high creep strength, and are also often 

equipped with protective coatings. During service the hot section components are exposed to 

the hot gas environment inside the turbine and to mechanical and chemical influences that 

result in a degradation of the components by creep, fatigue or high temperature corrosion.  

 

The overall purpose with the present project was to gain an increased knowledge about the 

general performance of the hot section components and the degradation mechanisms that limit 

their life time. Since most of the damage mechanisms are temperature dependent (oxidation, 

corrosion, creep etc.), the actual metal temperature of components is an extremely important 

parameter for life-management. A major purpose with the present work was therefore to 

investigate methods for the estimation of metal temperature. 

 

The experimental part of the project involved the use of electron microscopy methods to 

characterise the microstructure of both laboratory samples and service exposed components. 

Specifically the microstructural changes taking place at the interface between coating and 

substrate superalloy.  

 

During the course of the project also a number of smaller experimental investigations were 

carried out when interesting case-scenarios arose during overhauls etc. 

 

The theoretical part of the project involved the use of the experimental data to develop and 

validate thermodynamic and kinetic models of the microstructural degradation by the use of 

the modelling software Thermo-Calc and DICTRA.    
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Nickel base superalloys and their performance in gas 
turbines 
The term superalloy was introduced shortly after World War II and was used to describe a 

series of alloys intended for service at elevated temperatures of above ~650ºC. The 

superalloys are usually divided up into three major classes depending on whether it is a 

nickel-, iron- or cobalt-based alloy. In addition to these elements the superalloys may contain 

lesser amounts of elements such as Cr, W, Mo, Ta, Nb, Ti, Al, Hf, Nb, Zr, B, and C that all 

influence the properties of the single superalloy. In the present work mainly the nickel base 

superalloys are treated and unless specifically mentioned the term superalloy refers to these 

alloys. 

 

Today the nickel base superalloys are widely used for high temperature components in areas 

such as aircraft and land-based industrial gas turbines, rocket engines, chemical and 

petroleum plants. In the gas turbine the superalloys are used for hot section components such 

as burners, combustion chambers, vanes and blades. These components are the most critical in 

terms of thermal efficiency, life time expectancy and operating costs. 

 

Fig. 1 shows a schematic drawing of a gas turbine. In all modern gas turbine engines, the 

engine produces its own pressurized gas by burning natural gas or jet fuel. The heat that 

comes from burning the fuel expands air, and the high-speed rush of this hot air spins the 

turbine.  

 

Gas turbine engines are, theoretically, quite simple. They have three parts:  

Compressor - Compresses the incoming air to high pressure.  

Combustion area - Burns the fuel and produces high-pressure, high-velocity gas. 

Turbine - Extracts the energy from the high-pressure, high-velocity gas flowing from the 

combustion chamber. 
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Fig. 1: Schematic drawing of a gas turbine. [1] 

 
A fundamental feature of the gas turbine is that a better thermodynamic efficiency can be 

reached if the turbine inlet temperature is increased. The upper limit for the temperature is 

decided by the capability of the materials used for the hot section components.  

 

During service, modern turbine blades can be exposed to gas temperatures exceeding 1600ºC 

and to both mechanical and chemical degradation in the form of creep, fatigue, oxidation or 

high temperature corrosion. The continuous evolution of base alloys, protective coatings and 

component design making this possible has been truly astounding. 

 

In the following a short overview of development in nickel base superalloys and coatings for 

gas turbines is presented, followed by a number of case studies illustrating some of the 

challenges encountered in the industrial gas turbine.  

 

Historical development of nickel base superalloys2,3 

The history of the nickel base superalloys starts with the patent of Marsh [4] from 1906. 

Marsh discovered that an alloy consisting of Ni with addition of Cr had excellent oxidation 

resistance at elevated temperatures and that it was well suited for use in electrical heating 

elements. In the 1920s it was discovered that this alloy had an improved creep strength 

compared to other materials known at the time [5]. The first reference to a Ni-based alloy 

containing Al is a patent filed by Heraeus Vacuumschmelze A.G. in 1926 [6]. The alloys 

described in the patent were specifically claimed for the use as gas- and steam turbine blades, 
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but no reference to precipitation hardening was mentioned, even though the aluminium 

content would have made this possible with the correct heat treatment. The use of small 

additions of titanium and aluminium for precipitation hardening was reported in 1929 by two 

independent research groups [7 and 8]. In 1940 a patent was filed by L.B. Pfeil [9] of the 

Mond Nickel Company Ltd. for an alloy with a base composition of at least 20% nickel, 0-

30% Cr, 0-9% Co, 0-60% Fe and 0-0.25% C, with additions of 1.5-5% Ti, Mo and W up to 

20% and other elements up to 10% permitted. Also a special claim was included for alloys 

containing up to 5% Al. The heat treatment for the alloy involved a solution treatment at 

900ºC followed by fast cooling and then a stabilization at or above the intended service 

temperature. The alloy was named Nimonic 800 (later Nimonic 80) and was initially made to 

meet requirements set up by Frank Whittle for turbine blades for his Whittle engine. The first 

flight of a Whittle gas turbine engine took place in 1941, with nickel alloy turbine blades 

operating at a gas temperature of 800ºC [10]. 

Continued alloy development lead to the introduction of an improved version of the Nimonic 

80 alloy in 1944, which was then called Nimonic 80A. The Nimonic 80A alloy contained an 

increased amount of aluminium and was one of the first alloys to really exploit significant age 

hardening. It was however not discovered until many years later that the precipitates behind 

this hardening effect were an intermetallic L12 ordered Ni3(Al, Ti) phase precipitating 

coherently with the FCC matrix phase. Today this phase, known as γ´ is recognized as one of 

the most important constituents of modern Ni base superalloys. The early Nimonic alloys also 

contained limited amounts of carbon allowing secondary carbides to form at grain boundaries. 

Thus the primary strengthening mechanisms of modern Ni based superalloys were already in 

place 60 years ago even though they were not fully understood. The microstructure of the 

Nimonic 80A alloy can be seen in Fig. 2. 

 

Work on wrought alloys continued up through the 1960s but the temperature capability of the 

wrought alloys was limited by severe metal working difficulties for alloys containing more 

than approximately 40% γ´. Internal air cooling for components in the hottest sections was 

beginning to find use, but was also difficult, since the holes had to be drilled out. Investment 

casting solved both these problems. Fig. 3 shows the evolution in microstructure going from 

wrought Nimonic 80A to the cast Mar-M-246. 
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Fig. 2: Microstructure of wrought Nimonic 80A etched to reveal carbides. 

 

 

Fig. 3. Genesis of nickel alloy microstructure, 1940-1970, 5000X. Plot shows stress capability of the alloys 

as a function of approximate date of issue. Structure shown is heat treated for best rupture properties, 

major features only. Compositions are generalized and typical. [11] 
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Conventionally cast alloys 

Casting initially lead to development of alloys like IN100 that had a high volume fraction of 

γ´. To maximize the high temperature strength, Cr content was reduced, since increase in Cr 

content leads to a decrease in γ´-solvus temperature. The low Cr content did however have the 

downside effect that resistance against hot corrosion was significantly lowered [12]. Thus two 

different trends in superalloy development was introduced: The first being the singular pursuit 

of high temperature capability and thus low Cr contents, and the second aiming to achieve 

good high temperature capability together with good hot corrosion resistance by maintaining a 

moderately high Cr content [11]. The second trend led to the development of the popular 

IN738 alloy that is still in use in many applications to this day.  

 

 

Fig. 4. Bulk microstructure of an IN738 precipitation hardened nickel-based superalloy; The γ´-phase has 

been etched. The initial heat treatment has resulted in a bimodal γ´ distribution in the virgin condition. 

A severe problem encountered in some of the early cast alloys was the precipitation of 

intermetallic phases like σ and µ that occurred after long service hours. The precipitation of σ-

phase in IN100 was described by Wlodek [13]. The precipitation is unwanted since it has a 

deleterious effect on toughness because needle shaped particles may act as sites for crack 

initiation [11]. Careful control of the alloy chemistry is required to avoid compositions 

favouring the precipitation of these phases. 
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Fig. 5. Precipitation of σ-phase in IN100 [13]. 

 

Directionally solidified and single crystal alloys 

Versnyder and Guard [14] showed that the creep and rupture properties of superalloy test-

pieces could be enhanced by eliminating grain boundaries perpendicular to the stress axis, 

resulting in a directionally solidified structure. Their findings were then transferred to turbine 

blades as described in a review paper by Versnyder and Shank [15]. The resulting 

macrostructure can be observed from Fig. 6. The conventionally cast blade has equiaxed 

grains that are a few millimetres in diameter, while the directionally solidified blade has 

columnar grains running through the entire length of the blade. The natural next step was to 

eliminate all grain boundaries resulting in the single crystal turbine blade also shown in Fig. 

6. 

 

Fig. 6.  Equiaxed, directionally solidified and single crystal turbine blade [16]. 

Casting of the directionally solidified and the single crystal blades is done under close control 

of the heat flow. Fig. 7 (a) shows a schematic of a common process for directional 
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solidification. During solidification the dendrites must be made to grow through the length of 

the casting. This is done by establishing a strong thermal gradient in the temperature range 

between liquidus and solidus temperatures of the alloy and then passing this gradient from 

one end of the casting to the other at a rate that maintains the steady state growth of the 

dendrites. The mold is cooled by withdrawing it from the hot zone as shown in the schematic. 

The process for manufacturing single crystal alloys is very similar to one used for directional 

solidification (Fig. 7 (b)), a single grain is selected by a spiral grain selector that permits only 

the single grain to pass through, and that grain then fills the entire mold cavity. 

 

Fig. 7. Schematics of solidification process for (a) directional solidification and (b) single-crystal 

solidification. [17] 

Since the single crystal blades contain no grain boundaries, the grain boundary strengthening 

elements such as C, B, Zr and Hf are superfluous and can be removed. This allows for a full 

solution heat treatment of the γ´ otherwise not possible because of the incipient melting 

temperature of the grain boundary precipitates that lies below the γ´-solvus.  

 

The overall performance of the single crystal blades have improved markedly with the 

addition of rhenium (second generation (~3 wt% Re) and third generation alloys (~6 wt% 

Re)). A good review of the evolution of single crystal alloys is given by Caron and Khan [18].  

 

Normal single crystal alloys like the second generation CMSX-4 require expensive multi-step 

heat treatments in order to obtain the optimum microstructure for high temperature service 

and also suffer from low casting yields due to casting defects. A recent trend in alloy 

development has been to reintroduce some of the grain boundary strengthening elements to 

single crystal alloys. The goal being to manufacture affordable single crystal alloys that offer 

a bit lower temperature capability but compensates for this with significantly lower 
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manufacturing costs and also better casting yields because of an increased tolerance against 

grain boundary defects introduced during casting. 

 

Work on the CM186LC alloy [19] is an example of this. The alloy was originally developed 

for use in directionally solidified components, but in single crystal form it can be used in the 

as-cast condition without expensive solution heat treatments (a two stage aging treatment is 

still applied). Because the CM186LC alloy was originally intended as a DS alloy it contains 

the grain boundary strengthening elements carbon, boron, hafnium and zirconium. The idea 

was that these elements would give CM186LC in the single crystal form an increased 

tolerance against grain boundary defects introduced during casting and thus give a better 

casting yield. Fig. 8 shows transmission electron microscope images of γ´ in CM186LC.  

 

 

Fig. 8: TEM images of γ´-particles in CM186LC. [20] 

Results of creep testing however showed that the CM186LC alloy in the as cast condition 

could not compete with the CMSX-4 alloy in terms of creep resistance and therefore it could 

not be used for hot section blading [19]. There is however still interest in this kind of 

developments. 

 

Fig. 9 shows the microstructure of a CM186LC specimen that has been isothermally heat 

treated at 1,000ºC for 1,000 hours. Inside the dendrite arms, residual stresses from the casting 

have resulted in preferential growth of γ´-particles in directions along the dendrite arms. 
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Fig. 9: SEM BSE images of rafting occurring inside the dendrite arms of a CM186LC single crystal alloy. 

The lack of full solution heat treatment results in an inhomogeneous microstructure with large islands of 

γ´ in the interdendritic areas. Inside the dendrite arms, residual stresses from the casting have resulted in 

preferential growth of γ´-particles in directions along the dendrite arms. [20] 

 

Protective Coatings 

The resistance of the nickel base superalloys against the aggressive environment in the gas 

turbine and against degradation mechanisms such as oxidation and hot corrosion depends on 

formation of Cr2O3 or Al2O3 protective oxide layers at the surface. The layers formed depend 

on the chemical composition of the specific superalloy in question and of course especially on 

the content of chromium and aluminium. For many purposes the inherent resistance against 

oxidation and hot corrosion is not sufficient and therefore protective coatings are applied. 

 

For the first stages of turbine blades, coated nickel base superalloys have been the material of 

choice since the 1960s. Since then significant advances have been made not only to the base 

material but also to the applied coatings, beginning with simple aluminides, followed by 

modified aluminides with addition of elements such as Si, Cr and Pt, then MCrAlY overlay 

coatings, and finally ceramic thermal barrier coatings on top of a metallic bond-coat. 

Excellent historical reviews can be found in the work of M. J. Pomeroy [21], and J. R. 

Nicholls [22]. 

 

Today the focus is not only separately on coatings or on the underlying superalloy substrates 

but instead on integrated coating/ superalloy systems where the two components are designed 

to fit each other. On top of being able to protect the base alloy from oxidation and hot 

corrosion the coating also has to be both mechanically and chemically compatible with the 

bulk alloy. Start/ stop cycles may cause the coating to crack or spall if there are differences in 



 11

heat expansion coefficient and excessive interdiffusion may cause loss of protective elements 

such as aluminium and chromium through diffusion from coating into the bulk alloy.   

 

A typical coating system could consist of either a Pt modified Al-diffusion bond-coat or a 

MCrAlY bond-coat with an outer thermal barrier coating (TBC), consisting of tetragonal 

zirconia stabilised by yttrium [23]. The choice of specific coating will depend both on the 

underlying superalloy and the surrounding environment (temperature, gas-composition etc.). 

Fig. 10 shows the relative resistance of coatings against the two major degradation 

mechanisms; oxidation and hot corrosion. Generally high chromium content is favourable in 

environments where hot corrosion conditions can be expected and high aluminium content is 

favourable in high temperature oxidising environments (see Fig. 10). 

 

 

Fig. 10: Relative oxidation and corrosion resistance of coating systems. [24,25] 

Fig. 11 shows a TBC coating on top of a PtAl diffusion bond-coat applied to a CM186LC 

single crystal superalloy. The TBC coating consists of a ceramic layer that acts as an insulator 

protecting the underlying material from the extreme temperatures in the gas. The underlying 

bond-coat then protects against oxidation. The insulating effect of the TBC combined with 

internal cooling enables the underlying superalloys to be used at gas temperatures above their 

melting points [26].   
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Fig. 11. CM186LC alloy with PtAl bond-coat and thermal barrier coating. [20] 
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Performance of Ni-superalloy components in Danish gas 
turbines 
During the course of the present project a number of smaller studies were done as a natural 

part of learning about the behaviour of Ni base superalloys in the gas turbine.  

 

The studies include examples of microstructural degradation happening as an effect of normal 

service in industrial gas turbines but also include examples of catastrophic failures due to 

effects such as excessive oxidation, hot corrosion, negative creep and unexpected phase 

precipitation. The case studies therefore nicely illustrate some of the many challenges that hot 

section components in modern gas turbines have to face and overcome. Table 1 shows 

average compositions of selected superalloys, some of which were directly investigated in the 

case stories that follow, others are shown for comparison.  

 

Table 1: Composition of a selection of Ni base superalloys in weight %. 

 B C Al Ti Cr Fe Co Ni Zr Nb Mo Hf Ta W Re 

Nimonic80A  0.05 1.4 2.25 19.5 1.5 1.0 bal  - -  - -  

IN738LC 0.01 0.11 3.4 3.4 16.0  8.5 bal 0.045 0.85 1.75  1.75 2.6  

IN792 0.015 0.08 3.5 3.9 12.4  8.9 bal   1.9 0.5 4.2 3.9  

Mar-M-247 0.015 0.16 5.6 1.0 8.5  10.0 bal 0.04  0.7 1.4 3.0 10.0  

Mar-M-421 0.015 0.14 4.3 1.8 15.8  9.5 bal 0.06  2.0   3.8  

CM186LC 0.015 0.069 5.7 0.7 6.0 0.065 9.3 bal 0.006  0.5 1.4 3.4 8.4 2.9 

CMSX-4 <0.002 0.002 5.7 1.01 6.4 0.03 9.6 bal <0.001 <0.05 0.61 0.1 6.5 6.4 2.9 

  

The case studies included in this chapter are 

a) Hot Corrosion of IN738 

b) Oxidation and Thermal Fatigue of Mar-M-247 Blades 

c) Braze Repair of IN738 V64.3 2nd Stage Blade 

 

a) and b) are examples of degradation happening during service while c) is an unlucky 

example of a failure happening while trying to repair a blade.  

 

Two case studies merit separate treatment, i.e. Negative creep of Nimonic 80A and the 

identification of precipitates in IN792 after long time service. These are included as papers in 

appendices IV) and V). 



 14 

 

IV) Negative Creep of Ni Superalloys 

The case paper was inspired by a failure of turbine bolts used for fixation of heat shields. The 

failure was observed in German gas turbines and as a result investigations were done for 

similar bolts in Danish gas turbines. A literature study and following detailed microstructural 

investigations revealed that after long service hours in a specific temperature regime an 

ordering transformation in the Nimonic 80A alloy and in the actual bolts resulted in a volume 

contraction. The case is an example of the complex and sometimes unexpected 

microstructural changes that can take place in superalloys after long service hours. 

 

V) Identification of precipitates in IN792 after long time service exposure 

This is another example of phase-precipitation occurring after long service hours. A large 

amount of plate-like precipitates were found beneath the outer oxide layer of an uncoated 

IN792 turbine blade. The morphology of the precipitates initially led to the wrong conclusion 

that the precipitates were σ-phase. State of the art microstructural investigations using focused 

ion beam milling (FIB) to make a thin foil from the local area where the precipitates were 

found, followed by electron energy loss spectroscopy (EELS) analysis in a transmission 

electron microscope revealed that the precipitates were actually carbides formed by inward 

diffusion of carbon.    
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Hot Corrosion of IN738 

A degradation phenomenon that can lead to catastrophic failure of gas turbine components 

manufactured in nickel base superalloys is hot corrosion. Hot corrosion is a chemically 

assisted attack that is a result of an aggressive environment. The hot corrosion phenomenon is 

closely associated with the presence of salt contaminants such as Na2SO4 and/ or NaCl, which 

in combination can form low melting point deposits that dissolve protective oxides [1]. The 

source of the salts can be either direct ingestion of sea salt in a marine environment or for 

instance the formation of Na2SO4 from combustion of fuels containing both sodium and 

sulphur [2].  

 

The hot corrosion phenomenon is usually split up into two different types; a high temperature 

hot corrosion (type I, 800-950ºC) and a low temperature hot corrosion (type II, 600-800ºC) 

[3]. 

 

For type I hot corrosion, the temperature is above the melting point of the salts, while the low 

temperature type II first involves the formation of a eutectic mixture with low melting point, 

such as cobalt/sodium or nickel/sodium sulphates.  

 

The example included is not a classic case of hot corrosion, but is a very unfortunate case of 

high temperature corrosion in large IN738 blades from a Danish gas turbine. During an 

overhaul the original coating on the blades was stripped using a chemical agent and the blades 

were then recoated. Remnants of the chemical agent were however left inside the cooling 

channels when the blades were again put into service and while the blades were effectively 

protected on the outer surface by the applied coating, the internal surfaces were heavily 

attacked. 

 

During a following routine inspection one of the blades were cut up, and large cracks (see Fig. 

1) running in grain boundaries were found. Some of the cracks ran almost through the whole 

cross section of the blades. 
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Fig. 1: SEM BSE images of chemically assisted corrosion attack in grain boundaries of an IN738 turbine 

blade.  

References 

1  J.R. Nicholls et al.: Surface and Coatings Technology, 2001, 149, 236-244. 

2  C.T. Sims and W.C. Hagel: The Superalloys, John Wiley and Sons, Inc. 1972. 

3  G. W. Goward: Surface and Coatings Technology, 1998, 108-109, 73-79. 



 17

Oxidation and Thermal Fatigue of Mar-M-247 Blades 

The high temperature oxidation resistance of the Ni base superalloys depends on the 

formation of a continuous layer of protective oxides such as Al2O3 or Cr2O3. Often coatings 

are applied to offer an increased amount of Al or Cr and therefore avoid the formation of non-

protective base-material oxides. Depending on the specific composition of a superalloy and of 

course on the temperature of the surrounding environment an uncoated superalloy will also be 

able to sustain a protective oxide layer. Outward diffusion of Al and/ or Cr from the bulk 

superalloy to the oxide layer may however result in a depletion of these elements in the 

substrate. If the oxide cracks or spalls the bulk superalloy depleted in protective elements will 

then be exposed directly to the high temperature environment resulting in formation of non-

protective base-metal oxides. [1] 

 

During a routine check inspection of the Solar Mars turbine in Hirtshals, Denmark in June 

2002 damages to the turbine blades at the first stage of the gas producing turbine were 

discovered and two specimen blades were sent to the Department of Manufacturing 

Engineering and Management (IPL) at the Technical University of Denmark (DTU). 

 

 

Fig. 2: Turbine blades with surface defect. 

The blades had a service time of 10,879 hours with 823 start/ stop cycles. The temperature 

just before the first vanes was 970ºC and the actual temperature at the blades has therefore 

been below this temperature.  
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The turbine blades were reported to be produced from the high temperature nickel alloy Mar-

M-421, but EDS composition measurements revealed that the actual composition was closer 

to that of Mar-M-247 that has a significantly lower Cr-content. 

 

 

 

 

 

 

Inside the cooling channels of both blades heavy oxidation was observed (Fig. 2). This 

oxidation was the cause for the blade failure and the surface defect on the damaged blade. The 

oxidation happened in a corner where relatively poor cooling can be expected due to 

specimen geometry. Since the failure was caused by oxidation inside the cooling channels, the 

oxidation resistance of the matrix material and not the external coating became critical.  

 

For protection against oxidation the Mar-M-247 alloy relies on its high aluminium content. It 

does however not seem like the aluminium alone could provide sufficient protection in the 

relatively cool environment inside the cooling channels. The original Mar-M-421 with higher 

chromium content would therefore have been a safer choice. 

 

 

Fig. 3: Heavy oxidation inside the cooling channels of the blades shown in Fig. 2. 

The outer protective coating on the blades was a Pt/Al diffusion coating. Along the geometry 

of the blades several cracks in the coating was found on both blades. The cracks shown in Fig. 

4 were found at locations thought to be relatively cool judged from general coating condition 

and are most probably the result of thermal fatigue due to repeated start/ stop cycles. There 

Table 2: Nominal and measured compositions 

 Al Ti Cr Fe Co Ni Mo Hf Ta W C Zr B 
Mar-M-421 4.3 1.8 15.8  9.5 62.59 2.0   3.8 0.14 0.06 0.015 
Measured 4.9 1.0 8.7 <1.0 10.1 58.7 <1.0 1.4 3.7 10.7    
Mar-M-247 5.6 1.0 8.5  10.0 59.64 0.65 1.4 3.0 10.0 0.16 0.04 0.015 

 
All values in Weight Percent
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were no signs of oxidation or accelerated attack in the bottom of the cracks, but this could 

occur at a later stage, and the cracks are therefore potentially quite dangerous. 

 

 

Fig. 4: Left: LOM image of thermal fatigue cracks running all the way through the applied coating. Right: 

SEM BSE image of a crack. 

 

Summation of case 
This small case very nicely illustrates the importance of correct material choice for a specific 

application. The choice of alloys containing low amounts of Cr may increase the creep 

strength of an alloy but must be offset against decreased resistance against the surrounding 

environment in the turbine. In the present case the high aluminium content that offers high 

temperature oxidation resistance for the Mar-M-247 alloy is not adequate for the intermediate 

temperature range inside the cooling channels where an alloy with higher chromium content 

had been a better choice. 
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Braze Repair of IN738 V64.3 2nd Stage Blade  

Background 

During service, blading components are exposed to severe temperatures and stresses that may 

result in thermal fatigue cracking of the base material. Braze repair is an important tool for 

restoration of such cracked or eroded blades. Small cracks can be repaired by diffusion 

brazing. Diffusion brazing is done at a high temperature where a braze alloy containing a 

melting point depressant such as boron with the help of capillary effects flows into the crack 

to be repaired. The braze alloy is then isothermally solidified by diffusion of the melting point 

depressant (boron) into the parent metal. As boron diffuses into the parent material the 

solidification front will move in the opposite direction. It is important that the solidification is 

done isothermally to avoid precipitation of brittle phases (borides). 

 

Case 

During a high temperature braze repair a single IN738 blade collapsed and had to be 

discarded as scrap. Fig. 5 shows the damaged blade before sectioning for metallurgical 

analysis. It was speculated that the blade had already previously had a high temperature braze 

repair, and that it collapsed due to the presence of an excessive amount of temperature 

suppressant like boron. 

 

 

Fig. 5: The damaged IN738 blade 
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Two cross-section specimens from the leading edge and trailing edge of the blade respectively 

were analysed in the light optical microscope and in the scanning electron microscope for 

EDS composition analysis. The measured compositions were then compared to results of 

thermodynamic modelling using Thermo-Calc [1] with the database Ni-DATA v. 4 developed 

by Thermotech Ltd. [2]. 

 

Microstructural investigations 

Investigation in the light optical microscope (LOM) revealed a large amount of intermetallic 

phases near the outer surface.  

 

The images presented in Fig. 6 show the leading edge at the point where the cross sectional 

thickness (from the outer surface to the inner cooling hole surface) is smallest. A large 

fraction of intermetallic-phases have precipitated at grain boundaries and it looks as though 

material has fallen of from the inside of the cooling hole. The γ´-particles that are usually seen 

in the IN738 alloy and give it strength are not present in thin sections and areas near the 

surface, which corresponds nicely with the assumption that the blade has received a short 

time, high temperature braze repair.  

 

 

Fig. 6: LOM images of a thin section near a cooling channel at the leading edge of the blade. 

 

Compositions of intermetallics and surrounding matrix were measured by EDS spot analysis 

and the results are included in table 3. 
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Table 3: SEM EDS composition measurements (weight %). 

 Al Ti Cr Co Ni Nb Mo Ta W 

Intermetallic*   73.8 3.2 4.8  8.2  10.0 

Matrix* 3.8 1.6 12.0 9.6 69.0 0.3 0.8 1.1 1.8 

          

Area  2.8 3.2 16.4 8.5 61.3 0.5 1.9 2.0 3.4 

  *The listed compositions are an average of at least four different measurement points. 

 

Table 4: Calculated phase compositions at 1100 ºC (weight %) (Fig. 8). 

 Al Ti Cr Co Ni Nb Mo Ta W B C 

FCC         2.8 2.9 11.5 9.9 66.6 0.4 - 1.8 4.0 0.011 0.0036 

γ´           5.9 6.8 2.1 5.9 72.7 1.2 - 3.8 1.6 - - 

MC - 36.0 0.05 - 0.006 9.5 - 34.3 7.2 0.0007 12.5 

Cr5B3 - - 71.0 - - - 18.9 - - 10.1 - 

 

The large particles are very rich in chromium and also contain significant amounts of 

molybdenum and tungsten. The compositions lie very close to compositions that would be 

expected for chromium rich M23C6 carbides. M23C6 carbides are however not normally 

present at the high temperatures where braze repair is performed. According to the Thermo-

Calc calculation shown in Fig. 7, M23C6 is not thermodynamically stable above 1000ºC where 

a braze repair will typically take place. The areas that have received the braze repair does not 

deviate much from the bulk composition making it reasonable to assume that the braze alloy 

used was very close to the bulk material in composition, with an element such as boron used 

as temperature suppressant. 

 

In order to simulate a case where an excessive amount of boron was present, which could be 

the case if the blade has had multiple high temperature braze repairs, an equilibrium Thermo-

Calc calculation was done for the same composition as Fig. 7 but with addition of 1 wt% 

boron. The calculations show that a Cr-rich boride (Cr5B3) is thermodynamically stable in the 

temperature regime where a high temperature braze would be performed. Calculated phase 

compositions at 1100ºC is included in table 4 and show that the Cr5B3 is rich in Cr and Mo as 

also seen in the EDS measurements. It therefore seems likely that the intermetallic phases 

could be borides.  
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Fig. 7: Calculated phase fractions from the measured “area” composition and 0.08 wt% C. 
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Fig. 8: Same calculation as performed for Fig. 7 but now with addition of 1wt% B. 

 

Summation of case 

It is apparent that the blade has had a high temperature braze repair and it seems that the 

repair has resulted in the precipitation of a large amount of intermetallic phases in grain 

boundaries near the surface of the blade. At the surface whole grains have fallen of, which 

may be explained by the presence of the intermetallic phases, if these have a low melting 

point. 
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From the EDS composition measurements and thermodynamic equilibrium calculations using 

Thermo-Calc it seems likely that the intermetallic phases are borides that have formed during 

the high temperature braze repair. This could happen if an excessive amount of boron was 

present.  

 

Based on the available information it was however not possible to say whether the excessive 

amount of boron would be present because of a faulty high temperature braze repair or 

because the blade has previously had another braze repair resulting in a high amount of boron 

already being present in the blade.  
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Estimation of metal temperature 
The metal temperature is an extremely important parameter for the life-management of hot 

section components, since most of the damage mechanisms are temperature dependent 

(oxidation, corrosion, creep etc.). Because of the complex design of hot section components 

such as turbine blades (aerodynamic shape and internal cooling systems) large temperature 

differences are found for different locations in a blade. This makes direct measurement of the 

metal temperature near to impossible for most cases and instead sophisticated methods for 

estimating the temperature from the microstructure of service exposed components have been 

developed. 

 

In the work presented in [1] later in this thesis the measured width of the interdiffusion zone 

between IN738 and a MCrAlY coating is used to estimate the metal temperature of a service 

exposed component. In the same way coarsening of γ´-particles can be used to estimate the 

temperature. This was for instance done by Aurrecoechea et al. [2] to estimate the metal 

temperature of service exposed Mar-M-421 turbine blades.  

 

Coarsening of γ´ in IN738  

During high temperature service the microstructure of a nickel base superalloy changes and is 

degraded in several ways. One of the most common changes noticeable is coarsening of the 

strengthening γ´-particles with time. The effect of precipitation hardening and therefore also 

the creep resistance of the nickel base superalloys is closely connected to the size and spacing 

of the γ´-precipitates, since they work as obstacles for the movement of dislocations. As the 

size and interspacing between the precipitates increase with time by γ´-coarsening, the creep 

resistance of the alloy will therefore also change and be degraded.  

 

The γ´-particles precipitate from a supersaturated solid solution during the initial heat 

treatment that is applied to obtain the optimum microstructure. A typical heat treatment 

therefore includes a solution treatment at a high temperature and one or more aging treatments 

at lower temperatures. Fig. 1 shows the virgin microstructure of IN738 after the initial heat 

treatment. The heat treatment produces a bimodal distribution of small spheroidal γ´-

precipitates and larger cuboidal precipitates. 
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Fig. 1. Initial microstructure of IN738 with bimodal γ´ distribution (SEI); γ´ has been etched. 

Fig. 2 shows the microstructure after isothermal heat treatment at 950ºC for 500 and 8,000 

hours. It is obvious that a significant change has taken place. Most of the small γ´-particles 

have dissolved and the large particles have increased in size.  

 

 

Fig. 2. Left: Microstructure after 500 hours at 950ºC (BSE); Right: Microstructure after 8,000 hours at 

950ºC (SEI).   

This coarsening can normally be described using an expression for Ostwald ripening where 

the particle size increase is proportional to the cubic root of time. The coarsening of γ´ has 

been studied intensively by many authors, examples are Chellman & Ardell [3] and Stevens 

& Flewitt [4] 

 

Stevens & Flewitt showed that the γ´-particles in the IN738 microstructure grew according to 
1

3t coarsening kinetics and that the larger cuboids coarsen on the expense of the smaller 

spheroid particles, while the total volume fraction of γ´ stays at a constant value of 0.45. 

According to the classical theory by Lifshitz & Slyozov [5] and Wagner [6] the growth 

equation for a distribution of spherical particles can be described according to: 
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where r is the particle radius and r0 the initial particle radius. D is the composite coefficient of 

diffusion for the various elements, γ the free energy of the precipitate/matrix interface, Vm the 

molar volume of the precipitate, Ce the concentration of γ´-forming elements in equilibrium 

with a precipitate of infinite radius, R the gas constant and T the temperature. 

 

The measurement of particle radius can be done from images like those shown in Fig. 2. 

Image processing software is then used to convert the images into binary images by applying 

a thresholding procedure based on contrast difference between particles and matrix. To obtain 

sufficient contrast difference it is often necessary to apply an etching procedure that 

preferentially etches either particles or matrix. It is of utmost importance that this etching 

procedure etches a specimen uniformly and also that similar results can be obtained for all 

specimens in a series; in other words that the applied etching procedure has good 

reproducibility. A study of different etchants for superalloys can be found in [7]. An example 

of the difficulties associated with finding the correct etching procedure is illustrated in Fig. 3 

where the applied etching has had different effects on the three grains visible in the images. It 

was speculated that the different etching response most likely had to do with different 

orientations of the grains. 

 

 

Fig. 3: Etching effects on polycrystalline IN738. The large particles located in grain boundaries are M23C6 

carbides; Left: SEI image. Right: BSE shadow image.  

When the etching is satisfactory there should be enough contrast difference between matrix 

and particles to do a threshold. After the thresholding procedure a range of filters are applied 
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to remove noise while still preserving the correct edge of the particles, for this purpose a 

procedure described by Højslet [8] was used. Fig. 4 shows the result for an IN738 specimen 

heat treated isothermally at 950ºC for 500 hours (same as shown in Fig. 2).  

 

Fig. 4: Left: SEM image; Right: Binarized and filtered end image to be used for estimation of mean γ´-

radius. No scale has been included on the images, but the original image is cropped from the image shown 

in Fig. 2, where a scale can be found. 

The obtained image nicely illustrates some of the uncertainties affecting the measurement of 

γ´-particle size for the IN738 alloy. The bimodal γ´-distribution found in the virgin specimen 

is still present; hence in order to measure only the larger particles a cut-off size has to be 

applied so that particles smaller than this size will not be included in the measurement. This 

cut-off has to be chosen carefully since it will of course affect the end result. There is also the 

danger that the image-processing steps have made particles lying very close appear like they 

are one particle. These then have to be manually split into two by the operator in order to get 

the correct result. 

 

All in all the use of γ´-coarsening for estimation of metal temperature of IN738 seemed to be 

associated with larger uncertainties than using the measurement of layer growth between the 

superalloy and the applied coating, and therefore effort was focused on the interdiffusion 

behaviour. 
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Obtaining average composition profiles across multi-phase 

layered microstructures 

Obtaining composition profiles in the SEM is normally a time consuming task and can also be 

highly problematic in multiphase alloys. Therefore work was done to find a new way of 

measuring average composition profiles across such surfaces. For the present project this 

specifically meant finding a method that allowed for the measurement of average composition 

profiles across interfaces between superalloys and applied coatings. This is usually a difficult 

task because of the many precipitate phases present in both bulk superalloy and coatings. 

 

The approach that was applied is described in [1] that is included later in this thesis. The 

developed approach provided the basis for much of the later work. In the present chapter the 

approach is shortly described and the equations that were used for the ZAF correction scheme 

are presented.  

 

As a first approximation interdiffusion between layered structures results in 1D changes in 

concentration gradients since the major diffusion driving force is perpendicular to the surface 

and internal interfaces. This is a first order approximation because phase separation e.g. 

precipitation can occur within each layer and result in diffusion fluxes that are non-

perpendicular to interfaces. Thermodynamic and kinetic modeling using software such as 

DICTRA approximates 1D diffusion fluxes and therefore we need experimental methods 

compatible with 1D modeling.  

 

The present approach uses 2D x-ray compositional maps obtained using SEM EDS equipment 

for calculating 1D composition profiles across interfaces between coating and bulk material 

for gas turbine components. The original x-ray dot maps provided only qualitative 

information about the distribution of single chemical elements in the form of a dot, if an 

element was present, and no dot if an element was not present. This qualitative information 

could not be translated into concentration profiles. Modern SEM EDS systems however 

provide the option of spectrum imaging where a single pixel contains a total measurement 

spectrum. The measured spectrum for a single pixel has very poor count statistics making it 

difficult to make a conversion from intensity to concentration because of the poor signal to 

noise ratio. However if pixels can be grouped in a sensible way the count statistics and the 
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signal to noise ratio can be improved immensely by obtaining average spectra from such 

groups of pixels. This has resulted in advanced auto-phase procedures [2] where each pixel is 

automatically assigned to a given phase from criteria based on the spectrums of the individual 

pixel.  

 

The pixel selection criterion is much simpler for making profiles across straight interfaces 

such as the interface between a coating and substrate. We just have to select all pixels in lines 

parallel with the interface. Still this criterion is not implemented in commercial SEM software 

packages. 

 

Since we have easy access to the actual x-ray map pictures that contain intensity information 

in the form of grey pixel values of single pixels (varying form 0 to 255), it was decided to 

simply calculate composition profiles based on the grey pixel intensity. This also gives us the 

possibility of freely rotating the x-ray maps obtained in the SEM in order to align the 

interfaces precisely. 

 

The x-ray map pictures are converted into spreadsheet data by converting the grey tone of 

each pixel into a number between 0 and 255, where 0 is black and 255 is white. In this way a 

large matrix of grey tone values is obtained. By summing up the values in strips of pixels 

parallel to the interface of interest and calculating the mean, a value for the average intensity 

can be obtained and plotted as shown in Fig. 1. 

 

Different methods of converting the intensity profiles into composition profiles were 

investigated. A simple interpolation between the end points in the form of area composition 

measurements was found to be too simple since the interpolated values at the middle of the 

picture were not calculated correctly. Instead it was decided to apply a traditional ZAF matrix 

correction scheme to the average pixel intensities.  

 

For simplicity the calculations were done in a MathCad spreadsheet even though the 

computation time is then longer than for a dedicated ZAF programme done in C or Fortran. 

The correction was performed according to the simplified ZAF correction scheme described in 

Goldstein et al. [3], and is shortly described in the following section. 
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Before the ZAF-correction scheme could be applied it was necessary to perform a background 

correction of the measured intensities. Instead of doing a mathematical modelling of the 

background it was decided to apply a simple experimental approach. Background removal 

was done by measuring the intensity response from elements that were not present in the 

sample, and subtracting this value from the measured intensities of elements that were present 

in the sample. Each elemental map in EDS x-ray mapping is collected by using an energy 

window around the characteristic x-ray line for each element of interest. Since the local 

intensity of the background varies along the energy scale, having the classic form due to 

bremsstrahlung, intensity corrections for each elemental analysis line must be made. The level 

of background intensity is thus approximated by collecting an x-ray map for an element that is 

not present in the sample but which is close in energy to the element of interest and then 

applying a smoothening filter to the measured intensity profile. If it was known that some 

elements were only present on one side of the interface then the measured intensity value for 

the side where they were not present was used as a zero point. This zero point value was then 

subtracted from all the measured intensity values for that element as background before 

proceeding with the calculations.   

 

 

Fig. 1: Intensity profile across the interface of a MCrAlY coated IN738 superalloy. 
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ZAF correction scheme 

The main equation used for the ZAF correction relates the concentration of elements in the 

unknown sample to that of a known standard according to:  

                                                           
*
,

*
,

std
x i i

i i i std
x i i

C CZ A F
I I

=    eq. 1 

where *
,x iC  is the concentration at distance x of element i, *

,x iI  is the corresponding measured 

intensity in a sample (*), std
iC  and std

iI  are the concentration and intensity of element i in a 

known standard, and iZ , iA , iF are correction factors originating from atomic number 

correction, absorption correction and fluorescence correction respectively for element i.  

 

Atomic number correction 

The atomic number correction depends on the two phenomena, electron backscattering R and 

electron retardation S that both depend upon the average atomic number of the sample to be 

investigated. Thus if there is a difference between the average atomic number of the sample 

and that of the used standard a correction is necessary. 

 

The atomic number correction parameter can be expressed as follows: 

                                                           

0
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i stdE
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i E

QR dE
SZ QR dE
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=
∫

∫
  eq. 2 

where *
iR  is the backscattering correction factor for element i for the sample (*) and for the 

standard (std), S  is the electron stopping power, Q is the ionization cross section, defined as 

the probability per unit path length of an electron with a given energy causing ionization of a 

particular inner electron shell of an atom in the target specimen, E0 is the beam energy and Ec 

is the critical excitation energy for the characteristic x-ray line of interest.   

 

The R factor represents the fraction of ionization remaining in a target after loss due to 

backscattering of beam electrons. The backscattering correction factors were calculated 

according to the fit of Yakowitz et al. [4] of the tabulated values of Duncumb and Reed [5] 

according to the following expressions with respect to overvoltage 0 / cU E E=  and atomic 

number Z: 
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                                                            ' ' '
1 2 3ln( 25)ij jR R R R Z= − +    eq. 3 

where 
' 3 3 2
1 8.73 10 0.1669 0.9662 0.4523R U U U−= × − + +  

' 3 3 2 2
2 2.703 10 5.182 10 0.302 0.1836R U U U− −= × − × + −  

' 3 2 3
3 (0.887 3.44 9.33 6.43) /R U U U U= − + −  

 

The term i represents the element i, which is being measured and j represents each of the 

elements present in the sample or standard including element i. The last equation contained an 

error in the text by Goldstein et al. where 0.887 was printed as 8.887. The first value however 

fits with the calculations they do later in the same chapter. 

 

The electron backscattering factor for either standard or sample can now be found according 

to: 

                                                                i j ij
j

R C R=∑                                                                     eq. 4 

The S factor is the continuous energy loss defined as: 

                                                                  
1 dES

dxρ
=−                                                                       eq. 5 

where ρ is the density which is normally strongly dependent on atomic number and x is 

distance. 

  

The expression suggested by Thomas [6] for the stopping power was used whereby the 

integration in equation 2 can be avoided by taking the average energy E as 00.5( )cE E−  

leading to: 

                                               0

0

538( )( ) ln
( )

j c
ij

j c j

Z E ES const
A E E J

 + =  +   
                               eq. 6 

where Z is the atomic number, A the atomic weight and J is the mean ionization potential that 

can be calculated according to: 

                                                         0.199.76 58.8 (eV)J Z Z−= +                                                  eq. 7 

The constant in equation 6 need not be evaluated since it cancels out when the stopping power 

of sample and standard are compared. 



 34 

 

To calculate Si for a given sample or standard a weighted average of Sij can now be used: 

                                                                         i j ij
j

S C S=∑                                                              eq. 8 

By assuming that the ionization cross section is constant, the original equation 2 now 

simplifies to: 

                                                                   
*

*

std
i i

i std
i i

R SZ
R S

=                                                                   eq. 9 

 

 

 

Absorption correction A: 

The absorption correction was calculated according to the Philibert-Duncomb-Heinrich 

(PDH) equation described in the following: 
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A is the atomic weight and Z the atomic number of the element concerned, */ )iµ ρ  is the mass 

absorption coefficient for radiation from element i in the sample (*) and ψ is the take-off 

angle. 

 

For multi component samples h and */ )iµ ρ  can be calculated according to: 

                                                                         j j
j

h C h=∑                                                               eq. 11     

and   

                                                                 */ ) / ) j
i i j

j

Cµ ρ µ ρ=∑                                                    eq. 12 
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where j represents the various elements present in the sample including element i, Cj is the 

weight fraction of each element in the specimen including element i and / ) j
iµ ρ  is the mass 

absorption coefficient for radiation from element i in element j. 

 

The absorption correction is now given as: 

                                                                     *

( )
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=                                                                 eq. 13 

 

 

 

Characteristic fluorescence correction F: 

The fluorescence correction can be calculated from an equation of the following form: 

 

                                                              *

1

1

stdf
ij

j
i

i f
ij

j
i

I
I

F
I
I

   +   
=

   +   

∑

∑
                                                         eq. 14 

/f
ij iI I  relates the intensity of radiation of element i produced by fluorescence of element j, 

f
ijI to the electron generated intensity of radiation from element i, Ii. 

 

For element i fluoresced by element j we have: 
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with Ec evaluated for element i, ri is the absorption edge jump-ratio for element i. For a K line 

(ri-1)/ri is 0.88 and for an L line (ri-1)/ri is 0.75. ωj is the fluorescent yield for element j. 

 

Pij is a factor for the type of fluorescence occurring. If KK or LL fluorescence occurs, Pij = 1. 

If LK or KL occurs, Pij = 4.76 for LK and 0.24 for KL. 

Results 

Applying this method then allows us to obtain average composition profiles across the 

interface that was shown in Fig. 1. Calculated concentration profiles are shown in Fig. 2. The 

composition measurement and the average pixel intensities from the area marked Ref. 1 in the 

figure was used as standard in the ZAF calculations. The composition measurement from the 

area marked Ref. 2 was then used to check that the ZAF corrected values were correct by 

comparing the end points of the profiles with the results of the area measurement. 

 

Fig. 2: Average composition profiles calculated from the intensity profiles shown in Fig. 1. 

Application of the measurement method 

When obtaining composition profiles in the SEM using the present approach it is important to 

be aware that the SEM settings will have a significant influence on the results obtained. 
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elements found. There is also a significant influence of data-collection time; longer collection 

times will improve the results as long as pixel over saturation is not allowed to occur. 

 

The actual orientation of the specimen in the SEM chamber did not play a significant role, 

and therefore the specimen was oriented in such a way that the largest possible amount of data 

points can be extracted. In practice this meant that the interface was oriented either vertically 

or horizontally on the image screen when the x-ray maps were obtained.  
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Summary of papers concerning interdiffusion between 
IN738 and MCrAlY coating 
Three different papers were written on the interdiffusion between IN738 and MCrAlY 

coating. The first paper I) Grey-scale conversion x-ray mapping by EDS of multi-element and 

multi-phase layered microstructures, describes a general approach for measuring average 

composition profiles in the scanning electron microscope. The following two papers make use 

of the approach developed in this paper; first for the estimation of metal temperature of 

service exposed components II) Estimation of Metal Temperature of MCrAlY Coated IN738 

Components Based on Interdiffusion Behaviour and secondly for comparison with modelled 

results of thermodynamic and kinetic modelling using Thermo-Calc and DICTRA III) 

Modelling of Interdiffusion between MCrAlY coating and IN738 superalloy. 

 

I) Grey-scale conversion x-ray mapping by EDS of multi-element and multi-phase layered 

microstructures 

 

The paper describes the approach developed and used in the two following papers for 

measurement of average composition profiles in the SEM.  

 

The measurement of composition profiles using the traditional point by point measurement 

method is made difficult by the many precipitate phases present at the IN738/ MCrAlY 

interface. Therefore a new approach was developed that allow for easy measurement of 

average profiles.  

 

The method involves a) the collection of grey-scale elemental maps, b) the calculation of 

corrected mean pixel grey-scale values along strips of pixels parallel with the layered 

microstructure, and c) the conversion of the resulting grey-scale line profiles to composition 

line profiles perpendicular to the layered geometry. 

 

The profiles can be obtained using a minimum of SEM time, especially compared to the 

normal point by point measurement method that has traditionally been used for this kind of 

system. For microstructural systems that contain a large amount of precipitates, using the 

information stored in the digital x-ray maps for measuring 1D line profiles across interfaces is 

far superior to measuring line profiles using point by point measurements. 



 39

 

This way of measuring composition profiles will be an important tool in obtaining a better 

knowledge about the interdiffusion behaviour between coatings and substrate alloys for gas 

turbine components.  

 

II) Estimation of Metal Temperature of MCrAlY Coated IN738 Components Based on 

Interdiffusion Behaviour 

 

The developed measurement approach was then used to quantify the interdiffusion taking 

place at the interface between the Co-36.5Ni-17.5Cr-8Al-0.5Y, MCrAlY coating and the 

underlying IN738 superalloy in a large matrix of specimens isothermally heat treated for up to 

12,000 hours at temperatures 875°C, 925°C or 950°C. Microstructural investigations and 

calculated phase fraction diagrams using Thermo-Calc showed that a precipitate free zone 

formed between the coating and superalloy and grew with time.  

 

The width of the precipitate free zone can be related to the aluminium and chromium profiles 

across the interface. It was chosen to use the measured Al x-ray maps and the resulting 

average Al intensity profiles as basis for measurement of the growth of the interdiffusion zone 

with time. A simple parabolic growth model was then set up for estimating the metal 

temperature near the coating/ substrate interface based on the growth kinetics of the 

precipitate free zone. Parameters for the model were extracted from measurements of the 

width of the growing precipitate free zone with time.  

 

The use of the model was then illustrated on a service exposed, first stage gas turbine blade 

from a Danish gas turbine.  

 

The developed model can be used with good accuracy in the temperature range where the 

coating is degraded and the estimated metal temperature can be used as input for models of 

coating life time.  

 

III) Modelling of Interdiffusion between MCrAlY coating and IN738 superalloy 

 

The average profiles measured using the method described in I) can be directly compared to 

the average profiles calculated in kinetic multi-element modelling software such as DICTRA. 
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The modelling was able to qualitatively describe phase transformations occurring at the 

interface as a result of the interdiffusion between coating and superalloy.  

 

The simulated results predicted that the interdiffusion would result in the formation of a 

precipitate free zone, a γ´-rich layer next to the superalloy and precipitation of secondary 

carbides on the superalloy side of the interdiffusion zone. These features were confirmed by 

microstructural investigations of isothermally exposed specimens. 

 

The width of the precipitate free zone formed between the coating and the superalloy were of 

the same size in the experiments and the simulations. A more sophisticated model able to take 

into account diffusion in the precipitate phases would however be needed to precisely 

describe the interdiffusion.  

 

After long time exposure the coating can no longer be considered as semi-infinite. In the 

actual microstructure this means that the aluminium loss due to oxidation at the surface will 

also have influence on the interdiffusion. A complete model of the interdiffusion behaviour 

should therefore also take the oxidation mechanism into account. 
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Outlook 
The developed measurement method provides excellent experimental data that can be used for 

validation of modelled results for the complex interdiffusion between superalloys and 

coatings. 

 

One of the overall goals with the DICTRA modelling was to be able to extract parameters 

from the simulated results describing the growth of the precipitate free zone between 

superalloy and components. In this way simple models like that described in paper II) could 

be set up based on simulated results instead of rigorous and time-consuming investigations on 

isothermally heat treated laboratory specimens. It would then also be possible to use 

simulations to test whether a model set up from laboratory specimens would apply to a 

coating/ superalloy system with slightly modified compositions, as is often encountered in 

practical life. 

 

The multi-element modelling done in DICTRA during the present project was able to 

qualitatively describe the phase transformations that were also found in the microstructural 

investigations. It was however found that the limitation that only one matrix phase can be 

handled in the calculations was very severe for the investigated Co-36.5Ni-17.5Cr-8Al-0.5Y/ 

IN738 system. The precise treatment of the diffusion for the present system would therefore 

demand a model able to handle multiple matrix phases and perhaps also diffusion parameters 

for disperse phases.  
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Summary 

A procedure for grey-scale conversion of EDS x-ray maps has been developed which is 

particularly useful for the plotting of line composition profiles across modified layered 

engineering surfaces. The method involves a) the collection of grey-scale elemental maps, b) 

the calculation of mean grey-scale levels along strips parallel to the layered microstructure 

and c) the conversion of grey-scale line profiles into composition line profiles. As an example 

of the grey-scale conversion method and its advantages for multi-element and multi-phase 

layered microstructures, the procedure has been applied to a layered microstructure that 

results from a plasma-sprayed metallic MCrAlY-coating onto a nickel-superalloy turbine 

blade. As a further demonstration of the accuracy and amount of compositional data that can 

be obtained with this procedure, measured compositional profiles have been obtained for 

several long-term isothermal heat treatments in which significant interdiffusion has taken 

place. The resulting composition profiles have greatly improved counting statistics compared 

to traditional point-by-point scans for the same SEM time and may be considered as a rapid 

alternative to EDS spectrum imaging. The composition profiles obtained may be conveniently 

compared with results of multi-component thermodynamic modelling of interdiffusion.  

Introduction 

The speed and accuracy of compositional analysis using energy dispersive spectroscopy 

(EDS) in the scanning electron microscope (SEM) has improved markedly over the last 10 

years. Improvements in signal collection, signal processing and in particular, speed of 



 2 

spectrum analysis has resulted in increased signal to noise ratios and consequently better 

analyses. Even so, the determination of composition profiles across compositionally modified 

engineering surfaces is still a very demanding process.  

 

As an example, EDS analysis of compositional changes in multi-layered surface coatings that 

are applied to gas turbine blades is still rather complicated and time-consuming. A typical gas 

turbine blade may have an outer thermal barrier coating consisting of yttria stabilized zirconia 

followed by a metallic MCrAlY overlay coating or an Al-Pt diffusion coating for oxidation 

protection. This coating is diffusion bonded to a compositionally complex superalloy 

substrate material. The compositions of each of these layers and of the substrate have 

microstructures that have been developed over several decades and are specifically engineered 

to provide high temperature resistance and mechanical strength. The EDS analysis therefore 

often involves the analysis of more than 10 chemical elements across distinctly different 

layers. Further, many of the classic EDS analysis difficulties are present: Large differences in 

atomic number of the constituent elements, requiring detailed consideration of both excitation 

optimization and interaction volume; heavy elements in relatively light matrix volumes, and 

the inverse; inhomogeneities due to discrete precipitates and/or pores. 

 

Both during processing and during high temperature service, significant interdiffusion will 

take place between the layered structures of a gas turbine blade and it is therefore important to 

be able to measure and accurately plot compositional profiles across the multilayered 

structure. Since there is also a need to compare the measured compositional profiles with 

results from diffusion modelling, the concentrations of all elements at all equivalent positions 

in all of the layers are of interest. This is because the diffusion behaviour of individual 

elements at any given position in the layers is dependent on the concentrations of all other 

elements as well as the concentration gradients at that position.    

 

As a first approximation, interdiffusion between layered structures results in one-dimensional 

(1-D) changes in concentration gradients, since the major diffusion driving forces are 

perpendicular to the surface and internal interfaces. This is a first order approximation 

because phase separation e.g. precipitation can occur within each layer and result in diffusion 

fluxes that are non-perpendicular to interfaces. Diffusion modelling software such as 

DICTRA (Borgenstam et al. (2000)) approximates 1-D diffusion fluxes and therefore we need 

experimental methods that yield results compatible with 1-D modelling. From prepared 
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metallographic cross-sections there are the following traditional experimental procedures in 

the SEM that can be chosen.  

 
a) EDS point measurements 
b) EDS multiple point measurements 
c) EDS line scans 
d) EDS x-ray dot-maps 

 
Each of these methods has both advantages and drawbacks. The traditional solution (a) is to 

simply make a number of EDS point measurements on a straight line from bulk material and 

out to the surface. The spatial resolution can, up to a limit determined by the interaction 

volume, then be improved by increasing the number of measurement points along the line. 

However, if the microstructure contains precipitates with another chemical composition than 

the matrix, sharp composition changes will occur where a measurement point coincides with a 

precipitate.  

 

This effect can be suppressed by making multiple rows of point measurements, method b, 

whereby an average value is obtained. This can however be very time consuming and can 

require a considerable number of series of rows of multiple point measurements before a 

satisfactory result can be obtained. 

 

Using a line scan, method c, the electron spot is scanned across a specimen and the intensity 

for a selected energy window (EDS) for each element is recorded. This method is quite fast 

but since the electron beam, compared to methods a) and b), spends less time in each point the 

accuracy is not as good as for point measurements and the count statistics are poorer. For this 

method it is also necessary to make repeated scans along several lines displaced relative to 

each other in order to obtain an average concentration profile which is not disturbed by 

microstructural inhomogeneities. 

 

X-ray dot-mapping (d) is an old technique that was developed by Cosslett & Duncumb 

(1956). It has been a much-used technique ever since because of the ease with which the x-ray 

dot-maps can be interpreted and because of the valuable qualitative information on the 

distribution of chosen elements that they provide. The original analogue x-ray dot maps did 

not store any kind of quantitative information. A pixel in such a map would have one of two 

values; 0 or black if the element was not detected and 1 or white if an element was detected. 

With the development of digital elemental mapping or grey-scale mapping it became possible 
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to vary the brightness of each pixel in the x-ray dot-maps in relation to the measured intensity. 

A grey tone level between 0 and 255 is assigned to each pixel and can be directly related to 

the intensity measured for a given element. 

 

Direct digital compositional imaging was developed by Newbury and co-workers in the late 

80s and 90s (Newbury et al. (1990)). This technique uses either WDS (wavelength dispersive 

spectroscopy), EDS or a combination of both techniques to obtain compositional maps that 

provide quantitative information on the distribution of elements in a map. Using this 

methodology the electron beam is allowed to dwell for a chosen (short) time in each pixel; a 

spectrum is obtained and then corrections for background and matrix effects similar to the 

corrections made in a traditional point measurement are then performed for each pixel. This 

technique is however quite time consuming and the count statistics in each pixel are poor 

unless the electron beam is allowed to dwell for a long time in each pixel increasing the total 

time used to obtain such a map. 

 

In recent years X-Ray spectrum imaging or hyper spectral imaging has become a practical 

mode for data collection as described by Mott & Friel (1999) and Friel (2004). Using this 

technique an entire X-ray spectrum is saved for each pixel position and is available for post-

acquisition data analysis. Software tools to analyze these spectrum images are now commonly 

available with commercial EDS software systems. Typical features are maps for any 

elements, spectra from specific regions and automatic sorting into phases. The possibilities for 

pixel grouping and selection are really only limited by the possibilities of the software. 

 

As previously noted, microstructural inhomogeneities have a significant influence on the x-

ray mapping or line profiling strategy to be adopted. In multi-layered coatings such as those 

used to impart high temperature oxidation resistance to turbine blades, interdiffusion fluxes 

are acceptably approximated to be perpendicular to the layers of interest. This is the case even 

though some layers consist of a 3-D array of precipitates. Therefore, for the study of diffusion 

across planar interfaces it would be reasonable to group pixels in strips taken along an axis 

perpendicular to the interface(s) of interest. The result is a profile in which each point is 

derived from summing the spectra for all pixels that are the same distance from the interface.  

 

Rather than extracting spectral imaging data in order to form an elemental map, the approach 

adopted in the current study has been to analyse the grey-level information stored directly in 
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the obtained digital x-ray elemental maps. The grey-scale data can be used as an expression 

for intensity. Specifically, grey-scale conversion x-ray mapping can then be achieved using 

the procedure outlined below. 

 

For cross-sectional metallographic specimens obtained from layered geometries, variations in 

grey level intensities can be obtained from large numbers of pixels in strips taken along an 

axis perpendicular to the layered interfaces. A mean grey-scale pixel value is obtained for 

each strip, for each element and used as an expression for intensities and finally converted to 

compositions using a standard procedure for quantitative elemental analysis. As a 

consequence, only variations in composition that are related to the layered geometry, such as 

interdiffusion or near-interface denuded zones, are measured. This provides elemental 

concentrations that may be directly compared to profiles determined by thermodynamic 

diffusion modelling software such as DICTRA. 

 

The method therefore involves a) the collection of grey-scale elemental maps, b) the 

calculation of corrected mean pixel grey-scale values along strips of pixels parallel with the 

layered microstructure, and c) the conversion of the resulting grey-scale line profiles to 

composition line profiles perpendicular to the layered geometry. 

  

Experimental procedures 

The specimens chosen for composition profile analysis to demonstrate the efficacy of this 

technique are Ni-superalloy gas turbine blades which have been surface engineered to resist 

oxidation at high temperature. The substrate is an IN738 superalloy and the coating is a 

metallic MCrAlY overlay coating that is applied by low pressure plasma spraying. 

Compositions of powders used for coating and superalloy are shown in tables 1 and 2. 

 
Table 1: Average composition of MCrAlY coating in wt%. 

Co Ni Cr Al Y 

balance 32 17.5 8 0.5 
 
Table 2: Average composition of IN738 superalloy in wt%. 

C Al Ti Cr Co Ni Nb Mo Ta W 

0.01 3.2 3.2 16.0 8.5 balance 0.9 1.8 1.8 2.6 
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After the MCrAlY coating had been applied to the substrate using plasma spraying the 

specimens received a standard two step heat treatment: 

 
1) 1120ºC for 2 hours, then air cooled. 
2) 845 ºC for 24 hours, then air cooled. 

 
In the following, specimens that have received this initial heat treatment are referred to as 

being in the as-coated condition. Specimens were then further isothermally heat treated in air 

at 875ºC, 925ºC and 950ºC for up to 4000 hours in order to simulate in-service conditions 

during gas turbine operation. 

 

Standard metallographic procedures were used to cut, mount and polish the specimens in 

cross-section. Specimens were ground and then diamond polished to 1 µm finish. The 

metallographically prepared specimens were then coated with approximately 50 nm 

evaporated carbon. 

 

SEM observations and x-ray spectroscopy were carried out in a JEOL 5900 SEM operated 

under high vacuum conditions. The EDS system used was INCA 400 from Oxford 

Instruments using a Si detector crystal with 133 eV resolution measured at 5.9 keV. 

Results and procedures 

BSE-images were obtained as shown in figure 1 and 2. Atomic number contrast immediately 

indicates large layer to layer differences in average atomic number and density. At the top of 

the micrograph, corresponding to the exposed surface of the coating, an outer depletion zone 

can be seen which is depleted of the β-NiAl phase that acts as a reservoir phase for 

aluminium. The depletion has occurred because of the diffusion of aluminium to the surface 

in order to maintain an Al2O3 protective oxide layer. Underneath this depleted zone is the bulk 

coating consisting of a Co, Ni, Cr rich fcc matrix with a large volume fraction of β-NiAl 

precipitates (black particles). The size and shape of the β-particles changes with time due to 

coarsening and the β-NiAl phase is depleted both because of diffusion of aluminium out 

towards the surface and because of diffusion into the underlying substrate alloy that has a 

lower aluminium content than the coating. Between the coating and the substrate an 

interdiffusion zone is formed. 

 

In the lower part of figure 1 the substrate Ni-superalloy is seen. The microstructure consists of 

a γ-matrix with coherent Ni3(Al, Ti) γ´-particles homogeneously distributed throughout the 
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microstructure. The volume fraction of γ´-particles in the bulk alloy is close to 0.4. The γ´-
particles are extremely stable and the Ni-base superalloys obtain their excellent high 

temperature creep properties because of the presence of this phase. The large bright particles 

visible in the image are primary (Ti, Ta)C carbides that are formed during the initial heat 

treatment. Secondary (Cr, Mo)23C6 carbides that are formed during the second stage of the 

initial heat treatment are found precipitated along grain boundaries. With time, the primary 

carbides are dissolved whereby carbon is released and more secondary carbides are 

precipitated. 

 
 

 
Figure 1: Light optical image of a cross-section of MCrAlY-coating on the Ni-superalloy substrate. The 
layered microstructure has undergone considerable changes due to interdiffusion after exposure at 950°C 
for 4000 hours. The following layers can be identified: 1) Outer depletion zone with loss of β-NiAl; 2) bulk 
MCrAlY coating with a large volume fraction of β-NiAl (black particles); 3)  Interdiffusion zone between 
coating and substrate, at the interface are dark particles, pores, impurities and inclusions resulting from 
the coating procedure; 4) Substrate of Ni-superalloy showing γ/γ´ microstructure.  The schematic at the 
bottom of the image shows the cross section of a turbine blade; the MCrAlY coating is applied to the outer 
surface of the blade to provide protection against oxidation. 
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Figure 2: SEM image taken using contrast from backscattered electrons (BSE) of another cross-section 
showing a closer look at the interface for a specimen heat treated for 250 hours at 925ºC. The same zones 
observed in figure 1 are visible. It is immediately apparent from the many precipitates that making line 
profiles using point measurements is difficult for this system. In this micrograph, precipitation of discrete 
M23C6 particles at the interface is also clearly visible. 

 
Figure 3: BSE image of the interdiffusion zone of the specimen isothermally heat treated at 950ºC for 4000 
hours (image is rotated 90º, compared to figure 2). Reference measurements along area strips, marked 
Ref.1 and Ref.2 and point measurements along lines L.1 and L.2 and L.3 are marked in the image. The 
reference measurements were obtained using standard operating conditions as follows: Acceleration 
voltage of 15 keV; deadtime of ~20%.; count time of 1½ minutes per measurement. 
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Reference EDS measurements 

Reference EDS measurements were obtained in rectangular areas in both bulk superalloy and 

bulk coating as indicated on figure 3 and are given in table 3. The reference measurements 

were placed in such a distance from the interface that it could be assumed that the measured 

compositions were unaffected by the interdiffusion. 

Table 3: Reference EDS measurements. 

Spectrum Al Ti Cr Co Ni Mo Ta W Total 
          
Ref. 1 4.0 3.6 15.1 10.3 60.4 1.2 1.9 3.5 100.0 
Ref. 2 8.0 0.5 16.8 31.7 41.6 0.3 0.3 0.8 100.0 

 
Elemental x-ray mapping 

Next, elemental grey-scale maps were acquired for all elements identified from the reference 

EDS measurements for the complete area shown in figure 3.  

 

Operating conditions for mapping were chosen to ensure that pixel over-saturation did not 

occur. This was done by observing the development of the maps as they built up in intensity 

and then stopping the acquisition after the first complete frame in which a small number of 

the pixels visibly reach the maximum grey-scale value of 255 for one of the elements. The 

acceleration voltage used for the current specimens was 15 kV. The maps obtained had a pixel 

resolution of 512x416 pixels. 

 

Elemental maps for Al, Ti, Cr, Co, Ni, Mo, Ta and W were obtained. Examples of the 

obtained grey-scale maps for major elements are shown in figure 4.  

 

Calculation of mean grey-scale values 

Mean grey-scale pixel values were then calculated for strips of pixels oriented parallel to the 

interface for each elemental map. The element maps each contain 512 pixels along the 

horizontal side and 416 pixels along the vertical side. This effectively gives us 512 mean grey 

scale pixel values across the images, each calculated from 416 pixel values. Using the 

distance from the left edge of the images as independent variable in pixels and converting it to 

µm, mean intensity profiles like that shown in figure 5 can be plotted.  
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Figure 4: X-ray maps of major elements for the area shown in figure 3. The coating is located to the right 
in the images and bulk superalloy to the left. The aluminium rich β-NiAl particles are clearly seen in the 
coating in the Al-map, while the Cr-map shows Cr-rich M23C6 carbides in the substrate. 
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Figure 5: Mean grey-scale intensity profiles for the specimen heat treated for 4000 hours at 950ºC. The 
profiles are obtained by calculating the mean grey-scale pixel value for pixels in strips oriented parallel to 
the interface.  

 
Conversion of grey-scale intensities to elemental compositions 

The measured mean intensities were then converted to compositions. This was done by 

applying a simple ZAF-correction scheme that corrects the measured intensities for atomic 

number effects, Z, absorption, A, and fluorescence, F, according to the following equation: 

 

                                                            
*
,
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,
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x i i

i i i std
x i i
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=                                               

 

where *
,x iC  is the concentration at distance x of element i, *

,x iI  is the corresponding measured 

intensity in a sample (*), std
iC  and std

iI  are the concentration and intensity of element i in a 

known standard, and iZ , iA , iF  are correction factors originating from atomic number 

correction, absorption correction and fluorescence correction respectively for element i.  

 

The equations describing Z, A and F were adopted from Goldstein et al. (1992).  

 

A reference area measurement in the bulk material such as Ref.1 shown in figure 3 and listed 

in table 3 was used as the known standard in the calculations. The intensities of the standard 
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were taken as the mean grey-scale pixel value for the same area and calculated from the 

obtained elemental maps.  

 

Background correction 

Since grey-scale intensity maps contain a contribution from background intensity, background 

removal was done by measuring the intensity response from elements that were not present in 

the sample, and subtracting this value from the measured intensities of elements that were 

present in the sample. Then the ZAF correction was applied to each elemental map. This ‘old-

school’ approach is what used to be done before software routines achieved automatic 

background correction. 

 

Each elemental map in EDS x-ray mapping is collected by using an energy window around 

the characteristic x-ray line for the element of interest. Since the local intensity of the 

background varies along the x-ray energy scale, having the classic form due to 

bremsstrahlung, an intensity correction for each elemental analysis line must be made. In 

order to achieve this, the level of background intensity is approximated by collecting an x-ray 

map for an element that is not present in the sample but which is close in energy to the 

element of interest. If it was known that some elements were only present on one side of the 

interface then the measured intensity value for the side where they were not present was used 

as a zero point. This zero point value was then subtracted from all the measured intensity 

values for that element as background before proceeding with the calculations.   

 

For the present example AgLα was used to remove background from the measured AlKα line, 

FeKα was used to correct the measured intensities for Co, Cr and Ni, and since it was known 

that the coating did not contain Mo, Ta, W and Ti the intensity measurements far to the right, 

in the coating, of these elements were used as background values.  

 

The resulting normalised composition profiles for an as-coated specimen and the specimen 

heat treated for 4000 hours at 950ºC are shown in figure 6 and figure 7. A reference 

measurement like Ref. 2 (figure 3) in the coating was used to test the accuracy of the 

composition profiles. That the profiles end up at the same compositions as measured from the 

reference measurement, indicates that the ZAF correction scheme was correctly applied. 
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Comparison with conventional measurement methods 

For comparison results obtained by conventional point by point measurements for the 

locations L.1, L.2 and L.3 in figure 3 are included and shown in figure 8. It is immediately 

apparent that the result obtained in figure 7 yields much more information than the result in 

figure 8, even though the SEM time used is longer for the point by point measurements. The 

x-ray maps used for the grey-scale conversion were obtained in approximately 40 minutes, 

while the L.1, L.2 and L.3 took more than 30 minutes each, with 1½ minutes for each point 

measurement. 

 

A method more appropriate for direct comparison is to collect EDS area measurements while 

the electron beam is being scanned backwards and forwards along strips parallel to the 

interface – the same technique that was used for collecting the reference spectra, Ref. 1 and 

Ref. 2 in figure 3, but now for narrower strips as shown in the small image in figure 9. The 

result of this method is compared to that of grey scale conversion in figure 9. In this case 47 

area measurements were done across the image, corresponding to a total SEM time of 70 

minutes with 1½ minutes for each measurement. The result of the two measurement methods 

are very similar, but the reference method has a somewhat poorer resolution indicating that 

more and smaller strips should be used in order to catch the sharp interfaces and obtain the 

same result as for the grey scale conversion method.  Especially for Cr it would be necessary 

to use more and smaller strips in order to obtain the same information as obtained by the grey 

scale conversion method. 

 

Figure 6: Average composition profiles for as-coated specimen. The profiles are calculated from the mean 
intensity profiles by applying a simple background correction and ZAF correction to each mean grey-
scale pixel value. 
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Figure 7: Composition profiles for specimen heat treated for 4000 hours at 950ºC. When comparing to the 
profiles for the as-coated specimen shown in figure 6, a significant change has occurred due to 
interdiffusion and the thickness of the interdiffusion zone between superalloy and coating can be 
evaluated on the basis of the profiles. 

 
Figure 8: Conventional multiple point measurement for the specimen heat treated at 950°C for 4000 hours 
(same area as for figure 6); each point is an average of 3 measurement points from the L.1, L.2 and L.3 
measurements shown in figure 5. The large standard deviations are a result of the many precipitates 
present in the different layers. In the centre, the standard deviations are fairly small because the 
interdiffusion zone is almost free of precipitates while the coating to the left contains a large volume 
fraction of β-particles and the superalloy to the right contains both carbides and γ´-particles.  
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Figure 9: A) Comparison between grey scale conversion method and a traditional method where area 
measurements are done for the thin strips shown in the little image. The profiles obtained using the grey 
scale conversion method, plotted as lines, took approximately 40 minutes to acquire, while the reference 
measurements, plotted as dots, were performed in approximately 70 minutes. B) In the enlarged area it is 
visible that the sharp interfaces in the Cr profile are better defined by using the grey scale conversion 
method. 

Plotting composition profiles based on the data in the x-ray maps allows us to closely follow 

the diffusion behaviour of major elements with time such as is shown for the temperature 

series at 875ºC in figure 10, while keeping a good resolution allowing us to observe the 

position of the sharp interfaces. 
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Figure 10: Change in composition profiles with time for the temperature series at 875ºC. Plotting the 
profiles by using the average grey-scale pixel value and then converting to concentrations allows us to 
follow the changes caused by interdiffusion in a way that would not be possible using standard EDS point 
measurements.  
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Accuracy of the grey-scale conversion method 

The accuracy of the grey-scale conversion method was tested by making a measurement 

inside the superalloy and calculating the standard deviation for each element for the 512 data 

points across the x-ray map. The measurement result with calculated standard deviations is 

shown in table 4. The results show us that while there is some uncertainty in the absolute 

average values, the results are more than satisfactory for following the composition change 

across the interface for the major elements. 

 

Table 4: Measurement results and calculated standard deviations for a grey-scale conversion measurement 
done inside the bulk superalloy. 

Element Al Ti Cr Co Ni Mo Ta W 
Mean±σ 3.2±0.4 3.7±0.5 16.4±0.9 9±1 61±2 1.3±0.3 1.8±0.4 3.2±0.6 

Discussion 

When investigating complex, multi-element and multi-phase layered microstructures such as 

the coating / superalloy system used as an example in the preceding sections, it is important to 

have a method to accurately determine average composition profiles across the interface(s), 

preferably also without using excessive SEM time. The current approach of grey scale 

conversion x-ray mapping allows us to plot average composition profiles from digital element 

maps, which can be collected very quickly using modern SEM EDS equipment. It also allows 

us to obtain true average composition profiles even though the microstructure contains large 

volume fractions of discrete particles, in this case carbides, γ´- and β-particles. Since it was 

not possible to group pixels along lines in the available SEM EDS software, this was done 

using specific image analysis software. In this way the grey-scale conversion method 

presented in this article is not dependent on the SEM software used to obtain the digital image 

maps. The SEM time used is also significantly shorter than for point by point measurements 

and line scans if satisfactory count statistics are to be obtained.  
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Table 5: Average times for obtaining profiles. 

 SEM time per measurement / 
[minutes] 

Typical SEM time (total) / 
[minutes] 

Line scan (100) scans) 1½-8  * 400 
Point by point average (20 
points) ~ 1½ 30 

Point by point average (3x20 
points) ~ 1½ 90 

Compositional imaging** 350-18000 ~3000 
Area strips (50 strips) ~ 1½ ~ 75 
Spectrum imaging*** ~ 40 ~ 40 
Grey-scale conversion 
mapping ~ 40 ~ 40 

Table 5. Notes: 

* Goodhew et al. (2001) 

** Typical times listed in Goldstein et al. (1992) are 0.1-5 s dwell time per pixel. For 512x416 pixels this 
gives the values listed in the table.  

***The time given for spectrum imaging is the time it takes to collect the data, whether the data 
manipulation can be performed directly in the SEM software depends on the options for pixel grouping in 
the specific program. If it is not possible to group the pixels in vertical (or horizontal) lines, grey-scale 
conversion can simply be used on elemental maps exported from the spectrum imaging software.  

 
Another consideration besides the time used to obtain profiles is of course the accuracy of the 

results. It is clear from figures 7 and 8, that the result obtained using grey-scale conversion is 

a considerable improvement compared to conventional point by point measurement methods. 

The same is expected to be the case in comparison with conventional line scans unless an 

extremely large number of line scans is performed.  Compositional imaging could potentially 

offer a better accuracy but the SEM time associated with producing a high accuracy 

compositional image would be unacceptable for the purpose of producing line profiles. Using 

a number of area strips as was shown in figure 9 gives approximately the same result for only 

slightly longer SEM time but this method requires prior knowledge of the scale of 

microstructural and compositional variations to choose the appropriate width of each strip, 

whereas this is not the case for the grey scale conversion method.    

 

For spectrum imaging systems the post processing possibilities are already numerous. 

Directly implementing a pixel selection criteria that allows the choice of pixels in strips along 

lines parallel to an interface of interest would make it unnecessary to export the pictures and 

do a grey-scale conversion. If this has not been implemented, exporting the actual grey-scale 

elemental maps and doing an external grey-scale conversion is a good and time saving 
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alternative to making pixel by pixel measurements. For inhomogeneous microstructures such 

as systems containing a large amount of precipitates, as in the example given of the interface 

between MCrAlY coatings and superalloys for gas turbine components, the method is 

especially well suited. 

 

In the following, the power and usefulness of grey scale conversion mapping is illustrated by 

a comparison to the results of thermodynamic modelling of interdiffusion between the 

multilayered structures. The measured average composition profiles can be compared with 

results from modelling software and used to estimate the accuracy of the model. If the 

modelling result is able to adequately describe the measured development in composition 

profiles then it can be used to for instance predict formation of phases at the interface, or to 

estimate regression of β-phase, Al-reservoir phase, due to interdiffusion and used for an 

overall lifetime model for the coating/ substrate system. It is important to state that using the 

grey scale conversion method does not remove the influence of discrete particles on the 

measured profiles but only suppresses this effect, thereby allowing us to measure average 

profiles that are close to the one-dimensional profiles obtained via modelling. When applying 

the measurement method it should be considered that measuring on a two phase area with a 

distribution of small particles, 1-3 µm in diameter, will give a different averaged result than 

for a two phase area with much larger particles, containing the same phase with the same 

volume fraction. For the latter case it would be much more appropriate to measure 

composition and volume fraction of each phase.     

 

The interdiffusion in the MCrAlY/IN738 system was modelled using the software DICTRA. 

The model is a so-called dispersed phase model where all diffusion is assumed to take place 

in a continuous matrix phase and particles such as β-particles or γ´-particles are considered as 

obstacles for the diffusion.  

 

Figure 11 shows a comparison of the modelled and the measured profiles. The behaviour of 

Al and Cr is particularly interesting because these elements are extremely important for the 

protective characteristics of the coating against oxidation in the aggressive environment in the 

gas turbine. The modelled results show the correct trends for the diffusion behaviour of both 

elements. Without the experimental data that was obtained using the grey-scale conversion 

method it would not be possible to critically assess the quality of the modelling.  
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The detailed modelling of the interdiffusion behaviour will be the subject of a future paper. 

 

 
Figure 11: Result of modelling using DICTRA. The modelled profiles are the straight lines that end up at 
the initial values for coating and superalloy at the end-points. The experimental profiles provide an 
excellent tool for critically assessing the quality of the modelled results. 

Conclusion 

Grey scale conversion of x-ray mapping and the calculation of average composition profiles 

for elements of interest in a multi-element system is an excellent way of observing 

interdiffusion behaviour for complicated layered structures in the SEM. By taking the average 

grey-scale intensity value of strips of pixels in which the strips are oriented parallel to the 

interface it is possible to suppress the influence of inhomogeneities. It is then possible to 

obtain true average curves that can be directly compared to results of thermodynamic 

modelling.  

 

The profiles can be obtained using a minimum of SEM time, especially compared to the 

normal point by point measurement method that has traditionally been used for this kind of 

system. For microstructural systems that contain a large amount of small precipitates, using 

the information stored in the digital x-ray maps for measuring 1-D line profiles across 

interfaces is far superior to measuring line profiles using point by point measurements. 

 

This way of measuring composition profiles will be an important tool in obtaining a better 

knowledge about the interdiffusion behaviour between coatings and substrate alloys for gas 

turbine components.  
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Estimation of metal temperature of MCrAlY
coated IN738 components based on
interdiffusion behaviour

K. V. Dahl* and J. Hald

Interdiffusion at the interface between a Co–36.5Ni–17.5Cr–8Al–0.5Y, MCrAlY coating and the

underlying IN738 superalloy was studied in a large matrix of specimens isothermally heat treated

up to 12 000 h at temperatures 875, 925 or 950uC. Microstructural investigations and calculated

phase fraction diagrams show that a precipitate free zone forms between the coating and

superalloy and grows with time. The width of the growing zone was estimated on the basis of

average intensity profiles obtained from experimental X-ray maps measured using energy

dispersive spectroscopy (EDS) in a scanning electron microscope (SEM). A simple parabolic

growth model was set up for estimating the metal temperature near the coating/substrate

interface based on the growth kinetics of the precipitate free zone. Parameters for the model were

extracted from measurements of the width of the growing precipitate free zone with time. The

developed model was used to estimate metal temperatures for a service exposed, first stage gas

turbine blade.

Keywords: MCrAlY, Superalloy, Interdiffusion, Metal temperature

Introduction
Hot section components for gas turbines such as turbine
blades are coated to protect the substrate material from
the aggressive environment in the turbine. Degradation
of the coating happens because of both oxidation at the
surface and interdiffusion between coating and the
underlying substrate material.

Modern turbine blades are typically manufactured
from a nickel base superalloy and one or several coatings
are applied. A much used metallic coating is the MCrAlY
(M5Ni,Co) type containing high amounts of chromium
and aluminium. During high temperature service, the
chromium and aluminium provide protection against hot
corrosion and oxidation by forming stable oxides at the
surface. The lifetime of the coating therefore depends on
the availability of these two elements, which will be
removed from the coating by the oxidation process.
Because of concentration differences between substrate
and coating, aluminium and chromium can also be
removed from the coating by diffusion into the substrate.
Several authors have reported that this effect has a
significant influence on the lifetime of coatings especially
at high temperatures.1–7

Both the rate of oxidation at the surface and the rate
of diffusion into the substrate depend heavily on
temperature. The metal temperature of the coating is

therefore one of the most important input parameters
for models used to predict the coating lifetime. Because
of the complex design of hot section components such as
turbine blades (aerodynamic shape and internal cooling
systems), large temperature differences are found for
different locations in the blade. This makes direct
measurement of the metal temperature near to impos-
sible for most cases and instead sophisticated methods
for estimating the temperature from the microstructure
of service exposed components have been developed.

For nickel based superalloys the metal temperature
can be estimated from the coarsening of the strengthen-
ing c9 phase inside the bulk superalloy.8,9 If the com-
ponent is internally cooled, this temperature may
however be lower than that seen by the coating.10

The MCrAlY coating temperature can for instance be
estimated from depletion of the b-Al reservoir phase at
the surface,10 from the growth of the interdiffusion zone
between coating and substrate Ni or Co based super-
alloy,10–12 or from complex phase transformations taking
place in the coatings.13

The present work investigates the growth of the
interdiffusion zone between a low Cr MCrAlY coating
and the underlying IN738 superalloy in a number of
specimens isothermally heat treated up to 12 000 h. The
results are used to calibrate a simple model of the
growth of the interdiffusion zone. Instead of using
the traditional method of performing several manual
measurements, the width of the interdiffusion zone is
measured from average intensity/composition profiles
across the interface. These profiles are produced from
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X-ray elemental maps obtained by energy dispersive
spectroscopy (EDS) in the scanning electron microscope
(SEM) by a method described in an earlier publication.14

The developed model is used to estimate metal
temperatures of a service exposed MCrAlY/IN738
turbine blade.

Experimental
MCrAlY coated IN738 specimens were isothermally
heat treated for up to 12 000 h at three different
temperatures in order to simulate the environment in
the gas turbine during service.

The compositions of the IN738 specimens and the
MCrAlY coating are shown in Tables 1 and 2. The
MCrAlY coating was applied by low pressure plasma
spraying after which, the specimens received a standard
two step heat treatment:

(i) 1120uC for 2 h then air cooled with an average
cooling rate of 35uC min to 650uC.

(ii) 845uC for 24 h then air cooled with an average
cooling rate of 20uC min to 650uC.

In the following the as coated condition refers to
specimens having received this initial heat treatment.

After the initial heat treatment, specimens were
isothermally heat treated in air at 925 or 950uC for
250, 500, 1000, 2000, 4000, 8000 and 12 000 h or at
875uC for 250, 1000, 2000, 4000 and 8000 h.

Standard metallographic procedures were used to cut,
mount and polish the specimens in cross-section.
Specimens were ground and then diamond polished to
1 mm finish. The metallographic specimens were then
coated with y50 nm evaporated carbon for observation
in a JEOL 5900 SEM equipped with an INCA 400 EDS
system from Oxford Instruments.

The interface between coating and superalloy was
studied in cross-section under both polished and etched
condition using backscatter contrast.

Cross-sections of the first stage MCrAlY coated
IN738 blade exposed for 22 000 h in a gas turbine at

Svanemoellevaerket in Denmark were prepared and
examined in SEM in the same way as the isothermally
heat treated specimens.

The service exposed turbine blade was coated with a
slightly different coating richer in chromium than the
isothermally heat treated specimens. The average
specified composition of this coating is shown in 3.

Microstructural observations of isothermally
heat treated specimens
Figure 1 shows a SEM backscatter image of the
MCrAlY coating and the IN738 superalloy. The
MCrAlY coating consists of a Co, Ni, Cr rich matrix
phase with discrete b-NiAl particles dispersed through-
out the coating.

The polycrystalline IN738 superalloy has a typical c/c9

microstructure with the c9-Ni3(Al,Ti) particles distrib-
uted homogeneously in the Ni rich fcc c matrix.
Throughout the alloy Ti and Ta rich primary carbides
are found which appear white in the presented back-
scatter images because of their high mean atomic
number. Secondary chromium carbides formed during
the second step of the initial heat treatment are found
discretely in grain boundaries.

At the outer surface of the coating a zone depleted of
b-NiAl can be found where the diffusion of aluminium
from bulk coating to the surface has resulted in
dissolution of the b particles. When all b particles have
disappeared the coating has been depleted of aluminium
and is close to end of life, because it will no longer be
able to sustain the protective Al2O3 layer at the surface.

Figure 2 illustrates the complicated microstructural
changes with time at the interface between coating and
superalloy for specimens isothermally heat treated at
925uC for 250, 4000 and 12 000 h. Diffusion across the
interface results in a depletion of aluminium from the
coating and at the same time causes several micro-
structural changes. On the coating side of the interface
coarsening of b particles is clearly visible and loss of
aluminium into the substrate results in formation of a b
depleted c zone that grows with time. After short
exposure times this zone contains small precipitates,
most likely c9 particles (Fig. 3), but after longer expo-
sure times the precipitates can no longer be seen in the
SEM. At the original interface between coating and
substrate, Kirkendall voids are formed. The Cr rich a
and s-(CrxCoy) phases reported by other authors.13,15

were not observed in the present specimens, probably
because of relatively low Cr content of the present
MCrAlY coating.

On the substrate side of the interface, an increase in
aluminium owing to diffusion from the coating and
enrichment of Ti and Ta owing to the dissolution of

Table 1 Average composition of MCrAlY coating, wt-%

Ni Cr Al Y Co

36.5 17.5 8 0.5 Bal.

Table 2 Average composition of IN738 superalloy, wt-%

Cr Co Al Ti W Ta Mo C Zr B Nb Ni

16.0 8.5 3.4 3.4 2.6 1.75 1.75 0.11 0.05 0.01 0.85 Bal.

1 Image (SEM BSE) showing MCrAlY coating on speci-

men heat treated at 925uC for 4000 h: Al rich b phase

is depleted at outer surface because of diffusion of Al

to Al2O3 oxide scale; at interface between coating and

bulk alloy b phase is depleted because of diffusion of

Al into substrate

Table 3 Composition of MCrAlY coating from service
exposed blade, wt-%

Ni Cr Al Y Si P Co

36 25 7 0.1 0.7 0.3 Bal.
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primary carbides results in the formation of a contin-
uous zone of c9 phase, similar to observations by Di
Martino and Thomson.16 Furthermore, the dissolution
of primary carbides results in precipitation of Cr rich,
M23C6 carbides, as seen in Fig. 4, where the Ti and Ta
rich primary carbides are surrounded by M23C6

carbides. The M23C6 carbide precipitation can also be
observed on Cr X-ray maps as shown in Fig. 5. A
similar phenomenon has previously been observed by
Singheiser et al.4

Composition and intensity profiles
across interface
Composition profiles across the interface were measured
using a method that converts intensity information from
grey scale elemental maps (EDS X-ray maps) to

composition profiles.14 The profiles represent average
composition profiles across the interface calculated
based on the two-dimensional (2D) information stored
in X-ray elemental maps. These profiles provide direct
information about the interdiffusion behaviour at the
interface and about the width of the interdiffusion zone.

Figure 6 shows measured composition profiles for the
as coated specimen and for specimens heat treated at
875, 925 and 950uC for 4000 h. The profiles show that
significant interdiffusion takes place at the interface and
that especially the profiles for chromium and aluminium
clearly change with time. An interdiffusion zone high in
chromium and low in aluminium is formed between the
coating and the substrate (precipitate free zone), and a
chromium depleted zone richer in aluminium is formed
at the interface towards the substrate and results in the
formation of a continuous c9 layer.

Under the assumption of local equilibrium, the
measured composition profiles can be converted into
phase fraction diagrams using the calculation software
Thermo-Calc.17 The calculations were done considering
the elements Al, Ti, Cr, Co, Ni, Mo, Ta and W and the
phases fcc, bcc, c9, b and s. The thermodynamic
database Ni DATA Version 4 from Thermotec, Ltd18

was used for the calculations. Carbon was not included
in the calculations, because the carbon profile can not be
measured using EDS equipment, instead the software
predicted the presence of Cr rich s phase at the location
where Cr rich M23C6 carbides were found according to
Fig. 5. The presence of s phase in the calculated
diagrams must therefore be interpreted with caution,
because in the actual microstructure, M23C6 carbides

3 Shadow image (SEM BSE) of specimen heat treated at

875uC for 250 h: in lower right part of image, etching

has removed large b phase particles in coating that

therefore appear dark; in top left of image c/c9 micro-

structure with primary Ta–Ti carbides (white) is visible

and at interface towards superalloy continuous c9 layer

is starting to form; small precipitates that are most

likely c9 can be observed in zone between b phase rich

coating and unaffected superalloy

4 Image (SEM BSE) of etched specimen heat treated at

925uC for 8000 h: after long heat treatment times pri-

mary Ti–Ta rich carbides (white) near interdiffusion

zone start to dissolve and are surrounded by chro-

mium rich M23C6 carbides

a 8000 h at 875uC; b 8000 h at 925uC
5 X-ray maps (EDS) showing Cr rich M23C6 carbides on

substrate side of interface

2 Images (SEM BSE) of interface between coating and

substrate for specimens heat treated at 925uC for a

250, b 4000 and c 12 000 h: b phase in coating coar-

sens with time and interdiffusion zone between coat-

ing and substrate grows
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6 Left column – average composition profiles across interface measured using method described in Ref. 14: profiles

after initial heat treatment and after 4000 h at 875, 925 and 950uC are presented; IN738 superalloy is located to left

and MCrAlY coating to right; right column – phase fraction diagrams calculated from measured profiles
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may have precipitated instead of or together with s
phase.

The increased c9 volume fraction at the superalloy side
of the interface is clearly visible in the calculated
diagrams. The precipitate free zone has not yet been
formed in the as coated specimen but is observed for all
the three specimens heat treated for 4000 h.

The observed behaviour is similar for all three
temperatures, except that the diffusion of course occurs
faster at high temperatures.

The width of the interdiffusion layer is traditionally
measured using either a light optical microscope (LOM)
or a SEM. Both techniques normally require etching of
the specimen. However, backscatter contrast can be used
in the SEM if the atomic number contrast is large
enough between the layers of interest, and then etching
is unnecessary. The traditional methods then require a
large number of measurements in order to be represen-
tative for the system and obtain satisfactory count
statistics.12

In the present approach the width of the interdiffusion
zone is measured on the basis of the composition
profiles. For simplicity intensity profiles directly mea-
sured in the SEM can also be used, which speeds up the
evaluation procedure, because extra calculations (back-
ground subtractions, matrix corrections, etc.)14 to
convert intensity profiles into composition profiles are
avoided.

For the present MCrAlY/IN738 system, composition
profiles and calculated phase fractions presented in
Fig. 6 show together with microstructure evaluation
that the width of the precipitate free zone can be related
to the aluminium and chromium profiles. It was
therefore chosen to use measured Al X-ray maps and
resulting average Al intensity profiles as basis for
measurement of the growth of the interdiffusion zone
with time. An example of a measured X-ray map and the
corresponding average intensity profile calculated from
grey scale pixel values in the X-ray map is shown in
Fig. 7. The average intensity profile is obtained by
calculating mean grey level intensities for pixels in strips
parallel to the interface of interest. A mean grey scale
pixel value is thus obtained for each strip and an average
profile across the interface can be plotted. The X-ray
maps obtained in the SEM have a pixel resolution of
5126416 pixels. This means that the average intensity
profile has 512 data points across the interface and each
of these data points is an average of 416 data points
(pixels). In this way, influence of single particles is
suppressed and only average variations in intensity and
thus composition that are related to the layered
geometry, such as interdiffusion or near interface
denuded zones, are measured.

In the intensity profiles for aluminium the c9 rich zone
is visible as a large peak next to the substrate. Next to
this peak follows the low aluminium zone almost free of
precipitates, in the following simply referred to as the
precipitate free zone. Another peak is then reached at
the start of the b rich zone in the coating.

The precipitate free zone is expected to grow
following a simple parabolic growth law, but it is not
immediately clear how the width of this zone can be
coupled to the intensity profiles and therefore the three
different methods of quantifying the width from the
measured profiles were tried. Because the measured

intensity profile contains some noise, a filtering algo-
rithm (Savitzky–Golay filtering algorithm19) was first
used to smooth the profiles. The three different methods
are illustrated in Fig. 8. The first method, which is the
most direct measurement of the actual width of the
precipitate free zone, was very difficult to apply to
profiles for short heat times and also for longer heat
treatment times for the low temperature (875uC),
because no plateau has formed at the minima between
the two peaks. The second method was too inaccurate,
because the distance between the maximum and mini-
mum intensity values vary locally within each isother-
mally heat treated specimen. This gave large variations
in values measured at different locations within the same
isothermally heat treated specimens. Measuring the
distance between the first c9 peak and the first b peak
(method 3) was found to give results with good
reproducibility.

Measured X-ray maps with resulting intensity profiles
for the specimen in the as coated condition and for the
specimens heat treated for 4000 h are shown in Fig. 9.
The effect of temperature on the growth of the
interdiffusion zone is clearly visible.

7 a aluminium EDS X-ray map for specimen heat treated

at 875uC for 4000 h: IN738 substrate is located at left

side of image; b mean grey scale intensity profile for

aluminium calculated from mean grey scale pixel value

in X-ray map of strips parallel to interface (vertical

strips)
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The accuracy of the measurement method was
investigated by obtaining X-ray maps at several loca-
tions in the isothermally heat treated specimens. Six
measurements were done at different locations in the
three specimens heat treated for 4000 h at the three
temperatures. Table 4 shows the result of the measure-
ments and the calculated standard deviations.

Measuring the distance between these two peaks is
thus an easy method that also produces measurement
results with good accuracy. One important point should
however be mentioned. The distance measured between
the two peaks is not the same as the width of the
precipitate free zone and therefore a correction is needed
in order to estimate the actual width of the precipitate
free zone.

In the as coated condition the deep valley between the
two peaks is just starting to form, indicating that the
precipitate free layer has not yet formed. This can also
be observed from the calculated phase fraction diagram
and the actual microstructure. In the calculated phase
fraction diagrams for the three specimens heat treated

for 4000 h, the ‘‘precipitate free zone’’ is visible as the
middle section of the diagrams where the calculated c
phase fraction is close to 1.0. The distance between the
peaks in the as coated condition was measured as
18.4 mm, and it was then assumed that the increasing
distance with time between the peaks was due to the
growth of the precipitate free zone only. For this
assumption to hold, the slopes of the intensity profile

Table 4 Measured widths using measurement method 3
in Fig. 8 for specimens isothermally heat treated
for 4000 h

No 1 2 3 4 5 6 Mean¡s

Width, mm 875uC 29.9 29.6 27.6 28.6 28.6 27.7 28.7¡0.9
925uC 39.3 43.9 41.0 42.6 40.7 42.0 42¡2
950uC 54.3 55.0 57.2 57.9 57.7 56.6 56¡2

8 Same Al intensity profile shown in Fig. 7 after filter was applied to reduce noise: three different measurement

methods are illustrated

a as coated specimen; b specimen heat treated for
4000 h at 875uC, b specimen heat treated for 4000 h at
925uC; d specimen heat treated for 4000 h at 950uC

9 Measured X-ray maps and resulting average intensity

profiles
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on each side of the observed minimum should remain
fairly constant, after the minimum intensity has been
reached and the precipitate free zone thus has been
formed. This seems to be the case.

The width of the growing precipitate free zone in the
evaluated specimens was therefore estimated as the
measured width minus the initial width of 18.4 mm. It
could be argued that the initial width to be subtracted
should be the one measured, at the moment when the
precipitate free zone is first formed (when the intensity
value between the peaks first reaches its minimum). This
exact width is however unknown but is judged to lie
within the experimental error of the width measured for
the as coated specimen.

Model for estimation of service
temperature
Measurements of the precipitate free zone for all the
isothermally heat treated specimens were then used to
set up a model for estimating the metal temperature of
gas turbine hot components with compositions similar
to the investigated IN738/MCrAlY specimens.

The model used was almost similar to that
employed by Ellison et al.12 for the growth of c–b zones
below the original interface between coating and
substrate.

In order to employ the model, it is assumed that the
growth of the precipitate free zone is diffusion controlled
and that the coating/substrate system can be considered
as a semi-infinite diffusion couple. It is also assumed
that the same phases are present throughout the
temperature range and that the phase fractions are
fairly similar.

The growth of the precipitate free zone can then be
described using a parabolic growth law according to

j2~kpt

where j is the width of the growing zone at time t and kp

is the parabolic growth constant in cm2 s21.

The growth constant is described by an Arrhenius
expression according to

kp~k0
p exp

{Q

RT

� �
[ ln kp~ ln k0

p{
Q

RT

rearranging and isolating the temperature T yields

T~
Q

R
ln k0

p{ ln kp

h i{1

this final expression is then used to set up a calibration
curve that can be used to estimate the metal temperature
of service exposed components.

The results of the measurements are shown in Fig. 10.
By applying a linear fit to each temperature series a

value for the rate constant kp for the growth of the
precipitate free zone at each temperature can be
calculated. Plotting 2ln kp v. 1/T and fitting a straight
line provides Q/R as the slope of the line and 2 as the
intercept with the y-axis. The activation energy is thus
calculated as 380 kJ mol21 (R58.3145 J K21 mol21)
and is calculated as 14.54 cm2 s21.

The activation energy is of the same order as that
reported by Ellison et al.12 (366 kJ mol21) for the
growth of the c–b zone for a CoCrAlY/GTD 111
system. Figure 11 shows an Arrhenius plot of the
temperature dependence of rate constants for the growth
of the interdiffusion zone for the current investigation
and for the investigations performed by Ellison et al.12

and Levine11.
The calculated values were then inserted into the

calibration expression for the temperature and used to
plot calibration curves such as that shown in Fig. 12 for
a service time of 8000 h.

Use of model on service exposed blade
The developed model was used to estimate metal
temperatures of the first stage MCrAlY coated IN738
blade exposed for 22 000 h in a gas turbine at
Svanemoellevaerket in Denmark. The blade was sec-
tioned at 70% blade span (measured from the root
section) where visual inspection indicated that the
coating was in the worst condition.

The applied MCrAlY coating had a composition with
higher Cr than the isothermally heat treated specimens
used for construction of the model. However, the Al
intensity profiles obtained in the SEM was found to
behave in a way similar to the isothermally heat treated
specimens and therefore it was assumed that the
developed model could be applied with reasonable
accuracy. This assumption is most probably good at

10 Measured width for precipitate free zone for all avail-

able isothermally heat treated specimens

11 Rate constants for isothermally heat treated IN738/

Co–36.5Ni–17.5Cr–8Al–0.5Y specimens investigated in

present study and for other investigations from

literature
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high temperatures, whereas the increased Cr content will
result in formation of more s phase at lower tempera-
tures (below ,850uC).

Al intensity profiles at the interface between coating
and superalloy were obtained at the locations shown in
Fig. 13. The width of the precipitate free zone at
different locations was measured and compared with a
calculated calibration curve for 22 000 h. The measured
widths between peaks and estimated metal temperatures

are listed in 5. The resulting temperature calibration
curve with experimental points plotted is shown in
Fig. 14.

The estimated temperatures increase along the suction
side; from leading edge to the measurement point S2. At
position S3, the coating was found to be exhausted,
because there were no b particles left and therefore no
visible intensity change to be found in the grey scale
intensity plot. This measurement position was very near
to a localised breakdown of the coating shown in Fig. 15
that has resulted in Al depletion of the nearby coating
on both sides of the defect, which of course introduces
2D diffusion effects. The b phase depletion can therefore
no longer be approximated by one-dimensional (1D)

13 Location of measurement points along suction and

pressure sides of service exposed turbine blade

12 Temperature calibration curve for 8000 h, calculated

from data extracted from isothermally heat treated

specimens: three experimental points for 8000 h are

plotted to illustrate fit of model

Table 5 Measured widths and estimated metal
temperatures: standard deviation is based on
¡2 mm standard deviation found for
measurements in Table 4

Location
Measured width
between peaks, mm

Estimated
temperature¡s,
uC

0 54 897¡4
S1 69 919¡3
S2 109 956¡2
S3 Exhausted N/A
S4 36 857¡7
S5 27 816¡14
S6 19 698¡.50
S7 Cold Cold
S8 Cold Cold
S9 Cold Cold
S10 Cold Cold
S11 19 698¡.50
S12 24 796¡21
P1 24 796¡21
P2 23 787¡27
P3 20 738¡.50
P4 20 738¡.50
P5 20 738¡.50
P6 22 775¡37
P7 29 829¡11

14 Plot of calibration curve for 22 000 h and estimated

metal temperatures for chosen locations shown in

Fig. 13

15 Local hot spot; coating has been totally depleted of b

phase and most of coating has been eaten away:

internal oxidation can be seen at interface towards

bulk superalloy
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interdiffusion between coating and substrate. At S4 the
coating is intact and the temperature has fallen
compared with S2 and continues to fall towards S6.
Through the middle section (S7–S10) no significant layer
growth could be measured and the coating was in good
condition. At the trailing edge the temperature increases
again, but the estimated temperature is low compared
with the leading edge of the blade.

Along the pressure side the estimated temperature
falls off rapidly from the leading edge and along the
blade. Nearer to the trailing edge the estimated
temperature increases (P6 and P7) and the estimated
temperature ends up being higher than on the suction
side of the blade.

At locations where estimated temperatures were lower
than y850uC a new Cr rich phase, not found in the
isothermally heat treated specimens was observed in the
service exposed blade. The phase is observed as particles
in the coating and has a brighter intensity than the
surrounding matrix and the b particles. It was not
observed at S4 (estimated temperature of 857uC) but
was found at both S5 and P7 (estimated temperatures of
816 and 829uC) and at all locations with lower estimated
temperature. The volume fraction of this phase was found
to increase with decreasing temperature. Figure 16 shows
measured composition profiles for the location S5 and
calculated phase fractions shown on top of the actual
microstructure at S5. Energy dispersive spectroscopy
measurements of the composition of the new phase fit
with the s-(CrxCoy) phase and this is also predicted by the
Thermo-Calc software. A s peak in the calculated phase
fraction diagrams coincides perfectly with the increased
volume fraction of the phase visible in the underlying
backscatter image. On the superalloy side some s phase is
also predicted but is not seen in the microstructure at S5,
most probably because Cr rich M23C6 carbides that could
not be included in the calculations precipitate instead. At
the colder locations S7–S10, both M23C6 carbides and
precipitates with the same composition as the coating s
phase precipitate with a plate like morphology in the
superalloy near the coating.

Discussion of model and limits to its
application
As seen from the above example, the developed model
and measurement method can be used to estimate the
metal temperature at the interface between MCrAlY
coating and IN738 substrate along the blade geometry.
Because the life time of the coating is estimated to be
y25 000 h by the manufacturer, while the substrate
material has an estimated life time of y100 000 h, it is
of great importance to have a method for estimation of
the metal temperature close to the coating. In this way
the current model has an advantage compared with for
instance using coarsening of the c9 phase for tempera-
ture estimation.

The special measurement method used for setting up
the current model has the advantage that it only requires
one measurement for each location instead of numerous
measurements traditionally used. The method therefore
requires less interaction from the operator, which should
increase reproducibility when different operators or
laboratories carry out the investigations. Also, the
intensity profiles are obtained from specimens in the

polished condition and therefore uncertainties related to
etching effects are avoided.

At high temperatures where the coating is severely
degraded the model has good accuracy. The accuracy is
poorer at low temperatures and also for short times,
which is illustrated by the standard deviations plotted in
Fig. 14. For coating life estimation this loss of accuracy
for low temperatures does not seem too severe, since
hardly no effects of interdiffusion are visible for
locations with an estimated temperature below
y750uC. The life time of the coating will instead be
limited by coating condition at hot spots along the blade
geometry where the model has good accuracy. The
estimated metal temperature can therefore be used as
input parameter in overall models of coating life like
that described by Chan et al.5

For other purposes like thermomechanical modelling
where it is also interesting to know the exact tempera-
ture in the lower temperature range, the temperature
estimate is less accurate but can still be used to compare
different locations in components.

The loss of accuracy with lower temperature is
however not unique for this model but applies to all
models based on diffusion controlled phenomena.

16 Composition profiles measured at S5 and calculated

phase fractions superimposed on SEM BSE image of

actual microstructure: plate like precipitates seen on

superalloy side of interdiffusion zone are M23C6 car-

bides; at lower temperatures, s phase also precipi-

tates at this location with same morphology but with

brighter intensity in BSE image
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It should be mentioned that the authors can only
discuss the accuracy of the model in terms of reprodu-
cibility and not the absolute precision of the obtained
results, because the actual metal temperature is of course
the unknown that the authors aim to obtain. The
rigorous calibration procedure from laboratory speci-
mens should however ensure that the precision is also
good.

There are a few further limitations for the developed
model that should be mentioned. The most severe being
that it can only be used on material systems close in
composition to that of the isothermally heat treated
specimens. The coating on the service exposed blade
investigated in the present work had a slightly different
composition (more Cr) compared with the coating
applied to the isothermally heat treated specimens, but
it was found that the behaviour for the service exposed
blade at high temperatures was similar to the behaviour
observed in the isothermally heat treated specimens. At
temperatures below an estimated temperature of 850uC,
it was found that s phase started to precipitate. This will
of course change the overall behaviour of the system and
therefore the accuracy of the model must be expected to
become poorer with increasing volume fraction of s
phase.

The influence of the precipitation of s phase or other
phases on the diffusion behaviour at the interface and
therefore on the applicability of the simple model
developed can be estimated on the basis of finite difference
diffusion modelling software such as DICTRA.20 This will
be the subject of a future publication.

From the example shown it is also apparent that it is
not possible to estimate the metal temperature at hot
spots or points of local degradation where the b phase
has been totally depleted, because there will be no Al
peak to measure against in the intensity plots. Measure-
ment will also be difficult at locations where the
temperature has been so low that no significant inter-
diffusion has occurred such as the positions S7–S10 for
the investigated turbine blade.

Conclusion
Interdiffusion at the interface between a Co–36.5Ni–
17.5Cr–8Al–0.5Y, MCrAlY coating and the underlying
IN738 superalloy was studied in a large matrix of
specimens isothermally heat treated up to 12 000 h at
temperatures 875, 925 or 950uC. Microstructural inves-
tigations and calculated phase fraction diagrams show
that a precipitate free zone forms between the coating
and superalloy and grows with time. The width of the
growing zone was estimated on the basis of average
intensity profiles obtained from experimental X-ray
maps measured using EDS in a SEM. Three different
methods for measuring the width of the precipitate free
zone from the intensity profiles were investigated. The
interdiffusion at the interface results in the formation of
distinct peaks in the aluminium intensity profiles and
measuring the distance between these peaks gave the
most reproducible results.

A simple parabolic growth model was set up to
estimate the metal temperature near the coating/
substrate interface based on the growth kinetics of the

precipitate free zone. Parameters for the model were
extracted from measurements of the width of the
growing precipitate free zone with time.

The developed model was used to estimate metal
temperatures for a service exposed, first stage gas
turbine blade. The coating on this blade had a higher
Cr content than isothermally heat treated specimens, but
the high temperature behaviour was found to be similar
to that of isothermally heat treated specimens.

It was shown that the developed model can be used
with good accuracy in the temperature range where the
coating is degraded and thus that the estimated metal
temperature can be used as input for models of coating
life time.
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Abstract 

Interdiffusion at the interface between a Co-36.5Ni-17.5Cr-8Al-0.5Y, MCrAlY coating and 

the underlying IN738 superalloy was studied in a large matrix of specimens isothermally heat 

treated for up to 12,000 hours at temperatures 875°C, 925°C or 950°C. Modelled results using 

the finite difference software DICTRA was compared with experimental average composition 

profiles measured across the interface. The simulated results were able to qualitatively predict 

the phase-transformations occurring at the interface. The microstructural studies showed that 

a layer of continuous γ´ was formed on the superalloy side of the interface. This was found in 

the simulated results as a very high fraction of γ´. In order to treat this correctly a model able 

to employ more than one matrix phase would be needed. For the present simulations an 

approximate solution was reached by assuming that diffusion in the γ´-phase is slow 

compared to diffusion in the γ-matrix. 

Introduction 

In the gas turbine, hot section components such as blades and vanes are protected against the 

aggressive high temperature environment by one or several coatings. Two of the major 

degradation mechanisms are oxidation and hot corrosion. The MCrAlY (M= Ni,Co) type 

coating provides good protection against these phenomena by forming stable aluminium and 

chromium oxides at the outer surface. As long as the coating contains enough aluminium and 

chromium to form these oxides, the structural part of the blade (the underlying superalloy) 

remains intact. When e.g. the amount of aluminium in the coating becomes low (after long 

service time) the coating has to be stripped of and a new coating applied.  



 2 

 

The life time of the coating therefore depends on the availability of the oxide forming 

elements. The formation of protective oxides is however not the only mechanism, removing 

aluminium and chromium from the coating. At the interface between the coating and 

underlying superalloy, compositional differences can lead to significant loss of the active 

elements through interdiffusion.  

 

The behaviour at the interface is complex and will depend on the compositions of the specific 

coating/ superalloy system chosen for the component. Typically phase transformations occur 

in both coating and superalloy as a result of the interdiffusion. Thermodynamic and kinetic 

modelling software may help in understanding these transformations and at the same time 

provide a tool for predicting the behaviour of specific coating/ superalloy combinations. 

Using the finite difference software DICTRA [1] to solve the diffusion equations, combined 

with multicomponent diffusion mobility and thermodynamic databases allows us to predict 

phase fractions and interface behaviour of the many different elements present in commercial 

superalloys and metallic coatings. 

 

In order to test the accuracy of the modelled results, detailed experimental data needs to be 

available for comparison. In previous work [2], the interdiffusion behaviour between a Co-

36.5Ni-17.5Cr-8Al-0.5Y, MCrAlY coating and the underlying IN738 superalloy was studied. 

The experimental work revealed that the following phases were present at the interface: γ, β, 

γ´, MC and M23C6. Normally when using EDS or WDS methods for composition profiling in 

multiphase systems there will be a large scatter in the measurements depending on the 

position of the electron microprobe and whether it “hits” in the γ-matrix or in one of the 

precipitate-phases, β, γ´, MC or M23C6. In contrast the compositions calculated by DICTRA 

will be an average of all the phase compositions. An experimental approach developed in 

previous work [3] allows for the measurement of true average composition profiles across the 

interface that can be directly compared to calculated results. 

 

In the previous work a precipitate free zone was found between MCrAlY coating and IN738 

substrate and was assumed to grow following a parabolic growth law. This was a simple 

assumption and even though the fit to the experimental data was good, it was thought by the 

authors that the simple growth law did not fully describe the processes taking place at the 
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interface. In the present work the DICTRA software is used to test the basic assumption of 

parabolic growth and to illustrate the complexity of the interface behaviour. 

Material 

Microstructural investigations were done for a matrix of isothermally heat treated MCrAlY/ 

IN738 specimens [2]. Average composition profiles were measured using an approach that is 

described in [3]. 

 

Average compositions of the IN738 specimens and the MCrAlY coating are shown in tables 1 

and 2. The MCrAlY coating was applied by low pressure plasma spraying after which, the 

specimens received a standard two step heat treatment: 

 

1) 1120ºC for 2 hours then air cooled with an average cooling rate of 35ºC/min to 650ºC. 

2) 845 ºC for 24 hours then air cooled with an average cooling rate of 20ºC/min to 650ºC. 

 

In the following the as-coated condition refers to specimens having received this initial heat 

treatment.  

 
Table 1: Average composition of MCrAlY coating. 

MCrAlY Ni Cr Al Y Co 
Mass% 36.5 17.5 8 0.5 bal 
 
Table 2: Average composition of superalloy IN738 

IN738 Cr Co Al Ti W Ta Mo C Zr B Nb Ni 
Mass% 16.0 8.5 3.4 3.4 2.6 1.75 1.75 0.11 0.04 0.01 0.85 bal 
 

Specimens were then isothermally heat treated in air at 925ºC or 950ºC for 250, 500, 1,000, 

2,000, 4,000, 8,000 and 12,000 hours or at 875 ºC for 500, 1,000, 2,000, 4,000 and 8,000 

hours. 

 

Standard metallographic procedures were used to cut, mount and polish the specimens in cross-

section. Specimens were ground and then diamond polished to 1 µm finish. The metallographic 

specimens were then coated with approximately 50 nm evaporated carbon for observation in a 

JEOL 5900 scanning electron microscope (SEM) equipped with an INCA 400 EDS system from 

Oxford Instruments. 

 



 4 

The interface between coating and superalloy was studied in cross-section both in polished 

and etched condition using backscatter contrast.  

Microstructural observations 

In previous work [2], it was found that diffusion of aluminium from coating into the IN738 

substrate resulted in the formation of a precipitate free layer in the interdiffusion zone and the 

formation of a γ´-rich layer on the superalloy side of the interface.  

 

During the first, high temperature step of the initial heat treatment an interdiffusion zone 

between the coating and the substrate is formed as aluminium is transported into the substrate. 

During the second step of the initial heat treatment, fine γ´-particles precipitate in the 

interdiffusion zone and with time further transport of aluminium into the substrate results in 

the formation of a precipitate free zone. The previous investigations indicated that this 

precipitate free zone grew according to a parabolic growth law and this was used to develop a 

simple model for estimating the metal temperature of components from the width of the zone. 

 

Fig. 1 shows the microstructure at the interface in a specimen isothermally heat treated at 

925°C for 250 hours. The precipitate free zone is visible between the bulk coating and a zone 

with increased volume fraction of γ´ on the superalloy side.  

 

 
Fig. 1: Interface between coating and substrate for a specimen heat treated for 250 hours at 925°C.  The 

precipitate free zone is visible  
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For comparison with modelled results average composition profiles across the interface were 

obtained for all the isothermally heat treated specimens. Fig. 2 shows measured composition 

profiles for specimens heat treated at 875°C. The behaviour at 925 and 950°C is similar to the 

behaviour observed at 875°C, except that the precipitate free zone grows faster as a result of 

the higher temperature. 

 

 
Fig. 2: Measured composition profiles for the as-coated specimen and specimens heat treated at 875°C for 

250, 1,000 or 4,000 hours.   

 

From the experimental composition profiles, phase fraction diagrams were calculated using 

Thermo-Calc. This was done by first applying a smoothening procedure to the measured 

profiles and then calculating equilibrium phase fractions for each data-point using the 

Thermo-Calc software. Thermodynamic data was obtained from the nickel-alloy database Ni-

data v. 4 by Thermotech Ltd. [4].  

 

Phase-fraction diagrams calculated from the composition profiles in Fig. 2 are shown in Fig. 

3. Since the profile for carbon was unknown (can not be measured using EDS), carbon was 

not included in these calculations. Therefore Cr-rich σ-phase is predicted to appear at the 

location where Cr-rich M23C6 carbides are found in the actual microstructure (see Fig. 4). The 

calculated phase fraction diagrams nicely illustrate the formation of the precipitate free zone.    
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Fig. 3: Phase fraction diagrams calculated from the composition profiles presented in Fig. 2. 

 
 

 
Fig. 4: Cr EDS x-ray maps showing Cr-rich M23C6 carbides on the substrate side of the interface; Left: 

8,000h at 875°C. Right: 8,000h at 925°C. [2] 
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Modelling  

Modelling was performed using the DICTRA software from Thermo-Calc AB. 

 

DICTRA employs a finite difference approach to solve flux and conservation equations 

between node-points. Temperature and concentration dependent diffusion coefficients are 

obtained from multicomponent thermodynamic factors and diffusion mobilities. 

Thermodynamic factors are calculated within each time step in the Thermo-Calc software that 

also calculates phase fractions in each node point based on the chemical composition in the 

node-point. The phase fractions are therefore calculated under the assumption of local 

equilibrium. Thermodynamic data was obtained from the nickel-alloy database Ni-data by 

Thermotech [4]. Kinetic mobilities were obtained from work by Campbell et al. [5]. 

 

In the DICTRA software the atomic mobility coefficient, MB of an element B is described by 

an expression derived from absolute-reaction rate theory: 

 

1exp B
B B

QM M
RT RT

° − =  
 

 

 

where the mobility coefficient is divided up into an activation enthalpy QB and a frequency 

factor BM ° . Both the activation enthalpy and the frequency factor will in general depend upon 

composition, temperature and pressure. The composition dependency is represented with a 

linear combination of the values at each endpoint in composition space and a Redlich-Kister 

expansion, in spirit with the Calphad approach [6]:  

 

,

0

( )
m

i r i j r
B i B i j B i j

i i J i r

x x x x x
> =

 Φ = Φ + Φ −  
∑ ∑∑ ∑  

 

where ФB represents the composition dependent parameter, i
BΦ  is the value of ФB for pure i, 

,r i j
BΦ  are binary interaction parameters where the comma separates different species 

interacting with each other, and xi is the mole fraction of element i. [7] 

 

The atomic mobility coefficient can be related to the tracer diffusion coefficient by  
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*
B BD RTM=  

 

The chemical diffusivity is given by a more complex expression where the concentration of 

one element has been chosen to be dependent on the others. The reduced chemical diffusivity 

is given by [8] 

( )n i i
kj ik k i i

i i n

D x x M
x x
µ µδ

 ∂ ∂
= − − ∂ ∂ 
∑  

 

where n, k and j are the dependent, the diffusing and the gradient element, respectively, ikδ  is 

the Kronecker delta ( 1ikδ =  if i=k and 0ikδ =  otherwise), xk is the mole fraction of element k 

and µi is the chemical potential of element i. 

 

Initial concentration profiles were entered using an error function expression as shown below: 

 

2 1
1

( ) 1
2

ix xc cc erf
s

  −−  + +     
 

 

where c1 and c2 are the initial concentrations on different sides of the interface, x is the 

position on the x-axis, xi is the position of the interface (typically in the centre of the 

calculation region) and s is a constant used to adjust the smoothness of the transition between 

the two concentrations in the vicinity of the interface. 

 

The average specified compositions from Table 1 and Table 2 were entered as start values. 

The actual composition of the specimens may deviate somewhat from the average specified 

composition. The purpose with the current work is however to use DICTRA as a predictive 

tool for the behaviour of coated gas turbine components and for such components typically 

only the specified compositions are available.   

 

Diffusion calculations were done considering the elements Al, Ti, Cr, Co, Ni, Mo, Ta, W and 

C.  Phases considered in the calculation were γ-fcc, γ´, β, σ, bcc, MC and M23C6.  

 

There is one consideration that should be mentioned concerning the inclusion of carbon in the 

calculations. During the initial high temperature heat treatment the M23C6 Cr-rich carbides are 

not thermodynamically stable and carbon is instead found in Ti-Ta rich primary carbides. 
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These primary carbides are not thermodynamically stable at the three isothermal heat 

treatment temperatures (875, 925 and 950ºC), and in the calculations carbon will therefore 

immediately be “free” to form M23C6 carbides. In the actual microstructure, the primary 

carbides are only very slowly dissolved, thus limiting the amount of “free” carbon available to 

form M23C6 carbides.   

 

The simulation 

The initial heat treatment was incorporated as part of the interdiffusion calculation as shown 

in Fig. 5. After the initial heat treatment the isothermal heat treatments at 875, 925 and 950ºC 

were simulated.  

 

The time step was chosen to fit the experimental details; a short time step was used for the 

initial high temperature treatment and during simulation of the cooling procedures, while a 

larger time step could be used when the temperature was held constant during the final 

isothermal heat treatments. 
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Fig. 5: Initial heat treatment after the plasma spraying. 

 

In the calculations the total region was 650 µm wide with the interface between coating and 

superalloy located at x = 150 µm. The coating region was assumed to be 150 µm wide, which 

is half the thickness of the original coating. This was entered as a first approximation since 

aluminium will not only be depleted by interdiffusion but also by oxidation at the surface. 

Using 150 µm as the size of the region in the calculations therefore corresponds to assuming 

that depletion of aluminium occurs at the same rate for the two mechanisms. 
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The standard DICTRA model developed by Engström et al. [9] is a so-called disperse phase 

model that only takes into consideration diffusion in the matrix phase while particles are 

handled as non-diffusion phases. The model therefore assumes that the γ-phase is a 

continuous phase and that diffusion only takes place in this phase. The other phases present 

are implemented as dispersed phases that act as point sinks or sources for solute atoms as the 

fraction of the phases grow or shrink in response to the simulated composition in specific 

node-points.   

 

This means that all other phases than the continuous matrix phase are considered as obstacles 

for the diffusion in the calculations. This is implemented by multiplying the diffusion 

parameters for the pure matrix phase with a resistance parameter also called a labyrinth factor 

that is a function of the volume-fraction of particles. 

 

Concerning the diffusion, the system is thus approximated as a two-phase system consisting 

of matrix and particles. All particles are assumed to have the same influence on the diffusion, 

neglecting differences due to different crystal structures of different particles etc. For the 

present case we have β-particles on the coating side of the interface and γ´-particles on the 

substrate side of the interface. These different particles may in reality have a different 

influence on the diffusion but in the calculations they are assumed to slow down the diffusion 

in the exact same way, only depending on volume fraction. This treatment also means that for 

instance the influence of coarsening of particles is not taken into consideration in the 

calculations. 

These limitations may seem severe, one of the purposes of the current work was however to 

find a tool to predict the behaviour at the interface without using excessive computation time 

so that the model would be directly applicable to practical cases from the industry. With more 

complicated models it would probably be necessary to do calculations with a reduced system 

(fewer elements) in order to keep the simulations within a reasonable time-frame, which 

means it may be hard to apply the models directly to service exposed components where the 

complex phase-transformations and precipitations taking place are an effect of all the 

elements present.   

 

A common choice for the labyrinth factor is simplified versions of the bounds derived by 

Hashin and Shtrikman [10]. Hashin and Shtrikman used variational methods to derive upper 

and lower bounds for the effective magnetic permeability of macroscopically homogenous 
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and isotropic multiphase materials. The bounds are also applicable to diffusion and have been 

used by Engström et al. [11] and Gómez-Acebo et al. [12]. 

 

Under the assumption that Dγ > Dparticles the following expression for upper and lower bounds 

for the effective diffusivity can be applied:  
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When Dγ >> Dparticles and fγ > fparticles then the upper bound can be simplified to: 
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This last expression was used by Gomez-Acebo et al. [12] in their calculations and is 

equivalent to the expression derived by Raleigh [13] for the influence of spherical particles.  

 

In the present calculations the volume-fraction of γ´ reaches a very high value at the interface 

between coating and superalloy because of diffusion of aluminium into the substrate. During 

the initial heat treatment the presence of σ-phase, β-phase and the high volume fraction of γ´ 

causes the volume fraction of γ-fcc to go to almost zero at the interface. If the Raleigh 

expression is used, the labyrinth factor will then be close to zero, causing the diffusion to stop 

entirely, which is not consistent with the experimental data. 

 

Therefore a different expression for the labyrinth factor had to be used. In the actual 

microstructure, when the γ-fraction goes to zero, the effective diffusion at the interface will 

depend on the diffusion parameters of the γ´-phase. These parameters are not accessible in the 

DICTRA disperse phase model, where only diffusion in the γ-fcc is treated; it does however 

seem safe to assume that diffusion in the γ´-phase will be significantly slower than diffusion 

in γ-fcc, because of the ordered crystal structure of γ´.  
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Therefore as a first approximation a labyrinth factor was used where it was assumed that 

when the volume fraction of γ-fcc approached zero, the diffusivity would be approximately an 

order of magnitude slower than in the γ-fcc ( 0.1particlesD Dγ= ). Inserting this expression into 

the above equations, leads to the following expressions, where the term in brackets can be 

used as labyrinth factor in the calculations: 
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In the present calculations the expression for the upper bound is used. It must however be 

emphasized that the used expression is an upper bound for a two-phase system where the 

diffusivity in the particle-phases is one tenth of the diffusivity in the matrix phase, it is not an 

upper bound for diffusion in the actual system. In order to employ the correct expressions for 

the system a model that could directly take the diffusion inside the precipitate phases into 

account would be needed. 

Results of simulations 

Modelling was performed for the initial heat treatment and it was found that at the start of the 

simulation the thermodynamics predicted the formation of γ´ in the interface almost 

immediately, which results in a large volume fraction of γ´ to be predicted in a single node-

point. This was inconsistent with the available experimental data, and therefore γ´ was 

suspended from the calculations during the high temperature part of the initial heat treatment 

(the first two hours at 1120ºC). In the actual interface microstructure it will take some time for 

the γ´ to nucleate and grow and the only way to implement this in the calculation is not to 

allow the γ´ to form immediately. During the following cooling, γ´ was then taken into the 

calculation and allowed to form.  

 

Fig. 6 presents modelled and measured composition profiles after the initial two-step heat 

treatment (as-coated condition), for 4,000 hours at 875, 925 and 950ºC. A good fit is obtained 

and the correct behaviour is observed for all elements.  
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In the DICTRA software, the calculated profiles can be directly converted into phase fraction 

diagrams. From the experimental composition profiles, phase fraction profiles can be 

calculated in Thermo-Calc by performing equilibrium calculations for the composition in 

each data-point along the profiles as was shown in Fig. 4. This allows for comparison of 

phase-fractions calculated from the experimental profiles and phase-fractions calculated from 

the DICTRA profiles. This is presented in Fig. 7, where the solid lines are calculated from the 

experimental data while the dotted lines are phase fractions predicted by DICTRA.  

 

Overall, there is a nice consistency between simulated and the experimental results. The 

modelled results are able to predict the formation of the precipitate free layer between coating 

and substrate, formation of the zone enriched in γ´, and also the increased volume fraction of 

secondary carbides seen in Fig. 4. Qualitatively the modelled results are therefore able to 

predict the interface behaviour in terms of correct trends in both composition profiles and 

phase-fraction diagrams. 

 
    Fig. 6: Measured and modelled composition profiles for major elements across the interface.  
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Fig. 7: Phase fraction diagrams; solid lines are calculated from the measured composition profiles and 

dotted lines are calculated from the modelled composition profiles. 

 

The width of the precipitate free zone was measured experimentally in previous work [2] and 

can now be compared with values obtained from the modelling using DICTRA. The 

experimental values were measured from composition/ intensity profiles. The modelled width 

was measured as the distance between the node-points where the γ´-fraction goes to zero and 

where the β-fraction goes to zero. The experimental and modelled layer widths are shown in 

Fig. 8. 

 

The simulated results were strongly dependent on the maximum time step used in the 

simulations; therefore the simulations had to be run with a low maximum time-step, and the 

final simulation of each temperature series have taken approximately a week of effective 

calculation time to finish. The reason for the time step dependency is that within each 

diffusion step an over-saturation of the matrix phase occurs and if the over-saturation is 

allowed to become too large (large time step) it will affect the simulated results.  
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Fig. 8: Measured and modelled widths of the precipitate free zone formed between coating and superalloy. 

 

The fit to the experimentally measured layer widths is quite good, which is in fact a bit 

surprising since the result is obtained without any input of the true diffusion parameters for 

the γ´-phase that reaches a high volume fraction at the interface. The reason for the nice fit is 

probably that diffusion in the γ´-phase is very slow compared to γ-fcc and therefore it works 

as an effective block for diffusion both in the actual microstructure and in the simulations. 

 

Initially a fast growth of the precipitate free zone is predicted, followed by a slower growth 

rate where the limiting parameter is diffusion across the γ´-layer at the interface. In order to 

simulate this accurately it will be necessary to implement the true diffusion parameters of γ´ 

into the calculations. For the present simulations the growth rate in this region is directly 

given by the choice of labyrinth factor and therefore the choice of diffusion parameters for the 

γ´-phase. 

 

For the long heat treatment times at 950ºC the growth rate of the precipitate free zone is 

predicted to increase again. The coating can no longer be considered as semi-infinite, 

resulting in a faster retraction of the β-phase. This is clearly visible in Fig. 9 where the 

movement of the “interfaces” is plotted and in the plot of β-phase retraction shown in Fig. 10.  
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Fig. 9:  Positions in the geometry where the β and the γ´-particles start to appear for the simulation at 

950ºC. The surface is located at x=0 and the original position of the interface between coating and 

superalloy (before the initial heat treatments) is indicated by the dashed line at x=150. 

 

 
Fig. 10: Simulated β- and γ´-phase behaviour at 875 (A) and 950ºC (B); profiles are plotted for 1,  2,000 

and 12,000 hours of isothermal heat treatment. 

 

Microstructural study of the specimen heat treated for 12,000 hours at 950ºC revealed that the 

coating had been almost totally depleted of β-phase. It may therefore be speculated that the 

nice fit of the simple parabolic growth law observed in previous work by the authors may be a 

result of an increased β-retraction after long heat treatment times because of the overall 

depletion of β-phase in the coating. If this is true, parabolic growth may not be observed for 

thicker coatings. 
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The DICTRA model assumes that the γ-fcc phase is the continuous matrix phase at all 

locations but the microstructure investigations indicate that the γ´-phase becomes the 

continuous phase at the interface as can be seen in Fig. 11. In order to model this correctly a 

model allowing for more than one matrix phase to be present in the calculations would have 

to be used, but this is left for future work. 

 

 
Fig. 11: SEM BSE images at different magnifications of the γ´-enriched zone at the interface after 

isothermal heat treatment at 950ºC for 12,000 hours. The precipitate free zone is visible at the top of the 

micrographs. The large bulky particles in the upper image are M23C6 carbides; the Ti-Ta rich primary 

carbides that appear white in the image have almost been totally dissolved. 
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Discussion 

Normally the DICTRA disperse phase model can only be used when the volume fractions of 

the dispersed phases are low compared to the matrix phase. In this specific case it goes well, 

since diffusion in the γ´-phase is low compared to diffusion in the matrix γ-fcc. The γ´ 

therefore works as an effective block for diffusion both in the actual microstructure and in the 

calculations.  

 

The modelled results are able to qualitatively describe the complex transformations occurring 

at the interface and to predict both the presence of the increased γ´- and M23C6 fractions at the 

interface. The growth of a precipitate free zone between the coating and the IN738 superalloy 

is also correctly predicted. 

 

The width of the growing precipitate free layer is of the same approximate size as that 

measured experimentally. In order to draw absolute conclusions from the simulated results it 

would however be necessary to employ a model able to take into account diffusion in the 

precipitate phases. 

 

In the calculations it was assumed that the coating region was of a finite thickness (150 µm) 

and that the β-depletion in this region only occurred because of interdiffusion with the 

underlying substrate superalloy. In the actual system the depletion may occur both due to 

interdiffusion and due to oxidation from the surface. Since the growth rate of the precipitate 

free zone was found to increase for the long simulation times at 950ºC, the boundary 

condition becomes critical and it is therefore necessary to implement the depletion caused by 

oxidation. 

Conclusion 

The complex interface behaviour between a Co-36.5Ni-17.5Cr-8Al-0.5Y, MCrAlY coating 

and the underlying IN738 superalloy was modelled using the finite difference software 

DICTRA. 

 

The modelling was able to qualitatively describe phase transformations occurring at the 

interface as a result of the interdiffusion between coating and superalloy. Simulations 

predicted that the interdiffusion resulted in the formation of a precipitate free zone, a γ´-rich 
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layer next to the superalloy and precipitation of secondary carbides on the superalloy side of 

the interdiffusion zone. These features were confirmed by microstructural investigations of 

isothermally exposed specimens. 

 

The width of the precipitate free zone formed between the coating and the superalloy were of 

the same size in the experiments and the simulations. A more sophisticated model able to take 

into account diffusion in the precipitate phases would be needed to precisely describe the 

interdiffusion.  
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Abstract 
 
Negative creep describes the time dependent contraction of a material as opposed 
to the elongation seen for a material experiencing normal creep behavior. 
Negative creep occurs because of solid state transformations that results in lattice 
contractions. 
 
For most applications negative creep will have no practical implications but 
under certain conditions it may become critical. For bolts and fasteners, which 
are highly constrained during service, negative creep may lead to dramatically 
increased stresses and eventually to failure. 
 
The article was inspired by a recent failure of Nimonic 80A bolts in German gas 
turbines. As a result of this failure similar bolts from Danish gas turbines of the 
same type were investigated and it was found that the bolts had experienced 
negative creep during service.  
 

1.  Introduction 
 
At elevated temperatures metallic materials may undergo solid-state reactions as 
a result of microstructural instability. These reactions are frequently accompanied 
by density changes, e.g. precipitation from solid-state can promote an expansion 
or contraction in alloys. In some cases, length changes may be observed at zero 
applied stress or an alloy may exhibit a contraction in spite of an applied tensile 
stress. The term �negative creep� is used to describe a time-dependent contraction 
of a material rather than the extension normally seen during creep tests. 
 
If a microstructural transformation occurs during a creep test then the observed 
creep curve will be a sum of two contributions, one from normal creep and one 
from length changes due to the transformation. Figure 1 shows a series of 
schematic diagrams of different material behaviour during creep tests and stress 
relaxation tests for a material that contracts during the testing because of a 
microstructural transformation. 
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Figure 1. Schematic drawings of negative creep behaviour (hatched areas). 
Normal creep behaviour (K) and volume contraction due to a solid-state 
transformation (GV) for normal creep tests (a to c) and for stress relaxation tests 
(d to f). [1] 
 
At high stresses normal creep behaviour (K) will dominate and the contribution 
from the microstructural transformation (GV) will be concealed within the sum 
curve (∑) (pictures a) and d) in Figure 1). At low stresses the contribution from 
the microstructural transformation may dominate and negative creep behaviour 
may be observed (pictures b) and e) in Figure 1). During creep tests a solid-state 
transformation may result in sample contraction in spite of the applied tensile 
stress and during stress relaxation tests there will be an increase in stresses in 
order to maintain the imposed constant strain. Pictures c) and d) in Figure 1 show 
a mixed behaviour, where negative creep is observed after short times, while 
normal creep behaviour dominates after long times. 
 
A quantitative treatment of the negative creep phenomenon is complicated 
because of the interaction between the two opposing processes. The plastic strain 
may accelerate the progress of the solid state reaction, while the resistance to 
plastic flow is dependent on the structural changes produced by the metallurgical 
reaction. [1] 
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For most applications the density changes introduced by a microstructural 
transformation will have no practical implications but under certain conditions it 
may become critical. For bolts and fasteners a situation close to that of the 
constant strain stress-relaxation tests can arise during service. 
 
Negative creep can occur in many different alloys. The first observations of 
negative creep were done by Fountain and Korchinsky [2] in 1959 during their 
work on iron-molybdenum and iron-tungsten alloys. In later work negative creep 
behaviour has been found for several different Ni-based superalloys and can be 
connected with solid state transformations such as the precipitation of carbides or 
order-disorder transformations. For superalloys that often contain numerous 
different alloying elements, long time exposure at elevated temperatures results 
in microstructural evolution and it has in fact been found that negative creep 
behaviour is more the rule than the exception. Kloos, Granacher and Bartsch 
found negative creep behaviour for the alloys IN713C, IN738LC and IN939 [3] 
(see Figure 2), and similar behaviour was found for Waspaloy [1]. The most 
comprehensive investigations on negative creep have been done for the alloy 
Nimonic 80A [4, 5, 6, 7, 8, 9], where lattice contraction occurs due to an ordering 
transformation. 
 

 
 
Figure 2. Density dependent strain due to structure induced density changes, 
measured in annealing tests [3]. 
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2.  Nimonic 80A 
 
Nimonic 80A is a widely used superalloy, e.g. for bolting material, and is widely 
treated in the literature. Nimonic 80A was introduced as a turbine blade alloy 
already in 1944 and was adopted as a bolting material for steam turbines in the 
mid 1960s for operating metal temperatures of 370�570ºC. The nominal 
composition of Nimonic 80A is shown in Table 1. 
 

Table 1. Composition of Nimonic 80A (weight percent). 
 

C Si Cu Fe Mn Cr Ti Al Co Mo B Zr Ni
0.04 1.0 0.2 1.0 1.0 18.0 1.8 1.0 2.0 0.3 0.0015 0.04 bal
0.10 max max max max 21.0 2.7 1.8 max max 0.005 0.10  
 
Failures of Nimonic 80A steam turbine bolts have been relatively infrequent. 
Approximately 0.4% of the bolts in service have failed much earlier than the 
expected stress rupture life [9]. Nimonic 80A does not normally experience creep 
in the temperature regime up to 600ºC and when failed bolts were investigated it 
was found that instead of normal creep extension the bolts had contracted during 
service. 
 
Stress relaxation testing and subsequent metallurgical investigation [4, 5] revealed 
that this unusual behaviour was due to an ordering transformation. Formation of 
the Ni2Cr ordered phase resulted in a general lattice contraction and gave rise to 
negative creep. 
 
Out of ~10,000 steam turbine bolts manufactured by Parsons Power Generation 
Systems 75 failures have been recorded and 34 of these were found to be a result 
of overload when ordering increased the stress levels in the bolts. For these bolts 
an initial overtightening combined with the lattice contraction caused the failure  
[6]. Usually the failure occurs as a brittle intergranular fracture [7]. 
 

2.1  Ordering of Ni-Cr matrix phase in Ni-based superalloys 
 
Superalloys are normally strengthened by precipitation of the ordered γ´-phase 
(Ni3Al) which has a very high resistance against coarsening, but at very long 
exposure times and rather low temperatures ordering of the otherwise disordered 
γ FCC matrix (Ni and Cr) can also take place. 
 
The degree of ordering has a maximum when the Ni:Cr ratio of a given material 
corresponds to the stoichiometric composition of the ordered phase (Ni2Cr). 
When the composition deviates from the ideal ratio (2:1) the kinetics of the 
ordering reaction become sluggish (formation is delayed) and ordering only 
appears after several thousands of hours of aging [10]. 
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The unit cell of the Ni2Cr phase is orthorhombic. The orientation relationship 
between the ordered phase and the fcc matrix is shown in Figure 3. 
 
The presence of the ordered phase in a given sample can be established by 
electron diffraction in a transmission electron microscope. The superlattice 
reflections marked 1 and 2 in Figure 4 clearly indicates the presence of the Ni2Cr 
ordered phase.  
 

 
 
Figure 3. Ordered structure of Ni2Cr.  The broken lines refer to the original fcc 
unit cell [1]. 
 

 
 
Figure 4. Diffraction pattern from Nimonic 80A thin foil containing the ordered 
Ni2Cr phase [4]. 
 
For the Nimonic 80A alloy the ordering transformation introduces a general 
lattice contraction of approximately 0.1%, which can produce an increase in 
stress [4] and therefore can result in negative creep. Figures 5 and 6 show the 
stress relaxation behaviour of Nimonic 80A during a constant-strain stress 
relaxation test at different temperatures. 
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Figure 5. Stress Relaxation of Nimonic 80A at a constant strain of 0.1% [11]. 

 
At temperatures above 550ºC Nimonic 80A exhibits normal stress relaxation 
behaviour in that the stress decreases with increasing test duration (Figure 5 and 
6). Below 550ºC the contraction due to the ordering transformation becomes the 
dominant factor, and negative creep behaviour is observed. 
 
The ordering transformation does not occur immediately due to sluggish kinetics 
because of deviation of the Ni-Cr matrix composition from the ideal 2:1 Ni:Cr 
ratio. The larger the deviation the more sluggish the kinetics become. This has 
been shown by Marucco in investigations on Ni-Cr-Fe alloys with varying 
composition [12]. 
 

 
 

Figure 6. Stress relaxation of Nimonic 80A at a constant strain of 0.15% [4]. 
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Total lattice contractions of up to 0.16% have been reported for a service time of 
50,000 h [6]. 
 
The ordering transformation has also been reported to result in an embrittlement 
of the bolting material. In failed bolts a lower charpy impact value and a higher 
microhardness value compared to virgin stock have been found [7]. However 
there is some doubt whether this effect is caused by the ordering transformation 
or by segregation of phosphorous to grain boundaries. [13] 
 
 

3.  Analysis of bolt specimens 
 
In German gas turbines two failures of Nimonic 80A bolts used for fixation of 
IN939 heat shields in the hot gas ducts of the turbines have recently been 
reported. The failure mechanism appeared to be creep and the failure occurred at 
a notch right below the bolt heads. 
 
Three bolts originating from Danish gas turbines of similar type in Hilleroed and 
Svanemoellen were studied at the Materials department (IPL-MPT) at the 
Technical University of Denmark in order to establish if these bolts had 
indications of creep failure. Figure 7 shows the setup used in the gas turbines. 
 
The estimated temperature of the bolt heads is 500−550°C. The lower part of the 
bolts is expected to be cooler than the bolt heads due to the flow of cooling air 
coming from the bottom.  
 

 
 

Figure 7. Geometry of the heat shield and bolt-setup. 
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Figure 8. Schematic drawing of a bolt; the notch where failures have been found 
in German gas turbine bolts is marked with an arrow. 
 
The failure was reported to happen at a notch right below the bolt head as shown 
in the schematic drawing in Figure 8. 
 
An overview of the specimens available for metallurgical studies is shown in 
Table 2. Bolts B1 and B2 were as shown in Figure 8 while B3 had an extra 
cooling hole in the bottom of the bolt. 
 

Table 2. Test specimens. 
 
 Cooling hole Eqv. service 

hours / EOH
Number of 

starts 
Estimated service 

temperature at  
bolt-head 

B1 no 89198 2279 
B2 no 57100 543 
B3 yes 57100 543 

 
500�550°C 

ref  0 0 N/A 
 
 

3.1  Experimental procedures 
 
Cross sections were prepared from all four bolts and studied in a light optical 
microscope (LOM) in order to look for signs of creep damage, and the oxidation 
of the surface of the service exposed bolts was studied in the scanning electron 
microscope (SEM). 
 
The presence of the ordered Ni2Cr phase described in the literature was 
investigated in a transmission electron microscope (TEM) using diffraction 
mode. TEM thin foils were prepared from different locations in all the bolts. 
Thinning of the foils was done by electropolishing in perchloric acid. 
 
Finally part of the bolt B3 was sent to the materials research department (AFM) 
at Risoe National Laboratory for dilatometer testing. 
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3.2  Stereo microscopy and light optical microscopy 
 
Investigation in the stereo microscope and in the light optical microscope indicated 
no presence of creep cavities or beginning creep failure neither at the notch where it 
has been found in German Nimonic 80A gas turbine bolts or anywhere else in the 
bolts. Figure 9 shows the microstructure of one of the service exposed bolts.  
 

 
 
Figure 9. LOM micrograph of the microstructure of bolt B2; discrete carbide 
particles are located at grain boundaries. 
 

3.3  Transmission electron microscopy (TEM) 
 
TEM specimens revealed the presence of the ordered Ni2Cr phase in all the bolts 
that have been in service. In the bolts that did not have a cooling hole running 
through the entire length of the bolt the ordered phase was only present in the 
lower part of the bolt, while it was present in the entire body of B3. The ordered 
phase was not found in any of the bolt-heads where the temperature has probably 
been too high for the ordered phase to be thermodynamically stable; also the 
ordered phase was not present in the reference bolt. 
 

 
Figure 10. Schematic drawing of the bolts. The arrows indicate the locations 
from which TEM thin foils were prepared; arrows marked �no� indicates areas 
where ordering was not found (No Ordering) and arrows marked �o� indicates 
areas where the ordered phase was found. 
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Figure 11. [001] Electron diffraction pattern from the lower part of bolt B1.  
1 and 2 indicate diffraction points from two different Ni2Cr super-lattices.  
γ´ indicates super-reflections from the Ni3Al ordered phase.  
 
The fact that the ordered phase is not present in the upper part of bolts B1 and B2 
indicates that the temperature of this part has been above the critical temperature 
for the formation of the ordered Ni2Cr phase. The extra cooling of bolt B3 has 
brought the temperature down to an area below Tc making the ordered phase 
energetically favorable. 
 

3.4  Scanning electron microscopy (SEM) 
 
Investigation of cross sections in the scanning electron microscope shows that the 
head of the bolts have seen a substantially higher temperature than the body of 
the bolts. It is clear that the heads are much more attacked by oxidation. Both 
surface and internal oxidation can be seen in the bolt heads (Figure 12), while the 
bolt body only shows signs of surface oxidation (Figure 13). This implies that the 
bolt heads have seen a higher service temperature than the other parts of the bolt. 
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Figure 12. SEM images of part of the bolt head. The bolt head is heavily 
oxidized. (left) SE image and (right) BSE image of the exactly same area. 
 

 
 
Figure 13. SEM SE image of the oxidation along the body of the same bolt shown 
in figure 12; notice the different scales. 
 
This result corresponds nicely with the TEM results since it was speculated that 
the temperature in the bolt heads had been above the critical temperature for the 
formation of the ordered phase, while the body of the bolts had seen a lower 
service temperature. 
 

3.5  Dilatometer 
 
The material was heated up to 700ºC at a rate of 2ºC/min and the expansion of 
the material with temperature was recorded. 
 
The tests show that the presence of the ordered phase indeed introduces a lattice 
contraction of about 0.1% in the lower part of the bolts. 
 



 

  340

Figure 16 shows the measured dilatometer curve for material from the lower part 
of bolt B3. During the first heating cycle an extra expansion is found due to the 
disappearance of the ordered phase at temperatures above Tc. After the specimen 
has been cooled to room temperature the experiment is repeated and the 
specimen is reheated. Now the extra expansion is no longer present in the curve 
(2nd cycle in Figure 14).  
 

 
 

Figure 14. Dilatometer curve for lower part of B3. 
 
This experiment shows that it is very easy to remove the ordering by holding 
specimens for a short while at a temperature above Tc. The second heating cycle 
does not show the same extra expansion because of the sluggish kinetics of the 
ordering formation. Like the initial formation of the ordering it will take several 
thousands of hours in the temperature regime 400�550ºC to again reestablish the 
ordering.  
 
 

4.  Discussion 
 
The Nimonic 80A alloy does not normally suffer from excessive creep in the 
temperature regime 500−550ºC. However it has previously been found that 
negative creep in combination with an excessive prestraining of the bolts during 
tightening has led to failure of steam turbine bolts [6]. In the present case several 
different factors contribute and the sum of these factors may have led to the 
failure of the German gas turbine bolts.  
 
Unlike steam turbine bolts the investigated bolts experience a temperature 
gradient during service. The temperatures are such that the Ni2Cr ordered phase 
is thermodynamically stable in the lower part of the bolts but not in the bolt 
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heads. This leads to negative creep occurring in the lower part of the bolts but not 
in the bolt heads and will very likely result in a stress buildup in the exact area 
where the failure was found to initiate. Furthermore a notch is located at exactly 
this location (right below the bolt head) and acts as initiation site for the creep 
rupture. It is not believed that any of these factors by themselves can cause a 
failure, but the combination of differences in temperature, negative creep, the 
location of the notch and perhaps an initial overtightening may have lead to the 
observed failure of the German gas turbine bolts. The combination of factors 
contributing may also explain that the failure appeared as a typical creep failure, 
contrary to the brittle failures observed in steam turbine bolts. 
 

5.  Summary 
 
Negative creep is the result of a solid-state transformation occurring during 
service or creep testing. For most applications the phenomenon is non-critical but 
for certain constrained components it may become critical. 
 
For the alloy Nimonic 80A negative creep occurs due to ordering of the matrix 
phase resulting in the formation of the Ni2Cr ordered phase. The negative creep is 
only observable after several thousand hours of exposure in the temperature 
regime 400�550ºC. The sluggish kinetics are probably caused by the deviation in 
composition from the 2:1 stoichiometry for Ni and Cr of the ordered phase. The 
ordering has in combination with other factors such as overtightening led to 
failure of steam turbine bolts. 
 
A recent failure of Nimonic 80A gas turbine bolts in German gas turbines 
inspired an investigation of similar bolts from Danish gas turbines of the same 
type. Investigation in the TEM revealed the presence of the ordered phase in 
these bolts. The ordered phase was only found in the body of the bolts not in the 
bolt heads. This is because the temperature at the bolt heads was above the 
critical temperature for the ordering transformation. 
 
It was shown by dilatometer experiments that the ordering transformation had 
resulted in a contraction of the lower part of the bolts of the order of size of 
0.1%. It was also found that the ordering can be removed by a short heat 
treatment above the critical temperature for the ordering transformation. 
 
It is believed that negative creep may have played a significant role in the failure 
of the German Nimonic 80A gas turbine bolts.  
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Technical University of Denmark, DTU, Lyngby, Denmark. 

Abstract 

Plate-like precipitates were found in a service exposed IN792 gas turbine blade after service 

exposure for 40,000-60,000 hours in a temperature range of 680-760ºC. The precipitates were 

located in the metallic layer beneath the outer oxide layer formed during service. 

 

Cross-sections prepared from the turbine blade was studied using LOM and SEM. EDS-

composition measurements of the plate-like precipitates were compared with results of 

thermodynamic equilibrium calculations using Thermo-Calc. Composition profiles across the 

interface between bulk material and oxide layer show that there was significant diffusion of 

Al, Cr and Ti from bulk material and outward to the oxide layer. Therefore the influence of 

this diffusion on phase stability was investigated using the Thermo-Calc software.  

 

The investigations proved inconclusive as to the exact nature of the precipitates and therefore 

a TEM thin foil was made using advanced FIB equipment. TEM/EELS investigations 

revealed that the precipitates were carbides and not σ-phase as first expected.   

Introduction 

At the high service temperatures in gas turbines the microstructure of nickel base superalloy 

components such as blades or vanes is degraded with time. Typical examples of 

microstructure degradation are coarsening of the strengthening γ´-phase; decomposition of 

primary carbides and precipitation of lower carbides; precipitation of intermetallic phases 

such as σ or µ depending on alloy chemistry. 
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The precipitation of brittle intermetallic phases is generally unwanted since it may have a 

deleterious effect on mechanical properties of components, where the brittle phases are known 

to act as initiation sites for fracture [1]. Usually these phases are avoided by carefully 

controlling the alloy chemistry. Interdiffusion with an applied coating, or outward diffusion of 

active elements to sustain a protective surface oxide layer may however cause local changes 

in chemistry towards compositions that favour the precipitation of these phases.  

 

Since nickel base superalloys often contain more than 10 different chemical elements it can be 

very difficult to control the behaviour of the microstructure of a component under the 

complex interaction with the environment in the gas turbine in terms of stress, temperature 

and gas composition. Consequently, surprising features are sometimes found during service 

overhauls. The present work investigates such a case where precipitation of plate-like 

precipitates was found in a service exposed IN792 turbine blade. The main purpose of the 

work was to find the exact nature of the precipitates and possibly the mechanism behind their 

precipitation. Another purpose was to relate the experimental findings to results of 

thermodynamic equilibrium modelling and thereby test the accuracy of the thermodynamic 

database available for phase prediction. 

Experimental details 

The blade that initiated the current investigation was an uncoated, conventionally cast IN792 

turbine blade that has run for 40,000 to 60,000 hours (the exact service time is not known) at a 

temperature of 680-760ºC. The average chemical composition for the IN792 material is 

shown in table 1. The blade did not have any internal cooling. Plate-like precipitates were 

found in the near surface regions, especially near the leading edge.  

 

The blade was sectioned and standard metallographic procedures were used to cut, mount and 

polish specimens in cross-section. Specimens were then ground and diamond polished to 1 

µm finish. For the light optical microscope (LOM) the specimens were etched using Kallings 

reagent to etch the bulk microstructure and Murakami etchant to etch the plate-like 

precipitates only. For work in the scanning electron microscope (SEM) the specimens were 

used in the polished condition and coated with approximately 50 nm evaporated carbon. 
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Table 1: IN792 specification from supplier    

C Cr Co Mo Ti W B Al Hf Ta Ni 
0.08 12.4 8.9 1.9 3.9 3.9 0.015 3.5 0.5 4.2 bal 

 

Observations and EDS spectroscopy was carried out in a JEOL 5900 SEM operated under 

high vacuum conditions; the EDS system used was INCA 400 from Oxford Instruments. The 

experimental results were compared with results of thermodynamic modelling using Thermo-

Calc [2] version Q. Calculations were done using the thermodynamic database for nickel base 

alloys Ni-DATA v. 4 developed by Thermotech ltd. [3]. 

 

Since the nature of the precipitates could not be conclusively proven using only SEM EDS 

measurements a TEM thin foil was made using focused ion beam milling (FIB) equipment 

located at Chalmers in Göteborg. The use of FIB equipment was necessary since the 

precipitation only occurred in a thin section near the surface making it impossible to make a 

conventional TEM thin foil. Electron energy loss spectroscopy (EELS) was done in a JEOL 

3000F FEG transmission electron microscope equipped with an Oxford Instruments Inca Link 

ISIS EDS and Gatan Imaging Filter. 

Experimental observations (LOM and SEM) 

Plate-like precipitates were found in large amounts near the leading edge of the blade where 

also severe surface oxidation could be observed. In other areas of the blade smaller amounts 

of precipitates were observed in the area beneath the outer oxide layer. Fig. 1 shows a LOM 

image of a cross-section. A clear change in microstructure from surface to bulk material can 

be observed: The oxide layer (top of the image) is followed by a thin metallic layer where the 

γ´ structure has disappeared and there are very few precipitates. Further into the bulk material 

plate-like precipitates are found, and finally at the bottom, the original IN792 microstructure 

with no plate-like precipitates. 
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Fig. 1: LOM image showing the change in microstructure from surface to bulk. The specimen was etched 

using Kallings reagent. 

 



 5

Fig. 2 shows LOM images of the area near the leading edge. The morphology of the 

precipitates is very typical for the brittle intermetallic TCP (topologically close packed) 

phases like σ which in almost all cases appear as plate-like precipitates in superalloys.  

 

 
Fig. 2: Light optical micrographs showing plate-like precipitates in the area beneath the outer oxide layer.  

 

The composition of the plate-like precipitates was measured using EDS spot analysis. The 

plate-like particles are very thin and therefore it is not possible to get an accurate analysis 

since there will also be some response from the matrix phase. It is however possible to see 

some trends. Fig. 4 shows a SEM micrograph using backscatter contrast of both plate-like and 

grain boundary precipitates. The location of EDS spot measurements are shown in the picture 

and the results are presented in table 2. 

 

The EDS measurements show that the precipitates are rich in Cr which is consistent with σ-

phase that has a typical composition of (Cr, Mo)x(Ni, Co)y, where x and y can vary from 1 to 7 

[1], but the Co content seems to be lower in the precipitates than in the surrounding matrix, 

which is not expected for the σ-phase. X-ray mapping clearly shows the presence of Cr within 

the precipitates (Fig. 3). 
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Fig. 3: Cr and Ni x-ray maps with the oxide layer located to the right in the images.  The Cr-rich 

precipitates are clearly visible and also the Cr-depleted layer beneath the outer oxide layer. 

 

 
Fig. 4: SEM BSE image of plate-like precipitates with location of EDS measurement positions plotted.  
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Table 2: Results of EDS spot analysis in mass %.  

Type Nr. Al Ti Cr Co Ni Mo Hf Ta W 
Plate 1 2.1 2.8 32.2 7.5 43.1 3.9  2.0 6.4 
Plate 8 2.3 2.9 34.2 6.7 40.8 4.6  2.1 6.4 
GB 2 1.7 2.3 48.3 4.0 30.2 6.3   7.2 
GB 4 2.7 3.1 31.9 5.2 43.1 5.2  2.2 6.6 
GB 5 1.4 3.0 42.5 3.5 35.5 6.6   7.5 
GB 7 ~0.7 1.2 58.4 4.7 19.8 7.7   7.5 
γ´ 3 4.5 7.0 3.4 4.8 68.4  2.4 7.0 2.5 

MC 6  25.4 1.4 ~0.7 4.0 3.1  54.8 10.6 
Area Area 3.0 4.6 11.9 8.7 58.6 2.3  6.9 4.0 

 

The grain boundary precipitates and plate-like precipitates show the same trends. Compared 

to the overall composition the precipitates contain higher amounts of Mo and W and lower 

amounts of Ni and Co.  

 

M23C6 is also very rich in Cr and has been known to precipitate with the same morphology as 

σ-phase in some cases [4]. Distinguishing between σ-phase and M23C6 can however be 

difficult in the SEM, since it is not possible to measure for C using EDS. The dark contrast of 

the precipitates in BSE mode indicate that the mean atomic number of the precipitates is 

lower than that of the matrix, which could be an indication that they are carbides.  

 

The distribution of elements near the oxide layer was investigated from x-ray elemental-maps. 

Composition profiles were plotted from the intensity information stored in the images; this 

was possible using the grey scale conversion method described in a previous article [5]. The 

profiles that are shown in Fig. 5 show that significant diffusion of Cr, Al and also Ti takes 

place towards the oxide layer at the surface. Underneath the oxide layer there is a metallic 

zone depleted of Cr and Al. The plate-like precipitates are then found in the area beneath this 

depleted zone. 
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Fig. 5: Composition profiles for chosen elements for the area shown in the BSE SEM image in Fig. 3. The 

profiles were measured using the method described in [5] and applying a smoothening procedure. 

 

Thermodynamic modelling  

Thermodynamic modelling was done using Thermo-Calc version Q with the superalloy 

database Ni-DATA v. 4 developed by Thermotech ltd. [3]. Calculations were set up using the 

specified composition shown in table 1 and done considering the phases γ-fcc, γ´, M23C6, 

M7C3, M6C, MC and σ. The calculations predict that σ-phase is thermodynamically stable up 

to approximately 770ºC (Fig. 6). 

 
Fig. 6: calculated phase fractions as a function of temperature. 
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For comparison with EDS composition measurements the predicted compositions of stable 

phases at 700ºC are presented in Table 3. 

 
Table 3: Calculated phase compositions in mass%. 

 C Al Ti Cr Co Ni Mo Hf Ta W 

FCC - 0.5 0.1 24.9 15.2 50.2 3.1 - 0.2 5.8 

γ´ - 5.6 6.5 1.6 4.7 70.1 0.2 0.8 7.0 2.9 

M23C6 5.1 - - 68.7 2.1 4.2 18.5 - - 1.4 

σ - - - 48.8 20.0 16.0 12.9 - - 2.4 

 

The calculated composition of γ´ is in excellent agreement with the experimental 

measurement thought to be γ´ (measurement 3 in table 2). The measured chromium content of 

both plate-like precipitates and grain boundary precipitates is low compared to the calculated 

value for M23C6 but fits quite well with the content calculated for σ. The measured trend with 

lower Co content in the precipitates than for the overall composition does however not match 

with calculated results for σ-phase where a higher Co-content is predicted.  

 

When doing spot analysis of a precipitate in the SEM the measured results may contain a 

response from the matrix surrounding the precipitate if the electron interaction volume is 

larger than the size of the precipitate. In the present case the matrix contains less chromium 

but more cobalt than the precipitates. This could influence the measured values in the way 

that the measured chromium content of the precipitates would be lower than the actual content 

while the measured cobalt value would be higher. This effect can therefore explain that the 

measured chromium content is lower than the calculated contents of both σ and M23C6. It can 

however not explain the low cobalt content of the precipitates. Therefore if the 

thermodynamic data used for the calculations are accurate this points in the direction that the 

precipitates are actually carbides. 

 

At 700ºC the thermodynamic equilibrium calculations predict that the IN792 alloy lies within 

the γ, γ´, M23C6 and σ phase area (Fig. 7). The amount of σ-phase in the calculations follows 

the Cr-content. It would therefore be expected that if the precipitates were actually σ-phase 

then an increased Cr-content would be visible in the composition profiles in Fig. 5 in the area 

where the precipitates are found. This is not the case. The amount of M23C6 follows the C-

content but this could not be measured using EDS-equipment. 
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The combination of SEM investigations and calculated results therefore seem to indicate that 

the precipitates are carbides. 

 
Fig. 7: Calculated isothermal diagram for 700ºC showing the influence of varying Cr and C content with 

Ni as dependent variable. 

Experimental observations (TEM, EELS) 

In order to experimentally verify the indications from the thermodynamic equilibrium 

calculations, a TEM thin foil was made with FIB equipment using the lift out technique, 

which allows controlled localised sampling. A SEM image of the final thin foil can be 

observed in Fig. 8. The plate-like precipitates are clearly visible in the image, a larger more 

bulky particle can also be observed.  

 
Fig. 8: TEM thin foil made using focused ion beam milling. 
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Electron energy loss spectroscopy (EELS) was then used to map the chemical distribution of 

selected elements. From Fig. 9 it is again clearly seen that the plate-like precipitates are rich 

in Cr, and in the background Ni-rich γ´-particles can be observed.  

 

 
Fig. 9: EELS elemental maps showing Cr (left) and Ni contrast (right). The Cr-rich plate-like precipitates 

can easily be identified along with cuboidal γ´-particles rich in Ni and low in Cr. 

 

In the same manner chemical imaging can be used to see if the precipitates contain carbon. 

Fig. 10 shows chemical image maps of the distribution of C and Ti. The bright contrast in the 

C maps indicate that they are rich in C, and therefore that the precipitates are carbides. 

Another interesting feature was observed since the image maps indicate that the plate-like 

precipitates grow next to Ti-rich primary carbides also visible in the images. At the service 

temperature (~700ºC) the primary carbides are thermodynamically unstable but only dissolve 

very slowly. The carbon released when they dissolve is then precipitated in secondary 

carbides. This must however be expected to occur in the same manner at all locations in the 

turbine blade since it is not internally cooled, and can therefore not explain the local 

precipitation of a large amount of secondary carbides. 

 

Instead the mechanism suggested by Berthod et al. [4] seems likely: During service secondary 

carbides formed during the initial heat treatment, which are located near the outer surface are 

dissolved because of diffusion of Cr towards the oxide layer. The carbon released by this 

process diffuses in the opposite direction into the bulk material and results in an increased 

amount of secondary carbides in the area right beneath the Cr depleted zone. For the present 

case it is expected that diffusion of Ti towards the oxide layer will also result in a faster 
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dissolution of the primary Ti-rich carbides in the surface area, resulting in even more C being 

able to diffuse inwards. 

 

 
Fig. 10: EELS elemental maps showing C (left) and Ti contrast (right). The plate-like particles are rich in 

C, and often grow next to Ti-rich particles also containing C.  

Conclusions 

A combination of SEM EDS investigations and thermodynamic modelling indicated that the 

precipitates were carbides, but more experimental proof was needed in order to be conclusive. 

This was gained from chemical imaging using EELS. In the process of making a suitable 

TEM thin foil from the local area where the precipitates were found it was necessary to use 

FIB equipment.  

 

The experimental investigations revealed that the precipitates found in the turbine blade were 

chromium rich carbides and not σ-phase as initially expected from the morphology of the 

precipitates. The combined approach using SEM EDS measurements and thermodynamic 

modelling was therefore able to point in the correct direction, even though the thermodynamic 

data predicted both σ-phase and M23C6 carbides to be thermodynamically stable. 

 

It seems likely that the carbide precipitation is caused by inward diffusion of carbon. The 

carbon is released from a chromium depleted zone right beneath the oxide layer where the 

carbides present in the initial microstructure are dissolved because of the outward diffusion of 

Cr and Ti into the oxide layer. 
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