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resumo 
 
 

Nos últimos anos, a mecanoquímica tem sido uma temática muito abordada na 
formação de materiais, motivada pelo grande interesse na preparação de 
nanopós. A sobressaturação estrutural de lacunas e a heterogeneidade 
química dos pós preparados por via mecanoquímica permitem melhoria na 
sinterabilidade, enquanto a elevada densidade dos agregados e a reduzido 
tamanho de cristalite produzem densidade em verde elevada. Estes fatores 
são extremamente atrativos na preparação de materiais cerâmicos óxidos 
densos, como é requerido na preparação de membranas eletroquímicas. Além 
disso, o processamento cerâmico por via mecanoquímica possibilita a síntese 
de novos materiais, que não conseguem ser sintetizados por outros métodos. 
Esta tese apresenta um estudo detalhado do processamento por via 
mecanoquímica de potenciais materiais de eletrólito e elétrodo para pilhas de 
combustível de óxido sólido de alta temperatura, e sua caracterização 
estrutural e eletroquímica. Por manipulação das variáveis do processo 
mecanoquímico pretende-se melhorar a capacidade de processamento e 
desenvolver novos materiais para aplicação em tecnologias de pilhas de 
combustível.  
A investigação foca-se, especificamente, no desenvolvimento de materiais de 
estrutura perovesquite à base de BaZrO3 e BaPrO3, com possíveis aplicações 
como condutores protónicos e condutores mistos, eletrónicos e protónicos, 
respetivamente. 
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abstract 
 

In recent years, mechanochemistry has become an increasingly hot topic for 
the formation of materials, motivated by an explosion of interest in the 
preparation of nanopowders. The structural supersaturation by vacancies and 
chemical non-uniformity of mechanochemical powders promote enhanced 
sinterability, while the high density of aggregates and reduced crystallite 
density produce high green-densities. Such factors are highly attractive for 
preparation of dense ceramic oxide materials, as required for the formation of 
electrochemical-membranes. Additionally, mechanochemical ceramic 
processing may allow the synthesis of novel materials, which cannot be 
synthesized by other methods. 
In this thesis one offers a detailed study of mechanochemical processing for 
important potential electrolyte and electrode materials for high temperature 
solid oxide fuel cells and their subsequent structural and electrochemical 
characterisation. By mechanochemical manipulation one aims to improve the 
processing ability and to develop novel materials for fuel cell technologies. The 
research work is focused specifically on the development of perovskite 
materials based on BaZrO3 and BaPrO3, with potential applications as proton 
and mixed proton-electron conductors, respectively. 
 

 



SUMMARY 

Developed in a research group devoted to the development of “Materials for 

Energy” the starting point of the present thesis was to overcome the processing 

difficulties of the foremost proton conducting material, yttrium–doped barium 

zirconate, by adoption of mechanochemical processing. 

Barium zirconate materials have created immense interest due to high levels of 

proton conductivity coupled with superior stability in steam or CO2 containing 

atmospheres. However, the refractory nature of these materials leads to processing 

difficulties, with formation of segregation phases, alteration of stoichiometry or 

formation of carbonate phase as impurity, in addition to the requirement of extreme 

temperatures for the formation of dense ceramics (> 1973 K). These limitations 

cause phase inhomogeneities that have been shown to be detrimental to the 

electrical performance of these materials. In this context, mechanochemical 

processing was assumed as a possible option of powder production, since it has 

been shown to be an efficient method to achieve reactive, homogeneous 

nanopowders with enhanced sinterability. The thesis is, therefore, devoted to the 

mechanosynthesis of nanopowders of various potential solid oxide fuel cell 

components, at room temperature, with focus on their phase formation, 

microstructural analysis, assessment of carbonate formation, densification levels 

and subsequent electrical properties. 

The mechanochemical processing of Ba(Zr,Y)O3-δ ceramics and its impact on the 

resultant phase purity and microstructure of dense ceramics and subsequent 

electrical properties was analysed by comparison with literature data of the 

reference compositions BaZr0.80Y0.20O3-δ and BaZr0.85Y0.15O3-δ. Modelling of 

electrical properties was also performed to separate the contributions of different 

charge carriers to the total electrical conductivity. In these materials, Ba-losses 

caused by sintering at high sintering temperatures has been commonly associated 

with the presence of inhomogeneities and high grain-boundaries resistances of 
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Ba(Zr,Y)O3-δ materials. Thus, the Ba(Zr,Y)O3-δ nanopowders prepared by 

mechanosynthesis were also utilized as homogenous base materials for analysis of 

the impact of non-stoichiometry on materials properties. For that purpose, typical 

Ba-losses during sintering were simulated by the formation of controlled 

Ba-deficiency in powders formed by mechanosynthesis. 

In addition to the adoption of mechanochemical processing for electrolyte 

materials, such as Ba(Zr,Y)O3-δ, the research also extended to the development of 

novel mixed conducting materials by mechanochemical processing. Potential mixed 

electron-proton conductors based on BaPrO3 were prepared by such methods. 

The research focused on the development of novel materials of Ba(Pr,Zr,Y)O3-δ and 

Ba(Pr,Zr)O3-δ, involving detailed structural characterization, chemical stability 

experiments and electrical properties with the aim to stablish interrelations between 

composition, crystallographic structures and the properties exhibited. 
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1. INTRODUCTION 

1.1. HISTORICAL BACKGROUND AND OVERVIEW OF FUEL 

CELLS 

A fuel cell is an electrochemical device that converts chemical energy, via redox reactions, 

directly in electrical energy (and heat). The operating principles of fuel cells are similar to 

those of batteries, where the energy-generation processes occur through two electrodes in 

contact with an ion-conducting electrolyte and the electron and ion transport are separated. 

However, contrary to that of batteries, in which the electrodes, besides being a charge-transfer 

medium, are also “active masses” in the electrochemical reactions, being consumed during 

operation, fuel cells are open systems where the fuel and oxidant are provided to the electrodes 

outside the cells and the electrodes are not consumed. Hence, fuel cells continue to operate as 

long as reactants are supplied to the electrodes and without requiring periodic component 

replacement or recharging [1–6]. 

The best known early fuel cells experiments were performed in the middle of 19th century and 

were attributed to Sir William R. Grove (1811-1896) and Christian Friedrich Schoenbein 

(1799-1868). Grove built the first fuel cell in the 1840´s, which he named a “gaseous voltaic 

battery”, consisting of platinum electrodes in two small upturned glass vessels, one containing 

oxygen and the another hydrogen, and both immersed in a sulphuric acid solution 

(electrolyte). Grove observed that voltage was generated between the two electrodes and that 

higher voltages could be obtained by linking several cells together [3,6]. 

However, it was Christian Friedrich Schoenbein (1799-1868), in 1839, who firstly reported the 

“fuel cell effect”, as the generation of current flow from the reaction of the gaseous fuels 

hydrogen and oxygen, though the inverse electrolysis process [6]. 

Despite the early introduction of fuel cells, their development was notably slow during the 

first century of their discovery. This is mainly due to the existence of easily accessible primary 

energy sources that were unrestricted and inexpensive and the success of the internal 
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combustion engine  that overshadowed the potentialities of fuel cell technology at that time 

[3,7]. 

The resurgence of interest in fuel cell technology in the 20th century is attributed mainly to its 

use in the U.S. Space Program [7]. The first polymer membrane fuel cells were used in the 

Gemini program in the early 1960s [4]. Subsequently, in 1969, the Apollo missions also used 

fuel cells to supply the electric power for life support, guidance, and communications, as well 

as to provide water for the crew throughout missions on the moon [6]. Although the use of fuel 

cells for aerospace applications has been successfully implemented and continues until today, 

its development for terrestrial applications did not become significant until the 1990s [4]. Over 

the last three decades, increasing concern about the environmental consequences of fossil fuels 

used in the production of electricity and for the propulsion of vehicles coupled with economic, 

politic and social problems that can arise from extensive dependence of industrialized 

countries on oil, a factor that became tangibly apparent during the oil crisis, led to renewed 

interest by governments and industry on the development of alternatives for the generation 

and/or conversion power systems that could be more efficient and environmental friendly [3].  

In this context, fuel cell technologies have experienced an exponential increase in attention in 

the drive to lower the dependence on fossil fuels and diminish poisonous emissions into the 

atmosphere [3]. Fuel cells present higher efficiencies compared with common internal 

combustion engines due to the fact that they are not subject to the Carnot limitation. The 

possibility of co-generation of electricity and heat in fuel cell systems allows further 

improvements in their overall efficiency. In addition, fuel cells are quiet, can operate with a 

wide variety of fuels and, as a modular technology, allow the existence of different 

power-scale plants, while being ideal for remote site locations and applications where an 

Uninterruptible Power Supply (UPS) is required and/or need independence from the utility 

grid [1,8]. 

The integration of fuel cells in renewable energy systems, enabling the generation of energy in 

a truly clean, efficient and sustainable way, offers the most relevant added value potential for 

fuel cell technology [8]. At the present time, the main barrier for the widespread use of many 
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renewable energy sources, such as photovoltaic, hydroelectric and wind power, is their 

intermittent nature. The electricity is highly variable at different time-scales, from hour to 

hour, daily and/or seasonally, which leads to serious problems to assure grid stability solely 

from renewable energy generation. In this context, the use of integrated systems with the 

production of hydrogen by water electrolysis using renewable generated electrical energy, the 

storage of hydrogen, and finally fuel cells to regenerate electricity from the stored fuel, can 

both circumvent the inherent intermittency problem of renewable energy sources, and also 

offer an efficient and environmental friendly closed process to produce energy. Indeed, using 

pure hydrogen, fuel cells only produce water, without formation of any other emissions, 

contrary to that which occurs when other hydrocarbon power generation systems are used [8]. 

Despite these potentialities, fuel cells are currently not adopted on a full commercial scale and 

still require several technical advances to become a more reliable and competitive 

technology [7]. Indeed, many fuel cell power systems are still complex chemical plants that 

need sophisticated manufacturing techniques and control circuitry [1]. Their performance and 

durability may be negatively affected by the presence of impurities in the gas stream and pulse 

demands and the cost of fuel cell power systems is still too high [1]. Simplification of fuel cell 

design, e.g. reduction in the number of parts, lowered material costs and cost of manufacture 

units, without compromising fuel cell performance, are the main challenges to make fuel cells 

technical and economically competitive to a wider range of stationary, transport and portable 

applications. 

Currently, several different types of fuel cells are under development [9]. Fuel cells are 

commonly classified by the type of electrolyte used in five main groups: Alkaline Fuel Cell 

(AFC), Polymer Electrolyte Membrane Fuel Cell (PEMFC), Phosphoric Acid Fuel Cells 

(PAFC), Molten Carbonate Fuel Cells (MCFC), or Solid Oxide Fuel Cells (SOFC). 

Correspongingly, an aqueous solution of potassium hydroxide, a hydrated polymeric ion 

exchange membrane, a phosphoric acid immobilized in a SiC-based matrix, LiK or 

LiNa-based molten alkaline carbonates salts in a porous ceramic matrix, and solid oxide 

ceramic materials, are the electrolytes in AFC, PEMFC, PAFC, MCFC and SOFC’s fuel cells, 

respectively [1,3,4]. In parallel to this classification some fuel cells are classified by the type 
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of fuel used, such as Direct Alcohol Fuel Cells (DAFC), that use alcohol without reforming, 

and Direct Carbon Fuel Cells (DCFC), that use directly carbon rich material such as biomass 

or coal [5]. In turn, the choice of electrolyte dictates the operating temperature range of fuel 

cell, which determines the type of materials used and the degree of fuel processing. According 

to the operating temperature fuel cells are commonly grouped as the so called low-temperature 

and high-temperature fuel cells. Low-temperature fuel cells typically have operating 

temperatures of about 220 ºC or lower, and include alkaline fuel cells (< 100 ºC), polymeric 

exchange membrane fuel cells (60 – 120 ºC), and phosphoric acid fuel cells (120 – 220 ºC) 

[3,4]. The aqueous electrolyte present in these cells requires low operating temperatures, due 

to their high vapour pressure and rapid degradation at higher temperatures [4]. 

High-temperature fuel cells include molten carbonate fuel cells (400 – 800 ºC) and solid oxide 

fuel cells (500 – 1000 ºC) [3].  

Low-temperature fuel cells require high fuel purity (all the fuel must be converted in hydrogen 

prior entering the fuel cell) due to the inability to internally reform hydrocarbon fuels at these 

temperatures and the potential to poison precious-metal catalysts (usually platinum), which are 

required to enhance electrode kinetics, by CO and CO2 [7]. Conversely, high-temperature fuel 

cells may operate with different hydrocarbon fuels and are not prone to CO and CO2 

contamination [3], as the use of high operating temperature improves the kinetics of electrode 

reactions eliminating the need of noble catalysts. The applicability of high temperature fuel 

cells for internal reforming, using the waste heat in a combined cycle power plants, offers a 

consequent improvement on maximum levels of total efficiency [3]. However, higher 

operating temperatures also require long start-up times, large energy inputs to heat the cell to 

the operating temperature, and severe restrictions on the choice of materials.  

According to their features, fuel cells are, therefore, devoted to different type of applications, 

namely, stationary power, electronic portable and  automotive. For example, alkaline fuel cells 

are preferred for aerospace applications; phosphoric acid fuel cells for small stationary power 

plants (< 10 MW); polymer electrolyte fuel cells for automotive, micro, portable, and small 

stationary power plants; molten carbonate fuel cells for small power plants; and solid oxide 
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fuel cells for small and large stationary power plants, portable  power and auxiliary power in 

automobiles [3,4]. 

1.2. SOLID OXIDE FUEL CELLS: DESIGNS, OPERATING 

PRINCIPLES AND MATERIALS 

High energy-conversion efficiency, environmental safety, fuel flexibility, possibility of 

complete internal reforming and recovery of exhaust heat for co-generation in bottoming 

cycles, are the primary attractions to use solid oxide fuel cells as energy conversion devices 

[1–6]. 

A single-cell of a solid oxide fuel cell, also named a Membrane-Electrode Assembly (MEA), 

is an all solid-state system composed by a non-porous metal oxide electrolyte sandwiched 

between two porous metal, ceramic or composite ceramic-metal (cermet) electrodes. The fuel 

is supplied to the anode and the oxidant, usually oxygen, to the cathode. Half-cell reactions 

occur on the electrodes, producing ions, which can traverse the electrolyte, together with 

electrons, heat and oxidised products (water and/or carbon dioxide). Direct chemical 

combustion is prevented by the electrolyte, which acts as a barrier to gas diffusion, but which 

allows ions to migrate across it. The electrons transported through an external circuit provide 

electrical energy [5,9–14]. In real applications, single-cells are connected in series to form 

stacks, in order to achieve commercially useful output. The connection between the cells is 

done via an interconnect, a component of high stability and electronic conductivity that may 

be ceramic or metallic in nature. At present, different SOFC designs have been developed, 

which mainly differ in the shape of each cell, the method of connecting between each cell, or 

the flow of fuel and oxidant through their channels [1–3,5,9,11,12]. However, the two most 

common stack designs of SOFC are the tubular and planar designs, illustrated in Fig. 1.1.  
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Fig. 1.1. Schematic of planar (left) [15] and tubular (Siemens-Westinghouse) [16] (right)  SOFC 

designs. 

 

The choice of SOFC materials should fulfil several criteria in order to assure their maximum 

performance in own function and its use with the other cell components, as well as its use at 

operating temperatures and during several years. Common requirements of SOFC electrode 

materials are [9,11,17]: 

����  mixed electronic-ionic or electronic conductivity. Typically electrode conductivity 

should be higher than 10 S·cm
-1

. The presence of ionic conductivity in electrode 

materials is found to be preferable due to allowing the electrochemical reactions to 

occur over an enlarged active volume, enhancing reaction rates; 

���� sufficient porosity, to facilitate the transport of the oxidant/fuel to the electrocatalytic 

sites of cathode/anode; 

���� good catalytic activity (for oxygen dissociation and reduction in cathode, and fuel 

oxidation in anode); 

���� chemical and mechanical compatibility with other cell materials (the electrodes should 

be chemically stable, and with minimum thermal expansion mismatch  in respect to 

other cell components); 

���� reasonable tensile strength, fracture toughness and thermal shock resistance, for ease 

handling and to withstand thermal and mechanical stresses during fabrication and cell 

operation; 

���� low vapour pressure to avoid loss of material. 
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The SOFC electrolyte material should possess [9,13]: 

���� high density, with no open porosity, to avoid cross diffusion of fuel and oxidant; 

���� high ionic conductivity (0.01 - 0.1 S·cm-1) and negligible electronic conductivity, at the 

operating temperatures and in oxidising and reducing conditions, to provide a fast ionic 

transport and to reduce the leakage current. 

 

The interconnects should be [3,9,11]:  

���� stable in both operating oxidizing and reducing atmospheres, since they are in contact 

with both electrodes; 

���� high electronically conductivity, to provide the electronic contact between the 

electrodes; 

���� impervious to fuel and oxidant gases, to provide fuel and oxidant separation between 

the adjacent cells. 

 

In addition, the desired components of SOFCs should possess competitive cost for both of raw 

materials and the processing. Depending on the ion species conducted by electrolyte, one can 

considered two different types of SOFC’s: Oxide-ion conducting Solid Oxide Fuel Cell 

(O-SOFC), and Proton-conducting Solid Oxide Fuel Cell (H-SOFC).  

 

1.2.1. OXIDE-ION CONDUCTING SOFC (O-SOFC) 

Oxide-ion conducting Solid Oxide Fuel Cells (O-SOFCs) were the first ceramic fuel cell to be 

developed and are the most widely used and studied. Transport of oxide-ions from the cathode 

to the anode is done through the medium of an oxide-ion conducting electrolyte (Fig. 1.2). 
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Fig. 1.2. Basic operating principle of oxide-ion conducting solid oxidefuel cell (O-SOFC) considering 

that the fuel is hydrogen and air the supplier of oxygen [18]. 

 

At the cathode, oxide-ions are formed by the dissociation and reduction of oxygen, with the 

consumption of electrons, 

These oxide-ions are conducted through the electrolyte and combined with fuel (H2 and/or 

CO, CH4) at the anode forming water and/or CO2 and heat: 

 

 

The movement of oxide-ions through the electrolyte is usually dominated by oxide-ion 

vacancies in the crystal structure, and their thermally-activated hopping through the 

crystalline lattice, with a superimposed drift due to the electric field [14,19]. Accordingly, 

 O2 + 4e
−→ 2O

2-
 (1.1) 

 2H2 + 2O2- → 2H2O + 4e
−
 (1.2) 

 2CO + 2O2- → 2CO2 + 4e
−
 (1.3) 

 ½ CH4 + 2O
2-

 → H2O + ½ CO2 + 4e
−
 

(1.4) 
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the ion conductivity is strongly temperature dependent, but at high temperatures can reach 

values comparable to those presented by liquid electrolytes (∼1 S·cm
-1

) [14,19].  

The lattice crystal of an oxide-ion conducting electrolyte material should ensure that the 

unoccupied sites are energetically similar to those occupied by the lattice oxide-ions, to 

minimise the energy involved in the migration of oxide-ions (less than about 1 eV), with a low 

concentration of electronic carriers [19]. The most conventional oxide-ion conducting 

electrolytes materials comprise: fluorite-structured oxides (A1-xBxO2-δ,) such as, fully or 

partially stabilised zirconia (e.g. 3 - 10 mol% Y2O3-ZrO2, 9 mol% Sc2O3-ZrO2), doped ceria 

(e.g. Ce1-xGdxO2-δ, Ce1-xSmxO2-δ) or δ-Bi2O3 related structures (e.g. 20 mol% Er2O3-Bi2O3, 

15 mol% Ni2O5-Bi2O3), and perovskite-type structures such as (Sr,Mg)-doped LaGaO3 

(La1-xSrxGa1-yMgyO3-δ) [18–20]. 

Apart from conventional materials, novel oxide-ion conducting materials, with alternative 

structures and ionic conducting mechanisms, have been developed, in view of applications as 

O-SOFC electrolytes. The more promising examples include:  La2Mo2O9-based materials 

(LAMOX)[21–23], based Si- and Ge-lanthanum apatites, La9.33(MO4)6O2 

(M = Si, Ge) [24-29], tetrahedrally-coordinated gallium oxides, such as La1-xBa1+xGaO4-x/2 and 

La1-xSr1+xGaO4x/2  [30–35], Ca12Al14O33 (maynite structure) [36], or the Bi2O3 related system, 

based on parent oxide Bi4V2O11, named as BIMEVOX (e.g. Bi2MgxV1-xO5.5-3x/2) [37,38]. 

Electrical conductivity of selected oxide-ion conducting electrolyte are presented in Table 1.1. 
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Table 1.1. Total conductivity of selected oxide-ion conducting electrolytes. 

Material σ, S⋅cm
-1

 (T, ºC) σ, S⋅cm
-1

 (T, ºC) Reference 

3 mol% Y2O3-ZrO2 0.058 (1000) 0.018 (800) [39] 

8 mol% Y2O3-ZrO2 0.178 (1000) 0.052 (800) [20] 

10 mol% Y2O3-ZrO2 0.136 (1000) 0.037 (800) [20] 

8 mol% Sc2O3-ZrO2 0.31 (1000) 0.12 (800) [40] 

9 mol% Sc2O3-ZrO2 0.34 (1000) 0.109 (800) [40] 

Ce0.7Gd0.3O1.85 0.25 (1000) 0.093 (800) [41] 

Ce0.8Sm0.2O1.9 0.25 (1000) 0.096 (800) [20] 

La0.9Sr0.1Ga0.8Mg0.2O3-δ 0.316 (1000) 0.121 (800) [42] 

La0.8Sr0.2Ga0.83Mg0.17O3-δ - 0.17 (800) [43] 

20 mol% Er2O3- Bi2O3 - 0.37 (700) [44] 

β-La2Mo2O9 - 0.082 (800) [21] 

La10(SiO4)6O3 - 0.0014 (700) [29] 

 

 

1.2.2. PROTON-CONDUCTING SOFC (H-SOFC) 

In the 1980’s, work conducted by Iwahara and co-workers [45] noted appreciable protonic 

conduction under hydrogen-containing atmospheres at high temperatures in ceramic oxides of 

doped strontium and barium cerates. Since this time the search for similar ceramic proton 

conductors has been an active line of research for the development of H-SOFCs and other 

electrochemical devices, such as, steam electrolysers, hydrogen pumps and sensors 

[45,46][20]. Application of high temperature proton conductors (HTPC) in SOFC technology 

enables the reduction of the operating temperature in comparison to the conventional 

O-SOFCs, due to the lower activation energy of protonic transport which allows suitable 

levels of ionic conductivity to be exhibited in the intermediate temperature range 
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(400 ºC - 700 ºC) [10,47,48]. Such reduction of operating temperatures can alleviate 

degradation of materials and extend component lifetimes. An additional advantage of the 

H-SOFCs is that the formation of steam on the cathode side avoids the dilution of fuel, thereby 

potentially improving the overall fuel cell efficiency [49]. In proton conducting solid oxide 

fuel cells oxygen and protons are introduced at the cathode and anode, respectively (Fig. 1.3). 

 

Fig. 1.3. Basic operating principle on proton-conducting solid oxide fuel cell (H-SOFC) considering  

that the fuel is hydrogen and air the supplier of oxygen [18] 

 

In its simplest form, at the cathode side, the oxygen reduction produces water, while at the 

anode hydrogen oxidation produces protons, able to migrate through the electrolyte, according 

to the following general cathode and anode reactions (1.5) and (1.6), respectively. 

 

 

 

Perovskites-type oxides based on acceptor-doped cerates and zirconates BaZr1-xMxO3-δ and 

BaCe1-xMxO3-δ , with M a trivalent cation (e.g. Y
3+

, Gd
3+

,Sc
3+

, In
3+

), have been the most 

 ½ O2 + 2H
+ 

+ 2e
−
 → H2O (1.5) 

 H2 → 2H+ + 2e
−
  (1.6) 
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widely studied proton conducting systems, and continue, nowadays to dominate the research 

on proton conductors SOFCs [18,45,50–55]. 

Nonetheless, high proton conductivity has also been achieved for complex perovskites 

structures of the type A2(B′B′′)O6 and A3(B′B′′)O9, where A is a divalent cation, B′ is a 

divalent or trivalent cation, and B′′ is a pentavalent cation. Some examples include 

Sr2Sc1+xNb1-xO6-δ  (with x = 0.05 and 0.1) [56] Sr3Ca1.18Nb1.82O9-δ [57], or 

Sr3CaZr0.5Ta1.5O8.75 [58].     

Firstly proposed as oxide-ion conductors, brownmillerite-type Ba2In2O5 materials have 

attracted considerable interest due to their ability to also conduct protons [59–64]. Evidence of 

proton conductivity has also been found in Ba2In2O5 at low temperature (< 400 ºC) [59], in 

Sn- doped Ba2In2O5 [64], (Ba1-xLax)2In2O5+x [65], and in Ba2(In1−xTi)2O5+x systems [66]. Other 

high temperature proton conductors include phosphates, such as Ca- and Sr- LaPO4 [67,68], 

and polyphosphates, such as Sr- doped LaP3O9 and La7P3O18)[69,70]. For comparison, Fig. 1.4 

illustrates the proton conductivity behaviour of the most known proton conductors [47]. 
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Fig. 1.4. Proton conductivity of various oxides as calculated from data on proton concentrations and 

mobilities, according to Norby & Larring [71]. 

 

More recently, in research conducted by Norby et al. [72], novel proton conducting materials 

have also been suggested based on niobates and tantalates, of general formula RE1-xAxMO4, 

where RE = La; M = Ta or Nb; A = Ca, Sr or Ba. As in the other systems, acceptor doping is 

required for formation of oxygen vacancies, however, in the RE1-xAxMO4 compounds, the 

conductivity enhancement is observed for comparatively very low doping levels (∼1%). 

Although the protonic conductivity of these materials is lower in respect to the benchmark 

perovskite-type cerates (for optimally doped niobates is in order of 10-3 S·cm-1), they show 

much higher stability in CO2 containing atmospheres [72]. Similar proton conductivities have 

also been reported in similar structures of gallium-based oxides, with general formula 

La1-xBa1+xGaO4-x/2 [30–32]. 

Due to the aforementioned possibility to obtain proton conductivity also in ceramic materials 

that are not oxides, e.g. the phosphates materials, proton conducting solid oxide fuel cells have 
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been attributed with a more generic acronym in the recent literature of PCFC, standing for 

Proton Ceramic Fuel Cell.   

1.3. PEROVSKITE-PROTON CONDUCTORS 
 

1.3.1. PEROVSKITE-TYPE STRUCTURE 

The general formula of perovskite-type oxides can be written as ABO3, where, generally, the 

A-site cation with +2 valence, has a larger ionic radius than the tetravalent, commonly 

transition metal, B-site cation.  

The perovskite structure comprises a network of corner-sharing BO6 octahedra, with the larger 

A-cation occupying the interstices between these units (Fig. 1.5). The coordination numbers of 

A and B- cations are 12 and 6, respectively. 

(a) (b)

 

Fig. 1.5. Two schematic representations of cubic perovskite structure ABO3 with the origin centered at 

(a) B-site ion and (b) A-site ion (polyhedron representation) [73]. 
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In an ideal cubic perovskite structure, the octahedra are aligned along their axes, however, 

most of perovskites present deviations from cubic symmetry, caused by different mechanisms 

[74,75], namely: 

a) distortions of BO6 octahedra; 

b) displacement of the B-site cation within the octahedron; 

c) displacement of the A-site cation; 

d) tilting of the octahedra relative to one another. 

The first mechanism, distortions of BO6  octahedra, is associated with the presence of 

Jan-Teller effects, the second and third mechanisms are typical of ferroelectric distortion, 

while tilting of the octahedra, forth mechanism, arises from the need to optimize the 

coordination of the A cation, when the A-site cation is too small for the dodecahedral 

site [74,76]. 

The transitions occur on the progressive loss of tilting of layers of the BO6 octahedra around 

the four-fold axes of the cubic aristotype [75]. In order to describe the octahedral tilting in 

perovskites the notation introduced by Glazer [77] is commonly used, in which different tilting 

systems are identified in terms of the rotations of layers of successive octahedral along an axis. 

Then, one uses a
#
b

#
c

#
 to denote different tilting systems where # can be “0”, “+”, or “- “. “0” 

means no rotation around the corresponding axes, “+” means that the tilting of layers of 

successive octahedra along an axis are equal (in-phase), and “-“ means that the tilting is in the 

opposite sense to the adjacent layers of octahedral (anti-phase). Repeated letters among a
#
b

#
c

# 
 

means that the corresponding rotations have the same magnitude.  

The distortions result in systems with lower symmetry and extended unit cells, such as 

orthorhombic, rhombohedral or tetragonal structures [78,79].  

The relations between tilt system and space group have been outlined by Howard and Stokes 

[80] (Fig. 1.6). 
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Fig. 1.6. Schematic diagram indicating the relation between tilt system and space group. The dashed 

lines indicate first-order phase transitions and the filled lines correspond to the second-order phase 

transitions [80,81]. 

 

In this respect, Goldshmidt quantified the extent of distortion of the perovskite from the ideal 

cubic structure, with a factor, known as the  Goldschmidt tolerance factor (t) [82], which takes 

into account the ionic radii of A- and B- site cations: 

 

where Ar , Br  and Or are the ionic radii of A- and B-site cations and oxide-ions, respectively. 

In complex perovskites, where more than one ion occupies the A- and/or B-site, one considers 

the average radius of the ions on each site for the calculation of Ar  and Br . 

Perovskites very often exhibit a number of symmetry changes with an increase in tolerance 

factor that can occur on increasing temperature or with changes in composition. A2+B4+O3 

perovskites commonly display the space group sequence 

Pbnm → Ibmm → I4/mcm-→ Pm3m on the pathway from orthorhombic to cubic symmetry 

 ( )
( )
A O

B O

+ 
=

+2

r r
t

r r
 

 (1.7) 
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[83,84]. Other similar sequences have also been reported, with R3c observed prior to cubic 

symmetry for BaCeO3, BaPrO3, and BaPr0.9Y0.1O3-δ [85,86]. 

Reaney and coworkers [87,88] have shown a correlation between the tilting characteristics and 

the tolerance factor. At room temperature, perovskites with tolerance factor in the range 

0.985 < t < 1.06 are associated with untilted cubic structures Pm3m . In the range 

0.964 < t < 0.985, anti-phase tilting only Ibmm (orthorrombic), R3c (rhombohedral), or 

I4/mcm (tetragonal)  are usually exhibited, whereas for t < 0.964, both in-phase and anti-phase 

tilting occur, with structures in this regime most commonly crystallising in the Pbnm 

(orthorrombic) space group (alternative setting of Pnma). Close relations between physical 

properties and the tolerance factor are frequently reported, showing that tolerance factor 

largely controls the thermodynamic of perovskites [89]. 

 

1.3.2. FORMATION OF PROTONIC DEFECTS 

The presence of proton conductivity in perovskites oxides involves the formation of protonic 

defects, OOH
•

, in hydration conditions, which in turn requires the presence of oxygen 

vacancies, OV
••

, in the perovskite structure [47]. Oxygen vacancies are typically formed to 

compensate the addition of acceptor dopant cations. In this way, when BaZrO3 or BaCeO3 are 

doped on the B-site by lower valence elements, typically Y
3+

 or other rare earth metals 

(e.g. Gd, Yb, Sc, In), the substitution is charge-compensated by the formation of an oxygen 

vacancy. 

 In the BaZrO3 system, for example, the replacement of Zr
4+

 ions with Y
3+

 cations is 

charge-compensated by formation of oxygen vacancies, according to the defect reaction: 

 

The protonic defects are formed when the oxide, with oxygen vacancies, absorbs water vapour 

from the surrounding gas phase, which dissociates into an hydroxide ion and a proton. The 

 
2 Zr

×
Zr + Y2O3 + O

×
O   →  2 ZrY

/
+ OV

••
+ 2 ZrO2 

(1.8) 
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hydroxide ion fills an oxygen vacancy, and the proton forms a covalent bond with a lattice 

oxygen [18,47]. The process of hydration can be written in Kröger-Vink notation, as: 

 

Dissociative absorption of water has been found, both experimentally and theoretically, to be 

an exothermic reaction for cerates and zirconates materials, which explains the increase of 

proton uptake with decreasing temperature observed in these materials [18,47]. 

The equilibrium constant, Kw, for water incorporation, assuming an ideal solution behaviour 

can be written as [47]:  

 

Where [ ]OOH•
 and OV

•• 
   are the concentrations of protonic defects and oxygen vacancies, 

respectively, O

×
O 
  is the concentration of oxygen atoms on normal oxygen sites, and 

2H OP  is 

the water vapour partial pressure. 

The equilibrium constant, KW, can also be expressed in terms of entropy, ∆SW, and enthalpy, 

∆HW, of the water incorporation reaction, in the Arrhenius form: 

 

where T is the temperature and R is the universal gas constant. 

Apart from the formation of protonic defects, OOH
•

, other charge defects may be formed by 

reaction with surrounding gas. For example, the generation of electron holes is favourable 

under moderately to highly oxidizing conditions [47,90,91]: 

 

 
( )2H O g  + OV

••
+ O

×
O  →←  O2 OH

•
 

(1.9) 

 
2

O

W

O O2H O

×

OH
=

V O
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K
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(1.10) 

 
( ) W W
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H S

K
RT R

∆ ∆
= −  

(1.11) 

 

 1
2

O2 + OV
•• →← O

×
O + 2

•
h  

(1.12) 

 



 

 

19 

 

while the generation of electrons and oxygen vacancies can occur at low oxygen partial 

pressures: 

However, at intermediate temperatures (< 750 ºC) and moderately oxidizing conditions, the 

concentration of electronic defects can be neglected [47,92,93] and the overall 

electroneutrality equation can be written as: 

Furthermore, the number of oxygen sites per formula unit is restricted to 3, implying the site 

restriction condition: 

 

Then, from equations (1.14) and (1.15) the equilibrium constant for water incorporation 

reaction can also be written as: 

 

Determination of the concentration of protonic defects, [ ]OOH•
, from Thermal Gravimetric 

Analysis (TGA) and further comparison with calculated values from equation (1.16), using 

thermodynamic data for determination of hydration constant (equation ((1.11));  showed that 

for cubic and slightly distorted Y-doped BaZrO3 perovskites, the hydration behaviour is well 

described by the equation (1.16). A similar hydration behaviour is also observed in 

Y-doped BaCeO3 perovskites. However, for structures that deviate strongly from the ideal 

cubic perovskite the hydration process cannot be fitted by equation (1.16), as the presence of 

different oxygen sites makes the hydration behaviour more complex and reduces the saturation 

 
O

×
O →← OV

••
+ 2 e

/
+ 1

2
 O2  

(1.13) 

 

 O2 V
•• 

  +[ ]OOH•
 = ZrY 
 

/
 (1.14) 
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  + [ ]OOH•
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limit [47]. Also at high temperature, equation (1.16) becomes invalid as the temperature 

dependence of the entropies and enthalpies of water incorporation, and the influence of hole 

and oxygen vacancies concentrations at high temperatures, cannot be neglected. 

 

1.3.3. PROTON TRANSPORT MECHANISMS 

The proton transport mechanism in perovskites involves proton hopping between adjacent 

oxide-ions at normal lattice sites (the so-called Grotthuss mechanism), and the rotational 

motion (molecular reorientation) of the proton around an oxide-ion [47] (Fig. 1.7). 

 

Fig. 1.7. The trace of a proton in a perovskite  showing the two main features of proton transport: 

rotational diffusion and proton transfer (data obtained by quantum-MD simulation of a proton in 

BaCeO3) [18,94]. 

Fig. 1.8 shows a scheme for a possible proton conduction mechanism in perovskites. The bond 

between the B-site cation (red sphere) and the oxide-ions A and B should bend, shortening the 

bond distance between the oxyde ions, and consequently reducing the energetic barrier for 

proton transfer from position 1 to position 2. In this more favourable position, a new O-H 

bond is formed with the adjacent oxide-ion  B. The rotation motion around the oxide-ion B 

from position 2 to position 3, allows the repetition of the conduction mechanism in the 

material  [79,95]. 
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B
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23

 

Fig. 1.8. Scheme of the proton transfer mechanism between two adjacent oxide-ions in perovskite 

oxides (from [79]). 

 

Any reduction in symmetry relative to the cubic structure was shown to be detrimental to the 

defect mobility. This effect has been related with the different chemical interactions between 

the cations and oxide-ion which results in different electron densities on oxygen sites and 

therefore, different binding energies for the proton. The resultant biased rotational diffusion to 

certain directions (defect orientation) is thought to increase the activation energy of proton 

mobility [18,96].  

Besides the reduction of crystallographic symmetry, the local and chemical perturbation 

induced by cation dopants can also influence the protonic defect mobility. Traditionally, on 

tailoring of oxide-ion conductors, aliovalent dopants are chosen on the basis of the best ionic 

radius match. However, this approach commonly fails when used for proton conductors due to 

the effect of dopant electronic structure on the host matrix. For instance, the ionic radii of 

six-coordinated Sc
3+

 (0.745 Å [97]) and In
3+

 (0.8 Å [97]) match very well with the ionic radius 

of Zr
4+

 (0.72 Å[97]), while the ionic radius of Y
3+

 (0.9 Å [97]) is significantly larger. 

Nonetheless, BaZrO3 shows significantly lower proton mobility when doped with Sc or In 

than with Y, and only for Y the activation energy of proton mobility appear to be independent 

of dopant concentration [47].  Although the presence of Y on the Zr-site locally expands the 

BaZrO3 lattice and results in distortions of the perovskite structure at Y contents above 



 

 

22 

 

5% (mol), it does not modify the atomic and electronic structure of the host matrix (Y
3+

 

isoelectronic with Zr
4+

 and presents similar electronegativity), leaving the acid/base properties 

of the coordinating oxygens almost unchanged [18,96]. 

1.4. Y-DOPED BaZrO3: A MODEL SYSTEM FOR PROCESSING 

DIFFICULTIES 

Among the well-known proton conducting oxides, Y-doped BaZrO3 is particularly attractive 

as it combines high levels of proton conductivity with superior stability in steam and CO2 

containing atmospheres, conditions required for application in a variety of electrochemical 

devices, such as intermediate temperature fuel cells, electrolysis cells, sensors or hydrogen 

pumps. Although BaCeO3-based materials generally show higher total protonic conductivity 

they exhibit poor chemical stability against CO2-containing atmosphere. Conversely,  less 

basic oxides, such as In-doped CaZrO3, show very low conductivity.  

Despite its promising properties for use as high-temperature proton conductors, commercial 

implementation of Y-doped BaZrO3 materials in fuel cells and other electrochemical devices 

has been constrained by the processing difficulties exhibited by these materials that may also 

compromise their electrochemical performance.  

The classical solid state processing method of Ba(Zr,Y)O3-δ ceramics, starting from BaCO3, 

ZrO2 and Y2O3, requires high sintering temperatures (1700 – 1800 ºC). Powders prepared by 

this approach have repeatedly shown lack of reproducibility, producing large and varied grain 

sizes, strong agglomeration and no guarantee of compositional homogeneity [98,99]. Authors 

using this technique are typically forced to repeated calcinations and re-grindings to achieve 

pure phases. The extreme temperature required on processing hampers the ready 

implementation of these materials in fuel cells due to the impossibility of fabrication of co-

sintered structures under these conditions (e.g. electrolyte film for anode-supported SOFC). 

Moreover, these temperatures also have a detrimental effect on both bulk and grain boundary 

conductivity caused by barium evaporation, poor and abnormal grain growth and phase 

inhomogeneities [98–102]. 
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To overcome the drawbacks resulting from high temperature processing of barium zirconate 

materials, soft chemical routes have taken an ever increasing importance. In general, these 

methods offer the benefits of lower synthesis temperatures and the possibility to produce 

ultrafine powders. A wide range of soft chemistry techniques have been employed to form 

barium zirconate based materials such as co-precipitation [103–105], hydrothermal synthesis 

[106,107], sol–gel techniques [108–111], thermal decomposition of nitrate [112], spray 

pyrolysis [113,114] and combustion synthesis  [101,109].  

However, several disadvantages have been noted with many of these techniques such as the 

evaporation of solvents due to non-homogeneity causing the formation of segregation phases 

or changes of stoichiometry due to incomplete precipitation processes [115]. Furthermore, the 

formation of BaCO3 as an impurity phase on decomposition of organics, a common 

occurrence in many soft chemical processes, requires additional calcinations steps to remove, 

which may also contribute to compositional inhomogeneity, negating the potential advantage 

of the soft chemical route. In addition, soft chemistry techniques often require expensive 

chemicals, have time consuming processes [108,109,111,116] and involve discharge of 

pollutant gases [101,103,109,112]. As such, Ba(Zr,Y)O3-δ can be considered an ideal study 

material as it presents the worst case scenario of many of the typical processing difficulties, 

for example, poor sinterability, Ba-loss, phase inhomogeneities and poor reproducibility on 

reported conductivities, that are closely related to synthetic history.  

In this context, the use of mechanochemical processing in these ceramic materials may offer 

additional benefits, once it can lead to the formation of reactive, single phase powders at room 

temperature [117–125] that can be sintered to dense pellets at relatively low temperatures and 

can be prepared without the formation of significant quantities of BaCO3 [118,119]. 

Furthermore, it is a cheap, simple, quick and environmental friendly processing route. 
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1.5. MECHANOCHEMICAL PROCESSING 

The effect of mechanical energy in the activation of chemical reactions has been observed 

since pre-historical times, when primitive man used flints to initiate fire [126]. The first 

written document which refers to a mechanochemical reaction has been attributed to the 

Theophrastus of Efesus (371–286 BC), a student of Aristotle, who described mercury recovery 

from cinnabar by a mechanical treatment [127]. Other examples of mechanochemical 

reactions were documented between 300 B.C. until the end of 1800’s in Agricola’s De Natura 

Fossilicum [128]. However, the experimental work carried out by Carey Lea is frequently 

referred to as the first systematic study on the chemical effects of mechanical action [129]. 

Indeed, on the basis of his research on endothermic decomposition of a wide range of 

materials by the application of mechanical force (e.g. silver and mercury halides), and using 

different techniques to deliver the mechanical energy [129], he attributed the application of 

mechanical force as the direct cause of the chemical changes observed. Although, the term 

“mechanochemistry” was introduced by Ostwald, it was the ground-breaking work of Carey 

Lea which explicitly discussed the possibility that mechanical force could induce chemical 

reactions, and which established mechanochemistry as a separate branch of chemistry 

[129,130]. In the first half of the 20
th 

century an increasing development occurred in the study 

of the effect of mechanical energy in chemical reactions and in physical-chemical changes on 

different types of materials. 

The extensive accumulation of knowledge in this area resulted from [126]: 

���� studies on reactions occurring upon mechanical treatment of solid mixtures; 

���� investigations of the influence of high pressure and combined action of pressure and 

shift on the phase transition in crystals and on the rate of chemical solid-state reactions; 

���� experimental works on the explosion excitation under mechanical action in both 

initiating and highly explosive materials; 

���� experimental works on the effect of energy milling on the reactivity of organic 

macromolecules (e.g. cellulose); 

���� investigations on phase transformations in minerals during milling. 

 



 

 

25 

 

Advances in knowledge on the mechanism of mechanical energy conversion to chemical 

energy during the second half of last century, have contributed to the development of novel 

technological procedures in different areas, such as, mineral raw processing or in the 

preparation of new construction materials, mineral fertilizers and functional ceramics [126]. 

The mechanical processing of materials also showed relevance in the preparation of alloys by 

ball milling, with emphasis on oxide dispersion strengthening (ODS) of nickel and iron 

supperalloys for aerospace applications, developed at the end of the 1960s [126,131]. In the 

1980s, the emergence of nanotechnology motivated a growing interest in the formation of 

materials under mechanical action for preparation of nanopowders. 

Nowadays, mechanical processing remains a matter of interest in the field of materials science 

with an increasing number of publications. Terms like mechanical alloying, mechanochemical 

processing, mechanical activation, mechanosynthesis, high energy milling or 

mechanochemical ceramic processing have been intensely used in literature in different areas 

such as physics, chemistry, metallurgy, mineral processing, biology, pharmacology, 

environmental protection or materials science to describe different processing techniques 

associated with the use of mechanical energy [132]. The proliferation of publications and the 

wide scope of this topic have led to some inconsistences among authors in respect to the 

meaning attributed to some of these terms. Thus, an explanation of its significance in the 

scope of this work becomes necessary. 

Mechanical alloying and mechanochemical processing are both powder processing techniques 

which use mechanical milling to prepare a wide variety of materials. The main difference 

between these two techniques is that, while chemical reactions occur in mechanochemical 

processing, mechanical alloying does not assume the occurrence of chemical reaction during 

the processing, i.e., the chemical reaction need not occur [131].  

In respect to mechanochemical processing, it may comprise processes of mechanical 

activation or mechanosynthesis. Mechanical activation, originally defined by Smekal in 1952, 

is nowadays usually referred to a process where the reaction ability of a material increases by 

milling, inducing chemical reactions in the subsequent heat treatment after milling [127]. The 
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increase in reactivity has been attributed mainly to the physicochemical changes that occur 

during milling, such as the increase of the internal and specific surface energy, or the 

emergence of different types of structural and electronic defects [127], which allows synthesis 

at lower temperatures than is required by conventional synthesis methods. If the application of 

mechanical energy leads to an increase in the reactivity of materials with consequent 

occurrence of chemical reaction at room temperature, the process is called mechanosynthesis 

or mechanochemical synthesis. 

The expression “high energy milling” is usually employed in the literature to emphasize the 

character of the applied milling equipment in the processing of materials, and may include all 

the processing techniques aforementioned [133]. Indeed, mechanical allowing, mechanical 

activation and mechanosynthesis processes occur, most times, concurrently during the high  

energy milling. 

In a more restricted field, namely related with the development of ceramic materials, the 

expression mechanochemical ceramic method is frequently used when referring to ceramic 

processing of materials prepared by mechanochemical methods [132], and will be approached 

further in this work. 

1.5.1. MECHANISM OF MECHANICAL ALLOYING 

On the basis of experimental data of the preparation of a variety of systems, Zyryanov [132] 

proposed a theory to explain the mechanism of mechanochemical processing of mixed oxides, 

supported by independent structural studies and by statistical analysis of dynamic results. The 

main problem in the study of mechanochemical processing is the irreproducibility of results 

obtained even in very similar operating conditions (the so-called mechanical “black-box”). 

Thus, the theoretical description of mechanical alloying mechanism has been developed from 

the use of a quantitative comparison of the chemical response with relative mechanical loading 

under similar and suitable experimental conditions, which ensure macro-homogeneity, lower 

contamination and approximately constant hollowness [132]. The mechanism of mechanical 

alloying considers a primary mechanochemical event represented by the general equation 

[132]: 
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where (AxB)* defines a dynamic state, in the form of a layer grown due to a rolling mass 

transfer mechanism (Fig. 1.9), A and B represent the hard and soft reactants, respectively, B* 

is a particular form of reactant B, with amorphous or turbostratic structure, resulting from the 

relaxation of dynamic state, and A1-δB* represents the primary product, deficient in the hardest 

reagent [132]. The composition of the dynamic state and the primary reaction product is 

determined by the difference in the Mohs’ hardness of the oxide precursors. 

 

Fig. 1.9. Two-dimensional scheme illustrating the primary event of the mechanical alloying 

mechanism (a) initial state; (b) roll growth until collision, accompanied by emission processes, and 

(c) relaxation of (AxB)* to the primary product [132]. 

 

During the secondary event of the mechanical alloying mechanism, there is a slow conversion 

of the primary product towards the final equilibrium composition by a deformation mixing 

regime, with the formation of rotation zones, and further mass transfer during stoppage and 

unloading [132]. Fig. 1.10 describes graphically the dynamics of the process, highlighting the 

gradual change between reagent consumption, primary product formation and conversion to 

final product. 

 A + B→(Ax B)*→ A1-δ B* + B* (1.17) 

(a) (b) (c) 
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Fig. 1.10. Dynamics of mechanochemical synthesis in systems with intermediate primary products. (1) 

primary product, (2) secondary product, (3) starting reactants [132]. 

 

1.5.2. MECHANOCHEMICAL PROCESSING OF CERAMICS 

The processing of nanocrystalline materials using mechanical milling has evoked a particular 

interest, namely in the preparation of functional ceramic materials such as complex oxides 

with perovskite and spinel structures, layered structures, magnetic materials or ceramic 

nanocomposites [134]. 

In comparison with other processing routes usually used in ceramic processing, namely 

conventional solid-state reactions or the soft chemistry-based processing routes, 

mechanochemical ceramic processing shows some relevant advantages in respect to the cheap, 

rapid, non-polluting, formation of nanostructured powders that can exhibit high compatibility 

and improved sinterability to allow the formation of ceramics materials at lower temperature.  

Mechanochemically produced powders often show agglomerates up to 100 µm with low 

densities (65 - 70 %), consisting of aggregates with densities up to 80 % in the range 



 

 

29 

 

0.2 - 2 µm [132]. These aggregates are comprised of composites of nanosized crystallites in an 

amorphous matrix (Fig. 1.11). 

aggregates

amorphous

matrix

nanocrystallites

 

Fig. 1.11. Mechanically produced barium titanate-based powders. 

 

Phase formation and subsequent ceramic processing at comparatively much lower 

temperatures and in a controlled atmospheres (closed vial) can allow improved control of the 

chemical and compositional stoichiometry of the prepared materials avoiding loss of volatile 

precursors during the preparation. Moreover, the obtained ceramic materials often exhibit 

favourable and unique features such as structural stability, extended solid solubility and 

surface and structural defects, which have been associated to improvements in their electrical, 

electronic, magnetic or functional properties [134]. Indeed, alternative phase forming 

mechanisms in the mechanochemical methods often circumvent the formation of transitional 

or impurity phases, formed during conventional solid state processing, contributing to superior 

properties shown by mechanochemical processed ceramics. Furthermore, mechanochemical 

ceramic processing allows the synthesis of novel materials, that cannot be synthesized by other 

methods [134]. 

In the current project the strategy followed will be focused on the adoption of different types 

of mechanochemical processing, to improve functional properties or to process novel ceramic 

materials for high temperature fuel cells technologies. 
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1.6.  AIM OF THE THESIS 

The present thesis aims to create a knowledge platform in view of the improvement of 

properties of well-known and promising PC-SOFC materials, and the tailoring of properties of 

novel materials, by manipulation of mechanochemical processes and composition. By such 

manipulation one aims to improve the processing ability of fuel cell components and to 

develop novel materials with superior properties, with emphasis on transport properties and 

chemical stability. The research is focused on the study of potential proton and mixed 

conductors for application in H-SOFCs components, based on BaZrO3. However, one also 

expects the formed know-how to be transferable to other related materials. 



 

 

31 

 

2. EXPERIMENTAL: MATERIALS PROCESSING AND 

CHARACTERIZATION TECHNIQUES 

2.1. MATERIALS PROCESSING 

As a general rule, a standard high energy milling procedure was adopted for all systems 

studied, with the aim to facilitate comparison between the different perovskite systems. 

However, conventional solid state synthesis was also occasionally used for comparison with 

the mechanochemical processing method. 

2.1.1. PRECURSORS 

The  mechanochemical processing of BaZrO3 and BaPrO3 based compositions was performed 

from stoichiometric mixtures of suitable dry commercial metal oxides: barium peroxide 

(Riedel-de-Häen or Acros, 95 % purity), (ZrO2)0.92Y2O3)0.08 (TOSOH Co.), 

(ZrO2)0.92(Y2O3)0.08 (TOSOH Co.), zirconium (IV) oxide, m-ZrO2 (Riedel-de-Häen, 

99 % purity), yttrium oxide (Hermann C.Stark, calcined at 950 ºC, 1 hour), praseodymium 

oxide (Aldrich > 99.9 %), anatase titanium oxide  (Aldrich, 99.8 %), and cerium (IV) oxide 

(Aldrich, 99.8 %). The commercial powder of barium peroxide was found to be a mixture of 

BaO2 and carbonate impurities, the exact quantities of which were confirmed by 

thermogravimetric analysis using a SETARAM TG-DTA/DSC Labsys Intrument with a 

1600 ºC Rod by complete carbonation of a sample in flowing CO2. Table 2.1 presents the 

precursors used in the preparation of the compositions studied. 
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Table 2.1. Precursors mixtures used in the preparation of perovskite compositions. 

System Composition Precursors 

BaZr1-yYyO3-δ 

y = 0 BaO2 + ZrO2 

y = 0.06 BaO2 + (ZrO2)0.97(Y2O3)0.03 

y = 0.15 BaO2 + (ZrO2)0.92(Y2O3)0.08 

y = 0.20 BaO2 + ZrO2 + Y2O3 

Ba1-xZr0.852Y0.148O3-δ 

x = 0.02 

BaO2 + (ZrO2)0.92(Y2O3)0.08 
x = 0.04 

x = 0.06 

x = 0.08 

Ba(Pr1-xZrx)1-yYyO3-δ 

x = 0; y = 0.8 or 0.9 

BaO2 + (ZrO2)0.97(Y2O3)0.03 + 

+ Pr6O11 + Y2O3 

 

x = 0.20; y = 0.8 or 0.9 

x = 0.40; y = 0.8 or 0.9 

x = 0.60; y = 0.8 or 0.9 

x = 0.80; y = 0.8 or 0.9 

x = 1; y = 0.8 or 0.9 

BaPr1-xZrxO3-δ 

x = 0 

BaO2 + ZrO2 + Pr6O11 

 

x = 0.20 

x = 0.40 

x = 0.60 

x = 0.80 

x = 0.85 

x = 0.90 

x = 0.95 

x = 1 

BaPr1-xMxO3-δ 

(M = Ti or Ce)  

x = 0.20 

BaO2 + Pr6O11 + TiO2 (or CeO2) 
x = 0.40 

x = 0.60 

x = 0.80 
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Additionally, tetragonal zirconia (t-ZrO2) and monoclinic zirconia (m-ZrO2) were prepared   

and used as precursors for the mechanosynthesis of BaZrO3. The tetragonal phase of pure 

undoped zirconia is thermodynamically stable only at temperatures higher than 1170 ºC, 

although this phase can be retained in metastable form at room temperature. Nonetheless, this 

metastable material is not commercially available. Several preparation routes have been 

documented [135–137] that can produce the tetragonal phase of pure ZrO2 in metastable form, 

such as the slow alkaline precipitation procedure used in this work.  

For the preparation of tetragonal zirconia, H2O2 (Sigma-Aldrich, 30 wt.% in H2O) was added 

to the aqueous zirconyl solution, ZrOCl2·8H2O (Sigma-Aldrich, 95 % purity) to give a molar 

ratio of ZrO2 to H2O2 equal to 1:4. For the precipitation of gels, ammonia solution (Fluka) was 

added until the pH reached a value of 9. The gels were subsequently aged for 30 minutes, then 

filtered and washed with distilled water until no Cl
−
 ions were detected in the filtered water 

(AgNO3 test). The powder was then dried at 110 °C for 12 hours. The dried powder was 

sulphated by adding 3 ml of 1 N H2SO4 (Sigma-Aldrich) per gram of powder and stirring at 

room temperature. The sulphated powder was dried at 110 °C for 12 hours and then calcined 

at 600 °C for 4 hours. 

Monoclinic zirconia is also prepared in order obtain powders with nanometric particle size 

range comparable with the particle size of t-ZrO2 powders. For the preparation of m-ZrO2, a 

stock solution of ZrOCl2·8H2O with a concentration of 0.1 M was used. Ammonia solution 

(Fluka) was added to the salt solution until the pH value of 10 was reached. The precipitate 

formed was filtered and washed with distilled water and subsequently dried at 90 °C for 

24 hours. Finally calcination treatment was carried out at 550 °C for 5 hours. 
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2.1.2. MECHANOCHEMICAL CERAMIC PROCESSING  

High energy milling experiments were conducted in a planetary ball mill (Retsch PM200 or 

PM100), with constant planetary rotation of 650 rpm, using 125 cm
3
 tetragonal zirconia vials 

(Retsch) and balls (Tosoh Co.) with diameters of 10 and 15 mm, in the proportion 2 to 1, with 

5.5 g of the stoichiometric mixture of precursors, resulting in the powder weight ratio ∼10:1. 

Excess heating was avoided by milling for periods of 5 minutes with a subsequent pause for 

the same period of time. After each interruption the direction of rotation was reversed. No 

special atmospheres were used during milling. Progression of mechanochemical reaction was 

monitored by X-ray diffraction (XRD) analysis of powder samples collected at regular periods 

of time, using a Rigaku Geigerflex diffractometer (CuKα radiation, scan rate 1º·min
-1

). The 

milling was stopped when no relevant crystallographic changes were observed.  

In some cases an annealing step was necessary for phase formation of mechanically activated 

powders and was performed in air at 1000 – 1250 ºC. Such a calcination step was also 

necessary to increase crystallinity for structural characterization of mechanochemically 

produced powders.  

Ceramic samples were prepared by uniaxial pressure at ∼65 MPa, followed by isostatic 

pressure of 200 or 300 MPa, of the mechanically obtained powders with subsequent heat 

treatment in air for complete synthesis and sintering between 1300 and 1600 ºC. Samples were 

covered with sacrificial powder of the same composition to minimize Ba-evaporation. The 

formation of single phase materials was confirmed by XRD analysis. The density was 

measured by geometric measurements and/or by Archimedes method by immersion in diethyl 

phthalate. 

The level of densification on sintering was determined by the equation: 

where the green density is the density before sintering and the relative density is calculated by 

the following equation: 

 

 

(2.1) 
( )

Final Density Green Density
Densification % 100

Green Density

−
= ×
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where crystallographic density is determined from the formula mass of the chemical 

composition and the unit-cell volume obtained by Rietveld refinement. 

2.2. CHARACTERIZATION OF MATERIALS 

2.2.1. X-RAY DIFFRACTION 

X-ray diffraction (XRD) of powder samples, was performed using a Rigaku Geigerflex 

diffractometer (CuKα radiation), over the angular range 10 - 115º (2θ), in a continuous scan 

mode with a scan rate of 1 - 3º·min
-1

, or in step scan mode at 6 s·step
-1

, with a step width of  

0.02º. The collected data were used for phase identification, estimation of crystallite size and 

lattice strain, quantification of weight fractions of crystalline phases, and/or determination of 

structural parameters using Rietveld refinement, such as the lattice parameters and average 

bond-length. 

2.2.1.1. SIZE-STRAIN PLOTS 

A significant peak broadening is typical of X-ray diffraction patterns of powders prepared by 

high energy milling, which may be attributed to a combined effect of crystallite size in the 

nanometric range, lattice strain and significant residual micro-strain resultant of high energy 

milling.  

The crystallite size and lattice strain of nanopowders prepared by high energy milling were 

estimated from the size-strain plot, based on the integral-breadth method [138,139]. The X-ray 

diffraction line profiles were modelled by a Pearson VII distribution function (program Winfit 

1.2.1 [140]), in order to determine the profile parameters. The instrumental contribution to line 

broadening was determined using LaB6 as standard reference. 

 

 

 

(2.2) 
( )

Final Density
Re lative Density % 100

Crystal log raphic Density
= ×
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The contributions to integral-breadth of crystallite size and the strains can be evaluated by the 

adoption of an integral-breadth method relating the crystallite size, expressed as the average 

apparent diameter, ε, with the mean value of the strain, η [138].  

 

where 
( )cos∗ =

β θ
λ

β  and 
( )2sin∗ = θ

d
λ

. β and d are the integral breadth and the interplanar 

distance, respectively. η is related with the root-mean-square strain ( rmse ) by the relation: 

 

Therefore, the crystallite size and the mean value of the strain were estimated from the fitted 

linear data of the graphic representation of equation (2.3), based on the slope and y-intercept 

values, respectively. 

 

2.2.1.2. RIETVELD  REFINEMENT 

Rietveld refinement of XRD data was performed to obtain both lattice parameters of 

phase-pure material and weight fractions of crystallised phases in mechanochemical activated 

powders, using the Fullprof program [141] according to the a method documented in reference 

[142]. 

The XRD samples were prepared using Ni (Merck) as internal weight and lattice parameter 

standard. This standard was chosen since it meets the requirements of not having overlapping 

XRD peaks with the sample and has a small particle size (~0.4 µm) which limits differences in 

microabsorption between the two phases on performing quantitative analysis. The powders for 

analysis were mixed in an agate mortar with Ni powder, of known weight, in a quantity so that 

the intensity of its strongest Ni peak would be similar to that of the strongest peak of the 

sample. 
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The weight fraction of crystallized phase, (Wcryst)XRD was corrected for the presence of the 

amorphous phase, from the X-ray and real weight fractions of internal standard, (WNi)XRD and 

(WNi)real respectively, according to a method documented in [142], using the relation: 

 

2.2.2. RAMAN SPECTROSCOPY 

Raman spectroscopy studies were used to complement X-ray diffraction and Rietveld 

refinement, once they present higher sensibility to identify possible local changes of 

symmetry, e.g. offering resolution of crystallographic changes often at lower doping 

concentrations with respect to X-ray diffraction. For example, its use became necessary to 

obtain a detailed structural characterization of the system BaPr1-xZrxO3-δ. 

The Raman spectra were acquired, at room temperature, in backscattering configuration with a 

Jobin-Yvon LabRam HR equipped with a Multichannel air cooled (70 °C)  CCD detector. An 

objective of 50x magnification was used to focus the sample surface when excited with 

532 nm laser line. As a rule, the incident laser power was kept at 2 µW to avoid structural 

transformations due to the overheating. For each sample were recorded different spectra 

corresponding to different regions of the ceramic sample. For the analysis were considered the 

spectra that presented better relation signal/noise. 

 

2.2.3. ICP-AES AND  FT-IR  ANALYSIS 

Inductively coupled plasma atomic emission spectroscopy (ICP-AES) allows the identification 

and quantification of elements in residual concentrations. In this context, ICP-AES studies 

have been performed on Ba(Zr,Y)O3-δ materials in order to detect the occurrence of deviation 

of stoichiometry of the compositions prepared by mechanochemical processing, and possible 

zirconia milling contaminations. The spectroscopy analysis is performed in a 

 ( )
( ) ( )

( )
cryst Ni realXRD

cryst real
Ni XRD

.
=

W W
W

W
 

(2.5) 
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Jobin-Yvon 70 Plus spectrometer, with solutions of the milled powders that had been 

dissolved in acid mixtures in an ultrasonic bath.  

Fourier Transform  Infrared  Spectroscopy (FT-IR) offers higher sensitivity on the detection of 

lower concentration of materials (detection limit of ∼ ppm), respecting to the X-ray diffraction 

technique (detection limit of ∼1 wt.%). In this context, FT-IR is used to investigate the 

presence of traces of barium carbonate nanopowders prepared by high energy ball milling. 

Room temperature infrared absorption spectra were collected, in the range of 300 – 2000 cm
-1

 

using a KBr pellet, using a Spectrum-1000 Fourier transform infrared instrument 

(Perkin-Elmer). 

 

2.2.4. CHEMICAL STABILITY STUDIES 

The chemical stability was assessed by post-operation examination by XRD of samples 

annealed under different temperatures and atmospheres, such as dry and wet air, O2, N2, CO2 

and 10% H2/N2. Additionally, stability in flowing dry CO2 was also studied by TGA using the 

SETARAM instrument with a heating rate of 1 ºC·min
-1

, up to the maximum temperature 

1300 ºC. For this, samples were preliminary heated at 5 ºC·min
-1

 in dry argon to 1300 ºC to 

remove residual hydration and any minor initial traces of BaCO3, and cooled under the same 

atmosphere before exposure to CO2. Subsequent analysis by XRD of powder samples was 

performed after TGA experiments were completed.     

 

2.2.5. ELECTRON MICROSCOPY STUDIES 

The submicron-sized powders obtained by mechanochemical preparation were characterized 

by Transmission Electron Microscopy (TEM) coupled with Energy Dispersive X-ray 

spectroscopy (EDS) in a Hitachi H-9000 microscope operated at 300 kV and equipped with an 

Röntec EDS detector. Samples were prepared by dispersing in ethanol and supporting on 

perforated copper grid holders. The microstructural inspections of fractured ceramics were 
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performed by Scanning Electron Microscopy (SEM) using a Hitachi S4100 microscope. 

Average particle size and grain size were estimated from equivalent circular diameters 

measured on TEM and SEM digital micrographs upon suitable processing and analysed with 

ImageJ 1.37v software of Wayne Rasband (National Institutes of Health, USA).  

Electron-Probe MicroAnalysis (EPMA) was used for chemical analysis of ceramic samples to 

assess composition accuracy using a Jeol Superprobe JXA-890M electron probe 

microanalyser.  

Ceramic samples were also studied using electronic transmission microscopy, coupled with a 

system of energy-dispersive X-ray spectroscopy, TEM/EDS (JEOL 2200FS), to assess the 

local chemical composition in grain interior and triple points.  

 

2.2.6.  ELECTROCHEMICAL MEASUREMENTS 

The electrical characterization of materials was performed by Electrochemical Impedance 

Spectroscopy (EIS). AC impedance spectroscopy measures the electrical response of the 

material by the application of a sinusoidal field over a large frequency range. It has the benefit 

over DC measurements that the various phenomena can be separated, allowing processes of 

the material with different times constants to be characterized. Additionally, with continuous 

variation of applied potential on the sample, the electric field changes periodically its 

direction, avoiding polarization phenomena that commonly occur by application of constant 

voltage on the ionic materials.  
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2.2.6.1. FUNDAMENTALS [143] 

In AC impedance spectroscopy measurements, one measures the complex impedance of a 

sample as a function of frequency. A single frequency voltage, v, is applied across the sample: 

and the resultant current is measured, according to: 

where ω represents the angular frequency (2π times the frequency), V0 and I0 the amplitude of  

signal and current, respectively; and φ the phase shift. 

For a pure resistor, the voltage, v, and the resultant current, i, are in phase (φ = 0); while for in 

a pure capacitor i leads v by a phase angle of 90º (i.e. φ = 90º). In a real system can be 

considered  both capacity and resistive terms can be considered, once voltage always lags 

behind the current by a phase angle less than 90º, and thus, can be modelled by combination of 

resistive and capacitive elements. 

By definition, impedance is defined by the opposition to the flow of charge in a system and is 

given by: 

As a vector quantity can also be defined as a complex number, whose magnitude and direction 

can be expressed by the combination of a real ′Z  and imaginary ′′Z  components: 

where the imaginary number j = -1 = exp (j π/2) indicates an anticlockwise rotation by π/2 

relative to the real axis. 

Experimental impedance data are plotted by the Nyquist representation, which plots the 

imaginary component, ′′Z , against the real component, ′Z , of the sample impedance, at 

 v(t) = V0. sin(ω t) 
(2.6) 

 i(t) = I0. sin(ω t+φ) 
(2.7) 

 
(t)

( ) =
(t)

ω
v

Z
i

 
(2.8) 

 Z(ω) = |Z| cos(φ) + j  |Z| sin(φ) = ′Z + j ′′Z  
(2.9) 
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different frequencies. Typically, the Nyquist representation of ceramic ionic conducting 

materials exhibit distinct arcs corresponding to different phenomena from the intragranular 

bulk and intergranular grain boundary transport on the electrolyte and to the electrode 

response. Due to their characteristic relaxation frequencies, the arc at high frequencies is 

normally attributed to conduction in grain interior (bulk), the intermediate frequency arc is 

attributed to conduction in grain boundary, and that at low frequencies is attributed to the 

electrode response. The analysis of the electrolyte and electrode responses can be represented 

by series combinations of resistive (R) and capacitive (C) elements in parallel, stated to be the 

equivalent circuit. 

In ideal polycrystalline materials, the arcs correspondent to the bulk, grain boundary and 

electrode response can be conveniently modelled by three subcircuits in series, composed by 

parallel connection of a resistor and capacitor (RC element), Fig. 2.1. 

-Z
''

Z'

ω = 2πf 

R1

C1

R2

C2

R3

C3

Rbulk
Rgrain boundary Relectrode

Cbulk Cgrain boundary Celectrode

 

Fig. 2.1. Schematic impedance plot in the Nyquist representation of an ideal crystalline material. 
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Nonetheless, many materials are found to give non-ideal responses. The semi-circles produced 

in the impedance plot are often depressed, and have centres which are located below the real 

axis, which can be attributed to the relaxation processes with a distribution of relation times or 

other relaxation processes with different time constants, caused by e.g. inhomogeneous 

samples. In this situation, the simple combination of RC elements with a single time constant 

is insufficient to model this type of behaviour, and the capacitor should be replaced by a 

Constant Phase Element (CPE) in order to model conveniently the electrochemical processes. 

The CPE describes the behaviour of an element whose nature deviates from that of a pure 

resistor or capacitor and can be characterized from pseudo-capacitance, Q, and the parameter 

n, related with depression of the semicircle obtained in a non-linear response.  

The relation between capacitance, C, and pseudo capacitance, Q, can be stablished by equating 

the characteristic relaxation frequency, ω0: 

and consequently: 

From the value of capacitance, one may estimate the relative permittivity of materials as: 

εr is the relative permeability of material, ε0 is the vacuum permeability, and A e L is the cross 

sectional area and the length of the sample, respectively. 

From the knowledge of the resistance and capacitance extracted from impedance data analysis 

and the sample geometry (cross sectional area and length), the conductivity of bulk (grain 

interior) and grain boundary can be estimated considering the “brick layer” model. 
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According to the “brick layer” model a polycrystalline material consists of identical cubic 

grains whose size is D and with the same conductivity, and the grain-boundaries whose 

thickness is δ, which possess a different resistivity to the grains interior. 

Electrode

Grain boundary

Bulk

Electrode

L

δD

 

Fig. 2.2. Brick-layer model of a polycrystalline material (from [144]). 

 

The total conductivity of a polycrystalline material can be obtained by the relation: 

where Rb and Rgb are the resistances of bulk (grain interior) and grain boundary respectively, 

that can be obtained from impedance spectroscopy measurements. 

The bulk conductivity can be obtained from: 

where N is the number of grains. 
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Attending that the grain is much larger than the grain boundary, D >> δ, one can be consider 

that: 

and the bulk conductivity can be determined from the knowledge of the overall sample 

geometry:  

Also, on the assumption that the bulk conductivity is much larger than specific grain 

boundary, current will flow primarily through the grains, and will traverse the grains 

boundaries perpendicular to the grains, as indicated in Fig. 2.2, and the specific grain boundary 

conductivity can be determined as: 

If one further assumes that the dielectric constant of the grain boundaries is approximately 

equal to the bulk (εgb ≈ εb) [102,144]:  

The specific grain boundary conductivity can be measured solely from impedance data, in the 

absence of microstructural information, combining by equations (2.14) and (2.15): 

 

 

 

 L ≈ N·D 
(2.15) 

 
b

b

=
⋅

L

R A
σ  

(2.16) 

 
gb gb

gb,sp

.

.
= ≅ ⋅

⋅

N L

R A R A D

δ δ
σ  

(2.17) 

 
b

gb

=
δ C

D C
 

(2.18) 

 
b

gb gb

gb,sp
⋅

= ⋅
L C

R A C
σ  

(2.19) 



 

 

45 

 

where the total or effective grain boundary conductivity is defined as: 

In the case that the capacitances of the bulk and grain boundary responses cannot be resolved, 

an estimation of the inherent grain-boundary properties independent of microstructure can be 

provided on the assumption that the proportionality factor of the grain-boundary thickness 

remains effectively constant. In this case the following relation can be adopted [145]: 

where gb,sp

∗
σ  is the area specific grain-boundary conductance. 

 

2.2.6.2. PREPARATION OF SAMPLES 

On the preparation of ceramic samples for electrical characterization, a threshold of relative 

density of > 85 % was enforced, in order to minimise possible deviations of true conductivity 

caused by porosity [146–148]. Table 2.2 presents the thermal cycles adopted on the 

preparation of dense samples used in electrical measurements, and the corresponding relative 

density. 
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Table 2.2.Thermal cycles and relative density of samples used in impedance measurements. The dwell 

time is 5 hours for all the samples. 

System Composition 
Temperature  

(ºC) 

Heating and 

cooling rate 

(ºC·min
-1

) 

Relative density 

(%) 

BaZr1-xYxO3-δ 
x = 0.15 

1600 
5 

86-91 
x = 0.20 2 

Ba1-xZr0.85Y0.15O3-δ x = 0 - 0.10 1600 5 

BaPr1-xZrxO3-δ 

0.20 1400  1 

85-94 
0.40 

1500 2 
0.60 

0.80 1600 5 

 

2.2.6.3. EQUIPMENT AND MEASUREMENTS CONDITIONS 

Impedance spectroscopy measurements were performed using an Electrochemie-Autolab 

PGSTAT302N analyser (frequency range of 1MHz - 0.01 Hz, amplitude 50 mV) or a 

Novocontrol Alpha-ATB analyser (frequency range of 40 MHz - 0.1 Hz, amplitude 100 mV). 

Measurements were made on bar (~14 × 4 × 3 mm) or circular (~7 mm diameter and ~2 mm 

thickness) shaped samples, with two porous platinum electrodes, obtained by painting the 

sample with a platinum paste with further calcination at 900 ºC, for 10 minutes. The studies 

were carried out in an isolated alumina sample holder, and platinum wires were used as 

contacts using a pseudo 4-electrode geometry to avoid lead resistances.  

The sample is placed on the top of an alumina tube, supported by an alumina pellet, and 

pressed with the Pt electrodes by a spring-loaded alumina rod attached to a metallic wire of 

Ni-Cr alloy, resistant to high temperatures. This arrangement is then inserted into a vertical 

tube furnace (Fig. 2.3). 
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Impedance measurements were taken at 50 ºC intervals in the direction of decreasing 

temperature in the temperature range 900 – 100 ºC, under dry and wet oxygen, nitrogen or 

10 % H2 – 90 % N2 mixtures.  

Isothermal impedance measurements were also performed as a function of the oxygen partial 

pressure, 
2OP , by mixing various amount N2 and O2 gases, under different water partial 

pressure, 
2H OP , conditions (dry, wet and intermediate water vapour partial pressure), with a 

total flowrates of 50 ml·min
-1

. Equilibrium was verified by performing repeated impedance 

measurements with one hour stabilization, for each atmosphere and temperature condition. 

Drying was carried out by passing gases through Varian gas clean filter moisture. Gases were 

humidified by bubbling through water followed by a saturated KCl solution in contact with 

solid KCl, producing approximately 83.5 % relative humidity at room temperature. Different 

pressure of water vapour was achieved by mixing fractions of wet and dry gases. For all the 

experiments, oxygen partial pressure was measured by an inbuilt oxygen sensor, while the 

humidity was recorded using an external humidity sensor. 

Fig. 2.3 presents a schematic representation of the experimental setup used in the impedance 

experiments and an electrical measurement cell. 
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Fig. 2.3. Experimental setup and a cell holder used in the impedance experiments. 

 

The impedance data were deconvoluted using the ZView program (Scribner Associates, Inc.) 

to obtain contributions ascribed to bulk, grain boundaries and external interfaces, as suggested 

by typical capacitance values in the ranges of 10 - 20 pF·cm
-2

, ~ 1 - 10 nF·cm
-2

, and 

~1 - 10 µF·cm
-2

, respectively [149]. The total, bulk and grain boundary conductivities were 

determined according to the aforementioned equations (2.13), (2.16) and (2.18-2.20). 

The activation energy, Ea, for the bulk and grain boundary conductivities was calculated from 

the Arrehnius equation, given by: 

 

where A0 is the pre-exponential factor. 

 
0 aexp

 = −  ⋅

A E
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3. MECHANOSYNTHESIS OF Ba(Zr,Y)O3-δδδδ NANOPOWDERS 

Previous works have demonstrated room temperature mechanosynthesis of the comparable 

perovskite material BaTiO3 by use of a standard planetary mill at 200 rpm for BaO2 and TiO2 

precursors [150]. Other authors have shown that BaCO3 and TiO2 precursors can be reacted by 

use of a very high energy steel mill operating at 4000 rpm [151]. For the barium zirconate 

system a two step process of mechanical activation with an additional annealing step has been 

suggested to produce the perovskite phase [152]. In contrast, the current chapter documents 

the one step mechanosynthesis of BaZr1-yYyO3-δ materials for compositions y = 0, 0.06 and 

y = 0.15, outlining the influence of the choice of thermodynamic favourable precursors, the 

effect of milling conditions and how this technique may solve many of the limitations 

presently suffered by alternative synthesis techniques. 

3.1. THERMODYNAMIC GUIDELINES FOR THE SELECTION OF 

Ba- PRECURSORS 

Mechanochemical experiments were preceded by thermodynamic analysis as a guide to select 

the most favourable Ba-precursors for one step mechanosynthesis of BaZr1-yYyO3-δ materials. 

The free energy change (∆G) of formation of barium zirconate, from zirconium oxide (ZrO2) 

and different barium precursors were determined from the fundamental thermodynamic 

relation: 

 

where the enthalpy change (∆HR) and entropy change (∆SR) of chemical reactions were 

computed according to the relations: 

 

 ∆GR = ∆HR - T∆SR (3.1) 
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where Cp is the heat capacity, 
pn  and rn  are the stoichiometric coefficients of products and 

reactants, respectively, and 
0

R∆H  and 
0

R∆S are the enthalpy change and entropy change of 

chemical reaction, at standard conditions (298 K, 1 atm).  

In these equations, the temperature dependence of heat capacity (Cp) was described as a series 

of power law terms:  

where a, b, c and d are constants. The standard enthalpy (
0

R∆H ) and standard entropy (
0

R∆S ) of 

chemical reaction, in reference state (298 K, 1 atm) were calculated from: 

 

 

Thermodynamic data of the standard enthalpy of formation (
0

f∆H ), standard entropy (
0

S ) and 

heat capacity terms of the products and reactants were provided by a suitable database 

(FactSage, GTT Technologies) [153]. 

The free energy change of formation of barium zirconate from monoclinic zirconium oxide 

and different barium precursors is shown in Fig. 3.1. 
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2
 + dT 

-2
 +  … (3.4) 

 
0

R∆H = 
0 0

p rf, p f, r
p r

∆ ∆−∑ ∑n H n H  
(3.5) 

 

 0

R∆S = 
0 0

p p r r
p r

−∑ ∑n S n S  
(3.6) 

 



 

 

51 

 

BaO

BaO2 Ba(OH)2

Ba(NO3)2

BaCO3

-90

-60

-30

0

30

250 400 550 700 850 1000 1150 1300

∆∆ ∆∆
G

R
(k

ca
l/

m
o

l)

T(K)  

Fig. 3.1. Free energy change (∆GR) of formation of barium zirconate starting from zirconium oxide and 

different barium precursors. 

 

According to thermodynamic data, the formation of BaZrO3 from BaCO3 is 

thermodynamically unfavorable over a wide temperature range, indicating that 

mechanosynthesis from this precursor is highly unfeasible. A similar limitation is predicted on 

using Ba(NO3)2, except possibly for conditions when high energy milling may cause heating 

to about 500 K. 

Reactions starting from Ba(OH)2, BaO2 and BaO are thermodynamically favourable even at 

room temperature. Although the use of BaO as precursor reactant is thermodynamically the 

most favourable, this oxide reacts readily with atmospheric gases causing the onset of barium 

carbonate and barium hydroxide, with expected, subsequent, negative impact on 

mechanosynthesis [154]. The formation of BaZrO3 from BaO2 and ZrO2 appears to be the 

most appropriate choice of thermodynamically favourable precursors at room temperature, as 

barium peroxide retains reasonable chemical inertness towards atmospheric CO2, and 
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reactivity with ZrO2, while being thermodynamically more favourable than Ba(OH)2. Indeed, 

previous studies have reported the direct room temperature mechanosynthesis of a comparable 

material, BaTiO3, for cases when the alkali-earth precursor was barium peroxide [155]. 

3.2. PHASE FORMATION 

The evolution of formation of the perovskite phase of compositions BaZr1-yYyO3-δ, y = 0, 0.06 

and 0.15, formed by high energy milling of stoichiometric quantities of BaO2 with zirconia 

precursors m-ZrO2, (ZrO2)0.97(Y2O3)0.03 and (ZrO2)0.92(Y2O3)0.08, respectively, is shown in Fig. 

3.2. 

0 min

60 min

120 min

180 min

240 min

420 min

20 25 30 35 40 45 50 55 60

In
te

n
si

ty
 (

a
.u

.)

2-Theta (degree)

(a) y = 0

240 

min

420

min

27 30 33

2-Theta (degree)  

 



 

 

53 

 

0 min

60 min

120 min

180 min

(1
0

0
)

(b)

(1
1

0
)

(1
1

1
)

(2
0

0
)

y = 0.06

(2
1

1
)

240 min

20 25 30 35 40 45 50 55 60

In
te

n
si

ty
 (

a
.u

.)

2-Theta (degree)  

0 min

60 min

120 min

180 min

240 min

(c) y = 0.15

300 min

(1
0

0
)

(1
1

0
)

(1
1

1
)

(2
0

0
)

(2
1

1
)

20 25 30 35 40 45 50 55 60

In
te

n
si

ty
 (

a
.u

.)

2-Theta (degree)
 

Fig. 3.2. Evolution of powder X-ray diffraction patterns with milling time for BaZr1-yYyO3-δ 

compositions (a) y = 0, (b) y = 0.06, (c) y = 0.15 for BaO2 + ZrO2, (ZrO2)0.97(Y2O3)0.03 or 

(ZrO2)0.92(Y2O3)0.08 precursors, respectively. The markers identify (�) barium peroxide; (�, �) yttria 

doped zirconia (3 and 8 mol%, respectively; (�) monoclinic zirconia; and (�) perovskite phase. 

Partial X-ray patterns of BaZr1-yYyO3-δ, y  = 0, in (a) highlights the presence of m-ZrO2 impurity. 
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For each composition, the onset of perovskite phase formation can be observed after 60 

minutes. Further milling leads to substantial increase in intensity of the perovskite reflections 

indicating that mechanochemical reaction takes place at room temperature. Reaction appears 

to occur more rapidly in the case of y = 0.06 with the single perovskite phase attained after 

approximately 240 minutes, Fig. 3.2 (b). In contrast, phase purity in composition y = 0.15 

requires the longest milling time of 420 minutes, Fig. 3.2 (c), while composition y = 0 exhibits 

small traces of monoclinic zirconia as an impurity phase in the XRD patterns throughout all 

milling times investigated, Fig. 3.2 (a). In respect to the persistent presence of zirconia in 

composition y = 0, this can be attributed to incomplete reaction with the Ba-precursor. 

Confirmation of this hypothesis is made by annealing the mechanosynthesised powder of 

BaZrO3, at 1250 ºC for 5 hours. The XRD pattern (Fig. 3.3) shows a clean pattern of BaZrO3 

with no impurity phases and symmetrical peaks suggesting homogeneity.  
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Fig. 3.3. X-ray diffraction pattern after calcination at 1250 ºC of the mechanosynthesised powder of 

composition BaZr1-yYyO3-δ, y = 0. The marker (�) identifies the perovskite phase. 
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It should be noted that BaCO3 is present as a trace impurity phase in the commercial barium 

peroxide precursor, and that in accordance with thermodynamic predictions presented in the 

previous section, the reaction between ZrO2 and BaCO3 would be unfavourable at 

temperatures lower than 1000 K, at 1 atm (Fig. 3.1).  

Indeed, the mechanochemical reaction of BaCO3 and ZrO2 does not occur, using the same 

milling conditions (Fig. 3.4). The starting materials monoclinic zirconia and BaCO3 are 

retained even for milling times in excess of 690 minutes, with no appearance of the perovskite 

phase Fig. 3.4. 
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Fig. 3.4. Evolution of powder X-ray diffraction patterns with milling time for BaZr1-yYyO3-δ 

composition y = 0 for BaCO3 + ZrO2 precursors. The markers identify: (����) barium carbonate and (����) 

monoclinic zirconia. 
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Furthermore, undoped BaZrO3 has shown to have low tolerance to A-site deficiency in 

contrast to the aliovalent doped compositions [102]. Hence, minor deviations from 

stoichiometry due to the trace presence of unreacted Ba-precursor would be likely to cause the 

appearance of zirconia as an impurity phase in the composition y = 0, while a comparable 

compositional variation may be masked in the aliovalent doped compositions due to higher 

tolerances of Ba-deficiency. 

ICP-AES studies have been performed to confirm nominal stoichiometry (Table 3.1). No trend 

can be observed that relates Zr-content to milling time and the materials studied are shown to 

have compositions equal to their nominal stoichiometry within the detection limit of the 

ICP-AES technique. Zirconia milling contaminations, if present, are, therefore, less than 

1 mol%, which is in agreement with a maximum of 0.5 wt.% Zr contamination found in 

powders of Ca(Ti,Mn)O3-δ mechanosynthesized in similar conditions [118]. 

 

Table 3.1. Summary of chemical analysis by ICP-AES of BaZr1-yYyO3-δ powders prepared by 

mechanosynthesis, including analysis of the initial mixture of precursors respecting to the composition 

BaZr0.85Y0.15O3-δ precursor for comparative purposes. 

Y- content 

(y) 

Milling Time 

(minutes) 

Ba 

mol/f.u. 

Y 

mol/f.u. 

Zr 

mol/f.u. 

0 420 0.99 - 1.00 

0.06 300 0.99 0.06 0.94 

0.15 
0 1.00 0.15 0.85 

420 0.99 0.15 0.85 

Note: Data normalised and reported as moles of cation per formula unit (f.u.). 

 

 

 



 

 

57 

 

3.3. EFFECT OF MILLING CONDITIONS 

The milling energy needs to be high for the mechanochemical reaction to progress.  The use of 

nylon vials rather than zirconia vials was revealed to be unsuccessful for mechanosynthesis, 

with no perovskite phase formation for milling times in excess of 420 minutes for even the 

most reactive starting materials, probably due to absorption of milling energy by vial 

deformation. 

Another interesting factor is the influence of the formed oxygen on the mechanochemical 

reaction. The progression of the reaction between BaO2 and ZrO2 yields oxygen as described 

in equation (3.7): 

Previously, the zirconia vial was opened after each 60 minutes of milling to obtain the results 

shown in Fig. 3.2. This repeated opening of the vial releases the oxygen produced by equation 

(3.7) allowing the reaction to progress to the right. In contrast, when the formed O2 is 

prevented from escaping (by keeping the vial sealed) the mechanochemical reaction is shown 

to be seriously retarded, Fig. 3.5. 

 BaO2 + ZrO2 →←  BaZrO3 + 1
2

 O2 (3.7) 
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Fig. 3.5. X-ray diffraction patterns highlighting the impaired rate of perovskite phase formation when 

the formed oxygen is prevented from being released by keeping the vial closed. Composition 

BaZr1-yYyO3-δ, y = 0.15. The markers identify: (����) barium peroxide; (�) yttria doped zirconia 

(8 mol%) and (�) perovskite phase. 

 

3.4.  MICROSTRUCTURE 

All XRD patterns exhibit peak broadening which may arise due to the combined effect of a 

crystallite size in the nanometric range and lattice strain, both typical consequences of high 

energy milling. The lattice strain induced by milling was assessed by adoption of an integral 

breadth method, as described in section 2.2.1.1. Therefore, the crystallite size and the mean 

value of the strain were estimated from the fitted linear data of the graphic representation of 

equation (2.3) based on the slope and y-intercept values, respectively. S ize-strain plots of 

BaZr1-yYyO3-δ, for the three compositions, y = 0, 0.06 and 0.15, after high energy milling, and 

the evolution of crystallite size during milling are presented in Fig. 3.6 (a) and (b) 

respectively.  
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Fig. 3.6. (a) Size-strain plots shown for compositions, y = 0, 0.06 and 0.15 with 420, 300 and 420 

minutes of milling time, respectively. (b) Crystallite size determined from XRD plotted as a function 

of milling time. 
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The crystallite size shows a slight increase with increasing milling time. The crystallite size of 

all materials is in the order of 15 - 35 nm. These values agree well with particle size 

determined from TEM images, Table 3.2. 

 

Table 3.2. Crystallite size and root-mean-square strain calculated from size-strain plot for y = 0, 

y = 0.06 and y = 0.15 compositions, with 420, 300 and 420 minutes of milling time respectively, and 

comparison with particle size observed by TEM. Table also includes lattice parameters of compositions 

sintered at 1250 ºC for 5 hours. 

y Crystallite size (W-H), 

ε (nm) 

Crystallite Size 

(TEM) (nm) 
rmse  (×10

-4
) Lattice parameter(Ǻ) ± 0.001 

0 24 ± 2 14 ± 4 4.6 ± 0 .3 4.187 

0.06 27 ± 3 22 ± 5 2.4 ± 0.7 4.201 

0.15 26 ± 4 18 ± 2 2.1 ± 1.1 4.220 

Some examples of bright field TEM images are shown in Fig. 3.7 These images also 

demonstrate that the crystallites are essentially spherical in shape, a geometry that has 

previously been suggested to favour ceramic processing [100]. Mean apparent strain values, 

expressed as a root-mean-square-strain, rmse ≈ η/5 [138], are about one order of magnitude 

lower than those reported for lanthanum oxyapatites [156] or manganese-substituted calcium 

titanate [118], both compounds with structures of lower symmetry. This observation suggests 

that the strains induced by milling are more easily relaxed in the cubic barium zirconate 

structure. It is also interesting to note that strain decreases with increasing Y doping. 
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Fig. 3.7. TEM image collected for samples y = 0, y = 0.06 and y = 0.15, milled for 420, 300 and 420 

minutes, respectively. 

 

3.5. CARBONATE FORMATION 

As already  noted, the formation of BaCO3 as an impurity phase on decomposition of organics 

is a common drawback of soft chemical synthesis routes. The formed BaCO3 requires 

additional calcinations steps to remove and may add to compositional inhomogeneity. 

Moreover, the requirement of a separate calcination step may also lead to powder coarsening, 

defeating the primary purpose of the soft chemical synthesis route. Fig. 3.1 has shown that the 

mechanosynthesised powders do not exhibit BaCO3 under the limit of resolution of XRD. The 

FT-IR technique, in contrast, offers much higher sensitivity to detect BaCO3 in these materials 

and is used to reinforce that mechanosynthesis offers a method of producing BaZrO3-related 

materials with very low contaminations of BaCO3, as well as to assess the stabilities of the 

produced nanocrystallite powders upon prolonged exposure to air (Fig.3.8). 
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Fig. 3.8. Comparison between infrared transmission spectra of undried BaCO3 commercial powder 

with mechanosynthesised BaZr0.85Y0.15O3-δ powder after exposure to atmospheric conditions for 

1 month, and fresh mechanosynthesised BaZr0.85Y0.15O3-δ powder. 

 

Typical absorption bands attributed to the vibrations in the CO3
2-

 anion are located within the 

1800 – 400 cm
-1

 region. These bands are shown in Fig. 3.8 for an undried commercial BaCO3 

powder for comparative purposes. The strong broad absorption centred at about 1435 cm-1 can 

be connected with the asymmetric stretching vibrations, while sharp absorption bands at 

approximately 848 cm
-1

 and 688 cm
-1

 can be assigned to out of plane bending vibrations and 

in plane vibrations respectively [157]. A weak absorption band at 1072 cm
-1

 can also be 

observed due to symmetric stretching vibrations, while a broad absorption band at 1460 cm
-1

 

has been assigned to water uptake and OH bending [158]. Comparison of the FT-IR spectrum 

of BaCO3 with the spectrum of the freshly made composition BaZr0.85Y0.15O3-δ shows only 

very small traces of BaCO3 in the mechanosynthesised powder (bands at 848 cm
-1

 and 

1435 cm
-1

), which may be a remnant from the commercial barium peroxide precursor used in 

BaCO3 
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this study. Fig. 3.8 additionally shows the absorption spectrum of a mechanosynthesised 

BaZr0.85Y0.15O3-δ powder after exposure to atmospheric conditions for 1 month. Clearly, the 

quantity of BaCO3 impurity has increased substantially, with characteristic absorption bands 

of CO3
2- 

now
 
observable at 697, 859 and 1076 cm

-1
. The broad absorption peak at around 

1460 cm
-1

 also exhibits increased intensity which can be associated with either increase in 

BaCO3 formation or water uptake due to overlap of CO3
2- asymmetric stretching vibrations 

and OH bending at this wavelength [157,158]. It is interesting to question whether carbonation 

is a generic problem related to nanoscale BaZrO3 powders due to their high surface energies, 

especially as studies of the longevity of such nanopowders against carbonation are scarce. 

3.6. DENSIFICATION 

Previously, authors have shown that density in BaZrO3 is inversely related to particle size 

[100]. The current mechanosynthesis results show the formation of spherical crystallites with 

sizes in the region of 15 - 35 nm; properties that should, thus, favour densification in the 

current materials. Fig. 3.9, therefore, explores densification and grain growth for compositions 

y = 0, y = 0.06 and y = 0.15 as a function of sintering temperature. 
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Fig. 3.9. Grain size (a) and relative density (b) for BaZr1-yYyO3-δ ceramics as a function of sintering 

temperature. Dwell time at each temperature is 5 hours 

(a) 

(b) 
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An increase in grain size can be observed for sintering temperatures in excess of 1500 ºC for 

all compositions, Fig. 3.9 (a). Grain growth, however, is much greater in the case of BaZrO3, 

y  = 0 (~9 µm at 1600 °C), than for the aliovalent doped compositions, y = 0.06 and y = 0.15 

(~1 µm). This phenomenon demonstrates that the formation of oxygen vacancies does not 

enhance grain growth in these materials. A similar phenomenon has been noted by Chen et al. 

[159] for doped cerias where the formation of oxygen vacancies by aliovalent doping also 

does not enhance grain growth. Chen et al. suggested that the negative impact of solute drag 

was the cause of this effect. As comparable aliovalent dopant enrichment of crystallite 

interfaces has also been observed for nanoscale powders in the current materials [160], a 

similar phenomenon may be acting in the present system.  

It also should be noted that a high grain growth in composition y = 0, does not relate to a 

higher density, i.e. grain growth occurs without shrinkage. In fact, data for yttrium–substituted 

materials indicate much higher densification rates, Fig. 3.9 (b).  

Table 3.3 summarizes literature values of the percentage of the theoretical density (%ThD) 

obtained for aliovalent doped BaZrO3 prepared by a wide range of synthesis techniques for 

samples sintered under comparable conditions. The densification of the current 

mechanosynthesised powders betters many previous works documented in the literature and 

competes well with peak densities reported for materials formed by state of the art soft 

chemical routes, such as sol-gel or spray pyrolysis, which offer densities lying in the range 

90 – 95 % of the theoretical, under similar sintering conditions. 
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Table 3.3. Relative density (% ThD) of mechanosynthesised composition y = 0.15, with 420 minutes 

of milling time, compared with literature values for BaZr1-yYyO3-δ prepared by a wide range of 

synthesis routes. 

 

y Preparation method 
% 

ThD 

T 

(ºC) 

Ramp rate 

(ºC/min) 

Dwell 

(hour) 

Particle 

Size 

(nm) 

Pressing 

conditions 

(MPa) 

Covered Ref. 

0.10 Sol-gel-acrylates 95 1500 1.5 15 < 20 
n/a, vaccum 

370 
Yes [110] 

0.10 Spray pyrolysis 91 1500 n/a 1 250 
Uniaxial, 

170 
n/a [114]

 

0.10 Spray pyrolysis 68 1500 n/a n/a n/a 
n/a, 

200 
n/a [98] 

0.10 Sol-gel 65 1500 n/a n/a n/a 
n/a, 

200 
n/a [98] 

0.10 Solid State 64 1500 n/a n/a n/a 
n/a, 

200 
n/a [98] 

0.10 Spray Dried 59 1500 n/a n/a n/a 
n/a, 

200 
n/a [98] 

0.15 Mechanosyn. 90 1500 5 10 15 - 35 
Isostatic, 

200 
Yes 

This 

work 

0.20 Sol-gel-alkoxides 99 1500 n/a 20 3 - 5 Anvil, 4000 n/a [161]
 

0.20 
Sol-gel 

polyacrymide 
95 1500 n/a 10 n/a Isostatic, n/a 

Surface 

removed 

[109] 
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3.7. ENHANCED BaZrO3 MECHANOSYNTHESIS BY THE USE OF 

METASTABLE ZrO2 PRECURSORS 

In order to investigate the potential impact of crystallographic symmetry of Zr-precursor on 

the mechanochemical preparation of BaZrO3-based materials, undoped barium zirconate was 

prepared from BaO2 and different zirconia polymorphs: monoclinic (m-ZrO2), and tetragonal 

(t-ZrO2). 

3.7.1. SYNTHESIS OF ZIRCONIA POLYMORPHOUS 

Zirconia is susceptible to polymorphic transformation, adopting a monoclinic crystal structure 

at room temperature and transforming to tetragonal and cubic symmetries at respectively 

higher temperatures (Fig. 3.10) ([162–167]. 
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Fig. 3.10. Polymorphic transformation of ZrO2: changes in lattice and crystal system view (adapted 

from [168]). 

 

As the tetragonal polymorph of zirconia is thermodynamically stable at temperatures higher 

than 1170 °C and highly metastable at room temperature, stabilizing oxides are usually added 

to retain the tetragonal phase to low temperatures [169,170]. Nonetheless, several preparation 

routes have been documented that can produce the metastable tetragonal phase of pure, 
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undoped ZrO2 at room temperature. These processes typically consist of precipitation of 

hydrous zirconia with ammonia or triethanolamine from a zirconium salt solution, leading to 

amorphous zirconia that is crystallized by subsequent thermal treatment of the hydrous 

zirconia precipitate. By changing the concentration of zirconium salt solution, adding H2O2 to 

the solution and sulphation of precipitated zirconia before heat treatment, it is possible to form 

metastable tetragonal zirconia at room temperature without adding stabilizing dopants 

[135-137].  

Thus, in this study samples of m-ZrO2 and t-ZrO2 were prepared by slow alkaline 

precipitation, following the procedure described in the experimental section 2.1.1. The 

chemical preparation of m-ZrO2 was also performed by the slow alkaline precipitation route to 

guarantee comparable particle size between the both precursors. 

Fig. 3.11 shows the XRD patterns of synthesized tetragonal and monoclinic zirconia powders. 

It can be seen that the formation of pure m-ZrO2 and t-ZrO2 phases are achieved at room 

temperature.  
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Fig. 3.11. X-ray diffraction patterns of the synthesized zirconia powders. The markers identify: (�) 

m-ZrO2 and (�) t-ZrO2. 

 

SEM images of the ZrO2 polymorphs powders show spherical agglomerates, consisting of 

particles with sizes in the nanometric range, as depicted in Fig. 3.12. The particle sizes 

determined by specific Brunauer-Emmett-Teller (BET) surface-area measurements were 

approximately 15 nm for t-ZrO2 and 27 nm for m-ZrO2. The close match in the particle size 

for each ZrO2 precursor powder facilitates the subsequent comparison of these materials 

during mechanical milling. 
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(a) (b) 

 

Fig. 3.12. SEM images of (a) monoclinic zirconia and (b) tetragonal zirconia powders mounted on 

carbon tapes. 

 

3.7.2. TRANSFORMATION OF ZIRCONIA POLYMORPHS UNDER 

HIGH ENERGY MILLING 

Fig. 3.13 illustrates the XRD patterns of t-ZrO2 and m-ZrO2 after different milling times. 

Starting from t-zirconia, one observes the partial conversion to m-zirconia, with appearance of 

m-ZrO2 after 60 minutes of milling and a considerable lowering of t-ZrO2 peaks, Fig. 3.13 (a). 

In contrast, XRD patterns of monoclinic zirconia precursor show the slow appearance of the 

tetragonal phase. While the t-ZrO2 precursor is shown to rapidly decrease in quantity, 

converting partially to m-ZrO2 on milling, the m-ZrO2 precursor demonstrates the inverse 

behaviour, partially converting to the higher symmetry tetragonal phase on mechanical 

milling. 
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Fig. 3.13. X-ray diffraction patterns of (a) t-ZrO2, and (b) m-ZrO2 powders after different milling 

times.  The markers identify: (����) m-ZrO2; (�) t-ZrO2. 
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Weight fractions of t-ZrO2 after different milling times, starting from monoclinic and 

tetragonal precursors (Fig. 3.14), were determined from Rietveld quantitative phase analysis. 

It can be seen that transformation is fast during the initial hours of milling and conversion of 

t-ZrO2 to m-ZrO2 reaches almost 50 % (w/w) after 120 minutes. For longer milling times, the 

rate of transformation decreases and the fraction of residual tetragonal phase tend to a plateau. 

Contrarily, the polymorphic modification of the monoclinic zirconia precursor upon high 

energy milling is shown to be slower than that of the inverse transformation of the tetragonal 

precursor. The rate of transformation of m-ZrO2 to t-ZrO2 is almost constant after 120 minutes 

up to the longest milling time (420 minutes). Moreover, the conversion of m-ZrO2 to t-ZrO2 

only reaches about 20 % (w/w) after 420 minutes milling time in comparison to the 

modification of greater than 60 % (w/w) of t-ZrO2 to m-ZrO2 in the case of the tetragonal 

precursor in the same time period. Determination of the amount of amorphous phase in the 

cases of the monoclinic and tetragonal precursors indicates that the amount of amorphous 

phase after a milling time of 420 minutes was effectively negligible. 
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Fig. 3.14. Weight fractions of t-ZrO2 as a function of milling time starting from: (����) m-ZrO2, and (�) 

t-ZrO2. 
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The XRD patterns after different milling times also reveal additional changes associated to 

peak broadening, possibly caused by changes of crystallite size in the nanometric range, lattice 

strain, and significant residual microstrain. 

The assessment of the contributions of these effects to the integral-breadth was evaluated by 

the adoption of and integral-method, similarly to that described on the section 2.2.1.1. 

Size-strain plots of monoclinic and tetragonal zirconia before and during milling are presented 

in Fig. 3.15. Results for 300 minutes and 420 minutes of milling are not shown as the fitted 

data give excessively high errors for long milling times (above 40 % for rmse ). Similar 

difficulties have also been reported by other authors and are suggested to be due to very low 

particle sizes and amorphization [156,171]. In the current case, difficulties also arise as the 

deconvolution of XRD peaks is affected by the close proximity of coexisting tetragonal and 

monoclinic polymorph reflections after extended milling. In this respect, the size-strain plots 

of t-ZrO2 proved to be particularly complex to analyse due to the rapid conversion of t-ZrO2 to 

the monoclinic polymorph. Note that after 60 minutes and 120 minutes of milling the t-ZrO2 

precursor, the samples contain about 27 % and 51 % of m-ZrO2 (Fig. 3.14). Thus, only the 

main reflections of the tetragonal phase are considered in order to minimize the risks of 

overlapping of XRD reflections of both m-ZrO2 and t-ZrO2. 
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Fig. 3.15. Size-strain plots of (a) m-ZrO2 and (b) t-ZrO2 before milling and after 60, 120 and 180 min 

of high energy milling. 

 

The results of average crystallite size and root-mean-square strain, rmse , for m-ZrO2 and 

t-ZrO2, estimated from the fitted linear data of the graphic representation of equation (2.3) and 

considering the relation (2.4), are shown in Fig. 3.16. One notes a close correlation between 

the calculated crystallite sizes and those recorded by the BET technique and the decreasing of 

average crystallite size with milling time for both zirconia precursors. 

The percentage of error associated with the determination of average crystallite size for 

m-ZrO2 at different milling times is in the range of 11 – 23 %. The corresponding values of 

strain exhibit notable increases with milling time, a trend that is typical of mechanical 

activation [172,173], Fig. 3.16 (a).  

Although major errors are associated with the estimates of average crystallite size of t-ZrO2 

upon milling, Fig. 3.16 (b), it may be assumed that effects of high energy milling of t-ZrO2 

powders include a prevailing contribution to partial transformation to m-ZrO2 combined with 

decreases in crystallite size and strain. Contrary to what is noted in the case of m-ZrO2, one 
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observes a clear decrease in strain with milling time in the t-ZrO2 precursor. This can be 

ascribed to the polymorphic transformation of t-ZrO2 to m-ZrO2 through high energy milling, 

that may dissipate the increase in specific surface and elastic-strain energies induced by 

mechanical activation [172,173]. 
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Fig. 3.16.  Average crystallite size (�) and root mean square strain, rmse , (�) determined from the 

size-strain plot as a function of milling time for: (a) m-ZrO2, and (b) t-ZrO2. 
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3.7.3. MECHANOSYNTHESIS OF BaZrO3 

The XRD patterns in Fig. 3.17 show the evolution of formation of barium zirconate as a 

function of milling time from BaO2 and t-ZrO2. It can be seen that the formation of BaZrO3 

using t-ZrO2 is very fast and traces of precursor reactants cannot be seen in the X-ray 

diffractograms after only 120 minutes. This can be ascribed to the high reactivity of 

metastable t-ZrO2 powders on high energy milling, as shown above. One should also note that 

no m-ZrO2 can be observed during milling, suggesting that mechanical activation in the 

current case leads directly to chemical synthesis rather than phase modification. The presence 

of minor quantities of BaCO3 observable after 60 minutes milling time, most likely results 

from the high reactivity of BaO2 and exposure of powder to atmospheric CO2 either during 

milling or before XRD can be performed.  

0 min

60 min

120 min

180 min

240 min

300 min

360 min

420 min

10 30 50 70

In
te

n
si

ty
 (

a
.u

.)

2-Theta (degree)  

Fig. 3.17. X-ray diffraction patterns of BaZrO3 after different milling time using BaO2 and t-ZrO2 as 

precursors. The markers identify:  (����) BaO2, (�) t-ZrO2, and (����) BaCO3 and (�) perovskite phase. 
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The evolution of mechanosynthesis of BaZrO3 from BaO2 and m-ZrO2 is presented in Fig. 

3.18 as a function of milling time. By using m-ZrO2 as precursor, the rate of BaZrO3 formation 

is distinctly slower than that observed when using t-ZrO2 as starting material, and traces of the 

main reflection of m-ZrO2 are observed after the longest milling time. One also observes the 

appearance of small peaks of barium carbonate, in the XRD patterns after 360 and 420 

minutes of milling, that can be ascribed to the reaction of BaO2 with atmospheric CO2, 

indicating that total conversion of BaO2 is also incomplete even after the longest milling time 

when using the m-ZrO2 precursor. Note that these results are in line with those reported 

previously, in section 3.2, for the mechanochemical reaction of BaZrO3 from BaO2 and 

commercial m-ZrO2, under similar milling conditions: the observation of incomplete reaction 

by high energy milling, with consequent persistence of m-ZrO2 in final mechanosynthesised 

powders. 
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Fig. 3.18. X-ray diffraction patterns of BaZrO3 after different milling time using BaO2 and m-ZrO2 as 

precursors. The markers identify:  (����) BaO2, (����) m-ZrO2, (����) BaCO3 and (�) perovskite phase. 
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The fraction of formed BaZrO3, evaluated by quantitative Rietveld analysis of XRD data, 

summarized in Fig. 3.19, highlights the faster conversion to BaZrO3 by mechanosynthesis 

from t-ZrO2 compared to the mechanosynthesis from m-ZrO2, which can be ascribed to the 

high reactivity of metastable t-ZrO2 powders on high energy milling. 
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Fig. 3.19. Weight fraction of BaZrO3 as a function of milling time for mixtures of barium peroxide 

with different zirconia precursor polymorphs. 

 

In order to assess the yield obtainable by room-temperature mechanosynthesis under these 

conditions, the amount of amorphous phase was determined by Rietveld refinement of the 

XRD patterns after 420 minutes of milling for each set of precursors, Table 3.4. It can be seen 

that yields of BaZrO3 of approximately 82 % and 78 % can be obtained from the precursors, 

t-ZrO2 – BaO2 and m-ZrO2–BaO2, respectively, under these milling conditions. 
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Table 3.4. Weight percentages of BaZrO3, BaCO3 and amorphous phase after room temperature 

mechanosynthesis for each set of precursors. 

 
t-ZrO2 - BaO2 (%w/w) m-ZrO2 - BaO2 (%w/w) 

BaZrO3 81.5 77.7 

BaCO3 - 8.3 

Amorphous 18.5 14 

 

Further assessment of yield was performed by thermogravimetry (Fig. 3.20). The initial stage 

of weight loss starts at room temperature, reaches a maximum rate at temperatures below 

100 °C and lows down to a minimum rate at T ≈ 315 °C for t-ZrO2–BaO2/BaZrO3 mixtures 

and at T ≈ 375°C for m-ZrO2–BaO2/BaZrO3. This stage may be ascribed to losses of adsorbed 

humidity. A second stage shows increasing rate of weight losses until a maximum at about 

T ≈ 630 °C for t-ZrO2–BaO2/BaZrO3 and T ≈ 660 °C for m-ZrO2–BaO2/ BaZrO3; most likely 

related to decomposition of residual barium peroxide, which is expected to occur in this 

temperature range [174].  

One may even assume further formation of barium zirconate during the heating schedule of 

thermogravimetry, mainly because the fraction of weight uptake on subsequent cooling is 

much smaller than on heating. This suggests that the fraction of unreacted precursors nearly 

vanishes after the peak temperature. Note that this feature is in line with the previous 

observation of complete reaction by calcination of mechanosynthesised powders. 

 The measured weight losses of the second stage were, therefore, used to estimate the fraction 

of residual (amorphous) barium peroxide after mechanosynthesis of barium zirconate. It was 

thus concluded that the yield of barium zirconate was about 86 % for the 

t-ZrO2-BaO2/BaZrO3, and slightly lower, 80 %, for m-ZrO2–BaO2/BaZrO3. The incomplete 

conversion of the precursors to the final BaZrO3 product explains the observation of traces of 

barium carbonate even after long milling times (Fig. 3.18). In addition, the slower formation 

of the BaZrO3 phase in the m-ZrO2–BaO2 case may increase the time available for carbonate 

formation, a factor that possibly contributes to the differences in final yield, due to the 

aforementioned, thermodynamic, unsuitability of BaCO3 for BaZrO3 mechanosynthesis. 
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Fig. 3.20. TGA plot of BaZrO3 powders obtained from t-ZrO2-BaO2 and m-ZrO2-BaO2 powder 

mixtures, heated and cooled under dry Ar atmosphere, at a rate of 5 ºC·min
-1

. 

3.8.  CONCLUDING REMARKS 

High energy milling of barium peroxide with high purity ZrO2, (ZrO2)0.97(Y2O3)0.03 or 

(ZrO2)0.92(Y2O3)0.08 precursors at 650 rpm in zirconia vials, leads to mechanochemical reaction 

and the formation of perovskite Ba(Zr1-yYy)O3-δ powders at room temperature for the 

compositions  y = 0, 0.06 and 0.15, respectively. High energy milling using BaCO3 as a 

starting reagent does not allow the formation of the perovskite phase for any composition. 

Also, the use of nylon vials rather than hard zirconia vials do not allow the production of the 

perovskite phase for even the most reactive reagents. Prevention of release of formed oxygen 

is shown to impede the mechanochemical reaction. 

The formed perovskite crystallites are spherical in shape with an average size determined from 

XRD of ca. 30 nm in agreement with transmission electron microscopy observations. A 

spherical crystallite shape at the nanoscale allows highly competitive densification levels 

when compared to BaZrO3-based materials formed by alternative synthesis techniques in the 
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literature under similar sintering conditions. FT-IR spectra demonstrate that contamination 

levels of BaCO3 in the mechanosynthesized powders are very low offering an important 

advantage over many common alternative low temperature synthesis routes. These advantages 

together with the use of cheap precursors, fast preparation times, and the absence of pollutant 

gases demonstrate mechanosynthesis to be a highly attractive method for the formation of 

BaZrO3-related nanopowders. 

The use of metastable tetragonal zirconia as precursor in the mechanosynthesis of BaZrO3 

yields faster conversion to barium zirconate by mechanochemical reaction with barium 

peroxide, as compared to monoclinic zirconia precursor. 

Also, tetragonal and monoclinic polymorphs of zirconia show different behaviour upon high 

energy milling activation. Faster transformation of the metastable tetragonal zirconia is 

observed, yielding substantial quantities of the monoclinic zirconia after short milling times. 

In contrast, mechanical activation of the m-ZrO2 precursor shows a slow transformation to 

small quantities of the tetragonal polymorph, even after relatively long milling times. The 

integral-breadth method applied to the XRD patterns, after different milling times, suggests a 

slight decrease in crystallite size for both t-ZrO2 and m-ZrO2 precursors upon milling. In the 

case of m-ZrO2, milling also leads to increases in strain. In contrast, the rapid polymorphic 

change to lower symmetry on milling the t-ZrO2 precursor appears to liberate the strain 

associated with mechanical activation. 
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4. PHASE PURITY, MICROSTRUCTURE AND ELECTRICAL 

PROPERTIES OF BaZr1-yYyO3-δδδδ (y = 0.15, 0.20) PREPARED 

BY MECHANOCHEMICAL PROCESSING  

As reported in Chapter 3, mechanosynthesis is shown to be an efficient preparation method for 

Ba(Zr,Y)O3-δ  materials, producing pure powders, containing nanometric crystallites, that offer 

good densification. The present chapter aims to investigate the phase formation, 

microstructure and electrical properties of promising BaZr1-yYyO3-δ compositions with yttrium 

contents of y = 0.15 (BZY15) and y = 0.20 (BZY20) formed upon sintering of 

mechanosynthesised nanopowders, in comparison to  literature data of similar compositions 

formed by other preparation routes, with the goal to establish relations between processing, 

purity, composition, structure and electrical properties.  

Modelling of electrical conductivity based on defect structure equilibria was also performed in 

order to separate the partial conductivities of protons, oxygen vacancies and electron holes. 

4.1. PHASE FORMATION AND COMPOSITIONAL ANALYSIS 

The segregation of Ba(Zr,Y)O3-δ materials into two separate perovskites of differing 

Y-contents is a frequently reported phenomenon that remains extremely controversial. It has 

been suggested by several authors to occur upon high temperature sintering [98,175], while 

this has been negated by others [102]. Additional authors have advocated that phase 

segregation occurs only after  subsequent lower temperature calcination [176]. Typically, 

authors that have experienced this phenomenon have used standard solid state routes for 

materials preparation with multiple firing and regrinding cycles, a route that, potentially, may 

not provide good homogeneity.  

The X-ray diffraction patterns of BaZr0.85Y0.15O3-δ (BZY15) and BaZr0.80Y0.20O3-δ (BZY20)   

materials prepared by one-step sintering of nanopowders prepared by mechanosynthesis are 

presented in Fig. 4.1 after heat treatment at 1250 ºC and 1600 ºC, for 1 and 5 hours, 

respectively. 
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Fig. 4.1. X-ray diffraction patterns of: (a) BaZr0.85Y0.15O3-δ (BZY15) and (b) BaZr0.80Y0.20O3-δ (BZY20) 

prepared by sintering of nanopowders formed by mechanosynthesis, at 1250 ºC and 1600 ºC, for 1 and 

5 hours, respectively; and the correspondent partial X-ray diffraction patterns in the vicinity of major 

BaZrO3 (110), (200) and (211) peaks. 
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The X-ray diffraction patterns of BaZr1-yYyO3-δ compositions (y = 0.15 and y = 0.20) formed 

by mechanosynthesis show the formation of pure perovskite phases, with no secondary or 

separate BaZrO3 phases formation, for either temperature. 

For these compositions, under similar heat treatment temperatures, different results have been 

reported for different powder preparation routes. For instance, a recent work of Park et al. 

[177] similarly reported the formation of single perovskite phases of BaZr0.85Y0.15O3-δ  

prepared by different methods such as, combustion synthesis, polymer gelation and 

hydrothermal method after sintering at 1670 ºC for 24 hours. Yamazaki et al. [145] also 

reported the formation of the single perovskite phase of  BaZr0.80Y0.20O3-δ sintered at 1600 ºC, 

with no evidence of phase separation. In contrast, other works have reported the existence of 

segregated perovskite phases under similar conditions [175,178]. For example, Oyama et al. 

[175] studied phase formation in the Y-doped BaZrO3 system using solid-state reaction and a 

processing temperature of 1600 ºC. These authors observed the stable co-existence of two 

cubic phases of BaZrO3, with different yttrium concentrations. In contrast to these authors, 

Imashuku et al. [178] showed the occurrence of phase separation into two perovskites 

structures at a heat treatment temperature of 1300 ºC. However at 1600 ºC no phase separation 

was observed. The authors, therefore, attributed the phase separation to a contracting phase 

field for the pure perovskite phase at the lower temperature [176]. 

It is worth noting that the variety of results in the literature may derive from the various 

synthesis methods and sintering profiles used. Thus, in order to separate the influence of 

powder preparation route and thermal history on phase purity, BaZr0.85Y0.15O3-δ and 

BaZr0.80Y0.20O3-δ were processed from mechanosynthesised nanopowders, while reproducing 

the temperature profile and experimental conditions employed by Oyama et al. [175], which 

comprised of two thermal steps, 1350 ºC for 10 hours and 1600 ºC, for 10 hours, and the use 

of sacrificial powder of the same composition to control Ba-loss by evaporation. 

The resultant X-ray diffraction patterns, Fig. 4.2, confirm the presence of a single perovskite 

phase after sintering mechanosynthesised powders under these conditions. This result suggests 
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that it is very likely that the phase separation reported in the literature comes from 

inhomogeneities present due to the processing route, rather than being an intrinsic materials 

property. As such, the segregation of the phase into two separate perovskites can be avoided 

by the use of methods of synthesis that produce powders with high levels of homogeneity. In 

this context, mechanochemical processing is shown to be a highly attractive method for the 

preparation of pure BaZr1-yYyO3-δ materials. 

 

Fig. 4.2. Partial powders X-ray diffraction patterns in the vicinity of major BaZrO3 (211) peak of: (a) 

BaZr0.85Y0.15O3-δ  (BZY15) and BaZr0.80Y0.20O3-δ (BZY20) compositions prepared by mechanochemical 

processing using the sintering conditions adopted by Oyama et al. [175]; (b) obtained by Oyama et al. 

[175] for BaZr1-yYyO3-δ, with 0 ≤ y ≤ 0.50, prepared by solid-state reaction. 

 

 

 

 

52 53 54 55 

(a) Mechanochemical Processing 

BZY10

BZY40

BZY20

BZY30

BZY40

BZY50

BZ

2-Theta (degree) 

(b) Solid-State Reaction Method 

BZY15

BZY20



 

 

87 

 

4.2.  MICROSTRUCTURE 

Ceramic samples of BaZr0.85Y0.15O3-δ (BZY15) and BaZr0.80Y0.20O3-δ (BZY20) with density of 

approaching 90 % with respect to the theoretical density were obtained by sintering at 

1600 ºC, for 5 hours. SEM images reveal the formation of polyhedral grains, with a calculated 

average grain size of 0.9 ± 0.1 µm and 1.5 ± 0.2 µm (Fig. 4.3) for BZY15 and BZY20 

compositions, respectively. The increase of grain size with the increase of Y-content has been 

noted in other works [179,180]. 

 

Fig. 4.3. SEM micrographs of fractured  BaZr0.85Y0.15O3-δ (BZY15) and BaZr0.80Y0.20O3-δ (BZY20) 

pellets after sintering in air at 1600 ºC, for 5 hours. 

 

By comparison with literature results of other powder processing routes, for the same 

compositions and at similar sintering temperatures (Table 4.1) the grain sizes obtained from 

mechanochemical processing are noted to be higher, despite the significantly lower sintering 

times used in the current work (5 hours in this work against 8 - 24 hours in other studies). 

Thus, mechanochemical processing is again proven to be a highly attractive route for the 

preparation of active powders to produce larger grain sizes under shorter sintering conditions 

with respect to standard solid-state reaction or typical soft chemistry techniques. 

    

BZY15 BZY20 
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Table 4.1. Processing methods, sintering profile and characteristics of compositions of BaZr0.85Y0.15O3-δ (BZY15) and BaZr0.80Y0.20O3-δ 

(BZY20) obtained in this study, and reported in the literature. 

No. 

Y 

content 

(mol %) 

Synthesis 

Method 

Sintering 
Pressure 

(MPa) 

Average 

Grain Size 

(µm) 

Relative 

Density 

(%) 

Conductivity  

Measurements in 

wet atmosphere 

Authors [Ref ] 
T (ºC) 

Time 

(hour) 

1 15 mechanosynthesis 1600 5 300 0.90 87.2 10 % H2/N2 current work 

2 15 polymer gelation 1670 24 200 0.41 95.3 5 % H2/N2 Park et al. [177] 

3 15 solid state reaction 1800 20 220 2.70 > 95 air Iguchi et al. [180] 

4 15 nitrate freeze-drying 1600 24 392 - 97.8 Ar Imashuku et al. [181] 

5 15 solid state reaction 1670 24 200 0.17 94.0 5 % H2/N2 Park et al. [177] 

6 15 solid state reaction 1700 20 - - - N2 Kreuer [47] 

7 15 combustion 1670 24 200 0.22 80.1 5 % H2/N2 Park et al. [177] 

8 15 hydrothermal 1670 24 200 0.28 86.5 5 % H2/N2 Park et al. [177] 

          
9 20 mechanosynthesis 1600 5 300 1.50 87.5 10 % H2/N2 current work 

10 20 sol-gel / reactive sintering 1600 24 300-379 0.44 90 N2 or Ar Yamazaki et al. [48] 

11 20 glycine-nitrate combustion 1600 24 400 0.46 99.2 N2 Babilo et al. [101] 

12 20 modified Pechini 1600 12 450 0.5 90 10 % H2/Ar Fabbri et al. [179] 

13 20 sol-gel 1600 8 250 0.10 - 0.30 80 H2 Fabbri et al. [182] 

  14 20 sol-gel 1500 20 4000 0.20 99.4 Ar Cervera et al. [161]  

15 20 solid state reaction 1675 10 200 - 96 40 % H2/Ar Nomura et al. [183] 

16 20 sol-gel 1600 10 50 0.25 - 0.60 92.1 10 % H2/Ar Liu et al. [184] 

17 20 solid state reaction 1600 24 392 - - H2 Han et al. [185] 

18 20 solid state reaction 1700 20 - - - - Kreuer [47] 
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4.3. ELECTRICAL CONDUCTIVITY 

 

4.3.1. COMPARISON OF TOTAL ELECTRICAL CONDUCTIVITY WITH 

LITERATURE DATA 

The total conductivities measured in wet atmospheres of BaZr0.85Y0.15O3-δ (BZY15) and 

BaZr0.80Y0.20O3-δ (BZY20) samples prepared from mechanosynthesised powders are compared 

in Fig. 3.4. to literature values of similar materials prepared from alterative preparation routes, 

Table 4.1. 

(1)

(a)

(2)

BZY15

(3)

(4)

(5)

(6)

(7)(8)

100200300400
T (ºC)
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(1) this work

(2) Park et al. (2015)

(3) Iguchi et al. (2007)

(4) Imashuku et al. (2008)

(5) Park et al. (2015)

(6) Kreuer (2003)

(7) Park et al. (2015)

(8) Park et al. (2015)
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(9)

(10)

(b)

(11)
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(13)

BZY20
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(17)

(18)
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σσ σσ
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) ]] ]]
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(9) this work

(10) Yamazaki et al (2009)

(11) Babilo et al (2007)

(12) Fabbri et al (2010)

(13) Fabbri et al (2008)

(14) Cervera et al (2008)

(15) Nomura et al (2007)

(16) Liu et al (2014)

(17) Han et al (2014)

(18) Kreuer (2003)

  

Fig. 4.4. Total electrical conductivity of (a) BaZr0.85Y0.15O3-δ (BZY15) and (b) BaZr0.80Y0.20O3-δ 

(BZY20) obtained in this work and reported in the literature, in wet atmospheres (H2, N2, Ar or air). 

The number of each curve corresponds to the samples and testing conditions described in Table 4.1. 

 

According to the data, the preparation by mechanochemical processing shows values of total 

electrical conductivity similar to the highest values reported in literature, thus, being clearly 

competitive with both the conventional solid state and state of the art wet soft chemical 

techniques for phase preparation. The performance of the current samples prepared by the 

mechanosynthesised route is only beaten by the values at similar testing conditions recorded 

by Park et al. [177] for BaZr0.85Y0.15O3-δ, and by    Han et al. [185] for BaZr0.80Y0.20O3-δ 

composition. 
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4.3.2. ELECTROCHEMICAL CHARACTERIZATION 

The bulk and grain boundary conductivities in wet 10 % H2/N2, of the selected compositions 

formed by mechanosynthesis, were separated by impedance spectroscopy measurements. 

Typical impedance spectra and the corresponding equivalent circuits are shown in Fig. 4.5.  

268 Hz

0.0

0.2

0.4

0.6

0.0 0.2 0.4 0.6

-Z
''.

A
.L

-1
(M

Ω
⋅

Ω
⋅

Ω
⋅

Ω
⋅c

m
)

Z'.A.L-1 (MΩ⋅Ω⋅Ω⋅Ω⋅cm)

T = 100 ºC

Rb

CPEgbCPEb

Rgb

720 kHz

0.0

0.2

0.4

0.6

0.8

0.0 0.2 0.4 0.6 0.8

-Z
''.

 A
.L

-1
 (
k

ΩΩ ΩΩ
.c

m
)

Z'. A.L-1 (kΩΩΩΩ.cm)

T = 430 ºC

Rb

CPEgb

Rgb Rel

CPEel

 

Fig. 4.5. Typical electrochemical impedance spectroscopy spectra measured in composition 

BaZr0.85Y0.15O3-δ, at 100 ºC and 430 ºC, in wet 10 % H2/N2 atmosphere, and correspondent equivalent 

circuits. 

 

Fig. 4.6 shows the Arrhenius plots of total, bulk and grain boundary conductivity and the area 

specific grain boundary condutance, determined according to equations 2.13, 2.16, 2.20 and 

2.21 respectively, for BZY15 and BZY20 compositions in wet 10 % H2/N2. Table 4.2 

summarizes the respective activation energies ( aE ). 
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Fig. 4.6. The temperature dependence of total, bulk, grain boundary conductivities (primary axis), and 

area specific grain boundary condutance (secondary axis), in wet 10 % H2/N2 atmosphere of 

compositions BaZr0.85Y0.15O3-δ (BZY15) and BaZr0.80Y0.20O3-δ (BZY20). 

 

Table 4.2. Comparison of the activation energy ( aE ) of bulk, grain boundary, and total conductivity of 

BaZr0.85Y0.15O3-δ (BZY15) and BaZr0.80Y0.20O3-δ (BZY20), in wet 10 % H2/N2. 

 

 

 

 

 

 

 
BZY15 BZY20 

 aE  (eV) (140 – 480 ºC) aE  (eV) (100 – 400 ºC) 

bulk 0.31 0.40 

grain boundary 0.63 0.70 

total 0.57 0.66 
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In both compositions the bulk conductivity is observed to be much larger than the grain 

boundary conductivity, in accordance with previous literature results obtained for Y-doped 

barium zirconate oxides of similar Y-content [47,48,179,186]. The total conductivity values of  

BZY15 and BZY20 are noted to be very close, with only slighly higher total conductivities in 

the case of BZY20. 

Despite the similarity in values of total conductivity for both compositions, higher values of 

bulk conductivity are recorded for the BZY15 composition than the BZY20 composition. In 

contrast, the grain boundary conductivity is recorded to be slighty higher in the case of 

BZY20. From the effectively equal values of area specific grain boundary conductance, this 

higher noted grain boundary conductivity for BZY20 should be attributed to microstructural 

effects, related to its larger grain size, documented in Table 4.1, corresponding to a lower 

grain boundary area. Concerning the total condutivity, the obtained results are in line with 

those of the literature, which reported minor increases in total conductivity with increasing 

Y-content up to y = 0.20. Interestingly, in the literature, such an increase is followed by a 

decrease in total conductivity with Y-content for compositions of y > 0.20, commonly 

attributed to larger local distortions, proton-dopant association trapping the dopant sites and/or 

stoichiometry changes upon environment exposure [187,188], which dominate a monotonous 

increase in proton uptake with the increase of Y-content [90,179]. 

The activation energies ( aE ) for proton transport across the bulk and the grain-boundary are 

effectively composition independent, while being higher in magnitude for the grain boundary 

contribution. 
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4.3.3. MODELLING OF ELECTRICAL CONDUCTIVITY 

 

4.3.3.1. METHODOLOGY 

The contributions of ionic and electronic conductivity as well as the ionic conduction domain 

were assessed using a methodology for electrical conductivity modelling outlined by Lim et al. 

[189] and Baek [190] that describe the defect structure of high-temperature proton-conducting 

oxides with an acceptor dopant of single negative effective charge, in the current case ZrY
/

, by 

the following formulas: 

  

 

where 
oOH
iσ  is the proton conductivity, 

OV
••σ  is the oxide-ion conductivity, pσ  is the hole 

conductivity, 
oOH

∗
iσ  is the proton conductivity at 

2H OP = 1 atm, p

∗
σ  is the hole conductivity 

at 
2OP = 1 atm and 

2H OP = 0 atm, 
OV
••

∗
σ  is the oxide-ion conductivity when 

2H OP = 0 atm and α 

is a constant determined by: 
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ZrY 
 

/
 is the acceptor dopant concentration, and 

WK is the equilibrium constant of the 

hydration. 

ZrY 
 

/
is given by: 

with Z the number of formula units per unit cell, x is the fraction of acceptor dopant atoms in a 

unit cell, and a is the unit cell lattice parameter. 

According to the above equations (4.1), (4.2) and (4.3) only pσ shows a direct dependency on 

2OP , and, thus, total conductivity can be determined by: 

can be represented as:  

 

where, in combination with the equations (4.1), (4.2) and (4.6): 

 

and, 

 [ ] 3ZrY
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′ =
Z x

a
 

 

(4.5) 

 
totσ =
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iσ + 
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From the slope of plots of totσ vs 
2

1 4

OP measured for two different water vapour pressures 

(
2H O,1P  and 

2H O,2P ), α can be determined from the ratio of the two slopes, as: 

 

After determination of α, the constants p

∗
σ  and 

WK can be calculated from the equations (4.4) 

and (4.9), respectively. 

In addition, by measuring the intercepts of plots of totσ  vs 
2

1 4

OP  at two different water partial 

pressures the constants, 
oOH

∗
iσ  and 

OV
••

∗
σ  can be determined from equation (4.8). 

Subsequently, if the constants 
oOH

∗
iσ , 

OV
••

∗
σ  and p

∗
σ  are known the partial and total 

conductivities can be calculated. 

 

4.3.3.2. RESULTS OF MODELLING 

Pursuing this modelling strategy, plots of total conductivity vs 
2

1 4

OP at different water partial 

pressures were constructed for BaZr0.85Y0.15O3-δ and BaZr0.80Y0.20O3-δ compositions. Linear 

plots exhibiting the totσ  vs 
2

1 4

OP dependency are illustrated in Fig. 4.7 for the composition 

BaZr0.85Y0.15O3-δ, as an example; the behaviour of the BaZr0.80Y0.20O3-δ composition is similar. 
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The corresponding slopes, intercepts and linear correlation coefficients obtained by linear 

regression of the totσ vs 
2

1 4

OP  plots are summarized in Table 4.3 for both compositions.  
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Fig. 4.7. Total conductivity of BaZr0.85Y0.15O3-δ vs
2

1 4

OP , under constant 
2H OP at various temperatures 

(a) dry, (b) 
2H OP = 0.0018 atm, and (c) 

2H OP = 0.036 atm. 
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Table 4.3. The slopes, intercepts and linear correlation coefficients, r, obtained by linear fitting of 

totσ  vs 
2

1 4

OP plots for the compositions BaZr0.85Y0.15O3-δ and BaZr0. 80Y0.20O3-δ. 

2H OP  

(atm) 

Temperature 

(ºC) 

BaZr0.85Y0.15O3-δ BaZr0.80Y0.20O3-δ 

slope (b) 

(S·cm
-1

·atm
-1/4

) 

intercept (a) 

(S·cm
-1

) 
r 

slope (b) 

(S·cm
-1

·atm
-1/4

) 

intercept (a) 

(S·cm-1) 
r 

≈ 0 

550 1.03E-02 1.01E-03 1.000 1.11E-02 < 1.0E-04 1.000 

600 1.68E-02 1.70E-03 0.992 1.79E-02 3.53E-05 1.000 

650 2.45E-02 3.08E-03 0.999 2.83E-02 < 1.0E-04 1.000 

700 3.46E-02 4.46E-03 0.998 4.19E-02 <1.0E-04 1.000 

750 4.70E-02 6.27E-03 0.998 5.86E-02 3.88E-04 1.000 

800 6.14E-02 8.37E-03 0.998 8.03E-02 5.23E-04 1.000 

850 7.41E-02 1.25E-02 0.997 1.04E-01 1.93E-03 1.000 

0.0018 

550 7.68E-03 4.81E-03 0.991 7.68E-03 4.81E-03 0.991 

600 9.68E-03 6.91E-03 0.987 9.68E-03 6.91E-03 0.987 

650 2.22E-02 7.65E-03 0.996 2.22E-02 7.65E-03 0.996 

700 3.11E-02 8.29E-03 0.986 3.11E-02 8.29E-03 0.986 

750 4.51E-02 5.86E-03 0.998 4.51E-02 5.86E-03 0.998 

800 5.95E-02 7.89E-03 1.000 5.95E-02 7.89E-03 1.000 

850 7.24E-02 1.21E-02 0.998 7.24E-02 1.21E-02 0.998 

0.036 

550 2.78E-03 6.14E-03 0.989 3.67E-03 6.21E-03 0.995 

600 4.32E-03 9.03E-03 0.972 7.92E-03 7.52E-03 0.957 

650 1.09E-02 1.05E-02 0.999 1.47E-02 9.79E-03 0.999 

700 1.59E-02 1.28E-02 0.997 2.52E-02 9.86E-03 1.000 

750 3.29E-02 1.37E-02 0.999 4.05E-02 9.92E-03 0.997 

800 4.64E-02 1.54E-02 0.999 6.03E-02 1.02E-02 0.984 

850 5.70E-02 1.98E-02 0.994 7.79E-02 1.25E-02 1.000 

 

The excellent linear correlation obtained for both compositions indicates that the proposed 

defect model can be applied to the current materials. Higher gradients and a lower intercepts 

are observed with decreasing water vapour partial pressure, suggesting, from equations (4.8) 

and (4.9), that the hole contribution for the total conductivity increases, while the ionic 

contribution decreases with decreasing 
2H OP . 



 

 

99 

 

The corresponding parameters α, 
WK , 

oOH

∗
iσ , 

OV
••

∗
σ  and p

∗
σ  estimated according to the 

methodology outlined above are reported in Table 4.4. 

 

Table 4.4. Calculated parameters α, 
WK , 

oOH

∗
iσ , 

OV
••

∗
σ  and p

∗
σ  at different temperatures for the 

compositions BaZr0.85Y0.15O3-δ and BaZr0.80Y0.20O3-δ. 

Composition 
Temperature 

(ºC) 
α 

WK   

(atm
-1·

cm
-3

) 

p

∗
σ  

(S·cm
-1

) 

oOH

∗
iσ  

(S·cm
-1

) 

OV
••

∗
σ  

(S·cm
-1

) 

BaZr0.85Y0.15O3-δ 

 

550 0.011 6.01E+24 0.011 6.322E-03 (3.278E-03) 

600 0.020 3.17E+24 0.013 9.507E-03 (4.778E-03) 

650 0.029 2.17E+24 0.028 1.132E-02 (5.263E-03) 

700 0.035 1.82E+24 0.039 1.431E-02 (4.780E-03) 

750 0.204 3.12E+23 0.050 2.154E-02 (2.397E-03) 

800 0.334 1.90E+23 0.064 2.517E-02 (4.846E-03) 

850 0.369 1.72E+23 0.078 2.981E-02 (9.040E-03) 

BaZr0.80Y0.20O3-δ 

 

550 0.038 2.21E+24 0.009 7.395E-03 (4.190E-04) 

600 0.116 7.23E+23 0.013 1.029E-02 (1.714E-03) 

650 0.135 6.24E+23 0.024 1.488E-02 (3.030E-04) 

700 0.286 2.93E+23 0.036 1.738E-02 (1.133E-03) 

750 0.401 2.09E+23 0.054 1.968E-02 (6.045E-04) 

800 0.706 1.29E+23 0.075 2.380E-02 (4.848E-04) 

850 0.564 1.49E+23 0.100 2.643E-02 (1.369E-03) 

 
 

From the values of the equilibrium constant of hydration for different temperatures, the 

standard solution enthalpies for water uptake were determined according to the relation (1.11): 

from the slope of ln(KW) vs inverse temperature, Fig. 4.8. 
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Fig. 4.8. The equilibrium constant of hydration as a function of inverse temperature for the 

compositions BaZr0.85Y0.15O3-δ (BZY15) and BaZr0.80Y0.20O3-δ (BZY20). 

 

The standard solution enthalpies of hydration determined for BaZr0.85Y0.15O3-δ (BZY15) and 

BaZr0.80Y0.20O3-δ (BZY20) are, respectively, -96.8 kJ·mol
-1

 and -70.1 kJ·mol
-1

. The trend of a 

less negative hydration enthalpy with increasing Y-content conflicts with that previously 

reported by Kreuer [47], who calculated the value of -83.4 kJ·mol
-1

 for BaZr0.85Y0.15O3-δ, and 

-93.3 kJ·mol
-1

 for BaZr0.80Y0.20O3-δ measured by the thermogravimetric technique in the high 

temperature range ~500 – 900 ºC [191]. The more negative value of the enthalpy of hydration 

obtained for the composition BZY20 in the work of Kreuer et al. [191] in comparison with the 

current results may derive from the assumption of negligible hole concentration inherent to the 

use of this relation in thermogravimetrically obtained results, which has not been verified for 

high temperatures [90]. In this respect, the following work will demonstrate that the p-type 

electronic contribution increases with increasing acceptor dopant concentration. This result, 

thus, predicts greater deviations from Arrhenius behaviour with increasing temperature for the 
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BZY20 composition, potentially increasing error in thermogravimetrically derived results of 

hydration equilibrium constants obtained under these conditions [191]. Fig. 4.9 shows 

calculated partial and total conductivities plotted as a function of water vapour partial pressure 

in
2OP = 0.01 atm at 600 ºC for compositions BZY15 and BZY20.  
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Fig. 4.9. Calculated total and partial conductivities in 
2OP = 0.01 atm at 600 ºC, as a function of water 

vapour partial pressure. 
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The analysis of resultant graph reveals that, for the conditions analysed, the proton 

conductivity is the dominant conduction mechanism for both compositions, increasing with 

increasing 
2H OP  and significantly higher in magnitude for the BZY15 composition. 

Conversely, the minority oxide-ion conductivity and hole conductivities can be noted to be 

higher in the BZY20 composition than the BZY15 composition over the complete water 

vapour partial pressure range.  

The temperature dependencies of the partial conductivities calculated for 
2OP = 1 atm and 

2OP = 0.01 atm at the water vapour partial pressure of 0.036 atm for both compositions are 

shown in Fig. 4.10. At the highest temperatures for both compositions, the p-type conductivity 

can be observed to take over the role of dominant charge carrier, exceeding the protonic 

contribution. This change over from protonic to p-type conductivity is noted to occur at lower 

temperatures under more oxidising conditions. 
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Fig. 4.10. Total and partial conductivities at 
O

2
P = 1atm and 

O
2

P = 0.01 atm, with 
2H OP  = 0.036 atm, 

for: (a) BZY15 and (b) BZY20. 
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The activation energy respecting to ionic, oxide-ion and proton, as well as the electronic 

p-type conductivities are presented in Table 4.5. 

Table 4.5. Activation energy (Ea) of proton, oxide-ion and p-type conductivity for compositions 

BZY15 and BZY20. 

aE  (eV) BZY15 BZY20 

oOH
iσ  0.31 ± 0.03 0.24 ± 0.03 

OV
••σ  0.81 ± 0.10 (0.49 ± 0.23) 

pσ  0.94 ± 0.04 0.90 ± 0.02 

 

The corresponding temperature dependences of the transference numbers for proton, oxide-ion 

and p-type conduction are shown in Fig. 4.11 and reiterate the previous discussion. In more 

oxidising conditions there is a transition of dominant transport from hole to proton and 

oxide-ion, with decreasing temperature for both compositions, Fig. 4.11 (a). In contrast, in 

more reducing atmospheres, the ionic conductivity (proton and oxide-ion) is dominant over all 

the temperature range in BZY15, while transition of hole to ionic conductivity occurs in 

BZY20, Fig. 4.11 (b). 
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Fig. 4.11. Transference number vs 1000/T at 
2

H OP  = 0.036 atm for BZY15 and BZY20 (a) ionict and 

pt at 
2OP = 1 atm, (b) ionict  and pt  at 

2OP = 0.01 atm, and (c) 
O

ionic
V

t ti i
 and 

O

ionic
OH

it t ,where 

ionict =
O

V
i it +

O
OH

it . 
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4.4. CONCLUDING REMARKS 

Mechanochemical processing is shown to be a highly attractive method for the preparation of 

pure BaZr1-yYyO3-δ  materials. The total electrical conductivity data of compositions prepared 

by this method show values of total electrical conductivity similar to the highest values 

reported in literature, being clearly competitive with both the conventional solid state and state 

of the art wet soft chemical techniques for phase preparation of these materials. 

The use of modelling, based on a typical defect model derived for protonic ceramic materials 

with an acceptor dopant of single effective negative charge, allowed the calculation of partial 

conductivities of protons, oxide-ions, and electron holes. At the highest temperatures for both 

compositions, the p-type conductivity can be observed to take over the role of dominant 

charge carrier, exceeding the protonic contribution. This change over from protonic to p-type 

electronic conductivity is noted to occur at lower temperatures under more oxidising 

conditions. The standard solution enthalpies of hydration determined for BaZr0.85Y0.15O3-δ 

(BZY15) and BaZr0.80Y0.20O3-δ (BZYO) are -96.8 kJ·mol-1 and -70.1 kJ·mol-1, respectively. 
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5. EFFECT OF Ba-DEFICIENCY ON Ba(Zr,Y)O3-δδδδ PROPERTIES 

5.1. INTRODUCTION 

The high scatter in reported conductivity values for Y-doped BaZrO3 materials has been 

associated to their processing difficulties, in which extreme sintering temperatures as high as 

1700-1800 ºC are commonly required to achieve full densities. Exposure to such elevated 

temperatures for prolonged periods of time was found to induce BaO vaporization from 

alkaline earth cerates and zirconates, with consequent formation of Ba-deficient compositions 

[102], coupled with the coexistence of separate perovskite phases [175,192–194], and/or the 

formation of segregated phases of the acceptor dopant [145,195,196]. Such effects have been 

found to have a potentially detrimental effect on both grain interior (bulk) and grain boundary 

conductivities [47,145,192,195–197]. In the work carried out by Yamazaki et al. [145], a 

pseudo-ternary diagram of BaO-ZrO2-YO1.5, at 1600 ºC, was estimated, based on the 

compositional and structural characterization of the perovskite series Ba1-xZr0.80Y0.20O3-δ, 

considering the well documented phase equilibria in the ZrO2-Y2O3 system and negligible 

solubility of barium in yttria and zirconia phases (Fig. 5.1).  

According to this phase diagram, Ba1-xZr1-yYyO3-δ structures are suggested to accommodate a 

limited Ba-deficiency in the single phase perovskite region. Such tolerance to Ba-deficiency is 

predicted to decrease with decreasing Y-content, with the undoped BaZrO3 composition 

offering negligible Ba-deficiency. When Ba-deficiency is extended beyond the content 

tolerated by the perovskite structure, the system is predicted to enter into multi-phase regions, 

consisting of the perovskite based phase with the exsolution of yttria and/or zirconia phases. 
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Fig. 5.1. Phase diagram of BaO–YO1.5–ZrO2 adapted from ref. [145] showing the location of 

non-stoichiometric compositions of Ba1-xZr1-yYyO3-δ, with y = 0.20 (Y20) and y = 0.15 (Y15), and x=0, 

0.02, 0.04, 0.06, 0.08, 0.10, 0.20 and 0.30. Area around BaZrO3 expanded in inset. 

 

The simple approximation of the BaO-ZrO2-YO1.5 phase diagram offered by Yamazaki et al. 

agrees well with an experimentally derived, more complete, phase diagram offered by 

Imashuku et al. [176]. Nonetheless, an alternative phase diagram at the same temperature 

proposed by Oyama et al. [175], predicts the coexistence of two stables perovskites, with 

different dopant concentrations for Ba-deficient compositions. Although separation of the 

perovskite phase field has also been supported by Azad et al. [192], Chapter 4 clearly 
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highlighted that such splitting of the perovskite phase is related to powder processing routes 

and can be avoided by the use of homogenous preparation methods such as mechanosynthesis. 

Irrespective of such literature discrepancies in phase formation reported for Ba-deficient 

Y-doped BaZrO3 compositions, several research works have suggested potential 

charge-compensation mechanisms to accommodate A-site-cation deficiency in zirconates and 

cerates to discuss their possible effect on the structure, microstructure, densification and grain 

interior (bulk) proton conductivity. 

The mechanisms suggested have comprised of [47,102,192,195–198]: 

a) the formation of A-site cation and oxygen vacancies (A-site-cation vacancy 

mechanism): 

 

b) the partitioning of the dopant cation on A and B-sites of the perovskite and 

consumption of oxygen vacancies (dopant-partitioning mechanism): 

c) occupation of the A-site by the dopant cation (or another B-site cation) with formation 

of B-site cation vacancies (B-site-vacancy mechanism): 

 

d) occupation of the A site by the dopant cation with the formation of oxygen interstitials 

(interstitial mechanism): 

 
Ba

×
Ba + O

×
O  → BaV

//
+ OV

••
+ BaO  (5.1) 

 
Ba

×
2Ba + O

×
2O + ZrY

/
+ OV

••
 → BaY

•
+ 2BaO  

 

(5.2) 

 
Ba

×
Ba + O

×
O + ZrY

/
 → BaY

•
+ ZrV

/ / / /
+ OV

••
+ BaO  (5.3) 

 
Ba

×
Ba + 2 O

×
O + ZrY

/

 → BaY
•

+ iO
/ /

+ ZrV
/ / / /

+ O2V
••

+ BaO  

 

(5.4) 



 

 

110 

 

Of these potential mechanisms, the occurrence of c) and d) have been stated to be  unlikely as  

the formation of vacancies in low-coordination sites at expense of vacancies in high-

coordination sites (predicted in B-site-vacancy mechanism) are shown to be energetically 

unfavourable [199,200], while the formation of oxygen interstitials in perovskites oxides is 

uncommon. 

The reported lower likelihood for barium-deficiency in undoped zirconates and cerates 

perovskites [102,145,195], may suggest that the formation of Ba- and oxygen vacancies via 

the A-site-cation vacancy mechanism (equation (5.1)) is structurally unfavourable.  

In contrast, alkaline-earth-doped zirconates and cerates have shown higher facility to 

accommodate significant A-site deficiency, possibly due to their ability to refine associated 

steric strain by the existence of the dopant-partitioning mechanism [47,102,145], equation 

(5.2). Such occupation of the dopants cation in both A- and B-sites has been supported by 

atomistic studies, for example by Davies et al. [201], that estimated and compared energies of 

dissolution of different trivalent dopants (Sc3+, Lu3+, Yb3+, Y3+, Ho3+, Gd3+, Eu3+, Nd3+, Ce3+, 

La
3+

) in A-and B-site of  CaZrO3 and SrZrO3 perovskites. The results showed that, for the 

same base composition and dopant charge, lower energies for dissolution correspond to the 

compositions with lower size mismatch between the dopant species and the cation, in the same 

lattice site. For such a scenario, dopant site selectivity would be dominated by ion size effects, 

with the smaller dopants ions preferentially incorporated in the B-site, the large dopants in the 

A-site, and the intermediate size dopants, potentially, in both A- and B-sites. 

In the case of Y-doped BaZrO3 materials the incorporation in both A- and B-site is plausible 

as the size mismatch of yttrium in both sites is similar: Y3+ in six-fold coordination has a ionic 

radius of 0.9 Å [97], 25 % higher than VIZr
4+

 (0.72 Å [97]), and Y
3+

 in twelve-fold 

coordination has a ionic radius of 1.251 Å [202], 22 % smaller than XIIBa
2+

 (1.61 Å [97]). 

From this brief introduction it can be realised that the likelihood for barium losses during 

densification of barium zirconate materials is high, while the mechanism for its 

accommodation may impact, not only on the bulk composition, but also on phase purity. 

Moreover, the exact nature of these effects is likely to depend on both the concentration and 
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nature of the acceptor dopant and the extent of Ba-loss. In the previous chapter, 

mechanosynthesis was shown to be an efficient method of preparation on Ba(Zr,Y)O3-δ 

nanopowders, at room temperature, offering high levels of homogeneity. In this context, 

mechanosynthesised powders can be used to form homogenous base materials from which 

links between Ba-loss, densification, grain growth and conductivity for Y-doped BaZrO3 

materials can be studied. In the current chapter, the Ba1-xZr0.85Y0.15O3-δ series, 0 ≤ x ≤ 0.1 will, 

thus, be analysed to clarify the effect of Ba-loss on the phase purity, microstructure, and 

physical and electrical properties of a model system. 

5.2. PHASE FORMATION AND COMPOSITIONAL ANALYSIS 

The X-ray powder diffraction patterns of Ba1-xZr0.85Y0.15O3-δ compositions (x = 0, 0.02, 0.04, 

0.06, 0.08 and 0.10) after 420 minutes of high energy milling of precursors oxides, according 

to the standard high energy milling procedure adopted in this work (Chapter 2, Section 2.1) 

,Fig. 5.2, show the formation of crystalline perovskite phase for all the compositions. Traces 

of yttrium-doped zirconia are also detectable, and correspond to vestiges of unreacted 

precursor.  
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Fig. 5.2. X-ray diffraction patterns of Ba1-xZr0.85Y0.15O3-δ compositions, 0 ≤ x ≤ 0.10, 420 minutes after 

high energy milling, and the corresponding expanded profile for 2-theta range 25º - 50º . (♦) identifies 

perovskite phase, and (�) identifies yttrium-doped zirconia. 

 

X-ray diffraction pattern profiles after sintering isostatically pressed pellets, 200 MPa, of the 

mechanosynthesised powders at 1250 ºC, using sacrificial powders of the same compositions 

to avoid additional Ba losses, Fig. 5.3, present a single perovskite phase for compositions with 

Ba-deficiency (x) lower than 0.08. For compositions with higher Ba-deficiency, of 0.08 and 

0.10, a secondary phase of Y2O3 is observable besides the primary perovskite phase (Fig. 5.3). 

In all compositions the primary phase is noted to be that of cubic perovskite, with no evidence 

of tetragonal perovskite structures [191] or perovskite phase separation [193,203]. 
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Fig. 5.3. X-ray diffraction patterns of Ba1-xZr0.85Y0.15O3-δ compositions, 0 ≤ x ≤ 0.1, after annealing the 

mechanosynthesized powders, at 1250 ºC, for 5 hours, and the corresponding expanded profile for 

2-theta range of 25º - 35º. (♦) identifies perovskite phase, (�) identifies Y2O3, and (+) identifies Ni 

used as internal standard. 

 

Similar X-ray diffraction patterns of increased crystallinity were exhibited by fully densified 

samples after sintering at higher temperature, 1600 ºC, for 5 hours, again using sacrificial 

powders (Fig. 5.4). The obtained results are in accordance to the ternary BaO–YO1.5–ZrO2 

phase diagram, at 1600 ºC, proposed by Yamazaki [145], that predicts formation of yttria with 

the increase of the Ba-deficiency beyond the single perovskite phase region (Fig. 5.1). 
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Fig. 5.4. X-ray diffraction patterns of Ba1-xZr0.85Y0.15O3-δ compositions, 0 ≤ x ≤ 0.1, after annealing the 

mechanosynthesized powders, at 1600 ºC, for 5 hours and the corresponding extended profile for 

2-theta range of 25º - 35º. (♦) identifies perovskite phase, (�) identifies Y2O3, and (+) identifies Ni 

used as internal standard. 

 

To assess actual stoichiometry after heat treatments, compositional analysis was performed by 

Electron-Probe Micro-Analysis (EPMA) for samples sintered at different temperatures 

(1250 ºC, 1500 ºC and 1600 ºC). The results shown in Fig. 5.5, confirm compositional 

accuracy. The procedure adopted, namely the use of mechanochemical processing, and the 

coverage of pellets with sacrificial powder on sintering at the different temperatures, is, thus, 

proven to be effective for the control of Ba-volatilisation, resulting in minimal compositional 

drift. 
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Fig. 5.5. Nominal and actual Ba-deficiency of Ba1-xZr0.85Y0.15O3-δ pellets sintered at 1250, 1500 and 

1600 ºC, assessed by EPMA, 0 ≤ x ≤ 0.1. 

 

5.3. STRUCTURAL CHARACTERISATION 

Structural characterization was performed by Rietveld refinement of powder X-ray diffraction 

data, using Ni powder as an internal standard. The Ba1-xZr0.85Y0.15O3-δ (0 ≤  x ≤ 0.10) series 

were indexed to a cubic unit cell in space group Pm3m . The determined lattice parameters of 

Ba1-xZr0.85Y0.15O3-δ compositions sintered at different temperatures are observed to pass 

through a maximum at x = 0.02, and to decrease with further increases of x, Fig. 5.6. 
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Fig. 5.6. Lattice parameter of Ba1-xZr0.85Y0.15O3-δ compositions (0 ≤ x ≤ 0.10) sintered at 1500 and 

1600 ºC. Open symbols correspond to multiphase-samples. 

 

Similar anomalous variations of lattice parameters have been reported for related systems 

A1-xCe0.9M0.1O3-δ (A = Ba, Sr; B = Y, Gd, Yb) [197,204]; with a detailed structural analysis of 

Sr1-xCe0.9Yb0.1O3-δ series compositions being presented by Rietveld refinement of X-ray and 

neutron diffraction data by Mather et al. [197]. Considering the prevalence of cation size 

effects on the lattice volume, in comparison to the impact of potential defect clustering, 

Mather et al. suggested that the irregular variation of lattice parameter with Ba-deficiency may 

likely be interpreted as a consequence of the potential for two different charge compensations 

mechanisms: A-site-cation vacancy mechanism (equation (5.1)), and dopant-partitioning 

mechanism (equation (5.2)) [197]. 

Following a similar analogy, the increase of lattice parameter observed in composition with 

x = 0.02 in comparison with stoichiometric composition, may, therefore, be related to the  
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initial prevalence of A-site-cation vacancy mechanism, equation (5.1), where the structural 

expansion can be attributed to the introduction of vacancies and subsequent lattice relaxation 

[197].  

In contrast, the decrease of lattice parameter with Ba-deficiency observed for compositions 

with x > 0.02 would be consistent with the prevalence of the dopant partitioning mechanism 

(equation (5.2)) that would result in the replacement of larger barium cations (XIIBa
2+

 = 1.61 Å 

[97]) by smaller yttrium cations (XIIY
3+

 = 1.251 Å [202], while simultaneously increasing the 

relative concentration of smaller zirconium cations on the B-site (VIZr4+ = 0.72 Å [97] with 

respect to the yttrium cations (VIY
3+

 = 0.9 Å [97]). 

5.4. GRAIN GROWTH AND DENSIFICATION 

Example SEM pictures of Ba1-xZr0.85Y0.15O3-δ, x = 0.02 and x = 0.08, sintered at 1600 ºC, are 

shown in (Fig. 5.7) and exhibit significant microstructural changes with barium deficiency. 

(b)(a)

 

Fig. 5.7. SEM images of Ba1-xZr0.85Y0.15O3-δ, sintered at 1600 ºC: (a) x= 0.02 and (b) x = 0.08. 

 

To clarify the impact of Ba-deficiency on the average grain size, estimation of average grain 

sizes was performed from SEM pictures of Ba1-xZr0.85Y0.15O3-δ, 0 ≤ x ≤ 0.10, sintered at 1300, 

1400, 1500 and 1600 ºC. The results (Fig. 5.8) reveal that even minor Ba-deficiency in the 

single perovskite region leads to a significant decrease in grain size. Furthermore, the negative 
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impact of Ba-deficiency on grain growth is observed to become more pronounced with 

increasing temperature, as predicted by its thermally activated nature [205].  
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Fig. 5.8. Grain size of Ba1-xZr0.85Y0.15O3-δ, after sintering at 1300, 1400, 1500 and 1600 ºC, as a 

function of Ba-deficiency, x. Open symbols correspond to multiphase-samples. 

 

The obtained results are in accordance with the poor grain growth reported for alkaline earth 

cerates and zirconate exposed to elevated temperatures for prolonged periods of time 

[101,102] where significant BaO vaporization would be expected. 

Referring back to the results of phase formation and lattice behaviour described in the 

previous sections, the general decrease in grain size with Ba-deficiency within the single 

perovskite phase region, 0 ≤ x ≤ 0.06, is contrary to that expected from the formation of point 

defects, such as oxygen and cation vacancies via equation (5.1), where an associated increase 

in diffusion coefficients, would predict an increase in grain growth with increasing 

Ba-deficiency. In this respect, note that a decrease in grain growth even is observed for 

composition x = 0.02 that showed an increase in lattice parameter over that of the 



 

 

119 

 

stoichiometric composition; a feature that was explained in Section 5.3 to potentially be due to 

the combined formation of barium  and oxygen vacancies, equation (5.1).  

Conversely, the alternative concept of dopant-partitioning, equation (5.2), would predict the 

elimination of point defects and an associated decrease in the expected diffusion coefficients 

for grain growth. Thus, this mechanism could potentially explain the observed impaired grain 

growth for Ba-deficient materials with values of x > 0.02. Nonetheless, previous literature has 

also suggested that poor grain growth in doped BaZr0.85M0.15O3-δ materials (M = Y, In; Ga) to 

be associated with aliovalent dopant enrichment in grain boundaries[160]; an analogous 

argument to that proposed for similar behaviour in doped cerias [159]. This phenomenon 

would agree with the study of grain growth in BaZr1-yYyO3-δ materials (y = 0, 0.06 and 0.15), 

presented in Figure 3.9 of Chapter 3, where greater grain growth was noted for the undoped 

compositions than for acceptor doped materials. 

To try to separate these two potential effects, preliminary EDS-TEM analysis of grain interior 

and triple points were performed for compositions with x = 0, 0.02, 0.04 and 0.06 to assess the 

presence of yttrium enrichment in grain boundaries (Fig. 5.9). 
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Fig. 5.9. Ratio between yttrium concentration in grain boundary (Cgb) and yttrium concentration in 

grain interior (Cb) in Ba1-xZr0.85Y0.15O3-δ (x = 0, 0.02, 0.04 and 0.06), measure by EDS-TEM analysis, 

and corresponding error bars. 

 

The data obtained suggest higher average concentration of yttrium in grain boundary triple 

points than grain interior, for the composition with x = 0.04, while for compositions with x = 0 

and x = 0.02 less pronounced compositional changes are revealed. Unfortunately, the 

magnitude of the error bars for the composition x = 0.06 prevent conclusion for this 

composition for the current data set. This is related to the increased complication of this 

measurement upon decreasing grain size, which demands a more extensive sample pool to be 

analysed. Further experiments are currently underway to finalise the result for this 

composition. Nonetheless, potential Y-enrichment at grain boundaries in intermediate 

compositions, x = 0.04 and x = 0.06, could explain the steeper decrease in the grain size 

observed, respecting to the other single perovskite phase compositions (x = 0 and x = 0.02). 
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With respect to compositions with clear secondary phases of the acceptor dopant, x = 0.08 and 

x = 0.10, these samples present similar average grain sizes to that of neighbouring less 

Ba-deficiency compositions, inferring that similar restrictions to grain growth may occur. In 

this respect, limitation of grain growth by partial segregation of the acceptor dopant is in 

accordance with research studies on Ba-deficient perovskites [102] that also attributed this 

effect to the formation of precipitates in intergranular regions that pin grain boundaries, 

preventing pore break away. 

The densification of Ba-deficient compositions as a function of temperature, obtained by 

geometric measurement of sintered samples, shows that there is no significant relation 

between densification levels and Ba-deficiency, or indeed the segregated presence of 

secondary phases of the acceptor dopant (Fig. 5.10).  

1300ºC

1400 ºC

1500ºC

1600ºC

8

12

16

20

24

28

0.00 0.02 0.04 0.06 0.08 0.10

D
en

si
fi

ca
ti

o
n

 (
%

)

Ba-deficiency, x  

Fig. 5.10. Densification (%) in function of Ba-deficiency, x, for Ba1-xZr0.85Y0.15O3-δ, sintered at 1300, 

1400, 1500 and 1600 ºC, for 5 hours. Open symbols correspond to multiphase-samples. 
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Moreover, the levels of densification (Fig. 5.10) appear to be independent of grain growth 

(Fig. 5.8), indicating that the relative densification rate exceeds that of the relative grain 

growth rate [205]. Note that shrinkage without significant grain growth was reported, for 

acceptor doped BaZr1-yYyO3-δ  materials in Chapter 3, Figure 3.9. 

On the contrary, final density in these materials is shown to be dependent only on sintering 

temperature and green density (Fig. 5.11). 
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Fig. 5.11. Final density in function of green density of compositions for Ba1-xZr0.85Y0.15O3-δ, 

0 ≤ x ≤ 0.10, sintered at 1300, 1400, 1500 and 1600 ºC, for 5 hours. 
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5.5. ELECTRICAL CHARACTERISATION 

The impedance spectra, obtained from AC impedance spectroscopy measurements under 

10 % H2/N2 atmospheres, for selected compositions with x = 0.02 and x = 0.10 are presented 

in Fig. 5.12 in Nyquist form. The spectra obtained are typical of this class of protonic 

conductors, with distinct arcs, corresponding to bulk (grain interior), grain boundary and 

electrochemical interface transport; and are analysed in terms of an equivalent circuit model 

formed by series combination of RQ sub-circuits corresponding to distinct phenomenon. 
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Fig. 5.12. Nyquist plots collected at 190 ºC for Ba-deficient samples of x = 0.02 and x =  0.10, under 

wet 10 % H2/N2 atmosphere, and respective equivalent circuits models. 

 

Arrhenius plots of total and bulk conductivity, as a function of Ba-deficiency (Fig. 5.13) 

reveals the detrimental effect of Ba-deficiency on the total conductivity of Y-doped BaZrO3. 
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Fig. 5.13. Arrhenius plot of total and bulk electrical conductivity, under wet 10 % H2/N2, of 

Ba1-xZr0.85Y0.15O3-δ samples, 0 ≤ x ≤ 0.10, sintered at 1600 ºC. The inset shows a comparison of the bulk 

conductivity of the series at 230 ºC as a function of Ba-deficiency. 

 

A decrease in total conductivity can be observed in Ba-deficient compositions, as compared to 

the stoichiometric composition. In contrast, bulk conductivity data follow the shape of the 

measured lattice parameter trend observed in Fig. 5.6: an increase in bulk conductivity until 

x = 0.02, then a drop as x > 0.02. The conductivity behaviour, therefore, appears to reinforces 

the assumption of presence of different charge compensation mechanisms in 

Ba1-xZr0.85Y0.15O3-δ series compositions with increasing Ba-deficiency: an increase of oxygen 

and A-site vacancies caused by A-site-cation vacancy mechanism, equation (5.1), that can be 

hydrated with consequent increase of bulk conductivity at x ≤ 0.02, followed by an increasing 

consumption of oxygen vacancies via the dopant-partitioning mechanism (equation (5.2)), in 

compositions with x > 0.02, associated with decreased proton concentration. 
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Such correspondence between the shape of the non-linear lattice parameter within the pure 

perovskite phase, observed in Fig. 5.6, and the bulk conductivity behaviour, thus suggest the 

presence of a real phenomenon, rather than an experimental artefact. In this respect, note that 

links between anomalous variations in lattice parameter and bulk conductivity trends have also 

been reported in other A-site deficient perovskite systems [197]. 

Grain size and activation energy values of bulk and grain boundary conductivities in the 

temperature range 140 – 280 ºC are presented in Table 5.1. Bulk activation energies 

correspond well with those for proton conduction reported for similar materials in the 

literature [145]. 

 

Table 5.1. Average grain size and activation energy values of bulk and grain boundary conductivities 

of  Ba1-xZr0.85Y0.15O3-δ, 0 ≤ x ≤ 0.10, in the temperature range of 140 – 280 ºC. 

Ba-deficiency 

x 

Average Grain Size 

(µm) 

Ea (bulk) 

(eV) 

Ea (grain boundary). 

(eV) 

0 0.90 ± 0.04 0.46 ± 0.02 0.70 ± 0.04 

0.02 0.73 ± 0.02 0.42 ± 0.05 0.75 ± 0.03 

0.04 0.26 ± 0.02 0.45 ± 0.03 0.70 ± 0.05 

0.06 0.26 ± 0.02 0.41 ± 0.03 0.80 ± 0.05 

0.08 0.32 ± 0.02 0.46 ± 0.02 0.68 ± 0.01 

0.10 0.20 ± 0.02 0.43 ± 0.03 0.73 ± 0.01 

 

With respect to the impact of Ba-deficiency on grain boundary conductivity, one should first 

take into account microstructural effects. Poor grain growth will result in an increased grain 

boundary density and, hence higher grain boundary resistivity. Thus, determination of area 

specific grain boundary conductance (2.20), needs to be performed to allow comparison of 

grain-boundary resistances of samples with differing microstructure (Fig. 5.14). 
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Fig. 5.14. Impact of Ba-deficiency on grain boundary conductivity, under wet 10 % H2/N2, in 

Ba1-xZr0.85Y0.15O3-δ samples, 0 ≤ x ≤ 0.10, sintered at 1600 ºC. (a) Arrhenius plot of area specific grain 

boundary conductance; (b) grain boundary conductivity and (c) area specific grain boundary 

conductance, determined at 230 ºC, as a function of x. 

 

The area specific grain boundary conductance is observed to be higher for the intermediate 

Ba-deficient compositions x = 0.04 and x = 0.06 than the other compositions studied. Such an 

increase serves to mask the expected negative effect of poor grain growth on the overall grain 

boundary conductivity in these compositions. Indeed, the total grain boundary conductivity of 

these compositions is similar to those shown by the stoichiometric (x = 0) and slight 

Ba-deficient (x = 0.02) compositions (Fig. 5.14 (b)), whereas, significantly lower grain 

boundary conductivities are observed in compositions x = 0.08 and x = 0.10 that show not only 

a small grain size but also the presence of yttria as a secondary phase, Fig.5.7 and Fig. 5.4. 

The higher specific grain boundary conductivity suggested for compositions x = 0.04 and 

x = 0.06 may arise from yttrium enrichment of grain boundaries observed for these 

compositions in Fig. 5.9. Indeed a favourable effect of yttrium enrichment on grain boundary 
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conductivity has been previously reported [206] and attributed to decreasing of the apparent 

barrier height caused by the space charge effect, with consequent improvement of proton 

transport across grain-boundaries. 

 

5.6. CONCLUDING REMARKS 

Ba-loss is a common problem when one tries to densify barium zirconate based materials due 

to the requirement of very high sintering temperatures. Many authors have attempted to link 

Ba-loss with poor total conductivity values and the large scatter in reported data. In this 

context, the present work aimed to established links between Ba-loss, densification, grain 

growth and conductivity for Y-doped BaZrO3 materials. 

 XRD analysis revealed the formation of a single perovskite phase for compositions with 

Ba-deficiency (x) lower than 0.08, while compositions with higher Ba-deficiency a secondary 

phase of Y2O3 is observable besides the primary perovskite phase. The obtained results are in 

accordance to the ternary BaO–YO1.5–ZrO2 phase diagram proposed in the literature. 

Structural characterization revealed a non-linear trend in lattice parameter, with the lattice 

parameter passing through a maximum within the pure perovskite phase region, then 

decreasing with increasing Ba-deficiency. The bulk conductivity data follow the measured 

parameter trend, suggesting the occurrence of different charge compensation mechanisms in 

Ba-deficient compositions. 

Microstructural analysis revealed the detrimental effect of Ba-deficiency on grain growth. One 

observes that even minor Ba-deficiency in the single perovskite region, leads to significant 

decrease in grain size.  

Compositional analysis in grain interior and grain boundary triple point suggests 

yttrium-enrichment in grain boundaries for intermediate Ba-deficiency compositions, x = 0.04 

and x = 0.06, which can be associated to the higher specific grain boundary conductivity 

observed for these compositions. 





 

 

129 

 

6. MECHANOCHEMICAL PREPARATION AND STABILITY 

STUDIES OF Ba(Pr,Zr,Y)O3-δδδδ  MATERIALS AS POTENTIAL 

ELECTRODES FOR PROTONIC SOFC 

The study of homogeneous mixed proton and electron conductors, where mixed conductivity 

is introduced in a single phase is still in its infancy. Such materials would find application as 

electrodes in solid oxide fuel cells or as separation membranes. Alkaline earth perovskite 

materials, such as Ba(Pr,R)O3-δ, R = Rare Earth, would be possible candidates, once it is 

expected that the presence of mixed valence Pr introduces electronic conductivity [85,207]. 

However, several studies have shown that Ba(Pr,R)O3-δ materials are predominantly electronic 

conductors, offering only minimal proton conductivity and are susceptible to decomposition in 

both wet and dry reducing conditions, moist oxidising conditions, CO2-containing 

atmospheres and also upon high temperature processing [208–210]. This high level of 

instability has led several authors to render these materials as “not useful” for SOFC purposes 

[209,210]. 

It is widely documented that the stability of the perovskite phase is related to the tolerance 

factor, equation 1.7, with compositions that are closer to the ideal cubic form (t = 1) presenting 

the higher stabilities [211]. A work of Magrasó et al. [212], on the related compositions 

BaPr0.7-xZrxGd0.3O3-δ, followed this guideline and showed the perovskite phase to offer 

improved stability when progressing from orthorhombically distorted to cubic symmetry with 

increasing Zr content. However, these materials also revealed gadolinium segregation at high 

sintering temperature. The documented orthorhombic lattice distortion arises because the 

average B-site ionic radius becomes too large for the ideal Pm3m  aristotype with increasing 

Pr concentration. This factor is also aggravated by the presence of a high concentration of 

large gadolinium dopant ions. 

In this context, it was intended to investigate related materials with improved stability, by 

reducing the acceptor dopant concentration and by selection of a smaller dopant (yttrium). The 

compositions studied are, thus, Ba(Pr1-xZrx)1-yYyO3-δ, with y = 0.1 and y = 0.2, for 0 ≤ x ≤ 1. 
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6.1. PHASE FORMATION 

Despite repeated cycles of high-temperature firing (1500 ºC, 5 hours) and regrinding, phase 

purity was not obtained for the compositions Ba(Pr,Zr,Y)O3-δ, by conventional solid-state 

preparation from stoichiometric mixtures of BaCO3, ZrO2, Y2O3 and Pr6O11. On the contrary, 

the X-ray powder diffraction patterns of the system Ba(Pr1-xZrx)0.8Y0.2O3-δ exhibit broad 

asymmetric peak shapes, suggesting the presence of inhomogenities and distinct secondary 

phases at high Zr-contents corresponding to a secondary perovskite phase of smaller lattice 

parameter (Fig. 6.1). 
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Fig. 6.1. X-ray diffraction pattern of the Ba(Pr1-xZrx)0.8Y0.2O3-δ  system prepared by solid-state 

synthesis, after a second sintering at 1500 ºC, highlighting broad asymmetric peak shapes suggesting 

the presence of inhomogenities. Arrow indicates secondary phase in composition x = 0.75. The marker 

(�) identifies the perovskite phase. 
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When using the standard high energy milling procedure as performed for Ba(Zr,Y)O3-δ 

materials (section 2.1.1), one observed that it is insufficient to synthesise a single-phase 

perovskite, forming instead a mixture of the perovskite phase and PrO2. In contrast, samples 

mechanically activated for 300 minutes and annealed at 1250 ºC for 5 hours show pure phases 

with well-defined peak shapes suggesting good homogeneity, Fig. 6.2 (a). Single-phase 

perovskite materials were obtained for all values of x in the two studied systems, 

Ba(Pr1-xZrx)0.9Y0.1O3-δ and Ba(Pr1-xZrx)0.8Y0.2O3-δ XRD powder patterns are shown in 

Fig. 6.2 (b) for the latter system. 
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Fig. 6.2.(a) X-ray diffraction patterns demonstrating the evolution of mechanical activation with 

milling time and formation of single-phase Ba(Pr0.4Zr0.6)0.8Y0.2O3-δ perovskite after annealing at 

1250 ºC for 5 hours; (b) X-ray diffraction patterns of the Ba(Pr1-xZrx)0.8Y0.2O3-δ system prepared by a 

combination of high energy milling and annealing at 1250 ºC for 5 hours. Phase purity is obtained for 

all values of x. The markers identify (����) barium peroxide; (�) yttria doped zirconia (3 mol %); (����) 

yttria oxide; (⊗) Pr6O11; (+) PrO2; and (�) perovskite phase. 
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6.2. STRUCTURAL CHARACTERIZATION 

Detailed structural characterization by Rietveld refinement, Fig. 6.3 (a) and Fig. 6.3 (b), show 

the reduced cell (pseudo-cubic) lattice parameters of the two systems as a function of 

composition, superimposed by: i) delimitation of the regions where a certain type of tilting 

regime may be expected; ii) variations in the tolerance factor [87,88]; and iii) by stability 

information at different atmospheres, a factor that will be discussed in the later text.  
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Fig. 6.3. Reduced unit-cell parameter as a function of composition, superimposed with stability 

information under different atmospheres for: (a) Ba(Pr1-xZrx)0.9Y0.1O3-δ and (b) Ba(Pr1-xZrx)0.8Y0.2O3-δ. 

Stability was analysed by X-ray diffraction analysis after heat treatment at 600 ºC. Bullet points signify 

stable compositions for each atmosphere. 

 

In both systems there is a decrease in unit-cell parameter with increase in the Zr content, 

which is consistent with the substitution of 4 +

VIPr (0.85 Å) with the smaller 4 +

V IZr (0.72 Å) 

cation [97]. 

In the Ba(Pr1-xZrx)0.9Y0.1O3-δ family (Fig. 6.3 (a)), indexing and subsequent Rietveld analysis 

indicates that the symmetry changes from orthorhombic (Pbnm) for x = 0 [86] and x = 0.2 

through tetragonal (I4/mcm) or rhombohedral ( R3c ) for x = 0.4 and x = 0.6 to cubic (x = 0.8 

and x = 1.0). It is noteworthy that composition x = 0.4 with tolerance factor 0.964 lies on the 

transition between regions of in-phase and anti-phase tilting and anti-phase tilting only, 

whereas composition x = 0.8 has a tolerance factor of 0.985, which forms the boundary 

between zones of anti-phase tilted and untilted structures. 
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The Ba(Pr1-xZrx)0.8Y0.2O3-δ system displays a similar increase in symmetry and lowering of 

reduced unit-cell parameter with increase in the Zr content, Fig. 6.3 (b). Again, the indexation 

and Rietveld analysis are consistent with orthorhombic and cubic symmetries for the 

end-member phases, which are also the symmetries predicted on the basis of tolerance factor. 

Orthorhombic symmetry associated with in-phase and anti-phase tilting is also expected for 

compositions x = 0.2 and x = 0.4 on considering their respective tolerance factors; the lattice 

parameters for these compositions and the end-member phase (x = 0) were thus obtained on 

refining in the Pbnm space group. With further increase in the Zr content, the observed 

symmetry changes to tetragonal (or pseudo-tetragonal); accordingly the lattice parameters for 

compositions x = 0.6 and x = 0.8 were determined on refinement in I4/mcm. This space group 

is associated with anti-phase tilting only, which is to be expected from the corresponding 

tolerance factors. In comparison to the Ba(Pr1-xZrx)0.9Y0.1O3-δ system, the higher Y
3+

 content 

lowers the tolerance factor with the effect that the orthorhombic crystal system is observed up 

to a higher Zr content. 

6.3. STABILITY STUDIES 

The stability of the perovskite phase is commonly related to the tolerance factor [211]; hence, 

the stability information of the title materials on annealing in various gas atmospheres at 

600 ºC for 12 hours is displayed collectively with the structural information present in the 

previous figure (Fig. 6.3). Stability, for the current purposes, is defined to be the absence of 

secondary phases on post-operative examination at the resolution of X-ray diffraction. 

Samples that meet this criterion are represented by bullet points in Fig. 6.3 (a) and (b), for each 

gas environment. 
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6.3.1. DRY AND WET O2 

In both dry and wet oxygen atmospheres, it has been shown the improvement in stability with 

the increase in the Zr content. In general, these results concur with the increase in the tolerance 

factor, and associated increase in symmetry with increase in Zr content (Fig. 6.3). 

The instability of BaPr1-xYxO3-δ compositions in wet and dry oxygen environments, 

BaPr1-xYxO3-δ is revealed by the decomposition of the perovskite phase to form praseodymium 

oxide and barium carbonate; the later probably formed by rapid reaction between BaO and 

CO2 after annealing. Signs of hydroxide formation, as documented for BaPr0.7Gd0.3O3-δ in wet 

oxygen [209], could not be observed for the current Y-containing systems. 

Interestingly, the intermediate composition Ba(Pr0.4Zr0.6)0.9Y0.1O3-δ decomposes into two 

perovskite phases of differing lattice parameters on annealing in dry oxygen (Fig. 6.4). Note 

that a BaZrO3-based perovskite is probably the minority phase, while the positions of the 

reflections of the main phase are still relatively close to corresponding reflections of the 

single-phase composition retained in wet O2. This suggests that the prevailing phase might still 

be a mixed Ba(Pr1-xZrx)1-yYyO3-δ composition. 
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Fig. 6.4. X-ray diffraction patterns of Ba(Pr0.4Zr0.6)0.9Y0.1O3-δ, after annealing at 600 ºC in dry and wet 

O2 atmospheres, highlighting instability in dry O2. Filled and open stars indicate perovskite phases of 

differing lattice parameter. 

 

6.3.2. 10% H2/N2 

In H2 environments, chemical instability is observed for the both compositions of 

BaPr1-xYyO3-δ (y = 0.1 and y = 0.2), Fig. 6.3, leading to the formation of BaPr2O4-based phase 

under dry conditions or, Pr(OH)3 under wet conditions and some BaCO3 resulting from the 

ready reaction between Ba(OH)2 and CO2. These observations are consistent with the work 

carried out by Magrasó et al. [212], for the related materials BaPr0.7-xZrxGd0.3O3-δ. One may 

describe the formation of secondary phases as follows: 

 

 

 Ba(Pr,Y)O3-δ + x H2→ x Ba(Pr,Y)2O4 + x Ba(OH)2 + (1-2x) Ba(Pr,Y)O3-δ (6.1) 
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for dry conditions, or:  

for wet conditions, followed by ready conversion of barium hydroxide in the presence of 

atmospheric CO2:  

For low Zr-content, decomposition under H2 atmosphere is generally manifested showing the 

presence of BaCO3 and splitting in the perovskite phases (Fig. 6.5). Nevertheless, the 

composition, Ba(Pr0.8Zr0.2)0.8Y0.2O3-δ, containing large quantities of Pr, is stable under dry 

hydrogen Fig. 6.5. 

Hence, in comparison with the BaPr0.7-xZrxGd0.3O3-δ system, which shows substantial 

instability under reducing and water conditions, for values of x < 0.5, [212], the current 

materials present an extension of stability under reducing atmospheres to samples of higher 

Pr-content. 

 

 Ba(Pr,Y)O3-δ + 0.5x H2+ 2x H2O→ x Pr(OH)3+ x Ba(OH)2+ (1-x) Ba(Pr,Y)O3-δ (6.2) 

 x Ba(OH)2 + x CO2→ x BaCO3+ x H2O (6.3) 
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Fig. 6.5. X-ray diffraction patterns of compositions from the systems Ba(Pr1-xZrx)0.9Y0.1O3-δ and 

Ba(Pr1-xZrx)0.8Y0.2O3-δ with x = 0.2, after annealing at 600 ºC in wet and dry H2 atmospheres, 

highlighting greater stability in the system with higher Y-content and greater stabilities on dry 

atmospheres. 

 

Furthermore, the current work provides the additional information that stability is greater in 

dry reducing conditions and is retained to a higher Pr content (lower x) in the system with the 

greatest Y-content, Ba(Pr1-xZrx)0.8Y0.2O3-δ (Fig. 6.3 and Fig. 6.5). The latter phenomenon can 

possibly be explained with reference to Fig. 6.6. , which plots the expected tolerance factor 

with respect to the ionic size of praseodymium in different oxidation states. The formation of 

the decomposition product BaPr2O4 in dry 10 % H2/N2 clearly indicates reduction of Pr
4+

-Pr
3+

 

in this atmosphere. When Pr is in the 3+ oxidation state, the expected trends in tolerance factor 

of the two systems cross at approximately x = 0.4 (Fig. 6.6. ). Hence, at low values of x, the 

compositions with highest tolerance factor will be those with the higher Y-content, i.e. 

Ba(Pr1-xZrx)0.8Y0.2O3-δ. This is in agreement with the observed experimental data in Fig. 6.3 

and Fig. 6.5 on annealing in 10 % H2/N2. Thus, it appears to be possible to predict the 
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observed stability even in reducing conditions from simple tolerance factor calculations on 

consideration of the reduction of Pr and its associated increase in ionic size. 

Pr4+

Pr3+

0.88

0.9

0.92

0.94

0.96

0.98

1

0 0.2 0.4 0.6 0.8 1

to
le

ra
n

ce
 f

a
ct

o
r

x

Ba(Pr1-xZrx)0.8Y0.2O3-δ

Ba(Pr1-xZrx)0.9Y0.1O3-δ

 

Fig. 6.6. Expected trends in tolerance factor with respect to the ionic size of praseodymium in different 

oxidation states for the Ba(Pr1-xZrx)0.9Y0.1O3-δ and Ba(Pr1-xZrx)0.8Y0.2O3-δ systems. 

 

6.3.3. PURE CO2 

The stability of the systems in flowing dry CO2 measured by TGA is shown in Fig. 6.7. Major 

weight gains can be observed for both systems for compositions of low Zr-content above 

500 ºC and the total weight gain increases with decrease in the Zr-content. The uptake of CO2 

occurs in two stages, a low-temperature stage corresponding to minor weight gain followed by 

a dominant high-temperature regime in which the majority of the weight gain takes place. This 

behaviour resembles that reported for the BaPr0.7-xZrxGd0.3O3-δ [212] and BaCe1-xRxO3-δ 

systems [213]. In general, the onset temperature of the low- and high- temperature ranges 

increases with increasing Zr-content, reflecting an increased stability associated with increase 

in tolerance factor and symmetry, and lower basicity of the B-site cation [214], Fig. 6.3. For 

samples of high Pr-content, the presence of maxima in weight gain can be observed followed 
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by weight loss at the highest temperatures. This phenomenon is analogous to the carbonation 

behaviour of BaCeO3 reported by Zakowsky et al. [213] who demonstrated that the formed 

BaCO3 decomposes at high temperatures with reformation of the perovskite phase. Note that 

the location of these maxima shifts to higher temperatures with increase in the Zr-content, 

reflecting a higher stability of BaZrO3 than BaCeO3, in agreement with the corresponding 

thermodynamic predictions [215]. 
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Fig. 6.7. TGA plot for the Ba(Pr1-xZrx)0.9Y0.1O3-δ and Ba(Pr1-xZrx)0.8Y0.2O3-δ systems heated under dry, 

flowing 100 % CO2 at a rate of 1ºC·min
-1

. 

 

Post-mortem analysis of powdered samples by XRD after high temperature carbonation 

showed the presence of the component oxides and barium carbonate. In Fig. 6.8. the maximum 

CO2 uptake on value second stage carbonation is compared with the theoretical calculated for 

the stoichiometric formation of BaCO3. Fig. 6.8. shows an approximately linear, inverse 

relationship between the value of x and the extent of carbonation and higher carbonation in the 

system with the highest Y-content. Note that this is the opposite dependence to that observed 

in more reducing conditions, in section 6.3.2, in agreement with tolerance factor 

considerations outlined in Fig. 6.6. .These predictions of carbonation may even be somewhat 
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underestimated due to a counter effect of weight losses by gradual reduction of Pr
4+

 to Pr
3+

. If 

one assumes close to 50 % conversion to Pr
3+

 one obtains up to about 93 % carbonation for 

BaPr0.8Y0.2O3-δ and about 87 % for BaPr0.9Y0.1O3-δ. 
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Fig. 6.8. Comparison of the maximum CO2 uptake on second stage carbonation in dry flowing CO2 

with the theoretical value calculated for the stoichiometric formation of BaCO3 for each composition 

for the systems Ba(Pr1-xZrx)0.9Y0.1O3-δ and Ba(Pr1-xZrx)0.8Y0.2O3-δ. 

 

Zakowsky et al. [213] suggested that the low-temperature stage could be due to carbonation of 

exolved BaO following formation of a Ba-deficient phase during sample preparation. 

Alternatively, it may be that the low-temperature regime is related to surface carbonation, 

while the second stage, corresponding to bulk carbonation, would be displaced to higher 

temperatures due to kinetic limitations. In order to assess the low-temperature stage more 

fully, subsequent XRD analysis was performed on samples annealed at 600 ºC for 12 hours 

under dry CO2. The results, summarised in Fig. 6.3, show the stability limit at 600 ºC to be 

wider in Ba(Pr1-xZrx)0.9Y0.1O3-δ (x ≥ 0.6) than in the system Ba(Pr1-xZrx)0.8Y0.2O3-δ (x ≥ 0.8). To 

highlight this point, Fig. 6.9. plots the intensity ratio between the most intense (111) reflection 
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in the BaCO3 phase and the most intense (110) reflection in the perovskite phase for samples 

carbonated at 600 ºC for 12 hours in wet and dry atmospheres. This intensity ratio allows an 

estimation of variations in the relative amounts of the perovskite and BaCO3 phases with 

changes in composition. 

 Fig. 6.9. shows that the amount of first stage carbonation is greater with decrease in the 

Zr-content and greater in the system with the highest Y-content. Hence, the extents of both 

low temperature and high temperature carbonation have the same tendencies, reinforcing the 

relationship between stability, increased tolerance factor, crystallographic symmetry, and 

basicity. Another important observation is that much greater carbonation occurs in a wet rather 

than a dry atmosphere. The corresponding diffraction patterns for low temperature 

carbonation, in compositions with values of x ≥ 0.2 up to the stability limit for each system, 

show predominantly the perovskite phase with the additional presence of BaCO3. In contrast, 

significant decomposition is observed for the Zr-free samples at this temperature, with 

formation of the component oxides and BaCO3 accompanied by substantial decrease in the 

relative XRD peak intensities of the perovskite phase. 
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Fig. 6.9.The X-ray diffraction intensity ratio between the most intense (111) reflection of the BaCO3 

phase and the most intense (110) reflection in the perovskite phase for samples carbonated at 600 ºC 

for 12 hours in wet and dry atmospheres for the systems Ba(Pr1-xZrx)0.9Y0.1O3-δ and 

Ba(Pr1-xZrx)0.8Y0.2O3-δ, corresponding to the first stage carbonation. 

 

6.3.4. STABILITY IN WET COMPARED TO DRY CONDITIONS 

Both systems show higher stabilities in dry than in wet conditions (Fig. 6.3, Fig. 6.4, Fig. 6.5 

and Fig. 6.9.). Water has been suggested to have a reducing effect in BaPrO3, and to lead to 

hydration of Ba
2+

 and Pr
4+

 to form Ba(OH)2 and Pr(OH)3 [209,212]: 

The reduction of Pr will lead to substantial increases in average B-site cation radius; hence, 

complete or partial decomposition may be considered likely to occur in wet reducing 

atmospheres in the studied materials. 

 

 

 BaPrO3 + 2.5 H2O → Pr(OH)3 + Ba(OH)2 + 0.5 O2 (6.4) 
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6.4. CONCLUDING REMARKS 

The mechanochemical preparation of Ba(Pr,Zr,Y)O3-δ based materials proved to be efficient in 

preparation of novel materials, which cannot be formed by conventional solid state synthesis. 

Furthermore, detailed structural analysis of Ba(Pr1-xZrx)1-yYyO3-δ materials allowed to stablish 

a strong dependence of unit cell volume and lattice distortion on composition in accord with 

variations in the tolerance factor, and their role in chemical stability. Close correlations 

between the stability under different atmospheres and the tolerance factor were found. 

Stability ranges of the perovskite phase showed to be significantly lower in wet CO2 or wet H2 

than for the corresponding dry atmospheres. 

Thus, this work has highlighted the importance of the Goldschmidt tolerance factor on the 

stability of perovskite materials allowing guidelines for further research for the design and 

characterization of novel related compositions. 
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7. PHASE FORMATION, STRUCTURAL AND ELECTRICAL 

PROPERTIES OF BaPr1-xZrxO3-δδδδ MATERIALS 

In the previous chapter, a detailed structural and chemical stability study was performed for 

the system Ba(Pr,Zr,Y)O3-δ, due to their potential applications as single phase mixed protonic 

and electronic conductors. More recent studies carried out by Fabbri et al. [216–218] on 

BaPr0.8-xZrxY0.2O3-δ systems reveal that compositions with intermediate composition Pr/Zr 

contents exhibit reasonable levels of mixed ionic-electronic conductivity, however still too 

low for application as a single-phase conductor in SOFC. However, as a composite cathode 

with the p-type electronic conductor La0.6Sr0.4Co0.2Fe0.8O3-δ, the phase BaZr0.5Pr0.3Y0.2O3-δ 

showed good performance [217].  

As potential cathode components and as mixed conductors for other high-temperature 

applications such as hydrogen-separation membranes, little is still known about the transport 

and structural properties of the Pr-doped BaZrO3 system. One may expect that in the 

BaPr1-xZrxO3-δ system the mixed valence state of praseodymium, besides favouring the 

appearance of electronic conductivity, would also act as the required acceptor dopant to create 

oxygen vacancies needed for proton conduction. In this context, the role of Pr substitution in 

BaZrO3 on solid-solution formation through a mechanosynthesis route was analysed from the 

structural characterization via Raman spectroscopy and Rietveld refinement of X-ray 

diffraction data, coupled with the study of defect chemistry, its relation to conductivity in 

oxidising conditions with a view to optimising composition for employment in composite 

PCFC cathodes. 
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7.1.  PHASE FORMATION 

On high energy milling of BaZr1-xPrxO3-δ compositions, a single perovskite phase is obtained 

for composition x = 0.80, whereas a mixture of the perovskite phase and praseodymium oxide 

is observed for the remaining compositions (Fig. 7.1). 
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Fig. 7.1. X-ray diffraction patterns of Ba(Pr1-xZrx)0.8Y0.2O3-δ ( 0.20 ≤ x ≤ 0.80) after high energy milling. 

The markers identify: (+) PrO2; and (�) perovskite phase. 

 

Analysis of the evolution of the mechanochemical reaction of BaPr0.20Zr0.80O3-δ with time, Fig. 

7.2, shows amorphisation of the oxide precursors and formation of perovskite phase during the 

initial stages of high energy milling (60 minutes). Further milling leads to a substantial 

increase in the perovskite reflection intensity and concomitant decrease of the praseodymium 

oxide reflection intensity due to the gradual incorporation of Pr in the perovskite structure. 

Note the retention of Pr in +4 oxidation state during high energy milling, through formation of 

PrO2. 
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Fig. 7.2. Evolution of powder X-ray diffraction patterns with milling time for composition 

BaPr0.20Zr0.80O3-δ. The markers identify: (�) barium peroxide; (����) zirconia oxide; (⊗) Pr6O11; (+) 

PrO2; and (�) perovskite phase. 

 

Although a high energy milling is insufficient to form monophasic perovskite for 

compositions with x < 0.80, single phase materials can be obtained by a two-step process of 

mechanical activation followed by annealing at 1250 ºC in air, Fig. 7.3. 
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Fig. 7.3. X-ray diffraction patterns of mechanically produced powders of compositions BaPr1-xZrxO3-δ 

(0.2 ≤ x ≤ 0.8), after annealing 1250 ºC in air. (�) identifies perovskite phase. 

 

7.2.  STRUCTURAL CHARACTERIZATION 

The analysis of the structures in the BaPr1-xZrxO3-δ system, 0 ≤ x ≤ 1, was performed by 

Rietveld refinement of laboratory X-ray data and Raman spectroscopy. Structural changes 

throughout the series would be expected, due to the differing symmetries of the end-members. 

Cubic BaZrO3 (space group Pm3m , tilt sequence a
0
a

0
a

0
 in Glazer notation [77] and 

orthorhombic BaPrO3 (Pnma, a
+
b

-
b

-
) phases have been resolved by high-resolution X-ray 

[219] and neutron diffraction [86], respectively. 

Raman spectroscopy was performed with the aim to obtain information of potential structural 

changes with composition, (e.g. changes on space group), at a higher resolution than possible 

by X-ray diffraction analysis. Room temperature unpolarized Raman spectra of BaPr1-xZrxO3-δ 

samples (0 ≤ x ≤ 1) are shown in Fig. 7.4, where the end-member phases (BaPrO3 and 

BaZrO3) correspond to materials prepared under the same conditions. 
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Fig. 7.4. Room temperature Raman spectra of polycrystalline BaPr1-xZrxO3-δ  samples (0 ≤ x ≤ 1). 

 

Experimental results show considerable changes in the Raman spectra by zirconium 

substitution. One observes the deviation of bands to higher values of Raman shift, with 

increasing of Zr content (bands B and C), as well as the attenuation of bands (bands E and F) 

and appearance of another band (band A).  

The modifications occurring in the regions 400 - 500 cm
-1

 and 700 - 900 cm
-1

, corresponding 

to the bands A, B and C, are associated with the vibrational modes on the B-O octahedra 

[220,221]. The deviation to higher wavenumber with increasing Zr content is compatible with 

the substitution of the Pr cation by the lighter Zr cation. 
The peak position of the narrowest Raman line at 107 cm

-1
 (B) is, within experimental 

accuracy, independent of the Zr content, even though its relative intensity decreases 

significantly with Zr content; this mode is attributable to long-range interactions of the 
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A-cation sublattice, which indicates that the presence of Pr on the A-site should be residual 

[220,221]. 

The presence of carbonates, identified by the presence of a band over 1000 cm-1  [222], is 

evident in several spectra, resulting from reaction with CO2 in the atmosphere. This band is 

most evident in the BaZrO3 spectrum, due to the low relative intensity of further bands in the 

Raman spectra for this composition. Note the Raman spectrum of BaZrO3 would not be 

expected to present Raman active modes as this composition is associated to a cubic 

symmetry. Nonethless, the existence of some distortion on octahedra ZrO6 [223], in addition 

to the presence of carbonates, may explain the spectrum obtained. 

The exact determination of space group from the Raman results is complicated by the presence 

of broad bands, which hampers the fitting of experimental data, and the secondary phase of 

carbonate, which affects the number of active modes observed. Despite these limitations, 

analysis of the Raman spectra allows the qualitative identification of structural changes across 

the series, allowing estimation of most probable symmetries. 

 The characterization of the three most intense bands in compositions with higher zirconium 

content (A, B and C), and their variations with composition, may assist the observation of 

symmetry changes. Fig. 7.5 presents Raman shift and Full Width at Half Maximum (FWHM) 

for these bands. 
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Fig. 7.5. (a) Raman shift and (b) FWHM of bands A, B, C, marked at Fig. 7.4, as function of Zr 

content for BaPr1-xZrxO3-δ. 
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In compositions with Zr contents lower than x = 0.80, the Raman shift of bands A, B and C are 

shown to increase with increasing Zr content, as does the parameter FWHM. At the lowest Zr 

contents the appearance of bands (E and F) in Fig. 7.4, coincides with the absence of band A 

and the fusion of bands B and C, in composition BaPrO3-δ,. Fig. 7.5. At extended Zr contents, 

above x = 0.80, a sharp increase in the linear dependence of Raman shift to higher 

wavenumber is observed with increasing Zr content. With respect to the parameter FWHM, 

one verifies a decrease for the bands A and B with increasing Zr content over the same range 

of compositions, while band C is observed to continue to increase monotonously. The noted 

decrease of FWHM in A and B bands at x > 0.80 is associated a sudden decrease in disorder in 

the structure upon Zr substitution of Pr, whereas the FWHM of band C, related to the vibration 

of atoms in octahedra with both Pr and Zr atoms, appears to rise continuously with Zr content 

[224]. 

These results suggest that the structure alters to adopt a different space group around 

composition x = 0.80. Nonetheless, the current results cannot provide information of the exact 

change of symmetry along the system.  

In this context, the Rietveld refinements of the XRD data considered a provisional space 

group, taking into account the space groups which are known to be or are possibly adopted by 

the BaPrO3 and BaZrO3 end-member phases as a function of temperature or compositional 

changes, namely Imma, I4/mcm, P4/mbm and R3c  [80,86,219,225]. 

The refinements converged successfully in R3c for all series members, while the other 

attempted space groups generally gave higher agreement factors, unrealistic thermal factors 

and/or did not converge successfully. Interestingly, however, all series members refined 

successfully in Pm3m with only slightly higher agreement factors than for R3c which supports 

the premise that the distortions from cubic symmetry are slight. Although the refinements 

proceeded satisfactorily in space group R3c , marginally negative oxygen thermal factors were 

obtained for certain compositions. Such a scenario may arise as a result of some compositional 

or symmetrical inhomogeneities. Given that further structural detail was not accessible under 

the resolution of X-ray diffraction, the final structural parameters and agreement factors, given 
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in Table 7.1, were obtained assuming R3c as space group; additional structural information 

including average bond lengths and unit-cell volume are also given.  

The results of Raman spectroscopy and XRD here presented, thus, suggest a likely space 

group change around composition x = 0.80 with minor distortions from cubic symmetry.  

Nonetheless, further work by a more sensitive technique such as neutron diffraction is 

necessary to conclude the exact space groups of these materials. In this respect a beamtime 

application has been recently submitted to the "Institut Laue-Langevin" (ILL) on this system 

to resolve this issue. 

 

Table 7.1. Structural parameters, agreement factors and additional structural information for 

BaPr1-xZrxO3-δ obtained from Rietveld refinement of XRD data
a
. 

a
 Space group R3c (#167, hexagonal axes): A position 6a (0 0 ¼); B position 6b (0 0 0); O position 18e (x 0 ¼). 

 

 

 

x 0.40 0.60 0.80 0.85 0.90 0.95 

a /Å 

c /Å 

O x 

6.0919(5) 

14.866(3) 

0.557(2) 

6.0417(4) 

14.740(2) 

0.545(3) 

5.9820(6) 

14.630(3) 

0.541(2) 

5.96408(3) 

14.6098(6) 

0.527(3) 

5.9539(8) 

14.570(4) 

0.538(2) 

5.940(1) 

14.541(5) 

0.517(5) 

       
Rp / % 

Rwp / % 

RB  / % 

4.46 

5.76 

2.99 

4.41 

5.66 

3.40 

4.21 

5.42 

4.09 

3.80 

4.90 

2.27 

4.10 

5.38 

3.12 

3.68 

4.81 

2.04 

       
Ave. A−O /Å 

Ave. B−O / Å 

Vol. / Å
3
 

3.1195 

2.179(3) 

477.8(1) 

3.023(3) 

2.150(4) 

465.95(8) 

2.994(2) 

2.128(3) 

453.4(1) 

2.984(3) 

2.115(4) 

450.05(2) 

2.980(2) 

2.116(3) 

447.3(1) 

2.970(5) 

2.102(7) 

444.3(2) 
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The reduced cell (pseudo-cubic) lattice parameters of the title system as a function of 

composition are shown in Fig.7.6. The monotonous Vegard’s decrease in cell parameter with x 

is consistent with substitution of the larger 
4+

VIPr cation (0.85Å, [97]) by the smaller 
4+

VIZr cation 

(0.72 Å, [97]). 
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Fig.7.6. Reduced (pseudo-cubic) unit-cell parameter as a function of x for BaPr1-xZrxO3-δ. Data for the 

end-member phase BaPrO3 (Pnma) are taken from ref. [86]. 
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7.3.  ELECTRICAL PROPERTIES 

For compositions BaPr1-xZrxO3-δ one expects dependence of concentrations of oxygen 

vacancies, protonic species or electron holes provided by redox changes of the variable valent 

Pr-cation (Prn+ with n = 3, 4) in accordance with following competitive defect relations: 

 

and hydration of oxygen vacancies to create protonic species: 

 

The prevailing mechanism of charge compensation for trivalent Pr
3+

, thus, depends on the 

combination of mass action constants of reaction (7.1) and (7.2). The temperature 

dependencies of the total conductivities for the BaPr1-xZrxO3-δ series in dry N2 and O2 are 

shown in Fig. 7.7.  

 2 Pr

×
Pr  + O

×
O red����⇀↽����

K
Pr2Pr
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••
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O g
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Fig. 7.7. The temperature dependence of total conductivity in dry O2 (����) and dry N2 (����) atmospheres 

of compositions BaPr1-xZrxO3-δ, with x = 0.20, 0.40, 0.60 and 0.80. 

 

In previous literature predominant-electronic conductivity has been suggested for BaPrO3-δ 

based compositions [86], implying a low concentration of oxygen vacancies, combined with a 

lower mobility of oxygen vacancies in comparison to electronic carriers. 

 Fig. 7.7 shows that the effect of substituting Pr with Zr is to decrease the conductivity in dry 

conditions by over two orders of magnitude. This result can be expected, due to a lower 

concentration of electronic species when the multivalent Pr is partially replaced by Zr
4+

. 

Samples with higher contents of Pr (x < 0.80) show an enhanced conductivity in dry O2 when 

compared to dry N2 in the whole range of temperature, suggesting a predominantly p-type 

contribution to the overall electrical transport  [86,210].  A different behaviour is observed for 

the sample with the lower content of Pr (x = 0.80), which presents a very similar conductivity 

under dry conditions of O2 and N2. This may be tentatively ascribed to a high stabilization of 

Pr
4+

 in this composition to its small average B-site ionic radius and an electronic contribution 
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derived from a fixed concentration of carriers. Comparison of the total conductivity as a 

function of temperature at dry and wet conditions, in O2 and N2 atmospheres are presented in 

Fig. 7.8 (a) and (b), respectively. 
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Fig. 7.8. The temperature dependence of total conductivity of compositions BaPr1-xZrxO3-δ in (a) dry 

and wet O2 atmosphere; and (b) dry and wet N2 atmosphere. Open symbols correspond to dry 

conditions, and filled symbol to wet conditions. 
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For compositions of higher  Pr content (x < 0.80), enhanced conductivities are shown in dry 

conditions with respect to the moistened atmosphere, in the temperature range of 

~250 - 600 ºC in both O2 and N2. Moreover, the greatest increase in transport between dry and 

wet conditions is recorded for the Pr-rich composition x = 0.20. This trend is likely to reflect a 

lowering of p-type electronic conductivity under wet conditions, as it is derived from a lower 

concentration of holes as the water partial pressure increases, reaction (7.3):  

( )2

1
H O

2
g  + 

•
h + O

×
O  ��⇀�↽��� OOH

•
+ ( )2

1
O

4
g  

(7.3) 

  

At higher temperature, the conductivities in wet and dry conditions of the same carrier gas 

converge, most probably as a result of exothermic loss of protonic species in wet conditions; 

hence, at high temperatures a similar contribution from p-type carriers is expected in both wet 

and dry atmospheres. In contrast, for the Zr-rich composition (x = 0.80), the conductivity is 

does not show such marked differences between wet and dry conditions with the conductivity 

being effectively similar for all conditions. This observation may again possibly reflect an 

increased stability of Pr
4+

 in this composition and a corresponding lack of oxygen vacancies 

that can be hydrated. 

The activation energy, in wet and dry conditions, increases with the increase of x, Table 7.2. 

Table 7.2.  Activation energy of electrical conductivity in BaPr1-xZrxO3-δ as a function of Zr 

concentration, in O2 and N2 atmospheres, at 500 – 1000 ºC 

           aE (eV) 

       x 

Dry  Wet 

O2 N2  O2 N2 

0.20 0.39 ± 0.01 0.36 ± 0.02  0.47 ± 0.01 0.52 ± 0.01 

0.40 0.46 ± 0.01 0.47 ± 0.01  0.50 ± 0.02 0.59 ± 0.01 

0.60 0.58 ± 0.01 0.56 ± 0.01  0.63 ± 0.01 0.66 ± 0.01 

0.80 0.65 ± 0.02 0.64 ± 0.01  0.78 ± 0.01 0.62 ± 0.02 
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This behaviour contrasts with related materials BaPr1-xYbxO3-δ [207], which reported 

independency between the dopant concentration and activation energy for the total 

conductivity, despites the increase of conductivity with the dopant concentration. 

Current results of activation energy and conductivity suggest possible changes in the nature 

and/or the mobility of electronic species with composition, especially with respect the 

composition of high zirconium content x = 0.80. These variations may be related to the small 

average B-site ionic radius for this composition, which would be unfavourable for Pr
3+

 

formation, and the associated structural changes at this composition highlighted by Raman 

Spectroscopy in Section 7.2. 

7.4. CONCLUDING REMARKS 

The BaPr1-xZrxO3-δ solid solution has been synthesized by mechanical activation followed by 

high-temperature annealing. The system crystallizes with a slightly distorted perovskite 

structure with no phase transformations exhibited with composition throughout the series 

under the resolution of XRD. On the contrary, Raman spectroscopy reveals subtle differences 

between the compositions with a possible structural change at the Zr rich composition 

x = 0.80, highlighting the need for further investigation by a technique offering higher 

resolution such as Neutron Diffraction. 

The effect of substituting Zr for Pr is to substantially increase the electronic conductivity for 

samples with higher contents of Pr. However, the Zr-rich end member (x = 0.80) shows an 

apparent modification of the electrical behaviour, with low dependence on the oxygen partial 

pressure and water partial pressure. Such variation of electrical behaviour in this composition 

can, thus, potentially be linked with the suggestion of structural changes for this composition 

noted by Raman spectroscopy. Although the system presents moderate values of electronic 

conductivity, potentially useful properties can be maintained at intermediate temperatures, 

such as weak dependences of transport properties on changing from oxidizing to reducing 

conditions.
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8. FURTHER CONSIDERATIONS 

The work of this thesis highlighted that phase formation of BaZrO3–based materials by 

mechanosynthesis was highly dependent on precursor choice. Moreover, thermodynamic 

considerations were shown to provide vital information for this selection. Mechanosynthesised 

materials were proven to offer high levels of homogeneity, exceeding that obtainable by 

traditional solid state routes, while compositional accuracy and phase homogeneity were also 

shown to be vital criteria that had strong impacts on resultant conduction behaviour.  

The tailoring of the yttrium containing Ba(Zr,Pr,Y)O3-δ analogues was designed taking into 

account the Goldschmidt's tolerance factor. Based on this research, strong dependences of unit 

cell volume and lattice distortion were found with variations in the tolerance factor, as well as 

close correlations with stability. The development of novel Ba(Zr,Pr)O3-δ-based materials 

extended relations between composition, structure and properties. Of these two Pr-containing 

perovskite systems, only compositions BaZr1-xPrx03-δ with up to x=0.20 could be directly made 

by mechanosynthesis from BaO2 and the relevant oxide precursors, while all compositions 

from the Ba(Zr,Pr,Y)O3-δ and Ba(Zr,Pr)O3-δ  series could be formed by combination of 

mechanical activation and calcination. In this respect, one notes that the composition formable 

by mechanosynthesis, BaZr0.80Pr0.20O3-δ, possessed the highest tolerance factor of the tested 

Pr-containing compositions, reinforcing the importance of the perovskite tolerance factor with 

respect to phase formability. On the other hand, by simply following the Goldschmidt's 

tolerance factor guideline (t), greater stability was expected for the base Ba(Zr,Pr)O3-δ series 

as they offer higher tolerance factors in oxidising and reducing conditions in comparison to the 

Ba(Zr,Pr,Y)O3-δ system. Nonetheless, this expected stability improvement is not observed for 

this series in practice. 

These results may, therefore, infer that the Goldschmidt's tolerance factor guideline on its own 

is a necessary, but insufficient condition for the design of new materials. In this context, future 

work can be based on the adoption of several additional guidelines to assist the refinement of 

compositional design. 
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Beyond the tolerance factor, the octahedral factor has also been referred to as a relevant 

criterion for assessment of the formability and stability of perovskites. The octahedral factor is 

defined as the ionic ratio of B Or r , which Br  and Or  are the ionic radii of the B-site and the 

oxide-ions that form the octahedra of the perovskite structure ABO3, respectively. In general, 

the octahedral factor should be vary within the limited range 0.414 - 0.732 [226] in stable 

perovskites. 

Several works [227–230] have used both tolerance and octahedral factors to build a 

two-dimensional structure map to predict the formability of perovskite-oxides, based on 

empirical information of formability of perovskite structure provided in the literature. Besides 

similar strategies adopted in different literature works, slight variations in the suggested limits 

of the perovskite phase are noted between the different authors. Nonetheless, using the 

information of formability of collected data in the different works [227–230] and the tolerance 

and octahedral factors calculated from radii of A- and B-cation for twelve and 

six-coordination number, respectively, [97] the following structural map was built Fig. 8.1 to 

best express the limits of the perovskite phase. The criterion of perovskite formability can be 

expressed by the following equations: 

 

 

 t  ≤ 1.08 (8.1) 

   
 0.286 ≤ B

O

r

r

≤ 0.680 (8.2) 

 
   
 B

O

r

r

= - 1.556 t + 1.920 (8.3) 
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Fig. 8.1. Structure maps plotted by the tolerance and octahedral factors. Circles represent the 

perovskite structure and crosses the non-perovskite structure of A
2+

B
4+

O3-type compounds, according 

to the collected data in the literature [227–230]. 

 

For instance, ab initio prediction of the formability of complex perovskites BaPr1-xMxO3-δ 

(M  = Zr, Ti, Ce), for different x values (x = 0.20, 0.40, 0.60 and 0.80) by plotting the 

correspondent tolerance and octahedral factors on the structural map (Fig. 8.2), indicates 

formability of perovskite for all three systems. 
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Fig. 8.2. Structure maps plotted by the tolerance and octahedral factors with data of Ba(Pr,M)O3 

compositions, with x = 0, 0.20, 0.40, 0.60 and 0.80, zoom image on the right. 

 

In this context, preliminary results of phase formation by mechanochemical preparation and 

thermal stability of BaPr1-xMxO3-δ (M = Zr, Ti, Ce) were performed. 

The BaPr1-xTixO3-δ system presents comparable behaviour during the milling process relative 

to the system BaPr1-xZrxO3-δ, shown in the previous chapter (Fig.7.1 and Fig.7.2). Sequential 

XRD patterns during milling reveal a significant decrease in peak intensity of the precursors 

and the onset of perovskite phase formation with the additional appearance of a secondary 

phase of PrO2. Further milling leads to an increased intensity of the perovskite reflections, 

more relevant for the composition with lower Pr content (x = 0.80), with no relevant additional 

crystallographic changes after 600 minutes of milling (Fig. 8.3). Fig. 8.4 compares the XRD 

patterns  obtained after 600 minutes high energy milling for the BaPr1-xTixO3-δ system 

(0.20 ≤ x ≤ 0.80), showing that only the x = 0.80 composition can attain a single perovskite 

phase by the mechanical method. 
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Fig. 8.3. Evolution of powder X-ray diffraction patterns with milling time for composition 

BaPr0.20Ti0.80O3-δ. The markers identify: (�) barium peroxide; (×) TiO2; (⊗) Pr6O11; 

and (�) perovskite phase. 
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Fig. 8.4. X-ray diffraction pattern of the BaPr1-xTixO3-δ (0.20 ≤ x ≤ 0.80) after high energy milling. The 

markers identify: (+) PrO2; and (�) perovskite phase. 
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In contrast, high energy milling of BaPr1-xCexO3-δ system, leads an amorphisation of 

precursors, with formation of only small amount of crystalline perovskite phase, across all the 

tested range of Ce-content (Fig. 8.5). 
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Fig. 8.5. X-ray diffraction patterns of the BaPr1-xCexO3-δ (0.20 ≤ x ≤ 0.80) after high energy milling. 

The markers identify: (�) barium peroxide; (	) cerium oxide; (+) PrO2; and (�) perovskite phase. 

 

As stated, thermodynamic analysis can provide useful guidelines for predicting the success of 

mechanosynthesis at room temperature. In this respect, to estimate the likelihood for 

formability in the current systems, chemical-potential diagrams, Fig. 8.6, were calculated for 

the base systems TiO2-BaO-O2, ZrO2-BaO-O2 and CeO2-BaO-O2, according to the 

methodology described in the Appendix 1. 

The chemical potential diagrams provide information on phase stability fields and on the 

thermodynamic driving force for synthesis. The chemical potential ratio shown in Fig.8.6 (a), 

for the system ZrO2-BaO-O2, combines the gradients of chemical potentials of both oxide 

components according to the relation: 
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where the chemical potential difference can be related to the thermodynamic driving force for 

synthesis. Similar relations can the established for the systems TiO2-BaO-O2 and 

CeO2-BaO-O2. 

The chemical-potential diagrams of Fig. 8.6, predict the co-existence of perovskite phase with 

the precursor oxides, at high energy milling conditions. The magnitudes of the 

chemical-potential differences in the three systems, under such conditions, are shown to 

decrease in the order TiO2-BaO-O2 >> ZrO2-BaO-O2 > CeO2-BaO-O2. However, such 

decrease is noted to be only slight between the latter two systems. From a thermodynamic 

perspective one may, therefore, expect the formation of perovskite phase by high-energy 

milling for all systems, especially as Chapter 3 demonstrated that mechanosynthesis of 

BaZrO3 was viable. One cannot, therefore, confidently relate the different behaviour of phase 

formation upon high energy milling of barium zirconate, barium titanate and barium cerate 

related systems in the current case, to the only slightly lower thermodynamic driving force for 

formation of barium cerate. In contrast, discussion must be extended to include further 

considerations. 
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Fig. 8.6. Chemical potential diagrams describing conditions for synthesis of (a) barium zirconate; (b) 

barium titanate; and (c) barium cerate  from precursors oxides BaO2 and m-ZrO2, TiO2 (anatase) and 

CeO2, respectively, at 323 K and versus oxygen partial pressure. 
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Another important factor may be the amorphisation of precursors. Rietveld analysis of the 

XRD patterns, shows the weight fraction of amorphous phase estimated in BaPr0.20Ti0.80O3-δ to 

be high, 52 ± 2 % (w/w). TEM images of milled powders of BaPr0.20Ti0.80O3-δ reinforce this 

conclusion, revealing the presence of crystalline phases dispersed in an amorphous matrix. 

amorphous

 

Fig. 8.7. TEM images collected for powder samples of BaPr0.20Ti0.80O3-δ after high energy milling, 

revealing the presence of amorphous phase. 

 

These observations suggest that the achievement of a pure perovskite phase by XRD after high 

energy milling may not reflect the expected chemical composition, as a significant quantity of 

amorphous phase may be present in the mechanochemically prepared powders. Hence, a heat 

treatment was performed on the mechanically prepared powders to assess the phase formation. 

Similar to that reported for BaPr1-xZrxO3-δ, formation, the perovskite phase was obtained for 

BaPr1-xCexO3-δ for x = 0.20, 0.40, 0.60 and 0.80, after annealing the mechanochemical 

activated powders at 1250 ºC, in air (Fig. 8.8). 
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Fig. 8.8. X-ray diffractions patterns of BaPr1-xCexO3-δ,  x = 0.20, 0.40, 0.60 and 0.80, prepared by high 

energy milling with further annealing in air at 1250 ºC,, and after annealing in air at 1250 ºC. The 

marker (�) identify the main peaks of BaCeO3. 

 

On the contrary, the mechanically prepared powders of BaPr1-xTixO3-δ exhibit the formation of 

secondary phases for all range of compositions upon similar annealing (Fig. 8.9). The presence 

of secondary phases is more pronounced for compositions 0.40 ≤ x ≤ 0.80, while for x = 0.20 

only small traces of Ba2TiO4 are observed after annealing. 
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Fig. 8.9. X-ray diffraction patterns of high-milled powders corresponding to BaPr1-xTixO3-δ 

compositions (x = 0.20, 0.40, 0.60 and 0.80), after annealing in air, at 1250 ºC. The markers identify: 

(⊗) Pr6O11; (�) Ba2TiO4; (
) BaPrO3; and (�) BaTiO3. 

 

The X-ray diffraction patterns after annealing at different temperatures (Fig. 8.10) of milled 

BaPr0.20Ti0.80O3-δ reveal that further crystallisation of the perovskite phase on heating is 

accompanied by the formation of minor amounts of BaCO3 at the lowest temperatures and a 

mixture of BaCO3 and Ba2TiO4 at higher temperatures. These impurity phases may result from 

chemical reaction of amorphisised precursors with atmospheric CO2 or by partial 

decomposition of the perovskite phase. 
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Fig. 8.10. X-ray diffraction powder patterns of BaPr0.20Ti0.80O3-δ samples at room temperature and after 

annealing at 200, 600 and 1250 ºC, in air. The markers identify: (�) Ba2TiO4; (�) BaCO3; and (�) 

perovskite phase. 

 

These preliminary results, therefore, suggest that the prediction of formability of perovskite 

phase given by structural maps of BaPr1-xMxO3-δ (M = Zr, Ti, Ce), coupled with consideration 

of thermodynamic factors, are tools that fail to allow accurate prediction of phase formation in 

these systems. For the annealed samples, formability is observed for compositions 

0.20 ≤ x ≤ 0.80, in the systems with M = Zr and Ce, while for M = Ti the perovskite phase is 

not formed across the whole composition range. 

Besides the tolerance and octahedral factors and the thermodynamic predictions further factors 

can also be considered, such as, the size mismatch between cations that occupy the same 

lattice site. Note a possible reason for the different behaviour on phase formation in the 

different BaPr1-xMxO3-δ systems reported could be due to the different size mismatch of the 

B-cations. In this respect, the high similarity of ionic radii of VICe
3+ 

(1.01 Å) and VICe
4+

 

(0.87 Å) with VIPr
3+

 (0.99 Å) and VIPr
4+

 (0.85 Å), in contrast with the extremely large size 
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difference between VITi
4+

 and (0.605 Å) and the Pr cation may dominate the potential for 

phase formation, especially under high temperature annealing where the average oxidation 

state of praseodymium may be reduced. Such variation of ionic size between site sharing 

cations can offer a possible explanation why the fact compositions x = 0.20 and x = 0.40 for 

Ba(Pr,Ti)O3-δ and Ba(Pr,Zr)O3-δ, respectively, and  for x = 0.40 and x = 0.80 for the same 

systems, are nearly coincident in the structural map, but present widely different behaviour 

with respect to the formability of the perovskite phase.  

Table 8.1. Size mismatch, denoted as ( )M Pr Pr−r r r between the dopant Pr and M cations in 

BaPr1-xMxO3-δ sytems (M = Zr
4+

, Ce
4+

 and Ti
4+

). 

M cation ( )
4+

4+

M
Pr

Pr

%

-r r

r
 ( )

3+

3+

M
Pr

Pr

%

-r r

r
 

Zr
4+

 -15.3 -27.3 

Ce4+ 2.4 -12.1 

Ti4+ -28.8 -38.9 

 

Taking into account these preliminary results, the future work will focus on the combined 

adoption of these additional guidelines, with multiple variables, to successfully allow 

predictive design of novel perovskite-based materials. 
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APPENDIX 1: CHEMICAL-POTENTIAL DIAGRAMS 

Chemical-potential diagrams were plotted and used as thermodynamic guidelines for the 

ternary-systems ZrO2-BaO-O2, CeO2-BaO-O2 and TiO2-BaO-O2, to assess conditions required 

for reactivity. 

Taking as example the ZrO2-BaO-O2 system, one identifies the single oxides phases BaO, 

BaO2 and ZrO2 and the zirconate phases, BaZrO3 and Ba2ZrO4, interacting with a single 

reactive gas (O2), in the atmosphere. In this case, equilibrium diagrams ZrO2-BaO-O2 at a 

given temperature, may be represented by plots of ( )
2BaO ZrOlog a a vs ( )

2Olog P and include three 

types of reactions, corresponding to: 

a) Reactions that depend only of 
2OP , as the reaction: 

 

b) Reactions that depend exclusively on 
2BaO ZrOa a , such as the reaction: 

 

c) Reactions that depend on the activity BaO/ZrO2 ratio and 
2OP , such as: 

 

In the first case, reaction (1), the correspondent equilibrium constant, is given by: 

 

 

 ( ) ( ) ( )2 2BaO s O g 2BaO s+ �  (1) 

 ( ) ( )3 2 2 4BaO 3BaZrO s ZrO 2Ba ZrO s+ +�  (2) 

 ( ) ( ) ( )2 4 2 2 2Ba ZrO s BaO 1.5O g ZrO 3BaO s+ + +�  (3) 

 

2

1
1

O

1
exp

−∆ 
= =  

 

G
K

P RT
 

(4) 
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and thus, 

 

This type of two-phase equilibrium are represented in chemical potential diagrams by vertical 

lines. 

For the reaction (2), the equilibrium constant is expressed by: 

 

and, 

 

where such two phase equilibrium correspond to horizontal lines in the chemical-potential 

diagrams. 

Finally, the equilibrium constant of reaction (A.3) can be written as:  

 

and the relation between activity ratio and partial pressure of the reactant gas, is given by:  

 

In chemical-potential diagram such equilibrium are represented by inclined lines. 

 ( )
2

1
Olog

2.30

∆
=

G
P

RT
 

(5) 

 ZrO 2
2

BaO

exp
−∆ 

= =  
 

a G
K

a RT
 

(6) 

 

2

BaO 2

ZrO

log
2.30

  ∆
= 

 

a G

a RT
 

(7) 

 2

2

ZrO 3
3

BaO

1.5

O

exp
P

−∆ 
= =  

 ⋅

a G
K

RTa
 

(8) 

 ( )
2

2

BaO 3

ZrO

Olog 1.5 log
2.30

   ∆
= −   
  

a G
P

a RT
 

(9) 
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The stoichiometry of type 1 reactions is written per mole of gaseous reactant for ready 

drawing of the corresponding vertical line in the activity diagrams. For type 2 and type 3 

reactions the stoichiometry of individual oxides is unit and the stoichiometric coefficients of 

other reactants and products are derived by solving the elemental mass balances. Similar 

approaches were used to obtain the corresponding relations for other two-phase equilibria in 

the system ZrO2-BaO-O2 (Table A.1). A suitable database (FactSage, GTT Technologies) was 

used to extract thermodynamic properties required to calculate the Gibbs free energy changes 

for the reactions, and to obtain the dependence of chemical activity ration on partial pressure 

of oxygen. 

A similar strategy was adopted to build the potential-chemical diagrams of the systems 

TiO2-BaO-O2 and CeO2-BaO-O2 considering the two-phase equilibria of these systems. 
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Table A.1. Two-phase equilibria in the ZrO2-BaO-O2 system. 

Two-phase equilibria Reaction 

BaO(s)/BaO2(s) 

( ) ( ) ( )2 2BaO s O g 2BaO s+ �  

( )
2

1
Olog

2.30

∆
=

G
P

RT
 

BaZrO3(s)/Ba2ZrO4(s) 

( ) ( )3 2 2 4BaO 3BaZrO s ZrO 2Ba ZrO s+ +�  

2

BaO 2

ZrO

log
2.30

  ∆
= 

 

a G

a RT
 

Ba2ZrO4(s)/BaO2(s) 

( ) ( ) ( )2 4 2 2 2Ba ZrO s BaO 1.5O g ZrO 3BaO s+ + +�  

( )
2

2

BaO 3

ZrO

Olog 1.5 log P
2.30

  ∆
= − 

 

a G

a RT
 

ZrO2(s)/BaZrO3(s) 

( ) ( )2 3BaO ZrO s BaZrO s+ �  

2

BaO 4

ZrO

log
2.30

  ∆
= 

 

a G

a RT
, with 

2ZrOa = 1 

BaO(s)/Ba2ZrO4(s) 

 

( ) ( )2 2 42BaO ZrO s Ba ZrO s+ �  

2

BaO 5

ZrO

log
2.30

  ∆
= 

 

a G

a RT
, with BaOa = 1 

BaZrO3(s)/BaO2(s) 

( ) ( ) ( )3 2 2 2BaO BaZrO s O g ZrO 2BaO s+ + +�  

( )
2

2

BaO 6

ZrO

Olog log P
2.30

  ∆
= − 

 

a G

a RT
 

BaO(s)/BaZrO3(s) 

( ) ( )2 3BaO s ZrO BaZrO s+ �  

2

BaO 7

ZrO

log
2.30

  ∆
= 

 

a G

a RT
, with BaOa = 1 

ZrO2(s)/Ba2ZrO4(s) 

( ) ( )2 2 4BaO s 0.5ZrO 0.5Ba ZrO s+ �  

2

BaO 8

ZrO

log
2.30

  ∆
= 

 

a G

a RT
, with 

2ZrOa = 1 

ZrO2(s)/BaO2(s) 

( ) ( )2 2BaO 0.5O g BaO s+ �  

( )
2

2

BaO 9

ZrO

Olog 0.5 log
2.30

  ∆
= − 

 

a G
P

a RT
, with 

2ZrOa = 1 

 


