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Abstract

Semicrystalline polymers constitute well over half of all the polymers produced world-
wide. Their material properties depend sensitively on the thermal and flow history
experienced during processing which strongly influences the kinetics of phase change
and the morphology of the final crystalline microstructure. Therefore, it is of consid-
erable interest to understand the mechanisms of flow effects on the rate and geometry
of nucleation and crystal growth.

Microstructural development under the influence of flow is controlled by the in-
terplay between melt relaxation processes and crystallization processes: the thermo-
dynamic and kinetic aspects give rise to rich physics that are not well understood.
This thesis elucidates key fundamentals of this process. We develop novel instrumen-
tation that improves over prior approaches by examining the development of order
at all the length scales of interest (in-situ rheo-optics, synchrotron small angle X-ray
scattering (SAXS), and wide angle X-ray diffraction (WAXD), and ez-situ electron
and optical microscopy); and by reducing the sample requirement by about three
orders of magnitude, opening the way to study of model materials. We investigate a
polydisperse, commercial Ziegler-Natta isotactic polypropylene (iPP) using the short
term shearing protocol pioneered by the group of Janeschitz-Kriegl which imposes a
well defined thermal and flow history on the polymer.

Rheo-optical investigations reveal that imposition of brief intervals of shear (less
than a thousandth of the quiescent crystallization time) reduces the crystallization
time by two orders of magnitude at a crystallization temperature of 141°C. Above
a critical value of the shear stress, there is a transition to highly oriented growth
with increase in shearing duration. This transition is correlated with changes in
the transient behavior during flow and the semicrystalline morphology observed ez-
situ. During flow, we observe the generation of long-lived, highly oriented structures

(evident in the transient birefringence) under all conditions that induce subsequent
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growth of highly oriented crystallites. In turn, the development of oriented crystallites
observed in-situ after cessation of flow correlates with development of a “skin-core”
morphology observed ez-situ.

The transient structures that develop during flow are identified as oriented a-
phase crystals by WAXD, and show an unexpected temperature dependence for their
time of formation: with increase in temperature, they occur at shorter times after
startup of flow. This very unusual temperature dependence is strikingly similar to that
for rheological processes, and is in contrast to the exponential increase expected for
crystallization time-scales. Thus, the transition to anisotropic nucleation in polymers
subjected to flow follows a non-classical kinetic pathway controlled by the formation
of a transient, highly oriented metastable melt state.

In-situ synchrotron SAXS and WAXD reveal that for shearing conditions that lead
to anisotropic morphologies, crystals that are highly oriented in the flow direction de-
velop during shear, templating the formation of crystallites after flow cessation. In
the densely nucleated skin regions, ex-situ TEM shows lamellae growing radially from
oriented central “shish” structures until they impinge to form the “shish-kebab” or
row-nucleated structures. Under milder shear cénditions, the rate of crystallization
is gradual compared to strong shearing, and less oriented morphologies develop. In-
térestingly the ratio of parent to the crosshatched, epitaxial daughter lamellae for
the oriented crystallites increases with increase in shearing time, imposed wall shear
stress and temperature.

Our data suggests a mechanistic model for shear-enhanced crystallization: the
rheologically-controlled formation of a critical anisotropic distribution of chain seg-
ments in the melt upon imposition of flow nucleates oriented crystallites. For intense
shearing conditions, these line-nuclei are long and dense. Row nucleated structures de-
velop from these line nuclei as lamellae grow radially to form fully impinged structures.
For milder shearing conditions, lower nucleation densities lead to the development of

less oriented structures.
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Chapter 1 Introduction

1.1 Background

Chemically and structurally regular macromolecules that can arrange into a crys-
talline lattice are called semicrystalline polymers. Topological frustration imposed
by the covalent connectivity of these long-chain molecules prevents complete crystal-
lization, and a variety of morphologies can be formed depending on the conditions
of crystallization.™ Controlling the crystallization conditions allows us to control
the semicrystalline morphology and, consequently, the material properties in the fi-
nal product.* Due to the desirable qualities of semicrystalline polymers, such as
the high strength to weight ratio, the range over which their material properties
can be tuned and the ease with which they can be processed relative to metals and
ceramics, their worldwide consumption has seen a continued increase since their in-
troduction. Currently, semicrystalline polymers comprise about two-thirds by volume
of the vast 100 million ton a year polymer industry.>® Worldwide use of polyolefins
alone exceeded 125 billion pounds in 1997.% Due to their versatility, semicrystalline
polymers are ubiquitous®”: high volume commodity polymers such as polyethylenes
and isotactic polypropylene are used to make films (for packaging applications, bags,
pouches, and wrappings for produce, trash bags, agricultural applications in green-
houses, ground cover, canal linings, construction related applications such as moisture
barriers and utility covering materials), fibers (for textile, cables, carpeting applica-
tions, etc.) and molded objects (for rigid containers, hot-fill bottles, furniture, toys,
housewares, automotive parts, etc.); lower volume, engineering plastics such as nylons,
polyesters, polyoxymethylene, polyethersulfone, polyetheretherketone, etc., that are
able to withstand high operating temperatures and corrosive environments are being

used increasingly for applications in electronics, medical devices (e.g., hip implants)
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and underhood automotive parts (such as intake manifolds, gas tanks, centrifugal
fans).

Despite the wide range of applications, the number of monomeric motifs that com-
mercial semicrystalline polymers are typically made up of is rather small. However,
resins with widely different properties have been produced through the innovative
use of catalyst chemistry and polymerization conditions to link this limited set of
monomeric units in a variety of ways.®'* In recent times, advances in single-site
metallocene catalysis®*? and other novel chemistries!!"'? have opened up routes for
the synthesis of polymers with systematic control over molecular weight, molecular
weight distribution and chain architecture (chain topology, branching characteristics,
comonomer ratios and distribution, blockiness in elastomeric resins, etc.). Unfor-
tunately, limited current understanding of how these molecular variables influence
crystallization, especially under processing-like flow conditions, has severly hampered
the translation of this exquisite control over polymer synthesis into the development
of new product lines. None of the state-of-the-art models!*7 for flow induced crystal-
lization can accurately predict the crystallization kinetics and microstructure a priori,
given the flow field and the molecular characteristics of the resin. In fact, most of
the currently used models combine phenomenology with thermodynamics and rely on
empirical adjustable parameters to fit experimental data. To enable rational design of
processing conditions and resins to optimize material properties in the final product,
it is necessary to clearly understand how molecular characteristics influence the rela-
tion between processing, structure development and final properties. Therefore, the
goal of this thesis is to develop experimental tools to address the problem of structure
formation under flow and to explore the influence of the relaxation dynamics of the
crystallizing polymer melt on the kinetics and anisotropy of microstructural develop-
ment using “clean” experiments under well controlled and characterized conditions.
It is hoped that this work will open up investigations of the effect of molecular vari-
ables such as stercoregularity, molecular weight distribution and branching enabled

by the availability of new model metallocene polymers.
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We begin this chapter with a brief introduction to quiescent crystallization in
semicrystalline polymers and discuss morphological aspects and some of the factors
that influence crystallization kinetics. We then motivate our studies on the effect of
flow on polymer crystallization with some examples that lay out the scope of this

work. Finally, we outline the organization of the thesis.

1.1.1 Crystallization in Semicrystalline Polymers: Morpho-

logical Aspects

Crystallization is a first order liquid to solid phase transition involving a change in
density and symmetry.»? Thus, it takes place by a nucleation and growth mechanism.
In polymers, the long chain nature of the molecules makes crystallization a far from
equilibrium process. Due to the nonequilibrium nature, amorphous and crystal phases
coexist in apparent violation of the Gibbs phase rule. Thus, equilibrium treatments
cannot be used to predict crystallization rates or the structure of the polymer crystals,
and kinetic factors are important.

Kinetic constraints on crystallization play an important role in determining the

3

crystal morphology.!®® Crystallites grow by reorganizing random-coil chains into

platelet-like crystalline lamellae (typically ~ O(10 nm) thick) bounded by the inter-

1920 and separated by regions of noncrystalline material (Figure 1.1).

lamellar region
Since the chains in the lamellae are frequently aligned at large angles to the basal
plane and since the dimensions of the lamellae are far smaller than the length of
the polymer molecule, it was concluded that the lamellae consisted of chain-folded
molecules.?! This discovery forms the basis for most of the current understanding
of polymer crystal morphology. Lamellar crystals are observed in growth from both
solutions as well as melts. During crystallization from a quiescent melt, crystalliza-
tion commonly proceeds by the nucleation of a fiber like structure which evolves into
a sheaf like entity composed of a few splayed or non-crystallographically branched

lamellae. These sheaves continue to splay and branch as they grow and form a spher-

ical envelope called a spherulite (Figure 1.2). The non-crystallographic branching of
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lamellar stacks was explained by Keith and Padden®*2* by considering the segrega-
tion of non crystallizable “impurities” (comonomers, stereoirregular units, branches,
etc.) to the crystal-melt interface. This causes the growing planar interface to be-
come unstable to the formation of fibrils, and leads to branching. Recently, it has

%5727 that this model is unable to explain spherulite formation in some

been shown
cases and alternate mechanisms are being investigated. Once spherulitic structures
are formed, they continue to grow (primary crystallization) until they impinge. There
is a further increase in the crystallinity (secondary crystallization) after spherulitic
impingement due to the crystallization of thinner, more imperfect crystal stacks in
confined regions of uncrystallized melt.1%2°

It is interesting to note the range of length scales spanned by the hierarchy of
ordered structures formed when polymers crystallize.'®® Polymer chains in a crys-
tal adopt their lowest free energy stable conformations, and are typically either in
the form of linear zig-zags (e.g., polyethylene) or helices (e.g., isotactic polypropy-
lene). These extended forms pack together with periodicities on the order of a few
angstroms, and chain fold into the lath like lamellae (~ 10 nm). Sheaf-like stacks
formed by these crystalline lamellae are around 50-100 nm thick while spherulites can
range in size from submicron to millimeters. Structural order ranging from angstroms
to millimeters leads to a rich variety in morphology: characterization of crystalline

structure in polymers is therefore challenging and necessitates several techniques to

span the range of length scales.

1.1.2 Crystallization in Semicrystalline Polymers: Kinetic

Models

To explain the formation of these non-equilibrium morphological features, kinetic the-
ories have been formulated that capture various aspects of crystallization kinetics. At
a gross level, kinetics of isothermal phase transformation are often modeled using the

geometric Avrami model.?®*?? According to this model, crystals nucleate at random



5

throughout the volume of the melt and grow in 1, 2 or 3 dimensions. The crystal

volume fraction, z(t) at a time t, is given by:

2(t) = /Otv(t,'r)fz('r)[l — a(r))dr (1.1)

where v(¢,7) is the volume of a crystal at time ¢ that was nucleated at time 7 and
n(t) is the nucleation rate at time ¢. For three-dimensional crystal growth, v(¢,7) can

be written as:

v(t,7) = fg2gy9:(t — 7)° (1.2)

where f is a factor that depends on the growth geometry and g,, g, and g, are growth
rates in different directions. Since polymers cannot crystallize completely, the Avrami

analysis is modified to givel:

(1.3)

where z(o0) is the crystalline volume fraction after long crystallization times, k is a
constant that depends on the nucleation and growth rates while n is the “Avrami”

exponent which takes values from 1 to 4 depending on the nature of crystallization

(See Table 1.1).

Growth Homogeneous nucleation Heterogeneous nucleation
geometry Linear growth | Diffusion controlled Linear growth
growth
1 dimensional 2 1.5 1<n<2
2 dimensional , 3 2 2<n<3
3 dimensional 4 2.5 3<n<4

Table 1.1: Avrami exponents for different crystallization conditions. The advance
of the growth front scales linearly with time (~ ¢) for linear growth and ~ t!/2 for
diffusion controlled growth.

While the Avrami analysis does not predict an induction time for crystallization,

the “apparent” induction time (when the level of crystallinity is below the limits of
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experimental detection) increases as n is increased from 1 to 4. However, apart from
this change in the apparent induction time, the shape of the crystallization data is
similar for different n, especially during the early stages of phase transformation.
This makes it difficult to analyze crystallization kinetics using the Avrami model.
Further, the Avrami model is simply a phenomenological geometric model and does
not provide a molecular picture of crystallization. Thus, the Avrami model cannot
explain experimental observations such as changes in the slope of the crystal growth
rates with temperature or the dependence of the melting point, T,,, for polymer
crystals on the crystallization temperature, To. st (T, increases with Tepys ).

The surface nucleation theory of Lauritzen and Hoffmann3%3!

provides a molecular
understanding of crystallization and is able to account for and predict several experi-
mental observations. According to the theory, lamellar growth takes place through a
process of secondary nucleation: polymer chains from the melt deposit onto the grow-
ing face of the lamella and form secondary nuclei (Figure 1.3). Accretion of polymer
strands into the crystal leads to a change in the free energy of the system due to
contributions from the free energy of fusion and the surface energy penalty incurred
due to the formation of new crystal-melt interfaces. Therefore, as strands are added
on, the free energy of formation of the surface nucleus goes through a maximum and
then decreases monotonically. This model is similar to classical nucleation theory>?

and thus, the growth speed of the lamella, g, at a temperature T is given by an

analogous expression:

-U -K,
g - goezL‘p[ k'BT]exp[TATf] (14)

where g, is a constant, %]—Ti is a term associated with the transport of polymer chains
to the crystal surface, K, is a temperature independent term, AT is the subcooling
and f accounts for variations in the heat of fusion with temperature. Thus, g vanishes
as the temperature approaches the glass transition temperature (due to the transport
term) and as AT approaches zero (due to the driving force term) in accord with

experimental observations (Figure 1.4). The Lauritzen-Hoffmann theory explains
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changes in crystal growth speeds with temperature by postulating different nucleation

303133 in regime I (low subcoolings), the rate of deposition of secondary

mechanisms
nuclei on the crystal surface is much smaller than the rate of lateral spreading and
thus, lateral crystal growth along the entire substrate is completed after the deposition
of just one nucleus; at higher subcoolings (regime II), nuclei are deposited more
rapidly than they can spread laterally, and thus numerous nuclei are formed on a
substrate; at even higher subcoolings (regime III), nuclei are deposited such that
the average separation between adjacent nuclei is on the order of the width of a
nucleus. The change in growth rates at transitions between these regimes have been
experimentally verified for several systems, to accord well with the theory. This is

one of the major successes of this model. The change in growth rate comes about due

to a change in the constant i, in Equation 1.4:

4bO.O—eT‘JWO

K,(I) = 2K,(11) = K,(111) = T (o]

(1.5)

where b is the thickness of the deposited nucleus, o and o, are surface energies of the
basal and lateral planes respectively (see Figure 1.3), Ahy is the enthalpy of fusion
and Ty, is the equilibrium melting point with respect to which the subcoolings are
calculated. Regime transitions in the Lauritzen-Hoffman theory are highly dependent
on the value of the equilibrium melting point, Tz, defined as the melting point for
an infinite stack of extended chain crystals where polymer chain ends have been
paired as in the case of crystallization in small molecules. Since such equilibrium
crystals are never formed, Ty, has to be estimated by extrapolation. The surface
nucleation theory also provides an estimate for Tjy,, based on the assumption that
the difference between the crystallization and melting temperatures is due to the
thickening of lamellae at the crystallization temperature:
1

T = Torys Tl ——— L.
i AT[L = ] (1.6

where ¢ depends weakly on the subcooling. This forms the basis for the Hoffman-

Weeks method whereby a plot of the melting temperature against the crystallization
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temperature (determined by differential scanning calorimetry experiments) can be
conveniently used to determine the equilibrium melting point. This method provides
an underestimate for Ty, since Hoflman-Weeks plots are experimentally observed to

be nonlinear at low subcoolings (Figure 1.5).

1.1.3 Flow Effects on Polymer Crystallization

While quiescent crystallization has been explored reasonably well and detailed models
have been developed for it, the strong influence of imposed flow fields on the kinetics
and morphology of polymer crystallization is poorly and incompletely understood.
Polymer melts and solutions show viscoelastic behavior upon imposition of stresses
or flow fields. Since stresses in high polymers relax over macroscopic time scales, at
the temperatures at which they are typically processed, readily accessible deformation
fields lead to an easily measurable distortion of the polymer chain from its random
coil, isotropic equilibrium configuration. Semicrystalline polymers crystallize from
these distorted chain configurations under typical processing like conditions. Pref-
erential orientation of chain segments in the flow direction leads to “flow-enhanced”
crystallization; the crystallization kinetics and semicrystalline morphology into which
the polymer crystallizes are different from quiescent crystallization. The effect of flow
on the crystallization process strongly depends on the extent to which the equilibrium
chain configuration can be perturbed, and thus on the processes and time scales of
stress relaxation in the polymer. Relaxation processes in polymers are highly depen-
dent on the architecture of the macromolecule. For example, changing the topology
of the molecule from linear to long-chain- or star-branched changes the scaling of the
relaxation time with molecular weight from a power law to an exponential®*3® (Fig-
ure 1.6). Consequently, chain architecture has implications for crystallization rates,
total crystallinity and morphology under flow conditions and adds richer detail to the
crystallization phenomenon. While this provides us with a handle with which to tune
the microstructure and material properties, it also complicates crystallization studies

and modelling.
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Intensive research has gone into trying to understand flow enhanced crystallization
over the last few decades. The contribution made by this work can be appreciated
in the context of the background provided by a brief literature review (in the fol-
lowing chapters, the literature is re-examined and aspects germane to the topic of
the chapter are highlighted and discussed is greater detail). The literature is replete
with studies of samples extruded into standard “dog-bone” type test geometries, fiber
spinning and film blowing experiments, etc., which have built up an enormous bank
of knowledge regarding the effect of specific, commercially important types of flows
on microstructure development (see, for example, the review by Peterlin®® on draw-
ing of semicrystalline polymer fibers). However, the complicated flow and thermal
histories in these experiments makes it difficult to elicit details of the fundamental
processes that govern flow enhanced crystallization, and thus, developing models of
crystallization based on such experiments is not possible.

A vast literature that examines flow enhanced crystallization under better de-
fined conditions also exists; researchers have used a variety of rheometers, extruders
and custom-built equipment to impose well defined thermal and flow histories and
monitored the development of crystallinity by tracking optical signals, rheological sig-
natures, dilatometric data, etc. A brief, non-exhaustive summary of the most widely
cited references that fall under this category is presented in Table 1.2. Flow gener-
ally enhances crystallization kinetics and severe flow conditions lead to anisotropic
morphologies. However, it is difficult to derive any deep insights into the mechanisms
of flow enhanced crystallization beyond these simple qualitative conclusions, since
most of the experimental results convolute the effects of flow and thermal history on
nucleation and growth. The use of different experimental protocols (continuous flow
vs. brief intervals of shear, isothermal vs. nonisothermal, etc.) makes it difficult
to compare the studies. Thus, when the findings of different studies disagree, it is
not easy to identify the source of the discrepancy. Further, most of the studies do
not provide detailed characterization of the molecular characteristics of the polymers
studied (such as molecular mass polydispersity, copolymer content, branch content,

tacticity, etc.). Also, the effects of flow on polymer crystallization being highly non-
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linear, it is uncertain how some of the results of experiments done at low shear rates
or shear stress or total strain will generalize to processing-like conditions. Thus, there
is a need for definitive experiments with well characterized samples, under “clean”
experimental conditions that eliminate thermal transients and gradients and impose
a well defined and controlled flow history accessing stress levels comparable to those
encountered in processing flows.

In this thesis, we describe the development of novel, powerful experimental tools
that deconvolute the effect of flow from that of thermal transients or gradients, while
allowing us to monitor transient structure development at a variety of length and time
scales of interest. Experiments can be done with relatively small sample quantities
(~ 500 mg/experiment), thus opening up studies of experimental resins or model
materials that can now be synthesized due to advances in chemistry, but are available
only in gram level quantities. We describe the results of our studies with a commercial
polydisperse isotactic polypropylene resin: in-situ turbidity and birefringence with
visible light and synchrotron X-ray scattering are described and analyzed along with
structural information gleaned from ez-situ microscopy. Our investigations establish
conditions that lead to the development of oriented morphologies, and shed light on
the pathways that lead to their formation. This work suggests that the melt relaxation
spectrum of the polymer melt might play an important role in anisotropic structure
development in flow enhanced crystallization, and opens up avenues to experiments
with model materials to resolve the issue.

In the next section, we discuss the objectives of our studies by examining the tech-

nological implications of an improved understanding of flow enhanced crystallization.

1.2 Objectives

Flow enhanced crystallization is governed by the interplay of the rheological and crys-
tallization time scales that dictate phase-transformation kinetics and morphological
development.* The physics of formation of macromolecular ordered structures, under

the influence of flow, depends on molecular relaxation processes that determine chain



11

“Aearpoadser A1jowiofeip pue Surro)jjess JySI| o[sue [[eUIs
‘Adoosordrir uoxyoafe pue [edr1do VOULFULIRIL( ‘A)ISOOSIA ‘UIRIIS ‘SS0I)s IROYS 10 puels Ti(] PUR §TVS ‘WAL ‘TNO Uy ‘blo
‘A[oaryoadsar sjuowiizodxo [3mol18 I0qy uorynios pue [[iul [[o1 § ‘mo[md 1oqy ‘UoljezI[[e}sLId PIONpUI UTRI}S PUR PAONPUI MO
10 pueys HI-s pue WH-F ‘dd ‘DIS ‘DI ‘ereld forered Arejor pue Suiprs o1e djj1 pue d||s “Aparjoodser roqqni [eInjeu pue
(suoyoejordes-3)Ajod ‘rewikjodod susjddoid-ousiTje ‘epixosusidesjod ‘wuojddordLjod orgoejost ‘(suoqng-1)Aod ‘ousjArjediod
1oy pueys Y ‘D3J ‘d-00- ‘Odd ‘dd! ‘dd ‘Ad uoryezi[ejsAIo pooueyue moff Jo seipnjs [ejuemiliodxe jo Arewrumg 7' 9qe],

LUIYS,, pojusLIo 10] £109Y} [BII30[0UWIOUdY ]
sjuese ‘ONU YIIM S109]je OIISISIAUAG T9-gcar T8 19
11,24 £q pafjoryuod 151 uy IOpTIGXS] ddt [8e1y[-zy1yosaue
A oseoIdul 0] 9A1199]0 9I0W ‘L JUBISUOD Iy
srowAjod AN YSTY U0 AJUO MO} JO J9314] SNNPON dn ddt 1 IOlOTN ‘sTomnoyseap
jutod Suijewl [eulwIou sroqe jsisiad 1RONN
A109Y) uoljesonu uey) sousapuadep J, I9qeIM
A Teony) trosimdsid uorjezi[e)sdio snoydiowy | Aupiqang, ‘uy | 039 O.I-s ‘WH-F | dd! ‘Add 9e-gq € 39 USNY O
1U82s9Inb SN[ WSTURYISW ‘YIMOIS “*ONU paoweus] uy ‘INO BEREIE d-00-1 7o T8 9 jnoquy,
AJ[RTIIUT MO} T IB[ONN (POOURYUD [IMOIS 29 "ONN WO d|s 1d 1OSSRUOIN
[I3US] UL pojiwl] BRIU IR[[LIqL] NH.L OIS dd ‘¥ 0s'er 1PA
91el Y1Mm0I3 j0U ‘pasealoul A3ISUep "OnN WO dl|s ad gpZITMONJOA
D1 103 yuerrodwt “13s1p AN JO 199751 anbiog, ‘uy djja 1d 111D ‘UesIapuy
A mo] e LU0 $2139UTY "}1SAID
9OURUS S3USSR "ONU (SIS[[Y 118Ul JO 29[S ON
A ‘ayel Te0ySs Teonuo juspuadap- AN Lo dl|s ddt ‘dd gpl[PMXeIA ‘osseder]
UOI}RIUSLIO UTRYD O} oNp JUaWodURYUS]
PB[I0IIU0D UOIIBDINU ST D] Tqa 2139N00) 34 ‘OHd o [B 19 pOOMISYS
18412 10} spoyiaw [edi3do aalejIjuRnl) 9TV ‘uy OIS ad priep 1B 99 UG
£ysuep (onu) uorpesNU IAYSIY MO T N0 djja 0Ad e LR CRI i)
*38A10 pider pue swl) WONONPUT IDMO] 1MO] ] Lo dl|s ad 05S080L) “e3oI9M
uo1yeduoe Jo Juapuadapul 83ed "ISAI)) LV sseoxH IS 8t 6PN ‘TRYIIN
15410 pider ‘Adorjosiue :UOI}RIUSLIO JR[NOS[OTN o'l 9119Nn00) ad geemesedeN ‘1ysedeqoy]
£ [RIIILID 9AOQR POIRID[ADIR UOIJRZI[[R)SAL)) Lo d||s qad ‘“1d Lc[[PAXEBIN ‘seef]
SUOISN[OUO)) | JUDIUBANSBITA] | 9ITADP MO[] wosAg dnoa3 yoaeasoy




12

deforma{:ion by the iﬁipoéed flow, and on the crystallization route from this distorted
initial state. Thus, to obtain a complete picture of the crystallization process, it is
necessary to be able to monitor deformation and structural evolution right from the
initial stages and over all the length scales of ordering. Therefore, a combination of
in-situ and ez-situ techniques that characterize the details of morphological struc-
ture needs to be employed. Ultimately, the understanding that would result from
such studies might enable rational process design and materials selection to tunably
engineer products with exceptional properties, close to their theoretical limit.

Examples of semicrystalline materials with highly optimized material properties
resulting from superbly “bio-engineered” processing strategies and materials abound
in nature. Biomaterials such as spider silk have been perfected through evolution to
have a highly desirable combination of tensile strength and toughness that cannot be
matched even by sophisticated modern high performance fibers such as Kevlar.5%:%3
‘Studies®® of the supramolecular semicrystalline structure of the alanine sequences
that make up spider silk reveal that the exceptional material properties result from
a bimodal population of crystals, one with a very high degree of orientation leading
to a high modulus along the fiber direction and another that shows very weak orien-
tation that reinforces the fiber and gives it significant compressive strength. Recent
studies® 67 of the glands that secrete, store and spin silk in spiders as well as of the
process of spinning suggest that the semicrystalline microstructure in spider silk is
controlled by the spider’s manipulation of elongational flow rates as a pre-oriented,
low viscosity liquid crystalline feedstock is spun through a duct with a hyperbolic ge-
ométry to orient the molecules while being treated to a low pH environment to assist
the folding of the silk proteins. This level of exceptional control over morphology,
however, femains beyond the reach of engineers currently and considerable progress
needs to be madé before we can understand or mimic such materials.

Less esoteric but commercially important applications such as improving the trans-
parency of semicrystalline polymer films® " (important for packaging applications)
or reducing the wall fhickhess in molded parts®™* (driven by environmental concerns

about the increased usage of non-biodegradable plastics and to decrease cycle times)
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using novvel resins has led to a resurgence of interest in understanding the fundamen-
tals‘of flow enhanced crystallization. An improved ability to manipulate crystallinities
at the end of processing as well as microstructure might also make it possible to use
biodegradable therrﬁoplastic polymers such as polylactides and polyhydroxybutyrates
which are currently limited”™ by their poor processability, narrow processing win-
dow and low levels of crystallinity.

This thesis is aimed at developing a deeper understanding of the fundamental pro-
cesses that control crystallization of polymers subject to the imposition of flow fields.
Well controlled and characterized experimental conditions are used in conjunction
with a wide range of in-situ and ez-situ characterization techniques to monitor the
development of structure from the earliest stages of crystallization, and to explore the
influence of thermodynamic factors' and kinetic pathways on nucleation and crystal

growth.

1.3 Thesis Organization

The thesis starts with an introduction to the experimental methods and techniques
that we have adopted to examine shear enhanced polymer crystallization. In the
next chapter, we describe an instrument that we have developed for rheo-optical and
| rheo-(X-ray scattering) 'investigations. Our approach is contrasted with others in the
literature, and the advantages of our novel device are explained.

In Chapters 3-6, we present the results of our investigations on a polydisperse
industrial isotactic polypropylene. In Chapter 3, we describe in-situ rheo-optical
observations and ez-situ optical microscopy that map out the effect of different shear
treatments on crystallization kinetics and morphology. In Chapter 4, we describe how
“extreme” shear conditions provide a kinetic pathway for nucleation of anisotropic
c1‘ystailites. The structure of these crystallites are explored in detail using X-ray
scattering and electron miéroscopy in Chapter 5. In the last chapter, X-ray scattering

data is analyzed thdroughly, in light of the in-situ optical and ez-situ microscopy

-evidence. -
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Figure 1.1: Electron micrograph of sheaf like lamellar stack structures in isotactic

polypropylene crystallized isothermally at 141°C under near-quiescent conditions.
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Figure 1.2: (a) Spherulitic growth often proceeds from a stack of lamellae, progressing
to form sheaves that splay and finally form a spherical structure. In the last stage
of development indicated. in the figure, the sheaves enclose the “eyes” or “Popoff
‘leaves”; (b) Polarizing optical micrograph of a spherulite of poly(1-butene) crystal-
lized isothermally at 90°C. The familiar Maltese cross extinction pattern is observed.
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Figure 1.3: Schematic of lamellar growth via the secondary nucleation mechanism
postulated by Hoffman and coworkers (see text for details). Polymer chains in the
melt are “reeled” in as they accrete on the growing lamella. The thickness of the
lamella, [, is determined by the secondary nucleation process; b is the width of the
secondary nucleus.
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Figure 1.4: Temperature dependence of the crystallization kinetics of an isotactic
polypropylene used for most of the experiments in this thesis (PP-300/6) determined
by differential scanning calorimetry (DSC). The polymer was held at 210°C for 2
minutes and then cooled to the crystallization temperature, Tcys:, where it was held
isothermal and allowed to crystallize. The crystallization peak time is determined
‘based on the heat of crystallization evolved as the polymer undergoes a phase change.
Temperatures lower than 110°C could not be attained since PP-300/6 would begin
crystallizing during the cooldown to Tpyst.
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Figure 1.5: Melting points, Tps of PP-300/6, crystallized isothermally at different
crystallization temperatures for a long time (~ 5 times the crystallization peak time,
t, at that Te.s) were determined by DSC with a heating rate of 5°C/min. The
melting points were then extrapolated to estimate the equilibrium melting point,
Twuo, using the Hoffman-Weeks method. As anticipated (see text), the Tas, thus

determined (189.2°C) is considerably lower than literature estimates (208°C) from
other techniques.
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Figure 1.6: The longest stress relaxation time of polymers, 7, is strongly dependent
on the architecture of the molecule. Experimental evidence explained by reptation
theories®® show that the terminal relaxation time of a linear polymer has a power
law dependence on the molecular weight. For a star polymer, this changes to an
exponential dependence on the arm-length of the molecule.
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Chapter 2 I’nstr‘um’ent Design and
EXperimental Methods

2.1 Motivation

The macroscopic properties of a semicrystalline material depend on its microstructure:
the fraction of crystalline material (the degree of crystallinity) and the morphology'
(the spatial arrangement, size and orientation distribution of the crystallites). The
microstructure of a semicrystalline polymer depends strongly on processing history.?
Imposing flow fields on a crystallizing polymer melt can accelerate the rate of crys-
‘tallization and result in the formation of oriented crystallites.® Commercial polymer
processing operations (such as extrusion, injection molding, film blowing or fiber spin-
ning) subject a polymer melt to intense flow fields (shear, elongational or mixed) and
crystallization occurs from the distorted melt.>* The effect of processing on semicrys-
talline structure is of interest because it has a profound effect on material properties,
such as mechanical strength and gas permeability.>® For example, the development
of highly anisotropic crystallites during spinning gives certain polymeric aramide and
polyethylene fibers a Young’s modulus between 80 and 130 GPa in the direction of
orientation (compared to 1 to 3 GPa for typical semicrystalline polymers or 200 GPa
for steel).? Thus, there is a strong motivation to observe structure development in
real time during processing.

In spite of intensive research over the past three decades, the fundamental basis
of the effects of 'processing on structure development remains elusive. Processing al-
ters the rate, form and anisotropy of crystallization. These effects are believed to
arise through the interplay of ﬂow and thermal history, melt relaxation dynamics and
nucleation and growth kinetics. Three requirements for tackling such a complex prob-

‘lem are evident: the need to create a precisely controlled flow and thermal history,
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the neejdv to monitor ‘s.t_ructure development in real time, and the need to perform
expérimehts- on materials with well-defined molecular structure. The first challenge
is to generate a Well—deﬁﬁed flow history and deformations that mimic processing
conditions and éharacterize the effects of flow while excluding those of temperature
transients and gradients. This requirement has been addressed by Janeschitz-Kriegl
and coworkers.?'2 The second requirement is that of monitoring structure develop-
ment on scales that range from the segmental orientation distribution in the liquid
state, to the nanostructure of the crystalline lamellae and noncrystalline interlamel-
lar material. To probe the effects of local molecular structure (e.g., stereoregularity
or comonomer content) and macromolecular architecture (e.g., overall chain length,
polydispersity or long-chain branching), well-defined materials with systematic con-
trol of these parameters should be studied. Such model polymers can be synthesized,
but they are not available on a large-scale. Therefore, instruments that can operate
with modest amounts of sample (a few grams) are required.

We have designed and constructed an instrument for observing the kinetics and
morphoiogy of crystallization in real time that meets all these criteria. In particular,
it enables the application of well defined inter{/als of shearing with shear stresses
up to those typical of industrial processes with continuous monitoring of structural

development during and after flow.

2.2 Background

Given the obvious commercial relevance, various aspects of flow enhanced crystalliza-
tion have been studied by researchers. These experiments can be broadly categorized
into threeit‘ypes: (i) investigations that probe the effect of a complicated flow pattern
particular to a specific processing geometry on the development of semicrystalline
sti*uctﬁre; (i1) investigations that use modified theometers to generate better defined
thermal and. flow histbries. but which are typically unable to access processing-like
~ conditions; (iii) studies that examine the effects of well controlled flow and thermal

history that can access shear stresses comparable to processing conditions.12
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Ez-situ 'ahd in-situ investigation”®13726 of the effect of flows in “practical” ge-
ometries (extrusion, spinning) on structure development during crystallization has
yielded considerable information on the effects of a particular type of processing flow
on the resulting crystallization and material properties of the resin studied. While
these experiments provide a direct link between practical processing parameters and
structure development, the use of industrial processing equipment necessitates large
quantities of sample and limits the range of conditions that can be applied and how
well they can be controlled.
Well defined flow histories can be applied by shearing the polymer using mod-
ified rheometers in sliding plate, torsional parallel disk, cone and plate or Couette

geometries. 2”37

Use of rheometers enabled experiments with small sample quantities
under controlled isothermal conditions, but in most cases, the high levels of shear
strain and strain rate typical of processing conditions could not be accessed. Further,
'in all such experiments (except the recent studies of Vleeshouwers and Meijer®”) the
subcooled polymer melt was subjected to continuous shear for the entire duration of
the expériment. Thus, flow deformation is experienced by the melt as well as the
crystalline entities formed during the experiment. This causes a continuous change
in the orientation distribution of the crystallites as they are formed and obscures the
relation between the distortion of the melt and the final semicrystalline structure.
Elegant experimenté by Janeschitz-Kriegl et al.®? clearly isolated the effects of
flow from thermal effects and separated the effects of shear on anisotropic growth
from the effects of shear on already crystallized material. Polymer held in a reservoir
was injected into a slit die. The die, which was thermally isolated from the extruder,
was held at a high temperéture to erase the memory of the filling process and then
cooled to the desired crystallization temperature (Figure 1). Then the relaxed sub-
cooled melt was"subjected to intense shearing at wall shear stresses similar to those
in polymer processing operations for a “brief” shearing time (short enough that no
detectable crystallization occurrgd). This experimental protocol generates well de-
fined initial conditions for the polymer melt and a controlled and simple deformation

profile. The polymer was allowed to crystallize subsequently and the turbidity and
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birefringence were tra-c‘ked to monitor the progress of crystallization. The crystalliza-
tion‘temperatures were selected such that the shearing time was always much shorter
than- the crystallization time, thus minimizing the deformation of already formed
crystallites. Since the high pressufes used to drive the ﬂovvvr were generated by an ex-
trudér, large amounts of sample were required for operation of the instrument. This
requirement severely limited the range of polymers that could be studied. Further,
the rotating polarizer set-up used for monitoring the birefringence limited the time
resolution of their measurements making it difficult to monitor the deformation of
the melt during short shearing times.

We havé designed a shear device that retains the advantages of Janeschitz-Kriegl’s
apparatus while adding the capability to work with small amounts of sample. Further,
a wide range of experimental probes has been incorporated that allow us to monitor
chain conformation in the polymer melt during shear, along with the development of
the crystallite nanostructure and the semicrystalline microstructure during crystal-
lization. Our device is designed to accommodate a wide variety of real-time, in-situ
probes df structure (optical and X-ray) and to facilitate subsequent ez-situ charac-
terization by optical and electron microscopies. Like the preceding instrument, our
device generates a brief interval of shear by driving the polymer from a reservoir into
a narrow slit. Data can be acquired with 5 ms time resolution during the pressure
pulse to quantify the conformational distortion of polymers in the melt and relate it
to the nature of the subsequent crystallization (viz. the enhanced kinetics and devel-
opment of anisotropic crystalline structures). Each experiment requires only about
500 mg of polymer. Recent advances in metallocene catalysis have made it possible
to syntheéize polyolefins with precisely defined molecular architectures and well con-
trolled diétribution of molecular weights.®® The modest sample requirement of our
ihstrument enabies studies of these well defined, model polymers and experimental
resins that are available only in small quantities.

In the next Section, we present a complete description of the design and operation

of our instrument. We discuss the capabilities of the instrument and demonstrate our
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ability to impose pb'recisely controlled wall shear stresses on the subcooled sample. We

then preéent illustrative results on different isotactic polypropylene resins.

2.3 Instrument design

The design considerations behind our flow cell are driven by the experimental protocol
established by Janescitz-Kriegl and coworkers.® The desired mode of operation is
to fill the flow channel at low injection pressures and high temperatures (> T,
hold at this temperature to erase melt memory effects, cool quickly to the desired
crystallization temperature, apply a controlled wall shear stress and monitor structure
development during and after flow. An instrument that can perform this protocol is
capable of doing a .Vari'ety of other experiments, e.g., injecting a hot melt into a
cold mold or applying continuous stress during crystallization. In addition, such
‘an instrument could be used to observe transient flow-induced structure in other
microstructured polymers, e.g., polymer blend‘s, liquid crystalline polymers or block

copolyniers.

2.3.1 Flow Cell

To study the effects of shearing time and stress on the subsequent crystallization
- behavior requires sharp deformation pulses (desired rise and fall times are less than
~ 50 ms), with ‘control over the pulse duration (typically from 250 ms to 8 s) and
magnitude (wall shear stresses up to ~ 0.1 MPa). These considerations necessitate a
device based on pressure driven flow through a channel (we were unable to design an
instrument that‘provides uniform shear with the required specifications on rise and fall
times). The flow channel is machined into an independent component called the “flow
cartridge” (C iﬁ Figures 2 a,b) to facilitate removal of samples for ez-situ analysis
dnd also to provide flexibility in changing to a different flow geometry. Here we use
a two-dimensional channel flow geometry because of its simplicity: a rectangular slit
with an aspect ratio greater than 10 (width = 6.35 mm, depth = 0.5 mm) is cut into
*a stainless steel block. The length of the flow cartridge is ~ 63.5 mm which limits the
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maximum shear strain to 120. Other flow geometries can be easily accommodated by

making an appropriate flow cartridge.

2.3.2 Mechanical Assembly

The flow cartridge fits snugly in a large block which serves as a thermal reservoir
(called the heater block, H, in Figures 2 a,b). The flow cartridge is held in place during
experiments by a stainless steel restraining plate bolted onto the heater block. The
restraining plate and the flow cartridge can be removed after experiments, enabling
easy sample retrieval for ex-situ microtoming and microscopy. The heater block is
bolted onto an aluminum block in which a hole (25.4 mm diameter) serves as a melt
reservoir (R). The volume of the melt reservoir is significantly greater than that of the
flow channel, thereby enabling several “fills” and experiments with a single loading
of the melt reservoir.

. The high pressure needed to extrude the polymer is transmitted to the melt in
the reservoir through a displacement piston. The piston is a stainless steel rod (25
mm diameter) equipped with a high temperature, high pressure lip seal (AS-92071,
All Seals Inc., Santa Ana, CA). Pressures at the entrance of the flow channel are
recorded through a pressure transducer (PT-462E, Dynisco Measurement Control,
Sharon, MA.; range of up to 10,000 psi) mounted flush in the flow channel. Wall
shear stresses are calculated from the pressure via a simple macroscopic balance. The
displacement piston is driven by a pneumatic actuator. We chose a pneumatic system
over a hydraulic system since it is more compact and amenable to transportation to
a synchrotron X-ray source.

Four threaded steel rods are coupled using nuts to the extended tie rods at the
front of the pneumatic actuator (Hydfoline Inc., Rockford, IL) and provide a frame
to mount the reservoir block, R. The actuator is held on an optical breadboard using
edge clamps and the breadboard is mounted on a heavy table using eight -20 bolts.
The table is bolted to the floor of the laboratory to damp out vibrations caused by

the impact when high pressures are suddenly applied across the cartridge.
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$2.3.3 ’Pn‘eumatic‘ Switching System

The pneumatic actuator is driven by a tank of compressed nitrogen gas, and is con-
trolled vb‘y a high éwitching speed solenoid-activated three way spool typé valve with
“a closed 'cross—o§er (W7076C6331, Ross Operating Valve Co., Troy, MI). When the
valve is switched, gas pressure (set by a laboratory regulator on the nitrogen tank
to between 0 and 100 psi, or 0.68 MPa) is generated at the back of the piston in
the actuator. Since rapid switching requires a large gas flow rate, which cannot be
obtained from a small orifice laboratory pressure regulator, the gas from the regulator
is routed to a “surge tank” mounted on the valve. This arrangement also circumvents
the problem of time lag for pressure buildup due to the high compressibility of the
gas. The 100:1 area ratio of the actuator can be used to generate pressures up to 68
MPa at the end of the actuator shaft (corresponding to a wall shear stress of ~ 0.1
MPa). We did not seek to achieve higher wall shear stresses since most polymer melts
.undergo slip or melt fracture beyond this value of wall shear stress.?*° The rise and
fall times for the pressure are less than ~ 50 ms. The solenoid valve is switched open

for a controlled duration through a computer equipped with a data acquisition board.

2.3.4 Temperature Control

The strong dependence of isothermal crystallization kinetics on crystallization tem-
perature motivates minimizing the spatial and temporal temperature fluctuations in
the flow channel. The temperature in the heater block must be substantially higher
than the rﬁelting temperature to erase melt memory of the filling process. There-
after, the heater block must be cooled to the desired crystallization temperature and
stabilized before the pressure pulse can be applied. The total time for cooling should
be insignificant compared to the crystallization time; it is important that the tem-
perature not drobp appreciably below T, since that could cause relatively rapid
initiation of crystallization. Finally, the spatial temperature gradient between the
melt reservoir (which is maintaiﬁed at a temperature > Tp,) and the flow channel

(maintained at the crystallization temperature) must be sharp.
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To .sa;tisfy' these féqﬁirements, the heater block has a large thermal mass and
is eciuippedwith two symmetrically mounted cartridge heaters and also with chan-
nels through which a heé,t transfer oil can be recirculated. The cartridge heaters
are regulated through a proportional integral differential (PID) feedback controller
(CIN76020,. Omega’Engineering Inc., Stamford, CT) based on the temperature of the
heafer block H as measured via a thermocouple. The heat transfer fluid (50 cs methyl
silicone oil, Nye lubricants, New Bedford, MA) is maintained at the desired crystal-
lization temperature via a high temperature recirculating bath (Model TP-12, Julabo
USA, Kutztown, PA). Recirculating the heat transfer fluid through the heater block
cools it relatively quickly (in ~ 7-10 mins) from the melt temperature. The long
thermal response time has the advantage of providing temporal stability to £0.1°C
throughout the experiment; however, it limits the range of our experiments, since the
quiescent crystallization time must be significantly longer than the thermal response
time. The heater block is thermally isolated from the melt reservoir by means of
an insulating mica “gasket” (roughly 4 mm thick). The melt reservoir is clad with

flexible ﬁberglass insulation and is heated by four cartridge heaters with independent

feedback PID control.

2.3.5 In-situ Structural Characterization

- A range of morphological probes to characterize the structure development and orien-
tation in the melt is required. Observation ports are cut into the heater block and in
the cartridge. Flow cartridges can be equipped with appropriate windows for either
opfical or X-ray experiments (e.g., quartz windows ~ 4 mm thick or beryllium win-
dows ~ 0.5 mm. The windows are glued on using a high temperature epoxy (526N,
Aremco Products Iric., Ossining, NY). An epoxy with a compliant nature was chosen
to minimize thermal stresses induced in the windows due to the temperature changes
during the experiment.

With this arrangement, real time optical measurements of turbidity and birefrin-

gence (indicative of the development of crystallinity and chain orientation, respec-
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tively), of the small aﬁgle‘ light scattering (SALS) patterns (characteristic of micron-
scalé lamellar superstructure) and of the wide angle X-ray diffraction (WAXD) and
small angle X-ray scattering (SAXS) patterns (characteristic of the umit cell and
nanoscale lamellar structures, respectively) can be easily accommodated into our de-
sign.. For ,the turbidity and birefringence measurements, the optical train consists
of visible laser light (red HeNe, A = 632.8 nm), a polarizer oriented at 45° to the
flow direction, the sample, a polarizing beam splitting prism (10GLO8AR, Newport
Co., Irvine, CA), aligned at -45° to the flow direction, and two photodiode detectors
(PDAS50, Thor Labs Inc., Newton, NJ). The intensity of light viewed through crossed
polarizers, 1, is measured by a photodiode on the beam transmitted through the
polarizing beam splitter; the intensity of light viewed through parallel polarizers, I,
is recorded by a phofodiode on the transverse beam. The sum of these two intensi-
ties is used to determine the total transmitted intensity, (I;+1.)/I,, where I, is the
intensity of transmitted light recorded when the sample is fully amorphous. When
depolarization due to light scattering is negligible, the average birefringence of the
sample, An, may be computed from Ijj and I, using: |
A I,

An = — arcsin

~ When the retardation gbes over orders, the number of orders accumulated since the
cessation of shear is used to determine An, since the initial retardation is less than
one order in all our experiments.

‘To account for the differences in the detector gains when calculating the birefrin-
gence, a quarter wave plate with its axis along the flow direction is used for calibration
at the beginning of each experiment. Care is taken to minimize the amount of stray
light incident on the detectors. Neutral density filters are used to avoid saturation of
the detectors. The stability of the laser source is unimportant for the birefringence
measurements (since An involves'a ratio of the intensity of light in a particular po-
larization state to the total intensity). However, the turbidity measurements require

a stable light source.. The HeNe laser used was determined to be stable to better
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than 2% ’over' the timescale of our experiments which was adequate for our measure-
menis. While the birefringence measured in our experiments is reproducible with
high precision (better than 5%) even at low values of An (An ~ 107°), the accu-
racy of the measurements for such low birefringence is limited by the thermal stress
induced birefringence in the quartz windows, generated during heating and cooling,
and .b-y scattering of laser light off defects on the surfaces of the windows. These can
be partially corrected for by subtracting the baseline value of An measured at the
beginning of an experiment.

Turbidity and birefringence after the onset of crystallization arise due to scattering
from crystallites and are sensitive to the size, shape and anisotropy of the crystal-
lites as well as to the difference in dielectric properties between the crystalline and
amorphous regions. .Thus, while turbidity is not an exact measure of the absolute
degree of crystallinity, we use the rate of change of turbidity to provide a qualitative
estimate of the rate of crystallization.

The Hy SALS studies use a similar set-up with a polarizer at 45° to the flow
direction in front of the sample and a 50 mm diameter sheet polarizer crossed with
respect to the first behind the sample. The scattering angle available for measurement
of the SALS pattern is maximized by using a polarizer with a large diameter as the
analyzer and by positioning it close to the heater block. (To prevent degradation in
the quality of the dichroic polarizer due to the high temperature of the heater block,
we needed to place it about 3 cm away from H.) A two-dimensional air cooled charge
coupled device (CCD) camera (Sensys KAF 0400-G0-L, Photometrics Ltd. Tucson,
A7) with antiblooming electronics was used to acquire the SALS patterns. The data
is acquired with a Pentium PC at a time resolution of 2 s.

Our instrument lends itself to easy modification to study the effects of the dynam-
ics of orientation@nd relaxation of selectively deuterium labelled chains in our sample
on the nature of the crystallization process by using polarization modulation infrared
(IR) dichroism using an IR laser at the wavelength corresponding to the C-D stretch.
The optical train used for these studies has been described previously.*' This allows

us to seléétively resolve the effects of a specific species (e.g., by blending in deuter-
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ated high molecular Vlféight chains into a matrix of low molecular weight polymer) on
flow enhanced crystallization. Finally, the compact desigrl enables transportation of
our instrument to a synchrotron source for measurements of the SAXS and WAXD

patterns in real time. |

2.4 Results and Discussion

We now demonstrate the features of our instrument and illustrate some of the shear
enhanced crystallization phenomena with results of selected experiments with three
different isotactic polypropylenes. First, we show that the instrument imposes box-
like pressure profiles while monitoring the distortion of the melt. Then, we demon-
strate how simple optiCal measurements can be used to monitor the effect of varying
shearing durations on crystallization kinetics in a relatively monodisperse polymer.
‘Finally, we contrast the behavior of the narrow distribution material with that of a
polydisperse sample and show how kinetic information can be combined with different
in-situ dptical measurements and ez-situ microscopy.

The resins used in the experiments include a polymer obtained from Aldrich, “PP-
250/3.77 (M,, = 250 kg/mol; polydispersity index, PDI = M,,/M,, = 3.7; melt flow
index, MFI = 12 at 230°C/2.16 kg load), a broad polydispersity industrial grade
isotactic polypropylene from Quantum Inc., “PP-300/6” (M, ~ 300 kg/mol; PDI ~
6-8; MFI= 12 at 230°C/2.16 kg load) from Equistar Chemical and a developmental
resin with a well defined linear architecture and relatively low polydispersity from the
Dow Chemical company, “PP-186/2.1” (M,, = 186 kg/mol; PDI = 2.1; MFI = 22 at
230°C/2.16 kg load).

2.4.1 'I‘I'anSient Melt Flow

We describe the response of molten PP-250/3.7 to an imposed deformation. The high
shear stresses imposéd on the polymer melt as it is driven into the slit give rise to
nonlinear rheological phenomena during sta,rt;up of flow which are manifested as an

~ overshoot in the birefringence (Figure 3). The birefringence, An, in the melt is related



36

to the anisotropy in conformation of polymer chains in the melt.*> The observed value

represents an average over the birefringence profile across the shear channel.
9 pdf2
An =3 /0 [n1(2) — nas(e)]de (2.2)

where ny; - nas is the birefringence in the plane of the flow and vorticity directions,
d is the optical path length and z is the co-ordinate measured across the gap. For
conditions t.hat are not too far in the nonlinear region (viz. chain stretching that is
much less than full extension), An is related to the third normal stress difference, N3
by the stress optic rule.*?

To examine the flow behavior of the iPP melt, the reservoir and the heater block
are both held at 200°C which is well above the nominal melting point for the poly-
mer (Tpom ~ 170°C). The pressure drop across the slit is around 2000 psi which
.Corrésponds to a wall shear stress, o,, ~ 0.04 MPa. The pressure has sharp rise and
fall times (less than 50 ms), giving a well defined shearing interval. In the case of
capillary rheometers with constant piston speed, Hatzikiriakos and Dealy**** have
shown that the build-up of the pressure transient is dominated by the compressibil-
ity of the polymer melt in the reservoir. Therefore, we checked to see if a similar
effect causes the transient in the build-up of pressure in our device. However, since
the pressufe build-up in our experiments was independent of the amount of polymer
in the reservoir, we conclude that compressibility is not an important factor in the
pressure transient.

‘The birefringence (Equation 1) does not increase immediately, and shows an over-
shoot at around 2 s of shearing (Figure 3). The overshoot in the time trace of the
birefringence in our experiments is a manifestation of the overshoot in the third nor-
mal stress difference, N3 = 017 — 033, since the stress-optic rule holds for these flow
conditions.*? Overshoots in the first normal stress difference, Ny, have been observed

4546 and have been rationalized in terms of the stretching of the

upon sfa,rt-up of shear

polymer chains in the flow. Since the third normal stress difference, N3, is the sum

of N; and a relatively small quantity, the second normal stress difference, N3,*" we
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expect the same physics to govern overshoots in Ny and N3. Note that the magnitude
of the birefringence during shear is approximately 5x1073; values of An this small are

readily measured using the simple crossed polarizer arrangement.

2.4.2 Crystallization of a Model Polymer

We examine the effects of shearing on crystallization, starting with a low molecular
weight and'relz—itively monodisperse resin PP-186/2.1. Shearing significantly increased
the rate of crystallization of PP-186/2.1 (Figure 4); however, we have not found
conditions that cause highly anisotropic growth. The experimental protocol was as
indicated in Figure 1, allowing the polymer to relax at 240°C for 5 minutes and
then cooling to Terysy =132°C. Shearing times ranging from 250 ms to 4 s were
used and the crystallization kinetics were tracked by monitoring the intensity of light
‘transmitted through the sample. Shearing for short times (less than 1 s) caused a
strong acceleration of the crystallization kinetics as indicated by the rapid decrease in
the time taken for the transmitted intensity to drop. Shearing for longer times did not
show significant further decrease in the crystallization time. These results contrast
with the findings of Janeschitz-Kriegl and coworkers on a commercial Ziegler-Natta,
polypropylene. They observed that the crystallization time scaled with the fourth
power of the wall shear rate and the second power of the shearing time (t 2 o4t m2).
A phenomenological model was proposed® to explain this highly nonlinear scaling
behavior. Our system does not show the t,~2 scaling. We speculate that this might
be attributed to the faster relaxation of our low molecular weight sample which might
preclude the formation of the long lived “line nuclei” which form the basis of their
phenomenological model. Further evidence that “line nuclei” are not developed comes
from the absence of an increase in birefringence as the sample crystallizes, suggesting

that the crystallites formed are not highly aligned.
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2.4.3 | Crystallization of a Commercial Resin

The more héterogeneous polypropylene, PP-300/6, shows some qualitatively different
respdnées to s.héar‘ history, including moré dramatic reductions of érystallization time
and highly anisptropic crystallizationv following sufficiently long shearing at high wall
shear stresses. The polymer was melted in the reservoir at 200°C while the cartridge
was held at 163°C. The polymer was allowed to thermally equilibrate for 5 minutes
after being extruded at a low pressure of around 500 psi to fill the subcooled slit. While
“true” quiescent crystallization at this low subcooling would take place on the order
of days, the polymer melt even in “nominally” quiescent conditions in our experiment
crystallizes in a few hours due to the considerable pre-shearing experienced during
the low pressure extrusion to fill the flow channel.*®* After thermal equilibration,
extrusion was resumed at a pressure drop of 2600 psi (wall shear stress = 0.05 MPa)
for four seconds, and the crystallization behavior monitored over a period, te.ys: of
.2000 .

Solidification following this treatment produces a very different microstructure in
the material near the walls than in the center of the channel. Near the surface (Figure
5a), a highly oriented, densely nucleated structure is observed. At greater depth,
the anisotropy decreases abruptly, but the density of nuclei is still high relative to
quiescently crystallized material. At the core, the structure is spherulitic. This spatial
variation in structure correlates qualitatively with the depth dependent deformation
history. The shear rate is highest near the wall (Figure 5b), as is the total strain
applied to the material. The deformation rate decreases with position moving toward
the center of the slit. At the center, the material is undeformed (the precise velocity
profile depends on the rheological properties of the specific material). The shear
thinning behavior of the present sample leads to a velocity profile (Figure 5b) that is
blunted relative to the Poiseuille flow associated with Newtonian fluids.

In real time we do not have access to depth selective measurements of the struc-
ture in the material. Instead, we use information on the final structure to interpret

measured. quantities that average over the gap. Ez-situ analysis of the crystallized
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sample ﬁsing' optical énd electron microscopies as well as X—ray scattering helps us
bettér understand how different structures contribute to the turbidity, birefringence,
SALS, etc., and provides a foundation for interpretation of real time depth averaged
observati;')ns». For example, in inﬁerpreting the birefringence observed during flow,
it is importa,nt to recognize that the signal is dominated by a relatively thin region
near each wall, due to the non-linear dependence of the normal stresses on shear
rate. Flow-induced changes in the rate of increase in the turbidity of the samples
are also dominated by the material near the walls, since the polymer at the center
continues to follow quiescent crystallization kinetics. With this spatial heterogeneity
in mind, we turn to interpretation of the time resolved measurements of birefringence
and turbidity.

Shearing for 4 seéonds accelerated the crystallization kinetics by several orders of
magnitude and the transmitted intensity fell to half of its initial value in just over
500 s (Figure 6). The birefringence during the pressure pulse (Figure 6, inset) showed
the development of an oriented structure which did not fully relax after cessation of
shear. This structure was observed only for shearing times greater than 2 s. For
shorter shear durations, no such oriented structure was formed during flow and the
crystallites formed subsequently were not oriented on a macroscopic length scale.
Strongly oriented crystalline structures (as indicated by the behavior of I,) were
formed only when the fnelt birefringence showed the long-lived feature (Figure 6).
Thus the formation of the structure in the melt during shearing correlates with the
subsequent growth of crystalline structures oriented on macroscopic length scales.
While this increase in birefringence during shearing has been observed by previous
researchefs,49 its relationship to subsequent anisotropic structure had not been shown.
This clea,ﬂy demonstrates the need to measure the melt distortion and to use it to

ihterpret the nature of the crystallization process.
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2.4.4 Application to Other Materials and Flow Geometries

The results described in this Section focus exclusively on our investigations into the
relation between melt flow history and microstructure formation in semicrystalline
polymers. Howéver, the small sample requirement of our instrument also opens up
studies of model polymers or other materials available only in quantities of grams, and
makes it possible to study their behavior under commercial processing-like conditions.
The unique ability to incorporate a range of structural probes (with data collection at
millisecond time resolution) makes it a valuable tool for the investigation of processing
induced structure in a variety of systems such as liquid crystalline polymers, blends
and block copolymers. Finally, while we are interested in using simple flow geometries
to unravel the physics Qf flow-enhanced crystallization, the versatile design makes it
easy to use complicated flow geometries and impose arbitrary flow fields to investigate
processing-structure-property relations in materials under more realistic processing-

like conditions.

2.5 Summary

An instrument to study the effects of shearing on the crystallization process in
semicrystalline poiymers is described. It can impose transient stresses similar to those
encountered in polymer processing and provides in-situ monitoring of microstructure
development during and after cessation of flow. Box-like wall shear stress profiles
(rise and fall times under 50 ms with maximum wall shear stress on the order of 0.1
MPa) can be applied for controlled durations. A unique feature of our device is that it
accommodates a wide variety of real-time probes of structure such as visible and infra-
' red polarimetry and light and X-ray scattering measurements. The design also allows
us to retrieve thé sample for ez-situ optical and electron microscopy. Data is acquired
with millisecond resolution enabling us to record the extent of shear deformation of
the polymer melt during the pressure pulse. Our device works with small sample

quantities (as little as 5 grams; each experiment takes ~500 mg) as opposed to the
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kilogram-quantities réﬁuired by previous instrumentation capable of imposing compa-
rable deformations. This boriders—of—magnitude reduction in the sample size allows us
to study model polymers with well defined properties and new developmental resins,
both of which are typically availablé only in gram-scale quantities. The compact de-
sign 6f the shear cell makes it possible to transport it to synchrotron light sources for
in-sit‘u X-ray scattering studies of the evolution of crystalline structure. Thus, our
device is a valuable new tool that can be used to evaluate the crystallization char-
acteristics of resins with experimental compositions or molecular architectures when
subjected to processing-like flow conditions. We demonstrate some of the features of

this device by presenting selected results on isotactic polypropylenes.
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Figure 2.1: Experimental protocol for shear-enhanced crystallization experiments.
The polymer melt is extruded from the reservoir using a low pressure Py for a time
tzin (top graph); then it is allowed to relax for time t,.,, at a temperature that is
above the equilibrium melting temperature, Tas, (middle graph). When the polymer
melt has relaxed, it is cooled to the crystallization temperature, Teryst, and then
subjected to shear as it is extruded at a high pressure, P, for a brief interval, t;,. The
progress of crystallization with time, tcryst, is monitored using different probes (see
text), including turbidity (bottom graph).
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Figure 2.2: (a) Schematic diagram of the shear instrument (see text for details).
Feedback controllers for temperature control and relays used to switch the valve are
not shown. The recirculating system used for the heat transfer oil to keep the heater
block isothermal is also not shown. (b) Isometric view of the reservoir (R), heater
block (H) and cartridge (C) indicating how they fit together. Note that H and C are
machined in two parts that are assembled together. The reservoir block is mounted
to the pneumatic actuator using threaded rods (see text) which pass through the
holes indicated towards the corners of R. The heater block bolts onto the reservoir
block as shown. The cartridge slides into H and is held in place by a plate that bolts
onto the face of H. The perspective shown in part (b) is upside down relative to part
(a); the light exits through the conical aperture to permit light and X-ray scattering.
Details of the channels for circulating oil through the heater block, mounting holes
for pressure transducer, heaters, etc., have been omitted for clarity.
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Figure 2.3: Typical shearing experiment for a melt of a commercial isotactic
polypropylene, PP-250/3.7, held at 200°C. The rise and fall times for the pressure are
on the order of tens of ms. The birefringence shows an overshoot due to the nonlinear
viscoelastic response of the melt. Data are acquired with a resolution of 5 ms and are
presented without filtering.
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Figure 2.4: Effect of shearing time on the acceleration of crystallization kinetics of
PP-186/2.1. A wall shear stress of 0.09 MPa was imposed on the relaxed, subcooled
polymer melt at 132°C and the total transmitted intensity was monitored as a function
of time. Short shearing times (t; < 1s) dramatically decrease the time required for
crystallization. Note that the shortest crystallization times (t;/; ~ 400 s) are much
longer than the longest shearing time (t, < 4 s).
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Figure 2.5: (a) Egz-situ polarized light micrograph of the cross-section (width = 0.5
mm) of PP300/6 after shearing at a wall shear stress of 0.05 MPa, for 4 s. The sample
strip runs from upper left to lower right, between the black regions in the lower left
and the upper right. The bright regions on each side of this strip have a high birefrin-
gence oriented along the flow direction indicative of highly oriented crystallites. The
region near the middle of the strip contains spherulites. Thus, shearing has induced
formation of a pronounced skin-core morphology. The scattering from the skin dom-
inates the turbidity and birefringence observed in the in-situ optical measurements.
(b) Schematic of the relatively blunt velocity profile expected for a shear-thinning
polymer melt under pressure driven flow. The velocity profile was calculated by fit-
ting rheological data for PP300/6 to a power law constitutive equation. A no-slip
boundary condition was assumed to hold at the walls of the die.
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Figure 2.6: Crystallization of a polydisperse isotactic polypropylene, PP300/6 after
shearing at a wall shear stress of 0.05 MPa for 4 s. The deformation of the polymer
melt during the pressure pulse is monitored (inset). The unusual increase in the
birefringence starting at 2.5 s indicates formation of an oriented structure, which

does not relax after shear cessation. This is seen to correlate with the formation of
anisotropic crystallites.
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Cha‘pter 3 Correspondence between
In-situ Rheo-Optics and Ez-situ

Structure Determination

3.1 Introduction

Processing of semicrystalline polymeric resins strongly affects their final morphol-
ogy and consequently their material properties. Semicrystalline polymers are often
processed from the melt state. The semicrystalline morphology that develops in the
final product, under typical melt processing conditions, is very different from what is
observed for quiescent crystallization of the same polymer. For example, the chain
extended crystals and the interlocked lamellar structure formed as polyethylene crys-
tallizes under the influence of an elongational flow field yield materials with a very
high modulus.!® The high stresses and strain rates experienced by a hot polymer
melt as it contacts the cold walls of the die in an injection molding operation can lead
to the devélopmént of a highly nonuniform “skin-core” morphology. The difference
in properties (such as crystallinity and degree of orientation) between the highly ori-
ented crystallites in the skin and the spherulitic core can lead to undesirable effects
such as stress whitening, warpage, or in extreme cases, delamination of the skin. On
the other hand, the skin can offer desired hardness of the surface. Thus, an under-
standing of the nature of flow enhanced crystallization with respect to the influence
of processing conditions and resin characteristics is required to enable rational design
of materials and to optimize properties.

The technological importance of the development of inhomogeneous semicrys-
talline strucfure developed during injection molding has driven extensive investiga-

tions of test specimens injection molded from various resins under different processing
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conditions.*" Such studies have yielded a wealth of information regarding the de-
tails of .processing—morpholog'y relations for particular resins under spepiﬁc processing
conditions. However, the non-isothermal nature of molding and the complicated flow
ﬁeids imposed makes it difficult to gain insight into the underlying dynamics that
lead to the_ﬁnal observed morphology. |

To separate the effects of flow from those of temperature transients and gradients
present in injection molding, other researchers have used modified rheometers to study
shear enhanced crystallization under well-defined flow and isothermal conditions.!? 2
In most of these studies, the polymer melt was subjected to continuous shear at the
crystallization temperature and a variety of techniques were used in different studies
to monitor the onset and progress of crystallization. The three main conclusions from
these studies were: (i) Shear was observed to accelerate crystallization kinetics'?22
and, under severe conditions, change the semicrystalline morphology from spherulitic
to crystallites oriented in the flow direction.!?!32! (ii) While researchers recognized
the difficulty in separating the process of crystal growth from nucleation,!® they at-
tributed the enhancement in crystallization kinetics to an increase in nucleation rate
caused by distortion of polymer chains in the melt (based on studies of nucleation den-
sity,?? induction time for nucleation'® and crystal growth rates). (iii) A pronounced
effect of molecular weight and molecular weight distribution was observed!®:17:19:20,22
and it was sugges;ced that the high molecular weight species played an important role
in melt orientation and the observed enhancement in crystallization kinetics. How-
ever, most of the rheometers used for these experiments could not access the high
strain and strain rates typical of industrial processing conditions. In addition, the
imposition of continuous shear during crystallization changes the orientation distri-
bution of crystallites due to reorientation in the shear field, making it difficult to
differentiate between the formation of oriented crystallites and their reorientation
due to flow.

A new experiment was proposed by Janeschitz-Kriegl and coworkers?® in the early
1990’s to alleviate some of the limitations in ‘prior experimental approaches. They

studied the effect of brief, intense shearing of an isothermal polymer melt (brief com-
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pared to’ the time tafken. for crystallization) on subsequent crystallization. This ap-
proa;ch_ aimed to separate the effect of primar}; nucleation (which was assumed to
happen mainly during shéar) from the growth of crystals at later times.” Reorienta-
tion of crystallites in the flow field Wa,s also minimized. A _Wéll defined thermal history
was épplied and high wall shear stresses were imposed for controlled durations.

In polydisperse isotactic polypropylenes, they found that (i) a brief “pulse” of
shear can cause rapid subsequent growth of highly oriented crystallites and (ii) the
effect of a shear “pulse” on the crystallization time scaled with the fourth power of the
wall shear strain rate and the second power of the shearing time, 4, %t,72. To explain
this scaling, a model with an Avrami-like phenomenology was put forward with an
arbitrary shear rate dependence assigned to the nucleation rate and to the growth
rate of the crystalline “thread-like” precursors?® that were assumed to grow from the
point nucleation sites generated during shear. The model also explained the weaker
dependence of crystallization time on shear rate and shear time for nucleated isotac-
tic polypropylene (§,%t;~!). Resins with a lower content of high molecular weight
chains also showed this weaker scaling, which they could explain by assuming that
the number of nuclei is fixed rather than increasing due to sporadic generation during
sheau".z‘_1 However, while the model is very successful in describing their results, there
is no molecular e;iplanation_for the nature of the “thread-like” precursors that form
the basis of the theory. Finally, it must be noted that 4, 2t,~! is not dimensionless,
but is rendered dimensionless iﬁ the model by an arbitrary factor, g, having units of
time.

-Other phenomenological approches to modeling have relied on modifications to the
Avrami formalism.?28 An early model by Ziabicki**?*® formulated a general approach
to crystallization from an oriented state by modifying the Avrami nucleation and
gr_owth rates to b.‘e functions of a time dependent “orientation characteristic.” Recent
work by Mc Hugh and 'cowofkers”’28 further incorporates concepts of irreversible
thermodynamics and "employs more accurate rheological models for the amorphous
and partially crystalline states. Their model is very sensitive to the coupling between

‘the degree of crystallinity, the orientation of the crystalline phase and the anisotropy
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-of the amorphous 'ph.a‘se. subject to flow. This model appears promising, but the
moléculaf variables that govern these coupling parameters need to be understood
before it.can be used predictively.

An earlier “zero-parameter” approach to theoretically' explaining flow induced
crystéllizat.ion used the thermodynamic concept of melting point elevation.??*° This
approach, originally proposed by Flory?® to explain strain induced crystallization in
crosslinked rubbers, relates the reduced entropy of the oriented state from which the
polymer crystallizes to an elevation in the equilibrium melting point of the crystal. It
was hypothesized that this caused a given temperature to correspond to a deeper sub-
cooling, which causes the observed enhancement in the crystallization kinetics. This
theory -does not attempt to explain how flow enhanced crystallization often results
in the development of oriented semicrystalline morphologies. Further, experimental
evidence suggests that the calculated increase in the equilibrium melting point is too
small to account for the observed enhancement in crystallization kinetics.'23'32 How-
ever, Andersen and Carr!” have suggested that the observed crystallization kinetics
may be feconciled with the thermodynamic theory by accounting for the effect of the
high molecular weight tail of the chain length distribution on the decrease in entropy
upon shearing.

Development of reliable models for flow enhanced crystallization requires exper-
imental data on the earliest events that occur during flow and their relationship to
subsequent crystallization kinetics and morphology obtained using a protocol that
separates the effects of flow from those of thermal transients or gradients (viz. the
protocol developed by Janeschitz-Kriegl and coworkers). Insights into the interplay
of flow and crystallization can be obtained by following the development of order
at different length scales in real time using in-situ probes of structure. In light of
J a}neschitz—Kriegl‘?s findings and their model, it is of immediate interest to determine
the prerequisites for inducing oriented growth: Is there a critical shear stress that
needs to be applied? What is the duration for which it needs to be applied? What
occurs during flow. thét leads to subsequent oriented growth? How are the dynamics’

of these flow-induced events affected by thermodynamic factors (e.g., subcooling) vs.
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S .
dynamic factors e.g., the relaxation spectrum of the melt)? Here we begin to address
these questions by examining a polydisperse, industrial isotactic polypropylene sam-
. ple similar to the one used by J aﬁeschitz—Kriegl and coworkers. We compare our data
| with the available literature on polydisperse polymers and concentrate on structure

develbpmentduring shear, correlating it with the anisotropic structure development

at later times as the polymer crystallizes.

3.2 Experimental

We examine shear enhanced crystallization in a polydisperse Ziegler-Natta isotactic
polypropylene, PP-300/6 (M, ~ 300,000 g/mol, PDI ~ 6-8, pentad content [mmmm]
~ 96%, melt flow index = 12 dg/min at 230°C/2.16 kg load). In all the experiments,
~ polymer melt held in a reservoir maintained at 180°C was injected into a hot, slit die.
The die, which is thermally isolated from the reservoir, was held at a high temperature
(220°C for 5 minutes)3 to erase the memory of the filling process and then cooled
to the desiréd crystallization temperature, T¢,.,s¢ (experimental protocol as in Figure
2.1). The crystallization temperature was selected such that the time for quiescent
crystallization is much greater than the time required to cool the die (typically around
10 minutes). Care was taken to minimize temperature undershoots during cooling.
The stability of Teryse Was optimized to only about +0.5°C since we found that the
sensitivity of our shear enhanced crystallization results to temperature fluctuations
was not as high as might be expected from quiescent crystallization studies.

" The relaxed, isothermal subcooled polymer melt is subjected to intense shearing at
wall shear stresses, o,, of 0.03 and 0.06 MPa for brief shearing times (short enough that
no crystallization is evident from the turbidity measurements). Start-up and cessation
of shearing takes ~ 20 ms giving rise to \a box-like wall shear stress profile.3* The
polymer was allowed to crystallize subsequently and the turbidity and birefringence
Wére tracked to monitor the progress of crystallization. The wall shear stress, o, is
computed from the measured pressure drop across the slit. We do not present our

data in terms of a calculated wall strain rate, 4, or strain, 7,,, because we do not
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know how the ‘rheplogical properties change due to the ordered structure that forms
“during the shearing time (see Results).

The opfic:aml system used for the in-situ measurements is the cross polarizer ar-
| rangement described in Section 2.3.5. Laser light from a 15mW HeNe (A = 632.8
nm) fiola,rized at 45° to the flow direction passes through the sample and is analyzed
using d polarizing beam splitter with its axis at -45° to the flow direction (Figure
3.1). Detectors D, and Dy measure the intensity of light through crossed and parallel
polarizers, I, and I respectively. The sum of the intensities incident on the two
detectors (D1 and D) is Lot (= 1L + Ij)), the total light transmitted through the
sample. The total intensity normalized by the intensity of light transmitted initially
through the molten sample, I,(t = 0), decreases as crystallites that scatter light
form. When depolarization can be neglected, I, /T, is related to the birefringence,
An (Equation 2.1), and is a measure of the anisotropy in the sample. Depolarization
is negligible when little scattering occurs; since the total transmitted intensity never
drops significantly during the shear “pulse,” Equation 2.1 can be used to describe the
orientation of the polymer during flow.

Data is acquired with high time resolution (5 - 20 ms) during shearing to char-
acterize the anisotropy in the melt. After cessation of shear, structure evolution
occurs on much longer timescales, so lower data acquisition rates (depending on the
characteristic crystallization time) are used subsequently.

At the end of the experiment, the sample was extracted and rapidly quenched by
plunging into ice water for ez-situ examination. A Reichert UltraCut S Cryomicro-
tome was used to sectién the sample at a temperature of -100°C. Sections, 5 pm in
thickness, were obtained in the flow-gradient (1-2, axes defined in Figure 3.1) and the

gradient-vorticity (2-3) planes for optical microscopy.

3.3 Results

In this Section, we present our results on the shear enhanced crystallization in PP-

300/6 as a function of shearing time and wall shear stress. First we examine the
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effectv of shear on the time scale for crystallization, then we describe the development
of orientation as determined by our in-situ birefringence measurements as the poly-
J mer‘crysta,'ll‘i,vies. Next, we preseht ez-situ measurements that show how “extreme”
| shedring conditions (high wall shear stress and shearing time) lead to the development
of a ﬁronounéed “skin-core” morphology. We will demonstrate that an unusual rheo-
opt’ica;l signature observed during short-term shearing correlates with the subsequent
formation of anisotropic semicrystalline texture. Finally, we show that the dynamics
of creation of this oriented structure during flow is controlled by relaxation dynamics
of the melt rather than by the degree of subcooling.

In-situ optical techniques provide information about structure formation aver-
aged over the thicknéss of the flow channel. Simple rheo-optical measurements such
as monitoring the turbidity as the sample crystallizes have been used to follow the
- progress of crystallization. Shearing PP-300/6 at a wall shear stress of 0.06 MPa at a
temperature, Tc.y . = 141°C, accelerates the crystallization kinetics (Figure 3.2), and
the sample becomes turbid in a very short time compared to quiescent crystallization.
The onset of turbidity is due to the material most strongly influenced by the flow his-
tory, typically the material near the walls which experiences the highest shear rate.
We define a characteristic crystallization time, called the “half time,” t,/2, as the time
taken for the transmitted intensity to decrease to half its initial value. This half time
is not to be confused with the time taken to achieve a degree of crystallinity of 0.5,
since the transmitted intensity can drop to zero when only a small amount of material
in thin layers near each wall becomes opaque. Further, a given transmittance does
not generally correspond to a given degree of crystallinity since it is sensitive to the
size and shape of the crystalline scatterers. The crystallization temperature, Tsyst,
was selected such that t;/, for quiescent crystallization was on the order of a few
hours. Upon shearing the melt for ~ 4 s, the half time decreases by about ’two orders
of magnitude (Figure 3.2, inset). As the shearing time is increased, the crystallization
time first decreases rapidly and then reaches a plateau at a shearing time of about 5

s (Figure 3.2, inset). The geometry of the shear cell limits us to a maximum strain
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of a,bout 100 which restricts us to shearing times, t; < 12 s for PP-300/6 at this Ow
and Tcryst

As the polifmer crystallizes, Ito't(t) /L:0¢(0) drops, I /1zc; rises and I} /Izc falls. Even
‘in the case of unoriented crystallization, multiple scattering gives rise to depolariza-
tion mianifested in an increase in I, /I and a decrease in Ijj/Is,;.%® This change is not
indicative of birefringence; it is observed even in quiescent crystallization when the
structure is isotropic. For example, as PP-300/6 crystallizes at 141°C after shearing
for 2 s at o, = 0.06 MPa, the increase in the normalized intensity between crossed po-
larizers, 1) /10, occurs mainly after the the total transmitted intensity I+ (t)/1:0:(0)
drops to less than 0.1 (Figure 3.3 a). Polarized light microscopy with crossed po-
larizers (PLM-CP) sh'owbs that the sample quenched into ice water at the end of the
crystallization experiment (viz. when the sample turns completely turbid, teqys ~
- 1800 s) contains no visible oriented crystallites and no skin-core texture (Figure 3.4
a,b). Large spherulitic structures, about 40 pm across, are observed in a 100 pum
region near the walls in both flow-gradient (1-2, axes defined in Figure 3.1) and
gradient-vorticity (2-3) planes while smaller spherulites are observed through the rest
of the sample (chafacteristic of crystallization occurring during the quench).

Qualitatively different behavior is seen in I, /I;, for shearing times longer than
about 5.s. For example, when the polymer crystallizes after being sheared for 12 s (at
the same Tyt and 04), 11 /1is: starts increasing immediately (before the total trans-
mitted intensity has dropped by even 10%) and goes through a maximum (Figure 3.3
b) The birefringence gomg “over orders” mdlcates the formation of highly oriented
crystalhtes This is evident in the skin-core morphology observed in the optical mi-
crographs (PLM-CP, Figure 3.4 c,d) of microtomed sections of the sample quenched
after it became completely turbid (viz. at temyse ~ 400 s). The micrograph of the
sample viewed in the flow-gradient (1-2) plane shows a bright “skin” regidh near the
walls of the die which, when viewed in the gradient-vorticity (2-3) plane, appears
dark. This suggests that crystallites having cylindrical geometry are oriented along
the flow direction in the skin region. The bright skin regién extends to a depth of

about 55 pm from the wall. The material appears stratified with a “fine grained”
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layér (~ 100 pm) between the skin and the isotropic core. Since the shear stress in
the sﬁmple drops linearly from a maximum at the wall (o, = 0.06 MPa) to zero at
. the center 61“ i:he flow channel, thé “critical” shear stress at the boundary of the skin
and the “fine gfained” layer can be calculated to be o ~ 0.047 MPa.

The central core region exhibits spherulitic structures (Figure 3.4 c¢,d) which are
much smaller than those observed during quiescent crystallization at 141°C (several
100 pm in diameter, micrographs not presented). Near quiescent conditions prevail
over the central core, since this polymer exhibits shear thinning behavior that results
in a flattened velocity profile.3® Since the quiescent crystallization kinetics for PP-
300/6 at 141°C are known to be slower than the time scale allowed for crystallization
in the sllearfenhanced.crystallization experiments (quenched at t..,; = 400 s and 1800
s for t; =125, 2 s vs. 20000 s for quiescent conditions), we infer that the spherulites
- in the inner core regions (Figure 3.4) formed during the ice water quench.?”

The enhancement in crystallization kinetics is manifested in the change in t;/,
with shearing time, while the development of oriented semicrystalline structures is
reflected in the time at which I, /I, goes through a maximum. The optical signals
are indicative mainly of structure formation near the walls of the die, since the poly-
mer there crystallizes before the region near the center as a result of experiencing
high shear rate and strain. The initial decrease in t;/; with increasing t; shows in-
termediate behavior between the two power laws previously observed for short-term
shearing experiments on a similar iPP?*?* (Figure 3.5). Maxima in I, /I,,; during
crystallization are observed only for t; > 5 s; in this regime, both the time to reach
these maxima, t) /2 and t;/,, do not change with t,.

To gain insight into the origin of the differences in the degree of orientation ob-
served in the final crystallized samples, we examine the melt birefringence during
shear (Figure 3.6). As the polymer melt is sheared, the isotropic conformation of the
macromolecules is distorted giving rise to birefringence,®® An (Figure 3.6, bottom).
Since the chain stretching is small relative to full extension under our experimen-
tal conditions, the stress-optic rule applies at short times where no crystallization

occurs. Under such conditions, the birefringence can be related to the third normal
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stress difference, N3 (= 011—633, where 1, 2 and 3 represent the flow, gradient and vor-

| ticity directiohs). The high shear stresses imposed on the polymer in the experiments
.. lead to chdiﬁhstretching and result in a nonlinear overshoot in N3, and consequently
| (seé Section 2.4.1) in the observed overshoot in birefringence on start-up of flow (Fig-
ure 3:6, bottbm). After the initial start-up behavior, polymer melts typically show
steady’ state behavior and N3 reaches a plateau. Another typical characteristic of
melt behaviog is that the birefringence relaxes back to zero upon cessation of shear.
This is observed for t, < 5 s (Figure 3.6).

Deviations from melt behavior both in the shape of the transient birefringence
during flow and its relaxation after cessation of flow are observed with increasing
shearing time. There is a transition from transient birefringence characteristic of
melt flow to one that has a significant contribution due to long-lived, oriented struc-
tures generated during shear. For longer shearing times, the birefringence develops
an upturn at times where the melt would show steady-state N3. This upturn in-
creases monotonically during the shear pulse indicating the formation of an oriented
structure which we call the “shear-induced structure.”®® Upon cessation of shear, the
birefringence does not decay to zero but drops to a finite value and then increases
with time. The development of the upturn in the birefringence during shear, which
we associate with the formation of the “shear induced structure,” correlates with the
development of strong anisotropy manifested by maxima in I, /I;,; observed at longer
times as the polymer crystallizes and with the formation of a skin-core morphology in
the crystallized 'sampler Real time synchrotron WAXD studies*® during shear (t, >
5 s)» reveal oriented fiber-like crystalline reflections corresponding to the a-crystalline
form of isotactic polypropylene‘“ (Chapters 4 and 5).

To examine the wall shear stress dependence of the “shear induced structure,”
we sheared PP-300/6 at the same crystallization temperature, 141°C, at a wall shear
stress, o, = 0.03 MPa (0.03 MPa < 0..), for shearing times up to 20 s. The total
shear strain experienced by the polymer at the longest shearing times under these
conditions (estimated by weighing the polymer extruded during shear) was compara-

ble to the strain experienced on shearing at o, = 0.06 MPa for 12 s. Shearing was



61
- %
again observed to accelerate the crystallization kinetics (Figure 3.7). A smaller over-
“shoot in the melt birefringence (as compared to the experiments at higher o) was
- observed dﬁring start-up of ﬂow-(Figure 3.7, inset). No upturn in the birefringence
duﬂng shear was observed even for the highest shearing time, t; = 20 s, where the
instrimental limit of maximum accessible strain = 100 was reached. During crystal-
lization only a very small increase in birefringence was evident in I, /1;,; and I}j/T;o.

Ex-situ polarized light microscopy of microtomed sections of the sample crystallized

after shearing for 20 s showed no evidence of an oriented skin-core structure (Figure

3.8).

3.4 Discussion

Our discussion is organized around the essential and interesting features evident in the
behavior of this isotactic polypropylene and their implications in relation to current

models of shear enhanced crystallization:

i) There is a qualitative change in behavior with increasing shear stress and shear-
ing time: below a critical stress and shearing time, shear decreases the time for
crystallites to form; for o, > o4 and ts > tei, shear further induces highly

anisotropic growth (skin-core structure).

ii) The effect of shearing time on crystallization kinetics saturates for t; > to.i:

further increase in t, does not significantly reduce t,/; or t, ;.

iii) The formation of skin-core morphology correlates with the growth of a birefrin-

gent feature (“shear induced structure”) during shear.

3.4.1 Prerequisites for Induction of Highly Oriented Crys-

tallization

The effect of flow changes with increasing strength and duration. Initially, application

of a short interval of shear decreases the time for crystallites to grow, manifested by



fhe 'decrea‘se in the turbidity half time (Figures 3.2,3.4). This qualitative behavior is
observed at all levels of wall shear stress and at all subcoolings that we have exam-
. Ined. Howevef, this initial cha,nge.in the rate of crystallization is not accompanied by
‘highvly anisotropic growth (Figures 3.3,3.4). Ez-situ optical micrographs (PLM-CP)
[of sections subjected to a given shear history (o, ts, Toryst)] provide a way to ex-
amine the effect of shear stress, since the local shear stress varies linearly from o, at
the wall to zero at the center. These images show that with increasing stress level
at fixed t;, shearing first appears to increase the crystallite nucleation density; if the
shear stress is high enough and the duration long enough, then there is a fairly abrupt
transition to highly oriented growth in a region near each wall.

This abrupt transftion suggests that there is a critical stress below which highly
oriented growth is not observed for a given shearing time. This threshold occurs at
approximately 0.047 MPa for the example shown in Figure 3.4 ¢,d. In accord with
this estimate of the threshold stress, when a wall shear stress below this value is used,
crystallization occurs at shorter times than quiescent (Figure 3.7), but highly oriented
growth is not observed (behavior like that in Figure 3.3a) for any accessible duration
of shear (limited by the 100 strain unit maximum for our instrument). The peculiar
upturn in the birefringence during shear is also absent (inset, Fig. 3.7). Correlated
with the lack of oriented growth, the skin-core morphology is also absent (Figure
3.8). Thus, the development of the “shear induced structure” which correlates with
subsequent oriented crystallization is observed only when the wall shear stress exceeds
a critical value, viz. 0, > 044 and the shearing time exceeds a critical value which
is a function of the impesed shear stress, viz. t; >terii(0w)-

Requirement of a threshold strain for oriented crystallization has been reported

by Mc Hugh and coworkers3?:42

who studied the development of crystallinity and
orientation in an HDPE droplet subjected to an elongational (“strong”)'”ﬂow field.
An acceleration of the crystallization kinetics by two to three orders of magnitude
was observed. In-situ measurements of birefringence and dichroism during and after

cessation of flow indicated that the orientation developed in the system led to oriented

crystallization, provided a critical strain was exceeded. Our experiments with shear
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flow show an acceleration in crystallization kinetics similar to that observed in these
planar extension expérimen’ss. Also, the threshold criterion for a critical shearing time
. is eq_uivalervltk tno the requirement of a threshold strain for experiments done at a fixed
sheér stress above oqrit- Thus, accelerated kinetics, development of oriented growth
and tzhe existence of a “threshold” strain for oriented crystallization are observed
both in “weak” shear flow experiments and flow induced crystallization experiments
using “stfong’f extensional flows and appear to be general to different flow fields and
polymer systems. Further, the ability to explore different shear stress levels opens the
way to examining factors that control the critical strain. Results at o, = 0.06 and
0.03 MPa indicate a very nonlinear dependence of the threshold strain on the stress;

the threshold is readil.y reached at 0.06 MPa, but inaccessible at 0.03 MPa, given our

100 strain unit limitation.

3.4.2 Saturation Behavior of “Skin” Crystallization Kinetics

and Morphology

The optical signatures of the flow-induced, oriented growth exhibit an interesting
saturation behavior. Once the shearing time exceeds 5 s (at 141°C using o,, = 0.06
MPa), longer durations of shear no longer reduce t;/;. These durations of shear are
long enough to cause sufficiently oriented growth to determine a time at which the
retardation feaches A/2; interestingly, the saturation behavior for t,/, also holds for
the time required to reach a retardation of A/2 (Figure 3.5). Both the turbidity and
birefringence are dominated by a thin region near each wall (once this outermost
layer extinguishes the transmitted beam, the turbidity is insensitive to subsequent
build up of scatterers in the interior). The lack of any further decrease of the time
scales t1/; and ty/; suggests that the rate and aﬁisotropy of crystallization in the
outermost region are no longer sensitive to continued application of shear after some
characteristic duration t,*. Saturation of the kinetics and anisotropy of growth in
the outermost region alone is not sufficient to explain the constancy of t;/2 and ty/;

it would further require that the inner regions not produce substantial scattering on
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the 'same timeséale (even a thickening of the region that contributes to scattering
and Birefringénce would reduce t;/; and ty/; which is not observed). One might
_ speculate on the mechanism that could lead to such saturation behavior; perhaps
| there is some species that is consumed in producing the thread like precursors, which
limits the extent of the flow-induced effect. Alternatively, the crystallites induced
during’ﬂow might knit together, suppressing further deformation in a boundary layer
near each wall, causing it to be insensitive to continued application of stress beyond
that moment. .

In contrast to the saturation behavior we observe in PP-300 /6, Janeschitz-Kriegl
and coworkers reported a power-law effect of t, on crystallization time (ty/; ~ t;7%)
throughout the range of conditions they imposed on an isotactic polypropylene of
similar molecular weight and polydispersity (Daplen KS10, M,, 52,000 g/mol, M,,
330,000 g/mol).?* There is evidence that such differences in behavior can result from
subtle differences among similar materials. The Janeschitz-Kriegl group compared
two different Ziegler-Natta iPP samples, one with M,, = 77,000 g/mol; M,, = 235,000
g/mol and M, = 545,000 g/mol and the other with M,, = 47,000 g/mol; M,, = 322,000
g/mol and M, = 1,360,000 g/mol.?* The latter showed the t,/, ~ t;~2 scaling, while
the former showed a weaker scaling (ty/; ~ t,! or even ty/, ~ t,°).#* We do not
believe the discrepancy between PP-300/6 and Daplen KS10 is due to the use of t1/,
instead of using ty/2: in cases where both of these are observed, they follow the same
trends as functions of t; (Figure 3.5). We speculate that the difference between our
observations (t1/2 decreases initially with increasing ts but saturates for t; > te.it)
may be due to diﬁerenées in the fraction and length of high molecular weight chains
in the sample. It is possible that a molecular weight distribution with a stronger
high molecular weight tail could delay the onset of saturation, if saturation is due to
“consumption” of high molecular weight chains in the creation of oriented 'étructures.
This reiterates the importance of experiments with model systems to quantify the
effect of the high molecular weight tail in the molecular weight distribution on shear

enhanced crystallization.
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3.4.3 Implications Regarding Precursors to Oriented Crys-

tallization

" The development of an oriented skin in our ez-situ morphological investigations cor-
relates with the formation of oriented precursors during shear evident in the unusual
upturn in the in-situ birefringence signal upon flow start-up. Here we first discuss
two models for flow induced crystallization that each capture the creation of oriented
precursors dlfring flow and their connection to subsequent development of oriented
morphologies. .We then contrast our findings to experimental observations of precur-
sor structures that do not appear to play a role in our system.

The model of Doufas et al.?® can capture a shear stress overshoot upon startup
of shear flow and the monotonic increase that follows. While the overshoot is a con-
sequence of the nonlinear rheoflogy of the amorphous melt, the subsequent upturn in
shear stress results from the formation of crystallites. This parallels our observation
of overshoot and subsequent upturn in the birefringence: the overshoot coming from
the transient third normal stress difference and the upturn correlating with WAXD
observations of oriented a-iPP crystallites.*® However, the behavior in their model
is crucially dependent on the choice of the empirical parameter that couples crystal-
lization with amorphous orientation. A rational basis for an a priori choice of this
parameter is currently lacking. Nevertheless, the strong nonlinear coupling in the
model between crystallization kinetics and the orientation state of the crystallizing
melt accords qualitatively with our observation that the emergence of precursors ap-
pears to be controlled by the time it takes for the melt to arrive at a given orientation
state (Figure 3.9, as discussed below).

A physical (but phenomenological) picture for the generation of the precursors
is suggested by the model proposed by JaneschitZ—Kriegl to explain shear enhanced
crystallization. They postulate the formation of “thread like pi‘ecursors” during shear
\?vhich grow with cylindrical symmetry, oriented in the flow direction from point nuclei.
We believe that these “thread like precursors” and the lamellae that grow out from

them are manifested in the unusual rise in the birefringence and oriented WAXD
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patterns observed in our experiments in-situ during shear for o, > 0y, and t, >
te(ow).
o Amorphdlis precursors have been observed by McHugh and coworkers**6 during
studies of seeded flow-induced crystallization of solutions of polyethylenes, isotactic
polypfopylenés and polyethylene oxide. These liquid like precursors form into oriented
fibers for semicrystalline polymers. Since the precursors were also observed during
flow of an atactic polystyrene system,*® it was concluded that they originated from
a liquid—liquidphase separation. We have examined the effect of extreme shearing
conditions on an atactic pélypropylene (M,, = 217,000g/mol, PDI~2.3, conditions
given in*"). No “shear induced structure” was seen to form suggesting that the
birefringent feature we observe does not result from a liquid-liquid phase separation.
Keller and coworkers*® suggest that a coil-stretch transition (at stagnation points in
an elongational field, or of polymer molecules adsorbed to the wall in a shear field)
is necessary for creation of oriented crystalline structures. Such a transition would
have a distinct signature characterized by a rise in the birefringence. Again, our
experiments with the atactic sample show no evidence of a coil-stretch transition,
which suggests that it is probably not necessary for the formation of an oriented skin

layer. The “shear induced structures” seen in our experiments most closely resemble

the thread like precursors proposed by Janeschitz-Kriegl.

3.5 Conclusions

We have examined the shear enhanced crystalliiation of a polydisperse isotactic
polypropylene (PP-300/6). Shearing the polymer for a duration much shorter than
the quiescent crystallization time at the crystallization temperature always led to
significantly accelerated crystallization kinetics as compared to quiescent‘.ﬁ However,
when shearing above a critical stress was continued for a time greater than a critical
duration, the acceleration of crystallization kinetics saturate and a transition to the
formation of oriented structures occurs. An oriented, crystalline structure which we

call the “shear induced structure” is formed during shear when the wall shear stress
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is above some critical value and is applied for a critical shearing time. The formation
of this “shear induced structure” correlates with the subsequent formation of a skin-
core semicfyétalline morphology.. The time at which the “shear induced structure”
appears decreases with temperature at fixed wall shear stress. The time for formation

of the “shear induced structure” is governed by the rheology of the polymer melt and

not by the subcooling.

3.6 Summary

The effects of “short term shearing” on the subsequent crystallization of a polydisperse
Ziegler-Natta isotactit polypropylene are observed using in-situ optical measurements
and ex-situ microscopy. Imposition of brief intervals of shear (0.25 to 20 s, less than
~ a thousandth of the quiescent crystallization time) can reduce the crystallization
time by two orders of magnitude (e.g., at 141°C with a wall shear stress of 0.06
MPa). With increasing shearing time, the crystallization time saturates and highly
anisotropic growth ensues. This transition to oriented growth correlates with changes
in the transient behavior during flow and the semicrystalline morphology observed ex-
situ. During flow, we observe the generation of long-lived, highly oriented structures
(evident in the transient birefringence) under all conditions that induce subsequent
growth of highly oriented crystallites. In turn, the development of oriented crystallites
observed in-situ after cessation of flow correlates with development of a “skin-core”

morphology (highly oriented skin on a spherulitic core) observed ex-situ.
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Figure 3.1: Schematic of the optical train used for turbidity and birefringence mea-
surements. P1 is a linear polarizer oriented at 45° to the flow direction; P2 is a
polarizing beam splitter. The extraordinary beam from P2 is incident on detector D,
which reads the intensity of light through parallel polarizers, Ij. The through beam
is incident on detector D, which reads the intensity of light through perpendicular
polarizers, 1;.
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Figure 3.2: Turbidity of PP-300/6 as it crystallizes following a “pulse” of shear at
Teryst= 141°C and o,= 0.06 MPa for various shearing times, t; ranging from 0 s to
12 s. The lines indicate experimental data; symbols are sparsely distributed on the
lines to identify the experiments at different shearing times. Scattering of incident
light as the polymer crystallizes leads to increased turbidity. The crystallization time
decreases with increased shearing time, and the crystallization half time, t,/; (see
text) reaches a plateau after a shearing time of about 5 s (inset).
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Figure 3.3: (a) Relative intensity through crossed and parallel polarizers for PP-300/6
as it crystallizes following a “pulse” of shear at the same T, and o, as in Figure
3.2 (T¢pyst = 141°C, 0, = 0.06 MPa). t; = 2 s does not cause a significant increase in
the normalized intensity between crossed polarizers, I, /I;,; until multiple scattering
when the sample becomes very turbid gives rise to depolarization. (b) Longer shearing
times (t, = 12 s) lead to the birefringence going “over orders” indicating the formation
of a highly oriented crystalline structure.
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Figure 3.4: Micrographs (PLM-CP) of PP-300/6 crystallized at Tepyst = 141°C after
shearing at a wall shear stress of 0.06 MPa for t; = 2 s (a and b) and t; = 12 s (c and
-d) at the same experimental conditions as in Figure 3.3. The polarizer and analyzer
directions are at +45° to the long axis of the sample as indicated. Images on the left
show the flow-velocity gradient (1-2) plane, while those on the right show the velocity
gradient- vorticity (2-3) plane. After short shearing intervals (t; = 2 s), no oriented
structures are visible (a and b). Sufficiently long shearing times (t; = 12 s) induces the
formation of a characteristic skin-core morphology. The oriented skin region appears
bright when viewed down the neutral direction (c) and dark when viewed down the
flow direction (d) indicating that the skin has crystallites with cylindrical symmetry.
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Figure 3.5: Turbidity half time, t,/2, and time scale for formation of oriented struc-
tures, characterized by the time at which a maximum in I, /I, develops, ty/; as
a function of shearing time, t,. Note that both these time scales saturate above a
critical value of the shearing time, t.;.
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Figure 3.6: Transient intensity transmitted through crossed polars during shear pulses
at the same Tyys: and o, as Figures 3.2-3.5. The top part of the plot shows the pres-
sure imposed across the shear cell to turn the flow on and off. The imposed pressure
drop (and corresponding wall shear stress) reaches 80% of the targeted value within
40 ms, gradually reaching the set value over the first two seconds and falls to zero
within 40 ms when the actuator is switched off. This provides a good approximation
to a “box-like” profile. The bottom part of the plot shows the corresponding bire-
fringence traces for the experiments at different shearing times. The formation of the
nonlinear overshoot is evident at about 2 s. Later, at times where a melt would have
reached its steady state birefringence. there is a further upturn in the birefringence,
which does not relax to zero after cessation of flow.
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Figure 3.7: Shearing at a lower shear stress (0.03 MPa) at the same temperature
(141°C, causes an acceleration in the crystallization kinetics, but no upturn is ob-
served in the birefringence trace during shear (inset).
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Figure 3.8: (PLM-CP) in the (a) flow-velocity gradient (1-2) and (b) gradient-vorticity
(2-3) planes for PP-300/6 sheared at 0.03 MPa at T..s; = 141°C for 20 s.
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effects since higher temperatures (upto 240°C) or longer holding times did not

~ have any measurable difference on the crystallization kinetics.
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.The rise time is not limited by compression of the polymer in the reservoir, as

determined by experiments with various ratios of reservoir-to-capillary volumes

(Chapter'2). The time scale is not limited by diffusion of momentum either: the

‘time scale that governs the wall shear stress transient, 77, is on the order of w?/v,

where v is the kinematic viscosity of the polymer melt, leading to 77 ~ O(10~%s)

for the present experiments.
Ma, Q.; Ishimaru, A.; Kuga, Y. Radio Science 1990, 25, 419.

Nonlinear viscoelastic data obtained using a capillary rheometer indicate that
PP-300/6 is shear thinning. Fitting this data to a power law model yields a value

of about 0.38 forsthe power law exponent.

Hot stage polarized light microscopy melting studies of quenched sections of PP-
300/6 (T, yst 141°C, 0y, 0.06 MPa, tspeqr 12 s) show that the spherulitic core has
a lower melting temperature than the oriented skin. This suggests that the core

might have crystallized at a lower temperature than the skin.

Janeschitz-Kriegl, H. Polymer Melt Rheology and Flow Birefringence, Springer-
Verlag: 1983.

The trends showed by the birefringence on start up of flow (viz. initial overshoot
followed by an upturn) might appear, at first glance, to be similar to those ob-
served in shear stress by Wereta and Gogos'* (Figure 6) or Andersen and Carr!’

(Figure 5). This is misleading. The steep increase in force and the subsequent de-

‘cay between 10 and 20 s in Figure 6 of'* is the viscoelastic reponse of the polymer

melt to step strain. Neither the time scale nor the magnitude of the overshoot
observed in the rheometer torque in Figure 5 of'” change with the imposed strain
rate suggesting that the overshoot might be an artefact of the experimfental setup
(repositioning of the polymer, as suggested by the authors). In both these refer-
ences, the increase in stress at later times results from an increase in modulus of

the polymer due to crystallization with no evidence that these are oriented.
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Atactic polypropylene (M, 96300 g/mol; M,, 217000 g/mol; M, 407000 g/mol)
was sheared at a temperature of 150°C for shearing times of ~ 20 s at wall shear
stresses around 0.1 MPa. No upturn was seen in the birefringence observed during

shear.

Keller, A.; Kolnaar, H. W. H. Processing of Polymers. In Vol. 18; Meijer, H. E. H.,
Ed.; VCH: 1997; Chapter Flow Induced Orientation and Structure Formation.
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- Chapter 4 A Kinetic Pathway to
Enhanced Anisotropic Nucleation:

Implications for Nucleation Theory

4.1 Introduction

Investigations of nucleation and the factors that influence it are crucial to develop a
better understanding and control of crystallization. Recent studies indicate that the
formation of germ nuclei may be mediated by pathways not described by classical nu-
~ cleation theory. For example, numerical simulations'? were used to show that density
fluctuations near the critical point for metastable fluid-fluid separation in solutions of
globular protein-like colloids could lead to enhanced crystal nucleation. Such studies
provide valuable insights into the fundamentals of crystallization and can help design
optimal strategies for crystal growth. Very few experimental studies have probed
the earliest events 1éading to the inception of crystallinity since the investigation of
transient phenomena such as nucleation pose formidable challenges. Recently, Sirota
and Herhold?® used synchrotron WAXD to prove that crystallization of short n-alkanes
is nucleated via a transient metastable rotator phase while n-odd alkanes crystallize
directly into the stable triclinic crystal. They correlated this with the odd-even ef-
fect in thé crystallization of n-alkanes, thus showing that this previously mysterious
crystallization behavior is governed by the formation of the intermediate phase. The
implications of intermediate states for crystallization kinetics and morphology have
prompted investigations into the role of “non classical” pathways to nucleation in

4 as well.

other systems
In semicrystalline polymers, the nature of crystal nucleation and growth are

strongly influenced by the covalent connectivity along the polymer chain. Connectiv-
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1ty .t::cipc;logvica,ll;frﬁstrates crystallization, resulting in a hierarchy of kinetically de-
termined structures.>® The effects of chain connectivity are especially dramatic when
flow is imposed, since readily accessible deformation rates perturb the configuration of
" the slow relaxing macromolecules: the crystallization kinetics are accelerated,® nucle-
ation density is increased”® and oriented crystalline morphologies often develop.®9-10
As discussed in Section 3.1, theoretical models to explain flow effects on crystallization
have not enjoyed much success in predicting either the phase transformation kinetics
or the morpl;o_logy that develops: Models based on thermodynamic arguments!t:?
consistently underpredict the effects of flow and do not provide information about
the formation of anisotropic semicrystalline morphologies while the current state-of-

the-art models for flew induced crystallization!314

rely on geometric Avrami-type
nucleation and growth phenomenology, and cannot be used predictively since they
use an empirical coupling parameter to fit experimental data with no physical under-
standing of the factors responsible for enhanced nucleation. Thus, the fundamental
nature of the carliest events in crystallization remain mysterious, particularly under
the influence of flow. Considering that semicrystalline polymers represent about 65%
of the volume of the entire polymer industry and virtually all are subjected to in-
tense deformation as they are processed into final form, understanding flow-induced
changes in nucleation density and morphological anisotropy which profoundly alter

. material properties®1®

is of enormous technological importance.

While heterogeneous nucleation (through chemical®® or epitaxial'”!® interactions
with heterogeneities in the melt) typically dominates in quiescent crystallization of
polymers, the dramatic increase in the number of nuclei per unit volume induced
by flow appears to originate from the melt itself. Homogeneous nucleation has tra-
ditionally been viewed in terms of classical nucleation theory, which assumes that
nuclei of the crystal phase develop directly from the melt as a result of density or
conformational fluctuations. The model assumes that the nuclei are in contact with
the crystallizing melt and estimates the critical size for the nucleus to grow based

on the free energy penalty associated with this interface. Crystal growth then pro-

ceeds from these nuclei and the molecules order into superstructures at larger length
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:Séélés;s Turnblfll and Fisher? applied the theory of absolute reaction rates to the
ﬁucleation theories developed by Gibbs®! and Becker and Doring?? to determine the
rate of nucleation, r* as:

. kT (AG* + AG,)

where kgT is Boltzmann’s constant times the absolute temperature, h is Planck’s
cons,tant; AG? is the bulk free energy difference associated with the formation of
a cryétal phase in the melt and AG, is the energy of activation associated with
diffusion across the phase boundary. For a polymer, AG,/kgT can be assumed to
follow Williams-Landel-Ferry (WLF)** behavior and, thus, diverges near the glass

transition temperature, T,, as chain mobility goes to zero.

AGU . Cl(T - To)

= Gt (T=Td (T—To) (4.2)

where Ty ~ (T, - 50) and ¢; and c; are material dependent constants. The free energy
différence associated with formation of the crystal phase from the melt is negative for
temperatures below the equilibrium melting point, Tpy,, of the polymer and decreases
very rapidly below Tps,. Thus, the nucleation rate, r*, goes to zero near T, and near
Tao and has a maximum in between. Thus, according to classical nucleation theory,
the nucleatiqn rate for semicrystalline polymers far above T, decreases exponentially
as the temperature approaches the melting point.

Recent work has prompted a reexamination of classical nucleation theory for
éemicrystalline p.olymeré to account for the possible role of metastable states.? For
example, to account for the time dependence of scattering data from crystallizing
polymers,?>*=3% it has been suggested that the polymer melt might undergo a spinodal
liquid-liquid phase transition when cooled from above the equilibrium melting point,
and primary nucleation might occur from the metastable “dense” liquid phase.!
Aﬁ alternate “non-classical” theory invokes a size-dependent surface tension for the

nucleus-melt interface®?3* to postulate the formation of stable proto-crystalline ag-

gregates (athermal nuclei) which develop into lamellae below an “activation” temper-
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:aturé. Ifl rawdditii).n t6 these thermodynamic approaches, others®*=3" have speculated
that flow might lead to kinetics routes to crystallization. As the crystallization be-
havior (e.g:, lamellar thickness, crystallization half time, final level of crystallinity)
'might be determined by the intermediate states that lead to nucleation, it is impor-
tant to characterize the pathway to crystallization by in-situ real time studies. Here,
we present evidence that flow induced nucleation is indeed mediated by a kinetic

pathway.

4.2 Experimental

Shear enhanced crystallization of PP-300/6 was examined using the “short-term”
shearing protocol described in previous Chapters. A combination of in-situ, real
time rheo-birefringence and rheo-synchrotron WAXD was employed to investigate the
events during a brief interval of flow. The experimental set-up for the in-situ rheo-
birefringence studies is as described in Section 2.3.5. The flow cartridge was rﬁodiﬁed
for the in-situ WAXD studies. In the modified cartridge, synchrotron radiation is
incident on the polymer through ports in the sample cell sealed with 300um thick
beryllium windows (Figure 4.1). A conical aperture on one side of the sample cell
allows us to observe diffraction to angles (20) of up to = 35°. For ease of alignment,
-the entire shear device was placed on a translation’ stage allowing us to move it
perpendiculér to the incident X-ray beam. Data was acquired using a liquid nitrogen
cooled CCD (MAR-CCD) with a resolution of 1024 x 1024 pixels (pixel size = 128.8
pm). The detector was placed about 16 cm from the sample cell. The scattering angles
were calibrated using an a-alumina NIST standard. Experiments were carried out
at beamline X27C of the National Synchrotron Light Source, Brookhaven National
Laboratory, using an X-réy wavelength of 1.307A.A
' . The iPP melt was sheared at a fixed wall shear stress (0w = 0.06 MPa) that is
large enough to induce the transition to oriented growth,® and the transient orien-

tation created during and after flow was observed as a function of temperature using

bireffingence and WAXD.



4.3 Results

In Chapter 3, we determined that the formation of the ordered “shear-induced struc-
*ture” during flow at Ty = 141°C is manifested as an unusual monotonic increase
in thevbirefringe;lce after the nonlinear rheological overshoot upon startup of shearing
and is“correlated with the development of an oriented skin-core morphology. To un-
derstand the dynafnics of creation of these crystallization precursors, we examine the
effect of femperature. In-situ synchrotron WAXD is used to determine their nature.

nystallizat'ion experiments at 150°C, at o, =0.06 MPa, showed the same trend as
experiments at the lower crystallization temperature (141°C) and the same wall shear
stress (Chapter 3): the crystallization kinetics were accelerated as the polymer was
sheared, and the form-ation of oriented skin-core crystalline structures in the crystal-
lized samples was found to correlate with formation of the “shear induced structure”
during shear (data not presented). As expected, the quiescent crystallization kinetics
at 150°C was slower than at T, = 141°C by about an order of magnitude. The
“shear induced structure,” however, appeared at about the same shearing time as
observed at Ty = 141°C (about ts ~ 5 s, Figure 3.6).

In-situ WAXD was used to determine the nature of the oriented structures that
are manifested in the upturn in the birefringence. At 141 and 163°C, crystalline peaks
corresponding to the a-monoclinic phase of iPP*° appear during shear in a matter
of a few seconds (Figure 4.5 a,b)—orders of magnitude faster than the quiescent
crytallization time (Figure 4.3). Two-dimensional WAXD patterns obtained as the
polymer is sheared show that the crystallites induced by flow are highly oriented
(Figure 46) Thve‘scattering patterns corresponded to a uniaxial distribution of the
crystallites about the c-axis, which is predominantly parallel to the flow direction
(See Section 5.4). As expected, at 141°C, thesé “parent” crystallites are accompanied
by crystallographically branched “daughter” cross-hatched crystals,*!+42 urﬁque to the
a-form of iPP (Figure 4.6 a). Interestingly, these “daughters” form concurrently with
the “parents,” with little observable time lag (Chapter 5). These WAXD results

suggest that the upturn in the birefringence during shear comes from oriented a-
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:iPP.:crys.tal"litesf making the earlier upturn at 150°C compared to 141°C even more
éurpriSing. ‘

To exarnire the unanticipated temperature dependence of the formation of the
“shear induced structure,” we investigated the response of PP-300/6 to short-term
shearing at various temperatures at a fixed wall shear stress (Figure 4.2). Experiments
at fixed o, give rise to approximately the same average orientation of the polymer
chain segments in the melt. At higher temperatures, viz. at lower undercoolings, the
upturn in the birefringence develops at shorter shearing times (Figure 4.2 a). The
“shear induced structure” is observed even at temperatures as high as 175°C (above
the nominal melting temperature of about 170°C). Interestingly, the temperature
dependence of the time for the birefringent upturn, t,, is strikingly similar to that of
the melt dyﬁamics described by the rheological temperature dependent shift factor,

23.21 (50lid line, Figure 4.3). Therefore, the time for the upturn in the birefringence

ar
can be collapsed by rescaling the time axis for each experiment by a temperature
dependent shift factor, a’r, similar to the rheological shift factor (a'y ~ t,; Figure 4.2
b, Figure 4.3 inset).

Upon cessation of flow, the “shear induced structure” decays to a non-zero value
at temperatures below 170°C (Figure 4.4), while it decays completely for temper-
atures of 170°C and above. These “melt” shearing experiments and the formation
of the “shear induced structure” were found to be fdr less sensitive to temperature
fluctuations Iduring the experiment than might be expected for crystallization at low
subcoolings (see strong temperature dependence of tg in Figure 4.3). Thus, repro-
ducible results were obtained eveh with the +1°C level of temperature stability and
uniformity maintained vfor these experiments. While the overall shape of the bire-
fringence traces is robust, details such as the inflection in the experimental trace
at 160°C (Figure 4.4) were sensitive to subtle changes in experimental conditions
(perhaps, temperature variations in the shear cell). ‘

| Having identified the oriented structures manifested in the upturn as crystalline,

it is interesting to compare the time for the appearance of the birefringence upturn,

t, (filled symbols, Figure 4.3), to the time required for crystallites to appear in a
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quiescent sample (open sjrmbols, Figure 4.3). The quiescent crystallization time is a
strong function of temperature, slowing by two orders of magnitude with increasing
- femperatufe from 130 to 150°C; in contrast, the time for oriented crystallites to appear
undér the influence of flow, manifested in t;, is a weak function of temperature—
and o"(';‘curs at earlier times as temperature increases. Thus, the inception of flow-
induced crystallization appears to be regulated by the kinetics of development of
a particular anisotropic orientation state of the melt; once this orientation state is
reachéd, oriented crystallites appear to form immediately, regardless of the degree of
subcooling. |

Above 163°C, it is not possible to use WAXD to confirm that the birefringence
upturn is associated with generation of oriented crystallites, since crystalline peaks
cannot be resolved from the noise during shear (Figure 4.5 c¢,d). Nevertheless, the
inference that highly oriented crystallites are generated during shear at 168°C is
supported by the development of highly oriented crystallinity after cessation of flow
(Figure 4.5 ¢ and two-dimensional WAXD not shown) on timescales orders of magni-
tude faster than quiescent crystallization (extrapolated to be tg ~ O(10° s) based on
quiescent data shown in Figure 4.3). The peculiar birefringence upturn is observed
at temperatures up to 175°C — above the nominal melting point for iPP (T,,m &
170°C) (Figure 4.4). However, at 173°C, crystalline WAXD peaks are never observed
(Figure 4.6 d). This observation accords well with in-situ birefringence development
after cessation of flow® (Figure 4.4): at temperatures above 170°C, the upturn in
the birefringencé that is generated during shear relaxes to zero upon cessation of flow
rather than leadirig to the subsequent growth of oriented crystals. At 170°C and
above, the birefringent upturn that develops during flow simply relaxes away after
cessation of flow and the polymer does not crystallize, as éxpected for temperatures
at and above the nominal melting point. It was not possible to explore temperatures
above 175°C due to the low viscosity of the sample at higher temperatures (the uppef
limit on the shearing time is dictated by the 100 strain unit maximum as explained in

Chapter 2; above 175°C, even the longest admissible t, became too short to achieve



) 87
properly with our pneumatic system). Thus, we could not establish the upper limit

in temperature for the creation of oriented precursors.

4.4 Discussion

4.4.1 Dynamics that Control the Formation of Oriented Struc-

tures

The effect of temperature on the development of the peculiar upturn in the birefrin-
gence during shear is quite surprising. With increasing temperature, the quiescent
crystallization time imcreases strongly, due to the reduced subcooling. If the same
physics played a significant role in determining the kinetics of formation of the highly
oriented structures that form during flow, then they would form at later times with
increasing temperature. Instead the opposite behavior is observed (Figure 4.2 a):
with increasing temperature, the upturn in the birefringence occurs at earlier times.
This trend continues to hold even to temperatures above the melting point observed
by hot stage microscopy! Interestingly, the temperature dependence is very close to
that of the rheological time-temperature shift factor (solid curve, Figure 4.3). This
indicates that, while the “shear induced structure” shows crystalline WAXD reflec-
tions, its formation does not show the temperature dependence characteristic of a
nucleated process. Rather, it appears to be strongly influenced by the dynamics of
polymer chains in the melt. This temperature dependence is consistent with the
i‘ate—limiting step being' the creation of a given orientational state of the melt. The
stress-level largely sets fhe magnitude of the anisotropy that will be reached; the time
required to reach a given point in the transient orientation distribution after the flow
start-up decreases with increasing temperature.

The fate of the oriented structures induced during shear is very sensitive to tem-
pefature in the vicinity of the melting point observed by DSC or hot stage microscopy.
For temperatures of 160°C or lower, the birefringence does not fully relax after cessa-

tion of flow and the birefringence that remains starts to grow as soon as relaxation is
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complete (Figure 4.4). At temperatures of 170°C or 175°C, the birefringence relaxes
completely to zero after cessation of flow. Experiments by Mc Hugh and coworkers*44?

.. on the'crys'télhlization of an HDPE droplet in planar extensional flow indicate that the
| devélopment of strong orientation in the system during flow relaxes after the cessation
of flow for temperatures above the nominal melting point of the polymer (while for
lower femperatures, this leads to the development of oriented crystallites). In addi-
tion, Sakellarides and Mc Hugh?® observed fibrillar crystals of HDPE at temperatures
above the nominal melting point in the presence of localized, strong extensional gra-
dients and found they were stable for a few minutes after cessation of flow after which
they melted gradually.

4.4.2 Implications of Shear-Induced Structures Formed above
the Nominal Melfing Point

A recent theory proposed by Janeschitz-Kriegl and coworkers3%33

may provide insight
into the “shear induced structure” generated at high temperatures. They argue that
the free energy penalty from classical nucleation theory associated with the forma-
tion of an interphase is a function of the size of nucleus, and goes to zero as the size
decreases (leading to “athermal” nuclei). In the context of polymer crystallization,
this surface free energy term physically represents the energy associated with fold
surface at the amorphous-crystal interphase. On the basis of thermodynamic argu-
ments, they estimate the upper bound for the formation of a stable athermal nucleus
for iPP, T, ~ 170°C to 180°C. Athermal nuclei formed below this temperature are
always stable, while they are metastable between T, and the equilibrium melting
temperature of the polymer. Qur observations seem to accord well with this theory.
The picture that emerges then is as follows: Upoﬁ shearing a polydisperse polymer
melt below T,, the high molecular weight chains in the melt are strongly distorted
from their isotropic state. They can then form the “thread like precursors” that grow
off heterogeneities in the melt or the athermal nuclei. The fraction of high molecu-

lar weight chains might determine the concentration of the “thread like precursors”,
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which could account for the observed saturation behavior in t; /2 as a function of t,
(Figore 3.5). At crystallization temperatures of 140°C or 150°C, crystalline structures
~ might grow' off the “thread like précursors” in a very short time compared to the qui-
escent crystallization times (> 10* s) giving rise to the observed crystalline diffraction
spots that appear in a matter of a few seconds (Figure 4.5). This explanation is also
consistont with the temperature dependence of the time of formation of the ‘;shea,r
induced structures.” Further, it can be hypothesized that shearing the polymer melt
increases T, and thus, at temperatures around to 170°C, the athermal nuclei (and
consequently the “shear induced structures”) may disappear upon cessation of shear.

The strong dependence of the “shear induced structures” on rheological param-
eters indicates a direction for future studies to understand the molecular underpin-
nings of the “thread like precursors” in the shear induced crystallization model of
Janeschitz-Kriegl (described in Section 3.1). Our results suggest that the “missing”
time scale and the arbitrary critical shear strain rate in their model might be related
to the rheological time scales of relaxation of the melt. Our data also suggests that
the coupling parameters in the flow-induced crystalliztaion model of Mc Hugh et al.'
(described in Section 3.1) might depend on the chain length polydispersity of the
system. Thus, further studies with binary blends of low polydispersity “long” and
“short” chains might provide clues that could lead to a better understanding of the

model parameters.

4.4.3 The Role of Molecular Mass Polydispersity in the Cre-

ation of Precursors to Oriented Crystallization

The precursors created during flow template the structures that grow after cessation
of flow at temperatures below the nominal meltiﬁg point. A detailed investigation
(see Chapter 5) of the development of the oriented morphology at 141°C reveals that
the crystals that grow after cessation of flow retain the same fiber-like orientation
distribution as those induced during flow. FEz-situ optical®® and electron®® micro-

graphs of corresponding specimens quenched after shear crystallization reveal that
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the highly oriented crystallites develop in a row nucleated or “shish-kebab” morphol-
ogy: “pa,rent”. lamellrae (kebabs) grow radially from central line nuclei (shish) until
- they impin'ge.a Thus, the generatién of the threadlike precursors governs the morphol-
ogyland kinetics of development of highly oriented semicrystalline structure.

' E:v—sztu rﬁicroscopy (see Chapters 3, 5) shows that the shish-kebabs form only in
“skin” layers near each wall where the stress and deformation rates are highest during
flow. The spatial transition from skin to core regions in these micrographs is sharp,
indicating that the induction of the shish kebab morphology is a highly non linear
function of the stress. Highly oriented shish-kebab morphologies are observed only
for polymers with a broad distribution of chain lengths. For shear crystallization
experiments with relatively narrow polydispersity iPPs (M, /M,, ~ 2-3) of M,, above
and below that of the polymer investigated here, strongly oriented semicrystalline
morphologies are not observed. However, blending a small amount of high molecular
weight chains (M, ~ 825 kg/mol; PDI =~ 2.8; tacticity index based on a ratio of
the IR peaks at 998 and 973 cm™! = 0.906) into lower molecular weight material
(M, ~ 186 kg/mol, PDI = 2.16; IR tacticity index = 0.913) restores the tendency to
form oriented morphologies (Figure 4.7). These results accord well with qualitative
observations in the literature,*” showing that the slowest relaxing chains in a broad
distribution material are crucial for the formation of oriented morphologies.

The role. of dilute long chains suggests a molecular mechanism for flow mediated
anisotropic nucleation. While a fixed o, generates approximately the same average
level of orientation of chain segments, the slow relaxing, high molecular weight species
in a flowing polydisperse sample are more strongly perturbed from their equilibrium
configuration than the lower molecular weight species. We speculate that the oriented
local configurations generated in the vicinity of the highly distorted slowly relaxing
species preferentially form the precursors for oriented nucleation. This molecular in-
sight into flow-induced nucleation can be used to guide materials design enabled by
recent advances in catalyst chemistry*®? that provide exquisite control over synthe-

sis of semicrystalline polymers. Systematic control over polymer chain architecture
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translates to control over the macromolecular relaxation time distribution, and con-

sequently to control over the semicrystalline morphology of processed polymers.

4.5 | Co»nélusions

Observations of the earliest events that lead to anisotropic nucleation in seniicrys—
talline polymers subjected to flow reveal a kinetic, “non-classical” route to anisotropic
polymer crys‘;allization. The formation of order in a subcooled isotactic polypropy-
lene melt subjected to a brief interval of shear was examined using a combination
of in-situ structural probes (rheo-birefringence and rheo-synchrotron-WAXD). Ori-
ented crystallization precursors develop during flow, even at temperatures exceeding
the nominal melting temperature, T, of the polymer. These precursors form at
timescales that are governed by the dynamics of development of an oriented chain
configuration in the melt. Thus, the transition to highly oriented crystallization,
over a wide temperature range, is predominantly governed by the development of
this anisotropic orientation distribution of polymer chain segments rather than the
subcooling. The line-like precursors template the formation of oriented crystallites
which grow after flow cessation at temperatures below the nominal melting point,
Trom- At temperatures above T,,,, no crystalline growth is observed, indicating
that the precursors that develop during the short-term shearing relax after flow ces-
sation. Preliminary results with bidisperse blends of high and low molecular weight
isotactic polypropylenes implicate the slowest relaxing species (the high molecular
Weight chains) play a critical role in the formation of the oriented precursors, proving
that chains whose conformation becomes much more distorted than the average are

needed to form these precursors.
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Figure 4.1: Schematic of the shear cell used for in-situ synchrotron X-ray WAXD. The
beryllium windows are flush with the flow channel. The flow (1), velocity gradient
(2) and vorticity (3) axes are as indicated in the figure. Light propagates down the
gradient direction (2) in all in-situ optical experiments.
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Figure 4.2: Temperature dependence of the shear induced structure manifested in
the upturn in the birefringence during shear. In both plots the curves represent
experiments at 135, 140, 145, 150, 155, 160, 165, 170 and 175°C starting from the
bottom. The higher viscosity at lower temperatures meant that the polymer was
sheared for a longer time before a shear strain of 100 was reached. Birefringence
traces are shown as a function of (a) time and (b) rescaled time using a temperature
dependent shift factor, a'r, to superimpose the upturn in the birefringence. The
magnitude of the initial transient overshoot in I, /I;,; overlaps to within 25% with
the peak height decreasing with increasing temperature.
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Figure 4.3: Temperature dependence of the timescale for quiescent crystallization, tq,
and of the time to inception of the unusual upturn in birefringence during shear, t,,.
The triangles are peak times for crystallization measured using differential scanning
calorimetry while the diamonds are the time to reach turbidity of 0.5 from quiescent
experiments in our flow device. t, was obtained as the lowest point of a parabola fitted
to the birefringence trace near the upturn. The solid line is the WLF rheological shift
factor with respect to a reference temperature of 190°C. The inset shows birefringence
traces during shear plotted against rescaled time as a function of temperature.
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Figure 4.4: The intensity of light through crossed polarizers during shearing at
0w =0.06 MPa to approximately 100 strain units at the wall and after cessation
of flow. Note that the birefringence observed during shear decays completely after
shear cessation only at temperatures higher than 170°C.



Figure 4.5: Evolution of WAXD intensity during and after cessation of shear at
(a) 141°C, (b) 163°C, (c) 168°C and (d) 173°C. Traces have been normalized for
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Figure 4.6: Two-dimensional oriented WAXD patterns obtained during shear at (a)
141°C and (b) 163°C. Peaks from “parent” and “daughter” are evident in (a). Faint
110 peaks from the “parent” crystals can be seen in the indicated areas in (b).
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Figure 4.7: Ez-situ optical micrographs of shear crystallized isotactic polypropylene
viewed in the flow-velocity gradient plane through crossed polarizers (the direction
of the analyzer and the polarizer are as indicated). Strongly anisotropic skin-core
morphology is not observed when the narrow polydispersity, model materials are
subjected to extreme shearing: (a) shows the results when the low molecular weight
material (M, ~ 186 kg/mol) is sheared at o,, & 0.1 MPa for t; = 1.2 s (total strain
at the wall, v ~ 100 and (b) shows the results for the high molecular weight material
(M, ~ 825 kg/mol) sheared at o, ~ 0.1 MPa for t; = 300 s. However, in (c), we
observe formation of an oriented skin for short term shearing (o, ~ 0.1 MPa; t, =
1.25 s; v =~ 100) of a bidisperse blend of the model resins containing just 2% of the
high molecular weight material.
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Chapter 5 Analysis of the Formation of
the Oriented “Skin”

5.1 Introduction

Experiments‘that monitor transient morphological development en route to the final
microstructure in a polymeric product provide valuable clues regarding the influ-
ence of flow-induced 1iuclei on the kinetic and geometrical aspects of semicrystalline
structure formation. There is enormous commercial value in understanding the devel-
opment of semicrystalline morphology during and after flow: such understanding can
potentially enable the design of processing strategies guided by insight into the inter-
play between macromolecular flow dynamics and crystallization. For example, while
the role of flow in generating the row nucleated crystals had been recognized,'? it
was physical insight into the nature of transient structure development that led Keller
and coworkers® to develop a route to high modulus polyethylene fibers with superior
thermal and mechanical properties. By decreasing the subcooling as the polymer
crystallized after extrusion, they were able to generate an interlocked “shish kebab”
morphology of tapering interdigitated lamellae leading to exceptional performance. A
detailed understanding of the fundamentals of structure development during process-
ing remains elusive desf)ite a vast literature*1° thdt examines the effect of changing
resih composition (polymer characteristics and/or additives) or processing variables
on specific material properties. Most experiments that examine row nucleated struc-
tures mimic the high strain and strain rates typical of polymer processing dperations,
but the complicated thermal and flow history imposed make it difficult to infer the
molecular variables that control the semicrystalline morphology that develops.

In contrast to the processing-like protocols, the recent “short term” shearing ex-
11

periments devised by Liedauer et al.'! investigate flow effects on crystallization of a



. - 103
semicrystalline polymer under model experimental conditions by subjecting a fully
' relaxed polymer melt to a short burst of shear isothermally. Studies of the anisotropic
, morphologieé dévelopéd in the skin region under these model experimental conditions
| fevealed row nucleated structures similar to those formed under “strong” extensional
flows'12 or during injection molding.® Our in-situ WAXD and rheo-birefringence
studies of the initial stages of structure development using a similar experimental
protocol indicate that the melt anisotropy generated by flow provides a pathway to
enhanced nucleation of these oriented crystals (Chapter 4). Here we examine the ki-
netics and geometry of development of row nucleated crystals during and subsequent
to the formation of the flow-induced nuclei. To develop insight into the factors that in-
fluence morphological development, it is important to characterize the semicrystalline
morphology as it develops. Our rheo-turbidity results (Chapter 3) indicate that the
growth of crystals from the flow-induced nuclei saturates within a small fraction of
the quiescent crystallization time for shearing times greater than a critical shearing
time, t7. However, since turbidity is sensitive to other factors (such as the shape and
size of the scatterers) in addition to the degree of crystallinity, rheo-optical results
can only be interpreted qualitatively. To better understand the nature of crystalliza-
tion (kinetics, crystallinity index and crystallite anisotropy), two-dimensional wide
angle X-ray diffraction (WAXD) is required. Further, ez-situ electron microscopy of
samples extracted from the shear device at the end of the experiment provide detailed
morphological information that is required to verify the model suggested by the X-ray
studies. A combination of in-situ turbidity, birefringence and WAXD with ez-situ op-
tical and electron microécopy provides us information about structural development
at vérious length scales of interest.

In Chapter 3, in-situ birefringence and ez-situ polarized optical microscopy inves-
tigations showed that certain “extreme” shearing conditions led to the dexfelopment
of a highly anisotropic skin-core morphology. Here, we examine the transient devel-
opment of the oriented skin under “extreme” shearing (T ys: = 141°C for o, = 0.06
MPa and t; = 12 s in PP-300/6). We present in-situ synchrotron WAXD data and
ez-situ TEM micrographs that show that (i) highly oriented crystallites appear very
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rapidly (1072 tg at 141°C) during the shear pulse, and retain their orientation distri-

‘bution as crystallization proceeds (ii) cross-hatching is apparent from the beginning,
~and the ratio of parent to daughfer lamellae remains constant with te.ys:, (iii) most
.of the crystallization in the skin region takes place in the first 100 s, the same time
taken for the sample to turn turbid, and (iv) the morphology of the skin consists of
parent’lamella,e that radiate out from threads along the flow direction consistent with

the model of Liedauer et al 11

5.2 Experimental

Guided by our previdus rheo-birefringence and optical microscopy (Chapter 3) we
have selected a specific experimental condition that leads to the development of highly
oriented semicrystalline morphology. The experimental protocol for the condition
thus selected is as follows: the flow cell was initially held at T,.q, = 225°C and filled
with polymer melt from the reservoir. After holding at this elevated temperature
for 5 minutes (to erase the memory of the filling process and to melt any residual
crystallites), the cell is cooled to the crystallization temperature, Tpnyse = 141°C,
and held isothermal to within +0.3°C thereafter. Once the sample was at Tc.yst, the
relaxed, subcooled polymer melt was extruded at o,, = 0.06 MPa for a shearing time,
ts = 12 s.

In-situ synchrotron WAXD was used to follow the development of semicrystalline
morphology in PP-300/6 during and after the cessation of shear. The experimental
-setup for the synchrotrén WAXD measurements is as described in Section 4.2.

Ez-situ electron microscopy was used to study the morphology of the sample ex-
tracted from the shear device at teqyse = 1200 s and quenched into cold water. The
TEM images in this thesis were obtained by Ani Issaian (Caltech) in collaboration
with Prof. R. H. Olley (University of Reading, UK). Samples were prepared for TEM
using the permanganic etching method developed by Bassett and Olley'* or a modi-
fication of the same procedure.’® In both cases, a smooth surface in the 1-2 plane is

created by a diamond knife and then brought into relief by etching; the resulting to-



: 105
]__c‘)o’gr;dphy is replfcaﬁed using cellulose acetate, which is then shadowed and coated with
carbon. The cellulose acetate is then removed by solvent extraction, and the replica is
. examined usmg transmission electron microscopy. In the original procedure,! etching
’ .is performed by vigorously shaking the sample with a 0.7% w/v solution of potas-
siim permanganate in a mixture of 2 volume parts concentrated sulphuric acid and 1
part phosphoric acid for 30 minutes and the shadowing is performed using platinum-
carbon. In the modified procedure,'® etching is performed by vigorously shaking the
sample in a 1% solution of potassium permanganate in a mixture of 10 volume parts
concentrated sulphuric acid, 4 parts orthophosphoric acid (85%), and 1 part water
for 60 minutes and the shadowing is performed using tantalum-tungsten. Compared

with the previous mefhod, the modified etchant is better for revealing fine lamellar

detail.

5.3 Results

The evolution of crystallinity and its transient orientation distribution in PP-300/6
sheared at Ty = 141°C for 12 s at a wall shear stress of 0.06 MPa is monitored
using in-situ synchrotron WAXD. We begin by examining the two-dimensional WAXD
patterns generated in-situ as the polymer crystallizes.

Shea,ring_PP-?)OO/G at a wall shear stress of 0.06 MPa for 12 s at T.ys: = 141°C
gives rise to a strongly oriented fiber-like diffraction pattern (Figure 5.1). This pattern
appears during shear (Figure 5.1 a) and is essentially unchanged in shape at much
ionger times (teryst = 1200 s, Figure 5.1 b). A very weak near-isotropic ring is observed
for the 110 peak at 1200 s, resulting from a small fraction of crystallites that are not
highly oriented. The bimodal'®™*® diffraction patterns in Figure 5.1 are characteristic
of the monoclinic crystalline unit cell of the o phase. This distinctive pattern is
unique to isotactic polypropylene and is attributed to the crystallographic branching
of A“daughter” lamellae growing epitaxially with their a and c axes parallel to the ¢
and a axes of the “parent” lamellae respectively.l*124 The diffraction patterns in

Figure 5.1 may be interpreted in view of the uniaxial symmetry evident ez-situ by
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polarized optical microscOpy;33 and can be explained in terms of parent lamellae that
have their chain (c) axis aligned along the flow direction with a uniaxial distribution
~ about that direction and the b axes of parent and daughter lamellae parallel (Figure
‘5.2); It has been suggested in the literature®®?® that the imposition of shear on
isotactic polypropylene leads to an increased tendency to form the 8 crystal phase.
Howevér, in our experiments, the hexagonal diffraction pattern characteristic of the
B phase™?® is not observed. Further, neither the v phase®® nor the mesomorphic

phase29:30

are observed.

Two—diménsional WAXD patterns (such as those in Figure 5.1) can be circularly
averaged to generate plots of diffracted intensity as a function of the scattering vector
q (= ¥sinf) where A Ts the wavelength of the radiation used and 26 is the scattering
angle (Figure 5.3). Well established unit cell parameters for the o form of isotactic
polypropylene (a = 6.65 A, b =20.96 A, c=6.5 A, 8 = 99°80)2"3! can be used to index
the crystalline reflections as indicated in Figure 5.3. The absence of a clearly resolved
feature at q = 1.14A77 (where the 300 peak of the § phase is expected to appear)
indicates that no detectable 8 crystals are present. At T, = 141°C , crystalline
WAXD peaks appear by the end of ten seconds of shear (our time resolution in this
data set is limited by the acquisition time, which was set to 10 s; other experiments
at this Tc.yst and o, show that WAXD peaks emerge during the first 5 s of shearing;
note that at this T¢ys, the quiescent crystallization time by optical methods is on the
order of 10* s, Figure 3.2). The peaks grow rapidly until &~ 100 s (Figure 5.3), after
which they “saturate” and grow relatively slowly (Figure 5.3, inset). This accords
‘ ;Nell with “our in-situ rheo-optical turbidity data.>® The time scale for the level of
cryétallinity to “saturate” corresponds to the time taken for the sheared polymer to
become turbid.

This “saturation” behavior is also seen in the azimuthal scans at thé’ 110 peak
(Figure 5.4), which show a rapid initial increase in amplitude followed by a more
gradual change. Furthermore, since the parent and daughter peaks are resolved in
azimuthal angle, their respective full widths at half maximum (FWHM) can be used

to qualitatively assess the orientation distribution of the two populations (Figure 5.5).
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the parent and daughter peaks do not change significantly with time

The FWHM for
(Figure 5.5) indicating that the orientation distribution of anisotropic crystallites set
~ up during shear (12 s) does not change substantially up to 1200 s. The fraction of
.daughter crystals relative to the parent population is proportional to the ratio of the
areas under the respective peaks.®? This area ratio is also roughly constant (Figure
5.5) with time up to 1200 s.

The sheart?d sample is quenched into cold water at about 1200 s, much after the
time for the rapid growth in crystallinity to “saturate.” The sample is then sectioned
and the 1-2 surface is examined by TEM using the method developed by Bassett
and Olley.'* A low magnification image shows an oriented morphology in the skin
layer that transitions Sharply into a region that has anisotropic spherulitic structures
(Figure 5.6). At greater depths, the spherulites become progressively more isotropic
and larger in size. The skin region extends for about 60pum (the grid bar in Figure
5.6 obscures part of the skin). We infer that the oriented structures in the skin have
uniaxial symmetry since polarizéd optical microscopy® reveals the skin is birefringent
in the 1-2 piane and isotropic in the 2-3 plane. Thus, the skin is comprised of row
nucleated structures extending in the flow direction. Similar structures have been
observed in the skin layers in the experiments of Liedauer et al.!! and also by White
and Bassett.>* The spacing between the line-like structures, dj,., observed increases
from the wall inwards. The region of the skin near the walls was examined at a higher
magnification (Figure 5.7) to determine an inter-line spacing, dj;,. &~ 260 nm in the
outer 15 microns of the oriented skin. Due to the dense crystalline morphology in
%his region, the detailed structure of the line like feétures could not be observed. In a
regibn of the skin further away from the wall, near the boundary with the less oriented
region (Figure 5.8), the lines were less dense (djine & 700 nm). The lamellae that grow
perpendicular to the line-like features are clearly evident a,ndr show an interlamellar
spacing of about 30 nm. Cross hatched lamellar branches can also be observed in

some regions.
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5.4 Discussion
The present X-ray and electron microscopy experiments aim to answer specific ques-
' tjdns raised by rheo-optical observations made during flow and subsequent crystal-
lization of the present sample under these specific conditions. Rheo-optical results
presented in Chapter 3 (Figure 3.4) indicate that a long-lived, oriented structure is
induced during shear of PP-300 at the present conditions of T¢pyst, 0 and ts; how-
ever, »birefrin‘gence measurements do not enable identification of this structure (e.g.,
discrimina,ting. between anisotropic density fluctuations, an oriented rotator phase,
or a particular crystalline morphology of iPP). The observed correlation between
the induction of this.type of anisotropic structure during shear and the growth of
anisotropic érystallites after cessation of flow manifested in a large birefringence sug-
gests some sort of templating of the orientation of the crystallites formed after flow by
the long-lived structure created during flow; however, the optical data cannot suggest
the mechanism of templating. The development of turbidity, sufficient to effectively
extinguish the transmitted beam of light in th;i rheo-optical experiments, occurs at
approximately 100 s; this indicates the development of a crystalline microstructure
that strongly scatters visible light, but does not provide information on the morphol-
ogy of this microstructure or the extent of crystallization. Once the transmitted beam
is ext;inrguished7 no further information can be gained‘using these in-situ optical mea-
surements. Ee-situ polarized optical microscopy gives some information on the region
of the sample that might be responsible for the optical anisotropy observed during the
first 100 s. The 55 micron-thick oriented skin that is observed in the resulting images
provides an upper bound on the thickness of the region that contributes to the large
birefringence observed in real time during crystallization; however, polarized optical
microscopy does not allow us to more quantitati\;ely describe the orientation distri-
bution of the crystallites, nor the morphological arrangemen;c of the semicrystalline
microstructure within the oriented layer.
in-situ WAXD data presented here show that crystallinity develops during shear,

indicating that the birefringent precursor observed in the rheo-optical experiments
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is cfystalline « isotactic polypropylene The crystals that grow after shear cessation
retain the orlentatlon distribution that develops during shear indicating that the crys-
: ‘talhne precursor formed during flow templates crystal growth after shear cessation.

After the initial rapid increase in the crystallinity, the WAXD peaks “saturate” at
about“'lOO s. This accords well with the time scale for turbidity manifested in the
rheo-optical experiments. ez-situ TEM and optical microscopy® provide us with a
morpholdgical interpretation of the WAXD “saturation” and rheo-optical turbidity.
“Saturation” of WAXD occurs due to the impingement of lamellae that are nucle-
ated on uniaxial thread-like precursors in the skin, growing out radially. The spacing
between these thread-like structures (260 tp 700 nm) is on the order of the wave-
length of the light used ‘in the rheo-optical experiments explaining why they scatter
strongly and cause the development of strong turbidity in ~ O(100 s). In this section,
we discuss these observations and their implications for a geometric model of shear
enhanced crystallization.

One of the remarkable features of our data is that the orientation distribution of
crystallites growing from the thread-like precursors that formed during shear does not
change even after the cessation of shear. The uniaxial orientation in the skin layer
leads to a separation of the diffraction from parent and epitaxial daughter crystallites
for some reflections which can be exploited to determine the ratio of the individual
crystal populations and their orientations. Branched daughter peaks develop at the
same time as the parent peaks (within the resolution of our experiment) and grow
in proportion as the sample crystallizes. Electron micrographs show that the less
oriented layer that is observed adjacent to the oriented “skin” has a very different
lamellar orientation distribution from the skin (Figure 5.6). Therefore, the observa-
tion that the orientation distribution of the crystallites remains essentially unchanged
during the first 1200 s implies that little crystallization occurs in the less 6fiented re-
gions on a timescale of O(10® s). That only a small amount of crystallinity develops
in the core regions over this time (which experience very low shear strain rates®®)
accords well with our quiescent in-situ WAXD and turbidity measurements®*3¢ (qui-

escent crystallization time, tg & 10* s). Thus, we interpret the optical and X-ray



N 110
signalé during the‘ﬁrst 1200 s as arising predominantly from the outermost 60um
skin fegion near each wall of the shear cell. The “saturation” of the crystallinity
_ after 100 s 'sﬁégests that crystalliéation of these outer layers reaches very nearly its
.ultir‘nate extent at 141°C within approximately 100 s.

A physicai explanation for the rapid “completion” of the skin (in one hundredth of
tg) and the correlation between the turbidity and WAXD crystallization times (both
~ 100 s) emerges from the morphology of the skin seen in the electron micrographs.
The spacing between the shear lines in the skin increases from about 260 nm near the
wall of the flow cell to about 700 nm near the inner boundary. The time taken for
crystals growing radially from lines separated by 700 nm to impinge can be estimated
to be around 105 s uging a literature value for the linear growth rates of o iPP =
0.2 pm/min at T = 140°C (obtained from quiescent DSC studies of polymers with
similar levels of tacticity®”?¢ to PP-300/6). Use of the quiescent value for the linear
growth velocity is justified since it has been shown that the growth velocity of crystals
is unchanged by the imposition of flow®® or a change in the nucleation geometry.*
An impingement time of 105 s agrees remarkably well with the duration of the initial
rapid growth in crystallinity from our WAXD data, and suggests that the thread-
like precursors generated during shear nucleate the growth of oriented crystals in the
skin. Even though the growth velocity of lamellae in row structures is not discernibly
different from that in spherulites, the simple geometrical factor of growing from row
nuclei means that the cylindrical semicrystalline structures that result will tend to
occupy a larger volume fraction-even when the row nucleation is sparse and of similar
spacing to that of the spherulites.?* These crystals then grow at their quiescent growth
rate until they impinge.

The resemblance between the oriented crystallites observed in injection molding
or fiber extrusion experiments and the shear experiments described here énd in the
literature'! is striking. The crystalline structures observed in the skin region in our
samples are similar to the row nucleated shish kebab structures typically observed
in the “shear zone” in injection molded samples.®!73%4 It is commonly believed

that the fibrillar nuclei for these oriented crystals are created by the extensional



L 111
foun’taﬁn flow at fhg advancing flow front as the mold is filled. The oriented crystallites
in oﬁr experiments also resemble those present in high modulus polyethylene fibers
~ studied by Keller and coworkers émong others.>*?% In their studies, oriented crystal
‘prerclursors were produced in the extrusion direction due to extensional flow imposed
on poI'yethylehe; these served as row nuclei for lamellae that grow out from the central
: precuréor until they impinge, leading to the formation of high modulus materials.
Since extensional flows are excluded by the short term shearing experimental protocol,
these experiments, in accord with earlier work by Liedauer et al.,'! demonstrate that
shear is sufficient for the formation of these oriented crystallites. The fact that thread-
like precursors can be generated by various flows and that there is a sharp skin to
core transition (Figure 5.6) suggests that their formation is governed by a “critical”
configurational distortion of the melt.!%43-46

Our experiments argue for rheological control of the formation of the oriented
skin: (i) the skin has uniaxial symmetry (ez-situ optical micrographs®®) with row
nucleated structures growing along the flow direction (TEM presented here); (ii)
the temperature dependence of creation of the oriented precursors follows that of
the melt rheology — in stark contrast to the temperature dependence of quiescent
crystallization.®® Taken together, these results indicate that chain elongation in the
flow direction generated during flow governs the morphological and kinetic transition
to skin formation. In rheological terms, the primary normal stress difference plays a
dominant role, in accord with the strong nonlinearity of flow-induced effects. Further,
this suggests a molecular perspective on the role of chain length polydispersity which
strongly. affects the genéra,tion of skin-core morphologies.'> When flow is imposed on
a polymer with a broad distribution of molecular weights, high overall deformation
rates can be accessed since the average chain length, and consequently, the viscosity
are modest. This deformation rate is fast compared to the relaxation time of the
longest chains, causing their conformation to become particularly distorted. These

chains, which become elongated in the flow direction, appear to play a critical role in

the cascade of events that leads to the row nucleated structures.
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The data presented here supports the physical picture captured by the phenomeno-

logical model of Liedauer et al.'! Thread-like precursors oriented in the flow direction
are generatéd auring shear. These precursors lead to the formation of oriented lamel-
‘la'e with their chain axes along the flow direction that grow radially from these lines
until fhey impinge. In isotactic polypropylene, the a parent lamellae are also accom-
paniedvby the associated daughter lamellae. However, the molecular variables that
control the density of these lines, their generation and relaxation rates, and the “criti-
cal” shear stress that leads to oriented growth are not fully understood. Experiments
with model systems that are underway in our laboratory hold promise for providing

important clues regarding these unsolved puzzles.

5.5 Conclusions

By observing the growth of the oriented skin induced by a brief “pulse” of shear, we
not only see that the crystallization of the skin is essentially completed in roughly
1% of the quiescent crystallization time (for the present conditions), but further gain
insight into how this rapid “completion” occurs. In a matter of seconds, thread-
like precursors are generated during shear in the high stress regions (less than about
55 microns from the wall); these thread-like precursors develop with a high density
(a mere 250 to 700 nm apart). Primary lamellae are nucleated on these threads
and forced to grow radially (with little non-crystallographic splaying) due to the
geometric constraint imposed by the dense lateral packing of lamellae. Consequently,
i:he orientation distribution created during flow pefsists to the point where lamellae
frorri adjacent thread-like precursors impinge. Thus, we have been able to observe
in real time the events that have been hypothesized to explain the row nucleated
morphology since Keller and Machin.!? |

By the end of the shear pulse (12 s), the relative degree of crystallinity in the
skin reaches 20% of its saturated value which is reached in 100s; thereafter it re-

mains nearly constant to over 1000s. The saturated degree of crystallinity reflects
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a densely crystallized, fully impinged structure. The time for impingement accords
with literature values of the quiescent growth velocity.

The strbﬁé orientation of the ‘crystallites exposes the interesting fact that cross

" hatched lamellaé appear almost immediately, growing simultaneously and in propor-

tion to the parent lamellae.

5.6 Summary

In-situ synchfotron WAXD was used to follow crystallization in a polydisperse iso-
tactic polypropylene during and after a brief interval of shear under isothermal con-
ditions. A specific flow history was selected from the range that induces a highly
oriented skin core morphology.?® At the chosen crystallization temperature (Te st =
141°C, characteristic time for quiescent crystallization, tg ~ 10* s), crystalline WAXD
peaks emerge during the brief interval of shear (o, = 0.06 MPa, t, = 12 s) showing a
highly oriented fiber-like diffraction pattern; primary lamellae with c-axis orientation
were present‘, along with their associated crosshatched daughter lamellae. The crys-
tallinity grew rapidly during the next 100 s (~ 1072tg) after cessation of shear, and
very slowly after that. Further, for the first 1200 s, the orientation distribution did
not change from that generated during the shear pulse. ez-situ transmission electron
microscopy showed a characteristic skin-core morphology with a thin skin region con-
sisting of oriented crystallites near the walls of the shear device, adjacent to weakly
anisotropic spherulites farther from the walls. This indicates that the in-situ WAXD
arose from crystallites in the oriented skin. The skin consisted of densely nucleated
thread-like line structures from which a-phase crystalline lamellae radiated. The
spacing between the row nuclei in the skin increased as a function of distance from
the wall of the shear device. Our data suggest that the la,méllae grow from a central
thread until they impinge at about 100 s to form the dense crystalline structure in

the skin.
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Figure 5.1: In-situ two-dimensional WAXD patterns obtained as PP-300/6 crystal-
lizes under shear (T,.y: = 141°C, 0, = 0.06 MPa, t; = 12 s). The flow direction is
horizontal. (a) is obtained by acquiring data for 10 s as the polymer is being sheared
and (b) is the diffraction pattern obtained at toys: = 1200 s using an acquisition time
of 40 s. The data have been normalized for acquisition time; the normalized intensity
at the 040 peak is 85 for (a) relative to 518 for (b).
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Figure 5.2: A schematic model for the alignment of the parent and daughter lamellae
in the oriented crystallites that explains the diffraction patterns in Figure 5.2 (see
text). The crystallites have uniaxial symmetry about the flow direction.
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Figure 5.3: As PP-300/6 crystallizes, the evolution of crystallinity can be monitored
using circularly averaged “powder” patterns, normalized for data acquisition time.
The data is vertically offset for clarity. The inset shows scans at teryse = 175 s, 400 s,
750 s and 1200 s without an offset.
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Figure 5.4: Azimuthal scans at the 110 peak show the change in the crystallinity
and the orientation distribution of crystallites as PP-300/6 crystallizes. The data is
scaled for acquisition time and vertically offset for clarity.
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Figure 5.5: Characteristics of the orientation distributions: the full width at half
maximum (FWHM) for parent and daughter peaks and the ratio of the areas under
daughter and parent peaks as a function of time. The first data point is at 15 s.
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Figure 5.6: A low magnification TEM that shows the skin-core structure in shear
crystallized PP-300/6. Note that the transition from the oriented skin region to the
less oriented region appears sharp even at this magnification. The modified etching
procedure was used to prepare the replica for this TEM image (see Experimental
section).
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Figure 5.7: A magnified image of the oriented skin near the edge of the sample. The
inter-line spacing, djine, is about 260 nm in this image. The Bassett and Olley etching
procedure was used to prepare the replica for this TEM image (see Experimental
section). ‘
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Figure 5.8: A magnified view of the oriented skin far from the sample edge, near the
transition to unoriented structures, shows details of the lamellar structures in the
skin. The primary lamellae are perpendicular to the flow direction. The inter-line
spacing, djine &~ 700 nm. The white arrows indicate regions where cross-hatching is
apparent. The Bassett and Olley etching procedure was used to prepare the replica
for this TEM image (see Experimental section).
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~Chapter 6 Analysis of In-situ
Synchrotron X-ray Data

6.1 Introduction

The properties of a semicrystalline polymer product are determined by the level of
crystallinity and the hierarchical arrangement of crystallites’ at the unit cell (A-
scale), lamellar (nano%cale) and gross macroscopic-level (micron-scale). In isotactic
polypropylene, for example, it is well known? that the unusually long flex life of in-
jection molded hinges is due to the unique epitaxially-branched morphology®* (also
called crosshatching) exhibited by the a-crystalline form. Thus, it is reasonable to
expect that the frequency and extent of crosshatching influence the mechanical prop-
erties of thek final product, and it is of great interest to ascertain the factors that
determine crosshatch density and the spatial distribution of the lamellar branches.
FEx-situ investigations of quiescently crystallized samples suggest® that the nucleation
geometry (point-like versus surface versus line-nucleation, i.e., spherulitic, transcrys-
talline or row-nucleated) does not influence the lamellar thickness or cross hatching
frequency in the crystallites. However, the influence of flow history on crosshatching
has not been investigated.

~ Other interesting asﬁects of processing-induced structure development in semicrys-
talline polymers also remain incompletely understood, making it very challenging to
realistically model processing operations. For example, during injection molding, the
crystallizing polymer experiences spatially-dependent levels of stress and total ac-
cumulated strain that could lead to undesirable skin-core morphologies.®” Further,
processing operations are typically nonisothermal®: crystallinity develops in films as

9,10

they cool during blowing, and in extrusion, as the hot polymer melt contacts

the cold walls of the mold during filling.”1!1? Therefore, there is a need for well
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defined experiments to sépafately characterize the roles of flow history and crystal-
lization température in the development of semicrystalline morphology, before we
. can un-dersfér;d their cumulative offect. Our previous investigations revealed that the
| transition to oriented growth during flow-induced crystallization is mediated through
a rheologically-controlled kinetic pathway (Chapter 4). Thus, the critical anisotropic
chain oonﬁguration required to generate precursors to anisotropic crystallites is ac-
cessed at earlier times after start-up of flow at higher temperatures.!®> However, the
consequences of the generation of these precursors on the temperature-dependence
of subsequent morphological development remain to be investigated. Therefore, this
chapter examines the effects of stress, duration of shear and temperature on the
crystallization kinetics and morphology development.

X-ray scattering*:1°

provides a tool to characterize the semicrystalline microstruc-
ture from the unit cell level (Wide angle X-ray Diffraction, WAXD) to the ordering of
lamellar stacks (Small Angle X-ray Scattering, SAXS). Intense X-ray radiation avail-
able at synchrotron sources, having photon fluxes roughly two orders of magnitude
higher than conventional laboratory rotating anode sources, reduce the data aqui-
sition time required to achieve reasonable signal to noise, and permit us to acquire
time-resolved information about the evolution of structure in-situ.'®

For semicrystalline polymers, WAXD can be used to determine an estimate of the
crystallinity by comparing the intensity of the crystalline peaks from the sample to
those from standards (external comparison), or from the ratio of the crystalline peak
intensity to the amorphous halo (internal comparison).!*!® Two-dimensional WAXD
patterns can also be used to estimate the degree of orientation of the crystallites
from an analysis of the distribution of intensity from the diffraction peaks along the
azimuthal angle.!” | |

SAXS is used to characterize semicrystalline morphology at a length scale on the
order of 10 to 100 nm. The periodicity of semicrystalline lamellae (long spacing) can
be determined based on the scattering ahgle at which the SAXS peak appears, while
the integral intensity of SAXS scattering (called the invariant) is a measure of the

crystallinity in a spatially homogeneous sample.}*!®* Examining the distribution of
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. o A
intensity along the azimuthal angle at the peak position for two-dimensional SAXS

patterns provides information about orientation distribution of the lamellar stacks.
Thus, a wealth of information can be obtained by combining information from
'the in-situ evolution of SAXS and WAXD as a sample crystallizes and interpret-
ing the scattering based on ez-situ morphological investigations using electron mi-
croscopy. While, crystallization of polymers under quiescent or near-quiescent con-
ditions has been studied using a combination of synchrotron SAXS and WAXD,'®-2°
there are very few studies in the literature that adopt this experimental approach

1.21 examined structural

to flow-induced crystallization. Recent work by Pople et a
development in polyethylene subjected to shear under isothermal conditions, using a
combinatibn_of in-sitd WAXD and ez-situ TEM. They found that a high degree of
orientation was observed in the final morphology when the polymer melt was sub-
“jected to a shear rate above a critical value. They noted that the formation of row
nucleated structures observed in the TEM depends on the molecular weight distribu-
tion in the sample. Further investigations of this nature are required to elucidate the
route to crystallization in polymers subject to flow, and to develop a model for the
development of anisotropic crystalline structures.

In this Chapter, we focus on in-situ synchrotron SAXS and WAXD that com-
plements our previous in-situ rheo-optical and ez-situ microscopy. We re-examine
“the shearing condition analyzed in detail in Chapter 5, that gives rise to a strongly
oriented skin-core morphology to outline the method of data analysis used to ex-
tract structural information from the X-ray data. These methods are then used to
examine the influence 6f shearing conditions (Wall shear stress, shearing duration
and vcrystallization temperature) on the development of semicrystalline morphology.
Finally, we examine the implications of the combination of in-situ rheo-optics and X-
ray scattering with ez-situ microscopy for a mechanistic deséription of semiérystalline

microstructure development in polymers subjected to flow.
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6.2 Experimental

The effects.of .wall shear stress (0w), shearing duration (t;) and crystallization tem-
-perature (T¢ryst) on development of semicrystalline morphology are studied using the
short-term shearing approach®*?* described previously (Chapter 3). We use in-situ
synchrotron X-ray scattering (A = 1.307 A, to probe the development of semicrys-
talline order: both SAXS and WAXD are employed to elicit detailed structural infor-
mation about ‘the extent of crystallization and its orientation.

The experirhental setup for the synchrotron WAXD measurements is the same
as in previous Chapters and is described in Section 4.2. The setup for small angle
studies is similar to WAXD. Our modified shear cell has a conical aperture to enable
observation of scattered X-rays to angles (20) of up to 35°, and the flow cartridge is
sealed with 300pm-thick beryllium windows (see Figure 4.1). As before, the shear
device is placed on a translation stage for ease of alignment. A liquid nitrogen cooled
two-dimensional CCD detector (MAR-CCD) is used to acquire data for both small
and wide angle experiments. An a-alumina NIST standard is used to calibrate the
scattering angle for WAXD, while a silver behenate standard is used for SAXS. The
CCD is placed about 16 cm from the shear cell for the WAXD measurements. For
the SAXS, the CCD is placed at a distance of about a meter from the shear cell,
and an evacuated chamber is used between the shear cell and the CCD to reduce air
scattering.

All the synchrotron X-ray scattering experiments were conducted at beamline X-
27C of the National Synchrotron Light Source (NSLS), at the Brookhaven National
Laboratory, in collaboration with Prof. B. S. Hsiao and Dr. F. Yeh (both SUNY-Stony
Brook), and Dr. R. Verma and P. Wang (Caltech).

6.3 Results

We begin this section with a detailed examination of synchrotron SAXS and WAXD

data that trace the evolution of semicrystalline microstructure for a particular shear-
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ing Cohdition thdt gives rise to anisotropic skin-core morphology (Teys: = 141°C; o,
= 0.06 MPa; t, = 12 s; see Chapters 3,5). The method of analysis used to extract
~ structural p5£ametefs is outlined', setting the stage for investigating the effects of

shearing conditions (0wy ts and Teryst) on the time course of morphological develop-

ment.”

6.3.1 Analysis of Synchrotron SAXS and WAXD

Upon subjecting PP-300/6 to conditions severe enough to induce the formation of
skin-core morphology, the crystallization kinetics are tremendously accelerated; highly
oriented WAXD and SAXS patterns develop in a matter of seconds (Figure 6.1) at a
temperature at which the characteristic time for quiescent crystallization (based on
rheo-optical data?*) is tg & 10* s. The two-dimensional WAXD patterns indicate the
formation of a bimodal population of crystals — consisting of parent lamellae (showing
c-axis orientation along the flow direction) and their associated epitaxial daughter
lamellae (See Chapter 5). The strong uniaxial symmetry of the oriented crystals
generated during flow is preserved as the polymer crystallizes after flow cessation
(Figure 6.1 d, top row, teys: = 1200 s, analyzed in detail in Chapter 5).

Under these shearing conditions, the SAXS also develops a highly oriented pattern
with lobes along the flow direction (Figure 6.1, bottom row). Faint second order peaks
along the flow direction can be observed for data acquired over long acquisition times
(viz. improved signal to noise ratio; Figures 6.1 c,d, bottom row) indicating the high
degree of ordering of the oriented parent lamellae. Weak lobes due to scattering from
the daughf,er lamellae can also be observed in the SAXS at about 80° to the flow
direction. During the initial stages of crystallization, data is acquired with a time
resolution of 10 s. Given this resolution, the development of SAXS and WAXD appear

simultaneous.
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Analysis of SAXS
Structural information can be extracted from the two-dimensional SAXS patterns by
~ . analyzing sectiops along different directions of interest: for example, the development
of lamellar stacks with normals along the flow direction can be probed by examining
a sect.i.on in that direction, i.e., I(q) along the line marked F in Figure 6.1 ¢, bottom.
Simildﬂy, we also examine sections along the direction perpendicular to flow (F)
and along the lobes from the daughter lamellae (D). Due to the large angle made
by the daughter lobes with respect to the flow axis, their overlap contributes to the
intensity along I, ; thus there is no substantial difference between analysis of data
along I, and D. Corr&paring the growth of scattering intensity in these sections ver-
sus the circularly-averaged powder pattern provides information regarding the rate of
development of oriented crystalline lamellae versus overall development of crystalline
structure. The powder patterns are analyzed after performing the Lorentz correction
which accounts for differences in scattered intensity based on the geometrical orien-
tation of the scatterer. The Lorents corrected intensity is given by q%Ip, where Ip is
the raw circularly-averaged powder pattern data.

Analysis of the correlation function?® or the interface distribution function?®?’

have been in the literature?®?°

used to obtain detailed structural information re-
garding the thickness of crystdlline and amorphous stacks, and the nature of the
crystal-amorphous interface. However, these methods typically assume a lamellar
stack morphology with variation of electron density along one dimension. Apply-
ing these advanced methods of analysis to the a-form of isotactic polypropylene is
complicaﬂed since the one-dimensional model is not applicable to the crosshatched
morphology.®® However, information regarding the long spacing and the invariant
can be conveniently extracted.3!:3?

The position of the maximum in the SAXS intensity (q*) is used td determine
the long spacing, Lg (= 27/q*). As an example of our analysis we present data
acquired at te .y = 3250 s (Figure 6.2). As expected, the long spacing determined

from the Lorentz-corrected powder pattern is shifted to a lower value (Lp = 25.4 nm)
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éompéred to the uncorrected powder pattern (Lp = 29.2 nm). From the sections
along the F, I, and D-directions (plotted on the same scale as each other), it is
~ obvious that the SAXS peak intensity is much stronger along the F-direction, and
‘thervefore, dominates the powder-averaged pattern. Analysis of the F-section yields a
value of Lp = 26.8 nm, similar to that from the Lorentz corrected powder pattern.
Since the intensity of the SAXS peak along the F, and D-directions is compdrable
to the intensity around the beamstop, the peaks are not well resolved and appear
as shoulders making it difficult to analyze the data along those sections. Thus, the
uncertainty iﬁ our estimate of L = 28.9 nm along F'; and D is large. As the polymer
crystallizes after shear, the Lp calculated from the Lorentz-corrected powder pattern
and from the F-sectioh remains essentially constant (Figure 6.2, inset).

The SAXS patterns can also be used to obtain an estimate of the orientation
distribution of the crystalline lamellae by examining the azimuthal intensity at the
peak radial value. A Lorentzian peak shape was determined to give a good fit to the
azimuthal data (Figure 6.3, inset shows an example of the fit). The full width at
half maximum (FWHM) obtained from the fit increases gradually from about 6° to
8° indicating that the pronounced orientation of the parent lamellar stacks along the
flow direction that develops during the 12 s of shear remains substantially unchanged
t0 teryst 2 3000 s, after cessation of flow.

Having examined the geometrical aspects of the morphology such as the long spac-
ing and degree of orientation, we now focus on the SAXS invariant and compare it
to the WAXD crystallinity index (Figure 6.4). The invariant, Q = [~ 1 dq (where
i is either the intensity' along the F, F, or D—secﬁons, or the Lorentz-corrected in-
tenéity of the circularly-averaged powder pattern) is a measure of the mean-square
fluctuation of the electron density in a scattering system. For a spatially inhomo-
geneous lamellar two-phase sample such as in our experiment, Q is propbrtional to
< zi(1 — 21)Ap® > where z; is the local crystallinity, Ap is the electron density dif-
ference between the crystal and amorphous phases and < .. > represents a spatial
average over the scattering volume.'*'> Since we cannot collect SAXS data over the

entire g-range required to calculate the invariant (0< q < 00), in practice the data is
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1415 in the limit q — oo.

extrapolated linearly to 0 at low q* and using Porod’s law
According to Porod’s law:

Jim o*(1 - 1) =K (6.1)

where I is the experimental SAXS data, I, is the liquid scattering (fitted with a
constant) and K is the Porod constant.

Thé invariant éalculated from the F-section, Qr, rises sharply over the first 100 s of
crystallization and then remains approximately constant to about 1000 s, after which
it shows a gradual decrease. We attribute the rapid increase to the development of
crystalline lamellae along the flow direction, while the slow decrease in Qr at longer
teryst might be due o development of crystallinity in the interlamellar regions or
perfection of the daughter lamellae which would lead to a decrease in the effective
Ap within the oriented parent crystallites. The invariant computed from the powder
analysis, Qp, rises quickly over the first 100 s, and continues rising at a slower rate
thereafter. Analysis of the invariant along the daughter direction, Qp, is less reliable
since the intensity around the beamstop makes it difficult to extrapolate the SAXS
data to q = 0. The growth of Qp shows a similar trend to Qp, increasing rapidly in
the first 100 s and then gradually at longer times. As expected, the magnitude of the
Qp is about an order of magnitude smaller than Qr due to the irregularities in spacing
between the daughter lamellae and the small size of the correlated daughter-stacks.
The increase of Qp and Qp at la,rgé teryst in contrast to the decrease in Qp indicates
the gradual development of crystallinity, probably in the less oriented regions of the
sample. This accords with ez-situ TEM (Figure 5.6) that indicates the formation of
less oriented crystallites at greater depth than the oriented skin, towards the center

of the shear cell.

Analysis of WAXD

Rigorous methods for determining the degree of cry stallinity are based on internal
comparison and involve correcting the WAXD data acquired from an isotropic sample

for thermal motions and lattice distortions, in addition to geometric contributions and
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polairization.33’14’15 Further, this analysis requires data to be acquired with high signal
to noise up to very large scattermg angles. More commonly, a crystallinity index is
: 4determmed from correlations for specific polymers based on the areas under major
diffraction peaks at lower scattering angles.>® Here, we define a crytallinity index
simply as a ratio of the crystalline intensty of the powder-WAXD pattern to the total
(crystal + amorphous) intensity.

Thus,> the WAXD crystallinity index, x., is calculated from the circularly averaged
powder pattern (Figure 6.5) and is given by:

Jo” 9*1l.dq

Xe = 1 ldq (6.2)

-

where 1. is the intensity of the crystalline peaks above the baseline and I is the total
~scattered WAXD intensity. The crystallinity index is dominated by the crystalline
peaks at low g values and does not account for distortions of the crystalline lattice
that suppress the crystalline intensity at high q values. Intensities of the crystalline
peaks were obtained from the WAXD pattern by fitting: an “amorphous” baseline
was fit by rescaling the magnitude of a function that fit the experimental WAXD from
an amorphous melt, and a set of crystalline peaks were represented by a combination
of Gaussian and Lorentzian line shapes chosen by visually determining the quality of
- the fit. The “amorphous” halo includes scattering froﬁl air and the berylliufn windows
of the flow éell.

The crystallinity index increases rapidly in the first 150 s to a value of about 0.06
and then increases to about 0.12 over teryst = 1200 s. Since our estimate of x, does not
account for the distortions of the crystalline lattice that lead to a “loss” of crystalline
intensity, and since the amorphous halo includes scattering from air and the beryllium
windows, X, represents a lower bound for the crys;ca,llinity. In the initial temys ~ 150
s, crystallites develop only in & 55 um skin regions near eabh wall of the 500 pm
shear cell, while very little if any crystallization takes place in the near-quiescent core

(Chapters 3, 5). Since x. represents a spatial average over the entire width of the
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shear cell, the crystallinity developed in the skin at the end of 150 s exceeds 0.27
(0.06 x $22).

The WAXD X, data shows aﬁ abrupt break at 150 s which is an artifact of the
data a,cquisition‘ system: the first 10 data points (up to tys = 150 s) were acquired
rapidiy to capture the sharp initial increase (acquisition time = 10 s/ data point)
after which longer acquisition times were used to improve signal:noise. However, we
observe a change in the shape of the amorphous halo in the WAXD after the first
stage of data acquisition which is manifested as a break in x.. We do not know the
reason for this change in the shape of the halo.

Based on a qualitative analysis of the WAXD data and ez-situ TEM, we infer
(Chapter 5) that cry%taﬂlization under these shearing conditions proceeds via the
rapid formation of oriented crystals in the skin regions. Lamellae grow radially from
- central “shish” structures and impinge at about 100 s after which crystallization
continues at a slower rate in the less oriented regions of the sample. Our analysis of
the SAXS invariant agrees well with this model (Qr and Qp grow rapidly during the
first 100 s, but at longer times QF shows a small gradual decline, while Qp shows a
gradual and modest increase). For the WAXD x, too, growth in the initial ~ 150 s
is rapid, and slows down at later times. However, the rate of growth of x, beyond
teryst = 150 s is more rapid than we would expect based on the SAXS. We analyze
the reasons for this in the last part of Section 6.3.2.

We examine the intensity at the 110 and 040 peak positions due to diffraction from
crystals by subtracting the appropriate baseline value (indicated in Figure 6.5). The
diffraction from the parent and daughter 110 planes are separated in azimuthal angle
for the 110 peak, but are both at the same azimuthal position (along the meridian)
for the 040 peak. For increased confidence in the fit, we fit the 110 and 040 peaks
simultaneously. The same ratio of the widths of parent and daughter peéks is used
to fit both the 110 and 040 data, and the ratio of the areas under the parent and
daughter peaks is the same after a geometrical correction for the angle made by the
plane normal to the axis of symmetry. We present the data and the fits for the
WAXD data at teyse = 1200 s as an example (Figure 6.6). The data was fitted with
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a constant baséline value and Lorentzians for each of the parent and daughter peaks.
The baseline represents scattered intensity from the non-oriented crystals while the
J area_under' fﬂe Lorentzians représents scattering from the oriented crystals. The
angﬁlar separation between the daughter crystal peaks, §, (Figures 6.1 b, 6.6) is =~
34°, l(SWer than the expected value of 36.8° for the idealized case of perfect uniaxial
orientation. Such deviations have been explained in the literature!” to arise due to
curving and twisting of crystal lamellae that give rise to the broadening of the crystal
peaks along the azimuthal direction.

The azimuthal widths of the 110 and 040 parent and daughter peaks obtained from
the fits remain essentially constant with crystallization time (Figure 6.7 and Chapter
5) and compare well V\'fith the FWHM obtained by fitting the SAXS azimuthal scans.
Further, the amplitude of the Lorentzians fitted to the parent and daughter peaks
(which are proportional to the intensity since the widths of the peaks are unchanged
with teys:) increase rapidly and in concert for the first ~ 100 s after which they
saturate (Iigure 6.8). On the other hand, the a,mblitude of the baseline (which is
proportional to the fraction of unoriented crystals) increases slowly with time after
about 100 s. bThus., the ratio of the baseline value to the area under the oriented
parent and daughter peaks, which is a measure of the ratio of the unoriented crystal
fraction to the oriented, increases with crystallization time to tepyse = 1200 s.

Using the methods of analysis developed in this section, we now examine the effect
of shearing conditions-shearing duration (t;), wall shear stress, (o,,) and temperature

T,rust)-on the rate and morphology of crystallization.
- y . .

6.3.2 Effect of Shearing Conditions on Crystallization

In terms of the effects of shear history on the morphology of crystallization, the qual-
itative trends are evident by inspection of the two-dimensional WAXD .and SAXS
patterns (Figure 6.9). Increasing the applied stress from below (o, = 0.03 MPa) to
above (o, = 0.06 MPa) the threshold value for inducing highly anisotropic crystal-
lization ((ogrit = 0.047 MPa at 141°C, Chapter 3) causes the structure to change from
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a modestly aligned orientation distribution (even for t, as long as 20 s at o, = 0.03
MPa) to strong fiber-like orientation (even for t; as short as 2 s at o,, = 0.06 MPa).
; 'Increasing the shearing time incfeases the degree of orientation while reducing the
ratié of daughter to parent crystals. Increasing the crystallization temperature from

141°C”t0 150°C for o, = 0.06 MPa reduces the ratio of daughter to parent crystals

while retaining the strong fiber-like orientation.

Geometrical Aspects:

The long-spacing is unaffected by o, and t; and remains essentially constant at
the same value as for quiescent crystallization at a given T..y s (Figure 6.10).

The extent of orientation that develops when the polymer crystallizes is very sen-
sitive to the wall shear stress and shearing duration. Azimuthal scans of SAXS at
q* and WAXD at the 110 and 040 peaks were fitted with Lorentzians to determine
 the FWHM, a qualitative measure of the orientation distribution. The angular dis-
tribution of the oriented crystal population is largely established during the shearing
duration and varies weakly if at all after cessation of flow. A separate population of
poorly oriented or isotropic crystallites grows in as well, but on a longer timescale.
With increasing shearing time, the degree of alignment of oriented crystals and their
rate of formation both increase. At 141°C, for o, = 0.06 MPa, the orientation sharp-
ens dramatically as t, increaseé from 0.5 to 12 s (Figure 6.11): for t; < 1 s, the 110
peaks are too broad to determine the FWHM?3? ; for t, = 2 s, the 110 peaks for
the parent crystallites have a FWHM that increases gradually from 10° to 13° over
~ approximately 2000 s; and for t; = 12 s, these peaks have a FWHM of only 7-8°,
remva,ining- essent.ially unchanged from 15 s to 2000 s. The timescale for growth of the
oriented crystal population decreases from roughly 1700 s for t; = 0.5 s to approxi-
mately 100 s for t, = 12's (Figure 6.11 a versus d). The ratio of parent to daughter
crystals associated with the oriented material increases with increasing shearing du-
ration: for ts < 1s, the daughter peaks appear more prominent than the parents;
the two sets of peaks have similar heights for t; = 2 s; and for t; = 12 s of shear, the

parent peaks are stronger than the daughters. In this most oriented case, an estimate
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of 'the.rati'o of parent to daughter crystaﬂite content can be computed to be 3.65 —
based 6n the areas of their respective peaks after accounting for a geometrical factor
~ for the a,ngl'e‘ made by respective érystals to the symmetry axis.!”-36

| The wall shear stress, 0y, has a much more pronounced impact on shear enhanced
orientation than the shearing duration, t;. A comparison of the azimuthal scans for
crystallization of PP-300/6 at T, = 141°C, o, = 0.03 MPa and t, = 20 s‘ with
experiments at a higher wall shear stress, o, = 0.06 MPa reveals that much lower
shearing durations, ts between 0.5 s and 1 s, are required to produce the same extent
of orientation at the higher o, (compare Figures 6.11 a,b and Figure 6.12 b). It is
interesting to note that while the total strain at the wall (estimated by measuring the
amount of sample ext}uded during shear) is approximately 100 for t, = 20 s at o,
= 0.03 MPa, the total strain for-t; = 1 s at ¢, = 0.06 MPa is only about 10. Thus,
at constant T'..,s: and either constant ts; or 4, crystallites are much more strongly
oriented and develop much more rapidly and have higher parent to daughter ratio
following shear at higher o,,.

At higher Tnyse (150°C), the trends with shearing duration are similar to those
at the lower crystallization temperature (Figure 6.13): with increase in shearing du-
ration, there is an increase in the extent of orientation and in the ratio of oriented
parent to daughter lamellae in the oriented population; the FWHM of the oriented
azimuthal peaks remains essentially constant with t.,s;. The most noticeable effects
of increasing T,y are to decrease the ratio of daughter to parent crystals (cf., t; = 12
s for 141°C/0.06 MPa and t, = 6 s for 150°C/0.06 MPa), and to slow crystallization
kinetics. This trend in daughter to parent ratio accords with literature reports of a
decrease in the density of crosshatches with temperature.?”3845 The ratio of the un-
oriented crystal fraction to the oriented increases very gradually at 150°C compared
to 141°C since the quiescent crystallization kinetics slow down by close tb an order

of magnitude with the increase in Tepys.

SAXS Invariant and WAXD Crystallinity Index:
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Our SAXS invariant and WAXD crystallinity data confirm our previous rheo-
optical results.(Cha,pter 3) and accord well with the literature!'??: shearing the poly-
: .r'ner leads to :a, rapid acceleration in crystallization kinetics. It is not possible to
| quaﬁtitatively compare the numerical values of the invariant, Qp and the WAXD x,
calculéted from powder patterns for different shearing conditions even after normaliz-
ing the data for acquisition time and incident X-ray intensity due to the effect of the
orientation distribution on scattering, and due to the change in the ratio of parent to
daughter crystals with shearing conditions (see end of Section 6.3.2). Nevertheless,
it is instructive to examine the buildup of various measures of crystallinity following
different shearing conditions and compare their relative growth rates.

The acceleration of the growth of the overall crystallinity vis a vis that of the
oriented population can be assessed by examining the transient growth of the SAXS
invariants, Qr and Qp, and the crystallinity index computed from the WAXD data.
With increasing shearing duration, the rate of formation of lamellar stacks with nor-
mals along the flow direction increases (Figure 6.14). For sufficiently short shearing
durations, the acceleration in formation of the oriented lamellae is similar to the accel-
eration of crystallization as a whole: for the shortest t; shown for each o,, and T¢pyst,
the time course of QF and Qp have similar shapes (i.e., the flow-induced acceleration
is roughly isotopic).

With increasing shearing duration, a separation of timescales emerges, with the
oriented crystallites growing rapidly in the early stages. This change is evident in dif-
ferences in the shapes of Qr(t) and Qp(t); the oriented population shows a relatively
fast initial rise, then flattens; whereas the overall population grows not only with the
oriented population at first, but continues to build up even after Qr plateaus. The
inception of the plateau is evident in Qr at 141°C for o, = 0.03 MPa; t, = 20 s and
0w = 0.06 MPa; t, = 0.5 s. For strongly oriented cases (e.g., 141°C, o, = 0.06 MPa,
ts = 2 sor 12 s or 150°C, o, = 0.06 MPa, t; = 8 s), the long time plateau in QF is
quite pronounced. During the long time plateau in Qp, the overall crystallinity con-

tinues to grow in a manner similar to quiescent crystallization (for example, during
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the Qr plateau at 141°C, Q p rises with time at a rate between that of the quiescent
case éhd perhaps double that rate).

The qudlité,tive trends in the time course of overall crystallization indicated by Qp
are dlsp evident in the WAXD crystallinity index, x.. At the end of Section 6.3.2, we
discusb's' the change in the relative rates of increase of x, and Qp with the transition
from’orviented growth at early time to unoriented growth at later times.

The overall trends in the invariant and x. at 150°C are qualitatively similar to
those at lowe_r Teryst: for lower tg, the SAXS invariants increase gradually as does the
WAXD crystallinity index, while for shearing durations that lead to highly oriented
crystallization (t; > 6 s), Qp and x. increase monotonically, while QF increases over
about 400 s after which it starts declining gradually.

For milder shearing conditions at 150°C (for example, t; = 1 s) where crystallinity
does not develop as rapidly as for t; = 8 s, the proximity of the SAXS scattering to
the beamstop makes the SAXS peak appear as a shoulder close to the beamstop. This
makes it difficult to extract the SAXS invariants since extrapolation of the intensity
to low q cannot be done reliably. Thus, while x. data (at t; = 1 s) indicate the
gradual development of crystallinity with te.ys, the SAXS invariants show, at best, a
very modest increase.

The SAXS invariant along the F-section (0.06 MPa, t, = 8 s) is considerably
higher compared to lower temperature 141°C (0.06 MPa, t, = 12 s). However, the
magnitudes of Qp are comparable in the two cases: this is because at a higher T¢,ys,
the SAXS peak appears at lower q, and in the Lorentz-corrected powder invariant
(q*Ip), the increase in Ip is offset by the shift to smaller q. While the extent of orien-
tation (Figures 6.11 d and 6.13 c) and the WAXD x. (Figure 6.14) that develop under
these conditions are similar, the almost threefold higher magnitude of the plateau of
Qr at 150°C than at 141°C is surprising. We speculate that the increasedﬁsca,ttering
intensity at higher T, might arise due to a change in the local crystallinity, x; in
the lamellar stacks and/or due to the decreased extent of crosshatching at the higher
temperature, which would give rise to a higher effective electron density difference

within the parent lamellar stacks.
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It is more difficult to ihtefpret the difference in the height of the Qp-plateau with
‘increasing ts (ﬂts =2stot, = 124 s at 141°C and o, = 0.06 MPa, Figure 6.11 c,d)
. simply in térms of the increase in effective electron density resulting from a change
in cross hatchiné since there is also a changé in the orientation distribution for the
two sﬁearing conditions. This change in the orientation distribution affects both the
WAXD and the SAXS. For WAXD, there is a decrease in the total diffracted intensity

from the éryst.alline peaks with increase in the extent of uniaxial orientation (see next

Subseétion). Thus, we expect that the ratio of the “true” crystallinity after ~ 100 s

Xc(te=125,bcryet=100s)
Xc(ts=28,teryt=1003)

for t; = 12 s compared to t, = 2 s is greater than ( = 2.5, Figure
6.14). As the degree of crosshatching is lower at t; = 12 s compared to 2 s, the
effective electron dens;ty contrast within the oriented parent lamellar stacks increases
with shearing duration. Consequently, we would expect that the ratio of the Qg-
plateau for t; = 12 s compared to 2 s at & 100 s would be greater than 2.5. However,
we find that this ratio is &~ 2 (Figure 6.14). Thus, the decrease in crosshatching alone
is not enough to explain the difference in the SAXS Qr plateau values with shearing

duration. For this, we need to consider the effect of the change in the orientation

distribution on thevSAXS invariants relative to the WAXD x..

Changes in SAXS Relative to WAXD

There is an interesting change in the SAXS patterns with increase in the extent of
crystallinity relative to the corresponding change in the WAXD. For samples subjected
to “strong” shearing, the rate of increase of Qp is slower relative to x, at longer
times when less oriented crystallization takes place (Figures 6.4, 6.14). The most
significant contribution to this effect probably arises from the change in the orientatioln
distribution on the scattering intensity: for SAXS, the iﬁtensity from isotropically
distributed lamellar stacks is greatly reduced as compared to oriented lamellae with
their normals along the flow direction; however, for a-phase iébtactic rpolypropyrlérne,
there is an increase in the diffracted crystalline intensity for an isotropic distribution
of crystalline unit cells compared to uniaxial orientation about the c-axis for the

parent crystals. Another contribution to this effect is that WAXD diffraction from
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Crystailine'units in the daughter lamellae for c-axis oriented samples is comparable
to that from parent crystals while the SAXS intensity from the daughter lamellae is
~ much weaker relative to the pareﬁts (Figures 6.1, 6.4 and 6.6). This might be due
‘to the weaker degree of long range ordering of the daughter lamellae relative to the
parents leading to a decrease in the SAXS intensity, but which does not significantly
affect the WAXD. ‘

We examine the effects of orientation distribution on the WAXD and SAXS in
detail. In the WAXD experiment, for uniaxial orientation of crystals along the flow
direction, the geometry of the Ewald sphere dictates that the density of crystal plane
normals is lowest when the crystals are oriented along the flow direction. Since the
diffracted intensity is 'prbportional to the number of crystal planes that are in the
Bragg condition, an isotropic distribution gives rise to a 10 to 30% higher average
“intensity from the significant WAXD peaks for the a-form as compared to uniaxially
orientation along the flow direction (see Equation 6.3). The ratio of the diffracted
crystal intensity from oriented crytals relative to that from an isotropic distribution

of the same number of plane normals is given by!":

oriented 2
isotropic  mcos(#)sin(e) (6:3)

where 6 is the Bragg diffraction angle and ¢ is the angle made by the normal of the
crystal plané to the symmetry (flow) direction. Thus, a smaller number of crystal
planes distributed isotropically could give rise to the same WAXD crystal intensity
as a larger number oriented in the flow direction. For SAXS, it is easy to see that
the scattering intensity from lamellae arranged such that all their normals are along
the flow direction will be much higher to lamellae with their normals distributed
isotropically. Thus, as a less oriented popula,tioﬁ of crystals begins to grow, the

relative increase in the SAXS powder invariant, Qp, will be smaller than the increase

observed for the WAXD x..
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6.4 Discussion
6.4.1 Comparison of X-ray Scattering with Rheo-Optics

Our in-situ syncﬁrotron SAXS and WAXD data on the influence of shearing con-
ditions “on micfostructural development accord qualitatively with and provide new
insights into results from in-situ rheo-optical measurements (Chapters 3, 4) and ez-
situ microécopy (Chapters 3, 5). Previously, we observed that for “mild” shearing
conditions (viz. ‘low wall shear stress, o,, = 0.03 MPa or short shearing durations,
ts < 4 s at o, = 0.06 MPa) at 141°C, we do not observe the formation of tran-
sient oriented structures manifested in the birefringence during flow (Chapter 3), nor
an’ anisotropic skin-core morphology in ez-situ microscopy. WAXD shows that weak
anisotropy is present and strong daughter populations form; the combination of these
two characteristics leads to the observation of negligible birefringence. On the other
hand, for “strong” shearing, viz. t; > 4 s at o, = 0.06 MPa, the birefringent upturn
is observed during shear due to the formation of unaxially oriented crystall'ites in the
high shear skin regions. The birefringent upturn correlates with ez-situ evidence for
formation of an oriented skin near the walls of the shear cell and a relatively less
oriented core farther from the walls (Chapter 3).

In the corresponding X-ray scattering experiments, we observe that the extent
of orientation increases with the wall shear stress and duration: shearing at o, =
0.03 MPa leads to only modest orientation even for t; = 20 s (Figure 6.12), corre-
lating with the absence of strongly oriented crystallites from rheo-optical data and
microscopy. The crystallites formed at o, = 0.06 MPa get progressively more oriented
with increase in t; (Figure 6.12). Comparing the SAXS invariants, Qp and Qr with
the WAXD x, at o, = 0.06 MPa and t; = 2 s, we observe ‘tyhat crystallites oriented
along the flow direction form in the initial toys & 100 s (Figure 6.14), but the extent
of orientation of these crystals (from the FWHM of the WAXD 110-azimuthal data;
Figure 6.11) is lower than for “strong” shearing, viz. t; = 12 s at the same o,. From
the absence of skin-core morphology in the ez-situ micrographs at t,s = 2 s, it appears

that the nucleation density and orientation of the crystals that develop under these
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conditions is insufficient to give rise to a skin-core morphology. For “strong” shear-

ing, the orlented a crystals of isotactic polypropylene that are observed by WAXD

J durlng shear (correlatlng with the formation of the birefringent upturn; Chapter 4)
are densely nucleated and template the formation of highly oriented crystals after
flow cessation (correlating with the skin-core morphology observed ez-situ; Chapter
4).

A comparison of the in-situ birefringence to the WAXD immediately prior to and
following the cessation of shear provides further information regarding the nature of
the birefringent upturn. Our WAXD evidence (Chapter 4) unambiguously correlates
the upturn in birefringence during flow with the formation of oriented o crystal-
lites. However, after cessation of shear, the birefringence decays rapidly to a non-zero
residual value for “strong” shearing (Figures 3.6 and 4.4). Since our WAXD x. data

- does not exhibit a corresponding drop immediately after cessation of shear, we con-
clude that the decay in the birefringence is not due to melting of oriented crystallites
formed during flow. Rather, we speculate that it is due to the elastic “snapping
back” of polymer molecules distorted by the imposed flow, that are tethered to the
growing crystal. The rapid decay of the birefringence, is then, in good accord with
the timescales for stress relaxation expected at these temperatures. This distortion of
the polymer chain configuration due to flow might also account for the rapid increase
in crystallinity during flow, evident for “strong” shearing (e.g. o, = 0.06 MPa, t; =
12 s at Tepyse = 141°C, Figure 6.6).

The increase in the ratio of parent to daughter lamellae observed in the azimuthal
dlstrlbutlon of WAXD intensity for the 110-reflection (Figure 6.12), with increase in
shearing duration is interesting. While it is tempting to rationalize the change in
parent:daughter ratio by recourse to the high nucleation density and high degree of
orientation of the line-like precursors for higher shearing durations, this is'” not satis-
fac_tory since White and Bassett® have demonstrated that, under quiescent conditions,
the degree of cross-hatching and the thickness of the cross-hatched lamellae are in-
dependent of the anisotropy of nucleation. Instead, we speculate that the increase in

parent:daughter ratio with shearing duration arises due to the enhanced nucleation
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and growth of parent crystals compared to daughters during flow. Polymer chains
stretched out in the flow direction lead to rapid nucleation and growth of the par-
. ent l_amella,é ‘((h;hain axis in the crysta,l along flow direction) relative to the daughters
(chdin axis in the crystal nearly normal to the flow direction). Crystals formed after
flow céssatioﬁ are however, expected to form with a lower parent:daughter ratio, typ-
ical of quiescent crystallization, since the stresses relax very rapidly after cessation
of flow. As a considerable fraction of the crystallization in the skin develops during
flow (éspecial_ly for “strong” shearing), the enhanced parent:daughter ratio generated
for the crystals during flow skews the overall ratio in the final crystalline structure,
giving rise to the observed effect of shearing duration on parent:daughter ratio. The
decrease in parent:dau'ghter ratio with t..,s from cessation of flow to impingement in
the skin, that is expected from this picture, is evident in Figure 6.11 d.

The large daughter population explains why we do not see the in-situ birefrin-
gence rise to high values for o, = 0.06 MPa and t; = 2 s, even though the X-ray
data indicates the formation of oriented crystallites (Figure 3.3). Since the crossed-
polarizer intensity is a measure of the difference in the refractive indices along the flow
direction and perpéndicular to it, an increase in the density of crosshatched lamel-
lae, that grow almost perpendicular to the flow-aligned parent lamellae, will lead to
a decrease in the overall optical anisotropy. Thus, for these strongly cross-hatched
crystallites, I, /I;,; does not go “over orders” and only rises gradually to 0.5 at long
times due to depolarization caused by multiple scattering from developed crystallites.
Such morphological insight cannot be obtained from optical data alone.

Since scattering of visible light by the crystallites that leads to turbidity in the in-
situ rheo-optical measurements is dependent on the shape, size and optical anisotropy
of the scatterers, it is very difficult to interpret the originlof the turbidity based on
the invariant or x.. However, it is interesting to note that for “strong” shearing
co_hditions (141°C, o, = 0.06 MPa, t; = 12 s), %, builds up very rapidly at short
times (= 100 s), and in fact, by the end of the shear pulse, it attains about 25% of
the value ultimately attained at & 1000 s. For milder shearing conditions, the growth

in x. is more gradual.
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" The ez-situ electron microscopy of the skin-core structure for the “strong” shearing
experiment (141°C, 0w = 0.06 MPa, t, = 12 s; see Figures 5.6 - 5.8) provide us with
. a morphologic;),l model for interpfetation of the in-situ X-ray scattering. The TEM
indiéates the formation of row nucleated structures with lamellae that radiate from
the ceﬁtral line. The spacing between these rows increases as we move away from the
wall from about 260 nm near the wall to about 700 nm at the transition from the
skin to the core. Since the periodicity of these structures is similar to the wavelength
of light used in the rheo-optical experiments, they scatter light strongly. Thus the
development of these structures correlates with the sample turning turbid in the rheo-
optical experiment and with the increase in x, and the invariants in WAXD and SAXS

respectively. Such morphological insight cannot be obtained from optical and X-ray

data alone, and requires the incorporation of ez-situ TEM.

6.4.2 A Mechanistic Description of Shear Enhanced Crystal-

lization

Our rheo-optical, X-ray scattering and microscopy data, taken together, suggest a
mechanistic model for shear enhanced crystallization. As PP-300/6 is sheared at
141°C at o, = 0.06 MPa, the chains in the polymer melt are distorted and exhibit
a nonlinear overshoot due to stretching‘of chains in the flow direction upon start
up of flow. This overshoot is observed at about 2 s in the in-situ rheo-birefringence
experiments (Figure 3.6). The temperature dependence of the upturn in the bire-
fringence indicated that the transition to oriented “shish-kebab” structures is rate
limited by the attainment of a critical level of orientation of the chains locally, and
thus, is controlled by the melt rheology (Chapter 4). At o, = 0.06 MPa, the critical
oriented chain configuration for transition to oriented growth is reached by the highly
distorted high molecular weight chains in PP-300/6 and line like precursors develop
(Chapters 4, 5). These precursors immediately nucleate the development of lamellae

that grow radially away from the center.
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Rheological control of the route to anisotropic nucleation mediated by the forma-
tion of oriented precursors (suggested by our rheo-optical X-ray scattering and TEM
. data) indicav,t‘eé that the slow rela,xing high molecular weight species in the sample play
4a prbminent role in anisotropic crystallization. In a polydisperse sample, even though
the a,v"e'rage level of chain orientation is constant at a fixed 7., not all the chains are
equally distorted. The strongest conformational distortion is suffered by the slowest
relaxing species in the melt (for example, the high molecular weight chains).>® We
speculate that .the highly anisotropic chain segment distribution in the vicinity of
these high molecular weight species leads to the formation of the oriented precursors.
This speculation accords well with literature reports of the effect of high molecular
weight species in the fBrmation of oriented structures during flow induced crystalliza-

40,41,21

tion, and is supported by recent work from our laboratory using model narrow

distribution isotactic polypropylenes*? and bidisperse blends of the model resins (see
Chapter 4).

In the short term shearing experiments on PP-300/6, we speculate that these
precursors are nucleated at a constant rate in the high shear regions as the poly-
mer is sheared for longer durations until the high molecular weight species is “used

”

up.” The nucleation density at short shearing durations (for example, t, = 2 s) is
low, and consequently, only a modest overall orientation is developed (Figure 6.11),
and a pronounced skin-core morphology does not develop (Figure 3.4). For “strong”
shearing (t; = 12 s; teryst at saturated plateau value), line-like precursors are densely
nucleated in the skin region. As a consequence, the orientation distribution set up
during shear persists as crystallization ensues to develop a highly anisotropic skin.
Once the line-like precursors form, lamellae start growing radially. The increase in
WAXD x, (Figure 6.14) suggests that, for “strong” shearing conditions, a significant
amount of the crystallization in the skin takes place during flow (proba,bly'aue to the
distortion of the chain configuration which promotes crysta;llization); and crystzﬂlizé;
tion is essentially complete when the crystallites grow to impingement. The parent

to daughter ratio during flow is also observed to be higher than after flow-cessation.

After cessation of flow, the polymer melt relaxes rapidly, and further crystallization
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froym'- the “precﬁfsqr templates” proceeds under quiescent-like conditions with the
corresponding parent to daughter ratio.

To verify .Whhether the crystallifes do indeed show the transition from sparsely nu-
‘ .cleat'ed and less-oriented to densely nucleated and highly oriented, we examine ez-situ
microgra,phs of PP-300/6 subjected to short-term shearing for increasing durations
of shea,f, at Teryst = 141°C and oy, = 0.06 MPa (Figure 6.15). All the samples were
quenched after holding for t.ys = 21600 s, long enough for the sample to become
turbid even under quiescent conditions. Since our supply of PP-300/6 had been de-
pleted by our previous experiments, these experiments had to be performed on a
sample which showed slight visible discoloration after sample preparation. This sam-
ple crystallized more rapidly than the original PP-300/6 (quiescent t;/, smaller by a
factor of less than 2); however, the trends observed for the dependence of t;/; with t,
are similar to those for the original PP-300/6, despite the shift to lower values. Also,
similar to the behavior of the original sample, the upturn in the birefringence appears
at about t, & 4 to 5 s, and the formation of strong orientation in-situ correlates with
the formation of this upturn. Thus, we feel that inferences drawn from the trends
observed for the development of microstructure in the ez-situ micrographs are robust
and would qualitatively hold for the original PP-300/6. Polarized optical micrographs
of sections in the 1-2 (flow and velocity gradient) plane for samples subjected to ts
=1s,2s,4 s and 8 s indicate that there is no orientation for t; < 2 s (Figures 6.15
a,b). For t; = 2 s (Figure 6.15 b), mild orientation is noticed as sparsely nucleated
lines appear near the walls of the shear cell. For t, > 4 s (Figure 6.15 ¢,d), a fully
developed skin-core mofphology is evident. The thickness of the skin region remains
essentially constant with t; > 4 s and is similar to the thickness observed for the skin
in our previous experiments for t, = 12 s (Figure 3.4). The voids in the middle of
the samples observed in the micrographs is due to rupturé of the sample near the
center of the shear cell in response to stresses set up in the sample as it contracts and
the volume shrinks. These micrographs suggest that the model captures the essential
physics that underlies shear-enhanced crystallization. Electron micrographs that doc-

ument the detailed microstructural details of the crystallites with t, are required to
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confirm our speculation about the geometrical development of the morphology. This

~work is ongoing in our laboratory.

6.5 Conciusions

Synchrofron SAXS and WAXD are used to follow the evolution of crystallinity and
orientation for ‘PP—?)OO/ 6 subjected to different shearing conditions using the short-
term .shearing protocol.

We find that while the SAXS long spacing is influenced only by the crystallization
temperature, the orientation distribution and rate of crystallization are strongly in-
fluenced By the shear stress imposed and by the duration of shear. Under conditions
which lead to the formation of strongly oriented skin-core morphologies (“strong”
shearing), anisotropic crystallites develop rapidly in high-shear regions near the walls
of the shear cell, followed by gradual growth of less oriented crystallites farther from
the wall. Under conditions of mildér shear, the rate of growth of crystallinity is
gradual comp@red to strong shearing, and less oriented morphologies develop. Inter-
estingly the ratio of parent to daughter lamellae for the oriented crystallite population
increases with increase in shearing time, imposed wall shear stress and temperature.

Our data suggests a mechanistic model for shear-enhanced crystallization: the
growth of oriented crystallites are nucleated by the formation of a strongly anisotropic
distribution of chain segments in the melt upon imposition of flow. These template
the formation of oriented row-nucleated structures in the flow direction. The orienta-
tlon grow during flow pers1sts due to the densely nucleated central lines from which
lamellae develop radially. These lamellae grow at quiescent growth speeds until a fully
impinged crystalline structure is formed. For milder shearing conditions, less oriented
structures are formed. We speculate that the lower nucleation densities under these

conditions lead to the development of less oriented structures.
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1200 s

Figure 6.1: Two-dimensional WAXD (top row) and the corresponding SAXS (bottom
row) patterns showing the evolution of crystallinity with crystallization time after
cessation of shear for Ty yse = 141°C, o, = 0.06 MPa, t; = 12 s. The time at which
these patterns were acquired is indicated on the SAXS. The flow direction is horizontal
(indicated for the WAXD at 75 s). The development of lamellae with normals along
the flow direction (F), along the daughter lobes (D) and perpendicular to the flow
(F 1) is examined by analyzing the SAXS intensity along the respective directions.
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Figure 6.2: Lamellar long spacing calculated from the powder-average, the Lorentz-
corrected powder patterns as well as from sections along F, D and F, (defined in
Figure 6.1) for data acquired at toys = 3250 s (Teryse = 141°C, 0, = 0.06 MPa, t,
= 12 s). The inset shows that the long spacing from the Lorentz-corrected powder
pattern and from the section along the flow direction are in good agreement and are
nearly constant over the crystallization time, te st
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~ Figure 6.3: The FWHM calculated from the azimuthal intensity of the SAXS at the
peak value, q*, increases gradually as a function of the crystallization time (Teryst =
- 141°C, 0, = 0.06 MPa, t, = 12 s). The inset shows an example of the Lorentzian fit
to the SAXS azimuthal scan acquired at teryse = 3250 s.
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Figure 6.4: Comparison of the SAXS invariants from the Lorentz-corrected powder
pattern, Qp, and from directions along the flow and daughter sections (Qr and Qp
respectively) with the crystallinity index computed from the WAXD, x. (Teryst =
141°C, o = 0.06 MPa, t, = 12 s). Qp, Qp and Qp rise sharply in the first ~ 100 s;
after that, Qp and Qp show a modest gradual increase, while Qr plateaus and then
decreases gradually. The trends in x, parallel those for Qp, except that the rate of
increase beyond 100 s is steeper for WAXD compared to SAXS.
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Figure 6.5: The circularly-averaged WAXD powder pattern with the crystalline peaks
indexed for Ty = 141°C, 0, = 0.06 MPa, t; = 12 s at teys = 1200 s. The
“amorphous” value of the baseline is indicated for the 110 and 040 reflections.
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Figure 6.6: The azimuthal data at the 110 and 040 WAXD peak locations with the
appropriate baseline value subtracted are shown with the fit for toyse = 1200 s (Teryst
= 141°C, o, = 0.06 MPa, t, = 12 s). The two data sets are fitted simultaneously
as explained in the text. The azimuthal separation of the crosshatched peaks, § (see

Figure 6.1) is = 34°.
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Figure 6.9: Two-dimensional SAXS and the corresponding WAXD showing the in-
fluence of o, t; and T, on crystallization. The last patterns acquired for each
experiment (viz. well developed crystallinity) is shown. A (teyst = 2525 s) and a
(teryst = 3350 s) show data for Tpnyst = 141°C and o, = 0.03 MPa for t; = 1 s and
2 s respectively; B (2360 s) and b (1700 s) show data for 141°C, o, = 0.03 MPa, t,
= 20 s; C (2525 s) and ¢ (1700 s) show data for 141°C, o, = 0.06 MPa, t, =2 s; D
(3250 s) and d (1200 s) show data for 141°C, o, = 0.06 MPa, t, = 12 s; E (3750 s)
and e (4500 s) show data for 150°C, o,, = 0.06 MPa, t; = 1 s; and f (7350 s) shows
WAXD data for 150°C, o, = 0.06 MPa, t; = 6 s while F (1520 s) shows SAXS data
for 150°C, o, = 0.06 MPa, t, = 8 s.
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‘Figure 6.15: Polarizing optical micrographs that show the evolution of semicrystalline
microstructure in the flow-velocity gradient plane with shearing duration for Teryst
= 141°C and o, = 0.06 MPa. The direction of the polarizer and analyzer are as
indicated.
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