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Abstract

The production of nanocrystalline materials by severe plastic deformation

of coarse grained structures has been attracting a lot of research interest for

the last two decades. Despite the potential to change and tailor material

properties by nanostructuring, there are rather limited data available for

nanocrystalline intermetallic alloys. In this work, severe plastic deforma-

tion of the ordered L12 structured intermetallic compound Zr3Al and the

study of deformation induced structural changes are conducted for the first

time. Zr3Al is heavily deformed by the methods of high pressure torsion

and repeated cold rolling with intermediate foldings. The deformation by

high pressure torsion at room temperature leads to nanocrystalline samples

and allows a systematic comparison to other L12 compounds subjected to

high pressure torsion. This comparison facilitates the understanding of the

influence of different dislocation dissociation mechanisms on the grain re-

finement characteristics and on the deformation induced phase transitions

of these materials. A multi-scale analysis of the deformed Zr3Al samples

by transmission and scanning electron microscopy using both plan view and

cross section samples allows to assess inhomogeneities from the atomic scale

to the scale of the sample, revealing important deviations from the ideal tor-

sion experiment and the change of deformation mechanisms with decreasing

grain size. The deformation by repeated cold rolling with intermediate fold-

ings leads to amorphous samples, thus unambiguously showing the different

effects of the deformation methods on the saturation structure. In addi-

tion, calorimetric measurements yield information about the thermal stabil-

ity and the crystallization behaviour of the material amorphized by rolling.

It is shown that imperfect amorphization involving residual nanocrystallites

facilitates the crystallization of a fine nanocrystalline structure. Hardness

measurements by microindentation and X-ray diffractometry supplement

these studies by yielding information on the mechanical properties and in-

tegral structural properties of deformed samples, respectively. By studying

different deformation methods and the inhomogeneity of the deformation by

high pressure torsion, this work is an important contribution to the physical

understanding of structural changes of intermetallic compounds by severe

plastic deformation.
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Zusammenfassung

Die Herstellung nanokristalliner Materialien durch extreme plastische Ver-

formung grobkristalliner Strukturen wird seit rund zwei Jahrzehnten inten-

siv erforscht. Trotz des Potentials, Materialeigenschaften durch Nanostruk-

turierung zu verändern, wurden nanokristalline intermetallische Legierungen

noch nicht umfassend untersucht. In dieser Arbeit wird die intermetallische

Verbindung Zr3Al, die die geordnete L12 Struktur aufweist, zum ersten Mal

extrem plastisch verformt und die dabei auftretenden Strukturänderungen

untersucht. Die dabei zum Einsatz kommenden Verformungsmethoden sind

Hochdrucktorsion sowie wiederholtes Kaltwalzen und Falten. Hochdrucktor-

sion bei Raumtemperatur führt zu nanokristallinen Proben und ermöglicht

einen systematischen Vergleich zwischen Zr3Al und anderen hochverformten

Verbindungen, die ursprünglich die L12 Struktur aufweisen. Dieser Ver-

gleich liefert ein tieferes Verständnis des Einflusses der verschiedenen Ver-

setzungsaufspaltungsmechanismen auf die Kornverfeinerung und die verfor-

mungsinduzierten Phasenumwandlungen. Eine raster- und durchstrahlungs-

elektronenmikroskopische Betrachtung der verformten Proben ermöglicht

die Untersuchung von strukturellen Inhomogenitäten ab der atomaren Skala

bis hin zu einer Längenskala, die der Probengröße entspricht. Dabei wer-

den Abweichungen von einem idealen Torsionsexperiment sowie der Wechsel

der Verformungsmechanismen mit zunehmender Kornverfeinerung erklärt.

Die Verformung von Zr3Al durch wiederholtes Kaltwalzen und Falten führt

zu amorphen Proben. Damit wird der Einfluss der verschiedenen Verfor-

mungsmethoden auf die Sättigungsstruktur gezeigt. Weiters werden kalori-

metrische Messungen angewandt, um Auskunft über die thermische Sta-

bilität und das Kristallisationsverhalten des durch Walzen amorphisierten

Materials zu erhalten. Die unvollständige Amorphisierung, die Restnano-

kristallite im Material verursacht, begünstigt während des Aufheizens der

Probe die Bildung einer nanokristallinen Phase. Härtemessungen und Rönt-

gendiffraktometrie ergänzen all diese Studien durch Informationen über die

mechanischen und integralen strukturellen Eigenschaften. Durch die Un-

tersuchung verschiedener Verformungsmethoden sowie der Inhomogenitäten

der Verformung durch Hochdrucktorsion kann diese Arbeit einen wesentlich-

en Beitrag zum physikalischen Verständnis der Strukturänderungen von in-

termetallischen Verbindungen durch extreme plastische Verformung liefern.
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Chapter 1

Introduction

1.1 Outline of this thesis

In the introduction of this thesis, the effect of nanostructuring on the prop-

erties of a material will be described by two examples. Firstly, the change

of hardness and related mechanical properties due to nanostructuring will

be described, since hardness measurements were also done in the course of

this thesis. Secondly, changes in the irradiation resistance will be described,

since irradiation resistance played an important role in earlier investigations

of Zr3Al. In the third section of the introduction, the three probably most

important methods of severe plastic deformation will be introduced, two of

which were used in this work (high pressure torsion, repeated cold rolling

with intermediate folding). The last section of the introduction deals with

the properties and earlier studies of Zr3Al and, to put the material into a

larger context, the Zr-Al binary system as a whole.

In the second chapter, the experimental methods used in this work will be

briefly introduced (i.e. X-ray diffraction, transmission and scanning electron

microscopy, hardness testing and differential scanning calorimetry).

Chapters 3 through 6 cover the work that was published (in the case

of chapter 6 the work was submitted and is not published yet) in ISI-listed

journals in the course of this thesis. Chapter 3 was published in the journal

Materials Science Forum and deals with a plan-view transmission electron

microscopy (TEM) investigation of Zr3Al deformed by high pressure torsion

[S1]. A publication in Philosophical Magazine [S2] is the basis for chapter

4 that deals with the comparison of the deformation of three different L12

1



2 CHAPTER 1. INTRODUCTION

structured intermetallic compounds. In this context it must be mentioned

that the experimental contribution of the author of this thesis was limited to

Zr3Al, whereas the Ni3Al and Cu3Au experiments were done by co-authors

of the paper. Chapter 5 reports the effect of repeated cold rolling with in-

termediate folding and subsequent heat treatments on Zr3Al. The content

of this chapter has been published in Journal of Alloys and Compounds

[S3]. Chapter 6 extends the study of Zr3Al subjected to high pressure tor-

sion by using experimental methods complementary to transmission electron

microscopy and by extending the study from a plan-view study as in chap-

ter 3 to a 3D study. By using both, plan-view and cross section samples,

important results concerning the homogeneity of the HPT process could be

obtained. The content of this chapter has been submitted to Acta Materialia

[S4].

The last chapter will summarize the findings of this thesis and conclu-

sions will be drawn.

1.2 Properties of nanocrystalline materials

Nanocrystalline (NC) materials are materials with a sufficient number of

atoms located in the grain boundaries to significantly change the properties

of the material compared to its coarse-grained counterparts (i.e. materials

with grain sizes at least in the range of microns). This rather general defi-

nition leads to a wide spread of possibilities of maximum grain sizes for NC

materials in review articles about the topic. Gleiter suggested in an early

work that it is the idea of NC materials that 50% or more of the atoms are

situated in the core of the defects [1]. Assuming that grain boundaries are

the only relevant defects present in a material with very small grain size and

further assuming a grain boundary thickness of 1 nm leads to the necessity

of grains smaller than 5 nm to get a NC material [2]. In a later review

[3] he defined the characteristic length scale as a few (typically 1 - 10) nm.

Meyers defined NC materials as polycrystals with grain sizes between 1 nm

and 250 nm [4]. Another definition that will be stuck to in this work is the

one used in many cases (e.g. [5, 6, 7]), where the upper grain size limit of

NC materials is set to about 100 nm. Materials with a grain size up to 1 µm

will be referred to as ultra-fine grained (UFG) materials, thus incorporating

NC and submicron materials (100 nm - 1 µm) as proposed in [6].
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Figure 1.1: Number of published papers on the topic “nanocrystalline” from
1984 (2 publications) to 2009 (5433 publications) according to Thomson
Reuters ISI Web of Knowledge [8]. [Certain data included herein are derived
from the Web of Science R©prepared by THOMSON REUTERS R©, Inc.
(Thomson R©), Philadelphia, Pennsylvania, USA: c©Copyright THOMSON
REUTERS R©2010. All rights reserved.]

NC materials have been a fast emerging topic for many years now. Start-

ing in the mid 80’s with only several publications per year, several thousands

of papers are published each year nowadays, as is shown in Fig. 1.1. Due

to the vast amount of publications concerning NC materials, a wide variety

of property changes due to nanosize effects were studied and discussed in

the last decades. The following two sections will show the possibilities to

change material properties by changing the grain size to the nano- or the

submicron scale by briefly reviewing the effects on the mechanical properties

strength/hardness and on the irradiation resistance.

1.2.1 Mechanical properties

It is well established that the yield strength σy of coarse-grained material (>

1 µm) as a function of grain size can be approximated using the Hall-Petch
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relation:

σy = σ0 + k
1√
d

(1.1)

with σ0 and k being material constants [9, 10]. Due to this relationship,

nanostructuring of materials can significantly increase their hardness. In the

case of Cu, the validity of the Hall-Petch relationship was shown down to a

grain size of 10 nm. At this grain size, which was achieved by magnetron

sputtering, hardness measurements yielded a value of 3.02 GPa, which is

extraordinarily high for Cu [11]. NC Cu and Pd produced by inert gas con-

densation showed an increase in hardness by a factor of 2-5 [12] compared

to the coarse-grained material. The problem of low ductility, that often ac-

companies nanostructuring of materials, can be bypassed for some materials

by introducing a bimodal grain size distribution. For Cu, this lead to a ma-

terial with a high tensile strength (6 times the value of coarse-grained Cu)

and good ductility (65% elongation to failure) [13]. The hardening by grain

size reduction, however, is known not to be valid down to “zero” grain size

(i.e. amorphous materials):

Early reports of an inverse Hall-Petch relation causing softening in small

NC samples may often have been related to imperfections in NC materials.

Due to the application of bottom-up methods (mentioned in the introduc-

tion of section 1.3) and the necessity to solidify the material before testing,

porosity and contamination can be regarded as the cause for early observa-

tions of softening at small grain size [14]. It was shown that a decline of

Young’s modulus was connected with an increase in porosity and that pro-

cessing flaws, which were detected by small-angle neutron scattering, may

significantly affect the tensile strength [15]. Nevertheless, it is widely be-

lieved that at a certain grain size, dislocation-mediated processes diminish

and alternative processes become more important. Among the candidates in

the still ongoing debate about the explanation of deformation of NC materi-

als are: grain-boundary sliding, grain-boundary diffusional creep, rotational

deformation, emission of (partial) dislocations from grain boundaries and

deformation twinning [16, 17]. Examples of models and experimental data

will be presented to give an insight into the hardness and yield strength

evolution of small NC materials.

An early model [18] with very limited reliable experimental data avail-

able (due to the lack of high-quality NC samples) suggested conventional
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Hall-Petch behaviour for large grains and Coble creep becoming more im-

portant with decreasing grain size, leading to a softening of the materials at

grain sizes of approximately 5-25 nm. Assuming a log-normal distribution of

grain sizes, experimental data was fit for Cu and NiP. However, as already

mentioned, the experimental data available at that time was quite spread

making it hard to assess the quality of the model.

Using molecular dynamics methods, Schiøtz and Jacobsen simulated the

deformation of NC Cu with grain sizes between 5 and 50 nm at a strain rate

of 5 · 108 s−1 (due to computational limitations, deformation behaviour at

high strain rates is accessible more easily) [19]. They found that at small

grain sizes, strain is localized in the grain boundaries indicating that the

main deformation mechanism is grain boundary sliding, which was already

described by earlier molecular dynamics simulations [20]. For larger grains,

they saw indications for the majority of the deformation being accomplished

by dislocation activity. In their simulation, the flow stress increased with

decreasing grain diameter until a size of 15 nm. For grains 10 nm and less

in diameter, they got a steep decrease in flow stress, thus supporting the

idea of an inverse Hall-Petch relation at grain sizes < 10 nm. Similar results

were obtained by conducting molecular dynamics simulations of NC Al. A

transition from grain-size hardening to grain-size softening is observed at ∼
30 nm, because at this grain size, the deformation mechanism changes from

intragranular (dominant at grain sizes > 30 nm) dislocation-based deforma-

tion to intergranular grain boundary sliding mechanisms. This results in a

maximum strength for Al at a grain size of ∼ 30 nm [21].

A model proposed by Kim and Estrin for Cu [22] assumes a mixture of

grain interior and grain boundary phases. While, in this model, the plastic

flow of the grain boundary phase was assumed to be diffusion controlled, the

plastic flow of the grain interior is carried by both, dislocation mechanisms

and diffusion controlled mechanisms. Simulating deformation experiments

for the grain interior at grain sizes from 5 to 1000 nm, they found that with

decreasing grain size and with decreasing strain rate, the contribution of

diffusion increases: At ε̇ = 10−5 s−1, there is no contribution of dislocation

mechanisms to the deformation up to a grain size of 40 nm, whereas at

the higher strain rate ε̇ = 10−1 s−1, even at a grain size of 10 nm, ∼ 90%

of the deformation is caused by grain boundary contributions. Together

with the deformation behaviour of the grain boundary phase, this leads to
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an inverse Hall-Petch relationship for small grain sizes at low strain rates.

Comparing normalized stress1-strain curves to experimental data of Ni, they

get good agreement for the ascending part of the curve. Since the model

was developed for Cu and is compared to only one set of experimental Ni

data, the reliability of this model seems somehow limited.

In a study conducted by Schuh et al. [23] the hardness of NC NiW

is investigated for grain sizes < 16 nm. They compare their own electro-

deposited Ni-(11-14)W (grain sizes 6 - 10 nm) with electro-deposited Ni-(18-

23)W reported in [24]. In both individual sets of hardness measurements,

a trend towards inverse Hall-Petch behaviour can be seen with a maximum

hardness at ∼ 7-8 nm. In [23], it is mentioned that care should be taken

since, although expected to be negligible, solid solution strengthening was

not taken into account. In addition, they emphasize that the hardness data

obtained may not only depend on the grain size, but also on other factors

(e.g. grain morphology, texture, porosity or defects).

The above-mentioned examples show that there is still some ambiguity

in the experimental studies concerning an inverse Hall-Petch relationship.

They mostly do show a clear deviation from classical Hall-Petch behaviour

for small grain sizes (reduced hardening with decreasing grain size), but the

significance for the proof of a real inverse Hall-Petch behaviour can some-

times be doubted, due to either imperfect samples (as mentioned in [14]) or

to significant uncertainties in the evaluation of hardness or tensile strength

(e.g. tensile strength in [25]). Despite the necessity for further experimental

investigation to further increase the understanding of deformation mecha-

nisms at the lower end of the NC length scale, a trend towards the inverse

Hall-Petch relationship is visible and also strongly supported by simulations.

For a list of reviews including some of the above-mentioned literature,

see table 1 in [4].

1.2.2 Irradiation

Several studies were conducted comparing the response of NC and coarse-

crystalline materials (metals, intermetallics, oxides) on irradiation yielding

ambivalent results. A comparison of the defect accumulation upon 12C irra-

diation between NC (23 nm) and coarse crystalline Au showed an increased

1Normalized stress here denotes stress divided by shear modulus
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and a decreased defect recovery capability in the NC material for 300 K

and 15 K, respectively [26]. NiTi with a grain size of 23-31 nm irradiated

with Ar ions showed an amorphization at much higher doses than coarse-

crystalline NiTi [27]. A similar result was obtained for the complex ox-

ide Gd2(Ti0.65Zr0.35)2O7: The NC (18±7 nm) oxide retained its crystalline

structure even after a dose that was approximately three times higher than

the dose required for amorphization of the coarse crystalline oxide. Apart

from the grain size, the chemical order was also proposed to have an influence

on the irradiation behaviour in this case [28]. On the contrary, it was shown

that NC (1.5 nm) ZrO2 amorphizes relatively easily, even upon irradiation

with ions as light as Ne, whereas coarse ZrO2 has never been reported to get

amorphous upon ion irradiation [29]. Wurster and Pippan point out that

defect annihilation in NC materials is strongly related to grain boundary

sinks, making higher grain boundary volumes (smaller grains) beneficial for

irradiation resistance. Very small grains, however, will facilitate amorphiza-

tion due to the high excess free energy of the grain boundary volume. For

an optimum irradiation resistance, both these factors have to be taken into

account [30].

Recently, multiscale simulations of radiation-induced defects near grain

boundaries in Cu revealed interesting mechanisms explaining the radiation

resistance of NC materials [31]. Consistently with results of previous studies

of Ni and Fe [32], a grain boundary close (up to a few nm) to the primary

knock-on atom gets loaded with interstitial atoms that were displaced due

to the collission cascade. In [31] it was found that the vacancies created by

the cascade can be annihilated relatively easily by emitting the interstitials

from the loaded grain boundary. This process has a lower activation energy

than bulk vacancy migration and therefore has more potential to facilitate

irradiation resistance by defect annihilation than regular vacancy migration

has. Together with other effects (e.g. reduction of the vacancy migration

barrier by the loaded grain boundaries), the simulation greatly improves the

understanding of the influence of grain size on the irradiation resistance in

NC materials.
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1.3 Severe Plastic deformation

Nanomaterials can be made by arrangement of atoms from a non-crystalline

atomic setup in a gaseous (e.g. various deposition methods [33], inert

gas condensation [34]), liquid (rapid cooling, electrodeposition [35, 36]) or

solid phase (crystallization of amorphous materials [37]). These methods

are called bottom-up methods (in a broad sense of the term). The other

approach for the production of nanostructured materials is the top-down

method. Here, a large number of lattice defects is introduced in initially

coarse-crystalline materials leading to an accumulation of defects and a

large number of grain-boundaries until the grain-size gets decreased to the

nanoscale [4].

To get a bulk non-porous nanostructure, a consolidation or compacti-

fication step is needed for methods that produce nanopowders or porous

materials. This can be the case for both bottom-up (deposition and conden-

sation processes) and top-down approaches (e.g. ball-milling). A prominent

family of techniques that produce bulk nanostructured materials without

the need for further consolidation or compactification is severe plastic de-

formation [5]. Some SPD techniques will be introduced in this section.

1.3.1 Equal channel angular pressing (ECAP)

ECAP (also denoted by ECAE - Equal channel angular extrusion), an SPD

technique where a billet is deformed by “pressing it through intersecting

channels of equal cross-section”, was first proposed by Segal et al. [38]. Later

work of Valiev et al. [39] made the method popular and it has been applied

on a wide variety of materials since then (for a review, see [40]). In Fig. 1.2,

a sketch of an ECAP device is shown. A plunger (darker blue) presses the

sample (red) through the die (grey), that consists of two channels with an

equal cross section inclined by an angle φ, which is usually chosen close to

90◦. The arc curvature angle Ψ of the round shape at the outermost sample

path can be chosen between Ψ = 0◦ (i.e. a sharp corner) and Ψ = 180◦ − φ
(as depicted in fig. 1.2). Often, 20◦ is chosen as the arc curvature angle

[41]. Back-pressure can be applied optionally (light blue plunger) and it

was shown that this can have some beneficial effects (e.g. suppression of

cracking, decrease in final grain size, more uniformity in the deformation
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Figure 1.2: Sketch of the ECAP technique. A plunger (blue, at the top of
the image) pushes the sample (red) through a die (grey). Optionally, back
pressure can be applied by a second plunger (lighter blue, bottom right).
The inclination angle φ and the arc curvature angle Ψ have an influence on
the strain imposed per pass.
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process) [42]. Since the shear strain imposed follows the equation

ε =
N√

3
[2cot(

φ

2
+

Ψ

2
) + Ψcosec(

φ

2
+

Ψ

2
)] [43] (1.2)

with N being the number of ECAP passes, the shear strain imposed per

cycle is close to 1 for the above-mentioned typical choices for Ψ and φ. To

get strains much higher than 1, obviously consecutive ECAP passes have to

be done. There are four basic routes with different rotation schemes for the

reinsertion of the ECAP sample after an ECAP pass (A, BA, BC and C).

The choice of the deformation route controls the amount of redundant strain

(i.e. slip of one pass is cancelled by slip of one of the consecutive passes)

and the slip systems activated. For a detailed description of the deformation

routes and their effect see [40].

Comparing ECAP to other popular SPD methods, it is apparent that

the possible bulk sample size in ECAP processing is larger than in other

SPD techniques. Srinivasan et al. showed that ECAP processing of Al alloy

samples having a square cross section with 100 mm side length is possible

[44]. This possibility for upscaling is important particularly for industrial

application of SPD materials. A downside of ECAP for some applications

is the larger minimum grain size that can be achieved, as compared to,

for example, HPT [41], often leading to submicron rather than truly NC

samples.

1.3.2 High pressure torsion (HPT)

In HPT, a sample is placed between two plungers. The plungers exert high

pressure (several GPa) on the sample and are rotated against each other,

leading to torsional deformation of the sample, provided that the friction

between plungers and sample is sufficient. The first concept of an apparatus

similar to modern HPT devices was proposed in 1935 by the later Nobel

laureate P.W. Bridgman [45]. In the 1980s, the HPT method was applied

to several metals and alloys and at the end of the decade, a publication

about low-temperature superplasticity achieved by HPT-processing [46] and

subsequent systematic development of HPT as a processing technique to

change materials properties by the same research group generated a world-

wide interest in HPT [7]. Several different HPT geometries were developed

in the meantime. The one used in this work (quasi-confined geometry) is
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Figure 1.3: Sketch of the HPT technique. The upper and the lower plunger
(blue, cylindrically symmetric) are pressed against the cylindric sample
(red). The lower anvil is rotated against the upper one, inducing a shear
deformation in the sample.

sketched in Fig. 1.3. In the case of quasi-confined geometry HPT, there

is some material flow out of the cavity in the initial stages of deformation

(compression and early rotation stage). The friction of the material in the

gap between the plungers then limits and eventually stops further flow of

material and causes a quasi-hydrostatic pressure within the cavities [47]. To

calculate the shear strain imposed by an HPT deformation, the following

method is usually used (cf. Fig. 1.4): For infinitesimal rotations the shear

strain γ (displacement divided by height) is dγ = Rdθ
h and therefore [7]

γ =
Rθ

h
=

2πN ·R
h

(1.3)
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Figure 1.4: Visualization for the determination of the shear induced by HPT.
The green vertical line is sheared into the red line by rotating the upper
plunger by the angle θ. From geometrical considerations for infinitesimal
rotation angles, equation 1.3 can be deduced

with R being the radius from the center of the HPT disk, θ the torsion angle,

h the sample height and N the number of rotations.

Comparing HPT to other SPD methods, some advantages of HPT are

apparent [48]:

• The ability to continuously impose shear strain to samples up to values

that cannot be routinely achieved by other SPD methods (> 100000%

nominal shear strain can be easily achieved, as shown in the course of

this work).

• The possibility to deform brittle or high strength materials

• Relatively easy adjustment of the deformation temperature for devices

capable of low/high temperature deformation (from liquid nitrogen

temperature to several hundreds of degrees Celsius).

In addition, in the direct comparison to ECAP, grain sizes of deformed

materials are usually smaller after HPT processing [49].

However, there are also some drawbacks of the HPT technique. One

major challenge is the upscaling of HPT samples. Usually, HPT disks are
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∼ 10 mm in diameter and less than 1 mm in height. Recent attempts to

increase the sample height lead to the appearance of major inhomogeneities

not only in the lateral (that is reasonable from eq. 1.3), but also in the axial

sample dimension [49, 50]. By choosing appropriate deformation parameters

(e.g. elevated deformation temperature [50]) and most notably by upscaling

the whole HPT device to get low height to diameter ratios and by choosing a

special sample geometry, these challenges could be mastered for single phase

iron as was shown by Hohenwarter et al. [51]. However, as mentioned in

[51], especially for large samples, and as shown in the course of this work for

standard size samples, the issue of homogeneity in HPT samples is an up-to-

date topic that is not resolved yet and especially for alloys and compounds

needs further investigation.

1.3.3 Repeated Cold Rolling (RCR)

Repeated rolling and folding was already used in the 1980s as an alternative

process to rapid quenching and mechanical alloying to obtain amorphous

metallic alloys [52]. Different elemental foils were stacked and by repeated

rolling and folding, the elements were mixed and the material was finally

amorphized. Explicitly as an SPD process, repeated rolling and folding (cf.

Fig. 1.5) was first proposed and applied to Al by Saito et al. in the late 1990s

[53, 54]. The deformation was conducted at elevated temperature to achieve

better bonding. In between the folding steps, which are preceded with cut-

ting the sheets, the surfaces were degreased and wire brushed. The term

that was used for this SPD method was accumulative roll bonding (ARB)

and resulted in a submicron grain size (< 500 nm) for several materials (Al,

Al-Mg alloy, steel). The term ARB got widely accepted for repeated rolling

with intermediate foldings when degreasing and wire brushing are conducted

in between the folding steps.

A few years later it was shown that repeated cold rolling (i.e. at room

temperature) with intermediate foldings (denoted Folding and Rolling -

F&R) can be used to achieve truly NC metallic samples [55]. For Ni, it

was shown that after 80 passes of rolling and folding and a short subsequent

annealing treatment for the relaxation of the microstructure, a grain size of

less than 10 nm could be achieved. For Ti and Zr, the grain size achieved

after 80 passes was ∼ 80 nm. These grain sizes are extremely small for

SPD-processed pure metals and especially the grain structure of Ni (6-7 nm
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after 80 rolling and folding passes [56] can be most likely refined stronger

than in any other SPD process.

To be able to compare the strains imposed by different SPD techniques

to the one imposed by RCR, the strain ε imposed by one RCR pass (consist-

ing of one folding and a subsequent thickness reduction of 50% to achieve

the same thickness as before the folding step) was calculated. Under the

assumption of the von Mises yield criterion for the plane strain condition,

the equivalent strain can be expressed as [54]:

ε = (
2√
3
ln(

1

2
)) · n ≈ −0.8n (1.4)

with n being the number of rolling and folding passes.

Apart from the potential to achieve extremely small grain sizes for pure

metals and sometimes amorphization for alloys and compounds (e.g. Cu60Zr40

[57]), processes involving rolling and folding of samples also attract interest

because rolling is a process already widely used in industry and thus, the

equipment needed is not very special [58] (in contrast to HPT and ECAP

devices) and upscaling might be more feasible for RCR than for other SPD

processes.

1.4 The Intermetallic Compound Zr3Al and the

Zr-Al system

1.4.1 The Zr-Al system

The phase diagram of the Zr-Al system (cf. Fig. 1.6, for quantitative

equilibrium data, see [59]) exhibits eight stable low-temperature and two

stable high-temperature intermetallic compounds all of which were repeat-

edly confirmed experimentally (for references, see [60]). In addition, several

metastable intermetallic compounds were found [61]. Some of the metastable

phases were reported to be stabilized by impurities (e.g. Oxygen impurities

stabilize the Mn5Si3-structured polymorph of Zr5Al3 [62]). Using ab-initio

methods, Ghosh and Asta [60] calculated the formation enthalpies of the

stable low-temperature phases and found that the ground-state convex hull

is defined by only five phases at 0 K (i.e. only these five phases should

be stable at low temperatures). More recent ab-initio calculations yielded
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Figure 1.6: Phase diagram of the Zirconium Aluminum System [61]

formation enthalpies that are in better agreement to the experiments [63].

Only ZrAl has a formation enthalpy that lies significantly above the convex

hull at 0 K, the other seven phases are predicted to be stable.

The narrow composition range of the intermetallic compounds in the

Zr-Al system and thus very prominent two-phase regions in the phase di-

agram are explained by Alatalo et al who studied the Zr-Al system using

all-electron full potential linearized augmented Slater-type orbital calcula-

tions [64]. They found that the heats of formation per atom of all the

low-temperature phases (except ZrAl3) lie almost on a straight line when

plotted against the chemical composition. This means that small deviations

from stoichiometry raise the enthalpy of a single phase above the common

tangent line between two phases, thus making a phase mixture energetically

favourable (cf. case (a) in Fig. 1.7).

On the Zr-rich end of the Zr-Al phase diagram, two different Zr solid

solutions and the compound Zr2Al can be found apart from Zr3Al, which

will be introduced in section 1.4.2. It was reported several times that Zr3Al

cannot be produced as a single-phase material, but that there is always

some residual Zr solid solution or Zr2Al or both in the samples [65, 66, 67].
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Figure 1.7: Schematic of the formation enthalpies of two different binary
systems. In (a) the minima of the formation enthalpy curves lie almost on
a straight line. The composition range in which the single B phase has a
lower enthalpy than phase mixtures (i.e. between the intersections of the
B free energy curve with the tangents) is rather small. In (b), the single B
phase is energetically favourable to phase mixtures in a larger composition
range.

The Zr(Al) solid solution exists in a body-centered cubic high-temperature

β-phase and in a hexagonal close-packed low-temperature α-phase. The

transition between those phases occurs at 1139 K for pure Zr. For the

highest possible Al concentration (8.3 at%) the α-phase is stable up to to

1183 K [68]. The intermetallic compound Zr2Al is B82-structured (prototype

Ni2In, space group P63/mmc) and stable up to 1488 K [69].

1.4.2 The Intermetallic Compound Zr3Al

The intermetallic compound Zr3Al is of the L12 structure (prototype Cu3Au,

space group Pm3̄m), i.e. face-centered cubic with the Zr atoms sitting at

the face-centered sites and Al sitting at the corners of the cube (cf. Fig.

1.4.2). The lattice parameter is 0.438 nm [69]. It is a line compound stable

up to 1292 K. At this temperature, it dissolves into bcc β-Zr and Zr2Al [68].

The compound was subject of intense investigations in the 1970’s due

to several properties that made it interesting for the potential replacement

of the Zircaloy Zr alloys as a cladding material for nuclear reactors [70]:

Zr has a very low thermal-neutron capture cross section [71]. The problem

of low strength and also low corrosion resistance of α-Zr can be overcome

by addition of 20at% or more Al, which results in the transformation from
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Figure 1.8: Schematic of the L12 structure.
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α-Zr to Zr3Al in a major fraction of the sample volume. On the other hand,

addition of more than 25at% Al leads to the formation of Zr2Al resulting in a

loss of room-temperature ductility [72]. Thus, the compound Zr3Al seemed

to be a good candidate for nuclear applications and the formation mechanism

of the intermetallic phase Zr3Al [73] and several of its macroscopic properties

(e.g. work-hardening [74], yield strength [75], oxidation behaviour [76]) were

studied. Unfortunately, investigations of Zr3Al irradiated with fast neutrons

[77, 78] revealed a complete loss of ductility. Since the material did not

preserve its good ductility, which was found in the unirradiated state [79]

after irradiation, it was not possible to use it as a reactor material.

Another, more recent, field of research was the amorphization behaviour

of Zr3Al after different treatments. Mori et al [80] investigated the be-

haviour of several intermetallics upon electron irradiation and found that

Zr3Al stays crystalline. Hydrogen-bearing Zr3Al, in contrast, was rendered

completely amorphous by electron irradiation [65]. Hydrogenation alone was

also shown to render Zr3Al amorphous at sufficiently large ratios H
Zr3Al

[67].

Ion irradiation also lead to complete amorphization of Zr3Al [81, 82]. Be-

nameur and Yavari showed that upon mechanical attrition, Zr3Al becomes

amorphous relatively fast compared to other L12 compounds (Ni3Ge, Ni3Al)

[83]. In general, it was found that Zr3Al has a more pronounced tendency

for amorphization than Ni3Al for a number of various treatments [84].

Another fact that makes Zr3Al an interesting L12 compound is its dis-

location dissociation structure. In L12 compounds, superlattice dislocations

with the Burgers vector ~b = a 〈110〉 can dissociate according to two schemes

in the octahedral slip mode (i.e. slip occurs on {111} planes), comprising

either antiphase boundaries (APB) or superlattice intrinsic stacking faults

(SISF) (Further dissociation of the 1
2a 〈110〉 superpartial dislocations and

the 1
3a 〈211〉 super Shockley dislocations as well as cubic slip, that occurs at

high temperatures, is discussed in detail in [85].):

a [110]→ 1

2
a [110] +APB +

1

2
a [110] (Scheme 1) (1.5)

a [110]→ 1

3
a [211̄] + SISF +

1

3
a [121] (Scheme 2) (1.6)

Contrary to most L12 alloys, in which dislocation dissociation occurs pre-

dominatly according to Eq. 1.5 at room temperature [85], superlattice dis-

locations in Zr3Al dissociate according to eq. 1.6 generating SISF at room
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type plane energy [mJ
m2 ] T [K] source

SISF 111 70-90 293 Howe [71]
SISF 111 2 673 Holdway [86]
SISF 111 15±10 293 Douin [87]
SISF 111 9±4 77-293 Shang [88]
SISF 111 20±4 823 Shang [88]

APB 100 30-45 873-1073 Holdway [86]
APB 100 220±30 293 Douin [87]
APB 100 85±10 77-823 Shang [88]

Table 1.1: Fault energies of L12 structured Zr3Al

temperature, as was shown in [71]. Studies at temperatures from 293 K to

1073 K showed that up to 673 K, octahedral slip with dislocations dissoci-

ating according to eq. 1.6 is dominant. At temperatures higher than 873

K, cubic slip becomes more and more important at the expense of SISF-

dissociated octahedral slip [86]. RT studies of Douin [87] indicate that the

dissociation scheme is not a function of temperature, but on the character

of the dislocation. There, it is shown that parent dislocations with a char-

acter smaller than 40◦ dissociate according to eq. 1.5 and the rest according

to eq. 1.6. This result is not in accordance with the results obtained by

Holdway and Staton-Bevan [86]. A more recent study of the dislocation

structures in Zr3Al performed at temperatures from 77 K to 823 K arrives

at the conclusion that dislocations comprising APB begin to slip at {111}
planes. Screw dislocations cross-slip to a {100} plane while other parts of

dislocations transfer to SISF-dissociation on {111} due to the lower energy

of SISF as compared to APB on {111}. With increasing temperature, dis-

locations cross-slip faster to {100} and thus, less SISF are created. APB on

{111} planes were not encountered in this study [88]. Similar to the find-

ings of the above-mentioned investigations, the estimations of the energy of

the planar faults in Zr3Al do not present a homogeneous picture either, as

shown in table 1.1.

Concerning SPD of Zr3Al, to the best of the author’s knowledge, no

studies were done so far apart from the work conducted in the course of this

thesis.
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1.5 Aim of this work

The aim of this work is to study the effects of SPD on the structural evolu-

tion of the intermetallic compound Zr3Al using mainly electron microscopy

methods. The correlation of dislocation dissociation behaviour of different

L12 structured materials to the corresponding grain refinements in HPT and

the deformation driven phase transformations are elucidated by a compar-

ison of HPT-deformed Zr3Al and HPT-deformed Cu3Au and Ni3Al, which

are of the same crystal structure as Zr3Al but show a different dislocation

dissociation behaviour.

The structural evolution and the saturation structure of Zr3Al after de-

formation by the use of two different SPD methods (i.e. HPT and RCR)

is compared and principal differences in the deformation processes are ana-

lyzed. The thermal stability of metastable Zr3Al produced by SPD and the

products of annealing are studied.

Finally, the homogeneity of the HPT process is checked in three di-

mensions by an electron microscopy analysis of differently oriented samples

prepared from HPT disks, since a few recent papers raised doubt about the

homogeneity of structural refinement in the HPT deformation. This is done

from the nanometer to the millimeter scale to get a profound knowledge of

the effect of HPT on Zr3Al.
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Chapter 2

Experimental Procedures

In this chapter, basic concepts of the experimental methods used will be

briefly explained. In addition, the experimental procedures used in the work

presented in chapters 3 through 6 will be presented in more detail than in

the individual sections of the corresponding chapters.

2.1 X-Ray Diffraction

X-rays can be used (and have been used for the last approximately 100 years)

for the characterization of materials. According to the Bragg equation (cf.

Fig. 2.1)

2dsinθ = nλ (2.1)

d lattice plane distance

θ diffraction angle

n integer number

λ wavelength

the result of a diffraction experiment can be used to determine the pa-

rameters of periodic lattices, e.g. atomic lattices in crystalline materials.

Moreover, the peak shape of Bragg reflections can be analyzed and informa-

tion about internal strains and crystalline defects can be obtained [89]. The

Scherrer formula

B =
Kλ

βcosθ
(2.2)

23
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Figure 2.1: Schematic drawing of Bragg reflection for a crystalline material.

K shape factor

B CSD size

λ wavelength

β Full Width at Half Maximum (FWHM) of the Bragg peak

correlates the peak broadening to the coherently scattering domain (CSD)

size. To minimize systematic errors caused by instrumental peak broaden-

ing, β is corrected in the following way (for Gaussian broadening): β2 =

β2
measured−β2

standard with βstandard being the peak broadening measured for

a coarse-grained sample (where peak broadening is affected by instrumental

peak broadening only [90]). This works to a CSD size of up to several hun-

dred nanometers (this number is strongly dependent on the instrument used)

because for larger crystals and the accompanying decrease of size broaden-

ing, the instrumental broadening becomes too dominant and therefore causes

large uncertainties. Since the strain also influences peak broadening, it is

often helpful to seperate size broadening and strain broadening. This can

be done for example by using the Williamson-Hall plot: (βcos θ) is plotted
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against (4sin θ) for several Bragg peaks. The slope gives the strain ε and the

intercept with the y-axis gives λ
B [91]. This way, the grain size or the CSD

size (sometimes, the grain size or CSD size is multiplied with a correction

factor of 0.8 - 1.0) can be determined without any contributions of strain

broadening. It should be mentioned that, apart from the Williamson Hall

plot, there are several other methods to evaluate grain sizes and strains from

X-ray diffractograms (e.g. Warren-Averbach and modified Williamson-Hall)

[92].

2.2 Transmission Electron Microscopy

TEM is a very powerful and versatile tool for the characterization of mate-

rials from the atomic scale to a scale of several tens of microns. TEM tech-

niques have been intensely discussed in several textbooks (e.g. [93, 94, 95]).

Out of the vast amount of different TEM methods that can be used for mate-

rials characterization (e.g. electron energy loss spectroscopy, electron holog-

raphy, magnetic domain-sensitive microscopy (Lorentz-microscopy), electron

tomography), the TEM methods used in this work will be very briefly

sketched (i.e. bright-field imaging (BF), dark-field imaging (DF), high-

resolution TEM (HRTEM) and energy-dispersive X-ray spectroscopy (EDX),

cf. Fig. 2.2) and peculiarities of investigations of nanocrystalline materials

will be mentioned.

2.2.1 Bright-field imaging

In BF imaging, in the back focal plane, where the DP is formed, all the

electrons that are diffracted more than a certain angle away from the central

beam impact on the objective aperture. Therefore, these electrons cannot

interfere with other electrons anymore and are thus not involved in the

image formation process. Via the intermediate lens and the projection lens

system, the magnified image of the sample is projected on a screen. The

requirement for a BF image is that no diffracted beam passes through the

objective aperture. BF images are primarily sensitive to the orientation of

the sample since regions in or close to Bragg orientation will cause stronger

diffraction and will therefore lead to dark areas in the image, as shown in

Fig. 2.3a. In addition, thick sample regions, high atomic numbers and

many atoms in the ray path cause darker areas in the image [94, 96]. For
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Figure 2.2: Sketch of different TEM modes. EDX measures the energy of
the X-rays emitted by the sample. DP are formed in the back focal plane
of the objective lens. Images are formed in the imaging plane. Depending
on which rays are selected in the back focal plane, different imaging modes
are realized. Selecting the central (green) beam using the green aperture
(drawn slightly below the back focal plane for clarity) gives a BF image and
selecting a diffracted (red) beam gives a DF image. Without any apertures,
all the diffracted beams can interfere giving a phase contrast image (i.e.
HRTEM at sufficiently high resolution.)
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Figure 2.3: TEM images of the same area. (a) Bright-field image. Regions
that are close to a Bragg orientation are darker. (b) Dark-field image. Areas
with a crystal orientation that corresponds to the reflection selected by the
objective aperture are bright.

a detailed analysis of the contrast of defects, image simulations including

dynamic diffraction effects have to be carried out [97].

2.2.2 Dark-field imaging

In DF imaging, a special Bragg reflection is chosen and transmitted while all

the other reflections (including the central beam) impact on the objective

aperture. In order to reduce the effect of the spherical abberation on the

image, the illumination of the specimen is usually tilted so that the trans-

mitted diffracted electrons travel along the optical axis (known as centred

dark-field). This method leads to bright areas in the image at the positions

that contribute to the intensity of the selected diffracted beam [94], as shown

in Fig. 2.3(b). All the bright areas in the image therefore have a similar

crystal orientation with respect to the diffracting plane, provided that the

areas have the same crystal structure. In the case of nanocrystalline ma-

terials, DF imaging allows an estimation of the grain sizes present in the

specimen by measuring the size of bright areas in the image.

2.2.3 Selected area diffraction

To get a DP, the intermediate lens has to be adjusted in a way that the back

focal plane of the objective lens is imaged on the screen or camera. To get



28 CHAPTER 2. EXPERIMENTAL PROCEDURES

Figure 2.4: DP of NC Zr3Al. The integrated, background-subtracted inten-
sity profile is shown as an overlay in the DP and in the graph.

the diffraction information of an area of interest, a selected area aperture is

inserted in the image plane of the objective lens.

In nanocrystalline materials, usually a lot of differently oriented grains

are present within small areas leading to a transition from discrete spot

patterns to ring patterns for decreasing grain sizes. After azimuthal inte-

gration and subsequent analysis of the ring patterns (e.g. using the Peak

Analysis for Selected Area Diffraction (PASAD) software [98], cf. Fig. 2.4),

intensities as a function of spatial frequencies are obtained. Under certain

conditions, this allows an analysis of electron diffraction patterns analogous

to X-ray diffraction profiles on a very local scale.

2.2.4 High-resolution TEM

Due to the interaction with the sample, the incident beam is split up into a

central beam and diffracted beams. If no objective aperture is inserted or

if multiple beams can pass the objective aperture, the beams can interfere.

The intensity at a certain point on the screen is then dependent on the

squares of the sum of the amplitudes and phases of the electron waves at

that point. The phases of the electron waves are dependent on the electro-

optical path length in the sample. This deviates from the real path length

by a contribution of the potential along the way through the sample.

Neglecting relativtistic contributions, the wavelength of an electron in a
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potential is

λ =
h√

2me(E + V (x, y, z))
(2.3)

h Planck constant

m electron mass

e elementary charge

E kinetic energy of the electron

V potential

Together with an integration constant σ = π
λE and the projected potential

Vt(x, y) =
t∫

0
V (x, y, z)dz, the phase shift dΦ is

dΦ = σVt(x, y). (2.4)

In this simplified model for thin specimens, contrasts in the image only arise

because of phase shifts due to differences in the potential, which are caused

by the atoms in the path of the electrons. This leads to the possibility of

atomic resolution images in the TEM. HRTEM images are used in this work

to support the identification of very small crystallites, which in DF images

only show up as bright dots. Resolving these crystallites in high resolution

is an unambiguous proof of their crystalline nature and allows to accurately

determine their size and get information about intragranular lattice defects

(e.g. twins and small lattice rotations).

2.2.5 Sample Preparation for TEM

A prerequisite for meaningful TEM results is a suitable sample thickness,

i.e. less than ∼ 100 nm for standard TEM methods (e.g. BF, DF) and less

than ∼ 10 nm for HRTEM. In this work, several different sample preparation

methods were used. For plan-view TEM samples, electropolishing was used.

The electrolyte, temperature and voltage used are described in the sections

’experimental details’ of the following chapter. Cross section samples from

defined areas (chosen using SEM images) were prepared using the focused ion

beam (FIB) method. There, a small wedge is cut out of a specimen with a Ga

ion beam. The wedge is lifted out of the specimen with a nanomanipulator
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and subsequently thinned with the Ga ion beam until electron transparency

is achieved.

A big advantage of the more time-consuming FIB method relative to

electropolishing is the possibility to choose the position of the TEM sample

with submicron precision whereas there is always an uncertainty in the range

of a few tens of millimeters where the electron transparent region forms

during electropolishing. This is especially important in samples with an

inhomogeneous microstructure at the scale of several tens of microns.

2.3 Scanning Electron Microscopy

Scanning electron microscopy (SEM) is a tool for materials characterisation

from a scale of a few nanometers up to a few millimeters. A focused electron

beam scans across the sample surface and electrons or photons emitted from

the sample (backscattering of incident electrons, emission of secondary elec-

trons, emission of characteristic X-rays) is detected. In this work, two SEM

modes were used to get information about the grain structure of undeformed

samples and the cross section phase structure of deformed samples:

Backscattered electron detection (BSED): Incident electrons are scat-

tered in the material and some of the electrons are backscattered into the

backscatter detector. Since the backscatter coefficient is dependent on the

atomic number of the material, illuminating regions with a high average

atomic number will cause a stronger signal in the backscatter detector [99].

Neglecting topographical contributions, this leads to a pure Z contrast im-

age. This is in particular useful in the case of Zr3Al because the distinction

of different phases with different average atomic numbers (Zr: 40, Zr3Al:

33.25, Zr2Al: 31) can easily be done without the necessity of identifying

either the crystal structure or characteristic X-rays.

Electron backscatter detection (EBSD): Similar to the case of BSED,

backscattered electrons are detected. The major difference is that in the

case of EBSD, the backscatter detector is an area detector (e.g. a CCD

camera) making it possible to image diffraction patterns of the backscattered

electrons [100]. In the course of this work, EBSD was used to identify the

grain size of the initial material (cf. Fig. 2.5). However, it was not possible

to get EBSD results of highly deformed samples. This might be due to the

small grain size in combination with a high defect density in the severely
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deformed material. In principle, it was shown that a resolution down to ∼
10 nm is possible. In this context, it should be mentioned that a higher

average atomic number enables a better spatial resolution in EBSD [101].

2.3.1 Sample Preparation for SEM

For cross section BSED samples, the HPT disks were cut in half. One

half of the disk was then embedded in molten wax at 350 - 360 K. After

solidification of the wax, the cross section surface of the sample was manually

ground with diamond foils with subsequently decreasing grit sizes. The final

abrasive size was 1µm because at smaller sizes, the surfaces got scratched

relatively pronounced. Wax was used instead of epoxy resin because of its

superior grinding properties, resulting in a very plane transition from wax to

sample. This was beneficial because if there had been a difference in height

between sample and the surrounding material, the sample edges would have

been rounded resulting in a loss of information near the edges.

To get the surface quality that is necessary for EBSD investigations,

samples were first mechanically ground with a 15 µm diamond suspension

and a force of 30 N. Afterwards, the surface was mechanochemically polished

using a chemically aggressive (pH 9.8) suspension based on SiO2 (Struers

OP-S) mixed with H2O2 in a 1:1 ratio for one hour. The EBSD preparation

was done at the National Institute for Materials Science in Tsukuba, Japan.

2.4 Hardness testing

Apart from structural investigations using the above-mentioned methods,

the hardness was studied for different deformation conditions. This was

done on a Zeiss Axioplan optical microscope equipped with a microindenter

for Vickers hardness measurements. With a load of 1.5 N, a diamond tip

with a square-based pyramid shape is pressed into the sample with a load

increase of 0.1 N/s. After holding the maximum force for 10 s, the tip is

retracted and the indent is measured in the optical microsope (cf. Fig. 2.6).

The hardness H is determined according to the formula:

H =
1.854 F

d2
(2.5)

F load (force)
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Figure 2.5: Crystal orientation map of undeformed Zr3Al obtained by EBSD.
The orientation of the black areas could not be identified, the colors corre-
spond to orientations as seen in the orientation triangle below the map.
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Figure 2.6: Optical micrograph of a Vickers indentation in a Zr3Al sample
that was compressed under a pressure of 4 GPa in an HPT device without
any torsion. Inserting the average of d1 and d2 in eq. 2.5 gives the Vickers
hardness of the material at the site of indentation, in this case 4.3 GPa.
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d diagonal of the imprint

The above formula yields the Vickers hardness in SI units (i.e. Pa if the

load and the diagonal are given in N and m, respectively). For the sake

of completeness, it should be mentioned that the Vickers hardness is often

given in kgf (kilogram force) per mm2. To convert the latter to MPa, the

following relation must be used: 9.81 HV [ kgf
mm2 ] = HV [MPa].

2.5 Differential Scanning Calorimetry

Differential scanning calorimetry is an important tool for integral insight

into the behaviour upon temperature change of materials. The principle of

the DSC method used for this work (i.e. heat flux DSC using a Netzsch DSC

204 Phoenix) is the comparison of the heat fluxes between a reference and a

sample that are kept at the same, but in general non-constant temperature.

If exothermic or endothermic reactions occur in the sample that do not

occur in the reference upon heating or cooling, the difference in heat fluxes

provides information about the reaction enthalpy.

In metastable nanocrystalline (and also amorphous) materials, DSC is

an important tool to determine amongst other material characteristics the

thermal stability of the nanocrystalline (or amorphous) structure. The tem-

peratures at which devitrification (in case of amorphous materials) and grain

growth occurs can be measured. By integration of the peaks, the enthalpy

of these reactions is determined. To assess the activation enthalpies of these

processes, a Kissinger plot can be done (cf. Fig. 2.7): For various heating

rates, (ln φ
T 2
p

) versus ( 1
Tp

) (φ heating rate, Tp peak temperature) must be

plotted. The negative slope of a linear fit of these values gives the activation

energy for the corresponding process [102].
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Figure 2.7: Kissinger plot of crystallization peak of Zr3Al. The slope gives
the activation energy.
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Chapter 3

Plan view TEM of HPT

deformed Zr3Al1

3.1 Overview

The L12-structured intermetallic compound Zr3Al can be rendered amor-

phous easily by several techniques. In the present study the structural

evolution during high pressure torsion (HPT) was investigated systemati-

cally by transmission electron microscopy (TEM) methods. Zr3Al samples

were deformed at room temperature to different grades of deformation up to

shear strains of 140 000%. TEM investigations revealed that the tendency

to grain fragmentation, disordering and the formation of a nanocrystalline

structure is weak compared to other L12 ordered alloys like Ni3Al. In ad-

dition, an amorphous phase has not been encountered. The present results

differ strongly from previous ones obtained from ball-milled materials. Pos-

sible reasons for the different behaviour are discussed on the basis of the

temperature dependent dissociation scheme of the superlattice dislocations

gliding in Zr3Al.

3.2 Introduction

Zr3Al (L12 long range ordered) was intensely investigated as a possible nu-

clear reactor material due to its corrosion resistance and low thermal-neutron

capture cross section [66]. Deformation occurs by the glide of superlattice

1This chapter is based on publication [S1].
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dislocations with Burgers vector a 〈110〉. Holdway and Staton-Bevan [86]

reported two different dislocation mechanisms occurring in different temper-

ature regimes. It was also discovered that Zr3Al can be rendered amorphous

by ion irradiation [81, 82], by hydrogenation [103] and by electron irradia-

tion [65]. Benameur and Yavari [83] reported that amorphization of Zr3Al

by ball-milling is possible with milling times that are a lot shorter than those

needed to amorphize Ni3Al which is also a L12-structured compound. In this

work, the effect of HPT on Zr3Al is investigated. Samples were deformed

to a wide variety of deformation degrees. The structural evolution of the

HPT-processed Zr3Al is compared to HPT-processed Ni3Al and the effect

of different deformation methods (ball-milling, HPT) on Zr3Al is discussed.

3.3 Experimental Details

The composition of the material used was Zr-8.6wt.%Al. After alloying, it

was kept at 1160K for 24 hours to support the transformation of the high-

temperature phases Zr2Al and α-Zr to the lower-temperature Zr3Al-phase.

The microstructure finally consisted of approximately 90% L12-structured

Zr3Al, the rest being Zr2Al and α-Zr. Cylindric HPT-samples with a height

of 0.6 to 0.8 mm and a diameter of 8 mm were punched by spark erosion. The

samples were deformed at room temperature at a quasi-hydrostatic pressure

of 4 GPa to shear deformations up to 140 000%. To avoid mismatch be-

tween nominal and actual degree of deformation caused by possible sliding

between sample and dies, especially in the case of a large number of HPT

turns, the samples were marked prior to HPT by two lines, one line above

the other, on the top and on the bottom surface. After the deformation, the

lines were still well-visible and changed their relative orientation according

to the number of turns (e.g. they kept their relative orientation for an inte-

ger number of turns). Continuous measurement of the torque during HPT

that did not show any anomalies is another argument for the consistency of

nominal and actual degree of deformation. The hardness of the deformed

samples was measured by micro indentation. TEM samples were punched

out of the HPT discs and electropolished with a polishing solution consist-

ing of 5% perchloric acid and 95% ethanol at 246 K and a voltage of 11V.

TEM observations were carried out with a Philips CM 200 transmission

electron microscope operating at an acceleration voltage of 200kV. Images
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(a) (b)

Figure 3.1: TEM bright field images of Zr-25at.%Al deformed to 600% shear
strain. a) B82-structured Zr2Al precipitate in L12-structured Zr3Al. b)
hexagonal α-Zr. Zr2Al and α-Zr are nearly dislocation-free, whereas numer-
ous dislocations can be seen in the Zr3Al matrix.

and diffraction patterns of the material deformed to various grades were

taken. To ensure that the investigated region is consisting of Zr-25at.%Al,

energy-dispersive X-ray (EDX) measurements were conducted.

3.4 Experimental Results

3.4.1 Phase structure of Zr25at.%Al deformed to 600% shear

strain

The material was investigated by TEM and EDX methods to elucidate the

phase structure at relatively low degrees of deformation. Fig. 3.1 shows

TEM bright field images of different areas corresponding to a nominal shear

strain ∼ 600%. In the various crystal structures, differences in dislocation

density can be seen. The corresponding compositions were measured by

EDX. While the L12-phase Zr3Al (74.1at.%Zr) shows quite a high disloca-

tion density, the hexagonal α-Zr (96.7at.%Zr) and the B82-structured Zr2Al
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(66.7at.%Zr) phases are nearly dislocation-free. The contrast fringes visi-

ble in the latter phases are bend contours and originate from bent lattice

planes; they are not a direct indication for crystal defects. This means

that the deformation is accommodated mostly by the L12-phase, so it is

reasonable to neglect the deformation accommodated by other phases than

L12-structured Zr3Al. It can also be seen that the electropolishing solution

removes the phases differently. In Fig. 3.1a, the Zr2Al is not as thin as the

Zr3Al matrix. In Fig. 3.1b, the α-Zr is surrounded by Zr3Al that is not

even thinned to electron transparency.

3.4.2 Structure of the Zr3Al phase at 600% shear strain (1
4

turn)

Fig. 3.2 shows a TEM weak-beam dark field image of a single-phase Zr3Al

region in a specimen deformed to 600% shear strain. A dense network of

dislocations can be seen. Nevertheless, the dislocation density is low enough

for the identification of individual dislocations. Another feature of the image

are numerous fringes, which correspond to superlattice intrinsic stacking

faults (SISF). The SISF visible in Fig. 2 are located on {111} planes that

are not in projection. The different orientations of the planes comprising

the SISF lead to fringes along different directions.

3.4.3 Zr3Al deformed to 14 000% shear strain (5 turns)

Fig. 3.3 shows dark-field images revealing fragmentation of grains by crys-

tallographic boundaries and twin boundaries parallel to {111} planes. In the

diffraction pattern, mirrored reflections are a clear evidence for a twinned

structure. Fig. 3.3a and b are dark-field images of the same region taken us-

ing a {111} reflection of the twin and the matrix, respectively. The contrast

varies not only at the twin boundary and the crystallographic boundaries,

but also in the direction parallel to the twin boundary. This is due to slight

variations of orientation within the twinned region caused by SPD. Streaks

in the diffraction pattern parallel to {111} reflections indicate accumulations

of SISF. Superlattice diffraction spots are clearly visible, thus order is pre-

served. Grain refinement is no major effect of the deformation process since

the grain size is still in the order of magnitude of microns.
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Figure 3.2: TEM weak-beam dark field image of Zr3Al deformed to 600%
shear strain (diffraction vector g=220 used for the image). Numerous fringes
originating from stacking faults bounded by dislocations can be seen. Indi-
vidual dislocations are also visible.
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(a)

(b)

Figure 3.3: Dark field images of Zr3Al deformed to 14 000% shear strain. a)
and b) are taken using {111} twin and matrix spots, respectively. Abrupt
change in intensity at the twin boundary (TB) and at crystallographic
boundaries (CB) and continuous change of the intensity in the direction
parallel to the twin boundary can be seen. Steps in the twin boundary re-
sult in a slight misorientation of the (111) plane to the corresponding twin
boundary.
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3.4.4 Samples deformed to 140 000% shear strain (40 turns)

Figure 3.4 shows a TEM bright-field image of a Zr3Al region that was de-

formed to 140 000% shear strain. Like in the less-deformed samples, crys-

tallographic boundaries parallel to {111} planes are observed. In contrary

to the sample deformed to 14 000% shear strain, this sample does not show

any indications for twinning. From the presence of streaks in the diffraction

pattern it can be assumed that all crystallographic boundaries are composed

of accumulated SISF-dissociated dislocations. The diffraction pattern still

consists of a rather well-defined spot pattern, even after this extremely high

grade of deformation. This means that the grain size is not significantly

reduced by the SPD process and the variation of orientation is only small.

It is important to note that like for the less-deformed material, superlattice

reflections show that order is still preserved.

3.4.5 Microhardness measurements

Additional to the TEM investigations, measurements of the Vickers hard-

ness were conducted via micro indentation. There is a significant difference

in microhardness between undeformed and deformed samples. Within the

deformed samples, the hardness values are mostly within the error bars. The

grade of HPT deformation does not have a strong influence on the hardness

of the material.

3.5 Discussion

In contrast to L12-structured intermetallic compounds like Ni3Al [104] and

Cu3Au [105], Zr3Al shows no sign of disordering or nanocrystallization upon

HPT at room temperature. A possible reason is the difference in dislocation

mechanisms. In Ni3Al and Cu3Au, a superlattice dislocation with Burg-

ers vector 〈110〉 dissociates into two superpartials gliding on {111} planes

with Burgers vector 1
2 〈110〉 confining an anti-phase boundary (APB) (Fig.

3.5). The APB causes local disorder, so a large number of APB reduces the

degree of order significantly. The different mechanisms leading to an accu-

mulation of APB faults are described elsewhere [106]. For Zr3Al, Holdway

and Staton-Bevan [86] and Shang et al. [88] reported that superlattice dislo-

cations dissociate into two superpartials with Burgers vector 1
2 〈110〉 only at
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Figure 3.4: TEM bright field image of Zr3Al deformed to 140 000% shear
strain. The contrast indicates that the variation of orientation is only small.
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Figure 3.5: Schematic drawing of two 1
2 [110] superpartial dislocations con-

fining an APB (dashed line). At the APB, the order is destroyed.

elevated temperatures. In deformation experiments at room temperature,

they found that SISF confined by super Shockley dislocations with Burgers

vector 1
3 〈211〉 gliding on {111} planes are the predominant type of defect,

a finding that is consistent with our TEM results. As our HPT experiments

were conducted at room temperature, the lack of APB hinders disordering,

since SISF preserve the ordered structure. Disordering is expected to cause

a higher mobility of dislocations and therefore to assist nanocrystallization.

The ball milling experiments of Benameur and Yavari [83] showed that

Zr3Al is easy to amorphize by ball milling. Similar to our material, they used

a L12 compound Zr3Al with some residual Zr2Al (that was not transformed

to Zr3Al) and possibly some α-Zr. One difference to our experiments is,

apart from the different deformation method, the grain size of the initial

material. Due to melt spinning prior to ball milling, their initial grain size

was about 80 nm, while the initial grains in this work were several microns

large. Moreover, a difference in temperature rise on a local scale may exist

between ball milling and HPT. Suryanarayana [107] reported estimates of

local temperature rises upon the impact of the milling balls up to 1000 K

during ball milling for some materials. If the temperature rise during ball

milling of Zr3Al is sufficiently high to get the material in the temperature
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regime of the deformation mechanisms resulting in APB (above 873 K [86]),

then this significant difference to HPT possibly explains why disordering

followed by amorphization happens for ball milled samples, but not for HPT-

processed ones.

3.6 Summary

L12-structured ordered intermetallic Zr3Al was deformed by HPT at room

temperature. TEM investigations were conducted of samples deformed to

shear strains ranging from 600% to 140 000%. Crystallographic boundaries

consisting of SISF-dissociated dislocations arise on {111} planes upon de-

formation. In samples sheared to an intermediate grade of deformation (14

000%), twin structures were observed. No significant grain refinement, dis-

ordering, nanocrystallization or amorphization was observed at any grade

of deformation. This fundamentally different behaviour compared to other

L12-structured compounds can arise by a lack of disordering which may

impede nanocrystallization and amorphization.



Chapter 4

HPT of different L12

compounds1

4.1 Overview

Severe plastic deformation (SPD) can be used to make bulk, nanostructured

materials. Three L12 long-range ordered (LRO) intermetallic compounds

were studied by TEM methods. The superlattice glide dislocations can

dissociate according to two schemes: anti-phase boundary (APB) coupled

unit dislocations or superlattice intrinsic stacking fault (SISF) coupled super

Shockley partials; both of them are analysed by weak-beam TEM methods.

The nanostructures resulting from SPD carried out by high pressure torsion

(HPT) are strongly affected by the different dissociation schemes of the dis-

locations. APB-dissociated superlattice dislocations and especially the APB

tubes they form lead to the destruction of the LRO by HPT deformation

as observed in Cu3Au and Ni3Al whereas in Zr3Al heavily deformed (∼ 100

000% shear strain) at low temperatures the order is not destroyed since the

deformation occurs by SISF-dissociated dislocations. In addition to the ef-

fects on the LRO the different dissociation schemes of the dislocations have

a strong impact on the refinement and destruction of the crystalline struc-

ture by SPD. They seem to be decisive for the dynamic recovery considered

as the limiting factor for the final grain sizes and the possibility to reach

amorphization. Finally, the correlation between the reduction of the LRO

1This chapter is based on publication [S2]. The experimental results of Zr3Al were
obtained by the author of this thesis, the other materials were investigated by co-authors
of the publication.
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and the structural refinement occurring during SPD is different in the three

different alloys: In Cu3Au the LRO is already strongly reduced before the

structural refinement reaches saturation, in Ni3Al both are occurring simul-

taneously whereas in Zr3Al the formation of the nanograins does not seem

to be connected with disordering.

4.2 Introduction

Severe plastic deformation (SPD) is a novel tool to produce bulk nanostruc-

tured materials, i.e. materials with a typical grain size less than 100 nm

[6]. By this top-down approach, bulk materials are deformed. The process

of deformation introduces numerous lattice defects, which can lead to grain

refinement down to grain sizes in the range of nanometers or in the case of

alloys, even to amorphization [108, 55, 109]. The current interest in bulk

nanocrystalline (NC) materials arises because they offer improved mechan-

ical and other physical properties [4]. In this context long range ordered

(LRO) intermetallics are of special interest because they are usually rather

brittle due to their partly covalent bonding. SPD of intermetallic alloys can

lead to a reduction of LRO and it has been shown that SPD-deformed Ni3Al

exhibits even superplastic behaviour [110]. In the present study, the method

of high pressure torsion (HPT) is used to carry out SPD that produces bulk,

non-porous specimens with a pure shear deformation up to 100 000% [7].

This large amount of shear strain requires the activation of a huge number

of dislocations. In this work, we focus on L12 LRO intermetallic compounds.

In this case, the deformation occurs by the movement of superlattice dis-

locations on {111} planes having a Burgers vector: b = a 〈110〉 (a: lattice

constant). The glide dislocations can reduce their energy by dissociation. In

the L12 structure, there are two dissociation schemes for a a[101](111) glide

dislocation:

a[101]→ a

2
[101] +APB +

a

2
[101] (4.1)

a[101]→ a

3
[211] + SISF +

a

3
[112]. (4.2)

Eq. 4.1 shows the dissociation into unit dislocations bounding an antiphase

boundary (APB) fault. The unit dislocations have the same Burgers vector
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as the glide dislocations in the fcc structure and they undergo a further

dissociation into Shockley partials bounding a complex stacking fault in

the L12 structure [111]. Eq. 4.2 shows the dissociation into super Shockley

partial dislocations bounding a superlattice intrinsic stacking fault (SISF).

An important difference is that in case of Eq. 4.1 the chemical order is

locally destroyed by the APB fault whereas in case of Eq. 4.2 the order is

not affected by the SISF. Both dissociation schemes are observed to occur

in L12 intermetallics [112]. Therefore, we selected for the present study

three different L12 intermetallics: (i) Cu3Au where the glide dislocations

dissociate according to Eq. 4.1, (ii) Ni3Al where both dissociation schemes

are encountered although that of Eq. 4.1 is prevailing and (iii) Zr3Al where

the dissociation according to Eq. 4.2 is dominating at room temperature

(RT) deformation.

4.3 Experimental Procedure

4.3.1 Ni3Al

The Ni3Al samples were grown as L12 LRO single-crystals using a modified

Bridgman technique. They were homogenized at 1473 K for 120 h to reduce

the grown-in dendritic structure. Samples oriented for single slip (compres-

sion axis [123]) were deformed in compression with a shear strain of 22%

and cut parallel to the primary glide plane (111) to make TEM foils.

4.3.2 Cu3Au

To get L12 ordered Cu3Au samples, a special heat treatment was carried out

since Cu3Au has an order-disorder transition at 663 K. Samples with a grain

size of about 200 µm were annealed at 623 K for 140 h and subsequently

cooled by 10 K per day down to 433 K. After this treatment, the order

parameter is close to 1 and the size of the grown-in domains is ∼ 500 nm.

For the HPT deformation, disks with a diameter of 8 mm and a thickness of

0.8 mm were made by spark cutting. The HPT deformation was conducted

at a quasi-hydrostatic pressure of 4 GPa at RT.
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4.3.3 Zr3Al

The Zr3Al samples were annealed at 1160 K for 24 h to facilitate the phase

transformation α-Zr + Zr2Al→ Zr3Al since the L12 phase of Zr3Al is stable

only for temperatures lower than 1261 K, whereas the melting point is at

1623 K. The resulting material consisted of 80-90 % L12 ordered polycrys-

talline Zr3Al containing residual Zr2Al and α-Zr. The HPT experiments

were carried out analogous to the Cu3Au ones. In addition, HPT experi-

ments at liquid nitrogen temperature (LNT) were also conducted with the

other parameters staying the same.

4.3.4 TEM

Out of the HPT disks of Cu3Au and Zr3Al, TEM disks were cut and thin foils

were prepared by electropolishing using the polishing parameters described

in [113] for Cu3Au and 5% perchloric acid and 95% ethanol at 246 K and

11 V for Zr3Al. For the Ni3Al samples, 11% perchloric acid, 5% glycerin,

30% 2-butoxyethanol and 54% ethanol at 263 K and 22.5 V were used for

electropolishing. The TEM studies were carried out at acceleration voltages

150 kV and 200 kV. Diffraction contrast images (bright-field (BF), dark-

field (DF), weak-beam dark-field (WBDF)) were taken as well as diffraction

patterns (DP) at regions of different degrees of deformation. Diffraction

patterns of the Zr3Al samples were recorded on a CCD and subsequently

analysed using the PASAD software to get information about the state of

order of the material deformed at different temperatures [98].

4.4 Results

4.4.1 Glide dislocations and antiphase boundary tubes in

Ni3Al

In Ni3Al, mainly glide dislocations according to Eq. 4.1 are activated at

room temperature; still in a few cases a transition from the dissociation

scheme of Eq. 4.1 to that of Eq. 4.2 is observed. Such a transition is shown

in Fig. 4.1 (WBDF images taken under different diffraction conditions).

In Fig. 4.1(a) (g = [202], BD ∼ [111]) both unit dislocations and both

superlattice Shockley dislocations are imaged near (1) and (2), respectively.

The super Shockleys have a tendency to align along 〈110〉 directions (as
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it is seen near (2)) since in this orientation they can undergo a further

dissociation leading to the formation of a locked dislocation (Giamei lock)

[114]. In Fig. 4.1(b) (g = [022]) only one of the super Shockleys (the upper

one) is in contrast since g · b ≡ [022] · a3 [211] = 0 for the lower one. In

Fig. 4.1(c) the segment of the dislocation containing the APB fault (near

(1)) is out of contrast whereas the SISF of the adjacent dislocation segment

(near (2)) is in contrast. Although glide dislocations dissociate according

to Eq. 4.1 at RT deformation, SISF are encountered in connection with

dipoles since dipoles pulled out from normal glide dislocations with APB

faults frequently convert into dipoles containing SISF [114]. The lines of

weak contrast along b visible in Fig. 4.1(b) and 4.1(c) are out of contrast in

Fig. 4.1(a); they are identified as APB tubes built up by four intersecting

APB faults. In a hard sphere model of the L12 structure the APB fault is

a pure chemical fault and therefore an APB tube does not contain stair-rod

dislocations at the intersection lines of the faults. 78 APB tubes show up

in superlattice reflections [115]; they should not be visible in fundamental

reflections as it is the case in Fig. 4.1(b) and 4.1(c). In this context, it has

to be mentioned that recent studies showed that in Ni3Al the APB faults

contain in addition to the chemical fault a tiny structural component giving

rise to their image contrast in fundamental reflections (as imaged in Fig.

4.1(b) and 4.1(c)). In the case of intersecting APB faults this leads to very

weak stair-rod dislocations (b = a
25 〈110〉 or b = a

25 〈200〉) [116].

In Fig. 4.2 APB tubes are imaged in a fundamental reflection (g = [022]).

They show up as straight, weak lines. It is interesting to note that their

density is at least locally quite high after only 22% of deformation. Several

mechanisms have been put forward to explain the formation of APB tubes:

they can be pulled out from non-aligned jogs of gliding APB-dissociated

superlattice dislocations [118] and they can be formed during the cross-slip

process of APB-dissociated superlattice dislocations, e.g. in the course of

their annihilation [119, 120].

4.4.2 Antiphase boundary tubes in HPT deformed Cu3Au

Fig. 4.3 shows a DF image and the corresponding DP of Cu3Au deformed

to shear strain γ ∼ 1000% by HPT at RT. In Fig. 4.3(a) the APB domains

are in contrast since a superlattice reflection is used as reflection vector

(g = [011]). Contrary to Ni3Al, Cu3Au contains grown-in APB domains.
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(a)

(b)

(c)

Figure 4.1: WBDF images of Ni3Al deformed in compression (22% shear
strain) at RT. Superlattice glide dislocation showing a transition from the
dissociation scheme with the APB fault to that with the SISF (marked (1)
and (2), respectively). (a) g ‖ b; all dislocations in contrast. (b) One super
Shockley partial out of contrast near (2). APB tubes (e.g. near (T)) in
contrast. (c) Superlattice dislocation (1) out of contrast, SISF and APB
tubes in contrast [117].
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Figure 4.2: WBDF image of Ni3Al deformed in compression (22% shear
strain) at RT. A high density of APB tubes aligned along b and several
edge dipoles of superlattice dislocations containing APB faults [117].

After deformation their density is increased as they are cut by glide dislo-

cations. In addition to them, APB faults aligned along the traces of the

(111) planes (which are parallel to the projection of b = ±a[101]) are visi-

ble in Fig. 4.3(a). They are identified as APB tubes by analysing the DP

(cf. Fig. 4.3(b)). The DP contains the fundamental and superlattice spots

corresponding to the beam direction BD ∼ [011]. (The fundamental spots

are split since Au is redeposited epitactically on the surface during elec-

tropolishing.) In addition to the spots, streaks are observed going through

superlattice spots only [106]. It is concluded that they are caused by disks

in reciprocal space since their extension and intensity is relatively large near

superlattice reflections (e.g. ±[100]) that are rather weak under the given

reflection condition (g = [011]). Therefore it can be followed that a high

density of APB tubes is present after HPT deformation leading to a gradual

reduction of the LRO.
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(a)

(b)

Figure 4.3: Cu3Au deformed by HPT at RT (shear ∼1000%). (a) DF image
taken with a superlattice reflection showing a high density of the grown-in
APB domains cut by the glide dislocations and APB faults extended along
b (dashed line, does not lie in image plane) identified as APB tubes by the
DP. (b) DP showing fundamental and superlattice reflections. The APB
tubes are causing the streaks going through the superlattice reflections only.
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4.4.3 SISF and amorphization in Zr3Al

Figure 4.4(a) shows a DF image (BD ∼ [011]) and the corresponding DP of

a region with a high density of SISF in Zr3Al. Due to the inhomogeneous

deformation in the sample, the value of the local shear strain can only be

estimated to be less than 10 000% in the imaged region. The DF image

was taken by placing the objective aperture on the streak connecting the

fundamental reflection spots (cf. dashed circle in Fig. 4.4(b)). The streaks

are caused by SISF. They are parallel to the 〈111〉 directions since the SISF

lie on {111} planes. No streaks are observed near the superlattice spots

indicating that APB faults are not occurring in a high density.

The influence of the deformation temperature on the structural changes

by HPT deformation (of about the same amount) in Zr3Al is shown in Fig.

4.5 and Fig. 4.6. In Fig. 4.5 the results of a sample deformed at LNT are

illustrated. A band of amorphous material (labelled A) surrounded by NC

regions is observed. The analysis of the DP by PASAD [98] of Fig. 4.5

reveals unambiguously that the chemical order is still present in the NC

regions (grain size 10 to 20 nm) surrounding the amorphous band. Fig. 4.6

shows the results of a sample deformed at RT. The structure is NC (grain

size again 10 to 20 nm), amorphous regions have not been encountered. The

DP reveals that the amount of the order retained after the RT deformation

is much less compared to that after LNT deformation although the amount

of deformation and the grain sizes are similar in both cases.

4.5 Discussion

4.5.1 Destruction of LRO by SPD

From the experimental results shown in Chapter 4.4 it is concluded that

the destruction of the LRO occurring during SPD is facilitated by glide

dislocations containing APB faults (cf. Eq. 4.1).

In L12 LRO Cu3Au the glide dislocations correspond to the scheme of

Eq. 4.1 at RT deformation. SISF have not been observed. The destruction

of the LRO by deformation is very effective since it occurs by both the

cutting of the grown-in domains and the formation of a high density of APB

tubes (cf. 4.4.2); the destruction seems to saturate at 5000% of deformation

[105]. It should be pointed out that on a local (atomic) scale the structure



56 CHAPTER 4. HPT OF DIFFERENT L12 COMPOUNDS

(a)

(b)

Figure 4.4: Zr3Al deformed by HPT at RT (shear strain < 10000%) (a)
DF image of the SISF taken by placing the objective aperture on a streak
between two fundamental reflections. The SISF are imaged as straight lines
of bright contrast since BD ∼ [011]. (b) DP with the position of the objec-
tive aperture encircled lying on a streak caused by the SISF. Streaks going
through the superlattice reflections indicating APB faults have not been
encountered.
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Figure 4.5: BF image and DP of Zr3Al deformed by HPT at LNT to a shear
strain of ∼100 000%. NC phase (grain size 10 to 20 nm with an embedded
amorphous band A∼50 nm wide) lying about parallel to the shear direction
(SD). The inserted diffraction pattern shows rings of superlattice reflections
(marked by arrows) indicating that NC region is not disordered.
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Figure 4.6: BF image and DP of Zr3Al deformed by HPT at RT to a shear
strain of ∼100 000%. The size of the nanocrystals is similar to that in Fig.
4.5, the difference is that the DP of the NC region shows only weak rings of
superlattice reflections. Amorphous regions have not been encountered.
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will be rather inhomogeneous after the destruction of the LRO by SPD and

therefore locally not equivalent to a disordered or short-range ordered (SRO)

structure made by thermal treatment.

In Ni3Al deformed at RT the vast majority of the glide dislocations

contains APB faults; cases where a transition to a SISF-dissociated glide

dislocation (as shown in Fig. 4.1) is observed are very rare. SISF are

found to occur in Giamei locked dipoles aligned along 〈110〉 directions. (It

should be mentioned that in samples deformed at LNT a clear increase of

the density of the SISF is occurring.) In Ni3Al the dislocation structure

observed after RT deformation contains mainly edge dislocations and only

a few screws indicating that they cross-slip and annihilate thus giving rise

to the formation of APB tubes [121] (This agrees with the fact that RT

is below the temperature regime with an anomalous increase of the yield

strength caused by screws converting to Kear-Wilsdorf locks [122]).

The destruction of the LRO starts locally in the regions of high deforma-

tion (e.g. at geometrical boundaries and slip bands); extensive disordering

leading to the global loss of LRO seems to be directly associated with the

process of dynamic recovery followed by nanocrystallization [104]. In the

nanocrystalline state, only a very small amount of residual order could be

detected by high-resolution TEM [123]. It is proposed that for the process of

disordering the APB tubes are more important than the stored superlattice

dislocations containing APB faults. The density of APB tubes can be much

higher than that of the dislocations since the long-range stress field of the

tubes is very small compared to that of the dislocations (up to a factor 15).

It is interesting to point out that the Ni3Al samples with LRO destructed

by SPD could be used to make in a bulk material tailored metastable APB

domains of nanodimension that cannot be achieved by quenching.

In Zr3Al the dislocation scheme of the glide dislocations is strongly de-

pendent on the deformation temperature: Above 873 K APB-dissociated

glide dislocations are prevailing; at temperatures below 673 K SISF-dissociated

dislocations get more and more dominant the lower the temperature is

[86, 88]. This agrees with the experimental findings of 4.4.3, yielding that

the destruction of the LRO is more pronounced after the RT deformation

than after LNT deformation. When the grain size is small, as in HPT-

deformed Zr3Al (10 to 20 nm), a reduction of the LRO arises together with

a destruction of the structure by the atoms at the grain boundaries. This
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effect is even more pronounced in HPT deformed alloys since after HPT

deformation, the grain boundaries are highly irregular.

4.5.2 Refinement and destruction of the crystalline structure

by SPD

The SPD of metals and alloys leads to a reduction of the grain size by

a process that is mediated by dislocations down to grain sizes of about

20 nm. At smaller grain sizes other deformation mechanisms (e.g. grain

boundary mediated processes) are getting more and more important until

at least in some alloys an amorphous structure is reached by destruction of

the crystalline one.

In different L12 intermetallics different dissociation schemes of the glide

dislocations are occurring. Superlattice glide dislocations bounding APB

faults (cf. Eq. 4.1) are activated in Cu3Au and Ni3Al during RT deformation.

At high densities caused by large strains they are leading to the reduction of

the LRO (as discussed in 4.5.1). This has the important impact that after

destruction of the LRO for a further deformation superlattice dislocations

(a 〈110〉) are not necessary any more since the deformation can be carried

by unit dislocations (a2 〈110〉) like in fcc alloys. It seems safe to assume

that dynamic recovery is the limiting factor for the deformation energy that

can be stored by the dislocations during SPD. In Cu3Au disordering takes

place already in the coarse-grained material (cf. 4.4.2). Once the material

is disordered, dynamic recovery (e.g. by cross-slip annihilation of screws) is

easier than in the LRO structure.

This is used to explain the experimental result that in saturation, the

grain size achieved by HPT deformation of Cu3Au (100 to 500 nm) [105]

is larger than that of Ni3Al (4-200 nm) [124]. In Ni3Al the structure stays

ordered accumulating strain energy during the HPT deformation until it

changes in a single step into a disordered NC structure. In Zr3Al the dis-

sociation of the superlattice dislocations with SISF is prevailing at RT de-

formation and completely dominating at LNT deformation. In this case

dynamic recovery of the dislocations formed during HPT deformation is

hindered since the widely dissociated super Shockley partials (cf. Fig. 4.1)

will only partially annihilate leaving stair-rod dislocations (a3 〈110〉) at the

intersection line of the SISF behind. Therefore, a higher density of stored

dislocations can be accumulated compared to the case of annihilating APB-
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coupled dislocations. This could explain that in Zr3Al the grain size yielded

in saturation by HPT at RT is small and that by deformation at LNT even

amorphization can be achieved.

4.6 Conclusions

(i) From TEM studies it is concluded that APB-dissociated superlattice

dislocations and especially the APB tubes they form lead to the de-

struction of the LRO by the HPT deformation as observed in Cu3Au

and Ni3Al.

(ii) From the result of Zr3Al heavily deformed at LNT (∼100 000% shear

strain) by HPT it is concluded that deformation by SISF-dissociated

superlattice dislocations does not destroy the LRO.

(iii) It is concluded that in L12 intermetallics the two dissociation schemes

of superlattice glide dislocations also have a strong impact on the re-

finement and destruction of the crystalline structure by SPD. The

intrinsic properties of the glide dislocations (e.g. the ability of screws

to cross-slip and annihilate) seem to be decisive for the dynamic re-

covery considered as the limiting factor for the final grain sizes and

the possibility to reach amorphization.

(iv) From the results of Zr3Al deformed at LNT it is concluded that the

formation of nanograins is not necessarily connected with disordering.
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Chapter 5

Effect of Repeated Cold

Rolling on Zr3Al1

5.1 Overview

The intermetallic compound Zr3Al is severely deformed by the method of

repeated cold rolling. By X-ray diffraction it is shown that this leads to

amorphization. TEM investigations reveal that a homogeneously distributed

debris of very small nanocrystals is present in the amorphous matrix that

is not resolved by X-ray diffraction. After heating to 773 K, the crystalliza-

tion of the amorphous structure leads to a fully nanocrystalline structure of

small grains (10 - 20 nm in diameter) of the non-equilibrium Zr2Al phase.

It is concluded that the debris retained in the amorphous phase acts as nu-

clei. After heating to 973 K the grains grow to about 100 nm in diameter

and the compound Zr3Al starts to form, that is corresponding to the alloy

composition.

5.2 Introduction

The intermetallic compound Zr3Al has been of special interest as a nuclear

structural material although a drawback of the material is embrittlement

under certain irradiation conditions [66]. Recently, it was shown that nanos-

tructuring of materials can enhance the irradiation resistance, e.g. for the

intermetallic compound NiTi [27]. One successful method to achieve nanos-

1This chapter is based on publication [S3].

63
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tructuring in bulk materials is severe plastic deformation (SPD). The forma-

tion of the nanocrystalline structure can occur directly by grain refinement

of the coarse grained material or by crystallization of SPD induced amor-

phous material. For example, crystallization of the intermetallic alloy NiTi

amorphized by severe plastic deformation can lead to nanocrystalline struc-

tures and by modification of the deformation path and the heat treatment,

properties of the alloy can be tailored [125].

Bulk intermetallic alloys can be deformed severely using high pressure

torsion (HPT). For Zr3Al, it was shown that HPT at room temperature

leads to a final grain size of approximately 20 nm, but amorphization of

a significant volume fraction of the sample has not been encountered [S2].

Furthermore, it was observed that upon HPT deformation, Zr3Al exhibits

inhomogeneous microstructures, as were also observed in the case of L12

structured Ni3Al [104, 126, 127].

Deformation by cold rolling with intermediate foldings (repeated cold

rolling - RCR) is an alternative promising deformation route to produce bulk

nanocrystalline materials [128]. The minimum final grain sizes that can be

achieved for a material are often smaller than the corresponding ones after

SPD under high pressure (e.g. HPT, equal-channel angular pressing) [56].

In addition, RCR can lead to amorphization.

It is the aim of this work to study the effect of RCR on the grain re-

finement of Zr3Al and the behaviour of the refined material upon heating

to different temperatures. Crystallization of the amorphous phase is also

of interest since the Zr-Al system exhibits several intermetallic phases (cf.

Fig. 5.1) and the driving force to form the L12 structure was reported to be

rather weak compared to the one of neighbouring phases [129].

5.3 Experimental Procedure

Zr3Al was alloyed with an initial composition of Zr with 27 at.% Al. The al-

loy was homogenized at 1160 K for 24 h leading to the ordered L12 structure

with 10% residual Zr2Al and α-Zr. The material was cut to sheets 10mm x

10mm x 0.8mm in size. The thickness of the sheets was reduced to 0.25 mm

by repeated cold rolling. Then they were folded and again cold rolled until

a thickness of 0.25 mm was achieved. This process was repeated up to 80

times. During rolling the alloy was placed between two spring steel plates.
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Figure 5.1: The Zr-rich side of the phase diagram of the Zr-Al system. Grey
areas are existence regions. The intermetallic phases are all line compounds.
The L12-phase at 25at% Al is stable up to 1261 K, at higher temperatures
it decomposes to bcc β-Zr and Zr2Al, which is of the B82-structure [61].
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The deformed material with the highest strain (80 foldings, ε80 = 6600%)

was heated to different temperatures at different heating rates in a differen-

tial scanning calorimeter (DSC). For the baseline subtraction, the material

was kept at the maximum temperature after heating until the exothermic

signal was negligible to avoid exothermic processes in the subsequent run

that provided the baseline.

Undeformed samples, samples deformed for 80 foldings and samples

heated to 773 K and 973 K at 20 K min−1 after deformation for 80 fold-

ings were investigated by X-ray diffraction (XRD) and transmission electron

microscopy (TEM). The XRD data were analysed to get information about

the coherently scattering domain (CSD) size and the crystal structure of the

samples.

The TEM preparation was done by cutting disks suitable for TEM prepa-

ration from samples of different states, subsequent grinding and dimpling

and finally electropolishing using the same parameters as described in [S1].

Acceleration voltages of 200 kV and 300 kV were used for conventional TEM

and high-resolution TEM, respectively.

5.4 Experimental Results

TEM analysis of samples deformed for 5, 10 and 20 foldings reveals that al-

ready at these relatively low strains (ε5 = 530%, ε10 = 930%, ε20 = 1730%),

grain refinement is clearly visible. At 80 foldings (ε80 = 6600%), XRD shows

two broad peaks (cf. Fig. 5.2) indicating an amorphous sample. Comple-

mentary TEM images taken of the same material yield additional important

information (cf. Fig. 5.3): a mostly homogeneous intensity distribution with

a few remaining crystalline regions that are 100 to 200 nm in diameter (Fig.

5.4a). From dark-field images, it can be seen that the whole crystalline

region is oriented in a similar way, so it is rather one crystallite than an

agglomeration of many small crystallites. The complex contrast is an indi-

cation for a very high defect density in the crystallite. In addition, small

crystallites were identified using high-resolution TEM in the amorphous ma-

trix (Fig. 5.4b); they show up as dark dots in Fig. 5.3 (The large (< 500

nm) roundish bright areas originate from thickness variations in the TEM

foil developed as an artifact during electropolishing.). Combining the XRD

and TEM results, a small crystalline volume fraction of a few percent in a
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Figure 5.2: XRD analysis of the amorphous sample produced by repeated
cold rolling with 80 intermediate foldings. The spectrum shows two broad
peaks indicating a mostly amorphous sample.

mostly amorphous sample was identified as the sample structure after 80

foldings.

DSC experiments were conducted to clarify the thermal stability of the

as-deformed material. Fig. 5.5 shows a baseline-subtracted DSC curve for a

heating rate of 5 K min−1. The baseline was obtained by a second run after

annealing at 973 K for 30 min. Two exothermic peaks are revealed. The first

peak (peak A) that starts at 650 K and has its maximum at 720 K is caused

by crystallization of the amorphous phase. To determine the enthalpy of

peak A, the following method (cf. inset in Fig. 5.5) was chosen under the

assumption that the peak is symmetric and that peak B has a negligible

influence on the low-temperature half of peak A: From the left integration

limit Tstart = Tpeak − 2(Tpeak − Tonset) (Tonset was determined using the

tangent method), the enthalpy between a horizontal baseline and the DSC

curve was integrated until Tpeak (grey area in inset in Fig. 5.5). This value
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Figure 5.3: TEM bright-field image of the amorphous sample produced by
cold rolling with 80 intermediate foldings showing large areas of homoge-
neous intensity. Some larger crystallites (100 - 200 nm) and several small
crystallites (black spots, typically <10 nm) can be seen in the amorphous
matrix.
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Figure 5.4: Crystallites in the amorphous matrix. (a) TEM dark-field image
of one larger crystallite. The contrast shows that the crystallite contains a lot
of structural defects. (b) High-resolution TEM image of a small crystallite
embedded in an amorphous matrix

was taken as the enthalpy of the low-temperature half of the enthalpy of the

peak. Due to the above-mentioned assumptions, doubling this value yields

the total enthalpy of the peak. This method was chosen because the results

of a regular peak fit differed strongly (20-80 J/g) at comparable qualities of

the fit, even for a single heating rate. The determination of the enthalpies

using the above-mentioned method for four different heating rates yielded a

crystallization enthalpy of 41± 3 J/g. This statistical uncertainty, however,

seems to underestimate the real one, that might be as high as 20%, due to

systematic instrumental errors and the assumption of peak B not having an

influence on the low-temperature half of peak A. A Kissinger plot using the

four different heating rates ranging from 5 K min−1 to 50 K min−1 leads

to an activation enthalpy of Q = 2.60 ± 0.10 eV. The second exothermic

peak with a plateau-like behaviour at high temperatures is attributed to a

superposition of grain growth and phase transformation processes.

Using a heating rate of 20 K min−1, samples were heated to 773 K and to

973 K, i.e. after the crystallization peak and to the maximum temperature

of the DSC curve, respectively. Fig. 5.6a shows a TEM bright-field im-

age of the sample heated to 773 K revealing nanocrystalline material with

a grain size of approximately 10-20 nm. This grain size estimation is in

reasonable agreement with a Williamson-Hall analysis of the CSD size as

deduced from the corresponding XRD spectrum (cf. Fig. 5.6b) yielding a

mean crystalline diameter of 40 nm (The grain sizes coming from TEM and
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Figure 5.5: DSC curve (heating rate 5 K min−1) of Zr3Al deformed by 80
foldings. A crystallization peak (marked A) can be seen at 721 K. A large
peak (marked B) occurs at higher temperature. The temperatures to which
the TEM samples were heated are indicated. A sketch of the integration
method is shown in the inset.
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XRD are arithmetically and volume weighted, respectively, resulting in an

intrinsic difference of the results). Apart from the CSD size, the XRD results

show that the B82-structure is clearly predominant in the sample heated to

773 K. All the major peaks can be related to peaks of this structure, which

is the equilibrium phase for Zr2Al [130]. This result was also confirmed

by analyzing the corresponding electron diffraction ring patterns using the

PASAD software [98]. After heating the sample to 973 K, defect-free grains

grow to a size of ∼ 100 nm as observed in the TEM bright-field image (cf.

Fig. 5.7a). The corresponding XRD curve (cf. Fig. 5.6b) shows that the

L12 structure (i.e. the equilibrium structure for Zr3Al) starts to form. At

this grain size, an estimation of the CSD size by XRD was not considered

since the instrumental line broadening is about the same as the grain size

broadening and this leads to a large uncertainty in grain size broadening

after deconvolution of the peak. It should be mentioned that after heating

to 973 K at 20 K min−1 and immediate subsequent cooling at the same rate,

the B82 structure is still predominant.

5.5 Discussion

TEM analyses of samples deformed by RCR show that pronounced grain

refinement takes place at much lower strain levels than it was reported for

Zr3Al deformed by high pressure torsion [S2]. After 80 foldings (ε = 6600%),

at least 90% of the volume is amorphous and the grain structure is finer than

that in the HPT experiment. This is in agreement with the results showing

that the grain sizes after RCR can be smaller than those achieved by other

SPD techniques [56].

As depicted in Fig. 5.3, a homogeneously distributed crystalline debris is

retained in the amorphous material. Upon heating to 773 K, the crystallites

that are only a few nm large can serve as pre-existing nuclei and lead to

the formation of a fine nanocrystalline structure (10 - 20 nm, cf. Fig. 5.6a)

because of their dense distribution. A similar behaviour was observed for

NiTi, that was rendered amorphous by severe plastic deformation and after-

wards heated in in-situ TEM experiments [125]. Peak A of the DSC curve

(cf. Fig. 5.5) is therefore attributed to crystallization and grain growth

until impingement. The peak temperature is about 70 K lower than that

reported in [129] for ball-milled amorphous Zr3Al. This difference can be
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Figure 5.6: TEM and XRD of Zr3Al deformed by 80 foldings and subse-
quently heated to 773 K. (a) TEM image. The grain size is 10 - 20 nm. (b)
XRD spectrum. All the peaks correspond to the B82 structure. The corre-
sponding lattice planes of the B82 structure are indicated; the pronounced
background at low angles comes from the glass sample holder.
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Figure 5.7: TEM and XRD of Zr3Al deformed by 80 foldings and subse-
quently heated to 973 K. (a) TEM image showing defect-free grains with
a grain size of ∼ 100 nm. (b) XRD spectrum. The major peaks mainly
correspond to the B82 structure; minor peaks to the α-Zr, L12 and the equi-
librium Zr3Al2 structure, the pronounced background at low angles comes
from the glass sample holder.
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explained by the presence of the crystalline debris in our samples. A similar

behaviour was observed in NiTi with a peak temperature reduction of 100 K

[125]. Therefore, it is concluded that the higher peak temperature reported

for Zr3Al in [129] indicates that the material did not contain a crystalline

debris. Peak B of the DSC curve (cf. Fig. 5.5) is interpreted to be caused

by grain growth and phase transformations between different intermetallic

phases (cf. Fig. 5.7a and b).

By experimental and theoretical evaluation, Ma et al [131] deduced an

enthalpy release caused by devitrification of Zr3Al of ∼ 85 J/g, which is

about twice the amount that is determined here. Possible reasons for the

higher crystallization enthalpy could be an additional contribution of grain

growth, which is part of DSC peak B (cf. Fig. 5.5) in this work or a principal

difference in the structure of the amorphous samples caused by the different

processing conditions (strains, strain rates, deformation temperatures etc).

X-ray results show that the equilibrium L12 structure does not form

in the initial crystallization process since only B82 structured Zr2Al was

detected after heating to 773 K (cf. Fig. 5.6b). It is well established that

nanocrystalline material can have a different crystal structure than its coarse

crystalline counterpart at the same composition and temperature [132, 133].

In the present case, antisites or vacancies on Al sites of the ordered B82 struc-

ture could in addition compensate for the difference between the nominal

as-cast composition and that of stoichiometric Zr2Al. From the DSC curve,

the formation enthalpy of the present B82 structure (containing a high num-

ber of point defects causing excess enthalpy) is determined to lie between

the one of the amorphous phase and the one of the L12 structure as given in

[131]. This makes the transformation path amorphous→ B82 → L12 ther-

modynamically reasonable. A comparison with data of Zr5Al3 and Zr5Al4

favors the substitution with vacancies [134]. Assuming a vacancy density

that compensates for the aluminium deficiency in the formation of the B82

structure and ignoring grain size effects causing excess enthalpy gives a rea-

sonable upper limit of 2.7 eV for the formation enthalpy of a vacancy.

After heating to 973 K, the Zr2Al phase is still predominant, but some

α-Zr, L12 structured Zr3Al and a little Zr3Al2 of the space group P42/mnm

starts to form (cf. Fig. 5.7b).

The heat treatments presented in this work resulted in a very fine nanocrys-

talline structure dominated by the B82 phase (10 - 20 nm). It is suggested
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that heat treatment of amorphous samples at low temperatures (∼ 770 K)

for several hours or even days might give rise to the formation of the L12

structure without causing excessive grain growth. It is concluded that the

crystalline debris resulting from the amorphization by RCR is important

for reducing the grain size of the crystallized material by providing a dense

network of homogeneously distributed pre-existing nuclei.

5.6 Conclusions

• Zr3Al can be rendered amorphous by repeated cold rolling as con-

cluded from the X-ray results. The TEM studies show that the de-

formed material contains a crystalline debris that is not resolved by

X-ray diffraction.

• Heating to 773 K leads to the crystallization of small (10 - 20 nm in

diameter) B82-structured nanocrystals. In this nanocrystalline struc-

ture, the non-equilibrium Zr2Al phase is clearly predominant.

• It is concluded that during heating, the crystalline debris (of the Zr3Al

phase retained in the amorphous phase) acts as nuclei for the crystal-

lization process of the non-equilibrium phase Zr2Al.

• When heating to 973 K, the equilibrium L12 phase starts to form and

the crystals grow to a size of about 100 nm.
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Chapter 6

Extreme structural

inhomogeneities in high

pressure torsion samples

along the axial direction1

6.1 Overview

Structural inhomogeneities along the axial and not only the radial direction

are shown to occur in Zr3Al deformed by high-pressure torsion at room tem-

perature. Scanning and transmission electron microscopy reveal a structure

of nanocrystalline and coarse crystalline banded regions parallel to the shear

plane. This contradicts the accepted equation for the microstructural evolu-

tion that is derivated from the geometry of the high pressure torsion defor-

mation. Surface treatment of one set of samples prior to deformation allows

a systematic study as it leads to the localization of the refined nanocrys-

talline structure at the sample surface. Once a ∼ 50µm wide nanocrystalline

banded layer is formed (10 turns), the residual structure remains coarse

grained up to the highest deformations studied (80 turns). In the narrow

interface region between coarse structure and nanocrystalline structure, the

grain size decreases by three orders of magnitude within less than 10 µm.

This is accompanied with a change in texture indicating the transition from a

1This chapter is based on publication [S4].
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dislocation mediated deformation mechanism to a grain boundary mediated

one. The results of the structural study are explained with the occurrence

of work softening, as confirmed by microhardness measurements. Once a

nanocrystalline layer being softer than the coarse structure is formed, the

vast majority of strain is accomodated by that layer; this leads to extreme

inhomogeneities, a large strain gradient along the axial direction and huge

deviations of the actual local shear strain from the calculated one.

6.2 Introduction

High pressure torsion (HPT) is a widely used method of severe plastic defor-

mation (SPD) [6, 7] to render disk shaped bulk materials ultrafine grained

[135, 136], nanocrystalline [137, 104] or, in case of some alloys, even amor-

phous [138, 125]. In principle the microstructural evolution should corre-

spond to the amount of deformation. HPT is, after a small initial compres-

sion, an almost pure shear deformation where the shear strain γ is given by

the equation that is usually used to describe the HPT deformation [41]

γ =
2πRN

h
, (6.1)

where R is the radius of the HPT disk, N the number of rotations and h the

thickness of the HPT disk.

During the last years, deviations concerning the dependence on R have

been observed; e.g. after a certain amount of deformation saturation can

be reached which means the structure of the HPT disk does not show a

dependence on R any longer [47]. Several explanations have been put for-

ward how this observed homogeneity can occur: e.g. due to the effects of

the initial compression before the rotation is started or due to imperfect

alignment of the axes of the anvils (e.g. a shift of the axes) [139]. The way

how this homogeneity with respect to R is reached can be different in metals

and alloys when microhardness measurements are used as an indicator for

the strucutral development [140, 141]. Alternatively to the standard disk

shaped samples, the use of ring samples has been proposed to achieve a

homogeneous microstructure at all different stages of deformation [142].

Up till now most investigations were based on studies of plan view sec-

tions taken from the middle of the HPT disk (about at h
2 ) and it was assumed
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that the structure does not vary within h (i.e. along the axial direction). For

some materials, the homogeneity in the axial direction was shown directly

(e.g. for nanocrystalline Ni [143]). Contrary to this, the present study of

the L12 structured intermetallic compound Zr3Al shows that this assump-

tion can be misleading. Using cross section views it is demonstrated that

extreme structural inhomogeneities arise in Zr3Al HPT disks in the axial

direction (direction of h). Therefore special care needs to be taken to assure

that the structure of the whole HPT disk is homogeneous (i.e. does not vary

within both h and R) as is frequently desired for practical applications.

6.3 Experimental procedure

The alloy Zr-26.9 at.% Al was annealed at 1160K for 24h. After this heat

treatment, the samples consisted of intermetallic Zr3Al plus about 10% resid-

ual Zr2Al and α-Zr [66]. To prepare disks for the HPT deformation (initial

thickness 0.8 mm and diameter 8 mm), the alloy was cut by spark erosion.

In this study disks with two different surface treatments were used: (i) Disks

with a surface as arising by spark cutting. For the HPT deformation, disks

with surfaces made by spark cutting or sand blasting are frequently used

since a certain roughness of the surfaces is considered to be advantageous

to avoid slipping between the anvils and the disk during HPT deformation.

(ii) Disks with mechanically polished surfaces (grit P120).

The HPT deformation was carried out at room temperature to various

values of N from 0.25 up to 80 rotations (with a speed of 0.2 rotations

min−1) under a quasi hydrostatic pressure of 4 GPa. According to Eq. 6.1,

at N = 80 a maximum shear strain of up to 250000% and a strain rate of

0.1 s−1 are expected to result for the outer rim of the HPT disk. Since h was

reduced to about 0.6 mm by the compression and during the early stages of

the deformation (N = 0.25), the final thickness of the disk was taken for the

strain calculations.

Electron backscatter detection (EBSD) was performed for undeformed

samples. Cross section SEM samples were prepared from the whole HPT

disk. From selected regions, cross section TEM specimens were prepared us-

ing the focused ion beam (FIB) method with subsequent gentle ion milling.

Plan view TEM specimens were cut from the HPT disks, grinded and elec-

tropolished in a twin jet polisher using an electrolyte consisting of 5% per-



80 CHAPTER 6. AXIAL INHOMOGENEITY AFTER HPT

chloric acid and 95% ethanol cooled to temperatures between 246 K and 253

K.

SEM samples were analyzed using backscattered electron detection. For

conventional TEM and high resolution TEM (HRTEM) acceleration voltages

of 200 kV and 300 kV were used, respectively. Both images and electron

diffraction patterns were taken with a CCD camera. To gather informa-

tion about the mechanical properties of the material, Vickers microhardness

measurements were carried out using a load of 1500 mN.

6.4 Experimental results

6.4.1 HPT deformation of disks with spark-cut surfaces

Fig. 6.1 shows a cross section SEM image of a Zr3Al disk prior to HPT

deformation. In the upper region a multiphase structure consisting of Zr3Al

plus residual α-Zr (brighter than Zr3Al because of its higher average atomic

number) and Zr2Al (darker) is observed. In the coarse crystalline structure

(CS), the size of the residual phases is about 10 to 50 µm. As determined by

EBSD, the average grain size is about 7 µm ± 2 µm and sometimes lamellae

with grown-in twins are present that expand through the whole grain. In

contrast to CS, a region with a rather homogeneous structure (SL, width ∼
20 µm) can be seen near the surface of the disk. Frequently, in the interface

region SL/CS, microcracks have been encountered. The investigation shows

that the whole surface area of the HPT disk is covered by this layer that is

caused by spark cutting and therefore already present prior to deformation.

Fig. 6.2 shows a cross section SEM image of an HPT disk deformed by

10 turns. Similar to the undeformed disk, a layer with a refined structure

(RS) is visible near the surface of the disk. The thickness of this banded

region near the surface increased from 20 µm for the undeformed disk to

50 µm. The size of the different phases in the sample interior is reduced

to about 50% of that in the undeformed disk. Only close (∼ 20µm) to the

interface RS/CS, a more pronounced reduction is observed and the phases

exhibit elongated shapes parallel to the shear plane, perpendicular to the

axial direction (AD). A sharp interface (marked by an arrow) seperates the

multiphase region from region RS. Similar to the interface SL/CS, cracks

have been encountered at the interface RS/CS. The thickness of RS is almost

constant for a wide range of deformation degrees (N = 10 to 80).



6.4. EXPERIMENTAL RESULTS 81

Figure 6.1: Cross section SEM image of as-cut, undeformed HPT disk. A
coarse crystalline structure (CS) with grains of residual Zr2Al (dark) and
α-Zr (bright) in the Zr3Al matrix and a surface layer (SL) affected by spark
cutting that is approximately 20 µm thick are shown.
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Figure 6.2: Cross section SEM image of HPT disk deformed by 10 turns.
Different regions are clearly distinguishable and seperated by a sharp line
(marked by arrow): a coarse crystalline structure (CS) with different phases
and a region with homogeneous contrast indicating that the structure is
refined (RS).
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Fig. 6.3 shows a TEM dark field image of a cross section specimen that

was prepared by FIB to analyze the structure of the interface region (cf.

Fig. 6.2). The upper half of the image reveals a coarse grained structure

(CS) with elongated grains. Evaluation of ∆x
d gives a rough estimate of the

shear strain, which is in the order of 250 – 350 % for the indicated grain.

Near and below the bright lamella (marked by an arrow and referred to as

the interface CS/RS), the grains get more and more refined and about 1µm

below the lamella, a fine nanocrystalline grain structure can be seen in the

region RS. Bright contrast indicates that (111) planes lie perpendicular to

the axial direction since the image was taken with a (111) reflection.

Fig. 6.4 allows a detailed analysis of the refinement of the structure

by a series of cross section TEM images and their corresponding diffraction

patterns that were taken in the surrounding of the bright lamella (indicated

in Fig. 6.3), which was used as a reference line. Fig. 6.4(a) shows a DF

image of the coarse grained region, 5 µm away from the lamella. A large,

horizontally elongated grain divided into subgrains is imaged. The grain

size in the elongated direction is in the order of microns. Similar grains

can be seen in the CS region near the interface (cf. Fig. 6.2). In Fig.

6.4(b), the diffraction pattern corresponding to Fig. 6.4(a) is presented;

both fundamental and some weak superlattice reflections (e.g. {100} and

{110}, marked by arrows) are present, indicating that the chemical order is

reduced by the deformation [S2]. One set of {111} planes is approximately

perpendicular to the axial direction (i.e. parallel to the shear plane). An

analysis using the PASAD software [98] and the Scherrer formula for the

{111} reflection yields a mean size of the coherently scattering domains

(CSD) of 11 ± 2 nm (i.e. the subgrain size). A finer structure is visible in

Fig. 6.4(c), taken in region CS about 1 µm off the lamella. The grain size is

in the order of one hundred nanometers for the larger grains. The CSD size is

4±1 nm, as deduced from the diffraction pattern Fig. 6.4(d). The diffraction

pattern shows the development of a texture with one set of {111} reflections

being perpendicular to the shear plane (leading to increased intensity of

the {111} ring near the direction of AD) and two additional pairs of {111}
reflections. It should be noted that the pattern remains similar when the

TEM specimen is tilted around AD. Fig. 6.4(e) shows a dark field image

taken adjacent (1µm away) to the lamella in the nanocrystalline region RS.

Hardly any grains are larger than 100 nm; several grains are only 10 nm
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Figure 6.3: Cross section TEM dark field image of the transition area in
Fig. 6.2 taken with a (111) reflection. In the upper half, relatively coarse
structures (CS) with elongated grains are visible. Near and below the bright
lamella, the structures are finer and at a distance of > 1µm below the
lamella, a fine nanocrystalline structure is imaged near RS. Evaluation of
the value ∆x

d allows a rough estimation of the shear strain.
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small. The corresponding diffraction pattern (cf. Fig. 6.4(f)) indicates a

textured nanocrystalline structure similar to Fig. 6.4(d) with a mean CSD

size of 2.5± 1 nm. In Fig. 6.4(g) (taken in region RS, 7 µm off the lamella)

most of the grains are 10 nm or smaller. The corresponding diffraction

pattern (cf. Fig. 6.4(h)) shows hardly any texture and the intensity profile

(resulting from PASAD) indicates the content of some amorphous material.

High resolution TEM (HRTEM) of the interface region was conducted

as shown in Fig. 6.5. Across the HRTEM image, a crystalline band with a

thickness of 15–25 nm can be seen that corresponds to the lamella marked

by an arrow in Fig. 6.3. Lattice planes aligned parallel to the band and

therefore parallel to the shear plane are visible quite clearly. Several Moiré

patterns are visible, e.g. the one near M (marked by arrows) with a period-

icity of 4.3 to 5 nm.

Fig. 6.6 shows a plan view TEM bright field image of an HPT disk de-

formed by 80 turns; the TEM specimen was cut out near the periphery of

the disk. As usual for plan view specimens, the TEM foil was taken from

the middle of the disk (∼ h
2 ). The Zr3Al phase is imaged. The dislocation

density is very high and contrast lines are observed that are interpreted as

accumulations of superlattice intrinsic stacking faults lying on (111) planes,

that are imaged end on (marked in Fig. 6.6). Only little reduction of the

grain size relative to the undeformed sample has been encountered. This

finding is also confirmed by the electron diffraction pattern (cf. inset Fig.

6.6) that shows discrete diffraction spots and superlattice reflections (the

latter are marked by arrows). Therefore, grain refinement is rather weak

and no significant disordering occurs in the the middle of the HPT disk. In

plan view specimens, similar microstructures were observed for lower defor-

mations (0.25, 5 and 40 turns) in Zr3Al deformed by HPT [S1]. This means,

based on the results of plan view TEM images the sample interior does not

show indications for disordering, nanocrystallization or amorphization even

at high deformations with N=80.

In Table 6.1 the results of the microhardness measurements are summa-

rized. The hardness (measured at h
2 ) increases by the high pressure (leading

to a compression of about 1.4%) at the start of the HPT deformation. The

hardness saturates quickly at a rather small deformation as it hardly changes

for deformations from N=0.25 to N=80 (as resulting from Eq. 6.1 this cor-

responds to nominal shear strains of 600 to 250000% for the outer rim of
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Figure 6.4: Cross section dark field images of HPT disk (R = 10) using a
{111} reflection and their diffraction patterns with {111} and {200} rings
marked (N.B. black/white inverted for better visibility). (a) and (c) are in
CS region, 5 and 1 µm off the lamella, (e) and (g) are in RS, 1 µm and 7
µm off the lamella, respectively. (b), (d), (f) and (h) are the corresponding
diffraction patterns. The grain size decreases from (a) (> 1 µm) to (g) (<
10 nm). (h) indicates the presence of some amorphous material. In (b),
superlattice reflections are marked by arrows.
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Figure 6.5: High resolution TEM image of the lamella in the interface region
CS/RS. The crystallinity of the white band of Fig. 6.3 and the lattice planes
in the elongated direction of the band can be seen. Moiré fringes are visible,
e.g. near M (marked by arrows).
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Figure 6.6: Plan view TEM bright field image and diffraction pattern of
the CS region of a Zr3Al HPT disk (deformed by 80 turns). The contrast
indicates a high dislocation density. Traces of the (111) planes containing
stacking faults are visible. The diffraction pattern shows fundamental re-
flections and superlattice reflections (marked by arrows) as the material is
still in a coarse grained, ordered state.
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deformation region hardness [MPa]

none CS 2630± 60
N=0, compression only: 1.4% CS 3180±270
HPT: N=0.25 CS 4650±130
HPT: N=80 CS 4830±130
HPT: N=40 RS 4380± 30

Table 6.1: Vickers microhardness values of the HPT disks after different
deformations measured in the coarse structure (CS) and refined structure
(RS).

the disk). It should be pointed out that the hardness values measured at h
2

after deformation with N ≥ 0.25 are higher than the value measured in the

layer of the refined structure.

6.4.2 Disks with mechanically polished surfaces

In addition to the disks with surfaces affected by spark erosion, disks with

mechanically polished surfaces were deformed by HPT. In Fig. 6.7 and 6.8,

two regions of an SEM cross section of a disk deformed for 10 turns can

be seen. Fig. 6.7 and 6.8 show cross sections ∼ 1.2 and 2 mm away from

the rotation axis, respectively. The local occurrence of the refinement of the

structure in the disk is much less systematic than in the disks with spark

eroded surfaces.

Fig. 6.7, in contrast to Fig. 6.2, reveals a coarse structure near the

surface with the different phases not being finer than in the undeformed

structure (cf. Fig. 6.1). Approximately 100 µm away from the surface, a

rather sharp transition to a refined banded region, which is about 100 µm

thick, is visible. The different phases can still be identified in this region

since, despite of the refinement, the larger ones are still ∼ 1 µm thick and

20 µm in their elongated direction. Approaching the middle region of the

disk (h2 ), another transition region leads to a less refined region, similar to

region CS in Fig. 6.2.

Fig. 6.8 illustrates that further away from the rotation axis (R = 2 mm),

a different layer structure is occurring. The strongly refined banded region

already visible in Fig. 6.7 is close to the surface in the left half and directly at

the surface in the right half of Fig. 6.8. The refinement of the band gets more

pronounced with increasing R and the individual phases cannot be resolved
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anymore in the band. A sharp interface separates this band from a coarser

region that shows an increasing phase size with increasing distance from the

surface. In this context it must be mentioned that neither the extent of the

refinement nor the distance of the refined layers from the surface of the disk

exhibit a systematic correlation to R, as it may seem from the two images

displayed. In the disks with polished surfaces, the appearance and the grade

of refinement of the different banded regions show, apart from elongations

perpendicular to the axial direction (AD), a random behaviour.

6.5 Discussion

6.5.1 Inhomogeneity of deformed disks

The experimental results show that extreme structural inhomogeneities arise

in disks of Zr3Al deformed by HPT. The inhomogeneities are found to occur

in disks having surfaces prepared with and without spark erosion (cf. Fig.

6.2, 6.7 and 6.8, respectively). Still the surface layer (cf. SL in Fig. 6.1)

caused by spark erosion seems to trigger the nucleation of a layer of refined

structure formed during the HPT deformation (cf. RS in Fig. 6.2). This

correlation facilitates by its simple geometry the present systematic study.

The SL layer (molten and quenched during the spark erosion process) con-

sists of hard, fine grained material with microcracks at the interface SL/CS.

It is proposed that there, at the beginning of the shear deformation, large

strains arise that start to transform CS to RS. The results of Fig. 6.6 confirm

the conclusion that the deformation is highly inhomogeneous since after 80

turns, the structure at h
2 is still coarse grained and very similar to the one

after much less (N = 0.25) and less (N = 10 and 40) deformation. This indi-

cates that the inhomogeneous deformation is already in a state of saturation

when the banded region of the refined structure is about 40–50 µm thick (at

about N = 10). Therefore, the amount of deformation at both h
2 and near

the surface of the HPT disk does not correspond to the value of nominal

deformation as in the case when the deformation along the axial direction is

homogeneous. Since the region of the coarse crystalline structure does not

change significantly its structure or width from 0.25 to 80 turns, it can be

estimated that it is sheared by only <600% in the outer rim (i.e. the value

for 0.25 turns assuming homogeneous deformation) even in the case of 80

turns. Since 600% is a negligible shear deformation in the case of 80 turns,
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Figure 6.7: Cross section SEM image of disk deformed by 10 turns with SL
removed prior to deformation at R ≈ 1.2 mm. The surface is coarse grained,
contrary to the disks affected by spark erosion. Finer banded regions are
visible further away from the surface.
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Figure 6.8: Cross section SEM image of disk deformed by 10 turns with SL
removed prior to deformation at R ≈ 2 mm. Similar to Fig. 6.2, a banded
region with homogeneous contrast can be seen at the surface of the disk in
the right half of the image. In the sample interior, phases refined to different
extents can be identified.
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it can be concluded in good approximation that the shear deformation only

takes place in the RS regions near the surfaces. By replacing the sample

thickness in Eq. 6.1 by two times the width of the surface RS structure

(to account for the top and bottom surface layer), the strain of the regions

RS for N = 80 is ∼1400000% for the outer rim. Compared to the value

250000% resulting from Eq. 6.1 for homogeneous deformation, the actual

shear strains in RS and CS differ by a factor of 5 and 400, respectively.

The disks with polished surfaces do not have a similar predefined volume

and thus, refined banded regions arise in a more random fashion (cf. Fig.

6.7 and 6.8), e.g. due to imperfections of the deformation process or grain

orientations prone to local deformation. The formation of a continuous

horizontal layer of RS through the whole disk at constant height (as it is the

case for disks affected by spark erosion) is therefore not encountered. This

facilitates the refinement of a higher volume fraction since the macroscopic

deformation cannot be accommodated completely by RS layers if they are

not covering a complete horizontal section of the disk. This also leads to the

situation that in disks deformed to N = 40, a slightly larger volume fraction

is refined as compared with disks deformed to N = 10.

It should be pointed out that the structural inhomogeneities observed in

L12 ordered Zr3Al seem to be of a different nature than the ones observed

in L12 ordered Ni3Al recently. There, structural inhomgeneities were found

near h
2 and were at least partly attributed to material flow upon the ini-

tial compression in combination with a quasi-constrained HPT device [127].

They are present in the form of narrow nanocrystalline bands at the begin-

ning of the deformation and in the form of single coarse grains embedded in

the nanocrystalline structure at a later stage [124, 144, 126]. Since none of

these characteristics are found in the present Zr3Al samples, there does not

seem to be a close correlation between the formation of inhomogeneities in

the two cases.

Inhomogeneities in the axial direction after HPT deformation were also

found in disks with a high thickness to diameter ratio in several materials.

Homogeneous refinement could not be achieved by compressive torsion pro-

cessing (i.e. in principle constrained HPT at comparably low pressures) at

RT for Al5%Mg using samples 25 mm in diameter and 10 to 20 mm in thick-

ness [50]. HPT of an Al-Mg-Sc alloy using samples 10 mm in diameter and

8 mm thick also lead to inhomogeneities [49]. It was shown for Fe that the
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thickness to diameter ratio should be smaller than ∼ 1
13 to achieve strongly

homogeneous deformation along the axial direction [51]. For the sample

shown in Fig. 6.7 and 6.8, this ratio was 1
12.3 , for all the other samples it

was between 1
13 and 1

14.3 . This leads to the conclusion that the thickness to

diameter ratio is not a major reason for the pronounced inhomogeneities ob-

served in the present work. Moreover, it should be mentioned that the three

examples with large thickness to diameter ratio, which all had experimental

setups different from each other, showed different, but always systematic

inhomogeneities with the structures being dependent on the position in the

sample. These effects could be caused by differences in friction processes

occurring between sample and anvil due to the differences in the experi-

mental setups. In the present study, systematic inhomogeneities similar to

those occurring in samples with high thickness to diameter ratio were not

observed which strongly supports the conclusion that the geometry of the

present samples is not a major reason for the observed inhomogeneities.

6.5.2 Structure of the interface region

The cross section TEM images allow to study the structural changes in the

interface region CS/RS (cf. Fig. 6.3 and Fig. 6.4). The estimation of the

shear strain ∆x
d of the grains in the upper half of Fig. 6.3 yields values

of a few hundred percent, which is in good accordance with the estimation

that the coarse grained regions are deformed by less than 600% (cf. sec-

tion 6.5.1). From the results showing that in the region CS the values of

the grain size are about two orders of magnitude larger than those of the

coherently scattering domain size (cf. Fig. 6.4), it is concluded that the

region CS is heavily deformed by dislocation mechanisms leading to many

subgrain boundaries. The texture emerging in the interface region (cf. Fig.

6.4(d) and (f)) can be explained by the occurrence of the A component fiber

texture {111}〈uvw〉 that was theoretically predicted for torsion of fcc ma-

terials [145] and experimentally confirmed for torsion of Al and Cu [146].

Recently, the A component fiber texture found in conventional torsion was

shown to contribute to the texture of HPT-deformed Al [147]. This texture

component can explain the additional pair of {111} reflections visible in Fig.

6.4 (d) and (f) and the insensibility of the diffraction pattern when tilting

the specimen (cf. results of Fig. 6.4(d)). The occurrence of three pairs of

{200} reflections (instead of one as usually for a 〈110〉 beam direction) can
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be explained as follows: one additional pair of {200} reflections arises due

to the pronounced contribution of the A component of the texture. In ad-

dition, it is proposed that twinning of the nanocrystalline grains can cause

the second additional pair of {200} reflections. This is supported by the

specific material and deformation conditions that are valid in the present

case since it was suggested that twinning is facilitated by [148]: (i) a low

stacking fault energy (cf. e.g. [87] and [88]), (ii) a low deformation temper-

ature (in the present case, the homologous temperature is ∼ 0.17 for room

temperature) and (iii) a nanocrystalline grain size (which is the case for the

regions showing three pairs of {200} reflections).

At the bright contrast in the interface region CS/RS (marked by arrows

in Fig. 6.3), lattice planes are aligned parallel to the macroscopic shear

planes of the HPT deformation. In principle, it would be possible that the

straight lamella could be caused by the deformation-induced elongation of

a grain, but from the well defined straight shape of the lamella, this seems

rather unlikely. An alternative, more likely explanation for the occurrence

of a (111) oriented lamella is related to the observation of grown-in lamellae

(cf. section 6.4.1). It is suggested that in such a very narrow grown-in

lamella, nucleation of dislocations is hindered and therefore fragmentation

is impeded. Thus, at a deformation stage at which the grains adjacent to

this lamella are already severely refined, the lamella is still several microns

long. Still, some defects are visible in the lamella as shown in the HRTEM

image (cf. Fig. 6.5). From the distance of the Moiré fringes (marked by

arrows near M), the lattice rotation between overlapping crystalline areas

can be calculated [105] to be 7 – 8◦, which corresponds to a small angle

grain boundary (i.e. a subgrain boundary) that does not refine the grain

severely. An additional aspect providing increased stability for this lamella

is the fact that the macroscopic shear plane and the lattice plane in the

lamella have the same orientation. This greatly favours a single slip system

and thus makes the formation of 3D dislocation networks leading to grain

boundaries less likely. In initially coarse crystalline regions not oriented in

this special way, a 3D slip structure develops due to slip on planes inclined

to the macroscopic shear plane and by the action of internal stresses.

In the RS region, the observed nanocrystalline structures with grains <

10 nm and the occurrence of some amorphous phase lead to the conclusion

that in this area, the deformation mechanism is not dominated by disloca-
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tions but by alternative mechanisms (e.g. grain boundary sliding). This is

confirmed by the loss of the texture in region RS (cf. Fig. 6.4(h)). This

transition from a dislocation mediated deformation mechanism to a grain

boundary mediated one agrees with an XRD study of the texture evolution

with increasing strain in Ni deformed by repeated cold rolling [56]. The

highly different values of strain in the interface region CS/RS, which are

causing a decrease in grain size by three orders of magnitude within less

than 10µm (cf. Fig. 6.4) yield a large strain gradient causing the cracks

that are observed sometimes when the HPT pressure is released.

6.5.3 Reasons for the inhomogeneous deformation

The results of the microhardness measurements (cf. Table 6.1) can be used

to explain the extreme structural inhomogeneities occurring in the HPT

disks. It is important to note that the value of the hardness of the refined

structure is even lower than that of the coarse grained material after a rather

small HPT deformation (0.25 turns only). This occurrence of work softening

has the consequence that once a softer layer is formed it will carry most of

the deformation which is in agreement with the microstructural findings (cf.

Fig. 1–4). Since an amorphous phase can be formed in the case of shear

localization [141] and sliding interfaces [149], it is suggested that together

with the structural refinement, that decreases the grain size by three orders

of magnitude within a few micrometers, an amorphous phase starts to form

that facilitates the softening. It seems safe to assume that in samples that

deform inhomogeneously in their axial direction due to a high thickness to

diameter ratio [50, 49, 51], such a process leading to an inverse Hall-Petch

behaviour could intensify and stabilize the inhomogeneities.

It should be mentioned that in the case of an HPT deformation the

occurrence of work softening does not lead to a mechanical instability since

the confined deformation geometry does not allow shape changes of the disk.

Therefore work softening will cause structural inhomogeneities in an HPT

deformed disk whereas work softening occurring in a tensile deformation will

lead to mechanical failure of the sample.

To bypass the occurrence of inhomogeneities unwanted for applications,

alternative methods of SPD of a bulk material could be used: For example

in the case of the intermetallic compound Zr3Al, repeated cold rolling leads

to homogeneous nanocrystalline or even amorphous structures [S3]. It is
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proposed that in this case, the preservation of coarse grained, relatively

low deformed regions is suppressed by the complex 3D rolling geometry. In

contrast, in the case of the pure shear deformation of a well aligned HPT

deformation, the shape of the sample is unchanged and a refined structure

that is softer can carry the induced deformation thus facilitating the survival

of coarse grained regions.

Finally, the SEM and the TEM observations together with the hardness

measurements of the different structures allow to draw a consistent picture

explaining the extreme structural inhomogeneities in HPT disks, be they

affected by spark erosion or not.

6.6 Conclusions

Systematic investigations are used to analyze the structural inhomogeneities

in L12 long range ordered Zr3Al subjected to deformation by HPT from the

atomic scale to the scale of the HPT disk. The analysis of the experimental

findings leads to the following conclusions:

• The SEM and TEM cross section results show structural inhomo-

geneities parallel to the axis of the HPT deformation. This leads to the

conclusion that the equation used to describe the HPT deformation

(γ = 2πRN
h ) is not fulfilled.

• The inhomogeneities consist of banded regions of nanograined and

coarse grained material aligned predominantly parallel to the shear

plane. A surface treatment can be used to localize the nanograined

region thus facilitating a systematic study.

• In the interface region between the nanograined and the coarse grained

material, the grain size decreases by three orders of magnitude and

the diffraction pattern changes from a pronounced fiber texture to

diffraction rings of rather homogeneous intensity. This leads to the

conclusion that the deformation mechanism changes from dislocation

mediated intragranular processes to grain boundary mediated inter-

granular processes.

• The results of the microhardness measurements show a softening of

the nanocrystalline material. Therefore it is concluded that banded
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regions that are softened by deformation cause structural inhomo-

geneities. It is proposed that any deformation mechanism causing

work softening in HPT (e.g. inverse Hall-Petch) will lead to similar

results.

• Localisation of the strain can explain the deviations from the calcu-

lated strain. In the case of 80 turns, the shear strains induced in the

banded surface layer and in the coarse grained sample interior are 5

times higher and 400 times lower, respectively, than the calculated

strain for homogeneous deformation.

• Inhomogeneous deformation leads to strain gradients that can cause

crack formation. It is concluded that the geometric confinement of the

HPT setup prevents catastrophic failure during the deformation as it

would be expected to occur in the case of work softening in a tensile

deformation.



Chapter 7

Summary and Outlook

7.1 Summary

In the present thesis, the effect of SPD on the intermetallic compound Zr3Al

was investigated. Based on TEM, SEM and XRD measurements, the struc-

tural evolution and the phase transitions during SPD were studied. DSC

and microhardness measurements elucidated the thermal stability and the

hardness changes of the metastable structures obtained after different SPD

treatments.

In chapter 3, Zr3Al deformed by HPT at room temperature was in-

vestigated by TEM. No significant grain refinement or disordering could be

observed, although by marking the top and bottom surfaces of the HPT sam-

ples it was shown that the actual global shear strain induced corresponded

to the one calculated from Eq. 1.3. It was successfully shown at a later stage

of this thesis and is presented in detail in chapter 6, that the local deforma-

tion behaviour was highly inhomogeneous. It was revealed that this was due

to the chosen HPT sample preparation (spark erosion affected surfaces). In

combination with the TEM sample preparation method (plan view samples

cut from a region away from the top and bottom surfaces of the HPT disk),

only slightly deformed sample volumes were studied in the TEM leading to

the observation of a high density of dislocations and SISF, but no significant

grain refinement. Twinned structures were observed which are, after taking

into account all the results obtained in the course of this thesis, believed

to be caused by growth rather than by deformation. The EBSD measure-

ments described in chapter 6 (cf. Fig. 2.5) showing twins in the undeformed

99
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structure support this view. The comparison of the findings in chapter 3 to

the findings in chapter 6 shows that cross section studies of disks deformed

by HPT can be very important for a comprehensive understanding of the

applied deformation process.

In chapter 4 the dissociation of dislocations in the three L12 structured

intermetallic alloys Cu3Au, Ni3Al and Zr3Al and its influence on the satu-

ration grain sizes were compared. Despite the similarity of the long-range

ordered structure, these three compounds exhibit a different dislocation dis-

sociation behaviour at room temperature, at which deformation was done.

〈110〉 superlattice glide dislocations dissociate into 1
2 〈110〉 full dislocations

comprising an APB in Cu3Au and mostly into 1
3 〈211〉 super Shockley dis-

locations comprising SISF in Zr3Al. In Ni3Al, both dissociations are ob-

served at room temperature, the former being more dominant. This differ-

ence lead to more pronounced disordering and a larger average saturation

grain size upon HPT for the compounds with stronger dominance of the

APB-dissociated dislocations. It was suggested that grain size reduction

is limited by disordering since the formation of superlattice dislocations is

not necessary anymore in disordered structures to carry deformation and

therefore, recovery is facilitated (e.g. by cross-slip annihilation of screw dis-

locations). In Zr3Al these processes are less pronounced and in addition, the

widely dissociated superlattice partials cannot fully annihilate leading to a

high density of residual dislocations that are causing further grain refine-

ment and eventually amorphization. This idea is supported by the fact that

amorphization in the Zr3Al samples studied was only observed for deforma-

tion at liquid nitrogen temperature. There, the fraction of SISF-dissociated

dislocations is even higher than at room temperature, which was shown by

the retained chemical order in NC samples.

In chapter 5, the effect of RCR on Zr3Al at room temperature was re-

ported. It was shown that after relatively small deformations (compared to

the HPT deformations), the effect on the structural evolution of the ma-

terial was much more pronounced than in the HPT experiments. It was

shown by XRD that after 80 foldings, the sample was rendered amorphous.

TEM showed small residual crystallites (typically < 10 nm) homogeneously

distributed in the amorphous matrix. DSC measurements revealed a crystal-

lization peak at ∼ 720 K. The crystallization enthalpy was determined to be

about 40 J/g. After the crystallization, the sample consisted of NC (10−20
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nm) grains with the B82 structure. It was suggested that the densely dis-

tributed residual crystallites in the amorphous matrix acted as nuclei for the

crystallization and were thus causing the small grain size. Upon heating to

973 K in the DSC, a second peak could be seen, which was caused by grain

growth and phase transformations. The samples heated to 973 K exhibited

a grain size of 100− 200 nm. The B82 structure was still dominant, but the

L12 structure already started to form amongst others after this temperature

treatment.

In chapter 6, a detailed systematic analysis of Zr3Al deformed by HPT

was presented to complement the findings of chapter 3. A combination of

SEM and TEM measurements allowed a multiscale study of the deformation

process and showed extreme structural inhomogeneities in the axial direc-

tion of the HPT disks. Samples with thin surface layers (∼ 20µm thick)

affected by spark erosion and samples with the surface layers removed prior

to deformation were deformed for different numbers of HPT turns. SEM

cross section images showed that the presence of thin surface layers affected

by spark cutting lead to a continuous surface layer with refined NC structure

of ∼ 50µm thickness after HPT deformation. The residual sample volume

was only slightly refined which means that the vast majority of deformation

took place in the surface layers. If the surface layers were removed prior

to the HPT deformation, refined banded regions that are aligned parallel

to the shear plane were formed at random positions in the sample upon

deformation. Apart from the volume in the refined banded regions, in both

cases the samples showed grain sizes > 1µm and a high grade of chemical

order, as was also shown in chapter 3. In a sample affected by spark ero-

sion and subsequently deformed by HPT, the interface region between the

refined layer and the coarse grained sample interior was analyzed by a cross

section TEM study. It was shown that the transition from coarse grains

(in the order of 10µm) to small NC grains (∼ 10nm) occurred within a

distance of a few microns only. Within this region, electron diffraction pat-

terns indicating a typical torsion texture developed in the coarser grained

area and transformed into NC patterns with hardly any texture in the finer

grained area. This indicated a localized change in the deformation mecha-

nism from dislocation mediated to grain boundary mediated processes within

the transition region. In the refined region, electron diffraction patterns in-

dicated the presence of some amorphous material. Vickers microhardness
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measurements showed that the refined regions are ∼ 10% softer than the

work-hardened coarse-grained regions. From that it was concluded that the

softening leads to a localization of the deformation in the refined regions.

Therefore, the coarse grained regions were hardly deformed anymore once

a refined region had been formed, leading to huge discrepancies between

the shear strain calculated for an ideal torsion experiment and the locally

induced shear strain.

7.2 Main conclusions

Based on the findings in the course of this thesis, the following main con-

clusions can be drawn:

• The dislocation dissociation behaviour strongly influences the state of

chemical order, the final grain size and the amorphization behaviour

of intermetallic compounds of the L12 structure deformed by HPT.

Differences in the dislocation dissociation behaviour can be caused by

both an intrinsically different behaviour for different compounds or by

a change in the deformation temperature.

• RCR shows a higher potential for amorphization than HPT in the case

of Zr3Al. After 80 foldings, the samples deformed by RCR are almost

fully amorphous. It is concluded that the complex 3D rolling geometry

is more beneficial for amorphization than the pure shear deformation

of HPT.

• Densely distributed residual nanocrystals (typically < 10 nm) were

found in Zr3Al amorphized by RCR. This debris acting as nuclei is

the reason for the small grain size of the material after heating it to

the crystallization temperature.

• HPT of Zr3Al can lead to tremendous structural inhomogeneities along

the axial direction of the sample and therefore, large discrepancies

between calculated (idealized) and actual local shear strain arise. A

major reason for these inhomogeneities is deformation softening and

thus, they can occur in all materials that exhibit work softening.

• In the interface region between coarse grained and nanograined regions

in Zr3Al deformed by HPT, local texture measuerments by electron



7.3. OUTLOOK 103

diffraction indicate that the reduction in grain size is accompanied by a

change in the deformation mechanism from dislocation mediated pro-

cesses to grain boundary mediated processes. The different deforma-

tion mechanism in the refined material is, together with the presence

of some amorphous material, the reason for the observed softening.

7.3 Outlook

Cross section TEM and SEM studies of samples deformed by RCR to a low

number of foldings could give an insight into the anisotropy of the structural

evolution in the early stages of deformation.

The production of homogeneous NC long range ordered Zr3Al could be

accomplished by amorphization by RCR and a subsequent heat treatment

different from the ones performed in the course of this thesis. It should be

checked if long annealing times at relatively low temperatures lead to L12

structured samples without causing excessive grain growth.

Preliminary results give a hint on a beneficial effect of higher pressure

on the sample homogeneity after HPT deformation. Systematic studies of

Zr3Al deformed by HPT at different pressures (from the lowest pressure

possible without slipping between anvils and sample to high pressure (∼ 10

GPa) could elucidate the effect of pressure on the homogeneity of samples

deformed by HPT and are an additional possible way to get homogeneous

NC Zr3Al.

When bulk homogeneously NC samples are available, tensile tests would

supplement the hardness tests to get more information about the mechan-

ical properties of NC Zr3Al. Irradiation tests of bulk NC samples could

answer the still open question if the major drawback for the use of Zr3Al

as a reactor material (i.e. low irradiation resistance) could be overcome by

nanostructuring.
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