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ABSTRACT

The influence of deformation-induced martensitic transformation on
mechanical behavior is studied in two novel metastable austenitic steels
with compositions 16Cr-10Ni-(0.5,3.5)Mn-0.3C-0.33P prepared by rapid
solidification. Reduced lattice misfit between the austenite and carbide
~with the incorporation of phosphorus results in the precipitation of
uniformly dispersed coherent phosphocarbide particles, (CrFeP)23Cg, with

dismeter less than B80A. The austenitic matrix can be effectively
strengthened up to a yield stress of 1250 Mpa at room temperature. Properly
selected aging treatments significantly alter the transformational volume
rhange (AV/Vy) and the hardness difference (AHy) between o’ and y phases at
a given y-phase strength level. This provides an opportunity to study the
contributions of AV/¥y and AHy in the enhancement of ductility and
toughness by deformation-induced martensitic transformation.

Compressive, tensile, and fracture toughness tests using the single-
specimen J-integral technique were performed in the temperature range of
-196°C to 300°C for the evaluation of mechanical properties and
transformation kinetics. Although alumina contamination introduced during
the rapid solidification processing limits the toughness of the parent phase
{ J1c=50 ~ 75 KJ/m2), the transformation can increase Jic by 100 to 120

KJ/m2 in both underaged and overaged alloys.

A quantitative rationale for the uniform and fracture strains of the
overaged 0.5Mn alloy is obtained by calculating the influence of strain-
induced transformation on the strain-hardening rate and applying suitable
criteria governing the onset of fiow instability and void-softening-induced
shear localization. Good agreement betyreen the predicted and the observed
values was found. A higher strain-hardening rate accompanying the
transforming alloy delays the occurrence of necking and ductile fracture.
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The ductility enhancement depends on the shape of strain-hardening rate vs.
plastic strain and is mainly controlied by the transformation Kinetics.
Maximum enhancement corresponding to the optimum transformation rate
exists at a certain temperature. Compared to the effect of dilatation, the
hardness difference provides most of the ductility enhancement under the
moderate triaxiality encountered in the tensile test.

The enhancement of fracture toughness is found to be proportional to the
third power of the transformation volume change according to
measurements of transformation zone height. Both dilatation and hardness
difference can be important in transformation toughening. For a given alloy,
dilatation becomes more important as triaxiality increases . For example, in
the case of the overaged 0.5Mn alloy, dilatation contributes only 30% of the
fracture- strain enhancement, but 83% of toughness increment. Using this
analysis, the potential highest AJjc of the studied alloy is expected to reach
725 KJ/mZ if not circumvented by intergranular fracture.

Microstructural observation using TEM after tensile deformation further
confirms the benefit of transformation in retarding the microscopic
processes of ductile fracture. Microvoid formation is suppressed even after
severe deformation due to the formation of fine martensitic laths
preferentially at the interfaces of alumina particles.
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Title - Senior Research Associate

Thesis Supervisor : Dr. Morris Cohen
Title: Iinstitute Professor, Emeritus
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“hapter | introduction

The influence of deformation-induced martensitic transformation on the
mechanical behavior of two rapidly solidified austenitic steels with
compositions 16Cr-1ONi-(0.5, and 3.5)Mn-0.3C-033P are studied in this
work. The selection of these novel compositions originated from an initial
attempt to develop a high-strength metastable austenitic steel (yield
stress »180 ksi) without applying a severe warm-working operation that
areatly limits the commercial application of TRIP steels. Alternatively,
precipitation hardening is another way to achieve such high strength. In
additian to '-Niz{Ti,Al) precipitates, as commonly used to strengthen Ni-
base superalloys and also applied to austenitic steels with high Mi content
{1], carbide precipitation is another choice. In the 300-series austenitic
stainless steels, widely dispersed Mz3Ce carbides with particle sizes in
tenths pm narmally tend to prem‘hitate glong grain boundaries. They are not
effective in strengthening unless refined and uniformly distributed. Until
the late 1960s, Banerjee et al. [2] found that the additinn of phosphorus in
13-3 stainless steels can decrease the lattice parameter of MzzCg carbide
and improve the lattice matching between the matrix and carbide phases.
The reduced misfit favors the matrix nucleation of coherent
phosphocarbides during aging and hence results in the formation of finely
dispersed precipitates with a diameter of ~200A. A hardness of Rcd7 was
reported [2] for the high phosphorus-containing austenitic steel after
solution and aging treatments. The strength of this alloy system seems to

meet our requirement.

The system is also of interest from the standpoint of another principal
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purpose af this work, exploring the influence of dilatation (av/y) and
hardness difference (AHy) between the austenite and martensite on the
enhancement of ductility and toughness due to transformation. These two
parameters can be controlied by adjusting the alloy content of the matrix,
carbon in particular, through aging treatments. However, phosphorus is a
well-known embrittling impurity in high strength steels and has a strong
tendency for microsegregation during solidification, and so a rapid
solidification process is necessary to minimize the inhomogeneity of
chemical composition. RSP material also allows a high temperature solution
treatment without causing severe grain-coarsening due to the pinning effect
af very finely dispersed inclusion particles such as oxysulfides or oxides.
Both fine grain size and uniform composition are beneficial for avoiding

brittie intergranular fracture.

In this study, the phosphocarbide-strengthened steels ére suitably aged
ta reach a preset hardness, but with different values af aV/Wy (2.69 to
5.03%) and AHy (Hy 46 to 90). Not only are the temperature dependence of
mechanical properties (strength, ductility, and toughness} measured for all
the aged coditions, but also the transformation kinetics and the flow
relations of the austenite and martensite for the overaged 0.5Mn alloy. The
latter findings are then used to calculate the constitutive relations and
hence the strain-hardening rates of the transforming alloy in the
temperature regime at which the strain-induced transformation dominates.
Combining the strain-hardening curves and suitable criteria for flow
instability and void-softening-induced shear localization, the enhancement
of uniform and fracture strains, including the effect of dilatation, at

various temperatures are predicted. Microstructural characterization has
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to eeplain the fracture behavior and to further understand the benefit of
transformation in retarding the microscopic processes of ductile fracture.
The contributions of AW/VYy and AHy to the enhancement of fracture
toughness are empirically estimated from the observed transformation-zone

height, including previous results of some y'-strengthened alloys [1].

This overall research aims to provide a more quantitative interpretation
of the relationships between mechanical properties and deformation-
induced martensitic transformation, and can be regarded as providing the
avperimental foundation for further analysis through continuum-mechanics

rmodeling.
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Chapter 2 Backqground and Literature Review

—

2-1. Deformation-induced Martensitic Transformation and Transformation

Plasticity

2-1-1. Stress-hssisied vg. Strain-induced Transformation

It has been well-known that the formation of martensite can be
stimulated by elastic and/or plastic deformation. According to the
schematic stress-temperature diagram in Fig.2-1, two types of
deformation-induced martensitic transformation -- stress-assisted and
strain-induced -- can be distinguished [3,4]. On cooling below Mg, the free
energy difference between martensite and austenite is sufficiently large to
trigger the operation of the pre-existing nucleation sites and martensite
starts forming spontaneously. At temperatures between Mg and Mg®, elastic
stress (strain} is required to initiate the nucleation of martensite at the
same sites responsible for the spontaneous transformation. This is called
the stress-assisted transformation and initial yielding is controlled by the
macroscopic plastic strain associated with the transformation. At the Ms®
temperature, the stress required for nucleation reaches the yield stress of
the parent phase and starts to cause plastic deformation by slip. Since the
plastic deformation can introduce more potent sites for nucleation, the
required stress between Mg® and Md is much lower than that of the stress-
assisted nucleation (extension of line AB) and follows line BC in Fig.2-1.
This nuceation is termed strain-induced. At temperatures above Md, the
nucleation can not be induced by plastic deformation because of the small

chemical driving force. As experimentally demonstrated by Leal (1], both
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Stress —»

Temperature —=

Fig.2-1. Schematic representation of interrelationships between stress-
assisted and strain induced martensitic transformation [1].
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the MsO and Mg temperatures of a given metastablie austenitic steel change
with stress-state. Although the origin of the nucleation site need not
Ainfluence the martensitic morphology, the plastic flow by slip in the strain-
induced regime certainly inhibits the martensitic growth and the morphoigy
is changed. In general, the stress-assisted martensite has a fairly coarse
plate morphology, while the strained-induced martensite shows a much

finer lath morphology formed at the shear-band intersections [S,6].

2-1-2 Transformation Kinetics and Constitutive Relations

when the martensitic transformation occurs under stress, a macrosopic
strain, termed transformation plasticity, accompanies the transformation.
Transformation plasticity arises from stress biasing of the accomodation
plastic flow which takes place around the martensitic plates, triggered by
both the wvolume change and the transformation shear, and from the
martensitic transformation shape strain as a results of stress biasing of
the martensitic-plate variants [7]. Utilizing the beneficial influence of
macroscopic strain, ultrahigh strength metastable austenitic steels, named
TRIP steels (TRansformation-Induced-Plasticity), were developed by Zackay
et al. [8]. At temperatures below the Md temperature, enhancement in
ductility [8-14], fracture toughness [15-19], and resistance of fatigue crack
growth [20-22] has been observed in TRIP steel, but is strongly
temperature-dependent. In order to analyze the resulting mechanical
properties, transformation kinetics and the influence of deformation-
induced martensitic transformation on the flow behavior of metastable

austenite have to be understood [S].

20



Stress-Agsisted Transformation

hen the transformation is entirely stress-assisted, the plastic strain
anly results from the macroscopic strain associated with martensitic

transformation because the imposed stress is lower than the yield stress of
austenite. In this case, the martensite volume fraction, fy, is linearly

proportional to the measured plastic strain, gp, ie. fo'= Kk £p The
measurements of both fy' and £ in a TRIP steel [5] has verified this relation

at temperature far below Mg0.

Based on the well-established kinetics of isothermal martensitic
nucleation and the thermodynamic effect of applied stress, the stress-
strain relation in the stress-assisted temperature regime has been derived
[26]. Since the kinetics of isothermal martensitic transformation is
controlled by nucleation, the rate of transformation can be expressed as an
exponential function of activation energy (1), which is linearly reiated to

the applied driving force (AG) as indicated by kinetic experiments [23,24] :

T’ = Ng¥v exp(-Q/RT)
= ngYv expl-(A+BAG)/RT] (2-1)

where ng is the density of nucleation sites, ¥ is the instantaneous
martensitic mean volume, v is the nucleation-attempt frequency, A and B
are constants. The density of nucleation sites varies with progress of the

transformation and is described as (23,24] :

ng= (nj+pfe’-Ny) (1-fx') (2-2)

21



where nj is the initial density of nucleation site, p is autocatalytic factor,
and Ny is the number of martensitic plates per unit volume. In the case of
the stree-assisted transformation, the driving force (AG) must take into
account both the chemical free-energy change {AGch) and the thermadynamic
effect of applied stress (AGmech) . Adopting the Patel and Cohen analysis
[25], the thermodynamic contribution per unit stress (3dAG/3e¢) can be
calculated for the most favorably oriented martensitic plate and is regarded
3s a constant under a given stress-state. Substituting £q.2-2 and AGmech =
o(3aG/3) into Eq2-1, the flow stress during stress-assisted

transformation can be expressed as :

O(fe T T) = (B 3AG/30)" 1+ {A+BAGCh*RT In [fo / ({nj+pie-Ny) (1-Te) Vo))
(2-2)

Substitution of fe'=k g£p then provides a flow relation o(tp,;:p,T). The shape
ot the @-gp curve is determined by the behavior of the denominator in the
last term of Eq.2-3. The yield stress is controlied by nj, a stress drop is
produced by the pfy term, and the stress rises rapidly as the site is
depleted. The calculated and observed true stress-strain curves for a TRIP
steel [S] are compared in Fig.2-2, in which the flow stresses are well below
the stress for the general yielding by slip. Eq.2-3 accurately predicts the

initial stress drop which reflects the dynamic softening contribution of
transformation plasticity. The curvature of the @ - g5 curve at low strains

thus changes to upward.
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Strain-indyced Transformation

above MgS, the observed transformation curve (T’ vs. tp} 1s sigmoidal in
chapa. Angel [27] proposed an equation of the log autocatalytic type,
in{x/1-x) = C Ing + D, to fit the fy' vs. £y curve of 13-3 stainless steel,
where x represents the ratio fo'/fe' ,max., € is true strain, C and D are

constants. On the other hand, Gerberich et al. [28] used a parabolic equation,
Tx' =mei/2 todescribe the transformation kinetics of Ni-Cr-C TRIP steels,

where e is engineering strain, and m is an index related to the austenite
stability. Both equations can not accurately fit the kinetic data over a wide

range of strain and are also lack of theoretical basis.

DOlson and Cohen (29] developed a quantitative model for the strain-
induced martensitic nucleation based on the fact that the intersections of
shear bands are the dominant nucleation sites. They relate the volume

fraction of shear Dbands, fSD, to £p by assuming a constant rate of

consumption of shear-band-free volume. This gives :

3D = 1- exp (- o £p) (2-4)
where depends on stacking fault energy and strain rate. The number of shear
band intersection, Ny!, is related to the number of shear bandNySD, by a

simple power law :

Nyl = K (NySDYN (2-5)

24



where K and n are constants. The incremental number of martensitic embryo

per unit austenite volume, deU"’, is then related to an increase in the

number of shear-band intersection by:

dNy® = p dNy! (2-6)

where p is the probability that a shear-band intersection will form a
martensite embryo. These assumptions lead to a relation to express the

volume fraction of strain-induced martensite as a function of plastic strain
fo' = 1= expl-p [1-exp(-cep)]N (2-7)

where n is & fixed exponent larger than 2, the o parameter is temperature
dependent through the temperature dependence of stacking fault energy, and
the B parameter (=(v&)/(vSD)N K.p, v is the volume of a martensite piate,
and vSD is the average volume of shear band} is both temperature and
triaxiality dependent through the dependence of the probability p on
thermodynamic driving force, AG. Eq.2-7 predicts that the curve of volume
fraction martensite as a function of strain has a sigmoidal shape, in

agreement with the data of Angel [27].

In the strain-induced transformation regime, an empirical flow relation
of a transforming alloy was derived by Narutani et al. [30]. Although much
attention has been given to the static-hardening effect contributed by the
stronger martensic phase forming during strain-induced transformation,
careful comparison of stress-strain curves has demonstrated that the

dynamic softening is also important [S). As summarized in Fig.2-3, the
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measured true stress-strain curves of martensite, stable austenite, and
metastable austenite are lebeled ox’, & , and @exp, respectively. The RM

curve is obtained from a simple rule of mixture using the @y, o, data and
the measure martensite volume fraction fy'. Because the transformation
plasticity arising from biasing of the transformation shape-strain does not
contribute to the strain in either phase, the RM curve represents an upper
limit to the static-hardening behavior. A strain-corrected rule of mixture is

then proposed to estimate the static-hardening effect, &g, by :
gg = [1- fol ’Gur(ﬁp -oe o) + fee'e Gog,'(ip - e f') (2-8)

where o'« f corrects for the transformation shape-strain contribution to
the measured total plastic strain £p. An upper limit of the coefficient &' can
be measured frdn the slope of the transformation line in the stress-assisted
regime. As indicated in Fig.2-3, the stress difference (A@d) between &g and
deyxp is considered as the consequence of dynamic softening. with a series
af prestrain tensile testing, the ratio between A@d and o5 was found to be
linearly proportional to the slope of the corresponding transformation curve.

This gives:
Aod/ag =ff -« dfu_'/dtp (2-9)

where the coefficient B is assumed to be independent of temperature and
plstic strain. Combining Eqs.2-8 and 2-9, the flow relation of metastable

austenite in the temperature range of strain-induced transformation is

given by :

26



1500

~ —200
€

3 -
3 =
® 1000 5
a

W

@

[ .

» —100
s

@ 500 A’

[

o

o] | ]
<} 010 0.20

TRUE PLASTIC STRAIN, ¢

Fi9.2- 3. Experimental flow stress, O.xp, and volume fraction martensite,
f, vs plastic strain, ¢, for metastable austenitic steel at —50°C,
¢, = 2.2 X 107 s™". Dashed curves represent the stable austenite flow
stress, O, the martensite flow stress, o/, and the prediction of the rule
of mixtures for two-phase hardening, RM. Solid curve, a,, is prediction
of strain-corrected rule-of-mixtures model.

1|
o
w
VOL. FRAC.a

o
W
oo

@ 26N;_4(r
B34N-5Cs
2
=
3
‘Q
\3
- 20
<<
0 —
-2
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d = 0c - Atyd

=ill- fm'] . Os‘:l'_tp - &"fm') + fo e Gm'(tp o X fo(,'n * ("‘ﬁ' . dffx,'f"'ljtpj (2-10)

Through the f'-gp relation in Eq. 2-7, @ can be expressed as a function of
£, Ep, and T in the temperature range of strain-induced transformation. This
provides the basis for a quantitative analysis of the mechanical behavior
shown by metastable austenite above Mg® and will be applied in the present

work.

2-1-3_Enhancement of Ductility and Toughness

The beneficial effect of deformation-induced martensitic transformation
on the tensile ductility and fracture toughness of metastable austenite is
well demonstrated by a recent study in a series of y-strengthened steeis
[1]. The increments of uniform elongation, fracture strain, and fracture
toughness due to transformation are sensitive to the austenite stability
which is represented by a normalized temperature, 8, as summarized in
Fig.2-4(a)-(c). 8 is defined as [(T-Ms®)/(Md-Ms®)] with IMd and MsS measuring
under the relevant stress-state. The position 8=0 corresponds to T=MgC,

while 8=1 corresponds to T=Mg.

A 3- to 4- fold increase in uniform elongation is obtained as compared to
stable austenite and is qualitatively interpretated as a consequence of the
curve-shaping effect of transformation. An optimum transformation
stability corresponding to the peak increment in uniform elongation occurs
between the Mg® and M¢ tempertures in Fig.2-4(a). As can seen in Fig.2-4(b)

and {c), an optimum transformation stability gives a substantial increment
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in ductility and toughness. However, the maxima in fracture strain and
taughness take place at Mg® for the respective stress-states because of the
brittleness of coarse stress-assisted martensite. In addition to the curve-
shaping effect, reducing stress triaxiality by dilatation is also used to
explain enhancement in fracture strain and toughness. Alloys with high
volume change (1ebeled Hy in Fig.2-4{b},(c)} correspond to higher increments
in both fracture strain and toughness. An empirical relation shows that
relative toughening increases linearly with volume change as the
transformation amount around the crack tip is considered. Despite the
strong temperature dependence of mechanical properties, excellent
combination of toughness and strength (Kic max. = 255 Mpa.ml/2 at a yield
strength of 1300 Mpa) can be obtained via deformation-induced martensitic

transformation in this alloy system.
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2.2 ile Fr nd Shear | ili

The micromechanism of ductile fracture involves nucleation and growth
of voids to the point where voids link by coalescence or by the formation of
shear bands between them. The occurrence of ductile fracture usually
requires the presence of second-phase particles, such as nonmetallic

inclusions, carbides, or precipitates which promote the formation of voids.

The nucleation of voids arises from either particle cracking or interface
decohesion, depending on the property of particle (brittle or soft), the
interfacial cohesion between particle and matrix (strong or weak), and the
shape of particle (high or low aspect ratio). Theories of nucieation have
been developed based on an energy criterion [31,32], local strain criterion
[33,34], or local stress criterion [35,36}; all of them assume that the
particles are equiaxed, rigid, and plastically nondeformable. Brown and
Stobbs [31] proposed a nucleation model based on the assumption that the
elastic energy released by a spherical particle is equal to the surface
energy of the cavity formed during deformation, and obtained the critical

strain, ‘yp,, for the onset of plastic cavitation in terms of surface energy of

the crack, particle radius and shear modulus of the particle as y,= (6o/r

6)!/2 This equation shows that void formation first occurs at the largest
particles. The energy criterion overestimates the required strain.
McClintock [33] suggested that cavity formation at interfaces may obey a
critical local strain criterion, or alternatively a combination of a critical
interfacial shearing strain and an interfacial normal stress.  On the other
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hand, Argon et al. [35,36] formulated anucleation mode! based essentially
on continuum plasticity and incorportated a dislocation punching mechanism
~ proposed by Ashby [37). They concluded that void nucleation occurs at the
interfacee of particles larger than 100 Angstroms when the interfacial
stress reaches a critical value. The effects of particle shape, stress-state,
particle distribution as well as temperature are still in need of further
study,

Once the voids nucleate, they grow immediately by further plastic
straining. Void growth rate under idealized conditions has been analyzed by
McClintock [387), and Rice and Tracy [39). Both models show a similar
exponential amplification of void growth by the stress state and this Is
particularly important in the region around a crack tip or a notch root
because of the high triaxility. Tracey [40] also studied the growth of long
cylindrical pores in a rigid plastic, strain-hardening material, taking pore
interaction into account. He found that strain hardening decelerates void
growth, whereas pore interaction accelerates void growth.

The final stage of ductile fracture (s caused by the linkage of
voids-to-volds or voids-to-crack tip and then the crack propagates.
According to the observation of crack profiles of some high strength steels,
Knott et al. [41,421] proposed three possible ways for crack initiation, as
schematically shown in Fig.2-5 : (1) For high strain-hardening material, void
coalescence occurs due to the Internal necking between a blunt crack tip and
a large void forming ahead of the crack from a loosely bonded inclusion. Rice
and Johnson [43] developed a theoretical model for this case employing the
Rice and Tracey analysis of vold growth [39]. They predicted the critical
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crack opening displacement (COD) at fracture inftiation in terms of the ratio
between initial void size and its position w.r.t. the crack tip. (2) For a
material with intermediate strain-hardening capability, an initially sharp
crack tip Is blunted and then follows the logarithmic spiral slip-line to
envelop the void. (3) When the work-hardening capability is very low such as
in prestrained steels, the sharp crack extends, without being blunted, along
the 459 straight slip-Tine ahead of it.

The onset of ductile fracture in both case (2) and (3) results from shear
localization and may lead to a zig-zag fracture pattern which has been
observed in many high-strength steels [44,45]. Rice and Johnson’s model [43]
breaks down if the shear localization or the formation of shear bands causes
the fracture initiation instead of necking down of the ligament between
voids, and thus overestimates the critical CODs at crack initiation for many
high strength steels. The phenomenon of flow localization into narrow shear
bands has been regarded as a significant precursor for the initiation of
ductile fracture. The onset of flow localization can be viewed as a
bifurcation of an originally uniform plastic flow occurring at a critical
strain and is usually associated with the formation of shear bands. Above
that critical strain , the imposed macroscopic strain will accumulate in the
shear bands and finally lead to fracture. Experimental observation of void
nucleation and growth within shear bands fs not uncommon, aithough
whether void formation on particles causes shear-band localization or
merely results from it has not been conclusively established from
experimental observations. For a ductile multiphase material, an initial
imperfection like voids could be formed during processing or voids may
nucleate and grow during straining. Such imperfections surely change the
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" flow relation of the material and consequently affect the condition of shear
localization as concluded by Rice [46]. Flow localization occurs as the result
of two competitive processes during further straining : (1) matrix
surrounding voids is continuously strain hardened, (2) growth of voids
reduces the load-carrying capacity. If factor (2) is larger than factor (1),
then high strain can be localized into a shear band.

Needleman and Rice [47], Saje at el. [48,49] and Tvergarrd [SO] have used
the yleld condition for a porous ductile material proposed by Gurson [S1)as
well as void nucleation and growth theories to derive the shear instability
criterta in porous plastic solids with a power strain-hardening behavior. In
the case of strain-controlied void nucleatfon, a critical strain-hardening

rate normalized by the equivalent stress, (h/0)., in axisymmetric and

plain-strain tension is derived by Needleman and Rice [47]:

(h/0), = 3/2-1-Cosh(1.5 - oy/0) - Sinh(1.5 oy/0) + F-Cosh(1.5 - o/ 0)
(2-12)
where h is the effective strain-hardening rate, f is the current void-volume

fraction, oy, is the hydrostatic stress, o is the effective stress, and the

coefficient F is related to the volume fraction of voids which are nucleated
during straining. When the normalized strain-hardening rate of material,

h/o, is less than the value of (“/O)crit» shear localization takes place.

Once the constitutive relation of the matrix material and the nucleation
parameter are known, the critical strain for shear localization or fracture
initation under tension can be determined from Eq.2-12. Saje et al. [48]
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have assumed that void nucleation follows a normal distribution about some
mean critical plastic strain and illustrated the destabilizing effect of void
nucleation on shear localization.‘ They also appropriately selected
parameters to fit experimental data and showed that the predicted fracture
strain 1s in good agreement with the observation.

Unfortunately, the model described above is developed only for the case
of a uniform stress state. The non-uniform distribution of stress/strain or
triaxiality as well as the interaction between void and crack tip has been
proved to significantly affect the formation kinetics of voids [52] with
respect to the imposed strain, especially the growth rate, and consequently
the critical COD for shear band localization. Furthermore, the Needleman
and Rice model only accounts for the total volume fraction of voids f, not
for the size , shape and distribution of voids, because the continuum-
mechanics approach ignores the detailed microstructural features. In
addition to the complex stress/strain fields and triaxiality, appropriate
material-size parameters, such as the ratio of particle size and spacing,
have to be included in the criterion to predict the failure initiation in a
crack tip. This is the key problem in establishing quantitative
structure-property relationships for a ductile material [S3].
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Chapter 3. Preparation of Materals

-1 Chermcal Compgsition

Two rapidly solidified 16 Cr - 10 Ni austenitic steels with 0.3% carbon,
0.33% phosphorus and different manganese contents were designed
according to a previous study [S4] on a steel with similar composition but
higher phosphorus content (0.42%8) and without addition of manganese.
Tensile testing at room temperature showed that the latter steel failed in a
brittle intergranular mode associated with a large amount of deformation-
induced martensitic transformation. Despite the influence of processing, the
brittle nature could partly result from an excess of phosphorus, which is
expected to tie up mostly with carbon and form phosphocarbides (2], but the
phosphorus level remaining in the matrix may lead to the grain-boundary
embrittlement. The austenitic phase of the manganese-free steel is also
too unstable to measure the properties of the austenitic phase, ﬁhich is
required in order to evaluate the contribution of the mechanically-induced
martensitic transformation on the mechanical properties. Therefore, the
present investigation is directed to compositions with less phosphorus and

with the addition of manganese.

Table 3-1 lists the chemical compositions of the newly designed alloys,
designated by 3.5Mn and 0.5Mn, respectively. The 3.5Mn alloy is intended for
measuring the properties of the austenite since Mn is a good austenite-
stabilizer. Phosphorus is the only element, known at present, which can
promote effective precipitation hardening of austenitic steels via complex
carbides [2]. However, phosphorus is also a8 well-known embn’ttlihg impurity

in high strength steels and its severe segregation could limit the fracture
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ductility and fabricability of a conventionally melted ingot. Hence, rapid
solidification processing was employed to minimize segregation and avoid

potential danger of brittie fracture.

Table 3-1. Chemical Compositions (wt.8)
Materials cr Ni Mn P C Al Fe
25 Mn Alloy 19.7 991 356 033 0254 0.022 Bal
0.5 MN Alloy 160 100 046 033 0286 0.032 Bal

In this chapter, the processing of the selected alloys, including
atomization, consolidation, heat treatment, and warm-rolling, to produce
the desirable combination of strength and transformation behavior will be

described.

Z 2 Alloy Preparation

Master billets with the desired compositions were produced by vacuum
induction melting at the Republic / LTY Steel Corporation, and thén
remelted and atomized by the Pratt and Whitney centrifugal process [55,56].
Fig. 3-1 [S7] is a schematic diagram of this system, showing the meiting
and the atomizing chamber. The melting chamber contains a 15 kg-capacity
induction furnace with an alumina crucible and stopper rod positioned over
the pour-tube nozzle which passes through the intermediate plate. The

atomizing chamber contains a centrifugal disc, which rotates at 20,000
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Fig. 3-1. Schematic representation of the Pratt and Whitney centrifugal
atomization unit [S7].
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rpm, and collection buckets for the atomized powders. Helium jets spray
downwards from the intermediate plate for cooling the atomized droplets.
The melt was first killed by a small amount of aluminum to reduce the
oxygen content and was then atomized by withdrawing the stopper rod and
allowing the melt stream to strike the rotating disc. Droplets were formed
on contact with the rotating disc and solidified while passing the field of

helium jets.

Spherical powders 20 to 70 pm in diameter are produced by this process.
A very fine casting structure with submicron dendritic arm spacing or cell
diameter, as shown in Fig.3-2, facilitates homogenizing the alloys. However,
porosity is usually found inside the powder particles (also see Fig.3-2) and
is believed to result from mechanical entrapment of the atomizing helium
qgas. Similar observations have been made on atomized steel powders (S8]. A
study recently done by Libera [S9] found that the porosity in Fe-Ni powders
is a strong function of particle size and atomization technique. He concluded
that larger particles contain more pores than smaller ones, and the
centrifugally - atomized powder made by Pratt and Whitney has a
significantly higher amount of porosity than the conventional argon gas -
atomized powder by Alloy Metals, Inc. Such porosity is generaily
undesirable as it can degrade the mechanical properties of consolidated
products [60]. This helium contamination introduced an unexpected problem
concerning the fracture behavior after heat treatment and will be discussed

later.

The powder was then sealed in 1008 low-carbon steel containers for the

subsequent consolidation; this was accomplished by hot extrusion at high

40



Fi1g 3-2 uptical micrographs of 05Mn rapidly solidified powders, showing
fine  sohdification structure and presence of porosity, (a) low
magnification, (b). high magnification. Etchant : Fry's reagent
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temperature, 12350C , with an extrusion ratio of 25 : 1. The final product
¥as in the form of cylindrical bar, with a diameter 0f19.05 mm ( 0.75 inch
), including 1 mm thick can material. Because of the extensive deformation
involved in the extrusion and the effect of the high working temperature,
the powders were successfully consolidated. No voids or lack of bonding
were found. SEM metallography of the as-extruded material, Fig.3-3(a),
verified that the cast structure has been broken down and replaced by an
equiaxed grain structure, with a grain size of 24 ym, decorated by Cr-
enriched carbides according to the X-ray spectrum Fig.3-3(b). Since the
strengthening of the selected alloy system mainly comes from carbide
precipitation, the carbides formed during the extrusion had to be dissolved

in the austenitic matrix through solution treatment .

3-3. Solution Treatment

The desired solution treatment for the present alloys should, first,
dissolve all carbides and, second, not cause severe grain coarsening. A
systematic search for the appropriate solution condition was carried out
for both alloys. The extruded bars were hung in a vertical tube furnace by
molybdenum wires and heated under the protection of argon gas at
temperatures ranging from 950 OC to 1300 OC for 1 and 2 hours, and then
directly dropped in a cold water bath along their axial direction. The
microstructure corresponding to each solution treatment was examined. The
hardening response aged at 700 OC was also measured to further confirm the

completeness of carbide dissolution during the prior solution treatment.
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Fig. 3-3. (a). SEM micrograph of the as-extruded 0.SMn alloy, showing many
particles distributed in the fully dense matrix. Microanalysis indicates
these particles are chromium carbides by comparing (b) the x-ray spectrum
from the matrix with (c) that from the particle (c). Etchant : Fry's reagent.
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It should be noted that, besides the expected grain growth and carbide
dissolution, void formation also occurred as a side effect of the high-
temperature solution treatment, as shown in Fig. 3-4. This indicates that
the entrapped helium bubbles in the powders were not eliminated but simply
sealed off during extrusion. Due to the high plastic deformation and
hydrostatic pressure caused by extrusion, the helium gas bubbles were
compressed and confined in very tiny spaces. On heating, the helium is
capable of opening up voids against the softened material at the solution
temperature, known as “thermal-induced porosity”. In general, most of these

voids were found to be distributed along grain boundaries or grain corners.

Table 3-2 lists the microstructural features and the aging response at
various solution temperatures. The carbides were not completely dissolved
until 11509C, where grain growth and void formation began to occur. Beyond
12000C, both grain size and porosity rapidly increased with temperature.
The optimun solution treatment was 11500C for 2 hours or 12000C for 1

hour, but the former was selected.

Fig.3-5 shows an SEM fractograph of the 0.5 Mn alloy, solution treated at
11500C for 2 hours and aged at 680 OC for 14 hours, then tested in tension
at room temperature. The specimen was ruptured before the onset of necking
and displayed a very flat fracture surface, normal to the loading axis, with
low reduction in area. As can be seen in the higher magnification picture
Fig.3-5(b), ciompletelg intergranular rupture occurred on the fracture
surface which is decorated with a great amount of voids formed during the
solution treatment. Apparently, the preexsiting pores contributed to

premature fracture.



Fig. 3-4. Carbide dissolution, grain growth, and void formation occurred
during solution treatment at high temperature; (a). optical micrograph of the
as-extruded 0.5Mn alloy, showing no voids but residual Cr-carbides in the
matrix; (b). optical micrograph of the 0.5Mn alloy solution treated at 13000C
for 1 hour; showing large pores on grain corners. Note difference in
magnification between (a) and (b) Etchant : 33 cc Hcl, 67 cc HNO3.
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Table 2-2 Effect of Solution Treatment

Solution Treat- Degree of Carbide | Mean Inter-| Porosity | Aging Res-
ment { °C/Hr ) Dissolution  |cept Length (%) ponse
{(pm) 700°C/6Hr
As-extruded | = ----- 16.9 "0 ] ===-
1100/1 Partial 17.1 008 Hy 347
1100/2 Partial 17.3 01 Hy 353
1150/1 Almost 30.8 .09 Hv 394
1150/2 Complete 43.1 24 Hv 410
1200/ 1 Complete 48.7 93 Hvy 414
1250/ 1 Complete 72.0 .68 Hv 417
1300/ 1 Complete 101.5 98 Hv 425




Fig 2-5 SEM fractograph of 0.5Mn alloy without warm-rolling (11500C/2hr,
colution-treated and 6800C/14hr aged), tensile tested at 25S0C; (a)
averview of fracture surface which 1s flat and normal to the loading axis;
(b). rnicroscopic observation revealing intergranular fracture with the
distribution of pores on the grain surfaces.
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One of the initial objectives in this work was to design a TRIP steel
which is able to achieve high yield strength ( > 180 ksi or 1250 Mpa ) via
carbide precipitation hardening and to avoid the severe mechanical working
of austenite that is typically used for raising the strength of conventional
TRIP steels. The phosphorus-containing alloys do exhibit good age-hardening
ability without the aid of mechanical working. The hardness can be raised
to Rc4S simply by aging the solution-treated material at 6800C. However,
the void formation during solution treatment due to the helium gas
contamination interfered with this goal. wWarm-rolling after solution
treatment turned out to be the most convenient remedy for eliminating or

reducing the detrimental effect of helium bubbles.

3-4 warm-Rolling and Aging Treatment

The main purpose of warm-rolling in this work was to reseal the voids
formed during the solution treatment. Other effects on the strength and
aging kinetics, and intergranular fracture resistance were also expected.
Single direction, multi-pass rolling with 40 pct reduction in thickness was

conducted at 4500C to obtain transformation-free material.

Preliminary study indicated that direct rolling of the round bars
(original shape of the hot-extruded material) brought about an
inhomogeneous hardness distribution across the thickness direction, as
shown in Fig.3-6(a). Because of the workpiece geometry and light reduction,
the central region was less deformed than the surface. Although the

subsequent aging treatment reduced most of the mechanical inhomogeneity
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Fig. 3-6. Homogeneity of hardess distribution in the thickness direction of a
warm-rolled bar before and after aging was better by using a prerolled
workpiece with a square cross-section (b) rather than a circular one (a).
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between the center and the surface, chemical inhomogeneity, which changes
the stability of austenite, could still exist since more deformation produced
a higher aging rate. Therefore, after solution treatment, a cylindrical bar
was milled to form a rectangular bar with square cross section of 14 byli4
mm, and then warm-rolled. The hardness distribution before and after aging
was quite uniform as shown in Fig.3-6(b). Warm-rolling was also successful
in closing the voids without causing martensite formation, as can be seen in
Fig.3-7, and reduced the brittleness of alloys that will be discussed in
Chapter S.

For the carbide-precipitation hardening austenitic steels, the aging
treatment turns out to be & powerful way of controlling the alloy
properties, mechanically and physically : 1). The stability of the austenite.
As the precipitation reaction proceeds, the austenitic matrix becomes
depleted of carbon and other alloying elements and consequently becomes
less stable by raising the transformation temperature under a fixed stress

state. 2). The strength difference and the relative transformation volume

change (AV/ V\‘,)_. Since carbon and phosphorus atoms provides more effective

solution strengthening of the martensite than the austenite, less carbon and
phosphorus remaining in the austenitic matrix due to more phosphocarbide
precipitation will reduce the strength difference between these two phases
and also alter the transformation volume change. Both parameters are
believed to affect the transformation toughening [61]. 3). The strength level

of the austenite. When a pricipitation-hardening alloy is aged at a given

temperature, its strength first increases with time, reaches a peak, and
then falls. That allows us to control the austenite at a given strength level,

but with other different properties mentioned in 1). and 2). by underaging
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Fig 3-7. Metallograph of the warm-rolled 0.5Mn alloy. Pores formed during
11500C/2hr solution treatment were successfully closed. Etchant @ 33 cc
Hcl, 67 cc HNOz.
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and overaging. This is the guideline used to establish the appropriate aging

conditions.

Aging behavior was studied for both alloys with and without warm-
rolling. It is well-known that the peak hardness of aging increases as the
aging temperature decreases, but then longer holding times are needed.
Spending a day to reach the desirable hardness would be tolerable and this
provides one criterion for choosing the aging treatments. Besides aging at a
fixed temperature, a sequential process, in which the alloy was first aged
at quite low temperature for a short period to nucleate more precipitates
and then held at a higher temperature for faster growth of the precipitates,
was employed. As a result, the sequential process effectively shortens the
necessary aging period and raises the peak hardness, particularly for the
solution-annealed alloy. Mechanical working increases the nucleation sites
for precipitation by introducing a high dislocation density so that the aging
kinetics are accelerated. In fact, warm-rolling is able to lower the usable

aging temperature about 1000C for the present case.

Because of the embrittlement due to void formation, the aging behavior
of the solution-annealed materials will not be presented here. Fig.3-8(a) and
(b) summarize the aging response of the warm-rolled 0.5 Mn and 3.5 Mn
steels, respectively. All curves exhibit an inverted " ¥ ~ shape and thus the
alloys can be treated to reach a preset hardness level by either an

underaging or an overaging condition. In order to compare with the
transformation enhancements of ductility and toughness in the Y-

strengthened metastable austenites (1] at the same strength, the studied

alloys are intendedly aged to reach a hardness of Hy 465 or Rc 46.5, similar
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Fig. 3-8(a) Aging behavior of the warm-rolled 0.5Mn alloy. Arrows indicate
the selected underaging and overaging conditions.
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Fig. 3-8(b). Aging behavior of the warm-rolled 3.5Mn alloy. Only an
underaging treatment was selected as indicated by the arrow.
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to the former alloys. Two intersection points between each curve and the
straight line representing the chosen hardness level. The desired aging
conditions indicated by arrows are listed in Fig.3-8. Underaging and
overaging treatments were selected for the 0.5 Mn alloy to vary the
transfomation volume change and the strength difference between o’ and y
phases. For the 3.5 Mn alloy, only the underaging treatment which can
produce the most stable state was needed. Henceforth, these three treated

conditions will be designated 0.5Mn-U, 0.5Mn-0 and 3.5Mn-U, respectively.

2-5. Hardness Difference and Transformation Yolume Change

The hardness difference AHv(= Hv,e'-Hv,y) and relative transformation
volume change (AV/Vylastom were determined by measuring the
microhardness values and lattice parameters of the austenite and the
martensite at room temperature after aging, and listed in Table 3-3 along
with the values for two y'-strenghthened TRIP steels studied by Leal [1].
Since all the Mg temperatures of aged phosphorus-containing steels are
below -1960C, no martensite was formed even after holding in liquid
nitrogen for 24 hours. Before measuring the hardness, a tensile stress was
imposed on the alloys at liquid nitrogen temperature until a Luders band
propagated through the whole gage length of the specimen. The austenite
was thus transformed in the stress-assisted mode with negligible strain-
hardening, as confirmed by comparing the austenite hardness values before
and after loading with that of martensitic plates large enough for the
microhardness measurements. From the results shown in Table 3-3, the
hardness values of the austenitic phase for the aged 0.5Mn and 3.5Mn alloys
are close to the preset level (Hy465) in Fig.3-8, while the hardness of the
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martensitic phase and hence the hardness difference, Hv,o'~Hvy, markedly
decrease for the overaged condition as expected due to less alloying
elements remaining in the matrix, especially carbon and phosphorus. The y'-
strenghthened 31Ni{L) steel showed the same, low AHv as the overaged
0.5Mn alloy, although it was slightly underaged. Again, this can be explained
by the very low content of interstitial atoms for further strengthening the
martensitic phase. On the basis of similar considerations, the hardness
difference AHv of another y-strenghthened steel 31Ni-SCr(L) is expected to

be the same.

For the 0.5Mn alloy, Table 3-3 shows that the lattice parameters of the o
and y phases as well as the relative transformation volume change
(AV/VYy)atom decreased when the alloying elements were progressively
rejected from the matrix to the carbides. The underaged 3.5Mn alloy
exhibited a surprisingly low value of (AY/Vy)atom compared to the
underaged 0.5Mn alloy. The substantial effect of maganese additon on
(A¥/Vy)atom is unclear, but it is beneficial for present purposes because

very different volume changes can then be obtained at the same AHv.

In summary, the slloys in Table 3-3 can be divided into two groups
according to AHv : 1). low AHv alloys with (AV/Vy)atom from 2.44 to 3.65 &,
consisting of 0.5Mn-0, 31Ni(L),and 31Ni-5Cr{L); 2). high AHv alloys with
(AV/V¥y)atom from 2.69 to 5.08 &, including 0.5Mn-U and 3.3Mn-U. Using
these alloys with the parent phase held at a similar strength level, we can
compare the transformation toughening effects arising from the dilatation

and from the increment of strain-hardening ability.



Table 3-3 Microhardness Difference Between o' and y Phases and Transformation
Yolume Change in the Phosphocarbide- and the y'-Strengthened Austenitic Steels.

35Mn-U | 0.5Mn-U | 0.5Mn-0 | 0.5Mn-0*% | 31Mi{L)* |31Ni-SCr{L)*
H o 543 557 516 512 -—--
Hv,y 457 467 470 ———- 463 -——-
Hv ou'-Hv 86 a0 46 -——-- 49 ———-
8 (A) 2.8816 | 2.8903 | 2.8643 | 28426 | 2.8748 2.8861
ay(A) 35986 | 3.5822 | 35660 | 3.5412 | 3.5930 3.6139
(AY Mydatom, B] 269 5.08 3.64 3.45 2.44 3.55

#%- - -Aged at 63009C for 30 hours.
#----y strengthened austenic steel studied in Ref. (1]
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Chapter 4. Exnerimental Procedures

it order ta understand the influence of mechanically-induced martensitic
transformation on the properties of this new class of TRIP steels, the
following types of experiments were conducted : 1). mechanical tests to
measure the temperature dependence of properties; 2). measurements of the
transformation rates as a function of temperature, true plastic strain, and
stress-state; and 3). characterization of the microstructure and fracture
modes associated with the mechanical tests. To correlate the
interrelationships among the results of these experiments becomes one of
the main purposes of this work. The details of all experiments will be

described in the following sections.

4-1. Mechanical Testing

A, Uniaxial Tensile Tests

Uniaxial tensile tests were conducted in an Instron machine at an initial
strain rate of 0.02 min-! in the temperature range of -196°C to 250°C. A
lover strain rate of 0.0002 min-1 at -196, -110, and -73°C was also used
to study the strain rate sensitivity of flow stress in the stress-assisted

transformation regime.

Fig.4-1 shows a schematic diagram of the apparatus for controlling the
test temperatures. The specimen yas heated or cooled in a liquid bath which
was contained in a stainless steel beaker welded to the lower specimem
grip in the test machine. The selection of the liquid bath depends on the test

temperature : silicone oil {from room temperature to 200°C), a low melting-
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paint neutral salt (for aboye 200°C), methanal or n-pentane {from room
temperature ta -110°C), or liquid nitrogen (at -196°C). The bath was heated
by electric heating tapes wrapped around the beaker, or it was cooled by
pouring in liquid nitrogen. The temperature of the bath was kept uniform by
a motor-driven stirrer. The test temperature, which was directly measured
with a thermocouple mounted on the specimen, was controlled within 1°C
for the testing duration. The insulating layer surrounding the beaker also
provided good protection against environmental disturbance, especially at

very low test temperatures.

Type TR-6 round specimens according to ASTM specification E8-82 were
machined atter the thermomechanical treatment; dimensions are shown in
Fig.4-2. The loading axis was aligned with the rolling direction of the bars.
Yield stress and true-stress vs. true-plastic-strain curve were calculated
from the load-displacement curve, while uniform and fracture plastic
strains were determined by measuring the change of cross-sectional area

after the test.

4-1-2 Fracture Toughness Tests

Because of limitations in the material dimensions, the J-integral method
with three-point bend loading was used to determine the fracture toughness
corresponding to the initistion of crack growth ( Jic ) at various
temperatures ranging from -80 to 300°C. The test temperatures were

controlled in the same way as in the tensile tests.
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Figure 4-1. Schematic diagram of temperature control setup in
tensile test.
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The Y-notched specimens were cut with their length parallel to the
rolling direction, and then fatigue precracked in stroke control on a
servohydraulic Instron machine according to the specification in ASTM
EG13-81. In order to prevent the formation of mechanically-induced
martensite, the precracking was performed at about 280°C by winding a
flexible electric heating cord around the specimen as shown in Fig.4-3. No
martensite phase was found in the subsequent metallographic examination.
The specimen dimensions are shown in Fig.4-4 and the ratio of initial crack
length ag to specimen width W was about 0.6 which lies within the

recomended range.

The single-specimen technique [62,63,64] with the partial unloading
compliance method was applied for determining the J-values. Before the
test, MoS2 paste was used to lubricate the contacts between the specimen
and the rollers. The load P was recorded as a function of the loac-line
displacement A on a X-Y recorder at a constant crosshead speed of 2121073
mm/second. Unloading-loading sequences were conducted on every specimen
for 9 to 14 times. In the linear range of the P-A curve, the specimens were
unloaded three times to obtain the compliance corresponding to the initial
crack length. Before reaching the maximum load, at least one unloading
sequence was performed; after attaining the maximum load, 5 to 10
unloading-loading cycles were performed, with the last unloading done at a

load no less than 70% of Pmax. Before each unloading, the crosshead was

stopped for about 1 minute for stress relaxation, and then the load was

dropped by no more than 10%. The zero suppression module and chart-speed.

controller of the test machine allowed the load and the displacement

signals to be amplified by 10 times during the unloadings in order to

62

(]



Thermocouple Position

Figure 4-3. Arrangement of electric heating cords used to heat the specimen
during fatigue precracking.
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Figure 4-4. Dimensions and shape of three-point bending specimen.
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facilitate slope measurements from the linear plots of the load vs. 10ad-line

displacement.

The crack advance in three-point bend specimens can be derived from the

equation :

da = (b/2)(dC/C) (4-1)

where a is the crack length, C is the elastic compliance, and b is the
remaining ligament { = W-a }. Integrating Eq.4-1, the compliance can be

expressed as [65,66] :

C = A/[1-(a/wW)]2 (4-2)

where A is 3 constant and equals 13.13 and 12.36 within the range of a/W
from 0.45 to 075 according to Bucci and Tada's relations [67,68],
respectively. Eq.4-2 is an accurate enough relationship and an easy one to
handle for most purpnses in the crack size range from 0.45 to 0.75 ¥. Taking
the ratio of compliances to eliminate the constant A of EQ.4-2, we can
obtain:

Ci/Co = [1-(ai/¥)]2 / [1-(ao/W)]2 (4-3)

where ag = the initial crack length
aj = the crack length at the load from which the ith unloading started

Co, Ci = the compliances corresponding to a = ag and a = aj, respectively.

Since the inverse of the compliance is linearly proportional to the slope of

the unloading line, the crack advance Aaj can be calculated as:
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Afi = ABp-8j = (W-ag)[1-(5i/5g)j 172 {4-4)

where siopes 5y, Sp are measured from the P-A curve, and the initial (and
final}) crack lengths are determined from metallographic observation or
from the fracture surface broken at the liquid nitrogen temperature after
the test. The accuracy was checked by comparing the final crack length
evaluated by the unloading technique with that determined from direct

measurement, demonstrations agreements within10%.

The value of J corresponding to each crack advance Aaj was calculated by

the simple formula [69] :
Ji = 2A/B(W-aq) (4-5)

where A is the area under the P-A curve before the ith unlocading sequence,
and B is the specimen thickness. A line of J versus Aa was plotted and the
Jic value was defined as the intersection of this line and the blunting line
Aa = .J/26y. The temperature dependendce of fract‘ure toughness was found by

plotting the Jjc values versus the test temperatures.

4-1-32. Uniaxial Compressive Tests

The compression of a cylinder between anvils is an appropriate test for
studying the kinetics of strain-induced martensitic transformations. There
is no problem with necking and the test can be carried out to strains in
excess of 2.0 if the material is ductile. The tests were run in the

temperature range from -196 to 1600C at the same strain rates as in
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tengsile tests and stopped at various plastic strains before the failure of

specimens.

Buckling and barreling are two common difficulties unless the tests are
conducted with caution. Buckling can be eliminated by reducing the aspect
ratio Lo/Dg, where Lg, Dg are the initial height and diameter of the
cylindrical specimen, respectively. However, a friction force will exist at
the specimen-anvil interfaces. It can lead to a barreled specimen profile and
create a cone-shaped region of undeformed material near the anvil surfaces.
For a given diameter, a too short cylinder could have an overlap of the
undeformed regions after large deformation and is undesirable for the
kinetics studies. The overlap of undeformed zones also increases the
required awial force for further deformation and the load-displacement

curve bends upward [70].

A cylindrical specimen with aspect ratio 1.64 { 6.25mm in length and
4.06mm in diameter ) was selected according to the results of a series of
preliminary tests in which specimens with different values of Lg/Dg were
used and their shapes and microstructures after testing were checked. The
friction at the specimen-anvil interface was minimized by applying MoS2
lubricant on the smooth, hardened surfaces of the anvils. Specimens were
uniformly deformed using a self-aligning fixture in which the semispherical
top anvil could freely rotate on loading to match the specimen surface.
Meither buckling nor barreling occurred in the ranges of applied plastic
strain up to 0.45 at the various test temperatures. The values of yield
stress and the true stress-true plastic strain curves were calculated from

the load-displacement curves.
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4-1-4 Microhardness Measurements

Microhardness measurements were made to determine the hardness
difference between the martensitic and the austenitic phases of both 0.5Mn
and 3.5Mn steels subjected to the aging treatment described in section 3-3.
This hardness difference was also determined for the y-strengthened
TINi(L) steel [1]. Before the measurement, the martensitic phase was
oroduced at -1960C either assisted by tensile stress for the two
phosphorus-containing alloys or /just immersing in liquid nitrogen for the
IINi{L) steel. Then the samples were polished and lightly etched. The
measurements were done using an Akashi microhardness tester with an
applied load of 100 g. At least 10 measurements were taken for each sample

and their average was used.

4-2 Transformation Kinetics Measurements

in order to gquantify the influence of triaxiality on the stability of the
austenitic phase, the transformation kinetics with respect to the plastic
strain in tension and in compression were measured at temperatures from
-196 to 1500C. The study was only done on the 0.5 Mn-0 alloy, which is the
least stable material. For each temperature, specimens were loaded to
various plastic strain levels, and then sliced normal to the loading axié to
form thin discs with about 15 milligram in weight. For compression
specimens, discs were only cut from the middle because of the possible
existence of the undeformed zones at the ends of the cylinder. The surfaces

of the thin samples were ground using 600 grit SiC paper and well-cleaned
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in acetone in an ultrasonic cleaner to avoid any contamination of the

ferromagnetic material.

The amount of the martensitic phase was determined from the
measurement of the saturation magnetization moment. A standard sample
with 100% martensite, ascertained from X-ray diffraction and
metallography, was prepared by imposing a large tensile plastic strain on a
severely overaged 0.5 Mn-alloy (aged at 6300C for 30 hours) at -900C.
Magnetization measurements were performed in a vibrating sample
magnetometer (YSM) at room temperature under a magnetic field of 15

kilogauss which was high enough to saturate the magnetization of the thin

samples. The martensite volume fraction, fe', is linearly proportional to the
magnetic moment of saturation per unit mass, Bg (emu/g), and was

calculated as :
fo(B) = (Bs/Bs,std.) x 100% (4-6)

where Bg std. represents the Bs of a standard sample and equals 152.2

emu/g, comparable to the reported value of 304 stainless steel [72,73].

4-3. Microscopy

Optical microscopy was intensively used to examine the general
gustenitic microstructure, including grain size, cleanliness, and voids; the
martensitic morphology after mechanical tests at different temperatures;
the fracture profiles in tensile and three-point bending specimens; and the

transformation-zone size around cracks at mid-thickness of the three-point
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bending specimens. Etching for grain size measurements was done by
swabbing a reagent of 1 part nitric acid and 2 parts hydrochioric acid for a
few seconds. The martensitic phase was revealed by a solution of 05 g

sodium metabisuifite in 33 mi hydrochloric acid and 167 mi water.

Transmission electron microscopy was conducted on specimens for the
observation and identification of second-phase particles, grain boundaries,
and other defects. The substructure of specimens subjected to tensile
nlastic strain was also examined to explore the role played by the second-
phase particles on transformation. Preparation of thin foils followed a
general orocedure : samples 0.25 mm thick were cut from a target material
using a water-cooled, low speed SiC cutter and ground by hand to 0.10 mm
thick with good surface finishing; 3 mm diameter discs were punched out
and then thinned to obtain an electron-transparent condition by double-jet
alectraopolishing in an electroiytic solution consisting of 10& perchioric
acid in methanol at a temperature below -350C. A d.c. power supply was
operated at 65 volts and 0.12 amperes. The thin foils were observed in
gither a JEOL-100C or a JEOL-200CX microscope operated at 120 k¥ or 200
kV accelerating voltage, respectively. Selected-area diffraction patterns
were taken for identification of crystallographic features including
precipitates, inclusions, and martensite. Dark-field images utilizing
specific diffraction spots were recorded to reveal the distribution and

morphology of the subject phases.

An AMR 1000 scanning elctron microscope was employed to study the

fracture characteristics of the tensile and the three-point bending
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cpecimens. TEM foils were also observed for measuring the volume fraction

and ¥-ray fluorescence spectrum of coarser dispersed particles.
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Chapter 5 Results and Discussion

5-1 Microstructure Characterization

Even without the work-hardening effect due to 408 warm rolling, both
alloys exhibit remarkable precipitaiion-hardening behavior. The hardness of
both alloys can readily reach RcdS (Hy 452) from the R¢S (Hvy 190) of the
solution treated condition simply by aging at 6800C. In this section, the
microstructure of these high-phosphorus steels characterized by TEM, SEM,
and X-ray diffraction are discussed and will be used to explain the fracture
behavior and mechanical properties. Fig.5-1 illustrates and identifies the
general matrix precipitation in the 0.5Mn alloy after the 11500C/2Hr
solution treatment and a 6800C/14Hr aging treatment. The high-
magnification bright-field image, Fig. S-1(a), shows a large number of small
spherical particles with diameter = 803« finely dispersed in the austenitic
matrix along with a few individual dislocations. The electron diffraction
pattern of the central area in FigS-1{a) clearly consists of two
superimposed sections of an fcc reciprocal lattice in Fig.5-1(c) and can be
indexed as zone (001] of austenite and zone [001] of the complex carbide
M23Cp, respectively. The dark-field image, Fig.5-1({b), due to the diffraction
spot (020) of M23Cq, further confirms that the dispersed particles are
complex carbides. The crystal structure of carbide M23Cg is identical to
that of the austenite and the orientation relationship between two phases

can be represented as

(00 1/ /(00 1)M2206, [1001/71100]M53¢4, [010)//1010IMz2c4
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Fig S-1 TEM micrographs illustrating the general matrx precipitation in
the 0.5Mn alloy, solution treated at 11500C for 2 hours and aged at 680°C

for 14 hours a) Bright-field image, showing finely dispersed equiaxed
particles with diameter = 80A and few dislocations. b). Dark-field image
from diffraction spot (020) of M23Ce carbide. Contrast reversion confirms
the particles are MzzCg carbides. c). and d). are an electron diffraction
pattern from the central area of a) and its 1indexing, showing
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according to the diffraction patterns. A few lath-like M23Cg precipitates on
{111} matrix planes were also found in some areas as shown in Fig.5-2. The
lattice parameter of M23Cg is very close to three times of that of the
matrix shown in the diffraction pattern, and so it is likely that a high

degree of coherency can be maintained with respect to a high coincidence
between two lattices. Using the measured lattice parameters (a., and

AMo3Ce) Of austenite and carbides in Table 3-3 and 5-1, the misfit which is
defined as [(38,-8Mp30¢)/3ay] are between 2.10-4 and 10-2. Because of this
small isotropic misfit, coherent carbides can easily precipitate out of the
matrix with an equiaxed shape rather than in grain boundaries. Apparently,
those finely dispersed carbide prebipitates are able to effectively impede

dislocation motion, which accounts for the observed age hardening behavior.

Next, we discuss the effect of warm rolling on the substructure. Fig.5-3
shows that the typical microstructure of the as-rolled 0.5Mn alloy
contained a high density of dislocations as well as shear bands, similar to
the microstructure of a deformed 304 stainless steel [71]. However, most of
the shear bands disappeared during the subsequent aging treatment because
the aging temperatures, 600-6300C, were sufficiently high to activate
recovery in the highly deformed local regions, viz. part of the work
hardening effect was eliminated. This observation can explain the fact that
the hardening contributions from warm rolling ( ARc = 25 ) and from aging (
ARc = 40 ) on the final hardness { Rc max.= 50 ) of the warm roiled and aged

alloys are not additive.

The microstructure around grain boundaries was carefully examined in

the rolled and aged condition. There was no strong evidence supporting the
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Fig 5-2 Some plate-like Mz3L¢ precipitates on {111} matrix planes were
found in the 0.5Mn alloy, solution treated at 11500C for 2 hours and aged at
6800C for 14 hours

Fig S5-3 Microstructure of the solution treated and warm rolled 0.5Mn alloy
showng the present of shear bands and high-density dislocations.
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existence of 8 grain boundary precipitate-free zone (PF2), as shown in Fig.5-
4. PFZs can reduce the bonding strength between grains and the corrosion
resistance around grain boundaries. There are two causes to promote the
formation of PFZs [73]. The nucleation and growth of grain boundary
precipitates during cooling from the solution treatment temperature may
cause solute to be drained from the surrounding matrix and a PFZ results.
Another cause of PFZ can be due to vacancy diffusion to grain boundaries
during quenching so that the vacancy concentration is drastically lowered in
the vicinity of grain boundaries. This will reduce the diffusion rate of
solute in the vicinity of grain boundaries at the aging temperature and then
no precipitate can nucleate even though the concentration of solute is
largely unchanged. In the present work, a high cooling rate after the solution
treatment was obtained by hanging the alloy bars with small cross section
in a vertical furnace and directly droppjng them into a cold water bath. This
fast quenching is capable of avoiding preferential formation of precipitates
on grain boundaries as well as losing vacancies around grain boundaries,

thus suppressing the formation of PFZs.

The precipitate morphology in the warm-rolled and underaged 3.5Mn-U and
0.5Mn-U alloys is shown in Fig. 5-5 and 5-6, respectively. Diffraction
patterns again indicated no other precipitate formed except M23Cg carbides.
Only dark-field images (Figs.5-5(c), 5-6(b)) taken from the diffraction spot
of carbide particles can clearly show the precipitate morphology; there is
contrast interference from entangled dislocations in bright-field images
(Figs.5-5(a),5-6(a)). High dislocation density in the preaged microstructure
brings two benefits. One is a lowering of the energy barrier for precipitate

nucleation and hence the required aging temperature; the other is to further
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Fig. 5-4 No precipitate-free zones were found in the vicimity of gramn
boundaries 1n the overaged 0.5Mn alloy
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F19.5-5 TEM micrographs showing the morphology and distribution of carbide
precipitates in underaged 3.SMn alloy. a). Bright-field image. It does not
‘learly reveal the morphology of precipitates because of contrast
nterference from dislocations b) Electron diffraction pattern, indexed as

(i Fd;-.‘." T114]) of M23Cg

78



Fig 5-5 c). Dark-field image from diffraction spot (220) of M23Cg.
d). Indexing of diffraction pattern.
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Jaustenite
carbide

F1g 5-o TE micrographs showing the morphology and distribution of carbide
precipitates in underaged 0.5Mn alloy. a). Bright-field image. b). Dark-field
1mage from diffraction spot (020) of M23Ce. Carbide precipitates tend to sit
on dislocations or array themselves along a “diffuse” shear band boundary.
c) and d) are electron diffraction pattern and i1ts indexing, indicating
[011h/71011] of of M23Ce
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reduce the possibility of forming grain boundary PFZs because dislocativons
are also fast diffusion paths for solutes. Comparing the dark-field and the
bright-field images, carbide particles are found to sit on dislocations or
array themselves along “diffuse” shear band boundaries (Fig.5-6(b)) that
means the defects introduced by warm rolling became the preferential
nucleation sites for the precipitates. In Fig.S-5(c) and S5-6(b), finer
precipitates (average diameter ~653) with denser dispersion are found in
the warm-rolled alloy as a result of lower aging temperature, and can

nrovide better strengthening effect.

Banerjee et al. [2] studied the effect of phosphorus on the composition of
carbide precipitates in three heats of 18Cr-10Ni-4Mn stainless steel with
0.3% carbon at 70 ppm, 0.28% and 0.38% phosphorus levels. They found that
phosphorus in the precipitated M23Cg¢ carbides increases with more
advanced aging, and with increased phosphorus content of the steel, while
the lattice parameter decreases. Thus, based on the relative atomic sizes
of Cr, Fe, P and C, they suggested substitutional rather than interstitial
positioning of the phosphorus atoms in the M23C¢ structure, indicating that
the carbides should be labeled (Cr,Fe,P)23C¢ instead of (Cr,Fe)23(C,Pe.

X-ray diffraction using Cr Ky radiation was performed to determine the
lattice parameters of &, ¥, and M23Ce, thereby permitting calculation of the
atomic volume change due to the deformation-induced martensitic
transformation after various aging treatments. The lattice parameter values
of M23Ce are listed in Table 5-1 along with Banerjee's X-ray
microanalysis data. The aging-treatment dependence of the M23Ce lattice

parameter in the 0.5Mn alloy followed the same trend as Banerjee’'s results.
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Tabie 5-1. Composition and Lattice Parameter of Carbide

Alloy Heat Treatment, °C/Hr Composition Lattice Parameter, A
704/16 (aged) (CresFezel2sCe -
A% 760716 (aged) (CrzszFezoePo1i23Ce -——----
1150/.5 (annealed) (CrFe)psCe  -—---—---
704/16 (peak hardness)  (Cr7zoFe9ePoz4)23C¢  -------
B* 760/16 {overaqed) (ersn Fe_‘ 33P.066)23C6 -------
1150/.5 {(annealed) (Cr.50F921?P.283)2356 _______
704/16 (peak hardness)  (Cr7sofez1sPos?)23Ce  —------
c* 760/16 (overaged) (CreszFe 196P 152)23Cs 10610
1150/.5 (annealed) (CrsgFe217P 203)23Ce 10.597
530/3+600/12 (underaged) @ -—---—- 10.750
0.5Mn 630/19 {overaged) @ —-=----- 10.696
630/30(overaged) = o—-———--- 10614
3.5Mn 530/3+630/12 (underaged) @ = -—------ 10.726

#- -~ Steels used in Banerjee's work [ 2], their chemical compositions (wt.®) are :
A--- 18.2Cr-9 ANi-3.65Mn-0.31C-0.007P

B--- 18.0Cr-9.5Ni-3.59Mn-0.32C-0.28P

C--- 17.7Cr-9.5Ni-3.59Mn-0.33C-0.36P
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It implies that the overaging treatment should deplete phhsphoms from the
austenitic matrix because of forming higher phosphorus-containing
carbides. This could reduce the potentiality of intergranular fracture since
phosphorus is a well-known element causing grain boundary embrittiement

in high-strength steels.

Argon et al. [35] pointed out that void nucleation due to external stress
tends to occur for particles larger than 1003 in diameter when a critical
interfacial stress condition is reached. Therefore, the extremely fine
carbide precipitates ( < 804 Y in diameter should not be responsible for void
nucleation as the initial stage of the ductile fracture process. Work by Hsu
[74] indicated that simple sulfide, oxysulfide, and oxide particles with
diameter 0.1 to 0.7 ym provide grain-coarsening resistance for RSP M-2
matrix steel at austenitizating temperatures up to 12200C. At 12600C,
simple sulfides and oxysulfides were dissolved in the matrix and oxides
became the dominant stable particles, while the grain growth rate markedly
increased. In the present work, SEM was used to search for second-phase
particles other than carbide precipitates by observing electropolished thin

foils .

Two types of particles were found and defined according to the size and
distribution, as follows : Particles of the first type with average diameter
0.15 pum ( ranging from 0.1 to 0.5 pm ) and volume fraction about 0.12% are
well dispersed in the 0.5Mn-0 alloy as shown in Fig.5-7(a), where we can
see many of them located at the grain boundaries. The estimated volume
fraction, size, and distribution are consistent to those of grain refining

particles found in some RSP steels (74,75]. Owing to the poor image



contrast presented by the small particles, the size and volume fraction
were determined by outlining all the particles in‘20 fields on tracing paper,
and then measuring the maximun chord length and the area fraction in an
image analyzer. The X-ray spectrum { Fig.5-7(b} ) of a particle indicated by
an arrow in Fig.5-7{a) shows a high Al-peak. The other peaks are believed to
come from the matrix and the Au surface coating layer as a result of a much
larger X-ray activated volume than the particle. The crystaliographic
structure of the grain-refining particles was identified by electron
diffraction as hcp «-Al203 with lattice parameters 8,=4.76 A and c,=12.99

A (Co/89=2.73), as shown in Fig.5-8.

Particles of the second type have larger diameters from 0.5 to 3 um with
directional alignment along the extrusion axis, as revealed in Fig.5-9. They
presented the same X-ray spectrum as in Fig.5-7(b). In general, these
particles appear in groups and concentrate in small regions, similar to the
morphology of Type IV oxide inclusions in steels. According to the
microanalysis results and the morphology, they are aluminum oxide, too. The
overall volume fraction was in the order of 0.1% but difficult to quantify
due to the very inhomogeneous distribution. This second type of particle
would be the primary void former because both larger particle size and
lo'calized distribution, compared to the grain-refining particles, favor void
nucleation [76]. Thus, the formation of alumina particles like inclusion
colonies is undesirable in view of their known deleterious effect on the

fracture toughness.

Some significant conclusions may be drawn from the above experimental

results : ). The outstanding age-hardening behavor originates from the
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Fig5-7 a) SEM secondary electron image recorded from an electropolished
surface of the overaged 0.5Mn allou, showing the distribution of the grain
s with diameter 0.1 to 0.5 pm. Two particles fell out during

electropolish and formed pores. b). X-ray spectrum from the arrow-
designated particie indicates the presence of Al-peak Other peaks are from

the matrx and surface coating layer
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F105-8 TEM micrographs identify the structure of grain refining particies
as o-Al203 a). Bright-field image. b). Dark-field image from diffraction
spot (0112) of «-Al203. ¢). and d). are the electron pattern and its indexing,
including zone [2423] of a-Al203 and zone [001] of austenite
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Fig5-9 SEM secondary electron image showing alumina colony in 0.5Mn-0
alloy.
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finely dispersed coherent phosphocarbide precipitates with diameter < 802\.
»2). No grain-boundary precipitate or PFZ was found. 3). Lower phosphorus
content in the matrix is expected for longer aging times because more
phosphorus is gettered in the precipitated carbides. 4). Two types of
alumina particles exist in the RSP alloys and are expected to control grain

refining and void nucleation.
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5-2 Transformation Stahility

5-2-1 Temperature Dependence of Yield Stress and Transformation
Temperature

The MsC temperature of a metastable austenite is defined as the
maxirmum temperature at which transformation is induced by a stress below
the yield stress of the parent phase [3,4]. It can be recognized as an
invariant property at a given stress-state and strain rate. As demonstrated
by Patel and Cohen [25], the thermodynamic assist of an externally applied
stress, 3AG/ 3o, and hence the MO temperature is a function of stress-state
due to the contribution of the transformation volume change. It implies that
the change of austenite stability under the different loading conditions of
commonly used mechanical testing methods can be reflected by the shift of
Mg temperature. Experimental work done by Leal [1] showed that the MgC
temperature of y-strengthened TRIP steels increased with the stress-
states corresponding to uniaxial tension, tensile necking (formed in the
later stage of uniaxial tensile test), and a crack-tip. The determination of
the MgC temperature is affected by the nature of mechanical testing method
and is not always straightforward. In the cases of uniaxial tension and
uniaxial compression, the Mg® temperatures are well-defined values
because the material within the gage length is under a constant stress-
state and can be directly measured from the temperature dependence of
yield stress according to its definition. On the other hand, an "effective” M3®
temperature can only be roughly determined for a tensile neck or a crack-tip

from the martensitic morphology due to the gradient of stress-state.
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Anather characternistic temperature related to the stability is called Mg,
defined as the highest temperature at which transformation can be induced
Dy deformation. Comparing with Ms® temperature, My is not an umvariant
nroperty for a metastable austenite at a fixed stress-state because it also

depends on the extent of plastic deformation imposed on the material.

In order to distinguish the transformation temperatures Ms® and Mg under
different stress-states, we have added the abbreviations UC, UT, N, and CT
to represent uniaxial compression, uniaxial tension, tensile neck, and crack-
tip, respectively. For example, the Mg® temperature in uniaxial tension is
designated as MgS{UT).

Fig.5-10 shows the tensile yield stress vs. test temperature curves of
the 0.5Mn-0, 0.5Mn-U, and 3.5Mn-U alloys measured by using multipie
specimens. Within the range of test temperatures, all three cases exhibited
a significant drop of yield stress when the deformation was dominated by
transformation. Such curves allow interpolation to accurately determine
M<S{UT) at the peak stress under uniaxial tension as 530C, -240C, and
-1050C for the (0.S5Mn-0, 0.5Mn-UJ, and 3.5Mn-U alloys, respectively, and
indicated by arrows in Fig.5-10. The measured MgS{UT) temperatures
suggested that the austenite stability of this carbon-containing alloy
system not only can be controlled by the minor composition modifications
but also by changing the aging condition. The latter is an important benefit
for the practical application of TRIP steels because the optimum toughness
enhancement due to transformation can be controlled to occur in the service
temperature range simply by changing the aging process without

significantly losing strength. In preliminary experiments, a more convenient
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single-specimen technique developed by Richman and Bolling [4] { where
ading-uninading cucles wei2 perfarmed at  sequentially decreasing
temperatures until a load drop was found ) was applied to determine the
Mg® temperature of the 0.5Mn-0 alloy in tension. The results were about

200C lower than the value determined for the multiple specimen tests.

Examining the values of yield stress at 2500C (to avoid the effect of
transformation), the austenitic phases in all three cases posses a similar
strength level and meet one of the objectives of the aging treatment. At
temperatures below the MsS{UT) temperature, the observed yield stress for
the 0.5Mn-0 alloy first decreases linearly, passes through a minimum point,
and then increases with decreasing temperature. The curvature arises from
nonlinearity of the transformation chemical free-energy change vs.
temperature at low temperatures and will be discussed later. it is believed
that the yield stress values of the other two alloys will present the same
type of temperature dependence but the minima occur at temperatures
below -1960C.

Following a similar procedure, the Ms® temperature of the 0.5Mn-0 alloy
under uniaxial compression was measured as 20C using the same strain rate
as in the tensile tests. Assuming that the difference between MgO{UC) and
MgO(UT) is a constant, the MgC temperatures in compression for 0.5Mn-U and

Z5Mn-0 are estimated as -75 and -1560C.

Fig.5-11 shows the temperature dependence of yield stress in
compression and in tension at two strain rates differing by 102, where the

lower strain rate was only applied in the stress-assisted regime. Some
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parameters related to isothermal martensitic nucleation will be calculated
using yield stresses at both strain rates. Comparing the flow stress in
tension and in compression, the compressive yield stress drop due to the
transformation is much less pronounced and covers a much narrower
temperature range. Below -500C (2230K) a large strength-differential (5-D}
effect is found. Metallographic observation of the specimens subjected to a
small plastic strain below -S00C revealed mixed martensite morphologies
iplate and lath) in compression, but only plate martensite in tension. [t
suggests that flow is entirely controlled by transformation in tension, but
- partially by slip in compression. Above 1500C (4230K) where slip controls
flow in both tension and compression, a8 normal S-D effect is found.
However, in the temperature range betwen S00C (3230K) and 1500C, the
tensile flow stress is higher than the compressive value although slip
controls the flow in both tension and compression. This anomalous ¢
negative ) S-D effect has been attributed to pre-transformation
strengthening due to the influence of lattice metastability on dislocation
mobility [26].

The MgO temperature at a crack-tip was estimated on the basis of

martensitic morphology. The strain-induced lath martensite prevails above
the MgO temperature, while the stress-assisted plate martensite is

predominant below the MgO(CT) temperature. As mentioned before, the
triaxgiality around a crack-tip is not a constant but varies with position, and
corresponding the MgO(CT) temperature. Thus, the observed value is
considered to be an “effective” temperature and is bracketed by the two
most adjacent test temperatures at which the transition of martensitic

morphology can be seen.
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In the case of the tensile neck, it is difficult to determine the MgO
termperature by metallography due to the following factors : 1) the
existence of a stress-state gradient; 2). the influence of fracture strain on
the geometry of the necked region and hence the stress-state; since the
ratio between the diameter of the minimum cross-section and the curvature
of radius in the neck is a function of the fracture strain and this is
sensitive to test temperature for a given metastable austenite, the
measurements were forced to be conducted at different stress-states. 3).
the very high martensite volume fraction existing near the fracture surface
interferes with the determination of the martensitic morphology.
Fortunately, the measured or estimated MsO(UT) and MsS{CT) affer a chance
3 predict the Ms® temperatures in the tensile neck for all three alloys. The
procedures are demonstrated in Fig.5-12 for the 0.5Mn-0 alloy. The stress-
state at the minimum cross-section of the neck was first calculated from
the axial plastic strain using the Bridgman correction [72], and then the line
connecting MgC{UT) and MgC{CT) was extended to higher stress-states
corresponding to the fracture strains in the range of 0.56 to 0.835 for the
D.5Mn-0 alloy. The predicted MgF(N) for 0.5Mn-0 is expressed by &
temperature interval of 70-760C which represents the possible lowest and
highest MgO(N), respectively, accounting for the fracture strain variation.
The triaxiality increment due to necking is small (from 0.333 to 0.637) as
can be seen in Fig.5-12 so that using a linear extrapolation to estimate
MsC(N) would be reasonable. Here, we should mention that the effect of

transformation on the geometry of tensile neck [78] was neglected.

The Md temperatures for each stress-state have been also determined

from metallographic observation and expressed by a temperature interval.
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corresponding to the fracture strain.

96



All measured or estimated transformation temperatures are summarized in

Table 5-2.

The abserved tensile yield stress vs. temperature curve below MgO{UT)
for the 0.SMn-0 alloy passes through a minimum at about -1200C and
axhibits a smooth "IJ° shape. The minimum is consistent with the isothermal
transformation behavior of some austenitic steels which present
suppressible  C-curve kinetics [23]. We have applied the kinetics of
1sothermal martensitic nucleation and the thermodynamic contribution of
applied stress to calculate the temperature dependence of transformation
strass under various stress- states and then Mg@{UC), Mg®({UT), and MsO(CT)

were estimated on this basis.

The chemical free-energy change, AGeh, for the 05Mn-0 alloy was
calculated from available thermodynamic data [79] and is plotted vs.
temperature in Fig.5-13. The additional thermodynamic assist of the applied
tensile stress was calculated as AGmech= Sy x (4AG/d5), where the tensile
yield stresses oy for 0.5Mn-0 were measured'at two strain rates in Fig.o-
11, and 3AG/dc equals -0.86 J/mole-Mpa in uniaxial tension for the most
favorably oriented nuclei according to the Patel and Cohen estimate (25].
The summation of ABch and AGmech represents the critical transformation
free-energy change AGgrit required to obtain a fixed rate of transformation
f. As will be shown in the next section, f is linearly related to strain rate ¢
with proportionality being 0.08 for the 0.5Mn-0 alioy. The AGerit vs.
temperature curves corresponding to strain rates of 0.02 and 0.0002 min-1
are indicated by two straight lines with different slopes emanating from a

common point at 00K, as shown in Fig.5-13. A linear relation of AGerit
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Taole. S-2. Transformation Temperatures
0.5Mr-0 0 SHn-U ZSMn-Uu
MsC{UC) 20C -750C -156°C
Mg(uC) » 1269C --- ---
MsT(UT) S3°C -24°C -105°C
Mg{UT) 175 % 250C 117 2 170C 10t 100C
Mg {N) 73 £ 30C -5 t3eC -g2* 3°C
Md(N) 225 ¥ 250C 160 * 150C 70 300C
MgT(CT} 113 3 120C 75 ¥ 290C -13* 12
Ma(CT) 225%25¢°C 175 £ 25°C - 350C
MO (UC rale. ~=1150C --- ---
MsTUT deale. ~ 3500 --- ---
Mz%iCT eale. ~ 2000C -— ---
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Fig.5-13. Temperature dependence of chemical free-energy change (AGch)
and critical free-energy change (AGerit) at strain rates of 0.02 and 0.0002
min-! for the 0.5Mn-0 alloy.
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with sirnilar slope has also been observed for a warm-rolled high strength
TRIP steel Fe9CraNidMo2Sio.aMn0.27C below MsS{LT) [26]. As described in
Section 2-1-2, the fixed rate of transformation can be expressed as an

exponential function of the total driving force, A+B AGcrit, as:
To' = NgVn» exp(-(A+BAGerit)/RT) (5-1)

where ng is the density of nucleation sites, ¥ is the instantaneous mean
martensitic plate volume, v is the nucleation-attempt frequency, A and B
are constants. The constant B corresponds to the “activation volume” for
thermally activated motion of the nucleus interface. Rearranging Eq.3-1, the

relation between AGerit and temperature T is given by :
ABerit = -1/B « (A+RTs In{f'/ngVn)) (5-2)

which does indicate a linear temperature dependence of the AGgrit. Using
the two slopes of the AGerit lines in Fig.5-13 and the ratio of strain rates,
coefficient B is found to be 88 @, with Q being the atomic volume, in good
agreement with the value (90 s‘i) obtained from isothermal nucleation
experiments on Fe-Ni-Mn alloy [80]. From the AGcrit value at 00K and B, the
coefficient A is calculated to be 3.22 x 105 J/mole, which is about S0 %
greater than the A value from the nucleation experiments on annealed Fe-Ni-
Mn alloy [B0]. This is attributed to an increased friction stress inhibiting
interfacial dislocation motion in the warm-rolled and aged substructure of
high-strength 0.5Mn-0 alloy. Substituting the A and B parameters, typical
values of ng=10% cm=3 and V=15 x 10-9 cm3, and other numerical data into

Eq.5-1, the nucleation-attempt frequency » is found to be 2.1 x 107 sec™!.
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This is the same order as an experimental + measured by applying high
magnetic fields to vary the driving force [81]. Comparing the atomic
vibration frequency 1013gsec-1 used in early analysis of experimental
operational nucleation kinetics, the observed very low nucleation-attempt
frequency can be rationalized by the large size difference (few microns)
between the pre-existing embryo and the operational nucleus in ferrous
alloys [80].

sing the AGmech (=AGerit-AGch) in Fig.5-13 and the dAG/ac values ( -
.56 J/mole-Mpa for uniaxial compression, -0.86 J/mole-Mpa for uniaxial
tension, and -1.42 J/mole-Mpa for the crack tip) derived by Dlson and Cohen
[26], the temperature dependence of stress for the stress-assisted
transformation under various stress-states can be calculated for the 0.5Mn-
0 alloy. Fig. 5-14 shows the measured yield stress and the calculated
transformation stress in uniaxial tension at strain rates of 0.02 and 0.0002
min~! The theoretical stress curve passes through a minimum point and
presents a smooth “U” shape as expected due to the nanlinearity of the AGgh
vs. temperature curve. The MgC{UT), which can be estimated from the
intersection of the theoretical stress and the yield stress of parent phase,
increases with the strain rate decreasing and qualitatively agrees with
some experimental observations [91]. The calculated transformation
equivalent stresses in compression, tension, and crack tip are plotted vs.
temperature in Fig.5-15 along with the measured yield stresses to predict
MsC corresponding to each stress-state. There is considerable discrepancy
between the predicted and the measured Mg®, particularly in the cases of
compression and crack tip, as also listed in Table 5-2. This might arise

from using a constant mechanical driving force 9AG/ds for each loading
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condition or by considering all nucleation sites being of the optimum
arientation. Using a recent statistical analysis [32] in which the influence
of stress on the effective potency distribution was calculated on the
assumption of a random distribution of pre-existing nucleation-site
arientation may possibly reduce the above discrepancy, though that maodel

was developed for low strength annealed austenite.
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=-2-2 Transformation Kinetics

in the last section, we estimated the transformation temperature M7 and
found that it is a function of chemical compasition, aging treatment, strain
rate. and stress-state. However, the Mg® temperature only reflects the
austenite stammg in a qualitative sense and can not be used to evaluate the
stress-strain  relationships qoverning the macroscopic  mechanical
properties, when the martensitic transformation is involved during the
deformation process. In arder to explore the effect of transformation an
nroperties, the transformation rate with respect to plastic strain, stress-
state, and temperature must be known. In this section, the transfarmation
kinetics of the least stable alloy 0.5Mn-0 was measured in both umaxial
tension and compression at temperatures ranging from -196 to 1260C.
Though the results are relatively limited in gquantity, they do shaw hov

tress-state, temperature, plastic strain, and transformation maode

inflyence the kKinetics.

Table 5-3 summarizes the results of kinetics measurements as well as
the values of parameters used to fit the strain-induced transformation
curves. At temperatures above 63°0C, it was not possible to measure the
transformation curves in uniaxial tension beyond a true plastic strain of o.1
pecause of the onset of necking. The martensite volume fraction is piotted
versus the true plastic strain in compression and in tension as shown in
Figs.5-16 and 5-17, respectively. In both figures, the data are depicted in
two groups according to the transformation modes. The dash-lines represent
the kinetics when the stress-assisted mode is predominant, while the

solid-1ines correspond to the strain-induced transformation kinetics. The
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Table 5-3. Transformation Kinetics Data and Fitting Parameters

Compression Tensioh
& for £n fo.
-5000 -1960C
0026 0.091 0.057 | 0625
0.105 0514 -1100C
01216 0819 0.051 [ 0.625
-500C,5 -50C
0.056 l 0.370 0.049 0.620
-270C 0.082 0.890
0.067 | 0.333 0.190 0.975
-27C S 3oL
0.013 0.127 0.074 0. 485
1066 0.368 0.130 0.770
-A0C 0.250 0).953
0.074 0.323 650C, x=10.1, p=2.36
0.175 0.652 0.064 0.143
0.276 0.800 0.155 0.628
Z19C, =113, p=154 0.270 0.826
0.086 0.205 0.360 0.890
0.185 0.590 1009C, ®=8.20, p=1.01
0.234 0.667 0.089 | 0.072
0.331 0.761 11990, x=6.90, [{=0.65
0.402 0772 0.090 [ 0.029
650C, @=103,p=066 || = ===-—-
0.085 0075 || 0 ==-=--
0.181 0280 || 00000 -=----
0.332 od42s || 000000 -mmm--
0.404 0464 || 00000 ------
96°C, »=850,p=023 || = ------
0.143 0055 |} 00 -===--
0.207 0092 || 0 ------
0.339 X
126°C, x=5.70,p=0.14 || = -=-—--
0.214 0037 || 0 =m=—--
0.360 0079 || @ -=—=--

S---represents slower strain rate
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Fig.5-16 Transtormation curves for the overaged 0.5Mn alloy in uniaxial
compression. The dash-lines correspond to the kinetics in stress-aszisted

maode, while the solid-lines represent the strain-induced transformation
kinetics fitted to the Olson-Cohen model (22].
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regime, while the solid-lines represent the strain-induced transformation
kinetics fitted to the Olson-Cohen model [22].

108

TEN-196
TEN-110
TEN-6
TEN+31
TEN+65
TEN+100
TEN+11S



test tupe, temperature, and strain rate are designated in the legend. For
example, COMP-27S means the compression test was run at -279C in a

slawar strain rate G.0002min- 1 rather than 9.02min- ! used for most cases.

Stress-assisted transformation In uniaxial tension, the transformation
curves in Fig.5-17 exhibit an initially linear behavior at temperatures far
below MgT{UT) (53°C) and the slope is independent of the test temperature
comparing the data obtained at -196,-110, and -6°C. Such linear fo'~Ep
curves are expected when deformation is entirely controlled by the
transformation. At those temperatures, the transformation kinetics can be
expressed as fy' = kEp, where the constant k equals 12.5 {or 1/k = 0.08) for
the 0.5Mn-0 alloy. 1/k can be interpretated as the plastic strain caused by
100 pct martensitic transformation. However, the fo'~Ey curves in
compression are no longer linear at temperatures below MgC(UT) even at a
plastic strain as low as 0.02. Examining the metallography shown in Fig. 5-
13, the nonlinear behavior was found to arise from the earlier perturbation
of strain-induced martensite, but not from the stress biasing of the
martensitic plate variants [S]. This is consistent with the much smaller
yield stress drop under compression than that under tension in Fig5-11 at
| temperatures below the corresponding MgS.

Strain-induced transformation At temperatures above MgC, all
transtformation curves in both tension and compression for 0.5Mn-0 have a
sigmoidal shape. The typical microstructure subjected to tensile plastié
strain at 63°C in Fig.5-19 shows that fine lath martensite formed
predominantly at the intersection of shear bands in the austenite. It seems

reasonable to fit the experimental results using the Olson-Cohen model for
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£1g5-18 Morphology of martensite transformed below Mg® temperature, (a)
uniaxial tension with £5=0.051 at -110°C. Only plate martensite is found.
(b} umaxial compression with €p=0067 at -270C It shows a mixed
microstructure of plate and lath martensite.
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Fi9.5-19 Tuypical morphology of the strain-induced martensite produced at
3% o tension. Fine martensitic laths are formed at shear-band
intersections.
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the strain-induced transformation kinetics (29], which assumes microscopic
chear band intersections to be the dominant nuceation sites. The total
volume fraction of martensite is related to the true plastic strain by

rewrting £q.2-7:

fo: = 1 - expi-f [1-exp{-oep) 1"} (5-3)

where n is 8 fixed exponent larger than 2, the o parameter is temperature
dependent through the temperature dependence of stacking fault energy, the
§ parameter is temperature and stress-state dependent. Eq.3-3 gives
sigmoidal transformation curves with the saturation level being determined
by the parameter j3, and the rate of approach to saturation being controlled
by both parameters o and B. Eq.5-3 is first fitted to the measured kinetics
dats in compression and those at 65°C in tension. An exponent of n=40 is
found to give the best overall agreement between the experimental data and
£q.5-3, as shown by the solid lines in Fig.5-16 and 5-17. The fitted
narameters are plotted vs. temperatures in Fig.5-20 which verifies that the
x parameter iz sensitive to temperature but independent of stress-state
from a comparison of o parameters at 65°C in tension and in compression.
Therefore, Fig.5-20 allows an interpolation to estimate the « parameters
for the kinetics curves in tension at 100 and 1159C in order to calculate the
corresponding B parameters fitted to n=40 and the single measured
martensite volume fraction. The § parameter in tension is much larger than
that in compression at any given temperature, as shown in Fig.5-21, to
account for the different thermodynamic assist of applied stress between
the two stress-states. However, both curves in Fig.5-21 have a similar

temperature dependence. Considering that the change of austenite stability
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transtormation femperature MO, the f parameters are replotted vs. a
temperature interval (T-Mg%) inFig.5-22. It is found that all fitted f§ values
comprise a single curve in the shape of an exponential function, which is
consistent with the gqaussian distribution of shear-band intersection
potencies with respect to temperature as proposed in Olson-Cohen's work
[29]. An empirical equation was derived to express the p parameter of

0.5Mn-0 alloy in terms of the temperature interval (°C) as :
i = 3.18= exp [-(T-Mg0(@,/€))/ 40 3] (5-4)

where the transformation temperature MgS{(a,/@) is a function of stress-
state, &y,/0. Assuming that a linear relation between Mg5{@,/0) and oy/0 is
valid within the stress-state range from uniaxial compression to tensile
neck as shown in Fig.5-12, MS(ey,/0) equals 76.5 = @/ + 27.5 in units of

centigrade degrees and £q.5-4 can be written as:
§ = 3.18=exp {-[T-(76.5- 0y/@ + 27.5)]/40.3} (5-5)

£q.5-5 will be used to estimate the effect of stress-state change on the
transformation kinetics in the tensile neck and consequently on the strain-
hardening rate which is related to the observed fracture strain when

fracture is controlled by shear-instability (83].
The above analysis of kinetic data is empirical. The transformation

curves in tension and compression were fitted well by carefully adjusting n,

o, and B parameters. Within a limited range of stress-states, a simple
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Fig.5-21 Temperature dependence of p parameter from EQ.5-3 in tension and
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gxponential equation correlates the B parameter to the MgO taking care of
the effect of triawiality on kinetics. However, the presently used kinetic
aguation is not a convenient form to be applied in the finite element
calculation of the martensite volume fraction around a crack-tip where both
triaviality and strain are functions of position. Efforts to develop a
general kinetic model for the strain-induced transformation expressed in
incremental form is underway [84]. In the new model, the martensite embryo
is assumed to exist at all kinds of crystal defects and then the probability
{p} of forming a nucleus from an embryo is evaluated, as an appropriate
function of the total driving force including both the chemical and
mechanical parts. Considering the dilatation and the shear strain
associated with transformation, the mechanical driving force is estimated
from a statistical model proposed by Tsuzaki et al. [82] and consists of two
energy terms involving hydrostatic pressure (&) and deviatoric stress (@),
respectively. The final relationship between the martensite volume fraction

and the imposed slip plastic strain (£5)P) can be written in incremental

form :

-Inf(1-T )/ 1T ,0] = Youlp(T, G o, @o) = [Ny D(E51P) - NyDiEg) oP)]
+ NyD(Eg) oP) « [D(T, O, @) - D(T, On 0, @t 5-6

where Vg' = average volume of a martensitic plate
Ny D(£21P) = defect density during deformation-induced transformation
= K« [1-exp{-a£g)P)IN; K, n, and o are parameters fitted to the
experimental results of kinetics.

p(T, &, &) = probability of forming a nucleus from a crystal defect at &,
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The subsript o indicates the previous values of related terms. This model is
being refined and fitted to the experimental data. As the uitimate goal of
transformation plasticity research; the new kinetic model along with the
stress-strain relations of parent and product phases will be employed to
quantify the transformation toughening effect around a crack-tip through a

continuum mechanics approach [78].
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5-2_Mechanical Behavior and Deformation-Induced Martensitic Transformation

5-2-1 Tensile Properties

For a given metastable austenitic steel, the stability of the parent phase
as well as the flow behavior of both austenite and martensite are influenced
by the temperature of testing, and so are the resultant tensile properties.
Table 5-4 lists the values of 0.2% yield stress (oy), fracture stress (o),
true plastic uniform strain {gpy), and true plastic fracture strain (gpr)
obtained for the three alloys studied. The variations of the 0.23 yield stress

with test temperature for the three steels has been elucidated in Section 5-
2-1. The temperature dependence of £y and £y for the overaged and the

underaged alloys along with the relevant transformation temperatures Mg®
and Mg are shown in Fig.5-23 and Fig.5-24, respectively, and will be
discussed separately. For the sake of clarity, the indicated transformation

temperatures represent the mean vaiues listed in Table 5-2.

a. Overaged Alloy

‘with decreasing test temperature from 2000C, the uniform plastic strain
oy initially maintains at a nearly constant value, followed by a sharp,
significant increase at 65°C, and then progressively drops, as shown in
Fig.5-23. The uniform ductility reaches a maximum at 63°C slightly above
MsO(UT) (= 53°C), reflecting an optimum transformation rate to resist the
onset of necking. Above 65°C, the work-hardening associated with the
sluggish transformation is insufficient to supress the onset of necking and
the enhancement of uniform ductility is almost negligible. On the other

hand, the early completion of transformation at temperatures below 65°C
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Tabie S-4 Tensile Properties

!

~ DSMN-0 Alloy
TioC) oy(Mpa) €pu Epf - ag(Mpa)

b -g0 1085 Q.170 0.22 20322
b -an 1097 0.184 0.24 2152
-5 1140 0.190 0.36 2192

3 1192 0.250 0.42 2072

65 1268 0.360 052 2025
75 1265 0.075 0.56 2044
100 1252 0.020 0.67 2056
115 1240 0.089 0.85 2020

150 1200 0.080 0.77 2013
200 1168 0.060 0.60 1761

250 1140 0.060 0.57 1627

0.5Mn-U Alloy

T(oL) a,(Mpa) £pu Epf a;(Mpa)
-6 1340 092 0.092 1700

3 1290 0.100 0.24 1721
A5 1255 01.000 0.26 1712

100 1223 0.063 0.55 1871

135 1239 0.059 0.63 1980
185 1197 0.063 0.58 1775

2.5Mn-U Alloy

T(°C) o, (Mpa) £py Epf ar(Mpa)
-30 1345 0.38 0.38 1893
-50 1326 0.065 0.25 2062
-20 1302 0.070 0.56 2080

0 1275 0.073 0.85 2235

40 1255 0.10 0.52 19955
100 1224 0.092 0.74 1936

, 150 1185 0.070 0.78 1869
I 200 1145 0.070 0.70 1751
250 1130 0.070 0.66 1750
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Fig. 5-23 Temperature dependence of fracture plastic strain (g€pf) and
umtorm plastic strawn (gp) for the overaged 0.5Mn-0 alloy. Arrows ndicate
the mean values of the relevant transformation temperatures. The estimated
fracture strain of austenite is also shown
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according to the kinetics measurements in Table 5-3 leads to lower necking

strains.

with decrease of test temperature from 250°C, the fracture strain of the
.SMn-0 alloy first increases to reach a maximum value, and then ramdlg
decreases, as shown in Fig.5-23. Similarly, the variation of £p¢ with
temperature is related to the strain-hardening rate and dilatation provided
by the deformation-induced martensitic transformation to retard the

fracture process. There is also an optimum transformation rate in the range
of high strain corresponding to the maximum &p¢ at 113°C, which is about

450C above the estimated MsO(N) rather than at MgS(N) as previously
observed in some y-strengthened austenitic steels [1]. At temperatures
below 310C, the brittie fracture modes including cleavage, and intergranular
fracture control the failure of the 0.S5Mn-0 alloy where the £pf vs.
temperature curve is represented by a dash line. The fracture strain of the
austenitic phase is also plotted vs. temperature in Fig.5-23 as indicated by

the fracture-strain values of the most stable 3.5Mn-U alloy at temperatures
above Mg. The best enhancement of &£ for the 0.5Mn-O0 alloy is not

remarkable (= 0.25), possibly owing to the small hardness difference
between o' and y phases, listed in Table 3-3. A quantitative analysis of the
influence of strain-induced martensitic transformation on the uniform
strain and the fracture strain of the 0.5Mn-0 alloy will be presented in
Section 5-3-3 by combining the transformation kinetics to the flow
reiations of both the parent and the product phases.
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b.Underaged Alloys

The underaged alloys 0.5Mn-U and 3.5Mn-U are expected to exhibit better
ductility enhancement than the overaged 0.3Mn-0 alloy because the
martensitic phase of these two alloys is much strohger and consequently
can provide a more significant work-hardening effect. However, the
premature intergranular fracture prevented the underaged alloys from

taking full advantage of transformation plasticity to enhance the ductility.

Considering that the brittle fracture even occurred above the Mg®
temperatures of both underaged alloys in Fig.5-24, the transition of
fracture mode can not be entirely caused by the formation of platé
martensite, which is thought to be more brittle than the fine lath
martensite and responsible for the brittleness of TRIP steels below Ms® [1].
Fine grain size and consequent fine martensitic plates in the studied RSP

alloys should be beneficial in reducing the tendency of brittieness below
MsS. In Table 5-5, the temperatures corresponding to the maximum £py and

gpf 0of the 3.5Mn-U and 0.5Mn-U alloys are predicted using both the relevant

transformation temperatures and the temperatures at which the maximum
values of £y and £p of the 0.5Mn-0 alloy are found. Similar values of (Mg-

MsS) for the stress-states of both uniaxial tension and tensile-neck in all
three alloys suggest that they have comparable values of stacking-fault
energy and entropy change ASY®. It implies that these three austenitic
steels possess a similar stability at a given normalized temperature (T~
MgO) under the same stress-state. Therefore, the peak values of £y and &y
corresponding to a common optimum transformation rate should occur at
about the same (T- MgC). Table 5-5 shows that the predicted values of
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Table 5-5. Predicted Temperatures Corresponding to the Peak gpy and £pf for
the Linderaged Alloys.

A”OU MQG(N) Md(N) MSG(N)'N(](N) Tintergranu]ar Tpeak £nf
0.5Mn-0 73 225 152 <31 115
0.5Mn-U -5 160 165 <135 40
Z.5Mn-U -82 70 152 <0 -I9

Alloy MO {UT) | Mqg{UT) MsC{UT)-Mg{UT) Tpeak £ny
0.SMn-0 93 175 122 63
0.5Mn-U -24 100 124 =12
3.9Mn-U -103 10 115 -93

* AN temperatures are represented in centigrade scale.
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Fig. 5-24 Temperature dependence of fracture plastic strain (epf) and
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arrows correspond to the mean values of the relevant transformation
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Tpeak,gpy and Tpeak,gpf for the underaged ailloys are Ilower than
Tintergranular. This can explain why no appriciable increment of &y and £py
was found in Fig.5-24. Furthermore, the degree of brittleness can be
reflected by the temperature difference AT = Tintergranuler - Tpeak,tpf..ThE
magnitudes of AT follow the order‘ATo.sm-u > ATz 5Mn-U > ATgSMp-0 from
Table 5-5, which means that 0.5Mn-U is the most brittle material of all the
three steels. The lattice parameters of phosphocarbide, listed in Table 5-1,
explicitly indicate that the amount of phosphorus remaining in the matrix
and hence at the grain boundaries after the aging treatment also follows the
same sequence as AT for the three alloys. With this coincidence, the
embrittlement phenomenon shown by the underaged alloys is believed mainly
due to the excess phosphorus segregation at grain boundaries. Analysis of
grain-boundary composition using STEM or AES is reqired to further study

the role of phosphorus in this embrittling phenomenon.

c_Tensile Fracture

———

within the range of testing temperatures studied, the fracture mode of
the overaged alloy 0.5Mn-0 may be brittie or ductile. When the alloy was
tested below 319C, a mixed mode of dimpled rupture, cleavage, and
intergranular fracture is found on the fracture surface in Fig.5-25. Between
650C and 100°C, the alloy fails by shearing on a plane about 45° to both the
direction of 1oading axis and the normal of the rolling plane, as can be seen
from the low-magnification fractograph in Fig.5-25(a). Microscopically, the
entire fracture surface displays a pattern of fine dimples in Fig.5-26(b).
Between 115°C and 20000,. the delamination phenomenon occurs on planes

parallel to the rolling plane in the center of the necked region, as shown in
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Fiq 5-26 Dimpled rupture in the 0.5Mn-0 alloy tested at 65°C. The specimen
! 1* by =hear on a plane 45° to the loading axis
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Fig 5-27 Delamination in the 0.5Mn-0 alloy tested at 115°C. Elongated
dimplies are found in the high-magnification micrograph.
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Fig S-29 Equiaxed alumina particles are commonly found to sit in the
dimples. Micrograph was taken from the tensfle fracture surface of the

0.SMn-0 alloy tested at 2000C
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Fig. 5-27(a). The observed zig-zag fracture profile in Fig.5-45(a) of Section
5-3-3 and the dimpled rupture surface in Fig.5-27(b) demonstrates that the
alloy also failed in shear within this temperature range. At 2500C, a typical
- cup-and-cone fracture takes place with the dimple morphology shown in
Fig.5-28. The high-magnification fractograph in Fig.5-29 reveals that the
dimples are evidently formed by the decohesion of interfaces of the
equiaxed alumina particles which were identified as the primary void-
formers in Section 5-1. Thus far, all of the fractographic analysis has
pertained to the overaged alloy. A similar trend of fracture- mode transition
is observed in the underaged alloys as well as three-point bend specimens,

but with different corresponding temperatures.

5-3-2. Fracture Toughness

a.Jjc.and Transformation Morphology

Using the methods described in Chapter 4, the J versus Aa curves at
various temperatures for all three alloys are plotted in Fig.5-30(a), (b), and
(c), respectively. The maximum crack extension for each test is found to be

less than 1.6 mm. Within this range of crack advance, the J value is
basically linear to the crack advance Aa. The Jj¢ values and the slopes

dJ/dAa, as determined from the J versus Aa curves, are listed in Table 5-6.

For the edge-cracked bend specimens, the initial ligament dimension, b, and
thickness dimension, B, should be greater than 25+ Jjc/o, for materials with

a relatively low strain-hardening exponent, where o, is the flow stress,

usually defined as the mean of the yield and ultimate tensile stresses [85].
Using the peak J|¢ for each alloy and the obtained tensile properties, the
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F1g. 5-30(a) J values vs. crack extension at various temperatures for the
0.3Mn-0 alloy. Test temperatures are indicated by the numbers in the legend.
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1.5Mn-0 Allo
T{oC) J1c(kd/m2) |dJ/daa(Mpa)
-Z0 a5 32
S0 115 6
75 167 55
100 179 76
125 162 g5
150 93 79
200 85 70
25 82 651
200 74 64
0.5Mn-U Alloy
T(C) Jiclkd/m2) |dJ/daaiMpa)
-50 49 19
0 58 32
50 61 30
100 g0 6S
125 179 112
150 140 101
200 80 75
250 73 63
3.5Mn-1J Alloy
TOC) | Jjclkd/m2) |dJ/daa(Mpa)
-85 112 34
-45 138 38
-25 151 72
0 136 87
45 52 78
85 55 . 68
150 67 70
200 76 72
250 77 59
300 76 53
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maximum value of 25 « Jjc/5, 15 calculated to equal 2.65 mm and is much
less than b and B used in this work, as indicated in Fig.4-4. Thus, the
obtained Jjc can be considered a valid measurement of toughness under

plane strain.

The temperature dependence of Jjo values for the three alloys is
summarized in Fig5-31, along with their effective transformation
temperatures around the crack-tip. Again, intergranular fracture occurred at
low temperatures for each alloy, as indicated by dashed lines in Fig.5-31.
With decreasing temperature from My, the Jjc value of the overaged 0.5Mm-
0 alloy first increases to a maximum at about 1000C, then decreases at still
lower temperatures. For the underaged 3.5Mn-U alloy, no transformation was
found at temperatures between 300 and 83°C and these Jj¢ values represent
the fracture toughness of the parent phase. In general, the toughness of
austenite decreases with decreasing temperature as replotted in Fig.5-32.

From comparisons of the Jjc values at 250 or 300°C, the three alloys

possess a comparable toughness when the influence of transformation is
absent. There is no significant increase of the Jic values for the 3.5Mn-U
alloy until temperature decreases below 43°C, at which the toughening
effect due to the small amount of transformation around the crack-tip may

not be sufficient to compensate for the Jjc drop arising from the

temperature decrease. Unlike the temperature dependence of the fracture
strain in Fig.5-24, the Jjc values of the 3.5Mn-U alloy pass through a peak
value at -259C before the brittle fracture intervenes in the failure of
material. Though a remarkable Jjc increment is found for the underaged

alloy 0.5Mn-U at temperatures between 200 and 123°C, the optimum Jj¢
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Fig. 5-31 Temperature dependence of fracture toughness for the three
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still can not be obtained due to the ductile-brittle transition of the

austenitic phase, as concluded from the observed fracture strain.

The Jic value of the stable austenitic phase in the phosphocarbide-
strengthened steels is only half that of the Y-strengthened austenitic
steels (1], apparently resulting from the contamination by aluminum oxide
colonies introduced during the rapid solidification process. However, they
present a better transformation toughening effect than most of Y-

strengthened austenitic steels. Fig.5-33 illustrates the absolute
enhancement of toughness (Adje = Ji¢ - Jic,aust.} versus the temperature

interval ( T-Mg@(CT)). The highest toughness enhancement can be aover

100kJ/m2 or twice of the toughness of the parent phase for all three alloys.
The peak aJjc occurred at a temperature sightly below MgC(CT) for both the

0.5Mn-0 and the 3.5Mn-U alloys, but at a temperature much above MgO(CT)
for the 0.5Mn-U alloy because of the interference of the brittle fracture. If
the premature brittle fracture could be avoided, the latter was supposed to
exhibit the best toughness increment among the three alloys, having the

strongest martensite as well as the largest transformation volume change.

Following the above tests, the microstructure in the vicinity of the crack
was examined using optical microscopy. At temperatures below MgS(CT), a
large amount of plate martensite is formed, as shown in Fig.3-34 for the
0.5Mn-0 alloy tested at -309C. A nearly complete transformation takes place
during the last two-thirds of crack extension. A small crack-tip opening
indicates that the crack passed rapidiy through that region. This suggests
that plate martensite is quite brittle at the test temperature and

substantially reduces the resistance to crack initiation and growth. No
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martensite is found except in the region adjacent to the crack induced by

the bending test. This verifies that the fatigue precracking performed at
230°C can avoid martensite formation and hence its effect on the Jj¢

measurements. At temperatures above MgS(CT), fine lath martensite is
formed around the crack-tip in Fig.5-35 for the 0.5Mn-0 alloy at 1250C. It
also shows that the crack-tip is significantly blunted before further
extension and improved crack growth resistance is expected. With further
increase of test temperature near Md(CT), the strain-induced
transformation is limited to a narrower zone in Fig.5-36 and corresponds to
a smaller toughness enhancement. The other alloys also followed a similar
trend. At temperatures above Mg®(CT), the transformation zone size appears
to be a stronger function of test temperature than the amount of visible
transformation. The latter is more difficult to quantify because of the
fineness of lath-martensite morphology as well as its inhomogeneous
distribution. In Section 5-3-4, the relation between the zone size and the

toughness will be discussed.

b. Temperature Dependence of dJ/dAa

Although the Jjc value is the most widely measured and quoted toughness
property for ductile materials, there has been a trend to consider the crack-
growth resistance as an additional assessment of toughness. In the J
approach, the crack- growth toughness can be evaluated in terms of the non-
dimensional tearing modulus (Tp = E/6,2 + dJ/dAa) [86]. Two requirements
have been identified for J-controlled crack growth [87]. First, the region of
elastic unloading has to be small compared to the region controlled by the

HRR singularity. In addition, J must increase sufficiently rapidly with crack
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F13. 5-34 Optical micrograph showing a large amount of plate martensite in
the vicinity of crack extention during bend test for the 0.5Mn-0 alloy at
-I00C_Etchant . 167ml methanal, 33ml water, 0.5g sodium metasulfite



200 p

Fig. 5-35 Lath martensite formed around the crack in the 0.5Mn-0 alloy
during bend test at 1250C Etchant - 167ml methanal, 22ml water, 05g
sodium metasulfite.
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F1g 5-36 Only few martensitic laths were found in a very small region
around a crack in the 0.5Mn-0 alloy tested at 200°C. Etchant - 167mi
methanal, 32ml water, 0 5g sodium metasulfite.
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extension such that the region of non-proportional plastic loading is small,
i.a., the parameter w = b/Jic « dJ/dAa >>1. The minimum permissible value of

w 15 suggested to be on the order of 10. Fig.5-37 shows the temperature
dependence of dJ/daa for the three alloys. The calculated values of w are in
the range of 15 to 6 so that the crack growth may not be entirely J-
controlled. However, the variation of dJ/dAa is basically consistent with
the crack width seen in metallographic observation. The resistance of crack
growth was improved by the presence of strain-induced lath martensite, but
became poor as a large amount of plate martensite formed ahead of the

crack-tip or as intergranular fracture occurred.
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5-3-3. Quantitative Assessment of Ductility

Despite the influence of brittle fracture, the highest possible values of
uniform strain and fracture strain for the phosphocarbide-strengthened
alloys occurred between the relevant Ms® and Md temperatures, where the
strain-induced martensitic transformation is dominant. In fact, that is the
most appropriate temperature range for tha application of TRIP steels
considering the rapid drop of yield stress below Mg%(UT) as well as the
variation of toughness. Based on analysis of the shape of stress-strain
curves, two factors were reported to contribute to the ductility
enhancement [61]. One is the well-known static-hardening effect associated
with forming the stronger martensite; the other is the dynamic softening
effect arising from the operation of the martensitic transformation as a
deformation mechanism. Comparing the plastic flow properties of
metastable austenite, stable austenite, and martensite, Narutani et al. [30]
were able to estimate these two effects and derive an empirical
constitutive relation for the metastable austenite in the strain-induced
regime. From the observed strain-induced transformation kinetics in
Section 5-2-2 and the flow relations of Yand o' phases, the enhancement of
uniform elongation and fracture strain for the 0.5Mn-0 alloy can be
understood by applying the Narutani relation suitable with criteria for flow

instability and ductile fracture.

a. Flow Relations

The relations between true stress and true plastic strain for the

austenite and the martensite in the 0.5Mn-0 alloy were determined by
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uniaxial compressive testing rather than tensile testing in order to avoid
the interference of necking. Comparing the yield stresses in tension and in
compression at temperatures higher than 1500C in Fig.5-11, the strength-
differential effect is smail for the 0.5Mn-0 alloy so that the -£p relation
of the austenite in tension can be considered to be the same as that in
compression. A similar assumption was adopted for the martensite. The 0-

£p data of the austenite and martensite were fitted to a power equation :
O=0-(g+ep)N (5-7)

where the temperature dependence of stress is only taken into account in
the parameter &, and the strain-hardening exponent n and parameter £q are
assumed to be independent of temperature within the investigated
temperature range of SO to 2009C. Fig.5-38 shows the fitted results at
160°C. The @-£p relations of the austenite were first fitted using the true
plastic uniform strain in tension, 0.06, as the n value. Since the 0.5Mn-0
alloy is too stable to transform spontaneously even at -196°C, a tensile
stress was applied at -70°C to produce 92% martensite within the gage
length of the tensile specimen from which the compressive specimens were
made. Note that the tensile prestraining was performed until a Luders band
had propagated through the whole gage length. At that stage, the imposed
stress was even lower than the yield stress of the parent phase and hence
strain-hardening due to deformation by slip might not occur in the
martensite. Using the rule of mixtures and the austenitic &-£p relation, the
measured compressive stress and strain data of the two-phase alloy at
160°C were converted to those of martensite, and then were fitted to Eq.5-7

in Fig.5-38. in addition to the higher strength level, the martensitic phase
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shows a stronger tendency toward strain-hardening than does the austenitic
phase, with the hardening exponent being comparable to that of martensitic
steels, such as A1S14340 [86].

In general, the 0.2% yield stresses of both phases increase linearly with
temperature in the range of 0 to 2000C, but with different slopes, as shown
in Fig.5-39. The martensite strength is more susceptible to temperature
change than the austenite because of its different crystallographic
structure. Besides the transformation kinetics, the variation of strength
difference with temperature will also provide a minor effect on the shape
of the stress-strain curve. Considering the influence of temperature, the o-

£p relations of two phases for the 0.5Mn-0 alloy can be expressed as :

& = (1690-0.74T) +(0.00757+p )0.06 (5-8)

and
@'z (2587-1.68T) +(0.0112+gp )0.12 (5-9)

Using the measured transformation kinetics in the Section 5-2-2 and
£qs.(5-8) and (5-9), the constitutive relations dealing with the strain-
induced martensitic transformation for the 0.5Mn-0 alloy are predicted
from the Narutani relation, as introduced in Section 2-1-2. Eq.2-10 is

rewritten here :
@ = {[1-fo] - OylEpofo) + o’ » Be (gl )} + (1= B+ dfew/dEp) ~(2-10)

An upper limit of the coefficient & for the 0.5Mn-0 alloy equals 0.08 from
the slope of the observed fe' vs. £ line in the stress-assisted regime shown
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in Fig.9-17. Taking the derivative of @ in EQ.2-10 with respect to £, the
strain-hardening rate can be expressed in terms of fy', o, Oy, and their

derivativas as a function of gp, t'p, and T.

The coefficient i 1s so far the anly unknowm in £Eq.2-10 for the 0.5Mn-0
alloy. Because of the material shortage, the coefficient §° could not be
ovajuated from the prestrain tensile tests. As an alternative, it was
determined by fitting Eq.5-12 to the measured tensile true stress vs. true
plastic e¢train curves along with the fitted kinetics and the flow relations of
two phases The tensile @ - £y curve at 650C ( > MgO(LIT)) is the best ane for
this purpose. Not only can the alloy sustain the largest {uniform)
deformation (and hence transformation) under a constant stress-state of
uniaxial tension, but also the local change of specimen dimension caused by
the Luders band phenomenon at low strains is negligible. Fig.5-40 shows the
pest fitting result for which §'=0.015 was used. Though the calculated flow
stress is in good agreement with the observed value, the siope ( or strain-
hardening rate) tends to be overestimated in the strain range of 0.20 to
0.26, but underestimated at strains beyond 0.26. The latter leads to an
underestimate of the the uniform strain, as represented by point "a" in
Fig.5-40, by 0.08. Such a minor mismatch may result mainly from the local
discrepancy betweem the measured kine{ic data and the values fitted by the
Olson-Cohen model, as can be seen in Fig.5417. Considering the complex
interaction of general slip and transformation in the strain-induced mode,

the agreement of the predicted flow relation is acceptable.
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hardening rate are also calculated for the fitted curve as marked by Crosses.



b. Criteria for Plastic-Flow Instability_and Shear-Instability-Controlled

Fracture

The best way to understand the ductility enhancement due to the strain-
induced transformation is by examining the deformation dependence of a
normalized strain-hardening rate, h/e, where h is the effective strain-
hardening rate (= do/dtp), a are £p the effective stress and plastic strain. A
good example for this purpose is shown in Fig.5-41, in which the h/e vailues
of a Y-strengthed metastable austenite 31Ni{L) were calculated at both
B=1(=Md) and 8=0.6 (Ms®<T< Md) using the method described earlier. The h/@
of stable austenite decreases monotonically as represented by the dashed
curve, while the h/e value for the transforming austenite (at 8=0.6) follows
a "S” shape curve as a result of the combined effect of dynamic softening
and static hardening. These two effects are mainly controiled by both the

shape of the sigmoidal fy ~gp curve and the strength difference between o’

and Y phases. At low strains, the dynamic softening (proportional to
d2fy ' /dep?) is the dominant factor and causes the decrease of h/e even
faster than for the stable austenite in this case. By increasing the plastic

strain, the softening effect becomes weaker and finally ceases until
negative d2fy’'/dep? is found. In the mean time, the static-hardening rate

(proportional to dfe’/dep) becomes faster than the softening rate and
results in the increase of h/@¢ to a peak value. Afterwards, the static-
hardening effect decreases because of slower transformation rate and h/e

begins to drop.
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Fig. 5-41 Normalized strain-hardening rate h/e vs. plastic strain for a y-
strengthened metastable austenite at 8=1 (T=Mq) and 8=0.6 (MgO<T<Mq)
Horizontal line, h/ea =1, corresponds to tensile necking condition, while
(h/@)c is condition for shear-instability-controlled fracture in tensile neck.
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For a constant volume material, the minimum stréin-hardening rate
required to maintain stable flow in uniaxial tension is equal to the flow
stress (89] :

de/dep = &
or

h/e = (da/dep)/e = 1 (5-10)

Considering the volume change arising from the martensitic transformation,
EQ.5-10 can be expressed as a function of the dilatation, & = AV/Vy, the
martensite volume fraction, fy', and the slope of the transformation curve,
idfy /dep

dafdtp =a-{1-[(6701 "'S’fa,')) * (dfog,o"‘dtp)]}
or
hia= 1 - (/1486 + (dfer /dep)] (5-11)

which is less than 1 because the term in brackets is alway positive. Eq.5-11

indicates that dilatation allows further delay of the onset of unstable flow
or necking. Substituting the numerical data of fy', and dfe'/dep at 65°C and &

for the 0.5Mn-0 alloy in Eq.5-11, the h/er values are in the range of 0.927 to
0.989 with gp from 0.2 to 0.4. At higher temperatures, the value of h/e in
Eq.5-11 is even closer to 1 because of the less-steep transformation curve.
Therefore, for the sake of simplicity, the criterion for necking will be
taken as Eq. 5-10 as shown by a horizontal line in Fig.5-41. For the stable
austenite, stable plastic flow can only be maintained at strains below point

"a". On the other hand, there are three intersection points "d”, "c",and "a”
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betwaen the the h/e vs. gp curve at 8=0.6 and the h/e = 1 line. A transient
instability or Luders band phenomenon occurs at “d”, but disappears at "c”
which is the Luders strain. Final necking will not occur until the strain
reaches point a’ and the enhancement of uniform strain at 8=0.6 corresponds
to the line segment a-a. The maximum gpy can be found at a certain
temperature 8> 0.6 at which the local maximum of the h/e vs. gp curve just
touches the h/e = 1 line. At still higher temperatures, the h/e value is
unable to exceed above 1 again and the enhancement of uniform strain is

almost absent.

The topography of the fracture surface showed that the 0.5Mn-0 alloy
failed by shear instability due to microvoid formation around the fine
alumina particles in the temperature range between Mg®(n) and Md(n). As
proposed by Needleman and Rice [47], the hardening rate of a porous material
must be maintained above a critical value, (h/@)c, to prevent shear
localization induced by void-softening. Furthermore, Knott (41] pointed out
that once the shear localization occurs, the material will fail with a very
small strain increment. Hence, the fracture strain can be estimated from
the comparison of the h/e vs. gp curve and the proposed critical hardening-
rate in Eq.2-11. Assuming that the shear localization is controlled by void
growth with an approximation of vaid volume fraction linearly proportional

to £p, the Needleman-Rice criterion in Eq.2-11 can be simplified as :
(h/@)c = kep + cosh(1.5 « ey /@) sinh(1.5 + ay/@) (5-12)

where coefficient k is a material parameter related to void growth rate

with respect to plastic strain. The criterion in Eq.5-12 implies that the

158



matrix requires a higher minimum strain-hardening rate to resist the onset
of fracture when the material contains more voids and/or is subjected to a
higher triaxial stressing. Using the Bridgman correction to calculate the
variation of stress-state &,/e with gp during tensile necking, and fitting
the parameter k to the measured fracture strain of the stable austenite,
this gives the (h/&)c curve in Fig.5-41. When h/e drops below (h/a)c, the
material fails because of shear localization. As can be seen in Fig.5-41, the
fracture strain of 31Ni{L) alloy at 8=0.6 was improved from point b to point

b’ due to the strain-induced transformation.

c. Predicted Uniform Strain and Fracture Strain

The normalized strain-hardening rate vs. true plastic strain curves at
temperatures from 65 to 2500C were calculated for the 0.5Mn-0 alloy from
Eqs.5-8, 9, 12, and the fitted kinetic data. After necking, the influence of
triaxiality on the transformation kinetics was also taken into account
through the B coefficient in Eq.5-5. According to the distribution curve of
triaxiality along the specimen axis numerically calculated by Argon and
Needleman [90], the region within about 0.3aj away from the plane of the
minimum cross-section maintains at a nearly constant triaxiality, where aj
is the minimum radius of the neck. This means the correction of kinetics due
to triaxiality change is valid for an appreciable volume of material adjacent
to the position with minimum cross-section, where fracture takes place.
The consideration of triaxiality dramatically alters the shape of the
transformation curve and the martensite volume fraction, as demonstrated
in Fig.5-42, and also the shape of h/e curve. The h/e¢ curves at 100 to 250°C

together with the (h/@)c curve are summarized in Fig.5-43. In this
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temperature range, the uniform strains keep closely to that of the parent
phase, but the fracture strains do not. The enhancement of fracture strain is
controlled by the shape of the h/e curve rather than by the relative
magnitude of h/@. The maximum Epf is found at 1309C corresponding to the
best transformation rate in the neck. At lower temperatures, h/e can reach

a higher value at low strains but decreases at a faster rate, and thus the
alloy fails at lower gpf. A lower gpf is obtained at temperatures above

1300C, but it simply arises from insufficient h/e@ associated with a very

slow transformation rate.

The calculated values of gpy and gpf for the 0.5Mn-0 alloy are compared

with the measured values in Fig.5-44. The predicted peak gpy is lower than

the measured one and occurs at higher temperature by 15°C due to the small
local mismatch between the fitted and the observed kinetic curves as
mentioned before, but both curves of £pu basically reveal the same shape.
The currently refined kinetic model ([84] for the strain-induced

transformation may improve this inconsistency.

For the fracture strain, the predicted values are in surprisingly good
agreement with the experimental data even though the applied fracture
criterion is not as well-defined as the necking condition. Considering that
the coefficient k is determined by fitting to the observed gy of stable
austenite, this fracture criterion should actually be ragarded as a
mathematical model. Nevertheless, the calculation does demonstrate one
way in which the strain-induced martensitic transformation can delay the

occurrence of failure caused by void-softening.
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Thus far, the effect of dilatation has not been explicitly treated in our
calculations. In the case of fracture-strain prediction, the main
contribution of dilatation has been taken into account through the stress-
state sensitivity of the transformation kinetics. The high strain-hardening
rate associated with transformation can slow down the radial growth rate
of a neck and force its longitudinal propagation. The neck, thus, becomes
less sharply localized as can be seen by comparing the neck contours of the
0.5Mn-0 alloy fractured at 115 and 250°C in Fig.5-45. The triaxiality at the
fracture surface of the 0.5Mn-0 alloy at 113°C was reduced by only 13%
according to a numerical calculation [78] in which the dilatation effect was
neglected. A small further decrease of triaxiality is expected if the stress-
state sensitivity of transformation kinetics is considered. Two opposing
effects will be caused by the delocalization in the neck on the assessment

of fracture strain : first, (h/@)¢ is reduced because of the decrease of a,/@;
on the other hand, h/e is also reduced since the extra strain-hardening due
to the stress-state dependence of transformation becomes less. The net
effect is difficult to estimate, but will not significantly change the

predicted fracture strains.

d. Microstructural Evidence of Transformation in Delaying Yoid Formation

The analysis of tensile fracture was accomplished in a simplified way
from a macroscopic view in the present work. Even for a non-transforming
material, a quantitative correlation between the apparent properties
{elongation or toughness) and the micromechanisms of ductile fracture is .
still undergoing development. The benefit of the deformation-induced

martensitic transformation showing up in the increments of fracture strain
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and toughness certainly comes from delaying the microscopic processes of
ductile fracture, as illustrated by the microstructure of the tensile-
deformed 0.5Mn-0 alloy in the following. TEM micrographs of a foil with low
martensite content (fy'=0.029 by £py=0.09 at 115°C) in Fig.5-46 shows that
the martensite phase preferentially formed in the local high-triaxiality
region surrounding an alumina particle. This indicates that the void
nucleation will not occur until a higher strain (or stress) because
deformation by slip is more difficult to operate in the stronger martensite;
and more important, the volume expansion associated with the martensitic
transformation is able to accommodate the strain differentials between the
matrix and the particle caused by the remoted stress and consequently
reduce the normal stress (or local triaxiality) encountered at the interfaces.
The low contrast image displayed by the crystalline alumina particle
corresponds to a very low density of defects within it and so the

underforming assumption is reasonable.

Tracey (40} has reported that interaction between voids can accelerate
the void-growth rate, and likewise the nucleation rate possiblly. Some
important information concerning this topic may be shown in Fig.5-47,
which was taken from a foil cut longitudinally from the tensile neck with gp
= 0.40 to 0.50 { fe' ~ 0.15) at 150°C. Directional martensitic laths formed
around particles. In the region between two particles ( one of them is cut by
the upper side of the micrograph), a “coarser” lath is found to grow from one
particle to the other. It is believed that this arrangement of martensitic
laths is related to the direction of remote stress and is also influenced by

the interaction of plastic flows around the two particles. At least, Fig.5-47
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indicates that the growth of martensite may follow a specific way to

minimize the factors promoting void formation.

Further information on the void formation can be obtained from Fig.5-48.
The foil was prepared from the transverse cross-section of the uniformiy
elongated portion (gp = 0.36) tested at 65°C, and contained about 75%
martensite in volume. Examining the dark-field image formed by 8
martensite diffraction spot, a small pore is found at the interface between
the matrix and a sharp corner of the particle, as indicated by four arrows at
its edge. In the TEM dark-field image, the pores correspond to the darkest
region of a micrograph because absolutely no electrons can be reflected
from them. Now, a question, whether that pore is formed by deformation or
electropolishing, has to be answered. The former may be the right answer in
this case. The electroiyte and the thinning conditions (voltage, current, and
temperature) for the 0.5Mn-0 alloy has been carefully selected and tested. It
did not attack the alumina/matrix interfaces too preferentially even at
sharp coners of particles, as demonstrated by the well-bonded interfaces in
Fig.5-46 and 5-47, although the skinning effect of electric current may
introduce higher current density and hence a higher thinning rate around a
sharper corner. The earlier formation of voids for the 0.5Mn-0 alloy at 650C
~results from the exhaustion of austenite in the region adjacent to the

particle and is consistent with the lower observed fracture strain.

The above microstructural observations illustrate that the strain-
induced transformation with an appropriate rate can effectively delay the
yoid formation, and so void nucleation seems to play a more important role

in promoting the ductile fracture of these RSP alloys than void growth.
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rig 5-46 TEM micrographs show the preferential formation of martensite around

an alumina particie in the defarmed 0.5Mn-0 alloy with 3% martensite (gp=0 09 at

115°C) a) Bright-tield image, b) Dark-field image from the diffraction spot (011)
if martensite. c). Seleacted-area diffraction patterm from the circled region in a)
and d). Analysis of diffraction pattern showing (133} /71011 1]c-a1203




F1g 5-47 Directional lath martensite formed between two alumina particles
A and B. The foil with about 0.15 martensite volume fraction was cut from a
tensile neck of the 0.5Mn-0 alloy tested at 150°C along the loading axis
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g A pore, indicated by four arrows surrounding 1t, was found at the
mnterface between the matrix and the sharp corner of the particle The foil was cut
rrom the deformed 0SMn-0 alloy at 650C normal to the loading axis with 075
martensite valume fraction (gp=036) a) Bright-Tield i/mage, b) Dark-fieid 1mage

from martensite diffraction spot (011), ¢) and d). are the diffraction pattern of

the circled region in b) and the indexing, [112)




5-3-4 The Poles of Strenath Difference and Dilatation in Transformation

Toughening

Ductility enhancement associated with the strain-induced martensitic
transfarmation in the 0.5Mn-0 alloy has been predicted as a result of
retarding the occurrence of void-softening-induced shear localization due to
both the extra strain-hardening rate and dilatation. The TEM observations
suggest that the void formation can be suppressed by forming martensitic
laths preferentially at the interfaces of alumina particles, which are the
typical void-nucleation sites. A concept similar to that used in the
prediction of fracture strain could be also applied for calculating the
crtical J or COD values at crack initiation in a transforming material.
However, & complex transformation configuration is expected since both
the stress and strain fields are functions of position and crack-tip
gqeometry. All of these factors would not be known without employing
sophisticated numerical methods, and are currently being studied [78]. In
this section, we will place emphasis on exploring how the hardness
difference (AHy) between the & and y phases and the transformation volume

change c',ﬁ'v'f‘aiy) influence the toughness from the experimental standpoint.

in the temperature range from MgS(CT) to Md(CT), the most accessible
transformation parameter around a crack-tip is the height of the
transformation zone instead of the volume fraction of martensite because
af the fine 1ath morphology. After the three-point bend test, the specimen
was firmly bonded to a flat metal surface by ultilizing a glue for metal-
metal adhesion, then ground, polished and etched to show the contour of the

crack-tip. A surface layer at least 2mm in thickness was removed to ensure
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that the material on the observed plane had been under plane-strain
condition during test. in arder ta correlate the observed Ji¢ increments, the
zone height (H) was measured at a very early stage of crack advance, as
demonstrated in Fig.5-49 for the 3.5Mn-U alloy tested at 0°C : 1). The
boundary of the transformation zone is defined as ihe farthest position
away from the crack at which the martensite laths still can be found, and is
shown by the dashed curves on the lightly etched surface in Fig.5-49. 2). The
COD value (5i) corresponding to the Ji¢ is calculated by using &i= Jjc/1.60y,
which equals 75um for the 3.5Mn-U alloy at 0°C. 3). The initial crack tip
nosition, indicated as line a-a" in Fig.5-49, can be determined because no
martensite exists beyond this point. 4). The zone height is measured at a
distance of 26 away from line a-4’ and is indicated by the summation of
segments b-b" and c-c’ in Fig.5-49. The measurement is selected at 2§
partly because the variation of zone height with crack extension beyond 24
becomes less. Furthermaore, the relative difference between Adjc and AJj (=
Ji-ad) gust.) at crack extension 28 is less than 1%, Table 5-7 summarizes
all the measurements and the related parameters for two groups of alloys

with 10w AHy and high AHy according to the classification in Section 3-4.

Before comparing the contributions of AHy and aVN\, on the toughness

enhancement, the half-height of the transformation zone is plotted vs. a
nondimensional temperature scale 8 (=[T-Mgo(CT)1/[Mg{CT)-MgS(CT)]}, which
is used to correct the austenite stability arising from the difference of
chemical compositions at a given triaxiality, in Fig.5-30. With 8 increasing

or austenite becoming more stable, H/2 monotonically decreases for all
alloys. There is ng consistent evidence to indicate that AHy and AV/V,

strongly affect the zone height. A similar conclusion may also be drawn for
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150 p

FigS-49  Optical micrograph illustrating the  measurement
transformation-zone height. 3.5Mn-U alloy, bend tested at 0°C.

of



Table S-7 Half-Height of Transformation Zone

Alloys H/2 {(pm) | J/Ad (KJ/m2) 8 (H/2)/J
0.5Mn-0 210 179/120 -0.05 1.17
2.5Mn-0 180 162/105 0.18 1.11
0.5Mn-0 50 93/25 0.42 0.54
0.5Mn-0 20 85/86 074 0.24
3 1Mi-5Cr 200 206/ 100 0.12 0.65
T1Ni-5Cr 100 249/45 0.43 0.40
31Ni-SCr 25 206/20 0.63 0.12

ZINi 200 206/48 0.05 0.97

3 1Ni-2Co 100 118/19 0.40 0.85
2 5Mn-U 245 1517100 -0.07 1.65

7.5Mn-U 220 136/88 0.15 1.62

Z.5Mn-U 20 52/5 0.76 0.38

0.5Mn-U 70 179/110 0.5 0.39

05Mn-U 40 140/72 0.71 0.29

*8 is the nondimensional temperature.
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the average martensite volume fraction (i) in the transformation zone.
Tharefore, both H/2 and 1’ seem to depend on the austenite stability only

and can oe expressed as Tunctions of 8 as H(B) and f'(8), respectively.

The half-height of the transformation zone is plotted vs. the increment of
J| at 25 due to transformation in Fig5-51{a) and (b) for the
phosphocarbide- and y-strengthened steels. For each alloy, the AJ| vs. H/2

curve can be approximateiy represented by a line passing through the origin,
but with a slope (S} depending on the values of AHy and AY/Vy, as depicted in

Fig.5-52. Assuming that the effects of AHy and AV/Yy on the toughness

enhancement are independent, the slopes are represented by an equation

[ngd

5 = SaHy * Sav/vy
= A +B-av/vN (5-13)

where A is a function of AHy, and the coefficients B and N are constants.

Fitting all values of slopes to EQ.5-16, two expressions are obtained :
Low-&Hy alloys---S = 0.0989 + 7.48 - 10-3 . (aV/Vy)3.2 (5-14)

High-aHy alloys---5 = 0.243 + 7.48 + 10-3 . (AY/¥y)3-2 (5-15)

Eqs.5-14 and 15 are shown by the solid lines in Fig.5-52. From Fig.5-51 end
£q.5-12, aJj is linearly related to the product of H(8) and S. The average
martensite volume fraction may also influence AJ|. Since no experimental
recults are available at present, 8 multiplying féctor, Fy', is assumed to

account for the latter effect. Fy' is a function of 8 through fg'. Thus, AJ| can

be written as .

176



, kJ/mh?

A\

o

140

|
120 7 / *
! ) /
100 < * [ ] -~
[ ] /
80 -
o a
60 -
]
40
1 N 8 0SMN-U
20 4 * 0S5MN-O
} a ISMN-U
7
0 —= . —
0 100 200 300
HALF TRANSFORMATION ZONE HEIGHT , pm
120
: /
100 4 *
8() -
60 - )
/ b
o
*
an <
209 C o 3INL3INI9CO
J, e 3IINI-SCR
t
0 / - ’
0 100 200 300

HALF TRANSFOPMATION ZONE HEIGHT , pm

3. S-S1. Half-height of transformation zone vs. J| increment corresponding

to @ wveru small crack extension (=2Jjc/1.60y). ). phosphocarbide-
strengthened steels, b, y'-strengthened steels.



2.0
S s
o
£
\
2
- High AHv
w
= — HIGH DHv-fit
~ 107 — LOW DHv-fit
S ® LOW DHv
> O HIGH DHv
Y Low AHv
>
L
4
[T,
© 054
[¥S]
[a 8
o
-
w
0,0 1 L Ll ] ]
0 ! 2 3 4 S 6
RELATIVE ATOMIC VOLUME CHANGE , %
Fig. 3-%2 Slopes of half-height of transformation zone vs. Jj increment

lines are plotted transformation volume change for both high- and ow-A'Hv
iloys, and then Titted to power equations as shown by solid lines.

178



&dj = Fo (B} » H{B) - [SaHy + Sﬁ'sj;""sg‘s‘.-]

= adaHy * AJavivy
This gives

(ad),ay /) (8d] aHy) = (Sav/wy)/(Sapy)
=0.076 - (AV/V,)3-2 --Low-AHy alloys  (5-16)
20,031 +(AV/V)32 --High-AHy alloys  (5-17)

where Adjav/y, and &J)aHy are the toughness increments from the
dilatation and hardness difference. Using Eqs.5-16 and 17, the ratios of
Ady,avivy, and AJj aHy to AJy are listed in Table 5-8 for the low-AHy and
high-AHsy alloys.

The hardness difference can be essential in transformation toughening for
a iow-dilatant alloy and vice versa. The two high-AHy alloys, 3.5Mn-U and
0.5Mn-U, represent an extreme case. Only 42% Of the total toughness
enhancement results from the transformation volume change for the former

alloy, while 85% for the later. From the observed peak AJdjc (=100KJ/m2) of
the 3.5Mn-U alloy at -259C, Ad¢,aHy is found to be S5KJ/m2. Because of the

same hardness difference, the AJic aHy value of the 0.5Mn-U alloy at the

corresponding 8 is also equal to S5KJ/mZ. Using this value and the ratio of
AJdy,aHy to &d) in Table 53-8, the highest Jjc of the 0.5Mn-U alloy would be

expected to reach 380KJ/mZ at about 75°C if the intergranular fracture did

not intervene in the failure of this alloy.
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Table 5-8 Contributions of Hardness Difference and Dilatation to Toughness

Enhancement :
Low-AHy Alloys High-aHy Alloys
BI1Ni , 31Ni-9Co| 31Ni-SCr 0.SMn-0 0.5Mn-U 3.5Mn-U
Af Yy, B 2.44 3.95 3.64 269 2.08
AJp aHv/AJ| 043 0.19 0.17 0.58 0.15
A} AY ¥y A 057 0.81 0.83 0.42 0.85
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In the last section, dilatation was also involved in prediction of fracture
strain for the 05Mn-0 alloy by considering the decrease of austenite
stabihity after necking. The fracture strain was predicted to be 0.57 at
1300C with thns consideration, while it decreased to 0.79 by neglecting the
effect of dilatation. Comparing with the fracture strain of the austenite,
Q.60 at 1509, dilatation and hardness difference contribute to the fracture
strain increments by 0.08 and 0.19, or 308 and 70%, respectively. On the
other hand, 83% of fracture toughness enhancement arises from dilatation
and 17% from hardness difference in the 0.5Mn-0 alloy, referring to Table 5-
8. The analysis suggests that dilatation plays a more important role when
the material is subjected to high triaxiality in the sharp crack-tip and may
possiblly explain the higher relative enhancement of fracture toughness
than that of fracture strain (adic max./JIc,aust =2 73
Afpf max./€pf aust.=0.45). At present, the benificial effects of deformation-
induced martensitic transformation can be only interpretated as a
ronsequence of retarding the void nucleation and growth processes. The
stronger martensitic phase makes the deformation by slip more difficult,
while the dilatation associated with transformation can reduce the normal
stress and hence the local triaxiality at the interface of inclusion particle.
The toughness increments arising from strength difference and dilatation
may be possiblly analyzed through a continuum-mechanics modeling by
coupling the measured transformation kinetics and flow relations with an

appropriate ductile fracture criterion.
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i_hapter 6. Conclusions

1. Rapid solidification processing is shown to be successful in forming
high-phosphorus steels with phosphorus incorporated in the carbides; the
latter then precipitate uniformly instead of preferentially at austenitic
grain boundaries. These coherent fine ( < 804 )} phosphocarbide particles,
{CrFe,P)23Cq, effectively strengthen the carbon-containing austenitic
steels, and the yield stress can achieve the desired 1250 Mpa (180 ksi) at
room temperature. However, a warm-rolling operation is required to
elimnate the embrittling effect of helium-gas contamination introduced

during the rapid solidification process.

2. Although these new phosphocarbide-strengthened austenitic steels show
considerable temperature dependence of properties due to deformation-
induced transformation, the temperature range corresponding to the best
combination of strength and toughness can be controlled by changing the

stability of the matrix through aging treatments.

3. The stronger tendency toward brittle intergranular fracture shown by
underaging is considered to result from the higher phosphorus content still
remaining in the matrix, and then the advantage of deformation-induced

martensitic transformation cannot be fully utilized. Despite such effects,
the transformation can increase Jjc by 100~120 KJ/mZ for both the

underaged and overaged alloys.

4 In addition to experimental measurements, the MgCtemperatures under

various stress-states are predicted from calculation of the effect of stress
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on the isothermal martensitic transformation. A relativelu large
inconsistency between the observed and predicted values of Mg® is found,
possiblly because of using a constant mechanical driving force in the

calculations.

5. The transformation kinetics at temperatures from -196 to 1500C have
been measured in uniaxial tension and compression. In the strain-induced
regime, the overall shape of the transformation curves is fitted well by the
Qison-Cohen model, in which the B parameter is expressed as a function of
stress-state to account for the sensitivity of austenite stability to

triaxiality due to dilatation in the transformation.

6. A quantitative assessment of ductility in the overaged 0.5Mn alloy was
accomplished by calculating the influence of strain-induced transformation
on the strain-hardening rates and applying suitable criteria. The predicted
temperature dependence of uniform and fracture strains is in good
agreement with the observations. As clearly demonstrated by the analysis,
the extra high strain-hardening rate in the transforming alloy can delay the
onset of flow instability and void-induced ductile fracture, thus enhancing
the uniform and fracture strains. The magnitude of enhancement depends on
the variation of strain-hardening rate with strain, which is mainly
controlled by the transformation kinetics. Compared to the effect of
dilatation, the strength difference provides the major part of ductility

enhancement under the moderate triaxiality encountered in the tensile test.

7. Microstructural observation in the tensile-deformed 0.5Mn overaged alloy

shows that void formation can be inhibited even after severe deformation by
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forming fine martensitic laths preferentially at the interfaces of alumina
particles. This further confirms the beneficial effect of deformation-
induced martensitic transformation in retarding the microscopic processes

af ductile fracture.

8. The enhancement of fracture toughness is found to be proportional to the
third power of the transformation volume change according to
measurements of transformation zone height. Both dilatation and hardness
difference may be important in transformation toughening. For instance, the
hardness difference supplies 58% of the toughness increment for the high-
AHy, low-AV/Vy 0.5Mn overaged alloy, whereas only 15& for the high-AHy,
high-AV/Vy 35Mn underaged alloy. However, dilatation becomes more
important as the triaxiality increases for a given alloy. In the 0.5Mn
overaged alloy, the dilatation contributes only 30% of the tensile fracture-
strain enhancement, but 53% of the toughness increment. Based on this
analysis, the potentially highest Adjc of the 0.5Mn-U alloy is expected to

reach 325 KJ/m< if not circumvented by intergranular fracture.
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i_hapter 7 Recomendations for Future Research

1). Measurements of phosphorus segregation at grain boundaries after
various aging conditions by using STEM microanalysis in the thin-foil
specimen or AES technique at the intergranular fracture surface are
required to explain the stronger. tendency towards intergranular fracture
shown by underaging. The relationships between aging, phosphorus content
at grain boundary, and intergranular fracture can be employed to determine
the optimum aging condition by which the alloy exhibits the best toughness
enhancement and avoids the interference of intergranular fracture above
MsC(CT). For instance, the optimum aging treatment of the 0.5Mn alloy

should lie between the underaged and overaged conditions used in this work.

2). Because of the outstanding precipitation-hardening ability, it is still
worth to study the transformation toughening behavior of the solution and
aging treated alloy (without any warm-working), in case a gas-free alloy
can be obtained. A conventional argon-atomization technique may be more
approprite to avoid the mechanical entrapment of the atomizing gas than the
Pratt and Wwhitney process [59]. The influence of C/P ratio on the
strengthening and transformation toughening phenomena is also an

interesting topics.

3). The triaxiality sensitivity of the Mg® temperature in the stress-state
range of that corresponding to uniaxial tension and a crack-tip can be
further investigated with plane-strain and circumferentially-notched

-tensile specimens.
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4). The effect of transformation amount on toughness enhancement in the
strain-induced temperature regime can be studied by loading the three-point
bend specimen until a small crack extension { such as 2 times COD) is found.
Thin slices could then be cut parallel to the crack advance direction for
measurement of martensite volume fraction using the magnetization

technique.
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